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ABSTRACT 

During heat treatment, the thermal history can vary across a thick section of bar or forged 

product, resulting in a variation in mechanical properties, including hydrogen embrittlement (HE) 

susceptibility in Ni-base alloys. While it is well-established that ŭ phase precipitation occurs along 

grain boundaries in Alloy 718, it is unclear how much ŭ phase is necessary to diminish the HE 

resistance. Alloy 945X was designed to improve the HE resistance relative to Alloy 718 by avoiding 

ŭ phase precipitation; however, M23C6 carbides can form along grain boundaries in Alloy 945X 

under typical aging conditions. This work investigates the HE susceptibilities of Alloys 718 and 

945X conditions aged at industrially-relevant temperatures that span the ŭ and M23C6 precipitation 

thresholds, respectively. The first objective of the study was to determine the sensitivity of HE 

susceptibility to small amounts of ŭ phase in Alloy 718. The second objective was to determine 

whether M23C6 phase increased the HE susceptibility, as the effects of M23C6 on HE susceptibility 

are not well established. Thirdly, the effects of ŭ and M23C6 were compared to determine whether 

M23C6 was as deleterious to HE resistance as ŭ phase. Finally, the HE susceptibility data were 

compared to the ambient mechanical properties to determine whether there was a relationship 

between HE susceptibility and Charpy impact toughness or tensile properties. Each heat treated 

condition was subjected to ambient mechanical property testing including hardness, tensile, and 

Charpy impact toughness testing. For hydrogen embrittlement testing, incremental step load tests 

were performed with circular notched tensile specimens subjected to in situ cathodic charging while 

crack initiation and growth were monitored using the direct current potential drop technique. For 

conditions with similar hardness values that spanned the ŭ precipitation threshold, fine, infrequent, 

and discontinuous ŭ phase precipitation resulted in an increase in HE susceptibility and increasingly 

intergranular fracture morphology, indicating that even a small amount of ŭ can reduce the HE 

resistance. The HE susceptibility also increased with M23C6 precipitation and growth in Alloy 945X 

conditions with similar hardness. The Alloy 945X conditions with M23C6 contained more frequent 

and more continuous grain boundary precipitates than the Alloy 718 conditions that contained ŭ 

phase; however, the HE susceptibility of M23C6-containing Alloy 945X was similar to the HE 

susceptibility of ŭ-containing Alloy 718, suggesting that M23C6 is not as deleterious to HE 

susceptibility as ŭ phase, though both phases significantly reduce the HE resistance. Increasing HE 

susceptibility correlates with decreasing Charpy impact toughness, likely because grain boundary 

precipitates diminish both of these properties.  
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CHAPTER 1: INTRODUCTION 

Precipitation hardenable Ni-Fe-Cr corrosion resistant alloys (CRAs) are used for 

downhole oil and gas components such as valves, packer assemblies, hangers, and drill tools, 

because they exhibit a favorable combination of high strength, high toughness, and good 

corrosion resistance. CRAs are often subjected to cathodic protection during service to improve 

corrosion resistance, which attracts hydrogen to the surface of the cathode. The presence of 

hydrogen, when combined with a tensile stress on a susceptible material, can lead to brittle 

failure in normally-ductile materials, a phenomenon known as hydrogen embrittlement (HE).  

Alloy 718 (UNS N07718) and Alloy 945X (UNS N09946) are Ni-base CRAs developed 

for downhole oil and gas applications. Both alloys are strengthened with ɔô and ɔò precipitates in 

the matrix that form during aging. After long heat treatments, ŭ phase forms along grain 

boundaries in Alloy 718, which can be deleterious to HE susceptibility. Alloy 945X was 

developed to prevent ŭ formation during typical aging treatments and thus improve HE 

susceptibility. At long aging times, a grain boundary M23C6 carbide precipitates in Alloy 945X. 

While it is well-established in literature that ŭ phase precipitation reduces HE resistance 

in Ni-base CRAs, it is unclear how much ŭ must be present to observe reduced HE resistance. 

Although Alloy 945X presents a promising alternative to Alloy 718 by avoiding ŭ phase 

precipitation, the effect of M23C6 carbides on HE resistance has not been documented. A better 

understanding of grain boundary precipitate effects on HE resistance can help refine heat 

treatment procedures to improve performance in service.  

While there are hardness limitations and heat treatment standards for CRAs intended to 

mitigate hydrogen-related catastrophic failure, the thermal history can vary through the 

cross-section of larger components or bars. The motivation for this work is to determine how 

variations in thermal history present across thick bar sections can influence hydrogen-assisted 

crack initiation and growth in precipitation hardenable CRAs during in situ cathodic charging. 

Varying the thermal history can change the size and volume fraction of precipitates in the matrix 

and along grain boundaries, which can influence the strength and hydrogen diffusivity and 

trapping behavior and alter the HE susceptibility as a result.  
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1.1 Research Objectives and Questions 

The objective of this project was to investigate the effect of different degrees of grain 

boundary precipitation on the HE susceptibility of the selected Ni-base alloys. Additionally, the 

HE testing results were compared to hydrogen-free mechanical properties to find correlations 

that could be indicators of the materialôs performance in hydrogen. The following questions were 

developed to address the objectives of this research.  

1. How does a small amount of ŭ phase precipitation affect the HE susceptibility of Alloy 

718? It was hypothesized that even small amounts of ŭ phase might diminish the HE 

resistance, but that this phenomenon is often convoluted by the improved HE resistance 

from overaging ɔò precipitates as ŭ phase forms. To study the HE sensitivity to small 

amounts of ŭ phase, Alloy 718 was heat treated for a series of industrially-relevant times 

and temperatures that spanned the ŭ precipitation threshold while maintaining similar 

hardness between conditions. HE susceptibility and fracture morphology were compared 

between conditions with different amounts of ŭ phase.  

2. How does M23C6 precipitation affect HE susceptibility in Alloy 945X? While several 

studies have investigated the HE susceptibility of Alloy 945X, none have reported the 

effect of M23C6 precipitation on HE susceptibility during long aging times at 

industrially-relevant temperatures. Since M23C6 is a grain boundary phase similar to ŭ, it 

is possible that M23C6 could also diminish the HE resistance. As in Alloy 718, the HE 

sensitivity to M23C6 was investigated by heat treating Alloy 945X for times spanning the 

M23C6 precipitation threshold at an industrially-relevant temperature while maintaining 

similar hardness between conditions, and the HE susceptibility and fracture morphology 

were compared between conditions.  

3. How does the HE sensitivity to ŭ phase precipitation in Alloy 718 compare to the HE 

sensitivity to M23C6 precipitation in Alloy 945X? Since the sensitivity of HE to M23C6 is 

not established, the relative HE sensitivities to ŭ and M23C6 are also unknown. Alloy 

945X was designed to avoid ŭ phase formation under typical aging conditions to improve 

the HE resistance compared to Alloy 718. Thus, it is important to understand the effect of 

other grain boundary precipitates on the Alloy 945X performance.  
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4. Can the HE susceptibility be correlated to hydrogen-free mechanical properties such as 

tensile or Charpy impact testing results? The hydrogen-free mechanical properties and 

the HE susceptibility are both influenced by precipitates, so it is likely that these 

properties might be correlated. It was hypothesized that Charpy impact toughness would 

correlate with HE susceptibility better than tensile properties because the triaxial stress 

state constricts plastic deformation and increases the likelihood of brittle fracture.  

1.2 Thesis Overview 

An introduction to the alloys used in this study and a review of previous hydrogen 

embrittlement investigations that establish the foundation for this research are presented in 

Chapter 2. The experimental procedure described in Chapter 3 begins with an explanation of the 

heat treatment selection process, followed by details of the hardness, tensile, and Charpy impact 

testing methods and the hydrogen embrittlement testing and characterization procedures. The 

results from testing and characterization are presented in Chapter 4. The ISL testing results are 

presented as the stress intensity factor for unstable crack growth (Ku) and the ratio of the load at 

which unstable crack growth initiated under cathodic charging to the peak load reached in 

quasi-static tensile tests for CNT specimens tested in ambient air. Fracture surfaces used to 

determine the mode of fracture for hydrogen-affected specimens are also presented. Chapter 5 

includes discussion regarding the HE susceptibility of the selected conditions and the 

corresponding fracture modes. The HE susceptibility results are compared to hydrogen-free 

mechanical properties. Conclusions and future work are presented in Chapters 6 and 7, 

respectively. 

 

  



4 

 

CHAPTER 2: BACKGROUND 

This chapter discusses the development of Alloy 718 and Alloy 945X for oil and gas 

applications. The physical metallurgy of these alloys with different heat treatment conditions and 

precipitation morphologies is reviewed. Hydrogen embrittlement in Ni-base CRAs is discussed 

in terms of precipitate effects and hydrogen trapping. Finally, methods used to evaluate hydrogen 

embrittlement susceptibility are presented.  

2.1 Physical Metallurgy of Alloy 718 and Alloy 945X for Oil and Gas Applications 

Alloy 718 is a derivative of Alloy 625 that was originally developed in the 1960s to 

handle the high temperatures and pressures of steam power plant piping. Alloy 718 has a lower 

solubility of Nb than Alloy 625 due to lower Ni content and higher Al and Ti contents [1]. Nb, 

Ti, and Al form precipitates when the alloy is aged at an intermediate temperature 

(approximately 650-850 °C), leading to higher strength in the aged condition. The favorable 

properties of Alloy 718, such as good creep resistance and stability at high temperatures, made 

the alloy useful in gas turbine engines for aircraft. In the early 1980s, Alloy 718 was considered 

for oil and gas applications due to the increasingly sour environments and higher temperatures 

and pressures that were reached as the depth of wells increased [1].  

Structural materials used in deep well oil and gas applications are subjected to high 

pressure, high temperature (HPHT) environments (69-138 MPa, 150-205 °C) with exposure to 

fluids containing carbon dioxide (CO2) and hydrogen sulfide (H2S) gas [2]. Alloy 718 and its 

derivatives have been used for increasingly harsh environments since the early 1980s [3]. 

Ni-base CRAs such as Alloy 718 are chosen for these applications due to excellent corrosion 

resistance under HPHT conditions [3-6]. CRAs are often subjected to cathodic protection during 

service to improve corrosion resistance by making the component the cathode of an 

electrochemical cell. However, cathodic protection also attracts hydrogen ions to the surface of 

the cathode. Sour downhole environments often include exposure to hydrogen sulfide (H2S), 

which can also induce hydrogen absorption from the surface of the alloy. The presence of 

hydrogen, when combined with a tensile stress on a susceptible material, can lead to brittle 

failure in normally-ductile materials, or hydrogen embrittlement (HE). During service, brittle 

fracture behavior can result in catastrophic failure [7,8]. Thus, there are hardness limitations and 

heat treatment standards and specifications for these alloys for oil and gas applications. 
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The composition, solution treatment, and aging treatment applied to Alloy 718 for oil and 

gas applications are modified from those used in gas turbine applications to improve the 

toughness and microstructure at the expense of favorable high-temperature properties such as 

creep resistance [3]. The acceptable chemical composition ranges described for Alloy 718 and 

Alloy 945X in American Petroleum Institute (API) Standard 6ACRA are shown in Table 2.1 [9]. 

In Alloy 718 developed for oil and gas applications, the Nb concentration is limited to 

5.20 wt pct to reduce grain boundary precipitate formation. Relative to the Alloy 718 

composition used in gas turbine applications, the minimum Ti and Al concentrations are 

increased to stabilize intragranular precipitates in the matrix. The C and P concentrations are 

restricted to improve the toughness. The solution and aging treatments described for Alloy 718 

and Alloy 945X in API Standard 6ACRA, Addendum 3 are shown in Table 2.2 [9]. The 

annealing temperature is increased above 1021 °C for Alloy 718 used in oil and gas applications 

to improve the fracture toughness and reduce catastrophic failure of components by completely 

dissolving ŭ phase, a grain boundary phase that is desirable for creep resistance but reduces 

toughness and HE resistance [3]. The heat treatment used for oil and gas applications typically 

produces an overaged microstructure, which limits the hardness and is easier to reproduce than 

an underaged condition for a given hardness. API Standard 6ACRA also includes acceptable 

ranges for Charpy impact toughness, Rockwell C hardness, and tensile properties for each CRA. 

Table 2.1 Chemical Composition Ranges of Alloy 718 and Alloy 945X (wt pct) Described in 

API Standard 6ACRA [9] 

wt pct Ni Cr Nb Mo Ti Al  Co 

Alloy 718 50.0-55.0 17.0-21.0 4.87-5.20 2.80-3.30 0.80-1.15 0.40-0.60 1.00 max 

Alloy 945X 52.0-55.0 19.5-22.5 3.80-4.50 3.00-4.00 0.50-2.50 0.01-0.70 - 

  

wt pct Mn Si P S Cu C Fe 

Alloy 718 0.35 max 0.35 max 0.010 max 0.010 max 0.23 max 0.045 max bal 

Alloy 945X 1.00 max 0.50 max 0.020 max 0.010 max 1.50-3.00 0.005-0.030 bal  
 

 Alloy 945X is a derivative of Alloy 718 with a composition designed for deep well 

applications. An intermediate iteration of the alloy, Alloy 945 (UNS N09945), limited the Ni 

concentration to 48.0 wt pct and the Nb concentration to 3.50 wt pct to prevent ŭ phase 

formation, as Ni and Nb stabilize ŭ phase (Ni3Nb) [10]. However, removing Ni and Nb from the 

alloy reduces the strength by reducing the formation of strengthening precipitates in the matrix. 

Alloy 945X contains more Ni and Nb than Alloy 945 to restore the strength, but the Nb is limited 
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to 4.50 wt pct to limit ŭ formation during typical aging times. The solution and heat treatments 

for Alloy 945X are intended to dissolve ŭ phase during dissolution and prevent ŭ phase or grain 

boundary carbide formation during aging. M23C6 carbides can form after long aging times at 

typical aging temperatures in Alloy 945X. 

Table 2.2 Recommended Annealing and Aging Heat Treatments Described in 

API Standard 6ACRA [9] 

UNS 

Minimum 

Yield 

Strength 

Solution Annealing 
Age Hardening 

Temperature (°C) Time (h) 

N07718 
965 MPa 

(140 ksi) 
1021 ï 1052 °C 1 ï 2.5 760 ï 802 °C for 6 ï 8 h  

N07718 
1034 MPa 

(150 ksi) 
1021 ï 1052 °C 1 ï 2.5 

700 ï 750 °C for 6 ï 8 h, furnace cool 

to 600 ï 650 °C and hold for 6 ï 8 h  

N09946 
965 MPa 

(140 ksi) 
996 ï 1066 °C 0.5-4 

677 ï 732 °C for 4 ï 9 h, furnace cool 

to 600ï 643 °C and hold for 12 h total  

 

Both alloys have a face-centered cubic (FCC) ɔ matrix structure that is strengthened with 

gamma prime (ɔô) and gamma double prime (ɔò) precipitates in the matrix [11]. The ɔô 

precipitates (Ni3(Al,Ti)) have a cubic (L12) crystal structure. ɔô precipitates have a spherical 

morphology and are coherent with the ɔ matrix. The ɔò precipitates (Ni3Nb) have a tetragonal 

(D022) crystal structure with a disk-shape morphology. The ɔò has a cube-cube orientation 

relationship with the matrix, {100}ɔò||{100}ɔ and <001>ɔò||<100>ɔ  [12]. While ɔò precipitates are 

the primary strengthening phase in Alloy 718 since they cause more lattice distortion than ɔô, ɔò 

precipitates are metastable. The stable Ni3Nb phase is the orthorhombic (D0a) ŭ phase, which has 

an acicular or platelet morphology and forms primarily along grain boundaries [13]. The 

orientation relationship between ŭ and the matrix is {111}ɔ||{010}ŭ and <1ρ0>ɔ||<100>ŭ with one 

side of the grain boundary, though studies often report that ŭ is incoherent with the matrix 

[14-16]. The ɔò precipitates can transform into ŭ phase during aging, which can reduce the 

strengthening effect of ɔò precipitates. Since the ŭ phase is a relatively coarse and sporadic grain 

boundary precipitate, it does not provide strengthening to the matrix [17]. Additionally, the ŭ 

phase can reduce ductility and toughness. Cubic (L12) M23C6 carbides can form along grain 

boundaries in Alloy 945X. These Cr-rich metal carbides have a cube-cube orientation 
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relationship with one side of the grain boundary, {100}ɔ||{100}M23C6 and <001>ɔ||<001>M23C6, 

and have a lattice constant approximately three times larger than that of the matrix [18,19].  

 Table 2.3 provides a summary of the ɔô, ɔò, ŭ, and M23C6 properties. Figure 2.1(a) shows 

a scanning electron microscope (SEM) image of spherical ɔô and ellipsoidal ɔò precipitates in a 

matrix, and Figure 2.1(b) shows ŭ phase precipitates along the grain boundary. Other precipitates 

that can form include niobium carbides (NbC), titanium nitrides (TiN), titanium carbides (TiC), 

Laves phase, and metal carbides (M6C, M7C3). 

Table 2.3 Summary of the Properties of ɔô, ɔò, and ŭ, and M23C6 Precipitates Found in Alloy 718 and 

Alloy 945X 

Precipitate Composition 
Crystal 

Structure 
Morphology Coherency Stability Location 

ɔô Ni3(Al,Ti)  L12 Cubic Spheroidal Coherent Stable Matrix 

ɔò Ni3Nb 
D022 

Tetragonal 
Disk Coherent Metastable Matrix 

ŭ Ni3Nb 
D0a 

Orthorhombic 

Needle or 

Plate 

Semicoherent 

or Incoherent 
Stable 

Grain 

Boundaries 

M23C6 Cr-rich M L12 Cubic 
Needle or 

Plate 
Semicoherent Stable 

Grain 

Boundaries  
 

  

(a) (b)  

Figure 2.1 Scanning electron micrographs (SEM) of (a) ɔô and ɔò precipitates in the matrix of 

Alloy 718 aged at 780 ÁC for 8 h and (b) ŭ phase along the grain boundary in Alloy 718 aged 

at 750 °C for 20 h [20]. 

The time-temperature-transformation (TTT) diagrams for Alloy 718 and Alloy 945X are 

shown in Figure 2.2(a) and (b), respectively [21,22]. The TTT diagrams were generated 
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experimentally from the respective alloys and reported in literature; however, small 

compositional differences within the allowable ranges for the alloys can shift the precipitation 

curves [21,23,24]. The Alloy 718 TTT diagram is overlaid with the API Standard 6ACRA heat 

treatment time and temperature ranges for the 965 MPa heat treatment (blue) and the first step of 

the 1034 MPa heat treatment (green). The Alloy 945X TTT diagram is overlaid with the API 

Standard 6ACRA heat treatment time and temperature range for the first step of the 965 MPa 

heat treatment (yellow). In Alloy 718, ɔô and ɔò precipitate within the first hour during aging 

between 750 °C and 920 ÁC, followed by ŭ phase precipitation. In Alloy 945X, the nose of the ɔô 

and ɔò precipitation curve is slightly lower in temperature but generally follows the same 

behavior as in Alloy 718. The ŭ precipitation curve is delayed to longer times and higher 

temperatures in Alloy 945X. M23C6 carbide precipitation is more likely than ŭ phase formation at 

times and temperatures typical of heat treating. In thick sections of bar that cool slowly and 

remain at the elevated aging temperature for a longer duration than the applied heat treatment, it 

is possible that M23C6 could precipitate during standard heat treatments. 

  

(a) (b) 

Figure 2.2 TTT diagrams for (a) Alloy 718 overlaid with the heat treatments specified by the 

API Standard 6ACRA heat treatment time and temperature ranges for 140 ksi (blue) and the 

first step of the 150 ksi (green) heat treatments (Copyright © 1991 by The Minerals, Metals & 

Materials Society. Used with permission.) and (b) Alloy 945X overlaid with the time and 

temperature range for the first step of the heat treatment specified in API Standard 6ACRA 

(yellow)  [9,21,22]. 
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The TTT diagram for Alloy 945X in Figure 2.2(b) was developed experimentally by 

Special Metals Corporation from a regular array of times and temperatures overlaid on the TTT 

diagram in Figure 2.3 [22]. The TTT diagram in Figure 2.3 is overlaid with the API Standard 

6ACRA heat treatment time and temperature range for the first step of the 965 MPa heat 

treatment (yellow). The coarseness of these periodic aging conditions leaves some uncertainty in 

the precipitation thresholds. For example, M23C6 was not observed in the 8 h condition but was 

found in the 25 h condition aged at 732 °C, so the range of possible times for the onset of M23C6 

is 8 h to 25 h for the composition used to develop the TTT diagram. Demetriou et al. reported ŭ 

precipitation in Alloy 945X aged at 790 °C for 7 h and 25 h, though the TTT diagram suggests 

that ŭ precipitation should occur at approximately 35 h at 790 ÁC [25]. 

 

Figure 2.3 TTT diagram for Alloy 945X overlaid with the array of time and temperature 

conditions used to develop the diagram and the time and temperature range for the first step of 

the heat treatment specified in API Standard 6ACRA (yellow) [9,22]. 

2.1.1 ɔô and ɔò Precipitation in Ni-base Alloys 

ɔô and ɔò nucleation occurs within minutes spent at typical aging temperatures. Since the 

cubic ɔô and tetragonal ɔò crystal symmetries are similar to that of the FCC matrix, precipitates 

form when lattice positions in the matrix are replaced with the ordered atomic arrangement of the 

precipitate lattice [14]. Thus, coherency is maintained between the matrix and the precipitates 

during precipitation and growth. The ɔô and ɔò precipitates both nucleate homogeneously in the ɔ 

matrix under most circumstances. Because ɔò precipitates introduce more strain into the lattice 
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than ɔô due to the tetragonal crystal structure, the activation energy for nucleation is much higher 

for ɔò (5.3 eV) compared to ɔô (0.8 eV) and ɔô nucleates first [26].  

Figure 2.4(a) shows the volume fraction of ɔô and the three variants of ɔò as a function of 

aging time developed from a phase field model, and Figure 2.4(b) shows ɔô (red) and the three ɔò 

variants (green) in the matrix (blue) developed from the model [27]. Since ɔô nucleation requires 

less energy than ɔò nucleation, ɔô nucleates before ɔò during aging. Phase field modeling has 

shown that ɔô precipitates likely reach the equilibrium phase fraction with the matrix and begin 

coarsening before ɔò precipitates have reached the equilibrium phase fraction. The equilibrium 

amount of ɔô in the two-phase ɔô/matrix system is higher than the equilibrium amount of ɔô in the 

three-phase ɔô/ɔò/matrix system, so there is a peak in the volume fraction of ɔô while ɔò is still 

forming, as indicated by the arrow on Figure 2.4(a) [27].   

 

 

(a) (b) 

Figure 2.4 (a) Volume fraction of ɔô and the three ɔò precipitate variants during aging at 790ÁC 

for 5 hours in a phase field model of Alloy 718, (b) ɔò (green) and ɔô (red) precipitates in the ɔ 

matrix (blue) from the phase field model.  Reproduced from [27]. 

The disk-like morphology of ɔò is a result of the tetragonal crystal structure growing in a 

cubic matrix. ɔò has approximately a 2.5 pct strain in the matrix at the ɔ/ɔò interface along the 

c-axis and approximately a 0.5 pct strain in the other two directions of the habit plane [28]. The 

disk morphology minimizes the coherency strain at the expense of the interfacial energy. Three 

variants of ɔò lie on the {100}ɔ habit planes in the matrix. The three ɔò variants grow with 

elongated disk morphology along the three {111} planes, which are oriented 120° apart, as 
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shown in Figure 2.4(b) [27]. ɔò growth appears to be controlled by Nb diffusion through the 

matrix [29]. 

The red ɔô precipitates in Figure 2.4(b) are spherical because ɔô does not introduce as 

much elastic strain energy into the lattice as ɔò because the cubic crystal structure is similar to 

that of the matrix. The spherical morphology minimizes the interfacial energy with the lowest 

possible surface area-to-volume ratio at the expense of relatively high coherency strain energy. 

The driving force for ɔô coarsening is to reduce the curvature of the ɔô/matrix interface. 

 Figure 2.5 shows a plot of precipitate size as a function of aging time developed from 

phase field modeling [27]. Both ɔô and ɔò precipitates have been shown to coarsen in accordance 

to the Lifshitz, Slyozov, and Wagner (LSW) theory, which states that precipitate size increases 

proportionately to the cubed root of aging time [12,27,30]. The precipitates grow quickly upon 

nucleation, then the coarsening rate slows with further aging time. For ɔò precipitates, the lengths 

of the major and minor axes both increase proportionally to the cubed root of aging time during 

aging, and the disk diameter increases faster than the disk thickness. Moore et al. showed that ɔò 

growth and coarsening models have better agreement with experimental results when the models 

account for the ellipsoidal shape of ɔò and the likelihood of coalescence between precipitates 

through directional encounter during coarsening [31,32]. Directional encounter effectively 

increases the length of the major axis in ɔò precipitates, as the incoherent edges of the disks are 

more likely to coalesce with one another than the faces.  

ɔô and ɔò precipitates contribute a large portion of the strength of Alloy 718 and Alloy 

945X. These fine precipitates introduce frequent long-range barriers to dislocation motion into 

the matrix [33]. Coherency strain at the precipitate/matrix interface causes a stress field that 

interacts with dislocations and produces coherency strengthening. Ordered precipitate 

strengthening, a common mechanism in precipitation hardenable Ni-base alloys, arises from the 

antiphase boundary that occurs when the ordered precipitate is sheared. Both ɔô and ɔò are 

ordered precipitates. As the shearable precipitates coarsen, the coherency strain increases until 

Orowan looping becomes more energetically favorable than precipitate shearing and dislocations 

loop around precipitates instead. The strength of the alloys in this study is mainly derived from 

ɔò precipitation. The strength increases up to the peak aged condition as underaged, shearable ɔò 

coarsens. Beyond the peak aged condition, the strength decreases as overaged, non-shearable ɔò 

continues to coarsen. 
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Figure 2.5 Precipitate size plotted as a function of (aging time)1/3 during aging at 790°C for 5 h 

in a phase field model of Alloy 718.  Plot reproduced from [27]. 

2.1.2 ŭ Phase Precipitation in Ni-base Alloys  

Precipitation of ŭ phase differs from ɔô and ɔò precipitation because ŭ phase has a D0a 

orthorhombic crystal structure with different symmetry from the cubic ɔ matrix. ŭ nucleation 

creates a high-entropy interface between the ɔ matrix and the ŭ interface, causing ŭ phase to 

grow incoherently along {111}ɔ planes [14]. The nucleation barrier for ŭ precipitation is high 

compared to that of ɔô and ɔò, so ŭ precipitates take longer to nucleate and preferentially nucleate 

heterogeneously on grain boundaries. Figure 2.6 shows the percent of grain boundary area 

occupied by ŭ phase in a Ni-Nb-Fe system as a function of misorientation angle for a short aging 

time (3 min) in Figure 2.6(a) and a longer aging time (1 h) in Figure 2.6(b) aged at 1150 °C [34]. 

ŭ nucleates most readily on high-angle grain boundaries, defined by misorientation angles above 

15°, because high-angle boundaries consume the least driving force during precipitation.  

Figure 2.7(a) and (b) show SEM backscattered electron (BSE) micrographs in the same 

alloy considered in Figure 2.6 demonstrating the distribution of ŭ phase precipitates along grain 

boundaries after short (2 min) and long (24 h) aging times at 1150 °C [34]. Early during aging, 

only the high-angle boundaries are occupied by ŭ phase because these boundaries have the 

highest interfacial energy. Over time, ŭ phase also nucleates along low-angle grain boundaries, 

incoherent twin boundaries, and triple junctions [34,35]. ŭ can nucleate on coherent twin 

boundaries if there is good matching between the ŭ habit plane and the {111}ɔ twin boundary 

planes. When there is not a {111}ɔ habit plane variant available that parallels the boundary, ŭ 
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nucleates at the boundary and grows along a habit plane into the grains at an angle with the 

boundary, resulting in the jagged appearance seen in Figure 2.7(b) [34,36].  

  

(a) (b) 

Figure 2.6 Area percent of grain boundaries occupied by ŭ phase precipitates plotted as a 

function of grain boundary misorientation angle for a Ni-Nb-Fe system aged for (a) 3 min and 

(b) 1 h at 1150 °C [34]. 

  

(a) (b) 

Figure 2.7 SEM-BSE micrographs of needle-like ŭ phase precipitated in a Ni-Nb-Fe ternary 

alloy aged for (a) 2 min and (b) 24 h at 1150 °C [34]. 

 

ŭ phase can precipitate in the grain interior during long aging times. Defects such as 

stacking faults, vacancies, and dislocations can serve as nucleation sites for ŭ phase [36]. One 

special site for intragranular ŭ nucleation is the ɔò stacking fault [14,36]. The {010}ŭ plane is 
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identical to the {112}ɔò close-packed plane. The stacking sequence of these planes in ɔò is 

éabcabcé type stacking, while the stacking sequences in ŭ is éabababé type stacking, which 

is analogous to the difference between FCC and HCP stacking sequences of {111} planes [14]. 

A stacking fault caused by a dislocation passing through a ɔò precipitate can exhibit ŭ-type 

stacking, and the ŭ phase precipitate can nucleate and grow from ɔò. Table 2.4 compares the 

relative coherency strains of ŭ precipitation on ɔò compared to precipitation in the matrix [14]. 

The strain corresponding to ŭ nucleation is considerably lower in ɔò than in the ɔ matrix, 

indicating that ɔò is a favorable nucleation site. Because ŭ and ɔò precipitates both have Ni3Nb 

compositions, ŭ phase can grow directly from the ɔò precipitate at the expense of ɔò. 

Table 2.4 Strain Corresponding to ŭ Nucleation in the ɔ Matrix and ŭ Nucleation in ɔò [14] 

Nucleation Site a-axis b-axis c-axis 

ɔ matrix 0.54 1.34 2.37 

ɔò precipitate 0.04 0.16 0.49 
 

 

The activation energy for ŭ phase formation was analyzed by Rafiei et al. using SEM and 

X-ray diffraction (XRD) analysis and Johnson-Mehl-Avrami-Kolmogorov (JMAK) calculations 

[37]. The values for the average activation energy of ŭ formation determined by these two 

methods were 212.4 kJĀmole-1 and 197.5 kJĀmole-1, respectively. These activation energies are 

comparable to Nb diffusion in Ni (202.6 kJĀmole-1), so it is likely that Nb diffusion is the 

controlling mechanism for ŭ phase formation. The activation energy for ŭ precipitation was 

independent of cold rolling reduction. 

At typical aging temperatures for Alloy 718, the barrier to ŭ nucleation is high. The 

activation energy barrier for ŭ phase nucleation is much higher than that of ɔò nucleation because 

ŭ requires a dramatic structural change, but the driving force for ŭ nucleation is higher than that 

of ɔò nucleation since ŭ phase is more stable [14]. Therefore, ɔò nucleation precedes ŭ nucleation 

below the ɔò dissolution temperature. As the temperature increases, the propensity to form ŭ 

phase increases relative to the propensity to form ɔò up to the ɔò dissolution temperature 

(900 °C ï 920 ÁC), above which only ŭ phase forms without any prior ɔò formation.  

Zhang et al. observed ŭ phase precipitation among NbC particles in Alloy 718, as shown 

in the EBSD map in Figure 2.8(b) that corresponds to the band contrast map in Figure 2.8(a) 
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[16]. NbC precipitates are stable during the annealing step, so ŭ phase likely precipitated onto the 

NbC particles or encountered the NbC particles during growth. 

  

(a) (b) 

Figure 2.8 (a) Band contrast map and (b) phase map of Ni, ŭ, and NbC in Alloy 718 obtained 

by EBSD, from Zhang et al. [16]. 

Charpy impact toughness tends to decrease with ŭ phase precipitation and growth. For 

example, Kagay qualitatively described the amount of ŭ observed in a series of conditions for 

which Charpy impact toughness values were reported, as summarized in Table 2.5 [38]. As ŭ 

precipitates and grows larger and more continuous along grain boundaries, the Charpy impact 

toughness decreases.  

Table 2.5 ŭ Precipitate Condition and Charpy Impact Toughness for Several Conditions 

Reported by Kagay [38] 

Aging Condition ŭ Observed 
Impact Toughness  

at -10 °C (J) 

Under-aged No ŭ 183 ± 3 

Peak-aged Small ŭ precipitates along some grain boundaries 112 ± 3 

Over-aged 
ŭ were much larger and observed along more grain 

boundaries 
85 ± 2 

High ŭ 
ŭ were large and frequent, extending into grains at 

many grain boundaries 
60 ± 1 

 

2.1.3 M23C6 Carbide Precipitation in Ni-base Alloys  

M23C6 carbides usually form at grain boundaries in Ni-base alloys with high Cr contents. 

An example of an intergranular M23C6 carbide in Haynes 230 is shown in the SEM micrograph 
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in Figure 2.9 [39]. Haynes 230 has a higher Cr concentration (22 wt pct) than the alloys used in 

the current study and contains no Nb. The ñMò element in this carbide is usually Cr, but Fe and 

Mo can substitute. M23C6 carbides can take on many different morphologies, including 

plate-like, lamellae, and cellular morphologies [40]. Transgranular M23C6 carbides can inhibit 

dislocation motion during formation, providing a strengthening effect, but these carbides also 

draw Cr, C, and other solid solution strengthening elements from the matrix, weakening the 

matrix [41]. Furthermore, Cr is a solid solution strengthening element and a major contributor to 

corrosion resistance in Ni-base alloys, so reducing the Cr content in the matrix could also 

compromise the corrosion resistance of the alloy.  

 

Figure 2.9 M23C6 carbide precipitated along a grain boundary in Haynes 230 alloy [39]. Etched 

with aqua regia. 

Grain boundary M23C6 carbides have a cube-cube orientation relationship with one side 

of the grain boundary and share an incoherent interface with the other side. There are some 

reports in literature of a transition phase forming between M23C6 and the matrix in Alloy 690 

[19]. Alloy 690 has a higher Cr concentration (29 wt pct) than the alloys used in the current 

study and contains no Nb. Examples of flat and curved interfaces are shown in the 

high-resolution transition electron microscopy (HRTEM) micrographs in Figure 2.10(a) and (b), 

respectively. The transition region is a complex hexagonal structure with every third {111} layer 

enriched in Cr. The lattice constant of M23C6 is approximately three times the lattice constant of 

the matrix, so the transition region with every third layer enriched in Cr provides better matching 

between the {111} planes of the matrix and carbide. Transition regions are more prevalent along 

curved interfaces, where carbide-matrix coherency along the entire interface is difficult to 

achieve, than along flat interfaces. The transition region is likely observed along curved 
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interfaces because these interfaces do not have favorable orientations with respect to the matrix, 

while flat interfaces with favorable orientation relationships have better coherency and do not 

require a transition phase at the interface. 

  

(a) (b) 

Figure 2.10 HRTEM micrographs showing interfaces between the matrix and M23C6 carbides 

along (a) a flat interface and (b) a curved interface featuring a region of transition phase in 

Alloy 690 [19]. 

M23C6 carbides are unstable and continually evolve during long-term aging or in 

high-temperature service conditions [42]. M23C6 carbides initially precipitate with a spherical 

morphology. When the carbide encounters a barrier such as another precipitate, the carbide 

begins to grow preferentially in one direction and becomes dendritic. During long-term thermal 

exposure, M23C6 can transform further into flower-like dendrites shown in Alloy K452 in 

Figure 2.11(a) with ɔô forming in the regions between the ñpetalsò, irregular blocks, and regular 

polyhedron morphology shown in Figure 2.11(b) [42]. Alloy K452 contains 21 wt pct Cr and no 

Nb. Generally, grain boundary M23C6 carbides form with platelike morphology oriented along 

the boundary, but the carbides can transform from planar to equiaxed morphology during 

coarsening [39].  



18 

 

  

(a) (b) 

Figure 2.11 Morphologies of M23C6 in Alloy K452 aged at 900 °C for (a) 1000 h and 

(b) 5000 h [42]. 

 Dong et al. showed that the room temperature Charpy impact toughness decreases with 

M23C6 precipitation along grain boundaries compared to conditions in which M23C6 only 

precipitated within grains in test alloy C-HRA-2, as shown in Figure 2.12. Test alloy C-HRA-2 

contains 22 wt pct Cr and 0.03 wt pct Nb. The Charpy impact toughness was reduced 

significantly by M23C6 precipitation along grain boundaries, suggesting that M23C6 grain 

boundary precipitation can be deleterious to Charpy impact toughness.  

 

Figure 2.12 Room temperature Charpy impact toughness plotted as a function of weight 

percent M23C6 in test alloy C-HRA-2 [43]. Conditions in which M23C6 was observed only in 

the matrix and both in the matrix and along grain boundaries are noted. 
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2.2 Hydrogen Embrittlement in Ni -base CRAs 

Hydrogen embrittlement is a phenomenon through which materials exhibit reduction in 

strength, ductility, and toughness due to interaction with hydrogen. In instances of HE in oil and 

gas applications, hydrogen is absorbed by the material during service in what is typically 

classified as environmentally-assisted cracking [6,44]. In the case of downhole structural 

equipment, hydrogen from the sour environment and cathodic protection of drilling components 

causes the Ni-base superalloy, a high-strength and susceptible material subjected to high pressure 

during service, to fail in a brittle fracture mode. Since there is uncertainty regarding the cause of 

HE, there are several mechanisms proposed. Probable mechanisms commonly cited in instances 

of HE in Ni-base alloys include hydrogen-enhanced decohesion (HEDE) and hydrogen-enhanced 

localized plasticity (HELP) [45,46]. The HEDE mechanism proposes that hydrogen can reduce 

atomic bond strength and, when concentrated at grain boundaries, cause intergranular fracture 

when stress is applied [47]. The HEDE mechanism is often associated with intergranular fracture 

observed as a result of HE [48]. The HELP mechanism proposes that planar slip is made easier 

for dislocations in the presence of hydrogen, causing a local increase in plasticity. Because of 

this increased dislocation mobility, there are more dislocation-dislocation interactions. In some 

instances, limited cross-slip is also reported, resulting in macroscopically brittle fracture. There 

are various theories as to how HELP manifests in brittle fracture that sometimes appear to be at 

odds, as limited cross slip is generally associated with low stacking fault energy and low 

dislocation mobility, while low spacing between dislocations is associated with high stacking 

fault energy. Robertson and Birnbaum observed increased plasticity in the presence of hydrogen 

through in situ TEM deformation in an environmental cell [49,50]. When held at a constant 

stress, a static crack began propagating when hydrogen gas was added to the environment, and 

deformation and crack propagation ceased when hydrogen gas was removed, indicating that 

introducing hydrogen enhanced both microscopic deformation and macroscopic crack growth. 

2.2.1 Precipitate Effects on Hydrogen Embrittlement 

Hydrogen embrittlement susceptibility tends to increase with increasing alloy strength 

and increasing ŭ concentration along grain boundaries [25,51]. Obasi et al. found that 

strengthening by ɔô and ɔò precipitation had a large effect on the HE susceptibility in smooth 

slow strain rate (SSR) tensile specimens of Alloy 718 and Alloy 945X [52]. In Alloy 945X, the 

strength and HE susceptibility increased with the size of ɔò in the absence of ŭ phase. In Alloy 
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718, the HE susceptibility and strength increased as ɔò size increased up to the peak aged 

condition, then decreased with further ɔò coarsening in the overaged condition prior to ŭ 

formation. Once ŭ phase began to precipitate and coarsen along the grain boundaries, the HE 

susceptibility increased with decreasing yield strength. Liu et al. demonstrated that the HE 

susceptibility increased with increasing volume fraction of ɔò precipitates in Alloy 718 smooth 

SSR tensile specimens in the absence of ŭ phase along grain boundaries [51]. Kagay also 

observed increasing HE susceptibility with increasing hardness and ɔò size and volume fraction 

in Alloy 718 for smooth SSR tensile specimens [53].  

In ISL tests of notched tensile specimens subjected to in situ cathodic charging, Kagay 

compared three underaged ɔò conditions with increasing strength and increasing ɔò size and 

similar ɔò and ɔô volume fraction in the absence of ŭ phase. Figure 2.13(a) shows the relationship 

between ɔò size and stress intensity factor for unstable crack growth, Ku, for the three underaged 

conditions (labelled Under-aged 710, Double-aged, Under-aged 680) [53]. Increasing the size of 

underaged ɔò precipitates decreased the HE susceptibility, defined as decreasing crack growth 

resistance and decreasing stress intensity factor for unstable crack growth, despite increasing the 

strength. Thermal desorption spectroscopy (TDS) experiments indicated that ɔô and ɔò 

precipitates had no effect on hydrogen trapping, so the differences in HE susceptibility between 

aging conditions were attributed to differences in the yield strength and work hardening behavior 

[53]. The true stress-strain tensile curves are shown in Figure 2.13(b). Kagay observed that the 

work hardening rate decreased and the yield strength increased with increasing ɔò in the 

underaged conditions. It was interpreted that increasing the yield strength increases the stress at 

the notch required to move dislocations, so the stress intensity factor required for unstable crack 

growth is higher for higher yield strength conditions. For a given stress intensity, a higher work 

hardening rate indicates that there is a greater extent of dislocation accumulation ahead of the 

notch. During cathodic charging, hydrogen interacts with dislocations to cause transgranular 

crack propagation. Thus, it was interpreted that more dislocation accumulation results in more 

dislocation-hydrogen interactions and increased hydrogen sensitivity in conditions with a higher 

work hardening rate. These two effects combine to increase the fracture toughness for unstable 

crack growth in notched specimens despite increasing the strength of the material.  

Kagay also compared underaged ɔò and overaged ɔò conditions with comparable strength 

levels in the absence of ŭ phase using the ISL test method during in situ cathodic charging [53]. 
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The conditions labelled Under-aged 680 and Over-aged 680 in Figure 2.13 were designed to 

meet these parameters [53]. The HE susceptibility increased with ɔò precipitate coarsening 

between the underaged and overaged conditions. As shown in Figure 2.13(b), the underaged and 

overaged conditions aged at 680 °C had similar yield strengths, but the work hardening rate was 

higher for the overaged condition. Increased work hardening rate indicates more dislocation 

accumulation, which results in more hydrogen sensitivity at a given stress intensity. It should be 

noted that these tests were conducted with in situ cathodic charging and no pre-charging, so 

dislocation motion was largely unaffected by hydrogen ahead of the notch, especially following 

crack initiation when hydrogen did not have time to penetrate far below the surface at the crack 

tip to interact with dislocations. In pre-charged specimens, hydrogen interactions deeper below 

the surface could impact dislocation interactions differently during loading and lead to a different 

mechanism dominating failure. Martin et al. provide evidence for extensive dislocation cell 

networks that form beneath the surface during deformation of pre-charged Ni specimens and 

suggest that these subsurface dislocation structures contribute to hydrogen-induced intergranular 

crack initiation and propagation [54].  

  

(a) (b) 

Figure 2.13 (a) Stress intensity for unstable crack growth, Ku, plotted as a function of ɔò 

diameter for several ŭ-free aging conditions of Alloy 718 and (b) corresponding true 

stress-strain curves for each condition [53]. 
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2.2.2 Hydrogen-Affected Fracture Surfaces 

Fracture surfaces of hydrogen free and hydrogen-precharged SSR tensile specimens of 

aged Alloy 718 are shown in Figure 2.14(a) and (b), respectively [55]. In noncharged specimens, 

ductile Ni-base alloys exhibit a microvoid coalescence morphology characteristic of ductile 

fracture. Since hydrogen reduces the extent of macroscopic plastic deformation, 

hydrogen-affected specimens tend to exhibit a faceted morphology characteristic of brittle 

fracture. The severity of embrittlement depends on the charging and testing parameters and the 

alloy composition and thermal history.  

Precipitates can influence the fracture path in hydrogen-charged specimens. In 

pre-charged SSR tensile specimens of ŭ-free Alloy 718, cracks propagated preferentially along 

dislocation slip bands [48]. Li et al. observed that transgranular cracking was dominant in a 

condition with little or no ŭ and that the fracture morphology became increasingly intergranular 

with more ŭ precipitation [56]. Figure 2.15(a) and (b) show fracture surfaces of compact tension 

(CT) specimens of Alloy 718 that were aged to produce conditions without and with ŭ phase 

along the grain boundaries [56]. The CT specimens were H-charged before and during the tests. 

In the absence of ŭ phase, a transgranular fracture morphology is dominant, as shown in 

Figure 2.15(a). When ŭ phase is present along boundaries, the crack preferentially cracks along 

grain boundaries, and an intergranular fracture morphology dominates, as shown in 

Figure 2.15(b). 

  

(a) (b) 

Figure 2.14 Fracture surfaces of Alloy 718 SSR specimens aged at 760 °C for 10 h and tested 

(a) in the hydrogen-free condition and (b) after cathodic precharging to 33 wt ppm H [55]. 
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(a) (b) 

Figure 2.15 Fracture surfaces of H-charged Alloy 718 CT specimens (a) without and (b) with ŭ 

phase along the grain boundaries [56]. 

2.2.3 Hydrogen Trapping  

Hydrogen trapping occurs when hydrogen moves to a site with strong bonding energy 

between hydrogen and the surrounding lattice. Hydrogen traps are characterized as irreversible 

sinks into which hydrogen enters and remains during testing and reversible traps in which 

hydrogen is stored and can act as a hydrogen source during testing [57]. The reversibility of 

trapping depends on the trapping energy of the site. Irreversible traps such as high angle grain 

boundaries and incoherent carbide particles have high trapping energy, while reversible traps 

such as dislocations and twin boundaries have intermediate trapping energy [58]. The activation 

energy for irreversible trapping sites such as incoherent interfaces is generally high, so hydrogen 

absorption is thought to be limited in cathodic charging conditions at room temperature [59]. The 

trapping energy of 58 kJĀmol-1 is considered to be the threshold between reversible and 

irreversible trapping [60-62].  

Ti and Nb carbides and carbonitrides are irreversible traps in Ni-base alloys with reported 

binding energies of 77-87 kJĀmol-1 [58,60,63]. One study reported the trapping energy of ŭ to be 

30 kJĀmol-1, while another reported the trapping energy to be 53 kJĀmol-1 [53,63]. These binding 

energies indicate that ŭ is a reversible trapping site that can act as a hydrogen source. Reports of 

the trapping energy of ɔô and ɔò in literature vary from 19.2 kJĀmol-1 to 23-27 kJĀmol-1 [63,64]. 

Kagay reported that no TDS peak was observed for ɔô and ɔò trapping and that the peak observed 

at 21 kJĀmol-1 was associated with diffusible hydrogen through the ɔ lattice [53].  

Hydrogen trapping is often evaluated through the peaks observed with TDS; however, 

TDS does not indicate the location of the trapping site, so it is difficult to pair peaks with 
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corresponding sites [65,66]. One recent study used NanoSIMS to observe hydrogen segregation 

about precipitates and carbonitrides in pre-charged specimens of Alloy 718 [16]. A NanoSIMS 

scan across a ŭ precipitate and the corresponding deuterium count measurement are shown in 

Figure 2.16. Figure 2.16(b) shows a line scan of deuterium concentration across the ŭ precipitate 

indicated by the yellow region in Figure 2.16(a). ŭ phase was found to adsorb a higher hydrogen 

concentration than the matrix while carbonitrides adsorbed less hydrogen than the matrix, and 

the interfaces were not enriched with or depleted of hydrogen. It was hypothesized that the 

hydrogen is attracted to the Nb-rich ŭ phase because Nb has a strong affinity with hydrogen. The 

octahedral interstitial sites of the NaCl-type structures of carbonitrides are the preferred 

interstitial sites for H, but these sites are occupied by C or N, so the H solubility of carbonitrides 

is relatively low as a result. The study hypothesized that hydrogen can induce cracking at the 

ŭ-matrix interface through a HEDE-type mechanism since the interface is enriched in hydrogen 

relative to the matrix due to enrichment in the ŭ precipitate.  

  

(a) (b) 

Figure 2.16 NanoSIMS scan across a ŭ precipitate in Alloy 718 with (a) a map of the 

deuterium concentration and (b) a line scan across the ŭ precipitate in the region identified in 

(a) [16]. 

Microstructural features such as dislocations, precipitates, and grain boundaries can 

interact with hydrogen, either accelerating hydrogen diffusion by offering preferred diffusion 

paths or hindering diffusion by trapping hydrogen. Trapping generally decreases the net 
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diffusivity and increases the net solubility of hydrogen through the alloy since hydrogen 

preferentially moves to trapping sites to reduce the energy of the system, but the absorbed 

hydrogen cannot move freely in the alloy once it is trapped. The effective diffusivity is reduced 

by introducing hydrogen traps through plastic deformation (dislocations) or precipitation 

hardening (precipitates) compared to the solutionized condition [67].  

2.3 Hydrogen Embrittlement Evaluation Methods 

Hydrogen embrittlement sensitivity can be evaluated via several different methods. Most 

commonly, HE is evaluated through slow strain rate tensile testing or accelerated fracture 

mechanics testing methods. Due to differences in strain rate, specimen geometry, and charging 

condition, different evaluation methods might vary the severity of HE mechanisms and yield 

different conclusions from experimentation. 

2.3.1 Variables Considered in Hydrogen Embrittlement Evaluation 

The strain rate of HE tests can affect the extent of hydrogen embrittlement. Fournier et al. 

observed that the HE susceptibility increased with decreasing strain rate in pre-charged 

specimens of Alloy 718 [17]. This strain rate sensitivity of hydrogen embrittlement was 

attributed to a dynamic strain aging (DSA) effect. At high strain rates, hydrogen charging had no 

effect on tensile properties. At slow strain rates, dislocation motion is slow enough that hydrogen 

can diffuse to pin dislocations, and this interaction increases hydrogen-related effects on tensile 

behavior.  

Notched specimens can be used to evaluate the stress intensity factor. Dodge et al. 

compared SSR tests for pre-charged smooth and notched specimens of Alloy 718, Alloy 945, and 

Alloy 945X, and found that notches generally amplified the sensitivity to hydrogen, especially in 

high-strength conditions [68]. Under an applied tensile stress, the triaxial stress state increases 

the volume of the lattice, so the hydrogen solubility at the notch is increased. The local hydrogen 

concentration near the notch can increase because the hydrostatic stress near the notch reduces 

the chemical potential of hydrogen in accordance with Equation 2.1, 

Ὠ‘ Ὠ„ Ὠ„         (2.1)  

where ɛH is the chemical potential of hydrogen, VH is the partial molar volume of hydrogen, and 

ůii is the mechanical stress [69,70]. Reduced chemical potential results in increased hydrogen 

concentration.  
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The charging condition is important to the sensitivity of HE tests. Fournier et al. 

compared the HE susceptibility of pre-charged and in situ cathodically-charged smooth SSR 

specimens of Alloy 718 [17]. Pre-charged specimens exhibited less reduction in plasticity 

compared to in situ charged specimens. For pre-charged specimens that do not allow time for 

hydrogen to diffuse evenly throughout the thickness, hydrogen is present in an outer ring near the 

surface. Once the crack begins to propagate deeper than the hydrogen-affected ring, plasticity is 

restored. Under cathodic charging, however, hydrogen is always present at the surface of the 

crack tip. During slow crack propagation under in situ charging, hydrogen interactions at the 

crack tip reduce the plasticity as the crack propagates. When the crack begins to propagate too 

quickly for hydrogen to cause embrittlement at the crack tip, the fracture mode transitions to 

ductile failure. 

2.3.2 Slow Strain Rate Tensile Testing 

SSR tension tests of smooth or pre-cracked tensile specimens are commonly used to 

compare the environmentally-assisted cracking susceptibility of different samples in an 

accelerated manner. SSR testing is described in ASTM Standard G129 [71]. By using the same 

geometries and experimental parameters for charged and non-charged conditions, the hydrogen 

sensitivity results from SSR tests can be presented as a ratio of tensile properties between the 

charged and non-charged conditions, including yield strength ratio, ultimate tensile strength 

ratio, elongation ratio, and reduction in area ratio. Parameters including strain rate, specimen 

geometry, charging condition, and other details of the SSR test are not standardized in the ASTM 

standard or elsewhere in the field of HE research, so it is difficult to compare results between 

different publications. SSR testing is favorable because tests are relatively short in duration, the 

tensile property ratios are easy to compare between conditions, and the setup is straightforward. 

However, there is no technique currently available to derive the stages of crack initiation, stable 

crack growth, and unstable crack growth during SSR tests, stages which are especially important 

in high-toughness materials that resist fracture. Additionally, the local stress at a crack tip is 

different for materials with different strength levels, so different conditions cannot be directly 

compared [72].  
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2.3.3 Accelerated Fracture Mechanics Testing 

An alternative to SSR testing is accelerated fracture mechanics testing. The rising 

displacement (RD) testing method used for accelerated fracture mechanics testing is equivalent 

to a SSR test with a notched or pre-cracked specimen. The specimen is subjected to a slow, 

constant loading rate or constant displacement rate to allow sufficient time for hydrogen 

absorption and diffusion into the sample. ISO Standard 7539-9 describes the RD test method, 

including a direct current potential drop (DCPD) method used to indirectly measure crack 

propagation during the test [73]. For DCPD, a constant current is applied across the notch or 

pre-crack, and the voltage across the notch is measured. As the crack grows, the resistance across 

the notch increases and the voltage decreases relative to a reference voltage measured away from 

the notch.   

ASTM Standard F1624 describes the incremental step loading (ISL) test method for 

steels, including details for determining an appropriate load step increment and hold time and 

deriving the threshold load [74]. During the ISL test, the load is repeatedly increased by a fixed 

increment and held at constant displacement for a fixed time until failure. The loading profile 

from an ISL test is shown in Figure 2.17. The threshold load, Pth, is the load of the step before 

crack initiation, which is observed as a drop in the load during the constant-displacement hold. 

Under the applied load, hydrogen entering the specimen during in situ charging is attracted to 

stress concentrators, especially near the notch. Gradual loading during the test allows time for 

hydrogen diffusion. The load reached one step prior to a decrease in load during the constant 

displacement hold is used to determine the threshold stress intensity factor for crack propagation 

[74].  

Fracture mechanics testing is advantageous because the result is a material fracture 

toughness property that can be applied to industrial design. Notched or pre-cracked specimens 

are subjected to a triaxial stress state from the beginning of the test, so the loading condition does 

not change during the test. Therefore, the HE susceptibility of conditions with different strength 

levels can be compared directly regardless of differences in plastic deformation that would exist 

in smooth specimens [72]. The local loading condition can affect the observed HE susceptibility 

and mode of fracture, which can result in different conclusions compared to SSR testing smooth 

specimens. For example, Kagay et al. reported an inverse relationship between the stress 

intensity factor for unstable crack growth, Ku, in notched specimen ISL and RD tests and the 
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elongation ratio in smooth specimen SSR tensile tests in Alloy 718 in the absence of ŭ phase at 

the grain boundaries [72]. Ku determined through ISL testing is plotted against the total 

elongation ratio derived from SSR testing in Figure 2.18. In this plot, the peak-aged condition is 

the only condition presented that contains ŭ phase. 

 

Figure 2.17 Step loading profile from an incremental step loading (ISL) test for Alloy 945X 

with the threshold load, Pth, indicated. 

 

Figure 2.18 Stress intensity factor for unstable crack growth, Ku, determined through ISL 

testing of notched specimens, plotted as a function of total elongation ratio determined through 

SSR testing [53,72].  

 

Pth 
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CHAPTER 3: EXPERIMENTAL PROCEDURE 

The experimental procedures for heat treatment selection, mechanical testing, hydrogen 

embrittlement evaluation, and characterization are described below.  

3.1 Preliminary Heat Treatment Investigation 

Alloy 718 and 945X were received as 19.1 mm (0.75 in) lab-produced hot-rolled plate 

approximately 10 cm (4 in) in width. The alloy compositions are shown in Table 3.1. 

Table 3.1 Chemical Composition of Selected Ni-base Alloy Grades (wt pct) 

wt pct Ni Fe Cr Nb Mo Ti Al  Co 

Alloy 718 53.30 17.90 18.5 5.07 2.88 1.01 0.52 0.20 

Alloy 945X 53.60 14.30 20.50 4.39 3.19 1.50 0.12 0.20 

  

wt pct Mn Si P S B Cu C 

Alloy 718 0.11 0.07 0.008 0.00001 0.003 0.09 0.015 

Alloy 945X 0.07 0.06 0.010 0.00001 0.002 1.94 0.008 

 

An initial heat treatment investigation was conducted for both alloys to select conditions 

for the subsequent HE investigation. The objective of this initial survey was to identify 

conditions with comparable hardness but different degrees of ŭ formation in Alloy 718 and 

M23C6 formation in Alloy 945X. A similar hardness was sought to avoid strength-related effects 

causing differences in HE susceptibility between conditions, as strength typically correlates with 

HE susceptibility [52,75].  Heat treatment times and temperatures were selected near the range 

specified in API Standard 6ACRA [9]. For Alloy 718, the aging temperature range is 700 to 

750 °C, and for Alloy 945X the range is 677 to 732 °C.  

The alloys were annealed at 1050 °C for 2.5 h in box furnaces and water quenched to 

solutionize all precipitates prior to aging. No grain boundary ŭ or M23C6 precipitates were 

observed in the solutionized condition of either alloy. Small coupons sectioned from the 

annealed plates were aged in box furnaces and air cooled. The arrays of aging conditions selected 

for the initial heat treatment investigation are indicated by points on the TTT diagrams in 

Figure 3.1(a) and (b) for Alloy 718 and Alloy 945X, respectively.  
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(a) (b) 

Figure 3.1 TTT diagrams for (a) Alloy 718 (Copyright © 1991 by The Minerals, Metals & 

Materials Society. Used with permission.) and (b) Alloy 945X with overlaid points indicating 

the times and temperatures of aging conditions in the initial heat treatment investigation 

[21,22]. 

Each heat-treated sample was sectioned in half after aging and the central portions were 

evaluated to avoid surface effects from the furnace in the analysis. The samples were mounted in 

Bakelite and ground with 240, 320, 400, and 600 grit SiC grinding papers. The samples were 

polished by hand according to the procedure described in Table 3.2. 

Table 3.2 Polishing Procedure for Metallographic Preparation for SEM 

 Polishing Medium Lubricant Pad Time (min) 

1 6 ɛm diamond Alcohol-based extender Ultra Silk 5 

2 3 ɛm diamond Alcohol-based extender LECO LeclothTM 5 

3 1 ɛm diamond Alcohol-based extender LECO LeclothTM 5 

4 0.05 ɛm colloidal alumina None Red Felt 5 

 

Vickers microhardness indentation testing was conducted on polished surfaces according 

to ASTM E384 using a 1000 g load and a 10 s dwell time to compare the conditions [76]. The 

microhardness values for select conditions are overlaid on portions of the TTT diagrams in 

Figure 3.2. The standard deviation in microhardness is approximately 10 HV. For SEM 

characterization, polished surfaces were etched within 5 min of the final polishing step. Alloy 

718 was etched with Kallingôs No. 2 etchant (100 mL hydrochloric acid, 100 mL ethanol, 5 g 

copper(II) chloride) for approximately 10 s. Alloy 945X was etched with seven acids etchant 
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(100 mL hydrochloric acid, 100 mL water, 20 mL nitric acid, 8 mL 50 pct hydrofluoric acid, 

10 mL sulfuric acid, 20 mL acetic acid, 10 g anhydrous ferric chloride) for approximately 10 s. 

The etched microstructures were screened for ŭ and M23C6 formation along the grain boundaries 

using a JEOL® 7000F field emission scanning electron microscope (SEM) at 5000x 

magnification. The conditions in which ŭ was observed in Alloy 718 and M23C6 was observed in 

Alloy 945X are circled in red in Figure 3.2. However, after further investigation of selected heat 

treatment conditions at 20,000x magnification or greater, ŭ phase and M23C6 were also identified 

in the conditions circled in blue. For Alloy 718, these results have good agreement with the ŭ 

phase curve in the TTT diagram in Figure 3.2(a). Higher magnification imaging also indicated 

that M23C6 precipitation in Alloy 945X occurs sooner than indicated in Figure 3.2(b). The TTT 

diagrams are also overlaid with the time and temperature ranges for the first steps of the 

respective API Standard 6ACRA heat treatments for the alloys. 

  

(a) (b) 

Figure 3.2 Portions of the TTT diagrams for (a) Alloy 718 (Copyright © 1991 by The 

Minerals, Metals & Materials Society. Used with permission.) and (b) Alloy 945X with 

overlaid points indicating the times and temperatures of aging conditions in the initial heat 

treatment investigation and corresponding Vickers microhardness in HV. TTT diagrams are 

overlaid with the time and temperature ranges specified in the first steps of the respective API 

Standard 6ACRA heat treatments outlined in (a) green and (b) yellow. Conditions circled in 

red indicate those in which (a) ŭ and (b) M23C6 were observed at 5000x magnification, while 

conditions circled in blue indicate respective grain boundary precipitates observed at 20,000x 

or greater magnification [9,21,22].  
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The heat treatments selected for the HE study were 750 °C for 6, 12, and 20 h and 730 °C 

for 6, 12, and 20 h for Alloy 718 and 732 °C for 6, 12, and 20 h for Alloy 945X. These heat 

treatment times and temperatures are indicated by the points on the TTT diagrams in Figure 3.3. 

All Alloy 718 conditions aged at 750 °C and the Alloy 945X conditions aged at 732 °C have 

similar hardness, while the Alloy 718 conditions aged at 730 °C have higher hardness. The 

selected conditions lie within the temperature ranges specified in API Standard 6ACRA, and 

they span the ŭ and M23C6 thresholds in the respective alloys. 

  

(a) (b) 

Figure 3.3 TTT diagrams for (a) Alloy 718 (Copyright © 1991 by The Minerals, Metals & 

Materials Society. Used with permission.) and (b) Alloy 945X with overlaid points indicating 

the times and temperatures of selected aging conditions [21,22]. 

3.2 Hardness, Tensile, and Charpy Impact Testing 

Heat-treated plates were machined into tensile and Charpy specimens to test the ambient 

mechanical properties and compare trends in these properties to the corresponding HE 

susceptibility. These tests establish the baseline mechanical properties for each condition in the 

absence of hydrogen. Four tests of each heat treatment condition were conducted for tensile and 

Charpy impact testing. 

For each alloy, uniaxial tensile testing was conducted at ambient temperature on subsize 

tensile specimens at an engineering strain rate of 0.00025 s-1 on an Instru-Met® ReNew 1125 

load frame [77]. A diagram of the subsize tensile specimen is shown in Figure 3.4. Tensile 

testing is used to measure the strength and ductility, properties that change with intergranular 
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precipitate nucleation and coarsening. Rockwell C hardness tests were conducted according to 

ASTM E18 [78]. Charpy V-notch impact toughness tests were conducted according to ASTM 

E23 using an MTS® Exceed E22 pendulum impact testing machine [79]. Charpy specimens 

were machined in the longitudinal direction with the notch pointing in the long transverse 

direction (L-T orientation) and were tested at -10 °C. The triaxial stress state imposed by the 

notched geometry during Charpy impact testing makes this test sensitive to grain boundary 

precipitates, which can diminish the impact toughness [43,53].  

 

Figure 3.4 Subsize tensile specimen drawing, with dimensions in millimeters. 

3.3 Metallographic Characterization 

Metallography samples were sectioned from the heat-treated plate and polished to 

0.05 ɛm finish with colloidal Al2O3. Samples were etched within 5 min of the final polishing 

step to avoid oxide formation before etching. Metallographic preparation was conducted 

according to the procedure described in Section 3.1. Alloy 718 was etched with Kallingôs No. 2 

for approximately 10 s. Alloy 945X was etched with seven acids etchant for approximately 10 s. 

A JEOL® 7000F field emission scanning electron microscope (SEM) was used to characterize 

the ŭ and M23C6 precipitates along grain boundaries in the etched microstructures and fracture 

surfaces at magnifications up to 20,000x. ɔò size was measured from surfaces etched with 

Kallingôs No. 2 using a FEIÈ Helios 600i SEM at 80,000x magnification or higher. The 

specimens used for grain size measurements were polished to 0.05 ɛm using colloidal Al2O3 and 

etched in Kallingôs No. 2 etchant for approximately 10 min to etch the grain boundaries enough 

for low-magnification light optical imaging. The grain size was measured in light optical 

microscope (LOM) images from an Olympus® DSX500 microscope using the three circle 

method described in ASTM E112 [80]. Energy dispersive electron spectroscopy (EDS) was used 

to identify the grain boundary precipitates using a FEI® Helios 600i SEM. A FEI® Quanta 600i 
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SEM was used to image Charpy fracture surfaces following Charpy impact testing using both 

backscatter electron (BSE) and secondary electron (SE) imaging modes.  

3.4 Hydrogen Embrittlement Testing 

Circular notch tensile (CNT) specimens were machined from heat treated plate in the 

longitudinal direction. The major diameter of the specimens was 12.7 mm (0.50 in), while the 

notch diameter was 6.35 mm (0.25 in).  The notch root radius was machined to 0.086 mm 

(0.0034 in). A diagram of the CNT specimen is shown in Figure 3.5. Based on the stress 

concentration factor (Kt) calculation for the CNT specimen geometry in Petersonôs Stress 

Concentration Factors, Kt for the geometry in Figure 3.5 is approximately 6.0 [81]. Lee et al. 

showed that stress concentration factors of 6 or greater can be compared to the fracture 

toughness of precracked compact tension specimens [82]. 

 

Figure 3.5 CNT drawing used for ISL testing specimens, with dimensions in millimeters. 

CNT specimens were tested with an incremental step loading (ISL) technique on an 

electromechanical Instru-Met ReNew® 1125 load frame, and crack propagation was measured 

using a direct current potential drop (DCPD) method. Three specimens were tested per heat 

treatment condition. A plot of load versus time with a 2669 N (600 lbf) load step and 2 h hold is 

shown in Figure 3.6. During ISL testing, a slow displacement rate is used to reach a target stress, 

at which time the specimen is held at the associated displacement for a defined period. Then, the 

specimen is displaced to the next target stress based on the defined step size. The error inherent 

to each test is Ñ 3.0 MPaĀm0.5, the difference in stress intensity between load steps. 

Cathodic charging was applied in-situ during testing. The step size was 2669 N, which 

translated to 63 MPa of stress for the CNT geometry used, and the hold time at each step was 
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2 h. During testing, the specimen was charged with 5 mAĀcm-2 current density in a 0.5 M 

H2SO4 solution. 

CNT specimens were wired for DCPD measurements with one pair of wires applying 

constant current across the notch, one pair of wires measuring voltage across the notch, and a 

third pair of wires measuring a reference voltage on one side of the notch. A schematic of this 

setup is shown in Figure 3.7. A constant current of 2 A was applied across the notch, and the 

ratio of the notch voltage to the reference voltage, the notch voltage ratio (NVR) was recorded 

every 5 s. An increase in voltage ratio indicates crack growth at the notch, as the resistance 

through the sample increases with crack propagation. 

 

Figure 3.6 Load versus time plotted during an ISL test with 2660 N load step and 2 h hold 

times at constant displacement.  

 

Figure 3.7 DCPD current and voltage wiring across the notch in a CNT specimen. 

Current 

Reference Voltage 

Current 

Reference Voltage 

Notch Voltage Notch Voltage 



36 

 

Points of stable and unstable crack growth initiation are indicated on the NVR plot 

collected through the DCPD technique and shown in Figure 3.8. Stable crack growth begins 

when the NVR increases during the load increase but remains constant during the 

constant-displacement hold between load steps, indicating that the crack does not continue to 

propagate during the hold. Unstable crack growth is associated with an increase in the notch 

voltage ratio while the displacement is held constant. The starting points of stable crack growth 

initiation and unstable crack propagation are indicated on the plot in Figure 3.8. 

 

Figure 3.8 Notch voltage ratio (NVR) from DCPD measurements and load plotted as a 

function of time for an ISL test. 

The stress intensity factor for unstable crack growth, Ku, is calculated from the load P at 

which unstable crack growth occurs using Equation 3.1 [83], 

ὑ “Ὠ ὥὊ               (3.1) 

where d is the notch radius, a is the crack length, D is the unnotched radius, and F is given by 

Equation 3.2, 

Ὂ ρ ᶻ ᶻρ πȢσφσ πȢχσρ      (3.2) 

CNT specimens for each condition were tested using an Instru-Met ReNew® 1125 load 

frame under quasistatic tensile loading in air at a displacement rate of 0.0002 mmĀs-1 to compare 

with the stress at which unstable crack growth initiated in the charged samples. Two specimens 

were tested in air for each Alloy 718 condition aged at 750 °C, and three specimens were tested 
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in air per each other heat treatment condition. Valid fracture toughness experiments were not 

obtained in the specimens tested in air because of the high degree of plasticity at the notch. 

Instead, the stress at which unstable crack growth began during the ISL test under cathodic 

charging was compared to the notch tensile strength of the quasistatic tensile tests in air. In 

addition to Ku, the ratio of stress for unstable crack growth under cathodic charging to notch 

tensile strength in air was used as another measure of HE susceptibility.  

Fracture surfaces of cathodically charged CNT specimens were analyzed after failure 

using SEM up to 5000x magnification. The fracture surfaces were compared for indication of 

how thermal history affected the morphology of hydrogen-induced failure.  
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CHAPTER 4: RESULTS 

In this chapter, the microstructures and mechanical properties of heat-treated Alloy 718 

and Alloy 945X are presented. Hydrogen embrittlement susceptibility was assessed in terms of 

the stress at which unstable crack growth initiated and the ratio of the stress for unstable crack 

growth in cathodically-charged specimens to the notch tensile strength in air. The fracture 

surfaces for specimens tested under cathodic charging were analyzed to infer differences in 

fracture behavior between conditions.  

4.1 Microstructural Analysis  

All conditions exhibited similar appearance when examined in light optical microscopy 

and low magnification scanning electron microscopy. Light optical micrographs of the 

as-received hot-rolled plate for both alloys are shown in Figure 4.1. The as-received 

microstructure is partially recrystallized, with large, deformed grains and fine recrystallized 

grains that formed during the hot rolling process. The orientation of the plate is indicated on each 

micrograph. The micrograph of Alloy 718 in Figure 4.1(a) shows that the deformed grains are 

generally oriented in the same direction because of hot rolling. The micrograph of Alloy 945X in 

Figure 4.1(b) has more periodic banding of recrystallized grains, while in Alloy 718, more 

equiaxed, recrystallized grains formed in the grain boundaries of deformed grains.  

  

(a) (b) 

Figure 4.1 Light optical micrographs of the as-received microstructure for (a) Alloy 718 and 

(b) Alloy 945X. The plate orientation is indicated with the rolling direction (RD), transverse 

direction (TD) and normal direction (ND) for each condition. 

TD 
RD 

ND 

RD 

ND 

TD 
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The micrograph in Figure 4.2 is a low magnification SEM image of the Alloy 718 

microstructure after solutionizing at 1050 °C for 2.5 h and aging at 730 °C for 20 h. 

Carbonitrides are indicated in the image. The high temperature solutionizing treatment dissolved 

precipitates in the matrix and along grain boundaries such as ɔô, ɔò, and ŭ and eliminated the 

bimodal grain size distribution from partial recrystallization observed in the as-received 

condition. No grain boundary M23C6 or ŭ phase were observed in the solutionized conditions. 

While grains do not coarsen substantially during the subsequent aging step, the elevated 

temperature allows solute diffusion through the supersaturated solution for precipitate formation 

during aging. Grain boundary phases, ɔô and ɔò matrix precipitates, and most NbC cannot be 

resolved at low magnification.  

 

Figure 4.2 Low-magnification secondary electron SEM micrograph of the microstructure in 

Alloy 718 heat treated at 730 °C for 20 h.  

The average grain sizes measured for all conditions are given in Table 4.1. The grain 

sizes were larger in the Alloy 718 conditions aged at 730 °C compared to those aged at 750 °C 

because the former were solutionized a second time after aging due to a mistake in aging 

temperature. The Alloy 945X conditions have a similar grain size to the Alloy 718 conditions 

that underwent a single solutionizing treatment from the as-received condition. The aging 

treatment did not have a significant effect on the grain size, as the sets of conditions with 

identical solution treatments and different aging treatments had similar grain sizes.  

Kagay examined grain size effects in a peak aged condition that was aged at 760 °C for 

6 h and contained ŭ along grain boundaries [38]. This condition exhibited similar properties to 



40 

 

the conditions used in this study. Kagay studied a small grain size condition with a modified 

solution treatment at 1021 °C for 1 h that resulted in a 57 ɛm mean intercept length compared to 

the 129 ɛm mean intercept length of the standard peak aged condition that was solutionized at 

1050 °C for 2.5 h [38]. The impact toughness was slightly lower in the small grain size 

condition, but the reduction in grain size had no statistically significant effect on HE resistance 

measured by SSR tensile testing [38]. Moreover, the difference in grain size should be more 

significant at smaller grain sizes in accordance with the Hall-Petch relationship, and the grain 

sizes in the present study are larger than those investigated in Kagayôs study. The Alloy 718 

composition used in the current study is similar to that used in Kagayôs study, with only the Co 

(0.2 wt pct compared to 0.33 wt pct from Kagay) and S (0.00001 wt pct compared to 

0.0004 wt pct from Kagay) compositions differing between the two reported compositions [38]. 

Table 4.1 Grain Size of Alloy 718 and Alloy 945X after Solutionization for 2.5 h at 1050 °C and 

Aging for the Specified Heat Treatments 

Alloy Heat Treatment Mean Intercept Length (ɛm) 

718 

750 °C, 6 h 105 ± 13 

750 °C, 12 h 111 ± 5 

750 °C, 20 h 110 ± 10 

730 °C, 6 h*  178 ± 10 

730 °C, 12 h*  188 ± 21 

730 °C, 20 h*  173 ± 16 

945X 

732 °C, 6 h 106 ± 11 

732 °C, 12 h 110 ± 7 

732 °C, 20 h 107 ± 7  
*conditions were solutionized twice due to a mistake in heat treatment temperature 

Experimentally measured ɔò diameters were compared to the estimated ɔò diameters 

developed by fitting the modified Lifshitz-Slyozov-Wagner (LSW) coarsening model to previous 

ɔò measurements from literature. The modified LSW theory developed by Boyd et al. to model 

the coarsening of disc-shaped ɗô and ɗò precipitates in Cu-Al alloys has been used to model ɔò 

coarsening in Alloy 718 [29,32]. This model was used to estimate the size of ɔò precipitates in 

each heat-treated condition. The diameter of ɔò increases with the cubed root of aging time, and 

the rate of coarsening depends on the aging temperature. Equation 4.1 is the equation for the 

coarsening of disc-shaped particles, where D is the ɔò diameter in nm, D0 is the initial ɔò 

diameter when coarsening begins, t is the aging time in seconds, and Kò is the coarsening rate. 



41 

 

The initial ɔò diameter is assumed to be small when coarsening begins and was assumed to be 

negligible in the calculation.  

     Ὀ Ὀ ὑͼϽὸ         (4.1) 

 The coarsening rate was estimated using reports from studies in literature that measured 

the diameter of ɔò after aging. The coarsening rate is dependent on temperature, T, and can be 

approximated using Equation 4.2. A and B are constants determined by plotting ln(KòĀT) as a 

function of T-1.  

           ὑͼ
ϳ

         (4.2) 

 Figure 4.3 is a plot of ln(KòĀT) versus T-1 fit to data from literature  [29,53,84,85]. Kagay 

reported that using data collected by Han et al., Han et al., and Devaux et al. to estimate ɔò 

diameter overestimated the diameter compared to experimental results in that study 

[29,53,84,85]. Kagayôs results were incorporated into the model used in the current study. The 

same model was used to estimate the ɔò diameter in Alloy 945X, though the difference in 

composition might influence the coarsening rate. 

 

Figure 4.3 Plot of ln(KòĀT) vs T-1 for ɔò coarsening, developed from literature [29,53,84,85]. 

A representative SEM micrograph used for ɔò size measurements is shown in Figure 4.4. 

Table 4.2 shows the estimated and experimentally measured ɔò precipitate diameters for each 

condition. All heat-treated conditions contained ɔô and ɔò precipitates throughout the matrix.  
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Figure 4.4 SEM secondary electron micrograph of precipitates used for size measurements in 

Alloy 718 aged at 750 ÁC for 20 h. ɔò precipitates are indicated by black arrows. 

In Alloy 718, the matrix precipitates were larger in the conditions aged at 750 °C than in 

the conditions aged at 730 °C. Coarsening occurs faster at higher temperatures within the 

temperature range considered, and Alloy 718 was aged for the same duration at both 

temperatures. The estimated ɔò diameters were in good agreement with the experimental 

measurements for the Alloy 718 conditions. However, the ɔò diameters measured for the Alloy 

945X conditions were much larger than the estimated diameters, likely due to different 

coarsening rates in the two alloys resulting from differences in composition.  

Table 4.2 Estimated and Measured ɔò Average Diameter in Alloy 718 and Alloy 945X 

Alloy Heat Treatment ɔò Diameter(nm) Estimated ɔò Diameter (nm) 

718 

750 °C, 6 h 24.2 ± 7.8 27.0 

750 °C, 12 h 36.1 ± 9.0 34.0 

750 °C, 20 h 42.1 ± 12.6 40.3 

730 °C, 6 h 20.7 ± 6.2 19.9 

730 °C, 12 h 25.3 ± 5.8 25.1 

730 °C, 20 h 30.4 ± 9.6 29.7 

945X 

732 °C, 6 h 24.2 ± 5.8 20.5 

732 °C, 12 h 36.1 ± 9.0 25.9 

732 °C, 20 h 49.1 ± 14.6 30.7  

The grain boundary precipitates in each condition were characterized through SEM. All 

Alloy 718 conditions besides the condition aged at 730 °C for 6 h contained a small amount of 

ɔò 
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grain boundary ŭ phase. ŭ phase is indicated along the grain boundary in the micrograph in 

Figure 4.5(a) in the Alloy 718 condition aged at 750 °C for 20 h. Figure 4.5(b) shows M23C6 

along the grain boundary in Alloy 945X aged at 732 °C for 12 h. In the micrograph in 

Figure 4.5(a), the matrix surrounding the grain boundary is locally depleted in ɔò because 

Nb-rich ŭ grows at the expense of metastable ɔò. Micrographs of ŭ and M23C6 are shown for each 

condition containing the respective precipitates in Appendix A. 

  

(a) (b) 

Figure 4.5 Secondary electron SEM micrographs of (a) ŭ precipitation along a grain boundary 

in the 750 °C, 20 h aging condition of Alloy 718 and (b) M23C6 carbides along a grain 

boundary in the 732 °C, 12 h aging condition of Alloy 945X. 

SEM-EDS was used to distinguish ŭ precipitates along grain boundaries in Alloy 718 

from other possible precipitates, as the precipitate is enriched in Nb relative to the surrounding 

matrix. Figure 4.6 shows SEM-EDS composition maps of a representative ŭ precipitate in Alloy 

718 aged at 750 °C for 20 h. The interaction volume of X-rays in SEM-EDS limits the spatial 

resolution of EDS measurements, so quantitative approximations were not attempted due to the 

limited volumetric resolution relative to the precipitate size. The feature indicated as ŭ in 

Figure 4.6(a) is enriched in Nb but not in Ti, while NbC precipitates are typically enriched in Ti 

as well. Enrichment in Nb and no enrichment in Cr distinguishes ŭ from M23C6. 
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(a) (b) 

  
(c) (d) 

  
(e) (f) 

  
(g) (h) 

Figure 4.6 SEM-EDS map of ŭ phase indicated in the micrograph in (a) in Alloy 718 heat 

treated at 750 °C for 20 h. SEM-EDS heat maps are shown for (b) Al, (c) C, (d) Cr, (e) Fe, 

(f) Nb, (g) Ni, and (h) Ti. The colors correspond to the count intensity scale in (a). 
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In several Alloy 718 conditions, there were some precipitate morphologies observed with 

acicular precipitates extending from large particles along grain boundaries. Instances of this 

morphology are shown in two Alloy 718 conditions in Figure 4.7(a) and (b), with arrows 

indicating the acicular precipitates. Grain boundaries are likely pinned by NbC particles during 

solutionizing. During subsequent aging, ŭ phase may grow from the NbC particles and extend 

along the grain boundaries. This interpretation is substantiated in a previous study by 

Zhang et al. [16], who also showed that ŭ appeared to grow from pre-existing NbC. 

    

(g) (h) 

Figure 4.7 Grain boundary precipitate morphology of NbC and ŭ observed in Alloy 718 aged 

at 750 °C for (a) 12 h and (b) 20 h.  

All oy 945X aged at 732 °C did not contain M23C6 phase after 6 h, but the conditions aged 

for 12 h and 20 h contain M23C6 along some grain boundaries. M23C6 is indicated along the grain 

boundary in the micrograph in Figure 4.5(b) in the Alloy 945X condition aged at 732 °C for 

12 h. Unlike ŭ phase in Alloy 718, the matrix is not depleted in ɔò locally near the grain 

boundary since the Cr-rich carbide absorbs elements that primarily exist in solid solution in the 

matrix.  

M23C6 was identified through qualitative SEM-EDS. Figure 4.8 shows SEM-EDS 

composition maps of M23C6 and NbC phases indicated in the micrograph in Figure 4.8(a) in 

Alloy 945X. The M23C6 precipitates are depleted in Ni and Fe and enriched in Al, Cr, and C. 

Enrichment in Cr and no enrichment in Nb distinguish M23C6 from ŭ. The NbC is enriched in 

Nb, C, Ti, and Al and depleted in Cr. The NbC is distinguishable from ŭ because NbC is not 

acicular and is enriched in Ti. NbC is often found along grain boundaries, likely because NbC 

pins grain boundaries during annealing. 
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(a) (b) 

  
(c) (d) 

  
(e) (f) 

  
(g) (h) 

Figure 4.8 SEM-EDS map of M23C6 indicated in the micrograph in (a) in Alloy 945X heat 

treated at 732 °C for 20 h. SEM-EDS heat maps are shown for (b) Ni, (c) C, (d) Cr, (e) Nb, 

(f) Ti, (g) Al, and (h) Fe. The colors correspond to the count intensity scale in (a). 
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In addition to the grain boundary ŭ, M23C6, and NbC phases, SEM-EDS was also 

performed on (Ti,Nb)(C,N) precipitates in Alloy 945X, as presented in Appendix B. TiN 

particles have a cuboidal morphology, and NbC has a rounder morphology.  

4.2 Hardness, Tensile, and Charpy Impact Properties 

Vickers microhardness data for both alloys are plotted for selected aging temperatures 

and times in Figure 4.9. The heat treatment conditions selected for HE testing are circled in the 

plots. The selected conditions for Alloy 718 aged at 750 °C in Figure 4.9(a) and the Alloy 945X 

aged at 732 °C in Figure 4.9(b) span across the peak hardness at these temperatures, with all 

selected conditions near the peak aged condition. The selected conditions for Alloy 718 aged at 

730 °C in Figure 4.9(c) increase in hardness with further aging time. Figure 4.9(d) shows the 

selected aging conditions at 730 °C in the context of longer aging times. While the selected 

conditions aged at 730 °C are all underaged, the hardness is near the peak aged condition, which 

occurs near 50 h.   

The Rockwell C hardness, tensile, and Charpy impact results are summarized in 

Table 4.3. The hardness is comparable across most conditions at approximately 39-40 HRC. The 

Alloy 718 condition aged at 730 °C for 6 h has a hardness 37.2 HRC, which is lower than the 

other conditions. The yield strengths are approximately 1000 MPa, and the tensile strengths 

range from 1250-1350 MPa for these conditions. The Alloy 718 condition aged at 730 °C for 6 h 

also has lower yield strength and tensile strength than the other conditions. The Alloy 945X 

conditions generally have higher yield strengths and tensile strengths and lower elongations at 

fracture and impact toughness values than the Alloy 718 conditions. The uniform tensile 

elongation decreases with aging time for the Alloy 718 conditions but increases with aging time 

between the 6 h and 12 h conditions of Alloy 945X. The Alloy 718 conditions aged at 750 °C 

and Alloy 945X conditions have 21-24 pct uniform elongation, and the uniform elongation 

decreases from 31.5 pct to 24.3 pct for the Alloy 718 conditions aged at 730 °C.  The elongations 

at fracture for most aging conditions are approximately 29-36 pct, while the elongation at 

fracture for the Alloy 718 condition aged at 730 °C for 6 h is 40.1 pct. The post-uniform 

elongation was about 10 pct for most conditions. The perimeters of the tensile specimen fractures 

were uneven about the perimeter due to the ductile fracture behavior, so accurate reduction in 

area measurements were unattainable for this study. An example of the uneven fracture profile of 

a tensile specimen is shown in Appendix C.  
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(a) (b) 

  

(c) (d) 

Figure 4.9 Vickers microhardness plotted as a function of aging time for (a) Alloy 718 aged at 

750 °C, (b) Alloy 945X aged at 732 °C, and (c-d) Alloy 718 aged at 730 °C. Conditions selected 

for HE investigation are circled. 

Hardness, tensile strength, and uniform elongation are not strongly affected by grain 

boundary precipitation and are controlled mosty by ɔò coarsening. The total elongation at failure 

might be affected by grain boundary precipitation. In the Alloy 718 conditions aged at 730 °C, 

the tensile strength and hardness increase with aging, while the elongation at fracture decreases 

with aging time. All three of the conditions aged at 730 °C are underaged, as supported by the 

preliminary Vickers microhardness results in Figure 4.9. The tensile strength and elongation at 

failure follow the same trend in the Alloy 718 conditions aged at 750 °C, but the hardness 

decreased with aging to 20 h. There is an increase in elongation at fracture and a decrease in 

718, 730 ÁC 718, 730 ÁC 

945X, 732 ÁC 718, 750 ÁC 
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tensile strength for the 20 h condition in Alloy 945X, but the hardness continues to increase up to 

the 20 h condition. These results indicate that the 12 h and 20 h heat treatments for Alloy 718 

aged at 750 °C and Alloy 945X aged at 732 °C are near the peak aged condition, while both of 

the 6 h conditions are slightly underaged. The results are consistent with the Vickers 

microhardness results presented previously.  

Table 4.3 Average and Standard Deviation of Hardness, Tensile, and Charpy Impact Properties 

of Alloy 718 and Alloy 945X from Selected Heat Treatment Conditions 

Alloy 
Heat 

Treatment 

Hardness 

(HRC) 

0.2 pct 

Offset YS 

(MPa) 

UTS 

(MPa) 

Uniform 

Elongation 

(pct) 

Elongation 

at Fracture 

(pct) 

Impact 

Toughness 

at -10 °C 

(J) 

718 

750 °C, 6 h 39.0 ± 0.7 999 ± 9 1252 ± 14 23.6 ± 0.9 34.8 ± 0.6 156 ± 4 

750 °C, 12 h 39.8 ± 0.5 1001 ± 11 1287 ± 16 23.0 ± 0.5 34.2 ± 0.3 148 ± 7 

750 °C, 20 h 38.7 ± 0.9 976 ± 9 1291 ± 5 22.4 ± 0.2 32.5 ± 0.7 123 ± 2 

730 °C, 6 h 37.2 ± 0.5 912 ± 20 1154 ± 8 31.5 ± 1.8 40.1 ± 0.3 158 ± 5 

730 °C, 12 h 39.8 ± 0.6 1004 ± 5 1218 ± 3 26.1 ± 0.6 36.4 ± 0.8 138 ± 4 

730 °C, 20 h 40.2 ± 0.3 1018 ± 2 1269 ± 2 24.3 ± 0.1 34.0 ± 0.6 96 ± 4 

945X 

732 °C, 6 h 39.4 ± 0.7 1019 ± 18 1296 ± 13 21.4 ±0.1 31.8 ± 0.6 136 ± 1 

732 °C, 12 h 39.7 ± 0.5 1047 ± 84 1327 ± 33 21.4 ±3.1 29.1 ± 2.8 108 ± 2 

732 °C, 20 h 40.0 ± 0.3 1000 ± 21 1315 ± 17 23.1 ± 1.7 31.1 ± 1.0 102 ± 4 

Charpy impact toughness is affected by the precipitation of embrittling grain boundary 

precipitate phases including ŭ and M23C6 [43,53]. The impact toughness decreases with aging 

time for all conditions. The impact toughness decreases from approximately 150 J for the 6 h and 

12 h conditions to 123 J for the 20 h condition of Alloy 718 aged at 750 °C. The impact 

toughness decreases between each aging time of Alloy 718 aged at 730 °C. In Alloy 945X, the 

impact toughness decreases from 136 J in the 6 h condition to approximately 105 J for the 12 h 

and 20 h conditions. This reduction in impact toughness without a similar change in strength 

could be due to grain boundary precipitates that precipitate and grow with further aging. 

Figure 4.10 shows a BSE SEM micrograph of the Charpy fracture surface near the notch for 

Alloy 718 aged at 730 °C for 20 h. While the fracture surface is dominated by microvoids 

indicative of ductile fracture, several planar facets are observed, which suggest a small amount of 

brittle intergranular fracture. The intergranular facets were most extensive in the 20 h condition, 

which contains the most ŭ phase along grain boundaries.  



50 

 

 

Figure 4.10 BSE SEM micrograph of the Charpy fracture surface for Alloy 718 aged at 730 °C 

for 20 h. Some intergranular facets are indicated. 

Figure 4.11 shows representative engineering and true stress-strain curves for each 

condition. The tensile curves for the Alloy 718 conditions aged at 750 °C in Figure 4.11(a) and 

(b) have similar work hardening rates, with the 6 h condition having the lowest work hardening 

rate and the 12 h condition having the highest. The 20 h condition has a slightly lower yield 

strength. The tensile curves for the Alloy 718 conditions aged at 730 °C in Figure 4.11(c) and (d) 

are more distinct. The yield strength and work hardening rate increase with aging for these 

conditions. The tensile curves for the Alloy 945X conditions in Figure 4.11(e) and (f) are less 

distinguishable, with the 20 h condition having a lower yield strength and a higher work 

hardening rate than the other two conditions. Work hardening rates are discussed further with 

more detailed plots in Section 5.2.1.  

The ultimate tensile strengths (UTS) for smooth specimens tested in air (Table 4.3) are 

plotted for all conditions in Figure 4.12(a). The UTS increases with aging time for all three sets 

of conditions. The increase with aging time is most considerable between the Alloy 718 

conditions aged at 730 °C since strength increases with aging time for underaged conditions, and 

all three of these conditions are underaged while the other sets of conditions are closer to the 

peak aged condition. As the alloys reach and exceed the peak aged condition, the strength levels 

off or decreases slightly with further aging.  The Alloy 945X conditions exhibited higher UTS 

values than the Alloy 718 conditions. 
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(a) (b) 

  

(c) (d) 

  

(e) (f) 

Figure 4.11 Representative (a,c,e) engineering and (b,d,g) true stress-strain curves for Alloy 

718 aged at (a,b) 750 °C and (c,d) 730 °C, and (e,f) Alloy 945X aged at 732 °C. 

718, 750 ÁC 

718, 730 ÁC 

718, 750 ÁC 

718, 730 ÁC 

945X, 732 ÁC 945X, 732 ÁC 
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The notch tensile strength (NTS) for CNT specimens tested in air are plotted for all 

conditions in Figure 4.12(b). The NTS is higher for the Alloy 718 conditions aged at 750 °C than 

for the other two sets of conditions. The NTS increases with aging time for the Alloy 718 

conditions aged at 730 °C and decreases slightly with aging time for the Alloy 945X conditions. 

In the Alloy 718 conditions aged at 750 °C, the NTS decreased from 6 h to 12 h and increased 

slightly from 12 h to 20 h. The NTS values range between 2100-2200 MPa for the Alloy 945X 

conditions and 2000-2100 for the Alloy 718 conditions aged at 730 °C.  

The NTS is nearly twice as high as the UTS for the tested conditions, indicating a notch 

strengthening effect in these alloys. The triaxial stress state imposed by the notch suppresses 

plastic deformation in these high-toughness alloys, leading to a higher strength and less ductility 

at fracture in the notched condition. The notch strengthening effect was not as great in the Alloy 

945X conditions compared to the Alloy 718 conditions. The Alloy 945X conditions are all near 

the peak aged condition, while the Alloy 718 conditions aged at 730 °C and the condition aged at 

750 °C for 6 h are all underaged, suggesting that the underaged conditions might have greater 

notch strengthening compared to peak aged conditions. The Alloy 718 condition aged at 750 °C 

for 12 h had higher hardness than the 6 h and 20 h conditions, suggesting that the 12 h condition 

was the most peak aged of the three, yet the 12 h condition had the least notch strengthening and 

the underaged 6 h condition had the most notch strengthening.   

  

(a) (b) 

Figure 4.12 (a) Ultimate tensile strength of smooth specimens and (b) notched tensile strength 

of CNT specimens plotted for all aging conditions in both alloys. 
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4.3 Hydrogen Embrittlement Testing Results 

Hydrogen embrittlement susceptibility was evaluated for selected heat treatment 

conditions through incremental step load testing of circular notch tensile specimens that were 

subjected to in situ cathodic charging while measuring crack initiation and growth through the 

direct current potential drop method. The HE susceptibility was evaluated using the stress 

intensity factor for unstable crack growth, Ku. The ratio between the stress at which unstable 

crack growth began under charging and the notch tensile strength from quasistatic tensile testing 

in air was also used to assess the HE susceptibility of each condition. The fracture surfaces were 

examined to evaluate fracture morphology.   

4.3.1 Incremental Step Loading Results 

Data from every ISL tests are plotted in Appendix D, with the load and notch voltage 

ratio (NVR) plotted as a function of test time. The points interpreted to be the onset of stable 

crack initiation and unstable crack growth propagation are indicated in each plot.  

The stress intensity factor for crack initiation, Ki, is plotted as a function of aging time for 

cathodically charged CNT specimens of each condition in Figure 4.13. The point of crack 

initiation is determined using plots of the notch voltage ratio (NVR) developed using the DCPD 

method. Stable crack growth occurs when the NVR increases as the load increases but remains 

constant during the subsequent hold. Due to anomalous data and the subtlety of the crack 

initiation indicator on the NVR plot, Ki is often difficult to determine with certainty using 

DCPD. The data obtained shows that Ki decreased slightly with increasing aging time for all 

conditions, but the difference between conditions is slight. The Ki values for Alloy 718 aged at 

750 °C were lower than the Ki values for Alloy 718 aged at 730 °C and Alloy 945X aged at 732 

°C. Kagay also observed that Ki was independent of microstructure for several Alloy 718 heat 

treatment conditions [53]. 

Kagay related the change in NVR measured with DCPD to the crack length using a series 

of interrupted tests in which the DCPD method was applied and the crack length at the end of the 

test was measured [53]. The calibration from Kagay could not be used in this study due to 

differences in notch geometry [53]. The crack length at unstable crack growth was estimated 

using a method described by Hyer-Peterson for DCPD measurements in CNT specimens based 

on the specimen geometry [86]. The ratio in resistance across the notch to the reference resistance 
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away from the notch (Ὑ ȾὙ ) is equivalent to the respective voltage ratio (ὠ Ⱦὠ ) 

according to Ohmôs Law (ὠ ὍὙ). The resistance through a cylinder is given in Equation 4.3,  

       Ὑ ᷿          (4.3) 

where R is the resistance, ɟ is the resistivity of the material, r is the radius of the cross section, 

and L is the length of the cylinder. Equation 4.3 can be integrated across half of the notch with r 

changing as a function of position from the major radius outside of the notch (rmax) to the minor 

radius (rmin) at the base of the notch, which results in Equation 4.4.  

 Ὑ
 

Ͻ
           (4.4) 

Lnotch is the length of half of the notch. The resistance across the reference region does not change 

with length since the radius is constant, and the integration is given in Equation 4.5,  

     Ὑ
 

 
         (4.5) 

where Lref is the length between the reference probes. The ratio of resistance calculations in 

Equations 4.4 and 4.5, equivalent to the voltage ratio measured from DCPD, can be 

approximated using the geometry and DCPD wire spacing using Equation 4.6.  

     ᶿ Ͻ         (4.6) 

The equation is normalized by the initial quantity so that variability in the equation due to 

inconsistencies in probe spacing is eliminated. The resulting normalized voltage ratio is 

determined according to Equation 4.7,  

ὔέὶάὥὰὭᾀὩὨ ὺέὰὸὥὫὩ ὶὥὸὭέ        (4.7) 

where a is the crack length of a concentric crack propagating from the notch. The crack length 

derived from Kagayôs calibrated data is approximately 50 pct higher than the crack length 

estimated using Equation 4.7 [53]. 

In Kagayôs study, the peak aged condition exhibited the smallest amount of stable crack 

growth before unstable crack propagation initiated. In the peak aged condition, there was a 

negligible difference between Ku calculated using the estimated crack growth when unstable 

crack growth initiated versus Ku calculated using only the nominal notch depth as the estimated 

crack length, which indicates that stable crack growth does not have a significant effect on Ku for 

this condition. Likewise, the conditions in the present study are near enough to the peak aged 
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condition that little stable crack growth is observed, and the crack size approximations made 

using Equation 4.7 were much smaller than the uncertainty in the Ku measurement.  

 

  

(a) (b) 

 

(c) 

Figure 4.13 The stress intensity factor for stable crack growth, Ki, is plotted as a function of 

aging time for Alloy 718 aged at (a) 750 °C and (b) 730 °C and for (c) Alloy 945X aged at 

732 °C. 

The ISL results for each condition are presented in terms of the stress intensity factor for 

unstable crack growth, Ku, as a function of aging time in Figure 4.14. Ku decreased with aging 

time for both alloys, ranging from 37ï57 MPaĀm0.5. Ku was highest for the underaged conditions, 

including all conditions aged for 6 h and the Alloy 718 condition aged at 730 °C for 12 h. Ku was 

lower for the Alloy 718 conditions aged for 20 h than for the Alloy 945X condition aged for 20 h. 

The plot of Alloy 718 aged at 750 °C in Figure 4.14(a) shows the Ku for the peak aged condition 

718, 730 ÁC 718, 750 ÁC 

945X, 732 ÁC 
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from Kagay, which was aged at 760 °C for 6 h [53]. The hardness of the Kagayôs peak aged 

condition (39.0 HRC) is similar to the hardness values of the Alloy 718 conditions aged at 

750 ÁC, and some ŭ phase was identified along grain boundaries [38]. Ku for Kagayôs peak-aged 

condition is close to the Alloy 718 conditions aged at 750 °C for 6 h and 730 °C for 12 h.  

  

(a) (b) 

 

(c) 

Figure 4.14 The stress intensity factor for unstable crack growth, Ku, is plotted as a function of 

aging time for Alloy 718 aged at (a) 750 °C and (b) 730 °C and for (c) Alloy 945X aged at 

732 °C. 

Figure 4.15 shows the stress at which unstable crack growth began during ISL tests under 

cathodic charging and the notch tensile strength from quasistatic CNT tensile tests in air, 

designated H and Air, respectively. The stress at which unstable crack growth begins under 

cathodic charging often occurs several load steps before fracture, and the stress continues to 

718, 730 ÁC 718, 750 ÁC 

945X, 732 ÁC 
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increase up to the point of fracture. Therefore, this stress is than the NTS in hydrogen. The stress 

for unstable crack growth during ISL testing is directly proportional to Ku. However, the 

extensive plasticity in the specimens tested in air makes the linear elastic Ku calculation invalid, 

so comparisons between notched specimen tests in air and in hydrogen can only be made 

between stress values. For each alloy and heat treatment combination, the difference between the 

critical stress values in air and in hydrogen is noted as a percent loss between the two values. The 

stress reported in air is the same as the NTS discussed previously in Figure 4.12(b).  

  

(a) (b) 

 

(c) 

Figure 4.15 The stress at which unstable crack growth began under cathodic charging 

(identified as ñHò) and the notch tensile strength reached in quasistatic tensile testing in air 

(identified as ñAirò) are plotted for Alloy 718 aged at (a) 750 °C and (b) 730 °C and for 

(c) Alloy 945X aged at 732 °C. 

718, 730 ÁC 718, 750 ÁC 

945X, 732 ÁC 
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The notch tensile strength in air was higher than the critical stress in hydrogen for all 

conditions. The percent loss in critical stress increases with increasing aging time for all 

conditions. The percent loss is smallest for the Alloy 718 conditions aged at 730 °C for 6 h and 

12 h and the Alloy 945X condition aged at 732 °C for 6 h. The Alloy 718 conditions aged at 

750 °C have the highest notch tensile strengths in air, and the percent loss incurred when 

hydrogen is introduced is most dramatic in these conditions. While all conditions exhibited high 

sensitivity to hydrogen, the 20 h aging condition for Alloy 945X performed slightly better than 

the Alloy 718 conditions aged for 20 h, both in terms of percent loss in strength and strength in 

hydrogen.   

4.3.2 Fractography of Hydrogen-Af fected CNT Specimens 

The fracture surfaces of the CNT specimens were examined to observe the effects of 

hydrogen on the fracture morphology. Figure 4.16 shows light optical photographs of Alloy 718 

CNT specimens aged at 730 °C and tested in (a) air and (b) hydrogen. The fracture surface tested 

in air is ductile throughout, while the fracture surface tested in hydrogen has a ring of brittle 

fracture surface around the outside with a ductile fracture surface near the center. The brittle ring 

appears to have a rock candy morphology at low magnification. 

  

(a) (b) 

Figure 4.16 Optical photographs of the fracture surfaces of CNT specimens of Alloy 718 aged 

at 730 °C for 6 h and tested in (a) air and (b) hydrogen. 

Air  H 
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Figure 4.17 shows the fracture surface of a CNT specimen of Alloy 945X aged for 6 h at 

730 °C and tested in air. Figure 4.17(b) shows the fracture surface in the region near the notch 

specified in Figure 4.17(a). The fracture morphology is dominated by microvoid coalescence, 

even beside the notch. In the conditions tested in air, the notched region is distorted during the 

test, suggesting that plastic deformation occurred. By contrast, the charged conditions show no 

evidence of plastic deformation in the notch during the test, and the interface between the notch 

and the fracture surface is smooth. The microvoids in the noncharged CNT specimens are 

bimodal in size, with carbonitrides often found at the bottom of large dimples.  

  

(a) (b) 

Figure 4.17 Fracture surface of a CNT specimen of Alloy 945X aged at 732 °C for 6 h and 

tensile tested in air. The fracture surfaces show (a) a low magnification image of the fracture 

surface and the notch, and (b) a higher magnification image of the region indicated in (a). 

Figure 4.18(a) is a low magnification fractograph of a CNT specimen of Alloy 718 aged 

at 750 °C for 12 h and subjected to an ISL test while under cathodic charging. The fracture 

surface near the notch is a mixture of intergranular and transgranular fracture morphologies 

characteristic of brittle fracture, but the fracture surface transitions to a ductile microvoid 

morphology as the crack propagates to the center of the specimen. Unlike the specimen tested in 

air, there is no evidence of deformation in the notched region. Figure 4.18(b) is a micrograph of 

the ductile center region of the specimen. The ductile microvoids in the middle of the specimen 

have a bimodal size distribution similar to the fracture surface tested in air. 

Figure 4.19 shows the fracture surface near the notch in Alloy 718 aged at 750 °C for 

12 h. This fracture surface contains representative features that will be presented for all 

conditions. The notch is indicated on the left side of the image. For the first 30-100 ɛm of 




















































































