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ABSTRACT

The improved economics and safety for next generatictear reactors depend, in part,
on improved performance of advanced structural mateHalwer plant structural components,
for both fossil and nuclear fuels, are subject to thelowakycle fatigue (LCF) during transient
start-up and shut-down operations, and to creep during sstat@dyoperation. Hence, the
interaction of fatigue and creep degradation mechanisengreep-fatigue) has been identified
as a potential failure mode under such conditions. Alloy 709, &288i-1.5Mo-Nb-N solid
solution and precipitation strengthened austenitic s&srdeeel, is a candidate material for
structural components in Gen IV sodium cooled fast spectraciais (FSRsS) due to its
improved creep resistance over current qualified strucalieals. However, there are limited
data on the creep-fatigue performance of this alloy. Diective of this research is to
understand the deformation and damage mechanisms responsiaitife under creep-fatigue
conditions relevant to nuclear service conditions.

Laboratory creep and creep-fatigue tests are typicatfgpeed under conditions where
damage is accumulated in an accelerated maneeat stresses and temperatures higher than
expected during service. Initial strain-controlled LCF arep-fatigue tests were conducted at
the expected service temperature of 550 °C, and at a lagbelerated test temperature of
650 °C. The results indicated that the deformation nmashes and damage were significantly
different between the two test temperatures, which bt particularly poor creep-fatigue
performance at 55%C. The reduction in number of cycles to failure in creemytet relative to
LCF was significantly greater at 550 °C, compared to 65@&Spite a higher creep resistance at
the lower temperature. Additionally, the microstructuralletion of solution annealed (SA)
material, namely precipitation of carbides and nitrides duasting, was shown to be
significantly different at 550 and 650 °C.

The effect of microstructural evolution on deformat@m damage mechanisms in
creep-fatigue was further investigated with SA matedaebss a wider range of test temperatures
(500 to 700 °C) and tensile hold times (0 to 30 min). Underitond where dynamic
precipitation is significant, a transition in slip behavimm planar to wavy leads to dynamic
recovery at grain boundaries and a reduction of inter¢aadamage propagation as plastic
deformation is enhanced at crack tips. Easier crosssslifpributed to a consumption of solute

atoms due to precipitation. Cyclic plastic deformatioal$® enhanced as precipitates coarsen



during testing. The greatest number of cycles to failureroed where the accumulation of grain
boundary creep damagee( voids) was minimized and/or balanced with a large magnifide
cyclic plastic deformation.

To further investigate the effect of microstructure evolutn creep-fatigue
performance, a static aging treatment was used to produgsifecant volume fraction of
carbides and nitrides prior to crefgpigue testing at 550 and 650 °C. Aging the alloy resulted in
a three-fold increase in creep-fatigue life over$ematerial at 550 °C, which was
accompanied by more dynamic recovery and approximatebetine amount of creep
deformation per cycle compared to & condition. The significant improvement in
creep-fatigue life at the expected FSR service temperét0 °C) in an aged condition is
encouraging for the applicability of Alloy 709 as a structatialy. However, the results of this
study indicate that the creep-fatigue performance duriogle@ted testing from®A condition
is not representative of long-term service performancdaltiee effects of microstructure on

creep-fatigue deformation and damage mechanisms.
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CHAPTER 1
INTRODUCTION

The improved economics and safety for next generatictear reactors depend, in part,
on improved performance of advanced structural mateRalser plant structural components,
for both fossil and nuclear fuels, are subject to compgless cycles at elevated temperatures,
which necessitates the use of highly corrosion- and aesgtant materials. Alloy 709, a
20Cr-25Ni-1.5MoNb-N solid solution and precipitation strengthened austendialsss steel, is
a candidate material for structural components in Gesobium cooled fast spectrum reactors
(FSRs) due to its improved creep resistance over curretwgial alloys qualified for nuclear
applications, Type 316 stainless steel and Ggddé.1].

Currently, Alloy 709 is only qualified by the American SociefyMechanical Engineers
(ASME) for use in fossil boiler applications [1.2]. 8incurrent applications for this alloy are at
temperatures greater than 650 °C, most of the availadxdg @nd microstructural data has been
generated at 650 °C or above [1.3]. The maximum expectedeséewmiperature for structural
components in FSRs is 550 °C. Components in FSR applisasuch as pressure vessels, are
made from plate product, which is in contrast to the tubalan that is currently in use in fossil
boiler applications. Since the interaction of creepfatigue damage is a potential cause of
failure in nuclear applications, an analysis of crespfie performance is required for ASME
code qualification. However, this type of analysis is nquired for fossil boiler applications, so
little creep-fatigue data has been generated for Alloy 709eTdre, significant gaps exist in the
understanding of Alloy 709 mechanical properties and microstal@uolution under
conditions relevant to nuclear service.

Accelerated creep and creep-fatigue testing, by meanstigat higher temperatures
and larger stresses/strains than expected during servigpical for generating a statistically
significant amount of data in a reasonable time. Acatddrtest data is then extrapolated to
predict failure under less severe service conditions. €aador extrapolation of test data arise
when different deformation and/or damage mechanisms &ive across the conditions in which
data is generated and those expected during service. Suahodadion may result in non-

conservative predictions of damage, resulting in preméauvee [1.4], [1.5]. Additionally,



mechanical properties change with an evolving microstruatspecially in highly alloyed
austenitic stainless steels, such as Alloy 709. The microgtaliconstituents, and therefore
properties, during accelerated testing may differ signiflgdram those expected after long
exposures to service temperatures.

The scope of this research is to develop an understantdaygliw deformation and
damage mechanisms of Alloy 709 under various testing conslitioorder to provide a basis for
confidently extrapolating short-term laboratory test datang-term service conditions.
Specifically, this research is focused on elevated termperlow cycle fatigue (LCF) and
creep-fatigue properties, the interaction of fatiguelecgependent) and creep (time-dependent)
deformation and damage mechanisms, and the correlatmeafanical behavior to
microstructural evolution. A mechanistic understandinthefmechanical properties at various
conditions will provide a pathway for careful design dideatory testing and data extrapolation
in the development of an ASME code case for the glldych is necessary prior to its adoption
for use in nuclear pressure vessel applications [1.6].rékesarch is part of a multi-university
collaborative effort, funded by the US Department of Epéigclear Energy University
Patnership (DOE-NEUP) program, to establish an understandirigeahaterial properties of

Alloy 709 and their evolution during long-term nuclear service.
1.1 Research Objectives

The objective of this investigation is to understand therdeftion and damage
mechanisms responsible for creep-fatigue failure ateleeant service temperature of 550 °C
and a higher accelerated test temperature of 650 °C, amdltigce of microstructural
evolution on creep-fatigue performance. Two researchtignesare posed to fulfill the broad

research objective:

1. How do the cyclic and time-dependent deformation mechanisB&0eC, compared to
650°C, affect the cyclic stress-strain response, internal darfamation and
propagation, and reduction in creep-fatigue dibenpared to pure LCF?

2. How does initial microstructure and microstructural evolut{gpecifically precipitation)
of Alloy 709 affect LCF and creep-fatigue behavior in acesést lab testing compared

to the behavior expected during long-term service exp8sure



1.2 Dissertation Outline

The results and discussion chapters (4 through 7) ofidssrthtion are written and
organized to be submitted as journal papers, with minor adjottriee make each chapter a
stand-alone manuscript outside of this document. Chaptas$ublished in its entirety in the
International Journal of Fatigue in February 2019.

Chapter 2 provides the background and motivation for this rése@nantroduction is
presented on creep-fatigue and materials used in high-tatapestructural applications for the
energy generation industry. Relevant strengthening mechaaisthmicrostructure evolution of
high-temperature alloys are also reviewed.

Chapter 3 details the experimental methods and analyseswibeldstudy to address the
research questions posed in Chapter 1. While Chaptersugthvoprovide some experimental
details, as they are intended to be stand-alone mansstripbmit for publicatigrthis chapter
provides a greater level of detail of the experimentdlaralytical methods used in this
investigation including materials used, testing matrix andhoaks, sample preparation,
characterization techniques, and methods for analyzirgu&atiata.

Chapter 4 is a preliminary study that focuses on the LidFceeep-fatigue performance
at 550 and 650 °C for two different microstructures. Sigaifidifferences in cyclic behavior
and life at the two temperatures are discussed with regpdeformation and microstructure
evolution. The results from this initial investigation yiced the framework for subsequent
chapters, specifically through the formation of the aese questions previously mentioned.

Chapter 5 is a study on the microstructural evolution ofyAll09 during isothermal
static aging. Precipitates are characterized using tiasiem electron microscopy (TEM) and
small angle neutron scattering (SANS) for a range ofgagimditions. The results are compared
with numerical precipitation simulations conducted usihgrino-Calc® and TC-Prisma®.
Additionally, the precipitate morphology and volume fiaes from the static aging experiments
are compared to those in the LCF and creep-fatigue rtiicobgres. The results are discussed
with respect to extrapolation of accelerated laboratestdata.

Chapter 6 builds upon the results of Chapter 4, focusingfsadly on a wider range of
temperatures and hold times for creep-fatigue testing. Mathe same characterization

techniques are used in this study that are discussed ineCHapgt method for analyzing the



different components of stresse( friction and back stress) is presented and applied to the dat
in this study.

Chapter 7 builds upon the results of Chapters 4, 5, and&ifay specifically on the
effect of microstructure evolution on the creep-fatiga®rmation and damage mechanisms in
order to support the hypotheses presented in earlier studiag. tisiresults from Chapter 5, a
microstructure with a stable precipitate population was pratlbgestatic aging prior to
creep-fatigue testing. The same characterization aalgitemal methods used in Chapter 6 are
used in this investigation.

Chapter 8 provides a summary of the results and conclusidhs study with respect to
the specific research objectives.

Chapter 9 provides several possible pathways for future basd&d on the results of this

study.
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CHAPTER 2
BACKGROUND AND LITERATURE REVIEW

2.1 Creep-Fatigue Review

Structural components in the power generation industrgudnect to complex loading
cycles as a result of thermal cycling. Dynamic loadioguos due to large thermal gradients that
typically exist during the start-up (heating) and shut-d¢swoling) of the power plant. A
schematic illustration of the thermal path in a poplant component, and the resulting strain
path on the component surface, as a result of stadtegy-state operation, and shut-down is
shown in Figure 2.1 (a) [2.1]. During the transient operat(pe. start-up and shut-down), a
thermal gradient is introduced through thick-section camapts, as illustrated in Figure 2.1 (b).
There is a large thermal expansion on the hot sidleeofomponent. However, the surface is
constrained by the bulk material, which results in ap@ssive strain on one side of the
component, a tensile strain on the other side, anddiegtahrough-thickness. Hence, the
problem of thermal fatigue in structural components isrsttantrolled rather than
stress-controlled. Due to the complexities of replicatiymal fatigue in the laboratqry
strain-controlled mechanical cycling, or low cycle fatigu€F), at isothermal conditions are
typically used to simulate the service conditions. Dutirgsteady-state operation at elevated
temperature, components such as pressure vessels otdiode are exposed to static stresses,
which introducestime-dependent deformation componem; creep. The steady-state period is
represented by a constant strain dwell period, or hold tmeeJaboratory test. Therefore, a
complete thermal cycle of a power plant componenthgestito a fatigue component and a
creep component; hence, a creep-fatigue interaction

Fatigue testing is often represented by continuous symuetyicling with equal strain
rates in tension and compression. However, other wavefexist including fast-slow and
slow-fast cycles, which have higher strain rates in tensi@ compression, respectively. Failure
in pure fatigue occurs in three stages: (I) crack nucleat a free surface, (Il) crack growth
approximately normal to the load, and (1) final oveddeacture from microvoid coalescence.
Stages |, I, and Ill are respectively characterized f®atureless regime, striated regime, and

ductile overload. Pure fatigue damage is generally observedragranular in nature.
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Figure 2.1 (a) Schematic power plant component surface dinteloperatures and resulting
thermal strains during start-up, steady-state operatimhshut-down. Adapted from [2.1]
(b) Schematic cross-section of a thick component illtisgahermal strain during the
transient start-up and shut-down phases of a power plant.
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Creep testing is generally carried out under constant(laadtress) conditions at
elevated temperatures (>04TSimilarly to fatigue, creep is typically described in thstsges
(I £primary creepptransient period of decreasing creep rate as a resstitari-hardening in
the material, (Il£secondary creep) a steady-state period of constep cate due to the balance
of strain-hardening and recovery, and (Hiertiary creepan increase in creep rate when
recovery of the material is faster than strain-hairtig or if there is a decrease in cross section
due to necking or intergranular cracks. Creep damage isctéiazad by nucleation, growth, and
coalescence of grain boundary cavities, leading to intentaafracture. Several creep cavity
nucleation mechanisms have been suggested: impingememt bstis on grain boundaries,
nucleation of cavities at grain boundary ledges, cavityeation at grain boundary particles, and
nucleation of cavities at triple junctions (wedge-type) angrain boundaries (round-type) [2.1].

The synergistic effects of fatigue and creep damagealpiesult in a shorter life
compared to pure fatigue (cycles to failure) or pure creep (tmepture). Therefore, the
creep-fatigue interaction has been identified as anritmpbfailure mode for high temperature
power plant components. Fatigue is generally characterizedrsgranular fracture and creep
damage is primarily intergranular€. grain boundary cavitation), while the interaction of the
two mechanisms is typically mixed in nature, as shown sdieatig in Figure 2.2. The

interaction of the two failure modes results in sonmalwoation of three possible mechanisms:
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(1) cavitation damage enhanced by cyclic loading, (2) crag&tion enhanced by cavitation

damage, and (3) crack propagation enhanced by cavitation dgmage

Creep-Fatigue

) Creep Dominated
Interaction p

Fatigue Dominated

Figure 2.2 Schematic fracture paths for fatigue dominated fadueep-fatigue damage
interaction, and creep dominated failure. Adapted from [2.2].

2.2 Creep-Fatigue Life Prediction

Reliable predictions of failure under various degreesead-fatigue interaction are of
utmost importance for the safe design of structuralpmorants in fossil and nuclear fueled
power plants. Although there is no single unifying life-preaditimethod, several accepted
models have been compared and evaluated on their prediapadility based on extrapolation
of laboratory test data [2.3R.5]. This brief review will focus on three of the ma@mmonly
used approaches: strain-range partitioning, ductility exhaustimhlinear damage summation.
An emphasis is placed on some of the more commonkidemred variables in creep-fatigue

testing including temperature, hold time, hold positionjrstrate, and strain range.
2.2.1 Strain-Range Partitioning (SRP) Method

Creep-fatigue analysis by strain-range partitioning (SRP;wihas first proposed by
Mansonet al.[2.6] in 1971, is based on the premise that inelastic defiiomat elevated
temperatures is a result of two different mechanismstipliow and creep. Any fully reversed

inelastic strain range, Yz &an be partitioned into four distinct components:

Y; 5= tensile plastic flow reversed by compressive pldisti
Ys = tensile creep reversed by compressive plastic flow

Y; o= tensile plastic flow reversed by compressive creep
Ys & tensile creep reversed by compressive creep

7



The possible components of inelastic deformation instelngsis loop are tensile plastic
flow, compressive plastic flow, tensile creep deformatand compressive creep deformation,
as illustrated in Figure 2.3. Any given inelastic strain rangg be comprised of one, two, or
three of the listed componentsYys Yosand Yo 0r Ysd, and the sum of the partitioned
components must be equal to the total inelastic strageran the width of the hysteresis loop.
In the example hysteresis loop, the total inelastiérsteage is a-d. Y zis the smaller of the
two plastic components (a-c and d-b); in this caSgsis a-c. Likewise, Y ds the smaller of
the two creep components (c-d and b-a); in this caggis b-a. The difference between the two
creep components is eitheVs or Yy gdepending on which is larger; in this case the final

component is Y5 {c-d minus b-a).

o Tensile
Plastic Flow

Tensile
Creep

Compressive
Creep L i

Compressive

Plastic Flow

Figure 2.3 Schematic hysteresis loop showing all possiblp@oeents of inelastic deformatic
in the total plastic strain range,Yz (a-d), in a strain-controlled LCF test.

Once partitioned, each of the components can then be adahdividually to determine
its unique relation to cyclic life. Though this method doetsraly on a specific form of the
relation between the individual strain range componamtiscyclic life, it is typically assumed to

follow the Manson-Coffin relation, which takes the faliog form
OuvyYoy L % 2.1

where 0 is the number of cycles for a given partitioned strange, Yj;.vUandC are unique

fitting parameters for each component, determined frpioteof log( Yy)versus logQp)y



There typically exists an upper bound on cyclic lifés 5 and a lower bound, Y for a given
strain range. It is generally accepted that the introaluof creep strain to LCF decreases the
cyclic life, and that typically tensile creep reversecbspressive plastic flow is the most
damaging [2.1]. An estimation of the total number of cytdefilure, N, is then a summation of
the number of cycles to failure due to each componentn dpye

E FO— KN@"G EO_OOL S 2.2
One of the potential benefits to the SRP approach to difeliorediction is that it may

be insensitive to test temperature for certain alloys. Ha#oal.[2.7] examined the effects of

temperature on the SRP approach for two different higipeé@&ture alloys, 2%Cr-1Mo and

Type 316 stainless steels. The temperature independenceméthisd is demonstrated by

considering a series of LCF tests at a constant stgrover a range of temperatures. At the low

temperatures, flow behavior is predominantly plastic andtitaén range is only composed of

Y4 5 In contrast, at higher temperatures the flow behasiotostly creep, and the strain range

is primarily composed of Y5 sThese strain ranges represent the bounds of the Gielic
Therefore, fatigue lives are highly temperature and stragsensitive. However, the failure
criteria is temperature and rate independent since thie Gigis governed by the flow behavior
(i.e.the amount of each type of strain present). The aaptins of these results are that failure
criteria can be determined from a set of tests atemeérature, with only spot checks at the
different temperatures of interest for some materkitgure 2.4 (a) shows the good agreement
between predicted versus observed creep-fatigue livedexedif test temperatures for Type 316
stainless steel based on the SRP method, illustratnggthperature independence of this failure

criterion.
2.2.2 Ductility Exhaustion (DE) Method

The ductility exhaustion (DE) method has been used extengividlg UK for life-time
predictions of components in both fossil and nuclear pgleats [2.4], [2.5]. The creep and
fatigue damage components are evaluated separately asdelfennated by a damage
interaction diagram. The cycle dependent damage compdheis determined simply by the

number of cycles to failure in pure fatigide, according to



S
& L 2.3

Oua
The time-dependent creep damaDg,is evaluated as a function of creep ductilityand
inelastic strain-rate);gaccording to

--|_+gO YU@ P 2.4
% 4 U:@?;GG@ '

wherety is the hold time and is the test temperature. The creep ductility is a funatiostrain
rate and test temperature determined from constant lea@ and tensile test data. The
interaction of the two damage components is determinedibga summation such that the
creep-fatigue lifeNr, is given by

S

& E &L 2.5

Oua

The DE method has been shown to have the highest degremucd@ among several methods
reviewed, which is primarily due to the large amount of creemadamredicted at small strain
ranges [2.5]Figure 2.4 (b) shows very good agreement between the petdinteexperimental
life in creep-fatigue for Type 316 stainless steel test&8@t’C with different tensile hold times
and strain ranges [2.5]. It should be noted that the accofdhis life prediction method relies

on creep ductility data for long-time, slow strain rss.
2.2.3 Linear Damage Summation (LDS) Method

Similar to the DE method, the linear damage summation (LC#had for predicting
creep-fatigue life involves evaluating fatigue and creep danmaan uncoupled manner based
on the assumption that the individual damage mechanisriadependent in nature. The ASME
Boiler and Pressure Vessel Code (BPV) [2.8] has adopted#thod, specifying damage to be
evaluated by a linear summation of fractions of fatigue@aeep damage according to the

criterion

i1 —JpE iI—ABQ&
2.6
g Oy L B,
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whereD is the allowable combined damage fraction (typicallg sn 1) andNg are the
number of cycles of typeand allowable number of cycles of the same type, raspbgtand 't
andTy are the actual time at stress lekealnd the rupture time at that stress level, respectively.
The fatigue and creep damage terms are evaluated indeperadehthe interaction is accounted
for empirically by theD term through strain-controlled creep-fatigue test datar@dws
temperatures, strain ranges, and hold times. The mé&émedite between the LDS and the DE
methods is the way in which creep damage is evaluated; cregmeas related to the creep
rupture life at a given temperature with LDS and to the creeiilijuat a given temperature and
strain rate with DE. Since strain-rate is not congden the LDS method, the life predictions are
typically non-conservative at low temperatures and srralhsranges where creep strain rates
are typically low. Figure 2.4 (c) shows the relatively pagreement between predicted and
experimental creep-fatigue life for Type 316 stainless ste@CC, particularly at the small

strain ranges (higher fatigue lives) [2.5].
2.2.4 Creep Damage Component

In a creep-fatigue test, time-dependent damage occurs doeitn@id period where stress
relaxes as a result of the conversion of elastarsto inelastic strain. The inelastic strain rates
during relaxation are typically on the order of thosoamted with creep deformation (<416%)
[2.2]. In both LDS and DE methods, the determination ofithe-dependent damage component
is based on data from constant stress creep teste(@ilt tests in the case of DE). For the LDS
method, the time-dependent damage is essentially evaloatamrmalizing the time at a given
stress during relaxation by the time to rupture at thagsstiieherefore, it is necessary to evaluate
rupture times for all stresses during the relaxatiorogdeiihis evaluation is commonly done
using a Larson-Miller plot [2.9]. The Larson-Miller Pareter (LMP), which relates rupture time
and temperature through a semi-log linear relationshippitepl against stress in this type of
plot. A Larson-Miller plot for NF709, which was generated frgmecimens from several heats
over a range of test temperatures from 600 to )0s shown in Figure 2.5 [2.10]. This figure
shows a good fit between the calculated LMP and the conghlied A linear regression analysis
of the data in this plot gives rupture time as a funabibstress for a given temperature, which is

described in more detail in Appendix A. Using a Larson-Mpliet generated from test data over
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Figure 2.4 Experimental versus predicted creep-fatigue lithdya) SRP approach, (b) DE
method, and (c) LDS method for Type 316 stainless ste@) ldifferent test temperatures,
hold times, and hold time locations in the hysteresisecare shownt: andt. are hold times ai

peak tensile strain and peak compressive strain, resggctivéb) and (c), the test

temperature is 550 °C. Symbols represent different temsitbtimes and the number next to
the symbol represents total strain range. Adapted frdbih [2.
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awide range of temperatures and stresses, one can ghedareep-rupture life under conditions
that are not frequently tested, such as low temperaturesrasdes.
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Figure 2.5 Larson-Miller plot of NF709 constructed from stregsure data at various
conditions. The predicted LMP values fit the experiraktrtend well for this alloy [2.10].

A key assumption in using the LMP approach to determine rupitoeeas a function of
stress is that the mechanism for which creep deformatiours is the same across all test
conditions that make up the Larson-Miller plot. Creedeétion is a thermally assisted
deformation mechanism which can occur by either diffusiio of vacancies (and mass) or
by climb and glide of dislocations [2.11]. The former ienfteferred to as diffusional creep,
while the latter is called power-law creep. Diffusional crsdpased on either lattice
(Nabarro-Herring) or grain boundary (Coble) vacancy diffasPower-law creep is based on
vacancy assisted climb and glide of dislocations and géneraurs at higher temperatures and
higher stresses than diffusional creep. In the poweictaep regime, the stress dependence of

the steady-state creep rat¥,4s described by the following power-law relation

) , F3
Lok #EATELD 2.7

whereA is a dimensionless material constaéts the applied stres® is the activation energy
for self-diffusion,k LV % R OW ] P D Q Q s R Qaép\raeewponBn@ @&hich typically

ranges from 3 to 10. Therefore, the relation betweeugtetate creep rate and applied stress is
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linear in log-log space, with the slope equaht®lote that for viscous diffusional creapis

unity. At high stresses, the power-law relation can ngdo describe the stress dependence of
creep rate; this regime is often referred to as powebtaakdown [2.12]. Thus, the dominant
(rate-controlling) mechanism for creep deformation istified by the value of the creep-rate
exponent.

Conditions where the dominant creep mechanism changdsecaasily identified by a
change im on a plot of steady-state creep rate versus stressgiven temperaturéigure
2.6 (a) shows this type of plot, schematically, witleénhdistinct regions of different creep
mechanisms, whem < nz < nz. The concept of separating dominant deformation mechanism
was extended by Frost and Ashby to relate stress, sttainaral temperature on a single plot,
separated into regions of different mechanisms [2.13], [2AfExample deformation
mechanism map for Type 316 stainless steel is shown in Righi) [2.14]. Note that the
region where creep data is available is primarily in the pdave regime, while the expected
conditions for several nuclear reactor components lie ihe Coble creep regime. If the
steady-state creep rate is predicted for diffusionaro®nditionsi:) from accelerated tests
conducted in the power-law creep regimg,(the results would be non-conservative. In other
words, the extrapolated creep rates would be lower thaacthal creep rates due to the change
in mechanism at the inflection between limegndn, in Figure 2.6 (a). Rietht al.[2.15] have
concluded that the inflection in the steady-state cragpversus stress behavior of
Type 316L(N) at low temperatures and stresses, shown in Figuiis @u#g to a transition in
deformation mechanisms from diffusional to power-lagegr.

One of the key objectives in studies of elevated temperabechanical behavior is
understanding the implications of using accelerated labgragst data to extrapolate the life of
components in long-term service. The non-conservatiedictions of creep-fatigue life at low
strain ranges based on the ASME accepted LDS metholdpas $n Figure 2.4 (c), can lead to
premature component failure in service. The calculateg cdf@mage component in the LDS
method does not take damage mechanism into considenatiary may be part of the reason for
the poor agreement between predicted and experimental éiémditions close to those expected
in service (.e. low strain ranges, strain rates, and temperatures). foherenderstanding the
mechanisms involved in deformation and damage across aavige of conditions is critical for

safe and reliable design of power plant components.
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Figure 2.6 (a) Schematic plot of steady-state creep ¥afyersus stress in log-space with
three different creep rate exponemtstepresenting different deformation mechanisms

(N2 < n2< ). (b) Stress versus temperature deformation mechanegprfon Type 316
stainless steel with iso-strain rate contours shown. thatehe available creep data is
primarily in the dislocation creep mechanism regime, arudear reactor components are in
the diffusional flow regime [2.14].

1E-02 :
. 1E-03
' 750 °C (V)
1E-04
700 °C (#) A

TE-06 650 °C (+)

—_
&
o
wn

1E-07 o
600 °C (A)

Steady-State Creep Rate (h

1E-08 550 °C (@)

1E_09 1 1 1 Ll 1 1.1 I L L 1 1
10 100
Stress (MPa)

Figure 2.7 Steady-state creep rate as a function of siireasious temperatures for
Type 316L(N) stainless steel [2.15].
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2.3 Austenitic Stainless Steels for High Temperature Applications

2.3.1 General Review of Properties and Strengthening Mechanisms

Austenitic stainless steels are the most widely used ofealloys for structural
applications in the power generation industry due to theiflexteveldability, corrosion
resistance, high temperature strength, and lower cashibkel-based superalloys. The FCC
austenite phase is typically stabilized at room temperagusgnificant Ni or Mn additions,
which overcome the stabilization of BCC ferrite fromagdditions greater than 12 pct. While
room temperature yield strength is similar to ferriticrdéss steels, the ultimate strength,
elongation, and toughness are generally better in austst@tls. The superior creep resistance
in austenitic stainless steels, compared to ferritidssteelargely due to fact that the self-
diffusivity in close-packed FCC iron is approximately twdens of magnitude smaller than in
BCC ferrite [2.16H2.18]. Additionally, austenitic steels have comparativegjhir solubility
and lower diffusion rates of solute atoms, which retardsipitation kinetics and allows for
solid solution strengthening to be effective at high teatpees. For example, the solubility of C
in austenite is ~40 times that of ferrite at 723 °C anddhebility of N is ~20 times greater at
590 °C [2.17]

One of the drawbacks with austenitic steels is theirivelgthigh coefficient of thermal
expansion (CTE) and low thermal conductivity compared tdtiteend martensitic stainless
steels. For example, the CTE for austenitic steedppsoximately 50 pct higher than ferritic
steels, and the thermal conductivity is approximately 33opatr. This combination of
properties in austenitic steels results in large thestnains and gradients in thick section
components during transient temperature fluctuatioesstart-up and shut-down of power
plants). Hence, LCF performance is an important fielstodly for austenitic stainless steels.

Strengthening in austenitic steels is achieved by solid sojyiiecipitation, grain size
refinement, and cold deformationg( dislocation hardening). Note that for elevated temperature
performance, both grain size refinement and cold workinglmeagetrimental. For example, the
diffusional creep rate is a function of grain sizecsidiffusion along boundaries is higher than
through the matrix [2.11]. Therefore, smaller grains rasuligher grain boundary surface area
and higher diffusional creep rates. Cold work prior to eévéemperature service introduces

dislocations and provides a high driving force for recoved/r@crystallization, both of which
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are detrimental to creep properties [2.19]. Therefora] solution and particle strengthening are
the most important mechanisms in elevated temperature dpixa

Solid solution strengthening in austenitic steels is acibéyealloying with both
interstitial atoms, like C and N, and substitutional atssush as W and Mo [2.16]. Interstitial
solutes interact strongly with the strain fieldsoassted with edge dislocations in FCC metals
since they occupy the octahedral sites in the latiwéch induces a hydrostatic stress state as a
result of the size misfit. The elastic strain eesigsociated with both the interstitial and the
dislocation is reduced when the solute atom is in thaityodf an edge dislocation strain field,
specifically, on the tensile side of an edge dislocatiand N atoms consequently pin
dislocations by raising the stress required for dislocatiomement. Note that the movement of
screw dislocations is not directly affected by intéiedtatoms in FCC metals due to the purely
shear stress state of screw components. Substituéitorag, on the other hand, can interact with
screw dislocations through a mismatch of the shear meduith the solvent atoms. In general,
strengthening from substitutional atoms in FCC alloywiimarily due to the size misfit
interaction with edge dislocations. For both inteedtand substitutional solution strengthening,
the increase in strength is proportional to the soluteeatration [2.18]

Particle or dispersion strengthening in austenitic stairdteels is achieved by the
addition of carbides, nitrides, intermetallic compoumdstallic phases, and oxides within the
matrix. Precipitates are strong barriers for dislmcaiotion. Except for metallic second phases,
like Cu precipitates, the particles within the matrix @saally not shearable by dislocations due
to their significantly higher shear modulus compared to thigixn Therefore, dislocations must
bow between the precipitates in order to bypass the ddst&trengthening by hard particles is

referred to as the Orowan bowing mechanism and is descriliée fgilowing relation

2.8

D L
153 Za/—
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where R is the increase in resolved shear stréss,the shear modulub,is the magnitude of
the BurgeU TV Y HiE theRpatticle diameter, andlis the particle spacing [2.20]. Particle

spacing can be estimated by
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wherer is the particle radius (assuming a sphere) fislthe volume fraction. From

Equations 2.8 and 2.9, it is clear that strengthening frorw@rdoowing increases with larger
volume fractions and finer precipitates. At sufficigritigh temperatures, dislocations may also
bypass precipitates by climb. Although dislocations may cénglund particles, the interfacial
energy of the particle with the matrix may causeatraction with the climbing segment of the
dislocation, leading to an additional threshold stres20]2Similar to Equation 2.8, the threshold
stress is inversely related to the particle spacing. Therafcreases in volume fraction of small
particles also increases the degree of precipitategstemng under creep conditions.

2.3.2 Microstructural Instabilities

High-temperature properties of austenitic stainlessssegelhighly dependent on the
microstructural evolution and stability during service, spedifithe formation, dissolution, and
coarsening of precipitates. In addition to Cr and Ni, austestainless steels typically have a
host of other alloying elements including Mn, Si, Mo, W, NI Cu, B, C, and N [2.17]
Austenitic alloys are usually solution annealed prior to sersd that the maximum
strengthening from solid solution is achieved. Howeverctimeentration of solutes typically
exceeds the solubility in austenite and therefore, othexeghaay be stable at service
temperatures. During elevated temperature service, secoresphayg form which can be either
beneficial or detrimental to properties, depending on thegohad locationi.g. grain boundary
versus matrix). Sourmagit al.[2.21] and Loet al.[2.22] have compiled a review of the different
carbides, nitrides, and intermetallic phases that formsteaitic stainless steels, which are
summarized in Table 2.1.

M23Csis a well-documented carbide that commonly forms in augtestdinless steel,
where M is largely Cr, with varying amounts of Fe, Mo, ahdyts precipitation is well
understood and occurs in the following order: on grain bousglancoherent twin boundaries,
coherent twin boundaries, and intragranularly. Precipitaif this carbide can cause
intergranular corrosion.g. sensitization) in stainless steels when it formg@mn boundaries

due to the local depletion of Cr. The4@s carbide precipitates early during aging and has a
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Table 2.1 Summary of Common Precipitates in Austentamn$ss Steels [2.21]

Precipitate Crystal Structure Lattice Parameters (nm Composition
NbC FCC a=0.447 NbC
NbN FCC a =0.440 NbN
TiC FCC a=0.433 TiC
TiN FCC a=0.424 TiN
Z-phase Tetragonal a=0.3037,c=0.7391 CrNbN
M23Cs FCC a=1.057-1.068 CrieFe&sMo02Cs (e.0)
MeC Diamond Cubic a=1.062-1.128 (FeCrpiMo3Cs, FesNbzC, MsSIC
Sigma (V Tetragonal a=0.880,c=0.454 Fe-Ni-Cr-Mo
Laves Hexagonal a=0.473,¢c=0.772 FeMo, FeNb
Chi (B BCC a=0.8807 - 0.8878 FesCri2Mo1o
G-phase FCC a=1.12 Ni1eNbeStr, NiteTieSk

cubeto-cube orientation relationship with austenite and a &afi@mrameter that is approximately
three times larger than austenitexs® is most beneficial for creep properties when it forms i
fine dispersions intragranularly. Precipitation on gtzonndaries may also reduce grain
boundary sliding under creep conditions. However, since#nisde typically coarsens rapidly
and causes sensitization, precipitation is typicaltyided.

One common way to stabilize stainless steel against intergrasorrosion is through
alloying additions of Ti, Nb, and/or V to promote MC precipitatithereby consuming C
available for M3zCs precipitation. MX carbonitrides, where X is C or N, gisovide good creep
resistance when precipitated intragranularly on disioesat In order to achieve maximum
strengthening with MX, a solution treatment is typicaigrformed to dissolve as much of the
precipitates as possible prior to service so that subsegresmpitation occurs during service.
MX has a NaCl FCC structure and precipitates on dislmesitistacking faults, and twin and
grain boundaries. High temperature creep and creep-fatigugyth of several advanced
austenitic stainless steels, including HT-UPS and Sanicro atrilsuted to nano-scale MX
precipitates that form on dislocations and do not coasig@ificantly during testing and service
[2.23] 42.25].

Z-phase is another precipitate that provides significaagpstrength when nucleated in
fine dispersions on dislocations [2.21], [2.26], [2.2ZZphase is a complex nitride with the
stoichiometry CrNbN and a tetragonal crystal structureftrans at high temperatures in
Nb-stabilized austenitic stainless steels with high level.dt has been proposed that Z-phase

form from pre-existing MX (NbN) precipitates, but it hasodieen reported to form directly
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from solution. Although precipitation of Z-phase is notflwaderstood and is seldomly
reported, it is generally agreed that it improves creepginedue to its relatively high stability
against coarsening at service temperatures

Intermetallic compounds, such &gma and Laves phase, form in austenitic stainless
steels after long times at elevated temperatures. \Waléterature is inconclusive on whether
or not Laves is detrimental to creep properties, Signaseis well-known to cause
embrittlement when it forms on grain boundaries in FeyGtems [2.21], [2.22]. Precipitation of
Sigma is very sluggish in austenitic steels due to itg leev solubility of C and N and its
incoherence with austenite [2.28]. Sigma formation ocatnen the C concentration in the

matrix is very low, which can be a result of carbidecjmigation.
2.3.3 Cyclic Deformation

The cyclic stress-strain behavior of materials is ati@rized by hardening, softening, or
a steady-state response with increasing number ofscy€ielic behavior is related to both
loading and environmental conditionse(strain range, strain rate, temperature, etc.), asasell
the microstructurei . crystal structure, second phases, solute concentratmip, In FCC
metals and alloys, cyclic hardening is typical for annealaterials that are relatively defect
free, while softening is more common for cold-worked, soltgrecipitation strengthened
materials. Furthermore, the deformation behavior mayngé during cycling, which is related to
changes in the dislocation interactions and structéi@sexample, the onset of cyclic softening
after initial hardening has been correlated with the &ion of low energy dislocation structures
(LEDS) such as persistent slip bands (PSBs) or celitdactures [2.29], [2.30]. The formation
of LEDS requires extensive cross-slip of screw dislocatibhe deformation of FCC metals is
characterized as either planar, where cross-slip iswltffor wavy, where cross-slip is relatively
easy. In general, materials with high stacking fandirgy (SFE) deform in a wavy manner due
to the small distance between partial dislocations. LB® ®aterials, like austenitic stainless
steels, usually deform in a planar manner.

However, it has been shown that this generalization Bf&fe slip character does not
always hold true and that low SFE austenitic steels mapiexavy slip during fatigue under
certain conditions [2.31], [2.32]. Wavy slip can be thermadivated or stress-induced. In

Type 316 stainless steel, for example, high stressesiatogniandaries from dislocation pile-ups
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can activate secondary slip systems and the formatibBDS at room temperature [2.31]
There are also strong compositional effects on tierohation character in austenitic stainless
steels. For example, N has a strong effect on th@lsliarity in Type 304L(N) and 316L(N)
stainless steels, where the low interstitial alloys igveEDS and exhibit cyclic softening
during LCF [2.33], [2.34]. Hong and Laird [2.35] proposed that ffezeof interstitial solutes
on cross-slip in FCC alloys is frictional in nature. Doe strong strain field interaction, solute
atmospheres form around the edge components of dissopé@ted dislocations. In addition to
the repulsive force of the same-sign partial dislocatiohe force required for constriction and
subsequent cross-slip includes a frictional force thatusetion of solute content. This model
indicates that there is a critical concentratiosafites where the slip mode transitions from
wavy to planar for a given applied stress.

Dynamic strain aging (DSA) has been reported for seegistenitic stainless steels
during LCF at various temperatures and strain-rates) efieompassing conditions relevant to
service [2.33], [2.36], [2.37]. DSA is a time-dependent phenom#ratroccurs in many alloys
in which solute atoms interact with mobile dislocatideading to dynamic pinning and
unpinning of dislocations during deformation. The effe¢i®®A generally occur over a wide
range of temperatures and strain rates where the maifiktylute atoms are on the order of the
dislocation velocity. In LCF, DSA is manifested in seVerays including: serrations in the
hysteresis loops, increase in maximum tensile stresgdse in the number of cycles to
maximum stress, decrease in plastic strain range aiserna cyclic strain-hardening rate, and a
reduction in the number of cycles to failure. There isptimal temperature and strain rate
combination where DSA effects are most pronounced. Forea ¢g@mperature, large deviations
in strain-rate away from the optimum result in aagigearance of serrated flow and other DSA
related phenomena. Also, for a given strain-rate, dh@escan be said for deviations of
temperature away from the optimum [2.19]

DSA is considered as another time-dependent mechanisrg,\aigmcreep, oxidation,
and metallurgical instability, which leads to a reductiofatigue life at high temperatures and
low cycle frequencies. DSA may be due to dislocation intierag with either interstitial or
substitutional solutes, each with different activatoergies and temperature ranges of
interaction. The cyclic deformation and fracture mechasibave also been shown to be

strongly influenced by the presence of DSA. It has beewrslfar austenitic stainless steels in
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the regime where DSA is active that slip planaritynBaemced and the formation of cells and
subgrains is retarded since cross-slip and climb are inhibytéloe strong dislocation-solute
interactions [2.36]. Strong planar slip leads to the fomeadif dense slip bands and strain
localization. Impingement of slip bands on grain bound@aeses stress concentrations
resulting in grain boundary crack nucleation and fatiguediriction in the DSA regime [2.1].

The cyclic deformation behavior in austenitic stainksels is highly sensitive to
microstructure, composition, and testing conditions. Btedi cyclic life from accelerated
testing using the LDS method does not consider microstruetifieats and their evolution on
deformation behavior, similarly to the extrapolatiorcidep behavior across boundaries of
deformation mechanisms. Therefore, understanding fatiguenda&tion and damage across a
wide range of testing conditions and microstructuresitisal for the reliable long-term

extrapolation of test data to service conditions.
2.4 Alloy 709

Alloy 709 is a candidate alloy for structural component&ém IV FSRs due to its
superior creep properties over current qualified alloys Byfestainless steel and Grade 91
[2.38]. Alloy 709 is a 20Cr-25Ni-1.5MdH-N solid solution and precipitate strengthened
austenitic stainless steel based off of NF709, which is producBiibpon Steel (Japan) and
ASME BPV code qualified for use in fossil boiler tubes [2.3% Tull composition of NF709 is
shown in Table 2.2. Although the composition of Alloy 709 dussdiffer significantly from
NF709, the target aims and thermo-mechanical processing (paM&neters are different.

The creep rupture strength versus time of NF709 and Type 316H aC#@ shown in
Figure 2.8. For a given rupture time, NF709 has an order of midgridarger creep strength
compared to 316H. The improved creep properties of NF709 areisgttito solid solution
strengthening from Mo and N and precipitation strengthening fime Z-phase particles.
Z-phase reportedly forms on dislocations during creemgeand resists significant coarsening
after long times at high temperatures [2.26], [2.27]. Ttk ¢d detrimental phase formation, like
Sigma phase, during long-term exposure is also attributén tonproved creep properties over
other austenitic stainless steels. The microstructucdien of NF709 has been studied after
static aging at 750 and 800 °C for up to 10,802.40]. The results of this aging study showed

that significant differences in the precipitation opAase and Sigma existed for small
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compositional differences in NF709. Specifically, Z-phiss@ore stable at higher temperatures
and a significantly higher fraction of Sigma phase pretgs are observed in the variant with
higher Cr and higher C. This study indicates that theasiouctural features responsible for the

improved properties in NF709 are sensitive to composition.

Table 2.2 Compositional Limits of NF709 (wt pct) [2.39]
C Mn Si Ni Cr Mo Ti Nb N S P B

010 150 100 220 190 10 454 010 010 449 gzp 0002
max max max to to to max to to max max to
28.0 23.0 2.0 0.40 0.25 0.010
1000 __'l_l"I'TI'lllTﬁmlTl T llllml T lnll'lll g
" Tested at 700 °C N
- NF709 (®) .
100

316H (4)

Stress (MPa)

L W ETTIT B ETTIT B MR TITIT BT RTTIT MR T
1 10 100 1000 10000 100000
Rupture Time (h)
Figure 2.8 Creep stress rupture time for NF709 and Type 316H statdessested at 700 °C
NF709 has an order of magnitude increase in strength over 31@Hyifeen rupture time

[2.38].
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CHAPTER 3
EXPERIMENTAL METHODS AND ANALYSIS

3.1 Experimental Design

The scope of this research is to investigate the cgeflormation and damage
mechanisms of Alloy 709 under accelerated testing conditiooiler to confidently predict
long-term creep-fatigue behavior for structural componemext generation nuclear reactors.
Providing a mechanistic understanding of the mechanical girepat various conditions will
allow for careful design of laboratory testing and dateagwlation in development of an ASME
code case for the alloy, which is necessary prior tadtgption for use in nuclear pressure vessel
applications.

The initial test matrix, shown in Table 3.1, included L@ areep-fatigue tests at two
different temperatures and with two different initial rostructures, holding strain rate, strain
amplitude, and hold times constané(0 min hold for LCF and 30 min tensile hold for creep-
fatigue). Chapter 4 is dedicated to the results and an&bydise test matrix shown in Table 3.1

Based on the results of the initial LCF and creemietitests, two specific research
guestions, discussed in Chapter 1, were proposed to angnmotd project objective. In order
to answer the specific research questions, the test matsiexpanded to include a wider range
of temperatures, hold times, strain amplitudes, andimticrostructures.

The complete creep-fatigue test matrix is shown in Taldle Specifically, if a difference
in time-dependent deformation mechanisms exists at 550fpared to 650 °C, expanding the
matrix to temperatures above, below, and in-betweemtitied tests would provide
reinforcement for this hypothesis and determine more aetyia which temperature the
mechanism change occurs. Similarly, different hold tirsestare designed to expose differences
in time-dependent deformation at 550 and 650 °C. Finallyeffieet of microstructure evolution
on creep-fatigue performance is assessed by changingjttabciondition of the microstructure
through thermal aging, in addition to testing at diffetentperatures where precipitate evolatio
is expected to vary differently with time. Chapters 6 argle dedicated to the results and

analysis for the expanded test conditions, specificallly v@spect to the initial test results.
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Table 3.1 Initial LCF and Creep-Fatigue Test Matrix

Temperature Tensile Total Strain Initial Test End
(°C) Hold Time  Amplitude, G,;  Heat ID Microstructure  Condition
(min) (pct)

011593, Solution )

650 0 1.0 011594 Annealed To Failure
011593, Solution )

650 30 1.0 011594 Annealed To Failure
011593, Solution )

550 0 1.0 011594 Annealed To Failure

550 30 1.0 011593, Solution To Failure

011594 Annealed

3.2 Experimental Materials

Several different heats of Alloy 709 were used in this stutly @@mpositions shown in
Table 3.3. Small-scale experimental heats, identified as 01043902, 011593 and 011594,
were produced by vacuum induction melting (VIM) and electro1datelting (ESR) followed
by hot forging and hot rolling, solution annealing at 1100 °C, anidngguenching. Of the initial
small-scale experimental heats, only 011593 and 011594 were udgtH@and creep-fatigue
testing. Heats 011439 and 011502 were used in aging studies for micurstranalysis. Heat
011593 did not meet the microstructural specifications determin@hkyridge National
Laboratory due to the inhomogeneity of the grain structhres, this plate was scrapped from
further mechanical testing at the national laboratory.

The first large scale commercial heat of Alloy 709, tdiexd as 58776, was produced
with argon-oxygen decarburization (AOD) followed by hot rollisglution annealing at
1100 °C, and water quenching. An important compositional diftereetween the commercial
heat and the small-scale laboratory heats is therfieat. The slightly higher Ti content in heat
58776 results in stringers of coarse cuboidal Ti(C,N) iratieeceived microstructure, which are
not frequently observed in the as-received microstructdrg® emall-scale heats with lower Ti
contents. Specimens from heat 58776 were primarily used exg@nded test matrix, as
detailed in Table 3.2.

All plates received for this study were nominally 25 mm thidke length and width

dimensions varied for each plate.
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Table 3.2 Complete Creep-Fatigue Test Matrix

Tenzgg;ature -I:I?irr:fél?r::g)ld Amg;liict)ltjiile?t(r}? I;pct) Heat ID Initial Microstructure Test End Condition

700 30 1.0 58776 Solution Annealed To Failure

650 0 1.0 011593, 01159«  Solution Annealed To Failure

650 5 1.0 58776 Solution Annealed To Failure

650 15 1.0 58776 Solution Annealed To Failure

650 30 1.0 011593, 01159«  Solution Annealed To Failure

650 30 1.0 011594 Solution Annealed  Interrupted at various interval

650 30 1.0 58776 Aged at 750 °C, 100 h To Failure

650 30 1.0 58776 Aged at 650 °C, 500 h To Failure

650 30 0.4 011594 Solution Annealed Interrupted

600 30 1.0 58776 Solution Annealed To Failure

550 0 1.0 011593, 01159«  Solution Annealed To Failure

550 5 1.0 58776 Solution Annealed To Failure

550 15 1.0 58776 Solution Annealed To Failure

550 30 1.0 011593, 01159¢  Solution Annealed To Failure

550 30 1.0 011594 Solution Annealed Interrupted at various interval

550 30 1.0 58776 Aged at 750 °C, 100 h To Failure

550 30 1.0 58776 Aged at 650 °C, 500 h To Failure

550 30 0.4 011594 Solution Annealed Interrupted

500 30 1.0 58776 Solution Annealed To Failure

Table 3.3 Compositions of Experimental Heats of Alloy 709 (wk pc

Heat ID C Mn Si Ni Cr Mo Ti Nb N S P B
011439 0.066 0.89 0.29 25.09 19.84 151 <0.01 0.26 0.15 <0.001 <0.005 0.0026
011502 0.063 0.88 0.28 25.00 19.69 146 <0.01 0.23 0.14 <0.001 <0.005 0.0022
011593 0.073 090 0.39 2498 1984 151 <0.01 0.25 0.13 0.0008 <0.005 0.004
011594 0.078 0.90 0.39 25.01 19.89 151 <0.01 0.25 0.14 0.0006 <0.005 0.0037
58776 0.07 091 044 2498 1993 151 0.04 0.26 0.148 <0.000 0.014 0.0045

29



3.2.1 Fatigue Test Specimen Machining

The specimens used for LCF and creddpW LJXH WHVWLQJ WKWHBGBUHG WR D
specimens, were machined according to INL drawing number 771961 sxétdik specimen

are shown in Figure 3.1. Some of the relevant notes adréiveng are as follows:

1. Low stress grinding shall be used on the reduced section dimahgnachining. The last
0.009 (in) removed by wet grinding and no more than 0.0002 per pass.

2. Longitudinal grinding or polishing shall be used to eliminateuairierential machining
marks in reduced section.

3. Smooth blend from reduced section to fillet radius, no undercuatigsble.

These specific machining instructions are provided to enkatdatigue crack initiation will not
be affected by the surface preparation of the reduced (gag&n.

Button-head specimens were machined from the as-received pitltehe axial
direction parallel to the rolling direction (RD) of thiae, as shown schematically in Figure.3.2

The center axis of the specimen was nominally on thecetane of the plate thickness.
3.3 LCF and Creep-Fatigue Testing

Strain-controlled LCF and creep-fatigue tests were pegdrom MTS servo-hydraulic
frames at Idaho National Laboratory (INL) according to ASERY14 [3.1]. The loading in this
type of test was carried out in a pull/push (tension/cesgon) manner along the specimen axis.
All tests in this investigation were conducted in air usingnarsetrical (.e. fully reversed,

R =-1) triangular waveform, illustrated in Figure 3.3, and aistrate, ggequal to 1§ s*. The

majority of the tests had a total strain amplitu@eyof 1 pct (0.01), although a smaller strain
amplitude of 0.4 pct was also investigated and is discussed imégd. Various hold times,
th, were introduced at peak tensile strain in the creegdfatiests, as shown in Figure 3.3 (b).

The typical experimental test setup used in this studyoss in Figure 3.4. Elevated
temperature was maintained using a resistance box furndaeanitored using two
thermocouples spot welded outside either end of the gagersetthe specimen. The specimen
was held at each end using high temperature water cooled $tripsn was measured using an

air-cooled knife-edge type extensometer with a 12 mm gage leflgglceramic extensometer
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Figure 3.1 Button-head test specimen drawing details for IndFeeeep-fatigue testing. Dimensions are in inches.
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Figure 3.3 Schematic test profiles for (a) LCF and (bgp#fatigue with fully reversed
(R=-1) strain-controlled loadind},; is the total strain amplitudé, is the tensile hold time,

and & the strain rate. Schematics are not toescal
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Figure 3.4 LCF test setup details showing a pecimen iétruntwittespt-welded
thermocouples and a two-pronged extensometer in a servatiigdiesting frame at INL.
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prongs reach the specimen through a small opening in thec&irithe tests that were conducted
to failure were terminated when the peak tensile load was apptekmb8 pct of the value
determined after 20 cycles. Note that the test terminatibnat always result in separated
specimens at the fracture. Prior to testing, the diamétbe@age section was measured in five
different locations using an optical comparator and tleeage value was used to determine
engineering stress in subsequent analyses.

3.4 Sample Preparation for Microstructural Analysis

Following LCF and creep-fatigue tests, the fractured spets were carefully separated,
sectioned, and prepared for microstructural charactenzathis section details the sample
preparation for characterization including light optidaDM), scanning electron (SEM), and
transmission electron microscopy (TEM), X-ray ditfian (XRD), small angle neutron

scattering (SANS), and micro-hardness indentation.
3.4.1 Fracture Surfaces

The specimens tested to failure typically first need to beratguhat the primary fracture,
since separation does not always happen at the endtekthé typical specimen cross-section
after failure has a fractured region and an unfractured ctathégament, as illustrated in Figure
3.5. To separate the specimen without damaging the framiuiace or imposing significant
plastic deformation within the gage section, the condda@ament was carefully cut from the
surface towards the fractured region using a bandsaw. Onéféceéestinotch was cut through
the majority of the connected ligament, the specimen asityeseparated using a tensile testing
frame. The fracture surfaces were cut from the gag®seek close to the fracture as possible
using an MSX abrasive saw, making sure to preserve thereasirface. The fracture surface
pieces were then cleaned in an ultra-sonic bath itmae¢o remove coolant from the sawing
operation, followed by an ethanol rinse. Immediately piocainalysis, fracture surfaces were

cleaned using the same ultra-sonic method.
3.4.2 Mounted Samples for Hardness, LOM, SEM, and XRD Analysis

A single sample from each test specimen was used fdnéss, LOM, SEM, and XRD

characterization. After cutting off the fracture surfatche remaining gage section halves were
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Figure 3.5 An illustration of a typical fatigue specimenssrgection after test termination
which contains a fractured region and an unfractured cagohéigament.

cut from the specimen. Typically, each gage sectionwedfapproximately 10 mm long,
depending on where the fracture was. The section clos&8trton long was cut along the center
line parallel to the cylinder axis using a slow-speed saw. @f@hthe cylinder section was
mounted in Bakelite® so that the exposed sample was ~1@ngniby ~7 mm widei(e. the

gage section diameter). The long edges of the mountedesaumye the specimen surface and
usually contaied secondary micro-cracks, depending on the test condi¥oanted samples
were ground up to 1200 grit and then polished with suspended dianetia up to 0.5 um.
Hardness testing was performed first on the mechanicalighgol and un-etched mounted
samples. Details of hardness testing are given ip€hd. Following hardness testing, the
samples were ground and polished again to remove the indents.

Dislocation density analysis using XRD and dislocation stirecanalysis using electron
channeling contrast imaging (ECCI) and electron backsdiiffexction (EBSD) in the SEM are
highly sensitive to surface deformation from mechanical pioiis The sample preparation for
these techniques requires electropolishing after the anézi polishing to remove surface
deformation. Samples were electropolished in a solutid® pct perchloric acid in methanol at
approximately -30 °C with a voltage of 30 V for ~60 to 90 #dier electropolishing, samples
were vibratory polished with suspended 0.02 um colloidal dfiticap to 16 h to remove surface
topography introduced during electropolishing. Following theatdmy polish, samples were

carefully washed with warm water and soap and then uitigaty cleaned in ethanol to remove
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colloidal silica particles. This sample preparation wase abked for crack density analysis with
LOM.

For grain size and precipitate analysis, samples wehe@tafter mechanical polishing.
For precipitate analysis, samples were chemically eticha®:1 molar ratio solution of
HCI:HNO:s (i.e. Aqua Regia) for 90 s, followed by an ethanol rinse. Aqugidrereferentially
attacks the austenite and leaves carbides and nitrides dxptusgever, grain boundaries and
twin boundaries are not easily distinguished after cheratching with Aqua Regia. For grain
size analysis, polished samples were electro-chemicaltgetasing a solution of 60 pct HNO
in DI water with a current density of ~10 mA/&for up to 120 sec, according to a procedure
from literature [3.2]. Electrochemical etching with thi@cedure does not reveal the twin

boundaries to the same extent as grain boundaries, rdidar more precise grain size analysis.
3.4.3 TEM Sample Preparation

TEM analysis was performed on either traditional etgmifished thin film disks or
micro-milled (.e. lift-out) samples using a focused ion beam (FIB). The dfaifie gage section
that was not sectioned for mounting was used for TEM sampiés transverse sections
(i.e.normal to the cylinder axis) were cut from the gage secdsimy a slow speed saw and
subsequently ground to a thickness of ~100 pum with a final fofi§I00 grit. 3 mm disks were
punched from the thinned sample for subsequent electrdpgjisT he disks were
electropolished using a Fishcionne® twin-jet electropotis¥ith a solution of 10 pct perchloric
acid in methanol at approximately -40 °C with a voltage3ff V. The voltage was adjusted
during polishing to maintain a current of ~30 mA as the sailt@ated up.

FIB lift-out samples were extracted from the mountedmas) typically across a grain
boundary. The procedure for lifting out a TEM sample are lddtaisewhere [3.3]. The final
lift-out sample area is typically ~10 by ~15 um. The long dsien of a lift-out sample crosses
the grain boundary and is parallel to the loading diradispecimen axis), as shown in Figure
3.6.

3.4.4 SANS Sample Preparation

Sample preparation for SANS analysis is detailed in Chapter
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Figure 3.6 SEM image showing an example FIB lift-out aedaction across a grain bounda
that is parallel to the stress axis. The specimen wasceteith Aqua Regia to reveal grain
boundaries and precipitates.

3.5 X-Ray Diffraction (XRD)

XRD was used to characterize dislocation density frombinadening analysis. Tav
diffractometers, PANalytical® Empyrean and PANalytica{®ert, were used in this analysis
with Cu Kpradiation, a step size of 0.008°, a time per step 051@@d a Zrange from 40 to
100°. Each sample was scanned a total of four times, with Sforts between the scans. The
2 Trange captures the first five peaks of FCC austenite, venefill, 200, 220, 113, and 222.
An example of the raw scan data is shown in Figure 3.7.

It is well known that peak broadening in an X-ray diffract{XRD) line profile is due to
three factors: instrument broadening, crystallite sipnel, micro-strain from defects like
dislocations [3.4], [3.5]. Instrument broadening can be\eakdracterized as a function of angle
and subtracted from the profile of interest. Chara@aton of the instrument broadening is done
by scanning a standard specimen (polycrystalline Si in this)stuttylarge grains and
approximately zero strain over a large range a{45 to 100°) and determining full width at
half-maximum intensity (FWHM) as a function of angleplat of instrument broadening
(FWHM v. 23 is shown in Figure 3.8 for both the diffractometers usdtismstudy. A second
order polynomial fit was determined for each instrumentciwhésults in the following

instrument broadening functions
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Figure 3.7 Typical XRD line profile of diffracted intensitgrgus scan angl@ g from 40 to
100° capturing the first five peaks in austenite.
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Figure 3.8 Instrument broadening, FWHM, as a function af smgle, 2 for both
diffractometers used in this study described by second podgnomial functions.
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where U, 4% 4n degrees. Note thad, apYst be converted to radians for the following
analysis.

Deconvolution of the remaining peak broadening into the otmzcumponents,lggéo Ua
and L'bé]aeg@@aﬁg% done using various approaches proposed by Warréwentdch [3.6]
and Williamson and Hall [3.7]. Ungat al.[3.8] modified the Williamson-Hall method to
account for dislocation strain anisotropy by introducimtiséocation contrast facto€. Since
broadening from small crystals, or diffracting domaingosa function of angle and strain
broadening is, a plot of broadening versus angle producesta@askipe that is directly related
to the amount of micro-strain, and thus, dislocation tensthe sample. The intercept is related
to the crystallite sizeContrast factors are used to account for strain anisotaysed by
dislocations of different characterd, edge and screw). The contrast factors are specific to
crystallographic planes and, therefore the individuakpenalyzed. Contrast factors are
calculated based on crystal structure, elastic cotsstpeak order, and dislocation character
according to the procedure outlined by Unggal.[3.8]. In untextured polycrystalline cubic

metals, the average contrast fact&fffor each peak is
9 %G4S F M 3.2

where & andq are constants dependent on dislocation characterasiit €onstants of the

crystal ancH? is a function of crystallographic pia

DG E DY E GH;

*x 6
BE GE F° 3.3

whereh, k, and! are the Miller indices of the plane. Hends a function of dislocation

character and elastic constants. For this study,léiséieconstants were assumed to be the same
as 304 stainless steel from literatuBei=205 GPaCi1,=138 GPa, an€1=126 GPa [3.9] &

andq were then determined, as a function of elastic corsstaonim tables in literature [3.8] for

both pure edge and pure screw dislocations. Fin&flyas determined for each of the five peaks
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scanned, for both pure edge and pure screw character. Thef&used in the following
analysis is a weighted average & ¢ and &, - ,depending on the fraction of each dislocation
type. Dislocation density was plotted for two data setsfasction of percentage of screw
dislocations, which is shown in Figure 3.9. From this figiirean be seen that the variation in
calculated dislocation density as a function of digiocacharacter is not significant, especially
with respect to the measurement error. Hence, foakdutations, it was assumed that 50 pct of
each character exists in deformed samples, which dieesvierage contrast facto®® v 4 A J

shown in Table 3.4.
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Percent Screw Dislocations (%)
Figure 3.9 Dislocation density as a function of dislocatioaracter (pct screw dislocations).
The variation in calculated density versus charastemiall with respect to the error of
measurement.

Table 3.4 Average Contrast Factors in Austenitic Stainless S

Peak, {h,k,} /. & cunz & vhuban
(111} 0.133 0.059 0.096
{002} 0.308 0.326 0.317
{022} 0.176 0.125 0.151
{113} 0.225 0.200 0.213
(222} 0.133 0.059 0.096

In the modified Williamson-Hall method for deconvolutionté sample broadening into

the strain and crystallite size components, the meagucdile broadening (less the instrument
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contribution) is related to the crystallite sif&,and dislocation densityg by the following

equation:

?KQ ® :aé:éééﬁé(é)éiaegéfiﬁl_UE_a{E /6 6G 6®5ee tOEJ(%B 3.4
a & '

where ais the radiation wavelengthé(, & 0.154 nm),a, is the Bragg angle of the pedkis the

magnitude of the Burgers vector ( . . = 0.254 nm)C is the contrast factor for the specific

peak, and M is a dimensionless constant related to thecuitdf radius and arrangement of
dislocations. For an analysis on a cyclically deformadhiss steelyl is assumed to be 2 for
relatively randomly distributed dislocations [3.1Bfuation 3.4 can be simplified as

A-L$EI- oBS 35

The modified Williamson-Hall plot is then made by plogtidk -v. . & where the
slope,m, is related to the dislocation density and the interd&ps related to the crystallite size
according to the first two terms on the right side of Equad.4. An example modified
Williamson-Hall plot with data from failed creep-fatiguetteat 550 and 650 °C is shown in
Figure 3.10. The slope of the linear fit of the data at 55 Yteater compared to 650 °C,
indicating a higher dislocation density in the sampleeteat 550 °C. Note that the intercept is
negative in this plot, which indicates a negative crifaize. This is typical for the data
analyzed in this study. The grain sizes in the matex$iéd are on the order of 30 to 60 um,
which is significantly larger than the size (~1 um) whHan@adening occurs from small crystals.
In the test conditions where small subgrains formnggative intercept indicates that the
volume of the recovered microstructure is small comparégetoolume that is not recovered.

Therefore, the intercept should be approximately zercegative intercept may be due
to error in determining the instrument broadening. The mbssrption coefficient (MAC) of Si
is ~6.4 compared to Fe which is ~36, which may lead to error ichracterization of
instrument broadening using a Si standard rather than @dtaBdard which has a MAC of ~32.
Using a standard with the same MAC as the materiald@stst likely shifts the curves in

Figure 3.10 upwards rather than change the slope.
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Figure 3.10 Example modified Williamson-Hall plot éf-v. - 9% Sfor failed creep-fatigue
samples tested at 550 and 650 °C. The greater slope in th€ Sabnple corresponds to a
higher dislocation density.

3.6 Internal Damage

Creep-fatigue testing with 30 min holds results inrmiédamage in all conditions
studied here. The grain boundary damage consists of aitined (or elliptical) voids or cracks
along boundaries and triple points. In general, the craickaormal to the loading axis and do
not have any components that are parallel to the loatikiegtion. Grain boundary cracks were
guantified using a line intercept method with light opticadrographs. The stereological method
involves overlaying a grid of vertical lines over a micrographtaining horizontal cracks and
counting intersections of grid lines and cracks. ImageJ®@uaed to overlay a random grid of
vertical lines on the micrographs. The effective cracigth per unit ared.er, is then given by

the following equation:

O#
Haux 3.6

gud

whereN is the number of intersections,is the image area (nfijn andlgriq is the total grid length
(mm) [3.11]. For each sample measured, ten micrographstalee 1 mm from the surface and
ten were taken 2 mm from the surface along the gage sectieach sample. Micrographs were

carefully selected to include only internal cracks and aoks that extended to the surface. For
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the effective crack length analysis, only intersectminsracks were countedg. voids were not
considered. An example of a light optical dark field ngeeph from a failed creep-fatigue

specimen tested at 550 °C is shown in Figure 3.11 with a mamddical grid overlay.

Figure 3.11 Example dark field light optical mlcrograph ofrgltmundary cracks after creep
fatigue failure at 550 °C with an overlaid vertical grid ifttersection counting. The right side
of the micrograph is taken 1 mm from the specimen sarfa

Voids were quantified more simply by an area densigyrfumber of voids per unit area)
using higher magnification scanning electron micrographs.rtgelectron micrographs were
used for void analysis so that spherical precipitates wareamfused for voids. ImageJ® was
used to count the voids. Ten random micrographs at a magjoificd 500X were counted for

each sample.
3.7 Grain Size

Grain size analysis was carried out on four laboratorgiymed heats (011439, 011502,
011593, and 011594) according to the circular intercept method outlideirM E112 [3.12]
This standard applies to microstructures of normal graedigtribution only. However,
microstructures in heats 011502 and 011593 were found to be non-ynifibhnbands of very
large (up to 600 pum) non-recrystallized grains in-between bafiédatively uniform equiaxed
grains. Thus, for each heat of material, five light @gdtroicrographs were selected from random

areas where the grain size was relatively unifarenjppanded non-recrystallized regions were
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avoided for this analysis. All images were taken at 100X magtdficeElectrolytic etching of
samples with 60 pct nitric acid in water resulted indyeditcuracy than chemical etching since
annealing twins were not etched to the same degree as guaiddries, allowing for reasonable
distinction between the two boundary types. Using Imag#did®g concentric circles were
randomly overlaid on each micrograph with perimeters of 447.48884d 1342.1 um, as
shown in the example micrograph in Figure 3.12. The ASTNhgiae can then be determined
by the total line length and number of intersections witingvaundaries. Finally, ASTM grain

size is converted to diameter in pm, assuming the greenefakaidecahedron shape [3.12].

raph'of an etched s'a'rhptb thiree overlaid
concentric circles, randomly centered, for grain srEdysis.

¢ il
S el N

3.8 Fatigue Data Analysis

Raw fatigue data is recorded and saved in two files: one whithios peak tensile and
compressive loads for every cycle in a test and one vdoiotains load, displacement, and time
data at regular time intervals for selected cycles.drfahmer file, peak loads are converted to
engineering stress, given the specimen geometry. Frofiléhiseak tensile and compressive
stress versus cycle number can be plotted for eachAdstionally, the stress ratio.€. peak
tensile stress divided by peak compressive stress) aalotdieed from the first file, which is
used to determine the numbers of cycles to failure.

The second file contains the raw data that makes up theréyis loops;e. engineering
stress and strain at a given frequency for a complatirg cycle, including the hold time, if

applicable. Each complete hysteresis loop is recorddthddfirst 100 cycles, after which
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complete loops are recorded only every 50 cycles. €geliormation behavior is analyzed by
partitioning the hysteresis loops into the different congpbs of stress and strain during the
loading and unloading portions of the loops. Time-dependeaotrdation behavior is analyzed

through the stress relaxation and associated stras) witéch occur during the hold period.
3.8.1 Stress and Strain Partition Analysis

Schematic hysteresis loops for fully reversed LCF aadifatigue cycles are shown in
Figure 3.13. For all tests in this study, the total streipléude, O, is fixed {.e. strain-
controlled). The amplitude of plastic straig, sin LCF is simply the width of the hysteresis loop
at zero stress and varies from cycle to cycle, dependitigeotieformation behavior
(i.e. hardening or softening). The stress amplituigalso varies for each cycle depending on
the cyclic hardening Ipincreasing) or softening behaviotfdecreasing).

In contrast to LCF,(Gy & composed of two components for each creep-fatigue:aye
plastic deformation during cycling €. loading and unloading)Q: - ¢\ g@and the time-dependent
(i.e. creep) deformation that occurs during the constant testsden hold period Q- Thus, the

total plastic strain amplitude is

Gs B8s FEG L GF Gy 3.7

where Ogjis the elastic strain amplitude. As with LCBgis measured by the width of a given
hysteresis loop at zero strese.(the width of the loop on the strain axis). Howeveis it
important to distinguish between the different componeht8-pStress relaxes during the
tensile hold as a result of the conversion of eladtain into inelastic strain, which typically
occurs by creep mechanisme (dislocation climb or vacancy flux). Therefore, thelastic
creep strain during the hold, which is realized at the expehslastic strain, can be determined
IURP +RRNHYfV ODZ DFFRUGLQJ WR

06y
Gy Qobi—=C! 3.8
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where E is the elastic modulus at the test temperatOrg;is.the elastic strain converted to
inelastic strain, andié ds the magnitude of stress relaxatiarg, 4§ measured simply by the
difference between the tensile stress at the begiramdgnd of the hold for each cycle, as
shown in Figure 3.13. Therefore, onBgis determined by the hysteresis loop width at zero
stress and} s determined fromli&, o fr- £\ gan then be calculated from Equation. &7

MATLAB® script, shown in Appendix D, has been developedpianrtitioning hysteresis loops
into the plastic strain components, as described above.
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(a) (b)
Figure 3.13 Schematic fully reversed hysteresis loops fdrG&)and (b) creep-fatigue with &
hold at peak tensile strain showing the different sttaimmponents in a given cycle.

The evolution of cyclic flow stress was investigated fobtegt conditions by partitioning
the total stress amplituddy, into the friction and back stress componerdtand 15
respectively. The method for stress partitioning of a fdixersed hysteresis loop used in this
investigation, originally proposed by Cottrell [3.13] and extertweBuhlmann-Wilsdorf and
Laird [3.14], is a widely recognized approach for understandsigaation behavior in fatigued
metals. Friction stress (or effective stress) issabared to be an isotropic and thermal

component of flow stress that represents the stressve a dislocation through the matrix in

the presence of obstacles, such as solute atoms, fasxgpiand other dislocations. Based on the

stress partitioning method, the friction stress is @gdrthe cyclic yield stress. Back stress (or

internal stress) is the athermal component of floesst associated with long range dislocation
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pile-ups. Back stress is associated with the increasiger stress from strain-hardening. Thus,
partitioning the total flow stress into the two componeats provide an understanding of the
mechanisms responsible for the evolution of stresstaoh during cyclic deformation.

The basic principle of stress partitioning will be desdjl@ong with the schematic
hysteresis loop shown in Figure 3.14. First, friction stes be considered isotropic and
independent of strain direction, while the back stress clasige upon strain reversal. Back
stress is elastic in nature and always reaches a maxantiha peak strain value. Upon reversal
of the loading, the back stress acts in the direaicstrain reversal to aid the reverse
deformation i.e. to lower the yield stress), which leads to the well-knowasBhinger effect. At
the start of plastic deformation in each half cyttie, back stress generated in the previous half
cycle acts in the same direction of the applied strEBus, in the presence of a friction stress on

mobile dislocations, the following relation is assumed:

v 1 ¢ 3.9

where 1 \is the yield stress in the direction of loading. ¢ maximum stressly p,the back

stress and flow stress act in the same directiontsiath

o E 4 3.10

Combining Equations 3.9 and 3.10 yields the following:

3.11

g L————— 3.12

It should be noted that an underlying assumption in this gtegtiion analysis is that the
K\ WVWHUHVLY ORRSYV DUH 3UHY HULWICERI-H W 7 BnQ) FHE HGHRIQ V W KD W
stress and strain distribution, remain relatively cartstasuccessive cycles (at the same strain
values) and from forward to reverse half cycles (disreggrttie small difference in stress

magnitude between tension and compression) [3.14]. Thismpssm may not be valid in the
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context of elevated temperature creep-fatigue hystdoegs, where the tensile hold time likely
influences the dislocation behavior and distributiostodéss and strain. An assumption in the
formulation of Equation 3.9 is thdlzat yielding (.e. 1y is approximately equal tdgat the
strain reversali(e. at peak strain), which may not be the case at elevatgzetatures or slow
strain rates where stress relaxation occurs during éiséiccloading to reducédg Other methods
for stress partitioning have been proposed to compensatedi@stimation ofl,values where a
large viscous stress compone) exists and/or wherdezchanges on loading due to stress
relaxation [3.15§3.17]. For example, the method proposed by Handfield ankksBicrequires
an initial partition of the linear elastic region inte true elastic component and a
3SeudoHODVWLF" FRPSRQHQW )RU WKH KV WaHegion/cdDIR RSV VW
not be identified accurately and repeatably for all comastistudied. Therefore, for comparison
purposes among all conditions, the simple Cottrell methadused to partition the hysteresis
loops and the implications of the assumptions in thé/sisaare discussed where appropriate.
Only the half of the loop following peak compression straé {ensile loading) was analyzed
for each cycle to minimize the effects from stre$sxagtion that occurs during peak tensile

strain.

Omax

20y,

ZGf

Figure 3.14 Schematic LCF hysteresis loop illustrating thitipaing of maximum stress,
€, 6 s INto friction and back stress componerésand & respectively.



Partitioning of the flow stress requires an accurate epeatable method for extraction
of 1,y For this study, the tensile loading portion of eachidrgsis loop was extracted and fit to a

RambergOgyood relation

|5

Y%

) | éDA 3.13

~

HI

where Qs the strain amplitude andfland Qe constants related to the cyclic hardening
behavior. The left term on the right side of the equmatepresents the elastic strain and the right
term is the plastic strain( 4 is the effective elastic modulus measured from revessall5 pct
strain after reversal, which was determined for eaclesmce it is commonly different than the
monotonic elastic modulus and it evolves with cycle ben{3.16]£3.18]. Using the hardening
constants,. and Q fhe yield stress was determined at a plastic strainitangloffset,

Qy L rar s according to the following relation

Ly -"kB @ 3.14

Finally, 1,and 1zare determined according to Equations 3.11 and 3.12.

A MATLAB® script, detailed in Appendix D, has been develbfer partitioning
hysteresis loops into the different components of steesdescribed above. In order to fit the
tensile half of the hysteresis loop to the relationshipvshio Equation 3.13, the data from peak
compressive strain to peak tensile strain is extractealaddta is translated so that the stress
and strain at reversal is zero. In other words, akstand strain data in the half loop are shifted
to positive (tensile) values, similar to standard tensikedas. Finally, a non-linear regression
solver is used to fit the tensile data, as shown in Figure Blsfitting constants are saved for

each cycle and extracted for subsequent analyses.
3.8.2 Strain-Hardening Rate Analysis

Strain-hardening behavior in materials is indicative ofd®rmation behavior and the
strengthening mechanisms. Hence, an analysis of the-Baadening behavior during cycling in

LCF or creep-fatigue tests can provide an understanditige adyclic deformation mechanisms.
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The strain-hardening rates are evaluated for the tdraii®f the hysteresis loops in this study.
Once the tensile half of the loop is fit to the relatipven in Equation 3.13, the fitting constants
. Jand Q4re obtained. Since strain-hardening is a result stipldeformation, only the right
term in Equation 3.13 is used to determine the rate. Tha-bimedening rate is defined as

4975

J"-KQ 0 3.15

<
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where the plastic strain amplitudg,, starts at the strain amplitude offset which defines yigld
(i.e.0.001 offset). A MATLAB® script, detailed in Appendix D, hasen developed to solve for
the strain-hardening rate, based on the Ramberg-Osgoodnglatthe tensile half of any
hysteresis loop from the defined onset of plasticity.
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Figure 3.15 Example complete hysteresis loop in (a) anRalneberg-Osgood fit relation
(black line) to the tensile portion of the loop (blue maskan (b).

3.8.3 Stress Relaxation Analysis (Creep Stress Exponent)

The time-dependent deformation of the material is assethrough analysis of the stress
relaxation behavior during the constant strain tensilé dibeach cycle in a creep-fatigue test.
Analysis of creep deformation mechanisms includes an arwlgpproach from stress
relaxation data. During a tensile hold period in a cregigtfe test, the strain is held constant and
elastic strain is converted to inelastic strain, whiamasifested as a relaxation of the stress.
Since strain is constant, strain-rate must be zdooyiag for one to equate elastic strain rate

IURP +R RN N;%ivid @®pastic creep strain radggaccording to
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where éis instantaneous stre&sjs YouQ J TV P REBixaxungtant with temperature that
contains activation energy for vacancy formation diffdision, andn is the creep-rate
exponent [3.19]. Equation 3.16 can be rearranged to give instani@gtress as a function of

time according to

5
é L>P$fSFJEQ5?aWé 3.17

where &, is the initial stress at the start of relaxatioqu&tion 3.17 can be further simplified by
assumingB, E, andn are constants for the relaxation period, taking the fo

eL=>PE¥® 3.18

wherea, b,andc are constants [3.20]. Note that if the deformation raaidm changes during
relaxation,B andn are not necessarily constant and the previous assumptiohar@&yoneous;
thus, this analysis assumes constant mechanisms arabstmicture during the hold period. Raw
stress relaxation datad. stress and time) are then fit with a non-linear lesgsiares approach to
the form of Equation 3.18. A MATLAB® script, detailed in AppinD, has been developed to
perform the non-linear fitting of the stress relaxatiata for every cycle where stress relaxation
data is recorded. An example of raw data and the fungbecife curve fit is shown in Figure
3.16.

The creep rate exponent can be estimated from thg fitbnstant. It has been shown
that the value of the is indicative of the creep deformation mechanism [321reep rate
exponent of 1 is indicative of a diffusion-based defdimmamechanism, whereas an exponent of
5 is typical for climb-then-glide deformation. This tyfeanalysis becomes more complicated
when precipitates are present, resulting in exponentval@ve 5 for climb-then-glide
deformation, due to the interaction of the climbing disioceand the matrix/precipitate
interface [3.22].
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Figure 3.16Example stress relaxation data and function specifieciitrfor a 650 °C creep-

fatigue mid-life cycle =500). The creep rate exponemtjn this case is 13.8.

3.8.4 Stress Relaxation Analysis (Creep Strain R&)

The time-dependent strain rate is indicative of thelaeisms responsible for the
inelastic deformation. For example, strain rates dutieghbld time that are greater than
approximately 18 s* are associated with matrix plasticiiye( dislocation glide) [3.23], [3.24]
Therefore, the highest strain rates, which occur at thenbiy of the hold time in a creep-
fatigue test, may not be associated with creep deformatidamage. However, creep cavitation
develops when the strain rates are less tharst0where deformation occurs by diffusional
mechanismsi . dislocation climb or vacancy/mass flux). Hence, it ipamant to determine the
strain rates during relaxation to ensure that creep daimagémated accurately.

According to Equation 3.16, the inelastic strain rate is empudle elastic strain rate
during a constant strain hold time. Therefore, theafieelastic strain can be calculated from

WKH HODVWLF VWUDLQ UDWH DFWRUWELIQQ WRH+BRNEN W DG®H RW
Differentiating the relation in Equation 3.18 gives

o & )
%6l %a %—P L=2P E®? 3.19

Thus, the rate of time-dependent inelastic deformationbe determined for each cycle where
stress relaxation data is recorded.
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CHAPTER 4
ASSESSMENT OF CREEP-FATIGUE BEHAVIOR, DEFORMATION MECHANISM&ND
MICROSTRUCTURAL EVOLUTION OF ALLOY 709 UNDER ACCELERATE
CONDITIONS

A paper published ifhe International Journal of Fatigu&ebruary 2019
Ty Portef34 Kip Findley, Michael Kaufman, and Richard Wright

4.1 Abstract

Alloy 709 is a leading candidate structural material for soetowled fast spectrum
reactors (FSR), where creep-fatigue is a potential faihode. Low cycle fatigue (LCF) and
creep-fatigue tests with 30 min tensile hold times hava beaducted to failure at 550 and
650 °C, corresponding to potential service and accelerasetemperatures, respectively. Creep-
fatigue life is reduced relative to LCF at both temperatahesigh significantly more at 550 °C
compared to 650 °C. Differences in slip behavior, dynantiovery, precipitate evolution, and
strain-aging effects result in less stress relaxamhsustained high tensile stresses in creep-

fatigue at 550 °C; thus, there is more intergranular damagpared to 650 °C.
4.2 Introduction

The improved economics of next generation nuclear re;adepend, in part, on
improved performance of advanced structural materials. Polavetr structural components, for
both fossil and nuclear fuels, are subject to complesstrycles at elevated temperature, which

necessitates the use of highly corrosion- and creegtaigsalloys. An increase in operating
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temperature and component lifetime demands advancenfdnghdemperature structural
alloys. Alloy 709 is a 20Cr-25Ni-1.5MbH-N solid solution and precipitation strengthened
austenitic stainless steel developed\lippon Steel for fossil boiler applications, implemented
under ASME Code Case 2581 [4.1]. Alloy 709 is a candidate falostructural components in
sodium cooled fast spectrum reactors (FSR) due to its impireep resistance over the current
structural alloys Type 316 stainless steel and Grade 91 (ujently, Alloy 709 is only ASME
code qualified in tubular form for fossil boiler applicets, whereas nuclear structural
components will be made from plate product form. ASME Bailel Pressure Vessel (BPV)
Code requires analysis of creep-fatigue performance itk $lection nuclear components due to
the thermomechanical fatigue experienced during start-up atdigivn of thereactor [4.3]
Creep-fatigue analysis is not required under the BPV codedsil boiler applications, so little
creep-fatigue data has been generated for performasessasent for this alloy.

In addition to the difference in product form, the proposervice conditions differ
significantly between fossil and nuclear applications. ™peeted service temperature for
structural components of next generation FSRs is 550 °Geaddoiler tubes typically
experience service temperatures greater than 650 °C. Addliofossil boiler tubes have
shorter life cycles than those required for nuclear strakcomponents. Therefore, most of the
published creep and microstructural data for Alloy 709 is at higdmeperatures than typical
FSR operating temperatures.

Accelerated creep and creep-fatigue testing, by meanstoigat higher temperatures
and greater strains than expected during service, is bypieessary to generate a statistically
significant amount of data in a reasonable time. Thepenagture data from accelerated creep
tests are extrapolated to expected service conditiong adiarson-Miller plot to predict
component life for creep conditions and as part of thepifatigue life analysis. However, it has
been shown that extrapolation of accelerated teslises lower temperatures and smaller
strains produces non-conservative creep rupture and cragypeffe predictions for Type
316L(N) stainless ste@, 5]. The non-conservative predictions are attributed to agehen
time-dependent (creep) deformation mechanisms from powecrizep (climb then glide creep)
in accelerated conditions to diffusional creep (Nabarro-Higmaind Coble creep) in near-service
conditions. Additionally, dynamic strain aging (DSA) &ige in several nitrogen-containing

stainless steels in the intermediate temperature rafgent to service conditiofS - 10]. DSA
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is known to affect the deformation and damage mecharuéstainless steels in low cycle
fatigue (LCF) by promoting planar slip and preventing dynaegovery6, 7, 11, 12]. The
enhanced slip planarity, whicontributes to high rates of strain hardening and slip band
impingement on grain boundaries, can be detrimentaidep-fatigue lifd8, 9, 13].

An initial investigation of creep-fatigue in Alloy 709 by theepent authors showed
significantly different behavior and cyclic life reductioompared to LCF at 550 and 650 °C
[4.14]. The objective of the current investigation is teeas the deformation and damage
mechanisms and microstructural evolution during creep-fatigsting of Alloy 709 at an
accelerated testing condition (650 °C) and the relatiprtshihe near-service condition (550 °C).
Differences in deformation behavior between acceleratghy and service conditions can
result in significantly different creep-fatigue cyclitess response, damage formation, and cyclic
life. Additionally, the stability of the microstructureg(i.second phase formation and dissolution)
in austenitic stainless steels is known to have a signifieffect on elevated temperature
mechanical behavior. Evolution of the microstructure ddyAF09 is also investigated at 550
and 650 °C to determine the effects on creep-fatigue perfeenancomprehensive
understanding of creep-fatigue behavior and microstruatuddlition at accelerated testing and
near-service conditions will provide a basis to develtipbie extrapolation models for Alloy

709 in nuclear reactor design.
4.3 Experimental Procedure

Strain-controlled LCF tests, without and with (creepgiag) 30 min tensile hold periods,
have been performed according®8TM E2714 [4.15], usingervo-hydraulic testing frames at
Idaho National Laboratory (INL) on specimens machined fiwmsolution annealed heats of
Alloy 709, labeled 011593 and 011594. Tests were conducted to failureexipited service
temperature of 550 °C and an accelerated test temperati6 6€C. Additionally, creep-fatigue
tests were interrupted at various cycle intervals cpomeding to regions of cyclic hardenina,
maximum in cyclic tensile stress, and cyclic softening. Al tmnditions are summarized in
Table 4.1. Fatigue tests to failure were performed on both exgatairheats of material and all
of the interrupted tests were performed on heat 011594.s4dl ¥eere conducted in air using a
symmetrical triangular waveform profile with R £, a strain rate Y 6f 10° s, and a total

strain range (18) of 1 pct. Strain was measured using a two-pronged extensoDatay
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testing, temperature was maintained by resistance heatkrsonitored by thermocouples
welded outside the gage section. Cylindrical button-head specwasasnachined from the as-
received annealed plates with the stress axis paratle¢ twlling direction and longitudinal final
polishing in the gage section to eliminate fatigue crack imnagdites. The number of cycles to
failure is defined by a 20 pct decrease in the ratio of pealletémpeak compressive stress,
which indicatesnacroscopic crack initiation [4.16].

Table 4.1 LCF and Creep-Fatigue Test Matrix
Temperature Tensile Hold Total Strain

Test End Condition

) Time (min) Range, (6 (pct)

650 0 1.0 To Failure

650 30 1.0 To Failure, Interrupted at 25, 50, and 40
cycles

550 0 1.0 To Failure

550 30 1.0 To Failure, Interrupted at 50, 400, and 6!

cycles

Two microstructurally different heats of Alloy 709 were digethis study, with
compositions shown in Table 4.2. Both heats were process#kaRidge National Laboratory
(ORNL) by hot forging and rolling, then solution annealing at 11D0féllowed by water
guenching. The grain size and uniformity of the as-receivierbsiructures of the two heats
were compared by light optical microscopy (LOM). Specimens OM were mechanically
polished and then electrolytically etched in a solutib®dpct nitric acid in water with a current
density of approximately 10 mA/cno delineate the grain boundaries without revealing the
annealing twins to the same level of contrast accordimgp@cedure outlined iliterature
[4.17]. Grain size was determined using the concentric ¢iftdecept method on five random
areas according to ASTM E112 [4.18]

Table 4.2 Compositions of Experimental Heats of Alloy 709 (wk pct

HeatID C Mn  Si Ni Cr Mo Ti Nb N S P B
011593 0.073 0.90 0.39 24.98 19.84 1.51 <0.01 0.25 0.13 0.0008 <0.005 0.004
011594 0.078 0.90 0.39 25.01 19.89 1.51 <0.01 0.25 0.14 0.0006 <0.005 0.0037

The effective length of intergranular cracks was quaatifor each condition with a
linear intercept method using light optical micrographs ofpeldl specimens. Ten micrographs

were taken 1 mm from the surface and ten were taken 2 onmtfre surface along the gage
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sections of each sample. A random grid of vertical kas overlaid on images where the cracks
were primarily horizontal (normal to the loading axisheThumber of crack intersectior, was
tabulated and the effective crack lendtk; was determined by

O#
ldéUx

whereA is the micrograph area in mMrandlgriq is the total length of gridlines [4.19].

ot 4.1

Electron channeling contrast imaging (ECCI) was used to diesirmdeformation in the
resulting microstructures. This technique shows contrasiticars as a result of misorientation
within the lattice due to boundaries, slip bands, or defeetsdislocations and stacking faults)
[12, 20, 21]. ECCI was performed on bulk samples from the gag®asaf failed specimens
using a JEOL® field emission scanning electron microscopS8KERj in COMPO mode (signal
of two backscatter electron detectors summed) withrdiltaior type backscatter electron
detector. The bulk nature of this technique allows for a margjet area to be analyzed than in a
transmission electron microscope (TEM). Due to the semgibf ECC specimens to subsurface
deformation from mechanical polishing, specimens were didmolished to 0.5 um, followed
by electropolishing with a solution of 10 pct perchloricdani methanol, and finally vibratory
polishing with 0.02 um colloidal silica for up to 8 h.

TEM was used to analyze dislocation structures and praoguitin failed specimens. A
Philips® CM12 and a FEI® Talos F200X TEM were used in this arsglysih accelerating
voltages of 120 and 200 keV, respectively. TEM specimens were @dejpam transverse slices
through the gage section away from the fracture surfacen 8liscs were electropolished on a
Fishcionne twin-jet electropolisher using a solutiod@fct perchloric acid in methanol at a
temperature of approximateBi40 °C.

Dislocation densities of the deformed microstructureevestimated from XRD line
broadening. XRD scans were conducted on the same specimensrus€€faleformation
characterization. A PANalytical® X'Pert diffractometer waed with Cu Kradiation, a step
VL]H RI f D WLPH SHU VWHS RI Y PPROLILHGQLIBOUBP'
Hall method was used to determine dislocation density, acgptdithe procedure described by
Ungaret al. [4.22]. The first five peaks of FCC austenite (111, 200, 220, 113222) were
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used in this analysis, and each sample was scanned a tiotad bines to increase the statistical
significance, with sample rotations between each scan.

Vickers microhardness testing was performed on the asseecmaterial and the gage
sections of each test specimen conducted to failure ofh&&94 according to ASTM E384

[4.23]. A grid of 50 indents and a 500 gf load was used on eachesamp
4.4 Results of Initial Microstructural Characterization

Light optical micrographs of the as-received (solution ale@) microstructures of the
two heats of Alloy 709 used for this study are shown in Figutd4.14]. Heat 011594, shown in
Figure 4.1 (a), has a uniform equiaxed grain structure with enage grain size of
approximately 30 um and an average hardness of 176 HV. Heat 0$h688, in Figure 4.1 (b),
has a banded microstructure of non-uniform grain size amueshais microstructure has bands
of relatively large grains elongated in the rolling directi@tween larger regions with finer grain
size and a narrower size distribution. In the uniforgioes, the average grain size is
approximately 20 um, while in the bands of large graingthe size is up to approximately
600 um. The average hardness of 011593 is 193 HV. Both microstsuctunt&in a significant

amount of annealing twins.

S ey ——

Figure 4.1 Light optical micrographs of the as-receivedasicuctures from heats (a) 0115¢
and (b) 011593 [4.14].

The solution annealed microstructures contain a bi-mazabsstribution of Nb(C,N)
precipitates observed both intragranularly and interdaaly. Fine spherical precipitates with a
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diameter of approximately 100 nm are distributed relativalipumly throughout tie
microstructure, while irregularly shaped precipitates irmng size from approximately 500 nm
to 10 um are present in stringers aligned along the rollegtibn. The fine precipitates formed
during hot working and subsequent cooling, whereas the coarsgitates likely formed during
casting solidification. Both heats used in this study haulagi initial precipitation volume
fractions and distributions.

4.5 Results of LCF and Creep-Fatigue

Peak tensile and compressive stress versus cycle nurelsicawn in Figure 4.2 for LCF
and creep-fatigue tests at 550 and 650 °C. During LCF at 558€ @aterial cyclically hardens
for the entire test, with a higher rate of hardeningafiproximately the first 200 cycles followed
by a slower rate of hardening until the stress dropssadf @esult of crack formation and
propagation. At 650 °C, initial cyclic hardening occurs at a highte compared to 550 °C up to
a maximum stress after approximately 100 cycles, followed/thjccsoftening until failure.

With the addition of a 30 min tensile hold (i.e. creapgue), cyclic hardening at 550 °C is
extended to approximately 400 cycles to a maximum stress appiteirii4 pct greater than in
LCF. In creep-fatigue, unlike LCF, cyclic softening occutsrapproximately 400 cycles at

550 °C. In creep-fatigue at 650 °C, the cyclic hardeningmegdgs shortened to approximately the
first 50 cycles to a maximum stress approximately 5 pct lowaar in LCF. Subsequent cyclic
softening at 650 °C occurs at a high rate initially, followed lsjower rate until failure.

For both LCF and creep-fatigue tests, the cyclic stsebavior (i.e. hardening and
softening) was consistent between the two microstructiiresgh there was a slight variation i
cycles to failure. These results suggest that the horedgeri the grain structure does not have
a significant impact on LCF or creep-fatigue performanuger the specific conditions used in
this study (i.e. smooth polished specimens machined witkttbss axis parallel to the plate
rolling direction).

The number of cycles to failurbl, for each test is presented in Table 4.3. In LCF, the
tests at 550 °C had cyclic lives approximately twice tho$5@ °C. In creep-fatigue, however,
the cyclic lives were approximately the same at both éeatpres. Compared to LCF, the cyclic
lives were reduced significantly at both temperatures wéhrttioduction of a 30 min tensile

dwell period, which is typical for austenitic stainless IsteEhe fatigue life reduction factor
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(FLRF), defined ad\k in creep-fatigue normalized B in LCF, is a convenient metric to
evaluate creep-fatigue lives compared to LCF for a givepeeature, strain rate, and strain
range [4.5]. At 650 °C, the average FLRF is 0.51, i.e. addleiction of approximately two when
the hold time is imposed. The average FLRF at 550 °@4 Qe. a creep-fatigue life reduction
of approximately four. The significant difference in tmeep-fatigue life reduction between the
two temperatures indicates that the 30 min tensile okl s more damaging at 550 °C than
650 °C for Alloy 709.
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Figure 4.2 Peak tensile and compressive stress at eaplefaticle for (a) LCF and (b) creeg
fatigue tests conducted to failure at 550 and 650 °C Whth= 1 pct. Each of the four tests
were performed on both heats of material.

Table 4.3 Cycles to Failure for LCF and Creep-Fatigue Tests
Cycles to FailurelNs
(011593, 011594)

Test Temperature (°C) Hold Time (min) Average FLRF

550 0 4964, 3629 0.24
550 30 888, 1062 '
650 0 1883, 2047 051
650 30 1069, 931 '

Creep-fatigue hysteresis loops in the hardening regime farteotperatures are shown
in Figure 4.3. Serrated yielding is observed in the hystel@sps at both temperatures,
indicating solute pinning effects of DSA on mobile dislocatidr®e serration shape and
frequency are significantly different between the two tewafoees, with more frequent load

drops at 550 °C and greater magnitude load drops at 650 °C. Addjtjidhe serrations at
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650 °C begin at larger strains with increasing number désyuntil they are almost completely
non-existent in the tensile region after approximately 50 cyclée disappearance of serrations
at approximately 50 cycles coincides with the maximum peadiléesiress and the onset of
cyclic softening. At 550 °C, serrations are observed up to appabedyr400 cycles, which also
coincides with a maximum in peak tensile stress. One lodmeisoftening region, cycle 250, is
shown for 650 °C to demonstrate the disappearancerategiyielding during cyclic softening.
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Figure 4.3 Select cyclic hardening hysteresis loops from creep-fatiggts on heat 011594
with * A/= 1 pct at (a) 550 °C and (b) 650 °C. The curves show eliféers in plastic strain
range (loop width) and disappearance of serrated flow.

Stress relaxation during the tensile hold in a creagtfatcycle, which is a decrease in
stress due to the conversion of elastic strain int@agtiel (i.e. creep) strain, is related to the time-
dependent deformation mechanisms and the accumulated diomageh cycle. Figure 4.4
shows stress as a function of time during the 30 min &hslit of the approximate mid-life
cycle (N = 500) at 550 °C and 650 °C. Despite the significantly highesstt the beginning of
the hold at 550 °C compared to 650 °C, the amount of stresstieh is significantly less for
the duration of the hold. Specifically, the stress wmdiax at mid-life at 550 °C and 650 °C is
approximately 20 and 110 MPa, respectively. The magnitude o$ sglesation is directly
related to the amount of inelastic deformation thatrdautes to the width of the hysteresis loop
(see Figure 4.3). Thus, the amount of inelastic straimguhie hold period (and the
accumulation of inelastic strain throughout the duradibtine test) is significantly greater at
650 °C than at 550 °C.
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Figure 4.4 Stress relaxation during the 30 min tensile dwelldé&00 (near mid-life) at
550°C ard 650 °C.

However, the magnitude of inelastic strain cannot alwayslbted to the amount of
intergranular damage or number of cycles to failure tsx#e strain rate varies during
relaxation and different strain rates correspond teifit deformation mechanisijits 24].
Depending on the alloy and the testing conditions, irstiain rates during relaxation may be
high (>10% s®) and correspond to matrix plasticity rather than difascontrolled creep
deformation, which occurs at lower strain rates. Analyésrain rates during stress relaxation
provides an understanding of the deformation mechanismthainatontribution to grain
boundary damage accumulation. The inelastic strain My&an be related to the rate at which
stress decrease66 E\ +RRNHfV ODZ
€6

A8 4.2

whereE LV WKH <RXQJTV PRGXOXV DW W Kbl UALIDV WV WH IKSRHOUED W K P H
linear regression to a power law relation, which can tleedifferentiated with respect to time to

determine strain rate during the hold. For Alloy 709, thairsrates during stress relaxation at

550 °C are low and vary from 2.5x1@ 2.0x1¢ st. The relaxation strain rates at 650 °C are

higher, ranging from 1.5x10to 6.0x1C st. Since the relaxation strain rates at both 550 °C and

650 °C are below those expected for matrix deformatias interpreted that all of the inelastic

strain accumulated during the hold is due to creep mechari$ms, the larger range and
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greater magnitude of relaxation strain rates at 650 °@gponds to a greater magnitude of
creep deformation during the 30 min hold compared to 550 °C.

4.6 Results of Characterization of Tested Microstructures

Microstructural characterization was performed on the gaggons of specimens from
heat 011594 tested at both temperatures in LCF and creep-fatigriebjective of the
microstructural characterization was to correlate nsicrectural damage, dislocation structures,
and precipitation to creep-fatigue behavior and life. Tilelietween microstructure and creep-
fatigue performance provides insight into the deformati@hdanmage mechanisms active under

accelerated and near-service test conditions.
4.6.1 Macroscopic and Microscopic Damage

Damage was qualitatively characterized for the LCF argpefatigue specimens by
analysis of secondary crack density and crack mode. HoilLk@# and creep-fatigue conditions,
the specimens tested at 550 °C have significantly feweacgidracks away from the main
fracture (i.e. secondary cracks) in the gage sectiontti®aspecimens tested at 650 °C. Figure
4.5 shows etched light optical micrographs of secondagksrin all conditions tested to failure.
For both temperatures, the LCF tests result in primaglysgranular cracks that originate at the
specimen surface. In creep-fatigue, the fracture modénmply intergranular at 550 °C and
mixed with transgranular and intergranular fracture at 650 °C

Internal grain boundary cracks (i.e. away from surfaaekctips) are present at end of
life for both temperatures tested in creep-fatigue, butmb€Ci. Intergranular cracks extend
along grain boundaries normal to the loading directidw morphology of intergranular cracks
differs between the two temperatures in acuity and lemgtirgranular cracks at 550 °C are
sharper compared to the more blunted cracks at 650 °C. Aditipmore short and rounded
cracks are present at 650 °C compared to 550 °C, which has drackedquently span across
several grains.

Intergranular damage at end of life was quantified by the éffedtive intergranular
crack length per area at 1 and 2 mm from the surfaceetiudts are shown for both temperatures
in Table 4.4. For both depths from the surface, the 550 A@itt@n has approximately twice the

effective crack length compared to 650 °C. As shown in TaBletde creep-fatigue lives are
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(©) (d)
Figure 4.5 Light optical micrographs of surface cracks filaengage sections of specimens
from heat 011594 tested to failure in LCF at (a) 550 °C and (bj®&%d in creep-fatigue
with a 30 min tensile hold at (c) 550 °C and (d) 650 °C. Tramsdar cracking is typical for
both temperatures tested in LCF. In creep-fatigueturas are primarily intergranular at
550 °C and mixed transgranular and intergranular at 650K€specimen surface is on the
right in all images.
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comparable at the two temperatures. Thus, internal damegmalated during approximately
the same number of cycles in creep-fatigue is sigmfigagreater at 550 °C than at 650 °C,
which correlates with a greater reduction in creep-fatlgjaeeompared to LCF life at 550 °C.

Table 4.4 Total Effective Intergranular Crack LengthRared Creep-Fatigue Test Samples
(mm/mnr)

Test Temperature (°C) 1-2 mm from surface 2-3 mm from surface
550 29+ .8 26+.7
650 15+ 4 1.4+.3

4.6.2 Cyclically Deformed Dislocation Structures

Dislocation structures were studied in the gage sectispexfimens tested to failure by
both LCF and creep-fatigue tests at both temperatures eMgbishows representative ECCI
micrographs from each of the conditions tested to faihenesaling significant differences in the
deformation structures at each temperature in both L@mep-fatigue.

Following the LCF test at 550 °C, the dislocation striegware primarily planar, as
shown by the linear slip band traces in the bottom lgiihgn Figure 4.6 (a). Loosely defined
dislocation walls are observed in some grains, adjdoegain or twin boundaries, as shown in
the top grain of Figure 4.6 (a). Dislocation walls are defirexd s dense clusters of
dislocations between regions of the matrix without sigaiit misorientation. Subgrain
boundaries, on the other hand, are well-defined tilt ot tvasindaries separating regions of the
matrix with distinct misorientation, formed during reeoy of dislocation walls. The matrix on
either side of the dislocation walls at 550 °C showe lttntrast variation, indicating that the
walls are not recovered subgrain boundaries.

The resulting microstructure after LCF at 650 °C, as shaviaigure 4.6 (b), has
significantly more well-defined dislocation walls and lesgjfient planar structures compared to
LCF at 550 °C. Stark contrast variation across cell baugglat 650 °C indicates recovered
subgrain boundaries, which are not observed at 550 °C. Subgreihs order of approximately
500 nm are frequently observed adjacent to grain and twin boesdas indicated by the arrows
in Figure 4.6 (b). The formation of subgrains at 650 °C suggksiocation rearrangement and
annihilation to form well-defined boundaries, which is indi@bf extensive dislocation cross-
slip and climb [4.25].
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(d)
Figure 4.6 ECCI micrographs of deformed microstructures flengage sections of
specimens from heat 011594 tested to failure in LCF at (a) 558650 °C and in
creep-fatigue with a 30 min tensile hold at (c) 550 A@ @) 650 °C. Slip band traces are
indicated by arrows with broken lines in both 550 °C mictmstires. Regions with
dislocation walls are circled in both LCF microstructu®sbgrains are indicated by arrows
the 650 °C LCF condition. A higher density of subgrairgpigarent below the crack in the
650 °C creep-fatigue microstructure.
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Representative creep-fatigue deformation structuresS0rand 650 °C are shown in
Figure 4.6 (c) and (d), respectively. In creep-fatigue at 55@éfrmation within the grains
consists primarily of planar slip bands, as with LCFelMdefined dislocation walls are less
frequent than in the LCF microstructure. However, subgnaitiswell-defined boundaries are
sometimes present directly adjacent to grain boundanigigating more dynamic recovery in
creep-fatigue than in the case of LCF. The resultiegm-fatigue microstructure at 650 °C is
almost completely void of planar structures and dislonavalls. Instead, well-defined
subgrains are adjacent to the majority of grain and twimdaries and extend deeper into the
grains than in LCF, as shown in Figure 4.6 (d). Extensivgrairbformation adjacent to
boundaries in the 650 °C creep-fatigue microstructure isatigle of dynamic recovery and
reduction of strain energy at the boundaries. It shoulibbed here that the white spherical
precipitates shown in all ECCI micrographs are Nb(C,N) dha present in the solution annealed
condition.

(b)

Figure 4.7 TEM BF micrographs of resulting creep-fatiguedéagion structures in heat
011594 at (a) 550 °C and (b) 650 °C. Deformation at 550 °C is plymé&nar with slip
bands impinging on grain and twin boundaries (twin boundareshown in the figure). At
650 °C, well-defined subgrains are observed near boundar&s fgrundary on the left).
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4.6.3 Precipitation

Precipitation is significantly different in Alloy 709 afteCF and creep-fatigue testing at
550 and 650C. In LCF tests, the specimens were exposed to 550 °@ faveaage of 256
(approximately 4000 cycles) compared to 12 h at 650 °C (approxym2a@0 cycles). In creep-
fatigue tests, the specimens were exposed to each tempévataperoximately the same time
of 500 h (the number of cycles to failure was approximately I®0Both temperatures).
Following all test conditions, grain boundaries contaia®4 precipitates. However, after creep-
fatigue testing at 650 °C, grain boundary precipitatesignéisantly coarser and discrete
compared to the rest of the conditions where precigitate fine and continuous along the
boundaries. The finer continuous grain boundary precipitaturing creep-fatigue at 535G
provides more nucleation sites for grain boundary voids, wlikely contributes to the higher
density of cracked boundaries compared to 650 °C.

LCF at 650 °C results in fine intragranular carbides ehest on dislocation cell walls
and subgrain boundaries, which indicates that the distotstructures provide heterogeneous
nucleation sites for precipitation. Figure 4.8 shows a THHvVmicrograph of approximately
20 nm cuboidal carbides clustered on dislocation wallsar660 °C LCF condition; the
precipitates were determined by selected area diffraciéd]) to be M3Cs. After LCF at
550 °C, intragranular b4Cs carbides are observed less frequently than at 650 °C and are
significantly smaller (less than 10 nm).

Creep-fatigue testing results in significant differeniogstragranular precipitation
between the two test temperatures. At 550 °exCytarbides are approximately 10 to 20 nm and
decorate dislocations uniformly throughout the grains. Figuread. $hpws a BF TEM image of
cuboidal carbides near a [112] zone axis with a SAD insetisgahe extra reflections from
M23Cs; the reflections confirm a cube-cube orientatioatiehship with the lattice and a lattice
parameter approximately three times larger than thexnltshould be noted here that the tilt
conditions from the zone axis resulted in a disappearahthe dislocations in Figure 4.9 (a) to
better show the precipitates. After creep-fatigue tgsttr650 °C, the MCs carbides are
significantly coarser (approximately 50 nm) and more uniforahidyributed compared to the
LCF condition. Figure 4.9 (b) shows the coarsge@dparticles, along with very fine precipitates

revealed by the Moiré fringes on dislocations (indicatedrbyws on the figure). The inset SAD
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200 nmjf

Figure 4.8 TEM BF image of fine }Ce precipitates after continuous cycling at 650 °C. Th
fine carbides are densely clustered on dislocation wadlsrabetween the walls in a
significantly lower density. This micrograph is takemirthe gage section of a specimen fr¢

heat 011594.

(1h]

(a) (b)
Figure 4.9 TEM BF images of the resulting microstructurer afreep-fatigue testing at (a)
550 °C showing cuboidal pCs precipitates and (b) 650 °C showing coarse@dprecipitates
and a distribution of finer precipitates (arrows). Boibrographs are taken near a [112] zor
and have SAD insets down zone that show theCMextra reflections as in (a) and additione
reflections (circled in inset SAD) in (b) revealing tivefprecipitates to be MX. Both
micrographs were taken from gage sections of specimenshiat011594.
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pattern of a [112] zone shows extra reflections (circiedddition to those from b4Cs, which
identify the fine precipitates as MX with a cube-cubemation relationship to the matrix.

4.6.4 Dislocation Density and Hardness

Dislocation densities of the deformed microstructure lieeen estimated from X-ray
line broadening. Peak broadening in an X-ray line profile is duleré@ factors: instrument
broadening, crystallite size, and micro-strain from defidatsdislocations. Deconvolution of the
broadening into these components can be done using an apfarstgoioposed by Williamson
and Hall [4.26] and modified by Ungat al. [4.22] to account for dislocation strain anisotropy.
Since broadening from small crystal (i.e. diffracting domhaize is not a function of the
diffraction angle and strain broadening is, a plot oBdeming versus angle produces a positive
slope that is directly related to the amount of micra#stor dislocation density in the sample.

Figure 4.10 (a) shows the estimated dislocation dengitihéfour conditions tested to
failure, alongside Vickers microhardness measuremenbe&ame microstructures in Figure
4.10 (b). The dislocation density and room temperatuignieas values show a similar trend;
both values are greater after testing at 550 °C compau@sD °C for both LCF and creep-
fatigue. The higher dislocation density after LCF at 55@8@pared to 650 °C is consistent
with the differences in the cyclic stress responseden the two test temperatures, i.e. cyclic
hardening at 550 °C and cyclic softening at 650 °C. Thesegedsit agree with the qualitative
TEM and ECCI observations of dislocation density anddation structures in the two LCF
conditions. The dislocation density after creepgiagi at 550 °C is approximately the same as the
LCF test at the same temperature, within the range ofumement error. Similar dislocation
densities after LCF and creep-fatigue tests suggests tisanmificant recovery occurs during the
hold time at 550C, which is consistent with the small degree of strelasa&ion in creep-
fatigue. The slight increase in hardness in the cfaggue microstructure over LCF is likely due
to the fine intragranular (~10-20 nm)Ms precipitates shown in Figure 4.9 (a).

Interestingly, the measured dislocation density afteeifatigue at 650 °C is greater
than that after LCF, despite having a lower peak stresstpriailure than the LCF test.
Additionally, more recovery is evident in the deformednastructures after creep-fatigue
testing at 650 °C, which indicates a lower dislocation tensihe creep-fatigue condition. The

reason for the greater measured dislocation densitysicondition may be due to additional
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peak broadening from coherency strains at the interfaeeeba the matrix and very fine MX
precipitates, which are shown in Figure 4.9 (b). Coheretnains can contribute to the peak
broadening because there are local regions where the fatameter deviates from the bulk of
the matrix, thus leading to a range of possible Bragg diffrg conditions [4.27], [4.28].
However, the hardness in the specimen tested in créigpeat 650 °C is not significantly
different than the LCF specimen tested at the semedrature, which indicates strength loss

from dislocation recovery is compensated by strengthenamg fine intragranular precipitates.
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Figure 4.10 (a) Estimated dislocation density and (b) Vickardness measurements and
standard deviations from the gage sections of LCF ang-da¢igue test specimens from he:
011594. The resulting dislocation density and hardness weategne both test conditions at
550 °C compared to 650 °C.

Dislocation density estimates and hardness measurefremtghe interrupted and failed
microstructures are shown in Figure 4.11. Dislocation deasi®50 °C follows approximately
the same trend as the peak stress versus cycle shdugune 4.2; peak dislocation density
occurs after 50 cycles, followed by a significant decreftee cyclic softening occurs. This
result supports dynamic recovery being partly responsiblinéoobserved cyclic softening
during creep-fatigue testing at 650 °C. At 550 °C, dislocatiensity is approximately the same
as 650 °C after 50 cycles and remains relatively unchamgtddailure. This result indicates that
the softening observed at 550 °C is due in larger part to lgoaindary damage rather than

microstructural recovery.
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Room temperature hardness results for the interrupgesiaee shown in Figure 4.11 (b)
At 550 °C, hardness increases significantly after 50 syghaich is a result of dynamic
precipitation of fine carbides intragranularly. At 650 &small decrease in hardness was
observed after reaching a maximum at 50 cycles. Hardnessidlioéscrease substantially
despite a decrease in dislocation density; carbide t@mmduring creep-fatigue offsets the
hardness decrease due to the decrease in dislocatioty.dénsse results, combined with the
microstructural characterization, support more significimamic recovery during creep-fatigue
testing at 650 °C compared to 550 °C. A summary of thecclgelhavior and corresponding

microstructural observations and measurements is provideabie 4.5.
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Figure 4.11 (a) Estimated dislocation density and (b) Vickardness measurements and
standard deviations from the gage sections of interrupésg €fatigue test specimens from
heat 011594.

4.7 Discussion
4.7.1 Microstructural Evolution and Mechanical Behavior

The LCF cyclic stress response (i.e. hardening or softenirg)stenitic stainless steels
depends on many factors including initial microstructurejteadiislocation interactigrstrain

amplitude, strain rate, temperature, and hold time. €paidening is due to increasing

dislocation interactions with obstacles such asradisocations, grain boundaries, and
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precipitates, and is common for well-annealed mateK@jslic softening is attributed to
recovery by dislocation annihilation and the formatibfow energy dislocation structures
(LEDS) such as persistent slip-bands (PSBs), walls/vedlls, or low angle subgrains [220 -
31]. At sub-creep temperatures (i.e. below ~@)4Mhe formation of LEDS requires extensive
cross-slip of screw dislocations, while at higher tempeest dislocation climb contributes
significantly to dynamic recovery and cyclic softening. $havior in materials where
deformation is accommodated by extensive cross-slip iscteized as wavy, and is typical for
materials with high stacking fault energy (SFE) whemigdadislocations can more readily
constrict to unit screw dislocations to cross-slip. Austenthinless steels, such as Type 316 and
304, are typically considered to deform by planar slip rati@er tvavy slip, which is attributed

to thar low SFE[7, 31]. However, high stresses in the vicinity of grain bouiledawhere
compatibility must be maintained, can induce cross-sliptl@dormation of LEDS in otherwise
planar slip materials [4.25]. Several investigations h&wesva that cyclic deformation of
suchalloys results in the formation of LEDS, such agmsaibs, which is associated with the
onset of cyclic softening [130]. Therefore, a transition from cyclic hardening to sofig
indicates a transition in slip behavior from planar to wad/the onset of recovery by cross-slip
and/or climb.

The cyclic stress behavior of Alloy 709 in LCF and credjaie is significantly different
at 550 and 650 °C, for a given strain range and strainwaieh results from different
deformation behavior at the two temperatures. Cycliesofg after initial cyclic hardening in
LCF at 650 °C indicates the onset of dynamic recolgrgross-slip and/or climb, and the
formation of LEDS. During LCF at 550 °C, only cyclic hardeniguwrs, due to primarily planar
deformation and a lack of recovery for the duration eftdst. Microstructural characterization
supports primarily planar deformation at 550 °C and theitiam$o wavy slip character by cell
and subgrain formation at 650 °C. Subgrains in the 650CE d¢ondition are observed adjacent
to grain boundaries, where the highest compatibility stressesxpected. Dislocation density
measurements further support dynamic recovery at 650 °C, wigeresulting dislocation
density is less than the LCF condition at 550 °C. Tthes|. CF cyclic stress behavior indicates a
transition to wavy slip behavior after initial cyclic hardenaigs50 °C, but not at 550 °C.

There are further differences in deformation behav&iween creep-fatigue tests at 550

and 65C°C, i.e. with the addition of the 30 min tensile dwell. Theep-fatigue cyclic behavior
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Table 4.5 Summary of Microstructural Characterizatioth @yiclic Behavior for Alloy 709

o Tensile Hold . : Microstructural and Fracture Observations and
Temperature (°C) . . Cyclic Behavior
Time (min) Measurements
Initial hardening (~200 cycles) Primarily planar deformation; continuous fine grair
550 0 followed by a slower rate of boundary MsCe; little intragranular precipitation;
hardening transgranular fracture
Initial hardening (~100 cycles) Planar deformation with cell and subgrain formatio
650 0 followed by a slower rate of near boundaries; grain boundary3Js; fine (~30 nm)
softening intragranular MsCs; transgranular fracture
Initial hardening (~400 cycles) to Primarily planar deformation; infrequent cellular /
maximum stress 14 pct greater th  subgrain structures; constant dislocation density a
550 30 in LCF followed by softening; little  increasing hardness after 50 cycles; fine continuot
stress relaxation; serrated flow tc  grain boundary Cs; fine (~20 nm) intragranular
~400 cycles M23Cs; intergranular fracture
In't'.al hardening (~50 cycles) to ¢ Significant subgrain formation; decreasing dislocati
maximum stress 5 pct lower than densi ) ;
LCF followed by a slower rate of ensity and hardness z?lfter 50 cycleg, coarse discr
650 30 grain boundary WkCe; fine (~50 nm) intragranular

softening; significant stress
relaxation; serrated flow to ~50
cycles

M23Cs and very fine (~8-10 nm) MX; mixed
transgranular and intergranular fracture
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at 650 °C is similar to the LCF behavior, except that tesition in deformation character from
planar to wavy slip occurs after a smaller number of sy@e shown by the earlier onset of
cyclic softening compared to LCF. A significant decreas#isiocation density after the
maximum peak stress at 50 cycles shows that the observedsofodining correlates with
recovery. After creep-fatigue failure, the subgrain densitygher, boundaries are more well-
defined, and subgrains extend further into the grains thdoe ihCF condition. Since the density
of subgrains in the creep-fatigue microstructure is sicpnitily greater than that observed in the
LCF microstructure, it is interpreted that the increaasgynamic recovery is a result of the
creep-strain during stress relaxation. Thereforerdlaxation strain rates at 650 °C, which are in
the range expected for creep deformation rather thamxmpédsticity, correspond to dislocation-
mediated creep deformation (i.e. climb and glide) rathem diffusion-mediated deformation
(i.e. Nabarro-Herring or Coble creep).

In creep-fatigue at 550 °C, a transition from cyclicdesning to softening occurs after
approximately 400 cycles, which was not observed in LCF. Haythie transition in the cyclic
stress behavior is not accompanied by significant subgraimaton or a decrease in dislocation
density or hardness, as confirmed by the measurementsniremmupted tests. The lack of
significant microstructural recovery at failure indicattest the cyclic softening at 550 °C is
primarily due to grain boundary cracking rather than disionamediated strain energy
minimization (i.e. cross-slip and/or climb). Additionaltyeep deformation during the tensile
hold is significantly smaller compared to 650 °C, as irtditdoy the narrow hysteresis loops and
the magnitude of stress relaxation. Thus, regardlesealreep mechanism at 550 °C, the small
amount of creep deformation is partly responsible follatle of microstructural recovery and
the sustained high tensile stresses at peak tensile strain

Elevated temperature deformation (planar or wavy) ineaitgt stainless steels is
affected by the presence of solute atoms [4.B2¢ presence of nitrogen is well-known to
enhance the planar nature of cyclic deformation atrimedrate temperatures and strain rates in
austenitic stainless steels, which is attributed to DSA sftbett prevent dislocation cross-slip
necessary for the formation of LEDS [4.8Hditionally, microstructural instabilities (i.e.
precipitate formation and dissolution) during elevatedpature testing from an initially

solution annealed condition may be responsible forgdgsm strengthening and deformation
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mechanisms in austenitic stainless steels. For exahiglerates of initial cyclic hardening have
been attributed to rapid intragranular precipitation during bB6¢ creep-fatigue in a high
temperature ultra-fine precipitate strengthened (HT-UPS) adleshich DSA does not occur and
cannot account for the hardening [4.30]. In creep-fatigue eURE, a transition from cyclic
hardening to softening occurs, which does not happen in LCF, attdlisited to precipitate
bypass by dislocation climb during the hold time. For systémat exhibit both DSA and
dynamic precipitation during testing, a delay and eventgap@earance of serrated flow occurs
and is accompanied by a change in deformation charatiedi$appearance of serrated flow is
attributed to dynamic precipitation, which depletes the s@obeentration in the vicinity of
mobile dislocations [33 - 35].

Serrated flow in the creep-fatigue hysteresis loops septeat both 550 and 650 °C for
Alloy 709, which indicates active DSA under these conditioasraBons in the hysteresis loops
disappear after approximately 50 cycles at 650 °C andadpoximately 400 cycles at 550 °C.
The disappearance of serrated flow correlates witlbniet of cyclic softening and the transition
in slip behavior from planar to wavy at 650 °C. Additionathg initial rate of cyclic hardening
is greater at 650 °C than 550 °C in both LCF and creiggafg which is attributed to a
difference in precipitate strengthening early in thé lhesween the two temperatures. After both
LCF and creep-fatigue, the volume fraction and sizeadbides at 650 °C are significantly
greater than at 550 °C, indicating faster nucleationgaodth at 650 °C. In creep-fatigue, the
intragranular carbides after testing at 550 °C (approximaf# h) are present in a similar size
and morphology to those in the 650 °C LCF conditioreadpproximately 12 h). The ACs
carbides in the 650 °C creep-fatigue microstructure argfisgntly coarser (~50 nm) than the
LCF condition and a uniform dispersion of fine (~10 nm) MiXhides are also present. A
significantly greater consumption of solute atoms infoinmation and growth of carbides at
650 °C is likely responsible for the disappearance o&tadrflow after approximately 50 creep-
fatigue cycles. The reduced DSA corresponds with enhanced tgridercross-slip and the
formation of LEDS. Significant MCs coarsening during cycling at 650 °C may also contribute
to the onset of cyclic softening simply due to a loss of gtheand easier dislocation bypass.
Slower precipitate nucleation at 550 °C is responsibla fdower rate of initial cyclic hardening
in LCF and creep-fatigue. The slower growth of the pitatigs at 550 °C results in cyclic

hardening for a longer duration than at 650 °C since tlesobncentration remains high
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enough to maintain strain-aging effects and the pretgsiteemain small enough to effectively
pin dislocations. Thus, the significantly higher tenstiesses achieved in creep-fatigue at

550 °C are attributed to prolonged DSA effects, finer precipitatind less creep deformation
compared to 650 °C. The higher tensile stresses resulbingthese factors are responsible for a
greater amount of intergranular damage and creep-fatiguestitiction at 550 °C compared to
650 °C.

4.7.2 Microstructural Evolution and Damage Formation During Creep-Fatigue

In most austenitic stainless steels and nickel alloys;rmp-fatigue life (with a tensile
dwell) is reduced compared to pure LCF, and is typically apemied by a shift in failure mode
from primarily transgranular to primarily intergranulaadture[7, 30, 36]. Intergranular damage
is generally characterized by grain boundary cavitatiomemlge cracking from grain boundary
sliding due to creep deformation processes (i.e. vacarfogioif). Several mechanisms for
creep cavity nucleation have been suggested including impargeof slip-bands on grain
boundaries leading to high stress concentrations, nucieatieecond phase particles at grain
boundaries, and nucleation at grain boundary triple pamesresult of grain boundary sliding
[4.7]. The mechanism for void nucleation from slip-bamgingement may be due to diffusional
flow of vacancies to a region of high tensile stress [{abarro-Herring or Coble creep)
Alternatively, the stress concentration at the gramnolary may be high enough to form a crack
nucleus without significant grain boundary or matrix diffungl flow. Grain boundary
precipitates are generally considered beneficial totresaep deformation by grain boundary
sliding, and thus prevent wedge cracking. However, stress doata@ms at the matrix/particle
interface can lead to void nucleation by decohesion fursitinal processes. Cyclic loading leads
to the growth and linkage of grain boundary cavitation damagehwesults in fewer numbers
of cycles to failure than in the absence of signifieaeep damage.

At both temperatures tested in this investigation, a sigmfidecrease in the number of
cycles to failure in creep-fatigue compared to LCF is agmamied by a change in fracture mode
from primarily transgranular to primarily intergranulars®0 °C and mixed
transgranular/intergranular at 650 °C. This result isssbent with a higher contribution of creep
damage (i.e. grain boundary damage) with the introducti@ntensile hold time. The amount of

inelastic creep deformation during the hold period is sicanitiy greater at 650 °C than at
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550 °C, which would indicate a greater amount of creep cantaamage at 650 °C. However,
the amount of grain boundary damage is significantly greatg850 °C, despite the small amount
of creep deformation. Therefore, it is hypothesized differences in microstructural evolution
(i.e. deformation structures, dislocation-solute intéoas, and precipitation) during creep-
fatigue testing at the two temperatures results in éffemechanisms for damage formation and
propagation.

The creep-fatigue life reduction in austenitic stainlesslstontaining nitrogen is
significantly greater compared to the same alloys withridrogen conten8, 9]. The shorter
creep-fatigue lives are attributed to enhanced slip planamityadack of dynamic recovery in
nitrogen-containing alloys, leading to high cyclic stressedange stress concentrations at grain
boundaries from slip-band impingement. In Alloy 709, DSA isafiitiactive at both 550 and
650 °C in creep-fatigue, indicating that the slip is prilpglanar. The disappearance of serrated
flow after the initial cyclic hardening at 650 °C, which igibtited to a reduction of the strain-
aging effect, is accompanied by the onset of cyclic smiteand dynamic recovery by
dislocation cross-slip and climb. Consumption of soaitens responsible for DSA is due to
inter- and intragranular carbide precipitation at 650T¥& formation of subgrains adjacent to
grain boundaries at 650 °C significantly reduces streseotrations from impinging slip bands
and therefore, reduces the driving force for damage foomatid propagation. Additionally, the
grain boundary precipitates coarsen relatively quickly=it °C, which reduces the interfacial
surface area and number of void nucleation sites.

At 550 °C, little recovery is observed in the creefigfae microstructure and serrated
flow and cyclic hardening continue up to approximately 400 cyclealtig in significantly
higher peak tensile stresses compared to 650 °C. Althoughateitude of stigsrelaxation is
small, which results in high stresses at grain boursléoiethe entire hold, the associated strain
rates are indicative of creep deformation. Additiondihye continuous grain boundary
precipitates provide a high density of potent void nucleatites. Thus, creep cavitation damage
is expected during the tensile holds at 550 °C, thoughntogiat is likely less compared to
650 °C. However, a higher density of grain boundary crackslate at 550 °C indicates that the
damage is not purely due to creep cavitation. Thus, it is hgpiatdd that at 550 °C the high
grain boundary stresses from impinging planar slip bandsdack of recovery are responsible

for the propagation of grain boundary cavities (formednat grain boundary precipitates),
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resulting in intergranular cracks extending over se\gnaih diametersThe differences in the
morphology of grain boundary cracks at the two temperafu@vides support for different
mechanisms of damage formation and propagation. Grain boesdaacks at 650 °C are
shorter with blunt crack tips compared to intergranularksrat 550 °C, which are significantly
longer with sharper crack tips. Long sharp cracks at 550diCaite less plasticity during crack
propagation, e.g. through void nucleation and coalescence.

4.8 Conclusions

1. During the tensile hold at 550 °C, sustained high stressel e a significantly higher
degree of grain boundary damage and a greater reductiosepkfatigue life (relative to
the LCF life) compared to creep-fatigue and LCF tests pertbah€50 °C. This result
indicates that extrapolation of creep-fatigue behaviodismffom accelerated testing at
elevated temperatures in this study is not indicatiMeveér temperature behavior. This
finding has implications in using accelerated testing tdipraervice behavior in
sodium-cooled nuclear reactors.

2. During creep-fatigue testing, a greater magnitude in steésssation was observed during
the tensile hold at 650 °C and corresponds to a higher defjtiese-dependent creep
deformation compared to 550 °C.

3. The disappearance of serrated yielding in the hystdoegis corresponds to the onset of
cyclic softening, a decrease in dislocation density, artthage in dislocation slip
behavior from primarily planar to wavy at 650 °C. This changgdip behavior at 650 °C
leads to the formation of LEDS (subgrains) through cslipsand climb, as the strain
aging effect on slip planarity is reduced.

4. Deformation structures and dislocation density measurenagticate that dynamic
recovery mechanisms, such as subgrain formation alwtati®n annihilation, are more
active at 650 °C than at 550 °C. Subgrain formation adjato grain boundaries at
650 °C reduces stress concentrations compared to impingirey glgmbands present at
550°C. Thus, there is a lower degree of grain boundary dantagelaf life at 650C
compared to 550 °C, where no significant recovery is obsgerv

5. Significant differences in microstructural evolution.(dgnamic precipitate nucleation

and growth) and the corresponding evolution in strengthenaahanisms have profound

80



effects on the cyclic hardening rate, maximum tensile sta@sisthe onset of cyclic
softening during LCF and creep-fatigue at 550 and 650 °C. A fadeeof precipitate
nucleation and coarsening at 650 °C from an initially andeadedition is responsible
for a higher initial rate of cyclic hardening, a reductionhaf solute strain aging effect,
and the onset of cyclic softening at a smaller numbeyoies than at 550 °C.

Grain boundary precipitation is finer and more continudies areep-fatigue testing at
550 °C compared to 650 °C. Since grain boundary precipitagméent void nucleation
sites during creep, a higher density of sites is availi&0 °C, which is partly
responsible for the increased grain boundary damage.

Variations in the homogeneity of the grain structurthetwo conditions evaluated in
this study does not have a significant impact on LCF agepefatigue behavior or cycli
life under the testing conditions used in this study.
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CHAPTER 5
MICROSTRUCTURE EVOLUTION OF ALLOY 709 DURING STATIC AGING AN
CREEP-FATIGUE TESTING

5.1 Introduction

Structural materials used in elevated temperature apphsasoch as fossil and nuclear
power plants, often undergo significant microstructural eiaiuduring long-term service
conditions. Alloy 709 is a candidate alloy for use in strtad components in Gen IV sodium
cooled fast spectrum nuclear reactors (FSRs) due to its iegbaryeep-resistance over current
code qualified structural alloys, Type 316 stainless steeGaade 91 [5.1]. Alloy 709 is a
20Cr-25Ni-1.5MoNb-N solid solution and precipitation strengthened austendialsss steel
developed by Nippon Steel for fossil boiler applicatiomglemented under ASME Code Case
2581 [5.2]. The improved creep properties of Alloy 709 are ataibtd fine Nb-containing
precipitates such as Z-phase (CrNbN) and MX (Nb(C,N)) g62%]. Mechanical properties of
precipitation strengthened austenitic stainless steelsiusieel power generation industry are
dependent on stability of the microstructure, specificailyformation, dissolution, and
coarsening of precipitates [5.6]. Therefore, understandingvibleation of microstructure and its
effects on mechanical properties is important for relidslg-term service design.

Precipitation simulations with CALPHAD (calculatioobphase diagrams) software,
such as Thermo-Calc® and TC-Prisma®, are often used to fpi@atieterm microstructural
evolution in materials subject to high-temperature serfc7]£5.10]. However, numerical
simulations should be validated experimentally in orderddyce reliable predictions.
Microstructural evolution of NF709 (similar composition tdo4l 709) has been investigated
during aging at 750 and 800 °C for times up to 10000 h [5.5]. Und&s@lesidual) precipitates
were present in the as-received solution annealed mateuiahg short-term aging (1-200 h),
M23Cs precipitated on grain boundaries and Z-phase precipitatedstmcations. During long-
term aging (2500-10000 h), the microstructure contareNi.SiX (MesX or kcarbide)
precipitates with similar morphology and location tes®%. Additionally, a higher volume
fraction of Z-phase was observed after long aging timb&h is suggested to be associated with

a decrease in the NbN (undissolved precipitates) comtenmt.
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The expected FSR service temperature is 550°C, whichnsicamtly lower than
temperatures where Alloy 709 has been employed previously [®&ra& initiatives are
underway to study the elevated temperature mechanical pespetich as creep and creep-
fatigue, at relevant service temperatures. Initial restitsv that the mechanical behavior
depends, in part, on the evolution of the microstructurmgltesting. Creep-fatigue behavior is
significantly different between 550 and 650 °C, which is beli¢gduk attributed to the
difference in evolution of the microstructure at thiéetlent temperatures [5.11]. Specifically,
M23Cs and MX carbides nucleate and grow significantly faster at 65@5@pared to 550 °C,
during low cycle fatigue (LCF) and creep-fatigue testing aftg&m annealed material. The
microstructural evolution leads to a change in deformdi@havior and damage mechanisms.
Therefore, the rapid evolution of strengthening mechanf{sm$recipitate and solid solution
strengthening) during accelerated laboratory testing may nefpbesentative of long-term
service behavior. Understanding the precipitation sequenddsirzetics over a range of
temperatures, including those expected during service, amdl@tien to mechanical properties
will allow for reliable extrapolation of laboratory test @&b long-term service conditions.

The volume fraction and size of precipitates are s&ang for determining the strength
contributions and deformation behavior at elevated temtypiess and to validate and optimize
parameters used in precipitation simulations. Howeveés cihallenging to determine volume
fractions and size distributions representative of thterial from the small volumes and local
regions examined through electron microscopy. Small asugigtering (SAS) with X-rays
(SAXS) or neutrons (SANS) may be used for more quantitatieacterization of nano-scale
precipitates in metallic systems, including size andme fraction, on a more global scale in the
bulk material [5.12}5.14]. For systems with small precipitate volume fiatt like steels, or
low atomic contrast (Z-contrast), SANS is generally mmeful than SAXS. In order to
determine size, size distribution, and volume fractibthe precipitates, the raw scattering data
is fit to a model with a known form factor and contrassdattering length densities (SLD)
between the precipitates and the matrix. The formewrielated with the precipitate morphology
and the latter with chemical compositions. Both thenffactor and SLD contrast are known a
priori, typically determined from electron microscopgtteiques. Thus, SANS is a
complementary technique, along with electron microscfmpya more complete precipitate

characterization.
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The objective of this study is to gain an understandingefiticrostructural evolution in
Alloy 709 at temperatures relevant to service (550 °C) arelexated laboratory testing (up to
750°C) and at relatively short aging times (1 to 1000 h), reteteacreep and creep-fatigue test
durations. Samples from LCF and creep-fatigue tests ctewlat 550 and 650°C are
characterized after failure and during several interruptedvials, and compared to static aged
(i.e.no load) solution annealed material. A comparison oftleeostructures from static aging
and from accelerated high temperature testing provides ardeggerstanding of the influence
of fatigue and creep-fatigue deformation on precipitatéeation, morphology, and volume
fraction. Finally, numerical precipitation simulaticgni® compared to experimental
characterization of precipitates in the static ageteri@d using transmission electron microscopy
(TEM) and SANS techniques. The results of this study prowisight into how the
microstructural evolution during accelerated laboratorigdat testing differs from that during
static aging, which is more representative of long-tezriise exposurei.e. lower temperatures
and slower accumulation of deformation). Expected diffegs in creep-fatigue performance of
Alloy 709 between accelerated testing and long-term serkgcdiscussed with respect to the

differences in precipitation during testing and statiogg

5.2 Materials and Methods

5.2.1 Materials and Aging Conditions

The material used for all static aging conditions is thvestigation is from a laboratory
produced heat of Alloy 709, labeled heat 011593, with the chenanglasition given in Table
5.1. The LCF and creep-fatigue tests conducted to failurefreaneheat 011593. Specimens for
interrupted creep-fatigue tests were produced from heat 011594 slitihtly higher content of
both C and N, as shown in Table 5.1. Both heats were prddiyceacuum induction melting
(VIM) and electro-slag remelting (ESR), followed by hotgiog and hot rolling, solution
annealing at 1100 °C for 1 h, and water quenching. The regplabtes were nominally 25.4 mm
thick.

The as-received solution annealed (SA) alloy was isothgraged in a furnace under
no load {.e. static aging). The static aging was conducted at 550, 650, arfeC#60 1, 10, 100,
500, and 1000 h (and 2500 h at 650 °C only). For microstructural csmpé#o the static aged

conditions, samples were taken from the gage sectidiS®and creep-fatigue test specimens
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tested at 550 and 650 °C, as described in a previous study [Bath]LCF and creep-fatigue
tests were conducted to failure at each temperature, ancetefatigue tests were interrupted
at various cycle intervals.

The static aged samples (~10 x 10 mm) for SANS analysism&chanically polished to
approximately 350 pum thick to minimize multiple scattering. (nore than a single scattering
event per neutron). The LCF and creep-fatigue samples (nn. diameter) were cut from the
gage section, transverse to the loading direction, andedflito 350 pm.

Specimens for TEM analysis were mechanically polished gompunched into 3 mm
disks, and electro-polished according to the procedure dedan a previous study [5.11]

Table 5.1 Composition of Experimental Heats 011593 and 011594 of A)®ywt pct)
HeatID C Mn Si Ni Cr Mo Ti Nb N S P B

011593 0.073 0.90 0.39 2498 19.84 151 <0.01 0.25 0.13 0.0008 <0.005 0.004
011594 0.078 0.90 0.39 25.01 19.89 1.51 <0.01 0.25 0.14 0.0006 <0.005 0.0037

5.2.2 Electron Microscopy

Carbide and nitride precipitates were studied using scanningoglextd transmission
electron microscopy (SEM and TEM, respectively). A JEXODO Field Emission Scanning
Electron Microscope (FESEM) was used for low magnificatjoalitative characterization of
the as-received and the aged microstructures using sartgiled aith Aqua Regia for 90 sec
Energy dispersive spectroscopy (EDS) was used in the FESErfu-quantitative analysis of
precipitate chemistry. The crystallographic featuresre€ipitates were further characterized
using selected area electron diffraction patterns (SAED& Philips® CM12 or FEI® Talos
F200X TEM, operating at 120 and 200 kV, respectively.

M23Cs, MX, and Z-phase can be distinguished from one anotherelyuhique
diffraction patterns and specific orientation relasioips (OR) with the matrix. BCs and MX
both have an FCC crystal structure (space gfouf) with the same cubis-cube OR with the
austenite. However, the lattice parameter @@ is approximately three times greater
(10.57-10.68 A) than that of austenite (3.599 A), whereaMdattice parameter (4.24-4.47 R)
is larger than that of austenite, resulting in signiftbadifferent diffraction patterns [5.6]. Z-
phase (CrNbN) is a complex nitride with a tetragonal efygttucture (space grolgd/nmn),
with a = 3.037 A and = 7.391A [5.15]. The OR of Z-phase with austenite is (3]1Q01)
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[ $]7/|[100],[5.16]. Simulated SAEDP of each phase in austenite are siokigure 5.1 down
a [001] zone axis (ZA) in the austenite matrix. It shoulechdsked that three variants for Z-phase
are shown in Figure 5.1 (c). The FCC precipitates aiy &sracterized down any zone axis.

When multiple variants are present, Z-phase is disishgd from MX in a 2-beam condition

whereg= . All SAEDP shown in this study for Z-phase are takemis 2-beam condition.
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Figure 5.1 Simulated selected area electron diffractittenms (SAEDP) of (a) MCs, (b)
MX, and (c) Z-phase oriented down a [001] zone axis (ZAusianite.

5.2.3 Small Angle Neutron Scattering

Small angle neutron scattering (SANS) was used to charadtieeiz®lume fraction and
size distribution of precipitates in static aged saspled in samples from gage sections of LCF
and creep-fatigue tests. Two different SANS instrumentskkaufb.17] and Bilby [5.18], at the

Australian Nuclear Science and Technology Organisation (AySilere used in this
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experiment. For the measurements on the tifriight instrument Bilby, a pulsed neutron beam
with wavelengths of 4-18 A was used and the scattering datacokeeted in a Q-range of
approximately 0.0015 to 0.5A Q is the scattering vector defined by

Ve
3 L—éOEJé 51

where is the scattering angle. For the measurements ondheahromatic SANS instrument,
Quokka, a neutron beam with a wavelength of 5 A and thrapledo-detector distances of 2, 8
and 20 m were used. These configurations gave the scattering da@arange of approximately
0.003 to 0.4 A. The reduced SANS data were corrected on an absolute gaalstahe direct
beam intensity.

Due to the similarity in neutron SLD between the matrix (X118 A?) and Nb(C,N)
(7.83x10P A?)and Z-phase (CrNbN) (5.86x2®2), and the low volume fractions of these
phases, these precipitates could not be reliably chamedarsing SANS. However, the SLD of
M23Cs (4.40%x10° A?) results in a large enough contrast to be easily disshgdifrom the
matrix using SANS. Additionally, the larger volume fractiaridvi23Cs, compared to the fine
MX and Z-phase, allowed for characterization of volunaetion and size using SANS. The
composition of M3sCs used in the SANS analysis was determined from Thermo-Calb® to
(Cro.eMoo.119e.073Ni0.01)23Cs. The fitting was done assuming a Gaussian particle size
distribution and no inter-particle scattering. The sciageintensity from the solution annealed
(SA) sample assumed a constant structural background @drtlaé aged conditions; thus, the
raw SA data was subtracted from all conditions priorttmd. The subtracted intensitid$Q),

were fitted to the following equation:

1
+:3; L:£é+ B4; 84; (348 @4 5.2
4
where 4 Us the difference in the SLD of the precipitate areriatrix,f(R) is the precipitate
particle size distribution function (approximated by a Gams&inction here)F(Q,R) is the
form factor of the precipitate particleg(R) is the volume of the precipitate particle with a

radius ofR, and ) p is the precipitate volume fraction.
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5.2.4 Simulations

Equilibrium second phases in Alloy 709 at temperatures ranging 300 to 1300 °C, as
predicted by Thermo-Calc®, include MX,8Cs, CrN, Z-phase, Sigma, and Laves. Sigma and
Laves intermetallic phases do not form until long agimgs in NF709, and are not expected
during the relatively short times of this study (up to 1000 h) heuamore, CiN is rarely reported
in stabilized austenitic stainless steels and has notdiesemved in NF709 [5.6], [5.7]
Therefore, only MX, MsCs, and Z-phase were included in the precipitation modeling.

The as-received microstructure contains a significant atafuvixX ((Nb, Ti)(C,N)),
which formed during casting and subsequent thermo-mechg@narzssing, as discussed
elsewhere [5.11]. Therefore, the composition of thigl sallution used in precipitation
simulations was adjusted to reflect the elements iniegiprecipitates. For these simulations,
the Nb, Ti, C, and N in the carbo-nitrides present iraeceived microstructure were removed
from the matrix composition by assuming an equilibriurturee fraction of MX precipitates at
the annealing temperature of 1100 °C, which is 0.37 pct. Thenpism of an equilibrium
volume fraction of MX is justified with kinetic simulians by Shimet al.[5.7] who showed that
MX formed at short times during solution annealing at 1200 Wpaecipitation was nearly
complete by the end of the 1 h treatment. The modifiattixncompositioni(e. without the
solute content in MX precipitates) was used in this stuaistinate equilibrium volume
fractions of MsCsand Z-phase (CrNbN) upon thermal aging of the as-receecbstructure at
the temperatures of interest in this study (550 to 750 °C).

TC-Prisma® simulates the nucleation and growth of pretgstasing a Larger-Schwartz
approach and thermodynamic data from Thermo-Calc® datmbdetmiled elsewhere [5.9],
[5.10]. Two important factors are needed to determine critéchlis for nucleation: the number
of nucleation sites and the interfacial energy of ipretes. The number of nucleation sites in
the model was calculated by assuming an initial grainagis® pum and a dislocation density of
10" m2, An interfacial energy of 0.Bn? for M23sCs was used for TC-Prisma® calculations,
based on the results of a previous study [5.9]. The adifenergy for Z-phase used in this
study was determined from the available databases. Kinetippation simulations were
performed at 550, 650, and 750 °C, assumingyinucleates on grain boundaries and Z-phase
nucleates on dislocations, based on a previous aging stidy76P [5.5]. The thermodynamic

and mobility databases used were TCFE7 and MOBFEA4, respectively

91



5.3 Characterization of Precipitates Using SEM and TEM Results

5.3.1 Solution Annealed Microstructure

The microstructure after solution annealing (1100 °C, $ Bhown in the SEM
micrographs in Figure 5.2. Coarse undissolved (residual) Nb@g\bserved in stringers
along the rolling direction and are presumably formed duwiigi§cation. Additionally, a
relatively uniform distribution of fine (~100-200 nm) spheridé(C,N) are present on grain
boundaries and within the grains. Since MX is an equilibfnase at the solution annealing
temperature (1100 °C), these finer precipitates likely fduning the 1 h annealing treatment.
Residual Nb(C,N) has been reported in the solution arthealedition of NF709 [5.5].

(@ (b)

Figure 5.2SEM micrographs of the solution annealed (SA) microstrucbfirslloy 709
showing (a) coarse Nb(C,N) stringers along the rollingctiva (RD) and (b) fine
(~100-200 nm) Nb(C,N) on grain boundaries and within grains.

5.3.2 Static Aging

Figure 5.3 shows a BF TEM image of a sample aged at 550 XD@® h; the only
precipitates present are the Nb(C,N) that formed duringisnlanhnealing. After 1000 h, #Cs

is present occasionally as fine particles (~50 nm diametegyain boundaries, as shown in
Figure 5.3 (b).
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(a) (b)
Figure 5.3 BF TEM micrographs after aging at 550 °C for 100tbtvig (a) no additional
intragranular precipitation other than residual Nb(GNJ (b) fine MsCs on a grain
boundary.

After aging at 650 °C for only 10 h, NCs is present on grain boundaries and
occasionally on incoherent twin boundaries. After 500 668t°C, M23Cs is present
intragranularly around pre-existing MX, often growing wittod-tike morphology as shown in
Figure 5.4 (a). Nucleation of 3Cs on MX particles has been reported previously for NF709
[5.5]. The rod-like morphology of B4Cs is common in austenitic steels and is explained by
cuboidal particles that nucleate on misfit dislocatidosming long chains, often with branches
[5.6]. The rods of MsCsafter 500 h at 650 °C are approximately 60 nm in diameter and up to
1-2 Bnin length. In addition to MCs, fine MX patrticles (~5-10 nm diameter) decorate
dislocations in this condition, as shown in Figure 5.4 Thg fine MX precipitates are revealed
by the closely spaced Moiré fring&he extra reflections shown in the SAEDP in Figure 5.4 (c)
are the (002) reflections of the MX precipitates in Figure(b). Coarse globular grain boundary
M23Cs particles and plate-like incoherent twin boundary®4 precipitates are shown in Figure
5.4 (d) and (e), respectively. After 1000 h at 650 °C, Z-pHaserates dislocations, as shown in
Figure 5.5 (a) with the corresponding SAEDP in Figure 5.5 (@sty the (¢ ) and (003)
reflections of Z-phase. This result indicates that tvBasforms into Z-phase in Alloy 709 after
sufficient time at temperature, as suggested in thatlitex [5.6]. Note that the Z-phase particles
are approximately the same size after 1000 h as the MK530 h. The MkCsrods are
approximately the same size after 1000 h as they aresafid.
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(e)
Figure 5.4 BF TEM micrographs after aging at 650 °C for 50folweg (a) typical
intragranular MsCs precipitates growing off of a residual Nb(C,N) partici®, \(ery fine MX
precipitates on dislocations with SAEDP in (c), (d) glabgrain boundary &Cs
precipitates, and (e) plate-likeoCs precipitates on an incoherent twin boundary.
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(b)

Figure 5.5 BF TEM micrographs after aging at 650 °C for 100tbivmg (a) very fine Z-
phase decorating dislocations and (b) SAEDP showdng) @nd (003) reflections from the
precipitates.

Significant Mk3Cs precipitation occurs on grain boundaries after onlyat 760 °C and
on incoherent twin boundaries after 10 h. After 100 T6& °C, intragranular rod-like pCs
particles and fine Z-phase particles are observed,cagnsin Figure 5.6. The B4Cs rods in this
condition are between approximately 100-175 nm in diametet-@nén in length. Z-phase,
which forms during aging at 75 for 100 h, has a larger aspect ratio than aging at 630r°C
up to 1000 h. Z-phase coarsens into rods with a diametdiOofim and an aspect ratio of
approximately two. The grain and twin boundary precipitabesvn in Figure 5.4 (c) and (d)
after 500 h at 650 °C are approximately representativenaf i8 observed after 100 h at 750 °C.
After 1000 h at 750 °C, the rod-like morphology of Z-phasease apparent, as shown in the
BF and DF TEM micrograph pair in Figure 5.7. The diameténe Z-phase rods are ~20 nm
after 1000 h. The MCs rods are approximately the same size after 1000 h as thie 100

condition.
5.3.3 LCF and Creep-Fatigue Microstructures

The morphology of intragranular precipitates and thistribution after elevated
temperature LCF and creep-fatigue testing is drasticdfigrent compared to the
microstructures after static aging at the same tempesatAdditionally, dynamic precipitation

of intragranular carbides and nitrides on a relatively kigihsity of dislocations, occurs faster
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(©)
Figure 5.6 BF TEM micrographs after aging at 750 °C for 10@okveg intragranular (a) rod
like M23Cs and fine Z-phase decorating dislocations, which are sladwigher magnification
in (b) with corresponding SAEDP in (c).

compared to static aging. The precipitates formed duringdr@Fcreep-fatigue testing at 550
and 650 °C are described in detail in a previous study [F-idijre 5.8 (a) shows a relatively
uniform distribution of individual cuboidal B4Cs carbides (~50 nm) after creep-fatigue testing at
650 °C for approximately 500 hé. after failure). Additionally, a distribution of fine MX

(~5-10 nm) exists on dislocations and in the matrix, shawmngher magnification in Figure

5.8 (b). MX is assumed to nucleate on dislocations [Fl@refore, MX particles in the matrix
indicate that dislocations bypass the patrticles by a almbhanism. Although the morphology

of the intragranular I¥Cs carbides in the static aged conditiae.(chains of cuboidal
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precipitates) is significantly different than aftatifjue testingi(e. individual cuboidal
precipitates), it should be noted that the grain boynpligcipitate morphology is not
significantly different between the aging and fatigue daos.

The experimentally determined phases and morphologiesrafiranular precipitates are
summarized in Table 5.2 for static aging, LCF, andpfatigue conditions.

(b)
Figure 5.7 (a) BF and (b) DF TEM micrographs (using 002 and O@gtiehs) of Z-phase
rods on a dislocation after aging at 750 °C for 1800

5.4 Small Angle Neutron Scattering Results

5.4.1 Static Aging

The raw scattering data, which is displayed as intensityug scattering vecta®, for all
static aged conditions is shown in Figure 5.9. All of the daown is from the Bilby instrument,
except for the conditions aged for 1000 h at 650 and 750 °C, wiacihom the Quokka
instrument which has a slightly small@frange. The SA condition is included for comparison at
each aging temperature. Increased scattering intengttloer SA condition indicates the
presence of precipitates. At 550 °C, the scattering prisfilelatively unchanged until 2000 h,
indicating no significant precipitation up to that point. Bhight increase in scattering after
1000 h, compared to the SA condition, indicates some [aan; although the volume

fraction and size distribution could not be confided#yermined from the data. At 650 °C, there
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(b)
Figure 5.8 BF TEM micrographs of cuboidal (a)}ss and (b) MX precipitates after creep-
fatigue failure at 650 °C.

Table 5.2 Summary of Experimentally Observed Intragranular Pitetgs

Temperature Agl_ng Precipitate Morphology and Approximate Size
(°C) Condition and Location (nm)
Time (h)
550 Static; 1000 Only residual Nb(C,N) Res'd“;‘gg"x' 100-
Chains of cuboidal MCs adjacent M23Ce: 50-100 X
650 Static; 500 to residual Nb(C,N); cuboidal MX 1000-2000;
on dislocations MX: 5-10
Chains of cuboidal MCs adjacent M23Ce: 50-100 X
650 Static; 1000 to residual Nb(C,N); cuboidal Z- 1000-2000;
phase on dislocations Z-phase: 5-10
Chains of cuboidal MCs adjacent M23Ce: 100-175 X
750 Static; 100  to residual Nb(C,N); rod Z-phase ¢ 1000-2000; Z-phase:
dislocations 10 x 20
Chains of cuboidal MCs adjacent M23Ce: 100-175 X
750 Static; 1000 to residual Nb(C,N); rod Z-phase ¢ 1000-2000; Z-phase:
dislocations 20 x 40
550 LCF; ~28 Cuboidal M3Cson dislocations M23Cs: <10
550 CF; ~450 Cuboidal M3Cson dislocations M23Cs: 10-20
650 LCF; ~12 Cuboidal M3Cson dislocations M23Cs: 20
) Cuboidal M3Csand MX on M23Cs: 50;
650 CF; ~500 dislocations MX: 5-10

Low cycle fatigue (LCF); Creep-fatigue with 30 min tensitdd (CF)
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is a slight increase in scattering over the SA coowlitifter 10 h, which indicates some
precipitation. However, significant precipitation does aotur until 100 h at 650 °C, at which
point the increased scattering over the SA condismsufficient to quantify the precipitate
volume fraction and size. At times longer than 50thé,Scattering is relatively unchanged,
which indicates no further precipitation after that tide 750 °C, significant precipitation
occurs after only 1 h and is approximately complete afdérh. All conditions, except 1000 h at
650 and 750 °C, were scanned on both instruments with good a&gtelestween them.

The individual aging conditions were fit using two differemadels: one for the boundary
(grain and twin) MzCs and one for the intragranular.iCs particles. The grain and twin
boundary precipitates were characterized assuming an @ligisape for both according to the
TEM micrographs shown in Figure 5.4 (d) and (e). In redlitg,twin boundary particles have a
plate morphology, but the ellipsoid model was applied to thesgpitates for simplicity. The
aspect ratio of the ellipsoid did not have a significffect on the results, so it was fixed at a
value of 2 for all conditions. Thus, the size and voldraetion of the boundary precipitates is an
average of both grain and twin boundary particles. Tmagranular precipitates were
characterized using a cylinder model based on the morphofage chains of cuboidal
precipitates shown in Figure 5.4 (a) and Figure 5.6 (a). Althdig8s rods were observed up
to 1-2 Bn in length, the observation limit using SANS is approxityed®0 nm. Therefore, the
cylinder length in the model was fixed to 500 nm for all coods.

The resulting precipitate sizes and volume fractiong&eh of the static aged conditions
are summarized in Table 5.3. The total volume fractimwh@ecipitate sizes are generally greater
at 750°C than at 650 °C for a given aging time. For example tokal volume fraction of MCs
is approximately the same after 500 h at 650 °C and after &D@30 °C. For most aging times,
the intragranular volume fraction is greater at 750 6@pmared to 650 °C. However, it is
interesting to note that the measured intragranular wlvaction is slightly greater at 650 °C
than at 750 °C after 500 h. It is also worth noting thaesienated volume fraction of grain
boundary (ellipsoid) carbides is greater than the intra¢aafcylindrical) carbides at 750 °C for
all aging times, but the opposite is true at 650 °C &fderh.
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Figure 5.9 Raw SANS data presented as intensity versus theoat of scattering vector for
conditions static aged at (a) 550 °C, (b) 650 °C, and (cy€50r 1, 10, 100, 500, and 1000
compared to the SA condition (aged 0 h). (b) also incladesndition aged at 2500 h.
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Table 5.3 Summary of Average Size and Volume Fractione€MPrecipitates in Static
Aged Samples from SANS Analysis

, Boundary Bognda_lry Intragranular Intragranular
Temperature Aging Ellipsoid Ellipsoid Cylinder Cylinder  Total Vol.

5 Time : Vol. . Vol. Fraction
(°C) Radius . Radius, :

(h) (nm) Fraction Length (nm) Fraction (pct)

(pct) (pct)

1, 10,

100,
550 500 - 0 - 0 0

1000
650 1,10 - 0 - 0 0
650 100 36.0 0.20 10.0, 500 0.16 0.36
650 500 68.0 0.32 22.0, 500 0.55 0.87
650 1000 76.0 0.49 24.0, 500 0.52 1.01
650 2500 80.0 0.44 30.0, 500 0.56 1.00
750 1 21.4 0.09 - 0 0.09
750 10 61.0 0.37 19.0, 500 0.29 0.66
750 100 76.6 0.56 20.0, 500 0.31 0.87
750 500 82.1 0.55 25.5, 500 0.45 1.00
750 1000 79.0 0.62 33.6, 500 0.6 1.22

5.4.2 LCF and Creep-Fatigue

The raw scattering data for the LCF and creep-fatigueittomsi are shown in Figure
5.10 compared to the failed creep-fatigue conditions atteagberature. The increase in
scattering intensity compared to the SA conditions icadles indicates significant precipitation
during even the relatively short LCF tests (~28 h at 550ntC-d40 h at 650 °C). Note that the
scattering of the 650 °C LCF condition is similar to 58 °C creep-fatigue condition, which
was at temperature for ~490 h longer, indicating similaripitation in a much shorter time at
650 °C (Figure 5.10 (a)). In Figure 5.10 (b), the neutron stajtdata from the creep-fatigue
tests performed at 550 °C and interrupted at 50, 400, and 6@3 eyel compared to the test
conducted to failure (~888 cycles). Significant precipitatioesdwoot occur during creep-fatigue
at 550 °C until between 50 and 400 cycles (~25 and 200 h, respéctiméfjgure 5.10 (c), the
raw scattering data from the creep-fatigue tests perfoain®80 °C and interrupted at 25, 50,
and 400 cycles are compared to the test conducted to failure (e1€1@6). Significant
precipitation occurs after 25 cycles (~12.5 h) at 650 °Graordases with number of cycles until
400 cycles (~300 h). Note that for creep-fatigue tests at3&fitand 650 °C, the scattering
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(@) (b)

(c)
Figure 5.10 Raw SANS data for (a) failed LCF and creep-fatiguaittmms at 550 and
650 °C, (b) creep-fatigue tests interrupted at 50, 400, andy@ls at 550 °C, and (c) creep
fatigue tests interrupted at 25, 50, and 400 cycles at 650 °@ndk(c) also include failed
creep-fatigue samples at the respective temperaturesh wire both approximately 1000
cycles. The data in the SA condition is also incluaeg@)-(c) for comparison.
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intensity (and precipitate volume fraction) is lowefaalure than for the longest interrupted tests
(600 cycles at 550 °C, 400 cycles at 650 °C). This resultatels that the slightly higher C
concentration in heat 011594 used in the interrupted testbsré higher volume fractions of
carbides at shorter times.

The models used to fit the data from LCF and creep-fatggte were based on the
precipitate morphology observed with electron micrpgcd he intragranular MCs precipitates
in the fatigue conditions are individual cuboids, rathantrod shapes from cuboids chained
together in the static aged condition. Therefore, a shbpe model is used rather than the
cylinder model for the intragranular precipitates inalged condition. However, the grain and
twin boundary precipitate morphology is not significamtifferent than in the static aged
condition; thus, the same ellipsoid model is used for baynutacipitates.

The resulting precipitate sizes and volume fractionshfie LCF and creep-fatigue
conditions are summarized in Table 5.4. At both temperajtine volume fractions of
intragranular carbides are greater than the grain bourndarsne fractions in all conditions.
Additionally, the total precipitate volume fractions aizks are significantly greater at 650 °C
compared to 550 °C for similar testing times. The avenatgagranular precipitate sizes after
LCF and creep-fatigue failure, determined from the SANS datagspond well with the sizes
reported in a previous study based on TEM measurements [BdatHxample, the cube radii
reported from TEM analysis for the failed 550 and 86@reep-fatigue tests are ~5-10 and
~25 nm, respectively. The corresponding radii determined bySSiARhis study are 4.7 and
22.3 nm.

5.5 Thermodynamic and Kinetic Simulations Results

The equilibrium phase fractions from the full compositand the modified matrix
composition are summarized in Table 5.5 from 550 to 750 °G: thiat MX is not an
equilibrium phase below ~980 °C. The volume fraction ei®dis not affected significantly by
the presence of residual Nb(C,N) from solution annealing. Meryvéhe equilibrium fraction of
Z-phase is approximately an order of magnitude smaller whwaplete Nb(C,N) precipitation is
assumed at the annealing temperature of 1100 °C. The mafsthieskinetic precipitation
simulations are showm Figure 5.11, which is a partial time-temperature-precipmafior P)

diagram for M3Cs and Z-phase between 550 and 750 °C. The contours in the feguresent
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Table 5.4 Summary of Size and Volume Fractions efd¥IPrecipitates in LCF and Creep-Fatigue Samples frodSSAnalysis

Temperature Test andition Bognda}ry Boun_dary Intra_granulfar Intrag_ranular Total \_/ol.
(°C) (condition, Ellipsoid Ellipsoid Vol. Cuboid Radius Cuboid Vol. Fraction
cycles, h) Radius (nm) Fraction (pct) (nm) Fraction (pct) (pct)
550 LCF, 4964, 28 19.5 0.02 3.7 0.11 0.13
650 LCF, 1883, 10 31.0 0.08 8.1 0.20 0.28
550 CF, 50, 25 - 0 - 0 0
550 CF, 400, 200 30.0 0.06 4.3 0.24 0.30
550 CF, 600, 300 36.0 0.07 5.3 0.36 0.43
550 CF, 888, 450 27.6 0.09 4.7 0.16 0.25
650 CF, 25,125 25.3 0.05 7.7 0.07 0.12
650 CF, 50, 25 32.0 0.10 11.5 0.22 0.32
650 CF, 400, 200 32.0 0.27 17.0 0.70 0.97
650 CF, 1063, 500 46.7 0.40 22.3 0.40 0.80

Table 5.5 Summary of Equilibrium Precipitate Volume Hoangt

Temperature (°C) Composition M23Cs (VOl. pct) Z-Phase (vol. pct)
550 - 750 Full +No residual MX 1.73-1.69 0.460 - 0.468
550 - 750 Modified +With 0.37 vol. pct residual MX 1.40-1.36 0.062 - 0.049
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10, 50, and 90 pct of the equilibrium volume fraction ef todified matrix composition. p4Ce
nucleates and grows relatively quickly compared to Z-phase, whadnsistent with the
literature [5.5], [5.6]. At 750 °C, MCs reaches 90 pct of the equilibrium volume fraction after
only 130 h, compared to 2700 h at 550 °C. Z-phase reaches 90tpetenfuilibrium volume
fraction after 200 h at 750 °C and greater than 9000 h atG5bhe simulated precipitation
results indicate the relative stability of Alloy 709 at 580 which is the expected service

temperature for FSRs.

Figure 5.11 Predicted time-temperature-precipitation (TT&)rdim for MsCs and Z-Phase
from 550 to 750 °C. The contours represent 10, 50, and 90 et efuilibrium volume
fraction at the respective temperatures.

5.6 Discussion

5.6.1 Static and Dynamic Precipitation

The intragranular carbides that form during LCF testimgsagnificantly different in both
morphology and volume fraction compared to those thaiptate during static isothermal
aging. Specifically, dynamic precipitation results in latreely uniform distribution of fine
cuboidal M3Cs particles, while static aging results in long chains obaldd particles.
Furthermore, the volume fraction of intragranular griéates is generally greater at shorter
times in the LCF and creep-fatigue microstructures comgarte static aged conditions for the
same temperatures. The difference in volume fract&wéen static aging and fatigue testing is

especially apparent at 550 °C, where no significant pretgitaccurs after 1000 h of static
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aging, but a significant volume fraction of fine carbides present after the approximately 200
of creep-fatigue testing (400 cycles).

There are several factors that contribute to the diffssg in dynamic and static
precipitation including the number of nucleation sities (islocations) and corresponding
enhanced solute mobility due to pipe diffusion and a higher egcamcentration from
deformation. Since MCs nucleates on dislocations and particle interfacessigmaficant
increase in dislocation density during fatigue increasesuhw#er of sites for carbide
nucleation. The increase in dislocation density améney concentration also contributes to
enhanced solute diffusion for nucleation and growth of pitetgs. Additionally, the presence of
serrated yielding during LCF and creep-fatigue testing aab8650 °C indicates dynamic
strain aging (DSA) under these conditions [5.133A is attributed to solute atmospheres that
form on arrested dislocations and impart a dragging ford¢beodislocations once they are
mobile. Solute atmospheres around dislocations represecdlancrease in solute concentration
[5.19], which increases the driving force for precipitate rat@@. DSA in austenitic stainless
steels, including Alloy 709, is attributed to both intersti@@land N) and substitutionag.g.Cr)
atoms [5.20], [5.21]. Therefore, the high local soluteceotration at dislocations due to DSA
and the large number of nucleation sities. (lislocations) created during LCF are responsible for
the higher volume fraction and particle density in theyfetispecimens compared to the static

aged material.
5.6.2 Effect of Microstructure Evolution on Mechanical Properties

The differences in precipitate morphology and voluraetfon between static and
dynamic aging have a significant effect on the strengthenexhanisms and deformation
behavior during accelerated testing and long-term servicgitions. Particle strengthening for
non-shearable precipitates.@.carbides and nitrides) can be estimated by either an Orowan
bowing mechanism or a threshold stress at temperatures discation climb occurs [5.22]
In either estimation, the increase in shear stresgalprecipitates is inversely related to the

mean particle spacing? given by
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wherer is the particle radius (assuming a sphere) gnslthe volume fraction. An increase in

particle size for a given volume fraction resultgismaller increase in strength. Additionally, a
smaller volume fraction for a given size has the saffeet on strength. Therefore, the smaller
size of carbides produced during LCF and creep-fatigue provideategistrength increase
compared to the coarse chains of carbides in the staticcagelition, even though the volume
fractions are comparable. For example, the differamstrength between static and dynamic
precipitation of MsCs carbides is estimated at 650 °C for similar aging timesthe 500 h static
aged condition and the failed creep-fatigue condition (~508Itfjough the diameter of the
carbide chains is not significantly different than theviatial cuboids in the creep-fatigue
condition, the volume of a typical carbide chain iarhetwo orders of magnitude larger than the
individual cuboids. The effective radius for a chain,chihs the radius of a sphere with the same
volume of a cylindrical chain, is ~89 nm or ~3.75 times lathan the radius of the individual
precipitates (~24 nm). Therefore, the strength increase ihdividual precipitates at 650 °C in
the creep-fatigue condition is estimated to be nearlytimes greater than from the coarse
chains of carbides that form after static aging at simeestime and temperature.

The difference in volume fraction of precipitated cdesi and nitrides between static and
dynamic aging also has a significant influence on solidtiewl strengthening at elevated
temperatures. Solute atmospheres form around dislocaticisvated temperatures and impose
a dragging stress on both gliding and climbing dislocationsdidgging stress from solutes has
been shown to be directly proportional to the solute adraon in the alloy and to the size
misfit of the solute atoms with the matrix atoms sqdd®e23]. The relatively large size misfit of
C and N in austenite provide significant strength increasegiteleslatively small
concentrations (compared to substitutional atoms) [%24]7]. Furthermore, interstitial solutes
have a significant effect on the constriction enexfypartial dislocations in FCC alloys, which
acts to inhibit dislocation cross-slip, thus promoting plafiprand high rates of strain-hardening
[5.19], [5.26], [5.28], [5.29]. Hence, the strain-hardening behasialso associated with
interstitial solute concentration. Precipitationcafbides and nitrides results in a decrease of
interstitial solute concentration. Therefore, ieipected that the magnitude of solid solution
strengthening and the strain-hardening behavior are funafdhe precipitate volume fraction.
During creep-fatigue testing at 650 °C, rapid initial hardenirigliswed by cyclic softening

after approximately 50 cycles, which correlates with dynagetovery due to increased cross-
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slip [5.11]. After approximately 50 cycles (~25 h), the carlvdleme fraction (0.32 pct) is
approximately the same as after 100 h of static agitigeatame temperature. Furthermore, this
same volume fraction is not achieved until approximag@ly cycles (~200 h) at 550 °C, which
explains the significantly higher strength, prolonged cywindening, and a lack of dynamic
recovery compared to creep-fatigue testing at 650 °C. Duratig aging at 550 °C, a significant
volume fraction of carbides does not precipitate ungibbe 1000 h. Thus, the high rate of
carbide and nitride precipitation during fatigue testing is ebgakto result in significantly
different cyclic behavior in accelerated laboratoryséisan after static aging, which may be
more representative of long-term service exposure.

The results of this study have significant implicationseatrapolating accelerated
laboratory test data to long-term service conditions dtleet@xpected differences in
strengthening mechanisms and deformation behavior as aokthdtdifferences in
microstructure evolution. For example, the microstriectwolution at 550 °C is accelerated
during the relatively short-term creep-fatigue test, ltegpuin a higher volume fraction of fine
precipitates compared to static aging for significanthg&rtimes. The strength due to fine
precipitates, which form as a result of high dislocatiensity and DSA during the test, is not
representative of the strength from coarse precipitatiat form after long times with small
amounts of plastic deformationd. during service). Additionally, the effect of solutes on
dislocation motion and cross-slip is affected by theipiate evolution. Thus, the deformation
behavior from tests at high temperatures, where theesodutcentration rapidly decreases, may
not be representative of the deformation at lower semé@mperatures, where precipitation (and
solute consumption) are significantly slower. Accelatdddoratory tests (creep and creep-
fatigue) may be necessary to obtain a significant ainofushata in a reasonable time. However,
extrapolation of test data to long-term service conditghwuild be done with a strong
consideration of the influence of microstructure evoluton the mechanical behavior in
Alloy 709.

5.6.3 TTP Validation

The predicted tCs precipitate volume fractions were compared to the expertafly
determined volume fractions from the SANS data. At 550 p@raximately 10 pct of the
equilibrium volume fraction (0.14 pct) is expected after ~B0AIthough the SANS data for the
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1000 h condition could not be fit accurately due to the ftensities, there is slightly more
scattering than in the SA condition, indicating sam®unt of additional precipitation.
Additionally, fine Mp3Ce particles are observed on grain boundaries after 100@dibating that
this phase does form before 1000 h, as predicted.

At 650 °C, 10 pct of the equilibrium volume fraction is ected after approximately
114 h. After 100 h, the measured volume fraction is approgignaé pct of equilibrium,
indicating that nucleation and initial growth ot¥s is faster than predicted. 90 pct of the
equilibrium volume fraction (1.25 pct) is expected aftpproximately 350 h at 650 °C.
However, only ~63 pct of the equilibrium fraction is measuffegt &00 h, indicating that the
precipitate coarsening is slower than predicted. In &ty 2500 h of static aging, only
approximately 71 pct of the expected equilibrium volume foacis measured.

At 750 °C, the nucleation and initial growth 0b3@s is significantly faster than
predicted. After 10 h of static aging, nearly 50 pct efequilibrium fraction is measured, which
is not predicted until approximately 93 h of aging. Similahwresults at 650 °C, 90 pct of the
equilibrium volume fraction (1.22 pct) is not measured wagihg times significantly longer than
predicted (1000 h at 750 °C compared to approximately 143 h predicted)

Overall, the static aging results show that@®4 nucleates faster than predicted at
temperatures higher than 550 °C, but the expected equilimalume fraction is not reached
until significantly longer times than expected. Thaulissindicate that parameters used in the
precipitation model, like interfacial energy, nucleatgites, and mobility can be optimized for
this system. The interfacial energy is assumed todmnstant value, when in reality this value
may change with precipitate coarsening. The nucleaties i this model were assumed to be
only on grain boundaries for MCs. However, nucleation was also observed on incoherent twi
boundaries and existing Nb(C,N) particles. Differencesedipted interfacial energy and
nucleation sites, versus actual values, may be attributéd tugher than expected volume
fractions after short aging times in this study. Furtheemthe mobility of Cr is known to be
affected by the presence of N due to the strong affinityderamother [5.27]. The effect of N on
reducing the mobility of Cr may be responsible for the lotlvan expected volume fractions of
M23Ce after long aging times.

Although the volume fraction of Nb(C,N) and Z-phase cowitdhe measured from

SANS experiments, the absence or presence of the ipaieegpare discussed qualitatively with
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respect to the simulated TTP. Z-phase is identified ooaditibns after 100 h at 750 °C, which
correlates with the expected time to precipitate apprataly 50 pct of the equilibrium volume
fraction (0.024 pct) at that temperature. Z-phase precipitatesignificantly coarser after
1000 h at 750 °C, where greater than 90 pct of the equilibralome fraction (0.044 pct) is
expected for the modified composition. However, withoutsueag the volume fraction, it is
unclear whether coarsening occurs by continued precipitatiby a Gibbs-Thompson effect
(i.e. particle coarsening at the expense of smaller particleghage is reported to grow at the
expense of residual NbN in NF709 at times longer than 200 dnrad,adue to the fact that MX is
not the equilibrium nitride at temperatures below ~980 °C [F.Bérefore, the true equilibrium
volume fraction of Z-phase, which is determined fromftiiealloy composition in Table 5.5, is
expected to eventually be achieved by the complete dissohitidbN. While a numerical
simulation of this reaction (NbMEZ-phase) is outside the scope of this investigation, the
presence of Z-phase after only 100 h at 750 °C indicelasvely fast nucleation and growth at
this temperature.

At 650 °C, Z-phase is also predicted to be at approximatelyt56f pfoe equilibrium
volume fraction after 500 h. However, TEM SAEDPs suggesfitte precipitates on
dislocations are MX, not Z-phase. MX is also present slochtions and in the matrix after
creep-fatigue testing at 650 °C for approximately 500 terAf000 h, diffraction from the
precipitates reveals (003) reflections belonging to Z-phHse.result indicates that MX is an
intermediate metastable phase and a precursor to Z-mhvasatibn in Alloy 709, as suggested
in literature for other 20Cr-25Ni alloys [5.6]

5.7 Conclusions

1. The morphology and volume fraction of precipitates fbem during static aging are
different than those that form during LCF and creefufiat testing. Precipitates form
significantly faster during fatigue testing, as a resukigier dislocation density and
higher solute mobility. The fine cuboidal carbides that fomdislocations during
fatigue testing are expected to provide nearly four timesttbegth compared to coarse
chains of M3Cs carbides that form during static aging.

2. Precipitation of carbides and nitrides reduces the titiafsolute concentration, which is

expected to reduce the solution strengthening and the frgttiess that promotes high
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strain-hardening rates in Alloy 709. Therefore, the more&l naq@cipitation during cyclic
testingresults in a faster evolution of strengthening and defaomahechanisms
compared to static aging, which is more representativengflerm exposure.

3. Precipitation also occurs significantly faster at terapees greater than the expected
FSR service temperature of 550 °C. Therefore, accetefaboratory testing with
solution annealed material, at temperatures and strainsrfigan expected during
service, results in accelerated microstructural evalut@mpared to long-term service at
lower temperatures and strains. The results of this staliyate the significance of the
microstructural evolution on extrapolation of mechangraperties during laboratory
tests to expected service lifetimes.

4. The volume fractions of MCs carbides, measured from SANS, during static aging are
higher than expected from TC-Prisma® calculations attstging times, indicating
faster nucleation than predicted. At long aging times, tthenve fractions are smaller
than predicted, indicating slower growth of the carbithas expected. These results
indicate that modelling parameters such as interfaciaggneucleation sites, and
mobility can be improved for this system.

5. Z-phase is present after 100 h at 750 °C and after 100630&C, as predicted from the
kinetic simulations. No intragranular precipitates @served after 1000 h at 550 °C,

which is also expected from the modeling results.
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CHAPTER 6
DEFORMATION AND DAMAGE MECHANISMS DURING CREEP-FATIGUE IN
ALLOY 709, PART 1: TEMPERATURE AND HOLD TIME EFFECTS
ON SOLUTION ANNEALED MATERIAL

6.1 Introduction

Alloy 709 is a precipitation and solution strengthened 20Cr-255Mo-Nb-N austenitic
stainless steel that is a candidate alloy for strulctor@ponents in sodium cooled fast spectrum
nuclear reactors (FSRs), where creep-fatigue performamceical. Thermal fatigue arises from
power plant start-up and shut-down cycles. Steady statetiopeselevated temperature results
in time-dependent.g. creep) deformation. The synergistic effect of cychd areep
deformation generally results in a greater accumulatiataofage, and hence a shorter life,
compared to low cycle fatigue (LCF) or constant strespame. Austenitic stainless steels
are primarily used for elevated temperature power plamttsiral applications due to their high
creep strength, good corrosion resistance, and relativeost compared to nickel-based
superalloys. Creep-fatigue tests are simulated incadadiry using strain-controlled cycling with
a prescribed dwell time at a constant strain for egiclecHold periods at peak tensile strain are
well-known to be the most damaging for austenitic allogghs condition is typically studied
for design purposes. Results from accelerated laborastipg (both creep and LCF), where
temperatures and stresses or strains are typicallyegtéan expected during service, are
extrapolated to less severe service conditions. Howexggpolation of accelerated test data can
result in unreliable life predictions if the deformatemd damage mechanisms are not consistent
across all conditions. Hence, understanding creep-fatilueef across a range of test conditions
and microstructures as a function of deformation and damechanisms is necessary for
producing reliable life prediction models, and ultimatelypponent design.

Austenitic stainless steels are well-known for theihrsgrength and ductility
combination, which is attributed to high strain-hardening rdeig deformation. High rates of
work-hardening are due to a lack of dynamic recovery by crgssfsticrew dislocations. In
FCC crystal structures, partial dislocations must wahgo a unit screw dislocation prior to
cross-slip. Stacking fault energy (SFE), which is thegnassociated with the distance between

partial dislocations, generally dictates the relagi@se for which dislocations can cross-slip.
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Austenitic stainless steels typically have a low SFEcwhestricts dislocation motion by cross-
slip due to the relatively large distance between partedsiiting in deformation that is
characterized as primarily planar. In high SFE matgridde aluminum alloys, constriction of
partial dislocations requires less energy and craggseddily occurs. Deformation in these
materials is characterized by wavy slip and strain-hardeateg are relatively low. Thus, the
high strain-hardening behavior in austenitic steels is due tionadidynamic recovery by cross-
slip as a result of their low SFE.

However, several FCC metals with high SFE exhibit high wanldening rates and
planar deformation, including Mn austenitic stainless steelkel alloys, and others [6.3b.4].
Solute atoms are sometimes attributed to the increasip pfanarity and the rate of strain-
hardening in alloys where the SFE is relatively high. Katieved that the degree of strain-
hardening and planar deformation in Ni, which typically def®in a wavy manner as a pure
metal, is enhanced with the addition of small amounts. dfhe lack of significant cross-slip in
this binary alloy cannot be attributed to a change in the @RIEh is negligible with the
addition of the interstitial solutes [6.2]. Likewisa,Mn-containing austenitic steels which have
a high SFE, deformation is primarily planar as a resile high concentration of interstitial C
[6.1]. Hong and Laird proposed that the mechanism for #mesition from wavy to planar slipi
FCC alloys (where SFE does not change significantly) marily due to the elastic interaction
of the solutes and the edge components of the part&t glislocations [6.3]. The strain energy
of edge dislocations, which contain components of hydiostess, is decreased by the
presence of solute atoms around the core which form seddadttrell atmospheres. Solute
atmospheres around dislocation cores increase theffradtstress for dislocation movement.
Thus, besides the stacking fault width, an additionetiiém stress produced by solute
atmospheres at the edge components of partial screw disiscaeeds to be overcome in order
for constriction of the partials and cross-slip to occur

Dynamic strain aging (DSA) occurs in a wide variety afylin the range of
temperatures and/or strain-rates where solute mobilifypsoaimately equal to the dislocation
velocity, which results in the dynamic formation of agpheres around dislocations that are
temporarily arrestede(g.at precipitates, boundaries, dislocation forests, &thg.repeated
pinning and unpinning of dislocations in this manner typicalanifests macroscopically as

stress drops or serrations in the stress-strain cdueeto the formation of localized deformation
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bands [6.5]. DSA generally results in an increase in warkldning and a decrease in ductility.
The occurrence of DSA with the addition of N in austersiteels, such as 304L(N) and
316L(N), has been shown to enhance the planarity of egljig to an increase in strength
through high work-hardening rates [645.10]. In LCF and creep-fatigue, DSA typically results
in prolonged cyclic hardening and a decrease in number ofsdycfailure [6.5], [6.10}6.14],
although some have reported an increase in LCF perfmeri®.15]. The mechanism for
increased work-hardening in these alloys is debated in lirerd¥lany have attributed enhanced
planarity to short range ordering (SRO) in the matrix ude high affinity of N and Cr. SRO
leads to glide plane softening and heterogeneous deformmatiense slip bands [6.146.18].
Others attribute a decrease in SFE with the additids tofthe strong planar nature of the
deformation [6.19], although the change in SFE has @&sa brgued as being negligible [6.2],
[6.3], [6.10]. In any case, there is a strong correlabetmveen interstitial concentration, strain-
hardening, and planar slip in intermediate temperaturesteaid rates where DSA is observed.

In addition to solution strengthening, austenitic staindéssls used at elevated
temperatures also frequently utilize dispersion strengtgethrough intragranular carbides,
nitrides, intermetallic precipitates, and oxides which prosideng barriers to dislocation
motion [6.20]. Intragranular precipitates can be formedhduhermal-mechanical processing
prior to serviceé.g.cold rolling and isothermal aging), or they may nucleategaow during
service. Grades which are stabilized by Ti and/or Nb take ady@ofatrengthening from fine
MX carbides (where M is Ti or Nb and X is C or N) and tgtlicprevent MsCs (Where M is
predominantly Cr) precipitation, which leads to a lossoofasion resistance through depletion
of Cr. Nano-scale MX carbo-nitrides, which precipitateaiyitally on dislocations, contribute
significantly to the work-hardening of austenitic steelslavated temperatures during both
constant load creep [6.245.24] and low cycle fatigue (LCF) [6.29p.27].

This work originates from a previous study, which examined.@fe and creep-fatigue
tests of Alloy 709 at the expected FSR service temperat®®0c°C and a higher accelerated
test temperature of 650 °C [6.28]. It was shown that withrstedie, strain range, and tensile
hold time being held constant at®6*, 1 pct, and 30 min, respectively, the creep-fatigue cyclic
stress behavior and life reduction relative to the LGFdike significantly different between the
two temperatures. Microstructural evolution by dynamic pitation has a significant effect on

the cyclic stress behaviotd. hardening and softening), deformation mechanisms, internal
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damage, and creep-fatigue life when testing an initially soiinnealed microstructure. A high
initial rate of cyclic hardening at 650 °C is attributed tchHOSA and dynamic precipitation of
fine intragranular carbides. The onset of cyclic softersrggtributed to the disappearance of
serrated flow and precipitate coarsening, resulting in &sg@ cross-slip and subgrain formation.
Sustained DSA and a slower rate of precipitation at 55@$dltrin prolonged cyclic hardening
and high tensile stresses due to planar deformation and af ldgkamic recovery. High tensile
stresses due to a lack of recovery lead to significant interlgnacracking at 550 °C. Dynamic
recovery and a decrease in the maximum tensile stré&9&C are responsible for less
intragranular damage and better creep-fatigue perforn@mpared to 550 °C. It was proposed
that a change in slip behavior from planar to wavy at 650 €iddgo a reduction of the dynamic
strain aging effect on slip planarity, which is supported loysappearance of serrated flow and a
reduction of dislocation density at the onset of cysditening. The disappearance of DSA, and
the subsequent onset of recovery, was hypothesized to e dwsggnificant consumption of
solutes in dynamically precipitating carbides and nitrides.

The present work seeks to provide better understanding ciugpart for the proposed
mechanisms of slip mode transition from planar to wavythedelation to dynamic strain aging,
precipitation, damage, and creep-fatigue performance oy Al®. The temperature range for
creep-fatigue testing is expanded to study the evolutistrefigthening mechanismise(
precipitation, DSA, and Taylor hardening) at temperatueésAb(500 °C), in-between (600 °C),
and above (700 °C) previous test temperatures, where pagioipits expected to occur at
different rates during testing. Also, the effect of hidde on microstructure evolution is
evaluated with shorter hold times (5 and 15 min) at peakdesteain compared to previous
results with 30 min hold times. Mechanisms of both cyafid time-dependent deformation are
discussed with respect to microstructure evolution and gameechanisms. An assessment is
made on the applicability of accelerated creep-fatigustesf Alloy 709 in relation to expected

service conditions in nuclear structural applications.
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6.2 Materials and Methods

6.2.1 Materials

Several different heats of solution annealed (SA) Alloy [7®% been used in this study
with compositions and processing details given in Chaptéh& as-received SA microstructure
is discussed in Chapter 4.

6.2.2 LCF and Creep-Fatigue Testing

LCF and creep-fatigue testing and specimen details are igi@mapter 3. In this study,
tests have been conducted at temperatures ranging from 300 f&€ and with tensile hold
times, th, ranging from 0 to 30 min, as shown in the experimantdlix summarized in Table

6.1. In all tests the total strain amplitud®; was held constant at 1 pct.
6.2.3 Microstructure Characterization

Deformation structures in tested specimens were chaattdrom channeling contrast
in backscatter electron (BSE) images using a field ennisgianning electron microscope
(FESEM). Precipitates have been characterized usinptiiredd (BF) and dark field (DF)
technigues with a transmission electron microscop®)Tternal damage was characterized
with light optical micrographs (LOM). Experimental desailf characterization techniques used
in this study including light optical and electron microscapsglocation density analysis, and

Vickers micro-hardness are discussed in Chapter 4.
6.2.4 Stress Partitioning, Strain Hardening, and Plastic Strain Analysis

The evolution of cyclic flow stress was investigated fotest conditions by partitioning
the total stress amplituddy into the friction and back stress componerdtand 15
respectively. The method for stress partitioning of a fdixersed hysteresis loop used in this
investigation, originally proposed by Cottrell [6.29] and extertmeBuhlmann-Wilsdorf and
Laird [6.30], is a widely recognized approach for understandsigaation behavior in fatigued
metals. Friction stress (or effective stress) issatered to be an isotropic and thermal

component of flow stress that represents the stressve a dislocation through the matrix in
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Table 6.1 Creep-Fatigue Testing Matrix
Temperature Tensile Hold Time,

(°C) t (Min) Heat ID Test End Condition

700 30 58776 To Failure

650 0 011593, 011594 To Failure

650 5 58776 To Failure

650 15 58776 To Failure

650 30 011593, 011594 To Failure

650 30 011594 Interrupted at various intervals
600 30 58776 To Failure

550 0 011593, 011594 To Failure

550 5 58776 To Failure

550 15 58776 To Failure

550 30 011593, 011594 To Failure

550 30 011594 Interrupted at various intervals
500 30 58776 To Failure

the presence of obstacles, such as solute atoms, paexspiand other dislocations. Based on the
stress partitioning method, the friction stress is dgdlrnthe cyclic yield stress. Back stress (or
internal stress) is the athermal component of floesstassociated with long range dislocation
pile-ups. Back stress is associated with the increasteeiar stress from strain-hardening. Thus,
partitioning the total flow stress into the two componeais provide an understanding of the
mechanisms responsible for the evolution of stresstaoh during cyclic deformation. The
schematic hysteresis loop in Figure 6.1 demonstrates homdikiglual stress components are
determined. Complete details of the stress partitioninfadetised in this study are given in
Chapter 3.

Strain-hardening behavior in materials is indicativéhefdeformation behavior and the
strengthening mechanisms. The strain-hardening rates wdyeegh#or the tensile half of each
hysteresis loop. The strain-hardening analysis is detail€thapter 3

The amplitude of plastic straiff)s for each creep-fatigue cycle is composed of two
components: the plastic deformation during cycling. [pading and unloading strainf) - g g

and the time-dependenitdg. creep) deformation-, that occurs during the constant strain hold
period as a result of the conversion of elastic siraminelastic strain. It is important to
distinguish between the different componentfakince each component contributes differently

to the accumulation and propagation of damage. Completiésddtthe method used for
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partitioning the total plastic strain amplitude for eacHeyato the two different components are

given in Chapter 3.

Figure 6.1 Schematic hysteresis loop illustrating the mantitg of maximum stressg; ¢ s
into friction and back stress componenésand €z respectively. Adapted fro [6.30].

6.3 Creep-Fatigue Cyclic Stress and Life Results

6.3.1 Temperature Effect

The peak tensile stress versus cycle number is sholigume 6.2 for all temperatures
tested with a 30 min tensile hold time. Note that peak comipeestress is not shown for clarity,
but the behavior is approximately the same in compreésiaall temperatures. Cycles to failure
for all creep-fatigue tests are shown in Table 6.2. Foest temperatures greater than 500 °C,
initial cyclic hardening is followed by softening after a maximin peak tensile stress, which
occurs at a smaller number of cycles for higher tempegst At the lowest test temperature of
500 °C, cyclic hardening for approximately 500 cycles is followed bglatively stable peak
stress until failure after approximately 1800 cycles. Theimmam tensile stress is nominally the
same as 550 °C. At higher temperatures, the maximum ggessases with increasing
temperature.

The cyclic stress behavior at the highest test temyrerat 700 °C is similar to that at
650 °C, where initial cyclic hardening is followed by cyclicteaing until failure. At both 650

and 700 °C, cyclic softening occurs in two stages; a highlingte of softening precedes a

120



Figure 6.2 Peak tensile stress versus cycle number fep-faéigue tests at 500, 550, 600, 6!
and 700 °C withh= 30 min and0s= 1 pct.

slower more stable softening rate until failure. The ooksbftening at 650 °C has been
attributed to a change in slip mode from planar to wavy and tiothmetion of low energy
dislocation structures through cross-slip and climb [6.28}.08 °C, where the thermal
contribution to dislocation motion and obstacle bypagsdater, a lower maximum stress prior
to cyclic softening is expected. At the intermediate teatpee of 600 °C, cyclic softening

begins at a cycle count and a maximum tensile stress betinee880 and 650 °C tests. The
cyclic softening at 600 °C occurs at a rate greater thamttdb0 °C, but it does not exhibit the
two-stage softening observed at higher temperatures. Adalijpthe number of cycles to

failure at 600 °C is the shortest of any of the test teatpees, which suggests that creep-fatigue

life is not a monotonic function of temperature for thiesg conditions.
6.3.2 Tensile Hold Time Effect

The effect of tensile hold time on creep-fatigue cystiess behavior and life is shown in
Figure 6.3 for test temperatures of 550 and 650 °C and hold ¢ih®e$, 15, and 30 min. At
550 °C, the introduction of even the shortest hold tifre min results in a maximum in cyclic
stress followed by softening, though the rate of softenistpiser at 5 min compared to 15 or
30 min. The maximum tensile stress for all creep-fatiggtstat 550 °C is approximately the
same and is significantly greater than the maximumssaelsieved during LCH.€. no hold).

Additionally, the introduction of all hold times at 550 f&luces the fatigue life significantly
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(a) (b)
Figure 6.3 Peak tensile stress versus cycle number fep-¢atigue tests at (a) 550 and (b)
650 °C with O = 1 pct and tensile hold times of 0, 5, 15, and 30 min.

Table 6.2 Cycles to Failure in Creep-Fatigue Tests

Temperature (°C) Hold Time,t, (min) Cycles to FailureNs
500 30 1842
550 30 974*
600 30 307
650 30 1000*
700 30 648
550 5 1438
550 15 1074
650 5 491
650 15 398

* - Average of two tests is reported.
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compared to the LCF life and the shortest life occurs thgHongest hold time (30 min). At
650 °C, on the other hand, the shorter hold times rastdiver numbers of cycles to failure
compared to the 30 min hold. Furthermore, in the 5 and h%aid time tests, the peak tensile
stresses are consistently greater than in the 30 ofantime test. The maximum stress with a
5 min hold occurs after approximately twice the numberyolles compared to the 30 min hold
and the two-stage softening that is observed with theiBhaoid does not occur in the shortest
hold time test. Instead, a relatively high rate of @ysbftening occurs after the maximum in
peak tensile stress is reached.

6.4 Hysteresis Loop Analysis Results

Quantitative analysis of hysteresis loops for all LC& areep-fatigue tests provides
further understanding of the differences in cyclic behaarat cycles to failure under various
testing conditions. For each test, every hysteresisdvapable has been partitioned into friction
and back stress components (on the half loop following pempression strain), and the
components of plastic strain from loading/unloading. ¢yclic plastic strain) and from stress
relaxation during the tensile holdg. creep strain). Additionally, the tensile strain-hardenirng ra
has been analyzed. Qualitatively, the presence of sgfitate (and the disappearance of
serrations with increasing cycle count, if applicabley &lgao been extracted from the hysteresis

loops.
6.4.1 Serrated Flow in Hysteresis Loops

Serrated flow is present in both the tensile and comipeebalves of hysteresis loops, at
least initially, for all conditions studied. Previousutts showed that serrated flow is initially
present during creep-fatigue testing at both 550 and 650 °Glisappears after approximately
the same number of cycles where the peak tensile st@dses a maximum [6.28]. This result is
consistent for the disappearance of serrations gideramong the range of temperatures tested
in this study with a 30 min tensile hold. In many of theditions, the disappearance of serrated
flow in compression occurs at a greater number of cydegpared to tension. For shorter hold
times, including LCF, serrated flow generally persists fgremter number of cycles compared to
the 30 min hold time tests. A summary of observed wztidow behavior is presented in Table

6.3, which includes a relative comparison of the ciligtianin to the onset of serrations in tension
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and compressionQ s . AN @ 5 »:20d the approximate number of cycles where serrations
FRPSOHWHO\ GLVDSSHDU IURPKWROH KN\WKHUBRNRRY ORR SR LXR WI
DisaSSHDU"™ LV XVHG WR GHQRWH ZKWKH WOWULDWLWBAVYWUH VX

Table 6.3 Summary of Serrated Flow in Hysteresis Loops

Cycles to Cycles to
Disappearance of  Disappearance of

Temperature Hold Time,

(°C) th (Min) ®Gacdbe®a0as  geprated Flow in - Serrated Flow in
Tension Compression

500 30 % acobabaoas 400 1300

550 30 ®BacoRdbavaa 350 400

600 30 B acoBada0aa 100 200

650 30 ®BacoRdbavaa 50 100

700 30 QBacgaebaoa: 10 10

550 0 Bacoae®daoa: DND DND

550 5 B acoPabaoaa 1100 DND
550 15 BacoRPbavaa 500 800

650 0 Bacoaebaoa: DND DND

650 5 BacoRdbavaa 70 DND

650 15 QBacoRbavaa 40 DND

DND zDoes not disappear.

6.4.2 Friction and Back Stress

The friction and back stress components of the floasstare shown in Figure 6.4 at all
test temperatures with 30 min hold times. The evolutfdhefriction stress with cycle number
follows closely the evolution of peak tensile stress {Sgare 6.2). The friction stress initially
increases, followed by a decrease at all temperaturespieatc500 °C) where cyclic softening is
observed. The back stress, on the other hand, is edlagérely constant (650 and 700 °C) or
generally increases throughout the test at lower temperafuresefore, it seems the evolution
of friction stress is primarily responsible for thelxy hardening and softening response. The
relative magnitude of friction stress across the tasperatures is somewhat different than the
peak tensile stress. For example, the friction sae390 °C is larger compared to 500 and
550 °C up to approximately 100 cycles, despite having a signifyclamter peak tensile stress.
Furthermore, the highest magnitude of friction stressirscat 600 °C, which has a lower

maximum tensile stress compared to 500 and 550 °C. Convelselypagnitude of back stress is
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generally inversely proportional to temperature. (he highest temperature has the lowest back

stress).

(@) (b)

Figure 6.4 (a) Friction stres4, and (b) back stresdg for all temperatures tested in
creep-fatigue with¥s = 1 pct andn= 30 min.

The friction and back stress components are shownlfbolal times at 550 and 650 °C
in Figure 6.5. The evolution of friction stress is simftar all creep-fatigue tests at 550 °C
(i.e.with a hold time), except that the decrease in magnitudereat a greater number of cycles
for the shorter hold time tests. The LCF frictioress at 550 °C is significantly lower than in the
creep-fatigue tests and only increases in magnitude thratijtetest, similar to the peak tensile
stress behavior. The evolution of back stress is @isitas for all hold time tests at 550 °C, with
the 5 min hold having a slightly lower maximum than tveger hold times after approximately
300 cycles. The LCF back stress is relatively stable amifisantly lower than all of the hold
time tests at 550 °C. At 650 °C, the friction streggéater in the short hold time tests compared
to the 30 min hold for the entire test. For both the 5l&nchin hold tests, the friction stress
increases with cycle number to a maximum that is approglyndie same as the LCF test. The
friction stress begins to decrease with fewer cyadesohger hold times at 650 °C, similar to the
trend at 550 °C. The evolution of back stress with cyalember, on the other hand, is not

strongly affected by the duration of the hold time at 850 °
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() (b)

(©) (d)
Figure 6.5 (a) and (c) friction stresk;and (b) and (d) back streskat 550 and 650 °C,

respectively, for creep-fatigue tests with hold times &, @,5, and 30 min and = 1 pct.
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6.4.3 Strain-Hardening Behavior

The strain-hardening rates were evaluated for all ofahditions as a function of cycle
number. Similar to the evolution of the back stresssttan-hardening rates increase with cycle
number for all temperatures to approximately the numbeyaes where cyclic softening is
observed. Figure 6.6 shows the mid-life tensile strain-inémderates, along with the tensile
stress amplitude versus strain amplitude for all tentpera tested with a 30 min hold. In
general, the strain-hardening rates increase with decgesnperature. However, the rate of
strain-hardening at 550 °C is consistently greater th&0@&FC. It is worth mentioning that the
strain-hardening rate at 600 °C is approximately the santedswer temperatures up to
150 cyclesi(e. the mid-life cycle at 600 °C). However, the straindearing rates continue to
increase at 500 and 550 °C beyond 150 cycles, which resuitgghier mid-life rates compared to
600 °C. An increase in long-range dislocation inteoastis responsible for both high strain-
hardening rates and high back stresses; note the simidritrstrain-hardening rate and back

stress with temperature (see Figure 6.(b)

Figure 6.6 Mid-life strain-hardening rate and tensile stregditude versus strain amplitude
for all temperatures tested in the SA condition witm80 tensile holds and ;= 1 pct.
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6.4.4 Plastic Strain and Stress Relaxation

The evolution of cyclic plastic strain amplitud@, s gduring a creep-fatigue test is
shown in Figure 6.7 for all creep-fatigue test conditidits all tests,Qy s gdecreases initially as
the material work hardens and the hysteresis loops becam@ver. A comparison 0@y s @At
different test temperatures tested with a 30 min tehsilé is shown in Figure 6.7 (a). For
conditions where cyclic softening is observed in the t@st ggaches a minimum and then
either plateaus or increases at approximately the egohe count as the onset of softening. At
650 and 700 °C(}, 5 dnereases after approximately the same number of oytiese friction
stress reaches a maximum. The lafge @After the short initial hardening stages at 650 and
700 °C is due to a relatively low friction stress and baakss, which correlate to a lower cyclic
yield stress and more plasticity during fatigue. The cyabstic strain at 500 °C is larger than at
700 °C up to approximately 80 cycles, which is also where tti#fistress at 500 °C surpasses
that of 700 °C.Q 5 dsghe smallest at 550 and 600 °C, corresponding to higkewaliufriction
stress and back stress. The amplitude of cyclic plsisat at 500 °C is consistently larger than
at 550 or 600 °C, indicating more plastic flow for a samépplied stress at the lowest test
temperature, which is typical in the temperature rangeerD8A is active.

The effect of tensile hold time on cyclic plastic strig shown in Figure 6.7 (b). At
650 °C, @ 5 dsghe smallest with the 5 min hold, compared to the @i53@mmin hold tests,
which corresponds to higher friction stress values. Notdhbatyclic plastic strain is only
slightly larger in the 15 min hold test compared to timeid hold. At 550 °C, however, the
shortest hold timei.€. 5 min) results in the greatest amount of cyclic plasttiain, which
indicates that cyclic plastic deformation becomes nddffieult with increasing hold time. At
650 °C, the longer hold times result in more plastiodeétion during cycling. Thus, a
difference in microstructural evolution is likely respibies for the opposite trends in cyclic
plastic strain at 550 and 650 °C with increasing hold time.

All test conditions in this study exhibit relaxation streates below 10s? during the
tensile hold; therefore, the relaxation strain Wwélreferred to as creep strai:,,The evolution
of @ ¢luring tensile hold is shown in Figure 6.8 for all of thaditons tested in creep-fatigue.
Figure 6.8 (a) shows that for a constant tensile hold 6h80 min, the magnitude of creep strain

per cycle increases with temperature above 550 @ the lowest and approximately the same
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at 500 and 550 °C, which indicates significant creep defasmdbes not occur until
temperatures above 550 °C despite large initial tenséesss at the beginning of the hold at

these lower temperatures.

() (b)
Figure 6.7 Cyclic plastic strain amplitud&; s gas a function of cycle number for (a) all
temperatures tested with a 30 min tensile hold and (bplthmes tested at 550 and 650 °C

Y5 i= 1 pct for all tests.

(@) (b)

Figure 6.8 Creep strair@-,as a function of cycle number for (a) all temperattested with a
30 min tensile hold and (b) all hold times tested at 550 and®5% ;= 1 pct for all tests.
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The creep strain during different hold times is compaté&ba and 650 °C in Figure 6.8
(b). At 550 °C, the magnitude of creep strain is relativelgffected by the hold time, which is
due to the low creep strain rates at this temperatuge,5x10’ to 2.0x1& s during the
30 min hold at 550 °C). At 650 °C, where the relaxationrstiates are greater, especially at the
beginning of the hold, shorter hold times generally reswdtnaller magnitudes of creep strain
per cycle. This result is particularly interesting beeatishows that less creep deformation
occurs, and presumably less creep damage accumulates, tthershortest hold time tests which

also have the shortest creep-fatigue lives.

6.5 Microstructural Characterization Results

6.5.1 Internal Damage and Deformation

In a previous study, it was found that the microstructafies LCF and creep-fatigue
failure were significantly different at 550 and 650 °C forghene hold time, strain range, and
strain rate [6.28]. At 550 °C, a high density of long slgagin boundary cracks is attributed to
rapid propagation of damage due to high tensile stressesiaddries, which are not relieved by
stress relaxation during the hold. At 650 °C, a recoverlierbsiructure with well-defined
subgrains near damaged boundaries lowers the strain eneiggdk propagation. Additionally,
the significant stress relaxation at 650 °C lowergéhsile stresses at grain boundaries, resulting
in a lower density of cracks that are shorter and rolomged compared to 550 °C.

Channeling contrast in the BSE micrographs in Figurel®®s representative
deformation structures near damaged grain boundaries gatfe sections of specimens tested
in creep-fatigue with 30 min holds at 500, 600, and 700 °C. At&@®hand 600 °C, deformation
is primarily planar in all grains and adjacent to boundaas shown by the highlighted slip
traces in Figure 6.9 (a) and (b). Creep-fatigue testib@t’C results in a similar deformation
structure [6.28]. Additionally, the resulting grain boundagcks at 500 and 600 °C are similar
in length and acuity to those at 550 f@; sharp cracks that frequently span several grain
diameters. At 500 °C, a small region of fine subgrairsh@wvn directly ahead of the grain
boundary crack, indicating a higher degree of dynamic exgaaompared to 550 and 600 °C,
where no subgrains are observed.

The microstructure after creep-fatigue testing at 703 Synificantly different

compared to temperatures of 600 °C and below. Figure 6.9 (esshell-defined subgrains near
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grain boundaries, indicating significant recovery inienity of boundaries. Additionally, the
grain boundary damage at 700 °C is typically composed ofithdil voids or short blunted
cracks, compared to the long sharp grain boundary cracks 4C6&td below. The resulting
microstructure at 700 °C is similar to 650 °C, although the teatboth subgrains and grain
boundary voids are generally greater at the higher temperdtioe higher density of grain
boundary voids at 700 °C is attributed to the larger magnithidecomulated creep strain
compared to 650 °C. The higher density of subgrains at 7@fdi€ates more dislocation cross-
slip, which correlates with a lower friction stress atréin-hardening rates compared to 650 °C.
The internal grain boundary damage was measured after fail6@0, 600, and 700 °C
using the same technique described in the previous study [6.28gffEletive intergranular
crack lengthsl e, for all temperatures tested to failure with a 30 nafdlfare summarized in
Table 6.4. At 600 °C, where the creep-fatigue life is theteb the microstructure has the
highest density of grain boundary cracks. Similarly, tingést creep-fatigue life at 500 °C
results in the lowest density of intergranular cratik®restingly, the test at 700 °C has a
significantly lower density of internal cracks compat@®50 °C, despite a shorter life. The
smaller effective crack length at 700 °C reflects thever propagation of grain boundary voids.

Note that only cracks were measured in this studyJoids were not assessed).
6.5.2 Fracture Mode

Fracture surfaces from the largest primary crack atéegieratures of 500, 600, and
700 °C with 30 min tensile holds are shown in Figure 6rit@rdranular fracture is present at all
test temperatures, which is indicated by the short arpmivéing to grain boundary triple points.
Regions of flat transgranular fracture are observedtatthe highest and the lowest test
temperatures, as indicated by the broken lines thatpgreximately perpendicular to fatigue
striations on the surface. In general, 700 °C has a hdggree of transgranular fracture than at
500 °C. The fracture mode at 650 °C is also mixed with nsgid both transgranular and
intergranular cracking at 650 °C. At 600 °C, where thebemof cycles to failure was the
lowest, the fracture mode is primarily intergranular. i&irty, the fracture mode at 550 °C is
primarily intergranular. The fracture mode in the LCétseat 550 and 650 °C are transgranular,
with little evidence of intergranular cracking. The amhitof a tensile hold time in LCF tests

typically changes the fracture mode from transgranulamtéogranular in austenitic steels, since
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the hold time is typically accompanied by intergranulaeprvoid formation [6.31]. However, at
650 and 700 °C, where the accumulated creep strain is theshigreater amounts of
transgranular fracture are observed. At 550 and 600 °C, \leiereep strain is small for each
cycle, the degree of transgranular fracture is smallteFbiee, the accumulation of creep strain
alone, cannot explain the fracture mode or the numbeyabds to failure in creep-fatigue under

the conditions tested in this study.

(@) (b)

(c)
Figure 6.9 BSE micrographs of deformed microstructures frorgdage sections of
creep-fatigue tests at (a) 500 °C, (b) 600 °C, and (c) CODé&formation is primarily planar ¢
500 and 600 °C, highlighted by the arrows indicating slip banddrakhigh density of
well-defined subgrains indicates that the slip mode is pilyn&avy near grain boundaries a
700 °C, shown in (c).
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Table 6.4 Total Effective Intergranular Crack LengthAailed Creep-Fatigue Tests with
30 min Holds

Temperature (°C) Effective Intergranular Crack Lengther (mm/mnt)
500 1.3+05
550 29+0.8
600 3.8+04
650 15+04
700 1.7+0.6
() (b)
(c)

Figure 6.10 Fracture surfaces observed in the SEM at (&)&d0) 600 °C, and (c) 700 °C.
Short arrows point to grain boundary triple points and brdikes are perpendicular to and
span the length of striated regions.
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6.5.3 Dislocation Density and Hardness

Dislocation densities in the gage sections of failed spawnhave been estimated from
peak broadening of XRD line profiles. Figure 6.11 shows the estind@cation densities and
measured Vickers hardness values for each temperatige iesreep-fatigue with 30 min hold
times. The test temperatures of 550 and 600 °C have theshidislocation densities at failure.
Above 600 °C, dislocation density decreases significawntly increasing temperature due to
dynamic recovery and the formation of LEOS (subgrains) by cross-slip and/or climb. The
dislocation density at 500 °C is slightly lower than at 550&00 °C, despite a similar room
temperature hardness to the sample tested at 550 °C. AboV€E Gb@ room temperature
hardness trend follows the dislocation density valligs. deviation between the trends in
hardness and dislocation density below 600 °C indicagesatiditional strengthening from
precipitation and/or solid solution are significant afesting at the lower temperatures. In other
words, at the higher testing temperatures (600 to 700 °@revwthe hardness trend correlates
well with dislocation density, the most significarmestythening mechanism is Taylor hardening
(i.e. dislocation-dislocation interactions). At the lowttemmperatures, where the hardness trend
increases for a similar or even lower dislocation dgnine precipitates and/or significant

solution strengthening contribute to the high hardness at temperature.

Figure 6.11 Dislocation density (left axis) and Vickers hasdrfgght axis) after creep-fatigu
testing at all temperatures with 30 min holds and SA startiicrostructure.
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6.5.4 Precipitation

Precipitates, which form intragranularly and on grain loamies during testing, have
been characterized using conventional TEM bright field) (@d dark field (DF) techniques in
creep-fatigue specimens after failure at all temperataestsd with 30 min holds and interrupted
cycle intervals at 550 and 650 °C. Previously published reshidiwed that intragranular
precipitation of carbides and nitrides is significanilyedlent at the end of creep-fatigue testing
at 550 and 650 °C [6.28]. Specifically, cuboidalsk carbides are more than twice the size at
650 °C (~50 nm) compared to 550 °C (~10-20 nm) for a similar nunfilegcles to failure and,
correspondingly, time at temperature. Additionally, fine NB(JQ<10 nm) particles are
observed after testing at 650 °C, but not at 550 °C. THieredisappearance of serrated flow
and the onset of cyclic softening at 650 °C is attributed te rsignificant solute consumption
by precipitate nucleation and growth compared to 550 °C.

Creep-fatigue tests with 30 min holds at 550 °C were intemlugdter 50, 400, and 600
cycles, which correlate to the cyclic hardening, peak hardeamtycyclic softening portions of
the fatigue life, respectively. At 650 °C, tests were migted after 25, 50, and 400 cycles,
corresponding to the same parts of the fatigue life. At"&50ntragranular precipitates are not
observed after 50 cycles. However, after 400 cycles, wininlegponds with a maximum in
tensile stress, intragranular.dTs carbides (~10 nm) are present on dislocations. After
600 cycles at 550 °C, the intragranulas:® carbides are slightly coarser (~10-20 nm), as
shown in the BF/DF pair in Figure 6.12. At 650 °C, intragtanM.3sCs carbides are observed
after every interrupted interval. The approximate sifeéd3:Cs cuboidsare <10 nm, ~30-40 nm,
and ~50 nm after 25, 50, and 400 cycles, respectively. TH2Mpair in Figure 6.13 shows the
M23Cs carbides after 400 cycles at 650 °C at a similar magnificatidhe micrographs in Figure
6.12 Note the Moiré fringes in Figure 6.13 (a) indicating a lattiasfit between M:Cs and the
matrix. Additionally, fine Nb(C,N) precipitates (<10 nnmggpresent after 400 cycles at 650 °C,
which are highlighted in the BF micrograph in Figure 6.13 (a).

After creep-fatigue failure at 500 °C, fine intragranulas@4 carbides (~10 nm) are
present on planar dislocation structures, as showreiDEnTEM micrograph in Figure 6.14 (a).
The carbides are finer and have a smaller volume fractimpared to those present after failure
at 550 °C. Note that the test at 500 °C was at tempeffatuapproximately twice the time
(~1000 h) compared to the 550 °C tests (~500 h). At 600 °C, ik@sMarbides present after
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(a) (b)
Figure 6.12 (a) BF and (b) DF TEM micrographs showingQylcarbides ~10-20 nm in size
decorating planar dislocation structures after 600 cynleseep-fatigue at 550 °C with 30 m
tensile holds. DF imaging with the 400 reflection from kheCs carbides.

(a) (b)
Figure 6.13 (a) BF and (b) DF TEM micrographs showingQg¢lcarbides ~50 nm in size
decorating dislocations after 400 cycles in creep-fatgugs0 °C with 30 min tensile holds.
Fine MX precipitates <10 nm in size are indicated in therB&ge in (a). DF imaging with th

94 reflection from the MCs carbides.
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failure are coarser (~30-40 nm) compared to 550 °C, as shawe DF TEM micrograph in
Figure 6.14 (b The test duration at 600 °C was approximately 150 h. It st@uiebted that

dark field imaging was used to reveal the fine carbides withowgedéislocation structures.
Figure 6.14 (c) shows a BF TEM micrograph of the microstracitter creep-fatigue failure at
700 °C. At 700 °C, intragranular Cs carbides are significantly coarser (~100-250 nm) than
those at lower temperatures, despite a relatively sinoetdt temperature (~325 h). Fine
Nb(C,N) (~10-20 nm) are also distributed uniformly on dislacetiand in the matrix, similar to
those observed at 650 °C, although slightly coarser. Migptates are not observed at
temperatures below 650 °C. Dynamic precipitation of carladesnitrides is a strong function
of temperature in Alloy 709 in the range of temperatureseduaire. Therefore, the test
temperature dictates the rate at which solutes are cedsiiam solution when starting from the
same SA microstructure. The decrease of friction stidisappearance of serrated flow, and the
onset of dynamic recovery correlate with the rateyoignic precipitation, which occurs faster at

higher test temperatures.

6.6 Discussion

6.6.1 Strengthening Mechanisms

Solid solution strengthening, precipitate strengthening, amatdigon strengthening
(Taylor hardening) are all relevant mechanisms in Alloy 7@estated temperatures.
Depending on the test temperature and time at temperdtenelative magnitude of
strengthening from each mechanism is different. Furtherntbe evolution of one mechanism is
dependent on the other two; that is, there is a sirdag-dependence of the strengthening
mechanisms during elevated temperature testing.

Solid solution strengthening in Alloy 709 is expected to be th&t significant early in
testing at elevated temperaturies; when solutes are still in solution. A recent investigatid
the magnitude of strengthening from various solute specieblf\Cu, C, and N) in a
23Cr25NiWCuCo austenitic alloy, Sanicro 25, has been condthotaagh first principle
calculations based on density functional theory (DFT33p.The results indicate that W
provides the most significant increase in flow strengththatlinterstitial elements, C and N,
provide only a small strength increase in strength, priynduie to the small concentration.

Using a Taylor factor of 3.06, Heczkt al determined that the increase in resolved shear stress

137



from solid solution strengthening,,in Sanicro 25 is approximately 9 MPa [6.26]. Mo is
responsible for the solid solution strengthening in Alloy /83]. The maximum contribution
to solution strengthening from Mo has been shown to be lassihin austenitic steels [6.34]
Therefore, an increase in shear stress in Alloy 709 inis expected to be less than 10 MPa.

(@) (b)

(c)
Figure 6.14 DF TEM micrographs (using tf& reflection from MzCs) showing MsCs
carbides on dislocations at testing temperatures of (a)J&@810 nm) and (b) 600 °C
(~30-40 nm). (c) BF TEM image after testing at 700 °C shmotk coarse Cs carbidesand
fine MX (~10-20 nm) intragranularly. All images are taken frgage sections in failed eep
fatigue tests with 30 min tensile holds.
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Alloy 709 is also strengthened by fine intragranular precdgst@vb:Cs, Nb(C,N), and
Z-phase), which precipitate dynamically during creep-fatigaeng Fine carbides and nitrides
nucleate on dislocations within the grains, which is comfoo Nb and Ti containing austenitic
steels [6.10], [6.256.27]. Significant cyclic strengthening at elevated tempeeatur HT-UPS
and Sanicro 25 is attributed to intragranular MX particletherorder of less than 10 nm. The
increase in resolved shear streBs from hard particles may be estimated by the Orowan
bowing mechanism

L)
Ry ra Z—g%?@ 6.1
whereG is the shear modulusids the particle spacing, awds particle diameter [6.35]
However, at temperatures above 3 4dislocation climb becomes relevant in the bypass of
particles. To estimate the increase in strength finengarticles when dislocation climb is

significant, a threshold stresi; has been introduced by Atet al. [6.35] which takes the form

) >
tae

R ¥sF G 6.2
wherek is an attraction parameter which varies from 0 (maximtiraciion) to 1 (no attraction).
Depending on the interfacial energy of the partielg.(misfit between particle and matrix), the
segment of dislocation line that is climbing around th¢igda may have a lower energy at the
interface and, thus, will feel an attractive force whidch need to be overcome for the
dislocation to complete the bypass. Only a modest amowattrattion k = 0.94) is needed for
the dislocation detachment to become the strength-dlimgranechanism. The large positive
size misfit between MX and austenite, which varies from ~226026] to ~28 pct [6.25], results
in a significant attractive force. Heczkb al. [6.26] have calculatedR;in Sanicro 25 for NbC
particles ¢l = 5 nm) to be 20 MPa for minimum attractide—0.94) and up to 50 MPa for
maximum attractionk(= 0). The predicted equilibrium volume fraction of MX iaricro 25 is
approximately twice that in Alloy 709 at 70Q [6.36]. Thus, an estimated increase in resolved
shear stress from MX at 700 °C in Alloy 709 is approximatelyMPa k = 0.94) and up to

13 MPa k= 0), assumingl = 10 nm and half the volume fraction of Sanicro 25 (0.01). pct
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Although M3Cs is significantly coarser compared to MX, the volumetfoacis greater
than MX at all temperatures. As discussed in Chaptesléme fractions of ICe carbides
were estimated from small angle neutron scattering (SAN&) @akep-fatigue at 550 and
650 °C. At 550 and 650 °C, the volume fractions are appro&lyn@t25 pct and 0.80 pct,
respectively. Assuming a precipitate diameter of 10 nm af65€he shear strength increase
varies from approximately 18 MPk £ 0.94) to 52 MPak(= 0). Assuming a precipitate diameter
of 50 nm at 650 °C, the shear strength increase variesdpproximately 6.1 MP&E 0.94) to
18 MPa k = 0). At 550 °C, the small amount of creep deformaitigiicates that dislocation
climb is slow; therefore, the maximum interactionsgith (k = 0) may be a reasonable estimate.
Conversely, a smaller interaction strength is assumed &t@&50here climb is significant. The
relatively wide spacing of the Moiré fringes in thesW% particles (see Figure 6.13 (a)) indicates
a smaller misfit with the matrix compared to MX, whichulesin a smaller interaction strength.
The final, and most significant, contribution to theotesd shear stress in Alloy 709 is
due to dislocation forest strengthening, or Taylor hardeningintihease in strength from

dislocation-dislocation interaction$y p\ ¢ s gStimated from

RoworlY) ¥é 6.3

where Uis a constant between 0.2-0.4 for polycrystals éisithe dislocation density.
Heczkoet al. [6.26] have measured the dislocation densities afterte€lihg at 700 °C with
strain amplitudes of 0.2 and 0.7 pct, to be 9Xh@ and 4.5x18 m?, respectively, which
results in strength increases of 60 and 130 MPa, resplgctihus, dislocation forests provide
the largest magnitude of strength increase compared tossdiilon and precipitate
strengthening for Sanicro 25 at 700 °C. In Alloy 709, dislocatemsity estimates result in

R b\ af @pproximately 55 12 MPa at 550 °C, compared to 24 MPa at 700 °C.

The estimates of strength increase from solutes, jitiageip, and dislocation forests
indicate that Taylor hardening is the dominant strengthenirafpamésm under the conditions
studied here, followed by precipitates, and finally solussangthening. However, the
calculated back stress is lower than the frictiorsstie all cases, which is not expected if long-
range dislocation strengthening dominates. Part of thassgiancy is due to the assumptions

made in the partitioning method, namely, that the magnittidaak stress at peak strain acts to
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aid deformation upon reversal. At elevated temperaturesendisiocations can easily re-
arrange and annihilate, this simple assumption that plasiacaltion pile-ups completely aid
dislocation motion in the opposite direction resuitan over estimation of the friction stress.
Also, the determination of yielding from a strain offséterently results in an over estimation of
the friction stress. Finally, Kuhlmann-Wilsorf and Lairga@ed that a large component of the
IULFWLRQ VWUHVV GHWHUPLQHGDEAGE R /W W K& IREDge PASS\KK R IG LV
the back stress [6.30]. All conditions in this study hatrcton stress that is more than two
times the back stress, which means that without thecdistm forest strengthening component
(i.e.the back stress), the friction stress is still latgan the back stress. The relatively high
values of friction stress, compared to back stress;ates that the influence from solutes and
precipitates on dislocation motion is larger than mtedi by the simple estimates above.

6.6.2 Interaction and Evolution of Strengthening Mechanisms

A comparison of the relative values of friction strasg back stress, and their evolution,
among the different conditions studied here providasnaerstanding of the interaction and
evolution of strengthening mechanisms. The back stress @hllest at the highest test
temperatures for a given hold time. The low back stresglates with recovered dislocation
structures, low dislocation densities, and low strairtiaing rates. On the other hand, the
friction stress is the greatest at the highest tempegit low cycle counts, indicating a higher
resistance to dislocation motion compared to the lowspéeatures where the friction stress is
initially low and increases steadily with cycle numbfm.increase in friction stress with
temperature in austenitic stainless steels and nickel-bélegd is attributed to DSA [6.11],
[6.37], [6.38]. Based on the stress partitioning method usedsistilndy, intragranular
precipitates that impede dislocation motion also couate to the measured friction stress.
Therefore, faster precipitation at the higher tempeeatalso contributes to the high friction
stress early in the tests. However, the frictioasstbegins to decrease at lower cycle counts at
higher temperatures. The decrease in friction stresshwbirresponds to cyclic softening, is
interpreted to be due to a decrease in both solution and ifeexgtrengthening as precipitates
coarsen and consume solute atoms. At the intermddiateeratures, the friction stress continues

to rise for a larger number of cycles due to slower pretipitand sustained DSA. At the lowest
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temperature, where precipitation and solute diffusioeléively slow, the friction stress
increases at the slowest rate.

The evolution of friction and back stress at differlenid times reinforces the
temperature effect on the evolution of strengthening am@sims. At 550 °C, the introduction of
a tensile hold time increases both the friction arek Iséresses significantly compared to LCF
without a hold. Although part of the increase in the bictstress may be due to precipitates,
dynamic precipitation is relatively slow at 550 °C, indiicg that the increase is primarily due to
solute effects. The significant increase in back stessstrain-hardening rates with even a small
hold time €.g.5 min) is attributed to an increase in dislocation-sahteractionsite. DSA). It
is proposed that solute atmospheres form at lower test tatupes while dislocations are
arrested during the tensile hold, resulting in high sthairdening rates. At 650 °C, the
introduction of a hold time has a different effect aation stress. Dynamic precipitation occurs
relatively rapidly at 650 °C, which is partly responsibletfa rapid rise in friction stress in all
conditions. As precipitates coarsen and consume sdtidesn stress decreases. For the short
hold times (0 and 5 min), the friction stress remaigs ffior a larger number of cycles due to
smaller amounts of precipitation (and solute consumpt&imply because the time per cycle is
shorter. Increasing the hold time at 650 °C resultsviret friction stress values and an earlier
decrease in terms of cycle count compared to the shaitimes since precipitates form
during the dwell period and consume solutes.

Hong and Laird [6.3] proposed a model for the increasedtidnial force for partial
dislocations to constrict and cross-slip, which is a lirfieaction of the local concentration of
solutes at the dislocation core. There is a maximusal lmancentration, and therefore frictional
force, which occurs from DSA at a specific temperaturesarain rate combinatiof6.39].
Andrewset al.[6.40] built upon this model and determined computationally therdigpee of
constriction energy of partial dislocations on soldrcentration, misfit strains (size and
modulus), dislocation line tension, and stacking faudrgy The results of the simulations show
that the misfit strain dominates the strengthening cartoibs and that constriction energy
increases with solute concentration in all cases. €l hexlels suggest that a critical solute
concentration exists where the applied stress is iogirifito overcome the friction force,

resulting in a transition from wavy to planar deformatio
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Dynamic strain aging indicates a high driving force fout®mhtmosphere formation
around dislocations. Serrated flow is initially preserttyateresis loops for all conditions studied
here. However, serrations disappear at some numbeclesdpr most conditions (see Table
6.3). Specifically, the number of cycles and time reguioe the disappearance of serrations is
inversely related to test temperature. The relationship beti@setime and the disappearance of
serrated flow is reinforced with the short hold timeéggeserrations disappear at a greater number
of cycles for shorter hold times. The rate of dynapm&cipitation is also strongly related to test
temperature and time at temperature; precipitate nuateatid growth occurs faster at the
higher test temperatures in this study. Thus, a correlaticsts between the time to precipitate a
significant volume fraction of carbides and nitrides amddycle count where serrated yielding
disappears.

The reduction of DSA, which is interpreted to be a resdulhe decrease in interstitial
solute content, also corresponds to a transitiongrd#&iormation behavior. For example, the
microstructure in the creep-fatigue test at 650 °C wBb anin hold is significantly different at
50 cycles compared to 400 cycles, where serrated flow ises¢mt and the friction stress is
lower. The microstructure has well-defined subgrains dfi@rcycles, compared to 50 cycles,
where deformation is primarily planar, as shown in Figuié. The dislocation density after
400 cycles is also lower compared to 50 cycles [6.28]. Additigribe volume fraction of
carbides is approximately three times greater after 40@xgompared to 50 cycles. Since
cross-slip of screw dislocations is considered the gahdislocation mechanism for dynamic
recovery in FCC crystals [6.41], it is interpreted tiat solute atoms responsible for impeding
cross-slip early on in the test are reduced to belowieaticoncentration at 650 °C between 50
and 400 cycles, at which point cross-slip becomes areag¢iformation mechanism. This
critical solute concentration for the transitiorslip behavior from planar to wavy is achieved
earlier at higher temperaturesd.after 15 cycles at 700 °C). Similarly, the transitioslip
mode occurs later for shorter hold times at 650 °ChAssblutes are consumed and the DSA
effects are reduced, the energy for partial dislocatiorconstrict and cross-slip can be
overcome by the applied stress, resulting in wavy slip abdrain formation. At 550 and
600 °C, however, a disappearance of DSA and a decreasgionfstress do not correlate with

significant recovery. The lack of dynamic recovery as¢hemperatures indicates that although
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the solute concentration decreases during the testiiticalacconcentration for partial dislocation

constriction and subsequent cross-slip is not achieved.

(a) (b)
Figure 6.15 BSE micrographs of deformed microstructures frergdlge sections of creep-
fatigue tests at 650 °C interrupted at (a) 50 cycles andOrycles. Deformation is primaril
planar after 50 cycles, highlighted by the arrows indicatlipgband traces. After 400 cycles,
subgrain formation is observed adjacent to grain boundamgshead of crack tips (shown

in (b)).

In Alloy 709, the evolution and interaction of solute andcjmitate strengthening
mechanisms during elevated temperature testing (and senegtdfs in a transition in slip
behavior, a decrease in work-hardening rate and disloaiosity, and ultimately, a decrease in
strength from dislocation forestisg( Taylor hardening). A decrease in friction stress as
interstitial solutes are consumed in carbides and nitl&ets to lower work-hardening rates due
to dynamic recovery. Therefore, the most significant impadynamic precipitation of carbides
and nitrides during LCF and creep-fatigue tests is due tmthease of dislocation cross-slip

and the resulting low work-hardening rate and decreasecaaliglo density.
6.6.3 Deformation Behavior and Damage Accumulation

When a tensile hold time is added in LCF testing of aitstesteels, the fracture mode
typically changes from transgranular to some degree efgrdanular cracking [6.31]. The
increased fraction of intergranular fracture is attributegrain boundary cavitation as a result of
creep deformation during the hold. Thus, propagation of suifattated transgranular fatigue

cracks can be assisted by creep void formation. Alterdgticyclic loading can propagate and
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link together creep damage nucleated at grain boundariesjngsaltong grain boundary
cracks. The latter scenario is potentially the mostagdang and results in the greatest reduction
in creep-fatigue performance due to the brittle natutbeofracture. The mechanisms for
damage formation and propagation in Alloy 709 are discussedatiir respect to plastic
deformation, both cyclic and time-dependerd. Creep strain).

Failure in creep-fatigue is related to both inelastic cetegin and plastic strain during
cycling. For the following comparison, the components elfistic strain are averaged over the
entire test by the number of cycles; specifically,aherage cyclic plastic strain amplitude,
\'gc%),,,,and the average creep strag8per cycle are provided. Figure 6.16 shows the number of
cycles to failure]Ny, \’9% , and -&s a function of test temperature for creep-fatigus test
performed with a 30 min tensile hold. The cyclic plastiaistamplitude decreases somewhat
from 500 °C to a minimum at 550 °C, after which it increasgsn for higher temperatures.
Increased cyclic plastic strain is a result of re&si low strain-hardening rates and is associated
with wavy slip due to dislocation cross-slip. Significant sabgformation, which indicates
cross-slip, is observed in failed specimens tested at 65008n2C. High strain-hardening rates
during cycling, as a result of the high friction stressnfiDSA, lead to low cyclic plasticity at
550 and 600 °C. At 500 °C, the solute concentration is exgéatbe the highest, due to the
relatively slow precipitation. However, the slightly largenount of cyclic plastic strain
compared to 550 and 600 °C indicates that the effects of D&SAch as strong at the lower
temperature, as indicated by the lower average frictr@ss

The creep strain, on the other hand, is smallest atdoweératures and increases
significantly at temperatures greater than 550 °C asudt ref increasing stress relaxation during
the hold periods. Since dislocation climb (which is tleehanism attributed to creep
deformation at the stresses, strain rates, and tetapesan this study) is a thermally activated
process, the increase in creep strain with temperat@eected.

Figure 6.16 is partitioned into four different temperategimes, each with different
relative contributions of deformation. In region 1, whereep deformation is at a minimum and
the cyclic deformation is greater than in region 2,rilmmber of cycles to failure is the greatest.
Small creep strain results in less grain boundary cauitathe deformation is primarily planar,
although some recovery is observed directly aheadair ¢poundary cracks, indicating some

amount of cross-slip at low temperatures. The fractufaciim region 1 has components of
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Figure 6.16 Number of cycles to failué, average cyclic plastic strain amplitudfﬂ/,% ,.and
average creep straing8&during the fatigue life as a function of test temperakurereep-
fatigue tests with 30 min tensile holds.

both transgranular and intergranular fracture (see Figl (a)). In region 2, where creep
deformation begins to increase and cyclic plasticiitia minimum, the number of cycles to
failure is also at a minimum. A greater amount of creegiat#on is expected in this region,
compared to lower temperatures, as the average creeppsraiycle increases with
temperature. The lack of plasticity during cycling, whichtigkauted to difficulty of cross-slip,
results in high work-hardening rates and tensile stre¥bess, creep cavitation damage
propagates rapidly in the presence of high tensile stressedting in long sharp grain boundary
cracks and a fracture mode that is primarily intergrar(skee Figure 6.10 (b)). An increase in
cycles to failure occurs in region 3. In this regiorglicyplasticity increases significantly due to
a reduction of friction stress from region 2, leadinguancrease in dislocation cross-slip and
subgrain formation. Creep deformation also increasesgiom 3. However, the onset of wavy
slip and higher degree of recovery in this region actswe the elastic strain energy, and the
tensile stresses, around damaged boundaries. Increasitigitglasound grain boundary
cavitation retards propagation of intergranular damagaltires in blunted grain boundary
cracks and a mixed mode fracture. The cycles to failure aseseagain in region 4 where creep
deformation and cyclic plasticity are at a maximum. Ahigecovered microstructure exists in

this region due to the relative ease of cross-slip. Homysignificant creep cavitation decreases
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the cyclic life as transgranular fatigue cracks are linked tsfatively high fraction of creep
voids (see Figure 6.10 (c)).

The results from the short hold time tests provide sugpothe relative influence of
cyclic and creep deformation on creep-fatigue life. Tharbhuld time test at 550 °C, where the
creep strain per cycle is approximately the same astiger hold time tests, results in a higher
number of cycles to failure compared to longer hold times dulgtutly more cyclic plasticity
(see Figure 6.7 (b)). More cyclic plasticity with th@ghkst time at 550 °C may indicate a hold
time effect on solute atmosphere formation and fricsivass at relatively low temperatures.
That is, the atmosphere formed during the short hold tmagsnot be as dense compared to
longer holds, leading to a lower friction stress that aggines that of the LCF testd. no hold
time available for atmosphere formation). At 650 °C,5fed 15 min hold time tests have
significantly shorter lives compared to the 30 min holcetiests. The 5 min hold time has the
smallest amount of creep strain at 650 °C, but alssrtfalest cyclic plastic strain (see Figure
6.7 (b)). The small cyclic plastic strain during the B fmold time test is attributed to higher
interstitial concentration as a result of slower pieaiion (in terms of number of cycles)
compared to the longer hold times. Although the cyclictiglasrain is slightly larger in the
15 min hold test, compared to 5 min, the creep strain risfisi@gntly larger during the 15 min
hold, which results in the shortest creep-fatigue lifését °C. Hence, the creep damage, which is
a result of creep strain, is propagated more rapidigarshortest hold time tests at 650 °C as a
result of low cyclic plastic strain and high frictistress. Note that the maximum friction stress
in LCF at 650 °C is similar to that of the 5 and 15 min heslig, but the lack of creep strain in
LCF results in the highest number of cycles to failure

From these results, the creep-fatigue life of Alloy 709 lwa maximized if (1) the creep
strain is minimized and (2) a moderate amount of pl&gticicurs during cycling to retard
propagation of grain boundary cavitation damage. Cyclidipigsis a strong function of
microstructurei(e. solute content and precipitation), which evolves diffdyaumder different
conditions. Therefore, evolution of the microstructstieuld be a consideration in the

extrapolation of accelerated testing performance to teng-service conditions.
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6.7 Conclusions

1. Microstructural evolution of Alloy 709, by dynamic precipitatioicarbides and nitrides
(M23Cs and Nb(C,N)), during creep-fatigue testing of a solutiomealed microstructure
Is a strong function of temperature. Solute atoms resigerisr DSA promote planar
deformation and high strain-hardening rates due to theoffistress imposed on
dissociated partial dislocations, thus resisting crogsaad recovery. A decrease in
solute content, as a result of dynamic precipitation resltize friction stress and leads to
a transition in slip character from planar to wavy.

2. Enhanced cyclic deformation by dislocation cross-slipltesn the formation of low
energy dislocation structureise( subgrains) adjacent to grain boundaries. Subgrain
formation lowers the strain energy at grain boundamekthe driving force for
propagation of intergranular damage.(voids and cracks). Where wavy slip occurs,
grain boundary damage is in the form of voids and shonté&dl cracks. The resulting
fracture is mixed transgranular and intergranular. Conlensbere planar deformation
dominates, long sharp grain boundary cracks form and shéing fracture is
intergranular.

3. The degree of creep damage, which occurs during the tengll@dradd, is also a strong
function of temperature as more stress relaxationrsat higher temperatures.

4. Itis proposed that the strain-controlled creep-fatigfeeof Alloy 709 can be maximized
if the creep deformation is kept at a minimum and the cgelformation is enhanced
through dislocation cross-slip, thus reducing the formatimhthe propagation of

intergranular damage.
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CHAPTER 7
DEFORMATION AND DAMAGE MECHANISMS DURING CREER-ATIGUE IN
ALLOY 709, PART 2: EFFECT OF INITIAL MICROSTRUCTURE

7.1 Introduction

In part 1 of this study (Chapter 6) it was shown that therdeition behavior of Alloy
709 in creep-fatigue changes as a function of test textyye and time at temperature, as a result
of microstructure evolution. Specifically, the slip claea transitions from planar to wavy
during testing from a solution annealed (SA) conditionaabides and nitrides dynamically
precipitate and coarsen, drawing solute out of solutiotie@&ease in solute concentration
corresponds to a reduction of dynamic strain aging (DSA), whitpically associated with
enhanced slip planarity. The transition in slip charastattributed to significant dislocation
cross-slip and subsequent recovery of the microstrudéa@ding to lower tensile stresses and
more plastic deformation ahead of grain boundary craokse conditions where wavy slip
occurs, well-defined subgrains are formed adjacent to goaindaries and the resulting
intergranular damage consists of short blunted crackbeloonditions where deformation is
primarily planar, slip band impingement and high tensilessa® at grain boundaries propagate
intergranular damage, resulting in long sharp grain bouratacks. The transition to wavy slip
and dynamic recovery, which is believed to slow the propagafioniernal damage, occurs
faster at higher temperatures due to a higher rate of smogeimption through faster
precipitation. However, the formation of creep damageittergranular cavitation), which
occurs during the tensile hold time in creep-fatigue, atsurs faster at higher temperatures.
Hence, it was proposed that creep-fatigue performance cewgthmized if both the nucleation
and propagation of grain boundary creep damage is minimizedpfing dynamic recovery
during cycling, while keeping the creep deformation during the haddn@nimum.

The objective of the present study is to understand thetedf initial microstructure on
creep-fatigue performance. Specifically, a microstrudtuaieis aged to produce a stable
precipitate population.g. near equilibrium) is tested under the same conditionseasalution
annealed material at 550 and 650 °C to investigate the effederstitial solute concentration

and precipitate population on DSA, slip character, damagmpgetion, and creep-fatigue life.
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Mechanisms of both cyclic and time-dependent deformat®nliacussed with respect to

microstructure evolution and damage mechanisms.
7.2 Materials and Methods

The materials, testing procedure, microstructural chamaation techniques, and fatigue
data analysis used in this study were discussed in de@ilapter 6. Material from heat 58776
was used in this work. The creep-fatigue testing conditatisthe aged specimens are identical
to those described in an earlier study with the SA mitmosire (550 and 650 °C; tensile hold
time, t=30 min; total strain amplitude), = 1 pct; strain rate(& 102 s1) [7.1].

7.2.1 Isothermal Static Aging

The thermodynamic and kinetic precipitate simulatimndetermine the aging condition
predicted to produce a significant volume fraction of carbéheknitrides, Mz:Cs and Z-phase
(CrNbN), were discussed in Chapter 5. Based on the simulationsdtiermal aging condition
chosen for this studyas100 h at 750 °C. This aging condition is expected to produce
approximately 90 pct of the equilibrium volume fractioibf:Cs and approximately 50 pct of
the equilibrium volume fraction of Z-phase.

Prior to aging, specimens machined from a solution anneadésl\ywére vacuum
encapsulated in quartz tubes containing Ti slugs to preveddtad of the specimens.
Following aging, specimen gage sections were re-polished #heraxial direction to the same

original finish produced by the machining vendor.
7.2.2 Determination of Critical Strain to the Onset of Serrated Flow, O

It has been shown that the critical plastic strdipat the onset of serrated flow in
monotonic tensile tests is related to the temperaturen-statg, activation energy of the diffusing
species, and the concentration of the solutes thatapensible for the strain aging effect [#2]
[7.4]. Ois compared for the different initial microstructuresedstnder the same conditions of
temperature and strain rate to determine the relative smatentration causing the serrated
flow in each condition. In monotonic deformatio®,s simply defined as the plastic strain where
the first load drop occurs. In this studyjs the amplitude of plastic strain where the first

significant load drop (greater than 0.5 MPa) occurs irtehsile half of the hysteresis loop. The

154



cyclic plastic strain amplitude)y -5 , is determined first, according to the procedure described in
Chapter 6. The region of serrated flow from the fiosidl drop up to peak tensile strain is then

subtracted from0, -, to determineO.

7.3 Aged Microstructure Results

Precipitates in the aged microstructure (100 h at 75@&r€$hown in the SEM and
bright field (BF) TEM micrographs in Figure 3.5. A distrilon of coarse ICs is found on
grain boundaries, twin boundaries, and intragranularly. Inbelgrains, cuboidal B4Cs
precipitates are typically observed linked together in nantis chains, forming the needle
shapes shown in Figure 3.5 (a). This morphology of intragaeiMpsCs is common in austenitic
steels [7.5]. These chains of cuboidak® often nucleate and grow from pre-existing Nb(C,N)
particles. The chains of intragranulaed@s carbides are approximately 150 nm wide and can be
several microns in length. Figure 3.5 (a) also showsia goandary decorated with coarse
globular M3Cs particles. After aging, dislocations are decorated finih Z-phase precipitates,
shown in Figure 3.5 (b). Z-phase precipitates are showiglér magnification in Figure 3.5 (c)
with an inset selected area diffraction pattern (SARPfianing the tetragonal crystal structure
and the orientation relationship ((08{10001); [1 9]z||[100]) described by Robinson and Jack
[7.6]. The fine Z-phase precipitates are rod shaped appratimidl nm in diameter and 20 nm
long. It has been shown that for aging times longer 80 h at 750 °C, an increase in the
amount of Z-phase occurs at the expense of the regiduaon-equilibrium) MX particles
[7.7], [7.8]. It should be noted that the spherical carbadeirexisting prior to aging did not

shrink a noticeable amount in this relatively short thétreatment.
7.4 Creep-Fatigue Cyclic Stress and Life Results

Peak tensile stress versus cycle number for the datigpie tests at 550 and 650 °C with
aged specimens are shown in Figure 7.2, compared to thes fesol the SA specimens tested
under the same conditions. The cyclic stress behauaximum stress, and number of cycles to
failure is significantly different between the two initralcrostructures for each test temperature.
At 550 °C, the aged microstructure hardens to a maximum tehgks approximately 25 pct
lower than the SA microstructure. The maximum streashseved after only 50 cycles, whereas

the maximum stress is not reached until 400 cycles iG#eondition. Similarly, at 650 °C, the
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(@) (b)

(c)
Figure 7.1 (a) SEM and (b),(c) TEM BF micrographs of therestructure of Alloy 709 after
aging at 750 °C for 100 h. #Cs carbides are shown aligned intragranularly (needle shape
and on a grain boundary in (a)28@s carbides are shown in higher magnification in (b), @lc
with fine Z-phase precipitates decorating dislocatibfigher magnification of the Z-phase
precipitates with an inset selected area diffractiotepatshown in (c).
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maximum stress in the aged microstructure is approximatgbg2®wer than in the SA
condition and is achieved after only 10 cycles, compar&@ wycles with an SA microstructure.
Unlike the creep-fatigue testing of the SA material, tr@icgtress response of the aged
microstructures after the initial cyclic hardening stageottt best temperatures is relatively
stable {.e. no significant hardening or softening) until failure. The stalyclic stress response in
the aged condition indicates that microstructural hardenibglaced with softening for each
cycle. The most significant difference in creep-fatigeeformance between the two
microstructures is the increase in number of cycldailiare, N, in the aged conditions. At

550 °C, the number of cycles to failure in the aged ¢mmd{3337 cycles) is more than three
times greater than the SA condition (average of 97#syoom two tests). The number of cycles
to failure at 650 °C is also increased substantially froraveerage of 1000 cycles in the SA
condition to 1438 cycles in the aged condition. The nurabeycles to failure for each

microstructure at both test temperatures is summarizédbte 7.1.

(a) (b)
Figure 7.2 Peak tensile stress versus cycle number fep-tatigue tests witld,; = 1 pct at (a)
550 and (b) 650 °C with specimens that were tested in theosoarinealed condition and
those that were aged at 750 °C for h00
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Table 7.1 Cycles to Failure in Creep-Fatigue Tests

Temperature (°C) Hold Time (min) Initial Microstructure Cycles to FailurelN

550 30 SA 974*
650 30 SA 1000*
550 30 Aged 750 °C, 100 h 3337
650 30 Aged 750 °C, 100 h 1438

* - Average of two tests is reported.

7.5 Hysteresis Loop Analysis Results

7.5.1 Friction and Back Stress

A remarkable difference in the evolution of both fnatand back stress during creep-
fatigue tests between the aged and SA microstructuresvismshd-igure 7.3 at both 550 and
650 °C with the same 30 min tensile hold. With the agedosiicicture, the friction stress at
both temperatures is stable and approximately the saoe @and is significantly lower than for
the SA condition at either temperature. The backsiseslso lower for the aged condition at
both temperatures, although a greater magnitude is obdsatr&®0 °C for both microstructures.
The stable friction stress in the aged condition inégghat the significantly higher values of
friction stress in the SA condition (and their evimo} are attributed to the evolution of the

microstructure during testing.
7.5.2 Strain-Hardening Behavior

A comparison of the tensile strain-hardening rateseanitt-life cycle between the
different microstructural conditions is shown in Figure Pre-aging the microstructure
decreases the strain-hardening rates significantly atG58t°650 °C, however, the strain-
hardening rates are approximately the same at the midytife for both the SA and the aged
microstructures. It should be noted that significant reppy.e. subgrain formation) was
observed prior to the mid-life cycle in the SA conditair650 °C, as discussed in Chapter 6. The
similar strain-hardening behavior between the two microstrestat 650 °C indicates that the
size and distribution of precipitates does not significactignge the deformation mechanism

responsible for strain-hardening.
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(a) (b)
Figure 7.3 (a) Friction stresd, and (b) back stresdg for both microstructures tested at 55
and 650 °C.

Figure 7.4 Mid-life strain-hardening rate and tensile stmegslitude versus strain amplitude
550 and 650 °C with the aged and SA microstructures.
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7.5.3 Plastic Strain and Stress Relaxation

The evolution of cyclic plastic strain amplitud®, s rand creep strainQ-during creep-
fatigue tests at 550 and 650 °C is shown in Figure 7.5 for betaged and the SA conditions.
At both 550 and 650 °C, the stable aged microstructure haiicagtly more cyclic plastic
strain per cycle compared to the SA microstructure. Tiwerldriction stress, back stress, and
strain-hardening rates in the aged condition correlate wire plastic deformation during
cycling compared to the SA condition. Although the frictsbress is approximately the same for
each temperature for the aged condition, the higher diaes and higher strain-hardening rates

at 550 °C are responsible for the slightly lower cyplastic strain compared to 650 °C.

() (b)
Figure 7.5 (a) Cyclic plastic straif}, s gand (b) creep strain},for both microstructures
tested at 550 and 650 °C.

During the tensile hold period, stress relaxes as ektsfimn is converted to inelastic
strain, which is characterized as creep strain beloartain relaxation rate [7.9], [7.10]. Despite
the significant increase in cyclic deformation in tiged condition, the amount of creep strain
per cycle is relatively unchanged at both test temperabyraging the microstructure prior to
testing, as shown in Figure 7.5 (b). At both temperatunesnelastic strain rates during the hold
period are also approximately the same for both microstes:tiihe accumulated creep strain

(Nf @)sthroughout the test in the aged microstructure is sigmifig greater than in the SA
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condition, which is summarized in Table 7.2. Since thewentnof creep strain per cycle is
approximately the same in both microstructures, the largarmulated creep strain in the aged
condition is primarily due to the increase in cycle cairiioth temperatures.

It should be noted that, since the aged condition tests treghold time at lower tensile
stresses at both temperatures (~25 pct lower at 550 °C and ~@®&gcat 650 °C), the relative
magnitude of stress relaxation is greater in the ageditam In other words, the same
magnitude of creep strain at a lower initial stress itd&ca lower creep resistance in the aged

condition compared to the SA microstructure.

Table 7.2 Summary of Accumulated Creep Strisirf) , for Both Microstructures and Test
Temperatures

Temperature (°C) Initial Microstructure Nt Gy
550 SA 0.163
650 SA 0.745
550 Aged 750 °C, 100 h 0.677
650 Aged 750 °C, 100 h 1.049

7.5.4 Serrated Flow in Hysteresis Loops

Serrated flow is initially present in the hysteresis loatpsoth test temperatures with the
aged microstructure, as was the case for the SA condhtienserrated flow also disappears with
an increase in cycle count with both microstructures. Hewehe number of cycles beforeeth
serrations disappear from the hysteresis loops is signity different between the two
microstructures. At 550 °C, serrations in the tensiledfatfie cycle disappear after
approximately 50 cycles in the aged condition, compared toy83€scin the SA condition. At
650 °C, serrated flow disappears from the tensile hatliefdop after approximately 700 cycles
in the aged condition, compared to 50 cycles in the $Miton.

The significant difference in the presence of serrdted between the to
microstructures is better understood through a comparisthe @fitical plastic strain to the
onset of serrations), which is summarized in Table 7.3. In both microstructufeiscreases
slowly with cycle number; the increase is most sigatfit at 650 °C in the SA condition. At the
same time, the cyclic plastic strain decreases asiéterial hardens initially and the hysteresis
loops become narrower, as shown in Figure 7.5 (a), patiguh the SA condition tested at 550

°C. Once the critical strain for serrated flow (whichré@ases) becomes equal to the cyclic plastic
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(a) (b)
Figure 7.6 Hysteresis loops for the fifth creep-fatigudecin the SA and aged conditions at
(a) 550 °C and (b) 650 °C showing the critical strdinfor each condition. The onset of
serrated flow occurs at a greater plastic strain in the egedition at both temperatures.

strain (which decreases), serrations are no longerwaaseht both temperatured) is larger in

the aged microstructure compared to the SA condition ¢avemn cycle number. For examplé,

is shown in the fifth cycle hysteresis loops for botbrostructures and test temperatures in
Figure 7.6. In the SA microstructur®, increases slowly at 550 °C (~0.001 in 350 cycles)
compared to 650 °C (~0.0036 in 50 cycles). In the aged condh®mcrease ir0 is initially
faster compared to the SA condition (in the first 1desyor so), after which the increase is
slower until the serrations disappear. The reason éolatiyer number of cycles where serrations
are observed in the aged condition at 650 °C is due tartder cyclic plastic strain, or the width
of the hysteresis loops) compared to the SA conditio®58 °C, serrated flow is observed over
a greater number of cycles in the SA condition duerallsr values and a slower increaseQn

compared to the aged condition.

Table 7.3 Summary of Critical Straif), for Both Microstructures and Test Temperatures

Temperature (°C) Initial Microstructure Range of0 (10%) Cycle Range
550 SA 3.0 +4.0 1 +350
650 SA 1.4 5.0 1 50
550 Aged 750 °C, 100 h 4.0 £5.7 1 50
650 Aged 750 °C, 100 h 2.1 6.0 1 +£700
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7.6 Microstructural Characterization Results

7.6.1 Internal Damage and Deformation

The deformation structures after creep-fatigue testinp@ and 650 °C with aged
specimens are shown in Figure 7.7. At 550 °C, a high densiiglétiefined subgrains is
observed adjacent to most grains boundaries, indicagngisant recovery. The presence of
subgrains after creep-fatigue failure in the aged microstrustumestark contrast to the
observations after testing under the same conditiofisaA8A microstructure, where no
significant recovery is observed [7.1]. Additionally, whtve internal damage in the SA
microstructure primarily consists of long sharp crackaglgrain boundaries, the intergranular
damage in the aged condition is primarily round voids and sharted cracks. Similarly, the
aged microstructure tested at 650 °C has a significantly hagresity of subgrains at failure
compared to the SA microstructure. Since the grain boymtéanage in the aged conditions
consists primarily of voids, rather than long crachkse,drea density of grain boundary voids is
determined for each aged condition following failure fraarging electron micrographs. The
density of intergranular voids after testing the agedastcucture is greater at 650 °C than at
550 °C, which is summarized in Table 7.4. A higher densityaih boundary voids at 650 °C is
likely due to more accumulated creep strain throughout thatté50 °C (1.05) compared to
550 °C (0.68), despite less than half the number of cycleslioe. Thus, a smaller amount of
intergranular damage at 550 °C in the aged condition isodiess accumulated creep strain per

cycle and slow propagation of damage due to dynamic recovtrg gtain boundaries.
7.6.2 Fracture Mode

The primary fracture surfaces from the aged microstrustested at 550 and 650 °C are
shown in Figure 7.8. The mode of fracture in creep-fatigitie the aged condition is primarily
transgranular at both 550 and 650 °C, as indicated by theskraged regions. Note that there is
more microvoid associated damage on the fracture suafe&®0 °C, which likely occurs along
grain boundaries due to creep damage; the arrows in Figure T8ifate grain boundary
associated damage. In the SA condition, the creegufafracture surfaces are primarily
intergranular at 550 °C and mixed with primarily intergranaind a small fraction of

transgranular components at 650 °C [7.1]. Primarily tramsdga fracture in the aged condition
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(a) (b)
Figure 7.7 BSE micrographs of deformed microstructures frorgdge sections of creep-
fatigue tests on aged microstructures tested at (a) 580d(b) 650 °C.

Table 7.4 Grain Boundary Void Density after Creep-Fatiguesfeail

Temperature (°C) Grain Boundary Void Density (1Ovoids/R?)
550 3.2+07
650 11+2.7
(a) (b)

Figure 7.8 Fracture surfaces observed in the SEM fqurv@ged microstructures creep-
fatigue tested at (a) 550 and (b) 650 °C. Fracture is phnieansgranular with flat striated
regions. Short arrows point to grain boundary associateagiat 650 °C.
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creep-fatigue tests is similar to the LCF fracture sedan the SA condition at both 550 and
650 °C. Note that no creep strain is accumulated in thed®Aition LCF tests. Thus, although
the total accumulated creep strain (and presumably, creegepmahe aged condition creep-
fatigue tests is significantly greater compared to therfi#kostructure, the primarily
transgranular fracture indicates a higher resistanpeofgagation of grain boundary damage in
the aged microstructure.

7.6.3 Dislocation Density and Hardness

After creep-fatigue testing at both 550 and 650 °C, the age@shiuctures have
significantly lower dislocation density and room tempar@athardness values compared to the
SA microstructures tested under the same conditions @igQ). The lower dislocation density
after testing the aged microstructure is due to a significaigher degree of dynamic recovery
compared to the SA microstructure tested at identicgdeestures and hold times. Both
dislocation density and hardness values are slightly hagte50 °C compared to 650 °C, which
is also true of the SA condition. For the aged condititimee magnitudes of precipitate and
solution strengthening should be comparable at both tempesatiue to the stability of the aged
microstructure. Therefore, the higher hardness at 55 Atpared to 650 °C is attributed
primarily to a higher dislocation density, as a resules$ dynamic recovery (see the

microstructures in Figure 7.7

(a) (b)
Figure 7.9 Comparison of (a) dislocation density and (bk&f& hardness for pre-aged and
microstructures after creep-fatigue testing at 550 and 650 °C.
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7.6.4 Precipitation

The objective of this study is to understand how the ewiudf a thermodynamically
unstable microstructure €. the solution annealed condition) affects deformatimh@damage
mechanisms that ultimately lead to failure in creep-fatiglence, aging the microstructure prior
to testing was intended to produce a microstructure that i€ stalldoes not have increased
precipitation during elevated temperature testing. It wasiegthat dynamic precipitation
during creep-fatigue testing is not significant in the agentostructures after testing at both 550
and 650 °C. Even though the testing times with the age@stioctures are significantly longer
compared to the tests in the SA condition, fine Nb(CNWX) precipitates are not observed after
testing. The formation of Z-phase (CrNbN) has been megto be preceded by NbN [7.5],
[7.7], which is likely the reason MX is observed after tegtit 650 and 700 °C in the SA
condition, discussed in Chapter 6. In contrast, thetids are favorable for Z-phase nucleation
during aging at 750 °C for 100 h. However, the equilibriununa fraction of Z-phase is not
expected to be achieved after the relatively short tHerestment. Thus, during testing in the
aged condition, Z-phase likely coarsens preferentialliigddrmation of non-equilibrium MX.
The BF TEM micrograph in Figure 7.10 (a) shows a repretpemtdistribution of coarse b4Cs
and fine Z-phase after testing at 650 °C, which has dfismmily larger spacing than the
precipitates that form during testing from the SA micnuostrre. Additionally, the Z-phase
particles are slightly coarser after testing at batipteratures, as shown in Figure 7.10 (b) for

comparison with the same precipitates in the untestesstiacture shown in Figure 3.5 (c).

7.7 Discussion

7.7.1 Serrated Flow

In Chapter 6, serrated flow was shown to disappear at somieenwf cycles at every
temperature studied with the same tensile hold time. Furthierihe disappearance of serrations
occurred at a greater number of cycles as the teperature decreased. It was concluded that
the consumption of solutes through precipitation of cagbédel nitrides is responsible for the
reduced DSA effects and the disappearance of serrated flegipiBation occurs significantly
faster at the higher test temperatures, which explainsatier disappearance of serrated flow in

terms of cycle number. Thus, it should be expectedatihaiging treatment to precipitate out a
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significant volume fraction of carbides and nitrides miggsult in a complete absence of DSA

during similar creep-fatigue testing conditions.

(@ (b)
Figure 7.10 TEM BF micrographs of precipitates in the agedosiructures after creep-
fatigue testing at 650 °C showing (a) the relatively lapgemg of MsCs (coarse) and
Z-phase (fine) precipitates, which are shown at highemifiegtion in (b).

In this study, serrated flow existed from the beginning dingst both temperatures.
However, the onset of serrations was delayed significamttygher strain values in the aged
microstructure, compared to the SA condition. Nakada and K8hshowed that for NE
alloys, the critical strain for serrated flow in nmonic tests is a function of interstitial content
for a given temperature and strain rate. SpecificallyghdniC-content in the Ni-C alloys results
in a smaller0 for the same temperature and strain rate. For sdoye(aé. same C-content) and
strain rate, an increase in temperature also resutsimallerO. Recently, Alomaret al.[7.11]
confirmed this relationship between temperature @il Alloy 709 during tensile testing in the
range of temperatures and strain rates where serrateddawso Although serrations are
observed in the aged condition during creep-fatigue testithis study, the larger critical strain
values at each temperature, compared to the SA conditiggests a smaller solute
concentration responsible for DSA. Furthermore, the tafjat 550 °C compared to 650 °C is
consistent in both microstructures, and with theditere where composition is constant [7.3],
[7.4], [7.11]
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The rate at which) increases may be indicative of the rate of mictastiral evolution.
In the SA condition,0 increases atrate of 7x16 cycle® until the disappearance of serrations at
650 °C and aaslower rate of 3x10cycle! at 550 °C. The significantly higher rate at whigh
increases at 650 °C is attributed to the faster precgoitati M>3Cs and Nb(C,N). In the aged
condition, 0 also increases for both temperatures even though significecipitation is not
observed. McCormick showed that, in addition to the effécbncentration and temperature,
critical strain also increases with increasing mobil®dation density [7.4]. An increase in
dislocation density may offer an explanation for¢h#cal strain increase observed in the aged
condition tests. At 550 °C in the aged conditi@nincreases at 3xcycle?, a rate significantly
faster compared to the SA condition. During the short chaidening stage where the increase
in critical strain is rapid, the friction and backests are larger in the aged condition than in the
SA condition. The larger number of obstacles in the iméite. the fine Z-phase that precipitated
on dislocations during the aging treatment) are likedpoasible for a more rapid increase in
dislocation density in the aged microstructure, compar#aet&A condition. Note that the
strain-hardening rate is greater in the aged conditids ifeshe hysteresis loops shown in Figure
7.6. Similarly, at 650 °CQ increases rapidly in ~10 cycles in the aged conditidavield by a
slower rate of increase until the eventual disappearanc@00 cycles. The tensile stress is
greater in the aged condition for the first ~10 cyolsch supports the increase of dislocations

as an explanation for the increase in criticalistra
7.7.2 Solute Concentration and Cyclic Plastic Deformation

The concentration of interstitial solutes has a sicgmit effect on deformation behavior
in alloys where DSA occurs [7.3], [7.12}.15]. Kockset al. showed that lower concentrations
of C in Ni-C alloys resulted in lower strain-hardeningesaand an earlier onset of dynamic
recovery {.e. at lower stresses) in monotonic tensile tests at elevaneggkeratures where DSA
occurs [7.12]. The effect of solute concentration oairsthardening is primarily attributed to the
rate of dislocation rearrangemeng(recovery). Flow stress is also concentration dependsnt,
both friction stress and dislocation interactiomsgth increase with solute concentration [7.12]
Hong and Laird proposed that interstitial solutes in FCC indliblocation cross-slip through
elastic interactions with the dissociated partiaés by an increase in friction stress), which is the

reason for delayed recovery and high strain-hardening irat®nditions where DSA occurs
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[7.16]. Hence, under certain conditions there exists aesotuicentration dependence on
dynamic recovery by dislocation cross-slip.

In the aged Alloy 709 microstructure, the relatively lowrnsit#ial solute content results
in significant dynamic recovery during creep-fatigue btgstit 550 and 658C. The stable cyclic
stress response, well-defined subgrains, and relatively igl@cdtion densities indicate that
strain-hardening is balanced by dynamic recovery, whiclpisdyfor low-interstitial austenitic
stainless steels that exhibit wavy slip in L@&g(304L and 316L) [7.1747.19]. Dynamic
recovery in the aged microstructure is attributed to aea@se in dislocation cross-slip, rather
than an increase in dislocation climb, which is supmbhbly the relatively unchanged amount of
creep deformation during the hold at both temperatures, a@uo the SA condition.
Enhanced dislocation cross-slip is primarily responsikieéhfe lower strain-hardening rates and
larger magnitude of cyclic plasticity in the aged conditmympared to SA condition. Note that
the mid-life strain-hardening rates were approximately éimeesin both microstructures at
650 °C because significant cross-slip already occursatith-life cycle in the SA condition.

As discussed in Chapter 6, the friction stress caledlbere is simply a measure of the
cyclic yield stress. A lower yield stress is also pdytia@sponsible for more cyclic plasticity in
the aged microstructure; the lower yield strength is duedeser precipitates, lower solute
concentration, and lower dislocation density compare¢dag&A condition. Between the two
microstructures, the significantly larger increase idicyplasticity at 550 °C, compared to
650 °C, is attributed to both a decrease in strain-hardeniegjaatl a decrease in the yield
stress. At 650 °C, where the strain-hardening behavietatvely unchanged with aging, the
increase in cyclic plasticity is primarily due to the deseein yield strength. In the SA condition,
the high yield strength is due to a combination of fine pitetgs, relatively high solute
concentration, and a high dislocation density. Inatiped condition, coarse HCs precipitates
and a low volume fraction of widely spaced fine Z-phaesticles result in a lower yield strength
and strain-hardening rate. Additionally, the lower solute eotmation lowers the true friction
stress on dislocations, leading to enhanced cross-slip eattliction of dislocation density,
which also lowers both the strain-hardening rates and yieddggh.

The presence of serrations in the aged microstructdreates that although there is still
a high enough concentration of solutes for DSA effectetoldserved, the concentration is low

enough that the applied stress can overcome the fristiess restricting cross-slip. Therefore,
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the presence of DSA does not always correlate with entiatipeplanarity. Furthermore, cross-
slip and dynamic recovery are impeded only if the solubeeatration is above a critical value
(for a given applied stress).

Since significant cross-slip occurs at both test tempegsaitn this study, an estimate of
the solute concentration in the aged microstructureaneds where the slip mode transition from
planar to wavy occurs in Alloy 709 under these testing camditiin Chapter 5, small angle
neutron scattering (SANS) is used to characterize the oftantion of M3Cs carbides for
several conditions of static aging and creep-fatiguetgeDue to the small volume fraction of
Z-phase and the similarity of scattering contrast betweat phase and the matrix, accurate
estimates were not obtained for this phase. Therdfwajolume fraction of Z-phase determined
by TC-Prisma® precipitation simulations is used to estirttegeconcentration of N consumed
during aging, which is ~50 pct of the equilibrium volume frac{i®:924 pct) after 100 h at
750 °C. The measured volume fraction ofz8 carbides after aging at 750 °C for 100 h is
approximately 0.88 pct, which is somewhat lower than the equitibconcentration (1.36 pct).
Accounting for the Z-phase and:Mls precipitation, approximately 0.2 pct C and
0.01at pct N are consumed by precipitation during aging. The fieddtA composition,
accounting for MX precipitates that are not solutionized,(ha@9at pct C (0.063 wt pct C) and
0.44at pct N (0.11 wt pct N). Therefore, the aged microstructureppsoximately 0.08 at pct C
(0.017wt pct C) and 0.4at pct N (0.108wt pct N) in solution.

In the conditions studied here, a transition from @lan wavy slip occurs in Alloy 709
where the solute concentrations of C and N are as I@08sat pct and 0.43 at pct, respectively.
Although the effects of interstitial N are often attriito the enhanced slip planarity during
deformation in austenitic stainless steels [7.15], [7.7P2d], similar effects from interstitial C
have been reported in Ni alloys and stainless steels wbictot contain significant N [7.3],
[7.12], [7.13], [7.21]. In fact, due to the similarity in thefd#ion of C and N in austenite, the
interstitials are typically grouped together (C + N) invatton energy calculations for serrated
flow [7.11], [7.14]. Additionally, the size misfit parametsisimilar between the two interstitials
(although N is somewhat larger than C [7.22]), such tleinttrease in friction stress is also best
understood by the collective concentratioa.(C + N). In this study, there is a significant
reduction of interstitial C from the aging treatmdmntt the N is relatively unchanged due to the

small volume fraction of Z-phase. During creep-fatigesting at 550 °C, the transition in
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deformation behavior from planar in the SA conditiorwavy slip in the aged condition is,
therefore, due to a reduction of the total interstitialcemtration.

It should be noted that the SANS measured volume fractions£iMarbides after
creep-fatigue testing in the SA condition at 550 and 658réGapproximately 0.25 pct and
0.80 pct, respectively. The C consumed by dynamic precipitatithe SA condition during
creep-fatigue testing at 650 °C is similar to that consumadgithve aging treatment, which
explains the similar deformation behavior between themweoostructures at 650 °C.

7.7.3 Time-Dependent Deformation

The magnitude of time-dependent creep deformation during ther3nsile hold is
approximately the same for both microstructures. Howekerlower stresses at the beginning of
the tensile hold in the aged condition compared to thed@Wlition (~25 pct lower at 550 °C and
~23 pct lower at 650 °C) indicate that the creep resistarafetded by the aging treatment.

This result suggests that the relatively uniform distrilbutibfine intragranular precipitates in

the SA condition is responsible for the high creepstasce due to the additional threshold stress
imparted on climbing dislocations. Additionally, the drag stfies® solute atmospheres on
climbing dislocations is assumedlie higher in the SA condition [7.23]. Aging the
microstructure lowers the concentrations of inteedtgolutes (C and N), which decreases the
resistance of dislocation climb and promotes dynamicvesgdoy dislocation cross-slip. In
strain-controlled creep-fatigue conditions, a decr@aflew strength and enhanced recovery
leads to longer cyclic lives. However, it should be notedtittie reduction of creep strength and

enhanced dynamic recovery may be detrimental for cansti@ss creep conditions.
7.7.4 Interaction of Deformation and Damage Mechanisms

The effect of initial microstructure of Alloy 709 on plastica®hation and number of
cycles to failure is shown in Figure 7.11. This figure illasts the significance of cyclic
plasticity and inelastic creep deformation on creejpdat performance under the conditions
studied here. Aging the microstructure results in a sigmfimcrease in the amplitude of cyclic
plastic deformation during creep-fatigue at both 550 and 65TK€lower friction stress and
flow stress in the aged condition compared to the SAitiondire responsible for the increase in

dislocation cross-slip and enhanced plastic deformaiioimg cycling. However, the magnitude
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of creep deformation per cycle at both temperatures wipadly unaffected by aging the
microstructure. Therefore, a higher amount of cyclasptity for a given amount of creep

damage results in an increase in creep-fatigue life.

Figure 7.11 Number of cycles to failutg, average cyclic plastic strain amplitud?ﬂ/,% ,.and
average creep strairY, § for each cycle as a function of test temperaturereep-fatigue
tests with 30 min tensile holds.

The increase in cycles to failure with increasing cyglasticity, as shown in Figure
7.11, is accompanied by a significant change in failure mesimsrand damage propagation.
The change in failure mechanisms is most obvious at 550t(hisAemperature, the fracture
mode changes from intergranular in the SA conditionaiesgranular with the aged
microstructure, despite an accumulation of creep simaime aged condition that is more than
three times that of the SA condition. The importaotthis result lies in the presumption that
creep damage.€. grain boundary void nucleation and growth) is related tartagnitude of
creep deformation at strain rates below which dislooajlme accommodates the strain [7.9]. In
other words, the totalccumulated creep damage at the end of life is estimated to
approximately three times greater in the aged conditiddité&nally, the morphology of grain
boundary damage is different in the two microstructuadsgh density of long sharp
intragranular cracks form in the SA condition compdoedrain boundary (triple point) voids
and short blunted cracks in the aged condition. The diféeren the fracture mode between the

two microstructural conditions at 550 °C is attributed toptopagation of internal grain
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boundary damage, as a result of the difference in cgtasticity. In the aged condition,
damaged boundaries are surrounded by well-defined subgrainstimglisignificant localized
plastic deformation. Hence, the significant increasglastic deformation by dislocation cross-
slip in the vicinity of grain boundary voids (or cracksjreases the local grain boundary
toughness. Furthermore, the decrease in strain-hardergngesslt of pre-aging the
microstructure results in lower tensile stresses to gatpahe cracks. Creep-fatigue testing at
550 °C from the SA condition results in high tensilesses and limited plastic strain, which
leads to rapid propagation of grain boundary damage ane limittkgranular fracture.

The importance of creep strain is emphasized for the 65@st temperature. Although
there is an increase in the creep-fatigue life in teganicrostructure at 650 °C, compared to the
SA condition, the increase is less than at thateaekl at 550 °C. The smaller increase in cycles
to failure at 650 °C by pre-aging the microstructure is atetbt the relatively high average
creep strain per cycle and the total accumulated cresp sttmpared to 550 °C, as shown in
Figure 7.11. Although the flow strength is lower and the cyahstic strain is higher in the aged
condition than the SA condition, resulting in a higtlensity of subgrains in the aged condition,
the creep damage is more significant compared to the lewgrerature. This result emphasizes
the detrimental effect of creep strain, which occurs duhedhold at peak tensile strain, on
creep-fatigue life. Thus, when there is an adequate améuayclic deformation to reduce the
tensile stresses and increase the grain boundary tougtitesseep-fatigue performance is best
where the creep damage accumulation is minimized.

The results of this research have profound effectb@extrapolation of creep-fatigue
behavior and performance from accelerated laboratoiy tie$ong term service conditions. As
the microstructure evolves from the solution annealedition during long times at elevated
temperatures in service, the deformation and damage msaizaiso change significantly. The
initially potent solid solution strengthening promotes planéordeation, thereby inhibiting
dynamic recovery, which is desirable for constant steesep conditions. However, as carbides
and nitrides form during long times at temperature, the teryder dislocation cross-slip
increases, leading to dynamic recovery, which is desirableefarding the propagation of
internal damage in strain-controlled LCF conditionac& dynamic recovery is not desirable for
creep strength, the results of this study suggest that ihartrade-off between constant load

creep and strain-controlled creep-fatigue performancéhé&umore, the microstructural
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evolution that leads to the transition in deformatiohawior (.e. planar to wavy slip) and the
improved creep-fatigue life occurs slowly at the expectedcgetemperature (550 °C) compared
to higher testing temperaturesd.650 °C). This result is supported by the static aging studly an
the creep-fatigue tests with the SA microstructure iapfdrs 4, 5, and 6. The difference in
microstructural evolution among different test temperatumad the associated transition in
deformation and damage mechanisms, indicates that ete€ldaboratory testing of the solution
annealed microstructure is not representative of tigetlerm creep-fatigue performance in
service. Therefore, accelerated testing with a sfaleleaged microstructure should be
considered to be more representative of longer term dagigpie performance of Alloy 709.

7.8 Conclusions

1. Creep-fatigue performance is optimized in Alloy 709 by prongotwavy deformation
during cycling and minimizing the amount of creep strain durieghthld period. Cross-
slip promotes dynamic recovery in the vicinity of graimbdaries, reducing the strain
energy for the propagation of internal creep damage, whagllits in higher grain
boundary toughness, transgranular fracture, and longgr-taggue lives.

2. A reduction of the total interstitial concentration (Q\}during precipitation of carbides
and nitrides from exposure at elevated temperatures resaltsansition in cyclic
deformation character from planar to wavy. In this stirterstitial C was reduced
significantly more than N during the pre-aging heat treatmémrefore, the high friction
stress that results in the inhibition of dislocationss-slip is not due to interstitial N
alone.

3. Pre-aging results in a reduction in solution and pre¢@atrengthening, due to the
coarse nature of the carbides that form during statigagpmpared to those that
precipitate dynamically. Dynamic recovery, as a resulbwér solution and precipitate
strengthening, lowers the dislocation density. Theretodecrease in Taylor hardening
also occurs as a result of pre-aging. Relatively low fitress and strain-hardening rates
result in enhanced cyclic plasticity, low peak tensilessis, and slow propagation of

creep-fatigue damage.
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4. Creep resistance is reduced somewhat in Alloy 709 asith oéshe aging treatment used
in this study. Although the creep strain per cycle did noaghaignificantly in creep-
fatigue testing, this result has important implicatiforsconstant stress creep conditions.
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CHAPTER 8
SUMMARY AND CONCLUSIONS

The objective of this research was to develop an undenstpatithe deformation and
damage mechanisms responsible for creep-fatigue failukbiogf709 across a range of
accelerated testing conditions. A mechanistic understguad LCF and creep-fatigue behavior
provides a basis for reliable extrapolation of short-texsh data to long-term service conditions
relevant to nuclear applications. Specifically, the@#ef microstructural evolution during
accelerated laboratory testing were investigated with respeceap-fatigue behavior and
performance, and compared to the effects of long-ternostitrctural evolution during service.
The conclusions of this study are addressed here wpkaew the specific research questions
posed in Chapter 1.

How do the cyclic and time-dependent deformation mechanisms at 550 °C,
compared to 650 °C, affect the cyclic stress-strain responsete@mal damage formation and
propagation, and reduction in creep-fatigue life compared to pur& CF?

This question was primarily addressed through tests on théosodutnealed condition.
Cyclic plasticity and time-dependent creep deformatiore ltafferent effects on the formation
and propagation of damage that lead to creep-fatigue faByeifically, creep deformation is
responsible for grain boundary cavitation and void foromatAt both temperatures the
accumulation of creep strain correlates with creepaggng.e. grain boundary voids). On the
other hand, cyclic plastic deformation reduces the séna@mgy available for propagation of
grain boundary creep damage.

The amount of time-dependent creep strain accumulated dueeg-fatigue at 550 °C is
a small fraction of that accumulated at 650 °C, due toskeess relaxation during the tensile
hold. Despite a greater resistance to creep deformdtleB0a’C, the creep-fatigue life is
reduced significantly more at 550 °C compared to 650 °C, veltiLCF.

Therefore, the significant difference in creep-fatipebavior and life at 550 and 650 °C is
attributed to differences in cyclic deformation mechanisiemtesting from a solution
annealed condition. Specifically, at 550 °C, slip is prilmgalanar for the duration of the test
due to a strong inhibition of dislocation cross-slip, whickvpnts recovery and leads to high
stresses during cycling. The lack of dynamic recoverytesupropagation of grain boundary

damage and failure by intergranular fracture. At 650 °Cgdé#fermation character changes
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during creep-fatigue testing from planar to wavy, which is associatet eytlic softening and
subgrain formation. Recovery during creep-fatigue tesesglts in lower stresses, blunting of
internal damage, and mixed mode fracture propagation (tramsgrand intergranular).
Although the accumulated creep damage is greater in cagigpd at 650 °C, compared to

550 °C, a greater amount of plastic deformation duringcje#iding retards the propagation of
the grain boundary damage.

The shortest creep-fatigue lives occur under conditiomsimimal cyclic plasticity, while
the best creep-fatigue performance is realized with @enade amount of cyclic deformation and
a minimal amount of creep deformation

How does initial microstructure and microstructural evolution (specificdly
precipitation) of Alloy 709 affect LCF and creep-fatigue behavior in accerated laboratory
testing compared to the behavior expected during long-term sace exposure?

The microstructural instability of solution annealed AlGO results in an evolution of
precipitate and solid solution strengthening during short-t&Zf and creep-fatigue testing at
elevated temperatures. Intragranular precipitation dfides and nitrides (MCs and Nb(C,N))
increases the strength initially, followed by a decreaggexgpitates coarsen. Additionally,
dynamic precipitation leads to a reduction in solid sofusivsengthening as solute concentration
decreases. The microstructural evolution, and thus thleten of strengthening mechanisms, is
a strong function of test temperature. The higher sthepighlloy 709 at the lower testing
temperatures in this study is a result of finer predip&tand higher solute content compared to
higher temperatures.

Solute atoms responsible for dynamic strain aging (DSA) premplanar deformation and
strain-hardening through an increase in friction stregsastial dislocations, which inhibits
cross-slip and recovery. Dynamic precipitation decretieesolute content, lowers the friction
stress, and leads to a transition in slip character fidamar to wavy, in turn promoting recovery.
Dynamic recovery correlates with lower strain-hardenaigs and lower dislocation densities.
Therefore, a reduction of the solute content also lEaddower magnitude of Taylor hardening.
The reduction in strength and the transition of slip @ttar as a result of dynamic aging results
in more cyclic plasticity and lower stress at peak strain.

Static aging of Alloy 709 under conditions which promote sigaificcarbide and nitride

precipitation prior to creep-fatigue testing results substantial increase in the creep-fatigue life
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at 550 and 650 °C, compared to the solution annealed conditicauction of the total
interstitial concentration (C + N) from aging promotesssrslip and dynamic recovery at lower
stresses than in the solution annealed condition. Agilog to testing also results in a reduction
in precipitate strengthening, due to the coarse nature dfli¥Cs carbides that form during
static aging compared to those that precipitate dynamidsilyough fine Z-phase also forms
during static aging, the small volume fraction does maitltén significant strengthening. The
enhanced cyclic plasticity and relatively low peak tensilessis after static aging result in
transgranular fracture in creep-fatigue under the sastednditions where failure occurs by
intergranular fracture in the solution annealed condlitio

The significant improvement in creep-fatigue life at 550nith the pre-aged
microstructure is due to more cyclic plasticity with appneedely the same amount of creep
strain per cycle compared to the solution annealed condilthough the cyclic plasticity is
also greater at 650 °C in the aged condition, a smalteease in creep-fatigue life over the
solution annealed condition is due to the relatively higle strain per cycle compared to the
test at 550 °C. These results support the hypothesisrdegi-tatigue performance of Alloy 709
is optimized by enhancing the cyclic plasticity and miaing the creep strain.

Creep resistance is reduced somewhat in Alloy 709 asith oéshe aging treatment used
in this study. For the creep-fatigue conditions studieel creep strain per cycle is approximately
the same in both the aged and the solution annealedstmioctures, although the stresses are
significantly lower in the aged condition. A lower creepistance in the aged condition has
important implications for constant stress creep comntio

The results of this study indicate that the creep-fatréormance during accelerated
testing from a solution annealed condition is not reptasee of the performance during long-
term service. Although precipitation during static agind\idy 709 at the expected service
temperature of 550 °C is relatively slow compared to the higdmeperatures studied, significant
precipitation is expected in a short time compared t@xpected service life. Therefore, the
deformation behavior in the aged microstructure at tpeaed service temperature of 550 °C,
which results in slow propagation of intergranular creepadgnis more indicative of the

behavior during long-term nuclear service.
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CHAPTER 9
FUTURE WORK

This chapter provides several possible pathways for egdtinnderstanding and

optimization of the creep-fatigue performance in Alloy 709.
9.1 LCF Tests with Aged Microstructures

A significant improvement in the creep-fatigue perforngaatthe expected FSR service
temperature is achieved by thermal aging Alloy 709 at 750 °CO@h prior to testing.
However, it is unclear what the effect of aging is on lpgFormance. Based on the design
methodology and life-prediction method used by ASME follearcstructural materials code, the
fatigue life reduction under creep-fatigue conditions essary. In other words, the damage
diagram used for component design requires a normalizatioreep-fatigue life by the LCF
life. The damage diagram is useful for comparison to othee qualified materialg.é. Type
316 stainless steel). Therefore, a direct comparisoredivitss under LCF and creep-fatigue
should be made with the same microstructure. Furtherrh@fe testing with the aged
microstructure would provide an understanding of the fatigueagarmechanisms in a stable

long-term microstructure, independent of the interactith creep damage.
9.2 The Effect of Strain Range and Strain Rate on Creep-Fatigue Behavior

The scope of the current research was limited to a testthgavgingle strain rate and
strain range. While the conditions tested in this saréytypical for accelerated testing in order
to collect a significant amount of data in a timely mantiey are not representative of those
expected during service. Specifically, the creep-fatigueviehshould be studied with smaller
strain ranges and slower cyclic strain rates. Since dynstm@t aging is a time-dependent
phenomenon, slower strain rates may be more detrintertiat creep-fatigue life if dynamic
recovery is inhibited. The magnitude of stress relaxatiad the associated creep strain rates,
are smaller with smaller strain ranges. Although the matation of creep strain is expected to
be slower with smaller strain ranges, the formatiocreép damage needs to be understood at

lower stresses and creep strain rates.
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9.3 Heat Treatment Optimization

The effect of static thermal aging of Alloy 709 prior teep-fatigue testing was
investigated in detail for one aging condition (750 °C1i00 h). A second aging condition
(650 °C for 500 h) was also tested under the same cordlifitve results are briefly discussed in
Appendix C, but microstructural characterization was notethout on the second aged
microstructure after testing due to time constraint. fWeeaging treatments result in slightly
different microstructures, namely the presence of ZqhHse slight difference in initial
microstructure results in a different creep-fatigue raspand life at both temperatures tested.
These results indicate that the creep-fatigue perfazenahthis alloy is highly sensitive to the
starting microstructure. An optimal heat treatmentraooservice may be obtained by
minimizing creep deformation and maximizing cyclic plastidisough a balance of

precipitation and solution strengthening.
9.4 Effect of Sigma Phase on Creepatigue

Sigma phase forms after long times at temperaturesagehnierally considered
detrimental to mechanical properties in stainless staetfie expected FSR service temperature,
Sigma is an equilibrium phase that is predicted to forrmguwwomponent life-times. Therefore,
the effect of Sigma phase on the creep-fatigue propeitidoy 709 should be investigated. A
long time aging treatment designed to precipitate Signgr@n boundaries should be

conducted prior to creep-fatigue testing at the expectedsdrmperature.
9.5 Characterization of Interstitial Solute Content with Internal Friction and XRD

The results of this study indicate that the intersti#@lite concentration has a significant
effect on the cyclic deformation mechanisms and craggtie failure. Solute atoms effect
dislocation motion by both cross-slip and climb. In st@ontrolled creep-fatigue, it seems there
is a trade-off between the benefits of cross-slip to mrdnayclic plasticity and the drawbacks of
climb which promotes cavitation damage (negative climbhrtler to achieve an optimal
microstructure for creep-fatigue performance in this natea further understanding of the
effects both C and N have on elevated temperature defomstould be developed. Interstitial

solute content should be varied systematically and ctekelaith both cyclic and time-
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dependent deformation. Interstitial solute content cbaldharacterized with internal friction
(IF) measurements of high resolution X-ray diffractiamere a shift in lattice parameter can be
related to solute concentration. Additionally, atom primmeography may be used to investigate

the nature of the solute atmospheres around dislocations
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APPENDIX A
DAMAGE DIAGRAM CONSTRUCTION

As discussed in Chapter 2, the damage accumulation unégrfategue conditions,
according to the ASME Boiler and Pressure Vessel Code e evaluated through a linear
summation of fatigue and creep damage according to tleei@nitgiven by

i 2pEe 120 0

. Ox'y b 6, Al
whereD is the allowable combined damage fractiomndNg are the number of cycles of type
and allowable number of cycles of the same type, respéctand ‘'t andTq are the actual time
at stress levet and the allowable time at that stress level, respaytifhe fatigue and creep
damage terms (the left and right terms on the left sidequation A.1, respectively) are
evaluated in an uncoupled manner, and the interactiocasiated for empirically by thB term
through strain-controlled creep-fatigue test data abuariemperatures, strain ranges, and hold
times.

The fatigue damage portion of the interaction is reddyigtraightforward and is defined
as the ratio of cycles to failure under creep-fatigugd@ions,n, to the number of cycles to
failure under continuous cycling conditiomd, for the same strain rate, total strain range, and
temperature.

The time-dependent component of the damage calculation &simarlved and requires
knowledge of the creep-rupture time for a range of stresises 't is the time at a given stress
andTy is the time to rupture at that given stress. Essenttaillytime spent at a given stress is
normalized by the rupture time at that stress and summedheventire hold time to account for
accumulated creep damage per cycle. Therefore, thatasenus stress during relaxation and
the time to rupture for any stress at a given temperateraeeded for the creep damage
analysis.

As described in Section 3.8.3 in Chapter 3, the stress dedangation is determined as a
function of relaxation time according to Equations 3.16&ad. Equation 3.18 is a simplified
version of Equation 3.17, in which stress is a functibtmee and three empirical constangs:b,

andc. The stress relaxation data is fit to the relatioRguation 3.18 using a non-linear solver,
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as described in Section 3.8.3 in Chapter 3, to determine tiaat#seous stress during
relaxation.

Evaluation of the creep-rupture time at a given steslstemperature is commonly done
by extrapolating creep-rupture data using a Larson-Millatiomship, which is linear in semi-
log space. The Larson-Miller parameter (LMP) is defined a

A2 L 6:% E HKE, A2

whereT is temperature in Kelvir is the Larson-Miller constant, ands rupture time in hours.
LMP is generally represented as a polynomial functidngstress of degree n less than 3.
When n equals 1, a linear equation takes the form

A2 L= EzsHKEE A.3

wherea, anda; are fitting parameters andis stress in MPa. Combining Equations A.2 and A.3

gives

HKGEP L Fo%EE-2HIKEe Ad

The fitting parameters, anda;, and the Larson-Miller constar@, can then be obtained
using a linear regression analysis of the empiricalperapture data. This method allows the use
of all creep-rupture data generated for a given materia¢tused to extrapolate to conditions
that are not frequently tested such as low temperature argtriess.

Simplifying Equation A.4 gives time to ruptufl, as a function of stress for a given

temperature from

6, L #& A5

whereA andm are fitting constants specific to test temperature.stitess during relaxation,
determined from Equation 3.18, can be plugged into Equation Aall\sithe accumulated

creep damage for a given cycle (typically the mid-lifeleys chosen to be representative of all
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cycles),Dy, is determined by integrating the time spent at a givessttivided by the rupture
time at that stress according to the following equation:

© g =?a
Sl t g OPsEay BEZITIR TS AB

4

whereth is the hold time in seconds. The damage for the nmadelitle is multiplied by the
number of cycles in the test to estimate the accuetdllateep damage during a té,

Therefore, when LCF and creep-fatigue test data artableaat a constant temperature, strain
amplitude, and strain rate, the accumulated creep agddatiemage can be computed from the
above analysis. Finally, a damage diagram can be constifoctéhe material which is necessary
for qualification in nuclear reactor construction.

The individual damage components have been evaluated fédnahd creep-fatigue
tests (with 30 min tensile holds) on solution annealed Alloy(iéfts 011593 and 011594) at
550 and 650 °C. The approximate mid-life cycle stress retaxdata was from each creep-
fatigue test was fit to Equation 3.18; the resulting consaetgiven in Table A.1. The Larson-
Miller plot shown in Chapter 2 for NF709 was used to determinairepime as a function of
stress and temperature; the resulting constants in Bgeaii2 A.3, and A.5 are given in Table
A.2. The tabulated damage componebig,Dc, andDy, whereDs is the fatigue component, are
given in Table A.3. Finally, the damage diagram is shawiigure 3.9, along with the design

curves for other nuclear grade steels for reference.

Table A.1 Constants for Mid-Life Stress Relaxation ¢tiom
Temperature Approximate

°C) HeatD  \ni’l ife Cycle a b c
550 011594 500 435.38 167.04 -0.0165
550 011593 500 434.50 62.11 -0.0147
650 011594 500 362.37 13.29 -0.0778
650 011593 500 364.03 9.78 -0.0782
Table A.2 Larson Miller Constants
C Qo a m A
At 550°C At 650°C At 550°C At 650°C
16.41 32721.95 -6164.12 -7.49 -6.68 8.02x1G° 3.95x1(32
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Table A.3 Calculated Fatigue and Creep Damage Components

Tem[oaerature Heat ID Cycles to Failure Di (x109) D. Dy
(°C) n Ng
550 011594 1062 3629 5.641 0.060 0.247
550 011593 888 4964 6.208 0.055 0.207
650 011594 931 2047 21.64 0.201 0.474
650 011593 1069 1883 22.25 0.238 0.544

Figure A.1 Damage diagram for solution annealed Alloy 709 at 550 and 65D€€ign

curves for Type 304 and 316 stainless steels, 2.25Cr-1Mo, and 80@Haavn for reference.
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APPENDIX B
MISCELLANEOUS CREEP-FATIGUE TESTS

B.1 Small Strain Amplitude (0.4 pct) Creep-Fatigue Tests

A creep-fatigue test with a 0.4 pct total strain amplitude and a 3Qtenssile hold time was
initiated at 550 °C with the intention of running to failuoaf was unintentionally interrupted
after approximately 3000 cycles. This test revealed taB@t’C, only cyclic hardening

occurred within the first 3000 cycles, as shown in Figure B.1.

Figure B.1 Peak tensile stress versus cycle numberdiaep-fatigue test at 550 °C with
G = 0.4 pct andx = 30 min that was interrupted after approximately 3000 cycles.

Based on the differences in cyclic hardening/softening behbetaveen the 550 and
650 °C creep-fatigue tests (30 min hold) with a straiplénde of 1 pct and a hold time of
30 min, creep-fatigue tests were initiated at both 550 and 650tAG wotal strain amplitude of
0.4 pct to identify behavioral differences (hardening/softeniegyéen the two temperatures.
Both tests were initiated at the same time and onceccsatiening was observed in the 650 °C
condition, both tests were interrupted. Figure B.2 shbepeak tensile stress as a function of
cycle number for the small strain amplitude tests, whicle weerrupted at approximately
850 cycles. As expected, based on the test that randoi3000 cycles, only cyclic hardening is
observed at 550 °C. However, after approximately 250 cytless is a maximum peak tensile

stress at 650 °C, followed by slight softening until théwess interruptedThe cyclic softening
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at 650 °C indicates that the cyclic behavior is markddferent between the two temperatures
not only at large strain ranges, but also at smalleinstraore relevant to actual service
conditions. The onset of cyclic softening in the sre@lin amplitude test occurs at a cycle count
approximately five times larger (~250 cycles) than in thetsipain amplitude tests

(=50 cycles).

Figure B.2 Peak tensile stress versus cycle numberdepdatigue tests at (a) 550 and

(b) 650 °C with@, = 0.4 pct andn = 30 min that were interrupted after approximately
850 cycles.

B.2 Creep-Fatigue Tests with a Microstructure Aged at 650 °C for 500 h

Test specimens were aged at 650 °C for 500 h and creep-fagiad at 550 and 650 °C
with 30 min holds. The aged microstructure was detail€hipter 5. At 550 °C, the number of
cycles to failure was 3958. At 650 °C, the number of cycldsilire was 889. At both test
temperatures, the peak tensile stress is greater thereforicrostructure aged at 750 °C for
100 h and less than the SA microstructure, as showryurd-B.13. At 550 °C, the cyclic stress
response is stable for the condition aged at 650 °C dadefaccurs at a slightly higher number
of cycles compared to the condition aged at 750 °C (3337s3y@le650 °C, the initial cyclic
hardening in the condition aged at 650 °C is followed by cgditening at a rate similar to the
SA condition until failure at a lower cycle count compateethe condition aged at 750 °C
(1438 cycles).
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(a) (b)
Figure B.3 Peak tensile stress versus cycle numberdepdatigue tests at (a) 550 and
(b) 650 °C with specimens that were that were static agesioatC for 500 h and at 750 °C
for 100 h, compared to the solution annealed (SA) condition

The evolution of friction and back stress during creeijgde tests for both aged
microstructures and the SA condition are shown in Figue At 550 °C, the friction stress in
the 650 °C aged condition is greater than in the camdaged at 750 °C, but well below the
friction stress in the SA condition after the ifiti@rdening period. In both aged conditions, the
friction stress is relatively stable at 550 °C comparetiéd3A condition. At 650 °C, the friction
stress in the microstructure aged at 650 °C is significaigher than in the condition aged at
750 °C, and approximately the same as the SA microsteuafter 100 cycles. The back stress at
550 °C is approximately the same in both aged condition858 °C, the back stress in the
condition aged at 650 °C is approximately the same as thmi&aAstructure, and slightly higher
than the condition aged at 750 °C.

The cyclic plastic strain and creep strain per cysdeshown in Figure B.5 for both aged
microstructures and the SA condition. For both test ezatipres, the cyclic plastic strain in the
condition aged at 650 °C is smaller than in the condiiged at 750 °C, but larger than in the
SA condition. The magnitude of creep strain is approxitypéte same in all conditions tested at
550 °C. At 650 °C, the magnitude of creep strain for egckeds slightly higher in the condition
aged at 650 °C than in the condition aged at 750 °C or theo8dition.
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As discussed in Chapter 5, the volume fraction of carbiddse microstructure aged at
650 °C for 500 h is approximately the same as in the mraaste aged at 750 °C for 100 h.
Therefore, the interstitial C is also expected to beapmately the same in both conditions.
However, a significant dispersion of Z-phase particlggasent after aging at 750 °C for 100 h,
which are not observed after aging at 650 °C for 500gtednl, smaller MX precipitates are
occasionally observed after aging at 650 °C. Since the wfuactions of Z-phase and MX
could not be determined from the SANS experiment, it issamckhat the differences are in
interstitial N between the two aged conditions. Thelhess in the 750 °C, 100 h aged condition
(197.7 £ 4.2 HV) is significantly greater than in the 6505@) h aged condition
(183.0 = 5.7 HV). The higher hardness in the 750 °C, 100 htemmchdicates a higher volume
fraction of fine precipitates compared to the condidged at 650 °C for 500 h. Therefore, it is
interpreted that the solute content in the 750 °C ageditcmmis lower than in the 650 °C aged
condition. A higher solute content after aging at 650 G€aborates with higher friction stress
values and less cyclic plastic deformation per cycle cosatar the microstructure aged at
750 °C. The approximately equal back stress between thagee conditions tested at 550 °C,
along with the stable cyclic stress behavior, indicateslar cyclic deformation behavior in both
microstructuresife. wavy slip). Increased cyclic plastic deformation over tAec8ndition after
aging at 650 °C, although slightly less than the cychstidity after aging at 750 °C, retards the
propagation of internal damage and results in a significkriger creep-fatigue life compared
to the SA condition.

These results indicate that the microstructuee folute concentration and precipitation)
can be optimized for high strength and resistance to gaaindary damage propagation during
creep-fatigue at 550 °C. Furthermore, the shorter eia@pe life at 650 °C in the condition
aged at 650 °C for 500 h indicates that the optimal miarastre for creep-fatigue performance
may not be the same at both testing temperatures. Fontberstructural evaluation is necessary
to support the hypothesized differences in creep-fatigue behmtiween the two aged
microstructures. Microstructural characterization aadttsygraphy have not been carried out on
the failed creep-fatigue tests from the 650 °C, 500 h agewstructure.
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(a) (b)

Figure B.4 (a) Friction stresd, and (b) back stresd; for the aged and SA microstructures
tested at 550 and 650 °C.

(a) (b)
Figure B.5 (a) Cyclic plastic strair}y s gand (b) creep strain,for the aged and SA
microstructures tested at 550 and 650 °C.
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APPENDIX C
STRESS RELAXATION DA'A

Mid-life stress relaxation data for all temperaturesee in creep-fatigue with a solution
annealed microstructure and a 30 min hold time are showigure C.1. Using a non-linear
solver, the stress relaxation data is fit to the Wilhg relation

8 L=>>FEPP? C.1

as discussed in Chapter 3. The fitting constamtis, andc for each temperature at the mid-life
cycle are shown in Table C.1. These values can be Used,with LCF test data and the
analysis presented in Appendix A, to determine the individuabda components during creep-
fatigue at each temperature. The damage components deegudrature can be added to the

damage diagram for solution annealed Alloy 709, shown in Appéxdi

Figure C.1 Stress relaxation data during the 30 min temsideof the approximate mid-life
cycle for creep-fatigue tests at 500, 550, 600, 650, and 70GAGalution annealed materia

The mid-life stress relaxation data and fit curvescfeep-fatigue tests at 550 and 650 °C
with specimens aged at 750 °C for 100 h are shown in FigurevfhZhe stress relaxation data

from the solution annealed microstructure tested at tine sanditions for reference.
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Table C.1 Constants for Mid-Life Stress Relaxationd&on from Solution Annealed
Material

Temperature Approximate

(°C) HeatlD  \nd-Life Cycle 2 b c

500 58776 900 441.29 551.4 20,0110
550 011594 500 435.38 167.04 20.0165
550 011593 500 434.50 62.11 -0.0147
600 58776 150 409.35 6.586 20.0252
650 011594 500 362.37 13.29 20.0778
650 011593 500 364.03 9.78 -0.0782
700 58776 300 334.22 3.73 20.1160

Figure C.2 Stress relaxation data during the 30 min temsideof the approximate mid-life
cycle for creep-fatigue tests at 550 and 650 °C with spesimged at 750 °C for 100 h.
Solution annealed mid-life stress relaxation data frests at 550 and 650 °C are also show

Table C.2 Constants for Mid-Life Stress Relaxationdfon from Material Aged at 750 °C
for 100 h

Temperature Approximate

(°C) HeatID \nid’Life Cycle a b c
550 58776 1500 320.04 127.98 20,0178
650 58776 700 344.76 16.00 20.0906
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APPENDIX D
MATLAB® SCRIPTS FOR FATIGUE DATA ANALYSIS

$00 RI WKH IROORZLQJ 0$7/%%S VWK HS3W 8 HLPISFRHJQNV G D RADY | |
creep-fatigue test which contains nine columns: run tin®,(bettom thermocouple value (°C),
top thermocouple value (°C), axial displacement (mm),| éodiee (N), engineering strain
(mm/mm), axial segment count, engineering stress (MRd)¢ycle count.

D.1 Stress Relaxation Curve Fitting Program

The following MATLAB® script extracts the stress reltima data from each cycle where
it is available, uses a non-linear solver to fit the datagaelation discussed in Chapter 3, and
exports a .csv file containing the constants that destni relaxation behavior. The script
contains an option to fit the stress relaxation datavery cycle, or for an individual specified
cycle. The creep-rate exponentjs also determined and exported, if desired. Finallystifzen
rates during relaxation of a specified cycle can be ated, if desired. Note that a line
EHILQQLQJ ZLWK p ¥ PDUNV WKH EHYFQQERG WIER¥MHK VXE SU

%% Read in data and initialize arrays

clear

format long

data = csvread('CF650_1.csv', 0, 0); %filename here
cols=[1,7,8,6,09];

data = data(:, cols); %Data has [time, step, stress, strain,
cycle]

% Initialize banks
steps = unique(data(:,2));
coeffs = [];

%% This step loops through all relaxation data

% Coefficients for constitutive model are fit and stored for
each relaxation

% cycle. Then the creep stress exponent, n, is determined and
stored.

% No plotting in this step.

% First, cycle through the actual cycle counts

for count = 1:length(steps)
% make sure cycle step is odd, where relaxation occurs
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cyc = steps(count);
If mod(cyc,2) ==

% extract subset of odd - step data, from zero strain to end
of rIx
idx = find(data(:,2)==cyc);
subset = data(idx,:);

% preallocate array for relevant strain data
goodstuff = [J;

% Now iterate through subset for relevant part

(strain>=0.005)
for subrow = 1:length(idx)

%look for change in timestep
if ((subset(subrow+5,1) - subset(subrow,1)) > 1.5)
goodstuff(:,:) = subset(subrow:end,:);
break

end

end

%-->This is where the curve fitting happens.....
xdata=[];
ydata=[];
% Reinitialize time to zero and store data in xdata
for i = 1:length(goodstuff(:,1))

xdata(end+1,1) = goodstuff(i,1) - goodstuff(1,1);

end
ydata=goodstuff(:,3); %stress in ydata

fun = @(x,xdata)x(1).*(x(2)+xdata).”"x(3); %define

function
x0 = [400,20, - 0.02]; %initial guess
Ib =[0,0, - .15]; %lower bound

ub =[700,700,0]; %upper bound
x = Isgcurvefit(fun,x0,xdata,ydata,lb,ub); %curve fit
with data

%store coefficients and cycle number

coeffs(end+1, 1:4) = zeros(1,4);

coeffs(end,1) = (cyc+1)/2;

coeffs(end, 2:4) = [x(1),x(2),x(3)];

end
end

%% This step loops through ONLY A SPECIFIC relaxation cycle and
plots

% Coefficients for constitutive model are fit and stored for

each relaxation
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% cycle. Then the creep stress exponent, n, is determined and
stored.

% ENTER DESIRED CYCLE HERE
rIx_cycle = 500;

% cycle through the actual cycle counts

for count = 1:length(steps)
% make sure cycle step is odd, where relaxation occurs
cyc = steps(count);
if mod(cyc,2) ==

% extract subset of odd - step data, from zero strain to
end of rIx

idx = find(data(:,2)==cyc);

subset = data(idx,:);

% preallocate array for relevant strain data
goodstuff = [J;
% Only store data and fit for the specific cycle
if ((cyc+1)/2 == rIx_cycle)
% Now iterate through subset for relevant part
(strain>=0.005)
for subrow = 1:length(idx)
%look for change in timestep
if ((subset(subrow+5,1) - subset(subrow,1)) > 1.5)
goodstuff(:,:) = subset(subrow:end,:);
break
end
end

% This is where the CURVE FITTING happens.....
xdata=[];
ydata=[];
% Reinitialize time to zero and store data in xdata
for i = 1:length(goodstuff(:,1))

xdata(end+1,1) = goodstuff(i,1) - goodstuff(1,1);
end
ydata=goodstuff(:,3); %stress in ydata

fun = @(x,xdata)x(1).*(x(2)+xdata).”x(3); %define

function
x0 =[400,20, - 0.02]; %initial guess
Ib =10,0, - .15]; %lower bound

ub =[700,700,0]; Y%upper bound
x = Isqgcurvefit(fun,x0,xdata,ydata,lb,ub); %curve fit
with data
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% store coefficients and cycle number
coeffs(end+1, 1:4) = zeros(1,4);
coeffs(end,1) = (cyc+1)/2;

coeffs(end, 2:4) = [x(1),x(2),x(3)];

% plot curve fit with data for specific cycle
plot(xdata,ydata,'ko',xdata,fun(x,xdata),'b -
hold on
cycle = (cyc+1)/2
n=1 - 1/x(3)
X(1) % a
X(2) % b
X(3) % c
break
end
end
end

%% Solve for n and export data
% Run the non - cycle specific fitting segment first
for i = 1:length(coeffs)
coeffs(i,5) = (1 - 1./coeffs(i,4));
end
csvwrite('CF650 _rixcoeffs.txt',coeffs);

%% Solve for relaxation strain - rates of a specific cycle
% Run the first stress relaxation fitting segment (not cycle
specific)

%specify cycle number 1 -101, 150 -151,200 -201,250 -251...
cycleNum = 300;

indx = find(coeffs(:,1)==cycleNum);
stress = [];
strainrate = [];

% Uncomment appropriate elastic modulus

E = 144900; %MPa - Youngs mod at 700C

%E = 151000; %MPa Youngs mod at 650C
%E = 156000; %MPa Youngs mod at 600C
%E = 155200; %MPa Youngs mod at 550C
%E = 158700; %MPa Youngs mod at 500C

% Pull fit coeffs for specified cycle
bo = coeffs(indx,2);
to = coeffs(indx,3);
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bl = coeffs(indx,4);

% Calculate strain rate for each timestep in relaxtion cycle
fort=1:1800

stress(end+1) = bo*(t+to)"b1,

strainrate(end+1) = - 1*(bo*b1)/E*(t+t0) (b1 -1);
end

% Plot stress v. strain - rate
loglog(stress, strainrate, 'bo’)
hold on

D.2 Hysteresis Loop Partition Analysis Program

The following MATLAB® script loops through each available teyssis loop and
determines the plastic strain, creep strain, and cgtEstic strain. Additionally, the critical
strain for serrations is determined for each hystelesfsas the strain amplitude where the
stress drop is greater than a specified vadug. 0.5 MPa). The tensile stress and strain data is
extracted from each hysteresis loop and fit to a Rambeggddsrelation to determine the cyclic
yield stress, friction stress, and back stress acaptdithe procedure described in Chapter 3.
Finally, work-hardening rates are determined from the RamBsggpod fit for any specified
cycle and plotted against the tensile stress versun.stitatiee .csv files are exported: one with
the critical strain data, one with the friction aratk stress data, and the other the work-

hardening data.

%% Read in data and initialize arrays

clear

format long

data = csvread('CF650_1.csv', 0, 0); %Enter *specimen* file name
here

cols =[7, 8, 6, 9]; %[step, stress, strain, cycle]
data = data(:, cols); %Data has [step, stress, strain, cycle]

%Initialize banks

cycles = unique(data(:,4));
[m, n] = size(data);

coeffs = [];

WH =];

hstress = [];

hstrain = [];

crit_strain = [];
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%Loop through each cycle
for loop = 1:length(cycles)

% --Pull Individual Hysteresis Loops-- %
%reinitialize the stress and strain data each time

hstress = [];

hstrain = [J;

%look through all data and pull stress and strain for valid
cycle

for row = 1:m -1

if data(row,1) == (cycles(loop)*2)
hstress(end+1)=data(row,?2);
hstrain(end+1)=data(row,3);
end
if data(row,1) == (cycles(loop)*2+1)
hstress(end+1)=data(row,?2);
hstrain(end+1)=data(row,3);
end
end
%if cycle does not have data (e.g. 125) go to next
iteration of main
%for loop without doing anything else
if length(hstress) ==
continue
end

%Fill array with cycle number, stress, and strain
hyst_data = [hstress; hstrain];
hyst_data = hyst_data’;

% --Determine critical strain for serrations here--

drop_flag = 0; % flag for stress drop
drop_start = 0; % index for start of stress drop
drop_end = 0; % index for end of stress drop
drop_mag = 0; % magnitude of stress drop
drop_strain = 0; %strain at first significant drop
idx_1 = 0; %index for strain sign change 1
idx_2 = 0; %index for strain sign change 2

for k = 1:(length(hyst_data) -1)
%first look for strain sign change to calculate plastic
strain

if sign(hyst_data(k+1,1)) ~= sign(hyst_data(k,1))
if hyst_data(k+1,1) < 0 %first sign change will
be+to -
idx_1 =k;
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else idx_2 =k;
end
end
%then determine where load drop occurs
%positive stress in tensile half
if hyst_data(k,1) > 0 &&
(hyst_data(k+1,2)>hyst_data(k,2))
%look for initial load drop
if (hyst_data(k+1,1) < hyst_data(k,1)) &&
drop_flag==
drop_start = k;
drop_end = k+1;
drop_flag = 1,
end
%if load is still dropping...
if (hyst_data(k+1,1) < hyst_data(k,1)) &&
drop_flag==1
drop_end = k+1;
end
%if load is done dropping...
if (hyst_data(k+1,1) > hyst_data(k,1)) &&
drop_flag==1
%magnitude of the stress drop
drop_mag = hyst_data(drop_start,1) -
hyst_data(drop_end,1);
if drop_mag > 0.5 %check if the drop is
greater than 0.5 MPa
%serrations start at the end of the
first sig drop
drop_strain = hyst_data(drop_end,?2);
break;
else
drop_flag = 0; %reset flag
end
end
end
end

%PIlot hysteresis loop + UNCOMMENT FOR DEBUGGING!
%--------------- %

plot(hstrain, hstress, ' - k")

hold on

%plot first stress drop
plot(hyst_data(drop_end,2),hyst_data(drop_end,1),'bo")
disp(cycles(loop))

pause;

clf;
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%--------------- %

% --Now calculate plastic strain, creep strain, and

critical strain for

% the given cycle-- %

pl_strain = ((hyst_data(idx_1+1,2)+hyst_data(idx_1,2))/2)
((hyst_data(idx_2+1,2)+hyst_data(idx_2,2))/2);

stress_rIx = max(hyst_data(:,1)) -
hyst_data(length(hyst_data) - 1,1); %max stress minus stress
at end of hold

unload_mod = (hyst_data(1,1) -
hyst_data(10,1))/(hyst_data(1,2) - hyst_data(10,2));
%determine unloading modulus for first 10 pts

cr_strain = stress_rix/unload_mod; %determine creep strain

cyc_pl_strain = pl_strain - cr_strain; %cyclic plastic
strain

%fill array with cyc, pl_str, rIx_strs, E_unload, crp_str,
cyc_pl_str, crit_str

crit_strain(end+1, 1:7) = zeros(1,7);

crit_strain(end,1) = cycles(loop);

crit_strain(end,2) = pl_strain;

crit_strain(end,3) = stress_rlx;

crit_strain(end,4) = unload_mod;

crit_strain(end,5) = cr_strain;

crit_strain(end,6) = cyc_pl_strain;

crit_strain(end,7) = (cyc_pl_strain - (0.005 -
drop_strain));

%output critical strain data to csv file
csvwrite('CF650 1 crit_strain.txt',crit_strain);

% --Now determine where strain reversal occurs-- %

min_strn = min(hyst_data(:,2)); %find and store min strain
(at reversal)

rev_idx = find(hyst_data(:,2) == min_strn); %find index of
min strain

min_strs = hyst_data(rev_idx,1); %store min stress (at
reversal)

tens_strs = []; Y%array of stress values after reversal
tens_strn = []; %array of strain values after reversal
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%loop through hyst_data and pull only tensile data up to
hold
for j = rev_idx:(length(hyst_data) -1)
if(hyst_data(j,2) < 0.0048)
tens_strs(end+1) = hyst_data(j,1);
tens_strn(end+1) = hyst_data(j,2);
else
break;
end
end

%Plot tensile part of hysteresis loop only + UNCOMMENT FOR
DEBUGGING!'%

%--------------- %

plot(tens_strn,tens_strs,'ko")

pause;

clf;

%--------------- %

% --Now determine linear portion of data and effective
modulus %

%compare first several modulii (2 -1)v.3 -2)v.(4 -3)w.
(5-4)

E_21 = (tens_strs(2) - tens_strs(1))/(tens_strn(2) -
tens_strn(1));

E_32 = (tens_strs(3) - tens_strs(2))/(tens_strn(3) -
tens_strn(2));

E_43 = (tens_strs(4) - tens_strs(3))/(tens_strn(4) -
tens_strn(3));

E_54 = (tens_strs(5) - tens_strs(4))/(tens_strn(5) -
tens_strn(4));

vis_idx = 0; %index for viscous stress

if abs(E_32 - E_21)>1e5
vis_idx = 1;

end

if abs(E_43 - E 32)>1e5
vis_idx = 2;

end

if abs(E_54 - E_43)>1e5
vis_idx = 3;
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end

%delete non - linear first points - remove viscous stress
if vis_idx >0
for k=1:vis_idx
tens_strn(;,k) = [];
tens_strs(:,k) = [J;
end
end

%now determine minimum stress and strain
min_strn = tens_strn(1);

min_strs = tens_strs(1);

%zero stress and strain data

tens_strn = tens_strn - min_strn;
tens_strs = tens_strs - min_strs;

%store max stress amplitude
max_strs = max(tens_strs);

% --Now fit stress strain data to Ramberg - Osgood relation--
%
E eff=0;
%define effective modulus from first 0.15% strain
for lin_idx = 1:length(tens_strn) -1

if tens_strn(lin_idx) > 0.0015

break

end
end
E_eff = tens_strs(lin_idx)/tens_strn(lin_idx); %effective
mod

%define function, provide guess, and execute curvefit
fun = @(y,tens_strs)
tens_strs./E_eff+(tens_strs./y(1)).My(2));

y0 = [1500,6];
y=Isqcurvefit(fun,y0,tens_strs,tens_strn);

H = real(y(1)); %H'in R - O relation

n_pr = 1/real(y(2)); %n'in R - O relation

%plot data and fit curve together + UNCOMMENT FOR
DEBUGGING!!%

%B--------------- %

plot(tens_strn,tens_strs,'bo’,fun(real(y),tens_strs),tens_s
trs,” -k’
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pause;
%--------------- %

offset = 0.001; %define plastic strain offset for yield
stress

%determine yield stress at offset from curve fit variables
fl_strs = H.*(offset).(n_pr); %flow stress at offset

%  pause;

% clf;

% --Add cycle number, coefficients, and flow stress to array--
%coeffs contains
[cycles,H',1/n",n" fl_strs,E_eff,max_stress,sig_f,sig_b]

coeffs(end+1, 1:9) = zeros(1,9);

coeffs(end,1) = cycles(loop);

coeffs(end, 2:4) = [H,1/n_pr,n_pr];

coeffs(end, 5) = fl_strs;

coeffs(end, 6) = E_eff;

coeffs(end, 7) = max_strs;

coeffs(end, 8) = (fl_strs)/2; %friction stress

coeffs(end, 9) = (max_strs - fl_strs)/2; %back stress

%store wor k- hardening values at beginning and end of
tensile plasticity

WH(end+1, 1:3) = zeros(1,3);

WH(end,1) = cycles(loop);

WH(end,2) = n_pr*H*offset®(n_pr -1);
WH(end,3) = n_pr*H*(0.01)*(n_pr -1);
end
% --Output Data to a .CSV file-- %

csvwrite('CF650 1 stress_partition.txt',coeffs);
csvwrite('CF650 1 WHcycles.txt',\WH); % store the range of WH
rates

%% Work hardening for specific cycles

%plot work - hardening rate versus plastic strain
wh_cycle = 500;

cyc_idx = find(coeffs(:,1) == wh_cycle)
H=coeffs(cyc_idx,2);

n_pr=coeffs(cyc_idx,4);
max_strs=coeffs(cyc_idx,8);
E_eff=coeffs(cyc_idx,7);

yield=coeffs(cyc_idx,5);
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tensile_stress = 0:10:max_strs;
plastic_strain = (yield/E_eff+.001):.0001:.01;

stress_strain =
tensile_stress./E_eff+(tensile_stress./H).~(1/n_pr);

work_hardening = n_pr.*H.*plastic_strain.~(n_pr -1);

plotyy(stress_strain, tensile_stress, plastic_strain,
work_hardening)

hold on

plot((yield/E_eff+.001), yield,'ko’)
hold on
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APPENDIX E
TABULATED HARDNESS AND DISLOCATION DENSITY DATA

This appendix contains tabulated values and standard degiaicoom temperature

Vickers hardness and dislocation density for all camolt measured in this study.

Table E.1 Vickers Room Temperature Hardness Values for @olatinealed Material

Heat ID Vickers Hardness (HV) Standard Deviation (HV)
011593 193.4 5.7
011594 175.5 3.8

Table E.2 Vickers Room Temperature Hardness Values foc 3ig¢id Material from Heat
011594

Condition Vickers Hardness (HV) Standard Deviation (HV)
550 °C, 20 h 173.1 4.3
550 °C, 500 h 178.4 3.7
650 °C, 10 h 174.5 4.1
650 °C, 500 h 183.0 5.7
750 °C, 100 h 197.7 4.2
750 °C, 200 h 195.9 4.0

Table E.3 Vickers Room Temperature Hardness Values fardqa@F and Creep-Fatigue
Tests from Solution Annealed Material

Vickers Hardness Standard Deviation

Condition Heat ID (HV) (HV)

550 °C, LCF 011594 256.8 7.8

650 °C, LCF 011594 239.5 8.0

500 °C, Creep-Fatigue (30 min hol 58776 268.0 8.7
550 °C, Creep-Fatigue (30 min hol 011594 268.2 7.9
600 °C, Creep-Fatigue (30 min hol 58776 257.1 9.4
650 °C, Creep-Fatigue (30 min hol 011594 234.7 11.5
700 °C, Creep-Fatigue (30 min hol 58776 215.1 5.7
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Table E.4 Vickers Room Temperature Hardness Values forrupted Creep-Fatigue Tests
(30 min Holds) from Solution Annealed Heat 011594

Condition Vickers Hardness (HV) Standard Deviation (HV)
550 °C, 50 cycles 237.2 6.1
550 °C, 400 cycles 264.2 7.2
550 °C, 600 cycles 264.2 9.6
650 °C, 25 cycles 226.7 6.7
650 °C, 50 cycles 241.1 7.7
650 °C, 400 cycles 238.6 8.4

Table E.5 Vickers Room Temperature Hardness Values foedMa@ieep-Fatigue Tests
(30 min Holds) from Pre-Aged Heat 58776

Condition Vickers Hardness (HV)  Standard Deviation (HV)
550 °C, Aged at 750 °C for 100 221.6 6.7
650 °C, Aged at 750 °C for 100 202.0 5.9

Table E.6 Dislocation Density Values for Failed LCF and @+ieatigue Tests from Solution
Annealed Material

. Dislocation Standard
Condition Heat ID Density () Deviation (n¥)

550 °C, LCF 011594 1.31x1064 2.28x10°

650 °C, LCF 011594 4.44x133 7.21x102

500 °C, Creep-Fatigue (30 min hol 58776 1.28x134 3.13x1@3
550 °C, Creep-Fatigue (30 min hol 011594 1.46x134 3.18x1@3
600 °C, Creep-Fatigue (30 min hol 58776 1.54x134 9.67x10?
650 °C, Creep-Fatigue (30 min hol 011594 7.91x133 1.83x13°
700 °C, Creep-Fatigue (30 min hol 58776 3.48x1033 4,18x102

Table E.7 Dislocation Density Values for Interrupted Creejg&atTests (30 min Holds)
from Solution Annealed Heat 011594

Condition

Dislocation Density (M)

Standard Deviation (1)

550 °C, 50 cycles
550 °C, 400 cycles
550 °C, 600 cycles
650 °C, 25 cycles
650 °C, 50 cycles
650 °C, 400 cycles

1.55x104
1.58x1064
1.78x1064
5.84x133
1.58x1064
7.33x13°

2.34x16°
3.95x13
4.19x10?
1.89x13°
7.89x132
4.03x102
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Table E.8 Dislocation Density Values for Failed Creep-Fatigests (30 min Holds) from
Pre-Aged Heat 58776

Condition Dislocation Density (M)  Standard Deviation ()
550 °C, Aged at 750 °C for 100 h 4.31x163° 4.50%x132
650 °C, Aged at 750 °C for 100 h 3.44x10° 4.79x132
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