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ABSTRACT

Utilization of austenitic stainless steels as a structural material is common across many

industries due to the exceptional combination of strength, ductility, toughness, corrosion

resistance and weldability. Recent improvements in the capabilities of metal additive man-

ufacturing (AM) has brought these materials into focus for potential additional structural

applications. Although the mechanical properties and solidi�cation behavior is well under-

stood for traditionally manufactured components, the same understanding is not directly

transferable to an additively manufactured part.

Deposits of 304L stainless steel were made from the same powder feedstock, us-

ing both Laser Powder Bed Fusion (L-PBF) and Laser Powder Directed Energy Deposi-

tion (LP-DED). Initial mechanical and metallographic testing results revealed a consistent

anisotropic behavior related to the build direction as well as differences in solidi�cation

behavior between the two processes.

Analysis of the solidi�cation morphologies revealed that current predictive methods

developed for welding can be applied to powder-based AM processes to predict the solid-

i�cation morphology. In-situ tensile testing with simultaneous electron backscatter diffrac-

tion (EBSD) allowed for observation of the deformation mechanisms that occur in both

orientations. Through these tests, it was observed that deformation twinning occurs pref-

erentially over slip in the as built direction, lowering the initial strain hardening rate of the

material.

iii



TABLE OF CONTENTS

ABSTRACT . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . iii

LIST OF FIGURES . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . viii

LIST OF TABLES . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . xvii

LIST OF SYMBOLS . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . xix

LIST OF ABBREVIATIONS . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . xxi

ACKNOWLEDGMENTS . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . xxiv

CHAPTER 1 INTRODUCTION . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 1

1.1 Project Motivation . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 1

1.2 Project Goals . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 2

CHAPTER 2 LITERATURE REVIEW . . . . . . . . . . . . . . . . . . . . . . . . . . . 3

2.1 Metal Additive Manufacturing Overview . . . . . . . . . . . . . . . . . . . . . 3

2.1.1 Powder Bed Fusion . . . . . . . . . . . . . . . . . . . . . . . . . . . . 4

2.1.2 Directed Energy Deposition . . . . . . . . . . . . . . . . . . . . . . . . 5

2.2 Stainless Steel Metallurgy . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 7

2.2.1 304L Stainless Steel . . . . . . . . . . . . . . . . . . . . . . . . . . . . 8

2.2.2 Phase Equilibria and Transformations . . . . . . . . . . . . . . . . . . 9

2.2.3 Weld Metal Predictive Diagrams . . . . . . . . . . . . . . . . . . . . 13

2.2.4 Rapid Solidi�cation of Austenitic Stainless Steels . . . . . . . . . . . 18

2.3 Deformation Behavior of AM Austenitic Stainless Steels . . . . . . . . . . . 20

2.3.1 Tensile Behavior . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 23

iv



2.3.2 Deformation Twinning . . . . . . . . . . . . . . . . . . . . . . . . . . 23

CHAPTER 3 METHODS . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 24

3.1 Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 24

3.2 AM Build Methods . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 24

3.3 Micro-Tensile Tests . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 26

3.4 Fractography . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 27

3.5 Metallographic Preparation . . . . . . . . . . . . . . . . . . . . . . . . . . . 28

3.5.1 Optical Microscopy . . . . . . . . . . . . . . . . . . . . . . . . . . . . 28

3.5.2 Scanning Electron Microscopy and Electron Backscatter Diffraction . 29

3.5.3 Transmission Electron Microscopy . . . . . . . . . . . . . . . . . . . 30

3.6 Microscopy Techniques . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 31

3.6.1 Optical Microscopy . . . . . . . . . . . . . . . . . . . . . . . . . . . . 31

3.6.2 Scanning Electron Microscopy . . . . . . . . . . . . . . . . . . . . . 31

3.6.3 Electron Backscatter Diffraction . . . . . . . . . . . . . . . . . . . . . 32

3.6.4 Transmission Electron Microscopy . . . . . . . . . . . . . . . . . . . 33

3.7 X-Ray Diffraction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 33

3.8 In-situ EBSD Testing . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 34

CHAPTER 4 RESULTS AND DISCUSSION: SOLIDIFICATION BEHAVIOR OF
ADDITIVELY MANUFACTURED 304L STAINLESS STEEL . . . . . . 37

4.1 Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 37

4.2 Initial Process Comparison . . . . . . . . . . . . . . . . . . . . . . . . . . . 37

4.2.1 Heat Input Calculations . . . . . . . . . . . . . . . . . . . . . . . . . 37

4.2.2 Theoretical Heat Flow Analysis . . . . . . . . . . . . . . . . . . . . . 38

v



4.2.3 Dendrite Arm Spacing . . . . . . . . . . . . . . . . . . . . . . . . . . 41

4.3 Chemical Composition of AM Deposits . . . . . . . . . . . . . . . . . . . . . 43

4.4 Solidi�cation Microstructures and Comparison to Morphology Prediction
Diagrams . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 46

4.4.1 L-PBF Microstructures . . . . . . . . . . . . . . . . . . . . . . . . . . 47

4.4.2 LP-DED Microstructures . . . . . . . . . . . . . . . . . . . . . . . . . 54

4.4.3 Microstructures of AM 316L SS from Literature . . . . . . . . . . . . 57

4.5 Microchemical Analysis . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 60

4.5.1 L-PBF Partitioning Pro�le . . . . . . . . . . . . . . . . . . . . . . . . 60

4.5.2 LP-DED Partitioning Pro�le . . . . . . . . . . . . . . . . . . . . . . . 65

4.6 Origin of Featureless Microstructure Discussion . . . . . . . . . . . . . . . . 66

4.6.1 Massive Transformation . . . . . . . . . . . . . . . . . . . . . . . . . 66

4.6.2 Partitionless Solidi�cation . . . . . . . . . . . . . . . . . . . . . . . . 72

4.6.3 Final Thoughts . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 74

CHAPTER 5 RESULTS AND DISCUSSION: MECHANICAL BEHAVIOR OF
ADDITIVELY MANUFACTURED 304L STAINLESS STEEL . . . . . . 75

5.1 Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 75

5.2 Fractography . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 75

5.3 Analysis of Deformation Microstructure . . . . . . . . . . . . . . . . . . . . . 83

5.3.1 Optical Microscopy . . . . . . . . . . . . . . . . . . . . . . . . . . . . 83

5.3.2 X-Ray Diffraction Phase Analysis . . . . . . . . . . . . . . . . . . . . 87

5.3.3 EBSD Analysis . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 90

5.3.4 TEM Analysis . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 91

5.4 Analysis of Micro-Tensile Data . . . . . . . . . . . . . . . . . . . . . . . . . 97

vi



5.5 In-Situ EBSD Analysis . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 99

5.5.1 Heat Treatments and Starting Microstructures . . . . . . . . . . . . . 99

5.5.2 Tensile Results . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 105

5.5.3 Microstructural Evolution During Deformation . . . . . . . . . . . . . 108

5.6 Discussion of Contributions to Anisotropic Behavior . . . . . . . . . . . . . . 112

CHAPTER 6 CONCLUSIONS . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 117

6.1 Solidi�cation Behavior . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 117

6.2 Mechanical Behavior . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 118

CHAPTER 7 SUGGESTIONS FOR FUTURE WORK . . . . . . . . . . . . . . . . . 120

REFERENCES CITED . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 122

APPENDIX A METAL ADDITIVE MANUFACTURING TECHNIQUES AND
MATERIALS . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 131

APPENDIX B MICRO-TENSILE TEST STRESS VS. STRAIN DATA . . . . . . . . . 135

APPENDIX C EBSD MTEX PROCESSING CODE . . . . . . . . . . . . . . . . . . . 140

APPENDIX D SEQUENTIAL EBSD DATA FROM IN-SITU TENSILE TESTS . . . . 148

vii



LIST OF FIGURES

Figure 2.1 Single-step additive manufacturing processes for metallic materials . . 4

Figure 2.2 Generic metal PBF AM schematic demonstrating typical
layer-by-layer build process. . . . . . . . . . . . . . . . . . . . . . . . . . 6

Figure 2.3 Generic powder based DED AM schematic demonstrating the intial
pass during the build process. . . . . . . . . . . . . . . . . . . . . . . . 7

Figure 2.4 Time-Temperature-Transformation (TTT) diagram for the precipitation
of Cr23C6 carbides in 304 stainless steel (adapted from Ikawa et al. ) . 10

Figure 2.5 Fe-Cr-Ni ternary phase diagram showing the solidus projections, the
region of austenitic alloys, the nominal 304L composition, and the
vertical cross-sections shown Figure 2.6 and Figure 2.7 . . . . . . . . 11

Figure 2.6 Fe-Cr-Ni ternary phase diagram vertical cross-section at 74% Fe that
passes through the nominal 304L composition . . . . . . . . . . . . . 12

Figure 2.7 Fe-Cr-Ni ternary phase diagram vertical cross-section at 70% Fe . . 12

Figure 2.8 Predictive weld metal constitution diagram developed by Schaef�er in
1949 . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 15

Figure 2.9 WRC 1992 – the most widely used weld metal consititution diagram
for predicting weld metal ferrite content . . . . . . . . . . . . . . . . . 15

Figure 2.10 The Suutala diagram developed to predict solidi�cation cracking
susceptibility in austenitic stainless steel welds (Hammar and
Svenson Cr/Ni equivalencies are used in this map) . . . . . . . . . . . 17

Figure 2.11 Illustration showing the effect of increasing solidi�cation temperature
on dendrite tip temperature of ferrite vs. austenite (adapted from
Lippold and Kotecki ) . . . . . . . . . . . . . . . . . . . . . . . . . . . . 19

Figure 2.12 Model of equations (2.7)and (2.9) solved for a 70 wt% stainless steel,
from Fukumoto et al. . . . . . . . . . . . . . . . . . . . . . . . . . . . 20

viii



Figure 2.13 Morphological prediction map for stainless steels based on heat
source travel speed and material composition. Developed using
Electron Beam Welding (adapted from Elmer ) . . . . . . . . . . . . . 21

Figure 2.14 Morphological prediction map for stainless steels based on heat
source travel speed and material composition. Developed using
Pulsed Laser Welding (adapted from Lippold ) . . . . . . . . . . . . . . 22

Figure 3.1 The three different build geometries manufactured. Both the left and
middle geometries were manufactured via the L-PBF process, the
right geometry was manufactured via the L-DED process . . . . . . . 25

Figure 3.2 Micro-tensile specimen developed for high throughput mechanical
testing at SNL . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 26

Figure 3.3 Micro-tensile testing setup, with DIC strain measurement, courtesy of
Salzbrenner et al. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 27

Figure 3.4 The provided micro-tensile specimens as-recieved from SNL (left)
and a macro image of one polished fractured sample (right) . . . . . . 28

Figure 3.5 Two regions with a platinum layer deposited in preparation for a TEM
thin foil extraction in the FIB . . . . . . . . . . . . . . . . . . . . . . . . 31

Figure 3.6 EBSD setup with specimen inside tensile frame. Parts of the
diffraction pattern are missed, resulting in the unindexable, though
good quality pattern shown on the right . . . . . . . . . . . . . . . . . . 33

Figure 3.7 Relative location of the 100 � m monocapillary beam targets during
the XRD experiment . . . . . . . . . . . . . . . . . . . . . . . . . . . . 34

Figure 3.8 PBF build from which the tensile specimens were cut (left) and the
part drawing for the tensile specimens (right) (dimensions are in mm) . 35

Figure 3.9 The tensile frame at SNL used during the in-situ EBSD experiments
(left) and two tested tensiled specimens (right) . . . . . . . . . . . . . 36

Figure 4.1 The theoretical cooling curves for the L-PBF and LP-DED processes
calculated using Rosenthal's 3D heat �ow equation. Note: the L-PBF
shows the slowest and fastest cooling conditions given the range of
parameters . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 40

Figure 4.2 Relationship between dendrite arm spacing to cooling rate during
solidi�cation developed by Katayama et al. . . . . . . . . . . . . . . . 42

ix



Figure 4.3 Box and whisker plot showing the measured dendrite arm spacings
and the calculated cooling rates for both L-PBF and LP-DED builds . . 43

Figure 4.4 The H&S Cr/Ni ratios from Table 4.5 plotted on the pulsed laser
weldability diagram developed by Lienert . The white dot is the
starting powder composition, the black dot is the L-PBF deposits and
the gray dot is the LP-DED deposits . . . . . . . . . . . . . . . . . . . 47

Figure 4.5 Weld morphology predictive diagram, adapted from Elmer , with the
range of compositions from powder to deposit and the processing
parameters. H&S Cr/Ni was used for this map . . . . . . . . . . . . . . 48

Figure 4.6 Weld morphology predictive diagram, adapted from Lippold , with the
range of compositions from powder to deposit and the processing
parameters . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 49

Figure 4.7 Optical micrographs of L-PBF deposit etched in oxalic acid, taken at
500X magni�cation. The left image is looking at the XY plane, the
right image is looking at the ZY plane . . . . . . . . . . . . . . . . . . 50

Figure 4.8 Optical micrograph (left) and SEM micrograph (right) of L-PBF
deposit etched in nitric acid. The left image is looking at the XY
plane, the right image is looking at the ZY plane . . . . . . . . . . . . . 51

Figure 4.9 Stitched optical micrograph of L-PBF deposit etched in nitric acid.
Note, the dark etching regions are type A solidi�cation, while the light
etching regions, devoid of substructure, are type F/MA solidi�cation . . 52

Figure 4.10 Stitched optical micrograph of L-PBF deposit etched in oxalic acid,
taken with indirect lighting to highlight high angle grain boundaries.
Streaking in the upper left corner are scratches . . . . . . . . . . . . . 53

Figure 4.11 SEM micrographs of LP-DED deposits etched in nitric acid . . . . . . . 55

Figure 4.12 Stitched optical micrograph of L-DED deposit etched in oxalic acid . . 56

Figure 4.13 Optical micrograph of L-DED deposit etched in nitric acid . . . . . . . 57

Figure 4.14 Predicted morphologies for the 316L AM builds made from LP-DED
(open circles) and L-PBF (closed circles). WRC Cr/Ni was used for
Lippold's and H&S Cr/Ni was used for Elmer's map to stay consistent
with the plots used in this work . . . . . . . . . . . . . . . . . . . . . . 58

Figure 4.15 Micrographs at various laser travel speeds for 316L LP-DED . . . . . 59

x



Figure 4.16 Micrographs at various laser scan speeds for 316L L-PBF . . . . . . . 60

Figure 4.17 STEM EDS maps taken of cellular austenite structures. (a) and (d)
are HAADF images of the mapped region, (b) and (e) show the Cr
distribution, (c) and (f) show both the Cr and Ni distributions together . 61

Figure 4.18 HAADF image of the cellular microstructure and arrow showing scan
path, STEM Bright Field image of scan area (b) and composition plot
of line scan (c) . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 62

Figure 4.19 HAADF image of lift out and scan region across multiple austenite
cells (left) and the line scan composition plot (right) . . . . . . . . . . . 63

Figure 4.20 STEM EDS maps of two F/MA regions, no clear partitioning behavior
of either Cr (green) or Ni (red) is seen . . . . . . . . . . . . . . . . . . 63

Figure 4.21 STEM EDS maps the boundary between a F/MA grain (left) and a
type A grain (right), clear partitioning of Cr (green) is seen on the
right and partitioning of Ni (red) is seen on the left . . . . . . . . . . . 64

Figure 4.22 STEM EDS lines scan across dislocation cell in F/MA grain. Note
that the �rst cell boundary is approached at 0.2 � m . . . . . . . . . . . 65

Figure 4.23 Schematic demonstrating the expected Cr and Ni distributions within
the subgrains for both type FA and AF solidi�cation modes . . . . . . . 66

Figure 4.24 HAADF images of the scan region (a,b), Cr map (c), Ni map (d), Cr
and Ni combined (e) and the line scan composition plot (f). Note: this
TEM foil was taken from a strained region on the tensile bar . . . . . . 67

Figure 4.25 Schematic showing the potential solidi�cation sequences to create
the microstructures observed in the L-PBF builds. Primary � ferrite
solidi�cation with a solid state massive transformation (a),
partitionless primary � ferrite solidi�cation with a solid state massive
transformation (b), cellular austenite solidi�cation (c) and
partitionless austenite solidi�cation (d) . . . . . . . . . . . . . . . . . . 68

Figure 4.26 Schematic showing the 70% Fe phase diagram and the relative
compositions studied, indicated by the vertical region. The red
dashed line represents the T0 solvus temperature. . . . . . . . . . . . 70

Figure 4.27 Cr diffusion behavior in austenite (top) and in ferrite (bottom) under
GTA welding conditions . . . . . . . . . . . . . . . . . . . . . . . . . . 71

Figure 4.28 Primary ferrite, cellular solidi�cation photomicrograph from Elmer . . . 72

xi



Figure 4.29 Fe-Cr-Ni Psuedobinary phase diagram with austenite-liquid and
ferrite-liquid solvus lines . . . . . . . . . . . . . . . . . . . . . . . . . . 73

Figure 5.1 The full set of micro-tensile data for each build and a schematic
showing the orientation descriptors . . . . . . . . . . . . . . . . . . . . 77

Figure 5.2 Low ductility outliers taken from R1-3 L-PBF (left) and LANL2
LP-DED(right) deposits . . . . . . . . . . . . . . . . . . . . . . . . . . 78

Figure 5.3 Nominal ductility samples taken from each deposit . . . . . . . . . . . 79

Figure 5.4 Higher magni�cation view of the large, interconnected pores found in
low ductility specimen, (b) shows either an unmelted powder particle
or spatter, (c) shows a lack of fusion defect. . . . . . . . . . . . . . . . 80

Figure 5.5 High magni�cation view of the ductile fracture surface seen in
nominal ductility samples. L-PBF is the left image and LP-DED is the
right image. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 81

Figure 5.6 Schematic of a Z orientation sample containing lack of fusion defects,
pores, and oxide inclusions. As strain is applied, voids nucleate from
the particles and the larger defects dilate . . . . . . . . . . . . . . . . . 82

Figure 5.7 STEM EDS point scan from an oxide particle within a LP-DED sample 82

Figure 5.8 Polished, but unetched fractured microtensile specimens from build
R1-3. More defects are present toward the top of the build (the upper
row) . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 84

Figure 5.9 Oxalic acid etched microstructure of R1-3 sample exhibiting lack of
fusion defects . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 84

Figure 5.10 Etched microstructures near fracture: (a) L-PBF nitric acid etched
L-PBF XY sample, (b) nitric acid etched LP-DED Z sample, (c) oxalic
acid etched L-PBF XY sample, and (d) oxalic acid etched LP-DED
XY sample . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 85

Figure 5.11 Oxalic acid etched microstructure near fracture of a nominal ductility
L-PBF Z sample . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 86

Figure 5.12 Oxalic acid etched deformation microstructure showing lenticular
features in L-PBF sample, right image was taken with NIC . . . . . . . 87

xii



Figure 5.13 Deformation microstructures of both AM processes and both
orientations etched with oxalic acid. Lenticular features are seen in
all four images. L-PBF images taken with NIC . . . . . . . . . . . . . . 88

Figure 5.14 XRD spectrums for both AM process in both orientations taken from
underformed material (red), uniform elongation (black) and
non-uniform elongation (blue) . . . . . . . . . . . . . . . . . . . . . . . 89

Figure 5.15 The left image shows FCC indexed points in red and BCC indexed
points in green with image quality contrast. The right image is an
inverse pole �gure map with black borders indicating � 3 boundaries . 92

Figure 5.16 EBSD scan of the deformation microstructure of an XY-oriented
LP-DED build. The bottom images show FCC indexed points in red
and BCC indexed points in green with image quality contrast. The
upper image is an inverse pole �gure map with black borders
indicating � 3 boundaries . . . . . . . . . . . . . . . . . . . . . . . . . . 93

Figure 5.17 EBSD scan of the deformation microstructure of an L-PBF build. The
right image shows FCC indexed points in red and BCC indexed
points in green with image quality contrast. The right image is an
inverse pole �gure map of the FCC indexed point only with black
borders indicating � 3 boundaries . . . . . . . . . . . . . . . . . . . . . 94

Figure 5.18 (a,b) STEM images of the cellular dislocation substructure found in
type A cellular solidi�cation (b) and type F/MA (a). Higher
magni�cation TEM images of stacking faults at a high angle grain
boundary (c) and dislocation substructure around both high and low
angle boundaries (d) . . . . . . . . . . . . . . . . . . . . . . . . . . . . 95

Figure 5.19 (a,b) STEM and (c,d) TEM images of the dislocation substructure
found in undeformed LP-DED deposits . . . . . . . . . . . . . . . . . . 96

Figure 5.20 TEM images of the deformed microstructure in a L-PBF deposit . . . . 97

Figure 5.21 TEM images of the deformed microstructure in a LP-DED deposit.
Note: sample taken from radius rather than gauge section . . . . . . . 98

Figure 5.22 Representative true stress vs. true strain and strain hardening rate
vs. true strain curves. The blue curves represent the Z orientation
and the red curves represent the XY orientation . . . . . . . . . . . . . 99

Figure 5.23 Heat treating response of 316L AM SS at 900� C and 1200� C for 2
hours . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 100

xiii



Figure 5.24 0.5 x 0.5 mm TD oriented IPF maps of the as-built and heat treated
microstructures. Note, the EBSD scan of the as built XY orientation
is not available in the same scale . . . . . . . . . . . . . . . . . . . . . 101

Figure 5.25 Texture evolution during heat treatment for Z oriented sample. Note
that the STD texture would be representative of the XY oriented
sample's TD . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 103

Figure 5.26 TD IPF map of Z oriented sample and nitric etched Z oriented
sample. This �gure demonstrates how ¡100¿preferred growth can
lead to a (100) texture in the build direction . . . . . . . . . . . . . . . 104

Figure 5.27 KAM maps of the as built and heat treated conditions for the z
oriented sample . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 105

Figure 5.28 True stress vs. true strain curves for the in-situ EBSD samples with
the dashed lines representing the micro tensile data from earlier tests
(top-left), and the strain hardening rates vs. true strain for each
condition. Solid lines are hand �tted splines through �ltered data
points and the dashed lines are predicted strain hardening rates . . . 106

Figure 5.29 True stress vs. true strain curves for the in-situ EBSD samples with
the dashed lines representing the micro tensile data from earlier tests
(top-left), and the strain hardening rates vs. true strain for each
condition. Solid lines are hand �tted splines through �ltered data
points . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 107

Figure 5.30 Undeformed and �nal step EBSD band contrast maps for each
condition and orientation, note the appearance of twins in the �nal as
built steps . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 109

Figure 5.31 The left image is an ECC image of the scan region, two EBSD scans
of an area with twinning signatures are shown on right. The lower
right image is the highest magni�cation, this image con�rms that the
twins are present . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 110

Figure 5.32 ECC and BC images demonstrating twins (left) and slip bands (right) . 110

Figure 5.33 IPFs for the Z oriented, as built specimen with the overlaid Taylor
factor contours. The numbers 2.5, 3.0 and 3.5 represent values of
the Taylor factor. The bottom �gure shows the IPF key with the Taylor
factor contours overlaid to assist in correlation with other IPF maps . 111

Figure 5.34 Twin formation in high Taylor factor grain (blue) while lower Taylor
factor grain (pink) is slipping. This is an XY orientation sample . . . . . 113

xiv



Figure 5.35 High resolution images of the �nal steps (each ¡20% strain) of an
as-built XY orientation and Z orientation . . . . . . . . . . . . . . . . . 114

Figure 5.36 High resolution images of the �nal steps (each ¡20% strain) of an
as-built XY orientation and Z orientation . . . . . . . . . . . . . . . . . 115

Figure B.1 Micro-tensile engineering stress vs. strain for L-PBF build R1-3 in the
XY orientation . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 135

Figure B.2 Micro-tensile engineering stress vs. strain for L-PBF build R1-3 in the
XY orientation . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 136

Figure B.3 Micro-tensile engineering stress vs. strain for L-PBF build R2-2 in the
XY orientation . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 136

Figure B.4 Micro-tensile engineering stress vs. strain for L-PBF build R2-2 in the
Z orientation . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 137

Figure B.5 Micro-tensile engineering stress vs. strain for LP-DED build LANL1 in
the Z orientation . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 137

Figure B.6 Micro-tensile engineering stress vs. strain for LP-DED build LANL1 in
the XY orientation . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 138

Figure B.7 Micro-tensile engineering stress vs. strain for LP-DED build LANL2 in
the Z orientation . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 138

Figure B.8 Micro-tensile engineering stress vs. strain for LP-DED build LANL2 in
XY orientation . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 139

Figure D.1 X orientation, as built condition . . . . . . . . . . . . . . . . . . . . . . 148

Figure D.2 X orientation, as built condition . . . . . . . . . . . . . . . . . . . . . . 149

Figure D.3 Z orientation, as built condition . . . . . . . . . . . . . . . . . . . . . . 150

Figure D.4 Z orientation, as built condition . . . . . . . . . . . . . . . . . . . . . . 151

Figure D.5 X orientation, 900� C condition . . . . . . . . . . . . . . . . . . . . . . . 152

Figure D.6 Z orientation, 900� C condition . . . . . . . . . . . . . . . . . . . . . . . 153

Figure D.7 Z orientation, 900� C condition . . . . . . . . . . . . . . . . . . . . . . . 154

Figure D.8 X orientation, 1200� C condition . . . . . . . . . . . . . . . . . . . . . . 155

xv



Figure D.9 Z orientation, 1200� C condition . . . . . . . . . . . . . . . . . . . . . . 156

xvi



LIST OF TABLES

Table 2.1 List of SS classes, American Iron and Steel Institute (AISI) number,
and brief description . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 8

Table 2.2 Composition of 304L stainless steel and other commonly used 3XX
grade alloys . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 9

Table 2.3 Descriptions of the solidi�cation sequences possible in austenitic alloys 13

Table 3.1 Composition of the powder feedstock utilized for each build (NR
signi�es Not Reported) . . . . . . . . . . . . . . . . . . . . . . . . . . . . 24

Table 3.2 Processing parameters for the two AM processes used . . . . . . . . . . 25

Table 3.3 Matrix of the tensile tests and heat treatments performed. Note: all
heat treatments were soaked for two hours in an argon atmosphere. . . 35

Table 4.1 Parameters and heat input calculations for both AM processes used . . 38

Table 4.2 Values used for the Rosenthal heat �ow solution . . . . . . . . . . . . . . 39

Table 4.3 Estimated cooling rates from Rosenthal's three dimensional heat �ow
equation. Temperature range is from near solidi�cation (1400 � C) to the
estimated interpass temperature (400 � C) . . . . . . . . . . . . . . . . . 41

Table 4.4 Composition of the powder feedstock and each of the deposits (NR
signi�es Not Reported) and the percent change in wt% between the
powder chemistry and the average of the two deposit compositions . . . 45

Table 4.5 Calculated chromium and nickel equivalencies and ratios for the AM
deposits and powder . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 46

Table 4.6 Cr/Ni ratios for LP-DED and L-PBF publications . . . . . . . . . . . . . . 58

Table 5.1 Summary of the observed anisotropy of mechanical properties in AM
304L L-PBF (R2-2) . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 76

Table 5.2 Summary of the observed anisotropy of mechanical properties in AM
304L LP-DED (LANL1) . . . . . . . . . . . . . . . . . . . . . . . . . . . . 76

xvii



Table 5.3 Average grain diameters calculated from the EBSD grain area data . . . 102

Table 5.4 Yield strengths for the EBSD in-situ tensile tests . . . . . . . . . . . . . . 106

Table A.1 List of metal AM process and material combinations . . . . . . . . . . . 132

Table A.2 List of Commercial Powder Bed Fusion Processes . . . . . . . . . . . . 133

Table A.3 List of Commercial Directed Energy Deposition Processes . . . . . . . . 134

xviii



LIST OF SYMBOLS

Delta Ferrite . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . �

Austentie . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 


Dendrite/Cell Tip Temperature . . . . . . . . . . . . . . . . . . . . . . . . . . . . . Td=c

Liquidus Temperature . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . Tl

Liquid Concentration at Dendrite/Cell Tip . . . . . . . . . . . . . . . . . . . . . . . . C �
i

Initial Composition . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . C0,i

Velocity Dependent Liquidus Slope . . . . . . . . . . . . . . . . . . . . . . . . . . . . mv,i

Gibbs-Thomson Coef�cient . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . �

Dendrite/Cell Tip Radius . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . Rtip

Dendrite/Cell Growth Velocity . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . Vs

Interface Kinetics Coef�cient . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . �

Solute Diffusivity . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . D

Velocity Dependent Partitioning Coef�cient . . . . . . . . . . . . . . . . . . . . . . . kv,i

Ivanstov Function of the Peclet number . . . . . . . . . . . . . . . . . . . . . . . Iv(Pei)

Solidus Temperature . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . Ts

Heat Input . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . H.I.

Laser Power . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . PLaser

Heat Source Velocity . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . V

Process Ef�ciency . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . �

Temperature . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . T

xix



Interpass Temperature . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . T0

Thermal Conductivity . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . k

Radial Distance from Heat Source . . . . . . . . . . . . . . . . . . . . . . . . . . . . . R

Heat Source Power . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . Q

Thermal Diffusivity . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . �

Dendrite Arm Spacing . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . �

Cooling Rate . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . �

Solvus Temperature . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . T0

xx



LIST OF ABBREVIATIONS

Additive Manufacturing . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . AM

American Iron and Steel Institute . . . . . . . . . . . . . . . . . . . . . . . . . . . . AISI

Band Contrast . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . BC

Coincident Site Lattice . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . CSL

Colorado School of Mines . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . CSM

Dendrite Arm Spacing . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . DAS

Digital Image Correlation . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . DIC

Direct Manufacturing . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . DM

Direct Metal Deposition . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . DMD

Direct Metal Laser Sintering . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . DMLS

Direct Metal Printing . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . DMP

Directed Energy Deposition . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . DED

Electrical discharge machining . . . . . . . . . . . . . . . . . . . . . . . . . . . . . EDM

Electron Backscatter Diffraction . . . . . . . . . . . . . . . . . . . . . . . . . . . . EBSD

Electron Beam . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . EB

Electron Beam Freeform Fabrication . . . . . . . . . . . . . . . . . . . . . . . . . . EBF3

Electron Beam Melting . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . EBM

Electron Channeling Contrast . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . ECC

Energy Dispersive X-Ray Spectroscopy . . . . . . . . . . . . . . . . . . . . . . . . EDS

Ferrite Number . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . FN

xxi



Focused Ion Beam . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . FIB

Heat affected zone . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . HAZ

High Angle Annular Dark Field . . . . . . . . . . . . . . . . . . . . . . . . . . . HAADF

High energy density . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . HED

Inverse Pole Figure . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . IPF

Kansas City National Security Campus . . . . . . . . . . . . . . . . . . . . . . KCNSC

Kernel Average Misorientation . . . . . . . . . . . . . . . . . . . . . . . . . . . . . KAM

Laser Melting . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . LM

Laser Metal De�nition . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . LMD

Laser Metal Fusion . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . LMF

Laser Powder Bed Fusion . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . L-PBF

Laser Powder-fed Directed Energy Deposition . . . . . . . . . . . . . . . . . . LP-DED

Laser engineered net shaping . . . . . . . . . . . . . . . . . . . . . . . . . . . . LENS

Long Transverse Direction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . LTD

Micro-Induction Sintering . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . MIS

Nomarski interference contrast . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . NIC

Not Reported . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . NR

Powder Bed Fusion . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . PBF

Sandia National Labs . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . SNL

Scanning Electron Microscope . . . . . . . . . . . . . . . . . . . . . . . . . . . . . SEM

Scanning Transmission Electron Microscopy . . . . . . . . . . . . . . . . . . . . STEM

Selective Laser Melting . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . SLM

Selective Laser Sintering . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . SLS

xxii



Short Transverse Direction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . STD

Stainless Steel . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . SS

Tensile Direction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . TD

Transmission Electron Microscopy . . . . . . . . . . . . . . . . . . . . . . . . . . . TEM

Welding Research Council . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . WRC

Wire Arc Additive Manufacturing . . . . . . . . . . . . . . . . . . . . . . . . . . . WAAM

X-Ray Diffraction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . XRD

xxiii



ACKNOWLEDGMENTS

Completion of this work would not have been possible without the help the my friends,

peers, colleagues, and many Colorado School of Mines' faculty members. Funding for

this work was provided by Honeywell Federal Manufacturing and Technologies and San-

dia National Lab through the Manufacturing and Materials Joining Innovation Center. I am

extremely grateful for the generous support provided by Honeywell FM&T's Technical Fel-

lowship program which allowed me to pursue an advanced degree as a full time student

while maintaining employment.

The technical support and dependable advice of Dr. Stephen Liu was important for my

development throughout the progress of this research. I would also like to thank all of the

professors that passed on their own expertise of relevant subjects through their courses,

which helped me �ll in many of the holes I was running into during this work: in particular

Dr. Kip Findley, Dr. John Speer, Dr. Amy Clarke, and Dr. Zhenzhen Yu.

My fellow colleagues and advisors Dr. Michael Maguire and Dr. Jeff Rodelas provided

support whenever I called on them from before the project began and through its comple-

tion. Without their expertise and personal support, this project would have never begun.

My colleagues back in Kansas City, particularly Charles Hendon, Art Robbins, and Kevin

Faraone provided ample support when needed and their help was greatly appreciated.

Also, the EBSD section of this work would have been much less complete without the

expert help of Dr. Philip Noell at Sandia National Labs.

My friends and peers in the MME department and in particular, in the Center for Weld-

ing, Joining, and Coatings Research made this experience an enjoyable one. In particular,

I would like to thank Devon Gonzales, Cheryl Hawk, Byron McArthur, Ethan Sullivan, Ben

Schneiderman, Wesley Ott, Brian Rodgers and Scott Gordon.

xxiv



Finally, to my wife Jill, who has been wholly and sel�essly supportive of me and all of

my endeavors. I am blessed beyond measure to have you forever by my side.

xxv



CHAPTER 1

INTRODUCTION

1.1 Project Motivation

The recent rise of Additive Manufacturing (AM) as a tool to create complex geometric

parts and new materials has instigated both hope and concern among those with ex-

perience in traditional manufacturing processes. It is important that both the optimism

associated with the future of AM is tempered by the logical concerns of scientists and

engineers who are focused on the current maturity of the technology. There can be no

doubt that AM is a disruptive force in the worlds of manufacturing and materials science

and engineering, however, one must be diligent to ensure that this disruptive force is a

catalyst for innovation rather than for disaster. As such, the author and contributors to this

thesis share the concerns of fellow scientists and engineers who want to see AM succeed

as a driving force for innovation, but feel that this should be guided with diligence and

respect for the centuries of development prior to advent of AM.

Austenitic stainless steels (SS) have been increasingly considered as candidates for

AM processing due to their wide range of application in a multitude of industries. Par-

ticularly for their excellent combination of strength, ductility, natural corrosion resistance,

hydrogen compatibility and weldability. As these materials, processed through AM, be-

gin to be considered more frequently for use in structural applications knowledge of the

materials properties become much more important. Previous literature on the mechani-

cal performance and behavior of the same family of alloys may not be applicable to AM

processed alloys as thermomechanical processing steps are not taken on the AM de-

posits. Likewise, processing conditions that have produced predictable and repeatable

microstructures in similar, established processes (e.g. high energy density welding) may

not transfer well when applied to AM. It is the task of this project to explore both the me-
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chanical behavior as well as the solidi�cation behavior of additively manufactured 304L

stainless steel with reference to traditionally manufactured wrought materials and the es-

tablished processing conditions of high energy density (HED) welding processes.

1.2 Project Goals

The goal of this characterization work is two-fold:

1. Understand the solidi�cation behavior of 304L SS for the two main categories of

metal AM: Directed Energy Deposition (DED) and Powder Bed Fusion (PBF) and

their resultant effects on the microstructure of the �nal product. This solidi�cation

behavior is to be understood through the scope of prior literature on high energy

density welding (i.e. electron beam (EB) and laser welding) of austenitic stainless

steels.

2. Understand the mechanical behavior of 304L SS manufactured via AM processes

with a particular emphasis on the causes associated with mechanical property anisotropy

in the as-built condition.

Through characterization of AM processed 304L SS, focusing on the goals described

above, a deeper understanding of the potential performance and repeatability of AM 304L

SS for structural applications will be attained.
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CHAPTER 2

LITERATURE REVIEW

2.1 Metal Additive Manufacturing Overview

Additive manufacturing, popularly referred to as 3D printing, is a technology that has

made its way to the forefront of many business plans and technology roadmaps in the

past decade. De�ned by ASTM as the process of joining materials to make parts from

3D model data, usually layer upon layer, as opposed to subtractive manufacturing and

formative manufacturing technologies [1]. The technology has been in existence since

the mid 1980s when several patents were initiated for fabrication of three dimensional

objects via layer-by-layer material deposition [2–5]. One of the �rst instances of metal

additive manufacturing came in the 1990 when Manriquez-Frayre and Bourell utilized the

selective laser sintering (SLS) process to build a part out of Pb-Sn soldering alloy powder

[5, 6]. Since then, a multitude of techniques for printing three-dimensional metal parts

have been developed.

Two fundamental categories exist in additive manufacturing processes: single-step

and multi-step [1]. In a single step process, the part is completed after a single build

sequence with the desired shape and properties such that subsequent processing is not

critical. The opposite is true with a multi-step process, as secondary processing such as

sintering or curing would be required to complete the part. For metallic materials, both

single-step and multi-step processes have been developed, but the majority of develop-

ment has been performed on the single-step processes. Multi-step processes will not be

addressed further in this work. Breaking down the single-step processes currently used

for metallic AM results in three distinct categories: directed energy deposition, powder bed

fusion, and sheet lamination (Figure 2.1). The categories can be broken down further into

terms of material feed stock, heat source, etc. [7] For the purposes of this research, only
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DED and PBF processes will be discussed. Furthermore, beginning in chapter 3, the

processes will be de�ned by their heat source, feedstock, and ASTM method.

Figure 2.1: Single-step additive manufacturing processes for metallic materials [1]

Parts from several alloy systems have been or are currently being developed using

both PBF and DED processes. Table A.1 summarizes the various alloys that are printed

by the different process types. Both processes have advantages and disadvantages when

compared, this is discussed below.

2.1.1 Powder Bed Fusion

The powder bed fusion additive manufacturing processes utilize a high energy density

power source, usually a laser or electron beam (EB), to locally fuse powder, layer-by-

layer, into a net shape de�ned from a three-dimensional computer-aided design (CAD)

model. As of 2014, powder bed fusion were the most common type of metal additive

manufacturing systems used [8]. There are several variants of PBF processes that utilize

different combinations of energy source, fusion method, atmosphere, etc. Table A.2 lays
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out some of the currently available commercial metal powder bed fusion systems.

The typical processing steps involved in a PBF build are as follows [9] (see Figure 2.2

for a generic schematic):

1. A build plate of a similar composition to the powder is �xed to the build platform.

2. The chamber is purged and back�lled with an inert gas (typically argon or nitro-

gen) or evacuated to a desired vacuum level until the oxygen level is reduced to a

predetermined speci�cation.

3. A layer of metal powder ranging from 20 to 200 � m is spread and leveled over the

build surface.

4. The energy source is focused to a small spot (typically ˜80 � m) and rastered in a

predetermined pattern (set by the software) over the surface of the powder.

5. The build platform, together with the build, is then lowered and steps 3 and 4 are

repeated until each layer of the part, as set by the software, has been rastered

across a new layer of powder.

The primary advantage of the PBF process, currently, is the resolution of the build.

Much higher resolutions can be attained with the PBF process due to the smaller spot

size, powder particle size and method of deposition.

2.1.2 Directed Energy Deposition

High energy density power sources can be used for DED, like PBF, but they are not a

requirement. The primary advantage of DED over PBF is deposition rate and build size,

therefore, less precise, lower energy density power sources can be used. These energy

sources include arcs and plasmas generated by typical welding equipment. Even if a HED

power source is used, it is at a much larger spot size, increasing the deposition rate but

decreasing the resolution. Utilization of a DED process also allows for multimaterial builds,
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Figure 2.2: Generic metal PBF AM schematic demonstrating typical layer-by-layer build
process.

whether a compositional gradient is desired or the addition of reinforcing particles [10, 11].

Well known trade names for DED processes include Electron Beam Freeform Fabrication

(EBF3), developed by NASA, and the Laser engineered net shaping (LENS) process,

developed by Sandia National Labs and now owned by Optomec (a more complete list of

industrial DED systems is found in the appendix Table A.3).

The build process for a DED system is different than PBF and can be more directly

compared to multipass welding processes. A generic DED build would follow the general

process sequence shown below, see Figure 2.3 for visual depiction of a powder based

DED process:

1. Build substrate and �ller materials loaded into machine (powder(s) into hopper(s) or

wire spool(s) onto spool holder(s))

2. Machine parameters (power, travel speed, etc.) set and CNC paths loaded to control

software

3. Heat source applied to substrate and melt pool formed
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4. Filler materials fed into melt pool

5. Motion applied to either heat source or substrate to create path of �rst layer

6. Layer completed, build stepped down some predetermined Z-step and steps 3-5

repeated until all layers completed

7. Built component is removed from substrate and can be post processed

Figure 2.3: Generic powder based DED AM schematic demonstrating the intial pass dur-
ing the build process. [12]

2.2 Stainless Steel Metallurgy

A stainless steel is an iron based alloy that contains a minimum of 10.5%, by weight,

chromium [13]. A passive chromium oxide layer is formed on the surface of these steels,

increasing their corrosion resistance and giving them their “stainless” characteristic. The

discovery of this type of steel was initiated in 1821 by P. Berthier, during experimentation

with chromium additions into a ferrous matrix, and was fully realized in 1915 when Firth

Sterling Ltd. patented a 16 wt% Cr steel that eventually came to be known as Firth

Stainless [13].
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Once the required chromium level is satis�ed, stainless steels can be furthered catego-

rized into subclasses based on their microstructural features. These subclasses are sum-

marized in Table 2.1. Given this family of steels variety of microstructures, from austenitic

to duplex to precipitation hardenable martensitic, and universal corrosion resistance, there

are a plethora of applications in which a stainless steel is the best choice. For the best

combination of corrosion resistance, strength, toughness, and weldability, the 3XX series

of austenitic stainless steels is commonly selected. The AISI 3XX grades of stainless

steel are fully austenitic steels that do not employ any second phase strengthening mech-

anisms such as precipitation hardening or duplex microstructures. All strengthening is

derived from solid solution, cold work and grain size contributions.

Table 2.1: List of SS classes, American Iron and Steel Institute (AISI) number, and brief
description [13, 14]

AISI Type Description

1XX Austenitic General purpose austenitic alloys

2XX Austenitic Lower nickel and higher manganese con-
tent, less corrosion resistance, cheaper
than 3XX grades

3XX Austenitic High nickel, better corrosion and me-
chanical performance

4XX Martensitic

4XX Ferritic

Duplex

6XX Precipitation Hardened

2.2.1 304L Stainless Steel

This work is focused on the particular composition of stainless steel classi�ed as 304L

stainless steel. The difference between the 304 and 304L grades are primarily the carbon

content (see Table 2.2), which is lowered in the “L” composition in order to decrease or
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eliminate the effect of sensitization. Chromium carbide formation within the microstructure

(notably along grain boundaries) depletes the local microstructure of chromium, therefore

decreasing the region's ability to form the protective oxide layer required for corrosion

resistance. This process is known as sensitization. Lower carbon grades of stainless

steels are typically chosen for processes where the temperatures and rates are such that

precipitation of Cr23C6 carbides is likely, see Figure 2.4. AM is high heat input process, so

the decision to build deposits out of the “L” grade material was directly in�uenced by the

potential formation of sensitized microstructures, as the thermal cycles will likely put the

deposits into the nose of the precipitation curve shown in Figure 2.4.

Table 2.2: Composition of 304L stainless steel and other commonly used 3XX grade
alloys [13]

Type Compostion (wt%)

C Mn P S Si Cr Ni Other

304L 0.03 2.0 0.045 0.03 1.0 18.0 - 20.0 8.0 - 12.0

304 0.08 2.0 0.045 0.03 1.0 18.0 - 20.0 8.0 - 10.5

316L 0.03 2.0 0.045 0.03 1.0 16.0 - 18.0 10.0 - 14.0 Mo: 2.0 - 3.0

316 0.08 2.0 0.045 0.03 1.0 16.0 - 18.0 10.0 - 14.0 Mo: 2.0 - 3.0

347 0.08 2.0 0.045 0.03 1.0 17.0 - 19.0 9.0 - 13.0 Nb: 10 � C - 1.00

2.2.2 Phase Equilibria and Transformations

The most important and fundamental �gures for stainless steel metallurgy are the equi-

librium phase diagrams. Iron, chromium and nickel are the three main alloying elements

in the 304L system, so a ternary Fe-Cr-Ni phase diagram (Figure 2.5) is often used as

the starting point. At the composition of 304L SS (nominally 18Cr-8Ni), represented by

the point in Figure 2.5, the two primary phases � ferrite and 
 austenite are competing for

stability. From this isopleth, the expected transformation sequence cannot be visualized

very easily, so a vertical cross-section of the diagram is taken, as shown in Figure 2.6 and
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Figure 2.4: Time-Temperature-Transformation (TTT) diagram for the precipitation of
Cr23C6 carbides in 304 stainless steel (adapted from Ikawa et al. [15])

Figure 2.7 (the 304L composition being found in the former). The compositions of these

cross-sections are also represented as the traced lines on Figure 2.5.

Understanding the transformation sequence, from the liquid phase to room temper-

ature equilibrium, becomes a valuable tool for predicting the �nal microstructure, prop-

erties, and potential concerns during processing for both welding and AM of austenitic

stainless steels [14, 18–28]. These transformation sequences are characterized by the

�rst phase to solidify – the primary phase, then the second phase to solidify. This model

yields the following solidi�cation modes: F, FA, AF, A, where the �rst letter represents

the primary solidifying phase (F is � ferrite and A is 
 austenite). From an equilibrium

standpoint, these transformation sequences can be predicted by the composition and the

ternary phase diagram. Given the 304L composition in Figure 2.6 one can trace the so-

lidi�cation sequence from liquid to liquid plus ferrite, to ferrite and �nally to ferrite plus

austenite; an example of type F solidi�cation. Each solidi�cation modes is sequenced
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Figure 2.5: Fe-Cr-Ni ternary phase diagram showing the solidus projections, the region
of austenitic alloys, the nominal 304L composition, and the vertical cross-sections shown
Figure 2.6 and Figure 2.7 [16]
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Figure 2.6: Fe-Cr-Ni ternary phase diagram vertical cross-section at 74% Fe that passes
through the nominal 304L composition [17]

Figure 2.7: Fe-Cr-Ni ternary phase diagram vertical cross-section at 70% Fe [18]
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and described in Table 2.3.

Table 2.3: Descriptions of the solidi�cation sequences possible in austenitic alloys [13, 14]

Mode Reaction Description

F L ! L+� ! � ! � +
 Single phase ferrite solidi�cation. Delta ferrite solidi�es
in dendrites or cells as the primary phase. Austenite
may nucleate from the grain or sub-grain boundaries
at sub-solidus temperatures. Expected microstructure
is ferrite matrix with grain boundary or Widmanstätten
austenite

FA L ! L + � ! L + � +
(� + 
 )per=eut ! � + 


Primary ferrite with secondary austenite solidi�cation.
Delta ferrite solidi�es in dendrites or cells as the pri-
mary phase with secondary austenite solidifying in be-
tween. Ferrite can transform solid state to austenite be-
low the solidus temperature. Expected microstructure
is skeletal or lathy ferrite with intercellular austenite.

E L ! (� + 
 )eut !

 + � eut

Ferrite and austenite solidify simultaneously from the
eutectic liquid. This is not a typical scenario, as the
eutectic will typically be a secondarily solidifying phase.

AF L ! L + 
 ! L + � +
(� + 
 )eut ! 
 + � eut

Primary austenite with secondary ferrite solidi�cation.
Austentite solidi�es as dendrites or cells, ferrite solidi-
�es between the features. Much of the second phase
ferrite transforms to austenite at sub-solidus tempera-
tures. Microstructures should consist of an austenite
matrix with intercellular ferrite.

A L ! L + 
 ! 
 Single phase austenite solidi�cation with no secondary
phase or sub solidus transformation. Microstructure
should reveal some solute partitioning to the cell or
dendrite boundaries.

2.2.3 Weld Metal Predictive Diagrams

Determination of the resultant microstructure after melting and resolidifying has been

recognized as an important quality assurance procedure ever since stainless steels have

been welded; this importance passes on to additive manufacturing, though with slightly

different intentions. As shown in Table 2.3, the solidi�cation sequence and resultant solid
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state transformations can be determined from the ternary equilibrium phase diagrams,

though, this methodology assumes equilibrium conditions are in place throughout cool-

ing. In 1949, Schaef�er introduced a welding constitution diagram [29] that predicted the

weld metal ferrite content by the composition of the weld metal. To account for the effect

of alloying elements other than chromium and nickel, Schaef�er developed the chromium

equivalent (2.1) and nickel equivalent (2.2) equations shown below. This work was de-

veloped for arc welding processes, so variations in solidi�cation rates are not accounted

for.

Chromium Equivalent = %Cr + %Mo + 1.5 � %Si + 0.5 � %Cb (2.1)

Nickel Equivalent = %Ni + 30 � %C + 0.5 � %Mn (2.2)

These equations were meant to allow engineers and metallurgists to determine the

in�uence of alloy content on the relative stability of austenite and ferrite, then correlate

that to a �nal microstructural prediction. A map was generated, using the Cr and Ni

equivalents as the horizontal and vertical axes, to give a visual demonstration of the mi-

crostructural predictions, see Figure 2.8. The concept developed by Scheaf�er has been

improved upon through the addition of elements to the equivalent calculations, re�nement

of the weights assigned to each element, and incorporation of the ferrite number (FN) to

the diagrams [28, 30–32]. Currently, the most widely accepting weld metal constitution

diagram is the Welding Research Council (WRC) 1992 diagram, developed by Kotecki

and Siewert [31], see Figure 2.9. The equivalency calculations were redeveloped for this

diagram to improve the accuracy of steels that contained higher copper concentrations

[31], resulting in 2.3 and 2.4.

Chromium Equivalent = %Cr + %Mo + 0.7 � %Nb (2.3)

Nickel Equivalent = %Ni + 35 � %C + 20 � %N + 0.25 � %Cu (2.4)
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Figure 2.8: Predictive weld metal constitution diagram developed by Schaef�er in 1949
[29]

Figure 2.9: WRC 1992 – the most widely used weld metal consititution diagram for pre-
dicting weld metal ferrite content [31]
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Another widely used chromium and nickel equivalency was developed by Hammar and

Svensson in 1979 [33], the main difference being the addition of several other alloying

elements, see 2.5 and 2.6 below.

Chromium Equivalent = %Cr + 1.5 � %Si + 1.37 � %Mo + 2 � %Nb + 3 � %Ti (2.5)

Nickel Equivalent = %Ni + 22 � %C + 14.2 � %N + 0.31 � %Mn + 0.25 � %Cu (2.6)

Solidi�cation cracking is a major issue when welding austenitic stainless steels. The

exact mechanism behind the occurrence of solidi�cation cracking is not a consensus, but

it has been proven that the chemical composition plays an important role alongside so-

lidi�cation mode. For engineering applications where the residual weld metal ferrite con-

tent is of secondary or lesser concern, and solidi�cation cracking is the primary concern,

cracking susceptibility maps have been generated. These maps have distinct similarities

to the constitution diagrams shown in Figure 2.9 and Figure 2.8 and utilize the chromium

and nickel equivalencies given previously. Instead of plotting the regions where a partic-

ular solidi�cation mode is located, the regions where cracking has or has not occurred

experimentally are plotted. This visualization allows for an easier decision to be made

when determining material composition requirements for weldments where solidi�cation

cracking is unacceptable.

One example, Suutala's solidi�cation cracking susceptibility diagram [34], is widely

used for determining the cracking susceptibility of austenitic SS alloys. The vertical axis

of this plot is the amount of sulphur and phosphorus contained in the welded material

and the horizontal axis is the chromium to nickel ratio, see Figure 2.10. Both of these

impurities are effective melting point depressants and larger quantities of them results

in more liquid �lm separating the solidifying dendrite or cells, increasing the potential

for solidi�cation cracking. Based off of this work, a chromium to nickel ratio of 1.5 has

been largely accepted as the minimally acceptable composition for an austenitic stainless
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steel weldments utilizing arc welding processes. The fundamental cause for this is the

assurance of primary ferrite solidi�cation.

Figure 2.10: The Suutala diagram developed to predict solidi�cation cracking susceptibil-
ity in austenitic stainless steel welds (Hammar and Svenson Cr/Ni equivalencies are used
in this map) [34]

The maps and predictive diagrams discussed in this section have worked exceptionally

well for the majority of austenitic stainless steel arc welding applications, however, as the

welding process characteristics move the molten pool further away from an equilibrium

state these tools become less reliable. In the case of most high energy density welding

and HED-based metal additive manufacturing processes, solidi�cation does not occur

under near-equilibrium conditions. Instead, rapid solidi�cation occurs in a non-equilibrium

fashion. Rapid solidi�cation is the non-equilibrium category that these processes fall into.
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2.2.4 Rapid Solidi�cation of Austenitic Stainless Steels

When a stainless steel is rapidly solidi�ed, the phenomena as predicted and observed

for slower cooling rate processes do not occur and the predictive techniques that rely

on near equilibrium solidi�cation will no longer be applicable. Researchers have ad-

dressed this issue with solutions coming from both the theoretical [35–38] and experimen-

tal [14, 19, 20, 23] approaches. The primary concern for welding and additive manufac-

turing is transitioning from primary ferrite solidi�cation mode to a primary austenite solidi-

�cation mode, whereby the alloy designed to be non-susceptible to solidi�cation cracking

at cooling rates akin to arc welding is now susceptible as the cooling rates increase. Also,

be able to predict the morphology of the microstructure is important if the parts are to be

used in the as built condition.

Dendrite tip undercooling is the primary means of shifts in solidi�cation mode. Fig-

ure 2.11 illustrates the relative change in tip temperature as the solidi�cation velocity

increases, the highest temperature phase will be the most stable. When tip temperature

of the delta ferrite dips below the tip temperature of the austenite, the austenite becomes

more stable and the solidi�cation mode switches. This behavior can be described by the

following equations for dendrite and planar front temperature, initially developed by Kurz

[35] and then later re�ned [39, 40].

Dendrite tip temperature:

Td=c = Tl +
X

(C �
i mv,i � C0,im0,i) � 2� =Rtip � Vs=� � GD=Vs (2.7)

C �
i = C0,i=[1 � (1 � kv,i) Iv (Pei)] (2.8)

where Td=c is the dendrite/cell tip Temperature in K , Tl is the liquidus temperature of the

initial alloy in K , G is the temperature gradient in K =m, C �
i is the liquid concentration at

the dendrite/cell tip for constituent i , C0,i is the initial composition , mv,i is the velocity

dependent liquidus slope , � is the Gibbs-Thomsom coef�cient , Rtip is the dendrite/cell

tip radius , Vs is the dendrite/cell growth velocity , � is an interface kinetics coef�cient , D
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is the solute diffusivity in the liquid , kv,i is the velocity dependent partitioning coef�cient

and Iv(Pei) is the Ivanstov function of the Peclet number . For a single phase planar front:

Tp = Ts +
X

C0,i (mv,i=kv,i � m0,i=k0,i) � Vs=� (2.9)

where Ts is the solidus temperature of the initial alloy . An analytical solution to this

dendrite growth model for a stainless steel [36] is shown in Figure 2.12.

Figure 2.11: Illustration showing the effect of increasing solidi�cation temperature on den-
drite tip temperature of ferrite vs. austenite (adapted from Lippold and Kotecki [13])

From Figure 2.12 we can see that the alloy composition shown will transition from

primary ferrite solidi�cation to primary austenite solidi�cation as the solidi�cation growth

velocities approach 10� 2 m=s at that particular temperature gradient. The dendrite/cell tip

temperature is also the estimate undercooling temperature. As the solidi�cation velocity

continues to increase, a planar front becomes stables, which would correlate with the

onset of partitionless solidi�cation.

The experimental approach to prediction of solidi�cation morphology of rapidly solid-

i�ed stainless steels is best shown in the work of Elmer [14, 20] and Lippold [19]. Both

generated a morphological/solidi�cation mode prediction map for stainless steels expe-
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Figure 2.12: Model of equations (2.7)and (2.9) solved for a 70 wt% stainless steel, from
Fukumoto et al. [36]

riencing the fastest solidi�cation conditions in HED welding process. These maps are

shown in Figure 2.13 and Figure 2.14. Analysis and discussion of the applicability of

these predictive diagrams is given in section 4.4.

2.3 Deformation Behavior of AM Austenitic Stainless Steels

Numerous studies have been performed on the tensile behavior of additively manu-

factured austenitic stainless steels, with the majority of the focus on the 316 composition.

Notable differences between the two compositions are shown in Table 2.2, where the pri-

mary deviation is the addition of molybdenum as a solid solution strengthener. Increased

nickel content is also seen, which lowers 316's Cr/Ni ratio and shifts the solidi�cation

mode to entirely cellular austenitic in PBF builds.
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Figure 2.13: Morphological prediction map for stainless steels based on heat source travel
speed and material composition. Developed using Electron Beam Welding (adapted from
Elmer [20])
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Figure 2.14: Morphological prediction map for stainless steels based on heat source travel
speed and material composition. Developed using Pulsed Laser Welding (adapted from
Lippold [19])
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2.3.1 Tensile Behavior

Anisotropic mechanical properties have been reported in many publications on AM

austenitic stainless steels [41–47]. All of these publications demonstrate an increased

yield and tensile strength when the tensile direction is normal to the build direction and

ductility that is greater when tested in the build direction. If signi�cant build defects are

present, then this anisotropic behavior is not consistent due to defect induced prema-

ture failure [44]. No consistent source is identi�ed as the primary cause of anisotropic

behavior, but most papers point towards either grain shape or texture effects.

2.3.2 Deformation Twinning

One signi�cant feature that has been observed in AM austenitic stainless steel is the

formation of deformation twins during quasistatic loading [46–50]. In wrought austenitic

SS alloys, deformation twinning as the dominant deformation mechanism is seen only

under high strain rate loading. Two recent publications have demonstrated that the tex-

ture present in the as-built deposits promotes deformation twinning when tested along

the build direction as there are more high taylor factor grains present, decreasing that

orientation's ability to deform by slip and enhancing the dislocation accumulation in the

directions normal to the build direction [46, 47].

Wang et al. and Liu et al. provide some TEM observations of the interaction between

partial dislocations, stacking faults, and deformation twins and the cellular substructure

present in 316 PBF deposits [48, 51]. Partial dislocations were observed transmitting

through the dislocation cell walls, but were not trapped, leading to strengthening with-

out sacri�cing ductility [51]. Coordinated motion of the partial dislocations is likely what

leads to the formation of deformation twins in the microstructures. Similarly, Wang et

al. demonstrate the presence of deformation twins intersecting the dislocation cells [48],

which agrees with the observations by Liu et al. These twins appeared to nucleate at the

high angle grain boundaries.
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CHAPTER 3

METHODS

3.1 Introduction

This chapter describes the various methods and techniques utilized during this work.

Some of the methods, including the AM deposition, microtensile testing, and chemical

analysis were performed prior to the project, these will not be discussed in great detail.

3.2 AM Build Methods

Two AM techniques were utilized in manufacturing the specimens characterized during

this study: Laser Powder Bed Fusion (L-PBF) and Laser Powder-fed Directed Energy

Deposition (LP-DED) . For both processes and each build the same powder feedstock lot

was utilized. This consistency allowed for direct comparison of the two processes without

needing to consider starting chemistry effects. The powder composition is given below in

Table 3.1. Note that this powder was atomized in nitrogen.

Table 3.1: Composition of the powder feedstock utilized for each build (NR signi�es Not
Reported)

Compostion (wt%)

C Cr Co Nb Cu Mn Mo Ni N O P Si S V

0.015 18.4 NR NR NR 1.5 NR 9.8 0.05 0.019 0.012 0.53 0.003 0.01

The general processing parameters for the two processes are given in Table 3.2. De-

tails on the hatching pattern, beam spot size and energy distribution, and build height

were not provided. Ranges are reported in the L-PBF parameters as the interior of the

build uses higher heat inputs to increase deposition and the exterior surfaces utilize lower

heat inputs to increase resolution, accuracy, and as built aesthetics [8]. All builds, both

LP-DED and L-PBF, were made in a nitrogen gas atmosphere.
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Table 3.2: Processing parameters for the two AM processes used

Process Parameters

L-PBF LP-DED

Travel Speed (mm/s) 800 - 1400 16.9

Laser Power (W) 200 - 300 800

For both processes the deposits made were rectangular prisms, or blades, from which

micro-tensile samples could be easily removed. The layouts of these blades and the

samples extracted from them are shown in Figure 3.1. Note that the red axes represent

the X and Y directions or the plane normal the build direction (Z), which is represented in

blue.

Figure 3.1: The three different build geometries manufactured. Both the left and middle
geometries were manufactured via the L-PBF process, the right geometry was manufac-
tured via the L-DED process
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3.3 Micro-Tensile Tests

One primary purpose for these AM builds was to utilize a new method of high through-

put mechanical testing developed at Sandia National Labs (SNL) that is able to evaluate

the stochastic nature of the as-built mechanical properties [52, 53]. AM is ideally suited

for this process as the builds can be either printed directly into tensile specimens, or opti-

mized for easy specimen removal and machining. Specimens used in this study meet the

geometry shown in Figure 3.2 and were removed from the builds by Electrical discharge

machining (EDM) .

Figure 3.2: Micro-tensile specimen developed for high throughput mechanical testing at
SNL

The tensile testing setup at SNL is shown in Figure 3.3. The actuator displacement

was 0.05 mm/s, which results in a strain rate of around 4 � 10� 4 s� 1. Strain measure-

ments were collected via Digital Image Correlation (DIC) techniques. More details on

the testing setup is provided by Salzbrenner et al. [52]. Every specimen was strained to

2%, then partially unloaded to allow for an accurate measurement of the elastic modulus.

The resultant engineering stress versus strain curves from these tests can be seen in Ap-

pendix B. The majority of the material provided for this project was in the form of fractured
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micro-tensile samples as shown in Figure 3.4.

Figure 3.3: Micro-tensile testing setup, with DIC strain measurement, courtesy of
Salzbrenner et al. [52]

3.4 Fractography

To view the fracture surfaces of these micro-tensile specimens Scanning Electron Mi-

croscopes (SEM) were utilized. For lower magni�cation images (less than 5000X) a FEI

Quanta 600i Environmental SEM was utilized at an accelerating voltage of 20.0 kV and a

spot size of setting of 5 units. To view the fracture surface at higher magni�cations than

5000X the JEOL JSM-700F Field Emission SEM was utilized. This equipment allowed

for characterization of the microvoids and nucleating particles that appear on the fracture

surface. Accelerating voltages between 10.0 and 20.0 kV were used for these images.

Specimens were inserted directly into the chamber of the SEM without any processing

or mounting steps between fracture and examination. Fracture surfaces were kept clean
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Figure 3.4: The provided micro-tensile specimens as-recieved from SNL (left) and a
macro image of one polished fractured sample (right)

and undisturbed during storage.

3.5 Metallographic Preparation

Several methods were utilized to prepare this material for metallography. The particu-

lar method for certain characterization techniques are described in the following sections:

3.5.1 Optical Microscopy

Preparation for optical metallography was performed at Colorado School of Mines

(CSM) and at the Kansas City National Security Campus (KCNSC) . When prepared

in Kansas City the grinding and polishing steps were executed by a Struers Hexamatic

automatic grinding and polishing system. This equipment utilizes a preset routine for

stainless steels culminating in a �nal polishing step of 0.05 � m colloidal silica. Samples

were hot pressed in Struers Clarofast acrylic resin prior to processing in the Hexamatic.

The majority of optical micrographs shown in this thesis were prepared by the author at

the KCNSC.
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When prepared at CSM all samples were hand ground and polished according to

the following sequence: 120 grit SiC paper(if necessary), 240 grit SiC paper, 320 grit

SiC paper, 600 grit Sic paper, 800 grit SiC paper, 1200 grit SiC paper, 1 � m diamond

suspension on felt cloth and 0.05 colloidal silica on Imperial Napped cloth. The samples

were ultrasonically cleaned between each step after 600 grit grinding. Prior to grinding,

samples were hot mounted in Bakelite molds.

Two different chemical etching techniques were utilized for this material. A solution of

60% nitric acid diluted in water was used to reveal solidi�cation subgrain boundaries. The

sample was immersed in the solution, a tungsten cathode was contacted to a corner of

the sample and 1.25 V was applied to the circuit until a slight golden haze appeared on the

sample surface. To reveal high-angle grain boundaries and twins a solution of 10% oxalic

acid diluted in water was used. The electrolytic etching setup is the same as previously

described, however, the voltage was increased to 5 V.

3.5.2 Scanning Electron Microscopy and Electron Backscatter Diffraction

Two different techniques were utilized to prepare this material for SEM and Elec-

tron Backscatter Diffraction (EBSD) analysis: electro-polishing and vibratory polishing.

Electro-polishing is the preferred method as it eliminates the potential for preparation

induced-martensitic transformation, a common problem in austenitic stainless steel welds

[54]. Preparation for electro-polishing was done entirely by hand grinding and polishing to

a 1200 grit �nish, as described in the section 3.5.1. The samples were cold mounted in

epoxy resin after an electrical lead (either copper tape or a welded wire) was connected

to the back of the sample. Electro-polishing proceeded in a setup similar to the electro

etching setup described in section 3.5.1, however the anode was attached the electrical

lead on the back of the sample. A solution of 10% perchloric acid and methanol in a liquid

nitrogen bath was used with 25 - 30 V applied to the circuit for 45 - 60 s. This procedure

produced a mirror-like surface suitable for EBSD characterization without concerns for
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inducing a martensitic transformation.

A vibratory technique was utilized for the in-situ EBSD tensile specimens. Fortunately,

no evidence of preparation induced-martensite was seen in any of the vibratory polished

samples. The samples were cold mounted in epoxy and hand ground and polished to a

1 � m �nish as described previously. A 0.05 � m colloidal silica solution was applied to the

Buehler VibroMet on the CSM campus and the samples were polished for 12 hours on a

low setting. A second set of samples were vibratory polished at SNL in Albuquerque, NM.

3.5.3 Transmission Electron Microscopy

Sample preparation for Transmission Electron Microscopy (TEM) was accomplished

via Focused Ion Beam (FIB) lift outs or thin foil, using twin jet electro-polishing. The latter

began by grinding the sample to a near 100 � m thick foil completing the process at 1200

grit. From this foil, 3 mm discs were punched out and inserted into the Fischione twin

jet electropolishing system, this system was then placed in a 10% percholoric acid and

methanol solution at -20 to -30 � C. A voltage was applied and monitored to maintain a

current close to 30 mA until the system sensed that the sample had been perforated.

Extraction of a FIB lift out was the preferred method as it allowed for the selection

of a precise location of the microstructure to be chosen. This method was performed at

CSM on the FEI Helios Nanolab 600i FIB with a Ga Ion Source and Omniprobe manip-

ulator. Once a region has been selected for extraction a roughly 2 � m layer of platinum

is deposited on top of where the lift out will be cut; this operation is shown in Figure 3.5.

Material is then trenched away from both sides of the platinum deposited area, exposing

the foil section. The Omniprobe tip is welded to the platinum layer, the bottom sides of the

foil are cut away from the substrate, and then the foil can be raised out of the material.

Finally, this lift-out is moved to a copper grid where it is welded in place and the �nal thin-

ning steps are carried out. Thinning of the lift-out continues until the thickness is close to

100 nm.
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Figure 3.5: Two regions with a platinum layer deposited in preparation for a TEM thin foil
extraction in the FIB

3.6 Microscopy Techniques

In order to fully characterize the microstructural features of this material, both de-

formed and undeformed specimens were examined using several microscopy techniques

were employed:

3.6.1 Optical Microscopy

Optical microscopy was utilized at both KCNSC and CSM for characterization of the

as-built and deformed microstructures. The samples examined optically were etched, as

per the methods in 3.5.1, to reveal grain boundaries or left unetched to examine build

defects. At CSM an Olympus PMG-3 microscope with PAXcam and Pax-It software was

utilized. At KCNSC a Leica DMI5000 metallurgical microscope equipped with a Nomarski

interference contrast (NIC) feature, as well as a Keyence VHX 6000 series digital micro-

scope were utilized.

3.6.2 Scanning Electron Microscopy

For higher resolution characterization, and the addition of Energy Dispersive X-Ray

Spectroscopy (EDS) for chemical analysis, two SEMs at CSM were utilized: a FEI Quanta
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600i Environmental SEM for lower magni�cation purposes and a JEOL JSM-700F Field

Emission SEM for higher magni�cation. A variety of accelerating voltages and beam

sizes/currents were utilized depending on the microstructural feature of interest.

3.6.3 Electron Backscatter Diffraction

Crystallographic analysis was performed through EBSD techniques at both CSM and

SNL in Albuquerque. At CSM, EDAX EBSD detectors are available on the JEOL JSM-

700F Field Emission SEM and the FEI Helios Nanolab 600i SEM/FIB, both pieces of

equipment were utilized for EBSD analysis. EDAX TEAM software was used for pattern

collection, analysis and post processing at CSM. Steps sizes varied, but were kept below

1 � m for all scans. The samples analyzed at CSM were �rst electropolished per the

process in Section 3.5.2, then the samples were removed from the mounts as there were

some issues with charging that could not be resolved by increased grounding.

At SNL, all EBSD scans were performed during in-situ tensile testing. The EBSD

equipment utilized at SNL was as follows: Zeiss Supra 55VP Field Emission SEM with

Oxford Symmetry EBSD detector (up to 3000 patterns per second detection rate) and

Oxford AZtec software was used for data collection. Multiple scan types were performed

to maximize speed or resolution as needed. For the �rst and �nal scans of the samples,

a 500 X 500 � m scan with 1 � m step size was performed. After each strain step one high

resolution scan of an 80 X 80 � m region at a step size of 300 nm was taken. Additional

regions of interest were scanned with 100 nm step sizes. Unindexed points were cleaned

up by taking the average orientation of the 8 nearest neighbors. Points without 8 near-

est neighbors were left unindexed. Data �les were processed using MTEX 5.1.1 Matlab

toolbox, example processing code is given in Appendix C.

Due to the tensile specimens being recessed within the tensile frame, some dif�culty

was experienced in indexing particular orientations. Essential parts of the diffraction pat-

terns were missed when a pole orientation was very close to center and rotated such that
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only one pole was seen. This sample positioning made it impossible for the software to

index, even though the image quality was high: this issue is illustrated in Figure 3.6

Figure 3.6: EBSD setup with specimen inside tensile frame. Parts of the diffraction pattern
are missed, resulting in the unindexable, though good quality pattern shown on the right

3.6.4 Transmission Electron Microscopy

TEM techniques were utilized to visualize the dislocation substructure and to obtain

high resolution Scanning Transmission Electron Microscopy (STEM) EDS information. All

TEM and STEM EDS work was performed at CSM on the FEI TALOS F200X CTEM/STEM

equipment, additionally some STEM images were obtained using the STEM detector in-

sert on the FEI Helios Nanolab 600i SEM/FIB. The majority of the TEM specimens were

prepared using the FIB lift out technique described in Section 3.5.3. Both single tilt and

dual tilt specimen holders were utilized. Bruker EDX software was utilized for the STEM

EDS scans. All STEM EDS scans were taken with sub 10 � m resolution.

3.7 X-Ray Diffraction

Phase information along the tensile axis was determined via X-Ray Diffraction (XRD)

. All XRD experiments were performed at CSM using the Panalytical Empyrean X-ray
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diffractometer. Small scan areas were necessary, so the monocapillary 100 � m beam

was utilized, the spot size was assumed to be 300 � m. A molybdenum x-ray source was

used, instead of the more common copper source, as it is better suited for the small beam

monocapillary set up. Scans were taken at three locations on a fractured microtensile

specimen, as depicted in Figure 3.7, for both the XY and Z orientations of PBF and DED

samples (a total of four samples). Specimens were prepared according to the polishing

procedure of the optical microscopy section to ensure a smooth planar surface. Scans

were performed through the range of 18� � 42� and the total scan time was 30 minutes at

each location. The source voltage used was 60 kV and the �lament current was 40 mA.

Figure 3.7: Relative location of the 100 � m monocapillary beam targets during the XRD
experiment

3.8 In-situ EBSD Testing

In-situ EBSD testing was performed at SNL in Albuquerque, NM, with assistance from

Philip Noell, to observe the deformation behavior of the PBF material, in both XY and Z

orientations at low strain levels. The goal of these experiments was to understand what
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unique mechanism occur that lead to anisotropic strain hardening behavior. The EBSD

technique used is described in Section 3.6.3. A similar experiment using the same tensile

set up, though ex-situ rather than in-situ, has been published by Noell et al. [55].

Tensile specimens were cut from a L-PBF deposit that was not used for microtensile

specimens. The material and tensile bar drawing are shown in Figure 3.8. A total of

12 tensile specimens were removed from the build shown in Figure 3.8, six XY and six

Z orientations. Machining of the tensile specimens was performed by EDM at KCNSC.

Some samples were also heat treated to study the effects of different microstructures and

attempt to relate that back to the as-built condition. Heat treated samples were pickled to

removed any zinc that may have remained from the EDM operation. Table 3.3 shows the

number of samples for each heat treatment condition.

Figure 3.8: PBF build from which the tensile specimens were cut (left) and the part draw-
ing for the tensile specimens (right) (dimensions are in mm)

Table 3.3: Matrix of the tensile tests and heat treatments performed. Note: all heat
treatments were soaked for two hours in an argon atmosphere.

HT Condition XY Samples Z Samples

As-Built 4 4

900 � C 1 1

1200 � C 1 1

35



The MTI tensile frame with a loaded sample is shown in Figure 3.9, the positioning

of the EBSD detector is described in Figure 3.6. Once a sample was loaded into the

tensile frame, the entire frame was placed into the SEM and the chamber was pumped

down. An initial scan would be taken, as mentioned in Section 3.6.3, and then the load

frame displacement would be incremented so that an EBSD scan could be taken within

the elastic regime, immediately after yielding, and at several steps through the plastic

regime. No samples were strained past 20% as the experiment was intended to focus on

the immediately post yield strain hardening behavior. The strain rate of these tests was

approximately 10� 2s� 1.

Figure 3.9: The tensile frame at SNL used during the in-situ EBSD experiments (left) and
two tested tensiled specimens (right)
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CHAPTER 4

RESULTS AND DISCUSSION: SOLIDIFICATION BEHAVIOR OF ADDITIVELY

MANUFACTURED 304L STAINLESS STEEL

4.1 Introduction

This section presents the results and discussion of those results relating to the �rst

goal mentioned in Section 1.2: “Understand the solidi�cation behavior of 304L SS for

the two main categories of metal AM: DED and PBF, and their resultant effects on the

microstructure of the �nal product. This solidi�cation behavior is to be understood through

the scope of prior literature on HED welding of austenitic stainless steels.”

4.2 Initial Process Comparison

As outlined in the literature review (Section 2.1) and further explained the methods

section 3.2, L-PBF and LP-DED were the two AM methods studied in this work. An

initial comparison of the methods of the two process reveals several similarities and dif-

ferences. The similarities include: utilization of metal powder (the same lot in both cases

for this study), layer-by-layer build sequence, laser heat sources, and both were built in

a nitrogen gas atmosphere. Process differences include: travel speed and laser power

(see Table 3.2), method of introduction of feedstock into the melt pool, and heat input. Of

these differences, the heat input, which is a factor of the travel speed and laser power, is

the best indicator of potential differences in the solidi�ed microstructure.

4.2.1 Heat Input Calculations

Brie�y, using the welding heat input equation 4.1, the linear heat input of the processes

can be calculated and compared. In this equation, H.I. is the heat input in J=mm, PLaser

is the power of the laser in Watts, VHeatSource is the velocity of the heat source (laser spot
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in this situation), and � is the process ef�ciency. The results of this calculation are shown

in Table 4.1. From a pure heat input stand point, the LP-DED process used in this study

inputs over two orders of magnitude more energy into the build, per unit length, than the

L-PBF process.

H.I. = �
PLaser

VHeatSource
(4.1)

Table 4.1: Parameters and heat input calculations for both AM processes used

Heat Input

L-PBF LP-DED

PLaser (W) 200 - 300 800

VHeatSource (mm=s) 800 - 1400 16.9

� [56, 57] 60% 50%

H.I. (J=mm) 0.084 - 0.23 21.29

4.2.2 Theoretical Heat Flow Analysis

From Rosenthal's work in 1941 [58] the heat �ow of both the L-PBF and LP-DED

processes can be easily estimated and compared without having to make a single deposit.

Rosenthal derived both two dimensional and three dimensional heat �ow solutions, the

former represents the heat �ow when welding a thin plate and the latter simulates a semi-

in�nite plate with heat �ow into the thickness. The three dimensional equation (4.2) is

better suited for the processes studied in this work, especially the L-PBF process. DED

processes in general will be less accurately calculated by the Rosenthal models as the

effect of three dimensional conductive heat �ow decreases as more of the part becomes

exposed to the atmosphere. In PBF processes, the part is always covered within a bed of

metal powder, so conductive heat �ow in three dimensions is likely.

2� (T � T0) kR
Q

= exp
�

� V (R � x)
2�

�
(4.2)
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In Equation 4.2 above, T is Temperature , T0 is the pre-heat or interpass temperature,

k is thermal conductivity, R is the radial distance from the heat source, Q is the heat

source power multiplied by the heat source ef�ciency, � , V is the heat source travel speed,

x is the distance from the heat source opposite to the travel direction, � is the thermal

diffusivity. These values are listed in Table 4.2 below for 304L stainless steel. Figure 4.1

shows the temperature versus time plot at a point which the heat source passes directly

over. The plot shows the how much longer the LP-DED process should take, compared

to the L-PBF process, to cool back down to the interpass temperature. This calculation

predicts that the LP-DED process will take about 4 orders of magnitude longer to cool

than the L-PBF process.

Table 4.2: Values used for the Rosenthal heat �ow solution

Heat Input

L-PBF LP-DED

T0 (C) 400

VHeatSource (mm=s) 800 - 1400 16.9

� [56, 57] 60% 50%

PLaser (W) 200 - 300 800

Q (= � PLaser ) (W) 120 - 180 400

k (J=ms K ) [59] 24.9

�
�
m2=s

�
[59] 5.3 � 10� 6

A precise cooling rate calculation can be derived from Rosenthal's three dimensional

heat �ow equation (4.2), which is demonstrated by Kou [59] and is explained below:

Assuming a point along the x axis (the center of the heat source path)

y = z = 0 and R = x

Equation (4.2) becomes

T � T0 =
Q

2� kx
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Figure 4.1: The theoretical cooling curves for the L-PBF and LP-DED processes calcu-
lated using Rosenthal's 3D heat �ow equation. Note: the L-PBF shows the slowest and
fastest cooling conditions given the range of parameters

Taking the partial derivative of temperature with respect to x yields an expression for

temperature gradient

�
@T
@x

�

t

= � 2� k
(T � T0)2

Q

Velocity can be expressed by
�

@x
@t

�
T
, therefore the cooling rate can be expressed by:

�
@T
@t

�

x

=
�

@T
@x

�

t

�
@x
@t

�

T

= � 2� kV
(T � T0)2

Q
(4.3)

The estimated cooling rates, calculated using Equation (4.3) are listed in Table 4.3.

Again, a large discrepancy between the heat �ow behavior of the L-PBF and the LP-

DED builds is observed based solely on the input parameters. As much as four orders

of magnitude difference in cooling rate is estimated by these calculations, with the L-PBF

varying almost one order of magnitude with it's given parameter range. The accuracy of

these values can be veri�ed by direct measurements of the microstructure (dendrite arm

spacing – DAS ). This calculation and comparison will be performed in the next section.

Noted previously is the assumption that the L-PBF process is more suited to this particular
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analysis than the LP-DED process due the presence of its convective heat �ow condition.

As such, the Rosenthal solution is expected to under estimate the cooling rate of the

LP-DED builds.

Table 4.3: Estimated cooling rates from Rosenthal's three dimensional heat �ow equa-
tion. Temperature range is from near solidi�cation (1400 � C) to the estimated interpass
temperature (400 � C)

Cooling Rate Calculations

V (mm=s) Q (W) Cooling Rate (� C=s)

LP-DED 16.9 400 110

L-PBF (min) 180 800 5.6 � 105

L-PBF (max) 120 1400 2.6 � 106

4.2.3 Dendrite Arm Spacing

In order to get an actual measurement of the heat �ow conditions in an AM deposit,

one must either take a direct measurement of the process via thermocouples or pyrome-

ters (this was not available for the current study), or, ex-situ measurements can be taken

from the microstructure in the form of dendrite arm spacing calculations. A series of arm

spacing measurements were taken from micrographs of the undeformed deposits, elec-

trolytically etched with nitric acid per section 3.5.1. The line and intercept method was

used to determine primary arm spacings. Secondary arm spacings were not measured

because no secondary arm were present in the L-PBF microstructure and very few were

present in the LP-DED microstructure.

The procedure of relating DAS measurements to the cooling rate during solidi�cation

was developed for austenitic stainless steels by Katayama in 1984 [60] and was also

implemented by Elmer to analyze the cooling rates of 59% Fe austenitic stainless steel EB

welds [14, 20]. The correlation developed by Katayama is shown graphically in Figure 4.2

and mathematically in Equations (4.4) and (4.5) , where the arm spacing measurements
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in � m are represented by � , and the cooling rate is represented by � .

Primary DAS: � 1 = 80� � 0.33 (4.4)

Secondary DAS: � 2 = 25� � 0.28 (4.5)

Figure 4.2: Relationship between dendrite arm spacing to cooling rate during solidi�cation
developed by Katayama et al. [60]

Only the primary arm spacing measurements were taken from the microstructures

studied as much of the solidi�cation morphology was cellular rather then dendritic, there-

fore lacking secondary arms, for both the L-PBF and LP-DED builds. Equation (4.4) was

utilized, and the results (both DAS measurements and cooling rates) are plotted in Fig-

ure 4.3. Both builds exhibited a range of solidi�cation rates, though the range is much

larger for the L-PBF builds. Comparing to the heat �ow analysis in Section 4.2.2 it can

be seen that the predicted range of cooling rates for L-PBF to be on the order of 105 to

106 � C=s and for LP-DED 102 � C=s. The DAS cooling rate calculations agree well with

the theoretical analysis for L-PBF, though the majority of the measured cooling rates are

in the upper end of that range. For the LP-DED build, however, the theoretical prediction
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is 1-2 orders of magnitude away from the DAS measurements. Faster cooling rates were

expected from the DAS method as explained in 4.2.2.

Figure 4.3: Box and whisker plot showing the measured dendrite arm spacings and the
calculated cooling rates for both L-PBF and LP-DED builds

4.3 Chemical Composition of AM Deposits

Chemical analysis was performed on these deposits at Anamet, a commercial labora-

tory, and provided along with the micro-tensile specimens. Recall that a universal powder

feedstock was utilized across all builds, the chemical composition of which is listed in ta-

ble Table 3.1. The main issues that are addressed by the starting powder composition

is the high enough Cr/Ni ratio to avoid solidi�cation cracking, and the low enough carbon

content to avoid a sensitized microstructure. Table 4.4 summarizes the powder composi-

tion, the composition of the deposits, and the average compositional change between the

deposit and the powder.

Analysis of the compositional changes between the powder and the two deposits re-

veals information about the differences in the nature of the two processes. Notably, the
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elements that are typically associated with gas-metal reactions and are expected to evolve

out the material from the melt pool (C, O, N) are present in greater quantities in the L-PBF

deposits. It is assumed that this is due to the much faster cooling and solidi�cation rates

in the L-PBF process, as these elements will have more time to evolve and escape the

melt pool during LP-DED. The increased oxygen content in the L-PBF deposit is assumed

to correlate to an increased oxide content when compared to the LP-DED deposits.

Other factors, in addition to the evolution of gaseous species from the melt pool, that

may have contributed to the changes in chemical composition include vaporization and

measurement error. HED welding processes create plumes of vaporized metals, espe-

cially while operating in keyhole mode. Manganese is the highest vapor pressure element

measured by the compositional analysis, and is the most likely to decrease due to vapor-

ization. This behavior is observed in both LP-DED and L-PBF, with decreases of 3 and 7

percent, respectively. The Fe balance decreased from the powder composition of 69.7%

to 68.9% in the LP-DED deposit and 69.0% in the L-PBF deposit, resulting in an overall

alloy content increase in both AM deposits. The loss in Fe content may also be attributed

to vaporization, as Fe has a vapor pressure higher than most of the metallic elements

present other than Mn and Cr.

The calculated Cr/Ni equivalents and ratios are listed below in Table 4.5. The Cr/Ni

ratio of the powder composition was high to avoid solidi�cation cracking, the deposits

change in chemical composition increased this ratio signifying that the susceptibility to

solidi�cation cracking has decreased further. To illustrate the cracking suscepitbility, the

chemical compositions have been plotted on a modi�ed Suutala diagram developed by

Lienert [24] for pulsed laser welding (Figure 4.4). On this diagram the starting powder

composition is shown as the white dot, the LP-DED deposit composition as the gray

dot and the L-PBF deposit composition as the black dot. It can be inferred from the

composition locations on this diagram that solidi�cation cracking susceptibility is very low

in all cases studied. This observation holds true as no solidi�cation cracks are observed
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Table 4.4: Composition of the powder feedstock and each of the deposits (NR signi�es
Not Reported) and the percent change in wt% between the powder chemistry and the
average of the two deposit compositions

Compostion (wt%) Composition Change

LP-DED L-PBF

Element Powder LANL1 LANL2 R1-3 R2-2 LP-DED L-PBF

C 0.015 0.008 0.009 0.012 0.012 -43% -20%

Cr 18.4 18.92 18.97 18.9 18.83 +3% +3%

Co NR 0.03 0.03 0.03 0.03

Nb NR 0.03 0.04 0.04 0.03

Cu NR 0.02 0.02 0.02 0.02

Mn 1.5 1.45 1.44 1.4 1.4 -4% -7%

Mo NR 0.01 0.01 0.01 0.01

Ni 9.8 9.93 9.93 9.92 9.92 +1% +1%

N 0.05 0.044 0.043 0.049 0.044 -13% -7%

O 0.019 0.022 0.019 0.04 0.035 +8% +97%

P 0.012 0.009 0.009 0.009 0.009 -25% -25%

Si 0.53 0.58 0.59 0.58 0.58 +10% +9%

S 0.003 < .005 < .005 < .005 < .005

V 0.01 0.02 0.02 0.02 0.02 +100% +100%
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in any of the microstructures studied.

Table 4.5: Calculated chromium and nickel equivalencies and ratios for the AM deposits
and powder

Chromium and Nickel Equivalencies

Hammar & Svenson (2.5, 2.6) WRC 1992 (2.3, 2.4)

Material Creq Nieq Cr/Ni Creq Nieq Cr/Ni

Powder 19.20 11.31 1.698 18.40 11.33 1.625

LANL1 19.86 11.20 1.773 18.95 11.09 1.709

LANL2 19.95 11.21 1.780 19.01 11.11 1.712

R1-3 19.86 11.33 1.753 18.94 11.32 1.673

R2-2 19.77 11.26 1.756 18.86 11.22 1.681

4.4 Solidi�cation Microstructures and Comparison to Morphology Prediction Dia-
grams

Introduced in the literature review, in section 2.2.4, were the morphology prediction

diagrams developed by Elmer [14, 20] and Lippold [19] for high energy density welding of

stainless steels. These diagrams are typically used to estimate the welding solidi�cation

mode in order to avoid solidi�cation cracking. Both diagrams plot the welding speed,

or solidi�cation velocity versus the chemical composition in the form of Cr/Ni ratio. The

processing conditions and chemical composition for both L-PBF and LP-DED are plotted

on each of these diagrams in Figure 4.5 and Figure 4.6. The solidi�cation speeds were not

calculated, so in Lippold's diagram the actual heat source speed is plotted. Solidi�cation

rates would be 30-40% lower than the travel speed – which would not affect the results for

either process on Lippold's diagram. It is of interest to determine whether these diagrams

are accurate when applied to 304L AM microstructures.
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Figure 4.4: The H&S Cr/Ni ratios from Table 4.5 plotted on the pulsed laser weldability
diagram developed by Lienert [24]. The white dot is the starting powder composition, the
black dot is the L-PBF deposits and the gray dot is the LP-DED deposits

4.4.1 L-PBF Microstructures

From Figure 4.5, the predicted microstructure for L-PBF is either cellular austenite or

massive austenite. The latter being type A solidi�cation and the former type F with a

subsequent massive transformation of the single phase ferrite into single phase austen-

ite. Lippold's diagram in Figure 4.6 predicts type A solidi�cation, and comes close to the

dashed line separating the �eld of F/MA solidi�cation. Both diagrams essentially predict

the same solidi�cation behavior for the L-PBF process. Figure 4.7 and Figure 4.10 shows

the microstructures etched in oxalic acid, which deeply etches high angle grain bound-

aries and leaves the substructure (low angle grain boundaries) relatively un-touched. Fig-

ure 4.8 and Figure 4.9 shows the microstructures etched with nitric acid, which highlights

both the high angle and low angle grain boundaries, so the cellular substructure of the

type A solidi�cation can be seen in great contrast to the apparently substructure-free type

F/MA regions.
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Figure 4.5: Weld morphology predictive diagram, adapted from Elmer [14, 20], with the
range of compositions from powder to deposit and the processing parameters. H&S Cr/Ni
was used for this map
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Figure 4.6: Weld morphology predictive diagram, adapted from Lippold [19], with the
range of compositions from powder to deposit and the processing parameters
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Identi�cation of the two different solidi�cation modes was primarily based on the pres-

ence, or lack of, a morphologically cellular substructure. This method positively identi�es

the type A solidi�cation mode, resulting in cellular austenite, with little doubt. Identi�-

cation of the type F/MA solidi�cation mode, resulting in massively transformed austenite,

was primarily based on the lack of substructure in certain grains, rather than the presence

of massive-like tortuous, ledged boundaries [61, 62]. Though boundaries exhibiting the

unique morphology associated with the massive transformation are found (Figure 4.7), not

all featureless grains exhibited such boundaries. At this point, the nature of the transfor-

mation cannot be identi�ed as massive with absolute certainty, but the identi�ed regions

match the micrographs used to characterize this particular morphology in Lippold and

Elmer's work [14, 19], therefore the morphologies do, certainly, match the intended mi-

crostructural characteristic of the regions on the predictive maps. More discussion on this

topic will be presented in Sections 4.5 and 4.6.

Figure 4.7: Optical micrographs of L-PBF deposit etched in oxalic acid, taken at 500X
magni�cation. The left image is looking at the XY plane, the right image is looking at the
ZY plane

In Figure 4.9 and Figure 4.10 some epitaxial growth is revealed in the microstructure

where high angle grain boundaries can be seen extending through several layers of the

build. All grains did grow epitaxially, resulting in their columnar morphology. This behavior
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Figure 4.8: Optical micrograph (left) and SEM micrograph (right) of L-PBF deposit etched
in nitric acid. The left image is looking at the XY plane, the right image is looking at the
ZY plane

is not as signi�cant as what is seen in other alloy systems, such as titanium, where single

crystals are observed growing epitaxially through the entire height of the build [5, 63–65],

but it is still present and should have some effect on the texture and anisotropic behavior

of these deposits. Also of note, there is no evidence of any grains that did not nucleate

off of the underlying substrate: no equiaxed grains are found.

The coexistence of primary ferrite and primary austenite solidi�cation within the same

melt pool most adequately explained by the dendrite tip undercooling model as a function

of solidi�cation velocity. As indicated in Section 2.2.4, the stability of austenite relative

to ferrite increased with increasing solidi�cation front velocity. Assuming that the solid-

i�cation velocities between adjacent grains can be different, it is not unreasonable to

assume that this difference can straddle the transitional velocity between primary ferrite

and primary austenite solidi�cation. Further examination of the microstructure, relating

the growth orientation to the travel speed, would be required to con�rm that the primary

ferrite grains solidi�ed at speeds slower than an adjacent primary austenite grain.

51



Figure 4.9: Stitched optical micrograph of L-PBF deposit etched in nitric acid. Note, the
dark etching regions are type A solidi�cation, while the light etching regions, devoid of
substructure, are type F/MA solidi�cation
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Figure 4.10: Stitched optical micrograph of L-PBF deposit etched in oxalic acid, taken
with indirect lighting to highlight high angle grain boundaries. Streaking in the upper left
corner are scratches
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4.4.2 LP-DED Microstructures

From Figure 4.5, the predicted microstructure for LP-DED falls primarily into the inter-

cellular austenite �eld, with some falling into the vermicular ferrite �eld, perhaps, depend-

ing on Elmer's intention for how that �eld extends to the right. Both solidi�cation modes

would be type FA, with the majority of the primary ferrite phase transforming into austenite

after solidi�cation. Lippold's diagram in Figure 4.6 predicts type FA solidi�cation with one

corner extending into type F. As stated in section 4.4, the actual solidi�cation rate will be

lower than the travel speed, so lower this box a few percent puts it �rmly within the type

FA �eld. As shown for L-PBF, both diagrams essentially predict exactly the same solidi�-

cation behavior for the LP-DED process. Only the substructure is needed to characterize

the morphologies predicted by the maps, so nitric acid etched samples were used to con-

�rm the predictions. The SEM images shown in Figure 4.11 give the best representation

of the majority intercellular austenite and some vermicular ferrite morphologies present

in the microstructure. Distinguishing between intercellular austenite (type FA) and inter-

cellular ferrite (type AF) cannot be done with absolute certainty by visual methods alone.

Section 4.5 veri�es the solidi�cation sequence of these deposits through analysis of the

microsegregation pro�les.

Examination of the microstructures shown in Figure 4.13 and Figure 4.12 reveal dis-

tinct differences, in addition to their solidi�cation morphologies, when compared to the L-

PBF deposits. First, is the lack of epitaxial growth extending through multiple layer. None

of the high angle grain boundaries revealed by oxalic acid etching in Figure 4.12 appear

to extend through more than one layer. Secondly, the presence of equiaxed grains within

the different melt pools suggest that, unlike the L-PBF, some of the grains nucleate within

the melt or at least are broken off from the substrate and coarsen in the melt. The primary

effect of this behavior would be a lesser texture development as the grains formed in the

melt will not inherit any orientation or develop an orientation as it coarsens.
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Figure 4.11: SEM micrographs of LP-DED deposits etched in nitric acid
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Figure 4.12: Stitched optical micrograph of L-DED deposit etched in oxalic acid
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One �nal difference that can be noted between the LP-DED microstructure and the

L-PBF microstructure can be seen in Figure 4.13. There appears to be a heat affected

zone (HAZ) that has developed in between the layers, as indicated by the lighter etching

regions. With the higher heat input, it is likely that in the LP-DED process solute will be

able to redistribute in the HAZ, resulting in the microstructure mentioned. This elemental

redistribution could reduce some of the effects of microsegregation on the mechanical

properties of the LP-DED deposits.

Figure 4.13: Optical micrograph of L-DED deposit etched in nitric acid

4.4.3 Microstructures of AM 316L SS from Literature

Many publications are available that demonstrate the morphologies of 316L, a similar

alloy to 304L, under different processing conditions in both PBF and DED processes. To

test the accuracies of these prediction maps on 316L several micrographs, processing

parameters, and 316L compostion were gathered from one LP-DED paper [66] and one

L-PBF [67] paper. The calculated Cr/Ni ratios from the reported compositions are given

in Table 4.6. Three scan rates were selected from the sources, these are plotted on the

morphology prediction diagrams in Figure 4.14. Again, note that the travel speed, not the

solidi�cation velocity is plotted on Lippold's map; the actual solidi�cation velocity will be

lower than the travel speed as the cellular growth occurs at an angle to travel direction.
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Table 4.6: Cr/Ni ratios for LP-DED and L-PBF publications

Source Hammar & Svenson (2.5, 2.6) WRC 1992 (2.3,2.4)

LP-DED [66] 1.59 1.31

L-PBF [67] 1.68 1.50

Figure 4.14: Predicted morphologies for the 316L AM builds made from LP-DED [66]
(open circles) and L-PBF [67] (closed circles). WRC Cr/Ni was used for Lippold's and
H&S Cr/Ni was used for Elmer's map to stay consistent with the plots used in this work
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From Elmer's map, the predicted microstructure for LP-DED would be interdendritic

ferrite for the lowest speed (2 mm=s) and intercellular ferrite for the two higher speeds (6

and 10 mm=s). Lippold predicts type AF for the two lowest speeds, and type A for the

highest speed. However, the high speed point's actual solidi�cation velocity should push

it down into the type AF �eld. This shows close agreement between the maps, as we

saw with the 304L deposits. Applying this to the microstructures in Figure 4.15, it is clear

that each microstructure exhibits a dendritic solidi�cation mode and we can infer that the

material in the interdendritic regions is secondary ferrite. This is in agreement with the

maps for solidi�cation sequence, though Elmer's prediction of intercellular ferrite appears

to have been incorrect.

Figure 4.15: Micrographs at various laser travel speeds for 316L LP-DED [66]

From Elmer's map, the predicted microstructure for L-PBF would be intercellular fer-

rite for the lowest speed (30 mm=s) and cellular ferrite for the two higher speeds (750

and 2500 mm=s). Lippold predicts type A for all speeds, though the actual solidi�cation

velocity should push the lowest speed down into the type AF �eld. This shows identical

agreement between the maps, as we saw with the 304L deposits. Applying this to the

microstructures in Figure 4.16, we can clearly see a cellular microstructure in all three

micrographs, which is not in con�ict with the maps. More information regarding the fer-

rite content of the lowest speed scan would be required to deteremine if there is indeed

intercellular ferrite present.
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Figure 4.16: Micrographs at various laser scan speeds for 316L L-PBF [67]

4.5 Microchemical Analysis

TEM samples were prepared according to the methods explained in section 3.5.3.

From these samples several STEM EDS maps and line scans were created in order to

study the partitioning behavior of alloying elements during solidi�cation.

4.5.1 L-PBF Partitioning Pro�le

As shown in Section 4.4.1, the L-PBF deposits solidi�ed in a mixture that exhibited dual

A and F/MA solidi�cation mode. It is important to understand the partitioning behavior of

both of these solidi�cation microstructures as there may be effects on the mechanical

behavior that relate to the non-uniform solute distribution expected. The type A solidif-

cation morphology is characterized by the presence of solidi�cation subgrain boundaries

in the form of cells. Measurement of the spacing of these cells was reported in Section

4.2.3. The expected partitioning behavior would be the segregation of ferrite stabilizing el-

ements (notably chromium), as well as impurities to the cell boundaries. Chromium atoms

are shown segregating to cell boundaries as illustrated in Figure 4.25c. This partitioning

behavior is also predicted by Brooks et al. and veri�ed through STEM EDS line scans

[68].

STEM EDS maps taken from the L-PBF builds are shown in Figure 4.17 as well as

line scans. Figure 4.18 shows a scan across a single cell and Figure 4.19 shows a scan
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across multiple cells. In all three �gures, chromium segregation to the cell boundaries is

seen, con�rming the primary austenite solidi�cation mode.

In the featureless, type F/MA identi�ed regions, both maps (Figure 4.20 and Fig-

ure 4.21) and line scans (Figure 4.22) were taken. The schematic in Figure 4.25 shows

several possible solidi�cation and transformation mechanisms that may produce these

microstructures, the mechanisms are discussed further in Section 4.6. From the �gures

shown, it is not clear whether there is partitioning during the solidi�cation of these grains,

or whether they solidi�ed partitionlessly. Some evidence of a primary ferrite, cellular so-

lidi�cation mode is seen in Figure 4.21, but this is not consistent across the other maps

as it is with Cr partitioning in type A grains. The line scan in Figure 4.22 could also be

interpretted as a type F cellular solidi�cation as the center of the cell is enriched in Cr and

the boundaries are enriched in Ni.

Figure 4.17: STEM EDS maps taken of cellular austenite structures. (a) and (d) are
HAADF images of the mapped region, (b) and (e) show the Cr distribution, (c) and (f)
show both the Cr and Ni distributions together
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Figure 4.18: HAADF image of the cellular microstructure and arrow showing scan path,
STEM Bright Field image of scan area (b) and composition plot of line scan (c)
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Figure 4.19: HAADF image of lift out and scan region across multiple austenite cells (left)
and the line scan composition plot (right)

Figure 4.20: STEM EDS maps of two F/MA regions, no clear partitioning behavior of
either Cr (green) or Ni (red) is seen
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Figure 4.21: STEM EDS maps the boundary between a F/MA grain (left) and a type A
grain (right), clear partitioning of Cr (green) is seen on the right and partitioning of Ni (red)
is seen on the left
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Figure 4.22: STEM EDS lines scan across dislocation cell in F/MA grain. Note that the
�rst cell boundary is approached at 0.2 � m

4.5.2 LP-DED Partitioning Pro�le

Determining visually the difference between cellular type FA and cellular type AF so-

lidi�cation modes is dif�cult to do visually because the subgrains of both microstructures

can contain ferrite. The ferrite will have slightly different compositions, as the type AF

ferrite will always have eutectic composition and the FA ferrite will not (see Table 2.3).

The clearest way to distinguish between the two solidi�cation modes is by mapping the

nickel distribution across the subgrain [68]. For type FA solidi�cation, the primary dendrite

core will have been the residual delta ferrite that resides between the cells. As the ferrite

solidi�es, the cell core is enriched in Cr but Ni is rejected to the cell boundaries, then

austenite will grow from the intercellular regions towards the primary ferrite core. For type

AF solidi�cation, both solutes are rejected to the cell boundaries where eutectic ferrite

forms between the cells, no solid state transformation is necessary for this solidi�cation

mode. The resultant compositional pro�les are shown schematically in Figure 4.23.

A STEM EDS map and line scan was taken across two subgrain boundaries in the

LP-DED deposit, see Figure 4.24. The results of this scan con�rm that the solidi�cation
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Figure 4.23: Schematic demonstrating the expected Cr and Ni distributions within the
subgrains for both type FA and AF solidi�cation modes

mode was primary ferrite as the subgrain cores are enriched in Ni. This observation also

con�rms the solidi�cation mode prediction from the welding morphology maps.

4.6 Origin of Featureless Microstructure Discussion

Two primary theories have been developed for the origin of the featureless, morpholog-

ically massive-like microstructures seen in the L-PBF builds. The two theories are 1) so-

lidi�cation as primary ferrite with a solid-state massive transformation [14, 19, 20, 68, 69],

and 2) partitionless solidi�cation from liquid to austenite [70, 71]. Both transformation

sequences have thermodynamic support and evidence for both types have existed, it is

the purpose of this section to determine which case is present during L-PBF of 304L SS.

Refer to Figure 4.7 and Figure 4.8 to see these featureless microstructures.

4.6.1 Massive Transformation

The massive transformation was intitially de�ned by Christian [72] as “composition-

invariant, fast-growing, interface-controlled, orientation-free, polymorphic transformation.”
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Figure 4.24: HAADF images of the scan region (a,b), Cr map (c), Ni map (d), Cr and Ni
combined (e) and the line scan composition plot (f). Note: this TEM foil was taken from a
strained region on the tensile bar
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Figure 4.25: Schematic showing the potential solidi�cation sequences to create the mi-
crostructures observed in the L-PBF builds. Primary � ferrite solidi�cation with a solid state
massive transformation (a), partitionless primary � ferrite solidi�cation with a solid state
massive transformation (b), cellular austenite solidi�cation (c) and partitionless austenite
solidi�cation (d)
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Since then, this de�nition has been debated with no �rm resolution, notably, by Massal-

ski [61, 73] and Aaronson [62]. The former arguing for a morphological, ex post facto,

de�nition pertaining directly to the transformation product and the latter opting towards a

de�nition centered around the thermodynamics and kinetics of the transformation. In both

cases, the key feature of the transformation is composition invariance between the parent

and the product phase.

The thermodynamic criteria for a massive transformation is that the parent phase (BCC

� ferrite) must remain unaffected and avoid nucleation through the solvus temperature, T0

, at which point the Gibbs free energy of both the parent and product phases are equal.

Below this temperature the driving force for nucleation of FCC 
 austenite is suf�ciently

high to produce the massive transformation. This transformation is illustrated schemati-

cally in Figure 4.26 for a range of compositions similar to those studied here, on a 70%

Fe-Cr-Ni phase diagram. As the Cr/Ni ratio decreases, and the composition moves to-

ward the right, the amount of undercooling required becomes very low, increasing the

likelihood of a massive transformation. Due to the favorable composition of the alloys

studied, a massive transformation is thermodynamically reasonable.

One major issue with this theory, however, is not the thermodynamic criteria, rather it is

the composition invariance. To be classi�ed as massive, the transformed austenite must

retain the composition of the parent ferrite to near atomic resolution. This requirement

means that any partitioning behavior as the delta ferrite solidi�es should be visible in the

austenite. As shown in STEM EDS scans (Figure 4.20, Figure 4.21 and Figure 4.22) the

partitioning behavior of the featureless regions is inconsistent, however, there seems to be

some evidence that partitioning had occurred in Figure 4.21. Ideally, all scans would have

shown a reversal of the primary austenite composition, where the cells walls are enriched

in nickel and the cell interior is enriched in chromium, thereby indicating a primary ferrite

cellular solidi�cation mode preceding the massive transformation. The behavior shown

schematically in Figure 4.25a.
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Figure 4.26: Schematic showing the 70% Fe phase diagram and the relative compositions
studied, indicated by the vertical region. The red dashed line represents the T0 solvus
temperature.

Brooks addressed this issue, as a proponent of the massive transformation, from a

solid state diffusion standpoint. Figure 4.27 shows calculated Cr diffusion pro�les under

GTA welding conditions in both primary austenite solidi�cation and primary ferrite solid-

i�cation. Notably, the diffusion of the Cr in ferrite is fast enough to nearly eliminate any

compositional gradient after less than one second. The author notes that the calculations

were made for HED process cooling rates, and the results were nearly identical due to

the decreased diffusion distance required as the cell sizes decrease. Also noted is that

the Ni diffusion pro�le does not level out as quickly as the Cr and there was around 2%

more nickel at the cell boundaries. In Elmer's work [14, 20] primary ferrite, cellular solid-

i�cation is observed, but it is noted that the ”cell boundaries do not etch as prominently

as the grain boundaries”. Elmer holds �rm that the material solidi�ed in a cellular manner

as no explanation for partitionless solidi�cation is given. Figure 4.28 shows the provided

micrograph of the cellular ferrite morphology.
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Figure 4.27: Cr diffusion behavior in austenite (top) and in ferrite (bottom) under GTA
welding conditions [68]
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Figure 4.28: Primary ferrite, cellular solidi�cation photomicrograph from Elmer [20]

4.6.2 Partitionless Solidi�cation

In opposition to the theory of primary ferrite solidi�cation with a subsequent massive

transformation are those in favor of a partionless solidi�cation from liquid to austenite,

resulting in a featureless microstructure devoid of any compositional gradient. Strong

supporters of this theory in include S. David and J. Vitek. The thermodynamic case for this

solidi�cation behavior is similar to that of the massive transformation, but pertains to the

extension of the solvus temperature (T0) within the liquid and austenite phase �eld, which

is represented in Figure 4.29. If the liquid can be undercooled to these temperatures

without nucleating ferrite, a partitionless solidi�cation is thermodynamically possible.

Two major issues are seen with this concept when applied to the 304L compositions

studied: the amount of undercooling required is not likely to be achieved as the base

austenite substrate provides ample heterogeneous nucleation sites, and the location on

the phase diagram of the 304L compositions would require a primary ferrite partitionless

transformation, rather than a primary austenite. If the latter were to occur, a massive

transformation to austenite would also be required to obtain a microstructure devoid of

slower diffusional transformations such as Widmansstätten austenite.

In the study performed by David and Vitek [27], their 308 composition is the most

comparable to the 304L composition investigated in this work, thermodynamically, as both
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Figure 4.29: Fe-Cr-Ni Psuedobinary phase diagram with austenite-liquid and ferrite-liquid
solvus lines [23]

solidi�cation paths would begin in the primary ferrite solidi�cation �eld and pass through

the two phase austenite plus ferrite �eld. Microstructural analysis reveals a single phase,

homogeneous austenite structure, similar to that observed in the L-PBF deposits. An

undercooling of 50K is required to achieve a direct solidi�cation to partitionless austenite;

this is the asserted case. No explanation was given for the presence of ferrite adjacent

to the single phase austenite. Furthermore, their type 310 welds showed no evidence of

partitionless solidi�cation, though decreased levels of undercooling would be required for

that composition. In the type 312 alloy, a single phase ferrite microstructure was observed,

similar to that shown in Figure 4.28, and partitionless solidi�cation was deemed to be the

cause without any discussion of the diffusing species increased mobility in ferrite. In

conclusion, the case for partitionless solidi�cation during laser welding is insuf�cient to

explain the variety of microstructures observed in both David and Vitek's work, as well as

the L-PBF microstructures shown in this work.
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4.6.3 Final Thoughts

A primary ferrite solidi�cation mode with subsequent massive transformation is the

most likely scenario for the origin of the microstructures seen in the L-PBF deposits. The

presence of areas where some partitioning behavior appears to be present points to a

primary ferrite cellular solidi�cation mode. In the regions where little or no partitioning is

observed, it is likely that enough solid state diffusion occured to reduce the compositional

gradients below detectable levels. One other reason for this belief is that some etching

behavior can be seen in the SEM images of nitric etched samples that support Elmer's

observation that some etching did occur in the primary ferrite cells.
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CHAPTER 5

RESULTS AND DISCUSSION: MECHANICAL BEHAVIOR OF ADDITIVELY

MANUFACTURED 304L STAINLESS STEEL

5.1 Introduction

This chapter will discuss the results focusing on the deformation behavior and me-

chanical response of the AM deposits. The goal of this chapter remains as mentioned

in Section 1.2: “Understand the mechanical behavior of 304L SS manufactured via AM

processes with a particular emphasis on the causes associated with mechanical property

anisotropy in the as-built condition.” The majority of the material that was provided for

characterization was in the form of micro-tensile specimens (see 3.3). Initial character-

ization was performed on these fractured tensile specimens. Once an initial hypothesis

was formed regarding the cause of the anisotropy, additional tensile testing and analysis,

in the form of in-situ EBSD testing, ensued.

Anisotropic mechanical behavior is seen in AM deposits across for all common metallic

systems (titanium, nickel based alloys, steels, etc.). For the builds discussed in this work,

the trends in anisotropy observed are shown in Table 5.1 and Table 5.2. Compiled micro

tensile data and a schematic demonstrating the orientation descriptions is provided in

Figure 5.1. The full data set can be seen in Appendix B. Note that one L-PBF build, R1-3,

did not have any Z oriented samples, so there is only one L-PBF build represented in

Figure 5.1.

5.2 Fractography

As can be seen by Figure 5.1 (as well as the XY orientation only build, R1-3, shown

in Figure B.1 and Figure B.2), there is a signi�cant variation in the ductility of both ori-

entations and both AM processes. To explore the cause of this variability, the fracture
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Table 5.1: Summary of the observed anisotropy of mechanical properties in AM 304L
L-PBF (R2-2)

Observed Anisotropic Mechanical Properties in L-PBF 304L

Property XY Orientation Z Orientation

Yield Strength (MPa) 443.97 385.85

(St. Dev) (16.13) (27.59)

UTS (MPa) 662.16 618.40

(St. Dev) (3.56) (3.97)

Average Ductility (%) 71.38 83.06

(St. Dev) (2.61) (5.59)

Unloading Modulus (GPa) 187.29 177.91

(St. Dev) (4.34) (7.60)

Table 5.2: Summary of the observed anisotropy of mechanical properties in AM 304L
LP-DED (LANL1)

Observed Anisotropic Mechanical Properties in LP-DED 304L

Property XY Orientation Z Orientation

Yield Strength (MPa) 272.9 239.80

(St. Dev) (18.25) (24.14)

UTS (MPa) 611.69 577.97

(St. Dev) (6.35) (6.30)

Average Ductility (%) 63.41 72.45

(St. Dev) (4.71) (8.12)

Unloading Modulus (GPa) 166.75 155.91

(St. Dev) (7.48) (4.98)
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Figure 5.1: The full set of micro-tensile data for each build and a schematic showing the
orientation descriptors
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surfaces of low ductility outliers (Figure 5.2) were compared to the fracture surfaces of

nominal ductility samples (Figure 5.3) using the method outlines in section 3.4.

Figure 5.2: Low ductility outliers taken from R1-3 L-PBF (left) and LANL2 LP-DED(right)
deposits

Examining these fracture surfaces reveals key differences between the low ductility

outliers and the nominal ductility samples. The most obvious is the presence of large

pores extending to the surface of the fractured tensile bars present in the low ductility
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Figure 5.3: Nominal ductility samples taken from each deposit
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samples. Though some porosity is present in the nominal ductility samples (especially in

the L-PBF deposits), the pores are typically small, not interconnected and do not extend

to the tensile bar surfaces. Figure 5.4 shows a higher magni�cation image of the low

ductility fracture surface. In this image both small and medium sized pores can be seen,

as would be seen in the nominal ductility sample. The large pores and voids are likely a

result of lack of fusion defects, one example is shown in Figure 5.4c. There is no evidence

of brittle fracture or cleavage in any of the surfaces analyzed, both high and low ductility

alike.

Figure 5.4: Higher magni�cation view of the large, interconnected pores found in low
ductility specimen, (b) shows either an unmelted powder particle or spatter, (c) shows a
lack of fusion defect.

Fracture surfaces for the nominal ductility samples, both L-PBF and LP-DED, are

shown in Figure 5.5. As expected, the surfaces consist entirely of microvoid coalescence.

The size of the dimples vary between the L-PBF and the LP-DED and are near the sizes
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of the cell spacing. Withing most dimples is a spherical oxide particle that would have

served as the nucleation site for the microvoid. Because the oxide particles will parti-

tion to the cell boundaries in all scenarios, the spacing of oxide particles in the L-PBF

would be much smaller than in LP-DED. This size difference is a likely cause for the �ner

distribution of microvoids in the L-PBF sample. Figure 5.6 shows schematically how the

different pores and inclusions nucleate voids and lead to the �nal failure.

Figure 5.5: High magni�cation view of the ductile fracture surface seen in nominal ductility
samples. L-PBF is the left image and LP-DED is the right image.

One oxide particle was characterized with STEM EDS to determine the composition,

Figure 5.7. The scan shows increased manganese, silicon, and oxygen amounts than

what would be expected from a scan of the matrix. These results agree with other re-

search that has further characterizes these particles to be MnSiO3 Rhodonite [74].

No signi�cant differences were seen between any nominal ductility fracture surfaces

that would indicate a shift in fracture behavior between orientations. The main orientation

related behavior would be that the spread in ductility in the XY orientation was always

smaller than the ductility spread seen in the Z orientation of the same build. This trend

may be an effect of the Z orientation having more lower ductility outliers due to the orien-

tation of the lack of fusion defects, since they are more likely to intercept the surface when
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Figure 5.6: Schematic of a Z orientation sample containing lack of fusion defects, pores,
and oxide inclusions. As strain is applied, voids nucleate from the particles and the larger
defects dilate

Figure 5.7: STEM EDS point scan from an oxide particle within a LP-DED sample
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machined into a Z orientation.

This analysis veri�es the effect of build-related defects on the scatter in ductility is

only signi�cant when the defects are a signi�cant fraction of the cross-sectional area and

extend to the surfaces of the tensile sample. The scatter and anisotropy seen in the yield

strength and elastic modulus (Table 5.2 and Table 5.1) may be affected by the presence

of voids, but further analysis would be required to come to any conclusion on that.

5.3 Analysis of Deformation Microstructure

Understanding the deformation behavior of this material is important for determina-

tion of the source of mechanical property anisotropy. Features of interest included build

defects, build layers, and any potential stress or strain induced transformation products.

To study this, multiple characterization methods were used, these methods have been

outlined in Chapter 3.

5.3.1 Optical Microscopy

The initial deformation microstructure analysis was performed via optical microscopy.

Polished, but unetched specimens were analyzed �rst to observe the build defects. Fig-

ure 5.8 shows the macroscale defects observed in build R1-3, which primarily consists of

lack of fusion defects (see Figure 5.9). This build was not representative of the other 3

three builds, but it illustrates well the type of defects that can occur during AM. The spec-

imens in the �gure are laid out in the respective location of they were extracted, showing

the lack of fusion defects increased in the upper build layers. The tensile data from this

build (see Figure B.1) indicates this trend as the samples extracted from the top layer

(D1-X, D3-X, and D5-X) has the most variance in ductility.

Examination of the microstructure near the fracture surface of nominal ductility sam-

ples is shown in Figure 5.10 and Figure 5.11. The ductile fracture does not appear to be

guided by the melt pool boundaries in any sample other than the L-PBF Z oriented sample

(Figure 5.11). From the mechanical property data, it is known that the Z oriented samples
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Figure 5.8: Polished, but unetched fractured microtensile specimens from build R1-3.
More defects are present toward the top of the build (the upper row)

Figure 5.9: Oxalic acid etched microstructure of R1-3 sample exhibiting lack of fusion
defects
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have greater ductility than the XY oriented samples, therefore it can be concluded that

this type of fracture behavior is not detrimental to the mechanical properties.

Figure 5.10: Etched microstructures near fracture: (a) L-PBF nitric acid etched L-PBF XY
sample, (b) nitric acid etched LP-DED Z sample, (c) oxalic acid etched L-PBF XY sample,
and (d) oxalic acid etched LP-DED XY sample

Looking at the deformation microstructure in defect-free regions reveals one distinct

microstructural feature that forms during the tensile test rather than before, as the defects

or during fracture. Figure 5.12 shows the appearance of microstrucural striations that

appear when etched with oxalic acid. These lenticular features have the appearance of

both deformation twins and deformation induced-martensite, both of which are possible

for this alloy system. The entire gauge length of both the L-PBF and LP-DED samples

in both orientation exhibited these features. Figure 5.13 shows the deformed sections
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Figure 5.11: Oxalic acid etched microstructure near fracture of a nominal ductility L-PBF
Z sample
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of the L-PBF and LP-DED in both orientations; all exhibit the twin-like features but there

does not appear to be difference in the amount in the different orientations. In both AM

processes, these features are similar in size.

Figure 5.12: Oxalic acid etched deformation microstructure showing lenticular features in
L-PBF sample, right image was taken with NIC

To determine if this is deformation induced-martensite or twinning, methods that give

crystallographic information are required. This determination is performed by XRD and

EBSD in the subsequent sections.

5.3.2 X-Ray Diffraction Phase Analysis

Per the methods described in Section 3.7 phase information was gathered from the

fractured tensile samples for each AM process and orientation. The spectrum gathered

is shown in Figure 5.14 (refer to Figure 3.7 to see where on the micro tensile samples

the scans were located). Scan locations were selected to represent the three primary

deformation stages: undeformed (grip location), uniform elongation (un-necked gauge

section), and non uniform elongation (necked region of gauge length).
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Figure 5.13: Deformation microstructures of both AM processes and both orientations
etched with oxalic acid. Lenticular features are seen in all four images. L-PBF images
taken with NIC
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Figure 5.14: XRD spectrums for both AM process in both orientations taken from underformed material (red), uniform
elongation (black) and non-uniform elongation (blue)
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Analysis of the XRD scans reveals valuable information regarding the nature of the

deformation seen in the two AM processes. There is some broadening of the peaks seen

as deformation is increased, but the change is not very large due to the high dislocation

density of the initial as-built material. The peak widths are indicative of non-uniform strains

present within the material. Very slight � peaks are observed in the undeformed base

material for both L-PBF and LP-DED; the presence of � peaks was not expected as there

was no ferrite observed in the L-PBF deposits. This behavior is potentially indicative of

some deformation induced-martensite formation, as these samples were not prepared

as they would have been for EBSD (Section 3.7). Shifts in the peak intensity from the

base material through the two deformation steps are observed, however, because this

is not visualizing the microstructural evolution of the same region there may be some

local effects on this behavior. Primarily, these XRD scans demonstrate the formation

of deformation-induced � 0 martensite occurring in these samples, the majority of which

forms during post uniform elongation. Applying this knowledge to the lenticular features

seen in the previous Section led to the conclusion that these may be partly martensite,

but the majority are still FCC and therefore are deformation twins.

5.3.3 EBSD Analysis

Characterization of the deformation microstructure through EBSD allows for a similar

analysis as was seen by XRD, but the phase information and orientation can be applied

directly to the microstructural features. Figure 5.15, Figure 5.16 and Figure 5.17 show the

deformation microstructure of both an L-PBF and LP-DED deposit. In the phase maps,

the BCC and FCC structures present are shown in contrast to one another, allowing for

distinction between 
 austenite (red) and � 0 martensite (green) (note: � 0 can be indexed

as BCC as it is suf�ciently similar to the actual BCT structure). Also shown, in the inverse

pole �gure (IPF) maps, are boundaries with a speci�c orientation relationship. Black out-

lines indicate boundaries with a � 3 coincident site lattice (CSL), which indicate a boundary
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consistent with the twin-parent matrix orientation relationship expected in FCC crystals.

These results verify the assumption made after the XRD results, that there is some

deformation induced-martensite present in the uniform elongation region, but the ma-

jority of the lenticular features can be classi�ed as deformation twins, as indicated by

the signi�cant presence of � 3 CSL boundaries in the austenite matrix. From the EBSD

maps, particularly Figure 5.16 and Figure 5.17, the regions indexed as marensite are not

as lenticular in appearance as the FCC indexed twins. Also, there are no grains where

martensite appears that are also absent of twins. Figure 5.17 clearly shows martensite

between the twin and parent grain boundaries. These observations all suggest that the

deformation twins nucleated prior to the martensite and are required for martensite nu-

cleation to occur. Increasing twin density would lead to more nucleation sites, perhaps

explaining the rapid rise in martensite within the necked region (according to XRD data).

5.3.4 TEM Analysis

The starting dislocation substructure (i.e. in the as-built condition) is shown for the

L-PBF material in Figure 5.18 and for the LP-DED material in Figure 5.19. There are sig-

ni�cant differences between the two beginning substructures that can provide information

regarding their differences in tensile behavior. A distinct cellular dislocation substructure

is seen in the L-PBF material. In the regions where the solidi�cation mode was cellular

austenite (Figure 5.18b) the dislocations line the cell walls and have an orderly appear-

ance. For the type F/MA solidi�cation regions (Figure 5.18a), a similar cellular dislocation

substructure is seen, however, the cell size and spacing is not as consistent, likely due

to the lack of a solute framework as is available in the type A region. Some resultant

partitioning behavior of Ni was suggested in Section 4.5.1 and the oxides would still be

in the same cell boundary positions, so this may explain the slight similarity between the

two substructures.
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Figure 5.15: The left image shows FCC indexed points in red and BCC indexed points
in green with image quality contrast. The right image is an inverse pole �gure map with
black borders indicating � 3 boundaries
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Figure 5.16: EBSD scan of the deformation microstructure of an XY-oriented LP-DED
build. The bottom images show FCC indexed points in red and BCC indexed points in
green with image quality contrast. The upper image is an inverse pole �gure map with
black borders indicating � 3 boundaries
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Figure 5.17: EBSD scan of the deformation microstructure of an L-PBF build. The right
image shows FCC indexed points in red and BCC indexed points in green with image
quality contrast. The right image is an inverse pole �gure map of the FCC indexed point
only with black borders indicating � 3 boundaries

Moving to the LP-DED material, the dislocation substructure has little resemblance to

what is seen in the L-PBF images. Most of the dislocations appear either in tangles or in

linear arrays that intersect. The substructures seen in these images do not have as much

development as the L-PBF substructure, suggesting that there is a much higher potential

for recovery to occur. This observed evidence would also imply that the work hardening

rates of this material would be initially higher than the L-PBF.

Figure 5.20 and Figure 5.21 show TEM images of the deformed microstructures of

the L-PBF and LP-DED deposit, respectively. Do note, however, that the LP-DED image

shows a region from the radius, so the strain levels reached are not equivalent to that of

the L-PBF images. The amount of strain imparted on the LP-DED sample has created

many more dislocations and resolved these dislocations into cells, much like the L-PBF

material in its as-built state. Some streaking can be seen moving across the solidi�cation

cell walls, this is either the product of slip or twinning.

In the deformed L-PBF sample (Figure 5.20) a deformation twin can be seen in left

image, and the right image shows a large increase in dislocation density within the cellular

austeninte structure. The thick boundaries in the right image are the solidi�cation subgrain
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Figure 5.18: (a,b) STEM images of the cellular dislocation substructure found in type A
cellular solidi�cation (b) and type F/MA (a). Higher magni�cation TEM images of stacking
faults at a high angle grain boundary (c) and dislocation substructure around both high
and low angle boundaries (d)

95



Figure 5.19: (a,b) STEM and (c,d) TEM images of the dislocation substructure found in
undeformed LP-DED deposits
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boundaries. Dislocations and twins travel across these boundaries and intersect, adding

to the strength of the material [48, 51].

Figure 5.20: TEM images of the deformed microstructure in a L-PBF deposit

5.4 Analysis of Micro-Tensile Data

Up to this point, none of the features observed in the deformed or undeformed mi-

crostructure stands out as the key to determining the cause of the mechanical property

anisotropy. Analysis of the tensile curves, however, reveals a distinctive anisotropic strain

hardening behavior that may explain why little difference has emerged up to this point.

Figure 5.22 shows the true stress vs. true strain curves of single samples that are repre-

sentative of the nominal tensile behavior of the data gathered from micro-tensile testing,

along with the strain hardening rates plotted vs. strain. From this plot, one can see that

the strain hardening after yielding is higher in the XY orientation than the Z orientation,

and they steadily converge near 0.2 - 0.25 % strain. This behavior is the same for both

AM processes, though the strain hardening rates are initially higher in the LP-DED mate-

rial – due possibly to the difference in dislocation substructure development. This initial
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Figure 5.21: TEM images of the deformed microstructure in a LP-DED deposit. Note:
sample taken from radius rather than gauge section

strain hardening regime, from immediately post yield to 0.2 - 0.25 % true strain, is the

most likely source of the anisotropy seen in ductility and amount of strength increase after

yield.Because the �nal strain hardening rate within the uniform elongation regime is very

similar in both orientations, the microstructural development should be similar in regions

of strain greater than 0.25%.

One disadvantage to the microtensile testing geometry is the increased potential for

specimen size-induced effects. Generally, as the number of grains in the cross-sectional

area of the tensile sample decreases, the scatter in the data increases as the localized

effects of grain size and orientation become focused. Modeling work performed by Hen-

ning and Vehoff [75] concluded that the scatter in tensile results increases signi�cantly

when less than 20-100 grains are contained with in the tensile specimen cross-section.

For these microtensile bars, with a cross-sectional area of 1 mm2, a grain diameters in

the range of 56 - 126 � m would be required to meet this rule. Using the concentric circle

method, the average grain diameter for the LP-DED build is approximately 53.5 � m, and

from the EBSD data for the L-PBF builds, the average grain diameter is approximately 11

- 15 � m. Given these values, the microtensile gauge area is suf�cient to provide reason-
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able material property data without a signi�cant grain size effect in either the L-PBF or

LP-DED deposits.

Figure 5.22: Representative true stress vs. true strain and strain hardening rate vs. true
strain curves. The blue curves represent the Z orientation and the red curves represent
the XY orientation

5.5 In-Situ EBSD Analysis

The purpose of this experiment is to understand the deformation behavior of AM 304L

during the initial strain hardening regime as mentioned in Section 5.4. Since there was

only enough L-PBF material available for the machining of tensiles samples, so the LP-

DED behavior was not observed through these experiments. It can be inferred, however,

given the similarities in the deformed microstructures and strain hardening behavior, that

similar mechanisms likely promoted the anisotropic behavior in both the L-PBF and LP-

DED material.

5.5.1 Heat Treatments and Starting Microstructures

Three heat treat conditions were chosen with the purpose of isolating certain mi-

crostructural features unique to the as-built condition in order to narrow down which fea-

ture has the greatest effect on the observed anisotropy. The time and temperatures were
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selected based on observations of microstructural development during heat treatment of

316L AM material [76]. The process parameters of 900 � C for two hours were selected

to remove any remaining microsegregation resulting from the solidi�cation structure, but

would leave all high angle grain boundaries undisturbed. This behavior is demonstrated in

the top row of Figure 5.23. The process parameters of 1200 � C for two hours was used to

recrystallize the material; this behavior is demonstrated in the bottom row of Figure 5.23.

EBSD scans of each HT condition are shown in Figure 5.24 and inverse pole �gures in

Figure 5.25.

Figure 5.23: Heat treating response of 316L AM SS at 900� C and 1200� C for 2 hours[76]

From the EBSD scans in Figure 5.24 it is clear that the 900 � C heat treatment did not

recrystallize the material as the high angle grain boundary structures are identical to the

as-built condition. Recrystallization and grain growth did occur in the 1200 � C heat treat-

ment as the grain size has increased and the morphology has become more equiaxed.

The grain sizes are given in Table 5.3. Suppression of recrystallization has been reported

to be either a function of the solute redistribution [77] or the oxide stability at high tem-

peratures [74]. The former cannot be the reason for the suppression of recrystallization
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in this material, as the 900 � heat treatment eliminates microsegregation but does not

recrystallize. Therefore, the effect of Zener pinning from the distributed oxides is the most

probable cause for impeded grain growth up to 1200 � C, where the MnSi03 rhodonite

transforms into spinel [74]. This is an assumption, based on the work by Yan et al., where

grain boundary mobility correlates directly with the oxide transformation at 1200 � C. Fur-

ther experimental analysis would be needed to con�rm this as the exact mechanism for

the anomalous annealing response.

Figure 5.24: 0.5 x 0.5 mm TD oriented IPF maps of the as-built and heat treated mi-
crostructures. Note, the EBSD scan of the as built XY orientation is not available in the
same scale

The plots in Figure 5.25 represent the texture that developed from the AM process, and

the evolution of that texture due to the heat treatments. Note that in the Z orientation, the

textures shown for the STD will be representative of the TD direction for the XY oriented

101



Table 5.3: Average grain diameters calculated from the EBSD grain area data

Average Grain Diamters (� m)

HT Condition XY Orientation Z Orientation

As Built & 900 � C 11.52 14.63

(St. Dev) (14.92) (19.50)

1200 � C 42.06 42.07

(St. Dev) (48.41) (41.13)

sample. The texture in the as built and 900 � C samples is a preferred orientation of the

(011) poles along the [100] direction, which is the build direction and tensile directionn in

the Z oriented samples. After the the 1200 � C heat treatment, the texture intensity in the

TD remains, but shifts towards the (001) pole. This type of texture development has been

observed in AM stainless steel, and is associated with the melt pool characteristics [50].

Figure 5.26 demonstrates this texture development, showing that as the cells grow in the

< 010> directions into the melt pool, grains of the next pass nucleate off off the < 001>

planes and grow at 45� allowing the f 110g type planes to remain oriented in the vertical

(build) direction. The shift seen in the TD texture after the 1200 � C heat treatment may be

a result of the large fraction of annealing twins that formed.

Any effect of the heat treatment on the dislocation substructure is also of interest, as

substructure development play a key role in the mechanical behavior of these materials.

The as built substructure was analyzed in section 5.3.4 and revealed a well developed,

cellular dislocation substructure within the L-PBF material. With EBSD, this substructure

can also be represented by the low angle misorientations present within the microstruc-

ture. The Kernel Average Misorientation (KAM) map provides this information on a pixel-

by-pixel scale. Figure 5.27 shows the KAM maps for the Z orientation in the as-built

condition and after each heat treatment. Similar to the grain size and morphology, no

noticeable difference in the dislocation substructure is seen between the as-built and 900
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Figure 5.25: Texture evolution during heat treatment for Z oriented sample. Note that the
STD texture would be representative of the XY oriented sample's TD
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Figure 5.26: TD IPF map of Z oriented sample and nitric etched Z oriented sample. This
�gure demonstrates how < 100> preferred growth can lead to a (100) texture in the build
direction
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� C heat treatment, but the substructure is virtually eliminated after the 1200� C heat treat-

ment. This result again points to the presence of the oxides acting as pinning sources for

both high angle grain boundaries, and low angle grain boundaries in the form of disloca-

tion cells. It can then be assumed that the dislocations are being pinned by both solute

atoms and oxides in the as-built condition, but only by oxides in the 900� C HT condition.

Figure 5.27: KAM maps of the as built and heat treated conditions for the z oriented
sample

5.5.2 Tensile Results

During testing, the samples were strained incrementally and EBSD scans were taken

during the pauses, because of this, the data had to be stitched together to remove the

effects of starting and stopping. Strain hardening rates amplify any noise present in the

tensile curves, so these had to be smoothed and stitched together. Due to these issues,

the curves were hand �t with splines to best represent the trend in strain hardening. The

results are shown in Figure 5.28 and the yield strength values are given in Table 5.4.

Comparison of the in-situ experiment to the early microtensile data shows very similar

yield behavior, with the as-built in-situ yield data aligning very closely with the average

micro-tensile yield strengths in both orientations. The biggest difference between the two

tests is that the initial strain hardening rates are lower in the in-situ experiments.
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Figure 5.28: True stress vs. true strain curves for the in-situ EBSD samples with the
dashed lines representing the micro tensile data from earlier tests (top-left), and the strain
hardening rates vs. true strain for each condition. Solid lines are hand �tted splines
through �ltered data points and the dashed lines are predicted strain hardening rates

Table 5.4: Yield strengths for the EBSD in-situ tensile tests

Yield Strength (MPa)

HT Condition XY Orientation Z Orientation

As Built 458.9 397.6

900 � C 338.0 283.4

1200 � C 204.5 196.2
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Comparing the different conditions, the �rst major discrepency is the yield strength,

which drops close to 130 MPa for each heat treatment step in the XY orientation and

the 900 � C step in the Z orientation. Between the 900 � C and 1200 � C heat treatments,

the yield drop is 87 MPa in the Z orientation. The strain hardening rates exhibit the

anisotropic behavior expected in the as-built condition, with the Z orientation beginning

with an initial rate around 500 MPa/% lower than the XY orientation. Interestingly, as the

heat treatment temperature increases, the strain hardening response of the XY orientation

stays the same, but the Z orientation gradually becomes closer to the behavior of the XY

orientation. This change in behavior is shown visually in Figure 5.29

Much of the change in �ow stress behavior should relate back to the removal of chem-

ical segregation in both heat treatments. Shown previously, the dislocation structure is

aligned with the solidi�cation cell structure and the residual segregation of Cr atoms.

With this solute pinning the dislocations the increase in yield and �ow stress is expected

in the as-built material.

Figure 5.29: True stress vs. true strain curves for the in-situ EBSD samples with the
dashed lines representing the micro tensile data from earlier tests (top-left), and the strain
hardening rates vs. true strain for each condition. Solid lines are hand �tted splines
through �ltered data points
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5.5.3 Microstructural Evolution During Deformation

The main purpose of this experiment was to observe the deformation behavior of the

material to determine the cause of the anisotropic strain hardening response. As twinning

is a phenomena that does not occur during quasi-static tensile testing at room tempera-

ture in wrought 304L alloys, it became the primary feature of focus. Each step for each

tensile test is shown in Appendix D. Figure 5.30 shows the �rst and �nal steps of each

orientation and heat treat condition. Band contrast (BC) maps can be used to visual-

ize the twins that form by the contrast that appears within the grains as demonstrated

in Figure 5.31. Note that in Figure 5.31 are lines of contrast that appear in the Electron

Channeling Contrast (ECC) image but do not appear in the band contrast image. Lines

that appear in both the ECC and BC images can be related to a rotational misorientation

(i.e. twins), while lines that only appear in the ECC image can be related to slip bands

(see Figure 5.32). With this in mind, from the BC images provided in Figure 5.30 only

the as-built condition microstructure contains any deformation twins. This behavior was

con�rmed through higher resolution EBSD maps, therefore it can be concluded that the

heat treated conditions only deform via slip in the range of strains observed. This con-

dition allows the research to focus the attention on the twinning behavior of the as-built

conditions.

The Taylor factor is a calculation of the average reciprocal Schmidt factor for a grain

in a polycrystal, taking into account all available slip systems. Grains with lower Taylor

factors should be more favorable to slip, while grains with higher Taylor factors would favor

more twinning [47, 50]. Using the IPFs for the as-built material, the distribution of Taylor

factors as it relates to the texture in each direction can be shown and is demonstrated

in Figure 5.33. Orientations that are the highest Taylor factor are the f 110g and f 111g

type poles, with the f 100g poles being the lowest Taylor factor and the most favorable

orientations for slip. The tensile direction in the Z orientation shows the majority of the

poles are oriented toward the [110] pole, indicating that twinning may be preferred over
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Figure 5.30: Undeformed and �nal step EBSD band contrast maps for each condition and
orientation, note the appearance of twins in the �nal as built steps
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Figure 5.31: The left image is an ECC image of the scan region, two EBSD scans of an
area with twinning signatures are shown on right. The lower right image is the highest
magni�cation, this image con�rms that the twins are present

Figure 5.32: ECC and BC images demonstrating twins (left) and slip bands (right)
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slip. In the two other directions, both being normal to the build direction and lying within

the XY plane, the texture is weakened and spreads into the regions of lower Taylor factor,

which indicates that preferred orientations are not in the twinning orientations alone. It

has been reported for AM 316 [50] and high manganese TWIP steels [78–80] that grains

with a Taylor factor value above 2.6 are much likelier to twin than those grains with a lower

value.

Figure 5.33: IPFs for the Z oriented, as built specimen with the overlaid Taylor factor
contours. The numbers 2.5, 3.0 and 3.5 represent values of the Taylor factor. The bottom
�gure shows the IPF key with the Taylor factor contours overlaid to assist in correlation
with other IPF maps

Slip versus twinning in the XY orientation is demonstrated in Figure 5.34. In this �gure,

dislocation accumulation can be seen within a lower Taylor factor grain near a high angle

boundary with a higher Taylor factor grain. Eventually, a deformation twin nucleates in
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the high Taylor factor grain, but this is preceded by slip in the adjacent grain. The �nal

step from this sample, and a Z sample is shown in Figure 5.35 where the twinned grain

can be seen next to the untwinned low Taylor factor grain. In the ECC image, there is

indication that many slip bands have formed in comparison to few twins. Contrasting this

image to the Z orientation in the same �gure, it is clear that the Z orientation has a higher

volume of twins at its �nal step. Lower resolution images are shown in Figure 5.36 for

both orientations immediately following yield and the �nal step. More twin development

is seen in the XY sample in this �gure, but there is indication that slip precedes twinning.

For the Z orientation in this �gure, bands that appear immediately upon deformation are

eventually proven to be twins once they are wide enough to be indexed.

The exact reason for deformation twinning in the as-built condition is not currently

clear. Homogenization of the partitioned microstructure occurs, so there may be a local

chemistry effect. Higher amounts of chromium that exist at the cell boundaries is not

likely to have much effect on the local stacking fault energy [81], so this would not likely

support a lower driving force for the nucleation of deformation twins at the cell walls.

Regions of higher nickel content would have increased stacking fault energy, therefore

decreasing the favorability of twin formation. Prexisting stacking faults were seen in the

as-built microstructure (Figure 5.18) and likely serve as the precursors for deformation

twin formation. If these are removed during the 900 and 1200 � C heat treatments, then this

may explain the lack of deformation twinning in those conditions. Further TEM analysis

will be required to make a certain conclusion on the transition between non twinning and

twinning in the different heat treatment conditions.

5.6 Discussion of Contributions to Anisotropic Behavior

The source of anisotropy in AM builds is multi-variant, with different features affecting

different aspects of the mechanical performance. Beginning with yield strength, signi�-

cant anisotropy was observed in both the as-built and 900 � C conditions where the XY
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Figure 5.34: Twin formation in high Taylor factor grain (blue) while lower Taylor factor grain
(pink) is slipping. This is an XY orientation sample
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Figure 5.35: High resolution images of the �nal steps (each < 20% strain) of an as-built
XY orientation and Z orientation
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Figure 5.36: High resolution images of the �nal steps (each < 20% strain) of an as-built
XY orientation and Z orientation
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orientation was stronger than the Z orientation. This difference appeared to be nearly

eliminated after the 1200 � C heat treatment. The common factors between the 900� C

and the as-built conditions were grain size/morphology and texture. As the texture is still

similar to the 1200� C condition, we can conclude that the grain shape and size difference

in the two planes is the primary source of yield strength anisotropy.

After yielding, the two orientations undergo an anisotropic strain hardening regime

prior to near 25% strain. This is behavior is the most exaggerated in the as-built material

immediately after yielding. The preference of mechanical twin formation is higher in the

Z-oriented material while the XY oriented material forms initially by slip, this is an effect

of the as built texture in the deposits. A lower work initial work hardening rate is a char-

acteristic of material that deforms by twinning, therefore, it should be no surprise that the

Z orientation has more initial twinning than the XY orientation. When the effect of twin-

ning is removed, as seen in the 900 and 1200 � C samples, the Z orientation exhibits a

closer work hardening behavior to the XY orientation, though still lower. Texture and grain

morphology in�uence the work hardening anisotropy in the 900 � C specimen, while only

texture in�uences the 1200 � C specimen.
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CHAPTER 6

CONCLUSIONS

6.1 Solidi�cation Behavior

1. The process parameters for L-PBF and LP-DED lead to very different solidi�cation

parameters, where the cooling rates for the L-PBF are 2 -3 orders of magnitude

higher than the LP-DED process. These differences in cooling rates drove the un-

dercooling temperatures low enough to induce primary austenite solidi�cation in the

L-PBF builds, while the LP-DED builds remained in the primary ferrite solidi�cation

mode.

2. Current welding literature on high energy density welding of stainless steel can be

used to predict the solidi�cation morphology of powder based additive manufactur-

ing processes. These solidi�cation modes were con�rmed both morphologically and

chemically through STEM EDS characterization.

3. L-PBF 304L solidi�es simultaneously as primary ferrite and primary austenite, with

the latter undergoing a solid-state massive transformation. The rapid diffusion in

ferrite after solidi�cation accounts for the minimal chemical partitioning signature

observed.

4. The melt pool attributes that affect the growth rate and direction, controlled by the

processing parameters, in this L-PBF process encourage < 110> type texture devel-

opment in the build direction, with weaker < 111> and < 100> textures perpendicular

to the build.
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6.2 Mechanical Behavior

1. As-built microstructures for both L-PBF and LP-DED contain high dislocation den-

sity, with the former having more development into cellular low energy dislocation

substructures. This difference in as-built dislocation substructure allows more strain

hardening to occure in the LP-DED deposits.

2. Low ductility outliers are a result of large build defects, such as lack of fusion and

interconnected pores, that open to the surface of the tensile sample. Smaller pores

and lack of fusion defects do not degrade the strength or ductility of this material.

3. Spherical oxides are present in the deposits and are concentrated along primary

solidi�cation cell walls. These oxides are rich in manganese and silicon and are

most likely MnSiO3 Rhodonite.

4. Heat treating for 2 hours @ 900 � C does not affect the texture or grain boundaries

of the deposits. This is due to the presence of stable oxides acting as pinnings sites

for both the grains and dislocation substructure. Increasing the heat treatment to

1200 � C facilitates grain growth and recrystallization, likely due to the destabilization

of the oxide particles.

5. As-built 304L deposits, from both the L-PBF and LP-DED processes, deform by

slip, deformation twinning and martensitic transformation. With the latter forming

the majority of its volume fraction after uniform elongation.

6. The majority of the yield strength anisotropy can be attributed to the planar grain

size and aspect ratio differences between the Z and XY orientations.

7. The as-built < 110> texture in the build direction gives the Z orientation a preference

to deformation by twinning, due to the highe Taylor factor of that texture component,

while slip is more dominant in the XY direction. The difference in initial deformation
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twin formation gives the Z direction a lower intitial strain hardening rate than the XY

direction, resulting in greater ductility.
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CHAPTER 7

SUGGESTIONS FOR FUTURE WORK

The results presented in this thesis are by no means a full and complete characteri-

zation of the solidi�cation and mechanical performance of the as-built 304L AM deposits.

Speci�c areas that the author of this work would like to see further research completed

are as follows:

� Further characterization and analysis of the massive austenite grains in the L-PBF

deposits. In-situ diffraction techniques could be used to verify that the primary so-

lidifying phase is indeed ferrite. Crystallographic analysis needs to be done to de-

termine whether an orientation relationship has been developed during the massive

transformation. If there is indeed no orientation relationship, increasing the pres-

ence of massively transformed grains could help to eliminate some of the texture

that develops in the builds.

� Further experiments on the effects of microsegregation on twinning need to be per-

formed. One suggested technique would be to identify a massively transformed

grain and a cellular austenite grain of similar orientation and observed the deforma-

tion behavior in-situ. This would give information regarding the local compositional

gradient effect on twinning, as the massive grain should have a very limited compo-

sitional gradient.

� TEM analysis of the undeformed heat treated samples needs to be performed. This

analysis will shed further light on the differences between the twinning and non-

twinning microstructures. Speci�cally, analysis of the change in dislocation sub-

structures and the presence of stacking faults.

120



� The same in-situ EBSD tensile testing experiments should be performed for the

LP-DED material to con�rm whether the same mechanisms are at play or if the con-

clusion gathered for the L-PBF material are not applicable to the LP-DED material.
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APPENDIX A

METAL ADDITIVE MANUFACTURING TECHNIQUES AND MATERIALS

Table A.1: List of metal AM process and material combinations [5, 82]

AM Processes

PBF DED

Alloy Types EB Laser EB (Wire) Laser (Wire) Laser (Powder) Wire Arc AM (WAAM)

Titanium x x x x x x

TiAl (intermetallic) x x

Steel x x x x x x

Nickel x x x x

Aluminum x x x x

Cobalt x x x

Copper x x x x x

High Entropy Alloys x x x

Refractories x x x

Precious x
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Table A.2: List of Commercial Powder Bed Fusion Processes [9, 82–86]

Metal Powder Bed Fusion Processes

Technology Company Description

Selective Laser Sintering 3D Systems Corp. Uses laser and metal powder for sintering and
bonding

Direct Metal Laser Sinter-
ing (DMLS)

EOS GmbH Uses laser and metal powder for sintering, melt-
ing and bonding

Laser Melting (LM) Renishaw Inc. Uses laser and metal powder for melting and
bonding

Selective Laser Melting
(SLM)

SLM Solutions GmbH Uses laser and metal powder for melting and
bonding

LaserCUSING Concept Laser GmbH Uses laser and metal powder for melting and
bonding

Electron Beam Melting
(EBM)

Arcam AB Uses electron beam and metal powder for melt-
ing and bonding

Laser Metal Fusion (LMF) TRUMPF Uses laser and metal powder for melting and
bonding

Direct Metal Printing (DMP) 3D Systems Corp. Uses laser and metal powder for melting and
bonding

Micro-Induction Sintering
(MIS)

Grid Logic, Oak Ridge Na-
tional Laboratories

Uses high frequency induction transducer and
metal powder for sintering and bonding
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Table A.3: List of Commercial Directed Energy Deposition Processes [9, 82–86]

Metal Directed Energy Deposition Processes

Technology Company Description

Direct Metal Deposition
(DMD)

DM3D Technology LLC
(Formerly POM Group)

Uses laser and metal powder for melting and de-
positing using a patented close loop process

Laser engineered net shap-
ing (LENS)

Optomec, Inc. Uses laser and metal powder for melting and de-
positing

Direct Manufacturing (DM) Sciaky, Inc. Uses electron beam and metal wire for melting
and depositing

Shaped Metal Deposition
or wire and arc additive
manufacturing

Not commercialized yet Uses electric arc and metal wire for melting and
depositing

Electron Beam Freeform
Fabrication (EBF3)

NASA Uses electron beam and metal wire for melting
and depositing

Laser Metal Deposition
(LMD)

TRUMPF Uses laser and metal powder for melting and de-
positing
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APPENDIX B

MICRO-TENSILE TEST STRESS VS. STRAIN DATA

Note: All data shown in Figure B.1, Figure B.2, Figure B.3, Figure B.4, Figure B.5,

Figure B.6, Figure B.7, and Figure B.8 is courtesy of Brad Salzbrenner at Sandia

National Laboratories

Figure B.1: Micro-tensile engineering stress vs. strain for L-PBF build R1-3 in the XY
orientation
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Figure B.2: Micro-tensile engineering stress vs. strain for L-PBF build R1-3 in the XY
orientation

Figure B.3: Micro-tensile engineering stress vs. strain for L-PBF build R2-2 in the XY
orientation
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Figure B.4: Micro-tensile engineering stress vs. strain for L-PBF build R2-2 in the Z
orientation

Figure B.5: Micro-tensile engineering stress vs. strain for LP-DED build LANL1 in the Z
orientation
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Figure B.6: Micro-tensile engineering stress vs. strain for LP-DED build LANL1 in the XY
orientation

Figure B.7: Micro-tensile engineering stress vs. strain for LP-DED build LANL2 in the Z
orientation
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Figure B.8: Micro-tensile engineering stress vs. strain for LP-DED build LANL2 in XY
orientation
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APPENDIX C

EBSD MTEX PROCESSING CODE

Listing C.1: Matlab code example for processing the EBSD .ctf �les in MTEX, adapted

from internal communication with Philip Noell at SNL

%% Import S c r i p t f o r EBSD Data
%
% This s c r i p t was a u t o m a t i c a l l y created by the impor t wizard . You

should
% run the whoole s c r i p t or pa r t s o f i t i n order to impor t your data .

There
% i s no problem i n making any changes to t h i s s c r i p t .

c lear a l l
close a l l

%% Speci fy C rys ta l and Specimen Symmetries

% c r y s t a l symmetry

cs = f . . .
' notIndexed ' , . . .
crystalSymmetry ( 'm� 3m ' , [3 .66 3.66 3 .66 ] , ' minera l ' , ' I r on fcc ' , '

c o l o r ' , ' l i g h t blue ' ) , . . .
crystalSymmetry ( 'm� 3m ' , [2 .866 2.866 2 .866 ] , ' minera l ' , ' I r on bcc (

o ld ) ' , ' c o l o r ' , ' l i g h t green ' ) g;

% p l o t t i n g convent ion
setMTEXpref ( ' xAx i sD i rec t i on ' , ' east ' ) ;
setMTEXpref ( ' zAx i sD i rec t i on ' , ' i n toP lane ' ) ;

%% Speci fy F i l e Names

% path to f i l e s
% Adjus t to l o c a t i o n o f . c t f f i l e s
pname = 'D: nAM304SS Z 1200HT 01 ' ;

% which f i l e s to be imported
% Adjus t to s e l e c t a l l f i l e s to be analyzed

fname = f . . .
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[ pname ' nAM 304L SS ZHT 1200 HRS MAR Spec 1 1 Map1 . c t f ' ] , . . .
[ pname ' nAM304L SS 1200C X4 150 . c t f ' ] , . . .
[ pname ' nAM304L SS 1200C X4 190 . c t f ' ] , . . .
[ pname ' nAM304L SS 1200C X4 235 80x80 . c t f ' ] , . . .
%[ pname ' nAM304L SS 900C X 1 5 0 0 x 5 0 0 i n i t i a l . c t f ' ] , . . .
%[ pname ' nAM304L SS 900C Z1 1 500x500 . c t f ' ] , . . .

g;
%%
cd (pname) ;
f i l e s = d i r ( ' � . c t f ' ) ;

s tdv = [ 1 : 5 ] ;
s tdvv = [ 1 : 5 ] ;
GrainDiam = [ 1 : 5 ] ;
Grainmeamrea= [ 1 : 5 ] ;

fo r i = 1:5
ebsdf i g = loadEBSD ( fnamef i g , cs , ' i n t e r f a c e ' , ' c t f ' , . . .

' convertEuler2Spat ia lReferenceFrame ' ) ;

prompt = f ' Enter which vo id image you want to look a t : ' g;
t i t l e = ' I npu t ' ;
dims = [1 3 5 ] ;
de f i npu t = f ' 500 dw mar20 ' g;
dirname = i n p u t d l g ( prompt , t i t l e , dims , de f i npu t ) ;

mkdir ( [ pname , ' n ' , dirname f 1g] ) ;
newfname = [ pname , ' n ' , dirname f 1 g] ;

f igure
p lo t ( ebsdf i g)
saveFigure ( f u l l f i l e ( newfname , ' phasemap ' ) , ' png ' ) ;
%
% % % % % i f i < 3
% % % % % ebsdf i g = r o t a t e ( ebsdf i g , r o t a t i o n ( ' ax is ' , xvector , ' angle

' , � 75� degree ) )
% % % % % else
% % % % % ebsdf i g = r o t a t e ( ebsdf i g , r o t a t i o n ( ' ax is ' , xvector , ' angle ' , 0 �

degree ) )
% % % % % end
%
f igure
[ ˜ ,mP] = plo t ( ebsdf i g , ebsdf i g. bc )
legend o f f
mP. micronBar . v i s i b l e = ' on '
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colormap gray % t h i s makes the image grayscale
caxis ( [ 2 5 , 1 8 0 ] )

saveFigure ( f u l l f i l e ( newfname , 'bcmap ' ) , ' png ' ) ;

XMAP i s TDmap
oM = ipdfHSVOrientat ionMapping ( ebsdf i g( ' I r on fcc ' ) ) ;
oM. inve rsePo leF igu reD i rec t i on = xvec to r ;
c o l o r = oM. o r i e n t a t i o n 2 c o l o r ( ebsdf i g( ' I r on fcc ' ) . o r i e n t a t i o n s ) ;
f igure
Correc t MatLab problem wi th co lour b u f f e r
p lo t (oM)
saveFigure ( f u l l f i l e ( newfname , ' i p f k e y ' ) , ' png ' ) ;
set ( gcf , ' renderer ' , ' z b u f f e r ' )
[ ˜ ,mP] = plo t ( ebsdf i g( ' I r on fcc ' ) , co lo r , ' f i g S i z e ' , ' l a rge ' )
legend o f f
mP. micronBar . v i s i b l e = ' o f f '

saveFigure ( f u l l f i l e ( newfname , ' TDipfMap ' ) , ' png ' ) ;

YMAP i s LTDmap
oM = ipdfHSVOrientat ionMapping ( ebsdf i g( ' I r on fcc ' ) ) ;
oM. inve rsePo leF igu reD i rec t i on = yvec to r ;
c o l o r = oM. o r i e n t a t i o n 2 c o l o r ( ebsdf i g( ' I r on fcc ' ) . o r i e n t a t i o n s ) ;
f igure
% Correct MatLab problem wi th co lour b u f f e r
set ( gcf , ' renderer ' , ' z b u f f e r ' )
p lo t ( ebsdf i g( ' I r on fcc ' ) , co lo r , ' f i g S i z e ' , ' l a rge ' )

saveFigure ( f u l l f i l e ( newfname , ' LTDipfMap ' ) , ' png ' ) ;

close a l l

ZMAP i s STDmap
oM = ipdfHSVOrientat ionMapping ( ebsdf i g( ' I r on fcc ' ) ) ;
oM. inve rsePo leF igu reD i rec t i on = zvec to r ;
c o l o r = oM. o r i e n t a t i o n 2 c o l o r ( ebsdf i g( ' I r on fcc ' ) . o r i e n t a t i o n s ) ;
f igure
Correc t MatLab problem wi th co lour b u f f e r
set ( gcf , ' renderer ' , ' z b u f f e r ' )
p lo t ( ebsdf i g( ' I r on fcc ' ) , co lo r , ' f i g S i z e ' , ' l a rge ' )

saveFigure ( f u l l f i l e ( newfname , ' STDipfMap ' ) , ' png ' ) ;

close a l l
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% Detect Grains
ebsdInd=ebsdf i g( ' I r on fcc ' )

mis ang = 5� degree ;
[ gra ins , ebsdInd . g ra in Id , ebsdInd . mis2mean ] = ca lcGra ins ( ebsdInd , ' angle

' , mis ang )
% number o f g ra ins
number of ca lcGra ins = gra ins . length

% remove gra ins con ta in ing less than c r i t i c a l number o f indexed poin ts ,
the min g s ize

min g s ize = 350
se lec ted g ra ins = gra ins ( g ra ins . g ra inS ize > min g s ize ) ;
removed grains = gra ins ( g ra ins . g ra inS ize < min g s ize )
ebsdInd ( removed grains ) = [ ]

% number o f smal l g ra ins removed from a l l phase
number of smal l gra ins removed = number of ca lcGra ins � se lec ted g ra ins

. length

[ gra ins , ebsdInd . g r a i n I d ] = ca lcGra ins ( ebsdInd , ' angle ' , mis ang )

sum ( gra ins . boundary . segLength ) %t o t a l g ra in boundary leng th i n um

gb FccFe=gra ins . boundary ( ' I r on fcc ' , ' I r on fcc ' ) ;

kam = KAM( ebsdf i g , ' t h resho ld ' ,10 � degree , ' order ' ,3 ) ;
f igure
p lo t ( ebsdf i g ,kam . / degree )
hold on
plo t ( gb FccFe , ' l i n e w i d t h ' ,2 )
hold o f f
setColorRange ( [ 0 2 ] )
colormap j e t
mtexColorbar j e t

saveFigure ( f u l l f i l e ( newfname , 'KAMMap ' ) , ' png ' ) ;

close a l l

gb FccFe=gra ins . boundary ( ' I r on fcc ' , ' I r on fcc ' ) ;

oM = ipdfHSVOrientat ionMapping ( ebsdInd ( g ra ins ( ' I r on fcc ' ) ) ) ;
oM. inve rsePo leF igu reD i rec t i on = xvec to r ;
c o l o r = oM. o r i e n t a t i o n 2 c o l o r ( ebsdInd ( g ra ins ( ' I r on fcc ' ) ) . o r i e n t a t i o n s ) ;
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Correc t MatLab problem wi th co lour b u f f e r
f igure
set ( gcf , ' renderer ' , ' z b u f f e r ' )
p lo t ( ebsdInd ( g ra ins ( ' I r on fcc ' ) ) , co lo r , ' f i g S i z e ' , ' l a rge ' )
hold on
plo t ( gb FccFe , gb FccFe . m i s o r i e n t a t i o n . angle . / degree , ' l i n e w i d t h ' ,4 )
caxis ( [ 1 5 , 60 ] )
colormap j e t
mtexColorbar j e t
legend o f f
hold o f f

saveFigure ( f u l l f i l e ( newfname , ' GrainMisoMap ' ) , ' png ' ) ;

close a l l

% Twin Ana lys is on ly inc lude f o r FCC

% consider on ly phaseName to phaseName gra in boundaries
gb FccFe = gra ins . boundary ( ' I r on fcc ' , ' I r on fcc ' ) ;

% r e s t r i c t to tw in boundaries w i th th resho ld 5 degree
isTwinn ing = angle ( gb FccFe . m iso r i en ta t i on ,CSL(3 , crystalSymmetry ( 'm� 3m '

, [3 .66 3.66 3 .66 ] , ' minera l ' , ' I r on fcc ' , ' c o l o r ' , ' l i g h t blue ' ) ) )
< 5� degree ;

twinBoundary = gb FccFe ( isTwinn ing )

f igure
p lo t ( ebsdInd , ebsdInd . o r i e n t a t i o n s )
hold on
plo t ( twinBoundary , ' l i n e c o l o r ' , ' b lack ' , ' l i n e w i d t h ' ,3 , ' di splayName ' , ' tw in

boundary ' )
hold o f f

saveFigure ( f u l l f i l e ( newfname , ' t w i n ana l y s i s ' ) , ' png ' ) ;
%
% sum( twinBoundary . segLength )%t o t a l tw in boundary leng th i n um

%ROD Map
f igure
p lo t ( ebsdInd ( g ra ins ) , ebsdInd ( g ra ins ) . mis2mean . angle . / degree , ' con tou r f ' )
hold on
plo t ( gb FccFe , ' l i n e w i d t h ' ,2 )

143



maxangle=15; %t h i s can be changed to a l t e r c o l o r i n g i n the ROD map
hold o f f
setColorRange ( [ 0 maxangle ] )
colormap j e t
mtexColorbar j e t

saveFigure ( f u l l f i l e ( newfname , 'RODmap ' ) , ' png ' ) ;

close a l l

f igure
p lo t ( gb FccFe , ' l i n e w i d t h ' ,2 )
saveFigure ( f u l l f i l e ( newfname , ' GBoutlineMAP ' ) , ' png ' ) ;
%
f igure
plot IPDF ( ebsdInd . o r i e n t a t i o n s , [ xvector , yvector , zvec to r ] , ' con tou r f '

, 0 : 0 . 2 5 : 2 . 5 ) ;
%plot IPDF ( ebsdInd . o r i e n t a t i o n s , [ xvector , yvector , zvec to r ] , ' smooth ' ) ;
colormap j e t
mtexColorbar j e t
% cax is ( [ 0 3 ] )
saveFigure ( f u l l f i l e ( newfname , ' IPFMAPS ' ) , ' png ' ) ;

oM = ipdfHSVOrientat ionMapping ( ebsdInd ( g ra ins ( ' I r on fcc ' ) ) ) ;
oM. inve rsePo leF igu reD i rec t i on = xvec to r ;
c o l o r = oM. o r i e n t a t i o n 2 c o l o r ( ebsdInd ( g ra ins ( ' I r on fcc ' ) ) . o r i e n t a t i o n s ) ;

% Correct MatLab problem wi th co lour b u f f e r
f igure
set ( gcf , ' renderer ' , ' z b u f f e r ' )
p lo t ( ebsdInd ( g ra ins ( ' I r on fcc ' ) ) , co lo r , ' f i g S i z e ' , ' l a rge ' )
hold on
plo t ( gb FccFe , ' l i n e w i d t h ' ,2 )
hold o f f

close a l l

c a l c u l a t e g ra in size i gno r i ng boundary gra ins
f igure
h is t ( g ra ins )

outerBoundary id = any ( g ra ins . boundary . g r a i n I d ==0 ,2) ;

% next we compute the corresponding g r a i n i d
g r a i n i d = gra ins . boundary ( outerBoundary id ) . g r a i n I d ;

144



% remove a l l zeros
g r a i n i d ( g r a i n i d ==0) = [ ] ;

% and p l o t the boundary gra ins
gra ins ( g r a i n i d ) = [ ]

j = f igure
histogram ( gra ins . gra inSize ,200 , ' B inL im i t s ' , [ 0 2000])

Xgrains=gra ins . g ra inS ize ;

mean = mean ( gra ins . g ra inS ize )

s tdv ( i ) = std ( g ra ins . g ra inS ize ) ;
s tdvv ( i ) = 2� ( std ( g ra ins . g ra inS ize ) / p i ) ˆ . 5 ;
Grainmeamrea ( i ) = mean ( gra ins . g ra inS ize ) ;
GrainDiam ( i ) = 2� (mean ( gra ins . g ra inS ize ) / p i ) ˆ . 5 ;

%saveFigure ( f u l l f i l e ( newfname , ' GrainSize ' ) , ' png ' ) ;
% Tay lor f a c t o r c a l c u l a t i o n , slow , on ly inc lude i f necessary
% some s t r a i n
q = 0;
eps i l on = s t ra inTensor ( diag ( [ 1 � q � (1� q ) ] ) )

% cons ider f cc s l i p systems
sS = symmetrise ( s l ipSystem . fcc ( g ra ins .CS) ) ;

% apply Tay lor model
[M, b , mori ] = ca l cTay lo r ( inv ( g ra ins . meanOrientat ion ) � eps i lon , sS ) ;

% c o l o r i z e gra ins according to Tay lor f a c t o r
f igure
p lo t ( gra ins ,M)

mtexColorMap whi te2b lack
mtexColorbar

% index of the most a c t i v e s l i p system � l a r g e s t b
[ ˜ , bMaxId ] = max ( b , [ ] , 2 ) ;

% r o t a t e the moste a c t i v e s l i p system i n specimen coord ina tes
sSGrains = gra ins . meanOrientat ion . � sS ( bMaxId ) ;

% v i s u a l i z e s l i p d i r e c t i o n and s l i p plane f o r each gra in
hold on
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quiver ( gra ins , sSGrains . b , ' autoScaleFactor ' , 0 .5 , ' displayNa me ' , ' Burgers
vec to r ' )

hold on
quiver ( gra ins , sSGrains . trace , ' autoScaleFactor ' , 0 .5 , ' displayName ' , ' s l i p

plane t race ' )
hold o f f

saveFigure ( f u l l f i l e ( newfname , ' TaylorMaps ' ) , ' png ' ) ;

close a l l

end

%
oM = ipdfHSVOrientat ionMapping ( ebsdInd ( g ra ins ( ' I r on fcc ' ) ) ) ;
oM. inve rsePo leF igu reD i rec t i on = xvec to r ;
c o l o r = oM. o r i e n t a t i o n 2 c o l o r ( ebsdInd ( g ra ins ( ' I r on fcc ' ) ) . o r i e n t a t i o n s ) ;

% Correct MatLab problem wi th co lour b u f f e r
f igure
set ( gcf , ' renderer ' , ' z b u f f e r ' )
p lo t ( ebsdInd ( g ra ins ( ' I r on fcc ' ) ) , co lo r , ' f i g S i z e ' , ' l a rge ' )
hold on
plo t ( gb FccFe , ' l i n e w i d t h ' ,2 )
hold o f f

saveFigure ( f u l l f i l e ( newfname , ' GrainMap ' ) , ' png ' ) ;
%
f igure
histogram ( Xgrains ,200 , ' B inL im i t s ' , [ 0 1000])
% hold on
% histogram ( Zgrains ,200 , ' B inL imi ts ' , [ 0 1000])
% hold o f f

o r i g i n 1 ( 1 : length ( Xgrains ) ,1 ) =0;
%s t r i n g ( o r i g i n 1 )

% o r i g i n 2 ( 1 : leng th ( Zgra ins ) ,1 ) =1;
% %s t r i n g ( o r i g i n 2 )

% o r i g i n 3 =[ o r i g i n 1 ; o r i g i n 2 ] ;
% gsizes =[ Xgrains ; Zgra ins ] ;

boxp lo t ( Xgrains , o r i g i n 1 )
%boxp lo t ( gsizes , o r i g i n 3 )
x label ( ' Specimen ' )
y label ( ' Grain Area (umˆ 2 ) ' )
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APPENDIX D

SEQUENTIAL EBSD DATA FROM IN-SITU TENSILE TESTS

XY orientations are shown in Figure D.2, Figure D.2, Figure D.5, and Figure D.8 The Z

orientations are shown in Figure D.3, Figure D.4, Figure D.6, Figure D.7, and Figure D.9.

Figure D.1: X orientation, as built condition
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Figure D.2: X orientation, as built condition
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Figure D.3: Z orientation, as built condition
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Figure D.4: Z orientation, as built condition
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Figure D.5: X orientation, 900� C condition
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Figure D.6: Z orientation, 900� C condition
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Figure D.7: Z orientation, 900� C condition
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Figure D.8: X orientation, 1200� C condition
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Figure D.9: Z orientation, 1200� C condition
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