
  

 

 

 

 

 

 

 

 

THE EFFECTS OF HEAT TREATMENT ON STRUCTURE-PROPERTY RELATIONSHIPS 

OF ADDITIVELY MANUFACTURED INCONEL 718 

 

 

 

 

 

 

 

 

 

 

 
 
 

by 

Thomas G. Gallmeyer  



 ii  

A thesis submitted to the Faculty and the Board of Trustees of the Colorado School of 

Mines in partial fulfillment of the requirements for the degree of Doctor of Philosophy  

(Materials Science). 

 
 
Golden, Colorado 

 

Date _________________________ 

 

 

 

       Signed: _____________________________ 

Thomas G. Gallmeyer 

 

 

       Signed: _____________________________ 

                                  Dr. Aaron P. Stebner 

                     Thesis Advisor 

 

       Signed: _____________________________ 

                        Dr. Behnam Amin-Ahmadi 

                     Thesis Advisor 

 

Golden, Colorado 

 

Date _________________________ 

 

 

       Signed: _____________________________ 

                    Dr. John Berger 

                 Department Head of Mechanical Engineering 



 iii  

ABSTRACT 

To date, standard heat treatments (SHTs) for cast and wrought (C&W) conditions have 

been utilized for additively manufactured (AM) materials. However, it is known that AM 

processes induce high thermal gradients and rapid cooling rates that produce fundamentally 

different microstructure consisting of hierarchical features, epitaxial grain growth, and strong 

crystallographic fiber texture with respect to the build direction. Since these microstructures 

differ from their C&W forms, their reactions to SHTs should be inherently different as well. 

Understanding these differences is vitally important to producing high-quality, superior AM 

parts. Hence, the overarching objective of this dissertation is to elucidate the structure-property 

relationships of a precipitation-hardenable alloys subject to post-processing heat treatmentsÑthe 

Ni-based superalloy, Inconel 718. Specifically, studies of Inconel 718 focused on the 

development of modified heat treatments to better suit the underlying AM microstructure. 

Detailed analysis of the microstructural and mechanical responses led to the design of a new heat 

treatment that enhanced the monotonic tensile properties of AM Inconel 718 over its C&W form 

through the balance of precipitation strengthening and preserving the AM process-induced 

cellular substructure. Post-mortem investigation of the variously heat-treated conditions of the 

initial study brought to light the influences the cellular substructure, microchemical landscapes, 

and !"/!"" precipitation on the deformation mechanisms observed. Lastly, the industry standard 

and modified heat treatments from the initial study were evaluated for their high temperature 

performances against monotonic and cyclic fatigue loading conditions.  
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CHAPTER 1 

INTRODUCTION 

1.1!Motivation 

Despite being invented nearly 60 years ago, the Ni-based superalloy, Inconel 718 

(IN718), is still a highly published area of research. As a precipitation-hardenable alloy, post-

processing heat treatment is key to its excellent high temperature mechanical properties and 

stability. Several industry-standard heat treatment schedules (i.e., AMS 5663 [1], AMS 5383 [2], 

AMS 5664E [3]) have been developed over the years to optimize the structure-property response 

of IN718 is its variously produced forms. Recently, the emergence of additive manufacturing 

(AM) technologies has strongly favored IN718 as an ideal candidate given its outstanding 

weldability and precipitation hardenability. For instance, according to a recent review of AM 

IN718 by Hosseini and Popovich [4], between the years of 2014 and 2017, there were over 105 

publications on the mechanical behavior for the topic, with 50% year-over-year growth. More 

than just a booming topic of research, there have been notable thrusts to implement AM IN718 

parts in industrial production by industry leaders like GE [5] and Ariane Group [6]. A 

commonality of the studies conducted is that industry-standard heat treatments developed for 

cast and wrought (C&W) IN718 are being applied to parts generated by AM. Generally, the 

mechanical performances of AM IN718 are comparable to the C&W forms. So, the question 

arises: Since the mechanical responses are similar, are the underlying microstructures, too? The 

short answer is no. AM materials have been shown to produce strong =100> fiber texture aligned 

with the build direction, in additional to a hierarchical microstructure composed of high-angle 

grain boundaries, low-angle dislocation cells, chemical segregation, and various eutectic and 

secondary phases. Nonetheless, this as-deposited microstructures widely differ from the initial 
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microstructures that industry-standard heat treatments were developed to optimize. As such, the 

following efforts are paramount: 

1)! Establish a baseline characterization of the as-deposited materials. 

2)! Step-by-step examination of the microstructural evolution of the as-deposited 

materials when subjected to the industry-standard heat treatments.  

3)! With a strong sense of the structure-property responses based upon these initial 

investigations, the development of new and modified heat treatments should be 

pursued to optimize the underlying as-deposited microstructural features. 

4)! Assessment of AM materials subjected to the newly develop heat treatments with 

comparison against their conventional forms. 

Thus, this body of work seeks to implement these efforts for the study of IN718 produced by 

laser powder-bed fusion in order to establish a holistic view of the governing structure-property 

relationships of the alloy and use that knowledge to engineer better heat treatments to enhance 

material performance. 

 

1.2!Chapter Guide 

Chapter 1 provides some background on the Ni-based superalloy, Inconel 718 (IN718) 

and the additive manufacturing (AM) process of laser powder-bed fusion (L-PBF). Additional 

pertinent background information on IN718 in both its conventional and AM forms can be found 

in the Introduction sections of Chapters 3 through 5. Chapter 2 provides information on several 

electron microscopy techniques that are used throughout this study and details regarding the 

preparation of TEM samples are discussed. 
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Chapter 3 explores the structure-properties relationships of AM IN718 after application 

of post-processing heat treatments, showcasing the need for the development of modified heat 

treatments more amenable to as-deposited materials to maximize their mechanical performances. 

Advanced characterization techniques and mechanical testing were utilized to perform a 

comprehensive, baseline examination to the response of as-printed IN718 subject to each step of 

an industry-standard heat treatment. After identifying deficiencies in the underlying 

microstructures that lead to suboptimal performance, novel heat treatments were explored, 

ultimately leading to enhanced mechanical performances over the conventional cast and wrought 

forms of IN718.  

Chapter 4 examines the operative deformation mechanisms of the AM IN718 materials 

comprehensively explored in Chapter 3 through post-mortem characterization using advanced 

electron microscopy techniques. Systematic analysis and quantification of the microstructures 

provided insight into the predominant deformations for heat-treated AM IN718 materials for the 

first time. Discussed are the influences of chemical landscape on stacking fault energies, the 

roles of dislocation cells, and the impact of nanoprecipitate sizes and populations on the 

generation of various planar deformation modes.  

Chapter 5 studies the monotonic and cyclic fatigue behavior of AM IN718 at room and 

elevated temperatures. The results show that under monotonic loading conditions, AM IN718 

materials exhibit dynamic strain aging (DSA) behavior at 550 ¼C and 700 ¼C. Mechanisms are 

proposed that explain the observed inverse DSA character based upon the underlying 

microstructural features of the materials. In addition, fully-reversed, strain-controlled low cycle 

fatigue experiments are explored. As one of only a few studies to date that evaluates the 

elevated-temperature fatigue performance of AM IN718, valuable fatigue properties are 
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generated. Discussed are the structure-property relationships driving the observed performances, 

as well as a comprehensive comparison of the AM materials thoroughly explored in this work 

against existing data for AM IN718 data in its conventional cast and wrought forms. 

The dissertation is concluded with Chapter 6, where novel findings and contributions are 

summarized. In additional, the broader implications of this body of work are discussed. Chapter 

6 also addresses open areas of research as well as provides a future outlook for the continued 

development of AM IN718. 

 

1.3!Background: Ni-based Superalloy, Inconel 718 

1.3.1!History of Inconel 718 

Developed in the late 1950s by H.L. Eiselstein and International Nickel Co. [7],  the 

valuable attributes of IN718, which include its high-temperature strength and weldability, were 

quickly recognized by Pratt and Whitney, who drove major efforts to utilize the alloy in the 

production of high-temperature aerospace parts [8]. In 1962, the first critical application of 

IN718 at Pratt and Whitney was a welded diffuser case for a jet engine equipped for the SR-71 

Blackbird [8]. Its excellent resistance to strain-aged cracking compared to other Ni superalloys 

made it a desirable choice for the application [8]. Moreover, its demonstrated ability for part 

production by investment casting and component welding has allowed for significant cost 

savings to be realized [8,9]. Decades of continued development and implementation of IN718 

has led to its usage in numerous aerospace engine components, such as disks, blades, and casings 

[8,9], in addition to usage for nuclear power systems [10] and steam generators [11]. In all, 

IN718 can account for more than 30% of the total weight of modern aircraft engines [8,9,12], 

and it is one of the most successful and widely used Ni-based superalloys to date [9].  
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1.3.2!Metallurgy 

IN718 is a Ni-based superalloy known for its high-temperature strengths, excellent 

corrosion and creep resistance, and good fatigue properties, even at 0.6 Tm [13]. The industry-

specified chemical composition range is shown in Table 1.1 [14]. As expected, Ni is the primary 

chemical species found in IN718. Large additions of Fe and Cr, in conjunction with Ni, compose 

much of the face-centered cubic (fcc) matrix phase, ! . These elements are added to assist with 

solid solution strengthening and to increase corrosion resistance, respectively [15]. In addition, 

small amounts of Mo are added to further promote solid solution strengthening [13]. Moreover, 

Al, Ti, and Nb are the critical elemental additions that facilitate the formation of the precipitate 

strengthening phases of IN718, !" and !)  [13].  Nb, the most critical element, is the largest 

addition of these three species, composing 4.75-5.5 wt. % of the total weight, as it is a major 

component of !)  and # phases. Trace additions (<1 wt. %) of Co helps increase the solubility 

temperature of !" to increase service temperatures [16]. In addition to the aforementioned phases, 

Laves phase and MC carbides may also form in IN718 during solidification in casting and 

welding processes [17]. Detailed discussions of the observed phases of IN718 and their 

influences of mechanical performances are presented in Sections 3.3.2. 

 

Table 1.1 Nominal composition range for IN718 [14]. 

Elemental Composition (wt. %) 
Ni Cr Fe Nb Mo Ti Al  Co O N 

50.0-55.0 17.0-21.0 Balance 4.75-5.50 2.80-3.30 0.65-1.15 0.20-0.80 1.00 max -- -- 
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1.3.3!Conventional manufacturing routes 

Ni-based superalloys, like IN718, are premium alloys in that they need to be 

manufactured under vacuum conditions or inert gas because of their reactivity with atmosphere 

oxygen and nitrogen [18,19]. Vacuum induction melting (VIM) is a versatile melting process for 

specialty alloy such as IN718. VIM works by melting all raw materials into a large crucible 

using induction heating and stirring [18]. While this method not only keeps atmospheric 

contaminants to a minimum, it also allows for excellent compositional control, as demonstrated 

by Choudhury [18]. Over the course of 100 heats, the compositional variations of C, Ti, Nb, and 

Al deviated by no more than ±0.08 wt. %. In addition to precise control of bulk composition, the 

produced ingots exhibit spatial, chemical homogeneity. However, one downside is the possibility 

of interaction between the molten metal and the refractory lining the crucible, so special care is 

taken to minimize the interaction based upon its selection [18]. 

Although VIM produced a premium by itself, further remelting can improve alloy 

cleanliness and structural homogeneity. Three common processes are used for this: vacuum arc 

remelt (VAR), electroslag remelt (ESR), and electron beam remelting (EBR). However, more 

refinement pathways exist [18]. For example, the advantages of an additional refining melt by 

VAR are controlled, directional solidification that minimizes microsegregation and dissolved 

gases like hydrogen and nitrogen [18,19]. However, some solidification defects are common to 

VAR ingots: tree ring patterns, freckles, and white spots. Of the three listed, freckles and white 

spots are most detrimental to material properties. Freckles are an aggregation of carbides that 

form when the melt pool has high pool depth and white spots are areas rich in Nb and Ti 

generated by unmelted dendrite clusters or particles that cast off from the electrode [18,20]. 

Nonetheless, a carefully controlled melt rate and short arc gap will minimize their occurrence.   
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After producing an ingot through one of the various processing avenues, die forging is a 

common next step [18]. Although IN718 has excellent mechanical properties and thermal 

stability at elevated temperatures, it is challenging to process and machine [21Ð23]. For one, 

IN718 can suffer from hot cracking during the forging process due to grain boundary liquation 

driven by solute segregation [21]. Furthermore, the forging temperature window for IN718 is 

900 to 1100 ¼C [24], and within this window IN718 is appreciably stiffer than other forged 

alloys, rating a 2 out of 5 for forgeability [24]. As a result, it requires more tonnage to fill the 

dies for proper forging. Working at the upper end of the forging window will afford better 

workability but at the expense of grain growth [24]. 

In addition, IN718 functions well for casting due to its slow precipitation kinetics [25]. 

Common applications include compressor stator ring assemblies and diffusers, among others 

[26]. Yet, some issues have persisted for IN718 when used for investment casting. For instance, 

the control of Nb segregation became an area of concern as it commonly led to the formation of 

brittle Laves phase [26]. While advances in solidification modeling has helped improve 

microstructural control in investment casting, IN718 has excellent response to vacuum die 

casting for use as premium quality parts for critical aerospace applications [8,26]. Study by Borg 

et al. [26] showed that after the application of hot isostatic pressing follow by 954 ¼C for 1 h (air 

cool) + 718 ¼C for 8 h Ð 38 ¼C/h Ð 621 ¼C for 8 h (air cool), the tensile, stress rupture, impact and 

fatigue of IN718 approached premium grade rotor material. Despite the good performance, the 

study showed properties could be improved: ÒWhen Inconel 718 is adapted to new fabrication 

processes, this is often encountered and has traditionally been addressed primarily through heat 

treatment optimization and with some alloy refinement [26].Ó 
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1.3.4!Post-processing heat treatments 

Over the years, industry has established standard heat treatments (SHTs) to optimize 

(Table 1.2). As mentioned in the motivation for the work in this dissertation, years of 

development for the various forms of IN718 and its intended applications has led to the 

implementation of a number of SHTs [2,3,27Ð29]. Generally, all heat treatments are designed to 

improve either resistance to creep, rupture strength, oxidation resistance, or short-term high-

temperature strength. The intended microstructural responses for each heat treatment are 

discussed in more depth in Sections 3.2.1 and 3.2.2. Generally stated though, homogenization 

seeks to correct segregation that occurs during processing; solution anneal controls the formation 

of # phase; and aging produces large volumes of !" and !)  strengthening precipitates. Oradei-

Basile et al. [30] carefully conducted a time-temperature-transformation (TTT) study for wrought 

IN718, which showed that !" and !)  strengthening precipitates are generally stable at lower 

temperatures while # phase resides at higher temperatures (this is discussed in Section 3.2.2). 

Moreover, the SHTs reported predominantly focus on the controlled precipitation of # phase and 

!"/!)  strengthening precipitates to varying amounts based upon the application temperature and 

duration. 

Because AMS 5383 is outside the scope of the presented work, it will be discussed now. 

Castings are known to be plagued by significant pores and other casting flaws, which have to be 

corrected through hot isostatic pressing (HIP). Application of high temperature, moderate 

pressure, and extended hold time allow for flaws to be closed, thus enhancing the performance of 

the materials. In addition, casting facilitates the segregation of Nb, Ti, and Mo to interdendritic 

regions during solidification [31]. As a result, high temperature homogenization heat treatment 

redistributed the solute species evenly throughout the microstructure. In addition, HIP typically  
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Table 1.2 Summary of industry standard heat treatments for various forms and intended applications on IN718 [2,3,27Ð29]. Air cooled 
is AC; furnace cooled is FC. 

Standard Treatment type Temperature Hold time Cooling Form Application 
AMS 5663  Solution 980 ¼C 1 h AC Bars, forgings, 

flash-welded 
rings 

For high resistance to creep and 
stress-rupture up to 700 ¼C and 
oxidation resistance up to 980 ¼C 

[27] Aging 720 8 h FC at 55 ¼C/h to 620 ¼C   
620 8 h AC 

              
AMS 5664 Hot isostatic pressing 1180 at 150 MPa 3 h FC Bars, forgings, 

flash -welded 
rings 

For rotating and structural parts 
requiring high strength at short 
time service up to 540 ¼C and 
oxidation resistance up to 980 ¼C. 

[3] Homogenization 1065 1 h AC  
Aging 760 10 h FC at 55 ¼C/h to 620 ¼C   

650 8 h AC 
              
AMS 5383 Homogenization 1080 1.5 h AC Investment 

castings 
For resistance to creep and 
stress-rupture up to 700 ¼C and 
oxidation resistance to 980 ¼C. 

[2] Solution  980 1 h AC  
Aging 720 8 h FC at 55 ¼C/h to 620 ¼C   

620 8 h AC        
       
AMS 5596 Solution 940 2 h AC Sheet, strip, foil, 

plate 
For resistance to creep and 
stress-rupture up to 700 ¼C and 
oxidation resistance up to 980 ¼C. 
Particularly for parts which are 
formed or welded and then heat 
treated. 

[28] Aging 720 8 h FC at 55 ¼C/h to 620 ¼C   
620 8 h AC 

       
AMS 5597 Solution 1038 2 h AC Sheet, strip, foil, 

plate 
For short time use up to 540 ¼C. 
Particularly for parts which are 
formed or welded and then heat 
treated. 

[29] Aging 760 10 h FC at 55 ¼C/h to 620 ¼C 
    650 8 h AC 
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drives recrystallization, which produced an equiaxed grain structure that contains annealing 

twins [32]. 

WhatÕs more, variations of the SHT have been evaluated, including the omission of a 

solution or homogenizing heat treatment and opting to directly age. In turbine disk applications, 

direct aging (DA) has demonstrated superior tensile strength, stress rupture, and low cycle 

fatigue properties as the result of fine, uniform grain size, minimal !  phase, and "# and "!  

precipitation [33]. For AM IN718, Qi et al. [12] examined the effects of DA on material 

produced by laser net shape manufacturing and reported a 100% and 47% increase in YS and 

UTS, respectively, but a 50% reduction in elongation over the as-deposited condition. The 

authors rationalized their findings as follows: the matrix is strengthened by the extensive "# and 

"!  precipitation, while the retained, brittle Laves phase becomes the sites for fracture initiation, 

reducing the ductility of the material. Additionally, after DA, Li et al. [34] reported retention of 

columnar dendrites and the microsegregation from the as-printed condition, accompanied by the 

formation of !  precipitates at interdendritic regions and "# and "!  precipitation throughout. 

Although DA conditions have been well characterized, the development of new DA heat 

treatments has been limited, especially when actively designing for AM microstructures in 

IN718. 

 

1.4!Background: IN718 produced by laser powder-bed fusion 

Given that traditional manufacturing methods drastically differ from that of AM 

processes, it is expected the materials responses, both microstructurally and mechanically, will 

differ as well. AM processes produce rapid cooling rates and high thermal gradients that result in 

solidification morphologies of epitaxial grain growth that are different from traditional 
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manufacturing. This type of growth is known to occur at temperature gradients and liquid/solid 

interface velocity between 0.57-2.2 $ 107 K!" #$ and 0.01-0.17 m!%#$, respectively [35]. For AM 

IN718, high cooling rates and directional solidification result in epitaxial, columnar grain growth 

exhibiting {001} fiber texture with respect to the build direction which are factors influencing 

anisotropic mechanical responses [36,37]. These rapid solidification conditions are shown to 

promote the formation of cellular substructures [35,36,38], facilitated by solute segregation 

[35,38], Bernard Marangoni driven instability, and particle accumulated structure formation 

mechanisms [39]. However, the continued understanding of the solidification physics of AM has 

yielded customizable microstructures and material properties. Dehoff et al. [40] demonstrate the 

ability to spatially control crystallographic grain orientation, alternating between columnar and 

equiaxed structures, through controlled temperature gradients and liquid/solid interface velocity 

by changing processing parameters across a single build layer. While taking the same 

solidification parameters into consideration, Raghavan et al. [41] reported a localized, melt-scan 

strategy capable of spatially controlling grain size and primary dendritic arm spacing. While the 

control of microstructure formation is critical, so is understanding the effects of processing on 

precipitation in IN718.  

The solidification morphology is largely drive by G"R and G/R, where G is the thermal 

gradient and R is the solidification front velocity. The fast cooling rates (103Ð108 K/s) of AM 

processes leads to distinct microstructures in bulk AM parts compared with those produced 

through traditionally manufactured routes. At these cooling rates, the rejection of solute (i.e., Nb, 

Ti, Mo) introduces constitutional supercooling ahead of the solidification front, resulting in 

solid-liquid interface instability and subsequent nonplanar solidification morphologies such as 

cellular or dendritic growth [42]. This follows the solidification path outlined in  Figure 1.1(a) 
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and compositionally in  Figure 1.1(b) for electron beam welded IN718. With regard to the 

structure-property relationships, a thorough discussion is presented in Section 3.2.1.  

 

 
Figure 1.1 (a) Solidification diagram and (b) constitutional map for electron beam welded IN718. 
Adapted from [43]

(a) (b) 
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CHAPTER 2 

PROCESSING AND METHODS 

2.1!Laser powder-bed fusion 

 Additive manufacturing of metallic systems is conducted in an array of fashions, 

typically consisting of powder-bed or wire-fed material sources with electron beam or laser heat 

sources [44] and with directed energy deposition [44]. Mainly focusing on powder-bed, laser-

based systems (L-PBF), commercially known as selective laser melting (SLM), a basic 

schematic of a machine is shown in Figure 2.1. Generally, the system consists of a few key 

components: laser beam source, optics for beam shaping and guiding, hermetically-sealed, 

controlled-atmosphere build chamber, powder feed system, and lifting table [44]. From a design 

aspect, L-PBF is highly advantageous as it offers excellent spatial resolution, small feature size, 

good surface finish, minimal support structure, and production of complex geometries. To begin, 

a part is designed in CAD, which is converted to a printable file that predefines the laser path 

prior to starting, much like CNC machinery. Part orientation can have a critical effect on 

printability, and various computer software exist to help aid in design. However, domain-

expertise is still heavily relied upon. Ultimately, the process then proceeds in a layer-wise 

process until the final part is generated: 

1)! The powder delivery system raises to supply fresh powder for the recoater blade.  

2)! The fabrication piston lowers one layer-thickness to allow for the spread of new powder. 

3)! The roller, typically a recoater blade made of steel or ceramic, evenly spreads a ~50 #m 

layer of metal powders across the build plate. Excess powder is dragged by the recoater 

blade into the over flow container.  
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4)! Now, the laser system melts the layer of powder to fabricated a single layer of the 3-

dimensional build volume. The path direction is predetermined by design software and 

user domain-expertise as part of the pre-production steps.  

Continuous replication of these four steps produces will eventually produce the fully fabrication 

part. After completion of the build, the part is excavated from the excess metal powders 

surrounding it using a vacuum system. This is performed to collect the powder so it can be 

filtered and return to production, as metal powders are costly [45,46]. Studies have been 

conducted to evaluate the effects of powder reuse on subsequent build quality. It has been shown 

that with proper precaution to limit contaminations to build chamber, powders can be used in 

excess of 10 times without issue [45Ð47]. Generally, small increases in oxygen and nitrogen are 

picked up but were found to be acceptable beyond 16 reuses [46]. Moreover, the particle size 

distribution is observed to move to a large mean as smaller particles are more easily consumed in 

previous builds.  

 

Figure 2.1 Diagram of laser powder bed fusion AM process [48]. 
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2.2!Electron microscopy techniques 

2.2.1!Imaging modes of transmission electron microscopy 

Transmission electron microscopy (TEM) is a powerful characterization tool for 

examining nano-scale structures of materials. The various imaging techniques to be discussed 

allow for direct observation and study of crystal defects, like dislocations, stacking faults, twins, 

and grain boundaries, in addition to characterization of any secondary phases, such as 

nanoprecipitation in the case of IN718. Much of the work presented throughout this dissertation 

relies on electron imaging to elucidate the structure-property relationships of interest.  

Many of the same principles of light optical microscopy apply to TEM, as well. For 

instance, TEM operates by an electron beam passing through a series of optical and electro-

magnetic lenses that shape and focus the electron beam. The components of a typical TEM 

microscope consist of an electron gun, condenser lens system, specimen stage, and the imaging 

system. It is known based upon the de Broglie equation that the wavelength of light is inversely 

proportional to its energy. TEM microscopes outfit with a field emission gun (FEG) are capable 

of accelerating electrons of several hundred kV, depending on the system. Given the inverse 

relationship established between energy of an electron and its wavelength, the wavelength of 

light generated is on the order of 0.003 nm or less. Now, resolution limits can be defined using 

the Rayleigh criterion, which proportionally relates the wavelength and resolution size, the 

length over which two points are differentiable. Calculation shows the theoretical resolution of 

TEM is 0.1 nm, which is smaller than the radius of a single atom, thus enabling atomic resolution 

imaging. 

In TEM, interaction of the electron beam with the sample produced a projected image. In 

conventional TEM mode, projected images are produced through the interaction with a parallel 
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electron beam. Figure 2.2 demonstrates a schematic of the electron beam path as it is paralleled 

by a series of condenser and objective lenses to parallelize before transmitting through the 

sample. An image is formed through the collection of the transmitted electrons by an objective 

lens located below the sample. Depending on the focal points generated by the objective lenses, 

either a diffraction pattern is produced in the back focal plane or a real image in the image plane, 

as shown in Figure 2.2. 

 

Figure 2.2 Schematic of parallel beam operation in TEM using C1 and C2 apertures. (a) 
Underfocused C2 aperture causing slight beam convergence. (b) Practical situation of TEM in 
which the addition of C3 aperture allows for beam parallelization [49]. 

 

2.2.2!TEM specimen preparation 

Sample preparation is paramount to achieving quality TEM analysis. Samples must be 

properly thinned to ensure sufficient electron transparency. For much of this dissertation, twin-jet 
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electropolishing has been used. The process works by first roughly sectioning the region of 

interest (ROI) from the bulk specimen, so that at least one 3 mm diameter specimen can be 

mechanically punched out. Prior to this step, the sectioned specimens are ground to an 

approximate thickness of 90-110 #m. Caution must be taken during this step as any mechanical 

bending of the ground specimen will artificially induce deformation to the sample. Next, the 

sample is electropolished to form a thin region that will be electron transparent for investigation 

in TEM. A twin-jet electropolisher is shown in Figure 2.3. The punched sample is placed within 

the sample holder and inserted into an electrolytic, acid solution that is often chilled to help 

control the rate of material removal. To generate the thinned region, a voltage is applied to the 

sample in addition to gently recirculating the electrolytic solution about the exposed surfaces of 

the specimen. Under proper voltage application, electrolytic solution temperature, and jet speed, 

a hole will generate in the center of the punch disk that contains ~30-50 nm electron transparent 

edges.  

 

Figure 2.3 Schematic of twin-jet electropolisher. Adapted from [49]. 
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2.2.3!Electron back scatter diffraction 

Electron backscatter diffraction (EBSD) is another powerful materials science 

characterization tool. This technique enables crystallographic analysis of a specimen: such as 

grain size determination, crystal orientation, texture, grain boundary misorientation, and phase 

fractions [50]. A schematic of the experimental setup for EBSD is shown in Figure 2.4.  

 

Figure 2.4 Schematic of electron backscatter diffraction experimental setup [50]. 

 

An electron beam is scanned in a grid pattern of a predetermined step-size across an ROI 

on the surface of a polycrystalline specimen. Point-wise Kikuchi diffraction patterns are 

captured. These patterns are generated by the Bragg reflections of inelastically scattered 

electrons and are unique to specific crystallographic orientations based upon crystal symmetries 

[50]. More specifically, the observed patterns are gnomonic projections of the diffracted cones of 

electrons onto the EBSD detector [50]. In addition, the width of the Kikuchi bands is inversely 

proportional to the interplanar spacing. So wider interplanar spacings will produce narrower 

Kikuchi bands. And the intersection point of multiple bands corresponds to a zone axis within 
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the crystal symmetry [50]. Thus, point-wise data collection are used to calculate the 

crystallographic orientations of the ROI based upon their Kikuchi patterns.  

 

2.3!Mechanical testing 

2.3.1!Uniaxial, monotonic tensile testing 

Uniaxial, monotonic tensile tests were conducted using servo-hydraulic load frames 

equipped with an MTS 662.20H-05 load cell. A cross-head displacement of 4.5 mm/min was 

used, corresponding to an approximate strain rate of 0.003 s-1. All strains were measured using 

contact extensometers (MTS model 634.12F-24 or Epsilon Technology Corp. model 3648-

010M-020-ST).  

 

2.3.2!Strain-controlled cyclic fatigue testing 

Fully-reversed (R = -1), strain-controlled cyclic fatigue tests were conducted on the 

aforementioned MTS load frame using a constant strain rate of 0.006 s-1. All testing was 

performed using a triangular waveform with initial loading in the tensile direction. Tests were 

carried out at total strain amplitudes between %&/2 = 0.006 mm/mm and %&/2 = 0.02 mm/mm. 

Failure criterion was set as a 50% load drop during the tensile portion of the cycle, which 

resulted in either complete separation or significant and sudden crack propagation through the 

cross-section of the specimen.  

 

2.3.3!Induction heating 

High temperature environmental testing was performed using an UltraFlex Power 

Technologies induction furnace (model UltraHeat SM, 5 kW output). Specimen temperature was 
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controlled via feedback from an optical pyrometer (LumaSense Technologies IMPAC IGA 310) 

in conjunction with an integrated PID controller (Watlow EZ-Zone PM). Emissivity, an 

important factor in accurate optical pyrometer measurements, was set to 0.3, appropriate for 

IN718 [51,52]. The pyrometer was placed approximately 25 cm from the specimen surface and 

focused on the gauge section near the center of the induction coil. At this distance, the pyrometer 

measures the sample temperature averaged over 10 mm2. Tensile specimens were tested at 25 ¼C, 

550 ¼C, and 700 ¼C. At higher temperatures, specimens were heated to the target temperature at a 

ramp rate of ~10 ¼C/s, after which the specimen were allowed to equilibrate for five minutes. The 

heating process was conducted under force-control at a near zero kN load to prevent thermal 

loading of the tensile specimens. Testing only commenced after complete equilibration of the 

system. 

Induction heating is an effective way to rapidly heat controlled areas of electrically 

conducting materials in a contactless manner. When an alternating magnetic field is applied, 

eddy currents are induced in the material. These induced currents generate magnetic fields that 

oppose the applied magnetic field. Thus, this resistance generates heat by either Joule heating or 

magnetic hysteresis loss [53]. Moreover, the frequency of the alternating magnetic field is 

critical. If too fast, the eddy currents produced will not have time to adequately penetrate the 

thickness of the object and will only be superficial in nature, leading to minimal heat generation 

(Òskin effectsÓ) [53]. Conversely, if the frequency is too low, eddy currently will not be 

adequately. So, by optimizing the frequency based upon the material type and object geometry, 

the entire cross section can be properly heated to the target temperature. 
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CHAPTER 3 

KNOWLEDGE OF PROCESS-STRUCTURE-PROPERTY RELATIONSHIPS TO ENGINEER 

BETTER HEAT TREATMENTS FOR LASER POWDER BED FUSION  

ADDITIVE MANUFACTURED INCONEL 718 

Published in Additive Manufacturing 

Thomas G. Gallmeyer1, Senthamilaruvi Moorthy1, Branden B. Kappes1, Michael J. Mills2,  

Behnam Amin-Ahmadi1*, Aaron P. Stebner1*  

 

3.1!Abstract 

Dislocation structures, chemical segregation, $%, $%%, & precipitates, and Laves phase were 

quantified within the microstructures of Inconel 718 (IN718) produced by laser powder bed 

fusion additive manufacturing (AM) and subjected to standard, direct aging, and modified multi-

step heat treatments. Additionally, heat-treated samples still attached to the build plates vs. those 

removed were also documented for a standard heat treatment. The effects of the different 

resulting microstructures on room temperature strengths and elongations to failure are revealed. 

Knowledge derived from these process-structure-property relationships was used to engineer a 

super-solvus solution anneal at 1020 ¡C for 15 min, followed by aging at 720 ¡C for 24 h heat 

treatment for AM-IN718 that eliminates Laves and & phases, preserves AM-specific dislocation 

cells that are shown to be stabilized by MC carbide particles, and precipitates dense $% and $%% 

nanoparticle populations. This Òoptimized for AM-IN718 heat treatmentÓ results in superior 

properties relative to wrought/additively manufactured, then industry-standard heat treated 
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IN718: relative increases of 7/10 % in yield strength, 2/7 % in ultimate strength, and 23/57 % in 

elongation to failure are realized, respectively, regardless of as-printed vs. machined surface 

finishes.  

 

3.2!Introduction 

3.2.1!Motivation 

Recent works have established that dislocation cells that form as a result of rapid 

solidification during laser powder bed fusion (L-PBF) (also called Òselective laser meltingÓ 

(SLM)) additive manufacturing (AM) may impart higher strengths and elongations to failure 

upon 316L stainless steel and CoCrFeNiMn high entropy alloys than the best established 

traditional manufacturing methods are able to achieve [54Ð56]. Because these cells are orders of 

magnitude smaller than the grain structure of the alloys, the strength of alloys may be augmented 

through a microstructure-based size effect and/or dislocation hardening; a modified Hall-Petch 

relationship with a contribution from dislocation cells has shown to model the strength 

enhancements [56]. Furthermore, because the cells ÒmodulateÓ dislocation motion and promote 

nano-twin formation during mechanical deformation, as opposed to blocking dislocation motion 

like high angle grain boundaries (GBs), this strength augmentation may be realized without the 

strength-ductility tradeoff that usually limits other strengthening mechanism available to 

traditionally manufactured alloys [55]. Altogether, this knowledge has established a means to 

engineer AM alloys to perform beyond the strength-ductility tradeoff limits established for 

traditionally manufactured alloys.  

Still, the aforementioned stainless steel and high entropy alloys are predominantly single-

phase alloys that do not require sophisticated post-processing heat treatments; they do contain 
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carbides and oxides, but those particles are induced during processing and largely unaltered by 

heat treatments [54Ð56]. It is logical that dislocation cell networks should also benefit the 

mechanical performances of any alloy system that exhibited such substructures because of L-

PBF AM. However, understanding of the process-structure-property relationships in alloys that 

are typically strengthened by multiple phases, especially how the complicated, multi-step heat 

treatments required to achieve those phase transformations after AM may affect the desired 

dislocation substructures, is incomplete.  

Nickel superalloys are a class of such alloys: they are known to exhibit dislocation cells 

due to L-PBF processing, and those cells are known to impact mechanical properties [57Ð59]. In 

this work, sufficient understanding of the process-structure-property relationships of L-PBF AM 

Inconel 718 (IN718) subjected to post-processing heat treatments is established to enable 

purposeful design of better heat treatments for AM-IN718 materials. Specifically, dislocation 

structures, chemical segregation, $%, $!, !  precipitates and Laves phases are concurrently 

quantified and systematically evaluated. It is demonstrated that this understanding can be used to 

engineer post-AM heat treatments that result in AM-IN718 materials that exhibit better strengths 

and elongations to failure than industry-standard wrought IN718 materials Ð heat treatments that 

are better than those being recommended by manufacturers and adopted by the AM industry 

today. 

In todayÕs commercial practices, standard heat treatments (SHTs) developed for 

traditionally manufactured (wrought, cast, forged, powder metallurgy, etc.) IN718 are 

predominantly used and recommended for AM-IN718 [12,60Ð62]. These SHTs consist of 

solution annealing and aging steps [63] to facilitate microstructure homogenization and 

precipitation strengthening, respectively. More specifically, high temperature solution annealing 
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of AM-IN718 can homogenize elements that segregate during AM, dissolve eutectic phases back 

into the matrix [60,64,65], and promote recovery of high dislocation densities produced during 

printing [57,66]. Subsequent multi-step aging treatments after solution annealing shows 

improved yield strength (YS) and ultimate tensile strength (UTS) over the as-printed condition, 

comparable to the same effects these aging steps have on traditionally manufactured IN718 after 

solution treatments [65,67Ð69]; namely, the strengthening is attributed to dense "# and "!  

nanoprecipitate structures.  

The intuition behind recommending these same heat treatments for AM-IN718 was that 

the initial solution anneal step of the SHT would ÒnormalizeÓ the microstructures of the AM-

IN718 material Ð it was anticipated that after the solution anneal step, AM-IN718 would be 

essentially the same as traditionally processed IN718 at this same stage of heat treatment. Then, 

the subsequent heat treatment steps would have exactly the same effects (which are reviewed in 

further detail in Section 4.4.2.2), and the end result would be AM-IN718 materials that meet the 

same specifications as traditional manufactured IN718 materials. However, it is now well 

established that AM-IN718 materials are not the same after the solution anneal step in the heat 

treatment [64,65]. In using typical solution annealing temperatures, more than 900 ¼C but less 

than 1100 ¼C, AM-specific dislocation cells do not recover; rather, carbide and oxide particles 

provide stability to their structures as well as grain boundaries [64,65]. To fully ÒresetÓ the 

microstructures of AM-IN718, recrystallization at temperatures above 1100 ¼C is necessary. 

However, grain growth, in addition to oxide and carbide particle growth at GBs also occur 

during recrystallization [64,65], which are well known to diminish mechanical performances 

[70,71].  
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Recently, Pršbstle et al. [57] reported superior creep performance from multiple heat 

treatment conditions of L-PBF AM-IN718 relative to cast and wrought IN718, which reached a 

maximum when a solution anneal temperature of 1000 ¼C was used in the aforementioned SHT 

process vs. 930 ¡C. They credited the AM-specific dislocation cells for better creep performance 

at low strains, but hypothesized that the best overall creep performance arose from the absence of 

& phase allowing for higher volume fractions of $% and $! precipitates when choosing the anneal 

temperature to be greater (1000 ¼C) vs. lower (930 ¡C) than the &-solvus temperature (~ 1010 ¼C) 

[57]. However, in traditionally manufactured IN718, & phase is necessary to pin GBs, preventing 

grain coarsening during creep. While Pršbstle et al. noted that & phase was not needed to control 

grain sizes of AM-IN718, the mechanistic reason is yet to be fully explained.  

More recently, Sui et al. [68] reported upon the room temperature strength-elongation 

tradeoff of AM-IN718 made by a powder-fed laser directed energy deposition (DED) process as 

a function of varying heat treatment parameters. They showed that changing heat treatments 

could result in higher yield strengths (~ 1290 MPa)3, ultimate strengths (~ 1535 MPa)3, and 

elongations to failure (19.9%)3. They primarily focused on characterizing different Laves phase 

structures and their effects on monotonic tensile properties after being directly aged vs. first 

being solution annealed at 1050 ¼C for 15 vs. 45 min prior to the same aging treatment. The 

authors proposed that small and granular Laves phase particles improved yield strength by 

impacting the "!  phase volume fraction, size, and precipitate distribution. However, while 

subgrain structures appear to be similar in the as-manufactured samples via low magnification 

micrographs, closer examination shows that the subgrain structures are not cellular, but rather 

                                                
3 Engineering stress & strain values from their paper have been converted to true stress & strain values to allow 
direct comparison to the analyses in this paper. 
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their morphology is dominated by eutectic formations - a primary difference of the DED AM-

IN718 materials relative to what has been reported for L-PBF AM-IN718 [34,57,64,72,73]. This 

difference provides strong evidence that the process-structure-property relationships for L-PBF 

AM-IN718 materials likely differ than for the DED material. 

Furthermore, several microstructure features known to be important to attain the best 

performances from traditionally manufactured IN718 are yet to be studied in AM-IN718, such as 

"#/"!  coprecipitation [74]. Complete knowledge of the interactions of all of the microstructure 

features of AM-IN718 is necessary to develop and qualify better heat treatments for AM-IN718 

materials with confidence and purpose. This work begins by first understanding the initial, as-

printed microstructure in conjunction with each step of one SHT recommended for L-PBF AM-

IN718 today, including the structure-property relationships of: 1) as-printed, 2) solution annealed 

at 980 ¼C for 1 h, and 3) complete SHT conditions. We aim to holistically understand what is 

different about AM-IN718 after the SHT relative to cast and wrought IN718 and why. We also 

consider two variations relative to applications of these heat treatments in industry: heat treating 

the entire build at once, with parts still attached to the build plate, vs. heat treating individual 

parts already removed from the build plate; surprising 100 MPa differences in yield strengths 

between these two conditions are found to result from substantially different microstructures. We 

then study the effects of single-step heat treatments at temperatures below solution anneal 

temperatures on the AM-IN718 microstructures and mechanical properties to better understand 

the individual roles of the microstructure constituents. Finally, we demonstrate that the holistic 

process-structure-property relationship knowledge can be used to engineer better heat treatments 

for L-PBF AM-IN718. 
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3.2.2!Additional knowledge of additively vs. traditionally manufactured Inconel 718 

process-structure-property relationships  

Before presenting the new work, knowledge of IN718 structure-property relationships 

and differences already known in AM-IN718 are reviewed, especially for readers not familiar 

with this specific nickel superalloy.  

IN718 is a Ni-based superalloy used in aerospace applications, especially in gas turbines, 

due to its mechanical stability at operating temperatures up to 700 ¡C [75Ð77]. Much of its high 

temperature strength originates from two intermetallic phases that are precipitated through aging 

treatments: $% (Ni3(Al,Ti), ordered face-centered cubic (fcc)) and $! (Ni3Nb, ordered body-

centered tetragonal (bct)) [75,78Ð80]. While $% is known as a strengthening precipitate in other 

Ni-base superalloys, it plays a minor role in IN718 strengthening due to low coherency strains it 

creates within the $ fcc matrix (less than ~1.25%) [15]. Instead, $! serves as the main 

strengthening precipitate since it produces up to 2.9% coherency strain within the matrix [15].  

In addition to their monolithic morphologies, "# and "!  can also form coprecipitate 

structures in various configurations [25]. The "# unit cell size is in between that of the " matrix 

and "!  precipitates. Therefore, it is proposed that "# - matrix interfaces serve as preferential 

nucleation sites for "!  [79], because the lattice strain energy caused by "!  nucleating on "# - 

matrix interfaces is lower than that of "!  nucleating completely within the matrix [74,81,82]. 

Coprecipitates have been shown to improve mechanical responses by requiring more complex 

dislocation structures to induce plastic deformation [83,84]. They also enhance thermal stability 

as their coarsening rates at elevated temperatures are lower than the monolithic precipitates due 

to a combination of interface-controlled kinetics (i.e., reducing total elastic energy through 

interfaces [74]) and diffusion-controlled kinetics (i.e., reduced solute flux across coprecipitate 
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interfacial layers [25]). However, the "#/"!  coprecipitation found to be optimal for traditionally 

manufactured IN718 materials has yet to be reported for AM-IN718 

The control of precipitate coarsening in IN718 is critical since "!  tends to transform to the 

equilibrium phase, !  (Ni3Nb, ordered orthorhombic), through nucleation on existing stacking 

faults within "!  precipitates [85] at temperatures between 700 ¡C and 1000 ¡C [78,79]. Unlike "! , 

the & phase is incoherent with the matrix, resulting in limited impact on the precipitate 

strengthening of the alloy [80], !  phase does inhibit grain growth by restricting GB migration 

(Zener pinning) at elevated temperatures [69,86,87]. In addition to these precipitates, MC 

carbides and Laves phase are also commonly observed in as-cast conditions as the result of 

eutectic reactions during solidification [88,89]. Much like the & phase [65], MC carbides are 

shown to impede GB migration but, they can lead to intergranular cracking when present in high 

densities at GBs [70]. Moreover, the brittle nature of Laves phase is documented to detrimentally 

affect tensile strength, fracture toughness, fatigue, and elongation by serving as crack initiation 

sites during deformation [12,67,89,90]. 

Traditionally, IN718 has been manufactured using a multitude of techniques, including 

forging, casting, and powder metallurgical processing [21,91]. More recently, AM processes 

have enabled the production of complex geometries directly from digital files, providing greater 

design freedom and customized production [44,92Ð95]. One limitation of AM parts relative to 

traditionally-manufactured products is that it is impractical to strengthen AM components by 

work hardening [92]. Therefore, weldable, precipitation strengthened alloys like IN718 have 

been among the first alloys adopted to AM with notable success across multiple AM processes; 

e.g., powder bed fusion by laser (L-PBF) [57], powder bed fusion by electron beam (EB-PBF) 

[40,96], directed energy deposition by laser [97], and directed energy deposition by plasma arc 
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[44]. 

 The fast cooling rates (103Ð108 K/s) of AM processes leads to distinct microstructures in 

bulk AM parts compared with those produced through traditionally manufactured routes. At 

these cooling rates, the rejection of solute introduces constitutional supercooling ahead of the 

solidification front, resulting in solid-liquid interface instability and subsequent nonplanar 

solidification morphologies such as cellular or dendritic growth [42]. Thermo-Calc [98] 

simulations mimicking solidification conditions of EB-PBF processed IN718 showed 

segregation of Nb, Mo, Ti, and C elements to interdendritic regions and corresponding depletion 

from the $ matrix [99].  

 In addition to solidification during the deposition of a layer in AM processes, subsequent 

layer deposition can cause remelting and/or thermal cycling of previously solidified layers, 

changing the final microstructure relative to the initially deposited microstructure. For example, 

the layer-wise deposition of L-PBF processes can cause local tensile and compressive strain 

variations in as-printed IN718 that induce macroscopic residual stresses [100]. These residual 

stresses lead to the generation of dense dislocation forests arranged in cellular boundaries, as 

well as high dislocation density within the cell interiors [59,60,66]. Furthermore, the thermal 

cycling of AM processes has been reported to cause "# and "!  precipitation in as-printed parts 

[36,101]. Yet, there are other reports that have indicated only trace quantities of "# and "!  

precipitation, if any, in the as-printed condition [34,60,64]. This disparity is suggestive of 

variability in the as-printed microstructures based upon processing parameter and/or part 

geometry variations. Post-processing heat treatments provide a means to control the final 

microstructures of AM parts despite these as-printed variations, resulting in more consistent 

mechanical performances. In this work, we aim to understand if heat treatment can be used to 
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create superior AM-IN718 performance relative to traditionally manufactured IN718 materials. 

 

3.3!Materials and Methods  

3.3.1!Additively manufactured sample fabrication 

Free-standing tensile specimens pursuant of ASTM E8 / E8M - 16a standard sub-size 

geometry were additively manufactured at 45¡ rotational increments with respect to the build 

plate normal (polar angle) and within the plane of the build plate (azimuth angle), using a 

Concept Laser M2 Cusing multilaser system configured with two 400W diode-pumped Yb-fiber 

lasers and F-Theta full quartz lenses. One of the build plates is shown in Figure 3.1, with the in-

plane azimuth angle convention indicated with ' . Samples were printed on P20 stainless steel 

build plates.  

Manufacturer-provided processing parameters were used, as well as manufacturer-

recommended build settings. Specifically, laser scan strategies consisting of inner skin, outer 

skin, and advanced contour pass methods were used to fabricate the samples (per the program 

provided by Concept, April 2016). The inner skin consisted of a bi-direction, ÒserpentineÓ laser 

pass in an ÒislandÓ fill pattern composed of 5 mm x 5 mm squares orthogonally oriented to each 

other to fill the bulk of a build layer to within 2 mm of the perimeter [102]. The outer skin was 

used within 2 mm of the outer perimeter of a contiguous area and was performed in a bi-

directional, ÒserpentineÓ path. The advanced contour pass consisted of a single, unidirectional 

pass along the outer perimeter of each part to reduce the surface roughness of the finished 

specimen. All three laser scan strategies used manufacturer-provided processing parameter, as 

well as manufacturer-recommended build settings: a laser power of 160 W; scanning speed of 

800 mm/s; laser focus spot size 80 µm; hatch spacing 160 µm; powder layer thickness 50 µm;  
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Figure 3.1 Build plate of free-standing tensile specimens demonstrating various build 
orientations and azimuthal angles (' ) used in their construction. 
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and 90¼ rotation in laser path between subsequent layers. No laser parameter modifications were 

made to accommodate upskin and downskin regions of the build. For all tensile specimens 

manufactured, the build layers through the gauge sections were fabricated using only the outer 

skin followed by the advanced contour pass laser scan strategies. The use of the inner skin scan 

strategy, in conjunction with the other two strategies, was isolated to the grip portion of the (  = 

0¼ tensile specimens where the cross-sectional area of the build layer was sufficiently large. 

The printing was performed under Ar atmosphere with the oxygen concentration 

maintained to 0.40 to 0.60 % of the atmosphere; the relative humidity was kept below 10%; the 

maximum temperature of the printing chamber did not exceed 32 ¡C; pre-heating of the powder 

bed or the build plate was not performed. Manufacturer-provided IN718 powder (gas-atomized 

in Ar, 10Ð45 #m sieved particles, marketed as CL-100NB [103]) was used entirely in a ÒvirginÓ 

(not recycled) condition. Chemical composition analysis of the powders and as-built samples 

was performed using inductively coupled plasma - atomic emission spectroscopy (ICP-AES) at 

NASA Glenn Research Center, and is presented in Table 3.1. 

 

Table 3.1 Chemical composition of the IN718 powder and AM part. 
 Ni Cr Fe Nb Mo Ti Al  Co O N 

Powder (wt.%) 53.13 19.07 18.23 5.11 3.06 0.89 0.42 0.027 0.020 0.016 

Build (wt.%) 53.10 18.91 18.34 5.15 3.06 0.90 0.43 0.071 0.024 0.023 

 

The heat treatment studies reported in this work were developed using parts printed in 

45¡ orientations between horizontal and vertical; various '  rotations were selected. The printed 

tensile specimens were detached from the build plate prior to all heat treatments, with one 

exception detailed below. Some of these as-printed specimens were then heat treated according 

to AMS 5662 [63], in which a solution anneal at 980 ¡C for 1h was followed by air cooling to 
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room temperature and a 2-step aging treatment: 720 ¡C for 8h followed by furnace cooling down 

to 620 ¡C within 2 h, where the temperature is held for 8 h before air cooling to room 

temperature (standard heat treatment, SHT). Residual stress introduced by the AM process and 

thermal contact with the build plate may impact microstructure evolution during heat treatment. 

To study this effect, the standard heat treatment was applied before (SHT-1) and after (SHT-2) 

the samples are removed from the build plate.  

Other heat treatments were then designed to isolate specific aspects of the 

thermodynamics and kinetics driving microstructural evolution that were not completely 

understood from the SHT studies alone (as further discussed in Sections 3.4 and 3.5). 

Specifically, some of the as-printed samples (first removed from the build plate) were Òdirect-

agedÓ at either 620 ¼C for 24 h or 720 ¼C for 24 h; that is, with no solution anneal. Finally, a 

modified two-step anneal-then-age heat treatment was designed using knowledge of the SHT and 

direct-age heat treatments and their effects on microstructures and properties. Specifically, 

anneal-then-age samples were water quenched after a 15 min solution anneal at 1020 ¼C, then 

aged at 720 ¼C for 24 h. 

A summary of the heat treatments studied in this work is provided in Table 3.2, together 

with the acronym designation used to refer to the heat treatments throughout this article. For all 

samples used to compare the different heat treatments, the as-printed surfaces of the samples 

were not machined, polished, or otherwise modified. To examine the effect of surface finish on 

the best reported properties, one sample that underwent the SA1020+A720 treatment was 

machined prior to mechanical testing, and is referred to as SA1020+A720+M. Each surface of 

this E8 sub-size tensile specimen (with gauge section dimensions of 5.96 mm $ 2.10 mm) was 

machined using an end mill fitted with a 5 mm carbide bit followed by light grinding with 1000 
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grit SiC paper for the finished surface. The geometric ratios from the original tensile specimen 

were maintained, with the final gauge section dimension of 5.15 mm $ 1.38 mm.   

 

Table 3.2 Heat treatment schedules for various conditions examined in this work. ÒFCÓ stands 
for furnace cooling and ÒACÓ for air cooling. 

Condition Designation Solution Anneal Aging 
As-printed AP -- -- 

Solution annealed  SA980 980 ¼C/1 h/WQ -- 

Standard heat treatment  SHT-1* 980 ¼C/1 h/AC 720 ¼C/8 h/FC 50 ¼C/h+620 ¼C/8 h/AC 

Standard heat treatment  SHT-2 980 ¼C/1 h/AC 720 ¼C/8 h/FC 50 ¼C/h+620 ¼C/8 h/AC 

Direct age: 620 ¼C, 24 h  DA620 -- 620 ¼C/24 h/AC 

Direct age: 720 ¼C, 24 h  DA720 -- 720 ¼C/24 h/AC 

Solution annealed + aged SA1020+A720 1020 ¼C/0.25 h/WQ 720 ¼C/24 h/AC 

*Tensile specimen connected to build plate during heat treatment 

 

3.3.2!Wrought sample fabrication 

 To compare the AM vs. wrought materials properties, an ASTM E8 tensile sample with a 

gage cross sectional area of 31.67 mm2 was machined from a wrought plate and heat treated 

using the SHT schedule described in Section 3.3.1 (Table 3.2) by Metals Technology, Inc. 

 

3.3.3!Mechanical testing 

Monotonic tensile testing of all examined conditions of the AM samples was performed 

using an MTS servo-hydraulic load frame equipped with an MTS 662.20H-05 load cell. A cross-

head speed of 4.5 mm/min was used, corresponding to an approximate strain rate of 0.003 s-1. 

Strains were measured using an extensometer (MTS model 634.12F-24). All engineering stress-

stress values for the AM and wrought samples were converted to logarithmic (i.e., ÒtrueÓ) stress 

and strain [104]. 
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The wrought sample was also tested following the ASTM E8 standard. The test data was 

provided by Metals Technology, Inc. 

 

3.3.4!Microstructure characterization 

Samples for optical microscopy (OM) and electron backscatter diffraction (EBSD) were 

prepared using standard metallographic polishing techniques with a final polishing step with 0.02 

colloidal silica on a VibroMet vibratory polisher for 24 h. OM samples were etched with 

glyceregia (3 parts HCl, 2 parts glycerol, 1 part HNO3) then imaged using a Keyence VHX-5000 

digital microscope. ESBD measurements were performed using a FEI Helios Nanolab 600i 

DualBeam SEM/FIB configured with an EDAX Hikari Super EBSD camera. The statistics of 

grain size widths and lengths reported in this work consider analysis of at least 100 grains per 

condition from OM and/or EBSD data. All EBSD data was processed using EDAX OIM 

Analysis 7 software (version 7.2.1). The Taylor factor (M) was calculated using "##$#%&##' ( fcc 

slip systems and the deformation gradient tensor, ) * +,
- ' ./ ' '

' # '
' ' - ' ./

0. 

Conventional bright-field (BF), dark-field (DF), high-angle annular dark-field (HAADF) 

and high-resolution (scanning) transmission electron microscopy (HRTEM and HR HAADF 

STEM) characterizations were performed using a FEI Talos TEM (FEG, 200 kV equipped with 

ChemiSTEM X-ray energy dispersive spectroscopy (EDX) four detector technology) and a FEI 

Titan 80-300 with electron-probe Cs-correction operated at 300 kV. Additionally, an FEI Titan 

G2 80Ð200 with ChemiSTEM technology was also used for high-spatial-resolution EDX 

mapping. TEM samples were prepared from the gauge sections of the 45¡ tensile bars by equally 

grinding both surfaces down to a final thickness of 90Ð100 #m; a mechanical punch was then 
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used to extract discs with a diameter of 3 mm. A Fischione automatic twin-jet electropolisher 

(Model 120) at 15 V and an electrolyte of 10 vol% perchloric acid in methanol at - 32 ¡C was 

then used to further thin the TEM foils. Lattice dislocation densities of cell interiors were 

measured in BF TEM micrographs by line intercept method [105] using at least 50 dislocation 

cells. Entangled forests of dislocations along the cell boundaries were excluded from this 

calculation Ð dislocation cell sizes were separately analyzed and reported. Average precipitate 

sizes, interparticle distances, and corresponding standard deviations are reported using 

measurements of approximately 50 precipitates from several HRTEM, HR HAADF STEM, BF 

and DF images taken from various regions of each sample.  

 

3.4!Results  

 The presentation of results is provided in two subsections. The mechanical properties are 

presented in Section 3.4.1. Microstructures of the AM materials are presented in Section 3.4.2. 

Process-structure-property correlations are discussed in Section 3.5. 

 

3.4.1!Monotonic mechanical properties 

The anisotropy and statistical variability in the mechanical properties of as-printed (AP) 

samples (Figure 3.1) due to both build orientation (a-d) and azimuthal angle (e-h) are illustrated 

in Figure 3.2. Relevant to this report, note that samples with ÒaverageÓ AP mechanical properties 

were chosen to understand the SHT and to develop new heat treatments. 

Figure 3.3 shows the monotonic tensile properties of AM-IN718 in the AP, SA980, SHT-1, 

SHT-2, DA620, DA720, and SA1020+A720 heat treatment conditions (refer to Table 3.2 for 

acronym designations), as well as the wrought IN718 in the SHT condition. Fractures of all  
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Figure 3.2 Statistical variability of ultimate tensile strength ) Ultimate, yield strength ) Yield, % 
elongation to failure, and YoungÕs modulus (E) for the free-standing tensile specimens with 
respect to build orientation angle ( , where 0¡ is vertical and 90¡ is flat on the plate is given in (a-
d) as box plots, where the red lines within the box represent the median values of the normal 
distributions of n = 33 tests for the 0¡ samples, n = 22 for 45¡ and n = 10 for 90¡. The boxes 
show the extent of the 2nd and 3rd quartiles of those same distributions, while the error bars show 
the extent of the 1st and 4th quartiles and outliers are plotted as red crosses. Then, variability of 
the (  = 45¡ samples used in this study as a function of rotation with respect to the recoater blade 
'  as defined in Figure 3.1 is shown in (e-h), where individual data points are plotted. 
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Figure 3.3 Monotonic tensile behaviors of IN718 produced by L-PBF then heat treated as 
indicated in Table 3.2, in addition to a machined sample of the SA120+A720 condition 
(indicated SA120+A720+M) and wrought IN718 in the SHT condition (Wrought, SHT). 

 
samples occurred within the gauge length of extensometer. Table 3.3 lists the yield strength, 

UTS, elongations-to-failure extracted from the true stress-strain curves (Figure 3.3), and the 

relative differences of the AM samples compared to the cast and wrought sample (SHT 

condition), as well as compared to the AP sample. These results show that the yield strength of 

the AM material decreases by ~18% after the solid solution anneal (SA980), but is otherwise 

improved from the AP condition using any of the investigated heat treatments according to their 

full schedules. Specifically, relative to the AP condition, the yield strength increased 47% using 

DA620, 49% using SHT-1, 63% using SHT-2, 71% using DA720, and 64% using 

SA1020+A720 heat treatments. In contrast, the variation of UTS values shows that the AP and 

SA980 conditions have similar UTS despite an ~180 MPa difference in yield strength, indicating 

a higher strain hardening for the SA980 sample. More interestingly, while the DA720 and 
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SA1020+A720 heat treatments achieve a higher yield strength than the SHT-1 (15% and 10%, 

respectively) and wrought SHT samples (12% and 7%, respectively), the four materials have 

comparable UTS due to the higher amount of strain hardening exhibited by the SHT-1 and 

wrought SHT samples. The SA1020+A720 sample exhibits the highest UTS (1640 MPa) of all 

the aged conditions evaluated. 

 
Table 3.3 Yield strengths (1YS), ultimate tensile strengths (1UTS) and elongations to failure of 
AM-IN718 subjected to the various heat treatments studied in this paper (see Table 3.2). In 
addition to the values, the relative percent (%) differences relative to wrought, standard heat 
treated (23 4567 ) and as-printed (289 ) IN718 are also given. 

Condition 1YS+ 1UTS Elongation 

 :;<=> + 23 4567 + 289 + :;<=> + 23 4567 + 289 + (%) 23 4567  289  

AP 760 -34.5 - 1335 -17.1 - 21.3 +57.8 - 

SA980 620 -46.6 -18.4 1325 -17.7 -0.75 28.6 +112 +34.3 

SHT-1 1135 -2.16 +49.3 1530 -4.97 +14.6 10.6 -21.5 -50.2 

SHT-2 1240 +6.90 +63.2 1560 -3.11 +16.9 11.6 -14.1 -45.5 

DA620 1120 -3.45 +47.4 1500 -6.83 +12.4 14.5 +7.41 -31.9 

DA720 1300 +12.1 +71.0 1580 -1.86 +18.4 9.6 -28.9 -54.9 

SA1020+A720 1245 +7.33 +63.8 1640 +1.86 +22.8 16.6 +23.0 -22.1 

Wrought, SHT 1160 - +52.6 1610 - +20.6 13.5 - -36.6 

 

Compared to the AP condition, solution annealing by itself (SA980) improved elongation 

to failure, but aging reduces elongation to failure by 22-55%. The largest decrease in elongation 

(55%) was observed in the DA720 condition, while the SA1020+A720 condition yielded the best 

elongation of all the aged conditions examined (16.6%). In contrast, the SHT-1 and DA620 AM 

samples have comparable YS and UTS, but the greater elongation of the DA620 sample results 

in a lower rate of strain hardening (with respect to the total accumulation of strain). Moreover, 

comparing the two SHT conditions, despite having higher YS in the SHT-2 condition, the 
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elongation was still 9% higher over the SHT-1 condition, indicating an improvement over usual 

strength vs. elongation trade-offs that is further discussed in Section 3.5. 

 

3.4.2!Microstructure characterizations 

Table 3.4 summarizes the sizes of the secondary phases, dislocation cells and dislocation 

densities within the cells of the AM-IN718 materials (again, see Table 3.2 for definition of the 

different conditions). The following subsections present the microstructures specific to each 

processing condition, including detailed quantification of the data presented in Table 3.4. 

 

3.4.2.1!The as-printed (AP) microstructure 

 Dark, sweeping lines in the optical micrograph shown in Figure 3.4(a) are the cross-

sections of weld pools generated during deposition of each layer. Columnar grain growth that 

spans these weld pool boundaries is evident in Figure 3.4(a) to Figure 3.4(b). This result and the 

absence of lack-of-fusion defects provides evidence that in subsequent build layers the laser fully 

penetrates the depth of the previous layer melt pool, and that the unmelted grains at the weld-

pool/deposition interface serve as nucleation sites for competitive epitaxial growth, as has been 

previously established for L-PBF [106]. Figure 3.4(b) further shows that these columnar grains 

have misorientation with respect to each other due to different growth directions, considering the 

orientation map colored according to the inverse pole figure (IPF) made with respect to the plane 

normal parallel to the tensile axis (TA). Low-angle grain boundaries (LAGBs) and high-angle 

grain boundaries (HAGBs), as defined by thresholds of 3¼ *  '  *  15¼ and '  + 15¡ misorientations, 

respectively, are highlighted by red and black lines, respectively. The columnar grains are shown 

to be aligned with the build direction. The average grain dimensions were measured to be      
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13.4 ± 9.4 µm in width and 96.1 ± 72.9 µm in length when including both LAGBs and HAGBs. 

Moreover, when only considering HAGBs, the average grain dimensions were 25.2 ± 19.7 µm in 

width and 108.4 ± 64.3 µm in length. 

 

 
Figure 3.4 (a) Optical micrograph of the side view of a 45¼-oriented tensile specimen is given for 
the as-printed (AP) condition. Melt pool boundaries are indicated by the darker, swooping lines 
that are normal to the build direction. (b) The crystallographic orientation map is presented 
colored according to the inverse pole figure (IPF) that is given with respect to the plane normal 
(: ?@A>s) parallel to tensile axis (TA). The build direction (BD) and tensile axis of the sample lie 
in the plane of the page, 45¼ apart, as indicated by the drawn coordinate systems. LAGBs and 
HAGBs are outlined with red and black lines, respectively. {100}, {101}, and {111} pole figures 
with intensities colored by multiples of random distribution according to the indicated scale. 

 

Furthermore, the grain morphology is observed to vary even though the melt pool 

morphology remains more-or-less uniform Ð smaller, more equiaxed grains are interspersed and 

sometimes cluster in between or within the columnar grains. The inset {100} pole figure (PF) 

indicates a strong fiber of the texture with {100} aligned with the build direction (BD), which 

lies 45¼ with respect to the tensile axis (TA) of the specimen. Two additional fibers components 

have {100} oriented in transverse-to-build orientations, misaligned from the major axes of the 2 

mm x 6 mm rectangular cross-section. The 3-fiber-component nature to the texture is confirmed 

considering the {110} and {111} pole figures, noting that one of the fibers has {111} aligned  
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Table 3.4 Statistical measurements of AM-IN718 after application of various heat treatments. 
 AP SA980 SHT-1 SHT-2 DA620 DA720 SA1020+A720 

Dislocation cell statistics        

Dislocation cell size (nm) 620 ± 180 650 ± 125 630 ± 75 610 ± 140 640 ± 110 620 ± 110 660 ± 160 
Dislocation density (1014 m-2) 1.6 ± 0.8 0.86 ± 0.24 ** **  1.4 ± 0.4 0.24 ± 0.06 ** 
        
Precipitate size (nm)        
Laves phase 214 ± 62 ** ** **  234 ± 46 240 ± 58 ** 
!  phase Ð Major axis ** 500 ± 140 940 ± 250 700 ± 290 ** ** ** 

!  phase Ð Minor axis ** 83 ± 42 110 ± 35 134 ± 27 ** ** ** 
! !  phase Ð Major axis * ** 64 ± 28 27 ± 6 8 ± 2 31 ± 8 29 ± 7 
! !  phase Ð Minor axis * ** 23 ± 7 8 ± 2 3 ± 1 10 ± 3 8 ± 2 
! " phase * ** 25± 6 18 ± 3 ** 21 ± 7 23 ± 4 
! "/! !  co-precipitates ** ** 24 ± 6 16 ± 4 ** 15 ± 2 18 ± 3 
"        
Interparticle spacing (nm)        
Laves phase 316 ± 103 ** ** **  399 ± 96 380 ±105 ** 

!  phase ** 575 ± 305 700 ± 375 537 ± 384 ** ** ** 
Strengthening precipitates ** ** 24 ± 11 15 ± 6 7 ± 2 15 ± 4 16 ± 5 

*Indistinguishable due to small size **Feature not observed 
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with the TA, and another {101}, consistent with the orientation map in Figure 3.4(b). This 

crystallographic texture is consistent with the preferential growth direction along !""# $ for fcc 

metals [13] and previous reports of AM-IN718 [67,102,107].  

 

 
 
Figure 3.5 Conventional BF micrograph shows the morphology of grains and the existence of 
submicron cellular substructure within each grain. 

 

Color gradients observed within individual grains (Figure 3.4(b)) indicate low-angle 

misorientations. The origin of these misorientations is revealed considering the conventional BF 

TEM micrographs of Figure 3.5, Figure 3.6(a) and Figure 3.6(b). These figures show that each 

grain contains a columnar, cellular substructure. The cross-sections of the cells are 620 ± 180 nm 

across. Lattice dislocation densities within the cell interiors were measured to be 1.6 ± 0.8 !  1014 

m-2 (Table 3.4). Additionally, lattice fringes corresponding to nanoprecipitation within the cell 

interiors were observed, as indicated with arrows in Figure 3.6(c), and measured to be 4 ± 1 nm. 

However, due to their very small size (overlapping with the matrix) and sparsity, fast Fourier 
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transform (FFT) and selected area electron diffraction (SAED) techniques were not able to 

confirm their phases. 

Chemical mapping using STEM-EDX was performed on the region of the sample shown 

in the HAADF-STEM micrograph in Figure 3.6(d). The uniformly brighter regions at 

intercellular boundaries (Figure 3.6(b)) coincide with Nb and Ti enrichment (Figure 3.6(e-f)). In 

contrast, the heterogeneous bright spots (Figure 3.6(d)) indicate the existence of particles at the 

intercellular boundaries. These particles are consistent with three known phases in IN718: metal 

carbides, metal oxides, and Laves. Specifically, MC carbides are known to be rich in Nb and Ti 

and depleted in Ni [17], which is consistent with the particles evident to be Nb and Ti-enriched 

and Ni-depleted Figure 3.6(e-g). The Al- and O-rich particles shown in Figure 3.6(h-i) confirm  

 

 
Figure 3.6 (a,b) Conventional BF micrographs of the as-printed IN718 showing formation of 
columnar dislocation cells. (c) High-resolution TEM micrograph of nanoprecipitates observed 
within the dislocation cells. (d) HAADF-STEM micrograph and (e-i) corresponding STEM-EDX 
maps highlighting segregated elements at cell boundaries. 
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the presence of oxides, which have been reported in laser-based AM processes of various alloys 

including IN718 due to O entrapment [44,108]. 

The irregularly shaped particles of Nb-rich phases (Figure 3.6(d-e)) are consistent with 

the reported composition of Laves phase [17,109]. The magnified BF and corresponding SAED 

shown in Figure 3.7(a) provides further evidence of the Laves phase. The superlattice reflections 

in SAED pattern in the inset of Figure 3.7(a), which was taken along the %###&" // %"""# &'()*+  

zone axis, belong to the hexagonal close-packed (hcp) structure of the Laves phase. Figure 3.7(b) 

shows the corresponding central dark-field micrograph of Figure 3.7(a) that was imaged using 

the , - . #/ "#" 0'()*+  reflection indicated with the white circle in the inset of Figure 3.7(a). The 

irregularly shaped particles along the cell boundaries highlighted in Figure 3.7(b) share similar  

 

 
Figure 3.7 (a) Conventional BF micrograph of as-printed IN718, with the corresponding SAED 
pattern along the %###&" // %"""# &'()*+  zone axis shown as an inset. (b) Conventional central DF 

micrograph showing the Laves phases using , - . #/ "#" 0'()*+  reflection indicated by the white 
circle in the SAED pattern given in (a). 
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morphology to the Nb-rich particles in Figure 3.6(e). These Laves particles measure to be 214 ± 

62 nm, with an interparticle distance of 316 ± 103 nm. 

This as-printed microstructure is consistent with previous reports of L-PBF AM-IN718 

[57,64Ð67,69,72]. Chemical segregation due to elemental solutes being ejected to dendrite 

surfaces encourages localization of oxide, carbide, and Laves particle formation upon the cellular 

dislocation substructures as a result of rapid cooling rates during additive manufacture, as 

recently discussed by Yoo et al. [72]. These observations give direct evidence for the as-printed 

Ti and Nb segregation they hypothesized in observing solution-annealed AM-IN718 

microstructures, and is consistent with previous reporting [34,69,101,110]. 

 

3.4.2.2!The solution annealed (SA980) microstructure 

Figure 3.8(a) shows a BF micrograph of the AM-IN718 after a solution annealing at 980 

¡C for 1 h. It is obvious that large, needle-like, Nb-rich # phase (indicated by white arrows), with 

an average length and width of 500 ± 140 nm and 50 ± 20 nm, respectively, have formed at the 

intercellular boundaries and span through the cell interiors. Their formation is expected, as the 

solution anneal temperature is within the # phase nucleation temperature range of 700 ¡C to 1000 

¡C [78,79]. In addition to the appearance of these # precipitates that were largely absent in the 

AP condition, the dislocation density within cell interiors (as in Figure 3.8(b)) is diminished, and 

is measured to be 0.86 ± 0.24 !  10 14 m-2, approximately half the dislocation density observed of 

the AP condition. However, the walls of the cellular structures, while less entangled and 

populated with apparently fewer dislocations, have not annihilated; the cells themselves still 

measure to be 650 ± 125 nm Ð statistically unchanged in size relative to the AP condition. Figure 
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3.8(b) and (c) present a HAADF-STEM micrograph with corresponding Nb map of AM- IN718 

after solution anneal. 

 

 
Figure 3.8 (a) Conventional BF micrograph of L-PBF IN718 after SA980 heat treatment. The 
white arrows indicate the formation of # phase. (b) HAADF-STEM and (c) corresponding Nb 
mapping using the STEM-EDX technique showing homogenization of Nb throughout the 
microstructure. 

 

The absence of uniformly bright regions around cell boundaries in Figure 3.8(b-c) 

indicates that the solution annealing leads to homogenization of the previously segregated Nb 

and Ti back into the matrix. Moreover, Laves phase are not observed, indicating that the solution 

annealing temperature and time (i.e., 980 ¡C for 1 h) was sufficient to dissolve the eutectic Laves 
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phase. However, the carbides and oxides did not dissolve. Finally, the nanoprecipitates suggested 

by fringes observed of HR-TEM images of the AP condition (Figure 3.6(c)) are not observed in 

samples of this condition (not shown), indicating that they were dissolved into the matrix 

through the solution anneal, as expected. Indeed, this microstructure is similar to that previously 

reported for solution annealed AM-IN718 at 1065 ¡C [72], only here, # precipitates are also 

observed. 

 

3.4.2.3!The standard heat treatment applied to entire build (SHT-1) microstructure 

Figure 3.9 (a) and (b) show low magnification HAADF-STEM and magnified BF micrographs of 

AM IN718 after SHT-1. Recall that during the SHT-1 heat treatment the specimen remains 

attached to the build plate. Relative to SHT-2, the SHT-1 heat treatment results in slower cooling 

rates in between each heat treatment step due to the extra thermal mass of the build plate itself, 

as well as other samples, during heat treatment. Needle-like # precipitates can be seen at both 

intercellular and grain boundaries; they have an average length and width of 940 ± 250 nm and 

110 ± 35 nm, respectively. More interestingly, the entangled dislocations inherent to the cell 

walls of the AP condition have recovered. Dislocation recovery was most likely enhanced by the 

nucleation and growth of the coarse "$ and "!  precipitates that are configured in cellular 

arrangements of the same size (630 ± 75 nm), seemingly in place of the dislocation 

entanglements (Figure 3.9(a) and (b)). Dislocations are known to serve as "$ and "!  nucleation 

sites [111,112]. Quantification of the nanoprecipitates within this microstructure shows that three 

scales have formed: 1) the 160 ± 37 nm long lenticular precipitates that mark the cell boundaries 

(Figure 3.9(a)), while 2) 68 ± 28 nm long lenticular and 3) 25 ± 6 nm equiaxed precipitates have 

formed within the cells (Figure 10). This disparity in precipitate sizes between the cell walls and  
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Figure 3.9 (a) HAADF-STEM micrograph showing cell-like substructure defined by lenticular 
precipitates and # phase precipitates located along intercellular boundaries (indicated by white 
arrows) after SHT of tensile specimens attached to the build plate (SHT-1). (b) Magnified BF 
micrograph of cell interior and boundary. Corresponding inset SAED pattern of "", "!  precipitates 
along the [""# ]" zone axis. The solid circles correspond to superlattice reflections that belong to 
both "$ and "! , while spots outlined by the dashed circles originate only from "! . (c) Conventional 
BF micrograph after SHT of detached tensile specimen (SHT-2) showing retained dislocation 
cell substructures, no observed lattice dislocations, and # phase precipitates located along 
intercellular boundaries (indicated by white arrows). (d) Magnified BF micrograph of dislocation 
cell boundary free of large, heterogeneously nucleated "!  precipitates. Dense nanoprecipitation is 
observed within the cell interiors by diffraction contrast. Corresponding inset SAED pattern of "", 
"!  precipitates along the ["## ]" zone axis. The solid circles correspond to superlattice reflections 
that belong to both "$ and "!  phases. 
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interiors suggests that the dislocations along the cell boundaries after the solution anneal can 

promote 1) the heterogeneous nucleation of precipitates on boundaries [113] due to high local 

strain and 2) higher growth rate of precipitates by increased elemental mobility via pipe diffusion 

[114]. The corresponding SAED pattern in the inset of Figure 3.9 (b) taken along the [""# ]" zone 

axis exhibits the superlattice reflections consistent with "$ and "!  precipitates that have (001)"!  

//{001} " and [001]"$ // <001>" orientation relationships and similar lattice constants 

[75,77,79,115]. As such, all superlattice reflections of "$ overlap with those from "!  (indicated 

with solid circles in the SAED pattern). The other superlattice reflections of "!  are identifiable 

and indicated by dashed circles in the SAED pattern. Therefore, the presence of "!  is confirmed, 

while the presence of "" precipitates is ambiguous considering only the SAED pattern. 

Thus, highÐspatial resolution STEM-EDX mapping was performed to distinguish the 

presence and morphology of "$ precipitates from "!  in the SHT-1 condition. Figure 3.10(a) shows 

a HAADF-STEM micrograph, and corresponding elemental maps are presented in Figure 

3.10(bÐd). The larger Nb-rich, lenticular particles (Figure 3.10(b)) and the Al-rich spherical 

particles (Figure 3.10(c)) are consistent with previous reports of the composition and 

morphology for "!  and "$, respectively [116]. Confirming the presence of both "$ and "!  after the 

two-step aging treatment. 

Moreover, coprecipitates are indicated by white arrows in the magnified HAADF-STEM 

micrograph of Figure 3.11(a) and measure at 24 ± 6 nm in length. In examining the HR HAADF 

STEM image of Figure 3.11(b), the "!  lattice structure is distinguishable from the ", but a 

separate "$ lattice structure is not obvious. However, note that the top side of the "$ and "!  

interface is rounded and not atomically planar, while the bottom interface of the "!  phase is 

atomically planar. It is known that one of the three coherent, coprecipitate variants of the "$ and  
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Figure 3.10 (a) HAADF-STEM micrograph showing presence of nanoprecipitates in AM-IN718 
after SHT-1. (bÐd) Corresponding elemental STEM-EDX map to differentiate between Al-rich "$ 
and Nb-rich "!  precipitates. 

 

"!  phases has an atomically planar [001]"!  interface that can be viewed edge-on in this <110>" 

viewing direction [74]. Thus, the observation of this atomically-flat interface definitively 

indicates their presence. Furthermore, there is an atomic layer rich in Al near the interface in 

"$/"!  coprecipitates [117], although this feature was not directly verified in the present study. The 

ends of this layer are marked by arrowheads, and the layer is definitively dark relative to the 

other atomic layers in HR HAADF STEM micrograph of Figure 3.11(b), consistent with an Al-

rich layer. (Because the intensity of the atoms in STEM mode is proportional to their atomic 

number, the Al single layer appears as a low-intensity layer compared to its neighbors.) Al is 

known to be unfavorable in "!  structure because of the size discrepancy between Nb and Al 

atoms and the fact that they occupy the same ordered lattice sites in "!  precipitates. Still, it is 

difficult with HR HAADF STEM alone to distinguish the "$ portion of the coprecipitate from the 

surrounding " matrix since the superlattice ordering is relatively weak, and the net atomic 

number for " and "$ phases of IN718 is similar [74].  
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Therefore, highÐspatial resolution STEM-EDX mapping was also performed on a single-

sided coprecipitate, and the combined Al and Nb elemental map is presented in Figure 3.11(c). 

Using this map, the Al-rich "$ portion of the coprecipitate can be easily distinguished from both 

the matrix and the Nb-rich "!  side. Hence, we conclude that in addition to the presence of 

monolithic "$ and "!  precipitates (Figure 3.9 and Figure 3.10), coprecipitates are also present in 

the SHT-1 condition of L-PBF AM-IN718. 

 

 
Figure 3.11 (a) High-magnification HAADF-STEM micrograph of AM-IN718 after SHT-1 
showing the existence of coprecipitates (indicated by arrows). The zone axis is <110>". (b) HR 
HAADF STEM micrograph of single-sided coprecipitate exhibiting a planar {001} interface that 
is characteristic of the "$/"!  interface of the coprecipitates. Arrowheads indicate an Al-rich layer 
between "$ and "!  portions. (c) Corresponding STEM-EDX map of the coprecipitate showing 
combined Nb and Al elemental map. 

 

3.4.2.4!The standard heat treatment applied to individual samples (SHT-2) microstructure 

Figure 3.9 (c) and (d) show low magnification HAADF-STEM and high magnification 

BF micrographs, respectively, of AM IN718 after applying SHT-2 conditions. Compared to 

samples heat treated while still attached to the build plate, SHT-2 samples are expected to 

experience higher cooling rates after each heat treatment step. Quantitative analysis (Table 3.4) 

shows a slight decrease in # precipitate size compared to SHT-1 (average length and width of 
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700 ± 290 nm and 134 ± 27 nm, respectively). More profoundly, heterogeneous nucleation of "$ 

and "!  precipitates along cell boundaries is not detected; instead, subgrain boundaries remain, 

well-defined by dislocations and cellular structure of the same size as the AP condition (610 ± 

140 nm). This marked difference between SHT-1 and SHT-2 microstructures results from the 

differences in cooling rates in between heat treatment steps strongly influencing the precipitation 

kinetics, as was established in studying traditionally manufactured nickel superalloys [112].  

The corresponding SAED pattern in the inset of Figure 3.9 (d) taken along the ["## ]" 

zone axis again exhibits the superlattice reflections consistent with "$ and "! . Similar analyses for 

SHT-1 confirm the phases and morphologies of nanoprecipitates given in Table 3.4 for the SHT-

2 condition. The primary differences between the cell interiors for SHT-2 vs. SHT-1 are that the 

nanoprecipitates are not as coarse (SHT-2 statistics: "! : 27 ± 6 nm; "$: 18 ± 3 nm; "! /"$ 

coprecipitates: 16 ± 4 nm), especially for the "!  phase, which is 1/3 the size relative to the SHT-1 

condition. Concurrently, the nanoprecipitates are denser at 15± 6 nm spacing. 

 

3.4.2.5!The direct aged at 620 ¡  C for 24 hours (DA620) microstructure 

The microstructure of an L-PBF sample directly aged at 620 ¡C for 24 h is presented in 

Figure 3.12. The BF micrograph of Figure 3.12(a) shows that the microstructure consists of 

dislocation cells and secondary phases (Laves phases, carbides, and oxides) similar to the AP 

microstructure (Figure 3.6). Quantitative analysis (Table 3.4) shows the particles of Laves phase 

are 234 ± 46 nm with an interparticle distance of 399 ± 96 nm Ðstatistically unchanged from AP. 

Interestingly, a high dislocation density (1.4 ± 0.4 !  10 14 m-2) similar to the that in the interior 

cells of the AP condition is observed. This heat treatment was not sufficient to promote recovery 
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of lattice dislocations. Additionally, statistically significant changes in dislocation cell sizes (640 

± 110 nm) and the dislocation entanglements are not observed. 

Unlike the AP condition, monolithic precipitates are observed to have formed with 

average lengths of 8 ± 2 nm. The FFT pattern (inset in Figure 3.12(b)) indicates that the 

nanoprecipitates are "! , which is expected at this aging temperature. Moreover, Nb elemental 

mapping (Figure 3.12(d)) shows that there is still Nb segregation along the cell boundaries, as in 

Figure 3.6(e), indicating that this time and temperature of aging is insufficient to homogenize Nb 

throughout the matrix. Conversely, Ti, which is segregated in the AP condition (Figure 3.6(f)), is 

homogenously redistributed using this aging time and temperature. 

 

 
Figure 3.12 (a) Conventional BF micrograph after 620 ¡C for 24 h (DA620) showing secondary 
particles i.e., Laves phases (indicated by arrows), dislocation cell network and high dislocation 
density inside cells retained from as-printed condition. (b) High-resolution TEM micrograph 
taken along ["## ]" // [##" ]"! showing formation of "!  nanoprecipitates throughout the " matrix 
(indicated by white arrows). (c-d) HAADF-STEM micrograph and corresponding Nb elemental 
map showing remnant Nb segregation along the cell boundaries. 
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3.4.2.6!The direct aged at 720¡ C for 24 hours (DA720) microstructure 

Much like the 620 ¡C for 24 h and AP conditions, quantitative analysis (Table 3.4) of 

images such as the BF micrograph of the 720 ¡C for 24 h condition in Figure 3.13(a) shows that 

the microstructure consists of 620 ± 110 nm dislocation cells with cell boundaries consisting of 

an entangled network of dislocations (Figure 3.6), confirming the thermal stability of the 

dislocation cell structure at these times and temperatures [64,65]. Laves phase particles have an 

average size of 240 ± 58 nm with an interparticle distance of 380 ±105 nm, also similar to the AP 

and DA620 conditions. However, the dislocation density within the interior of the cells has 

decreased to 2.4 ± 0.6 !  10 13 m-2, which is nearly an order of magnitude less than the AP 

condition and approximately 1/3 less than the solution annealed (SA980) condition. This result 

indicates that unlike 620 ¡C, the 720 ¡C aging temperature is sufficient to promote lattice 

dislocation annihilation and the thermal recovery. Interestingly, aging for 24 h at this lower 

temperature leads to more dislocation recovery than annealing for 1 h at 980 ¡C. Some of the 

remaining lattice dislocations are indicated with white arrows in Figure 3.13(a).  

Additionally, the high magnification BF micrograph in Figure 3.13(b) shows the 

formation of dense precipitate networks. Quantitative analysis (Table 3.4) of HRTEM images 

including Figure 3.13 (c) and (d) also confirm the existence of monolithic "!  (31 ± 8 nm) and "$ 

(21 ± 7 nm), respectively, in addition to "! /"$ coprecipitates (15 ± 2 nm) within the interiors of 

the cells. This nanoprecipitate structure is most similar to the SHT-2 condition. Interestingly, a 

few larger monolithic "!  precipitates (210 ± 50 nm) were also observed at the cell boundaries, 

like those observed of SHT-1, indicating that this DA720 treatment is sufficient to initiate 
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Figure 3.13 (a) Conventional BF micrograph of AM-IN718 after direct aging at 720¡C, 24h 
(DA720) showing secondary particles i.e., Laves phases (indicated with striped arrows), 
dislocation cell network and few dislocations (indicated with white arrows) inside the cells 
retained from as-printed condition. (b) High magnification BF micrograph showing presence of 
coprecipitates. High-resolution TEM micrograph taken along ["## ]" showing formation of (c) "!  
and (d) "$ nanoprecipitates throughout the " matrix. (e-f) HAADF-STEM micrograph and 
corresponding Nb elemental map showing remnant Nb segregation along the cell boundaries. 
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heterogeneous "$ and "!  nucleation from the dislocation entanglements. Moreover, Nb elemental 

mapping (Figure 3.13(e-f)) of the DA720 condition shows that there is still Nb segregation along 

the cell boundaries even after aging at 720 ¡C for 24 h; therefore, this aging temperature is also 

insufficient to dissolve Laves particles or to diffuse the segregated Nb back into the matrix. 

However, similar to the DA620 condition (Figure 3.12(d)), Ti solute present in the AP condition 

is homogenized.  

 

3.4.2.7!The solution anneal at 1020 ¼C for 0.25 h, age at 720 ¼C for 24 h (SA1020+A720) 

microstructure 

 Quantitative analysis of images including the BF micrograph of Figure 3.14(a) indicate a 

microstructure consisting of dislocation cells that are 660 ± 160 nmÑstatistically equivalent in 

size to all other aforementioned conditions, though the cell boundaries are much sharper and 

there is no longer a strong ÒentanglementÓ nature to the dislocations that define the cells. The 

lattice dislocations in the cell interior have been annihilated and recovered (Figure 3.14(a)). 

Moreover, in the BF micrograph of Figure 3.14(b), it is apparent that the cell boundaries are 

pinned by MC carbide and/or oxide nanoparticles through Zener pinning effects [118], which 

inhibits cell boundary movement at high temperatures. EBSD analysis (not shown) determined 

the grain size and crystallographic texture to be statistically equivalent for the SA1020+A720 

sample relative to the AP condition shown in Figure 3.4(b), as expected given established 

knowledge of times and temperatures required for recrystallization of L-PBF AM-IN718 [64,65]. 

 Dense, homogeneously distributed nanoprecipitation is revealed by diffraction contrast in 

the Figure 3.14(a-b) BF micrographs. Quantification (Table 3.4) of HRTEM micrographs 

including Figure 3.14(c-d) determine the nanoprecipitation to consist of monolithic "!  (29 ± 7 
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nm) and "$ (23 ± 4 nm) precipitates as well as "$/"!  coprecipitation (18 ± 3 nm) separated by 16 ± 

5 nm regions of " matrix phase. In addition, STEM-EDX revealed homogenization of Nb and Ti 

segregation, similar to that observed for the SA980 condition. Laves phase and # precipitates 

were suppressed (Figure 3.14(a-b)), as expected from the higher temperature solution anneal. 

 

 
Figure 3.14 (a) Conventional BF micrograph of AM-IN718 in SA1020+A720 condition showing 
dislocation cell network with diffraction contrast from dense nanoprecipitation. (b) High 
magnification BF micrograph showing presence of nanoprecipitation and Zener pinning of the 
intercellular boundary by MC carbide particle. High-resolution TEM micrograph taken along 
["## ]" showing formation of (c) "!  and (d) "$ nanoprecipitates throughout the " matrix. 
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3.5!Discussion  

3.5.1!Solute segregation and misorientation periodicities dictate dislocation cell structures 

 As shown by Staker and Holt [119] and rearranged by Kocks and Mecking [120], many 

fcc metals subjected to deformation form dislocation cell substructures that follow the following 

empirical relationship between dislocation cell diameter, 1, and bulk dislocation density, 2: 
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With 1 = 620 >  120 nm and 2 = 1.6 >  0.8 !  1014 m-2, the AP microstructure fits this relationship 

well. Predicted values fall within one standard deviation: a cell size of 620 nm indicates a 

dislocation density of 2 = 1.66 !  1014 m-2, and conversely, a dislocation density of 2 = 1.6 !  1014 

m-2 implies a cell size of 631 nm. While the dislocations along cell walls in the AP material were 

too entangled to include them in dislocation density measurements, the cell walls themselves 

constitute very low volume fraction within the material, especially considering their columnar 

geometry (Figure 3.6(b)). Hence, even though they are more densely populated with dislocations 

than the interiors, they have very little influence on the average bulk dislocation density according 

to the volume-averaging scheme summarized by Kocks and Mecking [120]. For example, if they 

occupy 5% of the material volume (based on quantification of BF images for AP condition 

including Figure 3.6(a) and (b)) and are populated 10 times more densely with dislocations (1.6 >  

0.8 !  1015 m-2), the average dislocation density would still fall well within one standard deviation 

of the measurement made from the dislocation density of cell interiors alone.  

At first, this agreement between the deformation-induced and the AM-induced 

dislocation cell parameters may seem coincidental Ð after all, one structure is formed by 

mechanical deformation, while the other is a solidification structure driven by solidification 

morphology, solute atom rejection and thermal stresses. However, the mathematical theory 
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formulated by Holt follows the same rationale used by Cahn and Hilliard to predict periodic 

fluctuations of solute atom clusters during spinodal decomposition of a supersaturated solution 

[121]. The prediction that periodic fluctuations in dislocation density are more stable than 

uniform arrays of dislocations is independent of how the dislocations form.  

Moreover, the exact mechanism of dislocations generation during AM is still subject of 

discussion in literature [122,123]; however, our results in this work are consistent with the 

hypothesis that the formation of low-energy dislocation cell structures, even after rapid 

solidification, indicates that significant post-deposition annealing occurs by heat transfer to the 

already-built regions of the samples from the newly-deposited regions. The size scale of the 

dislocation cell structure is dictated by the dendrite geometries at the time of solidification, via 

the rejection of solute atoms to the tip of dendrites [72]. Some geometrically necessary 

dislocations form at the cell boundaries to accommodate misorientations between dendrite arms 

at solidification. Further entanglements of dislocations form at the cell walls from thermal 

stresses upon subsequent deposition passes, tougher with pinning of lattice dislocations by the 

segregated solute atoms [124]. Furthermore, the dislocation content of the cell interiors is 

geometrically necessary to stabilize the cellular periodicity of the dislocation entanglements, 

according to HoltÕs theory. This result shows that established theory for the recovery of 

deformation induced dislocation substructures is applicable to AM - induced dislocation 

substructures. 

 

3.5.2!Dislocation cells enhance the yield strength of as processed AM-IN718 

As reviewed in Section 3.2.1, it is established that dislocation structures inherent to some 

L-PBF AM alloys can enhance mechanical properties [54,55]. Changes in yield strength can be 
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correlated to the microstructure origins of strengthening mechanisms that operate in AM 

materials. The HallÐPetch relation is one strengthening model for crystalline materials, and it 

states that strength is inversely proportional to the square root of grain size associated with 

HAGBs [71,121]. In first reporting strengthening effects of the dislocation cells within AM 

materials, Wang et al. proposed that the size of the dislocation cells could be used in place of the 

size of the grains. Recently, Zhu et al. [56] found that such an approximation drastically 

overestimates the strength of a L-PBF CoCrFeNiMn high-entropy alloy; at 1278 MPa, it also 

drastically overestimates the strength of the AP AM-IN718. Instead, they turned to the classical 

strain-hardening model to account for strengthening from both HAGBs and dislocation densities 

present in an L-PBF CoCrFeNiMn high-entropy alloy in the as-printed condition:  

?@- ?8 A BC; 1 DA EFGH9 2,    (3.2) 

where the first two terms are the classical Hall-Petch relationship and the last term accounts for 

dislocation Taylor hardening.DThe applicability of this model to AM metals and the interpretation 

of calculating 2 using analysis of the cellular dislocation structures is supported by the 

discussion in Section 3.5.1. Using established values for IN718: friction stress #0 (325 MPa) 

[125], the HallÐPetch coefficient k (750 MPa µm1/2) [126], shear modulus G (80 GPa) [14], 

Burgers vector b (0.2539 nm) [36], $ (0.35) [127], together with measured values of the average 

grain width from HAGBs d (25.2 µm), dislocation density 2 (1.6 >  0.8 !  1014 m-2), and the 

Taylor factor assessed of the EBSD analysis, M (3.3), the resulting yield strength calculation is 

771 MPa. 

Furthermore, the cells and grains are columnar, not equiaxed, and thus the size-scale (d) 

for the Hall-Petch calculation depends on the orientation of the slip systems relative to the 

columnar grains. For example, in an extreme assumption, slip may be activated such that 
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dislocations only propagate along the length of the columnar grains (Figure 4), This leads to a 

yield strength of 694 MPa when using d = 108.4 µm in Eq. 3.2 (all other parameters the same). 

Given the calculated yield strength can be assumed to be bound by the width and length of the 

columnar grains, the yield strength estimation is in good agreement with the experimentally 

observed value of 760 MPa (Table 3.3, Figure 3.3), which is as good as should be expected of 

this analytical theory [120]. This is especially true considering that this analysis ignores Nb and 

Ti solutes strengthening, Laves phase strengthening, and dispersion strengthening from oxides 

and carbides. Nonetheless, this result shows the importance of the dislocation cells as an 

operative strengthening mechanism since its contribution (the last term in Eq. 3.2) accounts for a 

63% increase in strength, or 39% of the total strength of the AP AM-IN718 material relative to 

considering GB Hall-Petch relationship alone, which predicts a yield strength of 474 MPa using 

the 25.2 µm grain size. 

 

3.5.3!Dislocation cells enhance the elongation to failure of AM-IN718 

Liu et al. [55] showed that the AM dislocation cells impede dislocation motion, resulting 

in dislocation storage that leads to higher yield strength, strain hardening, and elongation to 

failure. They reported that stable plastic flow in AM 316L stainless steel was achieved by 

maintaining the dislocation network in the microstructure. In the present case of IN718 produced 

by L-PBF, MC carbide and oxide particles act as pinning sites (Figure B.4), stabilizing the 

dislocation cell structure during deformation, leading to enhanced strain hardening. Note that the 

carbides in this material are nanosized, hence they most likely do not promote brittle failure since 

they have a low volume fraction and are well dispersed. Therefore, in the AM-IN718 materials, 

the motion of dislocations within the cells is hindered by the dislocation cell boundaries (Figure 
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3.6 (a) and (b)), similar to the result shown by Yoo et al. in examining solution heat treated AM-

IN718 after 1000 low-cycle tension-tension fatigue cycles [72]. By increasing the strain, slip can 

transfer across the cells, which leads to the increase of the strength without sacrificing the 

elongation. As such, the dislocation network has a critical role in the improvement of mechanical 

properties, and its stability during plastic deformation is of great importance in the enhancement 

of elongation. 

 

3.5.4!Coprecipitates in heat treated AM-IN718 

Contrary to previous reports [128], coprecipitates are present in AM-IN718 after aging, 

be it direct aging or aging of solutionized materials (Table 3.4). Detor et al. [25] has shown that 

coprecipitation can exist over a broad range of (Al+Ti)/Nb ratios. As demonstrated in this work, 

HR HAADF STEM and high-spatial resolution STEM-EDX were beneficial in definitively 

confirming the existence of coprecipitation. Using HRTEM, identification of coprecipitates is 

conducted by identifying the characteristic, Al-rich planar interface (similar to that shown in 

Figure 3.11(b)) and surrounding strain field. Since these techniques were not previously 

implemented when evaluating AM-IN718, it is plausible the existence of coprecipitates may 

simply have been overlooked, as the present detailed analysis by high resolution EDS coupled 

with HRTEM utilized in this study has definitively revealed coprecipitate structures. 

In addition, when evaluating the sizes of the different "!  and "$ precipitate morphologies 

across the different aging treatments, the monolithic "!  are always the largest precipitate, while 

coprecipitates are the smallest (Table 3.4, Figure 3.6Ð3.8). This finding suggests that the 

coprecipitates coarsen at a slower rate than their individual monolithic phases, which is 

consistent with previous studies of their kinetics in wrought processes [25,74,81,117]. As 
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discussed in Section 3.4.2.3, optimizing the formation of coprecipitates in AM-IN718 should 

improve the performance at higher operating temperatures. 

 

3.5.5!Microstructures and properties differ in choosing to heat treat individual parts vs. 

entire builds 

Solution annealing effectively homogenizes chemical segregation, dissolves the Laves 

phase, and significantly reduces dislocation density (Table 3.4) on both cell boundaries and cells 

interiors, collectively resulting in a 23% decrease in YS with a corresponding 43% increase in 

elongation to failure of the SA980 sample relative to the AP sample. Considering the industry 

SHTs, as noted in Section 3.4.2.4, it is found that removing a sample from a build plate after heat 

treatment results in a loss of cellular arrays of dislocation entanglements in favor of coarse "!  and 

"$ precipitates (Figure 3.9). This effect is explained by the slower cooling rates achievable due to 

the large thermal mass when the test pieces remain attached to the substrate during heat 

treatment. 

A higher yield strength in the SHT-1 sample is achieved relative to the SA980 sample 

through precipitation strengthening (Table 3.4); a yield strength that exceeds the minimum 

strength requirement specified in AMS5662. But although SHT-1 AM-IN718 can achieve the 

current industry standards for wrought IN718 parts, performance of AM-IN718 processed under 

these conditions is still suboptimal and considerations must be made during post processing to 

design better heat treatments for AM-IN718. Clearly, these over-coarsened precipitates are 

undesirable, as they result in a yield strength reduction of ~ 100 MPa and a 1% less elongation 

relative to SHT-2. Recovery of the dislocation cell structure reduces both strength and 

elongation, emphasizing the benefits of keeping the dislocation entanglements at the cell 
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boundaries. Furthermore, the nanoprecipitates are much coarser within the cell interiors. Most 

notably at ~ 65 % 25 nm, the "!  precipitates are more than 3 times bigger. These changes are a 

result of protracted transformation kinetics during slower cooling rates between heat treatment 

steps. These conditions are caused by radiation and heat conduction into the sample from the 

build plate and surrounding parts Ð especially the cooling from the solution anneal. The direct 

aging studies provide further support for this conclusion; only sparse, coarse, heterogeneous 

precipitation is observed in DA720 samples, indicating that 720 ¡C is likely the lower-bound for 

heterogeneous precipitation. Thus, it is recommended that in heat treating AM-IN718, parts 

spend as little time as possible at temperatures between the solution anneal temperature and 720 

¡C. 

 

3.5.6!The coexistence of dislocation cells and fine, dense nanoprecipitates leads to stronger 

AM materials 

Extended-duration, direct-aging heat treatments (without first solution annealing) provide 

insight into processÐstructureÐproperty relationships in AM IN718. Based on microstructural 

characteristics, DA620 samples retain higher dislocation densities within the cell substructure, 

while the DA720 samples show larger and denser nanoprecipitate morphologies (Table 3.4Table 

3.4). Despite some dislocation content reductions relative to AP conditions, both samples 

preserve the dense dislocation cell structure. While dislocation cell structures remained relatively 

constant, "!  precipitate strengthening dominates dislocation, "$, and coprecipitate strengthening 

mechanisms; the strength increases by ~ 50% due solely to minimal "!  nanoprecipitation in the 

DA620 sample relative to the AP sample. The DA720 sample also shows an additional 20% rise 

in yield strength relative to the AP sample, verifying that the "$$ and coprecipitates are critical to 
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achieving maximum strengths. And while both samples demonstrate that precipitation has a very 

strong influence, dislocation cells enable AM-IN718 to be stronger than optimally processed cast 

and wrought IN718. In spite of its sub-optimal aging, DA620 achieved comparable strength and 

superior elongation to wrought, SHTÐprocessed IN718. In contrast, DA720 AM-IN718 achieved 

greater strengths, but lower elongation. It appears that the strength-elongation paradigm for 

wrought-SHT material cannot be overcome through direct-aging alone, even absent # phase 

precipitation. Laves phase dissolution and/or homogenization of the Ti and Nb solute segregation 

will be necessary to realize the full potential benefits of the AM-induced dislocation cells in AM-

IN718. 

 

3.6!Conclusions  

Considering the foundational work reviewed in Section 3.2, together with these new 

systematic studies of the individual SHT heat treatment steps and direct aging results, the 

following process-structure-property understanding is gleaned that can be used to engineer better 

heat treatments:  

¥! # phase precipitation is not necessary for strength (this study) or creep performance [57] if 

AM-induced dislocation cells are retained. Dislocation cell structure and nano-sized oxide 

and carbide particles stabilize interfaces, mitigating grain growth. Hence, # phase is 

detrimental. Perform solution anneals of AM-IN718 at temperatures above 1010 ¡C (#-

solvus) to eliminate # phase. 

¥! AM-induced dislocation cells enhance strength and elongation (this study) as well as creep 

performances [57] of L-PBF AM-IN718 relative to that possible through wrought 

microstructure engineering; if such enhancements are desired, anneal at temperatures below 



 67 

1100 ¡C, where dislocation cells are stabilized against recrystallization through Zener 

pinning provided by nanoscale oxide and carbide particles (this work and [64,65]); 

¥! While solution anneal temperatures above 1100 ¡C will recrystallize AM-induced defect 

structures, they will also coarsen grains as well as carbide and oxide particles [64,65]; hence, 

Òre-settingÓ the AM-induced microstructures with such recrystallization anneals mitigates the 

possibility of using AM-induced dislocation cell structures to engineer enhanced properties. 

¥! Laves phase is largely undesirable; solution anneals before aging are still desired to dissolve 

the Laves particles that form during AM. 

¥! Dense, homogenous networks of "! , "$, and "! /"$ coprecipitates are desired; aging after 

solution anneal at times and temperatures that promote all three nanoprecipitate 

morphologies is recommended; however, 2-step aging does not appear necessary. Optimal 

nanoprecipitate structures, even of the "!  phase, seem to form after 720 ¡C aging. 

¥! Heterogenous nucleation of "!  and "$ precipitates can occur when cooling too slowly from 

solution annealing treatments. Cooling from the solution anneal temperature to temperatures 

below 720 ¡C as quickly as possible is recommended. 

The results from examining the heat treatments being used by industry today for AM-

IN718 show that the material can meet existing specifications. The results from the newly 

designed solution anneal at 1020 ¡C for 15 minutes, water quenching, then aging at 720 ¡C for 

24 h, air cooling (SA1020+A720) heat treatment applied to AM-IN718 samples in this study 

provide verification that process-structure-property knowledge generated in recent years 

translates to an ability to design heat treatments that improve both strength and elongation 

beyond what is observed of traditionally manufactured wrought, SHT IN718. This heat treatment 

has three differences from the heat treatment reported to exhibit the best-known creep 
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performance of L-PBF AM-IN718 and displays better creep performance than cast and wrought 

by nearly one decade (solution annealed at 1000 ¡C for 1 h, water quench, age at 720 ¡C for 8 h, 

furnace cool, age at 620 ¡C for 8 h, furnace cool) [4]:  

1)! The solution anneal temperature chosen is slightly higher to ensure the anneal is 

carried out above the #-solvus temperature. 

2)! The solution anneal time is lower. It is shown that 15 minutes is sufficient to dissolve 

Laves phase and homogenize Nb and Ti solute segregation. While quantitative 

analysis of the dislocation entanglements is challenging, using as short a time as 

possible would preserve as much of the cellular structure as possible. However, there 

is no noticeable difference in comparing the cellular structures between the Pršbstle 

et al. material and the material from this study. 

3)! A single step age at 720 ¡C for 24 h is used. 

Altogether, the best comparison of the SA1020 + A720 microstructure in this work is 

very similar to the superior creep microstructure in the work by Pršbstle et al. They concluded 

that their nanoprecipitate structure is suboptimally sized (< 30 nm) [57]. However, they do not 

appear to use HRTEM to quantify their size, but rather use dark field diffraction conditions, 

which are not always sufficient to precisely measure precipitates at these scales. Furthermore, 

coprecipitation was not reported.  

Finally, despite the fact that the materials reported in this work contain some subsurface 

porosity and microcracking within 100 µm of the surface [129], the as-printed surface finish 

minimally impacted the mechanical performance of the material; confirming the suggestion of 

Kantzos et al. [130], who concluded that varying amounts of porosity and microcracking in heat 

treated L-PBF AM-IN718 has only minor effects on the observed tensile properties (i.e., YS, 
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UTS, % elongation). This conclusion is verified in comparing the results of SA1020 + A720 to 

SA1020 + A720 + M in the present work (Figure 3.3). 
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CHAPTER 4 

ROLE OF HEAT TREATMENT ON THE ROOM TEMPERATURE DEFORMATION 

MECHANISMS OF ADDITIVELY MANUFACTURED INCONEL 718 

 

4.1!Abstract 

The effects of heat treatment on the room temperature, monotonic deformation 

mechanisms of AM IN718 materials were studied using transmission electron microscopy to 

understand the role of AM-specific microstructural features. Systematic quantification of the 

precipitate and deformation structures was performed. Post-mortem examination revealed three 

primary modes of planar deformation: planar slip, extended stacking faults, and deformation 

nanotwins. Weak correlation between the primary operative deformation mechanism and direct 

measurement of intrinsic stacking fault energy for the different heat treatments was observed, 

suggesting the need to evaluate the generalized stacking fault energies. AM process-induced 

dislocation cells are observed to act as barrier to dislocation transmission in addition to a 

nucleation site for stacking fault formation. Nanoprecipitate size was found to play a critical role 

in operative deformation mechanisms in aged AM IN718 materials, with a transition from planar 

slip to extended SFs to large deformation twins with increasing nanoprecipitate size. The 

findings of this study may also be helpful to better understand the deformation of conventionally 

produced IN718 given the lack of depth in the detailed study of its deformation mechanisms, 

especially with respect to matrix deformation. 
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4.2!Introduction  

 Additive manufacturing (AM) technologies are quickly becoming an attractive option for 

the fabrication of complex geometries [44] along with the ability to reduce lead times and 

associated manufacturing costs [131]. Implementation of the technology has shown beneficial 

impact across a growing number of industries, such as aerospace, automotive, biomedical 

[44,132], among others. Though, despite the early success in the implementation of AM 

technologies, it is imperative to understand the fundamental differences between AM processes 

and their conventional manufacturing forms so to control the final material performances. 

 Specifically, the fast cooling rates and high thermal gradients inherent to the nature of 

localized melting in AM processes can lead to hierarchical microstructures that are atypical of 

conventional manufacturing means [44]. These hierarchical microstructures consist of high-angle 

grain boundaries, dislocation cell substructures, and chemical segregation, all of which can 

contribute to enhanced material performance [38,54Ð57,133,134]. More specifically, dislocation 

cell substructures have been identified as a fundamental unit of strength in AM alloys 

[38,54,56,134], furthermore they also have the ability to enhance elongation to failure by the 

impediment of dislocation glide [55]. Therefore, AM alloys present interesting engineering 

opportunities to exploit these microstructural aspects to engineer to have superior performance to 

traditionally manufactured alloys.  

For many precipitation-hardened alloys such as Inconel 718 (IN718) a Ni-based 

superalloy, post-processing heat treatment is needed to achieve desired mechanical response. To 

date, standard heat treatments (SHTs) developed for traditionally manufactured IN718 have 

predominantly been used and recommended for AM-IN718 parts [12,60Ð62]. These SHTs 

consist of solution annealing and aging steps [63] to facilitate microstructure homogenization 
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[60,64,65] and precipitation of "$ and "!  strengthening phases [65,67Ð69], respectively.  

Recently, Gallmeyer et al. [38] performed a comprehensive structure-property 

relationship study of AM IN718 using advanced transmission electron microscopy (TEM) 

characterizations and macroscopic mechanical testing and developed new heat treatments which 

led to better mechanical properties than commonly used standard heat treatment for traditionally 

manufactured IN718. The work began with characterization of the as-printed (AP) 

microstructure (Figure 4.1(a)) and its response to each step of SHT for AM IN718 i.e., the 

solution annealing at 980 ¼C for 1 h (Figure 4.1(b)) and then applying two-step aging at 720 ¼C 

for 8 h + 620 ¼C for 8 h. The results showed that applying the SHT to specimens attached to the 

build plate (SHT-1) generated suboptimal microstructure features facilitated by heterogenous 

nucleation of precipitates on the dislocation cell boundaries [38] (Figure 4.1(f)). Thus, the 

resulting microstructure created a bimodal distribution of strengthening nanoprecipitates, with 

larger precipitates at former cell boundaries and homogeneously distributed small precipitates 

within the cell interiors. However, application of SHT to a detached specimen (Figure 4.1(e)) 

showed homogenously distributed nanoprecipitates with preserving the dislocation cell 

boundaries survived after solution annealing step (SA980).  

 Additionally, new heat treatments were also developed to balance the benefits of 

hierarchical microstructures in the AP condition with the precipitation of strengthening phases 

necessary for AM IN718; thus, single-step direct aging heat treatments were initially explored 

[38]. While direct aging at 620 ¼C for 24 h (DA620) retained the desired dislocation cells, the 

fine precipitation indicated an underaged microstructure (Figure 4.1(c)). Direct aging at 720 ¼C 

for 24 h (DA720) produced optimally-sized and homogenously distributed "$ and "!  

nanoprecipitation (Figure 4.1(d)) that lead to the highest yield strength of all condition examined 
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but low elongation to failure due to the retention of Laves phase that can lead to crack initiation 

sites during deformation [12,68,90,135].  

 Ultimately, the conclusions from the preceding results, in addition to the findings from 

previous studies [57,68,72], led to the development of a novel heat treatment consisting of a 

super #-solvus solution anneal at 1020 ¼C for 0.25 h plus single step aging at 720 ¼C for 24 h  that 

1) retained the cellular substructure, 2) redistributed the segregated solute atoms while inhibited 

# phase formation, and 3) produced dense, homogeneous "$ and "!  nanoprecipitation [38] (Figure 

4.1(g)). This optimal microstructure demonstrated enhanced yield strength (+9.7%, +7.3%) and 

elongation to failure (+56.6, +23.0%) over AM-SHT-1 and wrought-SHT conditions, 

respectively. However, understanding the roles of the microstructural hierarchy in AM IN718 on 

the deformation mechanisms under monotonic tensile loading is desired. 

 

 
Figure 4.1 Conventional BF micrographs and corresponding SAED patterns for the pre-
deformation microstructures of (a) AP, (b) SA980, (c) DA620, (d) DA720, (e) SHT-2, (f) SHT-1, 
and (g) SA1020+A720 conditions. White arrows in (a), (c), and (d) indicate the presence of 
Laves phase particles. (h) true stress-true strain responses of all conditions under monotonic 
tensile loading. 
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 To date, the deformation mechanisms of AM IN718 are sparsely found in literature. Sui 

et al. [68] investigated the effects of Laves phase on the room temperature tensile responses of 

AM IN718 produced by powder-fed directed energy deposition (DED). Evaluating the effects of 

material performance after solution annealing at 1050 ¼C for 15 or 45 min + standard two-step 

aging versus direct two-step aging alone, the authors noted Laves phase transitions from 

irregularly shaped, elongated particles to granular morphologies after the application of the 

aforementioned solution anneal prior to aging. Post-mortem analysis of the samples by scanning 

electron microscopy (SEM) revealed planar deformation throughout the microstructure, where 

they stated the number of slip bands increased after solution anneal + aging versus direct two-

step aging only. The authors suggested that the existence of large amounts of slip bands proved 

that granular Laves phase can allow for good plastic deformation ability [68]. However, 

characterization of the planar deformation by the authors was limited to only this basic 

description, and no explicit correlation was made between the observed planar deformation and 

Laves phase. Furthermore, Sangid et al. [136] examined the microstructure characterization and 

grain-scale deformation mechanisms of IN718 produced by selective laser melting (also called 

laser powder-bed fusion (L-PBF)) using digital image correlation Ð electron back scatter 

diffraction (DIC-EBSD) and high-energy X-ray diffraction (HEXD). Under monotonic loading 

conditions to 2.3% total strain, the authors observed that the dislocation cell substructures of the 

Òas-builtÓ condition (stress relieved at 1065 ¼C for 1.5 h) promoted homogenous deformation 

while post-processing heat treatment (stress relieved + 1177 ¼C for 1 h + 982 ¼C for 1 h + 718 ¼C 

for 8 h + 621 ¼C for 18 h) led to strain partitioning along 45¼ planes that corresponded to the 

theoretical maximum shear stress. However, in addition to the grain-scale length limitation of the 

study, the heat treatment implemented included a high temperature ÒHomogenizationÓ step (1177 
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¼C for 1 h) that ÒnormalizedÓ the microstructure through recrystallization and grain growth prior 

to aging, effectively eliminating the dislocation cell substructures of interest in the present study.  

 Other AM Ni-base superalloys have been investigated, as well, and provide some insight 

into the as-printed deformation mechanisms. Very recently, Xu et al. [134] studied the effects of 

heat treatment on the deformation mechanisms of a &$-strengthened Ni base superalloy, IN738, 

produced by L-PBF. Post-mortem analysis of the as-printed condition using bright-field scanning 

transmission electron microscopy revealed planar dislocation band formation as the dominant 

deformation mode, with the planar slip isolated to the interiors of the process-induced dislocation 

cells where the high density of dislocations effectively inhibits the glissile dislocation motion. 

Moreover, post-mortem examination of the heat-treated samples indicated that due to the high 

volume fraction and size of &$ precipitations (~35-45%), the deformation was isolated to 

dislocation looping around "!  precipitates and strain localization to & channels between them as 

the primary mechanisms [134]. However, detailed, high-resolution investigation of the 

deformation modes, band character, and precipitate interaction are all lacking. However, despite 

these studies, there lacks detailed characterization of the deformation structures observed in AM 

IN718, including the effects of nanoprecipitation and its coexistence with dislocation cell 

substructures.  

Thus, turning to its conventionally manufactured form for further insight, it has been 

established that IN718 after SHT is known to deform by {111} planar deformation bands during 

monotonic deformation [77,137Ð141]. However, limited reporting actually describes the nature 

of deformation bands in IN718, which are stated to be composed of deformation twins and 

dislocations [141]. In addition, the deformation band spacing is reported to decrease with 

increasing strain [138,139]. Worthem et al. [138] hypothesized that as one band hardens, it is 
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easier for new bands to nucleate from additional grain-boundary dislocation sources than to 

continue deformation along hardened, pre-existing bands; therefore, the band spacing decreases 

with increasing total strain. The authors found this response to be true for IN718 in the as-

homogenized (925 ¼C to 1010 ¼C for 1 h) and SHT conditions. Moreover, Kallurdi et al. [139] 

reported the interaction of planar slip bands with "!  precipitation by low magnification bright-

field transmission electron microscopy but the characterization of that interaction was limited to 

this simple description.  

Sundararaman et al. [137] found that the deformation mode of &! precipitates depend 

upon their size. Overall, a large number of dislocation pairs were observed and associated with 

the shearing of &! precipitates. In an underaged condition where &! precipitates are <10 nm along 

their major axis, the deformation occurs through the passage of dislocation pairs or quadruplets 

through planar slip [77,139,142,143]. When &! precipitation was >10 nm, the authors stated that 

the isolated shearing of &! led to stacking fault formation and deformation twinning as the 

predominant deformation mechanisms. Recent work by McAllister et al. [84] showed after 

deformation that coupled 1/2[011] and 1/2[101] dislocation pairs can shear through certain &! 

variants while leaving behind extremely low energy intrinsic stacking fault (ISF) configurations 

within the precipitate. Furthermore, this coupled dislocation interaction resulted in the absence of 

stacking faults in the & matrix due to a net displacement equivalent to a perfect lattice translation 

[84]. In addition, dislocation passage through &'' precipitates can create unstable stacking fault 

configurations (e.g., complex and anti-phase boundary-like stacking faults) that spontaneously 

transform to stable stacking faults while creating further partial dislocations [83], effectively 

serving as a dislocation source during deformation. Moreover, ab initio DFT calculations 

performed by Lv et al. [83] generated a generalized stack fault surface for &! where the energy 
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barrier of the deformation pathway along the ISF was determined to be close to that of the 

deformation pathway along the ISF in the & phase, suggesting that the ultralow ISF energy and 

the moderate barrier produce an abundance of ISF in &! particles in IN718. Remarkably, all these 

studies report the absence of deformation within the & matrix, demonstrating the formation of 

stacking faults and deformation twins within &! precipitates as the primary deformation 

mechanism.  

Because of the complexity of the microstructure of AM IN718, the deformation 

mechanisms may strongly differ from the conventionally produced IN718. In continuation of the 

work of Gallmeyer et al. [38], the present study focuses on the study of deformation mechanism 

after monotonic tensile failure of AM Inconel 718 in different conditions (Figure 4.1). This will 

help to better comprehend the holistic effects of dislocation cell substructure, microsegregation, 

and nanoprecipitation on the observed deformation mechanisms of AM Inconel 718. 

Furthermore, the findings of this study may also be helpful to better understand the deformation 

of conventionally produced IN718 given the lack of depth in the detailed study of its deformation 

mechanisms.  

 

4.3!Materials and methods 

4.3.1!Sample fabrication  

 Free-standing tensile specimens pursuant to ASTM E8 / E8M Ð 16a standard sub-size 

geometry were manufactured using a Concept Laser M2 Cusing multilaser system using 

manufacturer- recommended processing parameter: laser power of 160 W; scanning speed of 800 

mm/s; laser focus spot size 80 µm; hatch spacing 160 µm; powder layer thickness 50 µm; 10Ð45 

µm sieved powder size and 90¡ rotation in laser path between subsequent layers. The fabriation 
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was performed under Ar atmosphere with the oxygen concentration maintained to 0.40 to 0.60 % 

of the atmosphere. A more detailed account of all processing conditions used in the sample 

fabrication is outlined in [38].  

 Various heat treatments outlined in Section 4.2 were applied to the printed tensile 

specimens. Subsequently, the samples were monotonically deformed in tension to failure. The 

details of this are specified in [38], as the microstructural examination of the deformed samples 

after fracture is the focus of this study. 

 

4.3.2!Microstructural characterization 

 Microstructure of different heat treated samples after deformation was characterized 

using conventional bright-field (BF), dark-field (DF), selected area electron diffraction (SAED) 

and high-resolution transmission electron microscopy (HRTEM) techniques (i.e., ex-situ 

characterization). An FEI Talos TEM (FEG, 200 kV) equipped with ChemiSTEM X-ray energy 

dispersive spectroscopy (EDX) four detector technology was used. TEM samples close to the 

fractured region were prepared by equally grinding both surfaces down to a final thickness of 

90Ð100 µm; a mechanical punch was then used to extract 3 mm disks. A Fischione automatic 

twin-jet electropolisher (Model 120) at 15 V and an electrolyte of 10 vol% perchloric acid in 

methanol at 32 ¡C was then used to further thin the TEM foils. Lattice dislocation densities after 

deformation were measured using BF TEM micrographs by the line intercept method [61]. 

Entangled forests of dislocations along the cell boundaries were excluded from this calculation Ð 

dislocation cell sizes were separately analyzed and reported. Average precipitate sizes, 

interparticle distances, and corresponding standard deviations after deformation are reported 

using measurements of approximately 30 precipitates from several HRTEM and BF micrographs 
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taken from various regions of each sample. In addition, statistics of the deformation features (i.e., 

twin boundary, multiple stacking faults and planar slip band) were measured using HRTEM, BF, 

and DF micrographs from various regions in each sample; a minimum of 20 measurements were 

used in calculation of all tabulated values. Reported feature spacing was determined using 

center-to-center measurements. Chemical composition of the matrix was determined using spot 

EDX in TEM mode. A minimum of five measurements were used in calculating the average 

composition (wt. %) reported in Table 4.2.  

 Stacking fault energy (SFE) were calculated based on the measurement of the equilibrium 

distance, d, separating the dissociated partials in HRTEM micrographs using Eq. (4.1) [144]. 

Figure 4.2, specifically showing the AP condition, gives an example of the measurements 

conducted for each condition in this study. 

 I JKL -
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where &SFE is the intrinsic SFE, G the shear modulus, Z the PoissonÕs ratio, b the Burgers vector 

of the partials, % the character the dissociated dislocation and d the splitting width of the partials.  

The values used in this equation was experimentally determined for IN718 i.e., G = 80 GPa [14], 

v = 0.29 [14], b = 0.146 nm (Burgers vector of a [112\{111} partial dislocation calculated using 

a = 0.360 nm [36]).  Five measurements were used to generate the tabulated values reported in 

Table 4.3, and are further explored in Section 4.5.  

 



 80 

 
Figure 4.2 Analysis of stacking fault energy through the experimental measurement of a 
dissociated 60¼ full dislocation into a 30¼ partial and a 90¼ partial dislocations using HRTEM. (a) 
HRTEM micrograph showing overview and (b) magnified region of interest in the AP condition 
and (c) Corresponding inverse fast-Fourier transform (FFT) generated using g = (1/ 11/ ) showing 
the dissociated lattice dislocation. 

 

4.3.3!Flow behavior evaluation 

 The true stress-true strain responses presented in Figure 4.1(h) were fit to a linear elastic, 

exponential strain hardening plasticity model to determine the strain hardening constants of each 

condition, according to Eq. 4.2: 

? - ] Ô _ A ` a . ^a0bc ,  (4.2) 

where # is the true stress, E is the YoungÕs modulus, Kp is the strain hardening coefficient, np is 

the strain hardening exponent, and (e and (p are the true elastic strain and true plastic strain, 

respectively. To determine Kp and np, an L2-norm minimization routine between the model and 

stress-strain curve was performed in an iterative process for various values of Kp and np. The Kp 

and np values corresponding to the lowest RMSE values achieved are reported in Table 4.1. Fits 

between the raw stress-strain data and the model are available in Figure 4.3. 

 The strain hardening rate versus true strain for each condition was calculated using the 

true stress-true strain responses in Figure 4.1(h). Since the monotonic testing was without any  
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Figure 4.3 True stress versus true strain response and corresponding linear elastic, exponential 
strain hardening model fit for (a) AP, (b) SA980, (c) DA620, (d) DA720, (e) SHT-2, (f) SHT-1, 
(g) SA1020+A720, and (h) wrought SHT conditions. 
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expected dynamic strain aging or other stress relaxation mechanisms, a custom filter was 

implemented that only used a data point if it was monotonically increasing relative to the 

previous data point. This was done to ignore over-sampling noise from the extensometer and 

load cell without over-filtering. Subsequently, the strain hardening rates were determined by 

calculating the slope of a specified data range using a sliding linear regression window. The only 

exception is the DA620 condition, where a 5-point moving average filter was incorporated in 

addition to the monotonic filter to help reduce testing artifacts. 

 

4.4!Results 

 The results are presented in two subsections. The strain hardening responses are reported 

in Section 4.4.1. Microstructures of the as-fabricated and variously heat-treated conditions of 

AM IN718 are reported in Section 4.4.2. Then, elucidation of the deformation mechanisms based 

upon the observed microstructural features is discussed in Section 4.5. 

 

4.4.1!Flow behavior 

 In order to examine the room temperature flow behavior of the AM IN718 material, the 

true stress versus true strain responses presented in Figure 4.1(h) were fit to a linear elastic, 

exponential strain hardening plasticity model (Figure 4.3) as outlined in Section 4.3.3. The strain 

hardening parameters and corresponding RMSE values between the L2-norm fit of the model 

and raw data are presented in Table 4.1. The direct aging conditions of AM IN718, DA620 and 

DA720, are shown to produce the highest values for the strain hardening exponent at 0.78 and 

0.71, respectively, leading to the most linear strain hardening responses. Interestingly, the AP 

and SA980 conditions (0.56 and 0.62) have similar strain hardening exponent values to the SHT-
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2, SHT-1, and SA1020+A720 conditions (0.51, 0.59, and 0.62, respectively) despite the latter 

being subjected to aging heat treatments. Moreover, all conditions of AM IN718 exhibit higher 

strain hardening exponents than the wrought SHT form (0.26). Previously studied by 

Sundararaman et al. [137], the authors found the highest strain hardening exponents (~0.80-0.90) 

for wrought IN718 when "!  precipitates were <10 nm in length. However, this finding does not 

hold absolute in the present study, which is discussed in Section 4.5. 

 
 
Table 4.1 Linear elastic, exponential hardening model fitting constants. 
!! AP SA980 DA620 DA720 SHT-2 SHT-1 SA1020+A720 Wrought SHT 
E (GPa) 164.8 191.6 210.8 224.7 185.9 202.3 191.1 286.1 
Kp (MPa) 1539 1776 1860 1639 1091 1684 1445 1021 

np 0.56 0.62 0.78 0.71 0.51 0.59 0.62 0.26 

RMSE (MPa) 6.1 9.9 3.5 1.6 3.7 3.5 4.6 8.5 

  
 
 In addition, the strain hardening rate versus true strain for each condition of AM IN718 is 

shown in Figure 4.4. At low levels of accumulated total true strain (~0.03 mm/mm), SHT-1 has 

the highest strain hardening rate at approximately 4,660 MPa, which is ~16% higher than the AP 

and SA980 conditions (~4,020 MPa) and ~20% higher than all remaining (~3,490 MPa). As total 

true strain increases to an intermediate level (~0.09 mm/mm), the SA980 condition now has the 

highest strain hardening rate at approximately 3025 MPa, which corresponds to a ~31% decrease 

over the accumulated strain interval. This decrease is among the smallest amounts observed, 

along with DA620 (-28%) and SA1020+A720 (-31%). The largest decreases in strain hardening 

rate over the strain interval are observed for the SHT-1 (-45%) and wrought SHT (-49%) 

conditions. Overall, the SA980 condition exhibits the highest maintained strain hardening rates 

with increasing strain, followed by the AP, DA620, and SA1020+A720 conditions. Discussion 
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of the structure-property relationships with respect to the flow behavior are further addressed in 

Section 4.5. 

 

4.4.2!Microstructure characterizations 

 Table 4.2 summarizes the quantitative analysis performed for all dislocation cells, 

dislocation densities, deformation structures, and secondary phases, with pre-deformation 

statistics included for reference [38]. The following subsections present the post-mortem 

microstructures specific to each heat treatment condition, and include the detailed values 

tabulated in Table 4.2. In addition, chemical analyses of the matrix composition for each 

condition are presented in Table 4.3 

 

 
Figure 4.4 Strain hardening rate versus total true strain for various heat treatments of AM IN718. 

.



 85 

Table 4.2 Statistics measurements of AM IN718 before and after application of various heat treatments. ÒPreÓ indicates prior to 
deformation while ÒPostÓ signifies after failure, post-mortem examination. 

Feature State AP SA980 DA620 DA720 SHT-2 SHT-1 SA1020+A720 
! !  major axis (nm) Pre * ** 8 ± 2 31 ± 8 27 ± 6 64 ± 28 29 ± 7 

 Post * ** 11 ± 3 25 ± 8 25 ± 5 66 ± 28 33 ± 10 

! !  minor axis (nm) Pre * ** 3 ± 1 10 ± 3 8 ± 2 23 ± 7 8 ± 2 

 Post * ** 5 ± 1 8 ± 2 8 ± 2 22 ± 10 9 ± 2 

! !/"! !  particle spacing (nm) Pre ** ** 7 ± 2 15 ± 4 15 ± 6 24 ± 11 16 ± 5 

 Post ** ** 8 ± 2 20 ± 6 15 ± 3 31 ± 6 15 ± 5 

Laves diameter (nm) Pre 214 ± 62 ** 234 ± 46 240 ± 58 ** ** ** 

 Post 249 ± 79 ** 273 ± 76 249 ± 50 ** ** ** 

Laves spacing (nm) Pre 316 ± 103 ** 399 ± 96 380 ±105 ** ** ** 

 Post 387 ± 181 ** 388 ± 174 318 ± 54 ** ** ** 

"  major axis (nm) Pre ** 500 ± 140 ** ** 700 ± 290 940 ± 250 ** 

 Post ** 661 ± 300 ** ** 614 ± 147 900 ± 222 ** 

"  minor axis (nm) Pre ** 83 ± 42 ** ** 134 ± 27 110 ± 35 ** 

 Post ** 88 ± 30 ** ** 89 ± 31 109 ± 26 ** 

"  particle spacing (nm) Pre ** 575 ± 305 ** ** 537 ± 384 700 ± 375 ** 

 Post ** 765 ± 401 ** ** 515 ± 181 854 ± 453 ** 

Dislocation cell diameter (nm) Pre 620 ± 180 650 ± 125 640 ± 110 620 ± 110 610 ± 140 ** 660 ± 160 

 Post 650 ± 80 597 ± 106 600 ± 113 609 ± 128 651 ± 82 ** 580 ± 114 

Dislocation density (1014 m-2) Pre 1.6 ± 0.8 0.86 ± 0.24 1.4 ± 0.4 0.24 ± 0.06 ** ** ** 

 Post 11.7 ± 3.2 9.8 ± 1.5 7.4 ± 1.2 ** ** ** ** 

Deformation twin spacing (nm) Post 497 ± 266 1925 ± 687 ** 92 ± 54 587 ± 188 ** 382 ± 125 

Deformation twin width (nm)  Post 44 ± 19 45 ± 23 ** 9 ± 3 19 ± 7 ** 32 ± 17 

Extended S.F. spacing (nm) Post ** ** 65 ± 59 33 ± 10 24 ± 11 19 ± 6 25 ± 15 

Planar slip band width (nm) Post ** 38 ± 14 44 ± 17 ** ** ** ** 

Stacking Fault Energy (mJ/m2) Post 40.3 ± 1.4 51.1 ± 1.8 35.8 ± 1.8 32.0 ± 3.0 49.7 ± 5.1 42.2 ± 3.6 49.4 ± 6.1 

Primary deformation mechanism(s) Post Def. twins Planar slip Extended S.F. 
+ Planar slip 

Extended S.F. 
+ Def. twins 

Extended S.F. Extended S.F. Extended S.F. 
+ Def. twins 

*Indistinguishable due to small size. **Feature not observed.  
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Table 4.3 Chemical composition of matrix for AM IN718 subject to various heat treatments. 

Condition 
Element (wt. %) 

Ni Fe Cr Nb Ti Al  Mo 
AP 53.9 ± 1.0 20.5 ± 0.4 21.0 ± 0.5 1.6 ± 0.2 1.0 ± 0.3 0.7 ± 0.5 1.0 ± 0.3 
SA980 53.1 ± 0.7 20.1 ± 1.0 20.8 ± 0.7 2.6 ± 0.5 1.3 ± 0.4 0.9 ± 0.7 1.3 ± 0.4 
DA620 52.4 ± 0.1 20.8 ± 0.1 21.1 ± 0.2 1.3 ± 0.3 1.4 ± 0.4 1.6 ± 0.3 1.0 ± 0.1 
DA720 48.8 ± 2.0 22.4 ± 1.7 23.6 ± 1.0  1.7 ± 0.7 0.9 ± 0.4 1.1 ± 0.7 1.3 ± 0.4 
SHT-2 48.4 ± 0.3 23.5 ± 0.3 24.3 ± 0.5 1.0 ± 0.5 0.2 ± 0.1 0.8 ± 0.1 1.7 ± 0.3 
SHT-1 48.8 ± 2.0 21.3 ± 1.7 24.2 ± 1.9 1.5 ± 0.7 0.5 ± 0.4 0.4 ± 0.2 3.3 ± 1.0 
SA1020+A720 49.1 ± 1.1 21.9 ± 0.5 24.1± 0.9 1.1 ± 0.4 0.4 ± 0.3 1.7 ± 0.9 1.6 ± 0.2 
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4.4.2.1!As-printed (AP)  

 Figure 4.5(a) shows a low-magnification BF-TEM micrograph of the AP condition after 

deformation to failure. The microstructure demonstrates planar deformation and the 

corresponding SAED pattern from the region indicated by dashed circle in Figure 4.5(a) shows 

the formation of twins within the matrix along the (111! )! . Figure 4.5(b) reveals the 

corresponding central DF micrograph of Figure 4.5(a) using the g = (11! 1)T twin reflection and 

highlighted deformation nanotwins are indicated by white arrows. Moreover, single deformation 

nanotwins can be observed to pass through several dislocation cells. The width and spacing of 

the deformation nanotwins are measured to be 44 ± 19 nm and 497 ± 266 nm, respectively. For 

this study, the twin width refers to the measurements of the twinned regions as observed in 

Figure 4.5, while the twin spacing is the center-to-center distance between them. In addition, 

measurements of dislocation cell sizes (650 ± 80 nm) exhibit no statistically significant change 

over the undeformed state (620 ± 180 nm), indicating stability of AM-induced dislocation cells 

during the deformation process. Furthermore, within the region between the nanotwins, lattice 

dislocation interaction is also observed (Figure 4.5(c)). The dislocation density in these regions is 

measured to be 11.7 ± 3.2 !  1014 m-2, which is approximately one order of magnitude higher than 

the dislocation density of AP sample before deformation (1.6 ± 0.8 !  1014 m-2).  

 While IN718 is known to exhibit planar deformation [77,137Ð141], high-resolution 

characterization of the planar bands has been limited to date. Figure 4.5(d) shows a HRTEM 

micrograph taken along [011]" from one of the highlighted twins in Figure 4.5(b). In addition to 

the nanotwins that constitute the deformation bands, a set of extended stacking faults (SFs) was 

also observed in the bottom right region of Figure 4.5(d). Figure 4.5(e) shows the enlarged 

HRTEM image from the region indicated by dashed rectangle in Figure 4.5(d). It clearly shows 
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changes of the stacking sequence of the fcc lattice due to the presence of a high density of 

parallel wide SFs. Figure 3(e) confirms the presence of intrinsic (i.e., one layer) and extrinsic 

(i.e., two layers) SFs. The formation streaks parallel to [111! ] on the corresponding FFT pattern 

(inset) in Figure 4.5(e) originated from the SFs.  

 

 
Figure 4.5 Overview of AP condition microstructure after deformation. (a) Conventional BF and 
inset SAED pattern showing evidence of planar deformation via deformation twinning. (b) 
Corresponding central DF micrograph using g = "##! #$% reflection of (a) that highlights 
deformation twins. (c) Dislocation interaction occurring in regions between deformation twins. 
(d) HRTEM micrograph taken along [011]" of a deformation band exhibiting its constitution of 
deformation nanotwins and set of multiple SFs and (e) enlarged HRTEM image from the region 
indicated by dashed rectangle in (d) showing the intrinsic and extrinsic SFs.  

 

 As shown in Figure 4.5(a,b), the deformation bands are observed to pass through several 

dislocation cells, suggesting their interaction with the dislocation cell walls. To understand this 
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interaction more clearly, high-resolution TEM analysis was performed as demonstrated in Figure 

4.6. Transmission of a planar deformation band consisting of nanotwin and SFs through the 

dislocation cell wall is shown in Figure 4.6(a). However, impediment of the transmission is 

evident by the change in width of the band across the cell wall (4.1 nm vs. 7.2 nm). Moreover, in 

Figure 4.6(b), the dislocation cell wall is shown to serve as a nucleation source for a deformation 

band that is composed of multiple extended stacking faults ending within the cell.  

 

 
Figure 4.6 HRTEM micrographs of AP condition after deformation taken along [011]" showing 
the (a) transmission of deformation band as a nanotwin through  a dislocation cell wall and (b) 
the nucleation of a deformation band as multiple SFs (streaks parallel to &###! '  in corresponding 
FFT). The origin of deformation bands as nanotwin (a) and multiple SFs (b) are further 
confirmed by their corresponding FFT pattern presented. 

 

The interaction of deformation band with dislocation cell wall reported in Figure 4.6 is 

consistent with other AM alloys [54,55,134]. Recently, Liu et al. [55] reported the motion of 

partial dislocation pairs through the dislocation cells in 316L stainless steel via in-situ TEM 

deformation experiments. Moreover, the formation of one leading partial at the reference cell 

wall at its transition through several adjacent cells before the initiation of its trailing partial at the 
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reference cell wall was also observed. The authors attributed this mechanism to promoting the 

formation of nanotwins with partial dislocation glide along adjacent close-packed planes due to 

the entrapment of the trailing partials at the cell wall. However, the authors did not study the role 

of the matrix composition i.e., stacking fault energy, on nucleation of extended SFs. 

 

4.4.2.2!Solution annealed at 980 ¼C (SA980)  

Figure 4.7 shows the microstructure of the solutionized AM IN718 (SA980) after being 

deformed to fracture. The conventional BF micrograph in Figure 4.7(a) and corresponding 

central DF micrograph (generated from the g = (11! 1)T reflection from the inset SAED pattern) in 

Figure 4.7(b) show the presence of planar deformation bands composed of deformation 

nanotwins. The width and spacing of the deformation nanotwins are measured to be 45 ± 23 nm 

and 1925 ± 687 nm, respectively. In addition to planar deformation, as shown in Figure 4.7(c), 

majority of microstructure show the planar slip with formation of dislocation pile ups within slip 

bands. The planar slip band width is measured to be 38 ± 14 nm. The pile ups were stopped 

before obstacles (# phase) and in some cases they are stopped without any apparent obstacle, 

confirming high friction stresses at " matrix due to complex multi- component solid solution 

strengthening [145]. The measured dislocation density after deformation is 9.8 ± 1.5 !  1014 m-2 

which is one order of magnitude higher than the dislocation density of SA980 before 

deformation (Table 4.2). 

Furthermore, measurement of the # phase precipitate size and interparticle spacing (661 ± 

300 nm and 765 ± 401 nm, respectively) show no difference compared to their pre-deformation 

values (Table 4.2). In addition, similar to the AP condition, the dislocation cell size (597 ± 106 

nm) is measured to be statistically similar to pre-deformation levels (650 ± 125 nm), suggesting 
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cell stability at high deformation strains ($f  = ~29%) despite the lack of segregated solute and 

entangled dislocation forests at the cell boundaries that are known to stabilize the cells [54].  

 

 
Figure 4.7 Overview of SA980 condition microstructure after deformation (a) Conventional BF 
micrograph and (b) corresponding central DF micrograph (generated from the g = (11! 1)T 

reflection) showing the presence of deformation nanotwins, where T indicates a twin reflection. 
(c) conventional BF micrograph exhibiting planar slip and dislocation pile ups, the primary 
deformation mode of the SA980 condition. 

 

4.4.2.3!Direct aged at 620 ¼C for 24 h (DA620)  

 With having established the influences of the AM-induced dislocation cells of the AP 

condition and redistribution of solute along with annihilation of the entangled dislocation forests 

at the cell boundaries for SA980 condition, the next step is to examine the influence of 

strengthening precipitates on the deformation mechanism responses. First, the effects of an 

underaged microstructure with strengthening precipitates smaller than 11 nm (Table 4.2) on 

deformation behavior is investigated.  

 The conventional BF micrograph of Figure 4.8(a) indicates the occurrence of planar slip 

after deformation, with planar slip band width of 37 ± 28 nm. The inset SAED pattern taken 

along [011]"/"% // [110]""confirm the existence of "% and "" nanoprecipitation. An HRTEM 
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micrograph from the interface of the planar slip band taken along [011]"  in Figure 4.8(b), 

indicates no atomic shift, which further supports the planar slip rather than extended SF 

formation. The dislocation density is also increased to 7.4 ± 1.2 !  1014 m-2. Moreover, in the 

regions of observed planar slip, less "" precipitates with large interparticle spacing compared to 

the pre-deformed state was observed, suggesting the shearing and dissolution of the 

nanoprecipitation during deformation. This is consistent with previous works reported the 

shearing of "" precipitates smaller than 10 nm by planar slip [137,142]. The shearing the 

precipitates is further supported by the observation of dislocation pairs (white arrows in Figure 

4.8(c)) within the planar slip bands. Dislocation pairs are known to be evidence of "" shearing, as 

the passage of the leading partial dislocation can generate APB-like SFs while the trailing partial 

minimizes the SFE produced in the disrupted ordering of "" precipitates [83,137]. In addition, the 

dislocation cell size (600 ± 113 nm), similar to the other conditions is found to be stable after 

deformation.  

 Interestingly, in other region of the sample planar deformation was detected as shown in 

BF micrograph of Figure 4.8(d). Analysis of SAED pattern (inset in Figure 4.8(d)) shows the 

existence of nanoprecipitation, with faint streak parallel to (111) suggesting the presence of SFs. 

Examination of the nature of the planar deformation bands by HRTEM and corresponding FFT 

pattern, shows dense "" precipitation (11 ± 3 nm size and 20 ± 6 nm interparticle spacing) 

accompanying a set of extended SFs (65 ± 59 nm spacing). Interestingly, the regions of planar 

deformation bands composed of extended SFs correspond to the existence and survival of larger 

"" precipitates (>10 nm), suggesting the importance of nanoprecipitate size on the dominant 

deformation mechanism. 
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Figure 4.8 Overview of post-deformation microstructure of DA620 sample. (a) conventional BF 
micrograph of underaged region showing planar slip. SAED pattern taken along [011]" indicates 
presence of "% and "" nanoprecipitation. (b) High-resolution TEM micrograph from the interface 
of slip band taken along [011]"  showing no atomic shift. (c) conventional BF micrograph 
showing dislocation pairs in regions of planar slip. (d) conventional BF from other regions of 
sample showing planar deformation and (e) high-resolution TEM micrograph taken along [011]"  
shows the exitance of extended SFs (streaks parallel to [1! 11! ] in FFT pattern in inset) and their 
interaction with "" precipitates. 

 

4.4.2.4!Direct aged at 720 ¼C for 24 h (DA720)  

 Figure 4.9 shows the microstructure of directly aged AM IN718 at 720 ¼C for 24 h after 

deformation to failure. It is obvious that planar deformation is the main deformation mechanism 

in this sample. SAED pattern at the cell boundary (dashed circle I) shows clearly the deformation 
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twinning however, the SAED pattern taken inside the cell (dashed circle II) indicate no twinning 

reflection but there is strong streaks parallel to [111! ]. The corresponding central DF micrograph 

(Figure 4.9(b)) generated from the g = (11! 1)T reflection further supports the SAED observation 

that deformation nanotwins are isolated mainly to regions near the cell boundaries. The 

deformation nanotwins near cell boundaries are denser than AP and SA980 conditions with the 

measured width and spacing of 9 ± 3 nm and 92 ± 54 nm, respectively. Similar to previous 

conditions, the dislocation cell size after deformation remains statistically unchanged to the pre-

deformation size (609 ± 128 nm). Furthermore, in both SAED patterns of (I) and (II), the spots 

belonging to "% and "" nanoprecipitation are observed (white arrows) and no statistical variation 

was observed in their dimension after deformation based on HRTEM observations.  

 Figure 4.9(c,d) indicates the HRTEM micrographs of the cell interior taken along [011]". 

As expected based on SAED pattern (II), the planar deformation is mainly carried via formation 

of extended SFs in the cell interiors as confirmed using HRTEM micrograph in Figure 4.9(c) and 

corresponding FFT pattern taken from region III (streaks parallel to [1! 11! ]). The extended SFs are 

homogenously distributed (33 ± 10 nm spacing) amongst the dislocation cells. However, 

occasionally very narrow twins (4 {111}-atomic layers) were also detected in the cell interior as 

confirmed by magnified HRTEM of Figure 4.9(d) and corresponding FFT pattern (IV). 

While the role of dislocation cells on interaction/nucleation of planar deformation bands 

is studied in Figure 4.6 in detail, Figure 4.10 presents the effect of "" precipitates with optimum 

size on planar deformation. High magnification BF-TEM micrograph in Figure 4.10(a) shows the 

interaction of the extended SFs and occasional nanotwins with "" nanoprecipitates. 
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Figure 4.9 Overview of post-deformation microstructure of DA720 sample. (a) conventional BF 
micrograph exhibiting planar deformation. SAED pattern taken (I) on the of dislocation cell 
boundaries and (II) inside the dislocation cell. (b) corresponding central DF micrograph 
(generated from the g = (11! 1)T reflection from the SAED pattern in (I)) indicate isolation of 

deformation nanotwins to predominately the intercellular regions. SAED of region (II) from 
within the cells shows presence of SFs only. Marked superlattice reflections with arrowheads on 
SAED patterns originated from "% and "" nanoprecipitation. (c) HRTEM micrograph of the cell 
interior taken along [011]" shows mainly the formation of extended SFs (streak in corresponding 
FFT pattern in (III)) and occasional multilayered nanotwin (splitting the spots in FFT pattern of 
(IV)). (d) enlarged HRTEM show the nanotwin with 4 {111}-atomic layers. 
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HRTEM micrograph in Figure 4.10(b) shows a "" precipitate with an isolated SF within the 

precipitate. Weak streaking parallel to &##! * ' "+ in FFT pattern (I) further confirms the SF inside 

the precipitate. "" precipitate is known to deform via formation of SFs and deformation twinning 

due to its low stacking faulting energy [83,137]. In addition to isolation of SFs within "" 

precipitate (Figure 4.10(b)), HRTEM micrograph in Figure 4.10(c) shows the propagation of 

existing SFs within the precipitates into the matrix which ends in the vicinity of the precipitate 

(white arrows in Figure 4.10(c)). Furthermore, the same behavior, i.e., propagation of the 

corresponding defect from precipitate into the matrix is also observed for deformation twins. As 

it is shown in HRTEM micrograph of Figure 4.10(d), a deformation twin is formed within the "" 

precipitate and propagated with the same width into the matrix. Corresponding FFT patterns of 

the twin inside the precipitate (III) and inside the matrix (IV) show the twin relation and 

twinning plane as (1! 12! ) "" and (1! 1! 1) ", respectively.  

 

4.4.2.5!Standard heat treatment of individual tensile bar (SHT-2)  

 The deformation microstructure after failure of the industry-recommended heat treatment 

applied to an individual tensile specimen is shown in Figure 4.11. The conventional BF 

micrograph and corresponding SAED pattern taken from the region indicated by the dashed 

circle (Figure 4.11(a)), indicates the planar deformation via formation of deformation nanotwins 

and extended SFs (spot splitting and streaking in SAED pattern). The measured nanotwin width 

and spacing is 19 ± 7 nm and 587 ± 188, respectively which is less dense than the AP and SA980 

conditions. Moreover, the dislocation cell size and the # phase precipitate size/spacing remained 

stable with respect to pre-deformation state (Table 4.3).  
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Figure 4.10 Overview of deformation behavior of "" strengthening precipitate. (a) Magnified BF-
TEM micrograph showing planar deformation composed of extended SFs and occasional 
nanotwins interacting with multiple "" nanoprecipitates. (b) HRTEM micrograph of a "" 
precipitate with a SFs isolated within the precipitate (FFT pattern in I). (c) HRTEM micrograph 
showing SFs inside the "" precipitate extending and ending within the matrix (FFT in II showing 
streak). (d) HRTEM micrograph showing a deformation twin within a "" (splitting the spots in 
FFT pattern of III) that extends into the matrix with the same width (splitting the spots in FFT 
pattern of IV). The FFT patterns are taken from the indicated regions (dashed lines) in 
corresponding HRTEM micrographs. All these micrographs are taken from DA720 sample after 
deformation to failure. 

 

High magnification BF micrograph (Figure 4.11(b)) and HRTEM micrograph (Figure 

4.11(c)) show the population and interaction of multiple SFs with "" precipitates. Similar to 

DA720 condition (Figure 4.9), Figure 4.11(c) shows the deformation bands to be primarily 

extended SFs but with the presence of occasional multi-layer nanotwins, as demonstrated by 
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strong streaking compared with the "###! $% twin reflection in the inset FFT of Figure 4.11(c). As 

shown in Figure 4.11(c), the extended SFs are involved through the ""precipitates which suggest 

the nucleation of SFs from ""-matrix interface which was explained in details at Figure 4.10. 

Lastly, despite the large amount of deformation observed within the "" precipitates (Figure 

4.11(c)), the size and interparticle spacing (25 ± 5 nm and 15 ± 3 nm, respectively) are 

comparable to pre-deformation levels, as shown in Table 4.3. 

 

 
Figure 4.11 Overview of post-deformation microstructure of SHT-2 sample (a) Conventional BF 
micrograph showing planar deformation and corresponding SAED pattern (inset) taken along 
[011]" indicates the existence of deformation nanotwins and superlattice reflections (white 
arrowheads) of nanoprecipitation. # phase at intercellular boundaries indicated by white arrows. 
(b) high-magnification BF micrograph and (c) HRTEM micrograph taken along [011]" showing 
planar deformation primarily as extended SFs. The existence of strong streaks compared with 
spot splitting in corresponding FFT pattern in (c) and SAED pattern in (a) supports the 
occurrence of planar deformation via formation of extended SFs in this sample. 

 

4.4.2.6!Standard heat treatment of entire build block (SHT-1) 

 As mentioned in Section 3.4.2.3, applying the industry-recommended heat treatment to 

the tensile specimens attached to the build plate leads to bimodal distribution of 

nanoprecipitation, with larger precipitates at former cell boundaries and small precipitates 

homogeneously distributed within the former cells. The deformation microstructure of this 
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sample is presented in Figure 4.12. Low magnification BF micrograph in Figure 4.12(a) shows 

the finely spaced deformation bands with # phase precipitates located at former intercellular 

boundaries (900 ± 222 nm in size, 854 ± 453 nm interparticle spacing). The corresponding 

SAED pattern shown in the inset of Figure 4.12(a), indicates the presence of twin relations as 

twinning plane of (111! ) in addition to SFs through the faint streaking parallel to [111! ]. However, 

as previously discussed in the FFTs of Figure 4.10(I) and (II), there is the orientation relationship 

between "" precipitate and " matrix (i.e., {112} "" // {111}"). Thus, closer examination was 

necessary to deconvolve the origin of the twin reflection shown in Figure 4.12(a) to see if it 

originated from to twinning within the "" precipitate or the " matrix. High-magnification BF 

(Figure 4.12(b)) and corresponding central DF using g = (11! 1)" // (11! 2)""  (Figure 4.12(c)) shows 

the isolation of twinned regions to large "" precipitates and subsequently the matrix is absent of 

extended nanotwins similar to previously examined conditions (AP (Figure 4.5), SA980 (Figure 

4.7), and SHT-2 (Figure 4.11)). Therefore, the observed planar deformation bands within the 

matrix are concluded to be primarily extended SFs with the spacing of 19 ± 6 nm, which is 

among the smallest SFs spacing examined in this work (Table 4.3). Figure 4.12(d) shows the 

high magnification BF micrograph of a large "" precipitate including dense planar defects and 

Figure 4.12(e) presents the HRTEM micrograph of the region indicated by white dashed box in 

Figure 4.12(d). Large nanotwins (>10 nm) within "" precipitation are observed with an 

incoherent twinning plane of (#! 12) "". Quantitative measurement of the "" precipitation reveals 

an average size of 66 ± 28 nm with an interparticle spacing of 31 ± 6 nm.  
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Figure 4.12 Overview of deformation microstructure of SHT-1 sample. (a) Conventional BF 
micrograph showing planar deformation as the primary mode of deformation. # phases at 
intercellular boundaries are indicated by white arrows. Corresponding SAED pattern taken from 
the region indicated by dashed circle, shows the presence of twins and SFs within the matrix 
and/or "" precipitation via spot splitting and streaking, respectively. (b) magnified region of 
dashed box in (a) shows large "" precipitates among planar deformation. (c) corresponding 
central dark field (generated using g = (11! 1)" // (11! 2)"" reflection from the inset SAED pattern of 

(a)) shows the isolation of deformation twinning primarily into the large "" precipitates. (d) high 
magnification BF micrograph shows the interaction of deformation twins with a large "" 
precipitate and (e) corresponding HRTEM micrograph of the dashed box in (d) indicated the 
existence of large {112}""-type twins in a "" precipitate.  

 

4.4.2.7!Solution annealed at 1020 ¼C for 0.25 h and aged at 720 ¼C for 24 h (SA1020+A720) 

 Quantitative analysis of images including the BF micrograph in Figure 4.13(a) and 

corresponding central DF micrograph using g = "##! #$% in Figure 4.13(b) indicate the occurrence 

of planar deformation via widespread deformation nanotwins (white arrows) as the primary 
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deformation mode. The measured width and spacing of the deformation twins are 32 ± 17 nm 

and 382 ± 125 nm, respectively, similar to the nanotwin statistics observed in the AP condition 

(Figure 4.5). In addition to the deformation twins, regions of "" precipitates are illuminated in 

Figure 4.13(b), designating the presence of deformation twins within the precipitates as 

previously shown (Figure 4.10).  Moreover, the dislocation cell size (580 ± 114 nm) and "" width 

and spacing (33 ± 10 nm in length and 15 ± 5 nm, respectively) have remained stable despite 

high strain accumulation at failure ($f = ~17%). In addition to deformation twinning, extended 

SFs are also observed in high magnification BF micrograph of Figure 4.13(c). The spacing of the 

extended SFs is measured to be 25 ± 15 nm. 

  

 

Figure 4.13 Overview of deformation microstructure of SA1020+A720 sample. (a) Conventional 
BF micrograph and (b) corresponding central DF micrograph using g = (11! 1)T reflection indicate 

the planar deformation mechanism via formation of widespread deformation nanotwins (white 
arrows) and extended SFs (streaks in SAED pattern). The inset SAED pattern of (a), in addition 
to high diffraction contrast within the matrix, indicate dense ""/"% precipitation. (c) High 
magnification BF micrograph shows the presence of extended SFs between nanotwinned regions 
that interact with "" precipitation in the same manner as previously shown in Figure 4.10. 

 



 102 

4.4.2.8!Deformation behavior of # and Laves phases in AM IN718 

 As the primary focus of this manuscript is on the influence of the process-induced 

hierarchical microstructure and strengthening phase nanoprecipitation on the primary 

deformation mechanisms, this section serves to document the deformation of # and Laves phases 

generally observed across the various heat-treated condition, as represented in Figure 4.14. Low 

magnification BF micrographs of # phase (Figure 4.14(a)) and Laves phase (Figure 4.14(d)) 

show through diffraction contrast a high density of lattice dislocation entanglement at the 

interfaces of the precipitates and the matrix after deformation. Closer examination of the 

interfaces by HRTEM technique (Figure 4.14(b,e)) further supports the accumulation of 

dislocations at the precipitate-matrix interface (distortion of the interface) and in the vicinity of 

the precipitate through the high density of short-range diffraction contrast indicative of localized 

lattice distortion [49]. Prior to deformation, HRTEM micrograph of # phase and Laves phase 

show that the precipitate-matrix interface is less distorted with low strain accommodation around 

the precipitate (less strain contrast) (Figure 4.14(c,f)), even if it is already known that these 

phases lose coherency with the " matrix [69]. The interaction of lattice dislocations with these 

precipitates further loses their coherency and leads the to accumulation of dislocations around 

the precipitates (Figure 4.14(a,d)), which subsequently serve as a stress concentration site for 

crack nucleation. It has been suggested that acicular # phase, which are observed in the present 

study, have higher interfacial energy and poor coherency with the matrix, leading to decreased 

resistance to microcrack initiation and growth [69]. Similar to # phase, Laves phase particles are 

known to serve as microcrack initiation sites [12,67,89,90]. In addition to being a stress 

concentration sites through the high dislocation density at the interface, study of the deformation 

of Laves phase particles in DED IN718 suggested that the critical stress needed to fracture the 
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elongated-irregularly shaped particles (like the morphology observed in the present study) is 

lower than that of their granular-shaped counterparts [68]. Thus, it is plausible that these 

irregularly shaped particles suffer internal fracture that can lead to interfacial decohension and 

subsequent premature failure [68].  

 

 

Figure 4.14 (a,b) Conventional BF and HRTEM micrograph taken along [102]# of a # phase 
precipitate after deformation. (c) HRTEM of a # phase before deformation. (d,e) Conventional 
BF and HRTEM micrograph taken along [01#! 0]Laves of a Laves phase after deformation. (c) 
HRTEM of a Laves phase before deformation. 

 

200 nm 
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4.5!Discussion 

4.5.1!Varying heat treatments of AM IN718 promotes differences in primary deformation 

mechanism(s) 

 Systematic characterization and quantification of the post-mortem microstructures of AM 

IN718 materials subject to various heat treatments has shown planar deformation to occur by 

three primary mechanisms: planar slip, extended SFs, and deformation nanotwins (Table 4.2). To 

summarize, planar slip occurred in the SA980 and DA620 conditions, and extended SFs 

formation is observed in direct aged (i.e., DA620 and DA720), SHTs (i.e., SHT-1 and SHT-2), 

and SA1020+A720 conditions. Lastly, widespread deformation nanotwins are observed in the 

AP and SA1020+A720 conditions. At first glance, there is no clear trend that leads to the 

determination of an operative deformation mechanism or combination thereof. Thus, to explain 

the characterizations determined in this study, the following explores 1) the effects of the 

localized chemical landscape of AM IN718 on its generalized planar fault energies, 2) the effects 

of dislocation cells, and 3) the effects of "" precipitation. 

  

4.5.1.1!Microstructure chemical landscape versus stacking fault energy 

The microstructure of as-printed AM IN718 is shown to exhibit chemical segregation at 

the intercellular regions, largely driven by solute rejection during solidification [35,42,99]. This 

mechanism produces a chemical landscape over which local variations in solute concentration 

can lead to changes in stacking fault energy [146]. To examine these effects in the AM IN718 

conditions presented in this work, the chemical composition of the matrix phase has been 

quantified and are reported in Table 4.3. Clearly, the nucleation and growth of nanoprecipitation 

influences the chemical composition of the matrix. Dense nanoprecipitation is observed for 
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DA720, SHT-1, SHT-2, and SA1020+A720 conditions. It is known that "% and "" phases are 

ordered structures consisting of Ni3(Al, Ti) and Ni3Nb, respectively. As such, during their 

nucleation and growth, it is expected that the matrix composition would be depleted of Ni, Al, 

Ti, and Nb, while increasing in all other chemical constituents. Ergo, the local chemical 

fluctuations facilitated by nanoprecipitation, coupled with the pre-existing chemical landscape 

driven by solidification mechanisms, can lead to local variation in the SFE of the matrix. 

Justifiably, the SFE is experimentally determined for each condition through measuring the 

equilibrium distances of the dissociated Shockley partial dislocations (Figure 4.2; Table 4.2). 

Interestingly, the SFEs across all conditions are low (~30-50 mJ/m2) and dislocation dissociation 

is expected for all conditions. Moreover, the SFE measurements appear to be uncorrelated with 

the observed primary deformation mechanisms. So, the SFE alone is insufficient to describe the 

variability in operative deformation modes between the various conditions. 

Studies have shown that consideration of ISF energies alone may be unable to explain 

operative deformation modes and that consideration of the generalized stacking fault energy 

(GSFE) map is critical [147]. As previously mentioned, chemical composition affects SFE; 

whatÕs more, it also affects the unstable faulting energies of GSFE maps. As such, ratios of the 

stable SFE (" isf), unstable SFE ("usf), and unstable twinning fault energy ("utf) must be considered. 

For instance, after a SF is generated by the leading partial, the formation and movement of a 

trailing partial is controlled by "usf/" isf [147]. A "usf/" isf ratio near unity favors full lattice 

dislocations [147,148] while a ratio >1 favors the formation extended partial dislocations and 

SFs. Similarly, the same trends are applicable for "utf/"usf: Near unity, the formation of 

deformation twins is favored; as the ratio increases, the formation of extended SFs is favored. 

Thus, it is plausible the local variations in chemical concentration, coupled with changes in the 
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GSFE map for IN718 influenced by these chemical fluctuations, could contribute to the various 

deformation mechanisms reported in this study (Table 4.2). Moreover, the influences of the 

process-induced microstructural features (whether from fabrication or post-processing heat 

treatment) must be explored as well. 

 

4.5.1.2!Influence of dislocation cells in the absence of precipitation on deformation 

mechanisms 

To explore the effects of dislocation cells in insolation, the AP and SA980 conditions 

are considered. As shown in Figure 4.5, the dislocation cells of the AP condition are observed to 

influence the transmission of multiple extended SFs and deformation twins (Figure 4.6(a)), in 

addition to acting as a possible source for their nucleation (Figure 4.6(b)). Recently, evidence of 

the influence of dislocation cells on the deformation mechanisms in 316L stainless steel has been 

reported by Liu et al. [55]. Performing in-situ TEM deformation experiments, the authors 

observed the motion of partial dislocation pairs through the dislocation cells. The motion 

progressed by the formation of one leading partial at the reference cell wall, which continued to 

transmit through several adjacent cells before the initiation of its trailing partial at the reference 

cell wall. The authors attribute this mechanism to the formation of nanotwins with partial 

dislocation glide along adjacent close-packed planes due to the entrapment of the trailing partials 

at the cell wall. Based upon the similarities of the described mechanism to the observed post-

mortem microstructure (Figure 4.6), it seems likely that dislocation cells in AM IN718 play a 

similar role to that reported for AM 316L SS [54,55].  

Following the significant reduction in the density of entangled dislocations at the cell 

boundary after solution anneal (SA980, Figure 4.1(b)), the ability to entrap trailing partials 
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would be greatly reduced. Moreover, the homogenization of the chemical composition 

throughout the microstructure is likely to influence the local GSFEs and their respective ratios 

(Section 4.5.1.1), hence leading to a deviation in primary deformation mechanism from the AP 

condition (i.e., deformation twinning; Table 4.2) where chemical segregation is known to exist 

along cell boundaries (Figure 3.6). Thus, the remaining cell boundaries contain significantly 

fewer nucleation sites for dislocations, which leads to increased twin spacing. Also, full lattice 

dislocations are favored over deformation twins, which suggests the "usf/" isf trends toward unity 

from the homogenization of the former segregate solute. This supports the observation that the 

primary deformation mechanism is planar slip (Figure 4.7(c); Table 4.2).  

 

4.5.1.3!Effects of "!  precipitation 

Consistent with previous reporting [137], the present investigation shows a transition 

from slip to twin deformation modes observed within "" precipitation as a function of increasing 

precipitate size (Table 4.2). In the underaged, DA620 condition, two primary deformation 

mechanisms are observed: planar slip and extended SFs. As reported earlier, regions where 

planar slip is observed showed shearing and dissolution of "" precipitation (Figure 4.8(a) and 

(b)). The dissolution causes local changes in the chemical composition, which, as discussed in 

Section 4.5.1.1, can influence SFE and GPF energy ratios. Moreover, the dissolution would drive 

the composition of the microstructure to more resemble that of the SA980 condition, where it 

was suggested that the "usf/" isf could trend toward unity, thus favoring full lattice dislocations and 

planar slip. Conversely, in regions where "" precipitates observed to be >10 nm in length, the 

precipitates are more resistant to shearing and extended SFs begin to form during planar 

deformation (Figure 4.8(d)). Since "" precipitates are no longer being sheared and dissolved, the 
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local chemical concentrations would be different. This suggests that "usf/" isf is greater is these 

regions than the regions of dissolved precipitates (i.e., "usf/" isf $ 1), leading to the favorable 

formation of extended SFs.  

 To better understand the deformation of "" precipitation where shearing and dissolution 

are mitigated, a closer look was conducted. As has been presented in Figure 4.10, faults are 

observed bounded within "" precipitation (Figure 4.10(b)), extending into the matrix (Figure 

4.10(c)), and to form deformation nanotwins (Figure 4.10(d)). It has been reported that 

dislocations are known to interact with strengthening precipitates [137]. Recent phase field work 

by Lv et al. [83] has modeled glissile dislocation interactions with "" precipitation to understand 

the mechanisms by which "" precipitates deform. According to their results, the authors found 

that an enveloping Shockley partial dislocation loop nucleate and bound the "" precipitates to 

decrease the overall fault energy during dislocation passage. Viewed edge-on, the partial 

dislocation loops would appear as a fault within the "" precipitate that extends several 

nanometers on both sides into the matrix. Evidence of such is observed in Figure 4.10(c). It was 

further suggested that with increasing resolved shear stress, the partial loop could expand 

outward into the matrix phase [83,84], creating extended stacking faults (Figure 4.10(c)). Thus, 

subsequent loop formation on successive {111}-type planes would lead to the generation of 

twins and their expansion into the matrix given the appropriate stress conditions [83]. This 

mechanism is one plausible explanation for the extended SFs and twins observed during 

deformation.  

However, this mechanism alone does not support the isolated deformation observed 

within the interface of the "" precipitation, as demonstrated in Figure 4.10(b). Very recently, 

Peng et al. [149] performed molecular dynamics simulations to investigate nanoprecipitate-
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induced dislocation nucleation in FCC Cu. They concluded that the interface of coherent, 

nanoscale precipitates can serve as a nucleation source for partial dislocations [149]. Given the 

relatively low SFE of "" (2.3 mJ/m2 [83]) versus the matrix (~30-50 mJ/m2 as determined in this 

study), it is plausible for the ""-matrix interface to serve as the nucleation site of a partial 

dislocation that preferentially faults the "" precipitate due to its low SFE. Then, with increasing 

resolved shear stress as the load increases, extension of a partial dislocation into the matrix that 

has already formed in the "" precipitate is favorable. Thus, the combination of 1) expanded 

partial dislocation loops formed from glissile dislocation interaction with "" precipitates and 2) 

nucleation of partial dislocations from the "" interface are plausible mechanisms to generate the 

deformation microstructure observed in the aged conditions presented in this study. 

Moreover, for the DA720 condition, the assumptions on twin formation have been 

discussed where wwin formation is easier when "utf/"usf is close to unity. Since the DA720 

condition is not subjected to a solution anneal, the chemical segregation induced by the 

manufacturing process is still present, but local changes to the chemical landscape occur during 

the nucleation and growth of nanoprecipitates. Moreover, the DA720 condition presents two 

primary deformation modes: 1) deformation nanotwins at the cell boundaries, and 2) extended 

SFs within the cell interiors (Figure 4.9(a)). The difference in behavior can be attributed to 

spatial differences in "utf/"usf between the cell boundaries and cell interiors.  

 The proposed mechanisms are consistent with the deformation of "" precipitation 

observed in the other heat-treated conditions (i.e., SHT-2, SHT-1, and SA1020+A720). The 

SHT-2 and SA1020+A720 conditions exhibit similarly sized nanoprecipitate morphologies and 

distributions to those observed in DA720 (Table 4.2). As a result, similar extended SF spacings 

were observed. Moreover, in the SHT-1 condition, where nanoprecipitate sizes were nearly twice 
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as large (Table 4.2), the SF spacing remains seemingly unchanged despite the ability of larger "" 

precipitates to contain more deformation by ISFs and nanotwins (Figure 4.12(e)).   

Lastly, it has been previously noted that a majority of the deformation twins remain 

confined with the "" precipitates with little propagation into the matrix [137]. It has been 

suggested that this is observed because the critical resolved shear stress (CRSS) for twinning in 

the matrix is higher than that of "" precipitates, in addition to a higher SFE for the matrix versus 

"". However, this explanation does not comport with the large matrix deformation observed 

across all aged conditions examined in this study by extended SFs and nanotwins.  

 

4.5.2!Twinning deformation of precipitate-strengthened matrix results in best strength-

ductility performance 

As described previously, three conditions showed deformation nanotwins as a primary 

deformation mechanism: AP, DA720, and SA1020+A720. Interestingly, two of the three 

conditions have widespread nanoprecipitation (DA720 and SA1020+A720) while it is absent 

from the third (AP), suggesting that the presence of "" precipitation is not a prerequisite for 

deformation twins to form. Moreover, despite all showing varying degrees of deformation 

nanotwin formation, the strain hardening rate responses as a function of strain for the three 

conditions vary widely (Figure 4.4). Deformation twins are known to act as a barrier to 

dislocation glide that can 1) increase elongation to failure and 2) increase the strain hardening 

rate [150]. The DA720 condition shows the lowest elongation to failure of all conditions 

examined. A closer look at the deformation twin statistics presented in Table 4.2 begins to show 

some obvious trends. First, the DA720 condition is shown to isolate deformation twins to regions 

near the cell boundaries (Figure 4.9(a) and (b)), leaving a smaller fraction of the microstructure 
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composed of deformation twins. Second, while the spacing between the deformation twins is 

smaller (92 ± 54 nm), the twin width is ~3-5x less than the SA1020+A720 and AP conditions 

(Table 4.2). Thus, overall, the DA720 condition has significantly smaller volume fraction of 

deformation twins than the AP and SA1020+A720 conditions. This suggests the effects of 

increased elongation through stabilized plastic flow [55] and increased strain hardening through 

reduced mean free path length for dislocations [151] will be minimal in the DA720 condition, as 

observed by the steepest decline in strain hardening rate and lowest elongation among the three 

conditions.  

Next, to compare the two remaining conditions, the AP and SA1020+A720 conditions 

have similar deformation twin spacings (497 ± 266 nm versus 382 ± 125 nm) and twin widths 

(44 ± 19 nm versus 32 ± 17 nm]. Based on the similarity in spacing and width, one would expect 

similar strain hardening rate responses; however, as demonstrated in Figure 4.4, that is not the 

case. While the rate of decline after is parallel with accumulating strain, the strain hardening rate 

remains much higher for the AP condition. This most likely can be attributed to the local 

softening in the SA1020+A720 microstructure as the deformation twins interact with and shear 

the strengthening nanoprecipitates. Nonetheless, the formation of widespread deformation 

nanotwins in the SA1020+A720 condition leads to stabilized plastic flow similar to that of the 

AP condition, while maintaining high yield strength and elongation to failure over the other aged 

conditions (Figure 4.1(h)). Thus, the formation of deformation nanotwins in aged AM IN718 can 

help achieve better mechanical performance under monotonic tensile loading. 
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4.6!Summary 

 Efforts to elucidate the effects of post-processing heat treatments on the room 

temperature, monotonic deformation mechanisms of AM IN718 have been reported through 

detailed investigation utilizing advanced microscopic techniques. 

¥! Overall, the microstructures of AM IN718 are found to deform through planar 

deformation modes: planar slip, extended stacking faults, and deformation twinning. 

¥! Dislocation cells serve as barriers to transmission of planar dislocation glide, in addition 

to functioning as nucleation sites for their propagation through extended SFs and 

nanotwins. 

¥! Since the SFEs of each condition are similar in magnitude (~30-50 mJ/m2), the 

differences in primary deformation mechanisms within the matrix are attributed to the 

ratios of the different stable and unstable fault energies of the alloy system, i.e., "usf/" isf 

and "utf/"usf.  

¥! Precipitate size of "" plays an important role in the deformation mode. Below 10 nm, the 

precipitates are observed to deform by planar slip. Intermediate sizes (~10-30 nm) are 

found to deform by stacking faults and nanotwins. Larger "" precipitates (>60 nm) exhibit 

primarily large deformation twins. Moreover, planar faults within "" precipitates (>10 

nm) resulted from 1) the nucleation of a bounding partial loop generated from "" 

interaction with glissile lattice dislocations and 2) the passage of partial dislocations 

nucleated at the ""-matrix interface. 

¥! Large matrix deformations are observed in the aged conditions of AM IN718. This 

deformation is characterized as extended SFs and deformation nanotwins. 
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¥! With a high density of entangled dislocation observed at the precipitate-matrix interfaces, 

secondary phase particles (i.e., Laves and # phase) exhibit strong dislocation interactions 

during deformation. Additionally, the Laves phase particle interfaces have been observed 

to operate as nucleation sites for planar deformation by extended SF formation. 

¥! The DA720 condition, which showed the highest YS of all samples, demonstrated 

extended SFs and deformation nanotwins as its primary deformation mechanisms, with 

the former occurring within cell interiors and the latter at cell boundaries. The 

SA1020+A720 condition, which showed the best strength-ductility response, displayed 

widespread bands of deformation nanotwins throughout the microstructure, with 

extended SFs between the observed bands. 

To expand upon the work presented, the aide of computational tools, i.e., ab initio density 

functional theory [83,147], to determine the generalized planar fault energies of IN718 would 

assist in proving the hypotheses posed in this study. Moreover, post mortem investigation at 

various interrupted strain levels would give better insight into the order of activation of the 

observed deformation mechanisms and to what degree. Understanding the aforementioned points 

could assist in better design for post-processing heat treatment schedule for AM IN718. 
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CHAPTER 5 

MONOTONIC AND CYCLIC FATIGUE BEHAVIOR OF ADDITIVELY MANUFACTURED 

INCONEL 718 AT ROOM AND ELEVATED TEMPERATURES 

 

5.1!Abstract 

 The monotonic and cyclic fatigue behaviors of AM IN718 were studied to evaluate its 

responses at room and elevated temperatures, i.e., 550 ¼C and 700 ¼C. Monotonic testing revealed 

DA720 condition to have the highest yield strength values across all temperatures examined, 

while SA1020+A720 conditions showed the balance of high strength and ductility due to the 

coexistence of dislocation cells and dense nanoprecipitation. Inverse dynamic strain aging 

behavior is observed for all AM IN718 materials and their underlying mechanisms are discussed. 

Fully-reversed, strain-controlled cyclic fatigue tests revealed the DA720 condition to have the 

highest fatigue endurance of all aged AM IN718 conditions investigated. Direct comparison of 

the current study was made against existing literature, concluding AM IN718 to have enhanced 

monotonic performances at elevated temperature versus conventional cast and wrought (C&W) 

forms. Moreover, AM IN718 was shown to have equivalent fatigue performance at room and 

elevated temperatures when compared against a large set of existing literature. 

 

5.2!Introduction 

Inconel 718 (IN718) is a precipitation-hardenable, Ni-based superalloy commonly used at 

-250 ¼C to 700 ¼C [14,15]. Of particular interest are its high-temperature applications in the 

aerospace industry [9], in addition to usage for nuclear power systems [10] and steam generators 

[11], where IN718 demonstrates excellent retained strengths, creep resistance, and fatigue 
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properties [15]. The high temperature stability of the alloy is largely attributed to its 

strengthening nanoprecipitates phases, "% and "& [15], with the latter being most critical to its 

performance. The "& nanoprecipitates exhibit a large coherency strain with matrix phase, ", 

(~2.9% [15]), which dramatically increases the strengths of the alloy by providing large 

resistance to glissile dislocation movement [104]. Moreover, the precipitation kinetics of the 

strengthening phases is sluggish, which contributes to the alloyÕs retained strength at high 

temperature due to resistance to precipitate coarsening [25,82].  

Despite its excellent properties, IN718 presents challenges to conventional machining 

[23] and material forming processes [21]. Its ability to readily work harden and its poor thermal 

conductivity causes excessive tool wear and low material removal rates, making it a costly 

processing route [22]. In addition, high temperature production has its own difficulties, as 

refractory element segregation (i.e., Nb and Mo) to grain boundaries can occur, which increases 

hot cracking susceptibility [21]. Yet, IN718 is favorable to welding [152,153], which is a critical 

attribute for advanced manufacturing processes like additive manufacturing (AM). Thus, this 

aspect, coupled with its ability to precipitation harden, pose IN718 to be used in the manufacture 

of complex geometrical designs while retaining its high temperature properties. This serves as a 

valuable quality to enhance its performance in existing application, such as with turbine blades 

or heat exchangers [6,154], where intricate cooling channels integrated into the design for better 

heat dissipation that would otherwise be impossible through conventional means. 

To date, studies have thoroughly assessed the room temperature monotonic properties of 

AM IN718 [12,62,66,69,155Ð159] and, to a much lesser extent, its fatigue performance 

[66,156,160Ð162]. Generally, it has been concluded that full  heat treatment of AM IN718 

according to industry-recommended standards [2,3,27] can result in static properties comparable 
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to its conventionally produced cast and wrought (C&W) forms. As fatigue performance is 

statistical in nature [163], this discrepancy seems to primarily stem from the few numbers of 

studies for fatigue of AM IN718. In addition, cyclic fatigue of fully heat-treated IN718 is 

reported to exhibit inferior fatigue life at room temperature due to process-induced defects 

[160,161], especially in the high cycle regime. Yet, some studies, such as Kirka et al. [156], 

conclude comparable performance at room temperature when comparing AM IN718 and its 

C&W forms.  

Yet, despite these studies evaluating performance at room temperature, its high 

temperature stability is one of the key reasons this alloy is selected, but to this point, reporting of 

the high temperature properties of AM IN718 have been limited [155,156,164]. Trosch et al. 

[155] examined the monotonic properties of AM IN718 at elevated temperatures (i.e., 450 ¼C and 

650 ¼C). All materials examinedÑIN718 produced by selective laser melting (SLM), casting, 

and forgingÑwere solution heat treated at 980 ¡C for 1 h, aged at 718 ¡C for 8 h, followed by 

621 ¼C for 8 h. The authors reported that SLM IN718 showed superior static properties to the 

C&W forms at 450 ¼C. However, at 650 ¼C, the yield strength (YS) and ultimate tensile strength 

(UTS) diminish by 21% and 15%, respectively, when compared to their performance at 450 ¼C. 

In comparison, the forged samples only decreased by 9% and 10%, respectively [155]. The 

authors attribute the finer grain size of the SLM samples to the more rapid decline in YS and 

UTS than was observed for the forged samples, because the higher testing temperature 

diminishes the hardening effects of the fine grain size [155]. Trosch et al. [155] go on to 

postulate, but without further explanation that to improve the high temperature mechanical 

properties of the SLM samples, intragranular # phase must be reduced. Moreover, the authors 

made no mention of dislocation cells or their potential effects [155]. With regard to fatigue at 
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elevated temperature, Nezhadfar et al. [165] very recently examined IN718 produced by laser 

directed energy deposition (L-DED) and subject to the AMS 5596C heat treatment schedule. The 

authors state that AM IN718 showed inferior fatigue life under low cycle fatigue when compared 

to wrought IN718, which was suggested, is due to the formation of brittle # and Laves phases 

during fatigue testing at elevated temperature (650 ¼C) that can lead to easier crack growth [165]. 

In addition, the authors conclude that L-DED and wrought IN718 have comparable high 

temperature fatigue resistance [165]. However, the author only examined strain amplitudes of 

0.01 mm/mm, which primarily falls into the medium to high cycle regime. Moreover, L-DED 

samples do not exhibit the same process-induced dislocation cells as AM materials produced by 

L-PBF. 

However, in all these studies, standard heat treatments (SHTs) commonly seek to achieve 

isotropic properties by ÒnormalizingÓ the microstructureÑeliminating the process-induced 

microstructural hierarchy seen in AM alloys [64,65,161,166]. And, if the aspects of the 

underlying process-induced microstructure do survive, suboptimal microstructural features arise 

from SHTs, despite comparable macroscopic performance [4,38]. Recent efforts have shown the 

advantages of the underlying dislocation cell networks that form during printing [38,54Ð56,134]. 

Gallmeyer et al. [38] show that preservation of dislocation cells, in conjunction with 

precipitation hardening through aging, in AM IN718 lead to superior strength over the wrought 

form. However, no studies have explored the structure-property relationships of AM IN718 at 

elevated temperature.  

A few studies have evaluated the role of dislocation cells on fatigue in AM IN718. Yoo et 

al. [72] examined the cyclic loading of AM IN718 after stress relief (1065 ¡C for 1.5 h followed 

by a two bar Ar cooling) and found that, while initially the dislocation cell boundaries impede 
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dislocation motion, planar deformation eventually manifests in the form of persistent slip bands 

(PSBs) at later cycle counts. The ability of the dislocation cells to impede dislocations later in 

fatigue life diminishes as grain-scale length PSBs transmit across multiple dislocation cell 

boundaries [72]. Moreover, Aydinšz et al. [66] suggest that increased fatigue life in solution 

annealed AM IN718 is due to dislocations impeded by the formation of well-defined process-

induced dislocation cell boundaries [66]. However, both of these studies are limited in scope; 

they only perform microstructural assessment of AM IN718 materials that contain dislocation 

cells but are missing "& and "% strengthening phases. In addition, only room temperature tests 

were conducted.  

Thus, there is a clear need to assess the high temperature monotonic and cyclic fatigue 

behaviors of AM IN718, which is the aim of the present study. In continuation of the ongoing 

effort to evaluate the effects of heat treatment of the structure property relationships of AM 

IN718, monotonic and fully-reversed (R = -1), strain-controlled fatigue testing is conduct at 25 

¼C, 550 ¼C, and 700 ¼C. The macroscopic properties are compared across the test temperatures of 

interest, in addition to comparison against existing C&W literature. These efforts are driven by 

the need to better engineer AM IN718 materials through post-processing heat treatments.  

 

5.3!Methods 

5.3.1!Sample fabrication 

 Two cubes, one 10 cm !  10 cm !  10 cm and another 8 cm !  8 cm !  10 cm, were 

manufactured using a Concept Laser M2 Cusing multilaser system using manufacturer- 

recommended processing parameter: laser power of 160 W; scanning speed of 800 mm/s; laser 

focus spot size 80 µm; hatch spacing 160 µm; powder layer thickness 50 µm; -45+10 µm sieved 
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powder and a 90¡ rotation in laser path between subsequent layers. The fabrication was 

performed under Ar atmosphere with the oxygen concentration maintained between 0.40 and 

0.60 %. A more detailed account of all processing conditions used in the sample fabrication is 

outlined in [38]. Specimens were extracted as presented in Figure 5.1. 

 Various heat treatments outlined in Section 4.2 were applied to the printed tensile 

specimens. Subsequently, the samples were monotonically deformed in tension to failure. The 

details of this are specified in Chapter 4. The microstructural examination of the deformed 

samples after fracture is the focus of this section. 

 

 
Figure 5.1 Bulk block builds from which specimens were extracted for monotonic and cyclic 
fatigue testing at room and elevated temperatures. 

 

Tensile specimens were extracted from the as-fabricated block using electrical discharge 

machining (EDM) prior to application of any heat treatment. Tensile specimen geometry 

followed ASTM E8 subsize standard [167]. All specimens extracted from the block were 

oriented parallel to one another, with the loading axis of the specimens orthogonal to the build 

direction. Subsequently, tensile specimens were heat treated as described previously. Prior to 
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testing, the surfaces of all tensile specimens were polished using 600 grit SiC grinding paper 

with water lubricant.  

Specimens for cyclic fatigue testing were also extracted by EDM from the block builds. 

The orientation of the extracted samples mimicked that of the monotonic specimens (i.e., 

perpendicular to the build direction). The specimens were based on ASTM E606 [168] sheet 

specimens to maximize the number of specimens that could be extracted from the builds. The 

rectangular geometry used had a gauge length of 12 mm and cross-sectional dimensions of 4 mm 

!  6 mm. As applicable, specimens were heat-treated per the aforementioned schedules prior to 

any final surface preparations. Prior to testing, all specimens were polished to a maximum 

surface roughness of 0.2 %m [168]. Final cross-sectional dimensions of the specimens were 

approximately 3.8 mm !  5.5 mm after completed surface preparations. 

 

5.3.2!Mechanical testing 

Monotonic tensile testing of all conditions of the AM samples was performed using an 

MTS Servo-hydraulic load frame equipped with an MTS 662.20H-05 load cell. An approximate 

strain rate of 0.003 s-1 was used, corresponding to a cross-head displacement of 4.5 mm/min. 

Strains were measured using a high temperature extensometer (Epsilon Technology Corp. model 

3648-010M-020-ST) outfitted with Al2O3 extension rods. In addition to reporting engineering 

stress-strain, all values for the AM samples were converted to logarithmic (i.e., ÒtrueÓ) stress and 

strain [104].  

Due to physical constraints of the specimen geometry, the experimental setup of the 

induction coil only allowed for ~0.10 mm/mm strain before the induction coil would interfere 

with the extensometer measurements. Therefore, for any sample that did not fracture within 0.10 
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mm/mm, the extensometer was removed during the test, and the stress-strain response was 

extrapolated using a polynomial fit of the strain response (> 0.03 mm/mm) as a function of cross-

head displacement. The load frame compliance is captured in the initial strain-displacement. 

Fully-reversed (R = -1), strain-controlled cyclic fatigue tests were at a constant strain rate 

of 0.006 s-1. All testing was performed using a triangular waveform with initial loading in the 

tensile direction. Specimens were examined at three temperatures, 25 ¼C, 550 ¼C, and 700 ¼C, in 

an open-air environment. Tests were carried out at total strain amplitudes between  

'$ /2 = 0.006 mm/mm and '$ /2 = 0.02 mm/mm. Failure criterion was set as a 50% load drop 

during the tensile portion of the cycle, which resulted in either complete separation or significant 

and sudden crack propagation through the specimen cross-section.  

High temperature environmental testing was performed using an UltraFlex Power 

Technologies induction furnace (model UltraHeat SM, 5 kW output). Specimen temperature was 

controlled via feedback from an optical pyrometer (LumaSense Technologies IMPAC IGA 310) 

in conjunction with an integrated PID controller (Watlow EZ-Zone PM). Emissivity, an 

important factor in accurate optical pyrometer measurements, was set to 0.3 for IN718 [51,52]. 

The pyrometer was placed approximately 25 cm from the specimen surface and focused on the 

gauge section near the center of the induction coil. At this distance, the pyrometer illuminated 

~10 mm2 of the specimenÕs surface over which the temperature was averaged. For 550 ¼C and 

700 ¼C tests, specimens were heated at a ramp rate of ~10 ¼C/s to the target temperature, after 

which the specimen were allowed to equilibrate for five minutes. The heating process was 

conducted under force-control at a near zero kN load to prevent thermal loading of the tensile 

specimens. Testing commenced only after complete equilibration of the system. An example of 

the testing setup is shown in Figure 5.2. 
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Figure 5.2 Experimental setup for high temperature testing.  

 

5.3.3!Microstructural characterizations 

Specimens for electron back scatter diffraction (EBSD) werer extracted from the gauge 

section of each condition and were prepared using standard metallographic techniques, with a 

final polishing step of 0.02 colloidal silica on a VibroMet vibratory polisher for 24 h. The 

undeformed specimen was extracted from the grip section of the 25 ¼C deformation sample to 

avoid any thermal or mechanical effects. ESBD measurements were performed using an FEI 

Helios Nanolab 600i DualBeam SEM/FIB configured with an EDAX Hikari Super EBSD 

camera, and all EBSD data were processed using EDAX OIM Analysis 8 software  

(version 8.1.0 x64 [05-28-19]).  
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The fracture surfaces of post-mortem tensile specimens were examined using a Keyence 

VHX-5000 digital microscope for low-magnification examination and an FEI Helios Nanolab 

600i DualBeam SEM/FIB for detailed, high-magnification fractographic examination using 

secondary electron imaging mode with an accelerating voltage of 20 kV and working distance of 

10 mm.  

 

5.3.4!Fit to linear elastic, exponential strain hardening model 

The true stress-true strain responses were fit to a linear elastic, exponential strain hardening 

plasticity model to determine the strain hardening constants of each condition using Eq. 4.2. To 

determine Kp and np, an L2-norm minimization routine between the model and stress-strain curve 

was performed in an iterative process for various values of Kp and np. The Kp and np values 

corresponding to the lowest RMSE values achieved are reported in Table 5.2. Fits between the 

raw stress-strain data and the model are presented in Figure 5.4. 

 The strain hardening rate versus true strain for each condition was calculated using the 

true stress-true strain responses in Figure 4.1(h). Since the monotonic testing was without any 

expected dynamic strain aging or other stress relaxation mechanisms, a custom filter was 

implemented that only used a data point if it was monotonically increasing relative to the 

previous data point. This was done to prevent overfitting from the dynamic strain aging effects. 

Subsequently, the strain hardening rates were determined by calculating the slope of a specified 

data range using a sliding linear regression window.  

 The work-to-failure (Wf) and work at 0.05 mm/mm total strain (W0.05) were calculated by 

integrating over the modeled true stress-true strain responses for each condition. To calculate the 
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work at each strain value, the elastic part of the model was only integrated over the elastic strain, 

and the plastic part of the model only over the plastic strain. 

 

5.4!Results 

The presentation of the results is prepared in two subsections. Analyses of the mechanical 

properties are shown in Section 3.1 while microstructure characterizations, including 

fractographic examinations, are presented in Section 3.2.  

  

5.4.1!Mechanical properties of AM IN718 

Figure 5.3 and Table 5.1 show and summarize, respectively, the mechanical responses 

and properties for the various AM IN718 materials discussed in this study. The following 

subsections present the different aspects of the mechanical responses capture in Figure 5.3 and 

Table 5.1.   

 

5.4.1.1!Monotonic tensile properties of AM IN718 at 25 ¼C, 550 ¼C, and 700 ¼C 

The engineering and true stress-strain curves for AM IN718 after the application of various 

heat treatments and tested at different environmental temperatures are shown in Figure 5.3. A 

summary of the relevant mechanical properties and their relative changes to the room 

temperature response for each condition are represented in Table 5.1. These results show that 

overall, the YoungÕs moduli, yield strengths (YS), and ultimate tensile strengths (UTS) decrease 

with increasing test temperature (Table 5.1), which is consistent with conventionally 

manufactured IN718 [1,4]. The AP and SA980 conditions show the largest decreases in YS when 

comparing 25 ¼C and 550 ¼C test temperatures, with decreases of 17.7% and 18.9%, respectively.  
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Figure 5.3 Monotonic tensile behaviors of AM IN718 subject to various heat treatments tested at 
25 ¼C, 550 ¼C, and 700 ¼C, as represented by its engineering (a-c) and true (d-f) stress-strain 
responses. (g-i) strain rate hardening as a function of strain for each condition of AM IN718 at 
the evaluated testing temperatures. 
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Table 5.1 YoungÕs moduli (E), yield strengths (! YS), ultimate tensile strengths (! UTS), elongations to failure, and work to fracture (Wf) 
and 0.05 mm/mm of total strain (W0.05) for AM IN718 subjected to various heat treatments and tested at room and elevated 
temperatures. In addition to the values, the relative change (%) differences relative to the room temperature responses (25 ¼C) are also 
given. 

Condition Temp.  E    ! YS   ! UTS   Elongation  Wf   W0.05  

 (¡C)  (GPa) " RT (%)  (MPa) " RT (%)  (MPa) " RT (%)  (mm/mm) " RT (%)  (MJ) " RT (%)  (MJ) " RT (%) 

AP 

25  210 --  740 --  1310 --  0.238 --  249.6 --  38.9 -- 

550  183 -12.9  609 -17.7  1118 -14.7  0.220 -7.6  192.4 -22.9  33.1 -14.9 

700  179 -14.8  596 -19.5  1174 -10.4  0.261 +9.7  236.3 -5.33  31.7 -18.5 

SA980 

25  201 --  545 --  1296 --  0.306 --  290.8 --  28.3 -- 

550  185 -8.0  442 -18.9  1132 -12.7  0.310 +1.3  252.1 -13.3  24.4 -13.8 

700  182 -9.5  440 -19.3  1153 -11.0  0.317 +3.6  263.6 -9.35  24.7 -12.7 

DA720 

25  218 --  1252 --  1509 --  0.094 --  125.9 --  60.8 -- 

550  207 -5.0  1072 -14.4  1343 -11.0  0.109 +16.5  128.7 +2.22  52.4 -13.8 

700  181 -17.0  1035 -17.3  1337 -11.4  0.104 +11.1  119.7 -4.92  51.7 -15.0 

SHT-2 

25  211 --  1250 --  1609 --  0.127 --  179.7 --  61.4 -- 

550  205 -2.8  1077 -13.8  1454 -9.6  0.182 +43.3  229.0 +27.4  52.0 -15.3 

700  161 -23.7  1037 -17.0  1393 -13.4  0.175 +37.8  209.1 +16.4  49.4 -19.5 

SA1020+A
720 

25  218 --  1229 --  1651 --  0.166 --  237.6 --  59.6 -- 

550  183 -16.1  1040 -15.4  1447 -12.4  0.202 +21.7  248.7 +4.67  49.8 -16.4 

700  181 -17.0  997 -18.9  1352 -18.1  0.165 -0.6  191.7 -19.3  48.4 -18.8 
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Comparably, DA720, SHT-2, and SA1020+A720 show slightly smaller decreases, with 

changes of -14.4%, -13.8%, and -15.4%, respectively. Increasing the test temperature from     

550 ¼C to 700 ¼C, the YS values continue to decrease slightly. The AP (-19.5%), SA980             

(-19.3%), and SA1020+A720 (-18.9%) conditions exhibit the largest decreases with respect the 

properties measured at 25 ¼C, DA720 (-17.3%) and SHT-2 (-17.0%) are marginally less. 

Given that elongation at failure occurs prior to the point of instability [104] for the AM 

IN718 materials, the reported ultimate tensile stresses (UTSs) corresponds to the maximum 

stress at failure (Table 5.1). Therefore, due to the observed strain hardening behavior of the 

stress-strain responses as shown in Figure 5.3, the UTS is expected to increase with increased 

elongation to failure. As reported in Table 5.1, the UTS values for all conditions are observed to 

decrease with increasing test temperature, ranging between -9.6% (SHT-2) and -18.1% 

(SA1020+A720). Specifically, the highest UTS values are exhibited in the SHT-2 (1454 MPa 

and 1393 MPa) and SA1020+A720 (1447 MPa and 1352 MPa) at 550 ¼C and 700 ¼C, 

respectively. Nonetheless, this suggests that decreases in UTS are most likely due to the YS 

decrease with temperature, reducing UTS despite a significant increase in elongation to failure. 

For instance, SHT-2 exhibits a ~38-43% increase in elongation at the elevated test temperatures 

but a ~10-14% decrease in UTS (Table 5.1).  

The dissipated energy to failure (Wf ) and 0.05 mm/mm total strain (W0.05) are presented 

in Table 5.1. The reason for evaluating work over two separate strain intervals is done 1) to 

capture the influence of increased (or decreased) elongation to failure and 2) to have a 

normalized manner to directly compare across all conditions despite the variability in elongation 

responses. At 25 ¼C, the highest values of Wf are observed for the SA980 and AP condition 

(290.8 MJ/m3 and 249.6 MJ/m3, respectively) while the lowest value is found for DA720  
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(125.9 MJ/m3). Of the aged conditions examined, SA1020+A720 exhibited the highest value for 

Wf  (237.6 MJ/m3), which is 89% and 32% higher than DA720 and SHT-2, respectively. At the 

elevated test temperatures of 550 ¼C and 700 ¼C, DA720 still shows the lowest absorbed energy 

per unit volume (128.7 MJ/m3 and 119.7 MJ/m3, respectively), while the highest values are 

observed for SA980. Furthermore, the largest increases in Wf are observed in SHT-2 samples, 

where the energy absorbed per unit volume increased by 27.4% and 16.4%, respectively. This 

fact is likely driven by the significant increases in elongation to failure measured for SHT-2 

samples at the elevated temperatures (Table 5.1). 

However, the aforementioned trends change when considering work to 0.05 mm/mm total 

strain (W0.05). Over this strain interval, the aged conditions greatly outperform the AP and SA980 

conditions, showing increases of roughly 56% and 114%, respectively. At 550 ¼C, all conditions 

show an average decrease in absorbed energy per unit volume by ~15%. The SA980 and DA720 

conditions are observed to have the smallest decreases, at -13.8% for each. Interestingly, at 700 

¼C, SA980 and DA720 samples decrease the least with respect to their values at 25 ¼C (-12.7% 

and -15.0%, respectively). Conversely, the AP, SHT-2, and SA1020+A720 conditions show 

larger decreases on average at approximately -18.9%. Moreover, DA720 samples exhibit the 

highest overall absorbed energy per unit volume across the three temperatures examined in this 

study (Table 5.1). 

 

5.4.1.2!Flow behavior of AM IN718 at different environmental temperatures 

Figure 5.3(g-i) shows the strain hardening rate, d! /d" , as a function of true strain for the 

various test temperature, as calculated from the true stress versus true strain curves in Figure 

5.3(d-f). Specifically, Figure 5.3(g) exhibits the strain hardening rate for testing performed at  
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25 ¼C. The SA980 condition demonstrates, on average, the highest maintained strain hardening 

rate with increasing true stain. Beginning at low strain values (~0.02 mm/mm), the SA980 

samples shows a slight increase and subsequent stabilization in the strain hardening rate at  

~3100 MPa until ~0.06 mm/mm of strain. After which, the strain hardening rate steadily 

decreases, but dropping no more than 10% until from its small strain value until after ~0.18 

mm/mm of strain accumulation. Similarly, the AP sample exhibits an initial uptick from ~2700 

MPa to ~3200 MPa in strain hardening rate at low strains (~0.02 mm/mm). Subsequently, the 

strain hardening rate is shown to decrease at a constant rate until ~0.09 mm/mm of total strain. 

At this point, the strain hardening rate briefly and sharply increases (from ~2600 MPa to ~3000 

MPa) for a second time before quickly declining until failure at ~0.22 mm/mm of total strain. Of 

the aged conditions, the DA720 and SHT-2 samples show higher strain hardening rates than the 

SA1020+A720 sample at low to intermediate strain levels (<0.10 mm/mm). Beyond this point, 

the SA1020+A720 sample maintains a higher strain hardening rate (~2500 on average) than the 

two other aged conditions.  

At 550 ¼C and 700 ¼C, Figure 5.3(h) and (i), respectively, the trends in strain hardening 

rates for each condition hold true to those described for 25 ¼C. For instance, at low strains  

(<0.05 mm/mm), on average, the SA980 sample demonstrates the highest strain hardening rates, 

followed by AP, DA720, SHT-2, and last SA1020+A720. At intermediate to large strains  

(>0.10 mm/mm), the order of highest maintained strain hardening rate is SA980, AP, 

SA1020+A720, and last SHT-2. DA720 is absent from the list as failure occurs at approximately 

0.10 mm/mm of total strain. In addition, the crossover point in which the strain hardening rate 

for the SA1020+A720 sample surpasses that of the SHT-2 sample occurs at roughly the same 

value of total strain independent of temperature, at ~0.07 mm/mm (Figure 5.3(g-i)). Furthermore, 
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the sudden and frequent peaks and troughs in the strain hardening rate are associated with 

dynamic strain aging (DSA) observed in all conditions when tested at elevated temperatures. 

These effects are absent from tests conducted at 25 ¼C, hence the relatively smooth strain 

hardening rate curves. The nature of the DSA observed is reported in Section 3.1.3 and discussed 

further in Section 4.  

 

5.4.1.3!Linear elastic, exponential strain hardening plasticity models for AM IN718 

To further examine the flow behavior of the AM IN718 materials, the true stress versus 

true strain responses presented in Figure 5.3(d-f) were fit to a linear elastic, exponential strain 

hardening plasticity model for the three different testing temperatures (25 ¼C, 550 ¼C, and  

700 ¼C), as presented in Figure 5.4. In addition to plotting the raw data, filtered data, and model 

for each condition, the strain hardening rate, d! /d", is also presented. Furthermore, the strain 

hardening parameters and corresponding RMSE values between the L2-norm fit of the model 

and raw data are presented in Table 5.2, including the relative percentage change to the 25 ¼C 

response values for each condition.  

At 25 ¼C, the strain hardening exponent, np, is largest for the AP (0.78), SA980 (0.80), 

and SA1020+A720 (0.72) conditions (Table 5.2), which also are the samples that exhibit the 

highest elongations to failure (Table 5.1). Moreover, the DA720 and SHT-2 condition 

demonstrate similar strain hardening exponents at 0.56 and 0.51, respectively. Subsequently, 

when tested at 550 ¼C, the AP, SA980, and DA720 samples show marginal changes in their 

strain hardening exponents, changing no more than ±0.04 from their 25 ¼C values (Table 5.2). 

However, the SHT-2 and SA1020+A720 samples show more substantial changes, with increases 

of +0.18 and +0.08, respectively. At 700 ¼C, all conditions exhibit similar value for the strain 
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hardening exponent to those at 550 ¼C (Table 5.2), save DA720, which exhibits a marked 

decrease to 0.41. Similar grouping in the trends are noted when evaluating the strain hardening 

coefficient, Kp. At 25 ¼C, the AP (1941 MPa), SA980 (2101 MPa), and SA1020+A720  

(1674 MPa) samples show the highest values for the strain hardening coefficient while DA720 

(1172 MPa) and SHT-2 (1200 MPa) are notably lower (~38%, on average) (Table 5.2). When 

evaluating at 550 ¼C and 700 ¼C, generally, all conditions show a reduction in their strain 

hardening coefficient, save SHT-2 (+11.8%), which again shows higher values with increasing 

temperature. Between the two elevated testing temperature, the values at 700 ¼C are again 

relatively constant compared to 550 ¼C, with only DA720 showing a significant decrease in its 

strain hardening coefficient (-20.6 %) (Table 5.2). Overall, the fits of the models are within an 

RMSE of ~6-11 MPa and R2 > 0.98, suggesting accurate approximation of the true stress versus 

true strain responses for each condition and testing temperature (Table 5.2).  

 

5.4.1.4!Cyclic stress-strain responses 

Having explored the monotonic response of AM IN718 materials at various temperatures, 

attention is now turned to their cyclic fatigue responses. Figure 5.5 shows the peak tensile 

stresses for each cycle of variously heat-treated AM IN718 materials when tested at 25 ¼C,  

550 ¼C and 700 ¼C and #" /2 = 0.010 mm/mm. As observed across all temperatures, the AP and 

SA980 (25 ¼C only) conditions exhibit cyclic hardening over the first ~30-50 cycles while the 

DA720, SHT-2, and SA1020+A720 conditions exhibit cyclic softening. Moreover, none of the 

curves shows stable cyclic stress amplitude. Yet, at 550 ¼C and 700 ¼C (Figure 3.1(b) and (c), 

respectively), DA720, SHT-2, and SA1020+A720 samples do exhibit a leveling in their peak 

tensile stresses at last-stage cycles counts prior to failure. In addition, the DA720 condition  
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Figure 5.4 True stress versus true strain response and corresponding linear elastic, exponential 
strain hardening model fit for (a-c) AP, (d-f) SA980, (g-i) DA720, (j-l) SHT-2, and (m-o) 
SA1020+A720 conditions tested at 25 ¼C, 550 ¼C, and 700 ¼C, respectively. 
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Table 5.2 Linear elastic, exponential hardening model fitting constants for AM IN718 after the application of various heat treatments

Condition Temperature  E    Kp   np   RMSE  R2 

 (¡C)  (GPa) ! RT (%)  (MPa) ! RT (%)  (MPa) ! RT (%)  (MPa)  (MPa) 

AP 

25  205 --  1941 --  0.78 --  8.04  0.9978 

550  182 -11.2  1759 -9.38  0.82 +5.13  7.54  0.9971 

700  177 -13.7  1655 -14.7  0.79 +1.28  10.2  0.9958 

SA980 

25  201 --  2101 --  0.80 --  6.03  0.9992 

550  185 -7.96  1764 -16.0  0.78 -2.50  6.54  0.9988 

700  181 -9.95  1776 -15.5  0.77 -3.75  8.55  0.9981 

DA720 

25  216 --  1172 --  0.56 --  8.41  0.9893 

550  205 -5.09  1160 -1.02  0.60 +7.14  9.47  0.9861 

700  179 -17.1  931 -20.6  0.41 -26.8  12.1  0.9815 

SHT-2 

25  210 --  1200 --  0.51 --  9.73  0.9923 

550  205 -2.38  1341 +11.8  0.69 +35.3  11.4  0.9889 

700  160 -23.8  1294 +7.83  0.71 +39.2  10.4  0.9898 

SA1020+A720 

25  216 --  1674 --  0.72 --  9.00  0.9944 

550  184 -14.8  1553 -7.23  0.80 +11.1  8.76  0.9943 

700  180 -16.7  1556 -7.05  0.80 +11.1  9.76  0.9898 



  

shows the highest peak tensile stresses across all temperatures. When comparing the SHT-2 and 

SA1020+A720 conditions, SHT-2 shows higher peak tensile stresses at lower temperature 

(Figure 3.1(a)) while SA1020+A720 shows higher stresses at the higher temperature examined 

(Figure 3.1(b) and (c)). 

For most conditions tested at 25 ¼C, samples exhibit a prolonged failure, indicative of the 

steady decrease in the peak stresses with increasing cycle count at the end of the curves. The 

exception is the DA720 condition, which exhibits a sudden failure, suggestive of rapid crack 

propagation [169]. Similar trends in failure are observed for tested at 550 ¼C Figure 5.5(b). 

Interestingly, at 700 ¼C, the AP condition now exhibits sudden failure while the DA720 

condition shows a slow and steady decrease in peak stresses, suggestive of slower crack 

propagation that leads to failure. These findings are consistent with the cyclic fatigue behavior of 

wrought IN718 [161]. However, other reports of AM IN718 generally describe sudden ÒbrittleÓ 

failure [66,156,161], which is contrary to the behavior observed in the current study. 

 

 
Figure 5.5 Evolution of peak tensile stresses for AM IN718 after the application of various heat 
treatments when tested at a total strain amplitude (!" /2) of 0.01 mm/mm at (a) 25 ¼C, (b) 550 ¼C, 
and (c) 700 ¼C. 
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The number of cycles to failure (Nf) for each condition at each testing temperature is 

shown in Figure 5.6. The failure criterion was established as the number of cycles at 0.5#max. As 

evident, the AP and SA980 conditions show the highest cycle count to failure at 25 ¼C, with 

values of N = 1162 and N = 2069, respectively. Of the aged conditions, the SA1020+A720 

condition had the high cycle count at Nf = 765, followed by DA720 (Nf = 733) and SHT-2  

(Nf = 622). As testing temperature increases to 550 ¼C and 700 ¼C, Nf decreases for all conditions, 

as expected. Interestingly, at 550 ¼C, the DA720 sample shows the highest cycle count (Nf = 

590), which is identical to the performance of the AP condition. Furthermore, at 700 ¼C, the 

DA720 shows the highest cycles count at failure (Nf = 376), followed by the AP, SA1020+A720, 

and SHT-2 conditions (Nf = 272, 215, and 213, respectively). Overall, the highest cycle counts 

with increasing temperatures are observed in the DA720 condition, while all others decrease. 

 

 
Figure 5.6 Number of cycles to failure for various AM IN718 materials tested at 25 ¼C, 550 ¼C, 
and 700 ¼C. All tests are conducted at !" /2 = 0.010 mm/mm. 

 

Figure 5.7 shows the evolution of the plastic strain amplitude (!" p/2) as a function of the 

number of cycles to failure for each test temperature. Overall, the observed trends in !" p/2 are 

consistent with the evolution in peak stresses, in that the peak stresses shows an inverse 
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relationship with !" p/2 (Figure 5.5). As all samples were examined through strain-controlled 

cycling at !" /2 = 0.010 mm/mm, the materials with higher strengths will inherently result the 

total strain amplitude being composed of a smaller plastic strain component. 

Specifically, the AP and SA980 conditions show a decrease in !" p/2 for over the first 

~30-50 cycles, which corresponds to the same range over which cyclic hardening occurs (Figure 

5.7). As expected, the cyclic hardening mitigates dislocation motion and multiplication, and 

ultimately drives a decrease in !" p/2 per cycle. However, at 550 ¼C and 700 ¼C, the AP condition 

shows only slight increase in !" p/2 over its behavior at 25 ¼C. Conversely, the aged conditions 

(DA720, SHT-2, and SA1020+A720) all show a steady increase in !" p/2 with increasing cycle 

count. This is suggestive that the aging heat treatment plays an important role in the control in 

the evolution of !" p/2, as consistent with literature [66]. 

 

 
Figure 5.7 Evolution of plastic strain amplitude (!" p/2) for AM IN718 after the application of 
various heat treatments when tested with a total strain amplitude (!" /2) of 0.01 mm/mm at (a) 25 
¼C, (b) 550 ¼C, and (c) 700 ¼C. 
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5.4.1.5!Hysteresis loops and mean stress changes 

Figure 5.8 exhibits the stable hysteresis loops taken at half-life for the AP, DA720, SHT-

2, and SA1020+A720 conditions when tested at 25 ¼C, 550 ¼C, and 700 ¼C, and !" /2 = 0.010 

mm/mm. Generally, it is expected that increasing temperature will increase hysteresis loop 

widths and decrease peak stresses [104]. However, with regard to hysteresis width, this trend is 

not observed for the conditions examined in the present study. The widths of the hysteresis 

loops, measured by the strain range at zero stress, is equal to the total plastic strain. At 25 ¼C, the 

AP conditions shows the largest hysteresis across all condition, where !" p/2 = 0.0054 mm/mm 

(Figure 5.8(a)). The aged conditions show nearly identical values of !" p/2 at 0.0045 mm/mm 

(Figure 5.8(b-d)). At 550 ¼C, the AP condition shows only a marginal change in !" p/2 (+4.6%) 

while the aged conditions (i.e., DA720, SHT-2, and SA1020+A720) exhibit more substantial 

increases with respect to their room temperature values (+10.5%, +19.1%, and +13.2%, 

respectively). Interestingly though, at 700 ¼C, all conditions show a smaller increase in !" p/2 

compared to their performance at room temperature. The AP condition exhibits the most stability 

in !" p/2 with increasing temperature, with only a +2.3% change (Figure 5.8(a)). Similarly, the 

DA720 and SA1020+A720 conditions show only slight increases in !" p/2 at +5.7% and +3.7%, 

respectively. However, the SHT-2 condition demonstrates a +17.4% change in !" p/2 at 700 ¼C, 

the highest of all condition examined. 

With respect to peak stresses, overall, the expected behaviors hold true as peak stresses 

decrease with increasing testing temperature (Figure 5.8). The DA720 condition exhibits the 

largest peak stress at 25 ¼C (1086 MPa), followed by SHT-2 (1048 MPa), and SA1020+A720 

(1021 MPa). As expected, the AP condition shows the lowest peak stress at 786 MPa. When 

comparing the room temperature performance to higher temperatures, the AP and SA1020+A720 
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conditions show the smallest decreases in peak stresses at 550 ¼C at -12.1% and -11.6%, 

respectively. The largest decrease is observed for DA720 at -17.2%, while the SHT-2 condition 

decreases -14.3%. Interestingly, the AP condition shows no further deterioration in peak stress 

when tested at 700 ¼C. The SA1020+A720 condition also exhibits limited decreases in peak 

stress (-14.4%) relative to its room temperature performance. However, the largest decreases are 

observed for the DA720 and SHT-2 conditions (-20.5% and -21.7%, respectively). Thus overall, 

the AP and SA1020+A720 conditions show the best retention of strength with increasing test 

temperature. 

 

 
Figure 5.8 Stable hysteresis loops at half-life of AM IN718 in the (a) AP, (b) DA720, (c) SHT-2, 
and (d) SA1020+A720 conditions tested at 25 ¼C, 550 ¼C, and 700 ¼C. All tests were performed 
at a total strain amplitude of 0.01 mm/mm. 
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Further analysis of the stable hysteresis loops indicates an asymmetry in the peak stresses 

while loading in tension versus compression. To assess this behavior, the mean stresses (#m) 

were calculated for each condition by taking the sum of the peak tensile and compressive stresses 

for each cycle, as shown in Figure 5.9. It can be observed that the AP and SA980 conditions 

show near zero #m while the aged conditions appear to have compressive #m across all 

temperatures. It is known that compressive #m can be desirable for extending fatigue life as it 

mitigates cyclic crack opening and closing [170]. Further inspection indicates that #m is 

relatively unchanged with temperature for the AP condition. However, as apparent for the aged 

conditions, #m trends toward zero with increasing temperature and increasing cycle count. This 

behavior is strongest for the DA720 and SHT-2 conditions while the SA1020+A720 condition 

maintains the most compressive values of #m. Based on that behavior, it is that aging heat 

treatment plays a role in generating compressive #m. For instance, the application of a solution 

anneal heat treatment (SA980) alone lacks the ability to promote the observed behavior  

(Figure 5.9(a)), which supports the proposed hypothesis. The mean stress is attributed to 

difference in the tension-compression flow behavior [161].Moreover, it is reported that as strain 

amplitude increases, the mean stress will be closer to zero as plastic deformation can facilitate 

relaxation [170]. While all of these tests are conducted at the same values of !" /2  

(0.010 mm/mm), higher test temperatures are implemented that can also facilitate relaxation 

[170].  

 

5.4.1.6!Fatigue life and low cycle fatigue parameters 

To this point, all examinations have been performed at !" /2 = 0.010 mm/mm. Strain 

amplitude is known to influence fatigue behavior [171]. As such, the aged conditions were  
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Figure 5.9 Evolution of mean stresses (#m) for AM IN718 after the application of various heat 
treatments when tested with a total strain amplitude (!" /2) of 0.01 mm/mm at (a) 25 ¼C, (b) 550 
¼C, and (c) 700 ¼C. 
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examined over a range of strain amplitudes to better understand their fatigue properties at 25 ¼C 

and 700 ¼C. 

It has been described that the total strain amplitude can be expressed in terms of its elastic 

and plastic components [104], such that 
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Altogether, the terms can explain an entire range of fatigue lives from low-cycle to high-cycle, 

where : ;
$, b, E, , ;

$, c, and 2Nf are the fatigue strength coefficient, fatigue strength exponent, 

YoungÕs modulus, fatigue ductility coefficient, fatigue ductility exponent, and reversals to 

failure, respectively. Figure 5.10 shows the total, elastic, and plastic strain amplitudes of the 

DA720, SHT-2, and SA1020+A720 conditions tested at 25 ¼C and 700 ¼C, and the reported 

strain amplitudes are measured at half-life. For the plastic strain amplitude, the values were 

measured by the hysteresis width at zero load during the tensile and compressive portions of the 

cyclic testing. Subsequently, the elastic strain values were calculated by taking the difference 

between the total and plastic strain amplitudes. All values used are available in Table A.1. The 

solid lines indicate the least-squares fits modeled after Eq. 5.3 (blue curve), Eq. 5.2 (red curve), 

and their sum (black curve), Eq. 5.1, with the fatigue parameters reported at 25 ¼C in Table 5.3, 

and at 700 ¼C in Table 5.4. Also reported are the number of reversals at which the elastic strain 

and plastic strain models intersect for each condition and test temperature; this value is denoted 
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as 2Nt, the transition point. The transition refers to the change from plastic strain dominated to 

elastic strain dominated loading with increasing reversals to failure. Note, the monotonic total, 

elastic, and plastic strains were excluded from the model fits, and are reported for comparison 

only. 

 

 
Figure 5.10 Total, elastic, and plastic strain amplitudes versus reversals to failure for DA720, 
SHT-2, and SA1020+A720 conditions at 25 ¼C (a-c) and 700 ¼C (d-f), respectively. Also 
included are the total, elastic, and plastic strain from the monotonic tensile tests for each 
condition and temperature as reported in Table 5.1.  

 

Table 5.3 Fatigue properties of AM IN718 at 25 ¼C. 
Condition E (GPa) <4

$ (MPa) b 84
$ (mm/mm) c 2Nt 

DA720 218 2211 -0.086 0.096 -0.425 760 

SHT-2 211 1794 -0.072 0.254 -0.603 644 

SA1020+A720 218 1746 -0.066 2.541 -0.903 969 
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Table 5.4 Fatigue properties of AM IN718 at 700 ¼C. 
Condition E (GPa) <4

$ (MPa) b 84
$ (mm/mm) c 2Nt 

DA720 181 1568 -0.086 0.669 -0.761 627 

SHT-2 161 1559 -0.115 1.252 -0.883 563 

SA1020+A720 181 1943 -0.119 0.284 -0.688 318 

 

 The cyclic stress-strain behavior of the aged conditions at 25 ¼C and 700 ¼C are expressed 

according to the power-law relationship, 
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where K$ is the cyclic strength coefficient and n$ is the cyclic strain-hardening exponent. The 

calculated parameters and the quality of their fit are presented in Table 5.5. 

 

Table 5.5 Cyclic stress-strain parameters for AM IN718 at 25 ¼C and 700 ¼C. K$ is the cyclic 
strength coefficient and n$ is the cyclic strain-hardening exponent. 
   25 ¼C    700 ¼C  

Condition  K! (MPa) n! R2  K! (MPa) n! R2 

DA720  1726 0.073 0.9288  1555 0.104 0.9193 

SHT  1645 0.078 0.8923  1270 0.082 0.9298 

SA1020+A720  1387 0.048 0.7000  1981 0.146 0.9694 

 

5.4.2!Microstructure characterization 

5.4.2.1!Fractographic observations after monotonic failure 

In this study, fractography has been used to identify differences between fracture modes 

as the result of the various heat treatments and testing temperature. Low-magnification 

fractographs of all conditions are shown in Figure A.1-Figure A.5. Specimens tested at 550 ¼C 

and 700 ¼C clearly exhibit slant fracture. However, the fracture surfaces of samples tested at  

25 ¼C shown a mix of slant and flat fracture surfaces. For all temperatures examined, conditions 

that exhibited the highest elongation to failure (i.e., AP, SA980, and SA1020+A1020) (Table 
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5.1) present predominantly slanted fracture surfaces while DA720 and SHT-2 samples 

(comparably lowest elongation to failure at 0.094 mm/mm and 0.127 mm/mm, respectively) 

show predominantly flat fracture surfaces. For this study, the sub-size, rectangular geometry 

used has approximate cross-sectional dimensions of 6 mm % 2 mm, which can be classified as 

thin sheet. It is known that in thin sheets where plane shear is dominant, slant fracture may occur 

through the thickness or in the plane of the sheet. This fracture morphology is reported to occur 

through ductile failure by mechanical instability in the specimen, which is commonly described 

as shear failure [175]. 

To better differentiate the fracture modes given the similarities viewed at low 

magnification, detailed examination via SEM was conducted. Ultimately, careful investigation of 

the various test conditions revealed common features, which are summarized in Figure 5.11. A 

representative, low-magnification fractograph demonstrating facet-like regions is shown in 

Figure 5.11(a). The observed facet-like regions are suggested to be crystallographic in nature, as 

indicated by literature [134]. Closer inspection of the facet-like surfaces is shown in Figure 

5.11(b) and (c). It is evident that the surfaces are predominantly decorated with dimpled features, 

which are suggestive of intergranular dimple rupture by microvoid coalescence [176] and ductile 

failure [175]. Furthermore, representative, magnified regions of the rupture dimples are shown in 

the fractographs of Figure 5.11(d-f). The circular (Figure 5.11(d) and (e)) and elongated (Figure 

5.11(f)) seemingly correspond to the cellular dislocation cells that form during the fabrication 

process [38]. The elongated morphology differs from oblong dimples that can form under shear 

loading or dimple rupture during crack propagation [176]. Moreover, at the base of the dimples 

in the AP, DA720, and SHT-2 conditions are nanoparticle features that are known to serve as 

nucleation sites for microvoid coalescence [175,176]. What further supports the hypothesis that  
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Figure 5.11 Scanning electron micrographs (secondary electron imaging mode) of typical 
fracture surface features observed across all heat treatment conditions and testing temperatures of 
AM IN718 after fracture. (a) Low-magnification micrograph showing facet-like features. (b-c) 
Magnified investigation of facet-like features demonstrating two distinct dimple morphologies. 
Micrographs are indicative of intergranular dimple rupture from microvoid coalescence at the 
grain boundaries. (d-f) High-magnification micrographs showing the two distinct dimple 
morphologies observed (i.e., circular and elongated). 

 

the dimple size and morphology correspond to the dislocation substructures is the fact that the 

nanoparticles (i.e., Laves phase) that form during solidification are predominately contained at 

intercellular regions (Chapter 3). Thus, the arrangement of nanoparticles would be expected to 

facilitate microvoid coalescence along the cell boundaries [177], producing either circular 

(Figure 5.11(e)) or elongated (Figure 5.11(f)) dimple arrangements based upon the orientation of 

the dislocation cells with respect to the loading direction (Figure 3.6). WhatÕs more, the SA980 

and SA1020+A720 samples exhibit far fewer nanoparticles at the base of the observed dimples 

(Figure 5.11 (d)), as expected based upon previous work presented in Chapter 3 [38] due to the 

dissolution of Laves phase particles; SHT-2 facilitates the precipitation of & phase along 
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intercellular boundaries, which can serve as sites for microvoid coalescence [12,67,89,90]. 

Interestingly though, the dimple size (560 ± 71 nm) is similar to those with an abundance of 

nanoparticles present, suggesting that the nanoparticles are just one mechanisms driving 

microvoid coalescence to produce the observed dimple arrangements. 

Also common to AM-produced materials are bulk defects like keyhole [178] and  

lack-of-fusion [179] porosity, which are known to impact mechanical performances [130]. 

Figure 5.12 presents a representative overview of such defects after fracture. Specifically 

depicted in Figure 5.12(a) is a pore presumably generated by the keyhole mechanism based upon 

its regular, spherical morphology [178]. Evident are cracks surrounding and passing through the 

pore. Figure 5.12(d) magnifies the cracks within the pore. Closer examination suggests the 

cracks propagate along the grain boundaries, which would indicate an intergranular transmission 

mode (Figure 5.11). Furthermore, planar deformation is observed as indicated by the series of 

parallel and intersection lines within the various observed grains. The planar bands are oriented 

approximately 70¼ to one another, indicative of slip occurring along {111} [104,175,176]. 

Further investigation of the porosity is shown in Figure 5.12(b), where a population of voids is 

observed to have coalesced. It is known that void coalescence can lead to crack formation 

through the linkage of voids [175]. Figure 5.12(c) indicates the formation of a crack emanating 

from the pore boundary. The morphology of the crack suggests a high-density of voids coalesced 

to facilitate its formation, with an example of a fully formed crack originating at the pore 

boundary in Figure 5.12(e).  
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Figure 5.12 Scanning electron micrographs (secondary electron imaging mode) of typical bulk 
defects observed across all heat treatment conditions and testing temperatures of AM IN718 after 
fracture. (a) Micrograph showing keyhole porosity containing cracks along its free surface as 
well as cracks surrounding its perimeter. (b) Magnified micrograph of a keyhole pore containing 
a population of voids coalescing near its interface and (c) where a high-density population of 
voids have coalesced to create a crack emanating from a pore boundary. (d) Magnified region of 
(a) showing crack propagation along intergranular boundaries. (e) Example of a fully formed 
crack originating from a pore boundary.  

 

In addition, large secondary particles (i.e., MC carbides) can influence crack growth and 

propagation [70], as evident in Figure 5.13. The hard, larger secondary phase particles have 

different flow characteristics than the softer matrix phase. As the material is deformed, particle-

matrix decohesion can occur (Figure 5.13(a)) in addition to particle cracking (Figure 5.13(b)) 

[175]. Either can serve as sites for microvoid nucleation, facilitating crack propagation during 

deformation and failure [70]. 
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Figure 5.13 Scanning electron micrographs (secondary electron imaging mode) of typical 
secondary phase particles observed across all heat treatment conditions and testing temperatures 
of AM IN718 after fracture. Examples of (a) matrix-particle decohesion and (b) secondary phase 
particle cracking. 

 

5.4.2.2!Fractographic observations after cyclic fatigue fracture 

Figure 5.14 presents the fractures surfaces of the AP (a-c), SA980 (d-f), DA720 (g-i), 

SHT-2 (j-l), and SA1020+A720 (m-o) conditions when tested at 25 ¼C and  

!" /2 = 0.010 mm/mm. Overall, each condition exhibits predominantly transgranular fracture 

[169,180]. More specifically, the AP and SA980 conditions are constituted primarily of tear 

ridges and fatigue striation (Figure 5.14(a-c) and Figure 5.14(d-f), respectively), which are 

caused by cyclic crack propagation and arrestment during Stage II crack growth [176,180]. The 

average fatigue striation spacing for the AP and SA980 conditions are 4.9 " m and 4.0 " m, 
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respectively, and can be largely influenced by the applied strain amplitude during cyclic loading 

[181,182]. In addition, secondary cracking is observed to populate the fracture surfaces of the AP 

and SA980 conditions (Figure 5.14(b) and Figure 5.14(f), respectively). The average secondary 

crack lengths and spacings are respectively 94 ± 35 " m and 48 ± 7 " m for the AP condition and 

81 ± 27 " m and 44 ± 13 " m for the SA980 condition. 

As evident, the fracture surfaces for the aged AM IN718 exhibit cleavage-like, 

crystallographically-oriented features indicative of Stage I fatigue fracture [176,180]  

(Figure 5.14(g-o)). Stage I fracture fatigue is largely characterized by slip-plane cracking due to 

repetitive cyclic loading of active slip planes [176]. Secondary cracking is also evident in all 

aged conditions but is far less prevalent when compared to the AP and SA980 conditions. 

However, despite a reduced quantity, the crack length has increased. Specifically, DA720 shows 

secondary crack lengths of 81 ± 29 " m and crack spacings of 63 ± 11 " m. For SHT-2, the values 

are 98 ± 34 " m and 79 ± 25 " m, respectively. And for SA1020+A720, the values are  

103 ± 23 " m and 76 ± 17 " m, respectively. In addition, fatigue striations are unobserved in the 

aged conditions (Figure 5.14(g-o)). Yet, some surface markings are noted (Figure 5.14(o)) and 

are indicative of Òtire tracksÓ, which are caused by protrusions or particles from one fracture 

surface being impressed into the opposing during fully-reversed fatigue testing [176]. 

Figure 5.15 and Figure 5.16 demonstrate the representative fracture surfaces for DA720, 

SHT-2, and SA1020+A720 at 550 ¼C and 700 ¼C, respectively, when tested at  

!" /2 = 0.010 mm/mm. Again, all samples exhibit transgranular fracture. The prevalence of 

secondary cracking within the samples increases compared to room temperature testing, where 

crack lengths are comparable to room temperature, but crack spacing has decreased ~50 " m for  
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Figure 5.14 Overview of cyclic fatigue fracture surfaces of the AP (a-c), SA980 (d-f), DA720 (g-
i), SHT-2 (j-l), and SA1020+A720 (m-o) conditions when tested at 25 ¼C and !" /2 = 0.010 
mm/mm. All fractographs are captured with a scanning electron microscope using secondary 
electron imaging mode. 
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all aged conditions. In addition, Stage II crack growth is clearly evident for each sample by the 

presence of fatigue striations. However, these striation can be obscured by oxidation [176]. 

Nonetheless, the fatigue striations are measured to be ~0.9 " m on facet-like surfaces (Figure 

5.15(e) and Figure 5.16(d,e)) and ~2.1 " m on the more tortuous features (Figure 5.15(f) and 

Figure 5.16(f)). At elevated temperatures, it is known that IN718 is sensitive to oxidation-

assisted crack growth mechanisms, which can promote an intergranular fracture mode [183,184]. 

Yet, except for DA720 at 550 ¼C (Figure 5.15 (a)), no transition from transgranular to 

intergranular fracture is observed. Interestingly, at elevated temperatures, small cellular features 

are observed on the fracture surface (Figure 5.17(a)). Measurement indicates a size of ~600 nm, 

which is equivalent to the observed dislocation cell sizes (Table 3.4). As these features are 

observed within a region exhibiting a transgranular fracture mode, it suggests that the crack front 

follows the intercellular boundaries of the AM process-induced dislocation cells (Figure 5.17(a)). 

Moreover, porosity is shown to be a site for crack initiation, similar to monotonic loading 

(Figure 5.17(a)). Similarly, large secondary particles, such as carbides, are shown to fragment 

under cyclic loading and facilitate decohension at the matrix interface (Figure 5.17(b)).  

Overall, low magnification fractographs of the aged AM IN718 materials are shown in 

Figure A.6. Closer examination reveals that crack initiation commonly occurs at the specimen 

surface (Figure A.6), which is more apparent at higher testing temperatures due to the intensity 

of oxidation that occurs (Figure A.7). In addition, it is evident that several surface crack initiation 

sites may occur (Figure A.7). 
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Figure 5.15 Overview of cyclic fatigue fracture surfaces of the DA720 (a,d), SHT-2 (b,e), and 
SA1020+A720 (c,e) conditions when tested at 550 ¼C and !" /2 = 0.010 mm/mm. All 
fractographs are capture with a scanning electron microscope using secondary electron imaging 
mode. 

 

 

 
Figure 5.16 Overview of cyclic fatigue fracture surfaces of the DA720 (a,d), SHT-2 (b,e), and 
SA1020+A720 (c,e) conditions when tested at 700 ¼C and !" /2 = 0.010 mm/mm. All 
fractographs are capture with a scanning electron microscope using secondary electron imaging 
mode. 
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Figure 5.17 (a) Example of transgranular fracture in which the crack path follows the 
intercellular boundaries of the AM process-induced dislocation cells. In addition, example of 
crack initiation from porosity. (b) Large secondary phase that has fragmented during cyclic 
loading. Particle exhibit decohesion from the matrix phase, and can serve as failure initiation 
site. All fractographs are capture with a scanning electron microscope using secondary electron 
imaging mode. 

 

5.4.2.3!Electron backscatter diffraction 

To understand the effects of temperature on the deformation response of AM IN718, 

grain-scale examination of the microstructural evolution was conducted via EBSD. The pre- and  

post-deformation microstructure of the AP condition is shown in Figure 5.18. The inverse pole 

figures (IPFs) of are colored according to the inset orientation maps with respect to the plane 

normal parallel to the build direction (Figure 5.18(a-d)) and to the loading direction (Figure 
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5.18(e-h). Low-angle grain boundaries (LAGBs) and high-angle grain boundaries (HAGBs), as 

defined by thresholds of 3¡ # $ # 15¡ and $ % 15¡ misorientations, respectively, are highlighted 

by red and black lines, respectively. As shown in Figure 5.18(a) and (c), the AP undeformed 

microstructure is composed of elongated and irregularly shaped grains as viewed in the build 

plane that are arranged consistent with the ÒislandÓ scan strategy used the material fabrication 

process [102]. 

The {100} pole figure (PF) indicates a strong fiber texture with {100} aligned with the 

build direction for the undeformed AP sample, as shown in Figure 5.18(i). Two additional fibers 

components have {100} oriented in transverse-to-build orientations, which align with the square 

ÒislandÓ scan strategy [102] (Figure 5.1) and are oriented 45¼ in plane from the tensile direction. 

Note the inset tensile specimen schematic that contains the physical frame of reference for the 

PFs. Moreover, the 3-fiber-component nature to the texture is confirmed considering the {110} 

and {111} pole figures. One of the fibers has {110} aligned with the tensile direction, which is 

consistent with the coloring of Figure 5.18(e). Furthermore, an additional fiber has {110} aligned 

90¼ to the tensile direction by azimuthal rotation. Lastly, two fibers have {111} aligned out-of-

plane to the tensile direction. This crystallographic texture is consistent with the preferential 

growth direction along A001B for fcc metals [13] and previous reports of AM Ni-based 

superalloys [38,67,102,107] (Figure 5.18). 

The PFs after deformation for tests conducted at 25 ¼C, 550 ¼C, and 700 ¼C are shown in 

Figure 5.18(j-l). Commensurate behavior is observed for all examined temperatures. For brevity, 

the behavior for all test temperatures can be described through the PF in Figure 5.18(j); the only 

difference between the different test temperature is the intensity of the fibers become more 

diffuse at elevated temperatures. After fracture at 25 ¼C, the fiber of the texture with {100} 
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aligned with the build direction has split into two fibers with small polar rotation toward the 

tensile axis. In addition, the fiber of the texture {110} that was previous aligned to the tensile 

direction exhibits a polar rotation away from the axis. However, the fibers of {110} aligned with 

the transverse of the tensile direction (along the A2) remains unchanged after deformation. The 

remaining {110} fibers show splitting with a polar rotation toward the tensile direction. Lastly, 

the {111} fiber texture have split and rotated toward the tensile axis, with strong alignment of 

one fiber along the tensile axis, as evident is the orientation coloring of the IPF in Figure 5.18(f). 

FCC metals are known to exhibit alignment of {111} with tensile deformation through lattice 

rotation by planar deformation [185], which is consistent with the results demonstrated in this 

study. 

 

5.5!Discussion 

5.5.1! On the monotonic performances of AM IN718 materials 

Discussion of the monotonic performances of the heat-treated AM IN718 materials is 

provided in two subsections. The effects of heat treatment and test temperature on AM IN718 is 

discussed is Section 5.5.1.1 while Section 5.5.1.2 focuses on AM IN718 versus conventionally 

heat treat cast and wrought forms. 

 

5.5.1.1!DA720 exhibits most stable strength with increasing temperature (normalized 

dissipated energy) 

To better compare the monotonic tensile responses of different AM IN718 materials after 

the application of various heat treatments, dissipated energies to failure (Wf) and to 0.05 mm/mm 

of total strain (W0.05) (Table 5.1) were considered. When considered to failure, DA720 samples 
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exhibit the lowest energy absorption prior to failure. However, a closer look reveals that Wf is 

largely driven by elongation measured at failure (Table 5.1). To prove this point, the SA980 

samples, which exhibit the lowest YSs of all conditions examined, show the highest values of Wf  

across all test temperatures and conditions. The dissipated energies at 0.05 mm/mm (W0.05) were 

considered to normalize the comparison. Upon inspection, the DA720 conditions shows, on 

average, the highest amounts of absorbed energy and most stable values with increasing 

temperature. Furthermore, the SA980 samples demonstrate the lowest values of W0.05 across all 

temperatures examined (Table 5.1). At 700 ¼C, the DA720 samples show a 4.6% and 6.8% 

increase over the SHT-2 and SA1020+A720 samples, respectively. The possible reason for the 

increased energy absorption could be due to the coexistence of dislocation cell walls and dense 

nanoprecipitation (Chapter 3). The dislocation cell walls, comprised of entangled dislocation 

forests, serve as excellent obstacles to dislocation glide and sites for large amounts of dislocation 

storage. These boundaries are much more dense than those observed in the SHT-2 and 

SA1020+A720 conditions. In addition, the nanoprecipitation 1) strengthens the matrix and 2) 

also serve as sites for damage absorption through internal SF formation and nanotwin formation 

(Chapter 4). 

 

5.5.1.2!AM IN718 versus its cast and wrought form 

As IN718 is traditionally a cast and wrought (C&W) alloy, it is imperative to evaluate the 

differences in performance between AM IN718 and its conventionally-produced counterpart. 

Based upon several reports [1,4,14,62,155], Table 5.6 shows average values of engineering 

stress-strain for YS, UTS, and elongation for C&W IN718. Also included are the aged conditions 
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Figure 5.18 Overview of the crystallographic orientation of the AP condition before and after 
deformation at 25 ¼C, 550 ¼C, and 700 ¼C. The crystallographic orientation maps are presented 
colored according to the inverse pole figure (IPF) that are given with respect to the plane normal 
(hkl) parallel to build direction (BD) (a-d) and the tensile direction (TD) (e-i). The build 
direction and tensile direction of the sample lie 90¼ with respect to each other, as indicated by the 
drawn coordinate systems. LAGBs and HAGBs are outlined with red and black lines, 
respectively. (i-l) For each test condition, {100}, {101}, and {111} pole figures with intensities 
colored by multiples of random distribution according to the indicated scale. All specimens were 
deformed in the A3 direction, which is perpendicular to the build direction. 

 



  



  

of AM IN718 examined in this study (i.e., DA720, SHT-2, and SA1020+A720). First, there is 

comparable performance with regard to YS and UTS. On average, the AM IN718 materials are 

within 5% of the C&W values at directly comparable test temperatures (25 ¼C, 550 ¼C, and  

700 ¼C) (Table 5.6). However, there is an exception when comparing UTS at 700 ¼C: 

interestingly, the AM IN718 materials perform 13.9% better than the C&W forms. From Chapter 

4, it is shown that the wrought SHT condition exhibits the lowest strain hardening rate of all 

condition examined, which is likely attributable to the lower UTS response at 700 ¼C.  

With respect to elongation to failure, the DA720 condition shows an inferior response to 

the C&W values at all test temperatures (Table 5.6). This is likely attributed to the presumed 

retention of brittle Laves phase particles in the material due to the omission of a solution 

annealing heat treatment (Chapter 3). Furthermore, the SHT-2 and SA1020+A720 conditions 

show comparable elongations to failure at 25 ¼C and 700 ¼C to the C&W forms (within 5%). 

However, at the intermediate test temperature of 550 ¼C, the aged AM IN718 materials show an 

~41% increase over the C&W forms. The importance of the process-induced cell boundaries 

increasing on elongation to failure have been previously shown [38,55]. It has been shown that 

the cell boundaries are stable despite high levels of strain accumulation (Table 4.2). It is 

plausible that at intermediate temperatures, the cell boundaries can still impede dislocation 

motion and promote higher elongation to failure values through stabilized plastic flow indicated 

by a near-constant strain hardening rate with increasing strain (Figure 5.3(e)).  

For statistical comparison, Moorthy [129] evaluated the monotonic responses of AM 

IN718 after application of SHT-1 heat treatment schedule. The material examined was 

manufactured using the same AM powders and printer as the present study. It was determined 

that for 90¼ samples (tensile axis perpendicular to build direction as is used in the current study, 
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75% of the sample examples fell within ~80 MPa range for YS. This implies that the difference 

observed are real. Ultimately, it can be plausibly concluded that the heat-treated AM IN718 

materials presented in this work show a similar or better monotonic performance when compared 

to their C&W counterparts at both low and elevated temperatures (Table 5.6) 

 

Table 5.6 Yield strengths (! YS), ultimate tensile strengths (! UTS), and elongations to failure after 
the application of various heat treatment to AM IN718 at different test temperatures. All values 
are in terms of engineering stress and engineering strain. The mechanical responses of cast and 
wrought (C&W) forms of IN718 are included for comparison. Average values are reported for 
C&W conditions that contain multiple references. 

Condition Temperature  ! YS  ! UTS  Elongation  Ref.  
(¡C)  (MPa)  (MPa)  (mm/mm)   

DA720  25  1243  1375  0.098  -- 
 550  1064  1206  0.115  -- 
 700  1026  1207  0.109  -- 

SHT-2  25  1240  1419  0.135  -- 
 550  1063  1217  0.200  -- 
 700  1028  1172  0.191  -- 

SA1020+A720  25  1221  1401  0.181  -- 
 550  1020  1187  0.224  -- 
 700  990  1152  0.179  -- 

C&W  25  1177  1367  0.167  [1,4,14,62,155] 
 450  1055  1177  0.170  [155] 
 550  1045  1240  0.150  [14] 
 650  955  1061  0.139  [1,4,155]  
 700  965  1034  0.200  [14] 

 

5.5.2!On the DSA behavior of AM IN718 

Dynamic strain aging (DSA) is facilitated by the interaction between temporarily-

pinned, glissile dislocations and solute atoms, whether interstitial or substitutional [104]. 

Increased strain causes sudden unpinning of the dislocations and their movement to the next 

obstacle, at which time solute atoms again diffuse around the dislocation core, and this results in 
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the serrated flow behavior observed in all conditions examined at elevated testing temperatures 

(Figure 5.3(e) and (f)). Notably, there is a distinct difference in the critical strain value that 

indicates the onset of DSA. Under normal DSA response, the critical strain value decreases with 

increasing temperature, while the opposite is true for inverse DSA, i.e., critical strain increases 

with increasing temperature. Particularly, the unaged conditions (AP and SA980) show a delay 

in their critical strain values by ~ 0.04 mm/mm from 550 ¼C to 700 ¼C, while that same delay is 

absent from all the aged conditions (DA720, SHT-2, SA1020+A720) (Figure 5.3(e) and (f)). 

From the previous microstructural work (Chapter 3), the AP and SA980 conditions lack 

nanoprecipitation and show high free lattice dislocation densities compared to the aged 

conditions (Table 3.4). Conversely, the DA720, SHT-2, and SA1020+A720 conditions all 

exhibit dense nanoprecipitation. As such, the two groups of AM IN718 materials are discussed 

based upon their underlying microstructure. 

 

5.5.2.1!Aged AM IN718 (The DA720, SHT-2, and SA1020+A720 conditions) 

The interaction of mobile dislocations and solutes atoms are what lead to DSA. When 

the aged AM IN718 begin to yield, mobile dislocations will immediately interact with the 

nanoprecipitation strengthening phase through the mechanisms discussed in Chapter 4. During 

this interaction, the velocity of the mobile dislocation is slowed. Furthermore, it is known that as 

dislocation lines interact with precipitates, the portions of the dislocation between precipitates 

are interacting with the matrix phase. Thus, while the mobile dislocations are arrested by the 

dense nanoprecipitates, the portions of the mobile dislocations that reside within the matrix phase 

can serve as sinks for diffusing solute atoms. The resulting solute atmospheres will temporarily 

pin the mobile dislocations until a sufficient stress develops to unpin them. Since unpinning itself 
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does not release stress energy, the unpinned dislocations are under an excess stress and their 

subsequent motion both reduces stress and increases strain, leading to the serrations observed in 

the stress-strain response (Figure 5.3(e) and (f)). While this is a plausible mechanism for the 

observed DSA behavior in the aged conditions, it does not address why the critical strain values 

are very similar. To this point, recent study of a "#-strengthened Ni based superalloy by Wang et 

al. [186] have related the critical strain for the onset of DSA to "# populations after various aging 

heat treatments. They stated that the density of mobile dislocations is related to the interparticle 

spacing of "# nanoprecipitates [186], which suggest that the reason for similar critical strain 

values for the aged conditions in this study is due to similar nanoprecipitate sizes and 

interparticle spacings (Table 4.2). In addition, the proposed mechanism also can explain why 

similar values of critical strain observed for the aged conditions at 550 ¼C and 700 ¼C. Despite 

more thermal activation at 700 ¼C, mobile dislocations will immediately react with the dense, 

homogeneously distributed nanoprecipitates expected at 550 ¼C, in which portions of the 

impeded mobile dislocations with serve as sinks for the diffusion of solute atoms. This is 

consistent with the findings of Chen et al. [187], who reported that for wrought IN718 material 

with a "$ precipitate diameter of 25.2 nm and deformed at strain rate of 3.0 % 10-3 s-1, the 

difference in critical strain between deformation at ~550 ¼C and ~700 ¼C is ~0.001 mm/mm or 

less.  

Moreover, stacking faults (SFs) are shown to be a primary mode of deformation for 

DA720, SHT-2, and SA1020+A720 conditions (Chapter 4). Recently, SFs have been 

investigated for their potential contributions to DSA. Xu et al. [188], who studied a Ni-Co-based 

superalloy, suggested that SF formation during deformation can serve as segregation sites for 

solute atoms by lowering the total energy of the SFs, as shown by Koizumi et al. through first-
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principle calculations [189]. Thus, it is possible for solute atmospheres to form around SFs 

emanating from "$ precipitates or cell boundaries and contribute to serrated flow as SFs expand 

with increasing applied stresses (Chapter 4).  

 

5.5.2.2!Unaged AM IN718 (The AP and SA980 conditions) 

While the DSA behavior observed in the aged conditions is largely driven by the 

interaction of dislocations and nanoprecipitates, this mechanism is insufficient to describe the 

governing mechanism for the AP and SA980 conditions, as these conditions are devoid of 

strengthening phase precipitations (Chapter 3). Fu et al. [190] recently studied a type 5456 Al-

alloy as a means to explore mechanisms driving normal and inverse DSA behaviors for the alloy. 

Similar to the observations reported in this study, the authors observed inverse DSA at Òhigh 

temperatures.Ó Note, this is relative as Al-alloys show high diffusivity, even at room 

temperatures [190]. Nonetheless, the authors correlate the inverse DSA behavior, which delays 

the onset of critical strain with increasing temperature, to the pinning strength of solute 

atmospheres on dislocation at high temperatures. Said another way, they state that dislocation 

pinning is achieved at the beginning of plastic deformation and the first unpinning marks the 

critical strain [190]. This mechanism has been extended to Ni-Co superalloys by Zhang et al. 

[191] to explain the observed inverse behavior, where the authors schematically show how the 

mechanisms would operate. Since diffusion increases at high temperatures, solute atmospheres 

instantly form around dislocations. As the mobile dislocations glide with increasing applied 

stress, the diffusivity rate of the solute atoms remains higher than the dislocation velocity. The 

dislocation continuously drags the solute atmosphere until the mobile dislocation encounters an 

obstacle (e.g., dislocation forest or sessile dislocation). As the applied stress increases, it can 
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overcome the stress field from the solute atmosphere and the obstacle, at which point the mobile 

dislocation is free of the solute atmosphere and the stress suddenly drops. Through pipe and bulk 

diffusion, the solute atoms reform the solute atmosphere around the mobile dislocation, causing 

the applied stress to increase again [191]. Afterward, the mobile dislocation continue to glide 

while dragging the solute atoms until it encounters another obstacle, at which point the 

mechanism will repeat and lead to the observed serrated flow [190,191].  

Now, applying the proposed mechanism to the AP and SA980 conditions, the 

differences in critical strain values at 550 ¼C (0.021 mm/mm and 0.010 mm/mm, respectively) 

(Figure 5.3(e)) are the first examined. The undeformed microstructure of the AP condition 

consists of dislocation cells with dense, entangled dislocation forests at their boundaries, in 

addition to a high density of free lattice dislocations, solute segregation, and eutectic phases 

(Figure 3.6 and Figure 3.7). The SA980 condition retains cell boundaries, but & phase also forms. 

In addition, solute segregated in the AP condition has been homogenized, eutectic phases have 

dissolved, and much of the free lattice dislocation density has annihilated (Chapter 3). Given the 

lack of obstacles to impede mobile dislocations and the abundance of dispersed solute atoms, the 

stress barrier for the SA980 condition should be lower since stress fields associated with the 

remaining obstacles should be weaker than those present in the AP conditions. This is consistent 

with the lower observed critical strain (Figure 5.3(e)). 

Next explained is the increase in critical strain with increasing temperature for the AP 

and SA980 conditions. Solute drag increases with increasing temperature [190,191]. It is known 

that at very high temperatures, DSA behavior is absent [190Ð192]. This is due to thermally 

activated diffusion that leads to sufficiently high atomic mobility that dislocation mobility cannot 

escape the formed atmospheres. So, at high temperatures, the critical strain increases since the 
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dislocation velocity is proportional to the applied stressÑso until the applied stress is high 

enough for the dislocation to break free, the solute cloud moves with the dislocation [190,191]. 

Thus, to achieve this, higher strains are needed and manifests as a delay in the observed serrated 

flow between 550 ¼C and 700 ¼C (Figure 5.3(e) and (f)). 

During the course of this discussion on DSA behavior, the assertion has been made that 

mobile dislocations interact with solute atoms. The identities of these atomic species warrant 

discussion. Solute atoms in IN718 have been reported to be both interstitial (e.g., carbon, 

nitrogen) and substitutional (e.g., Nb, Mo, Cr) [192Ð196]. At low temperatures and high strain 

rates, normal DSA behavior is largely governed by the diffusion of interstitial atoms, such as 

carbon [187,193,194,196]. But, at higher temperatures, the origin of DSA behavior is still an area 

of active research [197]. It is generally accepted that the behavior is attributed to substitutional 

atomic species (e.g., Nb [193,194,198], Mo [195,197], Cr [196]), which result in the 

manifestation of inverse DSA behavior [192,193,199,200]. Given this, it can be posed that the 

inverse DSA behavior observed in this study (Figure 5.3(e) and (f)) is likely due to the 

interaction of mobile dislocations and substitutional atomic species. 

 

5.5.3!Comparison of monotonic performance for block-build versus free-standing AM 

IN718 tensile specimens at 25 »C 

Previous work by Gallmeyer et al. [38], as presented in Chapter 3, examines the 

mechanical performances of free-standing tensile specimens of AM IN718 after the application 

of the same heat treatments presented in the current Chapter. However, the current Chapter 

examines the responses of tensile specimens extracted from a bulk part, which inherently will 

have a different thermal history during the fabrication processes given the geometry differences 



 166 

alone. Understanding the part size effects on microstructural evolution and subsequent 

mechanical responses is an area of continued interested in studying AM processes [201]. As 

such, it is important to compare any possible differences in the responses of free-standing versus 

block-build from the current works. Comparison of the changes in the monotonic tensile 

properties of the tabulated properties in Table 3.3 (free-standing) versus Table 5.1 (block-build) 

is presented in Table 5.7 (stress-strain responses can be found in Figure 3.3 and Figure 5.3, 

respectively).  

 

Table 5.7 The relative (%) and absolute (MPA) differences in the monotonic tensile properties of 
block-build relative to the free-standing (' FS) tensile specimens. 

Condition ! YS     ! UTS     Elongation   

!! ' FS (%) ' FS (( Pa)  ' FS (%) ' FS (( Pa)  ' FS (%) ' FS (mm/mm) 

AP -2.6 -20  -1.9 -25  +11.7 +0.025 

SA980 -12.1 -75  -2.2 -29  +7.0 +0.020 

DA720 -3.7 -48  -4.5 -71  -2.1 -0.002 

SHT-2 +0.8 +10  +3.1 +49  +9.5 +0.011 

SA1020+A720 -1.3 -16   +0.7 +11   +0.0 +0.000 

 

Table 5.7 shows the relative (%) and absolute (MPA) differences in the monotonic tensile 

properties of block-build relative to the free-standing (' FS) tensile specimens. Good agreement is 

shown, with only marginal changes between the block-build and free-standing mechanical 

responses. The only exceptions are the elongation to failure for all heat treatments, and YS of 

SA980. Specifically, SA980 samples in the block-build condition shows a 12.1% decrease in YS 

(Table 5.7). Possible reasons for the decrease in YS include changes in grain size [162], 

dislocation density [120], and dislocation cell size [38,54,56], all of which have been shown to 

influence AM IN718 flow stress [38]. However, the cause is difficult to pinpoint given the 

almost equivalent responses of all the other conditions examined (Table 5.7). Furthermore, there 
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is also good agreement in the UTS between the block-build and free-standing conditions. The 

other notable changes are observed in the elongation for the AP, SA980, and SHT-2 conditions, 

with increases of +11.7%, +7.0%, and +9.5%, respectively. Although the relative changes at first 

appear significant, comparison of the absolute changes in elongation indicate only slight 

differences in between the two build conditions (+0.025 mm/mm, +0.020 mm/mm, and  

+0.011 mm/mm, respectively). Thus, overall, there is very good agreement in the mechanical 

responses (Table 5.7). This suggests that the underlying microstructures could show similar 

morphologies and evolutions with heat treatment despite the lack of advanced transmission 

electron microscopic investigations to substantiate this hypothesis. However, it is evident that 

both AP conditions show strong {001} fiber texture aligned with the build direction and grain 

morphologies that are strongly influenced by laser path (Figure 3.4 and Figure 5.18) 

 

5.5.4!Structure-property relationships of AM IN718 materials subject to cyclic fatigue  

To establish a holistic view of the structure-property relationships of AM IN718 under 

cyclic loading conditions, each aspect of the underlying microstructures is explored. First to be 

examined are the effects of the process-induced dislocation cells, with the AP and SA980 

conditions being the primary focus of this section to isolate the effects of dislocation cells from 

others to be discussed. Recent investigations have shown that the process-induced dislocation 

cells served as effective barriers to dislocation glide under monotonic conditions [38,54Ð56,134]. 

In the same way, it is intuitive to expect similar dislocation glide inhibition during cyclic 

loading, which, in turn, could potentially prolong the fatigue endurance of AM materials, as has 

been suggested by Aydinšz et al. [66]. They attributed the better endurance observed for solution 

annealed AM IN718 to the transformation of ill-defined dislocation cells to well-defined cell 
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boundaries (Figure B.2) that effectively inhibit dislocation motion. Similarly, fatigue endurance 

for SA980 is observed to be higher for SA980 than the AP condition (Figure 5.6), which 

suggests that the dislocation cells may increase the fatigue endurance as barriers to plastic flow. 

Moreover, Yoo et al. experimentally confirmed the explanation postulated by Aydinšz et al. [66] 

for better endurance. In stress-relieved AM IN718 (1065 ¡C for 1.5 h followed by a two bar Ar 

cooling), dislocation pileup is observed to occur at well-defined cell boundaries at low strain 

region. However, there is a caveat: the authors show that samples examined at higher cycle 

counts display (persistent slip bands (PSBs)). PSBs transmit across cell boundaries on grain-

length scales, suggesting that once the barrier to dislocation propagation is overcome, cell 

boundaries become ineffective at limiting the growth of PSBs [72]. Another way dislocation 

cells can improve fatigue endurance is hypothesized based on observations reported in Chapter 4, 

which shows that dislocation cells serve as nucleation sites for dislocations during monotonic 

deformation (Figure 4.6). It is plausible that the dislocation cells can also enhance fatigue 

endurance by delocalizing deformation for a more homogeneous distribution of slip [202], 

effectively delaying the formation of PSBs and subsequent failure. In addition, since deformation 

under cyclic loading occurs through slip localization, a homogeneous distribution of localized 

slip band allows for more dislocation interactions that can lead to cyclic hardening [202], as 

observed for the AP and SA980 conditions (Figure 5.5). Conversely, cyclic softening is observed 

at later cycle counts (Figure 5.5) and is associated with the rearrangement of dislocations 

[138,203,204]. Yet, when tested at elevated temperatures, it is evident that dislocation cells alone 

cannot explain fatigue endurance because the aged AM IN718 perform comparably or better than 

the AP condition (Figure 5.5(b) and (c)).  
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The nanoprecipitate strengthening phases of AM IN718, "# and "$, strongly influence its 

strength [38] and deformation mechanisms (Chapter 4). Notably, the DA720, SHT-2, and 

SA1020+A720 conditions have all been shown to have similar dense, homogeneous 

nanoprecipitate populations (Table 3.4, Table 4.2), so understanding their role on cyclic fatigue 

is critical to the goal of developing better post-processing heat treatments for AM materials. 

Recent study by LŽon-C‡zares et al. [202] produced a physics-based model to capture the cyclic 

hardening and cyclic softening behaviors observed in the Ni-based superalloy 718PlusÑa 

variation on IN718. The authors examined four typical heat-treated material states, denoted as 

solutionized (S), underaged (UA), peak-aged (PA), and overaged (OA). Initially, all materials 

were solution annealed at 1020 ¼C for 2 h followed by water quenching. Next, aging at 775 ¼C 

for times of 10 (UA), 38 (PA), and 72 (OA) hours was conducted. The fully heat-treated 

materials were fatigued for 500 cycles at room temperature using a total strain amplitude of  

') /2 = 0.0083 mm/mm. The authors characterized the slip localization behavior via electron 

channeling contrast imaging (ECCI) and showed the strongest slip localization in the UA and PA 

samples. LŽon-C‡zares et al. [202] concluded that the presence of shearable precipitates 

increased the degree of localized plastic deformation, since it is easier for dislocations to glide 

along an already activated plane than along a pristine one [202]. This localization, in form of 

PSBs, can serve as nucleation sites to crack formation and material failure [205,206]. In the 

present study, all aged conditions exhibit peak-aged sized nanoprecipitates for IN718 [207]. 

Thus, it is suggested that aged AM IN718 exhibits strain localization in a similar manner due to 

the nanoprecipitate sizes and distributions observed, which is consistent with wrought IN718 

[138,208]. In addition, the localization causes the repeated shearing of strengthening precipitates, 

which reduces their efficacy to resist dislocation motion [138,209Ð211].  
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Furthermore, the authors go on to show that the S sample exhibited the most 

homogeneous distribution of slip, followed by the OA sample, which contain the largest sized 

precipitates [202]. The presence of larger precipitates cause slip bands to spread more 

homogeneously across the grains [202]. This fact, coupled with the need for higher numbers of 

dislocations to shear a precipitate, lead to slower softening rates for the OA samples [202]. As 

such, while peak aged precipitate sizes promote high strengths for static properties, overaging 

may prove more beneficial for AM IN718 materials under cyclic loading conditions. 

 Other factors, like secondary phase particles and process-induced defects, can influence 

fatigue response. For instance, Laves phase has been shown to occupy the intercellular regions of 

as-fabricated IN718 [38]. As previously discussed, Laves phase is a brittle phase that can serve 

as nucleation sites for void coalescence and crack growth [12,67,89,90]. Sui et al. [68] observed 

that at high stress amplitude, Laves phase precipitates fragment and lead to the formation of 

microscopic holes in the matrix that degrade the fatigue life of IN718 produced by L-DED. In 

the DA720 condition, the presence of Laves phase seems to have minimal effect on its fatigue 

endurance; it exhibits among the highest cycle counts to failure (Figure 5.5). However, the 

material is observed to fail catastrophically over a relatively low number of cycles once a fatal 

crack has formed, where Laves phase could contribute to this rapid crack growth observed 

[68,164].  

Moreover, & phase is a commonly observed precipitate type in conventionally heat 

treated IN718. In AM IN718, & phase is observed to populate along intercellular boundaries 

(Figure 3.8, Figure 3.9, and Figure B.5). As Nb is a primary atomic species of & phase, its 

formation comes at the expense of "$, the main strengthening phase in IN718. As a result,  

"$-denuded areas surround & phase precipitates are more susceptible to fatigue damage, which in 
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turn can decrease fatigue life [212], as evident for SHT-2 at room temperature (Figure 5.5). 

However, at higher temperatures, & phase has been reported to assist in prolonging fatigue life by 

slowing fatigue crack growth [202] (Figure 5.5 and Figure 5.6). In addition to surface initiation 

[165], process-induced defects, such as lack of fusion defects and porosity, can be detrimental to 

fatigue life [4] and serve as crack initiation sites (Figure 5.17).  

 

5.5.5!DA720 exhibits the highest strength and fatigue endurance 

Figure 5.5 exhibits the peak stress evolution versus the number of cycles for the heat 

treatments examined in this study. As previously shown, the DA720 retains the highest peak 

strengths when compared to all other conditions, especially the aged materialsÑSHT-2 and 

SA1020+A720. It has been shown that the coexistence of dislocation cells and dense 

"#/"$nanoprecipitation results in superior strength [38]. Yet, based on previous examination, all 

three of the aged AM IN718 conditions contain both of these key microstructural aspects. This 

begs the question, what drives the differences in cyclic fatigue performance? One key distinction 

is the nature of the dislocation cell boundaries. For SHT-2 and SA1020+A720, the solution 

anneal heat treatment (Table 3.2) prior to aging annihilates the dense, entangled dislocation 

forests that line the cell boundaries in the as-deposited state (Figure 3.6 and Figure B.1), leaving 

only geometrically necessary dislocations (GNDs) to accommodate the local misorientation 

between the cells (Figure 3.8, Figure B.2, and Figure B.3). However, since DA720 condition is 

the result of direct aging, the dense, entangled dislocation forests are preserved (Figure 3.13). 

Thus, this configuration of dislocation cell boundaries can serve as a more effective barrier to 

dislocation motion than GNDs alone (i.e., enhanced fatigue endurance) and provide greater 

resistance to dislocation glide through increased flow stress (i.e., greater peak stresses). The 
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ability of the dislocation cells found in DA720 to entrap glissile dislocation is furthered by 

dislocation interaction with Laves phase particles that decorate the cell boundaries, in addition to 

interaction with segregated solute atmospheres [213,214]. WhatÕs more, at 700 ¼C these 

microstructural features remain thermally stable, which allows the DA720 to maintain better 

performance (Table A.1). Ultimately, these aspects provide a plausible explanation for the 

increased LCF performance of DA720 over SHT-2 and SA1020+A720. 

Now, with respect to fatigue performance at room and elevated test temperatures,  

Figure 5.19 directly compares the aged AM materials at 25 ¼C and 700 ¼C for various total strain 

amplitudes. Overall, the fatigue endurance is observed to decrease with increased temperature for 

all aged conditional, which is in good agreement with the expected trends for wrought IN718. 

The reduced strengths observed at elevated temperature also causes more plastic strain for a 

given strain amplitude, which can reduce fatigue endurance. It has been shown that cyclic 

loading at elevated temperatures results in a higher prevalence of deformation twins, which can 

serve as crack initiation sites at the twin-matrix interface [209] and lead to reduced fatigue life. 

 

 
Figure 5.19 Total strain amplitudes versus reversals to failure for (a) DA720, (b) SHT-2, and (c) 
SA1020+A720 conditions at 25 ¼C and 700 ¼C. 
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5.5.6!Assessment of cyclic fatigue performance of AM IN718: Present study versus 

literature 

To better benchmark the performance of the heat treatments examined throughout this 

body of work, comparisons between the fatigue behaviors of the AM IN718 materials of the 

current study and other AM IN718 reports to date are presented for tests conducted at room 

temperature (Figure 5.20) and at elevated temperature (Figure 5.21). Despite the limited number 

of studies evaluating the strain-controlled, fully-reversed performance of AM IN718 [4], the 

performances of the DA720, SHT-2, and SA1020+A720 conditions seemingly fall within the 

statistical variability of the aggregated results for both temperatures evaluated. It is worth noting 

that in Figure 5.21, the literature-based results are all from tests conducted at 650 ¼C, while 

results from the present study were all conducted at 700 ¼C. One exception is the performance 

observed for Kirka-1 (2017) [156] at 650 ¼C (Figure 5.21). There is a clear 5-10X increase in 

fatigue endurance between these results and the remaining data. These specimens exhibited 

columnar grain growth with strong {001} fiber texture aligned with the build direction (same 

direction as loading axis) [156]. Kirka et al. [156] attribute the improved performance to the 

lower elastic modulus in the build direction, which caused lower inelastic strain accumulation 

per cycle for the applied strain amplitudes [13]. Conversely, samples with columnar 

microstructures were also tested in the direction transverse to their elongated axis  

(Kirka-2 (2017) in Figure 5.21), resulting in a ~10X decrease in fatigue endurances compared to 

the columnar-longitudinal orientation previously described [156]. Notably, this sample 

orientation is consistent with the present study, which shows a strong {001} fiber texture (Figure 

5.18). Hence, for overlapping ranges of total strain amplitude, the performance of DA720, SHT-

2, and SA1020+A720 are most similar to that of Kirka-2 (2017) [156].  
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Figure 5.20 Room temperature fatigue behaviors of heat-treated AM IN718 under strain-
controlled, fully-reversed cyclic testing conditions from this study (DA720, SHT-2, and 
SA1020+A720) and from literature [160Ð162]. 
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Figure 5.21 Elevated temperature fatigue behaviors of heat-treated AM IN718 under strain-
controlled, fully-reversed cyclic testing conditions from this study (DA720, SHT-2, and 
SA1020+A720) and from literature [156,165]. Note, all data from literature were collected from 
tests conducted at 650 ¼C while data included from the current study were evaluated at 700 ¼C. 
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5.5.7!Assessment of cyclic fatigue performance of IN718 by manufacturing type: AM 

(present study) versus C&W (literature) 

In addition to benchmarking the fatigue performance of the AM IN718 materials specific 

to this study against other AM reports, it is equally important to benchmark against 

conventionally produced IN718. Presented in Figure 5.22 and Figure 5.23 are the heat treatments 

examined in the current body of work (i.e., DA720, SHT-2, and SA1020+A720) and a collection 

of wrought IN718 gathered from open literature [161,162,181,210,211,215Ð219] when tested at 

25 ¼C and 650 ¼C, respectively. Again, the specific heat treatment schedules for the included 

studies are listed in Table 5.8 for reference. Recent comparisons of the fatigue performances of 

AM IN718 versus its conventionally-produced forms has suggested that AM IN718 performs 

slightly worse at room temperatures [156,160,165]. However, these comparisons have been 

against a selected study [215]. Conducting a more extensive review of existing literature, this 

study has shown that for both room and elevated temperatures, aged AM IN718 materials 

perform equivalently to their conventional forms (Figure 5.22, Figure 5.23) for the LCF regime, 

as is in agreement with recent literature [4]. 

 

5.5.8!Monotonic versus cyclic loading of AM IN718 

Study of the monotonic properties of the DA720, SHT-2, and SA1020+A720 condition 

have shown that 1) application of DA720 heat treatment produces the highest yield strength (YS) 

but has limited ductility and 2) application of SA1020+A720 maintains comparable strength to 

DA720, but with over 70% increase in elongation to failure (monotonic properties table). Given 

this, SA1020+A720 exhibits the best overall properties. It is generally stated that materials with 

higher ductility performance better in the LCF regime [161]. Yet, it is observed that the DA720  



 177 

 

 

 
Figure 5.22 Room temperature fatigue behaviors under strain-controlled, fully-reversed cyclic 
testing conditions of heat-treated AM IN718 from this study (DA720, SHT-2, and 
SA1020+A720) and its heat-treated, wrought form from literature [161,162,181,211,215,216]. 
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Figure 5.23 Elevated temperature fatigue behaviors under strain-controlled, fully-reversed cyclic 
testing conditions of heat-treated AM IN718 from this study (DA720, SHT-2, and 
SA1020+A720) and its heat-treated, wrought form from literature [210,215Ð219]. Note, all data 
from literature were collected from tests conducted at 650 ¼C while data included from the 
current study were evaluated at 700 ¼C. 

 



  

Table 5.8 Summary of heat treatment schedules for IN718 materials referenced in Figure 5.20-Figure 5.23. 

Figure Designation Manufacturing process Heat treatment schedule Ref 

Figure 5.20 Gribbin (2016) DMLS AMS 5563 - 954 ¼C for 1 h (AQ) + 720 ¼C for 8 h; FC at 55 ¼C/h; 620 ¼C for 8 h (AC) [161] 

 Johnson (2017) L-DED AMS 5596C - 940 ¼C for 2 h (AC) + 718 ¼C for 8 h; FC at 50 ¼C/h; 621 ¼C for 8 h (AC) [160] 

 Pei (2019) L-PBF 1100 ¼C for 1.5 h (AC) + 960 ¼C for 1 h (AQ) + 720 ¼C for 8 h; FC at 55 ¼C/h; 620 ¼C for 8 h (AC) [162] 

     
Figure 5.21 Kirka-1 (2017)1 EB-PBF 1066 ¼C for 1 h (AC) + 760 ¼C for 10 h; FC to 650 ¼C; 650 ¼C for until 20 h total aging time [156] 

 Kirka-2 (2017)2 EB-PBF 1066 ¼C for 1 h (AC) + 760 ¼C for 10 h; FC to 650 ¼C; 650 ¼C for until 20 h total aging time [156] 

 Kirka-3 (2017)3 EB-PBF 1200 ¼C at 120 MPa for 2h (HIP) + 1066 ¼C for 1 h (AC) + 760 ¼C for 10 h; FC to 650 ¼C; 650 ¼C for until 20 h total aging time [156] 

 Kirka-4 (2017)4 EB-PBF 1200 ¼C at 120 MPa for 2h (HIP) + 1066 ¼C for 1 h (AC) + 760 ¼C for 10 h; FC to 650 ¼C; 650 ¼C for until 20 h total aging time [156] 

 Nezhadfar (2020) L-DED AMS 5596C - 940 ¼C for 2 h (AC) + 718 ¼C for 8 h; FC at 50 ¼C/h; 621 ¼C for 8 h (AC) [165] 

     
Figure 5.22 Brinkman-1 (1973) Forged plate AMS 5596C - 940 ¼C for 2 h (AC) + 718 ¼C for 8 h; FC at 56 ¼C/h; 621 ¼C for 8 h (AC) [215] 

 Brinkman-2 (1973) Forged plate AMS 5597A - 1038 ¼C for 2 h (AC) + 760 ¼C for 10 h; FC at 56 ¼C/h; 649 ¼C for 8 h (AC) [215] 

 Merrick (1974) Hot rolled bar stock 1065 ¼C for 1 h (AC) + 718 ¼C for 8 h; FC at 55 ¼C/h; 621 ¼C for 10 h (AC) [211] 

 Xiao (2005) Hot rolled plate 954 ¼C for 1 h (AC) + + 717 ¼C for 8 h; FC at 50 ¼C/h; 622 ¼C for 8 h (AC) [181]  

 Gopinath (2009) Hot forging 1090 ¼C for 4 h (oil quenching) + 650 ¼C for 24h (AC) + 760 ¼C for 15 h (AC) [216] 

 Gribbin (2016) Shaped forging AMS 5563 - 954 ¼C for 1 h (AQ) + 720 ¼C for 8 h; FC at 55 ¼C/h; 620 ¼C for 8 h (AC) [161] 

 Pei (2019) Shaped forging 960 ¼C for 1 h (AQ) + 720 ¼C for 8 h; FC at 55 ¼C/h; 620 ¼C for 8 h (AC) [160] 

     
Figure 5.23 Brinkman-1 (1973) Forged plate AMS 5596C - 940 ¼C for 2 h (AC) + 718 ¼C for 8 h; FC at 56 ¼C/h; 621 ¼C for 8 h (AC) [215] 

 Brinkman-2 (1973) Forged plate AMS 5597A - 1038 ¼C for 2 h (AC) + 760 ¼C for 10 h; FC at 56 ¼C/h; 649 ¼C for 8 h (AC) [215] 

 Sanders (1981) wrought bar stock 968 »C for 1 h (oil cool) + + 718 ¼C for 8 h; FC at 55.5 ¼C/h; 622 ¼C for 8 h (AC) [210] 

 Koul-1 (1988) Hot rolled bar, plate 950 ¼C for 1 h; FC at 55 ¼C/h; 718 ¼C for 8 h; FC at 55 ¼C/h; 621 ¼C for 8 h (AC) [217] 

 Koul-2 (1988) Hot rolled bar, plate 1032 ¼C for 1 h; FC at 55 ¼C/h; 843 ¼C for 4h + 926 ¼C for 1 h; FC at 55 ¼C/h; 718 ¼C for 8 h; FC at 55 ¼C/h; 621 ¼C for 8 h (AC) [217] 

 Koul-3 (1988) Hot rolled bar, plate 1032 ¼C for 1 h; FC at 55 ¼C/h; 843 ¼C for 4h + 926 ¼C for 1 h (AC) + 718 ¼C for 8 h; FC at 55 ¼C/h; 621 ¼C for 8 h (AC) [217] 

 Gopinath (2009) Hot forging 1090 ¼C for 4 h (oil quenching) + 650 ¼C for 24h (AC) + 760 ¼C for 15 h (AC) [216] 

 Hari-1 (2010) Hot forging5 980 ¼C for 1 h (WQ) + 720 ¼C for 8 h; FC at 55 ¼C/h; 620 ¼C for 8 h (AC) [218] 

 Hari-2 (2010) Hot forging6 980 ¼C for 1 h (WQ) + 720 ¼C for 8 h; FC at 55 ¼C/h; 620 ¼C for 8 h (AC) [218] 

  Deng (2019) Hot forging 955 ¼C for 2 h (AC) + 720 ¼C for 8 h; FC at 50 ¼C/h; 620 ¼C for 8 h (AC) [219] 
1Columnar - parallel to BD; 2Columnar - transverse to BD; 3Equiaxed - parallel to BD; 4Equiaxed - transverse to BD; 5Modified chemistry (Al+Ti/Nb = 0.458, Al/Ti = 0.879);  
6Conventional chemistry (Al+Ti/Nb = 0.294, Al/Ti = 0.500



  

condition yields not only the highest strengths but also the best fatigue endurance of the aged 

AM IN718 materials explored, which is contrary to expectation. Overall, the SA1020+A720 

condition is shown to accumulate larger amounts of plastic strain per cycles than the 

DA720condition does (Figure 5.7). In addition, the formation of deformation twin that has been 

suggested to provide better strain hardening and inhibit plastic flow during monotonic loading 

are more prevalent in the SA1020+A720 condition (Figure 4.13). Under cyclic loading 

conditions, the twin-matrix interface serve as crack initiation sites that can limit fatigue 

endurance [206,220] with the effects even more pronounced at higher test temperatures [209]. 

Alternatively, despite its high strength and good fatigue properties, the DA720 condition shows 

rapid crack growth to initiate failure, which would give little forewarning to evidence of 

imminent material failure. Thus, this implies that the studied heat treatments may not be Òone 

size fits allÓ and will require tailoring to application-specific conditions. Summary and 

conclusion 

 

5.6!Summary and conclusion 

 Efforts to evaluate the effects of post-processing heat treatments on the monotonic and 

the strain-controlled cyclic fatigue responses at different operating temperatures have been 

reported. Thorough mechanical study, coupled with previous detailed microstructural 

investigation (Section 3.4.1 and CHAPTER 4), has led to the following observations and 

conclusions:  

¥! DA720 samples show the highest dissipated energy and thermal stability when 

considered to 0.05 mm/mm total strain. Moreover, SA980 demonstrates the highest 

dissipated energy when stress-strain response is considered to failure. This is due to its 
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elongation to failure despite having the lowest YS of all conditions examined. These 

findings have implications for intended applications when considering thermal stability of 

toughness.  

¥! Despite fundamental differences in the underlying microstructures of the heat-treated AM 

IN718 materials, all exhibit ductile fracture modes through dimple rupture and 

intergranular fracture through microvoid coalescence. Based upon similar dimple sizes, 

nanoparticle and cell boundaries serve as sites for microvoid coalescence. 

¥! Inverse dynamic strain aging (DSA) behavior is observed for all AM IN718 materials 

examined. DSA behavior in the aged conditions (DA720, SHT-2, and SA1020+A720) is 

driven by strengthening nanoprecipitates while DSA behavior in unaged conditions (AP 

and SA980) is facilitated by mobile dislocation unpinning from solute atmospheres. For 

both groups, substitutional atoms (e.g., Nb, Cr, and Mo) are most likely facilitating the 

observed behaviors. 

¥! Comparison of the free-standing and block-build fabrications of AM IN718 materials 

show remarkably comparable monotonic tensile responses at 25 ¼C, suggesting 

similarities in their underlying microstructures. In addition, comparable performance is 

observed between at AM IN718 materials and their C&W counterparts. 

¥! The DA720 heat treatment produced the highest sustained peak strengths and fatigue 

endurance of all heat treatments examined at 25 ¼C, 550 ¼C, and 700 ¼C 

¥! The new heat treatments presented are shown to perform comparably to other AM 

studies, in addition to its conventionally-produced forms, within the statistical variability 

expected for fatigue testing.  
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¥! As with monotonic deformation (Chapter 4), it is suggested that nanoprecipitate size and 

distribution play a crucial role in the determination of fatigue endurance, as evidenced by 

the equivalent fatigue performances of aged AM materials and their conventional forms. 

If the underlying AM process-induced microstructural hierarchy is a dominant factor in 

fatigue endurance (i.e., dislocation cells), it is expected the aged AM materials would 

have performance better in the LCF regime (<104 cycles).  

¥! In agreement with a recent review of mechanical properties of AM IN718 by Hosseini 

and Popovich [4], it is evident that there is a need for continued evaluation of strain-

controlled, fully-reversed fatigue of AM IN718 materials, especially at elevated 

temperatures and large total strain amplitudes (Figure 5.20 and Figure 5.21).  
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CHAPTER 6 

SUMMARY AND FUTURE OUTLOOK 

 

The goal of this body of work was to assess the structure-property relationship of AM 

IN718, with specific emphasis on its responses to post-processing heat treatment. The systematic 

and comprehensive approach taken has provided greater understanding of AM IN718 and the 

critical role each aspect of its hierarchical microstructure plays in its response to various loading 

conditions. Credence has been given to the need for holistic understanding of the microstructural 

evolution of AM materials, especially with regard to development of heat treatments that realizes 

the full potential of the alloy system of interest. The findings discussed in this body of work will 

assist in the future develop of new AM alloy systems that rely on the interplay of process-

induced dislocation cells and precipitation strengthening. 

 

6.1!Summary of contributions 

Chapter 3 demonstrates the need for the development of new heat treatments for AM 

materials, like IN718, to maximize the potential of the AM process-induced microstructural 

hierarchy. The results show that while the application of an industry-recommended heat 

treatment produce macroscopic tensile properties comparable to its conventionally manufactured 

form, detailed microstructure analysis highlights a suboptimal arrangement of strengthening 

precipitate populations that diminished tensile properties. In addition, I have demonstrated for 

the first time how dislocation cells of the as-deposited microstructure serve as a fundamental unit 

of strength in AM IN718. Preservation of the as-deposited dislocation cells, in conjunction with 



 184 

promoting homogeneous nanoprecipitate populations, maximizes material response under 

monotonic loading conditions. 

Chapter 4 reports for the first time a comprehensive investigation of the deformation 

mechanisms of AM IN718 materials. The results e the critical role that dislocation cells play in 

the mitigation of glissile dislocation movement, in addition to serving as sources for stacking 

fault and nanotwin formation. Moreover, the various microstructure hierarchiesÑcomposed of 

dislocation cells, strengthening precipitate populations and size, and local chemical landscapes 

driven by process-induced microsegregationÑwere identified to highly influence the operative 

deformation modes observed for each AM IN718 material through the potential alteration of the 

generalized stacking fault energies. 

Chapter 5 is among the first studies to assess the monotonic and strain-controlled, cyclic 

loading of AM IN718 at elevated temperatures. The results show that the heat treatments 

developed from Chapter 3, heat treatments that produced superior monotonic responses, 

generated equivalent low cycle fatigue performance to conventionally manufactured IN718. In 

addition, a compilation of existing literature settled contradictory reporting on whether AM 

IN718 performed better or worse than its conventionally produced forms: once overlaid, all data 

show equivalence given the statistical nature of fatigue. 

 

6.2!Future work 

6.2.1!Continued empirical experimentation and data collection 

One shortcoming that persists in the field is the lack of high temperature data for AM 

IN718, or AM alloys in general. While isothermal investigations are vital, more complex, 

thermomechanical profiles that are representative of actual in-service operating conditions would 



 185 

provide additional insight into the performances of AM superalloys. As demonstrated in this 

body of work, the hierarchical microstructures can lead to widely varying deformation 

mechanisms, even under simple loading conditions. Focused efforts in this area of research 

would accelerate understanding of the process-structure-property relationships of AM IN718. In 

addition, a simple experiment that would provide great insight would be compression 

experiments to achieve larger strains in the various heat-treated condition to better assess 

differences in strain hardening behavior. 

 

6.2.2!In-situ deformation experiment 

The scope of the current study only examines post-mortem fracture specimens. However, 

deformation mechanisms often evolve with accumulated plastic strain. As such, implementation 

of deformation studies through Push-To-Pull devices using transmission scanning electron 

microscopy or transmission electron microscopy would provide insight into the strain-dependent 

activation of deformation structures. These results may provide a better understanding for how to 

tailor a heat treatment for a desired microstructure based upon an intended application. 

 

6.2.3!Development of process-structure-property maps 

The ultimate goal in the development of AM technologies is the ability to improve part 

reliability, repeatability, and reproducibility. The end product is highly sensitive to processing 

parameters, so development of process-structure-property maps is of paramount importance. 

With the advanced understanding of AM processes and its underlying materials, locally-

controlled microstructure engineering can be realized to produce functionally graded materials.  
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APPENDIX A 

 The following figures correspond to fractography conducted on AM IN718. The 

micrographs are included here for sake of brevity due to their limited discussion in their 

respective chapters.  

 

 
Figure A.1 Overview of monotonic fracture surfaces of the AP condition when tested at 25 ¼C 
(a,d), 550 ¼C (b,e), and 700 ¼C (c,f). All images are capture using a digital light optical 
microscope. (b,d,f) Three dimensional, topological recreations of fracture surfaces presented in 
(a,c,e). 

 

 
Figure A.2 Overview of monotonic fracture surfaces of the SA980 condition when tested at 25 
¼C (a,d), 550 ¼C (b,e), and 700 ¼C (c,f). All images are capture using a digital light optical 
microscope. (b,d,f) Three dimensional, topological recreations of fracture surfaces presented in 
(a,c,e). 
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Figure A.3 Overview of monotonic fracture surfaces of the DA720 condition when tested at 25 
¼C (a,d), 550 ¼C (b,e), and 700 ¼C (c,f). All images are capture using a digital light optical 
microscope. (b,d,f) Three dimensional, topological recreations of fracture surfaces presented in 
(a,c,e). 

 

 
Figure A.4 Overview of monotonic fracture surfaces of the SHT-2 condition when tested at 25 
¼C (a,d), 550 ¼C (b,e), and 700 ¼C (c,f). All images are capture using a digital light optical 
microscope. (b,d,f) Three dimensional, topological recreations of fracture surfaces presented in 
(a,c,e). 
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Figure A.5 Overview of monotonic fracture surfaces of the SA1020+A720 condition when tested 
at 25 ¼C (a,d), 550 ¼C (b,e), and 700 ¼C (c,f). All images are capture using a digital light optical 
microscope. (b,d,f) Three dimensional, topological recreations of fracture surfaces presented in 
(a,c,e). 
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Figure A.6 Overview cyclic fatigue fracture surfaces of the AP (a,b), SA980 (c,d), DA720 (e,f), 
SHT-2 (g,h), and SA1020+A720 (I,j) conditions when tested at 25 ¼C and !" /2 = 0.010 mm/mm. 
All images are capture using a digital light optical microscope. (b,d,f,h,j) Three dimensional, 
topological recreations of fracture surfaces presented in (a,c,e,g,i). All scale bars represent 1 mm 
of length.  
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Figure A.7 Overview of cyclic fatigue fracture surfaces of the DA720 (a,d), SHT-2 (b,e), and 
SA1020+A720 (c,f) conditions when tested at 700 ¼C and !" /2 = 0.010 mm/mm. All images are 
capture using a digital light optical microscope. (b,d,f) Three dimensional, topological 
recreations of fracture surfaces presented in (a,c,e). 
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Table A.1 Uniaxial, fully-reversed fatigue test results for AM IN718 at various temperatures. 
Condition Temp. Target , ! /2 Nf Nf, 0.5 " #$%& , !  , ! e , ! p " true, max " true, min 

  ¼C mm/mm count count mm/mm mm/mm mm/mm MPa MPa 

AP 25 0.01 1244 1162 0.0199 0.0108 0.0090 786 -797 

AP 550 0.01 631 590 0.0199 0.0113 0.0086 691 -710 

AP 700 0.010 272 272 0.0198 0.0111 0.0087 694 -712 

SA980 25 0.01 2109 2069 0.0193 0.0119 0.0073 650 -653 

DA720 25 0.006 -- -- -- -- -- -- -- 

DA720 25 0.008 1898 1898 0.0146 0.0101 0.0045 1013 -1089 

DA720 25 0.010 848 848 0.0185 0.0108 0.0077 1067 -1154 

DA720 25 0.010 733 733 0.0195 0.0106 0.0089 1086 -1167 

DA720 25 0.012 389 389 0.0227 0.0116 0.0111 1102 -1179 

DA720 25 0.014 373 373 0.0267 0.0116 0.0151 1090 -1187 

DA720 25 0.016 126 126 0.0306 0.0122 0.0184 1135 -1191 

DA720 25 0.020 85 85 0.0388 0.0135 0.0253 1193 -1238 

DA720 25 To failure 0.5 0.5 0.0936 0.0069 0.0867 1509 -- 

SHT-2 25 0.006 3787 3787 0.0106 0.0090 0.0016 946 -968 

SHT-2 25 0.008 1615 1615 0.0149 0.0092 0.0056 957 -1035 

SHT-2 25 0.010 626 622 0.0193 0.0103 0.0089 1048 -1111 

SHT-2 25 0.012 243 243 0.0229 0.0105 0.0124 1111 -1169 

SHT-2 25 0.014 103 103 0.0273 0.0103 0.0170 1090 -1183 

SHT-2 25 0.016 176 176 0.0312 0.0120 0.0192 1111 -1115 

SHT-2 25 0.020 60 60 0.0389 0.0126 0.0263 1174 -1205 

SHT-2 25 To failure 0.5 0.5 0.1750 0.0076 0.1674 1609 -- 

SA1020+A720 25 0.006 2911 2911 0.0104 0.0090 0.0015 999 -993 

SA1020+A720 25 0.008 1023 998 0.0149 0.0094 0.0054 984 -1032 

SA1020+A720 25 0.008 800 800 0.0147 0.0098 0.0049 1044 -1079 

SA1020+A720 25 0.010 809 765 0.0193 0.0101 0.0093 1021 -1117 

SA1020+A720 25 0.012 720 717 0.0230 0.0105 0.0125 1015 -1122 

SA1020+A720 25 0.014 198 197 0.0268 0.0106 0.0162 1088 -1196 

SA1020+A720 25 To failure 0.5 0.5 0.1660 0.0076 0.1584 1651 -- 

DA720 550 0.010 590 590 0.0197 0.0098 0.0098 899 -932 

SHT-2 550 0.010 498 496 0.0202 0.0106 0.0095 898 -937 

SA1020+A720 550 0.010 298 295 0.0203 0.0105 0.0098 904 -955 

DA720 700 0.006 1482 1407 0.0117 0.0089 0.0028 788 -806 

DA720 700 0.006 1464 1430 0.0118 0.0089 0.0029 779 -810 

DA720 700 0.008 891 805 0.0148 0.0090 0.0058 811 -842 

DA720 700 0.010 364 364 0.0198 0.0096 0.0102 847 -903 

DA720 700 0.010 389 376 0.0190 0.0096 0.0094 860 -898 

DA720 700 0.012 214 214 0.0236 0.0105 0.0131 904 -946 

DA720 700 0.014 132 132 0.0275 0.0109 0.0166 953 -1000 

DA720 700 To failure 0.5 0.5 0.1040 0.0074 0.0966 1337 -- 

SHT-2 700 0.008 491 445 0.0150 0.0088 0.0063 777 -802 

SHT-2 700 0.006 687 578 0.0120 0.0083 0.0037 745 -772 

SHT-2 700 0.010 249 234 0.0197 0.0093 0.0105 825 -867 

SHT-2 700 0.010 229 213 0.0197 0.0092 0.0105 794 -835 

SHT-2 700 0.012 216 209 0.0242 0.0101 0.0141 828 -872 

SHT-2 700 0.014 150 148 0.0285 0.0104 0.0182 840 -877 

SHT-2 700 To failure 0.5 0.5 0.1750 0.0087 0.1663 1393 -- 

SA1020+A720 700 0.006 1502 1196 0.0115 0.0088 0.0027 765 -754 

SA1020+A720 700 0.008 395 357 0.0155 0.0094 0.0060 821 -860 

SA1020+A720 700 0.010 240 215 0.0195 0.0099 0.0096 874 -921 

SA1020+A720 700 0.012 126 126 0.0235 0.0110 0.0125 940 -1007 

SA1020+A720 700 0.014 90 90 0.0277 0.0123 0.0154 926 -1006 

SA1020+A720 700 To failure 0.5 0.5 0.1650 0.0075 0.1575 1352 -- 
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APPENDIX B 

EVOLUTION OF DISLOCATION CELLS AND THEIR EFFECTS  

ON PRECIPITATION IN AM IN718 

 The following figures correspond to analyses conducted on AM IN718 throughout the  

course of this dissertation that were not specifically included as figures in the previous chapters.  

 

 

Figure B.1 (a) High-resolution TEM micrograph of a dislocation cell boundary of AM IN718 in 
the as-printed condition taken along the [011]# zone axis. (b) Corresponding local g-map of (a) 
(generated from g = {111}) showing high density of dislocations entangled to constitute the 
dislocation cell boundary. 
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Figure B.2 (a) High-resolution TEM micrograph of a cell boundary after the application of 
SA980 heat treatment taken along the [011]# zone axis. The inset composite fast-Fourier 
transform pattern is generated from an overlay of the individual patterns taken from each side of 
the cell boundary, indicating a local misorientation of 1.41¼.  (b) Corresponding local g-map of 
(a) (generated from g = {111}) showing the geometrically necessary dislocations that constitute 
the cell boundary. (c) Corresponding inverse fast-Fourier transform of (a) generated from g = 
{111}. 
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Figure B.3 Measurement of the angle of misorientation between various dislocation cells in AM 
IN718 through transmission Kikuchi diffraction (TKD). (a) The crystallographic orientation map 
is presented colored according to the inverse pole figure (IPF) that is given with respect to the 
defined crystallographic direction of ' ()* +#. The color variation represents up to 8¼ of rotation 
from the defined crystallographic direction. (b) Angle of misorientation with respect to the initial 
location (green ÒXÓ) along the dotted line depicted in (a). All cells show low-angle character of 
<2¼ of misorientation with respect to the initial cell.  
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Figure B.4 (a) High-resolution micrograph of AM IN718 after the application of the 
SA1020+A720 heat treatment showing interaction between a cell boundary and an oxide particle 
through Zener pinning mechanism. The micrograph is collected along the [011]# zone axis. (b) 
Magnified region from (a) showing the equilibrium configuration of geometrically necessary 
dislocations (GNDs). (c-d) g-map and corresponding inverse fast-Fourier transform, respectively, 
of the cell boundary from (b). (e) Magnified region from (a) showing the character of the cell 
boundary near the oxide particle. (f-g) g-map and corresponding inverse fast-Fourier transform, 
respectively, of the cell boundary from (e). The GND spacing is observed to decrease near the 
portion of the cell boundary interacting with the oxide particle to accommodate the additional 
misorientation generated. 
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Figure B.5 Overview of the resulting precipitation populations from conducting an industry 
standard heat treatment of the entire build plate (slow cooling rate) versus detached, individual 
specimens (fast cooling rate). (a) Conventional BF micrograph of a specimen subjected to 980 ¼C 
for 1 h with a slow cooling rate. White arrows indicate the presence of $ phase precipitates 
resulting from the heat treatment. The inset selected area diffraction pattern taken from the 
indicated area (dashed circle) the [011]# zone axis confirms the presence of #% and #& 
nanoprecipitates homogeneously nucleated within the dislocation cells in additional to their 
heterogeneous nucleation along cell boundaries. (b) a) Conventional BF micrograph of a 
specimen subjected to 980 ¼C for 1 h with a fast cooling rate. White arrows indicate the presence 
of $ phase precipitates resulting from the heat treatment. The inset selected area diffraction 
pattern taken from the indicated area (dashed circle) along the [011]# zone axis shows no 
evidence of #% and #& nanoprecipitates. (c-d) HAADF STEM micrographs of (a) and (b), 
respectively, after the application of two-step age. (c) The slow cooling rate results in the 
heterogeneous nucleation of #% and #& nanoprecipitates along former dislocation cell boundaries. 
(d) The fast cooling rate facilitates the homogenously nucleation of #% and #& nanoprecipitates 
with the preservation of the dislocation cell boundaries. In both (c) and (d), white arrows indicate 
$ phase precipitates. 
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