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ABSTRACT

To date, standard heat treatments (SHTSs) for cast and wrougW)(€&nditions have
been utilized for additively manufactured (AM) materials. Howewnés,known thatAM
processes induce high thermal gradients and rapid cooling rates thatephaadementally
different microstructure consisting of hierarchical featurpgagial grain growth, and strong
crystallographic fiber texture with respect to the build direct®ncethese microstructures
differ from their C&W forms, their reactions to SHTs shouldrideerently differentas well
Understanding these differences is vitally important to producing hidityqsaperior AM
parts. Hence, the overarching objective of this dissertatioreisitadate the structure-property
relationships of a precipitation-hardenable alloys subject to postgsiog heat treatmentsNthe
Ni-based superalloy, Inconel 718. Specifically, studies of Inconel 718ddmn the
development of modified heat treatments to better suit the underlyhigni&rostructure.
Detailed analysis of the microstructural and mechanical resptatsasthe design of a new heat
treatment that enhanced the monotonic tensile properties of AM Inconel 7dBso@&W form
through the balance of precipitation strengthening and preserving thed®elsgrinduced
cellular substructure. Post-mortem investigation of the variouslytrest conditions of the
initial study brought to light the influences the cellular substructarerochemical landscapes,
and!"/!"" precipitation on the deformation mechanisms observed. Lastlyhdhstry standard
and modified heat treatments from the initial study were evaldateheir high temperature

performances against monotonic and icyfdtigue loading conditions.
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CHAPTER 1

INTRODUCTION

1.1Motivation

Despite being invented nearly 60 years ago, the Ni-based superallmyelli7d 8
(IN718), is still a highly published area of research. As aiitation-hardenable alloy, post-
processing heat treatment is key to its excellent high temperaechanical properties and
stability. Several industry-standard heat treatment scheide#AMS 5663[1], AMS 5383 [2]
AMS 5664E[3]) have been developed over the years to optimize the structure-prespanse
of IN718 is its variously produced forms. Recently, the emergeinadditive manufacturing
(AM) technologies has strongly favored IN718 as an ideal candidate itggvauitstanding
weldability and precipitation hardenabilitiyor instance, according to a recent review of AM
IN718 by Hosseini and Popovich [4], between the years of 2014 and 2017, the@ ewcl05
publications on the mechanical behavior for the topic, with 50% yearyeaergrowth More
than just a booming topmaf research, there have been notable thrusts to implement AM IN718
parts in industrial production by industry leaders like GE [5] and&iGroug6]. A
commonality of the studies conducted is that industry-standard hatahéres developed for
cast and wroughtC&W) IN718 are being applied to parts generated by AM. Generally, the
mechanical performances of AM IN718 are comparable to the C&WsfdBim the question
arises: Since the mechanical responses are similar, anadbdying microstructures, too? The
short answer is no. AM materials have been shown to produce st@dxgiber texture aligned
with the build direction, in additional to a hierarchical mgtracture composed of high-angle
grain boundaries, low-angle dislocation cells, chemical segregatidrvaaious eutectic and

secondary phases. Nonetheless, this as-deposited microstructulgsiifielefrom the initial



microstructures that induststandard heat treatments were developed to optimize. As such, the
following efforts are paramount:

1)! Establish a baseline characterization of the as-depositedatsater

2)! Stepby-step examination of the microstructural evolution of the as-deposited
materials when subjected to the industry-standard heat treatments.

3)! With a strong sense of the structure-property responses based uponitia¢se i
investigations, the development of new and modified heat treatments bleould
pursued to optimize the underlying as-deposited microstructural features

4)! Assessment of AM materials subjected to the newly develop leeatnts with
comparison against their conventional forms.

Thus, this body of work seeks to implement these efforts fortdlg ©f IN718 produced by
laser powder-bed fusion in order to establish a holistic view ajdlierning structure-property
relationships of the alloy and use that knowledge to engineer bettérdaatents to enhance

material performance.

1.2Chapter Guide

Chapter 1 provides some background on the Ni-based superalloy, Inconel 718)(IN
and the additive manufacturing (AM) process of laser powder-bed fusieBF). Additional
pertinent background information on IN718 in both its conventional and AM foamée found
in the Introduction sections of Chapters 3 through 5. Chapter 2 providasation on several
electron microscopy techniques that are used throughout this study anslrégeitling the

preparation of TEM samples are discussed.



Chapter 3 explores the structure-properties relationships of ANI8Mfter application
of post-processing heat treatments, showcasing the need for the developmedified heat
treatments more amenable to as-deposited materials to mestimir mechanical performances.
Advanced characterization techniques and mechanical testing wereduidl perform a
comprehensive, baseline examination to the response of as-printed LNd@& 0 each step of
an industry-standard heat treatment. After identifying deficienmcitdee underlying
microstructures that lead to suboptimal performance, novel hatthets were explored,
ultimately leading to enhanced mechanical performances over the conatcast and wrought
forms of IN718.

Chapter 4 examines the operative deformation mechanisms of tHBI’AMd materials
comprehensively explored in Chapter 3 through post-mortem charadterizsing advanced
electron microscopy techniques. Systematic analysis and quantifioatio®m microstructures
provided insight into the predominant deformations for heat-treatedNYXI8 materials for the
first time Discussed are the influences of chemical landscape on stadkinhgrfergies, the
roles of dislocation cells, and the impact of nanoprecipitate armpopulations on the
generation of various planar deformation modes.

Chapter 5 studies the monotonic and cyclic fatigue behavior of AM INfZit®@ and
elevated temperatures. The results show that under monotonic loadingposn@M IN718
materials exhibit dynamic strain aging (DSA) behavior at 550 ¥.Z08rAC. Mechanisms are
proposed that explain the observed inverse DSA character based upon thengnder
microstructural features of the materials. In addition, ftélyersed, strain-controlled low cycle
fatigue experiments are explored. As one of only a few studiesedhdd evaluates the

elevated-temperature fatigue performance of AM IN718, valuabfpi&aproperties are



generated. Discussed are the structure-property relationships dhnginggerved performances,
as well as a comprehensive comparison of the AM materials thoroexityred in this work
against existing data for AM IN718 data in its conventional castvaadght forms.

The dissertation is concluded with Chapter 6, where novel findingscaridbutions are
summarized. In additional, the broader implications of this boayook are discussed. Chapter
6 also addresses open areas of research as well as provides aditibok for the continued

development of AM IN718.

1.3Background: Ni-based Superalloy, Inconel 718
1.3.1History of Inconel 718

Developed in the late 1950s by H.L. Eiselstein and InternationkeNo. [7], the
valuable attributes of IN718, which include its high-temperatuemgth and weldability, were
quickly recognized by Pratt and Whitney, who drove major efforts taautihe alloy in the
production of high-temperature aerospace g8ftdn 1962, the first critical applicatioof
IN718 at Pratt and Whitney was a welded diffuser case foremgghe equipped for the SR-71
Blackbird [8]. Its excellent resistance to strain-aged crackompared to other Ni superalloys
made it a desirable choice for the application [8]. Moreovedeitsonstrated ability for part
production by investment casting and component welding has allowed for signdfos
savings to be realized [8,9]. Decades of continued development and enpdé¢ion of IN718
has led to its usage in numerous aerospace engine components, suk$ atadiss, and casings
[8,9], in addition to usage for nuclear power systems [10] and gjeasrators [11]. In all,
IN718 can account for more than 30% of the total weight of modesraftiengines [8,9,12]

and it is one of the most successful and widely used Ni-based sopetalidate [9]



1.3.2Metallurgy

IN718 is a Ni-based superalloy known for its high-temperature strgnggcellent
corrosion and creep resistance, and good fatigue properties, eveif a{13% The industry-
specified chemical composition range is shown in Table 1.1 [14éxpscted, Ni is the primary
chemical species found in IN718. Large additions of Fe and Cr, in coiojumadth Ni, compose
much of the face-centered cubic (fcc) matrix phas€&hese elements are added to assist with
solid solution strengthening and to increase corrosion resistancestnesgd15]. In addition,
small amounts of Mo are added to further promote solid solution stremughd3]. Moreover,
Al, Ti, and Nb are the critical elemental additions thatlitate the formation of the precipitate
strengthening phases of IN718and!) [13]. Nb, the most critical element, is the largest
addition of these three species, composing 4.75-5.5 wt. % of theveatdit, as it is a major
component of) and# phases. Trace additions (<1 wt. %) of Co helps increase thialggl
temperature of' to increase service temperatures [I&jaddition to the aforementioned phases,
Laves phase and MC carbides may also form in IN718 during solidifigatizasting and
welding processes [1.7Detailed discussions of the observed phases of IN718 and their

influences of mechanical performances are presented in Sectoas 3

Table 1.1 Nominal composition range for IN718 [14].

Elemental Composition (wt. %)
Ni Cr Fe Nb Mo Ti Al Co 0] N

50.0-55.0 17.0-21.0 Balance 4.75-5.50 2.80-3.30 0.65-1.15 0.20-0.80 1.00 max




1.3.3Conventional manufacturing routes

Ni-based superalloys, like IN718, are premium alloys in that they toee
manufactured under vacuum conditions or inert gas because of thevitgadth atmosphere
oxygen and nitrogen [18,19]. Vacuum induction melting (VIM) is a veesatglting process for
specialty alloy such as IN718. VIM works by melting all raw matsrinto a large crucible
using induction heating and stirring [18]. While this method not only keepssaheric
contaminants to a minimum, it also allows for excellent comiposit control, as demonstrated
by Choudhury [18]. Over the course of 100 heats, the compositional variatiGndipiNb, and
Al deviated by no more that0.08 wt. %. In addition to precise control of bulk composition, the
produced ingots exhibit spatial, chemical homogeneity. However, one dovwstigepossibility
of interaction between the molten metal and the refractory lthiegrucible, so special care is
taken to minimize the interaction based upon its selection [18].

Although VIM produced a premium by itself, further remelting capriowe alloy
cleanliness and structural homogeneity. Three common processesdafer wses: vacuum arc
remelt (VAR), electroslag remelt (ESR), and electron besamelting (EBR). However, more
refinement pativays exist[18]. For example, the advantages of an additional refining melt by
VAR are controlled, directional solidification that minimizesrosegregation and dissolved
gases like hydrogen and nitrogen [18,19]. However, some solidificatioctslefe common to
VAR ingots: tree ring patterns, freckles, and white spotsh®three listed, freckles and white
spots are most detrimental to material properties. Freakdean aggregation of carbides that
form when the melt pool has high pool depth and white spots arerateasNb and Ti
generated by unmelted dendrite clusters or particles that césirofthe electrode [18,20]

Nonetheless, a carefully controlled melt rate and short arwijapinimize their occurrence.



After producing an ingot through one of the various processing avehedsrging is a
common next step [18]. Although IN718 has excellent mechanical prapantiethermal
stability at elevated temperatures, it is challenging to praessnachine [21D23]. For one,
IN718 can suffer from hot cracking during the forging process due tolgrairdary liquation
driven by solute segregation [21]. Furthermore, the forging tempergitutlew for IN718 is
900 to 1100 ¥4C [24], and within this window IN718 is appreciably sh#arother forged
alloys, rating a 2 out of 5 for forgeability [24]. As a resultejuires more tonnage to fill the
dies for proper forging. Working at the upper end of the forging winddvafford better
workability but at the expense of grain growth [24].

In addition, IN718 functions well for casting due to its slow preafjmh kinetics [25]
Common applications include compressor stator ring assemblies anémiffaisiong others
[26]. Yet, some issues have persisted for IN718 when used for investasting. For instance,
the control of Nb segregation became an area of concéroaamonly led to the formation of
brittle Laves phase [26]. While advances in solidification modelindhbled improve
microstructural control in investment casting, IN718 has exuelesponse to vacuum die
casting for use as premium quality parts for critical aerosppgkcations [8,26]. Study by Borg
et al.[26] showed that after the application of hot isostatic pressitaafdly 954 %4C for 1 h (air
cool) + 718 ¥4C for 8 h B 38 %C/h B 621 ¥4 C for 8 h (air ctesl}ilthestress rupture, impact and
fatigue of IN718 approached premium grade rotor material. Degpitgaod performance, the
study showed properties could be improved: OWhen Inconel 718 is adapted abneatidn
processes, this is often encountered and has traditionally been adgressrily through heat

treatment optimization and with some alloy refinement.[26]



1.3.4Post-processing heat treatments

Over the years, industry has established standard heat treaBtdhty to optimize
(Table 1.2). As mentioned in the motivation for the work in théselitation, years of
development for the various forms of IN718 and its intended applicationsechessthe
implementation of a number of SHTs [2,3,27D29]. Generally, all tezaitrtents are designed to
improve either resistance to creep, rupture strength, oxidatiistarese, or short-term high-
temperature strength. The intended microstructural responseliiolhest treatment are
discussed in more depth in Sections 3.2.1 and 3.2.2. Generallytetaigth, homogenization
seeks to correct segregation that occurs during processing; solutieal aontrols the formation
of # phase; and aging produces large volumé$and!) strengthening precipitates. Oradei-
Basile et al[30] carefully conducted #me-temperature-transformation (TTT) study for wrought
IN718, which showed thdt and!) strengthening precipitates are generally stable at lower
temperatures whil# phase resides at higher temperatures (this is discussedionSe2t2).
Moreover, the SHTs reported predominantly focus on the controlled pegicipiof# phase and
I"/1) strengthening precipitates to varying amounts based upon the applieatjgerature and
duration.

Because AMS 5383 is outside the scope of the presenteditwark be discused now.
Castings are known to be plagued by significant pores and other castwsgvithich have to be
corrected through hot isostatic pressing (HIP). Application of l@giperature, moderate
pressure, and extended hold time allow for flaws to be closed, thas@ng the performance of
the materials. In addition, casting facilitates the segregati Nb, Ti, and Mo to interdendritic
regions during solidification [31]. As a result, high temperaturedganization heat treatment

redistributed the solute species evenly throughout the microstructaddition, HIP typically



Table 1.2 Summary of industry standard heat treatments for vaoious &nd intended applications on IN718 [2,3,27D29]. Air cooled
is AC; furnace cooled is FC.

Standard Treatment type Temperature Hold time  Cooling Form Application
AMS 5663  Solution 980 ¥uC 1h AC Bars, forgings, For high resistance to creep anc
[27] Aging 720 8h FC at 55 ¥C/h to 620 flash-welded stress-rupture up to 700 ¥2C anc
620 8h AC rings oxidation resistance up to 980 ¥
AMS 5664  Hot isostatic pressinc 1180 at 150 MPa 3 h FC Bars, forgings, For rotating and structural parts
[3] Homogenization 1065 1h AC flash-welded requiring high strength at short
Aging 760 10 h FC at 55 ¥%C/h to 620 rings time service up to 540 ¥%C and
650 8h AC oxidation resistance up to 980 ¥
AMS 5383  Homogenization 1080 1.5h AC Investment For resistance to creep and
[2] Solution 980 1h AC castings stress-rupture up to 700 ¥2C anc
Aging 720 8h FC at 55 ¥%C/h to 620 * oxidation resistance to 980 ¥4C.
620 8h AC
AMS 5596  Solution 940 2h AC Sheet, strip, foil, For resistance to creep and
[28] Aging 720 8h FC at 55 ¥C/h to 620 plate stress-rupture up to 700 ¥2C anc
620 8h AC oxidation resistance up to 980 ¥

Particularly for parts which are
formed or welded and then heat

treated.
AMS 5597  Solution 1038 2h AC Sheet, strip, foil, For short time use up to 540 ¥aC
[29] Aging 760 10 h FC at 55 %C/h to 620 ! plate Particularly for parts which are
650 8h AC formed or welded and then heat
treated.




drives recrystallization, which produced an equiaxed grain struttaredantains annealing
twins [32].

WhatOs more, variations of the SHT have been evaluated, includomgisis®n of a
solution or homogenizing heat treatment and opting to directly age bineutisk applications,
direct aging (DA) has demonstrated superior tensile strengths stigsire, and low cycle
fatigue properties as the result of fine, uniform grain size,mahi phase, ant#and"!
precipitation [33]. For AM IN718Qi et al.[12] examined the effects of DA anaterial
produced by laser net shape manufacturing and reported a 100% and 47%eimck&& and
UTS, respectively, but a 50% reduction in elongation over the as-depositdition. The
authors rationalized their findings as follows: the matristrengthened by the extensl#and
"I precipitation, while the retained, brittle Laves phase ioesdhe sites for fracture initiation,
reducing the ductility of the material. Additionally, after DA,dt al. [34] reported retention of
columnar dendrites and the microsegregation from the as-printed conatampanied by the
formation of! precipitates at interdendritic regions a#and"! precipitation throughout.
Although DA conditions have been well characterized, the developmenivdd Adeat
treatments has been limited, especially when actively designikgManicrostructures in

IN718.

1.4Background: IN718 produced by laser powder-bed fusion

Given that traditional manufacturing methods drastically difi@mfthat of AM
processes, it is expected the materials responses, bothtmichaslly and mechanically, will
differ as well. AM processes produce rapid cooling rates and Ineghnal gradients that result in

solidification morphologies of epitaxial grain growth that are dff: from traditional
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manufacturingThis type of growths known to occur at temperature gradients and liquid/solid
interface velocity between 0.57-2210° K!" #and 0.01-0.17 %% respectively [35]For AM
IN718, high cooling rates and directional solidification result ineegat, columnar grain growth
exhibiting {001} fiber texture with respect to the build direction whase factors influencing
anisotropic mechanical responses [36,37]. These rapid solidificatiortioosdire shown to
promote the formation of cellular substructures [35,36fa8]litated by solute segregation
[35,38], Bernard Marangoni driven instability, and particle accutedlsatructure formation
mechanisms [39]. However, the continued understanding of the solidifiqattysics of AM has
yielded customizable microstructures and material properties. Dethalf [40] demonstrate the
ability to spatially control crystallographic grain orientation, raléing between columnar and
equiaxed structures, through conlieditemperature gradients and liquid/solid interface velocity
by changing processing parameters across a single build layer. VK ttee same
solidification parameters into consideration, Raghavan et al. ¢¢bfted a localized, melt-scan
strategy capable of spatially controlling grain size and primary diengirm spacing. While the
control of microstructure formation is critical, so is understanthegeffects of processing on
precipitation in IN718.

The solidification morphology is largely drive bylsand G/R, where G is the thermal
gradient and R is the solidification front velocity. The fast coalatgs (18016 K/s) of AM
processes leads to distinct microstructures in bulk AM parts aehpath those produced
through traditionally manufactured routes. At these cooling ratesgjieion of soluteife., Nb,
Ti, Mo) introduces constitutional supercooling ahead of the solidibicdtont, resulting in
solid-liquid interface instability and subsequent nonplanar solidificatiorphologies such as

cellular or dendritic growth [42]. This follows the solidificatipath outlined in Figure 1(4)
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and compositionally in Figure 1.1(b) for electron beam welded IN718 Mfgard to the

structure-property relationships, a thorough discussion is presentectionSe2.1.
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Figure 1.1 (a) Solidification diagram and (b) constitutional maglectron beam welded IN718
Adapted from [43]
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CHAPTER 2
PROCESSING AND METHODS
2.1lLaser powder-bed fusion
Additive manufacturing of metallic systems is conducted in ary afreashions,

typically consisting of powder-bed or wire-fed material sources @kgbtron beam or laser heat
sources [44] and with directed energy deposition [44]. Mainly focusing on pdyedelaser-
based systems (L-PBF), commercially known as selectiverasiéng (SLM), a basic
schematic of a machine is shown in Figure &dnerally, the system consists of a few key
components: laser beam source, optics for beam shaping and guidingjdadiyrs=aled,
controlled-atmosphere build chamber, powder feed system, and lgbleg[84]. From a design
aspect, L-PBF is highly advantageous as it offers excellenabpegdlution, small feature size,
good surface finish, minimal support structure, and production of corgptaxetries. To begin,
a part is designed in CAD, which is converted to a printabléh@epredefines the laser path
prior to starting, much like CNC machinery. Part orientationhzaue a critical effect on
printability, and various computer software exist to help aid irgdeslowever, domain-
expertise is still heavily relied upon. Ultimately, the prodbss proceeds in a layeiise
process until the final part is generated:

1)! The powder delivery system raises to supply fresh powder for the eebtiede.

2)! The fabrication piston lowers one layer-thickness to allow fospinead of new powder.

3)! The roller, typically a recoater blade made of steel or derawvenly spreads a ~%n

layer of metal powders across the build plate. Excess powdeagged by the recoater

blade into the over flow container.
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4)! Now, the laser system melts the layer of powder to fabdaat@ngle layer of the 3-
dimensional build volume. The path direction is predetermined by desigrasefand
user domain-expertise as part of the pre-production steps.

Continuous replication of these four steps produces will eventually prduzidelly fabrication
part. After completion of the build, the part is excavated fitoerexcess metal powders
surrounding it using a vacuum system. This is performed to collect theeepsw it can be

filtered and return to production, as metal powders are cost§qStudies have been
conducted to evaluate the effects of powder reuse on subsequent build fuedgybeen shown
that with proper precaution to limit contaminations to build changmerders can be used in
excess of 10 times without issue [45D47]. Generally, small ses@a oxygen and nitrogen are
picked up but were found to be acceptable beyond 16 reuses [46]. Moreoyeartitie size
distribution is observed to move to a large mean as smalleclpardre more easily consumed in

previous builds.

System

Laser Beam

Part

Roller 2 Powder Bed
Base Plate

A A

Powder Delivery B2~ : Over Flow
System 7 Container
A~ EZ
Fabrication
Piston

Figure 2.1 Diagram daserpowder bed fusion AM process [48].
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2.2Electron microscopy techniques

2.2.1Imaging modes of transmission electron microscopy

Transmission electron microscopy (TEM) is a powerful charaet@iz tool for
examining nano-scale structures of materials. The various imseggihgiques to be discussed
allow for direct observation and study of crystal defects, lik@cdhkdlons, stacking faults, twins,
and grain boundaries, in addition to characterization of any secondarg,phadeas
nanoprecipitation in the case of IN718. Much of the work presentegigihoat this dissertation
relies on electron imaging to elucidate the structure-propesdtiarships of interest.

Many of the same principles of light optical microscopy apply to TESMell. For
instance, TEM operates by an electron beam passing through aotepésal and electro-
magnetic lenses that shape and focus the electron beam. The compbadgfscal TEM
microscope consist of an electron gun, condenser lens system, spstages and the imaging
system. It is known based upon the de Broglie equation that the watiets light is inversely
proportional to its energy. TEM microscopes outfit with a fieldssian gun (FEG) are capable
of accelerating electrons of several hundred kV, depending on the s¢tem .the inverse
relationship established between energy of an electrortsandvelength, the wavelength of
light generated is on the order of 0.003 nm or less. Now, resolutiie can be defined using
the Rayleigh criterion, which proportionally relates the waveleagthresolution size, the
length over which two points are differentiable. Calculation showthdaretical resolution of
TEM is 0.1 nm, which is smaller than the radius of a single ations, ¢nabling atomic resolution
imaging.

In TEM, interaction of the electron beam with the sample pratiagarojected image. In

conventional TEM mode, projected images are produced through the iotersich a parallel
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electron beam. Figure 2.2 demonstrates a schematic of thr@elbeam path as it is paralleled
by a series of condenser and objective lenses to parallelize brafwsmitting through the
sample. An image is formed through the collection of the trangheteztrons by an objective
lens located below the sample. Depending on the focal points geneydtexlobjective lenses,
either a diffraction pattern is produced in the back focal plamereal image in the image plane,
as shown in Figure 2.2.

(A) (B)

Opticjaxis ) Opticlaxis
e (GUN CTOSSOVET s (GUN CTOSSOVET

7
(<4 %3 Cl lens
“S‘—/ﬁ’

5 Cl1 lens
_—7‘—’

>&\ C1 crossover \‘_\\ C1 crossover
/ \

C > C2lens

> C2 lens (focused
(underfocused) ens (focused)

Front focal plane of
< objective lens

> Upper objective lens

AN

Underfocused beam Parallel beam

Specimen Specimen

Figure 2.2 Schematic of parallel beam operation in TEM usingr@ C2 apertures. (a)
Underfocused C2 aperture causing slight beam convergence. (b) Psiittatéon of TEM in
which the addition of C3 aperture allows for beam parallelizad®h [

2.2.2TEM specimen preparation
Sample preparation is paramount to achieving quality TEM analysigpl&amust be

properly thinned to ensure sufficient electron transparency. For niticis dissertation, twinget
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electropolishing has been used. The process works by first roughtyngegtihe region of
interest (ROI) from the bulk specimesgthat at least one 3 mm diameter specimen can be
mechanically punched out. Prior to this step, the sectioned specimegroand to an
approximate thickness of 90-1%n. Caution must be taken during this step as any mechanical
bending of the ground specimen will artificially induce deformatioinéosample. Next, the
sample is electropolished to form a thin region that will betreledransparent for investigation
in TEM. A twin-jet electropolisher is shown in Figure 2.3. Plumched sample is placed within
the sample holder and inserted into an electrolytic, acid solutibrstbfien chilled to help
control the rate of material removal. To generate the thinmgdmrea voltage is applied to the
sample in addition to gently recirculating the electrolytic solutlmwuathe exposed surfaces of
the specimen. Under proper voltage application, electrolytic sol@mpédrature, and jet speed,
a hole will generate in the center of the punch disk that containSG-861 electron transparent

edges

Recirculating

Non-conducting electrolyte
separating wall \ m
S da =

Pump \—s Nozzle —» | < Nozzle o’ Pump
L ~let Jet ™\
Electrolyte \Specimen
&F Electrolyte Electrolyte -1_—_//
Cell 1 Cell 2

Figure 2.3 Schematic of twin-jet electropolisher. Adapted fi&®h
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2.2.3Electron back scatter diffraction

Electron backscatter diffraction (EBSD) is another powerful nesescience
characterization tool. This technique enables crystallographic aafyaispecimen: such as
grain size determination, crystal orientation, texture, graumdary misorientation, and phase

fractions [50]. A schematic of the experimental setup for EB3Down in Figure 2.4

Kikuchi
diffraction
pattern

Detector

Specimen

Figure 2.4 Schematic of electron backscatter diffraction @rpeetal setup [50].

An electron beam is scanned in a grid pattern of a predetermépesizeacrossan ROI
on the surface of a polycrystalline specimieaint-wise Kikuchi diffraction patterrere
captured. These patterns are generated by the Bragg reflectiaptasfically scattered
electrons and are unique to specific crystallographic orientatiord basn crystal symmetries
[50]. More specifically, the observed patterns are gnomonic projeaifdhs diffracted cones of
electrons onto the EBSD detector [50]. In addition, the width oKtkechi bands is inversely
proportional to the interplanar spacing. So wider interplanar spasitiggoduce narrower

Kikuchi bands. And the intersection point of multiple bands correspondsoteeaaxis within
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the crystal symmetry [50]. Thus, point-wise data collection are tgsealculate the

crystallographic orientations of the ROI based upon their Kikuchi patter

2.3Mechanical testing

2.3.1Uniaxial, monotonic tensile testing

Uniaxial, monotonic tensile tests were conducted using servo-hydi@adidrames
equipped with an MTS 662.20H-05 load cell. A cross-head displacemeit wird/min was
used, corresponding to an approximate strain rate of 0-0@8lsstrains were measured using
contact extensometers (MTS model 634.12F-24 or Epsilon Technology Cumiel 8648-

010M-020ST).

2.3.2Strain-controlled cyclic fatigue testing

Fully-reversed (R = 91 straincontrolled cyclic fatigue tests were conducted on the
aforementioned MTS load frame using a constant strain rate of §:088 testing was
performed using a triangular waveform with initial loading in theikenkrection. Tests were
carriedout at total strain amplitudes betweééd2 = 0.006 mm/mm an®& = 0.02 mm/mm.
Failure criterion was set as a 50% load drop during the tenstierpof the cycle, which
resulted in either complete separation or significant and sudddnp@eagation through the

cross-section of the specimen.

2.3.3Induction heating
High temperature environmental testing was performed using an @krBblver

Technologies induction furnace (model UltraHeat SM, 5 kW output). Secdemperature was
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controlled via feedback from an optical pyrometer (LumaSense TechesldgPAC IGA 310)
in conjunction with an integrated PID controller (Watlow EZ-Zone) FiMnissivity, an
important factor in accurate optical pyrometer measuremeassset to 0.3, appropriate for
IN718 [51,52]. The pyrometer was placed approximately 25 cm from tleersgre surface and
focused on the gauge section near the center of the induction caiis Atdtance, the pyrometer
measures the sample temperature averaged over 10T@nsile specimens were tested at 25 Y4C,
550 v4C, and 700 *AChigher temperatures, specimens were heated to the targetdamgsgdra
ramp rate of ~10 %C/s, after which the specimen weresdlkovequilibrate for five minutes. The
heating process was conducted under force-control at a near zero kb fpwadent thermal
loading of the tensile specimens. Testing only commenced after derepldlibration of the
system.

Induction heating is an effective way to rapidly heat controlledsasealectrically
conducting materials in a contactless manner. When an alternagrgtic field is applied,
eddy currents are induced in the material. These induced curreetsigemagnetic fields that
oppose the applied magnetic field. Thus, this resistance geneeatdsy either Joule heating or
magnetic hysteresis loss [53]. Moreover, the frequency of thaaiieg magnetic field is
critical. If too fast, the eddy currents produced will not hawe to adequately penetrate the
thickness of the object and will only be superficial in nature, tgpthh minimal heat generation
(Oskin effectsO) [53]. Conversely, if the frequency is too low, eddndy will not be
adequately. So, by optimizing the frequency based upon the material typgeuidjebmetry,

the entire cross section can be properly heated to the targetratumge

20



CHAPTER 3
KNOWLEDGE OF PROCESSTRUCTUREPROPERTY RELATIONSHIPS TO ENGINEER
BETTER HEAT TREATMENTS FOR LASER POWDER BED FUSION
ADDITIVE MANUFACTURED INCONEL 718
Published inAdditive Manufacturing
Thomas G. Gallmeyé&rSenthamilaruvi Moorthy Branden B. KappésMichael J. Millg,

Behnam Amin-Ahmadi, Aaron P. Stebnér

3.1Abstract

Dislocation structures, chemical segregat®yt%8precipitates, and Laves phase were
guantified within the microstructures of Inconel 718 (IN718) produceadsr [powder bed
fusion additive manufacturing (AM) and subjected to standard, direwg,aamnd modified multi-
step heat treatments. Additionally, heat-treated sampleatsiithed to the build plates vs. those
removed were also documented for a standard heat treatmentfddte ef the different
resulting microstructures on room temperature strengths and elondatfailsre are revealed.
Knowledge derived from these process-structure-property relationsagogsed to engineer a
super-solvus solution anneal at 1020 jC for 15 min, followed by aging at 70 22 h heat
treatment for AM-IN718 that eliminates Laves daphases, preserves AM-specific dislocation
cells that are shown to be stabilized by MC carbide partiatesprecipitates den$8and$%%
nanoparticle populations. This Ooptimized for AM-IN718 heat treatrmes(fs in superior

properties relative to wrought/additively manufactured, then indgsandard heat treated
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IN718: relative increases of 7/10 % in yield strength, 2/7 % imate strength, and 23/57 % in
elongation to failure are realized, respectively, regardleas-pfinted vs. machined surface

finishes.

3.2lIntroduction

3.2.1Motivation

Recent works have established that dislocation cells that foamesssilt of rapid
solidification during laser powder bed fusion (L-PBF) (also calledlective laser melting®
(SLM)) additive manufacturing (AM) may impart higher strengths dodgations to failure
upon 316L stainless steel and CoCrFeNiMn high entropy alloys than thestaddisbed
traditional manufacturing methods are able to achieve [54D56]. Bebagsectlls are orders of
magnitude smaller than the grain structure of the alloys, theg#itref alloys may be augmented
through a microstructure-based size effect and/or dislocation hardammaygified Hall-Petch
relationship with a contribution from dislocation cells has shown to htbdestrength
enhancements [56Furttermore, because the cells OmodulateO dislocation motion and promote
nano-twin formation during mechanical deformation, as opposed to blocklagatisn motion
like high angle grain boundaries (GBs), this strength augmentation nmegllzed without the
strength-ductility tradeoff that usually limits other strengtheninghraeism available to
traditionally manufactured alloys [55]. Altogether, this knowledgeestablished a means to
engineer AM alloys to perform beyond the strength-ductility tradeoftdigstablished for
traditionally manufactured alloys.

Still, the aforementioned stainless steel and high entropy alleysr@tominantly single-

phase alloys that do not require sophisticated post-processing heaehtsathey do contain
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carbides and oxides, but those particles are induced during processlaggahydunaltered by
heat treatments [54D56]. It is logical that dislocation celVoréss should also benefit the
mechanical performances of any alloy system that exhibited sudnusuibses because of L-
PBF AM. However, understanding of the process-structure-propertonslaips in alloys that
are typically strengthened by multiple phases, especially how the icated| multi-step heat
treatments required to achieve those phase transformationAfftaay affect the desired
dislocation substructures, is incomplete.

Nickel superalloysrea class of such alloys: they are known to exhibit dislocatios cell
due to L-PBF processing, and those cells are known to impact medhpoperties [5S7D59]n
this work, sufficient understanding of the process-structure-propéatioreships of LPBF AM
Inconel 718 (IN718) subjected to post-processing heat treatmentsissbsi@d to enable
purposeful design of better heat treatments for AM-IN718 mate8akifically, dislocation
structures, chemical segregati®¥$!, ! precipitates and Laves phases are concurrently
guantified and systematically evaluated. It is demonstratedhisairntderstanding can be used to
engineer post-AM heat treatments that result in V48 materials that exhibit better strengths
and elongations to failure than industry-standard wrought IN718 materfeat treatments that
are better than those being recommended by manufacturers and adapedlelyindustry
today.

In todayOs commercial practices, standard heat treatments) (B&loped for
traditionally manufactured (wrought, cast, forged, powder metall@tgy) IN718 are
predominantly used and recommended for AM-IN718 [12,60D62]. These SHTs obnsist
solution annealing and aging steps [63] to facilitate microstrubturegenization and

precipitation strengthening, respectively. More specifically, higiperature solution annealing
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of AM-IN718 can homogenize elements that segregate during AM, dissdbe&tie phases back
into the matrix [60,64,65], and promote recovery of high dislocationtaesproduced during
printing [57,66]. Subsequent multi-step aging treatments after solutioalemgnghows
improved yield strength (YS) and ultimate tensile strength (WWU8) the as-printed condition,
comparable to the same effects these aging steps have on traglitimenralfactured IN718 after
solution treatments [65,67D69]; namely, the strengthening is attribuedse#and"!
nanoprecipitate structures.

The intuition behind recommending these same heat treatments ftNAM-was that
the initial solution anneal step of the SHT would Onormalize@ithestructures of the AM-
IN718 material b it was anticipated that after the solution astegal AM-IN718 would be
essentially the same as traditionally processed IN718 at thes sage of heat treatment. Then,
the subsequent heat treatment steps would have exactly the sacie (@fhich are reviewed in
further detail in Section 4.4.2.2), and the end result would be )R1-8 materials that meet the
same specifications as traditional manufactured IN718 matdtialgever, it is now well
established that AM-IN718 materials are not the same afteotbhBon anneal step in the heat
treatment [64,65]. In using typical solution annealing temperatomas, than 900 ¥4C but less
than 1100 ¥C, AM-specific dislocation cells do not recover; rasiibigde and oxidearticles
provide stability to their structures as well as grain boundpg#65]. To fully OresetO the
microstructures of AM-IN718, recrystallization at temperatatasve 1100 ¥4C is necessary.
However, grain growth, in addition to oxide and carbide particle iretvGBs also occur
during recrystallization [64,65], which are well known to diministchamical performances

[70,71]
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Recently, Prsbstle et al. [57] reported superior creep perfornieoroemultiple heat
treatment conditions of PBF AM-IN718 relative to cast and wrought IN718, which reached a
maximum when a solution anneal temperature of 1000 ¥C was useafondimeentioned SHT
process vs. 93(C. They credited the AM-specific dislocation cells for betteep performance
at low strains, but hypothesized that the best overall creep parioe arose from the absence of
&phase allowing for higher volume fractions$8and$! precipitates when choosing the anneal
temperature to be greater (1000 ¥C) vs. lower (33han the&-solvus temperature (~ 1010 %C)
[57]. However, in traditionally manufactured IN7X8phase is necessary to pin GBs, preventing
grain coarsening during creep. While PrSbstle et al. note&iblase was not needed to control
grain sizes of AM-IN718, the mechanistic reason is yet to be éxjhyained.

More recently, Sui et al. [68] reported upon the room tempersiigegth-elongation
tradeoff of AM-IN718 made by a powder-fed laser directed energy depoDED) process as
a function of varying heat treatment parameters. They showedhtdraging heat treatments
could result in higher yield strengths (~ 1290 MPaltimate strengths (~ 1535 MPaand
elongations to failure (19.9%)They primarily focused on characterizing different Laves phase
structures and their effects on monotonic tensile properties aftey beectly aged vs. first
being solution annealed at 1050 %4C for 15 vs. 45 min prior to the samiesgmgnt. The
authors proposed that small and granular Laves phase particles impieddestrength by
impacting thé'! phase volume fraction, size, and precipitate distribution. Hayexele
subgrain structures appear to be similar in the as-manufactungtesavia low magnification

micrographs, closer examination shows that the subgrain structanestaellular, but rather

3 Engineering stress & strain values from their paper baea converted to true stress & strain values to allow
direct comparison to the analyses in this paper.

25



their morphology is dominated by eutectic formations - a primargreifice of the DED AM-
IN718 materials relative to what has been reported lBBE-AM-IN718 [34,57,64,72,73]. This
difference provides strong evidence that the process-structure-groglationships for LPBF
AM-IN718 materials likely differ than for the DED material.

Furthermore, several microstructure features known to be imptotattain the best
performances from traditionally manufactured IN718 are yet taouakesl in AM-IN718, such as
"#"1 coprecipitation [74]. Complete knowledge of the interactions affahle microstructure
features of AM-IN718 is necessary to develop and qualify betterreaétnients for AM-IN718
materials with confidence and purpose. This work begins by first uaddisg the initial, as-
printed microstructure in conjunction with each step of one SHImB®nded for LPBF AM-
IN718 today, including the structure-property relationships of: 1) as-pridyesdlution annealed
at 980 %C for 1 h, and 3) complete SHT conditions. We aim todadlirsunderstand what is
different about AM-IN718 after the SHT relative to cast and wrolght8 and why. We also
consider two variations relative to applications of these hestrients in industry: heat treating
the entire build at once, with parts still attached to thellpldte, vs. heat treating individual
parts already removed from the build plate; surprising 100 MPaagtiites in yield strengths
between these two conditions are found to result from substantid#yesit microstructures. We
then study the effects of single-step heat treatments at tenmgsraelow solution anneal
temperatures on the AM-IN718 microstructures and mechanical pesptrtbetter understand
the individual roles of the microstructure constituents. Finallyderaonstrate that the holistic
process-structure-property relationship knowledge can be used to engiteehndegttreatments

for L-PBF AM-IN718.
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3.2.2Additional knowledge of additively vs. traditionally manufactured Inconel 718
processstructure-property relationships

Before presenting the new work, knowledge of IN718 structure-propertioresips
and differences already known in AM-IN718 are reviewed, especa@liyebiders not familiar
with this specific nickel superalloy.

IN718 is a Ni-based superalloy used in aerospace applications,algpgaagas turbines,
due to its mechanical stability at operating temperatures up tgC7Q®Db77]. Much of its high
temperature strength originates from two intermetallic phas¢ste precipitated through aging
treatments$%Niz(Al,Ti), ordered face-centered cubic (fcc)) a@ldNisNb, ordered body-
centered tetragonal (bct)) [75,78D80]. WBMs known as a strengthening precipitate in other
Ni-base superalloys, it plays a minor role in IN718 strengthening daes toherency strains it
creates within th&fcc matrix (less than ~1.25%) [15]. Inste&tserves as the main
strengthening precipitate since it produces up to 2.9% coherencyvatramthe matrix [15]

In addition to their monolithic morphologié$tand”! can also form coprecipitate
structures in various configurations [25]. THeinit cell size is in between that of thenatrix
and"! precipitates. Therefore, it is proposed thatmatrix interfaces serve as preferential
nucleation sites far! [79], because the lattice strain energy caused Inyicleating ori#-
matrix interfaces is lower than that'éfnucleating completely within the matrix [74,81,82]
Coprecipitates have been shown to improve mechanical responses by regamengpmplex
dislocation structures to induce plastic deformation [83,84]. &lsgyenhance thermal stability
as their coarsening rates at elevated temperatures areth@mnaghe monolithic precipitates due
to a combination of interface-controlled kinetice.( reducing total elastic energy through

interfaces [74]) and diffusion-controlled kineti¢®(, reduced solute flux across coprecipitate
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interfacial layers [25]). However, thg"! coprecipitation found to be optimal for traditionally
manufactured IN718 materials has yet to be reported for AM-IN718

The control of precipitate coarsening in IN718 is critical sincaends to transform to the
equilibrium phase, (NisNb, ordered orthorhombic), through nucleation on existing stacking
faults within"! precipitates [85] at temperatures between 700 jC and 1000 iC [78MKe !,
the&phase is incoherent with the matrix, resulting in limited impadhe precipitate
strengthening of the alloy [80] phase does inhibit grain growth by restricting GB migration
(Zener pinning) at elevated temperatures [69,86,87]. In additidrese precipitates, MC
carbides and Laves phase are also commonly observed in as-casbosraditine result of
eutectic reactions during solidification [88,89]. Much like &hase [65], MC carbides are
shown to impede GB migration but, they can lead to intergranulddicgawhen present in high
densities at GBs [70]. Moreover, the brittle nature of Laves phak®umented to detrimentally
affect tensile strength, fracture toughness, fatigue, and elongatsembigg as crack initiation
sites during deformation [12,67,89,90].

Traditionally, IN718 has been manufactured using a multitude lohigges, including
forging, casting, and powder metallurgical processing [21,91]. Moently, AM processes
have enabled the production of complex geometries directly from ditgtalproviding greater
design freedom and customized production [44,92D95]. One limitation qfafds! relative to
traditionally-manufactured products is that it is impracticattengthen AM components by
work hardening [92]. Therefore, weldable, precipitation strengthened &key®718 have
been among the first alloys adopted to AM with notable successantiple AM processes;
e.g., powder bed fusion by laser PBF)[57], powder bed fusion by electron beam (EBF)

[40,96], directed energy deposition by laser [9A[d directed energy deposition by plasma arc
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[44].

The fast cooling rates (3016 K/s) of AM processes leads to distinct microstructures in
bulk AM parts compared with those produced through traditionally manuéaictautes. At
these cooling rates, the rejection of solute introduces constitusopafcooling ahead of the
solidification front, resulting in solid-liquid interface instatyiland subsequent nonplanar
solidification morphologies such as cellular or dendritic growth [fiRgrmo€alc[98]
simulations mimicking solidification conditions of EB-PBF proces$¢lB showed
segregation of Nb, Mo, Ti, and C elements to interdendritic regiodsorresponding depletion
from the$ matrix[99].

In addition to solidification during the deposition of a layer in pldcesses, subsequent
layer deposition can cause remelting and/or thermal cycling of preyisaigiified layers,
changing the final microstructure relative to the initially depdsmgcrostructure. For example,
the layer-wise deposition of L-PBF processes can cause lociét @md compressive strain
variations in as-printed IN718 that induce macroscopic residualestrg€0]. These residual
stresses lead to the generation of dense dislocation foresigeatiia cellular boundaries, as
well as high dislocation density within the cell interiors [59,6Q,66fthermore, the thermal
cycling of AM processes has been reported to catesad"! precipitation in as-printed parts
[36,101]. Yet, there are other reports that have indicated onlydtexgities of'#and"!
precipitation, if any, in the as-printed condition [34,60,64]. This digp&s suggestive of
variability in the as-printed microstructures based upon processingetaraand/or part
geometry variations. Post-processing heat treatments provide atmeansol the final
microstructures of AM parts despite these as-printed variatiesiglting in more consistent

mechanical performances. In this work, we aim to understdrehiftreatment can be used to
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create superior AM-IN718 performance relative to traditionabyafactured IN718 materials.

3.3Materials and Methods

3.3.1Additively manufactured sample fabrication

Freestanding tensile specimens pursuant of ASTM E8 / E8M - 16a stasulastze
geometry were additively manufactured at d&ational increments with respect to the build
plate normal (polar angle) and within the plane of the build pdatienuth angle), using a
Concept Laser M2 Cusing multilaser system configured with two 400W -paped Yb-fiber
lasers and F-Theta full quartz lenses. One of the build pagk®vn in Figure 3.1, with the in-
plane azimuth angle convention indicated witlsamples were printed on P20 stainless steel
build plates.

Manufacturer-provided processing parameters were used, as welhasacturer-
recommended build settings. Specifically, laser scan stratemisssting of inner skin, outer
skin, and advanced contour pass methods were used to fabricate thesgaempihe program
provided by Concept, April 2016). The inner skin consisted of a bi-direcserpéhtineO laser
pass in an OislandO fill pattern composed of 5 mm x 5 mm squhog®oally oriented to each
other to fill the bulk of a build layer to within 2 mm of the peeter [102]. The outer skin was
used within 2 mm of the outer perimeter of a contiguous area and viases in a bi-
directional, OserpentineO path. The advanced contour pass consistadlef anidirectional
pass along the outer perimeter of each part to reduce the sudgtaess of the finished
specimen. All three laser scan strategies used manufactokedgn processing parameter, as
well as manufacturer-recommended build settings: a laser poWw60d; scanning speed of

800 mm/s; laser focus spot size|80; hatch spacing 1§0m; powder layer thickness 0n;
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Figure 3.1 Build plate of free-standing tensile specimens demongtvatrious bud
orientations and azimuthal anglé$ ¢sed in their construction.
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and 90% rotation in laser path between subsequent layers. NorkEsetgramodifications were
made to accommodate upskin and downskin regions of the build. For ak grsiimens
manufactured, the build layers through the gauge sections were fabrisatg only the outer
skin followed by the advanced contour pass laser scan strategieseldfe¢hesinner skin scan
strategy, in conjunction with the other two strategies, was ebtatthe grip portion of thé=
0Y4 tensile specimens where the cross-sectional area of tHaymuildas sufficiently large.
The printing was performed under Ar atmosphere with the oxygen cortaantra
maintained to 0.40 to 0.60 % of the atmosphere; the relative hymiad kept below 10%; the
maximum temperature of the printing chamber did not exceed 32 j@Qeptang of the powder
bed or the build plate was not performed. Manufacturer-provided IN718 p¢gaseatomized
in Ar, 10D45¢m sieved particles, marketed as CL-100NB [103]) was used eritiralpvirginO
(not recycled) condition. Chemical composition analysis of the powddrasbuilt samples
was performed using inductively coupled plasma - atomic emissionepamty (ICPAES) at

NASA Glenn Research Center, and is presented in Table 3.1.

Table 3.1 Chemical composition of the IN718 powder and AM part.
Ni Cr Fe Nb Mo Ti Al Co 0] N
Powder (Wwt.%) 53.13 19.07 18.23 511 3.06 0.89 042 0.027 0.020 0.016
Build (wt.%) 53.10 1891 1834 515 3.06 0.90 043 0.071 0.024 0.023

The heat treatment studies reported in this work were developeppssits printed in
45; orientations between horizontal and vertical; varioustations were selected. The printed
tensile specimens were detached from the build plate prior heattreatments, with one
exception detailed below. Some of these as-printed specimensherrieeat treated according

to AMS 5662 [63], in which a solution anneal at 980 {C for 1h was follioleair cooling to
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room temperature and a 2-step aging treatment: 720 jC for 8h followidnage cooling down
to 620 jC within 2 h, where the temperature is held for 8 h befoo®aling to room
temperature (standard heat treatment, SHT). Residual stiegiiced by the AM process and
thermal contact with the build plate may impact microstruatuidution during heat treatment.
To study this effect, the standard heat treatment was appliec §StdiT-1) and after (SHT-2)
the samples are removed from the build plate.

Other heat treatments were then designed to isolate spepiéictasf the
thermodynamics and kinetics driving microstructural evolution that netreompletely
understood from the SHT studies alone (as further discussed in S&ctiaml 3.b
Specifically, some of the as-printed samples (first removad the build plate) were Odirect-
agedO at either 620 ¥C for 24 h or 720 ¥4C for 24 h; thatris, saliition anneal. Finally, a
modified two-step anneal-then-age heat treatment was designed usingdgwwf the SHT and
direct-age heat treatments and their effects on microstruendegroperties. Specifically,
anneal-then-age samples were water quenched after a 15 miarsatuteal at 1020 ¥%C, then
aged at 720 v4C for 24 h.

A summary of the heat treatments studied in this work is providédble 3.2, together
with the acronym designation used to refer to the heat treatthemighout this article. For all
samples used to compare the different heat treatments, thatasigurfaces of the samples
were not machined, polished, or otherwise modified. To examineffiaet of surface finish on
the best reported properties, one sample that underwent the SA1020+¢et@®it was
machined prior to mechanical testing, and is referred to as SA1020+K7Hach surface of
this E8 sub-size tensile specimen (with gauge section dimensiér@6ainm$ 2.10 mm) was

machined using an end mill fitted with a 5 mm carbide bit followeligby grinding with 1000
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grit SiC paper for the finished surface. The geometric ratoys the original tensile specimen

were maintained, with the final gauge section dimension of 5.1% /88 mm.

Table 3.2 Heat treatment schedules for various conditions examittad work. OFCO stands
for furnace cooling and OACO for air cooling.

Condition Designation Solution Anneal Aging

As-printed AP -- --

Solution annealed SA980 980 ¥4C/1 h/IWQ --

Standard heat treatment  SHT-1* 980 %C/1 hIAC 720 ¥C/8 hIFC 50 ¥%C/h+620 ¥%C/8 t
Standard heat treatment SHT-2 980 %C/1 hIAC 720 ¥C/8 hIFC 50 ¥%C/h+620 ¥C/8 t
Direct age: 620 ¥4C, 24 h DA620 -- 620 ¥C/24 hIAC

Direct age: 720 ¥4C, 24 h DA720 -- 720 YC/24 hIAC

Solution annealed + agec SA1020+A720 1020 %C/0.25 h/WC 720 ¥C/24 h/AC
*Tensile specimen connected to build plate during heat treatment

3.3.2Wrought sample fabrication
To compare the AM vs. wrought materials properties, an ASTMeESle sample with a
gage cross sectional area of 31.672mas machined from a wrought plate and heat treated

using the SHT schedule described in Section 3.3.1 (Table 3.2) laysMetichnology, Inc.

3.3.3Mechanical testing

Monotonic tensile testing of all examined conditions of the AM sanvpéssperformed
using an MTS servo-hydraulic load frame equipped with an MTS 662.20H-05dbad cross-
head speed of 4.5 mm/min was used, corresponding to an approximmiateate of 0.003'5
Strains were measured using an extensometer (MTS model 634.1Z-2dygineering stress-
stress values for the AM and wrought samples were converted tahogjar(i.e., OtrueO) stress

and strain [104].
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The wrought sample was also tested following the ASTM ES8 stantlaedest data was

provided by Metals Technology,dn

3.3.4Microstructure characterization

Samples for optical microscopy (OM) and electron backscatteachibn (EBSD) were
prepared using standard metallographic polishing techniques with a firshlipglstep with 0.02
colloidal silica on a VibroMet vibratory polisher for 24 h. OMrgdes were etched with
glyceregia (3 parts HCI, 2 parts glycerol, 1 part HNtben imaged using a Keyence VHX-5000
digital microscope. ESBD measurements were performed using ladiigs Nanolab 600i
DualBeam SEM/FIB configured with an EDAX Hikari Super EBSibnera. The statistics of
grain size widths and lengths reported in this work consider anafyaideast 100 grains per
condition from OM and/or EBSD data. All EBSD data was processad EDAX OIM

Analysis 7 software (version 7.2.1). The Taylor factor (M) eadsulated using###a8 ( fcc
slip systems and the deformation gradient tensér;, ' # ' 0

Conventional bright-field (BF), dark-field (DF), high-angle annular daalk (HAADF)
and high-resolution (scanning) transmission electron microscopy (HRTEMRAAADF
STEM) characterizations were performed using a FEI Talos TEHAG, 200 kV equipped with
ChemiSTEM X-ray energy dispersive spectroscopy (EDX) four detaatbnology) and a FEI
Titan 80-300 with electron-probe Cs-correction operated at 300 kV. AddifipaalFEI Titan
G2 80200 with ChemiSTEM technology was also used for high-spatial-resdiiX
mapping. TEM samples were prepared from the gauge sections of ttemditg bars by equally

grinding both surfaces down to a final thickness of 90Bh®0a mechanical punch was then
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used to extract discs with a diameter of 3 mm. A Fischior@ratic twin-jet electropolisher
(Model 120) at 15 V and an electrolyte of 10 vol% perchloric acid imamei at 32 jC was
then used to further thin the TEM foils. Lattice dislocation dessaf cell interiors were
measured in BF TEM micrographs by line intercept method [105] usilegastt 50 dislocation
cells. Entangled forests of dislocations along the cell boundariesexeluded from this
calculation b dislocation cell sizes were separately analyze@pmded. Average precipitate
sizes, interparticle distances, and corresponding standard deviagaoep@rted using
measurements of approximately 50 precipitates from several MRAR HAADF STEM, BF

and DF images taken from various regions of each sample.

3.4Results
The presentation of results is provided in two subsections. Theameal properties are
presented in Section 3.4.1. Microstructures of the AM mataralgresented in Section 3.4.2

Process-structure-property correlations are discussed in S8dion

3.4.1Monotonic mechanical properties

The anisotropy and statistical variability in the mechanical ptigsenf as-printed (AP)
samples (Figure 3.1) due to both build orientation (a-d) and azinanbhd (e-h) are illustrated
in Figure 3.2. Relevant to this report, note that samples aiter@yeO AP mechanical properties
were chosen to understand the SHT and to develop new heat treatments.
Figure 3.3 shows the monotonic tensile properties of AM-IN718 in th&SAB80, SHT-1,
SHT-2, DA620, DA720, and SA1020+A720 heat treatment conditions (refer to Iabfer

acronym designations), as well as the wrought IN718 in the SHT condhtactures of all
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Figure 3.2 Statistical variability of ultimate tensile sfyth) utimate, yield strength vie, %
elongation to failure, and YoungOs modulus (E) for the free-standiilg spegimens with
respect to build orientation andlewhere @ is vertical and 9pis flat on the plate is given in (a-
d) as box plots, where the red lines within the box represent tthamealues of the normal
distributions of n = 33 tests for the Samples, n = 22 for 4&nd n = 10 for 90 The boxes
show the extent of the'2and 3 quartiles of those same distributions, while the error bars show
the extent of thesland 4" quartiles and outliers are plotted as red crosses. Then, vayiabili
the( = 45 samples used in this study as a function of rotation with resp#et recoater blade
' as defined in Figure 3.1 is shown in (e-h), where individual dataspaiatplotted.
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Figure 3.3 Monotonic tensile behaviors of IN718 produced BABEthen heat treated as
indicated in Table 3.2, in addition to a machined sample of the SATZD+éondition
(indicated SA120+A720+M) and wrought IN718 in the SHT condition (Wrought, SHT)

samples occurred within the gauge length of extensometer. Tabist81Bé yield strength,
UTS, elongationge-failure extracted from the true stress-strain curves (Figi)e and the
relative differences of the AM samples compared to the casvanayht sample (SHT
condition), as well as compared to the AP sample. These relalisthat the yield strength of
the AM material decreases by ~18% after the solid solution a(®a8B0), but is otherwe
improved from the AP condition using any of the investigated heat tetdéraccording to their
full schedules. Specifically, relative to the AP condition, tleddystrength increased 47% using
DA620, 49% using SHT-1, 63% using SHT-2, 71% using DA720, and 64% using
SA1020+A720 heat treatments. In contrast, the variation of UTS vsitoess that the AP and
SA980 conditions have similar UTS despite an ~180 MPa differencelthstrength, indicating

a higher strain hardening for the SA980 sample. More interestinglie the DA720 and
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SA1020+A720 heat treatments achieve a higher yield strength than thé @8% and 10%,
respectively) and wrought SHT samples (12% and 7%, respectieyfpur materials have
comparable UTS due to the higher amount of strain hardening exhibited ®Th#& and

wrought SHT samples. The SA1020+A720 sample exhibits the highest UTSNE&)®f all

the aged conditions evaluated.

Table 3.3 Yield strengthd ¢s), ultimate tensile strength&yrs) and elongations to failure of
AM-IN718 subjected to the various heat treatments studied in this gapefrgble 3.2)n
addition to the values, the relative percent (%) differencesvel® wrought, standard heat
treated 22 #%7) and as-printed2@® ) IN718 are also given.

Condition lvst lurs Elongation
n<=> 4+ 238674 2894 oo> 4 236674 D8O (gp) 3 467 289

AP 760 -34.5 - 1335  -17.1 - 21.3 +57.8

SA980 620 -46.6  -184 1325 -17.7 -0.75 28.6 +112 +343
SHT-1 1135 -2.16  +49.3 1530 -4.97 +146 10.6 -21.5 -50.2
SHT-2 1240 +6.90 +63.2 1560 -3.11 +16.9 116 -14.1  -455
DA620 1120 -3.45 +47.4 1500 -6.83 +12.4 145 +7.41 -31.9
DA720 1300 +121 +71.0 1580 -1.86 +18.4 9.6 -28.9  -54.9
SA1020+A720 1245 +7.33 +63.8 1640 +1.86 +22.8 16.6 +23.0 -22.1
Wrought, SHT 1160 - +52.6 1610 - +20.6 13.5 - -36.6

Compared to the AP condition, solution annealing by itself (SA980) impreleadation
to failure, but aging reduces elongation to failure by 22-55%. The tatgeiease in elongation
(55%) was observed in the DA720 condition, while the SA1020+A720 condition gitideest
elongation of all the aged conditions examined (16.6%). In contrastHiiid &nd DA620 AM
samples have comparable YS and UTS, but the greater elongatien@A620 sample results
in a lower rate of strain hardening (with respect to the &m@mulation of strain). Moreover,

comparing the two SHT conditions, despite having higher YS in theZSébhdition, the

39



elongation was still 9% higher over the SHT-1 condition, indicatingngonavement over usual

strength vs. elongation trade-offs that is further discussed ir8&cH.

3.4.2Microstructure characterizations

Table 3.4 summarizes the sizes of the secondary phases, tslaeds and dislocation
densities within the cells of the AM-IN718 materials (agaie, Bable 3.2 for definition of the
different conditions). The following subsections present the microgtegspecific to each

processing condition, including detailed quantification of the data pesseantable 3.4.

3.4.2.1The as-printed (AP) microstructure

Dark, sweeping lines in the optical micrograph shown in Figure)3a#féahe cross-
sections of weld pools generated during deposition of each layer. Colgramagrowth that
spans these weld pool boundaries is evident in Figufa)3aFigure 3.4(b). This result and the
absence of lack-of-fusion defects provides evidence that in subsequdrapeis the laser fully
penetrates the depth of the previous layer melt pool, and that thééechgrains at the weld-
pool/deposition interface serve as nucleation sites for compeftiizial growth, as has been
previously established for BBF[106]. Figure 3.4(b) further shows that these columnar grains
have misorientation with respect to each other due to different gobketttions, considering the
orientation map colored according to the inverse pole figure (IREgmwith respect to the plane
normal parallel to the tensile axis (TA). Low-angle grain bounddtAGBs) and high-angle
grain boundaries (HAGBS), as defined by thresholds df' 3%415% and + 15j misorientations,
respectively, are highlighted by red and black lines, respectivelycdlbenar grains are shown

to be aligned with the build direction. The average grain dimensiorsmegisured to be
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13.4 £ 9.4um in width and 96.1 + 7249m in length when including both LAGBs and HAGBs.
Moreover, when only considering HAGBS, the average grain dimension2&@re: 19.um in

width and 108.4 + 64.@m in length.

Figure 3.4 (a) Optical micrograph of the side view of a 45Y-extiggrtsile specimen is given for
the as-printed (AP) condition. Melt pool boundaries are indicated ljattker, swooping lines
that are normal to the build direction. (b) The crystallographentation map is presented
colored according to the inverse pole figure (IPF) that is givenregibect to the plane normal
(: ?@A) parallel to tensile axis (TA). The build direction (B&d)d tensile axis of the sample lie
in the plane of the page, 45¥ apart, as indicated by the drawn ¢emybtems. LAGBs and
HAGBSs are outlined with red and black lines, respectively. {100}, {1@bH {111} pole figures
with intensities colored by multiples of random distribution accordrthe indicated scale.

Furthermore, the grain morphology is observed to vary even though the melt pool
morphology remains more-or-less uniforrsaler, more equiaxed grains are interspersed and
sometimes cluster in between or within the columnar grainsinBeé {100} pole figure (PF)
indicates a strong fiber of the texture with {100} aligned with thédodirection (BD), which
lies 45%, with respect to the tensile axis (TA) of therspeciTwo additional fibers components
have {100} oriented in transverse-build orientations, misaligned from the major axes of the 2
mm x 6 mm rectangular cross-section. The 3-fiber-component nattime texture is confirmed

considering the {110} and {111} pole figures, noting that one of the fibers has #liijed

41



Table 3.4 Statistical measurements of AM-IN718 after apphicadf various heat treatments.

AP SA980 SHT-1 SHT-2 DAG620 DAT720 SA1020+A720
Dislocation cell statistics
Dislocation cell size (nm) 620+ 180 650+ 125 630+ 75 610+ 140 640+ 110 620+ 110 660+ 160
Dislocation density (10 m?) 1.6+ 0.8 0.86+0.24 o o 1.4+ 0.4 0.24+0.06 *x
Precipitate size (nm)
Laves phase 214+ 62 *x *x *x 234+ 46 240+ 58 *
I phase B Major axis *x 500 * 140 940+ 250 700+ 290 *x *x *
I phase DB Minor axis ** 83+ 42 110+ 35 134+ 27 * * *
I'l phase B Major axis * * 64+ 28 27+ 6 8x2 31+8 29+7
I'l phase B Minor axis * * 23+7 8x2 3x1 10+ 3 8§+2
I "phase * * 25+ 6 18+ 3 * 21+7 23+4
I'/!'! co-precipitates *x *x 24+ 6 16+ 4 *x 15+2 18+3
Interparticle spacing (nm)
Laves phase 316+ 103 ** * * 399+ 96 380 £105 b
I phase ** 575 £ 305 700+ 375 537+ 384 * * *
Strengthening precipitates * * 24+ 11 15+ 6 7+2 154 165

*Indistinguishable due to small size **Feature not observed
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with the TA, and another {101}, consistent with the orientation mdpgure 3.4(b). This
crystallographic texture is consistent with the preferential dralivection alond""# $for fcc

metals[13] and previous reports of AM-IN718 [67,102,107]

Figure 3.5 Conventional BF micrograph shows the morphology of grains aeristence of
submicron cellular substructure within each grain.

Color gradients observed within individual grains (Figure 3.4(b)) inelicat-angle
misorientations. The origin of these misorientations is revealesiadering the conventional BF
TEM micrographs of Figure 3,%igure 3.6(a) and Figure 3.6(b). These figures show that each
grain contains a columnar, cellular substructure. The cross-sectithes cells are 628 180 nm
across. Lattice dislocation densities within the cell intenegse measured to be 1#8.8! 104
m (Table 3.4). Additionally, lattice fringes corresponding to nanoptatipin within the ck
interiors were observed, as indicated with arrows in Figure)3#&{d measured to bet4l nm.

However, due to their very small size (overlapping with the m)adnd sparsity, fast Fourier
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transform (FFT) and selected area electron diffraction (SAEEhniques were not able to
confirm their phases.

Chemical mapping using STEM-EDX was performed on the region of thglsghown
in the HAADF-STEM micrograph in Figure 3.6(d). The uniformly breghtegions at
intercellular boundaries (Figure 3.6(b)) coincide with Nb and Tcbmient (Figure 3(@-f)). In
contrast, the heterogeneous brighttsgeigure 3.6(d)) indicate the existence of particles at the
intercellular boundaries. These particles are consistent wéh kmown phases in IN718: metal
carbides, metal oxides, and Laves. Specifically, MC carlace&nown to be rich in Nb and Ti
and depleted in Ni [17], which is consistent with the particledesit to be Nb and Ti-enriched

and Ni-depleted Figure 3&g). The Al- and O-rich particles shown in Figure(B- confirm

Figure 3.6 (a,b) Conventional BF micrographs of the as-printed IN718 stpdawvimation of
columnar dislocation cells. (c) High-resolution TEM micrograph of nawpitates observed
within the dislocation cells. (d) HAADF-STEM micrograph and)(edrresponding STENEDX
maps highlighting segregated elements at cell boundaries.
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the presence of oxides, which have been reported in laser-basedAdsses of various alloys
including IN718 due to O entrapment [44,108].

The irregularly shaped particles of Nb-rich phases (Figui@-&)) are consistent with
the reported composition of Laves phase [17,109]. The magnified BF aedpmmiding SAED
shown in Figure 3.7(a) provides further evidence of the Laves phassup&eattice reflections
in SAED pattern in the inset of Figure 3.7(a), which was takeng thed##& /| Y"# &y,
zone axis, belong to the hexagonal close-packed (hcp) structure et pphase. Figure 3.7(b)
shows the corresponding central dark-field micrograph of Figure 3h&ayvas imaged using
the, - .#"#" 0~ reflection indicated with the white circle in the inset @fufe 3.7(a). The

irregularly shaped particles along the cell boundaries highlighted ineF&gufb) share similar

Figure 3.7 (a) Conventional BF micrograph of as-printed IN718, Wétcorresponding SAED
pattern along the###& // %"# &,.. zone axis shown as an inset. (b) Conventional central DF

micrograph showing the Laves phases using. #'#" 0y~ reflection indicated by the white
circle in the SAED pattern given in (a).
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morphology to the Nb-rich particles in Figure 3.6(e). These Law#islpa measure to be 24

62 nm, with an interparticle distance of 31803 nm.

This as-printed microstructure is consistent with previous repbttsPBF AM-IN718
[57,64D67,69,72]. Chemical segregation due to elemental solutes beiad ®ettndrite
surfaces encourages localization of oxide, carbide, and Lavede#otimation upon the cellular
dislocation substructures as a result of rapid cooling rates dulihigva manufacture, as
recently discussed by Yoo et al. [72]. These observations give dirdehee for the as-printed
Ti and Nb segregation they hypothesized in observing solution-annealed AN8-IN

microstructures, and is consistent with previous reporting [34,69,101,110].

3.4.2.2The solution annealed (SA980) microstructure

Figure 3.8a) shows a BF micrograph of the AM-IN718 after a solution anneali@gat
iC for 1 h. It is obvious that large, needle-like, Nb-richhase (indicated by white arrows), with
an average length and width of 500 + 140 nm and 50 + 20 nm, respectivel{ornase at the

intercellular boundaries and span through the cell interiors. Themnatan is expected, as the

solution anneal temperature is within thphase nucleation temperature range of 700 jC to 1000

iC [78,79]. In addition to the appearance of thiépeecipitates that were largely absent in the
AP condition, the dislocation density within cell interiors (aBigure 3.8b)) is diminished, and

is measured to be 0.860.24! 104 m?, approximately half the dislocation density observed of
the AP condition. However, the walls of the cellular structumsle less entangled and
populated with apparently fewer dislocations, have not annihilatedelisefeemselves still

measure to be 650125 nm D statistically unchanged in size relative to the AP camdtigure
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3.8(b) and (c) present a HAADF-STEM micrograph with corresponding &bohAM- IN718

after solution anneal.

Figure 3.8 (a) Conventional BF micrograph of L-PBF IN718 after SAf@#0 treatment. The
white arrows indicate the formation#phase. (b) HAADF-STEM and (c) corresponding Nb
mapping using the STEM-EDX technique showing homogenization of Nb throughout the
microstructure.

The absence of uniformly bright regions around cell boundaries in Figi{lec}
indicates that the solution annealing leads to homogenization of theysivsegregated Nb
and Ti back into the matrix. Moreover, Laves phase are not obsersg&adting that the solution

annealing temperature and time (980 jC for 1 h) was sufficient to dissolve the eutectic Laves
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phase. However, the carbides and oxides did not dissolve. Finalharberecipitates suggested
by fringes observed of HR-TEM images of the AP condition (Figure)3.&(e not observed in
samples of this condition (not shown), indicating that they were diskoltethe matrix

through the solution anneal, as expected. Indeed, this microstrigctunglar to that previously
reported for solution annealed AM-IN718 at 1065 iC [72], only hepeecipitates are also

observed.

3.4.2.3The standard heat treatment applied to entire build (SHF1) microstructure

Figure 3.9 (a) and (b) show low magnification HAADF-STEM and maeghiBF micrographs of
AM IN718 after SHT-1. Recall that during the SHT-1 heat treatnthe specimen remains
attached to the build plate. Relative to SHT-2, the SHT-1 hesthtent results in slower cooling
rates in between each heat treatment step due to thehetreaat mass of the build plate itself,
as well as other samples, during heat treatment. Need-ikecipitates can be seen at both
intercellular and grain boundaries; they have an average length ahdo?v@#t0+ 250 nm and
110+ 35 nm, respectively. More interestingly, the entangled dislocattesant to the cell
walls of the AP condition have recovered. Dislocation recovery was likelst enhanced by the
nucleation and growth of the coar$and"! precipitates that are configured in cellular
arrangements of the same size (&30b nm), seemingly in place of the dislocation
entanglements (Figure 3.9(a) and (b)). Dislocations are knovamte as'$and"! nucleation
sites[111,112]. Quantification of the nanoprecipitates within this microgiracshows that three
scales have formed: 1) the 160 £ 37 nm long lenticular precipitetesark the cell boundaries
(Figure 3.9(a)), while 2) 68 + 28 nm long lenticular and 3) 25 + @qumexed precipitates have

formed within the cells (Figure 10). This disparity in precipitares between the cell walls and
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Figure 3.9a) HAADF-STEM micrograph showing cell-like substructure defined by lenticular
precipitates and phase precipitates located along intercellular boundaries (indlioptehite
arrows) after SHT of tensile specimens attached to the baild (8HT-1). (b) Magnified BF
micrograph of cell interior and boundary. Corresponding inset SAED paift&tri! precipitates
along the T'# ]+ zone axis. The solid circles correspond to superlattice riefhscthat belong to
both"$and"!, while spots outlined by the dashed circles originate only ftorft) Conventional
BF micrograph after SHT of detached tensile specimen (SHe®)isg retained dislocation
cell substructures, no observed lattice dislocations#aithse precipitates located along
intercellular boundaries (indicated by white arrows). (d) MagnifiedrBcrograph of dislocation
cell boundary free of large, heterogeneously nuclédt@decipitates. Dense nanoprecipitation is
observed within the cell interiors by diffraction contrast. Cawoesling inset SAED pattern tf

"I precipitates along thé## |- zone axis. The solid circles correspond to superlattice riefhsct
that belong to both$and"! phases.
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interiors suggests that the dislocations along the cell boundariethafolution anneal can
promote 1) the heterogeneous nucleation of precipitates on boundaries [1i8hayelocal
strain and 2) higher growth rate of precipitates by increased miahmeobility via pipe diffusion
[114]. The corresponding SAED pattern in the inset of Figure 3.@Kbhtalong the'l# ]+ zone
axis exhibits the superlattice reflections consistent Vitnd"! precipitates that have (001)
/[{001}+ and [001}s// <0O01> orientation relationships and similar lattice constants
[75,77,79,115]. As such, all superlattice reflectionssaiverlap with those frofil (indicated
with solid circles in the SAED pattern). The other supedatteflections of! are identifiable
and indicated by dashed circles in the SAED pattern. Therefonerabence of! is confirmed,
while the presence 6&f precipitates is ambiguous considering only the SAED pattern.

Thus, highbspatial resolution STEM-EDX mapping was performed toglisth the
presence and morphology @precipitates fromi! in the SHT-1 condition. Figure 3.10(a) shows
a HAADF-STEM micrograph, and corresponding elemental maps are presefigdna
3.1Qbbd). The larger Nb-rich, lenticular particles (Figure 3.10(b)}tla@d\l-rich spherial
particles (Figure 3.10(c)) are consistent with previous reporteafdmposition and
morphology for'! and"$ respectively [116]. Confirming the presence of B&dnd"! after the
two-step aging treatment.

Moreover, coprecipitates are indicated by white arrows in the firedjl AADF-STEM
micrograph of Figure 3.11(a) and measure at B4min length. In examining the HR HAADF
STEM image of Figure 3.11(b), tHe lattice structure is distinguishable from théut a
separaté$lattice structure is not obvious. However, note that the top $iithe ¢band"!
interface is rounded and not atomically planar, while the bottonfaoteof the'! phase is

atomically planar. It is known that one of the three coherent, dpjiege variants of th&sand
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Figure 3.10a) HAADF-STEM micrograph showing presence of nanoprecipitates in AM-IN718
after SHTF1. (bbd) Corresponding elemental STEM-EDX map to differentiateebeatAl-rich"$
and Nb-rich"! precipitates.

"I phases has an atomically planar [@0ihfterface that can be viewed edge-on in this <110>
viewing direction [74]. Thus, the observation of this atomicallyifiegrface definitively
indicates their presence. Furthermore, there is an atomicrlalgen Al near the interface in

"$"! coprecipitates [117], although this feature was not directlyiedrif the present study. The
ends of this layer are marked by arrowheads, and the layer ididelyndark relative to the
other atomic layers in HR HAADF STEM micrograph of Figure J),1¢onsistent with an Al-
rich layer. (Because the intensity of the atoms in STEM mopegortional to their atomic
number, the Al single layer appears as a low-intensity layer caeahpaits neighbors.) Al is
known to be unfavorable Il structure because of the size discrepancy between Nb and Al
atoms and the fact that they occupy the same ordered lattE@Sitgrecipitates. Still, it is
difficult with HR HAADF STEM alone to distinguish tH&portion of the coprecipitate from the
surrounding' matrix since the superlattice ordering is relatively weakl, the net atomic

number for' and"$phases of IN718 is similar [74]
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Therefore, highbspatial resolution STEM-EDX mapping was also pexfiooma single-
sided coprecipitate, and the combined Al and Nb elemental mapsenped in Figure 3.14).
Using this map, the Al-rich$portion of the coprecipitate can be easily distinguished from both
the matrix and the Nb-ricH side. Hence, we conclude that in addition to the presence of
monolithic"$and"! precipitates (Figure 3.9 and Figure 3.10), coprecipitatedsargeesent in

the SHT-1 condition of IRBF AM-IN718.

Figure 3.11 (a) High-magnification HAADF-STEM micrograph of AM-IN7df@er SHT-1
showing the existence of coprecipitates (indicated by arrows).dieeaxis is <110> (b) HR
HAADF STEM micrograph of single-sided coprecipitate exhibiting a plf0@l} interface that
is characteristic of th&g"! interface of the coprecipitates. Arrowheads indicate an Allager
betweer'$and"! portions. (c) Corresponding STEM-EDX map of the coprecipitate showing
combined Nb and Al elemental map.

3.4.2.4The standard heat treatment applied to individual samples§HT-2) microstructure
Figure 3.9 (c) and (d) show low magnification HAADF-STEM and high nfegrion
BF micrographs, respectively, of AM IN718 after applying SHT-2 comaliti Compared to
samples heat treated while still attached to the build B&t&;2 samples are expected to
experience higher cooling rates after each heat treatmenQstaptitative analysis (Table 3.4

shows a slight decrease#imprecipitate size compared to SHT-1 (average length and width of
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700+ 290 nm and 134 27 nm, respectively). More profoundly, heterogeneous nucleatith of
and"! precipitates along cell boundaries is not detected; instead, subgraidaries remain,
well-defined by dislocations and cellular structure of the same sitteeaAP condition (610 +
140 nm). This marked difference between SHT-1 and SHT-2 micrastesatesults from the
differences in cooling rates in between heat treatment stepglst influencing the precipitatio
kinetics, as was established in studying traditionally manufacturkdl sigperalloys [112]

The corresponding SAED pattern in the inset of Figure 3.9 (d) td&eg the [##]-
zone axis again exhibits the superlattice reflections consigtint$and"!. Similar analyses for
SHT-1 confirm the phases and morphologies of nanoprecipitates given in Talbe e SHT-
2 condition. The primary differences between the cell intermrSHT-2 vs. SHT-1 are that the
nanoprecipitates are not as coarse (SHT-2 statistic27 £ 6 nm;'$ 18 £ 3 nm.'!/"$
coprecipitates: 16 = 4 nm), especially for the@hase, which is 1/3 the size relative to the SHT-1

condition. Concurrently, the nanoprecipitates are denser at 15+ 6 aimgspa

3.4.2.8The direct aged at 62Q C for 24 hours (DA620) microstructure

The microstructure of an L-PBF sample directly aged atj62@r 24 h is presented in
Figure 3.12. The BF micrograph of Figure 3.12(a) shows that the tniectese consists of
dislocation cells and secondary phases (Laves phases, carbidesdasil @riilar to the AP
microstructure (Figure 3.6). Quantitative analysis (Table Bdys the particles of Laves phase
are 234t 46 nm with an interparticle distance of 396 nm Pstatistically unchanged from AP.
Interestingly, a high dislocation density (4.4! 104 m?) similar to the that in the interior

cells of the AP condition is observed. This heat treatment wasiff@ient to promote recovery
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of lattice dislocations. Additionally, statistically significaritanges in dislocation cell sizes (640
+ 110 nm) and the dislocation entanglements are not observed.

Unlike the AP condition, monolithic precipitates are observed to hamestbwith
average lengths of 82 nm. The FFT pattern (inset in Figure 3.12(b)) indicates lieat t
nanoprecipitates aré, which is expected at this aging temperature. Moreover, Nb etame
mapping (Figure 3.12(d)) shows that there is still Nb segregatog &he cell boundaries, as in
Figure 3.6(e), indicating that this time and temperature of agimgufficient to homogenize Nb
throughout the matrix. Conversely, Ti, which is segregated in theoA&iton (Figure 3.6)), is

homogenously redistributed using this aging time and temperature.

Figure 3.12 (a) Conventional BF micrograph after g2Gor 24 h (DA620) showing secondary
particlesi.e., Laves phases (indicated by arrows), dislocation cell network ghddislocation
density inside cells retained from as-printed condition. (b) Higblsion TEM micrograph
taken along'§##]- // [##" ] showing formation of! nanoprecipitates throughout thenatrix
(indicated by white arrows). (c-d) HAADF-STEM micrograph andesponding Nb elemental
map showing remnant Nb segregation along the cell boundaries.

54



3.4.2.8The direct aged at 72 C for 24 hours (DA720) microstructure

Much like the 62Q C for 24 h and AP conditions, quantitative analysis (Table@.4
images such as the BF micrograph of the j@or 24 h condition in Figure 3.13(a) shows that
the microstructure consists of 62A10 nm dislocation cells with cell boundaries consisting of
an entangled network of dislocations (Figure 3.6), confirming the Hiestiability of the
dislocation cell structure at these times and temperatures [6U&®}s phase particles have an
average size of 240 = 58 nm with an interparticle distance of 380t 0&lso similar to the AP
and DA620 conditions. However, the dislocation density within the intefitbre cells has
decreased to 2#40.6! 10 m?, which is nearly an order of magnitude less than the AP
condition and approximately 1/3 less than the solution annealed (SA980) cordii®nesult
indicates that unlike 62(C, the 720 C aging temperature is sufficient to promote lattice
dislocation annihilation and the thermal recovery. Interestingly, agirgdfbrat this lower
temperature leads to more dislocation recovery than annealindnfar 980;C. Some of the
remaining lattice dislocations are indicated with white arriowEgure 3.18a).

Additionally, the high magnification BF micrograph in Figure 3.13(b) shines
formation of dense precipitate networks. Quantitative analyaisI€13.4) of HRTEM images
including Figure 3.13 (c) and (d) also confirm the existence of mailit (31+ 8 nm) and'$
(21 £ 7 nm), respectively, in addition t&/"$coprecipitates (15 + 2 nm) within the interiors of
the cells. This nanoprecipitate structure is most simildneédSHT-2 condition. Interestingly, a
few larger monolithic'! precipitates (21& 50 nm) were also observed at the cell boundaries,

like those observed of SHT-1, indicating that this DA720 treatmeqifi€ient to initiate
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Figure 3.13 (a) Conventional BF micrograph of AM-IN718 after dirgoigat 720;C, 24h
(DA720) showing secondary particles., Laves phases (indicated with striped arrows),
dislocation cell network and few dislocations (indicated with whiteves) inside the alls
retained from as-printed condition. (b) High magnification BF microgsfyolwing presence of
coprecipitates. High-resolution TEM micrograph taken ald#g [- showing formation of (C)!
and (d)"$nanoprecipitates throughout thenatrix. (ef) HAADF-STEM micrograph and
corresponding Nb elemental map showing remnant Nb segregation alond treindaries.
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heterogeneousand"! nucleation from the dislocation entanglements. Moreover, Nb elemental
mapping (Figure 3.18-f)) of the DA720 condition shows that there is still Nb segregagiong

the cell boundaries even after aging at y2@or 24 h; therefore, this aging temperature is also
insufficient to dissolve Laves particles or to diffuse the segeedddb back into the matrix.
However, similar to the DA620 condition (Figure 3.12(d)), Ti solutesgmein the AP condition

is homogenized.

3.4.2.7The solution anneal at 1020 ¥4C for 0.25 h, age at 720 Y4C for 24 h (SART20%
microstructure

Quantitative analysis of images including the BF micrograph of Figjia) indicate a
microstructure consisting of dislocation cells that are£6660 nmNstatistically equivalent in
size to all other aforementioned conditions, though the cell boundegiesuah sharper and
there is no longer a strong OentanglementO nature to the dislobatioleine the cells. The
lattice dislocations in the cell interior have been annihilatedracovered (Figure 3.(&)).
Moreover, in the BF micrograph of Figure 3.14(b), it is apparentliescell boundaries are
pinned by MC carbide and/or oxide nanoparticles through Zener pinning ¢tf&8jswhich
inhibits cell boundary movement at high temperatures. EBSD anéiggishown) determined
the grain size and crystallographic texture to be statistiegliyvalent for the SA1020+A720
sample relative to the AP condition shown in Figure 3.4(b), as &pgiven established
knowledge of times and temperatures required for recrystadiivaf L-PBF AM-IN718 [64,65].

Dense, homogeneously distributed nanoprecipitation is revealed by @ffraontrast in
the Figure 3.1&x-b) BF micrographs. Quantification (Table 3.4) of HRTEM micrographs

including Figure 3.1&-d) determine the nanoprecipitation to consist of monolith{@9+ 7
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nm) and'$(23+ 4 nm) precipitates as well &8"! coprecipitation (1& 3 nm) separated by 16
5 nm regions of matrix phase. In addition, STEM-EDX revealed homogenization ofidbra
segregation, similar to that observed for the SA980 condition. Laves phat precipitates

were suppressed (Figure 3(&d)), as expected from the higher temperature solution anneal.

Figure 3.14 (a) Conventional BF micrograph of AM-IN718 in SA1020+A720 condikiowisg
dislocation cell network with diffraction contrast from dense nangutaton. (b) High
magnification BF micrograph showing presence of nanoprecipitation and gianeng of the
intercellular boundary by MC carbide particle. High-resolution TiaMrograph taken along
["##]- showing formation of (c)! and (d)'$nanoprecipitates throughout thenatrix.
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3.59Discussion

3.5.1Solute segregation and misorientation periodicities dictateislocation cell structures
As shown by Staker and Holt [119] and rearranged by Kocks and Mecking &ty

fcc metals subjected to deformation form dislocation cell sudistres that follow the following

empirical relationship between dislocation cell diametegnd bulk dislocation densitg;

ol

416 . 18 _ 86 _ 88
351 o5 or 1 Y or 2 s (3.1)

With 1 = 620> 120 nm an® = 1.6> 0.8! 10"*m?, the AP microstructure fits this relationship
well. Predicted values fall within one standard deviation: a sief of 620 nm indicates a
dislocation density o = 1.66! 10*m, and conversely, a dislocation density2cf 1.6! 10*
m2 implies a cell size of 631 nm. While the dislocations alongvealls in the APmaterial were
too entangled to include them in dislocation density measurementselthgalls themselves
constitute very low volume fraction within the material, espeacietinsidering their columnar
geometry (Figure 3.6(b)). Hence, even though they are more densely ppmuithteislocations
than the interiors, they have very little influence on the avdraliedislocation density according
to the volume-averaging scheme summarized by Kocks and Mecking [120].aRaplexif they
occupy 5% of the material volume (based on quantification of BF isnfmeAP condition
including Figure 3.6(a) and (b)) and are populated 10 times more dentellislocations (1.&
0.8! 10"m?), the average dislocation density would still fall well witbime standard deviation
of the measurement made from the dislocation density of ceaillorgalone.

At first, this agreement between the deformation-induced and thendivted
dislocation cell parameters may seem coincidental B aftenalktructure is formed by
mechanical deformation, while the other is a solidification streadriven by solidification

morphology, solute atom rejection and thermal stresses. Howeverathematical theory
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formulated by Holt follows the same rationale used by Cahn andrHitlepredict periodic
fluctuations of solute atom clusters during spinodal decomposition of esatypated solution
[121]. The prediction that periodic fluctuations in dislocation denséyaore stable than
uniform arrays of dislocations is independent of how the dislocations form

Moreover, the exact mechanism of dislocations generation during At isubject of
discussion in literature [122,123]; however, our results in this werka@nsistent with the
hypothesis that the formation of low-energy dislocation cell structeves after rapid
solidification, indicates that significant post-deposition annealing edouheat transfer to the
already-built regions of the samples from the newly-deposited redibassize scale of the
dislocation cell structure is dictated by the dendrite georsedtithe time of solidification, via
the rejection of solute atoms to the tip of dendrites [72]. Soometeically necessary
dislocations form at the cell boundaries to accommodate misorrsdtetween dendrite arms
at solidification. Further entanglements of dislocations form at¢hevalls from thermal
stresses upon subsequent deposition passes, tougher with pinning oflisiticagions by the
segregated solute atoms [124]. Furthermore, the dislocation contaeta#lltinteriors is
geometrically necessary to stabilize the cellular periodicith@fislocation entanglements,
according to HoltOs theory. This result shows that established tbetg fecovery of
deformation induced dislocation substructures is applicable to AM -edlddislocation

substructures.

3.5.2Dislocation cells enhance the yield strength of as processAM-IN718
As reviewed in Section 3.2.1, it is established that dislocatimctures inherent to some

L-PBF AM alloys can enhance mechanical properties [54,55]. Changeddrstrength can be
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correlated to the microstructure origins of strengthening mechatiistngperate in AM
materials. The HallbPetch relation is one strengthening modal&ialline materials, and it
states that strength is inversely proportional to the square rgadiafsize associated with
HAGBs[71,121]. In first reporting strengthening effects of the dislocateds aithin AM
materials, Wang et al. proposed that the size of the digdocegils could be used in place of the
size of the grains. Recently, Zhu et al. [56] found that such an apatoon drastically
overestimates the strength of a L-PBF CoCrFeNiMn high-entropy altdy278 MPa, it also
drastically overestimates the strength of the AP AM-IN718. ldstisey turned to the classical
strainrhardening model to account for strengthening from both HAGBs and dislockgnsities
present in an L-PBF CoCrFeNiMn high-entropy alloy in the as-printed comdit

?0- ?s ABC 1D\ EFGHo 2, (3.2)
where the first two terms are the classical Hall-Pettdtionship and the last term accounts for
dislocation Taylor hardenin@he applicability of this model to AM metals and the interpireta
of calculating2 using analysis of the cellular dislocation structures is supportdteby
discussion in Section 3.5.1. Using established values for IN718offristressto (325 MPa)
[125], the HallDPetch coefficient k (750 MPaY{f{126], shear modulus G (80 GPa) [14]
Burgers vector b (0.2539 nm) [3& (0.35) [127], together with measured values of the average
grain width from HAGBs d (25.2 um), dislocation dengdtyl.6> 0.8! 10*m?), and the
Taylor factor assessed of the EBSD analysis, M (3.3), theirgsyleld strength calculation is
771 MPa.

Furthermore, the cells and grains are columnar, not equiaxed, artielsise-scale (d)

for the Hall-Petch calculation depends on the orientation of theydtpms relative to the

columnar grains. For example, in an extreme assumption, slippenagtivated such that
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dislocations only propagate along the length of the columnar grains (BigUreis leads to a
yield strength of 694 MPa when using d = 108.4 um in Eq. 3.2 (all oth@mpégers the same).
Given the calculated yield strength can be assumed to be bound bylth@md length of the
columnar grains, the yield strength estimation is in good agreenitérther experimentally
observed value of 760 MPa (Table , FRure 3.3), which is as good as should be expected of
this analytical theory [120]. This is especially true consideringttha analysis ignores Nb and
Ti solutes strengthening, Laves phase strengthening, and dispersiorhsmangfrom oxides
and carbides. Nonetheless, this result shows the importance ofltteaton cells as an
operative strengthening mechanism since its contribution (the lasirtétq. 3.2) accounts for a
63% increase in strength, or 39% of the total strength of the MNY18 material relative to
considering GB Hall-Petch relationship alone, which predicts a gisddgth of 474 MPa using

the 25.2 um grain 2e.

3.5.3Dislocation cells enhance the elongation to failure of AM-IN718

Liu et al. [55] showed that the AM dislocation cells impede disiogsanotion, resulting
in dislocation storage that leads to higher yield strength, strademag, and elongation to
failure. They reported that stable plastic flow in AM 316L staisisteel was achieved by
maintaining the dislocation network in the microstructure. In thegmtecase of IN718 produced
by L-PBF, MC carbide and oxide particles act as pinning siigsii¢B.4), stabilizing the
dislocation cell structure during deformation, leading to enhanced kt@eadening. Note that the
carbides in this material are nanosized, hence they most likelgtgwomote brittle failure since
they have a low volume fraction and are well dispersed. Theréfdtes AM-IN718 materials,

the motion of dislocations within the cells is hindered by the distmtaell boundaries (Figure
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3.6 (a) and (b)), similar to the result shown by Yoo et al. amexing solution heat treated AM-
IN718 after 1000 low-cycle tension-tension fatigue cycles [72]. By astng the strain, slip can
transfer across the cells, which leads to the increase efrérgth without sacrificing the

elongation. As such, the dislocation network has a critical rdleeirmprovement of mechanical
properties, and its stability during plastic deformation is of grepbrtance in the enhancement

of elongation.

3.5.4Coprecipitates in heat treated AM-IN718

Contrary to previous reports [128], coprecipitates are present ihNYXI8 after aging,
be it direct aging or aging of solutionized materials (Tablg Bdtor et al[25] has shown that
coprecipitation can exist over a broad range of (Al+Ti)/Nb rat\ssdemonstrated in this work,
HR HAADF STEM and high-spatial resolution STEM-EDX were bemafiin definitively
confirming the existence of coprecipitation. Using HRTEM, iderdifan of coprecipitates is
conducted by identifying the characteristic, Al-rich planar interfgamilar to that shown in
Figure 3.11(b)) and surrounding strain field. Since these techniqresnat previously
implemented when evaluating AM-IN718, it is plausible the existehceprecipitates may
simply have been overlooked, as the present detailed analysis by highoede® coupled
with HRTEM utilized in this study has definitively revealed cajpéate structures.

In addition, when evaluating the sizes of the diffeférand"$precipitate morphologies
across the different aging treatments, the monolithare always the largest precipitate, while
coprecipitates are the smallest (Table Bigure 3.6D3.8). This finding suggests that the
coprecipitates coarsen at a slower rate than their individoablithic phases, which is

consistent with previous studies of their kinetics in wrought pros¢25¢74,81,117]As
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discussed in Section 3.4.2.3, optimizing the formation of copre@pita AM-IN718 should

improve the performance at higher operating temperatures.

3.5.9Microstructures and properties differ in choosing to heatreat individual parts vs.
entire builds

Solution annealing effectively homogenizes chemical segregation, distwdvieaves
phase, and significantly reduces dislocation density (Table 3.4) on lidtowedaries and cells
interiors, collectively resulting in a 23% decrease in Y®aitorresponding 43% increase in
elongation to failure of the SA980 sample relative to the AP sargqansidering the industry
SHTSs, as noted in Section 3.4.2.4, it is found that removing pledrom a build plate after heat
treatment results in a loss of cellular arrays of dislooatntanglements in favor of coafseand
"$precipitates (Figure 3.9). This effect is explained by tbeest cooling rates achievable due to
the large thermal mass when the test pieces remain attactiedsubstrate during heat
treatment.

A higher yield strength in the SHT-1 sample is achieved reltdittee SA980 sample
through precipitation strengthening (Table 3.4); a yield strength tbaédg the minimum
strength requirement specified in AMS5662. But although SHT-1 AM-IN71&cheve the
current industry standards for wrought IN718 parts, performance of AM8Nrocessed under
these conditions is still suboptimal and considerations must be madg dast processing to
design better heat treatments for AM-IN718. Clearly, these marmsened precipitates are
undesirable, as they result in a yield strength reduction of ~ 1@0avié® a 1% less elongation
relative to SHT-2. Recovery of the dislocation cell structudeices both strength and

elongation, emphasizing the benefits of keeping the dislocation entamgteat the cell
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boundaries. Furthermore, the nanoprecipitates are much coarserthgtioill interiors. Most
notably at ~ 68625 nm, thé'! precipitates are more than 3 times bigger. These changas are
result of protracted transformation kinetics during slower coolires fa¢tween heat treatment
steps. These conditions are caused by radiation and heat conductitwe seonple from the
build plate and surrounding parts B especially the cooling from the s@uotieal. The direct
aging studies provide further support for this conclusion; only sparseecb@terogeneous
precipitation is observed in DA720 samples, indicating thatj Z28 likely the lower-bound for
heterogeneous precipitation. Thus, it is recommended that in hegatdgraM-IN718, parts
spend as little time as possible at temperatures betwesaltii®n anneal temperature and 720

iC.

3.5.8The coexistence of dislocation cells and fine, dense nanogstates leads to stronger
AM materials

Extended-duration, direct-aging heat treatments (without first ealatinealing) provide
insight into processbstructurebproperty relationships in AM IN718. Basedrostnuctural
characteristics, DA620 samples retain higher dislocation densitikrin the cell substructure,
while the DA720 samples show larger and denser nanoprecipitate morph¢l@iiks3.4Table
3.4). Despite some dislocation content reductions relative to AP mmsjliboth samples
preserve the dense dislocation cell structure. While dislocatibstieestures remained relatively
constant,'! precipitate strengthening dominates dislocatiirand coprecipitate strengthening
mechanisms; the strength increases by ~ 50% due solely to mihinaloprecipitation in the
DA620 sample relative to the AP sample. The DA720 sample also stmoadditional 20% rise

in yield strength relative to the AP sample, verifying that'$%nd coprecipitates are critical to
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achieving maximum strengths. And while both samples demonstrata¢giitation has a very
strong influence, dislocation cells enaBlgl-IN718 to be stronger than optimally processed cast
and wrought IN718. In spite of its sub-optimal aging, DA620 achieved cobipataength and
superior elongation to wrought, SHTPprocessed IN718. In contrast, DA720/A\- achieved
greater strengths, but lower elongation. It appears that the stedogtation paradigm for
wrought-SHT material cannot be overcome through direct-aging alone, lesamttaphase
precipitation. Laves phase dissolution and/or homogenization of the Tikasdllde segregation
will be necessary to realize the full potential benefits ofAtleinduced dislocation cells in AM-

IN718.

3.6/Conclusions
Considering the foundational work reviewed in Section 3.2, togetheriveisie hew
systematic studies of the individual SHT heat treatment stepdir@atl aging results, the
following process-structure-property understanding is gleaned that cando® @swjineer better
heat treatments:
¥l # phase precipitation is not necessary for strength (this studygew performance [5T
AM-induced dislocation cells are retained. Dislocation cell stracod nano-sized oxide
and carbide particles stabilize interfaces, mitigating greomwth. Hence# phase is
detrimental. Perform solution anneals of AM-IN718 at temperaabege 101GC (#-
solvus) to eliminaté phase.
¥ AM-induced dislocation cells enhance strength and elongation (this studg)l as creep
performances [57] of RBF AM-IN718 relative to that possible through wrought

microstructure engineering; if such enhancements are desired, ahtesaperatures below
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1100;C, where dislocation cells are stabilized against recryséin through Zener
pinning provided by nanoscale oxide and carbide particles (this work a6&]j64

¥ While solution anneal temperatures above LIDWill recrystallize AM-induced defect
structures, they will also coarsen grains as well as carhiflexde particles [64,65]; hence,
Oresetting® the AM-induced microstructures with such recrystidlizanneals mitigates the
possibility of using AM-induced dislocation cell structures to engineleamced properties.

¥ Laves phase is largely undesirable; solution anneals before aginitj aessed to dissolve
the Laves particles that form during AM.

¥ Dense, homogenous networks'bf"$ and"! /"$coprecipitates are desired; aging after
solution anneal at times and temperatures that promote alnbhreprecipitate
morphologies is recommended; however, 2-step aging does not appearrpeCgsgaal
nanoprecipitate structures, even of th@hase, seem to form after 720 aging.

¥ Heterogenous nucleation 'df and"$precipitates can occur when cooling too slowly from
solution annealing treatments. Cooling from the solution anneal tatapeto temperatures

below 720;C as quickly as possible is recommended.

The results from examining the heat treatments being used by inthdsgyfor AM-
IN718 show that the material can meet existing specificatidmsresults from the newly
designed solution anneal at 1GZDfor 15 minutes, water quenching, then aging atj2tor
24 h, air cooling (SA1020+A720) heat treatment applied to AM-IN718 sanmpths study
provide verification that process-structure-property knowledge genenatecdent years
translates to an ability to design heat treatments that improkestvength and elongation
beyond what is observed of traditionally manufactured wrought, SHT INTid8h€&at treatment

has three differences from the heat treatment reported to eigtbest-known creep
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performance of LPBF AM-IN718 and displays better creep performance than cast and wrought
by nearly one decade (solution annealed at 1Q0@r 1 h, water quench, age at %ZDfor 8 h,
furnace cool, age at 63C for 8 h, furnace cool) [4]:
1)! The solution anneal temperature chosen is slightly higher to ensuenbal is
carried out above thésolvus temperature.
2)! The solution anneal time is lower. It is shown that 15 minutagfisient to dissolve
Laves phase and homogenize Nb and Ti solute segregation. While quentitati
analysis of the dislocation entanglements is challenging, using aagshod as
possible would preserve as much of the cellular structure as poskiever, there
is no noticeable difference in comparing the cellular structurtegekbea the Pribstle
et al. material and the material from this study.

3)! A single step age at 73C for 24 h is used.

Altogether, the best comparison of the SA1020 + A720 microstructunesiwork is
very similar to the superior creep microstructure in the vegrRrsbstle et al. They concluded
that their nanoprecipitate structure is suboptiynsized (< 30 nm) [57]. However, they do not
appear to use HRTEM to quantify their size, but rather use dédgkdiffraction conditions,
which are not always sufficient to precisely measure pre@gittthese scales. Furthermore,
coprecipitation was not reported.

Finally, despite the fact that the materials reported in tbikwontain some subsurface
porosity and microcracking within 1Q0n of the sufiace[129], the as-printed surface finish
minimally impacted the mechanical performance of the mateoalfirming the suggestion of
Kantzos et al. [130], who concluded that varying amounts of porosity amdaracking in heat

treated LPBF AM-IN718 has only minor effects on the observed tensile properges(S,
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UTS, % elongation). This conclusion is verified in comparing thetestiiSA1020 + A720 to

SA1020 + A720 + M in the present work (Figure)3.3

69



CHAPTER 4
ROLE OF HEAT TREATMENT ON THE ROOM TEMPERATURE DEFORMATND

MECHANISMS OF ADDITIVELY MANUFACTURED INCONEL 718

4.1 Abstract

The effects of heat treatment on the room temperature, monotonic Gimnm
mechanisms of AM IN718 materials were studied using transmisigioinan microscopy to
understand the role of AM-specific microstructural featureste8yatic quantification of the
precipitate and deformation structures was performed. Post-mer@mnation revealed three
primary modes of planar deformation: planar slip, extended stackilig,fand deformation
nanotwins. Weak correlation between the primary operative defornméohanism and direct
measurement of intrinsic stacking fault energy for the differegit theatments was observed,
suggesting the need to evaluate the generalized stacking fault en&kgjipocess-induced
dislocation cells are observed to act as barrier to dislocainartission in addition @
nucleation site for stacking fault formation. Nanoprecipitate sias found to play a critical role
in operative deformation mechanisms in aged AM IN718 materidls, axtransition from planar
slip to extended SFs to large deformation twins with increasing necippate size. The
findings of this study may also be helpful to better understand the defmmmoatonventionally
produced IN718 given the lack of depth in the detailed study of its deformmaechanisms

especially with respect to matrix deformation.

70



4. 2ntroduction

Additive manufacturing (AM) technologies are quickly becoming an &tteacption for
the fabrication of complex geometries [44] along with the akiityeduce lead times and
associated manufacturing costs [131]. Implementation of the technologhdwas beneficial
impact across a growing number of industries, such as aerospaceptargpmomedical
[44,132], among others. Though, despite the early success in the imfdgoreof AM
technologies, it is imperative to understand the fundamental ditfesebetween AM processes
and their conventional manufacturing forms so to control the final mbpsiformances.

Specifically, the fast cooling rates and high thermal gradieh&sent to the nature of
localized melting in AM processes can lead to hierarchicalasticictures that are atypical of
conventional manufacturing means [44]. These hierarchical micragtesatonsist of high-angle
grain boundaries, dislocation cell substructures, and chemicayaégre all of which can
contribute to enhanced material performance [38,54D57,133,134]. Morécgfigcidislocation
cell substructures have been identified as a fundamental unitrogtstia AM alloys
[38,54,56,134], furthermore they also have the ability to enhance elongatelure by the
impediment of dislocation glid&5]. Therefore, AM alloys present interesting engineering
opportunities to exploit these microstructural aspects to enginbaxv&superior performance to
traditionally manufactured alloys.

For many precipitation-hardened alloys such as Inconel 718 (IN71i8paskd
superalloy, post-processing heat treatment is needed to achievd destlganical response. To
date, standard heat treatments (SHTs) developed for traditioreiyfactured IN718 have
predominantly been used and recommended for AM-IN7 18 [i2,60D62]. These SHTs

consist of solution annealing and aging steps [63] to facilitate nvigobsre homogenization
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[60,64,65] and precipitation 6$and"! strengthening phases [65,67D69], respectively.

Recently, Gallmeyer et al. [38] performed a comprehensive staiptoperty
relationship study of AM IN718 using advanced transmission electron nogp$€TEM)
characterizations and macroscopic mechanical testing and developbdatdveatments which
led to better mechanical properties than commonly used standatdelagaent for traditionally
manufactured IN718. The work began with characterization of the ratggi(AP)
microstructure (Figure 4.1(a)) and its response to each stélofd® AM IN718i.e.,the
solution annealing at 980 %C for 1 h (Figure 4.1(b)) and then applyintgpaaigsg at 720 ¥4C
for 8 h + 620 ¥C for 8 h. The results showed that applying the SH&cimens attached to the
build plate (SHT-1) generated suboptimal microstructure featucgisafied by heterogenous
nucleation of precipitates on the dislocation cell boundaries [3§l(€#4.1(f)). Thus, the
resulting microstructure created a bimodal distribution of strengtberanoprecipitates, with
larger precipitates at former cell boundaries and homogeneouslpulisttismall precipitates
within the cell interios. However, application of SHT to a detached specimen (Figu(e)%.1
showed homogenously distributed nanoprecipitates with preserving the disl@edltion
boundaries survived after solution annealing step (SA980).

Additionally, new heat treatments were also developed to balanbenieéts of
hierarchical microstructures in the AP condition with the préatipin of strengthening phases
necessary for AM IN718; thus, single-step direct aging heat tratgmere initially explored
[38]. While direct aging at 620 ¥4C for 24 h (DA620) retained theedelslocation cells, the
fine precipitation indicated an underaged microstructure (Figa(e)y. Direct aging at 720 ¥4C
for 24 h (DA720) produced optimally-sized and homogenously distrilyGead"!

nanoprecipitation (Figure 4.1(d)) that lead to the highest yield strefgtl condition examined
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but low elongation to failure due to the retention of Laves phasedhdéead to crack initiation
sites during deformation [12,68,90,135]

Ultimately, the conclusions from the preceding results, in addiidinet findings from
previous studies [57,68,72], led to the development of a novel heatérgatonsisting of a
super#-solvus solution anneal at 1020 %C for 0.25 h plus single step aging atai2B4/#Cthat
1) retained the cellular substructure, 2) redistributed the segdeg@itite atoms while inhibited
# phase formation, and 3) produced dense, homogetigand"! nanoprecipitation [38] (Figure
4.1(g)). This optimal microstructure demonstrated enhanced yiefdy#iré+9.7%, +7.3%) and
elongation to failure (+56.6, +23.0%) over ABHT-1 and wrought-SHT conditions,
respectively. However, understanding the roles of the microstrubtararchy in AM IN718 on

the deformation mechanisms under monotonic tensile loading is desired.

Figure 4.1 Conventional BF micrographs and corresponding SAED patteths fane-
deformation microstructures of (a) AP, (b) SA980, (c) DA620, @y2D, (e) SHT-2, (f) SHT-1,
and (g) SA1020+A720 conditions. White arrows in (a), (c), and (@datethe presence of
Laves phase patrticles. (h) true stress-true strain responsésafditions under monotonic
tensile loading.
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To date, the deformation mechanisms of AM IN718 are sparsely fouierature. Sui
et al.[68] investigated the effects of Laves phase on the room tempetetsie responses of
AM IN718 produced by powder-fed directed energy deposition (DED). Evaluaengffects of
material performance after solution annealing at 1050 ¥C fodb5wn + standard two-step
aging versus direct two-step aging alone, the authors noted Lavednahagens from
irregularly shaped, elongated particles to granular morphologiegfadtapplication of the
aforementioned solution anneal prior to aging. Post-mortem analytkis shmples by scanning
electron microscopy (SEM) revealed planar deformation throughout thestnicture, where
they stated the number of slip bands increased after solution anamgialytversus direct two-
step aging only. The authors suggested that the existence of large anfalipt bands proved
that granular Laves phase can allow for good plastic deformatioty §]. However,
characterization of the planar deformation by the authors wasdirto only this basic
description, and no explicit correlation was made between thevelsglanar deformation and
Laves phase. Furthermore, Sangid et al. [136] examined the mictas¢ characterization and
grain-scale deformation mechanisms of IN718 produced by selectreniatting (also called
laser powder-bed fusion (L-PBF)) using digital image correlatidedren back scatter
diffraction (DIC-EBSD) and high-energy X-ray diffraction (HEXJnder monotonic loading
conditions to 2.3% total strain, the authors observed that the disiocall substructures of the
OasuiltO condition (stress relieved at 1065 ¥4C for 1.5 h) promoted homogémanatite
while post-processing heat treatment (stress relieved + 1177 ¥4C+®82 v4C for 1 h + 718 ¥%C
for 8 h + 621 ¥4C for 18 h) led to strain partitioning along 45 thlanesrresponded to the
theoretical maximum shear stress. However, in addition to #ie-gcale length limitation of the

study, the heat treatment implemented included a high temperatomso@enizationO step (1177
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Y4C for 1 h) that OnormalizedO the microstructure through rizagistaland grain growth prior
to aging, effectively eliminating the dislocation cell substructaofesterest in the present study.

Other AM Ni-base superalloys have been investigated, as welpravide some insight
into the as-printed deformation mechanisms. Very recently, Xu [@34] studied the effects of
heat treatment on the deformation mechanisms&stengthened Ni base superalloy, IN738,
produced by L-PBF. Post-mortem analysis of the as-printed condition ugghgHioeld scanning
transmission electron microscopy revealed planar dislocation bandtitumraa the dominant
deformation mode, with the planar slip isolated to the interibtiseoprocess-induced dislocation
cells where the high density of dislocations effectively inhibitgtissile dislocation motion.
Moreover, post-mortem examination of the heat-treated sampleateulithat due to the high
volume fraction and size é@bprecipitations (~35-45%), the deformation was isolated to
dislocation looping arount precipitates and strain localization&channels between them as
the primary mechanisms [134]. However, detailed, high-resolutiontigagen of the
deformation modes, band character, and precipitate interactiafl kreking. However, despite
these studies, there lacks detailed characterization of therdgion structures observed in AM
IN718, including the effects of nanoprecipitation and its coexistertbedvglocation cell
substructures.

Thus, turning to its conventionally manufactured form for further insightis been
established that IN718 after SHT is known to deform by {111} planar shefibton bands during
monotonic deformation [77,137D141]. However, limited reporting actuallyibles¢he nature
of deformation bands in IN718, which are stated to be composed of detwrivans and
dislocations [141]. In addition, the deformation band spacing is reportegttease with

increasing strain [138,139]. Worthem et al. [138] hypothesized tlateaband hardens, it is
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easier for new bands to nucleate from additional grain-boundary distosaurces than to
continue deformation along hardened, pre-existing bands; thereforenthegdaing decreases
with increasing total strain. The authors found this response tod&t IN718 in the as-
homogenized (925 ¥C to 1010 ¥C for 1 h) and SHT conditions. Moreover, étadlufd39]
reported the interaction of planar slip bands Witprecipitation by low magnification bright-
field transmission electron microscopy but the characterizatidmaofriteraction was limited to
this simple description.

Sundararaman et al. [137] found that the deformation mo&émecipitates depend
upon their size. Overall, a large number of dislocation pairs aleserved and associated with
the shearing o&! precipitates. In an underaged condition wi&rprecipitates are <10 nm along
their major axis, the deformation occurs through the passagdadadisn pairs or quadruplets
through planar slip [77,139,142,143]. Wh&tprecipitation was >10 nm, the authors stated that
the isolated shearing &f led to stacking fault formation and deformation twinning as the
predominant deformation mechanisms. Recent work by McAllister g4dlshowed after
deformation that coupled 1/2[011] and 1/2[101] dislocation pairs can sheaglthcertair&!
variants while leaving behind extremely low energy intrinsic stadidaly ISF) configurations
within the precipitate. Furthermore, this coupled dislocatiograation resulted in the absence of
stacking faults in th&matrix due to a net displacement equivalent to a perfeicelatanslation
[84]. In addition, dislocation passage throgjlprecipitates can create unstable stacking fault
configurations €.g.,complex and anti-phase boundary-like stacking faults) that spontaneously
transform to stable stacking faults while creating further gdatislocations [83], effectively
serving as a dislocation source during deformation. Moreover, ab Dl calculations

performed by Lv et al. [83] generated a generalized stackdadéice for&! where the energy
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barrier of the deformation pathway along the ISF was determinael ¢tose to that of the
deformation pathway along the ISF in &aphase, suggesting that the ultralow ISF energy and
the moderate barrier produce an abundance of I&Fparticles in IN718. Remarkably, all these
studies report the absence of deformation withir&matrix, demonstrating the formation of
stacking faults and deformation twins witldthprecipitates as the primary deformation
mechanism.

Because of the complexity of the microstructure of AM IN718, tHerd®tion
mechanisms may strongly differ from the conventionally produced IN718. Imaahbn of the
work of Gallmeyer et al. [38], the present study focuses on the studformation mechanism
after monotonic tensile failure of AM Inconel 718 in different coodii (Figure 4.1). This will
help to better comprehend the holistic effects of dislocatiorsabBtructure, microsegregation,
and nanoprecipitation on the observed deformation mechanisms of AM Inddéhel
Furthermore, the findings of this study may also be helpful to betteratadd the deformation
of conventionally produced IN718 given the lack of depth in the detaiédg sf its deformation

mechanisms.

4.3Materials and methods
4.3.1Sample fabrication

Freestanding tensile specimens pursuamASTM E8 / EBM D 16a standard ssibe
geometry were manufactured using a Concept Laser M2 Cusing muléijasem using
manufacturer- recommended processing parameter: laser power\df, 56@&nning speed of 800
mm/s; laser focus spot size 80 um; hatch spacing 160 um; powdetHey@mess 50 um; 10D45

pum sieved powder size and 90j rotation in laser path between subskegeest The fabriation
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was performed under Ar atmosphere with the oxygen concentration maini@ai®<0 to 0.60 %
of the atmosphere. A more detailed account of all processing @nwditsed in the sample
fabrication is outlined in [38]

Various heat treatments outlined in Section 4.2 were applidxe forinted tensile
specimens. Subsequently, the samples were monotonically deformedan terfailure. The
details of this are specified in [38], as the microstructuahenation of the deformed samples

after fracture is the focus of this study.

4.3.2Microstructural characterization

Microstructure of different heat treated samples after defbomwas characterized
using conventional bright-field (BF), dark-field (DF), selectesbaglectron diffraction (SAED)
and high-resolution transmission electron microscopy (HRTEM) techn{gaggx-situ
characterization). An FEI Talos TEM (FEG, 200 kV) equippeth @ihemiSTEM X-ray energy
dispersive spectroscopy (EDX) four detector technology was used. Tiaplesaclose to the
fractured region were prepared by equally grinding both surfaces dafimi thickness of
90D100 um; a mechanical punch was then used to extract 3 mm diskshiarte automatic
twin-jet electropolisher (Model 120) at 15 V and an electrolyte of 10 yaPéhloric acid in
methanol at 32 jC was then used to further thin the TEM foils.deatlislocation densitiester
deformation were measured using BF TEM micrographs by the lineeptemethod [6]L
Entangled forests of dislocations along the cell boundaries weliglex from this calculation B
dislocation cell sizes were separately analyzed and reportecagevprecipitate sizes
interparticle distances, and corresponding standard deviations atiendgbn are reported

using measurements of approximately 30 precipitates from séiRfid&M and BF micrographs
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taken from various regions of each sample. In addition, statigttbe deformation featuresd.,
twin boundary, multiple stacking faults and planar slip band) were neshsamg HRTEM, BF,
and DF micrographs from various regions in each sample; a minim@throkasurements were
used in calculation of all tabulated values. Reported feature spaasdetermined using
centerto-center measurements. Chemical composition of the matrix i@srdeed using spot
EDX in TEM mode. A minimum of five measurements were usedloulzding the average
composition (wt. %) reported in Table 4.2

Stacking fault energy (SFE) were calculated based on the measuref the equilibrium
distanced, separating the dissociated partials in HRTEM micrographs using By [144].
Figure 4.2, specifically showing the AP condition, gives an examgleeaheasurements

conducted for each condition in this study.

MN=06P QD 6QUIVIBX
Lake - R4@O7PQ)CB#T 6PQ Y. (4.1)

where&ke is the intrinsic SFE, G the shear modulfithe PoissonOs ratinthe Burgers vector
of the partials% the character the dissociated dislocation and d the splitting ofithle partials.
The values used in this equation was experimentally determinéd7Zd8i.e., G = 80 GPa [14]
v =0.29 [14] b= 0.146 nm (Burgers vector of A12{111} partial dislocation calculated using
a = 0.360 nm [36]). Five measurements were used to generaabuleed values reported in

Table 4.3, and are further explored in Sectidn
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Figure 4.2 Analysis of stacking fault energy through the experimemasurement of a
dissociated 60Y full dislocation into a 30% partial and a 90'diglact&tions using HRTEM. (a)
HRTEM micrograph showing overview and (b) magnified region of intemesie AP condition
and (c) Corresponding inverse fast-Fourier transform (FFT) genersitegh = (414) showing
the dissociated lattice dislocation.

4.3.3Flow behavior evaluation

The true stress-true strain responses presented in Figureweiéhijt to a linear elastic,
exponential strain hardening plasticity model to determine tha $taadening constants of each
condition, according to Eq. 4.2:

?2- 10 A, A0, (4.2)
where# is the true stress, E is the YoungOs modulus, tie strain hardening coefficient,ia
the strain hardening exponent, geédnd(p are the true elastic strain and true plastic strain,
respectively. To determinepkand R, an L2norm minimization routine between the model and
stressstrain curve was performed in an iterative process for varidussraf K, and p. The K
and ny values corresponding to the lowed8E values achieved are reportiedrable 4.1 Fits
between the raw stress-strain data and the model are avall&igire 4.3.

The strain hardening rate versus true strain for each conditiocalcagated using the

true stress-true strain responses in Figure 4.1(h). Since theanmn@isting was without any
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Figure 4.3 True stress versus true strain response and corresgoredinglastic, exponential
strain hardening model fit for (a) AP, (b) SA980, (c) DA620, (4)YR0, (e) SHT-2, (f) SHT-1,
(g) SA1020+A720, and (h) wrought SHT conditions.
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expected dynamic strain aging or other stress relaxation mechaaisostpm filter was
implemented that only used a data point if it was monotonically isicigaelative to the
previous data point. This was done to ignore over-sampling noise fromtéms@meter and
load cell without over-filtering. Subsequently, the strain hardenieg raere determined by
calculating the slope of a specified data range using a sliding tiegr@ssion window. The only
exception is the DA620 condition, where a 5-point moving averageuviigerincorporated in

addition to the monotonic filter to help reduce testing artifacts.

4.4Results

The results are presented in two subsections. The strain hardespogses are reported
in Section 4.4.1. Microstructures of the as-fabricated and véyibast-treated conditions of
AM IN718 are reported in Section 4.4.2. Then, elucidation of therchaition mechanisms based

upon the observed microstructural features is discussed in Séd&ion

4.4.1Flow behavior

In order to examine the room temperature flow behavior of thaMi8 material, the
true stress versus true strain responses presented in Figlmewvk(d fit to a linear aktic,
exponential strain hardening plasticity model (Figure 4.3) as ouiiingdction 4.3.3. The strain
hardening parameters and corresponding RMSE values between the L2-radrindimodel
and raw data are presented in Table 4.1. The direct aging conditidhsIdl718, DA620 and
DA720, are shown to produce the highest values for the strain hardepomeakat 0.78 and
0.71, respectively, leading to the most linear strain hardening respdnterestingly, the AP

and SA980 conditions (0.56 and 0.62) have similar strain hardening expoluest teathe SHT-
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2, SHT-1, and SA1020+A720 conditions (0.51, 0.59, and 0.62, respectivelyedesditter
being subjected to aging heat treatments. Moreover, all conditions dNALB exhibit higher
strain hardening exponents than the wrought SHT form (0.26). Previouslkydshydi
Sundararaman et al. [137], the authors found the highest strain hareepamgnts (~0.80-0.90)
for wrought IN718 whefi! precipitates were <10 nm in length. However, this finding does not

hold absolute in the present study, which is disediss Sectiord.5.

Table 4.1 Linear elastic, exponential hardening model fitting aotsst
n AP SA980 DA620 DA720 SHT-2 SHT-1 SA1020+A720 Wrought SHT
E (GPa) 164.8 191.6 210.8 2247 1859 2023 191.1 286.1

Kp (MPa) 1539 1776 1860 1639 1091 1684 1445 1021
Mp 056 062 0.78 0.71 051 059 0.62 0.26
RMSE (MPa) 6.1 9.9 3.5 1.6 3.7 3.5 4.6 8.5

In addition, the strain hardening rate versus true strain foreawlition of AM IN718 is
shown in Figure 4.4. At low levels of accumulated total truers{red.03 mm/mm), SHT-1 has
the highest strain hardening rate at approximately 4,660 MPa, whtdl6% higher than the AP
and SA980 conditions (~4,020 MPa) and ~20% higher than all remaining (~3P&)0 A& total
true strain increases to an intermediate level (~0.09 mm/thenA980 condition now has the
highest strain hardening rate at approximately 3025 MPa, which ponesto a ~31% decrease
over the accumulated strain interval. This decrease is among#fiest amounts observed,
along with DA620 (-28%) and SA1020+A720 (-31%). The largest decreastsaimhardening
rate over the strain interval are observed for the SHT-1 (-45%\amdjht SHT (-49%)
conditions. Overall, the SA980 condition exhibits the highest maintatnaith hardening rates

with increasing strain, followed by the AP, DA620, and SA1020+A720 conditidissussion
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of the structure-property relationships with respect to the fldvalder are further addressed in

Section 4.5.

4.4.2Microstructure characterizations

Table 4.2 summarizes the quantitative analysis performed ftiskalcation cells,
dislocation densities, deformation structures, and secondary phébgsreadeformation
statistics included for reference [38]. The following subsectioasgmt the post-mortem
microstructures specific to each heat treatment condition nahdle the detailed values
tabulated in Table 4.2. In addition, chemical analyses of thexneamposition for each

condition are presented in Table 4.3

Figure 4.4 Strain hardening rate versus total true strain fausheat treatments of AM IN718.
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Table 4.2 Statistics measurements of AM IN718 before andagff#ication of various heat treatments. OPreQ indicatesoprio
deformation while OPostO signifies after failure, post-m@tamination.

Feature State AP SA980 DA620 DA720 SHT-2 SHT-1 SA1020+A720
'l major axis (nm) Pre * * 8+2 31+8 27+ 6 64+ 28 297

Post * * 11+ 3 25+ 8 25+ 5 66+ 28 33+ 10
'l minor axis (nm) Pre * * 31 10+ 3 8+2 237 8x2

Post * * 5+1 8+2 8+2 22+ 10 9+2
111 particle spacing (nm) Pre * * 712 15+ 4 15+ 6 24+ 11 16+5

Post * * 8+2 20+ 6 15+ 3 31+6 155
Laves diameter (nm) Pre 214+ 62 *k 234+ 46 240+ 58 *x *k *x

Post 249+ 79 * 273+ 76 249+ 50 * * >
Laves spacing (nm) Pre 316+ 103 * 399+ 96 380 +£105 * > >

Post 387+ 181 * 388+ 174 318+ 54 *x *x *x
" major axis (nm) Pre o 500 + 140 * * 700+ 290 940+ 250 >

Post * 661 + 300 * * 614+ 147 900+ 222 >
" minor axis (nm) Pre b 83+ 42 ** ** 134+ 27 110+ 35 *

Post * 88 + 30 * * 89+ 31 109+ 26 >
" particle spacing (nm) Pre bl 575 + 305 ** ** 537+ 384 700+ 375 *

Post *x 765 + 401 ** * 515+ 181 854+ 453 *
Dislocation cell diameter (nm) Pre 620+ 180 650+ 125 640+ 110 620+ 110 610+ 140 * 660+ 160

Post 650+ 80 597+ 106 600+ 113 609+ 128 651+ 82 * 580+ 114
Dislocation density (10 m?) Pre 1.6+0.8 0.86+ 0.24 1.4+0.4 0.24+0.06 * * *

Post 11.7£3.2 9.8+15 74+1.2 > o o o
Deformation twin spacing (nm)  Post 497+ 266 1925+ 687 * 92+ 54 587+ 188 * 382+ 125
Deformation twin width (nm) Post 44+ 19 45+ 23 * 9+3 19+ 7 * 32+ 17
Extended S.F. spacing (nm) Post * * 65+ 59 33+ 10 24+ 11 19+ 6 25+ 15
Planar slip band width (nm) Post o 38+14 44+ 17 * * * >
Stacking Fault Energy (mJAn Post 40.3+1.4 51.1+1.8 35.8+£1.8 32.0£3.0 49.7+5.1 42.2+ 3.6 49.4+6.1
Primary deformation mechanism Post Def.twins  Planarslip  Extended S.F. Extended S.F. Extended S.F. Extended S.F. Extended S.F.

+ Planar slip + Def.twins + Def. twins

*Indistinguishable due to small size. **Feature not observed.
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Table 4.3 Chemical composition of matrix for AM IN718 subjectdnous heat treatments.

Element (wt. %)

Condition Ni Fe Cr Nb Ti Al Mo

AP 53.0+1.0 205+04 21.0+05 1.6+02  1.0+0.3 0.7+05 1.0+0.3
SA980 531+0.7 20.1+1.0 20.8407 2.6+05  1.3+0.4 0.9+0.7 1.3+0.4
DA620 52.4+0.1 208+01 211402 1.3+03  1.4+04 1.6+ 0.3 1.0+0.1
DA720 48.842.0 224+17 236+10 1.7+07  0.9+0.4 1.1+0.7 1.3+0.4
SHT-2 48.4+03 235+0.3 243+05 1.0405  0.2+0.1 0.8+0.1 1.7+0.3
SHT-1 48.8420 21.3+17 242+19 15+07  05+0.4 0.4+0.2 3.3+1.0
SA1020+A720 49.1+1.1 21.9+05 24109 1.1+04  0.4+03 1.7+0.9 1.640.2
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4.4.2.1As-printed (AP)

Figure 4.5(a) shows a low-magnification BF-TEM micrograph of tRecAndition after
deformation to failure. The microstructure demonstrates plafamadation and the
corresponding SAED pattern from the region indicated by dashed cirf€igure 4.5(a) shows

the formation of twins within the matrix along the K;L_lPigure 4.5(b) reveals the

corresponding central DF micrograph of Figure 4.5(a) using thﬂlll)T twin reflection and
highlighted deformation nanotwins are indicated by white arrows. Moresingle deformation
nanotwins can be observed to pass through several dislocation cellsdithawd spacing of

the deformation nanotwins are measured to be #9 nm and 49% 266 nm, respectivelyror

this study, the twin width refers to the measurements ofatimaéd regions as observed in
Figure 4.5, while the twin spacing is the certecenter distance between them. In addition,
measurements of dislocation cell sizes (8D nm) exhibit no statistically significant change
over the undeformed state (6280 nm), indicating stability of AM-induced dislocation cells
during the deformation process. Furthermore, within the region betiveenanotwins, lattice
dislocation interaction is also observed (Figure 4.5(c)). The distocdensity in these regions is
measured to be 11#3.2! 10" m?, which is approximately one order of magnitude higher than
the dislocation density of AP sample before deformatiohD.8! 10“4 m?).

While IN718 is known to exhibit planar deformation [77,137D141], high-resolution
characterization of the planar bands has been limited to date. Bi§(ug shows a RTEM
micrograph taken along [0121fom one of the highlighted twins in Figure 4.5(b). In addition to
the nanotwins that constitute the deformation bands, a set of extstiag&ing faults (SFs) was
also observed in the bottom right region of Figure 4.5(d). Figure 4&B¢&)s the enlarged

HRTEM image from the region indicated by dashed rectangle in Figa(d) 4it clearly shows
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changes of the stacking sequence of the fcc lattice due to thaqaesdea high density of
parallel wide SFs. Figure 3(e) confirms the presence ohgntrij.e., one layer) and extrinsic
(i.e., two layers) SFs. The formation streaks parallgl14] on the corresponding FFT pattern

(inset) in Figure 4.5(e) originated from the SFs.

Figure 4.5 Overview of AP condition microstructure after defoimna(a) Conventional BF and
inset SAED pattern showing evidence of planar deformation via defomtatnning. (b)
Corresponding central DF micrograph usig"###$, reflection of (a) that highlights
deformation twins. (c) Dislocation interaction occurring in regiogisveen deformation twins.
(d) HRTEM micrograph taken along [01Df a deformation band exhibiting its constitution of
deformation nanotwins and set of multiple SFs and (e) enlarged MRTIEge from the region
indicated by dashed rectangle in (d) showing the intrinsic and ext8fsic

As shown in Figure 4.5(a,b), the deformation bands are observed thnoasggh several

dislocation cells, suggesting their interaction with the dislocattinvalls. To understand this
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interaction more clearly, high-resolution TEM analysis was peddras demonstrated in Figure
4.6. Transmission of a planar deformation band consisting of nanotwBFanithrough the
dislocation cell wall is shown in Figure 4.6(a). However, impedinof the transmission is
evident by the change in width of the band across the cell walif@s. 7.2 nm). Moreover, in
Figure 4.6(b), the dislocation cell wall is shown to serve as leatian source for a deformation

band that is composed of multiple extended stacking faults ending withselthe

Figure 4.6 HRTEM micrographs of AP condition after deformation takemg [011] showing
the (a) transmission of deformation band as a nanotwin througsloaadion cell wall and (b)
the nucleation of a deformation band as multiple SFs (streaksgbéo@##' in corresponding
FFT). The origin of deformation bands as nanotwin (a) and multipl€¢l§@se further
confirmed by their corresponding FFT pattern presented.

The interaction of deformation band with dislocation cell wadbréed in Figure 4.6
consistent with other AM alloys [54,55,134]. Recently, Liu et%8] feported the motion of
partial dislocation pairs through the dislocation cells in 316L stsrdteel via in-situ TEM
deformation experiments. Moreover, the formation of one leading Ipatrtize reference cell

wall at its transition through several adjacent cells beforenttigtion of its trailing partial at the
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reference cell wall was also observed. The authors attridutethechanism to promoting the
formation of nanotwins with partial dislocation glide along adjackrgte-packed planes due to
the entrapment of the trailing partials at the cell wall. Heuethe authors did not study the role

of the matrix compositione., stacking fault energy, on nucleation of extended SFs.

4.4.2.2Solution annealed at 980 ¥%C (SA980)

Figure 4.7 shows the microstructure of the solutionized AM IN72®88) after being
deformed to fracture. The conventional BF micrograph in Figu(@yarnd corresponding
central DF micrograph (generated from gjre(l!Ll)T reflection from the inset SAED pattern) in
Figure 4.7(b) show the presence of planar deformation bands composeorofadiein
nanotwins. The width and spacing of the deformation nanotwins are me@aslre 45 + 23 nm
and 1925 + 687 nm, respectively. In addition to planar deformatiohpassn Figure 4.(€),
majority of microstructure show the planar slip with formatiodisfocation pile ups within slip
bands. The planar slip band width is measured to be 38 + 14 nm.|& hppivere stopped
before obstaclest(phase) and in some cases they are stopped without any apparengpbstacl
confirming high friction stresses ‘atnatrix due to complex multi- component solid solution
strengthening [145]. The measured dislocation density after defornmfdt 1.5! 10 m?2
which is one order of magnitude higher than the dislocation density of SA&8@e be
deformation (Table 4)2

Furthermore, measurement of thphase precipitate size and interparticle spacing (661 +
300 nm and 765 + 401 nm, respectively) show no difference compared tor&édaformation
values (Table 4.2). In addition, similar to the AP condition discation cell size (59¥ 106

nm) is measured to be statistically similar to pre-defaondéevels (65G: 125 nm), suggesting
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cell stability at high deformation strairg (= ~29%) despite the lack of segregated solute and

entangled dislocation forests at the cell boundaries that are knovabil@s the cells [54]

Figure 4.7 Overview of SA980 condition microstructure after defoomga) Conventional BF
micrograph and (b) corresponding central DF micrograph (generated fraw (I:tél)T
reflection) showing the presence of deformation nanotwins, where datedia twin reflection.
(c) conventional BF micrograph exhibiting planar slip and dislocatiorupse the primary
deformation mode of the SA980 condition.

4.4.2.3Direct aged at 620 ¥4C for 24 h (DA620)

With having established the influences of the AM-induced dislocatitsafehe AP
condition and redistribution of solute along with annihilation of the entamlydéutation forests
at the cell boundaries for SA980 condition, the next step is to agaim influence of
strengthening precipitates on the deformation mechanism responsgghEieffects of an
underaged microstructure with strengthening precipitates sniadierltt nm (Table 4.2) on
deformation behavior is investigated.

The conventional BF micrograph of Figure 4.8(a) indicates the oocearad planar slip
after deformation, with planar slip band width of828 nm. The inset SAED pattern taken

along [011]r+4// [110}-confirm the existence dP@and"" nanoprecipitation. AHRTEM
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micrograph from the interface of the planar slip band taken along [01E]gure 4.8(b),
indicates no atomic shift, which further supports the plaharather than extended SF
formation. The dislocation density is also increased ta 12! 10'* m2. Moreover, in the
regions of observed planar slip, |859recipitates with large interparticle spacing compared to
the pre-deformed state was observed, suggesting the shearing andicliseblie
nanoprecipitation during deformation. This is consistent with previouksweported the
shearing of" precipitates smaller than 10 nm by planar slip [137,142]. Theisgdhe
precipitates is further supported by the observation of dislocatios (@dirte arrows in Figure
4.8(c)) within the planar slip bands. Dislocation pairs are known &vioence of" shearing, as
the passage of the leading partial dislocation can generate R&BHis while the trailingastial
minimizes the SFE produced in the disrupted orderiig pfecipitates [83,137]. In addition, the
dislocation cell size (608 113 nm), similar to the other conditions is found to be stable after
deformation.

Interestingly, in other region of the sample planar deformatiordetested as shown in
BF micrograph of Figure 4.8(d). Analysis of SAED pattern (insétigure 4.8(d)) shows the
existence of nanoprecipitation, with faint streak parallélid) suggesting the presence of SFs.
Examination of the nature of the planar deformation bands by HRTEMaresponding FFT
pattern, shows dens&e precipitation (1 3 nm size and 28 6 nm interparticle spacing)
accompanying a set of extended SFs{&® nm spacing). Interestingly, the regions of planar
deformation bands composed of extended SFs correspond to the existena®igala larger
"" precipitaes(>10 nm), suggesting the importance of nanoprecipitate size on the dominant

deformation mechanism.
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Figure 4.8 Overview of post-deformation microstructure of DA620 sant@) conventional BF
micrograph of underaged region showing planar slip. SAED pattern taken@ldjgndicates
presence of%and"" nanoprecipitation. (b) High-resolution TEM micrograph from the interfa
of slip band taken along [0X1$howing no atomic shift. (c) conventional BF micrograph
showing dislocation pairs in regions of planar slip. (d) conventionat@# 6ther regions of
sample showing planar deformation and (e) high-resolution TEM microggkph along [011]
shows the exitance of extended SFs (streaks parallel ipiflFFT pattern in inset) and their
interaction with'" precipitates.

4.4.2.4Direct aged at 720 v4C for 24 h (DA720)
Figure 4.9 shows the microstructure of directly aged AM IN718 at 720r'2€ h after
deformation to failure. It is obvious that planar deformatiohésnhain deformation mechanism

in this sample. SAED pattern at the cell boundary (dashed irslt®ws clearly the deformation
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twinning however, the SAED pattern taken inside the cell (dashed diyindicate no twinning
reflection but there is strong streaks parallel td [1The corresponding central DF micrograph
(Figure 4.9(b)) generated from the (1!11)T reflection further supports the SAED observation
that deformation nanotwins are isolated mainly to regions neaelih@ocindaries. The
deformation nanotwins near cell boundaries are denser than AP and %@i&ibos with the
measured width and spacing o 3 nm and 92 54 nm, respectively. Similar to previous
conditions, the dislocation cell size after deformation remaatisttally unchanged to the pre-
deformation size (609 128 nm). Furthermore, in both SAED patterns of (1) and (ll) spras
belonging td'Yand"" nanoprecipitation are observed (white arrows) and no statigdidation
was observed in their dimension after deformation based on HRTEM/atisas.

Figure 4.9(c,d) indicates the HRTEM micrographs of the celliorteaken along [011]
As expected based on SAED pattern (ll), the planar deformatrorirdy carried via formation
of extended SFs in the cell interiors as confirmed using HRTktdograph inFigure 4.9(c) and
corresponding FFT pattern taken from region Ill (streaks patal[@&L1]). The extended SFs are
homogenously distributed (3310 nm spacing) amongst the dislocation cells. However,
occasionally very narrow twins (4 {111}-atomic layers) were alsoctietein the cell interior as
confirmed by magnified HRTEM dfigure 4.9(d) and corresponding FFT pattern (IV).

While the role of dislocation cells on interaction/nucleation ofg@laleformation bands
is studied in Figure 4.6 in detail, Figure 4.10 presents the efféCt mfecipitates with optimum
size on planar deformation. High magnification BF-TEM micrographguaréi 4.10(a) shows the

interaction of the extended SFs and occasional nanotwinsWwitiinoprecipitates.
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Figure 4.9 Overview of post-deformation microstructure of DA720 sar(@leonventional BF
micrograph exhibiting planar deformation. SAED pattern taken (I) ooftheslocation cell
boundaries and (Il) inside the dislocation cell. (b) corresponding t&#raicrograph

(generated from thg = (1!11)T reflection from the SAED pattern in (1)) indicate isolatafn
deformation nanotwins to predominately the intercellular regions C5&tEegion (II) from

within the cells shows presence of SFs only. Marked superlattieetiefls with arrowheads on
SAED patterns originated frordand"" nanoprecipitation. (c) HRTEM micrograph of the cell
interior taken along [011khows mainly the formation of extended SFs (streak in corresponding
FFT pattern in (1l1)) and occasional multilayered nanotwin (pdj the spots in FFT pattern of
(IV)). (d) enlarged HRTEM show the nanotwin with 4 {111}-atomic layers.
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HRTEM micrograph in Figure 4.10(b) show§"grecipitate with an isolated SF within the
precipitate. Weak streaking parallel@s#*'., in FFT pattern (1) further confirms the SF inside
the precipitate’” precipitate is known to deform via formation of SFs and defoamaivinning
due to its low stacking faulting energy [83,137]. In addition to ismhadf SFs withird'™
precipitate (Figure 4.10(b)), HRTEM micrograph in Figure 4.16ows the propagation of
existing SFs within the precipitates into the matrix which emdise vicinity of the precipitate
(white arrows in Figure 4.10(c)). Furthermore, the samevb@hae., propagation of the
corresponding defect from precipitate into the matrix is alsorebddor deformation twins. As
it is shown in HRTEM micrograph of Figure 4.10(d), a deformatmn ts formed within the"
precipitate and propagated with the same width into the matiixe§ponding FFT patterns of
the twin inside the precipitate (I1l) and inside the matiiX @how the twin relation and

twinning plane as'@®) - and {41)-, respectively.

4.4.2.8Standard heat treatment of individual tensile bar (SHT-2)
The deformation microstructure after failure of the industgemmended heat treatment
applied to an individual tensile specimen is shown in Figure 4.11.drhectional BF
micrograph and corresponding SAED pattern taken from the region indiyated dashed
circle (Figure 4.11a)), indicates the planar deformation via formation of deformation manst
and extended SFs (spot splitting and streaking in SAED patternjin@asured nanotwin width
and spacing is 19 7 nm and 58% 188, respectively which is less dense than the AP and SA980
conditions. Moreover, the dislocation cell size anditipbase precipitate size/spacing remained

stable with respect to pre-deformation state (Tablg 4.3
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Figure 4.10 Overview of deformation behavior'b&trengthening precipitate. (a) Magnified BF-
TEM micrograph showing planar deformation composed of extended SFs astboat
nanotwins interacting with multipl& nanoprecipitates. (b) HRTEM micrograph df'a
precipitate with a SFs isolated within the precipitate (B&iern in I). (c) HRTEM micrograph
showing SFs inside tHé& precipitate extending and ending within the matrix (FFT in Il shgw
streak). (d) HRTEM micrograph showing a deformation twin wietlih (splitting the spots in
FFT pattern of Ill) that extends into the matrix with the savitkh (splitting the spots in FFT
pattern of IV). The FFT patterns are taken from the indicaggins (dashed lines) in
corresponding HRTEM micrographs. All these micrographs are takend®r20 sample féer
deformation to failure.

High magnification BF micrograph (Figure 4.11(b)) and HRTEM ogcaph (Figure
4.11(c)) show the population and interaction of multiple SFs'Wighrecipitates. Similar to
DA720 condition Figure 4.9, Figure 4.11(c) shows the deformation bands to be primarily

extended SFs but with the presence of occasional multi-layer naspagi demonstrated by
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strong streaking compared with the##$,, twin reflection in the inset FFT of Figure 4(t)L As
shown in Figure 4.11(c), the extended SFs are involved throughgieeipitates which suggest
the nucleation of SFs froffi-matrix interface which was explained in details at Figui@.4.
Lastly, despite the large amount of deformation observed withifi' theecipitates (Figure
4.11(c)), the size and interpatrticle spacing£Zbnm and 15 3 nm, respectively) are

comparable to pre-deformation levels, as shown in Table 4.3.

Figure 4.11 Overview of post-deformation microstructure of SHT-2kata) Conventional BF
micrograph showing planar deformation and corresponding SAED pattern {aisat along

[011] indicates the existence of deformation nanotwins and superlatieetions (white
arrowheads) of nanoprecipitatighphase at intercellular boundaries indicated by white arrows.
(b) high-magnification BF micrograph and (c) HRTEM micrograph tateng [011] showing
planar deformation primarily as extended SFs. The existentenfistreaks compared with
spot splitting in corresponding FFT pattern in (c) and SAED paittga) supports the
occurrence of planar deformation via formation of extended SFssisdhiple.

4.4.2.8Standard heat treatment of entire build block (SHT-1)

As mentioned in Section 3.4.2.3, applying the industry-recommendédréatment to
the tensile specimens attached to the build plate leads to bichsulddution of
nanoprecipitation, with larger precipitates at former cell bouesl@nd small precipitates

homogeneously distributed within the former cells. The deformatiorostracture of this
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sample is presented in Figure 4.18w magnification BF micrograph in Figure 4.12(a) shows
the finely spaced deformation bands withhase precipitates located at former intercellular
boundaries (90& 222 nm in size, 854 453 nm interparticle spacing). The corresponding
SAED pattern shown in the inset of Figure 4.12(a), indicates tlsenre of twin relations as
twinning plane of (11)Lin addition to SFs through the faint streaking parallel td]j14awever,
as previously discussed in the FFTs of Figure 4.10(1) and (Il thehe orientation relationship
between™ precipitate and matrix (.e.,{112}- // {111}). Thus, closer examination was
necessary to deconvolve the origin of the twin reflection shown ind&=#a2(a) to see if it
originated from to twinning within th&" precipitate or thé matrix. High-magnification BF

(Figure 4.12(b)) and corresponding central DF ugirg141). // (112)~ (Figure 4.12(c)) shows

the isolation of twinned regions to largeprecipitates and subsequently the matrix is absent of
extended nanotwins similar to previously examined conditions (AP (HgbyeSA980 (Figure
4.7), and SHT-2 (Figure 4.11)). Therefore, the observed planar dgfombands within the
matrix are concluded to be primarily extended SFs with therspatil9+ 6 nm, which is

among the smallest SFs spacing examined in this work (Tabld-#Gre 4.12(d) shows the

high magnification BF micrograph of a larfeprecipitate including dense planar defects and
Figure 4.12(e) presents the HRTEM micrograph of the region inditgtevhite dashed box in
Figure 4.12(d). Large nanotwins (>10 nm) withirprecipitation are observed with an
incoherent twinning plane o#{2) . Quantitative measurement of tHeprecipitation reveals

an average size of 8628 nm with an interparticle spacing of 85 nm.
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Figure 4.12 Overview of deformation microstructure of SHT-1 sanfp) Conventional BF
micrograph showing planar deformation as the primary mode of deformiaphases at
intercellular boundaries are indicated by white arrows. CorrespondB® pattern taken from
the region indicated by dashed circle, shows the presence of twisd-amdthin the matrix

and/or"" precipitation via spot splitting and streaking, respectively. @gmfied region of
dashed box in (a) shows largeprecipitates among planar deformation. (c) corresponding
central dark field (generated usigg (111). // (112) reflection from the inset SAED pattern of

(a)) shows the isolation of deformation twinning primarily intoltrge"" precipitates. (d) high
magnification BF micrograph shows the interaction of deformation twitlsa largée'
precipitate and (e) corresponding HRTEM micrograph of the dashed baxindicated the
existence of large {112}type twins in &" precipitate.

4.4.2.7Solution annealed at 1020 %C for 0.25 h and aged at 720 ¥4C for 24 h (SAAG20)
Quantitative analysis of images including the BF micrograph in Fii&{a) and
corresponding central DF micrograph usiyg"###%,,in Figure 4.13(b) indicate the occurrence

of planar deformation via widespread deformation nanotwins (white gy@sthe primary
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deformation mode. The measured width and spacing of the deformatienangi 32 17 nm

and 382+ 125 nm, respectively, similar to the nanotwin statistics obdenvthe AP condition
(Figure 4.5). In addition to the deformation twins, region’' girecipitates are illuminated in
Figure 4.13(b), designating the presence of deformation twins withpréogitates as
previously shown (Figure 4.10). Moreover, the dislocation cell S@e« 114 nm) and" width
and spacing (33 10 nm in length and 155 nm, respectively) have remained stable despite
high strain accumulation at failuré € ~17%). In addition to deformation twinning, extended
SFs are also observed in high magnification BF micrograph of Figure}.TBe spacing of the

extended SFs is measured to betZ2% nm.

Figure 4.13 Overview of deformation microstructure of SA1020+A720 sar(gl Conventional
BF micrograph and (b) corresponding central DF micrograph lgstr(qlll)T reflection indicate
the planar deformation mechanism via formation of widespread dafiormanotwins (white
arrows) and extended SFs (streaks in SAED pattern). The ikB& Battern of (a), in addition
to high diffraction contrast within the matrix, indicate detig&precipitation. (c) High
magnification BF micrograph shows the presence of extended SFheatagotwinned regions
that interact with™ precipitation in the same manner as previously shown in Figure 4.10.
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4.4.2.8Deformation behavior of# and Laves phases in AM IN718

As the primary focus of this manuscript is on the influence optbeess-induced
hierarchical microstructure and strengthening phase nanoprecipitatiba prirhary
deformation mechanisms, this section serves to document the dedorofat and Laves phases
generally observed across the various heat-treated condition, aergedein Figure 4.14. Low
magnification BF micrographs #&fphase (Figure 4.14(a)) and Laves phase (Figuréd})14
show through diffraction contrast a high density of lattice dislocattenglement at the
interfaces of the precipitates and the matrix after defeomatloser examination of the
interfaces by HRTEM technique (Figure 4.14(b,e)) further supportscthenulation of
dislocations at the precipitate-matrix interface (distortiothefinterface) and in the vicinity of
the precipitate through the high density of short-range diffractionasintrdicative of localized
lattice distortion [49]. Prior to deformation, HRTEM micrograpi#ghase and Laves phase
show that the precipitate-matrix interface is less distaxiéid low strain accommodation around
the precipitate (less strain contrast) (Figure 4.14(c,f)n éveis already known that these
phases lose coherency with thmatrix [69]. The interaction of lattice dislocations with these
precipitates further loses their coherency and leads the to alation of dislocations around
the precipitates (Figure 4.14(a,d)), which subsequently servstaessa concentration site for
crack nucleation. It has been suggested that aci#éghase, which are observed in the present
study, have higher interfacial energy and poor coherency with thexp@diding to decreased
resistance to microcrack initiation and growth [@Sijmilar to# phase, Laves phase patrticles are
known to serve as microcrack initiation sites [12,67,89 /@04ddition to being a stress
concentration sites through the high dislocation density at the intestady of the deformation

of Laves phase particles in DED IN718 suggested that the cetieak needed to fracture the



elongated-irregularly shaped particles (like the morphology observed pnetbent study) is
lower than that of their granular-shaped counterparts [68]. Thelausible that these
irregularly shaped particles suffer internal fracture thatlead to interfacial decohension and

subsequent premature failure [68]

200 nm

Figure 4.14 (a,b) Conventional BF and HRTEM micrograph taken along:[a02} phase
precipitate after deformation. (c) HRTEM o#ghase before deformation. (d,e) Conventional
BF and HRTEM micrograph taken along #0 aves0f a Laves phase after deformation. (c)
HRTEM of a Laves phase before deformation.
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4 5Discussion

4.5.1Varying heat treatments of AM IN718 promotes differences in pmary deformation
mechanism(s)

Systematic characterization and quantification of the post-mortenostructures of AM
IN718 materials subject to various heat treatments has shown gifoamation to occur by
three primary mechanisms: planar slip, extended SFs, and detrmanotwins (Table 4.2). To
summarize, planar slip occurred in the SA980 and DA620 conditionsxtardled SFs
formation is observed in direct aged®(jDA620 and DA720), SHTS.é.,SHT-1 and SHT-2),
and SA1020+A720 conditions. Lastly, widespread deformation nanotwins argexbgethe
AP and SA1020+A720 conditions. At first glance, there is no clead tieat leads to the
determination of an operative deformation mechanism or combinaticoth&€hus, to explain
the characterizations determined in this study, the following explgréhe effects of the
localized chemical landscape of AM IN718 on its generalized pfan#renergies, 2) the effes

of dislocation cells, and 3) the effects'dbfprecipitation.

4.5.1.2IMicrostructure chemical landscape versus stacking fault esrgy

The microstructure of as-printed AM IN718 is shown to exhibit chahsegregation at
the intercellular regions, largely driven by solute rejection durindiBohtion [35,42,99] This
mechanism produces a chemical landscape over which local variatieolsite concentration
can lead to changes in stacking fault energy [146]. To examine thests @i the AM IN718
conditions presented in this work, the chemical composition of thexrpatise has been
guantified and are reported in Table 4.3. Clearly, the nucleatibig@wth of nanoprecipitation

influences the chemical composition of the matrix. Dense nanopegipiis observed for
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DA720, SHT-1, SHT-2, and SA1020+A720 conditions. It is known'#ahd"" phases are
ordered structures consisting o(4l, Ti) and Ni&Nb, respectively. As such, during their
nucleation and growth, it is expected that the matrix composition vibeuttbpleted of Ni, Al,
Ti, and Nb, while increasing in all other chemical constituents. Engdpcal chemical
fluctuations facilitated by nanoprecipitation, coupled with the pretiag chemical landscape
driven by solidification mechanisms, can lead to local variahdhe SFE of the matrix
Justifiably, the SFEs experimentally determined for each condition through measuring the
equilibrium distances of the dissociated Shockley partial dislocaftogsre 4.2 Table 4.2.
Interestingly, the SFEs across all conditions are low (~30-5@ndhd dislocation dissociation
is expected for all conditions. Moreover, the SFE measurementarapgd®e uncorrelated with
the observed primary deformation mechanisms. So, the SFE aloseaffgient to describe the
variability in operative deformation modes between the various conditions

Studies have shown that consideration of ISF energies alone may betarextpkin
operative deformation modes and that consideration of the generadizkohgtfault energy
(GSFE) map is critical [147]. As previously mentioned, chemical composffectsSFE;
whatOs more, it alsffectsthe unstable faulting energies of GSFE maps. As such, rétios o
stable SFE'(sr), unstableSFE (usf), and unstable twinning fault enerdyi) must be considered.
For instance, after a SF is generated by the leading pdradbhrtmation and movement of a
trailing partial is controlled bYyusf"ist [147]. A "us"ist ratio near unity favors full lattice
dislocations [147,148] while a ratkdl favors the formation extended partial dislocations and
SFs. Similarly, the same trends are applicabléfdtus: Nearunity, the formation of
deformation twins is favored; as the ratio increases, the fmmaf extended SFs is favored.

Thus, it is plausible the local variations in chemical conceatratoupled with changes in the

10=



GSFE map for IN718 influenced by tleehemical fluctuations, could contribute to the various
deformation mechanisms reported in this study (Table Kl@)eover, the influences of the
process-induced microstructural features (whether from fabricattipost-processing heat

treatment) must be explored as well.

4.5.1.2Influence of dislocation cells in the absence of precipition on deformation
mechanisms

To explore the effects of dislocation cells in insolation, theaA® SA980 conditions
are considered. As shown in Figure 4.5, the dislocation cells éfRreondition are observed to
influence the transmission of multiple extended SFs and deformaiias ({Figure 4.6(a)), in
addition to acting as a possible source for their nucleation (Figi(t® ¥.Recently, evidence of
the influence of dislocation cells on the deformation mechanisms in 3ablless steel has been
reported by Liu et al. [55]. Performing in-situ TEM deformatexperiments, the authors
observed the motion of partial dislocation pairs through the dislocatisnTee motion
progressed by the formation of one leading partial at the refecefiagall, which continued to
transmit through several adjacent cells before the initiatiots dfailing partial at the reference
cell wall. The authors attribute this mechanism to the formation of nanowingartial
dislocation glide along adjacent close-packed planes due to the entrapthentrailing partials
at the cell wall. Based upon the similarities of the descmbechanism to the observed post-
mortem microstructure (Figure 4.6), it seems likely thabdegion cells in AM IN718 play a
similar role to that reported for AM 316L SS [54,55]

Following the significant reduction in the density of entangled disloasiat the cell

boundary after solution anneal (SA980, Figure 4.1(b)), the ability tagetiling partials
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would be greatly reduced. Moreover, the homogenization of the cherarngbsition
throughout the microstructure is likely to influence the local GSffestheir respective ratios
(Section 4.5.1.1), hence leading to a deviation in primary defmmiatechanism from the AP
condition (i.e., deformation twinning; Table 4.2) where chemicalegggion is known to exist
along cell boundaries (Figure 3.6). Thus, the remaining cell boundan&srcsignificantly
fewer nucleation sites for dislocations, which leads to increasadpacing. Also, full lattice
dislocations are favored over deformation twins, which suggestssitier trends toward unity
from the homogenization of the former segregate solute. This sugp®bdervation that the

primary deformation mechanisisplanar slip (Figure 4(¢); Table 4.3.

4.5.1.3Effects of"! precipitation

Consistent with previous reporting [137], the present investigation shtrarsssition
from slip to twin deformation modes observed witHirprecipitation as a function of increasing
precipitate size (Table 4.2). In the underaged, DA620 condition, iwagy deformation
mechanisms are observed: planar slip and extended SFs. As repdiegdregions where
planar slip is observed showed shearing and dissolutiShprecipitation (Figure 4.8(a) and
(b)). The dissolution causes local changes in the chemical coropgsitiich, as discussed in
Section 4.5.1.1, can influence SFE and GPF energy ratios. Moyéowelissolution would drive
the composition of the microstructure to more resemble that &AB80 condition, where it
was suggested that thed"ist could trend toward unity, thus favoring full lattice dislocations and
planar slip. Conversely, in regions whéteprecipitaesobserved to be >10 nm in length, the
precipitates are more resistant to shearing and extended SFsdoegm during planar

deformation (Figure 4.8(d)). Sinteé precipitaes areno longer being sheared and dissolved, the



local chemical concentrations would be different. This suggestéitiiad is greater is these
regions than the regions of dissolved precipitéites "usf"ist $ 1), leading to the favorable
formation of extended SFs.

To better understand the deformatiori‘oprecipitation where shearing and dissolution
are mitigated, a closer look was conducted. As has been presefkigdre 4.10, faults are
observed bounded withiti precipitation (Figure 4.10(b)), extending into the matrix (Figure
4.10(c)), and to form deformation nanotwins (Figure 4.10(d)). Ibkas reported that
dislocations are known to interact with strengthening precipitates.[R8¢gnt phase field work
by Lv et al. [83] has modeled glissile dislocation interactionls W precipitation to understand
the mechanisms by which precipitaesdeform. According to their results, the authors found
that an enveloping Shockley partial dislocation loop nucleate and boutiddrexipitates to
decrease the overall fault energy during dislocation passagee¥iedge-on, the partial
dislocation loops would appear as a fault within"thprecipitate that extends several
nanometers on both sides into the matrix. Evidence of such is obseRigdna 4.1(c). It was
further suggested that with increasing resolved shear stregsrtla loop could expand
outward into the matrix phase [83,84], creating extended stacking &idure 4.10(c)). Thus,
subsequent loop formation on successive {111}-type planes would lead to thatigenef
twins and their expansion into the matrix given the appropriate swad#ions [83] This
mechanism is one plausible explanation for the extended SFs anabsarsed during
deformation.

However, this mechanism alone does not support the isolated deforotzemed
within the interface of th&" precipitation, as demonstrated in Figure 4.10(b). Very recently,

Peng et al. [149] performed molecular dynamics simulations to igaésthanoprecipitate-
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induced dislocation nucleation in FCC Cu. They concluded that the it@faoherent,
nanoscale precipitates can serve as a nucleation source fdrgisitizations [149]. Given the
relatively low SFE of" (2.3 mJ/m [83]) versus the matrix (~30-50 mJFms determined in this
study), it is plausible for th€'-matrix interface to serve as the nucleation site of agbarti
dislocation that preferentially faults theprecipitate due to its low SFE. Then, with increasing
resolved shear stress as the load increases, extension téladpEocation into the mek that

has already formed in thé precipitate is favorable. Thus, the combination of 1) expanded
partial dislocation loops formed from glissile dislocation inteoactvith"" precipitaesand 2)
nucleation of partial dislocations from theinterface are plausible mechanisms to generate the
deformation microstructure observed in the aged conditions preserthesl study.

Moreover, for the DA720 condition, the assumptions on twin formation bese
discussed where wwin formatiameasier whefus/"ust is close to unity. Since the DA720
condition is not subjected to a solution anneal, the chemical segregatuced by the
manufacturing process is still present, but local changes thémeical landscape occur during
the nucleation and growth of nanoprecigtgaiMoreover, the DA720 condition presents two
primary deformation modes: 1) deformation nanotwins at the cell boesdand) extended
SFs within the cell interiord~{gure 4.9a)). The difference in behavior can be attributed to
spatial differences ihu/" ustbetween the cell boundaries and cell interiors.

The proposed mechanisms consistent with the deformation '0f precipitation
observed in the other heat-treated conditions (i.e., SHT-2, SHId15A1020+A720). The
SHT-2 and SA1020+A720 conditions exhibit similarly sized nanoprecipitate morphaslagd
distributions to those observed in DA720 (Table 4.2). As a resuilasiextended SF spacings

were observed. Moreover, in the SHT-1 condition, where nanoprecigmgagewere nearly twice



as large (Table 4.2), the SF spacing remains seemingly unchanged thespbility of larget"
precipitaesto contain more deformation by ISFs and nanotwins (Figurge))12

Lastly, it has been previously noted that a majority of the defaymatins remain
confined with thé™ precipitaeswith little propagation into the matrix [137} has been
suggested that this observed because the critical resolved shear stress (CR38infang in
the matrixis higher than that of' precipitages in addition to a higher SFE for the matrix versus
"". However, this explanation does not comport with the large matiaxrdation observed

across all aged conditions examined in this study by extended SFs andimanot

4.5.2Twinning deformation of precipitate-strengthened matrix results in best strength-
ductility performance

As described previously, three conditions showed deformation nanotwinsiasaay
deformation mechanism: AP, DA720, and SA1020+A720. Interestingly, tWeedhree
conditions have widespread nanoprecipitation (DA720 and SA1020+A720) whisbgest
from the third (AP), suggesting that the presenc¥ gkecipitation is no& prerequisite for
deformation twins to form. Moreover, despite all showing varying degredeformation
nanotwin formation, the strain hardening rate responses as a fuoicsivain for the three
conditions vary widely (Figure 4.4). Deformation twins are known t@sabarrier to
dislocation glide that can 1) increase elongation to failure amtase the strain hardening
rate[150]. The DA720 condition shows the lowest elongation to failure of all conditions
examined. A closer look at the deformation twin statisticsgotes! in Table 4.2 begins to show
some obvious trends. First, the DA720 condition is shown to isolatentifon twins to regions

near the cell boundarieBigure 4.9(a) and (b)), leaving a smaller fraction of the miaroitre
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composed of deformation twins. Second, while the spacing between tinsndebn twins is
smaller (92 54 nm), the twin width is ~3-Sessthan the SA1020+A720 and AP conditions
(Table 4.2). Thus, overall, the DA720 condition has significantly lsmablume fraction of
deformation twins than the AP and SA1020+A720 conditions. This suggesti$eitis of
increased elongation through stabilized plastic flow [55] and increstissad hardening through
reduced mean free path length for dislocations [151] will be minimthle DA720 condition, as
observed by the steepest decline in strain hardening rate and lawegsttien among the three
conditions.

Next, to compare the two remaining conditions, the AP and SA1020+&oflitions
have similar deformation twin spacings (49266 nm versus 382 125 nm) andwin widths
(44 + 19 nm versus 32 17 nnj. Based on the similarity in spacing and width, one would expect
similar strain hardening rate responses; however, as demonstrated in&#guhat is not the
case. While the rate of decline after is parallel wittuanulating strain, the strain hardening rate
remains much higher for the AP condition. This most likely can héwttd to the local
softening in the SA1020+A720 microstructure as the deformation twinadhi®ith and shear
the strengthening nanoprecipéaatNonetheless, the formation of widespread deformation
nanotwins in the SA1020+A720 condition leads to stabilized plastic flomesito that of the
AP condition, while maintaining high yield strength and elongation toreadver the other aged
conditions (Figure 4.1(h)). Thus, the formation of deformation nanotwiaged AM IN718 can

help achieve better mechanical performance under monotonic tendilegloa
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4.6lSummary
Efforts to elucidate the effects of post-processing heattegds on the room
temperature, monotonic deformation mechanisms of AM IN718 have beemec through
detailed investigation utilizing advanced microscopic techniques.
¥ Overall, the microstructures of AM IN718 are found to deforraugh planar
deformation modes: planar slip, extended stacking faults, and defmmrhainning.
¥ Dislocation cells serve as barriers to transmission of plaslacdtion glide, in addition
to functioning as nucleation sites for their propagation through extendean8F
nanotwins.
¥ Since the SFEs of each condition are similar in magnitude (~30368)nthe
differences in primary deformation mechanisms within the matexattributed to the
ratios of the different stable and unstable fault energies ofltyesgtistem;i.e., "usf"ist
and" us/" ust.
¥ Precipitate size df' plays an important role in the deformation mode. Below 10 nm, the
precipitates are observed to deform by planar slip. Intermesizge (~10-30 nm) are
found to deform by stacking faults and nanotwins. Latfjgrecipitates (>60 nm) exhibit
primarily large deformation twins. Moreover, planar faults withi precipitates (>10
nm) resulted from 1) the nucleation of a bounding partial loop generated'f
interaction with glissile lattice dislocations and 2) the passégartial dislocations
nucleated at th&'-matrix interface.
¥ Large matrix deformations are observed in the aged conditions dNXWB. This

deformation is characterized as extended SFs and deformation nanotwins



¥ With a high density of entangled dislocation observed at the preeipitiitix interfaces
secondary phase particleg(, Laves andt phase) exhibit strong dislocation interactions
during deformation. Additionally, the Laves phase particle interfaaes been observed
to operate as nucleation sites for planar deformation by extendednsion.
¥ The DA720 condition, which showed the highest YS of all samples, derai@ast
extended SFs and deformation nanotwins as its primary deformatidranigas, with
the former occurring within cell interiors and the lattecelt boundaries. The
SA1020+A720 condition, which showed the best strength-ductility responseayeaidpl
widespread bands of deformation nanotwins throughout the microstrucitlre, w
extended SFs between the observed bands.
To expand upon the work presented, the aide of compudhtmuls, i.e., ab initio density
functional theory [83,147], to determine the generalized planar faedgies of IN718 would
assist in proving the hypotheses posed in this study. Moreover, post nmorestigation at
various interrupted strain levels would give better insight into theraf activation of the
observed deformation mechanisms and to what degree. Understandingeheeatmned points

could assist in better design for post-processing heat treatnhewluse for AM IN718.
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CHAPTER 5
MONOTONIC AND CYCLIC FATIGUEBEHAVIOR OF ADDITIVELY MANUFACTURED

INCONEL 718 AT ROOM AND ELEVATED TEMPERATURES

5.11Abstract

The monotonic and cyclic fatigue behaviors of AM INTi&estudied to evaluatés
responses at room and elevated temperatures, i.e., 550 ¥4C andMitd®taQic testing revealed
DA720 condition to have the highest yield strength values acrossnglétatures examined,
while SA1020+A720 conditions showed the balance of high strength and ductility thes
coexistence of dislocation cells and dense nanoprecipitation. Inverseidysteain aging
behavior is observed for all AM IN718 materials and their underlyinghar@sms are discussed.
Fully-reversed, strain-controlled cyclic fatigue tests revktie DA720 condition to have the
highest fatigue endurance of all aged AM IN718 conditions investigatesct@omparison of
the current study was made against existing literature, concladiinigN718 to have enhanced
monotonic performances at elevated temperature versus conventsiresh@¢avrought (C&W)
forms. Moreover, AM IN718 was shown to have equivalent fatigue perfoeraroom and

elevated temperatures when compared against a large set iofgdxistature.

5.2lIntroduction

Inconel 718 (IN718) is a precipitation-hardenable, Ni-based superaltognonly used at
-250 v4C to 700 ¥.C [14,CH]particular interest are its high-temperature applicatiotisein
aerospace industry [9], in addition to usage for nuclear power sygl8irend steam generators

[11], where IN718 demonstrates excellent retained strengtbsp resistance, and fatigue
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properties [15]. The high temperature stability of the alloy gelgrattributed to its
strengthening nanoprecipitates phas&and"&[15], with the latter being most critical ts
performance. Th&&nanoprecipitates exhibit a large coherency strain with matrivephas
(~2.9% [15]), which dramatically increases the strengths of the allqyrtwyiding large
resistance to glissile dislocation movement [1@8reover, the precipitation kinetics of the
strengthening phases is sluggish, which contributes to the alloyOsirstangth at high
temperature due to resistance to precipitate coarsening [25,82]

Despite its excellent properties, IN718 presents challengesmt@ctional machining
[23] and material forming processes [21$ ability to readily work harden and its poor thermal
conductivity causes excessive tool wear and low material remeeal making it a costly
processing routf2?2]. In addition, high temperature production has its own difficultiss,
refractory element segregatiare(, Nb and Mo) to grain boundaries can occur, which increases
hot cracking susceptibility [21]. Yet, IN718 is favorable to weld®R,153], which is a critical
attribute for advanced manufacturing processes like additive mamurigcfAM). Thus, this
aspect, coupled with its ability to precipitation harden, pose IN7h8 tssed in the manufacture
of complex geometrical designs while retaining its high temperatogeerties. This serves as a
valuable quality to enhance its performamcexisting application, such as with turbine blades
or heat exchangers [6,154], where intricate cooling channels iredgnat the design for better
heat dissipation that would otherwise be impossible through conventionas.mea

To date, studies have thoroughly assessed the room temperature monojuericgsr of
AM IN718 [12,62,66,69,155D159] and, to a much lesser extent, its fatigaenence
[66,156,160D162{5enerally, it has been concluded thdk heat treatment of AM IN718

according to indusy-recommended standards [2,3,27] can result in static propertigmcaioie
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to its conventionally produced cast and wrought (C&W) forms. As fapgu®rmance is
statistical in nature [163], this discrepancy seems to priynsteim from the few numbers of
studies for fatigue of AM IN718. In addition, cyclic fatigue of futlgat-treated IN715
reported to exhibit inferior fatigue life at room temperaturetdymocess-induced defects
[160,161], especially in the high cycle regime. Yet, some studieb,as Kirka et al. [156]
conclude comparable performance at room temperature when compariing7ABland its
C&W forms.

Yet, despite these studies evaluating performance at room temperathighi
temperature stabilitis one of the key reasons this alloy is selected, but to this pepartmg of
the high temperature propertiesAi¥ IN718 have beehmited [155,156,164]. Trosch et al.
[155] examined the monotonic properties of AM IN718 at elevated tetopesd.e., 450 ¥.C and
650 ¥4C). All materials examinedNIN718 produced by selective ladéngn(SLM), casting,
and forgingNwere solution heat treated at 980 jC for, aded at 718 {C for 8 h, followed by
621%Gor 8 h. The authors reported that SLM IN718 showed superior staperpies to the
C&W forms at 450 ¥C. However, at 650 %4C, the yield strengtan 8ltimate tensile strength
(UTS) diminish by 21% and 15%, respectively, when compared to their perforranabe %C.
In comparison, the forged samples only decreased by 9% and 10%, vedp¢th5]. The
authors attribute the finer grain size of the SLM samples tmtire rapid decline in YS and
UTS than was observed for the forged samples, because the highgrteeaperature
diminishes the hardening effects of the fine grain size [155]cliresal. [155] go on to
postulate, but without further explanation that to improve the higpb¢eature mechanical
properties of the SLM samples, intragrandi@hase must be reducedoreover, the authors

made no mention of dislocation cells or their potential effd&s]. With regard to fatigue at
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elevated temperature, Nezhadfar et al. [165] very recentiyiard IN718 produced by laser
directed energy deposition (L-DED) and subject to the AMS 5596C leaatient schedule. The
authors state that AM IN718 showed inferior fatigue life underdgele fatigue when compared
to wrought IN718, which was suggesteddue to the formation of brittie and Laves phases
during fatigue testing at elevated temperature (650 ¥C) thatdao kasier crack growth [165]
In addition, the authors conclude that L-DED and wrought IN718 have cabipdrigh
temperature fatigue resistance [165]. However, the authoresalyired strain amplitudes of
0.01 mm/mm, which primarily falls into the medium to high cyelgime. Moreover, IBED
samples do not exhibit the same process-induced dislocation cal$ amaterials produced by
L-PBF.

However, in all these studies, standard heat treatments (8bifishonly seek to achieve
isotropic properties by Onormalizing® the microstructureNeliminaimgrocess-induced
microstructural hierarchy seen in AM alloys [64,65,161,166]. And, ib8pects of the
underlying process-induced microstructure do survive, suboptimal microsalueaturesrise
from SHTSs, despite comparable macroscopic performance [R88¢nt efforts have shown the
advantages of the underlying dislocation cell networks that form durimtgng [38,54D56,134].
Gallmeyer et al. [38] show that preservation of dislocation,dellsonjunction with
precipitation hardening through aging, in AM IN718 lead to superior strexngir the wrought
form. However, no studies have explored the structure-propertyoredhips of AM IN718 at
elevated temperature.

A few studies have evaluated the role of dislocation cells ayuiatn AM IN718. Yoo et
al. [72] examined the cyclic loading of AM IN718 after stress f€li@®65 jC for 1.5 h followed

by a two bar Ar cooling) and found that, while initially the dislamattell boundaries impede



dislocation motion, planar deformation eventually manifests indime 6f persistent slip bands
(PSBs) at later cycle counts. The ability of the dislocatidis teimpede dislocations later in
fatigue life diminishes as grain-scale length PSBs transmassanultiple dislocation cell
boundaries [72]. Moreover, AydinSz et al. [66] suggest that increasgdddife in solution
annealed AM IN718 is due to dislocations im@edy the formation of well-defined process-
induced dislocation cell boundaries [66]. However, both of these studiéméed in scope;
they only perform microstructurassessient of AM IN718 mateals that contain dislocation
cellsbutaremissing"&and"%strengthening phases. In addition, only room temperature tests
were conducted

Thus, there is alearneed to assess the high temperature monotonic and cyclic fatigue
behaviors of AM IN718, which is the aim of the present study. In moation of the ongoing
effort to evaluate the effects of heat treatment of thetstreiproperty relationships of AM
IN718, monotonic and fully-reversed (R = -1), strain-controlled fattgaeng is conduct at 25
%4C, 550 ¥4C, and 700 ¥%C. The madcqzaperties are compared across the test temperatures of
interest, in addition to comparison against existing C&W liteeatlinese efforts are driven by

the need to better engineer AM IN718 materials through post-processingdaments

5.3Methods
5.3.1Sample fabrication

Two cubes, one 10 cm10 an! 10 cm and another 8 cm8 cm! 10 cm, were
manufactured using a Concept Laser M2 Cusing multilaser system usmdacturer-
recommended processing parameter: laser power of 160 W; scanningisp@@anm/s; laser

focus spot size 80 um; hatch spacing 160 um; powder layer thickness 505410 um sieved
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powder anda 90j rotation in laser path between subsequent layers. The fatmioets
performed under Ar atmosphere with the oxygen concentration maintainezebedvd0 and
0.60 %. A more detailed account of all processing conditions used sartiyde fabrication is
outlined in [38] Specimens were extracted as presented in Figure 5.1.

Various heat treatments outlined in Section 4.2 were applitx gorinted tensile
specimens. Subsequently, the samples were monotonically deformedan terfailure. The
details of this are specified in Chapter 4. The microstrucéxahination of the deformed

samples after fracture is the focus of this section.

Figure 5.1 Bulk block builds from which specimens were extrdcteshonotonic and cyclic
fatigue testing at room and elevated temperatures.

Tensile specimens were extracted from the as-fabricated oy electrical discharge
machining (EDM) prior to application of any heat treatment. TespéEimen geometry
followed ASTM ES8 subsize standard [167]. All specimens extdaittan the block were
oriented parallel to one another, with the loading axis of therspesi orthogonal to the build

direction. Subsequently, tensile specimens were heat treatescabel previouslyPrior to



testing, the surfaces of all tensile specimens were polissiad 600 grit SiC grinding paper
with water lubricant.

Specimens for cyclic fatigue testing were also extracted by EDM the block builds.
The orientation of the extracted samples mimicked that of the torwnspecimens.g.,
perpendicular to the build direction). The specimens were based avi K806 [168] sheet
specimens to maximize the number of specimens that could betecthann the builds. The
rectangular geometry used had a gauge length of 12 mm and cross-sectiaraidim of 4 mm
I 6 mm. As applicable, specimens were heat-treated per tieeragiotioned schedules prior to
any final surface preparations. Prior to testing, all specimvens polished to a maximum
surface roughness of 0%n [168]. Final cross-sectional dimensions of the specimens were

approximately 3.8 mrh 5.5 mm after completed surface preparations.

5.3.2Mechanical testing

Monotonic tensile testing of all conditions of the AM samples waf®peed using an
MTS Servo-hydraulic load frame equipped with an MTS 662.20H-05 loadAcedpproximate
strain rate of 0.003%swas used, corresponding to a cross-head displacement of 4.5 mm/min.
Strains were measured using a high temperature extensonmegeoriH echnology Corp. model
3648-010M-0208T) outfitted with AbOs extension rods. In addition to reporting engineering
stressstrain, all values for the AM samples were converted to |dgaiit (i.e., OtrueO) stress and
strain [104]

Due to physical constraints of the specimen geometry, the experirsetuja of the
induction coil only allowed for ~0.10 mm/mm strain before the induatmhwould interfere

with the extensometer measurements. Therefore, for any sdrapbtid not fracture within 0.10
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mm/mm, the extensometer was removed during the test, andeb® Stirain response was

extrapolated using a polynomial fit of the strain response (> 0.08ymnas a function of cross-

head displacement. The load frame compliance is captured intihkstrain-displacement.
Fully-reversed (R = -1), strain-controlled cyclic fatigue t@gtseat a constant strain rate

of 0.006 <. All testing was performed using a triangular waveform withahibading in the

tensile direction. Specimens were examined at three tempa®s ¥2C, 550 %C, and 700 Y4C, in

an open-air environment. Tests were carried out at total stngdfitudes between

'$ /2 = 0.006 mm/mm an@ /2 =0.02 mm/mm. Failure criterion was set as a 50% load drop

during the tensile portion of the cycle, which resulted in eitheptste separation or significant

and sudden crack propagation through the specimen cross-section.

High temperature environmental testing was performed using an @krBblver
Technologies induction furnace (model UltraHeat SM, 5 kW output). Secdemperature was
controlled via feedback from an optical pyrometer (LumaSense TechrolMfPAC IGA 310)
in conjunction with an integrated PID controller (Watlow EZ-Zone) FlMnissivity, an
important factor in accurate optical pyrometer measuremeassset to 0.3 for IN718 [51,52]
The pyrometer was placed approximately 25 cm from the specimenesarfd focused on the
gauge section near the center of the induction coil. At this distdregyrometer illuminated
~10 mn? of the specimenOs surface over which the temperature wageavieos 550 ¥4C and
700 Ya@ests specimens were heated at a ramp rate of ~10 %C/s tgé¢héctiaperature, after
which the specimen were allowed to equilibrate for five mindiths.heating process was
conducted under force-control at a near zero kN load to prevent tHeadalg of the tensile
specimens. Testing commenced only after complete equilibratitve sfystem. An example of

the testing setup is shown in Figure 5.2.
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Figure 5.2 Experimental setup for high temperature testing

5.3.3Microstructural characterizations

Specimens for electron back scatter diffraction (EB&BExerextracted from the gauge
section of each condition and were prepared using standard metallodespimicues, with a
final polishing step of 0.02 colloidal silica on a VibroMet vibratpofisher for 24 h. The
undeformed specimen was extracted from the grip section of the®Fdnu@Gation sample to
avoid any thermal or mechanical effects. ESBD measuremergspedormed using an FEI
Helios Nanolab 600i DualBeam SEM/FIB configured with an EDAXati SupelEBSD
camera, and all EBSD data were processed using EDAX OIM Asdysoftware

(version 8.1.0 x64 [05-28-19]).



The fracture surfaces of post-mortem tensile specimensexangined using a Keyence
VHX-5000 digital microscope for low-magnification examination and an Fikb$iNanolab
600i DualBeam SEM/FIB for detailed, high-magnification fractograpiamination using
secondary electron imaging mode with an accelerating voltage of 20 kVakithgvdistance of

10 mm.

5.3.4Fit to linear elastic, exponential strain hardening model

The true stress-true strain responses were fit to a lifeestice exponential strain hardening
plasticity model to determine the strain hardening constants otceadition using Eq. 4.2. To
determine K and n, an L2-norm minimization routine between the model and stress-stirve
was performed in an iterative process for various values ahld p. The K, and np values
corresponding to the loweRIMSE values achieved are reported in Table 5.2. Fits between the
raw stressstrain data and the model are presented in Figure 5.4.

The strain hardening rate versus true strain for each conditiocalcagated using the
true stress-true strain responses in Figure 4.1(h). Since theanmn@isting was without any
expected dynamic strain aging or other stress relaxation mechaaisostpm filter was
implemented that only used a data point if it was monotonically isicig@aelative to the
previous data point. This was done to prevent overfitting from the dyné#aic agingeffects
Subsequently, the strain hardening rates were determined by calcthatsigpe of a specified
data range using a sliding linear regression window.

The workto-failure W) and work at 0.05 mm/mm total straMqos) were calculated by

integrating over the modeled true stress-true strain responsexfoc@ndition. To calculate the
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work at each strain value, the elastic part of the modebwigsintegrated over the elastic strain,

and the plastic part of the model only over the plastic strain.

5.4Results
The presentation of the results is prepared in two subsectionysAsalf the mechanical
properties are shown in Section 3.1 while microstructure clegizations, including

fractographic examinations, are presented in Section 3.2.

5.4.1Mechanical properties of AM IN718

Figure 5.3 and Table 5.1 show and summarize, respectively, themuathmasponses
and properties for the various AM IN718 materials discussed istinly. The following
subsections present the different aspects of the mechanical espapsure in Figure 5.3 and

Table 5.1

5.4.1.21Monotonic tensile properties of AM IN718 at 25 %4C, 550 ¥4C, and 100 Y4

The engineering and true stress-strain curves for AM IN718 ag&eapplication of various
heat treatments and tested at different environmental tempeeraig shown in Figure 5.8
summary of the relevant mechanical properties and their retdtasgges to the room
temperature response for each condition are represented in Taldlbdsé.results show that
overall, the YoungOs moduli, yield strengths (YS), and ultimatéetstrgingths (UTS) decrease
with increasing test temperature (Table 5.1), which is consigti¢gh conventionally
manufactured IN718 [1,4]. The AP and SA980 conditions show the largestides in YS when

comparing 25 ¥C and 550 %C test temperatures, with decreases ahd 1.3%%, respectively.
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Figure 5.3 Monotonic tensile behaviors of AM IN718 subject to variousttesdments tested at

25 Y4C, 550 %C, and 700 v4C, as represented by its engineeringr(eedd@nstressstrain
responses. (g-i) strain rate hardening as a function of stragath condition of AM IN718 at

the evaluated testing temperatures.
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Table 5.1 YoungOs modu)( yield strengths! ¢s), ultimate tensile strengthsufs), elongations to failure, and work to fractuve)(
and 0.05 mm/mm of total straimioes) for AM IN718 subjected to various heat treatments and testedmt and elevated
temperatures. In addition to the values, the relative changdifféences relative to the room temperature responses (25€/aldoa

given.
Condition  Temp. E 'vs Luts Elongation W W05
(iC) (GPa) "RT(%)  (MPa) "RT(%)  (MPa) "RT(%)  (mm/mm) "RT(%)  (MJ)  "RT(%)  (MJ) "FT(%)
25 210 -- 740 -- 1310 -- 0.238 -- 249.6 -- 389 --
AP 550 183 -12.9 609 -17.7 1118 -14.7 0.220 -7.6 192.4 -22.9 33.1 -14.9
700 179 -14.8 596 -19.5 1174 -104 0.261 +9.7 236.3 -5.33 31.7 -18.5
25 201 -- 545 -- 1296 - 0.306 -- 290.8 -- 283 -
SA980 550 185 -8.0 442 -18.9 1132 -12.7 0.310 +1.3 252.1 -13.3 244 -13.8
700 182 -9.5 440 -19.3 1153 -11.0 0.317 +3.6 263.6 -9.35 247 -12.7
25 218 -- 1252 -- 1509 -- 0.094 -- 125.9 -- 60.8 --
DA720 550 207 -5.0 1072 -144 1343 -11.0 0.109 +16.5 128.7 +2.22 524 -13.8
700 181 -17.0 1035 -17.3 1337 -11.4 0.104 +11.1 119.7 -4.92 51.7 -15.0
25 211 -- 1250 - 1609 -- 0.127 -- 179.7 -- 614 --
SHT-2 550 205 -2.8 1077 -13.8 1454 -9.6 0.182 +43.3 229.0 +27.4 52.0 -15.3
700 161 -23.7 1037 -17.0 1393 -134 0.175 +37.8 209.1 +16.4 49.4 -19.5
25 218 -- 1229 - 1651 -- 0.166 -- 237.6 -- 59.6 --
SA1020+A
790 550 183 -16.1 1040 -154 1447 -12.4 0.202 +21.7 248.7 +4.67 49.8 -16.4
700 181 -17.0 997 -18.9 1352 -18.1 0.165 -0.6 191.7 -19.3 48.4 -18.8
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Comparably, DA720, SHT-2, and SA1020+A720 show slightly smaller decreaties,
changes of -14.4%, -13.8%, and -15.4%, respectively. Increasing themestrature from
550 v4C to 700 ¥C, the YS values continue to decrease slightly.(71#3%), SA980
(-19.3%), and SA1020+A720 (-18.9%) conditions exhibit the largest decredbkasspect the
properties measured at 25 ¥4C, DA720 (-17.3%) and SHT-2 (-17.0%grgmeally less.

Given that elongation at failure occurs prior to the point of intyafl104] for the AM
IN718 materials, the reported ultimate tensile stressesgJUddresponds to the maximum
stress at failure (Table §.I'herefore, due to the observed strain hardening behavior of the
stressstrain responses as shown in Figure 5.3, the UTS is expedtexnidase with increased
elongation to failure. As reported in Table 5.1, the UTS valoreslf conditions are observed to
decrease with increasing test temperature, ranging between SH6P42) and -18.1%
(SA1020+A720). Specifically, the highest UTS values are exhibitdteiSHT-2 (1454 MPa
and 1393 MPa) and SA1020+A720 (1447 MPa and 1352 MPa) at 550 ¥%C and 700 v4C,
respectively. Nonetheless, this suggests that decreases inr&fost likely due to the YS
decrease with temperature, reducing UTS despite a significaaagecin elongation to failure.
For instance, SHT-2 exhibits a ~38-43% increase in elongation eletveted test temperatures
but a ~10-14% decrease in UTS (Tablg 5.1

The dissipated energy to failunék) and 0.05 mm/mm total straii.os) are presented
in Table 5.1. The reason for evaluating work over two separate sttarvals is done 1) to
capture the influence of increased (or decreased) elongatiotute fand 2) to have a
normalized manner to directly compare across all conditions déispitariability in elongation
responses. At 25 ¥%C, the highest valuég afe observed for the SA980 and AP condition

(290.8 MJ/mi and 249.6 M@n3, respectively) while the lowest value is found for DA720



(125.9 MJ/m). Of the aged conditions examined, SA1020+A720 exhibited the highest galue f
W (237.6 MJ/nd), which is 89% and 32% higher than DA720 and SHT-2, respectivelieAt t
elevated test temperatures of 550 ¥4C and 700 ¥C, DA720 stithehiowsst absorbed energy
per unit volume (128.7 MJffrand 119.7 MJ/f) respectively), while the highest values are
observed for SA980. Furthermore, the largest increasésane observed in SHT-2 samples,
where the energy absorbed per unit volume increased by 27.4% and 16.4%tivedgpé& his
fact is likely driven by the significant increases in elongatioiaitare measured for SHT-2
samples at the elevated temperatures (Tab)e 5.1

However, the aforementioned trends change when consideringav@:¢5 mm/mm total
strain o.05). Over this strain interval, the aged conditions greatly outperfioerAP and SA980
conditions, showing increases of roughly 56% and 114%, respectively. At 58l éaGditions
show an average decrease in absorbed energy per unit volume by ~15%980ea8é DA720
conditions are observed to have the smallest decreases, at -1B&f¢Holnterestingly, at 700
%C, SA980 and DA720 samples decrease the least with respettualues at 25 ¥4C (-12.7%
and -15.0%, respectively). Conversely, the AP, SHT-2, and SA1020+A720 oosditiow
larger decreases on average at approximately -18.9%. Moreover, Bamples exhibit the
highest overall absorbed energy per unit volume across the three temgseexamined in this

study (Table 5.1

5.4.1.2Flow behavior of AM IN718 at different environmental temperatures
Figure 5.8g-i) shows the strain hardening raté/d ", as a function of true strain for the
various test temperature, as calculated from the true sgesss true strain curves in Figure

5.3(d-f). Specifically, Figure 5.3(g) exhibits the strain hardenatg for testing performed at
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25 ¥4C. The SA980 condition demonstrates, on average, the highest ndashtaiméardening
rate with increasing true stain. Beginning at low strain value®2-mm/mm), the SA980
samples shows a slight increase and subsequent stabilization tiraithéaardening rate at
~3100 MPa until ~0.06 mm/mm of strain. After which, the sthairdening rate steadily
decreases, but dropping no more than 10% until from its small g&lai@ until after ~0.18
mm/mm of strain accumulation. Similarly, the AP sample ekhim initial uptick from ~2700
MPa to ~3200 MPa in strain hardening rate at low strains (~0.02nmin Subsequently, the
strain hardening rate is shown to decrease at a constant rateDudi mm/mm of total strain.
At this point, the strain hardening rate briefly and sharply inesefisom ~2600 MPa to ~3000
MPa) for a second time before quickly declining until failure@22 mm/mm of total strain. Of
the aged conditions, the DA720 and SHT-2 samples show higher strain hard¢esndpan the
SA1020+A720 sample at low to intermediate strain levels (<0.1Gwmj/Beyond this point,
the SA1020+A720 sample maintains a higher strain hardening rate (~2500ageatkan the
two other aged conditions.

At 550 ¥4C and 700 ¥%C, Figure 5.3(h) and (i), respectively, thertreinais hardening
rates for each condition hold true to those described for 25 Yi@staace, at low strains
(<0.05 mm/mm), on average, the SA980 sample demonstrates the Bighieshardening rates,
followed by AP, DA720, SHT-2, and last SA1020+A720. At intermed@atarge strains
(>0.10 mm/mm), the order of highest maintained strain hardeningr&a#980, AP,
SA1020+A720, and last SHT-2. DA720 is absent from the list as faitmers at approximately
0.10 mm/mm of total strain. In addition, the crossover point in whicktther hardening rate
for the SA1020+A720 sample surpasses that of the SHT-2 sample doaughdy the same

value of total strain independent of temperature, at ~0.07 mmguré 5.3g-1)). Furthermore,



the sudden and frequent peaks and troughs in the strain hardening rasoeigged with
dynamic strain aging (DSA) observed in all conditions when tested\attetl temperatures.
These effects are absent from tests conducted at 25 YaGheeawrtatively smooth strain
hardening rate curves. The nature of the DSA observed is reportectionS3.1.3 and discussed

further in Section 4.

5.4.1.3Linear elastic, exponential strain hardening plasticity modés for AM IN718

To further examine the flow behavior of the AM IN718 materidis,ttue stress versus
true strain responses presented in Figur@8)3wvere fit to a linear elastic, exponential strain
hardening plasticity model for the three different testing tempes{@5 ¥4C, 550 ¥4C, and
700 ¥4C), as presented in Figure 5.4. In addition to plotting the eaViilteaed data, and model
for each condition, the strain hardening rdtgd”, is also presented. Furthermore, the strain
hardening parameters and corresponding RMSE values between the L2tradrtndimodel
and raw data are presented in Table 5.2, including the relativernpage change to the 25 %C
response values for each condition.

At 25 ¥4C, the strain hardening exponenistargest for the AP (0.78), SA980 (0.80),
and SA1020+A720 (0.72) conditions (Table 5.2), which also are the samgiexhibit the
highest elongations to failure (Table 5.1). Moreover, the DA720 andZStthdition
demonstrate similar strain hardening exponents at 0.56 and 0.51fivedpeSubsequently,
when tested at 550 ¥4C, the AP, SA980, and DA720 samples show nchangak in their
strain hardening exponents, changing no more 804 from their 25 %C values (Tablg.5.2
However, the SHT-2 and SA1020+A720 samples show more substantial cheitly@s;reases

of +0.18 and +0.08, respectively. At 700 ¥4C, all conditions eximhlidisvalue for the strain
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hardening exponent to those at 550 %4C (Table 5.2), save DA720, whicls extmiarked
decrease to 0.41. Similar grouping in the trends are noted when egthatstrain hardening
coefficient, k. At 25 ¥%C, the AP (1941 MPa), SA980 (2101 MPa), and SA1020+A720
(1674 MPa) samples show the highest values for the strain hardenifigie@oieivhile DA720
(1172 MPa) and SHT-2 (1200 MPa) are notably lower (~38%, on avdnagag 5.2). When
evaluating at 550 ¥4C and 700 ¥%C, generally, all conditions show amraeddlcgir strain
hardening coefficient, save SHT-2 (+11.8%), which again shows highersvaith increasing
temperature. Between the two elevated testing temperatunglties at 700 ¥C are again
relatively constant compared to 550 %C, with only DA720 showing acaghifiecrease in its
strain hardening coefficient (-20.6 %) (Table)5Qverall, the fits of the models are within an
RMSE of ~6-11 MPa and?? 0.98, suggesting accurate approximation of the true stress versus

true strain responses for each condition and testing temperature bI2abl

5.4.1.4Cyclic stress-strain responses

Having explored the monotonic response of AM IN718 materials at vagoysetatures,
attention is now turned to their cyclic fatigue responses. Figbrshbws the peak tensile
stresses for each cycle of variously heat-treated AM IN718 mkstevieen tested at 25 ¥4C,
550 ¥4C and 700 % C#nha@ = 0.010 mm/mm. As observed across all temperatures, thadAP a
SA980 (25 v4C only) conditions exhibit cyclic hardening over the firss6-89eles while the
DA720, SHT-2, and SA1020+A720 conditions exhibit cyclic softening. Moreover, rfidhe o
curves shows stable cyclic stress amplitude. Yet, at 550 ¥C aneC {6@yure 3.1(b) and (c),
respectively), DA720, SHT-2, and SA1020+A720 samples do exhibit a lewelthgir peak

tensile stresses at last-stage cycles counts prior toefaituaddition, the DA720 condition
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Figure 5.4 True stress versus true strain response and corresporengliastic, exponential
strain hardening model fit for @- AP, (df) SA980, (g-i) DA720, (y SHT-2, and (m-0)
SA1020+A720 conditions tested at 25 ¥C, 550 ¥%C, and 700 Y4C, respectively.



Table 5.2 Linear elastic, exponential hardening model fitting aatstor AM IN718 after the application of various heat treatments

Condition Temperature E Kp Np RMSE R?
(iC) (GPa) ! RT(%) (MPa) ! RT (%) (MPa) ! RT (%) (MPa) (MPa)
25 205 - 1941 - 0.78 - 8.04 0.9978
AP 550 182  -11.2 1759 -9.38 0.82 +5.13 7.54 0.9971
700 177  -13.7 1655 -14.7 0.79 +1.28 10.2 0.9958
25 201 - 2101 - 0.80 -- 6.03 0.9992
SA980 550 185 -7.96 1764 -16.0 0.78 -2.50 6.54 0.9988
700 181  -9.95 1776 -15.5 0.77 -3.75 8.55 0.9981
25 216 - 1172 -- 0.56 - 8.41 0.9893
DA720 550 205 -5.09 1160 -1.02 0.60 +7.14 9.47 0.9861
700 179 -17.1 931 -20.6 0.41 -26.8 12.1 0.9815
25 210 - 1200 -- 051 -- 9.73 0.9923
SHT-2 550 205 -2.38 1341 +11.8 0.69 +35.3 11.4 0.9889
700 160 -23.8 1294 +7.83 0.71 +39.2 104 0.9898
25 216 - 1674 -- 0.72 - 9.00 0.9944
SA1020+A720 550 184 -14.8 1553 -7.23 0.80 +11.1 8.76 0.9943
700 180 -16.7 1556 -7.05 0.80 +11.1 9.76 0.9898




shows the highest peak tensile stresses across all temperathezscomparing th8HT-2 and
SA1020+A720 conditions, SHT-2 shows higher peak tensile stresses atdowarature
(Figure 3.1(a)) while SA1020+A720 shows higher stresses at the hegheerature examined
(Figure 3.1(b) and (c)).

For most conditions tested at 25 ¥4C, samples exhibit a prolorges] fadicative of the
steady decrease in the peak stresses with increasing cyclatthaend of the curves. The
exception is the DA720 condition, which exhibits a sudden failure, stigges$ rapid crack
propagation [169]Similar trends in failure are observed for tested at 550 gu€eH.5(b)
Interestingly, at 700 ¥4C, the AP condition now exhibits sudden fahilestiae DA720
condition shows a slow and steady decrease in peak stresses, sugfstbiwer crack
propagation that leads to failure. These findings are consisténtheitcyclic fatigue behavior of
wrought IN718 [161]. However, other reports of AM IN718 generally desstidden ObrittleO

failure [66,156,161], which is contrary to the behavior observed inutiernt study.

Figure 5.5 Evolution of peak tensile stresses for AM IN718 #fterapplication of various heat
treatments when tested at a total strain amplitlid) of 0.01 mm/mm at (a) 25 ¥4C, (b) 550 %C,
and (c) 700 ¥C.



The number of cycles to failurdlf for each condition at each testing temperature is
shown in Figure 5.6. The failure criterion was established asutmder of cycles at #pax AS
evident, the AP and SA980 conditions show the highest cycle count te fail@5 ¥C, with
values ofN = 1162 andN = 2069, respectively. Of the aged conditions, the SA1020+A720
condition had the high cycle countNit= 765, followed by DA720N: = 733) and SHT-2
(Nf = 622). As testing temperature increases to 550 ¥C and R@@dé&eezases for all conditions,
as expected. Interestingly, at 550 ¥%C, the DA720 sample showghibst bycle countN; =
590), which is identical to the performance of the AP conditiorthEunore, at 700 ¥C, the
DA720 shows the highest cycles count at faillnex376), followed by the AP, SA1020+A720,
and SHT-2 conditiond\s = 272, 215, and 213, respectively). Overall, the highest cycle counts

with increasing temperatures are observed in the DA720 condition, alldigners decrease.

Figure 5.6 Number of cycles to failure for various AM IN718 matsriested at 25 ¥4C, 550 %C,
and 700 ¥4C. All tests are conductét] & = 0.010 mm/mm.

Figure 5.7 shows the evolution of the plastic strain amplitlid¢2) as a function of the

number of cycles to failure for each test temperature. @véra observed trends Ih ,/2 are

consistent with the evolution in peak stresses, in that the peakesd shows an inverse
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relationship with" /2 (Figure 5.5). As all samples were examined through strain-ctadrol
cycling at!" /2 = 0.010 mm/mm, the materials with higher strengths will iy result the
total strain amplitude being composed of a smaller plastic stoanponent.
Specifically, the AP and SA980 conditions show a decrease,i for over the first
~30-50 cycles, which corresponds to the same range over which cydenimay occurs (Figure
5.7). As expected, the cyclic hardening mitigates dislocation matidrmultiplication, and
ultimately drives a decrease!lny/2 per cycle. However, at 550 ¥,C and 700 ¥C, the AP condition
shows only slight increase i /2 over its behavior at 25 %C. Conversely, the aged conditions
(DA720, SHT-2, and SA1020+A720) all show a steady increabepi with increasing cycle
count. This is suggestive that the aging heat treatment playgartamt role in the control in

the evolution of" /2, as consistent withterature[66].

Figure 5.7 Evolution of plastic strain amplitudé 42) for AM IN718 after the application of
various heat treatments when tested with a total strain al(t /2) of 0.01 mm/mm at (a) 25
YC, (b) 550 ¥4C, and (c) 700 ¥C.
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5.4.1.8Hysteresis loops and mean stress changes

Figure 5.8 exhibits the stable hysteresis loops taken at halbiitee AP, DA720, SHT-
2, and SA1020+A720 conditions when tested at 25 %C, 550 ¥%C, and 700 ¥2C; ar@il0
mm/mm. Generally, it is expected that increasing temperatillricrease hysteresis loop
widths and decrease peak stresses [104]. However, with redarstéoesis width, this trend is
not observed for the conditions examined in the present study. The widkieshyfsteresis
loops, measured by the strain ramgieero stress, is equal to the total plastic strain. AC25Hg
AP conditions shows the largest hysteresis across all conditiorng Wh# = 0.0054 mm/mm
(Figure 5.8(a)). The aged conditions show nearly identical valués(&f at 0.0045 mm/mm
(Figure 5.8b-d)). At 550 ¥4C, the AP condition shows only a marginal chahyg/ih(+4.6%)
while the aged conditions €., DA720, SHT-2, and SA1020+A720) exhibit more substantial
increases with respect to their room temperature values (+18124,%, and +13.2%,
respectively). Interestingly though, at 700 ¥4C, all conditions shoallarsincrease ifi' p/2
compared to their performance at room temperature. The AP coneithibits the most stability
in " /2 with increasing temperature, with only a +2.3% change (Figufa)p.Similarly, the
DA720 and SA1020+A720 conditions show only slight increasésgi2 at +5.7% and +3.7%,
respectively. However, the SHT-2 condition demonstrates a +17.48¢ehd" /2 at 700 ¥4C,
the highest of all condition examined.

With respect to peak stresses, overall, the expected behaviotsueots peak stresses
decrease with increasing testing temperature (Figure 5.8 DAR20 condition exhibits the
largest peak stress at 25 ¥C (1086 MPa), followed by SHT-2 (1048aMidP&A1020+A720
(1021 MPa). As expected, the AP condition shows the lowest peak atré86 MPa. When

comparing the room temperature performance to higher temperdhe&éd? and SA1020+A720



conditions show the smallest decreases in peak stresses at&50 2% and -11.6%,
respectively. The largest decrease is observed for DA720 at -1wiibé the SHT-2 condition
decreases -14.3%. Interestingly, the AP condition shows no furtheiodatien in peak stress
when tested at 700 ¥C. The SA1020+A720 condition also exhibits limitedsdscin peak
stress {14.4%) relative to its room temperature performance. Howevelaridpest decreases are
observed for the DA720 and SHT-2 conditions (-20.5% and -21.7%, respectivalg) overall,
the AP and SA1020+A720 conditions show the best retention of strength wehsimg test

temperature.

Figure 5.8 Stable hysteresis loops at half-life of AM IN718 i(&8)eAP, (b) DA720, (c) SHT-2,
and (d) SA1020+A720 conditions tested at 25 v4C, 550 ¥4C, and 700 #gwaAtkteerformed
at a total strain amplitude of 0.01 mm/mm.
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Further analysis of the stable hysteresis loops indicates an agynimthe peak stresses
while loading in tension versus compression. To assess this beltlagiorean stressegq)
were calculated for each condition by taking the sum of the peaketansilcompressive stresses
for each cycle, as shown in Figure 5.9. It can be observed thaPtaad SA980 conditions
show near zergm while the aged conditions appear to have compressiaeross all
temperatures. It is known that compressgivecan be desirable for extending fatigue life as it
mitigates cyclic crack opening and closing [170]. Further inspectiooates thatm is
relatively unchanged with temperature for the AP condition. Howeseapparent for the aged
conditions #m trends toward zerwith increasing temperature and increasing cycle count. This
behavior is strongest for the DA720 and SHT-2 conditions while the SA1020+gdnalition
maintains the most compressive valueg@fBased on that behavior, it is that aging heat
treatment plays a role in generating compresgive~or instance, the application of a solution
anneal heat treatment (SA980) alone lacks the ability to prom®tbserved behavior
(Figure 5.9(a)), which supports the proposed hypothesis. The meanssatisbuted to
difference in the tension-compression flow behavior [161].Moreoves réported that as strain
amplitude increases, the mean stress will be closer tazgulastic deformation can facilitate
relaxation [170]. While all of these tests are conducted ataihne values df /2
(0.010 mm/mm), higher test temperatures are implemented thatszdadlitate relaxation

[170].

5.4.1.6Fatigue life and low cycle fatigue parameters
To this point, all examinations have been performeéti & = 0.010 mm/mm. Strain

amplitude is known to influence fatigue behavior [171]. As such, the agetitions were
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Figure 5.9 Evolution of mean stress#s)(for AM IN718 after the application of various heat
treatments when tested with a total strain amplittidé2} of 0.01 mm/mm at (a) 25 ¥4C, (b) 550
%C, and (c) 700 v4C.
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examined over a range of strain amplitudes to better understanthtigeie properties at 25 %C
and 700 ¥.C.
It has been described that the total strain amplitude can be seghiagerms of its elastic

and plastic components [104], such that

Tsgr gy 1
1-2g 12Lg) 1 (5.1)

The elastic strain amplitudbf’—‘&is best described by the BasquinOs equation [172],

" $
#oWp3,8, (5.2)

while the plastic strain amplitudbf’—7& is described by the Coffin-Manson relation [173,174],

Lt 82.3,5. (5.3)
Altogether, the terms can explain an entire range of fatigue fieen low-cycle to high-cycle,
where: $ b, E,, $ c, and R are the fatigue strength coefficient, fatigue strength exponent,
YoungOs modulus, fatigue ductility coefficient, fatigue ductility expoaedtreversals to
failure, respectively. Figure 5.10 shows the total, elastid,pdastic strain amplitudes of the
DA720, SHT-2, and SA1020+A720 conditions tested at 25 ¥C and 700 Y4C, aodidae re
strain amplitudes are measured at half-life. For the plsisam amplitude, the values were
measured by the hysteresis width at zero load during the tensit@@pdessive portions of the
cyclic testing. Subsequently, the elastic strain values vetcalated by taking the difference
between the total and plastic strain amplitudes. All valuesargedvailable in Table A.1. The
solid lines indicate the least-squares fits modeled after B@bkie curve), Ech.2 (red curve),
and their sum (black curve), Eg. 5.1, with the fatigue parasstported at 25 %C in Table 5.3
and at 700 ¥4C in Table 5.4. Also reported are the number oaleatmshich the elastic strain

and plastic strain models intersect for each condition and megetature; this value is denoted
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as 2N, the transition point. The transition refers to the change frastiplstrain dominated to
elastic strain dominated loading with increasing reversalsltodaiNote, the monotonic total,
elastic, and plastic strains were excluded from the modg&fits are reported for comparison

only.

Figure 5.10 Total, elastic, and plastic strain amplitudesisersersals to failure for DA720,
SHT-2, and SA1020+A720 conditions at 25 ¥4C (a-c) and 700 %C (d-f), rdgpédsoe
included are the total, elastic, and plastic strain from thieatonic tensile tests for each
condition and temperature as reported in Table 5.1

Table 5.3 Fatigue properties of AM IN718 at 25 ¥C.

Condition E (GPa) <f(MPa) b 8 (mm/mm) ¢ 2Nt
DA720 218 2211 -0.086 0.096 -0.425 760
SHT-2 211 1794 -0.072 0.254 -0.603 644
SA1020+A720 218 1746 -0.066 2.541 -0.903 969




Table 5.4 Fatigue properties of AM IN718 at 700 %C.

Condition E (GPa) <f(MPa) b 8 (mm/mm) ¢ 2Nt
DA720 181 1568 -0.086 0.669 -0.761 627
SHT-2 161 1559 -0.115 1.252 -0.883 563
SA1020+A720 181 1943 -0.119 0.284 -0.688 318

The cyclic stress-strain behavior of the aged conditions at 26d/20@Y%.C are expressed

according to the power-law relationship,

@
o2
o= (5.4)

whereKds the cyclic strength coefficient andis the cyclic strain-hardening exponent. The

calculated parameters and the quality of their fit are pres@mfBable 5.5.

Table 5.5 Cyclic stress-strain parameters for AM IN718 at:25and 700 Yx@idlthe cyclic
strength coefficient andfis the cyclic strain-hardening exponent.

25 Y,C 700 ¥4C
Condition K!(MPa) n! R? K!(MPa) n! R?
DA720 1726 0.073 0.9288 1555 0.104 0.9193
SHT 1645 0.078 0.8923 1270 0.082 0.9298
SA1020+A720 1387 0.048 0.7000 1981 0.146 0.9694

5.4.2Microstructure characterization

5.4.2.1Fractographic observations after monotonic failure

In this study, fractography has been used to identify differences retvaeture modes
as the result of the various heat treatments and testing tearpetaiw-magnification
fractographs of all conditions are shown in Figure A.1-Figure A.5.i®ees tested at 550 ¥4C
and 700 ¥4C clearly exhibit slant fracture. However, the framitfeeces of samples tested at
25 ¥4C shown a mix of slant and flat fracture surfaces. Femaieratures examined, conditions

that exhibited the highest elongation to failure.(AP, SA980, and SA1020+A1020) (Table
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5.1) present predominantly slanted fracture surfaces while DA720HiR® Samples
(comparably lowest elongation to failure at 0.094 mm/mm and 0.12fmmirespectively)
show predominantly flat fracture surfaces. For this study, thaigebrectangular geometry
used has approximate cross-sectional dimensions of &ghmm, which can be classified as
thin sheet. It is known that in thin sheets where plane shdanimant, slant fracture may occur
through the thickness or in the plane of the sheet. This fracture morph®iagpprted to occur
through ductile failure by mechanical instability in the specimdmn¢ivis commonly described
as shear failure [175].

To better differentiate the fracture modes given the sim#aritiewed at low
magnification, detailed examination via SEM was conducted. Ukimecareful investigation of
the various test conditions revealed common features, which ameasired in Figure 5.11A
representative, low-magnification fractograph demonstrating fd@etdigions is shown in
Figure 5.11(a). The observéatetlike regions are suggested to be crystallographic in nature, as
indicated byliterature[134]. Closer inspection of the facet-like surfaces is showrmgiar&

5.11(b) and (c). It is evident that the surfaces are predominawtlyaded with dimpled features,
which are suggestive of intergranular dimple rupture by microvoid scetee [176] and ductile
failure [175]. Furthermore, representative, magnified regions albtere dimples are shown in
the fractographs of Figure 5(tf). The circular (Figure 5.11(d) and (e)) and elongated (Figure
5.11(f)) seemingly correspond to the cellular dislocation cellsonat during the fabrication
process [38]The elongated morphology differs from oblong dimples that can form undar she
loading or dimple rupture during crack propagation [1K&jreover, at the base of the dimples
in the AP, DA720, and SHT-2 conditions are nanoparticle featureargn&nhown to serve as

nucleation sites for microvoid coalescence [175,176]. What further sagperhypothesis that
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Figure 5.11 Scanning electron micrographs (secondary electron imagd®) of typical

fracture surface features observed across all heat treatorehtions and testing temperatures of
AM IN718 after fracture. (a) Low-magnification micrograph showingefdike features. (o)
Magnified investigation of facet-like features demonstrating twaendistimple morphologies.
Micrographs are indicative of intergranular dimple rupture from onimid coalescence at the
grain boundaries. (d-f) High-magnification micrographs showing the tstondi dimple
morphologies observed€., circular and elongated).

the dimple size and morphology correspond to the dislocation substructiimregast that the
nanoparticles (i.e., Laves phase) that form during solidificarerpredominately contained
intercellular regions (Chapter 3). Thus, the arrangement of nandgmwticuld be expected to
facilitate microvoid coalescence along the cell boundaries [17aQuping either circular
(Figure 5.11(e)) or elongated (Figure 5.11(f)) dimple arrangemesési hgoon the orientation of
the dislocation cells with respect to the loading direction (Eigu§. WhatOs more, the SA980
and SA1020+A720 samples exhibit far fewer nanopatrticles at thebtseobserved dimples
(Figure 5.11 (d)), as expected based upon previous work presented inrGhapielue to the

dissolution of Laves phase particles; SHT-2 facilitates thaptatton of & phase along
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intercellular boundaries, which can serve as sites for microwai@scence [12,67,89,90]
Interestingly though, the dimple size (5601 nm) is similar to those with an abundance of
nanoparticles present, suggesting that the nanoparticles are justcmenmms driving
microvoid coalescence to produce the observed dimple arrangements.

Also common to AM-produced materials are bulk defects like keyhole H8]
lack-of-fusion [179] porosity, which are known to impact mechanical perfoces[130]
Figure 5.12 presents a representative overview of such defestfrafture. Specifically
depicted in Figure 5.12(a) is a pore presumably generated by the keyublamsm based upon
its regular, spherical morphology [178]. Evident are cracks surroundingaasahg through the
pore. Figure 5.12(d) magnifies the cracks within the pore. Céosanination suggests the
cracks propagate along the grain boundaries, which would indicate arantdar transmission
mode (Figure 5.11). Furthermore, planar deformation is observed ast@utiny the series of
parallel and intersection lines within the various observed griimesplanar bands are oriented
approximately 70% to one another, indicative of slip occurring along {111} [1(0/&}5
Further investigation of the porosity is shown in Figure 5.12(b), whpopalation of voids is
observed to have coalesced. It is known that void coalescence cam ¢eacktiformation
through the linkage of voids [173figure 5.12(c) indicates the formation of a crack emanating
from the pore boundary. The morphology of the crack suggests a high-densitgiso€oalesced
to facilitate its formation, with an example of a fully forngrack originating at the pore

boundary in Figure 5.18).
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Figure 5.12 Scanning electron micrographs (secondary electron imagd®) of typical bulk
defects observed across all heat treatment conditions and testipgratures of AM IN718 after
fracture. (a) Micrograph showing keyhole porosity containing cracks aefrge surfacas

well as cracks surrounding its perimeter. (b) Magnified microgadghkeyhole pore containing
a population of voids coalescing near its interface and (c) whHeghalensity population of
voids have coalesced to create a crack emanating from a pore boydddtggnified region of
(a) showing crack propagation along intergranular boundaries. (e) Exafrgofally formed
crack originating from a pore boundary.

In addition, large secondary particlég( MC carbides) can influence crack growth and
propagation [70], as evident in Figure 5.13. The hard, larger secondarypglniades have
different flow characteristics than the softer matrix phAsethe material is deformed, particle-
matrix decohesion can occur (Figure 5.13(a)) in addition to partat&kiag (Figure 5.13(b))
[175]. Either can serve as sites for microvoid nucleation, faitilg crack propagation during

deformation and failure [70].



Figure 5.13 Scanning electron micrographs (secondary electron imagd®) of typical
secondary phase particles observed across all heat treatmenbosalitl testing temperatures
of AM IN718 after fracture. Examples of (a) matrix-padidecohesion and (b) secondary phase
particle cracking.

5.4.2.2Fractographic observations after cyclic fatigue fracture

Figure 5.14 presents the fractures surfaces of the AP (&@305d-f), DA720 (g,
SHT-2 (j-), and SA1020+A720 (m-0) conditions when tested at 25 %C and
I" /2 = 0.010 mm/mm. Overall, each condition exhibits predominantlygranslar fracture
[169,180]. More specifically, the AP and SA980 conditions are constiputedrily of tear
ridges and fatigue striation (Figure 5&4) and Figure 5.1d-f), respectively), which are
caused by cyclic crack propagation and arrestment during Stage llgcoaatk [176,180]. The

average fatigue striation spacing for the AP and SA980 conditionsdrendand 4.0' m,
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respectively, and can be largely influenced by the applied strain adgtiuring cyclic loading
[181,182]. In addition, secondary cracking is observed to populate thed¢raattaces of the AP
and SA980 conditions (Figure 5.14(b) and Figure 5.14(f), respectivelyavidiage secondary
crack lengths and spacings are respectivelyy 98" m and 48t 7" m for the AP condition and
81+ 27" m and 44t 13" m for the SA980 condition.

As evident, the fracture surfaces for the aged AM IN718 exhixsivelge-like,
crystallographically-oriented features indicative of Stage ¢j@&tifracture [176,180]
(Figure 5.14g-0)). Stage | fracture fatigue is largely characterized lpyhne cracking due to
repetitive cyclic loading of active slip planes [176]. Secondaagkeng is also evident in all
aged conditions but is far less prevalent when compared to the AP 880 Sa&nditions.
However, despite a reduced quantity, the crack length has incr&pssifically, DA720 shows
secondary crack lengths of 829" m and crack spacings of &311" m. For SHTF2, the values
are 98+ 34" m and 7% 25" m, respectively. And for SA1020+A720, the values are
103+ 23" mand 76t 17" m, respectively. In addition, fatigue striations are unobserved in the
aged conditions (Figure 5.(g#0)). Yet, some surface markings are noted (Figure 5.14(0)) and
are indicative of Otire tracksO, which are caused by protrusjoaicles from one fracture
surface being impressed into the opposing during fully-reversed fatsjuegtgl 76].

Figure 5.15 and Figure 5.16 demonstrate the representative fragofiaces for DA720,
SHT-2, and SA1020+A720 at 550 ¥4C and 700 %C, respectively, when tested at
I" /2 = 0.010 mm/mm. Again, all samples exhibit transgranulardract he prevalence of
secondary cracking within the samples increases compared to roomaemgeesting, where

crack lengths are comparable to room temperaturerhokspacing has decreased ~5@ for



Figure 5.14 Overview of cyclic fatigue fracture surfaces ofAtRga-c), SA980 (d-f), DA720 (g-
i), SHT-2 (j-1), and SA1020+A720 (m-0) conditions when tested at 25 %C &hd 0.010
mm/mm.All fractographs are captured with a scanning electron microsopg secondary
electron imaging mode.

15C



all aged conditions. In addition, Stage Il crack growth is gtearident for each sample by the
presence of fatigue striations. However, these striation can beretdsy oxidation [176]
Nonetheless, the fatigue striations are measured to bé& r/0dh facet-like surfaces (Figure
5.15(e) and Figure 5.16(d,e)) and ~2r on the more tortuous features (Figure 5.15(f) and
Figure 5.16f)). At elevated temperatures, it is known that IN718 is sensiiwxidation-
assisted crack growth mechanisms, which can promote an inteagrmacture mode [183,184]
Yet, except for DA720 at 550 ¥4C (Figure %d)% no transition from transgranular to
intergranular fracture is observed. Interestingly, at elevategeratures, small cellular features
are observed on the fracture surface (Figure 5.17(a)). Measuramieates a size of ~600 nm,
which is equivalent to the observed dislocation cell sizes (Ta#e/Ss these features are
observed within a region exhibiting a transgranular fracture mosigggfests that the crack front
follows the intercellular boundaries of the AM process-induced distmt cells (Figure 5.13@)).
Moreover, porosity is shown to be a site for crack initiationjlamo monotonic loading
(Figure 5.17a)). Simlarly, large secondary particles, such as carbides, are shdvagmoent
under cyclic loading and facilitate decohension at the matrix agerfFigure 5.1(b)).

Overall, low magnification fractographs of the aged AM IN718 mdseaige shown in
Figure A.6. Closer examination reveals that crack initiatammraonly occurs at the specimen
surface (Figure A.6), which is more apparent at higher testmgeteatures due to the intensity
of oxidation that occurs (Figure A.7). In addition, it is evident sleaeral surface crack initiation

sites may occur (Figure A.7
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Figure 5.15 Overview of cyclic fatigue fracture surfaces ofXA&20 (a,d), SHT-2 (b,e), and
SA1020+A720 (c,e) conditions when tested at 550 ¥4C &e 0.010 mm/mmaAll
fractographs are capture with a scanning electron microscope asomdary electron imaging

mode.

Figure 5.16 Overview of cyclic fatigue fracture surfaces ofXA&20 (a,d), SHT-2 (b,e), and
SA1020+A720 (c,e) conditions when tested at 700 ¥4C &he 0.010 mm/mmaAll
fractographs are capture with a scanning electron microscope ustmglaey electron imaging

mode.



Figure 5.17 (a) Example of transgranular fracture in which thekgrath follows the
intercellular boundaries of the AM process-induced dislocation ¢eléddition, example of
crack initiation from porosity. (b) Large secondary phase that hgssénated during cyclic
loading. Particle exhibit decohesion from the matrix phase, ancecan &s failure initiation
site. All fractographs are capture with a scanning electron microscopg siscondary electron
imaging mode.

5.4.2.3Electron backscatter diffraction

To understand the effects of temperature on the deformation resgokgkelN718,
grain-scale examination of the microstructural evolution was comdlu@eEBSD. The pre- and
post-deformation microstructure of the AP condition is shown in Figdi& The inverse pole
figures (IPFs) of are colored according to the inset orientategswith respect to the plane

normal parallel to the build direction (Figure 5&8)) and to the loading direction (Figure
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5.18e-h). Low-angle grain boundaries (LAGBs) and high-angle grain boundarieSBHA as
defined by thresholds of 3 $# 15j and$ %15j misorientations, respectively, are highlighted
by red and black lines, respectively. As shown in Figure 5.18(a)canth¢ AP undeformed
microstructure is composed of elongated and irregularly shaped graiesvas in the build
plane that are arranged consistent with the OislandO scan sisetetye material fabrication
process [102].

The {100} pole figure (PF) indicates a strong fiber texture with {10@}redd with the
build direction for the undeformed AP sample, as shown in FigtiB£ih. Two additional fibers
components have {100} oriented in transveis®uild orientations, which align with the square
OislandO scan strategy [102] (Figure 5.1) and are oriented 45t fropiethe tensile direction.
Note the inset tensile specimen schematic that contains the gdHyaioe of reference for the
PFs. Moreover, the 3-fiber-component nature to the texture is w@dficonsidering the {110}
and {111} pole figures. One of the fibers has {110} aligned with the teds#etion, which is
consistent with the coloring of Figure 5.18(e). Furthermore, an additfiber has {110} aligned
90Y to the tensile direction by azimuthal rotation. Lastly, beosfihave {111} aligned out-of-
plane to the tensile direction. This crystallographic texturensistent with the preferential
growth direction along001Bfor fcc metals [13] and previous reports of AM Ni-based
superalloys [38,67,102,107] (Figure 518

The PFs after deformation for tests conducted at 25 %2C, 5501 %40 #C are shown in
Figure 5.18-1). Commensurate behavior is observed for all examined tempesakor brevity,
the behavior for all test temperatures can be described throuBF iheFigure 5.18(j); the only
difference between the different test temperature is the ityterfighe fibers become more

diffuse at elevated temperatures. After fracture at 25 @Gber of the texture with {100}
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aligned with the build direction has split into two fibers with srpallar rotation toward the
tensile axis. In addition, the fiber of the texture {110} that ywaesious aligned to the tensile
direction exhibits a polar rotation away from the axis. Howeawerfibers of {110} aligned with
the transverse of the tensile direction (along the A2) remains unchafigedeformation. The
remaining {110} fibers show splitting with a polar rotation towardttesile direction. Lastly,
the {111} fiber texture have split and rotated toward the tensike wiih strong alignment of
one fiber along the tensile axis, as evident is the orientationimglof the IPF in Figure 5.18.
FCC metals are known to exhibit alignment of {111} with tensile de&tion through lattice
rotation by planar deformation [185], which is consistent with teelt® demonstrated in this

study.

5.59Discussion

5.5.1 On the monotonic performances of AM IN718 materials

Discussion of the monotonic performances of the heat-treated A8 Naterialss
provided intwo subsections. The effects of heat treatment and test tempevatédiM IN718 is
discussed is Section 5.5.1.1 while Section 5.5.1.2 focuses omNAMBIversus conventionally

heat treat cast and wrought forms.

5.5.1.1DA720 exhibits most stable strength with increasing temperate (normalized
dissipated energy)

To better compare the monotonic tensile responses of different ABlhaterials after
the application of various heat treatments, dissipated energeitute f\f) and to 0.05 mm/mm

of total strain \\o.o5) (Table 5.1were onsidered. When considered to failure, DA720 samples
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exhibit the lowest energy absorption prior to failure. Howeaelpser look reveals th&t is
largely driven by elongation measured at failure (Table 5.1). To pihessoint, the SA980
samples, which exhibit the lowest YSs of all conditions examstealy the highest values 8
across all test temperatures and conditions. The dissipated erar§i®5 mm/mmWbo.os) were
considered to normalize the comparison. Upon inspection, the DA720 conghimns, on
average, the highest amounts of absorbed energy and most stable whluss@asing
temperature. Furthermore, the SA980 samples demonstrate tist \@lvees 0fNo.os across all
temperatures examined (Table 5.1). At 700 ¥%C, the DA720 samples 4163 and 6.8%
increase over the SHT-2 and SA1020+A720 samples, respectively. Th#euossson for the
increased energy absorption could be due to the coexistence of dislasdtiwalls and dense
nanoprecipitation (Chapter 3). The dislocation cell walls, coraprs entangled dislocation
forests, serve as excellent obstacles to dislocation glide tesdai large amounts of dislocation
storage. These boundaries are much more dense than those observediin2ren8
SA1020+A720 conditions. In addition, the nanoprecipitation 1) strengthe matrix and 2)
also serve as sites for damage absorption through internal SFitor@ad nanotwin formation

(Chapter 4).

5.5.1.2AM IN718 versus its cast and wrought form

As IN718 is traditionally a cast and wrought (C&W) alloy, it igpemative to evaluate the
differences in performance between AM IN718 and its conventionally-peddtaunterpart.
Based upon several reports [1,4,14,62,158ble 5.6 shows average values of engineering

stressstrain for YS, UTS, and elongation for C&W IN718. Also includedthesaged conditions
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Figure 5.18 Overview of the crystallographic orientation of the AP tondiefore and after
deformation at 25 ¥4C, 550 v4C, and 700 ¥%C. The crystallographioomnespstare presented
colored according to the inverse pole figure (IPF) that are givénrespect to the plane normal
(hkl) parallel to build direction (BD) (a-d) and the tensile cli@n (TD) (e-i). The build

direction and tensile direction of the sample lie 90% with raspsmth other, as indicated by the
drawn coordinate systems. LAGBs and HAGBs are outlined withrrédblack lines,
respectively. (i-) For each test condition, {100}, {101}, and {111} pole fegiwith intensities
colored by multiples of random distribution according to the indicstate.All specimens were
deformed in the A3 direction, which is perpendicular to the builctime.






of AM IN718 examined in this study.¢., DA720, SHT-2, and SA1020+A720). First, there is
comparable performance with regard to YS and UTS. On averagk\tiie718 materials are
within 5% of the C&W values at directly comparable test tempezat(25 %C, 550 ¥%C, and
700 ¥C) (Table 5.6). However, there is an exception when comparireg UdBY4C:
interestingly, the AM IN718 materials perform 13.9% better tharC&¥¢/ forms. From Chapter
4, it is shown that the wrought SHT condition exhibits the loweshdtadening rate of all
condition examined, whicis likely attributable to the lower UTS response at 74D.

With respect to elongation to failure, the DA720 condition shows ananfeisponse to
the C&W values at all test temperatures (Table 5.6). BHikaly attributed to the presumed
retention of brittle Laves phase particles in the material @tietomission of a solution
annealing heat treatment (Chapter 3). Furthermore, the SHT2Ai?0+A720 conditions
show comparable elongations to failure at 25 %C and 700 ¥4C to tHer@&\(Within 5%).
However, at the intermediate test temperature of 550 YagetheAM IN718 materials show an
~41% increase over the C&W forms. The importance of the praogissed cell boundaries
increasing on elongation to failure have been previously shown [38,55].Hebashown that
the cell boundaries are stable despite high levels of strain atation (Table 4.2)lt is
plausible that at intermediate temperatures, the cell boundanestill impede dislocation
motion and promote higher elongation to failure values through stabilizsticilow indicated
by a near-constant strain hardening rate with increasing strain €lEdig)).

For statstical comparison, Moorthy [129] evaluated the monotonic responses of AM
IN718 after application of SHT-1 heat treatment schedule. Theialargamined was
manufactured using the same AM powders and printer as the presbntistvas determined

that for 90% samples (tensile axis perpendicular to build dirastisrused in the current study,



75% of the sample examples fell within ~80 MPa range for Y ifiplies that the difference
observed are real. Ultimately, it can be plausibly concludedhbdidat-treated AM IN718
materials presented in this work shawimilaror better monotonic performance when compared

to their C&W counterparts at both low and elevated temperatuatde(s.6)

Table 5.6 Yield strengthss), ultimate tensile strengthsu(s), and elongations to failure after
the application of various heat treatment to AM IN718 at diffetestttemperatures. All values
are in terms of engineering stress and engineering strain. Tianiead responses of cast and
wrought (C&W) forms of IN718 are included for comparison. Average valteseported for
C&W conditions that contain multiple references.

Condition Temperature ! vg l uTs Elongation  Ref.
(i© (MPa) (MPa) (mm/mm)
DA720 25 1243 1375 0.098 --
550 1064 1206 0.115 -
700 1026 1207 0.109 -
SHT-2 25 1240 1419 0.135 -
550 1063 1217 0.200 -
700 1028 1172 0.191 --
SA1020+A720 25 1221 1401 0.181 --
550 1020 1187 0.224 -
700 990 1152 0.179 -
C&W 25 1177 1367 0.167 [1,4,14,62,155]
450 1055 1177 0.170 [155]
550 1045 1240 0.150 [14]
650 955 1061 0.139 [1,4,155]
700 965 1034 0.200 [14]

5.5.20n the DSA behavior of AM IN718

Dynamic strain aging (DSA) is facilitated by the interactiotwleen temporarily-
pinned, glissile dislocations and solute atoms, whether intdrstitsubstitutional [104]
Increasedstraincauses sudden unpinning of the dislocations and their movement to the next

obstacle, at which time solute atoms again diffuse around the digiocare, and this results in
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the serrated flow behavior observed in all conditions examined\adtet] testing temperatures
(Figure 5.3(e) and (f)). Notably, there is a distinct differandée critical strain value that
indicates the onset of DSA. Under normal DSA response, theatstrain value decreases with
increasing temperature, while the opposite is true for inverse D&Acritical strain increases
with increasing temperature. Particularly, the unaged conditionaAF5A980) show a delay
in their critical strain values by ~ 0.04 mm/mm from 550 ¥ADQd/C, while that same delay is
absent from all the aged conditions (DA720, SHT-2, SA1020+A720) (Figsfe) &and (f)).
From the previous microstructural work (Chapter 3), the AP ariB8A&onditiongack
nanoprecipitation and show high free lattice dislocation densities cethfzathe aged
conditions (Table 3.4). Conversely, the DA720, SHT-2, and SA1020+A720 conditions
exhibit dense nanoprecipitation. As such, the two groups of AM IN718rialgtare discussed

based upon their underlying microstructure.

5.5.2.1Aged AM IN718 (The DA720, SHT-2, and SA1020+A720 conditions)

The interaction of mobile dislocations and solutes atoms areledthto DSA. When
the aged AM IN718 begin to yield, mobile dislocations will immealjainteract with the
nanoprecipitation strengthening phase through the mechanisms discusseptan £hauring
this interaction, the velocity of the mobile dislocation is slowedtHeumore, it is known that as
dislocation lines interact with precipitates, the portions offiklcation between precipitates
are interacting with the matrix phase. Thus, while the molslechtions are arrested by the
dense nanoprecipitg the portions of the mobile dislocations that reside within thexatase
can serve as sinks for diffusing solute atoms. The resulting sthuts@heres will temporarily

pin the mobile dislocations until a sufficient stress develops to uh@m.tSince unpinning itself
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does not release stress energy, the unpinned dislocations are uexieesanstress and their
subsequent motion both reduces stress and increases strain, lediggngetoations observed in
the stress-strain response (Figure 5.3(e) and (f)). Whilésthiplausible mechanism for the
observed DSA behavior in the aged conditions, it does not address whiithéstrain values
are very similar. To this point, recent study d#atrengthened Ni based superalloy by Wang et
al. [186] have related the critical strain for the onset of DSA¢fmpulations after various aging
heat treatments. They stated that the density of mobile dislosas related to the interparticle
spacing of'#nanoprecipitates [186], which suggest that the reason for simtlaalcstrain
values for the aged conditions in this study is dugrnwolar nanoprecipitate sizes and
interparticle spacings (Table 4.2). In addition, the proposed menhaige can explain why
similar values of critical strain observed for the aged condit®$0 ¥C and 700 ¥C. Despite
more thermal activation at 700 ¥C, mobile dislocations will diatedy react with the dense,
homogeneously distributed nanoprecipitates expeait®80 ¥4C, in which portions of the
impeded mobile dislocations with serve as sinks for the diffusieolate atoms. This is
consistent with the findings of Chen et al. [187], who reported thatrfmught IN718 material
with a"$ precipitate diameter of 25.2 nm and deformed at strain r&®e610°3 s, the
difference in critical strain between deformation at ~55@AdCG-700 ¥4C is ~0.001 mm/mm or
less.

Moreover, stacking faults (SFs) are shown to be a primary modearfraetfon for
DA720, SHT-2, and SA1020+A720 conditions (Chapter 4). Recently, SFs have been
investigated for their potential contributions to DSA. Xu et al. [188p studieca Ni-Co-based
superalloy, suggested that SF formation during deformation can sesggragation sites for

solute atoms by lowering the total energy of the SFs, as shown by Katzamthrough fist-



principle calculations [189]. Thus, it is possible for solute atmaosggite form around SFs
emanating froni$ precipitates or cell boundaries and contribute to serrateda8@#s expand

with increasing applied stresses (Chapter 4).

5.5.2.2Unaged AM IN718 (The AP and SA980 conditions)

While the DSA behavior observed in the aged conditions is largelyndoy¢he
interaction of dislocations and nanoprecipitates, this mechanisisuficient to describe the
governing mechanism for the AP and SA980 conditiaatjese conditions are devoid of
strengthening phase precipitations (Chapter 3). Fu et al. [190] restrdled a type 5456 Al-
alloy as a means to explore mechanisms driving normal and invefsédd@viors for the allay
Similar to the observations reported in this study, the authors otlsamerse DSA at Ohigh
temperatures.O Note, this is relative as Al-alloys show hifylsiglity, even at room
temperatues[190]. Nonetheless, the authors correlate the inverse DSA behatiioh delays
the onset otritical strainwith increasing temperaturts the pinning strength of solute
atmospheres on dislocation at high temperatures. Said another wastatieethhat dislocation
pinning is achieved at the beginning of plastic deformation and theripsining marks the
critical strain [190]. This mechanism has been extended to Nugaralloys by Zhang et al.
[191] to explain the observed inverse behavior, where the authors sadignahow how the
mechanisms would operate. Since diffusion increases at high tearpsyaolute atmospheres
instantly form around dislocations. As the mobile dislocations glide widreasing applied
stress, the diffusivity rate of the solute atoms remains hitaerthe dislocation velocity. The
dislocation continuously drags the solute atmosphere until the mobile dshoeacounters an

obstacle (e.g., dislocation forest or sessile dislocation)héapplied stress increases, it can
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overcome the stress field from the solute atmosphere and the epataghich point the mobile
dislocation is free of the solute atmosphere and the stress suddsgygy Tnrough pipe and bulk
diffusion, the solute atoms reform the solute atmosphere around the mishalcation, causing
the applied stress to increase again [18fferward, the mobile dislocation continue to glide
while dragging the solute atoms until it encounters another obstawalkicat point the
mechanism will repeat and lead to the observed serrated flow [190,191

Now, applying the proposed mechanism to the AP and SA980 congdihens
differences in critical strain values at 550 %,C (0.021 mmmdra.810 mm/mm, respectively)
(Figure 5.3e)) are the first examined. The undeformed microstructure of Ehechdition
consists of dislocation cells with dense, entangled dislocation$attieir boundaries, in
addition to a high density of free lattice dislocations, soluteegagion, and eutectic phase
(Figure 3.6 and Figure 3.7The SA980 condition retains cell boundaries,&phase also forms.
In addition, solute segregated in the AP condition has been homogenisaticqltases have
dissolved, and much of the free lattice dislocation density has atath{{Chapter 3). Given the
lack of obstacles to impede mobile dislocations and the abundance o$éispelute atoms, the
stress barrier for the SA980 condition shoulddveer since stress fields associated with the
remaining obstacles should be weaker than those present in the ARoosndihis is consistent
with the lower observed critical strain (Figure(&)3.

Next explained is the increase in critical strain with inciregagemperature for the AP
and SA980 conditions. Solute drag increases with increasing tempgi&0yE91]. It is known
that at very high temperatures, DSA behavior is absent [190D192js This to thermét
activated diffusion that leads to sufficigntigh atomic mobility that dislocation mobility cannot

escape the formed atmospheres. So, at high temperaturestithéstrain increases since the

164



dislocation velocity is proportional to the applied stressNso untibipyaied stress is high
enough for the dislocation to break free, the solute cloud moves widlistbeation [190,191]
Thus, to achieve this, higher strains are needed and manifestielay in the observed serrated
flow between 550 ¥C and 700 Y4C (Figure 5.3(e) and (f)).

During the course of this discussion on DSA behavior, the assertidme@asnade that
mobile dislocations interact with solute atoms. The idestdf these atomic species warrant
discussionSolute atoms in IN718 have been reported to be both interstitigldargon,
nitrogen) and substitutional (e.g., Nb, Mo, Cr) [192D196]. At low teatypes and high strain
rates, normal DSA behavior is largely governed by the diffusion efstitial atoms, such as
carbon [187,193,194,196But, at higher temperatures, the origin of DSA behavior isastithrea
of active research [1971t is generally accepted that the behavior is attributed to tutistial
atomic species (e.g., Nb [193,194,198], Mo [195,1€F][196]), which result in the
manifestation of inverse DSA behavior [192,193,199,200]. Given thig) ibegosed that the
inverse DSA behavior observed in this study (Figure 5.3(e) and (iely due to the

interaction of mobile dislocations and substitutional atomic species.

5.5.3Comparison of monotonic performance for block-build versus feestanding AM
IN718 tensile specimens at 25 »C

Previous work by Gallmeyer et al. [38], as presented in Chapéxagiresthe
mechanical performances of free-standing tensile specimens oNAM after the application
of the same heat treatments presented in the current Chapiesvét, the current Chapter
examines the responses of tensile specimens extracted frokmalyuwhich inherently will

have a different thermal history during the fabrication processes tiieegeometry differences
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alone. Understanding the part size effects on microstructuraltenrobnd subsequent
mechanical responses is an area of continued interested in studyipgoédsses [201As

such, it is important to compare any possible differences irepmnses of free-standing versus
block-build from the current works. Comparison of the changes in the montosile
properties of the tabulated properties in Table 3.3 (free-stangngp)s Table 5.1 (block-build)

is presented in Table 5(3tressstrain responses can be found in Figure 3.3 and Figure 5.3

respectively).

Table 5.7 The relative (%) and absolute (MPA) differences imibyr@otonic tensile properties of
block-build relative to the free-standing™f) tensile specimens.

Condition 'vs Luts Elongation

! ") TP P9 ") TP P9 ") TS (mm/mm)
AP -2.6 -20 -1.9 -25 +11.7 +0.025
SA980 -12.1 -75 -2.2 -29 +7.0 +0.020
DA720 -3.7 -48 -4.5 -71 2.1 -0.002
SHT-2 +0.8 +10 +3.1 +49 +9.5 +0.011
SA1020+A720 -1.3 -16 +0.7 +11 +0.0 +0.000

Table 5.7 shows the relative (%) and absolute (MPA) differeand& monotonic tensile
properties of block-build relative to the free-standing’( tensile specimens. Good agreement is
shown, with only marginal changes between the block-build and free-standainical
responses. The only exceptsoarethe elongation to failure for all heat treatments, é8df
SA980. Specifically, SA980 samples in the block-build condition showsl&4dl@ecrease in YS
(Table 5.7. Possible reasons for the decrease in YS include changes in geajh6s]
dislocation density [120], and dislocation ceétle§38,54,56], all of which have been shotwn
influence AM IN718 flow stress [38]. However, the cause isdiffito pinpoint given the

almost equivalent responses of all the other conditions examinbt @.&). Furthermore, there
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is also good agreement in the UTS between the block-build andténeging conditions. The
other notable changes are observed in the elongation for the AP, SA8&HA&-2 conditions,
with increases of +11.7%, +7.0%, and +9.5%, respectively. Althdwgtetative changes at first
appear significant, comparison of the absolute changes in elongationarahtaslight
differences in between the two build conditions (+0.025 mm/mm, +0.02énmirénd

+0.011 mm/mm, respectively). Thus, overall, there is very good agreemthe mechanical
responses (Table 5.7). This suggests that the underlying microstruulgéshow similar
morphologies and evolutions with heat treatment despite the lack ofcatransmission
electron microscopic investigations to substantiate this hypothesieJudowt is evident that
both AP conditions show strgg001} fiber texture aligned with the build direction and grain

morphologies that are strongly influenced by laser path (Figure 3.4 qunck 5.18)

5.5.4Structure-property relationships of AM IN718 materials subject to cyclc fatigue

To establish a holistic view of the structure-property relationsfigeM IN718 under
cyclic loading conditions, each aspect of the underlying microstructuea®iored. First to be
examned are the effects of the process-induced dislocation cellsthvatAP and SA980
conditions being the primary focus of this section to isolateffieetsof dislocation cells from
others to be discussed. Recent investigations have shown that thesprdeeed dislocation
cells served as effective barriers to dislocation glide und&otonic conditions [38,54D56,134]
In the same way, it is intuitive to expect similar dislocagbde inhibition during cyclic
loading, which, in turn, could potentially prolong the fatigue endurance ofmaikérials, as has
been suggested by Aydinsz et al. [66]. They attributed the better endoizser®ed for solution

annealed AM IN718 to the transformation of ill-defined dislocatiols ¢elwell-defined cell



boundaries (Figure B.2) that effectively inhibit dislocation motion.il&nhy, fatigue endurance
for SA980 is observed to be higher for SA980 than the AP condition (Fgaixewhich
suggests that the dislocation cells may increase the fatigue erelasabarriers to plastic flow.
Moreover, Yoo et al. experimentally confirmed the explanation postulat Aydinsz et al. [66]
for better endurance. In stress-relieved AM IN718 (1065 jC for 1oldwed by a two bar Ar
cooling), dislocation pileups observed to occur atell-defined cell boundariest low strain
region. However, there is a caveat: the authors show that saerphaged at higher cycle
counts display (persistent slip bands (PSH3pBstransmit across cell boundaries on grain-
length scales, suggesting that once the barrier to dislocation propeigatvercome, cell
boundaries become ineffective at limiting the growth of PSBs [72ptiAer way dislocation
cells can improve fatigue endurance is hypothesized based on observaiotesdran Chapter 4,
which shows that dislocation cells serve as nucleation sitessfocations during monotonic
deformation (Figure 4.6)t is plausible that the dislocation cells can also enhance fatigue
endurance by delocalizing deformation for a more homogeneous distributign [@Dg],
effectively delaying the formation of PSBs and subsequent failudition, since deformation
under cyclic loading occurs through slip localization, a homogeneous distnilofitocalized

slip bandallows for more dislocation interactions that can lead to cyclic hargg¢@202] as
observed for the AP and SA980 conditions (Figure 5.5). Conversely, oyftenisg is observed
at later cycle counts (Figure 5.5) and is associated with éneangement of dislocations
[138,203,204]. Yet, when tested at elevated temperatures, iden¢vhat dislocation cells alone
cannot explain fatigue endurance because the aged AM IN718 perform cbippaizetter than

the AP condition (Figure 5.5(b) and (c)).
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The nanoprecipitate strengthening phases of AM IN74&)d"$, strongly influence its
strength [38] and deformation mechanisms (Chapter 4). Notably, the DAFIB2, and
SA1020+A720 conditions have all been shown to have similar dense, homogeneous
nanoprecipitate populations (Table 3[4ble 4.2), so understanding their role on cyclic fatigue
is critical to the goal of developing better post-processing heat eegtrfor AM materials.
Recent study by LZoB+zares et aJ202] produced a physics-based model to capture the cyclic
hardening and cyclic softening behaviors observed iNtHmsed superalloy 718PlusiN
variation on IN718. The authors examined four typical heat-treaté¢erial states, denoted as
solutionized (S), underaged (UA), peak-aged (PA), and overaged (@w#glly, all materials
were ®lution annealeat 1020 %C for 2 h followed by water quenching. Next, aging at 775 v4C
for times of 10 (UA), 38 (PA), and 72 (OA) hours was conductee fully heat-treated
materials were fatigued for 500 cycles at room temperature aswtgl strain amplitude of
) /2 =0.0083 mm/mm. The authors characterized the slip localizagioawvior via electron
channeling contrast imaging (ECCI) and showed the strongest slizicatiin the UA and PA
samplesLZon<Ctzares et a]202] concluded that the presence of shearable precipitates
increased the degree of localized plastic deformation, simnceaisier for dislocations to glide
along an already activated plane than along a pristine one [202]. THizdbtoa, in form of
PSBs can serve as nucleation sites to crack formation and mdgeéiuaé [205,206] In the
present study, all aged conditions exhibit peak-aged sized nanoprecipitdi¢s18 [207]

Thus, it is suggested that aged AM IN718 exhibits strain localizat a similar manner due to
the nanoprecipitate sizes and distributions observed, which is consigtentrought IN718
[138,208] In addition, the localization causes the repeated shearing of seaigj precipitates,

which reduces their efficacy to resist dislocation motion [138,209D211]



Furthermore, the authors go on to show that the S sample exhibitedshe
homogeneous distribution of slip, followed by the OA sample, which cotitailargest sized
precipitates [202]. The presence of larger precipitates capdeasids to spread more
homogeneously across the grains [202]. This fact, coupled with the ndegHer numbers of
dislocations to shear a precipitate, lead to slower softeniag f@t the OA samples [202)s
such, while peak aged precipitate sizes promote high strengthstiopstgerties, overaging
may prove more beneficial for AM IN718 materials under cyclic logaionditions.

Other factors, like secondary phase particles and process-inddeet$ dean influence
fatigue response. For instance, Laves phase has been shown to occui@rablular regions of
asfabricated IN718 [38]. As previously discussed, Laves phase is & Ipfiiise that can serve
as nucleation sites for void coalescence and crack growth [12,67,830@} al. [68] observed
that at high stress amplitude, Laves phase precipitates fragmebfgad to the formation of
microscopic holes in the matrix that degrade the fatigue lifl018 produced by IDED. In
the DA720 condition, the presence of Laves phase seems to have naffieogbn its fatigue
endurance; it exhibits among the highest cycle counts to failugaré5.5. However, the
material is observed tail catastrophically over a relatively low number of cycles once & fata
crack has formed, where Laves phase could contribute to this rapldgimowth observed
[68,164]

Moreover,&phase is a commonly observed precipitate type in conventionally heat
treated IN718. In AM IN718& phase is observed to populate along intercellular boundaries
(Figure 3.8Figure 3.9, and Figure B.5). As Nb is a primary atomic gseai& phase, its

formation comes at the expenseé'@fthe main strengthening phase in IN718. As a result,

"$denuded areas surrouigphase precipitates are more susceptible to fatigue damage,imhich
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turn can decrease fatigue life [212], as evident for SHT-2 at teorperature (Figure 5.5

However, at higher temperaturég)hase has been reported to assist in prolonging fatigue life by
slowing fatigue crack growth [202] (Figure 5.5 and Figure 5.6). Iniaddid surface initiation

[165], process-induced defects, such as lack of fusion defects andyparasibe detrimental to

fatigue life [4] and serve as crack initiation sites (Figul&)s.

5.5.9DA720 exhibits the highest strength and fatigue endurance

Figure 5.5 exhibits the peak stress evolution versus the number of fyrctbe heat
treatments examined in this study. As previously shown, the DA720g ¢te highest peak
strengths when compared to all other conditions, especially the agedasBISHT-2 and
SA1020+A720. It has been shown that the coexistence of dislocatioamelttense
"#"'$nanoprecipitation results in superior strength [38]. Yet, based wiopseexamination, all
three of the aged AM IN718 conditions contain both of these key micrastliaspects. This
begs the question, what drives the differences in cyclic fatiglierpence? One key distinction
is the nature of the dislocation cell boundaries. For SHT-2 and SAAJ20+the solution
anneal heat treatment (Table 3.2) prior to aging annihilatedetise, entangled dislocation
forests that line the cell boundaries in the as-deposited Bigted 3.6 and Figure B.1), leaving
only geometrically necessary dislocations (GNDs) to accommodal@ctienisorientation
between the cells (Figure 3.8, Figure B.2, and Figure B@)eder, since DA720 condition is
the result of direct aging, the dense, entangled dislocation faresgseserved (Figure 3)13
Thus, this configuration of dislocation cell bounidacan serve as a more effective barrier to
dislocation motion than GNDs alonez(, enhanced fatigue endurance) and provide greater

resistance to dislocation glide through increased flow stresgyfeater peak stresses). The
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ability of the dislocation cells found in DA720 to entrap glissiléodation is furthered by
dislocation interaction with Laves phase particles that decdrateetl boundaries, in addition to
interaction with segregated solute atmospheres [213,214]. WhatOatmodeysC these
microstructural features remain thermally stable, which allthve DA720 to maintain better
performance (Table A.1). Ultimately, these aspects providausible explanation for the
increased LCF performance of DA720 over SHT-2 and SA1020+A720.

Now, with respect to fatigue performance at room and elevatetetaperatures,
Figure 5.19 directly compares the aged AM materials at 25 YA0@&GC for various total strain
amplitudes. Overall, the fatigue endurance is observed to deariglasecreased temperature for
all aged conditional, which is in good agreement with the expe&edsifor wrought IN718.
The reduced strengths observed at elevated temperature also canesptastic strain for a
given strain amplitude, which can reduce fatigue endurance. It hasih@en that cyclic
loading at elevated temperatures results in a higher prevalendewhagon twins, which can

serve as crack initiation sitesthe twin-matrix interface [209] and lead to reduced fatigue life.

Figure 5.19 Total strain amplitudes versus reversals to fddu @) DA720, (b) SHT-2, and (c)
SA1020+A720 conditions at 25 %C and 700 Y4C.



5.5.8Assessment of cyclic fatigue performance of AM IN718: Presestudy versus
literature

To better benchmark the performance of the heat treatments exahrmaghout this
body of work, comparisons between the fatigue behaviors of the AM IN7t8iats of the
current study and other AM IN718 reports to date are presentedt®coesiucted at room
temperature (Figure 5.20) and at elevated temperature (Fdlire Despite the limited number
of studies evaluating the strain-controlled, fully-reversed perfocenaf AM IN718 [4], the
performances of the DA720, SHT-2, and SA1020+A720 conditions seeminghjtfah the
statistical variability of the aggregated results for both teatpezs evaluated. It is worth noting
that in Figure 5.21, the literature-based resaésallfrom tests conducted at 650 ¥4C, while
results from the present study were all conducted at 700 ¥4C. Gpigoexis the performance
observed for Kirka-1 (2017) [156] at 650 ¥4C (Figure 5.21). There & &€1€X increase in
fatigue endurance between these results and the remaining datasgémmens exhibited
columnar grain growth with strong {001} fiber texture aligned with thédogirection (same
direction as loading axis) [156]. Kirka et al. [156] attribute thproved performance to the
lower elastic modulus in the build direction, which caused lowéastie strain accumulation
per cycle for the applied strain amplitudes [13]. Conversely, samyth columnar
microstructures were also tested in the direction transvetbeit elongated axis
(Kirka-2 (2017) in Figure 5.21), resulting in a ~10X decrease iguatendurances compared to
the columnar-longitudinal orientation previously described [156]. Notabkysdmple
orientation is consistent with the present study, which shows a strongf{pédexture (Figure
5.18). Hence, for overlapping ranges of total strain amplitude, tfermance of DA720, SHT-

2, and SA1020+A720 are most similar to that of Kirka-2 (2017) [156]
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Figure 5.20 Room temperature fatigue behaviors of heat-treatedNAM under strain-
controlled, fully-reversed cyclic testing conditions from this stua{20, SHT-2, and
SA1020+A720) and from literature [160D162].
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Figure 5.21 Elevated temperature fatigue behaviors of heat-tremtéd’/AL8 under strain-
controlled, fully-reversed cyclic testing conditions from this stua{20, SHT-2, and
SA1020+A720) and from literature [156,165]. Note, all data from tieeawere collected from
tests conducted at 650 ¥C while data included from the current stadsveleated at 700 %C.
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5.5.7Assessment of cyclic fatigue performance of IN718 by manufactng type: AM
(present study) versus C&W (literature)

In addition to benchmarking the fatigue performance of the AM IN71t8nmaés specific
to this study against other AM reports, it is equally important tchmark against
conventionally produced IN718. Presentedrigure5.22 and Figure 5.23 are the heat treatments
examined in the current body of woile(, DA720, SHT-2, and SA1020+A720) and a collection
of wrought IN718 gathered from open literature [161,162,181,210,211,215D219] wkdratest
25 ¥4C and 650 %C, respectively. Again, the specific heat treatmeentes for the included
studies are listed in Table 5.8 for reference. Recent coropardd the fatigue performances of
AM IN718 versus its conventionally-produced forms has suggested that ALMBIperforms
slightly worse at room temperatures [156,160,165]. However, these usomzahave been
against a selected study [215]. Conducting a more extensive revexistihg literature, this
study has shown that for both room and elevated temperatures, aged7ABimterials
perform equivalentlyo their conventional formsHigure 5.22 Figure 5.23) for the LCF regime,

as is in agreement with recditérature[4].

5.5.8Monotonic versus cyclic loading of AM IN718

Study of the monotonic properties of the DA720, SHT-2, and SA1020+A720 condition
have shown that 1) application of DA720 heat treatment pesdine highest yield strength (YS)
but has limited ductility and 2) application of SA1020+A720 maintaimsparable strength to
DA720, but with over 70% increase in elongation to failure (monotonic prepédile). Given
this, SA1020+A720 exhibits the best overall properties. It is gdyetated that materials with

higher ductility performance better in the LCF regime [161], Weé$ observed that the DA720
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Figure 5.22 Room temperature fatigue behaviors under strain-contfallgeteversed cyclic
testing conditions of heat-treated AM IN718 from this study (DA720,-83Hand
SA1020+A720) and its heat-treated, wrought form from literature 16@1181,211,215,216].



Figure 5.2Flevated temperature fatigue behaviors under strain-controlled, fuiyrsed cyclic
testing conditions of heat-treated AM IN718 from this study (DA720,-83Hand
SA1020+A720) and its heat-treated, wrought form from literature [210,215E\k18] all data
from literature were collected from tests conducted at 650 “&data included from the
current study were evaluated at 700 v4C.
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Table 5.8 Summary of heat treatment schedules for IN718 matesferenced in Figure 5.20-Figure 5.23.

Figure Designation Manufacturing process Heat treatment schedule Ref
Figure5.20 Gribbin (2016) DMLS AMS 5563- 954 ¥4C for 1 h (AQ) + 720 %C for 8 h; FC at 55 ¥C/h; 620 YG\DY 8 h ( [161]
Johnson (2017)  L-DED AMS 5596C- 940 Y:C for 2 h (AC) + 718 ¥C for 8 h; FC at 50 ¥%C/h; 621 YAy 8 h ( [160]
Pei (2019) L-PBF 1100 %®r 1.5 h (AC) + 960 ¥C for 1 h (AQ) + 720 ¥C for 8 ht BE#%C/h; 620 %C for 8 h (AC) [162]
Figure521 Kirka-1 (2017} EB-PBF 1066 YC for 1 h (AC) + 760 %C for 10 h; FC to 650 ¥%C; 650 ¥4C foh tiotill 2@ing time [156]
Kirka-2 (2017% EB-PBF 1066 C for 1 h (AC) + 760 %C for 10 h; FC to 650 ¥%C; 650 ¥4C foh tiotill 2@ing time [156]
Kirka-3 (2017} EB-PBF 1200 %C at 120 MPa for 2h (HIP) + 1066 %C for 1 h (AC) + 760 Y.6:fBC10 650 ¥4C; 6%6C for until 20 h total aging time [156]
Kirka-4 (2017} EB-PBF 1200 ¥4C at 120 MPa for 2h (H#)066 %C for 1 h (AC) + 760 ¥4C for 10 h; FC toG56@%Y4C for until 20 h total aging tim [156]
Nezhadfar (2020) L-DED AMS 5596C- 940 Y:C for 2 h (AC) + 718 ¥C for 8 h; FC at 50 ¥%C/h; 621 YG\DY 8 h ( [165]
Figure522 Brinkmanl (1973) Forged plate AMS 5596C- 940 ¥C for 2 h (AC) + 718 ¥4C for 8 h; FC at 56 ¥%C/h; 621 Y@\ 8 h ( [215]
Brinkman2 (1973) Forged plate AMS 5597A- 1038 ¥4C for 2 h (AC) + 760 ¥C for 10 h; FC at 56 ¥%C/h; 649 Yi@&)r 8 h ( [215]
Merrick (1974) Hot rolled bar stock 1065 ¥4C for 1 h (AC) + 7¥&C for 8 h; FC at 55 ¥C/h; 621 ¥C for 10 h (AC) [211]
Xiao (2005) Hot rolled plate 954 ¥,C for 1 h (AC) + + 717 ¥4C for 8 h; FC at 50 %C/h; 622 Y4@@y 8 h [181]
Gopinath (209) Hot forging 1090 ¥4C for 4 h (oil quenching) + 650 %C for 24h (AC) + 760 %C forQ)5 h (A [216]
Gribbin (2016) Shaped forging AMS 5563- 954 ¥4C for 1 h (AQ) + 720 %C for 8 h; FC at 55 ¥C/h; 620 YG\D) 8 h ( [161]
Pei (2019) Shaped forging 960 ¥4C for 1 h (AQ) + 720 %C for 8 h; FC at 55 %C/h; 620 ¥@\@Y 8 h ( [160]
Figure523 Brinkmanl (1973) Forged plate AMS 5596C- 940 ¥C for 2 h (AC) + 718 ¥4C for 8 h; FC at 56 ¥C/h; 621 Y@\ 8 h ( [215]
Brinkman2 (1973) Forged plate AMS 5597A- 1038 ¥C for 2 h (AC) + 760 ¥4C for 10 h; FC at 56 ¥%C/h; 649 Y.@&)r 8 h ( [215]
Sanders (1981) wrought bar stock 968 »C for 1 Koil cool) + + 718 ¥4C for 8 h; FC at 55.5 ¥C/h; 6%& 8.8 (AC) [210]
Koul-1 (1988) Hot rolled bar, plate 950 ¥4C for 1 h; FC at 55 %C/h; 718 %C for 8 h; FC at 55 %C/hore2h YAC) [217]
Koul-2 (1988) Hot rolled bar, plate 1032 ¥4C for 1 h; FC at 55 ¥C/h; 843 ¥C for 4h + 926 ¥4C for BB;%C/ht 718 ¥4C for 8 h; FC at 55 ¥4C/h; 621 ¥4QAG) 8 [217]
Koul-3 (1988) Hot rolled bar, plate 1032 %C for 1 h; FC at 55 ¥4C/h; 843 ¥4C for 4h + 926 %4C for 1 A@&)CHor 8 h; FC at 55 ¥%C/h; 621 ¥%C for 8 h (AC)  [217]
Gopinath (2009) Hot forging 1090 ¥4C for 4 h (oil quenching) + 650 %C for 24h (AC) + 760 %C forQ)5 h (A [216]
Hari-1 (2010) Hot forging 980 ¥4C for 1 h (WQ) + 720 %C for 8 h; FC at 55 %4C/h; 620 %C @y 8 h (A [218]
Hari-2 (2010) Hot forgind 980 ¥4C for 1 h (WQ) + 720 %C for 8 h; FC at 55 %4C/h; 620 %C @y 8 h (A [218]
Deng (2019) Hot forging 955 ¥4C for 2 h (AC) + 720 ¥4C for 8 h; FC at 50 ¥%C/h; 620 Y4@\)y 8 h ( [219]

Icolumnar- parallel to BD?Columnar- transverse to BDEquiaxed- parallel to BD;*Equiaxed- trans\erse to BDModified chemistry (Al+Ti/Nb = 0.458, Al/Ti = 0.879)
5Conventional chemistry (Al+Ti/Nb = 0.294, Al/Ti =500



condition yields not only the highest strengths but also the best fatigueaace of the aged
AM IN718 materials explored, whidk contrary to expectation. Overall, the SA1020+A720
condition is shown to accumulate larger amounts of plastic stracypkes than the
DA720condition does (Figure 5.7). In addition, the formation of deformationthat has been
suggested to provide better strain hardening and inhibit plastic flamgduonotonic loading
are more prevalent in the SA1020+A720 condition (Figure 4.13). Undec &yatling
conditions, thewin-matrix interface serve as crack initiation sites thatloait fatigue
endurance [206,220] with the effects even more pronounced at highemgstdaures [209]
Alternatively, despite its high strength and good fatigue propettie€A720 condition shows
rapid crack growth to initiate failure, which would give littgewarning to evidence of
imminent material failure. Thus, this implies that the stutiieat treatments may not be Oone
size fits allO and will require tailoring to application-sfiecionditions. Summary and

conclusion

5.68Summary and conclusion
Efforts to evaluate the effects of post-processing heat teeétmon the monotonic and
the strain-controlled cyclic fatigue responses at different dpgregmperatures have been
reported. Thorough mechanical study, coupled with previous detailed mictasal
investigation (Section 3.4.1 a@HAPTER 4, has led to the following observations and
conclusions:
¥ DA720 samples show the highest dissipated energy and thermal stabéity w
considered to 0.05 mm/mm total strain. Moreover, SA980 demondinatbgyhest

dissipated energy whestressstrain resporesisconsideedto failure. This is due tost



elongation to failure despite having the lowest YS of all conditioameed. These
findings have implications for intended applications when consideringnéhatability of
toughness.

Despite fundamental differences in the underlying microstructirg® heat-treated AM
IN718 materials, all exhibit ductile fracture modes through dimydéure and
intergranular fracture through microvoid coalescence. Based upon diinilgle sizes,
nanoparticle and cell boundaries serve as sites for microvoid ceratesc

Inverse dynamic strain aging (DSA) behavior is observed for allldRL8 materials
examined. DSA behavior in the aged conditions (DA720, SHT-2, and SA1020+A720) i
driven by strengthening nanoprecipitates while DSA behavior in unaged conditidns
and SA980js facilitated by mobile dislocation unpinning from solute atmosphé&is.
both groups, substitutional atonesd.,Nb, Cr, and Mo) are most likely facilitating the
observed behaviors.

Comparison of the free-standing and block-build fabrications of AM IN7di@mals
show remarkably comparable monotonic tensile responses at 25 ¥ Cinguggest
similaritiesin their underlying microstructures. In addition, comparable perfocmes
observed between at AM IN718 materials and their C&W counterparts.

The DA720 heat treatment produced the highest sustained peak streigtétsgae
endurance of all heat treatments examined at 25 ¥4C, 550 ¥%C Ya@d 700

The new heat treatments presented are shown to perform comparathigrt AM
studies, in addition to its conventionally-produced forms, within thiesttal variability

expected for fatigue testing.
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¥ As with monotonic deformation (Chapter 4), it is suggested that namoipax size and
distribution play a crucial role in the determination of fatigue esrie, as evideedby
the equivalent fatigue performances of aged AM materials andcthrerentional forms.
If the underlying AM process-induced microstructural hierarchydgminant factor in
fatigue enduranca.¢€., dislocation cells), it is expected the aged AM materials evoul
have performance better in the LCF regime (<j@les).

¥ In agreement with a recent review of mechanical propertiédoifiN718 by Hosseini
and Popovich4], it is evident that there is a need for continued evaluatiomahst
controlled, fully-reversed fatigue of AM IN718 materials, esgécat elevated

temperatures and large total strain amplitudes (Figure 5.20 gaeFH.2).



CHAPTER 6

SUMMARY AND FUTURE OUTLOOK

The goal of this body of work was to assess the structure-propé&tipnship of AM
IN718, with specific emphasis ats responses to post-processing heat treatment. The systematic
and comprehensive approach taken has provided greater understanding of ANABNN 708
critical role each aspect of its hierarchical microstrucplags in its response to various loading
conditions. Credence has been given to the need for holistic understahttiagnicrostructural
evolution of AM materials, especially with regard to developmehteat treatments that realizes
the full potential of the alloy system of interest. The findingsussed in this body of work will
assist in the future develop of new AM alloy systems that reth@interplay of process-

induced dislocation cells and precipitation strengthening.

6.1Summary of contributions

Chapter 3 demonstrates the need for the development of new heaetrsaior AM
materials, like IN718, to maximize the potential of the AM psseeduced microstructural
hierarchy. The results show that while the application of an indtstgmmended heat
treatment produce macroscopic tensile properties comparabletmusntionally manufactured
form, detailed microstructure analysis highlglasuboptimal arrangement of strengthening
precipitate populations that diminished tensile properties. In addithave demonstrated for
the first time how dislocation cells of the as-deposited miarosire serve as a fundamental unit

of strength in AM IN718. Preservation of the as-deposited dislocegits) in conjunction with
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promoting homogeneous nanoprecipitate populations, maximizes matgp@ahse under
monotonic loading conditions.

Chapter 4 reports for the first time a comprehensive investigatithre deformation
mechanisms of AM IN718 materials. The results e the critadalthat dislocation cells play in
the mitigation of glissile dislocation movement, in addition to sgras sources for stacking
fault and nanotwin formation. Moreover, the various microstructurartieiesNcomposed of
dislocation cells, strengthening precipitate populations and sizegpeaicchemical landscapes
driven by process-induced microsegregationNwere identified to highlyénfte the operative
deformation modes observed for each AM IN718 material through the pbsdtaration of the
generalized stacking fault energies.

Chapter 5 is among the first studies to assess the monotonic amdatrizolled, cyclic
loading of AM IN718 at elevated temperatures. The results showhthaeat treatments
developed from Chapter 3, heat treatments that produced superior monegpnitses,
generated equivalent low cycle fatigue performance to conventionallyfactumed IN718. In
addition, a compilation of existing literature sedtt®ntradictory reporting on whether AM
IN718 performed better or worse than its conventionally produced forms:.omeclaid, all data

show equivalence given the statistical nature of fatigue.

6.2IFuture work
6.2.1Continued empirical experimentation and data collection

One shortcoming that persists in the field is the lack of higp¢eature data for AM
IN718, or AM alloys in general. While isothermal investigatiores\atal, more complex,

thermomechanical profiles that are representative of actis@rvice operating conditions would
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provide additional insight into the performances of AM superalloys. Awdstrated in this
body of work, the hierarchical microstructures can lead to widelyingadeformation
mechanisms, even under simple loading conditions. Focused efforts arehiof research
would accelerate understanding of the process-structure-properiynghgss of AM IN7181n
addition, a simple experiment that would provide great insight wouddivgression
experiments to achieve larger strains in the various heatdreaelition to better assess

differences in strain hardening behavior.

6.2.2In-situ deformation experiment

The scope of the current study only examipest-mortem fracture specimens. However,
deformation mechanisms often evolve with accumulated plastic sh®such, implementation
of deformation studies through Pusb-Pull devices using transmission scanning electron
microscopy or transmission electron microscopy would provide insighthiatsttain-dependent
activation of deformation structures. These results may prabe&ter understanding for how to

tailor aheat treatment for a desired microstructure based upon an intendedtappl

6.2.3Development of processtructure-property maps

The ultimate goal in the development of AM technologies is théyatulimprove part
reliability, repeatability, and reproducibility. The end productighly sensitive to processing
parameters, so development of process-structure-property magmiawfount importance.
With the advanced understanding of AM processes and its underlying tsatedally-

controlled microstructure engineering can be realized to produce furigtigreadled materials.
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APPENDIX A
The following figures correspond to fractography conducted on AM IN718. The
micrographs are included here for sake of brevity due to theielindiscussion in their

respective chapters.

Figure A.1 Overview of monotonic fracture surfaces of the AP candithen tested at 25 ¥%C
(a,d), 550 ¥4C (b,e), and 700 %C (c,f). Allimages are asggra digital light optical
microscope. (b,d,f) Three dimensional, topological recreationsctiuire surfaces presented in
(a,c,e).

Figure A.2 Overview of monotonic fracture surfaces of the SA980 tondvhen tested at 25
¥.C (a,d), 550 ¥4C (b,e), and 700 ¥4C (c,f). All imaggstare asing a digital light optical
microscope. (b,d,f) Three dimensional, topological recreationsctiuire surfaces presented in
(a,c,e).
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Figure A.3 Overview of monotonic fracture surfaces of the DA720 dondvhen tested at 25
¥4C (a,d), 550 ¥4C (b,e), and 700 ¥4C (c,f). All imaggstare asing a digital light optical
microscope. (b,d,f) Three dimensional, topological recreationsctiuire surfaces presented in
(a,c,e).

Figure A.4 Overview of monotonic fracture surfaces of the SH@r2lition when tested at 25
¥.C (a,d), 550 ¥4C (b,e), and 700 ¥4C (c,f). All imaggstare asing a digital light optical
microscope. (b,d,f) Three dimensional, topological recreationsctiuire surfaces presented in
(a,c,e).
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Figure A.5 Overview of monotonic fracture surfaces of the SA1020+A@a0itton when tested
at 25 ¥4C (a,d), 550 ¥C (b,e), and 700 ¥4C (c,f). All ineagegstare using a digital light optical
microscope. (b,d,f) Three dimensional, topological recreationsctiuire surfaces presented in
(a,c,e).



Figure A.6 Overview cyclic fatigue fracture surfaces of tlire(4,b), SA980 (c,d), DA720 (e,f),
SHT-2 (g,h), and SA1020+A720 (l,j) conditions when tested at 25 ¥4C @vd 0.010 mm/mm.
All images are capture using a digital light optical microsc@pel,f,h,j) Three dimensional,
topological recreations of fracture surfaces presented in ¢pilc,8ll scale bars represent 1 mm
of length.
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Figure A.7 Overview of cyclic fatigue fracture surfaces ofii#&/20 (a,d, SHT-2 (b,e), and
SA1020+A720 (c,f) conditions when tested at 700 ¥C'd@d= 0.010 mm/mm. All images are
capture using a digital light optical microscope. (b,d,f) Threeedsional, topological
recreations of fracture surfaces presented in (a,c,e).



Table A.1 Uniaxial, fully-reversed fatigue test resultsAd IN718 at various temperatures.

Condition Temp. Target, 1/2 Nt Nt 0.5" #5%& , ! e Jlp " true, max " true, min
¥aC mm/mm count count mm/mm  mm/mm  mm/mm MPa MPa
AP 25 0.01 1244 1162 0.019 0.0108 0.0090 786 -797
AP 550 0.01 631 590 0.0199 0.0113 0.0086 691 -710
AP 700 0.010 272 272 0.0198 0.0111 0.0087 694 -712
SA980 25 0.01 2109 2069 0.0193 0.0119 0.0073 650 -653
DA720 25 0.006 - - - - - - -
DA720 25 0.008 1898 1898 0.0146 0.0101 0.0045 1013 -1089
DA720 25 0.010 848 848 0.0185 0.0108 0.0077 1067 -1154
DA720 25 0.010 733 733 0.0195 0.0106 0.0089 1086 -1167
DA720 25 0.012 389 389 0.0227 0.0116 0.0111 1102 -1179
DA720 25 0.014 373 373 0.0267 0.0116 0.0151 1090 -1187
DA720 25 0.016 126 126 0.0306 0.0122 0.0184 1135 -1191
DA720 25 0.020 85 85 0.0388 0.0135 0.0253 1193 -1238
DA720 25 To failure 0.5 0.5 0.0936 0.0069 0.0867 1509 -
SHT-2 25 0.006 3787 3787 0.0106 0.0090 0.0016 946 -968
SHT-2 25 0.008 1615 1615 0.0149 0.0092 0.0056 957 -1035
SHT-2 25 0.010 626 622 0.0193 0.0103 0.0089 1048 -1111
SHT-2 25 0.012 243 243 0.0229 0.0105 0.0124 1111 -1169
SHT-2 25 0.014 103 103 0.0273 0.0103 0.0170 1090 -1183
SHT-2 25 0.016 176 176 0.0312 0.0120 0.0192 1111 -1115
SHT-2 25 0.020 60 60 0.0389 0.0126 0.0263 1174 -1205
SHT-2 25 To failure 0.5 0.5 0.1750 0.0076 0.1674 1609 -
SA1020+A720 25 0.006 2911 2911 0.0104 0.0090 0.0015 999 -993
SA1020+A720 25 0.008 1023 998 0.0149 0.0094 0.0054 984 -1032
SA1020+A720 25 0.008 800 800 0.0147 0.0098 0.0049 1044 -1079
SA1020+A720 25 0.010 809 765 0.0193 0.0101 0.0093 1021 -1117
SA1020+A720 25 0.012 720 717 0.0230 0.0105 0.0125 1015 -1122
SA1020+A720 25 0.014 198 197 0.0268 0.0106 0.0162 1088 -1196
SA1020+A720 25 To failure 0.5 0.5 0.1660 0.0076 0.1584 1651 -
DA720 550 0.010 590 590 0.0197 0.0098 0.0098 899 -932
SHT-2 550 0.010 498 496 0.0202 0.0106 0.0095 898 -937
SA1020+A720 550 0.010 298 295 0.0203 0.0105 0.0098 904 -955
DA720 700 0.006 1482 1407 0.0117 0.0089 0.0028 788 -806
DA720 700 0.006 1464 1430 0.0118 0.0089 0.0029 779 -810
DA720 700 0.008 891 805 0.0148 0.0090 0.0058 811 -842
DA720 700 0.010 364 364 0.0198 0.0096 0.0102 847 -903
DA720 700 0.010 389 376 0.0190 0.0096 0.0094 860 -898
DA720 700 0.012 214 214 0.0236 0.0105 0.0131 904 -946
DA720 700 0.014 132 132 0.0275 0.0109 0.0166 953 -1000
DA720 700 To failure 0.5 0.5 0.1040 0.0074 0.0966 1337 -
SHT-2 700 0.008 491 445 0.0150 0.0088 0.0063 777 -802
SHT-2 700 0.006 687 578 0.0120 0.0083 0.0037 745 -772
SHT-2 700 0.010 249 234 0.0197 0.0093 0.0105 825 -867
SHT-2 700 0.010 229 213 0.0197 0.0092 0.0105 794 -835
SHT-2 700 0.012 216 209 0.0242 0.0101 0.0141 828 -872
SHT-2 700 0.014 150 148 0.0285 0.0104 0.0182 840 -877
SHT-2 700 To failure 0.5 0.5 0.1750 0.0087 0.1663 1393 -
SA1020+A720 700 0.006 1502 1196 0.0115 0.0088 0.0027 765 -754
SA1020+A720 700 0.008 395 357 0.0155 0.0094 0.0060 821 -860
SA1020+A720 700 0.010 240 215 0.0195 0.0099 0.0096 874 -921
SA1020+A720 700 0.012 126 126 0.0235 0.0110 0.0125 940 -1007
SA120+A720 700 0.014 90 90 0.0277 0.0123 0.0154 926 -1006
SA1020+A720 700 To failure 0.5 0.5 0.1650 0.0075 0.1575 1352 -
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APPENDIX B
EVOLUTION OF DISLOCATION CELLS AND THEIR EFFECTS

ON PRECIPITATION IN AM IN718

The following figures correspond to analyses conducted on AM IN718 throuttieout

course of this dissertation that were not specifically includédjaes in the previous chapters.

Figure B.1 (a) High-resolution TEM micrograph of a dislocatiohlm@inday of AM IN718 in

the as-printed condition taken along the [@kdhe axis. (b) Corresponding locamap of (a)
(generated frong = {111}) showing high density of dislocations entangled to constitute the

dislocation cell boundary.
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Figure B.2 (a) High-resolution TEM micrograph of a cell boundamyr dfte application of

SA980 heat treatment taken along the [@2dhe axis. The inset composite fast-Fourier
transform pattern is generated from an overlay of the individuarpattaken from each side of
the cell boundary, indicating a local misorientation of 1.41%Cofigsponding locai-map of

(a) (generated fromg = {111}) showing the geometrically necessary dislocations that constitute
the cell boundary. (c) Corresponding inverse fast-Fourier transfofa) génerated frorg =

{111}.



Figure B.3 Measurement of the angle of misorientation between valiglasation cells in AM
IN718 through transmission Kikuchi diffraction (TKDO{n) The crystallographic orientation map
is presented colored according to the inverse pole figure (IPH¥thiaen with respect to the
defined crystallographic direction dj)* % The color variation represents up to 8% of rotation
from the defined crystallographic direction. (b) Angle of misoagah with respect to the initial
location (green OXO) along the dotted line depicted in (a). Allstediv low-angle character of
<2%. of misorientation with respect to theahaell.
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Figure B.4 (a) High-resolution micrograph of AM IN718 after the ajapion of the

SA1020+A720 heat treatment showing interaction between a cell boundaay aridle particle
through Zener pinning mechanism. The micrograph is collected along theZ6t#&]axis. (b)
Magnified region from (a) showing the equilibrium configuration of geagaly necessary
dislocationd GNDs). (ed) g-map and corresponding inverse fast-Fourier transform, respectively,
of the cell boundary from (b). (e) Magnified region from (a) showiegaharacter of the cell
boundary near the oxide particle. (fgglnap and corresponding inverse fast-Fourier transform,
respectively, of the cell boundary from (e). The GND spacing isreed to decrease near the
portion of the cell boundary interacting with the oxide particle tmaenodate the additional
misorientation generated.
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Figure B.5 Overview of the resulting precipitation populations from cdamdpan industry
standard heat treatment of the entire build plate (slow cooliayvatsus detached, individual
specimens (fast cooling rate). (a) Conventional BF micrograplspé@men subjected to 980 ¥4C
for 1 h with a slow cooling rate. White arrows indicate thegmee ofs phase precipitates
resulting from the heat treatment. The inset selected afeactdn pattern taken from the
indicated area (dashed circle) the [Q3Zdne axis confirms the presence8and#&
nanoprecipitates homogeneously nucleated within the dislocation cells fioaaldio their
heterogeneous nucleation along cell boundaries. (b) a) Conventional Rigrapir of a

specimen subjected to 980 ¥4C for 1 h with a fast cooling rate. &kfonvs indicate the presence
of $ phase precipitates resulting from the heat treatment. Thesilseted area diffraction
pattern taken from the indicated area (dashed circle) along the foh¥| axis shows no
evidence of#t%and#&nanoprecipitates. (fdHAADF STEM micrographs of (a) and (b),
respectively, after the application of two-step age. (c) Tdve sooling rate results in the
heterogeneous nucleation#%and#&nanoprecipitates along former dislocation cell boundaries.
(d) The fast cooling rate facilitates the homogenously nucleatigaofd#&nanoprecipitates

with the preservation of the dislocation cell boundaries. In botan@)d), white arrows indicate
$ phase precipitates.
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