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ABSTRACT 

One approach automakers take to improve vehicle fuel efficiency is to reduce vehicle mass, which 

requires steels with improved strength and toughness compared to conventional steels. Over the past few 

decades, steel researchers have engineered the third generation (Gen3) of advanced high strength steels 

(AHSSs) that exhibit improved strength and toughness relative to first generation (Gen1) AHSSs at a 

decreased cost relative to second generation AHSSs. Though Gen3 steels have been successfully 

developed, their implementation in automotive assembly has been limited by challenges in resistance spot 

welding, the most commonly used joining technique in the automotive industry. Gen3 spot weld 

mechanical properties are often insufficient in comparison with those of Gen1 spot welds, though it has 

been observed that the automotive paint-baking cycle can mitigate this insufficiency. The microstructural 

evolution associated with these baking-induced improvements is not fully understood, which highlights 

the area of research this thesis seeks to address. The purpose of this study was to investigate the effects of 

the paint-baking cycle (180 °C, 20 min) on Gen1 and Gen3 spot weld microstructures and mechanical 

properties and to understand the origin of the differences in their baking sensitivities.  

A new specimen geometry coupled with digital image correlation was implemented and revealed 

greater plastic strains were measured within the heat-affected zone (HAZ) of baked welds compared with 

unbaked welds. Subsequent experiments were developed to isolate the different HAZ microstructures to 

quantify the baking sensitivities of each by implementing the small punch test method. Small punch test 

results identified a trough in energy absorption within the intercritical HAZ of the Gen3 steel that was 

mitigated after paint baking. The Gen1 HAZ microstructures were characterized by a minor sensitivity to 

baking and the absence of an intercritical trough in energy absorption. Thermocouple measurements taken 

during Gleeble®-simulation of HAZ microstructures confirmed depression of the martensite start (MS) 

temperature with decreasing intercritical temperature, and this effect was more prominent in the Gen3 

steel. To elucidate the differences in Gen1 and Gen3 spot weld baking sensitivities, a carbon diffusion 

distance model was developed that predicted the greatest fraction of baking-sensitive martensite would 

form in the intercritical HAZ of the Gen3 spot welds. 

3D atom probe tomography conducted on Gen3 spot weld HAZ microstructures identified carbon 

redistribution in twinned martensite regions in the intercritical HAZ and carbon segregation to martensite 

lath boundaries in the supercritical HAZ of baked specimens. The intercritical HAZ was concluded to be 

a baking-critical microstructure regarding Gen3 spot weld baking sensitivity, and this represents a new 

finding in the field of research on AHSS spot welds. The insensitivity of the DP spot welds to baking is 

proposed to be due to the higher MS temperature through the intercritical HAZ, enabling carbon 

redistribution during cooling of the weld that is not possible in Gen3 spot welds. 
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CHAPTER 1  INTRODUCTION 

The various stamped and extruded metal components used in modern automobiles are assembled 

using approximately 2,000 ï 5,000 resistance spot welds (RSWs) per vehicle [1, 2]. The majority of these 

welds are utilized in the body-in-white (BIW) illustrated in Figure 1.1 [3], which serves as the primary 

structure of the automobile, protecting occupants by absorbing energy and preventing intrusion during 

crash or rollover scenarios. The resistance spot welds thus play a critical role with respect to the structural 

integrity of the automobile. It is therefore apparent that the structural integrity of the automobile depends 

on the materials used as well as the properties of the RSWs that join them.  

  

Figure 1.1 Schematic illustration of the automotive BIW, with colors indicating the materials 

used [3] (reprinted with permission from the publisher).  

As the automotive industry develops vehicles with reduced mass for enhanced fuel efficiency and 

improved crashworthiness for passenger safety, an advance in joining technology is necessary with the 

development of high strength steels having superior combinations of strength and ductility. The third 

generation (Gen3) advanced high strength steels (AHSSs) have been developed and maintain the 

structural integrity of an automobile manufactured with conventional steels but at a reduced weight by 

utilizing down-gauged sheet [4, 5]. Complex microstructures that may contain ferrite, martensite, bainite, 

and retained austenite are created in Gen3 steels with unique processing paths and fine-tuned alloying 

additions, such as elevated carbon, silicon, and manganese contents compared to first generation (Gen1) 

AHSSs [1, 6ï18]. While carbon facilitates the retention of stable austenite to room temperature to achieve 

the desired mechanical properties via the TRIP effect, a detriment to weldability is simultaneously 

incurred. It is generally accepted in the literature that the martensite formed in Gen3 RSWs exhibits lower 

toughness than martensite in Gen1 RSWs due to the difference in carbon [9, 10, 19, 20], and this leads to 

the relatively diminished Gen3 weld properties. However, an end stage process in the manufacturing of 

automobiles is to paint the BIW and outer panels, and then cure the paint in a baking oven; this curing 
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stage, referred to as the ñpaint baking cycle,ò has been linked to improvements in strength and energy 

absorption of Gen3 RSWs [9, 19, 21ï25]. This project is focused on elucidating the mechanisms 

responsible for these improvements in weld performance after baking, so that the as-welded properties of 

Gen3 RSWs may be optimized. Further, a mechanistic understanding of the microstructural evolution 

associated with the paint baking effects may elucidate the microstructure(s) responsible for the 

diminished mechanical performance of Gen3 RSWs compared to Gen1 RSWs.  

1.1 Summary of Previous Findings 

The work comprising this PhD thesis builds upon the foundation of work established in the authorôs 

MS thesis [26] from which the guiding hypothesis was established ï that the intercritical HAZ was the 

primary microstructure contributing to the paint baking sensitivity of the welds studied in that work. This 

section provides a brief review of the results leading to the development of that hypothesis. 

The MS research provided a survey of the baking sensitivities of spot welds made in several Gen1 

and Gen3 steels using ósmallô and ólargeô welds and tested with different mechanical testing geometries; 

failure analyses were conducted to identify changes in weld failure modes associated with improvements 

in mechanical properties following a simulated paint-baking cycle. The summarized cross-tension test 

results in terms of increased energy absorption after baking are provided in Figure 1.2 and highlight 

several trends that warranted further investigation. First (as also reported in the literature) baking 

sensitivity in DP welds is considerably lower than baking sensitivity in the Gen3 welds (QP and TRIP), 

which is presumed in the literature to be due to differences in the substrate carbon content [9]. However, 

comparison of the baking sensitivities of the TRIP1180 (0.17 wt pct C) and the DP980A (0.162 wt pct C) 

suggest that a difference in carbon content is not the sole reason for the observed differences in baking 

sensitivity. A difference in baking sensitivity for small (short weld time) and large (long weld time) welds 

was observed and this illustrates a dependence of the paint-baking effect on characteristics of the weld 

that evolve with increasing heat input. Unfortunately, multiple weld characteristics are influenced by heat 

input, such as the size of the fusion zone and HAZ, the degree of softening (tempering) in the subcritical 

HAZ, the cooling rates after welding, the stress states at the sheet interface, and formation of the recently 

identified weld halo. Therefore, assigning the differences in baking sensitivity to a single weld 

characteristic such as heat input does not offer sufficient insight, driving a need for further work. 

Another noteworthy observation from the MS work illustrated in Figure 1.2 is identified by the arrow 

that indicates the lowest measured baking sensitivity, which was observed for small welds in the QP1200 

steel. The small QP1200 welds exhibited interfacial failure in both the as-welded and baked conditions 

and a minor increase in energy absorption after baking. While several literature studies reported that 

interfacial failure in the as-welded condition was associated with the greatest increase in mechanical 
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properties after baking, this was usually coupled with a partial interfacial or plug failure in the baked 

condition [9, 22, 27]. Thus, the occurrence of interfacial failure both before and after baking represents an 

abnormal (previously unpublished) finding, and the minor baking sensitivity in this case suggests that the 

fusion zone microstructure was not affected enough to change the fracture behavior after baking in the 

QP1200 steels. The concept of fusion zone toughening via martensite tempering has been proposed by 

several researchers as a primary baking mechanism [9, 19, 25], but if this were sufficiently applicable to 

all Gen3 RSWs then the small QP1200 welds would have demonstrated a significant increase in energy 

absorption after baking. It should be noted that a significant baking effect was measured in the large 

QP1200 welds that exhibited plug failure (base metal or HAZ) before and after baking. These results 

support the hypothesis that the HAZ is a critical region that may influence the baking sensitivity of Gen3 

spot welds. 

 
Figure 1.2 Summarized energy absorption measurements (area under the force-displacement curve) 

obtained during cross-tension testing illustrating the increase in energy absorption after baking for small 

and large welds in Gen1 and Gen3 RSWs. Arrow indicates the only welds tested that exhibited interfacial 

failure in both the as-welded and baked conditions (reproduced from the authorôs M.S. thesis [26]). 

In lap shear testing of spot welds, large welds were shown to exhibit greater sensitivity to baking than 

small welds, which is in contrast to some literature studies that show baking sensitivity is usually greatest 

in small welds [27]. In an effort to further explain this observation, a modified specimen geometry was 

developed with a reduced specimen width relative to the standard lap shear coupons [2, 28], as it has been 

shown in the literature that increasing the nugget-to-coupon width ratio can increase the degree of strain 

localization in the HAZ [2, 29]. The force-displacement measurements of the standard and modified 

geometries are compared in Figure 1.3 and illustrate a significant increase in measured baking sensitivity 

observed with a reduction in specimen width [26]. In the standard geometry, baking led to an 8.8 pct 
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increase in energy absorption, whereas a 682 pct increase in energy absorption after baking was measured 

in the modified geometry. Standard geometry welds exhibited interfacial failure, while the modified 

geometry welds failed along the fusion boundary and HAZ in as-welded and baked conditions, 

respectively. These findings supported the hypothesis that the HAZ may be a critical location for 

baking-induced mechanical property improvements and also demonstrated the utility of a modified 

specimen geometry for characterization of baking sensitivity.  

 

Figure 1.3 Force-displacement measurements obtained in the as-welded (solid lines) and baked 

(dashed lines) conditions for specimens tested using the standard (40 mm width) and modified (10 mm 

width) lap shear (TS) geometries (reproduced from the authorôs M.S. thesis [26]).  

The Gen3 RSWs studied in the MS thesis that exhibited the greatest increases in strength and 

toughness (energy absorption) after baking were also found to exhibit an evolution of microstructure in 

the intercritical HAZ. As illustrated in Figure 1.4, a change in etching response of the MA constituent was 

observed comparing as-welded (Figure 1.4(a)) and baked (Figure 1.4(b)) intercritical HAZ 

microstructures in the QP1000 steel, and this observation of MA substructure was also made in the 

QP1200 and TRIP1180 RSWs after baking [26]. The identification of the intercritical HAZ as a critical 

microstructure for baking sensitivity was also made in consideration of a spot weld failure mode observed 

in a TRIP1180 spot weld after cross-tension testing in the as-welded condition, illustrated in Figure 1.5. 

The macroscopic view of the failed weld revealed an abrupt change in fracture path through the HAZ, and 

the fractographs obtained at this change in fracture path reveals an abrupt change in fracture appearance. 

Ductile microvoid coalescene was observed on the fracture surface close to the weld (the supercritical 
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HAZ) whereas mixed mode fracture with quasi-cleavage was observed within the intercritical HAZ; the 

corresponding micrographs for each region are also provided, and it is evident in the micrograph obtained 

from the region exhibiting ductile microvoid coalesence that the ductile failure may also included upper 

regions of the intercritical HAZ (i.e., some ferrite may be present in the micrograph). These findings 

strengthened the hypothesis that the intercritical HAZ microstructure is baking-sensitive, and simulation 

of the HAZ microstructures for isolated mechanical characterization of the baking sensitivity was a 

necessary step in the PhD work, in addition to in-depth microstructure characterization. 

  
(a) (b) 

Figure 1.4 The intercritical HAZ microstructures observed in (a) as-welded and (b) baked RSWs 

made in a QP1000 steel. Secondary electron micrograph, 2 pct nital etch for 5 s (reproduced from the 

authorôs M.S. thesis [26]).  

 
Figure 1.5 The failure behavior of a TRIP1180 spot welded after cross-tension testing in the 

as-welded condition revealing a transition in failure mode from microvoid coalescence to quasi-cleavage 

as the fracture path progressed from the supercritical HAZ into the intercritical HAZ. SEM micrographs 

were obtained in the regions directly beneath the corresponding fracture surfaces. Secondary electron 

micrographs, 2 pct nital etch for 5 s (reproduced from the authorôs M.S. thesis [26]). 
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1.2 Research Objectives 

The scope of this research is to understand the microstructural evolution during paint baking of RSWs 

made in Gen3 AHSSs that contributes to improved load-bearing capacity and energy absorption. Early 

research efforts during the MS thesis focused on identifying regions of the weld responsible for this 

paint-bake effect by analyzing the failure behavior of as-welded and baked RSWs made in various 

AHSSs and tested via cross-tension and lap shear. The present work involves an analysis of the 

differences in evolution of microstructure and mechanical properties after a paint baking treatment in 

simulated HAZ microstructures produced in steels known to exhibit either sensitivity or insensitivity to 

the paint bake effect in resistance spot welds. The primary goal is to identify specific mechanisms by 

which microstructural evolution contributes to the observed increases in weld strength and energy 

absorption after baking. Additional research questions relating to the hypothesis that the intercritical HAZ 

microstructure represents a critically important microstructure in the paint bake effect were also 

considered in experimental design: 

¶ Does chemical composition of the MA constituent have an important effect on baking sensitivity? 

¶ Does microstructural evolution during heating of the resistance spot weld (e.g., subcritical 

tempering) influence the carbon content of the intercritical austenite and how does bulk chemical 

composition influence this behavior?  

These research questions and the associated experimental design structured to address them will be 

explained in Chapter 3.  

1.3 Thesis Overview 

The present work strives to further the understanding of the baking-induced microstructural evolution 

of RSWs made in AHSSs. These studies incorporate both baking-sensitive and baking-insensitive spot 

welds such that a comparison can be drawn between the two and a proposed baking mechanism can 

explain both the presence and absence of a ñpaint-baking effectò. In addition to the specific investigations 

of paint-baking phenomena, this work seeks to extend the general understanding of microstructural 

evolution during resistance spot welding of AHSSs and offer insight into potential modifications to 

current welding practices that may improve Gen3 spot weld properties and performance. 

Chapter 2 presents the background information needed to comprehend the experimental findings and 

discussion provided later in the thesis. The resistance spot welding process and the microstructural 

evolution of AHSSs during welding are described first. A review of the relevant literature on the 

improvements in weld strength, toughness, and failure mode following a paint-baking cycle is then 

provided, with highlighted trends and inconsistencies amongst the various studies that highlight areas in 
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which further research is necessary. Finally, various characterization techniques utilized in this work are 

reviewed to give the reader familiarity with the subjects discussed later. In Chapter 3, the experimental 

design utilized in this thesis, specifically the development of the guiding hypothesis for this work, is 

discussed. The experimental techniques are then provided in detail such that the methods used in this 

work can be accurately repeated for replication of the results presented in this thesis or in application of 

these techniques to other investigations.  

Chapter 4 presents the results obtained during initial characterization of the paint-baking sensitivity of 

the two steels that were selected for this work: a Gen1 DP1000 steel and a Gen3 TBF1000. In Chapter 5 

and Chapter 6, the mechanical property evolution of simulated HAZ microstructures following a 

paint-baking treatment is presented in furnace- and Gleeble®-simulated microstructures, respectively, to 

gain an understanding of the relative baking sensitivities of the various subregions of the HAZ in the DP 

and TBF steels. Chapter 4 and Chapter 5 results were obtained using a newly developed modified lap 

shear geometry, while Chapter 6 results were obtained by implementing a technique not previously 

utilized in mechanical characterization of resistance spot weld microstructures ï the small punch test. 

Chapter 7 presents the results obtained via transmission electron microscopy and 3D atom probe 

tomography towards the identification of the baking mechanism in the TBF steel and evidence for the 

absence of a baking sensitivity in the DP steel. The major findings from this work are summarized and the 

conclusions are drawn in Chapter 8, followed by the recommended future work to further test the 

hypotheses developed here. Appendix A details a tangential study on a weld feature referred to as the 

ñweld haloò that was recently identified in the literature; several other appendices follow that provide 

experimental data, methods, and tools developed for the present work. 
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CHAPTER 2  BACKGROUND AND LITERATURE REVIEW 

Investigating the microstructural evolution of resistance spot welds (RSWs) during the paint baking 

cycle requires an in-depth understanding of the spot-welding process and the microstructures produced 

during resistance spot welding. First, the development of third generation (Gen3) advanced high-strength 

steels (AHSSs) for use in automotive applications is summarized, beginning with a brief history on the 

incentives for automotive manufacturers to improve fleetwide fuel efficiency. Next, overviews of the 

spot-welding process and the microstructures observed in spot welds are provided, followed by a review 

of the paint baking effects on spot welds as reported in the literature. The methods for mechanical testing 

of spot welds and efforts made in multi-pulse weld schedule development towards improving Gen3 weld 

performance are then reviewed. Background on low-temperature tempering and selected influences of 

alloying elements on microstructural development are given in consideration of the paint-baking effect. 

Finally, an introduction to the application of 3D atom-probe tomography for characterization of AHSS 

microstructures is provided. 

2.1 The Third Generation of Advanced High Strength Steels 

The modern automobile has undergone continuous engineering and design improvements since its 

invention by Carl Benz in 1885 [30]. These improvements have been made to address a variety of issues 

related to automobile cost, availability, convenience, luxury, etc. Certain historical events have also 

influenced the engineering and design strategies of automobile manufacturers, such as the 1973 OPEC oil 

embargo. In response to the fuel shortage brought about by the embargo, the U.S. Department of 

Transportation National Highway Traffic and Safety Administration (NHTSA) began implementing 

Corporate Average Fuel Economy (CAFE) standards as a means of enhancing domestic energy 

security [31]. As a result of these standards, the average fuel efficiency, measured in miles per 

gallon (MPG), has been continually increasing, as illustrated by the dashed line in Figure 2.1 [31]. 

Simultaneously, the dangers associated with automobile use have continually diminished, in part due to 

the efforts of NHTSA in addressing the factors pertaining to traffic safety, including vehicle design and 

crashworthiness [32]. As such, the fatality rate per 100 million vehicle miles, displayed by the solid line 

in Figure 2.1, has decreased in concurrence with the improvements in fuel efficiency [31]. The CAFE 

standards have, in recent years, adopted an environmental focus targeting reduced greenhouse gas 

emissions, and are still motivating automotive manufacturers to develop vehicles with improved 

crashworthiness and fuel efficiency [4, 31, 33].  

The increases in fuel efficiency and safety of automobiles have occurred concomitantly with the 

development of steels possessing greater combinations of strength and formability/ductility. Automobiles 
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were produced using mild steel until the development of high strength low alloy (HSLA) steels in the 

1970s, bake hardening (BH) and dual phase (DP) steels in the 1980s, and transformation induced 

plasticity (TRIP) steels in the 1990s [4, 34]. In 1998, the UltraLight Steel Auto Body (ULSAB) project 

began with the objective of demonstrating potential improvements in vehicle lightweighting, 

affordability, and safety using state-of-the-art steel technology [35]. The ULSAB project utilized a 

combination of DP, HSLA, interstitial free (IF) and TRIP steel grades to develop an autobody with an 

approximate reduction in weight of 25 pct [35]. The ULSAB-Advanced Vehicle Conceptðthe successor 

to the ULSAB projectðdemonstrated the possibility for further mass reduction and vehicle safety 

enhancement by implementation of AHSSs [34, 36]. Thus, the first generation (Gen1) AHSSs, consisting 

of TRIP and DP steels along with martensitic, bainitic, and complex phase steels, represent a major step 

in modern steel development and serve as the baseline for the second (Gen2) and third generation (Gen3) 

AHSSs. 

 
Figure 2.1 Historic data of fleetwide fuel efficiency in miles per gallon (MPG) and the fatalities rate 

per 100 million vehicle miles (data from [31]). 

The work-hardening rate, and thus the theoretical limit of uniform elongation as dictated by 

Considereôs criterion, of Gen1 AHSSs is dictated by the increase in dislocation density during plastic 

deformation [37]. Gen2 AHSSs, consisting primarily of austenitic twinning induced plasticity (TWIP) 

and stainless steels, utilize the twinning or transformation of metastable retained austenite during 

deformation to increase the work-hardening rate and thus the uniform elongation of the steel [4, 5, 38]. 

The retention of austenite in Gen2 AHSSs was obtained by increasing the nickel or manganese content, 

which also increased the cost and thus far has limited the implementation of Gen2 AHSSs in automotive 



 

10 

assemblies [38]. Herein was the opportunity space for Gen3 AHSSs ï steels with superior properties 

compared with Gen1 steels, but with lower alloying contents (and thus lower costs) compared with Gen2 

steels. The utilization of the austenite to martensite transformation or the twinning of austenite during 

straining to improve the work-hardening rate is the primary design concept in Gen3 steels, though the 

retention of austenite is achieved in a manner different than the methods used in the design of Gen2 

steels. Rather than increasing alloy concentrations in the steel, the retention of austenite is achieved by 

carefully controlling local carbon content during thermal processing, such as through bainitic 

transformations or in a process referred to as quenching and partitioning (Q&P) [39]. Q&P steels are 

quenched below the martensite start (MS) temperature to partially transform austenite to martensite. The 

steel is then held at a temperature above the martensite finish (Mf) temperature, enabling the diffusion of 

carbon from the martensite into the remaining austenite. The austenite, now enriched in carbon, may be 

stable upon final cooling to room temperature, where it may increase the work-hardening rate of the steel 

as it transforms to martensite during deformation. Following the development of these Gen3 AHSSs, 

research and development of the associated applications technologies, such as resistance spot welding, are 

necessary for implementation in automotive assemblies [40, 41]. 

2.2 The Resistance Spot Welding Process 

The resistance spot welding process, shown schematically in Figure 2.2, is the primary joining 

technique used during automotive manufacturing due to the high speed and low cost associated with its 

use [42ï46]. To create a resistance spot weld (RSW), two or more sheets are squeezed between 

water-cooled electrodes and an electric current is passed between them. Equation 2.1 describes the 

resistive heat generated at the interface of the sheets (the faying surface) according to 

Ὄװ  ὍὙὸὑ (2.1)װ

in which H is the total heat in (J), I is the weld current in (A), R is the circuit resistance in (ɋ), t is the 

duration that current is applied in (s), and K is the fractional heat loss [47]. The weld current (I) and weld 

time (t) are parameters defined in a weld schedule, or the recipe used to produce a specific RSW, while 

the resistance (R) and fractional heat loss (K) depend on the physical properties of the materials being 

welded. Typically, weld time is defined in cycles, which relates to the frequency with which electric 

current is supplied during welding, i.e., with alternating current supplied at 60 Hz, a single weld cycle 

represents 16.7 ms of weld time. The resistance in Equation 2.1 refers to the summed resistance of the 

series of resistors identified in Figure 2.2 [48]. The largest source of electrical resistance during spot 

welding occurs at the faying surface (R3), though the electrode-sheet interfaces (R1 and R5) can also 

exhibit excessive resistance (and thus heat) if the electrodes are poorly aligned or deformed. The 

remaining sources of resistance are dictated by the resistivity of the materials involved in the 
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spot-welding process, i.e., the copper electrodes (R6 and R7) and the steel sheets being joined (R2 and 

R4). Equation 2.2 provides the relationship between material resistivity and the bulk resistance, and is 

given by 

Ὑװ ὒὃ”װ  (2.2) 

where ” defines the material resistivity and L and A give the length and cross-sectional area, respectively, 

through which electric current passes. In the case of resistance spot welding, the length is the sheet 

thickness, and the cross-sectional area is approximated as the region underneath the electrode face. The 

resistivity of a material is governed by Matthiessenôs Rule, which states that resistivity is the sum of three 

separate contributions to electron scattering: thermal resistivity, deformation resistivity, and impurity 

resistivity [49]. Thermal resistivity describes the near-linear dependence of scattering events on 

temperature due to the increasing atomic vibrations with increasing temperature. Deformation resistivity 

describes the increase in scattering due to an increase in dislocation population within the microstructure. 

Finally, impurity resistivity describes the increase in electron scattering due to defects such as vacancies 

and impurity atoms. Gen3 AHSSs possess higher resistivities than Gen1 AHSSs because of the alloying 

additions (e.g., silicon) necessary for the development of Gen3 microstructures [7, 17, 50], and thus the 

heat evolution (and microstructural development) during resistance spot welding will differ between 

them. 

During spot-welding, the temperature at the interface will increase until the material melts; this 

molten region, or fusion zone, solidifies after the current has stopped and forms the joint between the two 

sheets. The size of the fusion zone increases with an increase in the total heat input as described by 

Equation 2.1, though the fusion zone size eventually reaches a maximum after a given weld time [51ï53]. 

The electrode force influences the contact resistance at the faying surface, and thus the heat evolution 

during welding [54]. High electrode forces are also associated with excessive indentation during welding, 

and this indentation can increase the contact area of the electrodes on the workpiece and thus increase the 

cooling rate of the weld [55]. The weld current has been shown to affect the degree of tempering in the 

subcritical heat-affected zone (HAZ) of some Gen1 RSWs [56] as well as the width of the HAZ [57]. The 

electrode geometry influences the current density beneath the electrodes as well as the cooling behavior 

and thus affects the shape and properties of the fusion zone [58]. Finally, the hold time, or the degree of 

cooling applied after weld current has stopped, may influence the hardness in the fusion zone and HAZ, 

though the effects of hold time on weld mechanical properties can vary based on the weld failure 

mode [59]. Changes in the weld parameters comprising the weld schedule, in addition to the differences 

in substrate microstructure and composition, can lead to significant variation between RSWs that 

complicates possible comparisons in spot weld performance. 
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Figure 2.2 Schematic illustration of the resistance spot welding process with the specific features 

contributing to the bulk resistance in the series identified (R1 ï R7) (reproduced with permission from the 

publisher [48]). 

2.3 Microstructural Evolution During Resistance Spot Welding 

The solidified fusion zone mechanically joins welded sheets but does not solely dictate spot weld 

properties, as a collection of seven distinct microstructures can be identified after welding. At the fusion 

boundary, or the solid/liquid interface present during welding, a feature referred to as a ñweld haloò in the 

literature may also be observed and has been shown to affect weld performance [51ï53, 60]. The heat 

generated during welding dissipates through the surrounding material, altering the microstructure and 

creating the heat-affected zone (HAZ); the mechanical properties of the HAZ can also influence weld 

failure mode and the overall performance of the joint [61ï64]. There are three distinct subregions of the 

HAZ: the supercritical HAZ, the intercritical HAZ, and the subcritical HAZ, corresponding to regions that 

experienced supercritical (above AC3), intercritical (between AC1 and AC3), and subcritical (below AC1) 

maximum temperatures, respectively. Within the supercritical HAZ, a solid-state joint referred to as the 

corona bond is sometimes observed [65ï67]. A certain distance from the weld, a negligible influence of 

the heat on the substrate microstructure indicates the bounds of the HAZ and thus represents the base 

metal. The location and representative microstructures of these regions are displayed for a spot weld in a 

QP980 steel in Figure 2.3 [7]. To investigate the paint-baking effects on RSWs, an understanding of the 

microstructures produced during spot welding is necessary and will be provided in the following section. 
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(a) 

   

(b) (c) (d) 

   
(e) (f) (g) 

Figure 2.3 An overview of (a) a QP980 spot weld indicating the subregions that micrographs (b)-(g) 

represent: the (b) base metal, (c) subcritical HAZ, (d) intercritical HAZ, (e) fine-grained supercritical 

HAZ, (f) coarse-grained supercritical HAZ, and (g) the fusion zone. Etched with 2 pct nital for 5 s. 

(reproduced with permission from the publisher [7]). 

2.3.1 The Fusion Zone 

The fusion zone mechanical properties are influenced by the chemical composition of the substrate 

and the cooling rates during and after solidification. The cooling rates in the fusion zone produce a 

columnar dendritic solidification structure and a primarily martensitic microstructure in most AHSS spot 



 

14 

welds [18, 19, 65, 68ï70]. After melting occurs at the faying surface, convection currents form in the 

liquid due to electromagnetic interactions between the applied alternating current and the liquid metal, as 

illustrated in Figure 2.4(a) [71]. The convection contributes to a uniform temperature and composition of 

the liquid, as demonstrated by the ñincompleteò 4-cycle weld in Figure 2.4(b) and the ñcompleteò 7-cycle 

weld in Figure 2.4(c) [72, 73]. At extended weld times of 15 cycles, inward migration of the fusion 

boundary (i.e., solidification during welding) has been observed, Figure 2.4(d), as evidenced by the 

solidification rings that represent alternating bands of solute-rich and solute-poor regions [73]. The 

alternating bands have been hypothesized to occur due to temperature oscillations about the liquidus 

temperature as a result of the alternating weld current [74], though a specific link between these features 

and weld performance has not been made. While the occurrence of elemental segregation in the fusion 

zone of resistance spot welds has been well documented, characterization and analysis of the 

solidification structure is commonly absent in spot weld studies; the majority of spot weld 

characterization is focused on the solid-state transformations that occur after solidification. 

 

 

(a) 

 

(b) 

 

(c) (d) 

Figure 2.4 Representations of the (a)-(c) the convective flow that occurs in the fusion zone during 

spot welding and (d) a micrograph illustrating the formation of solidification rings during welding with an 

extended (300 ms) weld time. (adapted from [71, 73]). 
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The fusion zones of Gen3 RSWs are generally believed to exhibit reduced strength and toughness due 

to the increased carbon equivalent associated with the carbon and manganese contents of Gen3 steels [9, 

75, 76]. The carbon equivalent concept was originally developed by Dearden and OôNeill to estimate the 

hardenability of welds made in structural steels and today provides a general measure of the weldability 

of a steel [77, 78]. Though many Gen3 spot weld studies report fully martensitic microstructures in the 

fusion zone [9, 10, 18, 19, 65, 68ï70], non-martensitic transformation products such as ferrite and upper 

bainite in Al-TRIP steels [79] and interlath austenite in Si-TRIP and Q&P steels [20, 45] have been 

observed. Increased carbon content has been reported to decrease the prior austenite grain size, martensite 

block thickness, and fracture toughness of the fusion zone [43]. In addition to the martensite 

characteristics, elemental segregation in the fusion zone, namely of phosphorous, has been identified by 

several investigators and is reported to negatively affect fusion zone properties [68, 80ï82]. A significant 

focus of current weld research involves the use of multi-pulse welding to alter the elemental segregation 

in the fusion zone, and this topic will be covered in Section 2.6. 

2.3.2 The Weld Halo 

A spot weld feature that has recently gained considerable attention in the literature is a narrow, 

softened layer that forms at the periphery of the fusion zone referred to as the ñweld haloò. Previous 

reports have been made of halo formation in press-hardened steels [51, 52, 60, 67, 83], DP steels [13], 

high strength low-alloy (HSLA) steels [84], and recently a Gen3 Q&P980 steel [12]. A number of Gen3 

weld failures have been reported to occur along the fusion boundary, though halo formation was not 

identified [7, 10, 15, 19, 75, 85]. Sherepenko et al. suggested that halo formation has not been regularly 

detected using standard microhardness analysis techniques because the AWS D8.9 standard [86] 

recommends indent spacings on the order of 200 µm [52], which exceeds the width of the halo. Halo 

characteristics vary among steels investigated as well as the weld schedules utilized, but typical halo 

widths are on the order of 50 - 100 µm and the decreases in hardness (relative to the fusion zone) are in 

the 50 ï 150 HV range [12, 52, 83, 87]. Some investigators attribute the softening in the halo to the 

formation of ferrite [88] or bainite [89], and these observations are consistent with measurements of 

decreased carbon and manganese contents within the weld halo [52, 81, 87, 89]. The weld halo has been 

hypothesized to form via solute partitioning to the liquid after the solid/liquid interface stagnates during 

welding, and MICRESS phase field simulations have indicated that delta-ferrite could form at the fusion 

boundary and contribute to the observed solute depletion [52].  

Several researchers have found that halo formation occurs at weld times beyond 300 ms at the time 

during welding when growth of the fusion zone slows [51, 52, 60]. Since the fusion zone growth in the 

axial direction (towards the electrodes) stagnates earlier than growth in the lateral direction, halo 
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formation is more significant at the top and bottom (electrode-adjacent) portions of the weld pool [51, 

52]. While these regions are not typically considered to be significant to weld performance, the depletion 

of carbon in the solid, and simultaneous carbon-enrichment in the liquid in this region may contribute to 

the formation of a fusion zone with a carbon content higher than that of the substrate, though 

experimental evidence of this occurrence has not been published. The consensus in the literature is that 

the presence of the weld halo is associated with diminished load bearing and energy absorption capacity 

and efforts are being made to avoid or mitigate halo formation in spot welds [53]. 

2.3.3 The Supercritical HAZ  

The supercritical HAZ is the region of the weld structure that was heated between the AC3 

temperature and the melting point of the alloy and is divided into the coarse- and fine-grained 

supercritical HAZ according to the different peak temperature, i.e., degree of coarsening, observed in the 

austenite during welding. After welding the supercritical HAZ is primarily martensitic, though interlath 

austenite has been reported in some investigations [10, 90, 91]. The fine-grained supercritical HAZ 

typically represents the region of the weld microstructure with the highest microhardness [7, 10, 64, 92]. 

The supercritical HAZ is also the location in which the solid-state bond adjacent to the fusion zone, the 

corona bond, can form [65ï67]. Ma et al. used miniature tensile bars fabricated from the supercritical 

HAZ and reported that the corona bond exhibits high strength but limited elongation [65]; digital image 

correlation has been used by several investigators to show that corona bond failure has no impact on the 

force-displacement curves [65, 67], and so its significance to weld deformation is questionable. 

2.3.4 The Intercritical HAZ  

The intercritical HAZ is the region of the weld heated between the AC1 and AC3 temperatures 

possessing a width of approximately 100 ï 200 µm and thus a sharp gradient in microstructure from 

heavily tempered just below AC1 to fully martensitic just above AC3. Depending on upon the substrate 

microstructure, ferrite formation, austenite formation, and partial dissolution of carbides may occur in the 

intercritical HAZ formed during welding [69], and a ferrite-martensite microstructure is typically 

observed after cooling of the weld. Residual stresses may be prominent in the intercritical HAZ due to the 

difference in thermal expansion between ferrite and austenite as well as the transformation strains 

associated with the formation of martensite [90]. Additionally, the volume change associated with the 

martensitic transformation may increase the density of geometrically necessary dislocations in the 

intercritical ferrite [23]. There have been limited studies on the intercritical HAZ in Gen3 RSWs, but 

Rezayat et al. studied the tensile deformation of Gleeble-simulated microstructures in DP and martensitic 

steels and identified that the intercritical HAZ exhibited the lowest yield stress and the highest 
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strain-hardening exponent of the HAZ microstructures, which the authors suggested may indicate that 

strain localization and weld failure mode could be influenced by the properties of the intercritical 

HAZ [90, 92]. Investigations on welding of low carbon bainitic steels for pipeline applications have 

identified the intercritical HAZ as a low-toughness microstructure due to the formation of a small volume 

fraction of high-carbon austenite in the partially transformed microstructure; high-carbon MA constituent 

found in the intercritical HAZ microstructures led to a sharp decrease in toughness [93ï96]. 

2.3.5 The Subcritical HAZ  

The subcritical HAZ is the region of the spot weld exposed to temperatures below AC1 during 

welding, and this region is effectively rapidly tempered during the spot-welding process. Softening of the 

subcritical HAZ is associated with the tempering of martensite present in the substrate microstructure [63, 

97, 98] and can lead to strain localization that impacts weld performance [64, 97]. The degree of softening 

has been correlated with the fraction of martensite present in the substrate microstructure as well as the 

heat input (current and weld time) used during welding [63, 88, 99]. Softening in the subcritical HAZ has 

been observed in spot welded DP steels [7, 9, 40, 70, 100], martensitic steels [40, 63, 69], press-hardened 

steels [60, 67, 101, 102], and in Gen3 steels with ultimate tensile strengths of 1180 MPa [20, 41, 101, 

102]. However, softening has been reported to be absent in Gen3 steels with 980 MPa ultimate tensile 

strengths [7, 9, 25, 41, 101, 102]. Softening is also absent in the subcritical HAZ of spot welds in many 

conventional automotive steels, such as low-carbon steels [76], HSLA350 [84], and lower strength DP 

grades [56, 76, 103]. Chromium and manganese additions have also been reported to increase the 

resistance to softening by maintaining a fine tempered structure [104, 105], which is consistent with early 

work by Grange [106].  

In addition to a lack of softening, Figueredo et al. and Ramachandran et al. recently reported 

hardening in the subcritical HAZ of a Q&P980 RSW [7, 12, 102]. Saha et al. also observed hardening in 

the subcritical HAZ of laser welded DP780 containing ferrite, martensite, and bainite [107]. Through 

Gleeble® testing and transmission electron microscopy (TEM) characterization, the authors concluded 

that existing cementite and TiC present in the bainitic structures dissolved and were replaced with plate 

shaped M4C3 and needle shaped M2C carbides, leading to a secondary hardening effect. Recent 

characterization by Ramachandran et al. also attributed the secondary hardening phenomenon to the 

transformation of carbides in the substrate microstructure to fine, plate-like M2C carbides, and this study 

was also performed with Gleeble-simulated microstructures [102]. To the authorôs knowledge, an 

investigation into the secondary hardening phenomenon utilizing actual spot weld microstructures has not 

been published. 
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2.4 Paint Baking Effects on Resistance Spot Welds  

One of the late-stage processes during automotive assembly that follows welding and joining of the 

body-in-white is the application of the exterior paint. After painting, the entire body-in-white is moved 

through a large furnace to cure the paint; this curing treatment, referred to as the ñpaint-baking cycleò, 

consists of a 20-minute exposure at a temperature of 170 ï 180 °C [9, 25, 27]. The paint-baking cycle has 

long been utilized in metallurgical design for automotive applications; with alloys like the 6xxx series 

grades of aluminum [108, 109] as well as bake-hardenable steel alloys [110, 111] that are designed to 

achieve full strength after the paint-baking cycle. Advanced high strength steels from both the Gen1 and 

Gen3 families have also been reported to exhibit changes in mechanical properties (particularly in the 

deformed state) following the paint-baking cycle [112, 113]. Recently, several investigators have 

observed that resistance spot welds made in advanced high strength steels, particularly in the Gen3 

family, may exhibit significant improvements in strength, toughness, and failure mode following this 

paint baking cycle [9, 19, 22ï24, 26, 27]. Several researchers have suggested that the paint-baking 

improvements of Gen3 RSWs be considered during automotive design and material qualification [22, 24], 

which requires in-depth understanding of the paint-baking phenomena. While several hypotheses have 

been made regarding the mechanism by which paint baking improves spot weld performance, several 

unanswered questions remain, and this work seeks to address those uncertainties. The following section 

will review the previous findings on the baking effects in spot welds and present the hypotheses that 

investigators have proposed, which serve as the base upon which the present work seeks to build.  

Surveys of Gen1 spot welds have previously identified that cross-tension strength of RSWs decreases 

with an increase in the base material carbon content [114]. As such, the elevated carbon content used in 

the design of Gen3 microstructures is associated with challenges in optimizing spot weld performance in 

Gen3 steels compared with Gen1 steels. A summary of literature data illustrating this trend for RSWs in 

steels with a UTS of 980 MPa is presented in Figure 2.5 for both Gen1 (black diamonds) and Gen3 (red 

circles) steels. While several variables inherent to the spot-welding process, such as weld current, sheet 

thickness, chemical composition, and weld pulse scheme are not accounted for in the figure, a general 

trend is evident that Gen3 RSWs usually exhibit a reduced cross-tension strength compared to Gen1 

RSWs of a comparable fusion zone size. However, the cross-tension strength of Gen3 RSWs after baking 

(solid red circles) appears to be equivalent to that of the Gen1 RSWs. The increase in cross-tension 

strength after baking (illustrated by the arrow length between open and solid red circles) does not seem to 

be correlated to the fusion zone size. Also, recent studies on Gen1 spot welds [9, 22] have indicated an 

absence of baking sensitivity in these steels. The data in Figure 2.5 reinforce the point that the as-welded 

cross-tension strength of Gen1 spot welds is typically superior to the cross-tension strength of the as-

welded Gen3 spot welds, but the baking cycle mitigates this difference. 
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In contrast with the general trend observed in Figure 2.5, a subset of Gen3 RSWs (circled) exhibit 

cross-tension strengths equivalent or superior to Gen1 RSWs of comparable size. Of the seven encircled 

Gen3 RSWs, four were produced using triple-pulse weld schemes, one was a baked double-pulse weld, 

and the remaining two weld schemes were not disclosed [41, 45, 50, 115]. A triple-pulse weld scheme is 

an uncommon welding technique and will not be discussed in the present work; the frequently studied 

double-pulse weld scheme, which is still not fully understood, will be discussed in Section 2.6. 

 

Figure 2.5 Literature trends in cross-tension strength as a function of fusion zone size in Gen1 (black 

diamonds) and Gen3 (red circles) RSWs made in steels with a substrate UTS of 980 MPa. Arrows 

illustrate improvements in cross-tension strength following a paint-baking cycle (solid circles) in Gen3 

spot welds. The encircled open red circles indicate triple-pulse Gen3 welds (data from [6ï12, 17ï19, 25, 

26, 41ï43, 45, 50, 92, 114ï116]). 

Early observations of the paint-baking effect on spot welds were made by Tumuluru during an 

investigation on the lap shear strength (geometry shown in Figure 2.6(a)) of spot-welded DP780 and 

TRIP780 [23], which exhibited increases in lap shear strength of 5.5 and 6.1 pct, respectively, following 

paint baking. The DP780 exhibited button pull-out failure (failure in the HAZ/base metal) and the 

TRIP780 exhibited interfacial failure (shearing of the weld interface), though the peak lap shear strength 

in both welds was similar despite the different failure modes (23 kN in the as-welded TRIP780 and 

23.6 kN in the as-welded DP780). The paint-baking heat treatment differed from other paint baking 

studies by using two 30-minute cycles at 150 °C followed by a 20 minute cycle at 95 °C [23]. Tumuluru 

identified retained austenite, ferrite, twinned martensite, and lath martensite in the HAZ and fusion zone 

of both welds; an increased dislocation density for ferrite in the HAZ compared to ferrite in the base metal 

was also reported. In baked specimens, epsilon carbides were observed within twinned martensite regions 
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in both the fusion zone and HAZ of both steels. These observations served as the basis of a proposed 

mechanisms for the paint bake effect that included Cottrell atmosphere formation in ferrite, increasing the 

yield strength of the ferrite, and tempering of the martensite that led to ñimproved local yielding 

behaviorò in the HAZ and improved toughness in the fusion zone [23]. 

Smith et al. analyzed the baking sensitivity of a range of steels utilizing the standard mechanical 

testing methods for resistance spot welds: the lap shear test (Figure 2.6(a)), the cross-tension test 

(Figure 2.6(b)), and the coach-peel test (Figure 2.6(c)) [24]. Several steels exhibited spot weld baking 

sensitivity, including an HSLA440, precipitation hardened 590, DP600, TRIP780, DP800, and a DP980; 

the authors reported the general trend that baking sensitivity in coach-peel testing increased with an 

increase in substrate carbon content and an increase in substrate ultimate tensile strength [24]. Smith et al. 

did not specifically propose a baking mechanism but included discussion on the diffusion of carbon to 

grain boundaries and dislocations as a possible reason for the improved performance of spot welds. 

   

(a) (b) (c) 

Figure 2.6 Schematic illustrations of the common specimen geometries used for mechanical 

characterization of spot welds: (a) lap shear, (b), cross-tension, and (c) coach-peel. Arrows indicate the 

location and direction of the applied load during testing (adapted from [40, 61]). 

Lap shear (or tensile shear) tests (Figure 2.6(a)) have been shown to indicate a slight effect of baking 

in some welds, though the improvements are small relative to those measured using the cross-tension 

test (Figure 2.6(b)) [22ï24], and so only cross-tension results will be presented. The explanation for the 

difference in baking sensitivity between the different loading modes is still unclear, though it is likely 

related to the different stress states experienced by the nugget and HAZ with the different test geometries. 

While effects of baking on cross-tension performance in Gen3 RSWs have been well documented, the 

failure mode is highly inconsistent, and no clear trend is evident regarding weld failure location and 

baking sensitivity. Eftekharimilani et al. reported a 37 and 47 pct increase in cross-tension strength of 

single- and double-pulse welds, respectively, made in a DH1000 steel, and paint baking did not lead to a 

change in failure mode in either weld. The single-pulse welds exhibited a partial-interfacial failure mode, 
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while the double-pulse welds (that exhibited a greater increase in strength after baking) exhibited plug 

failure (HAZ/base metal failure) before and after baking [25]. Shamsujjoah et al. reported an 82 pct 

increase in cross-tension strength of a single-pulse weld made in a 980HF steel, in association with a 

change from interfacial to partial-interfacial mode [9]. Chabok et al. observed a 63 and 30 pct increase in 

cross-tension strength of single- and double-pulse welds, respectively, with the former exhibiting an 

interfacial to partial interfacial failure transition and the latter exhibiting plug failure before and after 

baking [19]; the authors described the steel used in their experiment as a ñthird generation 1 GPa AHSSᾷᾷ. 

Finally, Marshall et al. reported a 100 pct increase in cross-tension strength and a change in failure mode 

from interfacial to plug failure after baking of single pulse welds in a TRIP1180 steel [117]. These 

inconsistencies in weld failure mode after baking suggest that several regions of the spot weld 

microstructure may be sensitive to baking, or that the effects of baking are influenced by the steel 

composition and welding procedure in ways not yet understood.  

Literature investigations into the effects of paint baking on RSWs have focused extensively on TEM 

characterization of the fusion zone and HAZ with several observations being made of precipitation and 

growth of transition carbides after baking [9, 19, 23, 25]. Shamsujjoah et al. used electron channeling 

contrast imaging to observe intra-lath carbides in martensite in the fusion zone of 980HF welds, leading 

to the conclusion that the baking cycle, via tempering of the martensite, increased the fracture toughness 

of the fusion zone and thus increased the load bearing capacity of the weld [9]. Residual stress 

measurements were made in the 980HF steel as well as a DP980 steel that exhibited no baking effect 

using energy dispersive diffraction at Argonne National Labôs Advanced Photon Source. The analysis 

revealed equivalent residual circumferential tensile stresses of 200 MPa present in the fusion zones of 

both the 980HF and DP980 steels. A peak in residual stress was measured at the edge of the fusion zone 

in both steels, equivalent to 700 MPa in the DP980 and only 550 MPa in the 980HF weld. Baking was 

reported to reduce peak residual stress in the weld, and a greater reduction occurred in the DP980 

weld [9]. The authors concluded that residual stress reduction was a secondary effect of baking in the 

980HF welds, and did not offer an explanation as to the origin of higher residual stresses in the DP980 

welds. 

Chabok et al. further characterized the baking effects on single- and double-pulse welds using micro 

cantilever beams milled in the fusion zone of each condition using a focused ion beam [19]. Micro 

cantilevers were approximately 5 µm wide, 4.5 µm tall, and 15 µm long, with a notch milled at the base 

of the beam to provide a crack length to thickness ratio of 0.35 ï 0.40. A spherical diamond tipped nano 

indenter was used to bend the cantilevers and measure the crack-tip opening and stress-intensity as a 

function of applied force. Fracture toughness of the different fusion zones was then calculated to increase 

after baking from 9.4 to 11.9 MPaĀm1/2 in the single pulse welds and 12.3 to 16.0 MPaĀm1/2 in the 
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double-pulse welds. The authors concluded that tempering of martensite in the fusion zone reduced the 

internal strain, increasing the fracture toughness of the nugget and leading to the improved cross tension 

properties of the single- and double-pulse welds [19]. 

 Tumuluruôs early work proposed yielding behavior of the HAZ as a potentially important 

consideration in paint-baking of RSWs, and while not directly identifying the intercritical HAZ, the 

suggestion of heavily dislocated ferrite implies this region of the weld [23]. However, limited work has 

been done towards further testing these hypotheses. In the authorôs M.S. thesis, the fracture surface of a 

TRIP1180 spot weld tested in cross-tension was shown to transition from ductile microvoid coalescence 

to quasi-cleavage fracture as the fracture progressed into the intercritical HAZ, and this fracture transition 

was not observed in baked welds [26]. Subsequent characterization of the intercritical microstructure in 

Gen3 steels that exhibited significant baking sensitivities revealed that an apparent tempering of the MA 

constituent was observed in the intercritical microstructure, as illustrated in Figure 2.7. Additionally, 

work by Marshall et al. identified that nearly the full baking effect in a TRIP1180 spot weld was observed 

after just 30 s at 180 °C, and tempering of the MA constituent was observed after the 30 s baking 

cycle [117]. Similar findings regarding intercritical HAZ evolution during baking have not been reported 

in literature investigations. To the authorôs knowledge, the only other direct report on intercritical HAZ 

microstructural evolution in response to paint baking was made by Shamsujjoha et al.; the authors 

reported that the intercritical microstructure formed in a Gen3 RSW exhibited no change after baking, 

which was justified using electron channeling contrast imaging [9]. 

Park et al. proposed that the baking cycle promoted austenite reversion in a Med-Mn steel and 

improved the toughness in the coarse-grained HAZ, which was previously embrittled during the weld 

cycle by the dissolution of Ti and Mo carbides [21]. Measurements of carbon content in the austenite 

were not performed, but the authors calculated theoretical diffusion distances of carbon in ferrite and 

austenite matrices to be 1220 nm and 2.7 nm, respectively, and determined that carbon enrichment in 

interlath austenite was possible during the baking cycle [21]. While the paint baking treatment consists of 

considerably lower time and temperature combinations than most austenite partitioning treatments 

utilized in Q&P processing [118ï120], several reports have been made of steels that exhibit significant 

increases in strength and ductility after quenching and subsequently paint baking, with the improvements 

attributed to changes in the austenite during baking [121ï123]. The addition of manganese (around 

7 wt pct) enables the retention of approximately 10 - 20 vol pct austenite in the quenched microstructure. 

The very fine interlath and film austenite requires very short diffusion distances for carbon partitioning 

and stabilization, which contributes to an increase in the uniform elongation during tensile testing of these 

steels. Hou et al. reported that after paint baking of a Med-Mn press hardened steel, the rate of austenite 

decomposition during tensile deformation decreased, and this was associated with an increase in ultimate 
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tensile strength and uniform elongation from approximately 1400 MPa and 2 pct in the unbaked condition 

to 1805 MPa and 16 pct in the paint baked condition [122]. While the manganese content in Gen3 steels 

(roughly 2 to 2.6 wt pct) is typically lower than that of the medium-Mn steels discussed here, Gen3 steels 

also contain elevated silicon contents to inhibit carbide formation during steel processing, and increased 

silicon has been shown to promote the retention of austenite [120]. The mechanisms discussed here may 

be relevant to the paint baking investigations, and the influence of carbon on austenite stability during 

deformation is of interest in the paint baking effect in Gen3 RSWs. 

  

(a) (b) 

Figure 2.7 Examples of the change in MA constituent appearance after baking in the intercritical 

microstructures of (a) TRIP1180 and (b) QP1000 resistance spot welds. Secondary electron micrograph, 

etched with 2 pct nital for 5 s. (reproduced from the authorôs M.S. thesis [26]).  

While the time and temperature of the typical paint baking cycle is fixed to 20 minutes at 180 °C, 

some investigators have examined the effects of paint baking at shorter times to gain insight on the 

potential baking mechanisms. Marshall et al. measured the cross-tension strength for TRIP1180 RSWs 

after interrupted paint-baking treatments to determine the evolution of the paint-baking effect with 

time [117], and a similar study was performed by Park et al. on a dissimilar weld between a Med-Mn 

steel and a DP980 steel [91]. The results of both studies are plotted in Figure 2.8 and show a similarity in 

the rate at which cross-tension strength increases during paint baking between the two steels, and it 
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should be noted that both studies utilized an oil bath to simulate the baking treatment (which, due to 

thermal conduction, promotes very fast heating of the specimens). These results also indicate that most of 

the microstructural evolution contributing to the improved properties after baking is observed in less than 

100 s, with measurable baking effects occurring after 10 ï 30 s in the two steels; the decreased time 

necessary for baking improvements compared to the full baking cycle should be considered regarding 

possible baking mechanisms. 

 

Figure 2.8 The evolution of cross-tension strength with baking time for RSWs made in a TRIP1180 

steel and a Med-Mn steel (data from [91, 117]). 

Considering the results in Figure 2.8, the shortest time and temperature combination associated with 

the paint-baking effect (180 °C for 30 s) was used to calculate carbon diffusion distances of 245 nm in 

ferrite and 0.64 nm in austenite using the equations and diffusion coefficients in [124]. However, 

Park et al. calculated the carbon diffusion distance during a full 20 min baking cycle at 170 °C and 

obtained distances of 1220 nm in ferrite and 2.7 nm in austenite, which the authors used to support the 

hypothesis that carbon partitioning to the interlath austenite (approximately 5 nm thick in their study) 

could occur during baking [91]. The discrepancies in diffusion distances bring into question the degree of 

carbon enrichment necessary for austenite stabilization in these microstructures, and so claims pertaining 

to potential baking mechanisms may need further consideration. It should be noted that carbon 

segregation during quenching is not considered in the present case as was done in [125], and this as well 

as additional factors (diffusion mechanism, activation energies, etc.) will be considered in this work. 

The temperature utilized in the automotive baking cycle is similar to conventional ñbake outò heat 

treatments used to reduce the amount of diffusible hydrogen present in steels, which suggests that 

hydrogen effusion may be a potentially relevant paint baking mechanism. Several potential sources of 

hydrogen exist in AHSSs that include the furnace processing atmosphere, moisture from the ambient 
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atmosphere, and the mill oil [24, 126, 127]. Previous studies by Smith et al. have shown a natural aging 

effect in which the coach peel strength (see specimen geometry in Figure 2.6(c)) of TRIP800 spot welds 

increased 24 hours after welding; the authors measured hydrogen evolution in the as-received welds (with 

surface oil) and reported a peak in the rate of hydrogen evolution at 150 °C [24]; however, no 

experimentation was conducted to test the baking sensitivity of spot welds after degreasing. Conversely, 

Schwedler et al. reported an undetectable hydrogen content in spot welds made in a water-wetted PHS 

steel [126], indicating the conditions leading to hydrogen embrittlement of RSWs may still not be fully 

understood. Considering the rapid progression of the paint-baking effect illustrated in Figure 2.8, the 

rapid diffusion of hydrogen in steels may make this element a potentially interesting subject of study in 

spot weld baking investigations. 

2.5 Mechanical Characterization of Resistance Spot Welds 

The standard geometries for mechanical characterization of spot welds include the cross-tension, lap 

shear, and coach peel geometries (see Figure 2.6 for reference); among these, the cross-tension test has 

been the most common geometry used in the paint-baking investigations in Gen3 RSWs. During 

cross-tension testing, welds can exhibit partial or full interfacial failure (undesired failure modes) or plug 

failure (desired failure mode), and several studies on the paint-baking effect report a change in failure 

mode after baking. A model to predict the strength and failure mode of RSWs tested in cross-tension was 

developed by Chao and is illustrated in Figure 2.9; the model describes the weld failure mode as a 

competition between the fusion zone fracture toughness (dashed line) and the HAZ shear strength (solid 

line) [61]. The lower load of the two loads dictates the type of failure expected for a given nugget (fusion 

zone) diameter, and a critical weld diameter exists above which the failure mode is expected to change 

from interfacial to plug failure.  

Several investigators suggest that the fusion zone fracture toughness, KC, increases during baking 

because a change in failure mode from interfacial to partial interfacial failure was observed [9, 19, 24]. 

However, other studies have shown that baking effects are also observed when plug failure occurs both 

before and after baking [19, 23ï25], which suggests the baking effects are related to a change in the HAZ 

shear strength, Űf. These literature results are not necessarily contradictory but suggest that multiple weld 

regions undergo some microstructural evolution during paint baking, or that different steel compositions, 

different weld schedules, or different substrate microstructures may be associated with RSWs that 

respond differently to the paint-baking cycle. Considering the potentially complex influence of the baking 

cycle on weld failure behavior, as well as the fact that the HAZ is not a single, homogenous weld 

microstructure but a gradient with four different types of microstructures, digital image correlation (DIC), 

an advanced method of characterizing local weld deformation in situ, is useful. 
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Figure 2.9 Illustration of the model developed by Chao that describes the competitive nature of weld 

failure. Dashed and solid lines indicate the interfacial and plug failure modes, respectively. (reprinted 

with permission from the publisher [61]). 

One of the difficulties in analyzing weld failures tested using standard geometries is that the complex 

loading geometry and nature of damage evolution in RSWs produces a weld with up to four separate 

fracture locations in a single cross-sectioned weld. Further, slight variability among weld samples may 

manifest in slight differences in fracture appearance, making it difficult to identify the weld region that 

dictates mechanical performance. In the past, researchers have attempted interrupted testing coupled with 

microtomography and metallography to monitor weld failure progression, though experimentally this 

approach requires a significant amount of preparatory work [28]. To address the difficulty of monitoring 

damage evolution in RSWs in a convenient and timely manner, Mohamadizadeh et al. developed a unique 

specimen geometry, illustrated in Figure 2.10(a), that enables in situ local strain measurement and 

monitoring of damage evolution in RSWs tested in cross-tension [67]. Two welds are made on a single 

specimen to limit rotation during testing and a slot is machined through the mid-plane of each weld to 

enable imaging during testing. A speckle pattern is applied to the polished cross-section of the welds, and 

high-resolution images are acquired during deformation; DIC software can then be utilized to evaluate 

weld strain by tracking the movement of the applied speckles. Typical results, illustrated in 

Figure 2.10(b), provide resolution fine enough to reveal a difference in strain evolution for a weld that 

exhibits a weld halo (top), and one that does not exhibit a halo (bottom). Here, the sensitivity of DIC to 

microstructural evolution in the weld is apparent, as the differences in strain accumulation along the 

fusion boundary (top) and strain accumulation in the HAZ and fusion zone edges (bottom) are clear. This 

mechanical characterization method (modified for lap shear testing) was implemented in the present work 

to examine the effects of baking on strain evolution in the different weld microstructures.  

Perhaps the most limiting factor in comparing un-baked vs. baked weld performance is the possibility 

that changes in one weld microstructure may influence the failure behavior of another region. For 
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example, increased subcritical HAZ softening may alter the stress state in the fusion boundary at the point 

of weld failure, but the damage evolution in the subcritical HAZ might be difficult to quantify during 

analysis of a weld after testing. In situ damage monitoring using the modified specimen geometry could 

reveal behavior of the weld regions that would otherwise be difficult to detect. 

  

(a) (b) 

Figure 2.10 a) Modified specimen geometry with two welds sectioned parallel to a machined slot to 

enable DIC measurement of weld testing in situ. b) examples of results obtained using DIC during cross-

tension testing with the modified specimen geometry. Welds in (a) are shown in red, with arrows in both 

figures indicating the directions of the applied load. (reprinted with permission from the publisher [67]) 

(Color image ï see PDF copy). 

2.6 Multi -Pulse Spot Welding of Advanced High Strength Steels and Fusion Zone Characteristics 

Recent advances in resistance spot welding techniques, particularly in applications involving AHSSs, 

include the implementation of multi-pulse weld schedules to modify the weld microstructure and improve 

mechanical properties. Though multi-pulse welding was not utilized in the present work, these literature 

findings provide background on the current efforts made towards improving Gen3 weld properties and 

provide context on observations made in paint bake investigations, i.e., the different responses of single 

and double-pulse welds to the baking cycle. The reported effects of multi-pulse welding vary based on the 

weld schedule as well as the steel in question, and an in-depth understanding of microstructural evolution 

during multi-pulse welding is still being developed in the literature. The bulk resistance of the 

spot-welded sheets is significantly reduced during the secondary pulse relative to that of the primary pulse 

owing to the elimination of the sheet interface, illustrated in Figure 2.11 [128]. The fusion zone provides a 

relatively free path for electrical current, and so the degree of heat produced is significantly reduced 

compared to the primary pulse. The following section presents literature findings on the reported impacts 

on weld characteristics, like the formation of a órecrystallizedô zone at the edge of the fusion zone, 

homogenization of segregated alloying elements, and the tempering of martensite. 
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Figure 2.11 The distribution of current density (blue lines) along with the axial (QA) and radial (QR) 

heat loss during application of a secondary weld pulse (reprinted with permission from the 

publisher [128]). 

2.6.1 The Application of a Recrystallizing Pulse in Resistance Spot Welding 

Multi -pulse welds have been found to exhibit an óequiaxed grain zoneô around the edge of the fusion 

zone and modified martensitic substructures, which have both been suggested to improve weld 

toughness [10, 14, 19, 43, 68, 85, 129]. Eftekharimilani et al. observed a reduction in martensite block 

width, a decrease in the prior austenite grain size, and an increase in the kernel average 

misorientation (KAM) when a secondary weld pulse was applied to a Gen3 complex phase steel [85]; 

each of these characterizations was classified as a positive improvement on weld performance with a 

greater improvement measured for the secondary weld pulse of slightly lower current than the 

first (5.7 kA vs. 6.2 kA). Chabok et al. reported that the outer region of the fusion zone exhibited an 

equiaxed prior austenite structure for the double-pulsed weld while the single-pulsed weld exhibited an 

elongated, columnar structure [19]. Further analysis of the texture development in the martensitic fusion 

zone revealed that single-pulse welds possessed a strong <001> texture parallel to the fusion boundary, 

whereas the dominant texture in the double-pulse welds was an <011> texture parallel to the fusion 

boundary [19]. A corresponding increase in cross-tension strength from 4.0 to 8.0 kN was measured 

between the single- and double-pulse weld, respectively. In another study, Chabok et al. showed 

double-pulse welding on a DP1000 steel changed the fracture location from the coarse-grained HAZ in 

the single-pulse weld to the recrystallized zone in the double-pulse weld, and the cross-tension strength 

increased from 9.2 to 11.7 kN [42]. The authors attributed the improved performance to greater softening 

in the subcritical HAZ, the formation of a softened órecrystallized equiaxed grain zoneô, and a larger 

fraction of high angle grain boundaries in the coarse-grained HAZ [42]. 
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2.6.2 The Application of a Homogenizing Pulse in Resistance Spot Welding 

Multiple authors have reported a homogenizing effect of secondary pulses on segregated alloying 

elements that become nonuniformly distributed in the partially melted zone (PMZ) found along the fusion 

boundary and the fusion zone. Eftekharimilani et al. examined a range of secondary weld currents in 

RSWs made in a Gen3 steel and analyzed the resulting cross-tension performance in relation to elemental 

segregation in the PMZ and fusion zone measured using electron probe microanalysis (EPMA) [68]. The 

authors observed a dependence of the degree of homogenization on the secondary pulse current ratio: if 

the second pulse was made with a weld current equivalent to the first, reasonable homogenization was 

observed. If the secondary pulse was lower, a lesser degree of homogenization was measured. When the 

secondary pulse was greater than the first, the weld grew beyond the diameter of the initial weld, and 

segregation occurred in the newly solidified structure. The equal current post-weld pulse was associated 

with an increase in cross-tension strength from 2.9 to 5.6 kN, in addition to a change from IF to PF 

mode [68]. Liu et al. observed the homogenization of phosphorous by comparing single- (Figure 2.12(a)) 

and double-pulse (Figure 2.12(b)) welds in a QP980 steel [10]. Similar to the findings reported by 

Eftekharimilani et al., the homogenization was optimized when the secondary pulse current was just 

below the current level of the primary pulse and segregation worsened when the secondary pulse was at a 

higher current than the first. Further, cross-tension strength did not reach a maximum with the largest 

weld diameter but reached a ópeakô at intermediate weld diameters that coincided with the optimal weld 

current ratios [10]. 

  
Figure 2.12 EPMA measurements obtained in the PMZ of the phosphorous distribution in (a) single- 

and (b) double-pulse welds (reprinted with permission from the publisher [10]). 

2.6.3 The Application of a Tempering Pulse in Resistance Spot Welding 

It is generally believed that reduced weld performance in AHSSs is due to the increased alloying of 

the substrate, particularly the carbon content, resulting in a martensitic fusion zone and supercritical HAZ 
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with low toughness. As such, one of the approaches to improving weld performance is to apply a 

secondary pulse to temper the fresh martensite formed after welding, improving the toughness and 

increasing the strength of the weldment. Two welding parameters are manipulated in this approach ï the 

cooling time between weld pulses, and the secondary weld current and duration [10, 14, 84, 128, 129]. To 

ensure that no fresh martensite is formed after the second pulse, the weld must cool to a temperature at 

which the martensitic transformation is ócompleteô after the first pulse. Then, the secondary weld current 

and duration must be selected such that the temperature does not exceed the AC1, otherwise fresh 

martensite may form after the second pulse [20, 129].  

Stadler et al. reported that the degree of tempering experienced by the HAZ is significantly 

influenced by the size of the primary fusion zone, which is dictated by the weld current and time of the 

first pulse [55]. Larger welds exhibited less HAZ tempering than smaller welds, and this observation may 

be due to several phenomena. A larger weld (more heat input) produces a HAZ that is a greater lateral 

distance from the electrodes, and so heat generated during the second pulse may not be sufficient to 

temper the microstructure further away than in a small weld. Additionally, a large weld will produce less 

heat during a secondary pulse compared to a small weld because of the decreased resistance associated 

with a larger cross-sectional area. In addition to a dependence of tempering effects on the primary fusion 

zone size, the heat evolution during multi-pulse welding has been shown to depend on the cooling time 

between pulses, as illustrated by the dynamic resistance measurements shown in Figure 2.13 [130]. The 

resistance measured during welding is shown to decrease for the second pulse with an increase in the 

interpulse cooling time [130], which occurs because material resistivity decreases with decreasing 

temperature, and a longer interpulse cool time removes more heat from the weld. A lower resistance 

during the second-pulse decreases the total heat evolved during the second pulse. These findings illustrate 

the variable nature of the resistance spot welding process and could help explain the variability of the 

reported effects of the multi-pulse welding technique, as a wide range of primary weld currents, cooling 

times between pulses, etc., are utilized in literature studies. 

A decrease in fusion zone hardness has been measured in several studies utilizing a secondary 

tempering pulse and is associated with an improvement in either strength or energy absorption of the 

weld [20, 82, 129]; however, several conflicting reports have been made in the literature. Liu et al. 

reported improvements in mechanical properties after a secondary pulse with no change in fusion zone or 

HAZ microhardness [10], and several authors have observed that the weld schedule that produces the 

greatest reduction in fusion zone hardness does not correlate with optimized weld mechanical 

properties [68, 129]. Taniguchi et al. utilized SORPAS simulations of secondary weld pulses to predict 

the peak temperature that corresponded to changes in cross-tension strength for a range of secondary weld 

currents displayed in Figure 2.14 [82]. Two peaks in cross-tension strength were observed at current 
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ratios of 0.6 and 0.7-0.8, which correspond to peak temperatures at the weld nugget edge of 700 °C and 

1000 ï 1400 °C, respectively. Microhardness and EPMA measurements, respectively, were used to 

confirm measurable softening and a homogenization of the phosphorous distribution in each weld, which 

led to the classification of the first peak as a ñtemperingò pulse and the second peak as a ñsegregation 

modificationò pulse [82]. It should be noted, however, that the error bars (not shown) for the temper pulse 

overlapped with the adjacent data points, whereas the error bars for the segregation modification pulses 

were barely visible adjacent to each data point, suggesting the segregation modification pulses provided a 

significantly more consistent improvement to weld performance. Therefore, the tempering of martensite 

may be a tertiary improvement to fusion zone properties following the recrystallization and 

homogenization effects. 

 
(a) 

 
(b) 

Figure 2.13 The dynamic resistance measured during (a) the primary weld pulse and (b) secondary 

weld pulses with increasing inter-pulse cooling time (data from [130]). 
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Figure 2.14 The evolution of cross-tension strength with varied current ratio compared to a single 

pulse weld (current ratio of 0); boxes identified as ñtemperingò and ñsegregation modificationò were 

characterized as such following SORPAS simulations predicting maximum temperatures at the weld 

nugget edge of 700 °C and 1000 ï 1400 °C, respectively, for the given secondary weld current application 

(data from [82]). 

2.7  Small Punch Testing 

The stress states imposed on the weld regions during mechanical testing include a normal stress at the 

weld interface (in cross-tension and coach peel), a shear stress at the weld interface (in lap shear) and a 

shear stress in the HAZ (in cross-tension, coach peel, and lap shear) [40, 61, 76]. Chao developed a 

failure model to aid in predicting spot weld failure behavior, in which the shear strength of the HAZ was a 

critical component in determining weld failure mode and strength [61]. During early investigations into 

the paint bake effect in RSWs, a difference in óbaking sensitivityô between cross-tension and lap shear 

tests was observed: strength and energy absorption of welds tested in cross-tension increased, while 

insignificant changes were observed for welds tested in lap shear [22, 24]. While it was previously 

mentioned that both mechanical test geometries incorporate a shear stress in the HAZ, it has been shown 

that the degree of shear deformation in the HAZ is related to the coupon geometry [2, 29], with the 

full -width standard lap shear specimens typically exhibiting limited shear deformation in the HAZ [131]. 

Results presented in the authorôs M.S. thesis showed an increase in the baking sensitivity of spot welds 

when decreasing the width of the lap shear coupon (from 40 to 10 mm), indicating that an increase in the 

shear deformation in the HAZ increased the measured baking effect [26]. As such, a method to measure 

the force and energy necessary for through-thickness shearing of simulated HAZ microstructures was 

sought, and the small punch test was identified as a potential method for such characterization. A small 
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specimen punch test was implemented in the M.S. thesis of T. Douthit for characterization of the 

toughness of bar steels exposed to various thermomechanical schedules[132], and so the test fixturing was 

readily available for implementation.  

The small punch test fixture, illustrated in Figure 2.15(a), consists of a sample approximately 8 to 

20 mm in diameter (D) and 250 to 750 µm in thickness clamped between an upper and lower die [133]. A 

punch applies a force, F, and in some cases a linearly variable displacement transducer (LVDT) measures 

the displacement of the test material. In the absence of an LVDT, displacement is measured directly from 

the crosshead. Some studies concerned with comparing small punch data to tensile data utilize 

post-processing to remove the influence of punch compliance from the force-displacement curve and 

obtain a shear strength for the material [133ï137]. The clearance, or difference in radius between the 

punch (Rpunch) and the die (Rdie), influences the size of the shear affected zone and is positively correlated 

to the total amount of plastic deformation observed during a shearing operation [138, 139]. A 

representative force-displacement curve produced during small punch testing is displayed in 

Figure 2.15(b) and exhibits six distinct regions. In the early stages of testing the material undergoes 

elastic and plastic deformation in bending (I & II). Next, plastic deformation in shear along with 

membrane stretching occurs with an approximately linear increase in the load-displacement 

signal (III)  [133, 140]. Finally, a decrease in the rate of hardening is observed with plastic instability (IV), 

followed by fracture of the material with full punch penetration (V) [133, 140]. Specimen fracture during 

small punch testing may occur in a ductile manner with crack initiation occurring during plastic instability 

with a gradual decrease in load, or it may occur in a brittle manner with rapid crack propagation and 

specimen fracture occurring at the maximum load [133]. 

  

(a) (b) 

Figure 2.15 Schematic illustration of (a) the small punch test and (b) a representative force (F) vs. 

displacement (D) curve obtained during small punch testing, with stages of deformation labelled for 

discussion (reprinted with permission from the publishers [133, 140]). 



 

34 

The small punch test method was originally developed to characterize mechanical property evolution 

in materials exposed to radiation in service for nuclear breeder reactors [141]. The primary benefit that 

the small punch test provided was mechanical characterization of a limited quantity of material, such as a 

sample of irradiated material. Small punch testing has since been implemented to characterize the 

mechanical behavior of materials in which a limited sample volume is available, such as the testing of 

gold [142] and the development of alloys for additive manufacturing [133]. Similarly, the potential 

benefit of implementing the small punch test in the present work is the ability to probe a small volume of 

material exposed to a simulated resistance spot welding thermal profile, with reduced concern regarding 

thermal and microstructural gradients in test specimens. Resistive heating devices such as a Gleeble® 

thermomechanical simulator produce heat according to the resistance of a test specimen, and resistance is 

an extrinsic material property that depends on specimen geometry. By reducing specimen width and 

length, heating rates relevant to the resistance spot welding process are more easily attainable [44]. 

2.8 Low Temperature Tempering Phenomena 

The paint baking temperature of 180 °C corresponds to a temperature range associated with the early 

stages of conventional martensite temperingða heat treatment applied to martensitic microstructures to 

improve toughness at the expense of strength and hardness. Tempering of martensite leads to a decrease 

in hardness, and this effect is enhanced with increasing tempering temperature as demonstrated in 

Figure 2.16 with various mechanisms overlain that describe the different stages of tempering for steels 

with varied carbon contents [143]. The figure demonstrates several noteworthy characteristics of 

tempering in low-carbon martensite, such as the increase in as-quenched hardness with increasing carbon 

content and the increased rate of softening in steels with increased carbon content. A vertical dashed line 

has been added to Figure 2.16 at the paint-baking temperature of 180 °C to illustrate the significance of 

the 0th and 1st stages of tempering in the present study. 

The 0th stage of tempering, which occurs at temperatures below 100 °C or even during quenching in 

steels with high MS temperatures, is associated with segregation of interstitial elements (carbon, nitrogen) 

to dislocations and boundaries and the formation of carbon clusters in the matrix [143ï146]. Literature 

studies on this subject have demonstrated that the specific carbon redistribution behavior is dependent on 

the carbon content of the martensite. Genin and Flinn analyzed the Mossbauer spectra of a 1.9 wt pct 

carbon steel in the as-quenched and room-temperature aged conditions; the appearance of a secondary 

peak and the depletion of a ñshoulderò on the primary peak were observed in the specimen aged for 

20 minutes, with minor differences observed after additional aging to 3 days [146]. The authors proposed 

the modifications were due to carbon clusters forming adjacent to iron atoms, changing the number of 

iron atoms with adjacent carbon atoms. Similarly, Mittemeijer and Van Doorn summarized the findings of 
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several investigators to show that carbon segregation and clustering preceded precipitation during 

tempering [147]. Clustering was only measurable in steels with greater than 0.2 wt pct carbon, which the 

authors suggested indicated complete segregation of carbon to dislocations (and thus, no clustering) was 

likely to occur in steels with less than 0.2 wt pct carbon [147]. A similar study was conducted by Speich 

in which the internal friction and electrical resistivity of several low-carbon martensites were measured in 

the as-quenched condition; the results showed that in steels with less than 0.2 wt pct carbon, the majority 

of carbon segregates to dislocations during the quench [143]. It is worth noting, however, that while the 

nominal carbon content of many Gen1 and Gen3 steels is below 0.2 wt pct carbon, the microstructures 

formed during spot welding are heterogeneous; several weld regions, e.g., the intercritical HAZ and the 

interdendritic spaces in the fusion zone, are likely to exhibit carbon-rich phases or regions that may 

exhibit different tempering (paint-baking) behavior than more homogenous regions such as the fully 

martensitic supercritical HAZ. 

 
Figure 2.16 Evolution of hardness with increasing tempering temperature (1 h temper) for steels with 

carbon contents ranging from 0.026 to 0.39 wt pct C with the mechanisms of the various stages of 

tempering overlaid. A vertical dashed line corresponding to the paint-baking temperature of 180 °C has 

been added for reference [143]. Used with permission of The Minerals, Metals & Materials Society. 

Paint Bake 

Temperature 
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Between 100 ï 250 °C, the 1st stage of tempering occurs with the formation of either eta 

(orthorhombic, Fe2C) [148] or epsilon (hexagonal, Fe2.4C) [149, 150] transition carbides and a decrease in 

the carbon content of the martensitic matrix. Early transition carbide precipitation and growth has been 

observed to occur on {100}Ŭ planes [151ï154], and corresponding orientation relationships have been 

proposed by Jack [149] as well as Hirotsu and Nagakura [148]. In the early theories on martensite 

tempering, it was proposed that the martensite carbon content must exceed 0.2 ï 0.25 wt pct carbon for 

transition carbide nucleation and growth to occur during the 1st stage of tempering [155, 156]. In support 

of these theories, many studies on the tempering behavior in medium- and high-carbon martensites have 

identified transition carbides, though the times and/or temperatures (200 ï 230 °C, >1 h),  associated with 

these tempering treatments are typically greater than those observed during the paint-baking cycle [154, 

157ï159]. However, transition carbide precipitation in low-carbon steels have been observed in steels 

with high silicon content (after tempering for approximately 240 h at 150 °C) [160] and internally 

twinned Fe-28Ni-0.1C steels after tempering for 24 h at 100 °C [161].  

 Some investigators have reported transition carbide growth after baking of spot welds in steels with 

greater than 0.2 wt pct carbon [9], while other similar findings have been made but the carbon contents of 

the steels investigated were not reported [19, 22, 25]. Several reports have been made of a significant 

baking effect in RSWs made in steels with less than 0.2 wt pct carbon [24, 26, 117], though exhaustive 

TEM analyses on the presence or absence of transition carbides have not been conducted. It is again 

worth considering the phase transformations in RSWs that result in heterogenous microstructures; 

particularly in the intercritical HAZ, the presence of martensite with carbon contents above the nominal 

alloy composition is expected, and the sensitivity of this microstructure to low-temperature tempering 

could be considered closer to that of medium-carbon martensites. 

2.9 Effects of Select Alloying Elements on Microstructural Evolution 

The development of Gen3 steels was associated with some modifications to steel composition 

compared with Gen1 steels, particularly in consideration of the carbon, manganese, and silicon contents, 

in efforts to retain greater quantities of metastable austenite. The increased quantities of these alloying 

elements have several implications for RSW microstructural evolution and presumably an influence on 

the sensitivity of these microstructures to the paint-baking cycle. Initial focus will be given to the shared 

effects of the alloying elements on the MS temperature, and the following sections will describe the 

general influences of these primary alloying elements on microstructural evolution as they pertain to 

microstructural development in RSWs. 

The potential for auto tempering, i.e., carbon segregation that occurs during the quench, is typically 

greater in steels that exhibit higher MS temperatures. Therefore, a decrease in the MS temperature is 
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considered potentially significant regarding differences in baking sensitivity between Gen1 and Gen3, 

under the assumption that less auto tempering is related to greater sensitivity to baking. Since the 

empirical model developed to predict MS temperatures by Andrews [162], researchers have been 

optimizing MS models for recently developed steels; Kaar et al. developed an empirical model optimized 

for Gen3 chemistries to predict the MS temperature according to 

 MS(°C) = 692 ï 502(C + 0.86N)0.5 ï 37Mn ï 14Si + 20Al ï 11Cr (2.3) 

where the coefficients provided represent the alloying elements carbon (C), nitrogen (N), manganese 

(Mn), silicon (Si), aluminum (Al), and chromium (Cr) [163]. The model, established using 51 steel 

chemical compositions with ranges appropriate for Gen3 steels, reports a similar general dependence of 

the MS on the primary alloying elements, i.e., a decrease in MS with increased carbon, nitrogen, 

manganese, silicon, and chromium, and an increase in MS with increased aluminum [162, 164, 165]. 

Kaar et al. differs from Andrews in the assignment of a nonlinear dependence of the MS on the carbon 

content, and several recent investigators have used a similar approach [164, 166]. The depression of the 

MS with an increase in austenite stabilizing elements (e.g., carbon and manganese) occurs due to the 

increased thermodynamic stability of austenite and thus an increased undercooling necessary to provide 

the driving force required for austenite to transform to martensite. The influence of silicon on the MS 

depression is not frequently addressed nor is it as straightforward as the effects of carbon and manganese, 

as silicon is a known ferrite-stabilizing element [167, 168]. Therefore, silicon might be expected to 

increase the MS in a manner similar to aluminum, demonstrated in Equation 2.3. Likewise, Yeo observed 

that small additions of silicon did in fact increase the MS temperature, but further increase in the silicon 

content decreased the MS temperature [168]. Further consideration of the effects of carbon, manganese, 

and silicon on the MS temperature thus warrants discussion on martensite transformation from a 

thermodynamic perspective, as described in general form according to 
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where r defines the radius of a spherical nuclei, Ў' Ὃ Ὃ , Ὃ  and  Ὃ  are the Gibbs free 

energy and strain energy per unit volume of martensite, and „  is the interfacial energy [169]. Ghosh 

and Olsen described the driving force for transformation as dependent upon components of an elastic 

strain energy, a semi-coherent interfacial energy, and both thermal and athermal components of frictional 

work of the austenite/martensite interface [170]. The authors considered short-range (thermal) and long-

range (athermal) interactions of the stress field associated with the martensite interface with solute atoms 

and other obstacles present in the microstructure to impart a ñresisting forceò on the martensitic 
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transformation. Dislocation motion associated with martensite growth was considered to obtain a relation 

to the isotropic shear modulus, and a ñfrictional strengthò of various solute atoms and their effects on 

shear moduli were modelled [170, 171]. The calculated athermal friction coefficients for carbon, 

manganese, and silicon were 0.0101, 0.0044, and 0.0037, whereas the coefficient for aluminum was 

0.0026 [170], indicating the behavior of silicon (regarding interfacial friction) is more closely related to 

that of carbon and manganese than to aluminum. It is apparent that silicon has a greater resisting force on 

the martensitic transformation than its contribution to the chemical free energy, and the reverse is likely 

the case for aluminum. Additionally, Breinan and Ansell observed that the MS temperature decreased with 

an increase in the flow stress of the austenite, which held true for both deformation and 

composition-based increases in austenite flow stress [172]. Strengthening the austenite may represent 

another possible explanation for the influence of silicon on the MS temperature.  

The implications of Equation 2.3 relate to the likelihood for autotempering at higher transformation 

temperatures and the generally higher MS in Gen1 steels compared to Gen3 steels. Martensite that forms 

at higher temperatures (early in the transformation) typically exhibit greater evidence of tempering in the 

as-quenched conditions [125, 159]. Morsdorf et al. calculated the expected diffusion distance of carbon in 

ferrite, displayed in Figure 2.17, for various cooling rates in a steel with an MS of 423 °C [125]. The 

results indicate that with a cooling rate of 1000 K/s, the carbon diffusion distance in martensite formed at 

approximately 400 °C is 1.5 µm, whereas that of carbon formed in martensite at 200 °C is just 

50 nm [125]. Considering that the diffusion distances associated with the paint-baking effect (Section 2.4) 

were calculated to be 245 nm in ferrite and 0.64 nm in austenite (for the TRIP1180 used in that 

study [117]), the MS may be a critical factor influencing Gen1 and Gen3 RSW baking sensitivities. 

Additional consideration of the influence of silicon on carbon diffusion as well as the diffusion 

mechanism (i.e., 1D, 2D, or 3D considerations) are necessary and will be considered in the present work. 

 
Figure 2.17 Carbon diffusion distance for various cooling rates according to the martensite 

transformation temperature (reprinted with permission from the publisher [125]). 
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2.9.1 Effects of Carbon on Microstructural Development 

The general effects of carbon on microstructural development are reviewed in consideration of 

austenite stability and retention and martensite characteristics and properties. The general influence of 

carbon on the sensitivity of martensitic microstructures to low-temperature tempering was discussed 

briefly in Section 2.8. 

Early investigations on the relationship between martensite properties and carbon content revealed 

two important observations that are illustrated in Figure 2.18. First, a near-linear dependence of 

martensite hardness on carbon content was observed by Kelly and Nutting, Figure 2.18(a), in steels with 

up to about 0.6 wt pct carbon, at which point the dependence begins to plateau [173]. It is well known that 

carbon stabilizes austenite, and here these effects are evident as the decrease in the rate of hardness 

increase with carbon content occurs in association with the retention of increasing fractions of austenite in 

the as-quenched microstructure. The interstitial solid solution hardening from carbon in martensite is just 

one of several strengthening mechanisms of martensite, with work-hardening, twin formation, grain size, 

carbon segregation, and carbide precipitation all potentially contributing to martensite strength depending 

on the steel composition and processing history [169].  

  

(a) (b) 

Figure 2.18 The influence of carbon content on (a) the hardness and (b) the tetragonality of 

martensite. The data in (b) is plotted against XC, the number of carbon atoms per 100 iron atoms ((a) 

reproduced with data from [173], (b) reprinted with permission from the publisher [174]). 

Due to Zener ordering, i.e., preferential positioning of carbon atoms in one of the three possible 

octahedral sublattices [175], an increase in the tetragonality of martensite, or the c/a ratio illustrated in 

Figure 2.18(b), is also observed with increasing carbon content [174]. The ñcò parameter demonstrates a 
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near-linear increase with increasing carbon content, whereas a slight decrease in the ñaò parameter is 

simultaneously observed, and the lower limit of carbon content in which this tetragonality is observed is 

inconsistent according to the literature [176ï179]. In analysis of the martensite tetragonality using a 

combination of XRD and EBSD pattern analysis, Tanaka et al. concluded that martensite tetragonality is 

detectable above 0.44 wt pct carbon, though Hutchinson et al. did not observe tetragonal martensite in a 

steel with 0.5 wt pct carbon [179]. The tetragonality of martensite and corresponding asymmetrical lattice 

distortion leads to plastic accommodation and residual stresses in the microstructure that can subsequently 

influence mechanical properties. 

2.9.2 Effects of Silicon and Manganese on Microstructural Development 

The primary goal of silicon and manganese additions in Gen3 microstructures is to facilitate the 

retention of metastable austenite in the room-temperature microstructure. Silicon acts to increase the 

carbon available for austenite partitioning via the retardation of cementite formation during 

low-temperature processing, e.g., during the austempering of bainite or the partitioning step for Q&P 

steels; likewise, many observations of increased retained austenite contents have been reported with 

silicon additions in Q&P and TRIP steels [120, 180ï182]. Manganese is a known gamma-stabilizing 

element that increases steel hardenability and facilitates the retention of austenite at room 

temperature [167, 183ï186]. The influence of these alloying elements on tempering and mechanical 

properties are reviewed in the following section.  

Silicon is well known to inhibit the tempering of martensite, and there are two leading theories as to 

the mechanism by which this occurs. Owens proposed that rejection of silicon from a growing carbide 

would produce a silicon-rich region around the carbide, increasing the local activity of carbon and 

decreasing the flux of carbon to the particle, thereby limiting carbide growth [187]. Babu et al. proposed 

that cementite nucleation may occur under paraequilibrium conditions, i.e., diffusion of just carbon, 

resulting in cementite with ñtrappedò silicon; as such, the free energy change associated with continued 

cementite growth is reduced and the overall reaction is slowed [188, 189]. Results obtained using atom-

probe tomography provide evidence of carbides with and without silicon partitioning, which suggests 

each mechanism may be active under various tempering conditions. While the specific mechanism by 

which silicon influences cementite growth may be debated, its effects on microstructural development are 

clear, as illustrated by the results of Ray and Mohanty in Figure 2.19 [152] (note the different y-axes in 

(a) and (b)); the figures show that the average carbide size for a given tempering condition is larger in the 

low silicon steel (Figure 2.19(a)) compared to the high silicon steel (Figure 2.19(b)). For example, the 

average length of cementite particles after tempering at 573 K (300 °C) for 2000 s was 1400 nm in the 

low silicon steel and 500 nm in the high silicon steel. 
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(a) (b) 

Figure 2.19 Carbide growth measurements as a function of aging time at various temperatures for 

steels with (a) 0.3 wt pct silicon and (b) 1.5 wt pct silicon. Note the different y-axis ranges between the 

two figures (reprinted with permission from the publisher [152]). 

Manganese has been shown to have similar effects to that of silicon on the tempering response of 

steels, though the mechanism by which this occurs is likely different than for silicon. Grange et al. 

observed the tempering behavior of steels with 0.2 wt pct carbon and manganese contents ranging from 

0.35 to 1.97 wt pct (compositional ranges relevant to Gen1 and Gen3 steels) and found that an increase in 

manganese content diminished the softening during tempering [106]. Manganese was also observed to 

promote the retention of many smaller carbides, and these effects were most prominent at tempering 

temperatures above 300 °C. It is well documented in the literature that manganese has a stabilizing 

influence on cementite and may retard the dissolution of cementite at higher temperature [184, 190], but 

these effects are infrequently considered in the context of microstructural evolution of spot welds. The 

inhibition of tempering facilitated by silicon and manganese may relate to the absence of softening in the 

subcritical HAZ of Gen3 RSWs (discussed in Section 2.3.5), which may affect both the strain partitioning 

during weld mechanical testing as well as the subsequent microstructural evolution during welding, 

though further work is necessary to understand this behavior. 

Silicon has been shown to broaden the range over which transition carbides are stable [152, 153, 191], 

and this is also evidenced by the results in Figure 2.19 that show the retention of the metastable carbide in 

the high silicon steel at the longest tempering time. Pacyna et al. demonstrated a similar behavior of 

manganese on the tempering response of steels with 0.33 wt pct carbon, 0.13 wt pct silicon, and 

manganese contents ranging from 0.76 ï 2.94 wt pct manganese [192]. Due to the low silicon contents, all 

of these steels exhibited cementite formation between 200 ï 300 °C, with an increase in the beginning of 

the transformation observed with increasing heating rate. However, epsilon carbide precipitation was 

observed only in the 2.94 wt pct manganese steel around 100 °C, indicating a stabilizing effect of 

manganese on the transition carbide. Many investigations into the influence of silicon on transition 
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carbide stability have been conducted, but to the authorôs knowledge there has been limited study on the 

corresponding influence of manganese.  

The effects of silicon and manganese on mechanical properties, particularly of ferrite that will 

accommodate the strain associated with martensite transformation, is of interest regarding the 

microstructural development in the intercritical HAZ. Many early studies on martensitic transformations 

identified a sensitivity of the transformation to the mechanical properties of the austenite [168, 172, 193, 

194]. It follows, then, that the transformation of austenite in an intercritical microstructure might be 

influenced by the mechanical properties of the ferrite, and it is well documented that in DP steels the 

volumetric expansion associated with the transformation of austenite to martensite is plastically 

accommodated by the ferrite [195ï198]. Thus, the strength of the ferrite (newly formed or retained from 

the substrate microstructure) in the intercritical HAZ may influence the martensitic transformation (i.e., 

MS and extent of transformation with subsequent cooling), as well as the dislocation density and/or 

stresses produced during the transformation that may facilitate a sensitivity to paint-baking. Leslie 

measured the effectiveness of silicon and manganese as solid solution strengtheners in ferrite, and 

reported increases in the yield strength of 100 MPa for 3 at pct manganese and 150 MPa for 3 at pct 

silicon additions [199]. In a study on the effects of silicon on liquid metal embrittlement susceptibility of 

Gen3 spot welds, Tumuluru included characterization of the effects of silicon on substrate microstructure 

and mechanical properties and found that increasing silicon content led to an increase in the UTS and an 

increase in the steel strength at elevated temperature during tensile testing in the Gleeble [180]. These 

findings suggest that the difference in silicon and manganese contents of Gen1 and Gen3 steels may lead 

to differences in the characteristics of the intercritical HAZ, and these characteristics will be considered in 

the present work. 

2.10 3D APT and TEM Characterization of Low-Temperature Tempered Steels 

The relatively low temperature and short times of the paint baking cycle bring about the assumption 

that the paint bake effect in Gen3 RSWs is associated with the redistribution of interstitial elements. 

Further, the size of some RSW microstructures of interest, i.e., the intercritical HAZ that is approximately 

150 µm wide, precludes characterization via techniques such as M ssbauer emission spectroscopy. As 

such, characterization of the baking-induced interstitial solute redistribution in RSW microstructures 

necessitates the use of specialized techniques such as 3D atom probe tomography (APT). A review of this 

technique and its recent applications in ferrous metallurgy will be given in the following section.  

The local electrode atom probe (LEAPTM), a schematic of which is shown in Figure 2.20, operates on 

the premise of the controlled evaporation and time-of-flight detection of ions with spatial resolutions of 

approximately 0.2 nm [200]. During an APT experiment, the specimen is held at ultra-low vacuum 
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(<10-10 Torr) and cryogenic temperatures (50 ï 80 K) to minimize atomic vibrations, and an electric field 

is generated at the apex of the sharpened specimen via an applied voltage [125, 201ï203]. Then, laser or 

voltage pulses are applied to the specimen to facilitate field evaporation of atoms from the specimen that 

will subsequently be accelerated through the local electrode to a position-sensitive detector. Relevant 

examples of APT analyses include the low-temperature tempering response of martensite [125, 157, 204, 

205] and solute distributions in pre-strained and baked DP and TRIP steels [206]. 

 
Figure 2.20 Schematic illustration of the components in a local electrode atom probe (reprinted with 

permission from the publisher [207]). 

Due to the numerous potential sites for carbon migration during low-temperature tempering, e.g., lath 

boundaries, grain boundaries, twin interfaces, dislocations, carbides, or retained austenite, identification 

of carbon-rich features in APT analyses is nontrivial. Several studies utilize correlative APT/TEM for 

proper identification of phases [179, 202, 204], though this technique is not implemented in all literature 

investigations. It is apparent that the common approach is to consider the geometric component of carbon 

segregation (e.g., planar or linear features, aspect ratios, distributions) in addition to the local carbon 

concentrations associated with various features to enable informed characterization. Several examples of 

APT results showing carbon distributions after low-temperature tempering of martensite are illustrated in 

Figure 2.21 revealing eta transition carbide formation after room-temperature aging (Figure 2.21(a)), 

carbon clustering in as-quenched martensite (Figure 2.21(b)) and carbon segregation to the martensitic 

lath boundaries (Figure 2.21(c)) [157, 202, 204]. Carbon-rich regions appear as linear features in each of 
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the results displayed in Figure 2.21, and differences in length, width, and the distribution of such features 

help enable identification of carbides, clusters, laths, or lath boundaries. Some dislocations are apparent in 

Figure 2.21(c), as evidenced by the non-linear character (sharply curved features) and are shown to be 

enriched in carbon. The consideration of planar features in lath martensite is complicated by the possible 

retention of interlath austenite in the microstructure, due to the geometric similarities between an interlath 

austenite film and a planar lath boundary. Differentiation then becomes a matter of the total carbon 

content, as martensite laths have been associated with 2 ï 3 at pct carbon [125, 179, 202] whereas 

retained austenite usually exhibits 2.5 ï 8 at pct carbon [202, 208, 209]. Other carbon concentration 

measurements have been associated with interpretation of transition carbides (between 8 ï 12 at pct 

carbon [157, 210]), cementite (approximately 25 at pct carbon [201, 211, 212]), and dislocations (between 

3 ï 9 at pct carbon [125, 157]).  

   

(a) (b) (c) 

Figure 2.21 Examples of the spatial resolution achievable in APT characterization of carbon 

distribution (a) in room-temperature aged Fe-15Ni-1C [204], (b) in as-quenched martensite formed in a 

Fe-2.5Mn-0.2Si-0.2Cr-0.225C (wt pct) steel [157], and (c) in as-quenched martensite formed in a 

Fe-0.13C-5.1Ni steel [125] (reprinted with permission from the publishers). 

2.10.1 Mass Spectrum Analysis for Carbon Measurement 

The ability to quantify amounts and spatial distributions of carbon represents one of the principal 

benefits offered by APT in characterizing steel microstructures, and so a review of the potential 

influences on carbon measurements unique to the APT technique is warranted. As demonstrated in 

Section 2.10 above, the local carbon concentrations can vary considerably throughout multiphase or 

tempered martensitic microstructures, and the specific carbon measurements can be critical in feature 

identification. Uncertainty can arise, however, as to whether differences in carbon content are due to 

compositional variation between different alloys, differences in microstructural evolution during 
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processing, or differences in the APT analysis methods. Early APT analyses conducted on martensitic 

steels and steels containing cementite yielded carbon concentrations less than the known carbon content 

in the alloy or the 25 at pct carbon expected in cementite [213ï215]. As such, an investigation was 

conducted by Sha et al. examining the mass-to-charge state (m/n) ratios of a high-purity Fe-1.85C steel in 

consideration of the isotopic abundance of 13C and the potential for carbon clusters of varying m/n ratios 

to convolute carbon concentration measurements [216]. Their findings and subsequent complementary 

studies are reviewed in the following section.  

A typical mass-to-charge state spectrum collected during an APT experiment is illustrated in 

Figure 2.22 for the entire range of m/n ratios expected for elements in this steel [217]. Several peaks are 

identified as those pertaining to carbon-containing species at m/n ratios of 6, 6.5, 12, 13, 18, 18.5, 24, and 

24.5 amu, and these peaks are shown to correspond with carbon monomers, dimers, or trimers (C, C2, and 

C3, respectively), with either a single or double positive charge [217] and these peak identifications are in 

agreement with the literature [212, 215, 216]. Several peaks in Figure 2.22 are identified differently in 

some literature investigations, however, such as the peaks at 36 amu (indexed as FeO2
2+ in [217]) and 

48 amu (indexed as Mo2+ in [217]) corresponding to 12C3
+ and 12C4

+, respectively [201, 216]. Overlapping 

peaks demonstrate the potential difficulties in accurately measuring carbon content when considerable 

quantities of the elements contributing to these peaks (and several others not mentioned) are present in a 

specimen. In addition to the possibility of peak overlap leading to misidentification of atoms and thus 

inaccurate carbon content measurements, the consideration of carbon clustering and the isotopic 

variations in m/n ratios for different carbon species has also been thoroughly investigated as a source of 

inaccuracy in carbon content measurements [211, 216, 218]. 

 
Figure 2.22 An example of a mass spectrum obtained during APT analysis with select peaks 

identified (reprinted with permission from the author [217]). 

In consideration of the isotopic abundance of carbon (i.e., the relative amounts of 12C and 13C) and the 

evaporation of molecular carbon ions (C2, C3, etc.), Sha et al. examined the contribution of 12C2
+ and 
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12C4
2+ molecules to the observed m/n peak at 24 amu [216]. Molecules consisting of two 12C ions with a 

single positive charge will produce the same m/n ratio peak at 24 amu as a molecule consisting of four 12C 

ions with a double positive charge. According to Sha et al., incorrectly attributing the 24 amu peak solely 

as 12C2
+ could lead to a calculated carbon content that is 10% lower than the actual carbon content [216]. 

Sha et al. as well as other investigators have examined the counts observed at the 24.5 amu peak, which 

can be attributed only to a 12C3
13C2+ molecule, to estimate the quantity of 12C4

2+ molecules that contributes 

to the signal at 24 amu [201, 212, 216, 219]. Several investigators have reported that 12C4
2+ ions account 

for 30 ï 60 pct of the signal measured at the 24 amu peak [212, 216, 219, 220], and Kitaguchi et al. 

reported that the ratio between 12C2
+ and 12C4

2+ was influenced by the laser pulse energy [201]. It is also 

noteworthy that the m/n ratio peaks for the larger carbon molecules, i.e., the C4
+, C5

+ and C6
+ molecules at 

48, 60, and 72 amu, respectively, are frequently unaddressed in the literature, though it cannot be 

determined whether these peaks were absent in a given study or simply neglected by the authors.  

Several additional variables related to the hardware and software (reconstruction) associated with the 

APT analysis may influence the carbon measurements and could contribution to discrepancies between 

different investigations. Takahashi et al. showed that with decreasing temperature (from 80 K to 20 K) an 

apparent increase from 24 to 31 at pct carbon was observed in the cementite [211]; a similar finding was 

reported by Marceau et al., in which an increase in carbon and manganese concentrations as well as a 

decrease in iron concentration was observed by decreasing the analysis temperature from 60 to 

20 K [219]. Kitaguchi et al. observed an influence of laser energy and pulse frequency on the apparent 

carbon content as well as the isotopic ratios of iron; the authors concluded that experimental conditions 

associated with a ratio of Fe+ to Fe2+ between 0.2 ï 2 pct was associated with a carbon measurement close 

to that of the expected carbon content in cementite [201]. Experimental variables such as temperature and 

laser energy are typically fixed for a given experiment, and so relative comparison of APT data from the 

same study can be made with minimal concern. However, comparison of APT data between different 

studies should be made with careful consideration of the differences in experimental parameters that may 

lead to analysis-based discrepancies. Two parameters are commonly considered in APT analyses ï the 

detector efficiency and the detection efficiency. Diercks and Gorman [221] describe the detector 

efficiency as ñthe fixed, intrinsic efficiency of the detector as determined by the open area in the 

micro-channel plate,ò which, for a LEAP 4000X Si (the system used in the present work) is reported to be 

57 pct [222]. Diercks and Gorman further detail the detector efficiency as the ñupper-bound for a 

particular instrumentò in consideration of the detection efficiency, which ñrefers to the fraction of species 

within the field of view that are actually incorporated into the reconstructionò [221]. The detection 

efficiency is limited by signal collection artifacts that have been shown to influence the resulting 

concentrations of atoms in the reconstructed dataset [201, 219, 223]; a significant artifact in the analysis 
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of carbon-containing species is the occurrence of multiple-hit events during detector ñdead timeò (also 

referred to as ñpile-upò or ñdetector saturationò) [223ï226]. APT analyses conducted on high carbon 

species have shown increased frequencies of multiple-hit events and thus less than expected carbon 

quantities [201, 219, 223, 227]. 
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CHAPTER 3  EXPERIMENTAL DESIGN AND METHODS 

3.1 Experimental Design 

In designing the experiments to investigate the effects of paint baking on spot-welded Gen3 steels, 

two primary ñattributesò of the spot weld microstructure were considered: mechanical sensitivity and 

chemical sensitivity. Mechanical sensitivity refers to the regions of the weld that experience high stresses 

or strain localization due to the weld geometry and the properties of adjacent weld microstructures. Two 

locations were hypothesized to exhibit high mechanical sensitivity: the fusion zone periphery and the 

intercritical HAZ. The fusion zone periphery lies immediately adjacent to the ñsharp notchò formed at the 

interface of the two joined sheets and draws consideration from some investigators to the fracture 

toughness of the fusion zone. The intercritical HAZ is situated in a narrow band between the softest and 

hardest structures in the weld ï the subcritical HAZ and the fine-grained supercritical HAZ, respectively 

(see Figure 2.3(a)). Weld deformation initiating in the subcritical HAZ may proceed with yielding 

through the intercritical HAZ that may be constrained by the stronger supercritical HAZ. As a result, the 

intercritical HAZ may be exposed to a triaxial state of stress, increasing the sensitivity of the overall weld 

structure to the properties of this narrow HAZ microstructure.  

Chemical sensitivity describes a weld microstructure that may contain microconstituents with 

increased solute (carbon) content compared to the nominal composition, which may exhibit greater 

sensitivity to paint baking. Two regions of the weld are classified as most chemically sensitive: the 

intercritical HAZ and the interdendritic regions of the fusion zone. In the intercritical HAZ, the dual phase 

microstructure of ferrite and austenite that is present during welding leads to enrichment of carbon in the 

austenite. After welding, high carbon MA constituent may remain, and results presented in the authorôs 

M.S. thesis identified a ñtemperingò of this MA during paint baking of spot welds exhibiting 

improvements in mechanical properties after baking [26]. The interdendritic regions in the fusion zone 

exhibit elevated solute content relative to the nominal composition as a result of solute partitioning into 

the liquid during solidification. There have not, however, been any experimental observations that suggest 

the interdendritic regions are involved in weld failures before or after baking. Further, though several 

investigators conclude that tempering of the martensite in the fusion zone represents the primary baking 

mechanism, baking effects have been measured even in cases where the fusion zone was not associated 

with weld failure before or after baking. Thus, in consideration of both mechanical and chemical 

sensitivity, the intercritical HAZ is considered as a weld region of primary interest for identifying the 

critical microstructural evolution leading to the paint bake effect. 

The final aspect in experimental design is the incorporation of a DP steel of similar strength as a 

control for baking sensitivity. Spot welds in DP steels have been reported to exhibit little to no sensitivity 
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to the paint baking cycle. As such, the proposed mechanism by which the paint baking effect manifests in 

Gen3 steels should include an explanation for the absence of baking sensitivity in DP steel spot welds. In 

consideration of the weld attributes previously discussed, along with results obtained in earlier work, the 

following guiding hypothesis has been developed: 

The increase in toughness of the intercritical HAZ microstructure represents a primary baking effect 

responsible for the improved properties in Gen3 spot welds. It is hypothesized that the baking mechanism, 

by either transition carbide precipitation and growth, or by carbon partitioning to interlath austenite or 

MA interfaces within the MA constituent, acts to relieve the supersaturation of martensite, relieving 

internal stresses in the microstructure and increasing the plastic deformation possible in the intercritical 

HAZ. Dual phase steels do not exhibit a baking effect because the intercritical HAZ of DP spot welds 

does not possess a critical combination of a large fraction of martensite and a low MS temperature, and so 

the ñbakingò effects in DP steels can occur upon cooling of the weld. 

The experiments and characterization conducted in this work are intended to further the 

understanding of the paint bake effect by addressing the following research questions that stem from the 

guiding hypothesis: 

¶ By what mechanism does the paint baking effect manifest, and why are the final properties of the 

resistance spot weld affected by this process? 

¶ Does chemical composition of the MA constituent affect the sensitivity to paint baking? 

o The composition of the austenite (MA constituent after cooling) formed in the intercritical 

HAZ dictates the MS temperature (sensitivity to low-temperature tempering, potential for 

autotempering), the product of the martensitic transformation (lath vs. twinned), and the 

structural characteristics of the martensite (c/a ratio, tetragonality). It is hypothesized that 

the martensitic transformations in a 3rd Gen steel will occur at lower temperatures than in 

the DP steel in the intercritical HAZ, and this may influence the fraction of twinned 

martensite and the supersaturation of carbon in the martensite.  

¶ Does microstructural evolution during heating of the resistance spot weld (i.e., subcritical tempering) 

influence the carbon content of the intercritical austenite and how does bulk chemical composition 

influence this behavior? 

o With reduced silicon and manganese contents compared to the 3rd Gen steel, the DP 

microstructure may ótemperô more in earlier stages of welding, forming larger cementite 

particles that may decrease the carbon content of austenite in the intercritical HAZ, 

particularly at lower intercritical temperatures; this would reduce the carbon content of 

martensite formed after welding and thus diminish the baking sensitivity.  
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To address these research questions, several experiments were designed with the goal of isolating the 

various HAZ microstructures, measuring the changes in mechanical performance of these microstructures 

following a paint baking treatment, and characterizing the microstructural evolution that occurred in 

baking sensitive microstructures. Experiments testing the baking sensitivity of simulated HAZ 

microstructures were iteratively developed to more closely simulate resistance spot weld microstructures. 

Collectively, the experiments balanced the tradeoffs between incorporating the stress states found in spot 

weld testing (using specimen geometries known to elicit a baking response) and replicating the 

heating/cooling rates relevant to spot welding. 

3.2 Experimental Techniques 

This section details the experimental methods used during the investigation into the paint bake effect 

in resistance spot welds of AHSSs. The steels and welding procedures used are presented, followed by 

mechanical and microstructural characterization techniques. 

3.2.1 Steels Used in Investigation of Baking Sensitivity 

Two industrially produced, uncoated steels with a thickness of 1.0 mm were used during 

experimentation; the chemical compositions for both steels are provided in Table 3.1. A Gen1 steel, 

DP1000, was selected for comparison with a Gen3 steel, TBF1000, following previous experimental 

findings and literature results that identified differences in baking sensitivity between these two steel 

grades [9, 22, 26]. The naming convention for these steels includes an abbreviation for the type of steel 

along with a number designating the minimum ultimate tensile strength (in MPa) of the substrate. ñDPò 

and ñTBFò, which will be used for the remainder of this work, represent ódual-phaseô and 

ótransformation-induced plasticity (TRIP)-aided bainitic ferriteô, respectively. The substrate 

microstructures are displayed in Figure 3.1 using low- and high-magnification views to illustrate the 

coarse- and fine-scale features of each microstructure, with the rolling direction (RD) aligned horizontally 

and the thickness direction (TD) aligned vertically in the micrograph. The DP and TBF steels both exhibit 

a banded microstructure that is evident in the low-magnification micrographs and is more prominent in 

the DP steel. The DP steel microstructure consists of a ferritic (F) matrix with bands of martensite (M). 

The TBF steel microstructure consists of carbide free bainite with retained austenite (CFB + RA), ferrite 

(F), and martensite (M). The martensite may also be associated with thin film retained austenite. The 

coarseness of the microstructures differs, with some ferrite grains measuring approximately 10 µm in 

diameter in the DP steel, compared to just 2 ï 4 µm in the TBF steel. 
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(a) (b) 

Figure 3.1 The substrate microstructures for the (a) DP and (b) TBF steels observed under low and 

high magnifications; phases identified include martensite (M), ferrite (F), and carbide-free bainite with 

retained austenite (CFB+RA). Secondary electron image, 5 s etch with 2 pct nital. 

Table 3.1 Chemical Composition (in wt pct) of TBF and DP Steels 

 C Mn Si Ni Cr Ti Al  N S P 

1st Gen (DP) 0.15 1.46 0.30 - - 0.002 0.04 0.004 0.007 0.01 

3rd Gen (TBF) 0.17 2.37 1.48 0.03 0.06 0.00 0.05 0.01 0.00 0.01 

 

 B (ppm) Mo Cu Co Nb V W 

DP 0 - - - <0.003 - - 

TBF 0 0.01 0.02 0.00 0.02 0.00 0.02 

 

3.2.2 Resistance Spot Welding Procedures 

Specimens for mechanical and microstructural characterization of welds were prepared using a 

100 kVA Taylor-Winfield Type ERE-12-100 air pedestal spot welder operated at 60 Hz (16.6 ms/cycle) 

alternating current with a TruAmp controller at the Colorado School of Mines. Dome-shaped electrode 

caps with a 6.35 mm face diameter (Tuffaloy, TB25) were used with a cooling water flow rate of 

9.5·10-6 m3/s (1.5 gal/min). The electrode cap replacement and alignment procedures outlined in 

Appendix B were followed during installation of new electrodes, which was performed when the existing 

caps appeared worn down or when other users with different electrode caps needed to produce welds. The 

general operating procedure for resistance spot welding is also summarized in Appendix B.  

 The weld schedule parameters used throughout this work are detailed in Table 3.2. Two weld 

schedules are provided: one for general weld testing and characterization, and another for a study of the 
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weld halo. All mechanical and microstructural characterization presented in this work was obtained from 

welds produced using the weld testing and characterization schedule, unless otherwise noted. It should be 

noted that the weld schedule is quantified by cycles, with one cycle equalto 16.7 ms (i.e., a single current 

cycle with 60 Hz alternating electric current).  

Table 3.2 Weld Schedule Parameters Used in Characterizing Baking Sensitivity 

 
Force Squeeze Pulses 

Weld 

Current 
Weld Time 

Hold 

Time 

Weld Testing and 

Characterization 

4.4 kN 
20 cycles 

(333 ms) 
1 8.0 kA 

8 cycles 

(133 ms) 
200 cycles 

(3.3 s) 
Halo Study 

8, 16, 32, 80 cycles  

(133, 266, 747, 1328 

ms) 

 

3.2.3 Mechanical Testing Sample Preparation 

The procedures used to produce mechanical test specimens for two different experiments are 

presented in the following section. The modified lap shear test was first used for baseline characterization 

of the baking sensitivity in the DP and TBF steels. Digital image correlation (DIC) was implemented 

using a DIC-modified lap shear geometry to characterize the local deformation behavior of DP and TBF 

welds in the as-welded and baked conditions. Then, modified lap shear specimens were utilized for 

characterization of baking effects in furnace simulated HAZ microstructures. Finally, a small punch test 

was implemented for characterizing simulated HAZ microstructures produced via furnace and Gleeble 

heat treatments. Triplicate specimens for all conditions were tested and the resulting load-displacement 

curves were analyzed for maximum force and total energy absorption, or area under the 

force-displacement curve. All mechanical testing was performed on an Alliance® RT1100 screw-driven 

test frame with a 20-kip load cell and a displacement rate of 0.5 mmĀs-1. While loading all specimens, 

tightening of the grips was performed incrementally with manual crosshead manipulation to prevent an 

excessive preloading of the specimen. All tests were initiated with a load cell reading below 20 N. 

Modified Lap Shear Testing 

Rectangles measuring 19 mm wide by 57.2 mm long were cut on a hydraulic shear with the rolling 

direction oriented along the longer dimension. These coupons were welded according to the schematic in 

Figure 3.2(a) representing a modified lap shear geometry with reduced coupon length and width 

compared to the standard geometries, illustrated in Figure 3.2(b) [86, 228]. The modified lap shear 

geometry was developed following previous results that identified a change in the ratio of coupon width 
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to fusion zone size from 10:1 in most standards to 4:1 in the modified geometry enhanced the baking 

sensitivity [26, 86, 228]. The increased baking sensitivity with the reduced coupon width is presumably 

due to the increase in nugget rotation and shear deformation in the HAZ in these specimens.  

 
(a) 

 
(b) 

Figure 3.2 Schematics of the (a) modified and (b) standard lap shear geometries used in RSW 

testing [86, 228]. 

Modified Lap Shear for Digital Image Correlation 

Following work conducted by Mohammadizadeh et al., a method of characterizing the local 

deformation behavior of spot welds during modified lap shear testing using DIC on sectioned welds was 

developed [67]. The resulting DIC specimen geometry, displayed in Figure 3.3(a) and (b), incorporates 

the design principle utilized by Mohammadizadeh et al. with two welds placed on the same coupon and 

one of the welds sectioned along the plane parallel to the tensile axis. The incorporation of a second weld 

helps to reduce rotation of the coupon during testing that would cause the speckled surface of the 

specimen to move out of the focal plane of the DIC camera. To produce these weld specimens, coupons 

are sheared to a size of 38 mm (1.5ò) wide by 57.2 mm (2.25ò) long, with the sheet rolling direction 

aligned with the longer dimension. A jig was designed and 3D-printed to consistently produce uniform 

welds in accordance with Figure 3.3(a). After making the first weld, labelled ó1ô in Figure 3.3(a), the 

specimen was allowed to cool for 1 min to ensure that no residual heat was present in the specimen before 

making the second weld, labelled ó2ô. A scribe was then used to make a line through the center of weld 2 
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parallel to the sheet edge (dashed red line in Figure 3.3(a)). Sectioning of the second weld was determined 

to be a critical step in consideration of weld shunting, i.e., loss of electric current due to short-circuiting 

through the first weld, leading to a smaller second weld. Specimens tested by sectioning the first (larger) 

weld exhibited fracture of the smaller second weld during the test, and this enabled coupon rotation that 

removed the speckled surface from the camera focal plane. Specimens tested by sectioning the smaller 

(second) weld did not exhibit coupon rotation, and so the speckle pattern remained in the focal plane of 

the camera, allowing complete analysis of specimen deformation. The specimen was placed in a fixture to 

ensure a steady cut with an MSX saw and sectioned along the scribe through weld 2 about the entire 

length of the specimen. After cutting, the cross-sectioned weld was lightly ground with 1200 grit silicon 

carbide paper and then polished to a final abrasive size of 1 µm. Polished specimens were etched with 

2 pct picral at room temperature for 10 s to reveal the weld microstructure, as illustrated in Figure 3.3(b). 

 

 

(a) (b) 

Figure 3.3 (a) A drawing detailing the specimen geometry for DIC modified lap shear testing and 

(b) a schematic illustration of the test specimen after sectioning, polishing, and etching for DIC 

measurement; arrows indicate the location and direction of applied force. 

After etching the sectioned weld, two vertical marks were scribed into the polished face of the weld 

specimen to indicate the region of interest for observation during DIC testing, as illustrated by the 

diagram in Figure 3.4(a). Two scribes were made each a distance of 1 mm on either side of the 

intercritical HAZ (white-etching region) on the weld ligament that was not subject to an applied force 

during testing (arrows indicating applied force). To accurately make these scribes, specimens were placed 

in a vice and a ruler was fixed along the specimen edge. A straight edge was placed at the desired scribe 

location, and a razor blade was slowly drawn across the sample surface. The specimens were then 

removed from the vice and two additional scribes, each connecting with one of the first scribes, were 

placed on the top surface of the sheet, as illustrated in Figure 3.4(b). The set of secondary scribes enabled 

the primary scribes to be located after the speckle pattern was applied on the polished and etched face of 

the weld. Thus, the relative positions of the weld microstructures could be determined after DIC analysis 

to quantify the deformation of each region. 
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Once scribing was complete, a thin coat of white, low-gloss spray paint was applied to the etched 

sample surface. Next, a low-gloss black paint was ómistedô over top of the white layer, producing a fine 

speckle pattern. The fine speckle pattern is critical in obtaining high resolution strain measurements 

during testing, so if blotches of paint exceeding one hundred microns were present after speckling, the 

sample was cleaned with acetone and repainted. After the paint had dried, the location of the primary 

scribes was determined by examining the set of secondary scribes on the unpainted surface, and the 

primary scribes were re-made. Re-making the primary scribes ensured that the camera could be accurately 

and efficiently positioned on the region of interest. For testing, specimens were fixed in an Alliance® 

screw-driven test frame. A single camera was then positioned so that the observation region in Figure 3.4 

was aligned with the camera field of view and measurement using 2D DIC could be conducted. 

Specimens were tested at a displacement rate of 0.05 mm/s. Using the VIC Snap® imaging software, a 

10 MP camera acquired images every 200 ms. Image acquisition began synchronously with the crosshead, 

so that an image number could be cross-referenced to a specific point on the force displacement curve. 

After testing was complete, post-processing was performed using the VIC 2D image analysis software. 

  

(a) (b) 

Figure 3.4 (a) An example of the scribe placement on the etched face of the weld specimen with the 

region of interest for DIC analysis outlined and arrows indicating location and direction of applied force, 

(b) an example of the two pairs of scribes placed on the etched face of the weld and on the top surface of 

the sheet to locate the region of interest after the speckle pattern has been applied to the etched weld. 

3.2.4 Dilatometry for Identification of Critical Transformation Temperatures  

Identification of the critical transformation temperatures during heating (AC1 and AC3) was necessary 

to accurately simulate the various HAZ microstructures during subsequent experiments. A TA® 

DIL805A/D quenching dilatometer was used with specimens measuring 4 mm wide, 10 mm long, and 

1 mm thick. As proof of concept for high-rate heating in future testing, specimens were heated to 950 °C 

at a rate of 100 °C/s. The change in length as a function of test temperature, an example of which is 

provided in Figure 3.5(a), was measured for three specimens in each steel. The AC1 and AC3 temperatures 

were identified as the points along the change in length vs. temperature curve where a positive linear 

slope (identified by the dotted red lines) ended and reappeared, respectively, shown in Figure 3.5(b). 
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(a) (b) 

Figure 3.5 An example of data obtained during dilatometry showing (a) the change in length of the 

specimen with increasing temperature; the boxed region indicates the region associated with austenite 

formation. (b) enlarged view of the boxed region in (a) showing the identification of the AC1 temperature 

where the change in length initially deviates from linearity (dotted red lines); the AC3 temperatures is 

identified as the point where the change in length returns to a linear increase with temperature. 

3.2.5 Baking Effects in Furnace Simulated HAZ Microstructures 

Simulated HAZ microstructures in the DP and TBF steels were produced for mechanical and 

microstructural characterization of the baking sensitivity using a furnace for primary testing and a 

Gleeble® 3500 thermomechanical simulator for secondary testing. Initially, specimens were heated in a 

furnace for 5 minutes at temperatures below, within, and above the intercritical range for both steels, and 

then quenched in water. Though the heating rates and hold times used in furnace heating differ by several 

orders of magnitude compared to those of resistance spot welding, this methodology was pursued as a 

means of producing the desired HAZ microstructures in a controllable manner. Then, subsequent heat 

treatments in the Gleeble utilized higher heating rates and shorter hold times to increase the relevance of 

the data to resistance spot welding. Further, this initial experimentation using furnace heat treating allows 

validation of the mechanical test methodologies as a means of quantifying differences in mechanical 

behavior due to the paint baking treatment without the complexities associated with rapid heat treatments. 

The methods presented here were used in preparing specimens for modified lap shear testing as well as 

small punch testing (Section 3.2.6). 

 The modified lap shear geometry presented in Section 3.2.3 was used for the initial HAZ 

simulation experiment; a schematic describing the overall procedure for furnace-simulation of HAZ 

microstructures is provided in Figure 3.6(a)-(d). First, dilatometry was performed (Section 3.2.4) to 

identify the critical transformation temperatures, AC1 and AC3, that would dictate the target temperatures 
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necessary to simulate one subcritical, three intercritical, and one supercritical HAZ microstructure in each 

steel. The AC1 was measured to be 680 °C in the TBF steel and 723 °C in the DP steel. The AC3 for both 

steels was approximately 880 °C. Six welded specimens were heated in a box furnace to either 650, 725, 

775, 825, or 900 ÁC, held for 5 minutes, and quenched in water. Three ñUnbakedò specimens were 

retained in the as-quenched state, while three ñBakedò specimens were submerged in an oil bath at 180 °C 

for 20 minutes. Modified lap shear testing was then conducted according to the procedure in 

Section 3.2.3. The analysis of mechanical test data included measurement and comparison of the 

maximum force measured during modified lap shear testing and the energy absorption (area under the 

force-displacement curve) in unbaked and baked conditions, with the average and standard deviation of 

each triplicate being reported. 

 
(a)  (b)  (c)  (d) 

Figure 3.6 A schematic illustrating the processing methods for modified lap shear testing of the 

furnace-simulated HAZ microstructures; (a) six welds per steel were prepared for each target temperature, 

(b) all six welds were heat treated at temperatures of 650, 725, 775, 825, or 900 °C for 5 minutes and then 

quenched in water, (d) half of the welds remained in the as-quenched state, referred to as ñUnbakedò and 

the other half, referred to as ñBakedò were submerged in an oil bath at 180 ÁC for 20 min, (d) specimens 

were mechanically tested until weld failure. 

A procedure similar to that outlined in Figure 3.6(a)-(d) was repeated for the next stage of mechanical 

testing in which the small punch test was used to characterize the baking sensitivity of simulated HAZ 

microstructures. This stage of experimentation was intended to validate the small punch test for use in 

characterizing the baking sensitivity of Gleeble-simulated HAZ microstructures, as this test method had 

not been implemented in paint-baking investigations previously. Coupons of the as-received steel 

measuring 12 mm square by 1 mm thick were prepared by shearing. Four specimens from each steel were 

placed in the furnace for 5 minutes at temperatures of 775, 825, and 900 °C and then quenched in water. 
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As a control, four specimens were also left in the as-received condition (base). Two specimens from each 

condition were tested in the as-quenched state (ñUnbakedò) and the remaining two specimens were held 

at 180 ÁC for 20 minutes in an oil bath (ñBakedò) prior to testing. Shear-punch testing was performed, and 

the resulting force-displacement curves were analyzed for maximum force during testing as well as the 

energy absorption (area under the force-displacement curve). 

3.2.6 Gleeble Simulation of HAZ Microstructures  

Gleeble simulation of HAZ microstructures was conducted in two phases: the first phase utilized a 

thermal profile similar to that observed in the spot weld literature with a heating rate of 500 °C/s followed 

by a 1 s hold time and a helium quench [90, 180, 229, 230]. Characterization of these specimens revealed 

poor agreement between simulated microstructures and actual spot weld microstructures, so a second 

phase of Gleeble simulation was implemented. Phase two implemented a heating rate of 2000 °C/s, a 

0.1 s hold time, and a water quench. A contact dilatometer was used for identification of critical 

transformation temperatures during Gleeble simulations (AC1, AC3, and MS); all three measurements were 

obtained during phase one testing, but only AC1 and AC3 could be measured during phase two testing due 

to the high cooling rates and disturbance of the dilatometer during water quenching. 

Specimen Fixturing, Equipment, and Gleeble Methods 

Simulation of the weld HAZ microstructures was conducted using a Dynamic Systems Inc. 

Gleeble® 3500 thermomechanical simulator. The pocket jaw system and copper sheet grips were used for 

specimen fixturing. Thermocouples were welded approximately 2 mm apart at the centerline of a coupon 

100 mm long and 12 mm wide, with the sheet rolling direction oriented along the 100 mm dimension. 

The specimen geometry was selected following literature results that identified the use of this geometry 

enabled a heating rate of 2000 °C/s in the Gleeble [44]. The specimen was positioned within the grips 

such that a free span length, or distance between the grips, was approximately 24 mm. A schematic 

detailing the specimen fixturing and dimensions is given in Figure 3.7(a), and an image of the 

experimental setup is provided in Figure 3.7(b). Tightening of the grips was performed incrementally with 

pre-load removed via actuator displacement, and heat treatments were initiated with a load cell reading 

less than 0.1 kN in magnitude. Once the grips were fully tightened, a quartz rod contact dilatometer [DSI 

CCT Dilatometer #39018] was positioned at the mid-length of the coupon, aligned with the 

thermocouples. Quenching was implemented using a DSI quench head [DSI Standard Quench Spray 

Assembly #GN9300AS1] that was positioned with the spray nozzles pointed at the mid-length of the 

specimen. The regulator on the quench tank read 50 psi for all quenching setups. Between heat 

treatments, compressed air was used to remove water from the grips and pocket jaw system between tests. 
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(a) (b) 

Figure 3.7 Details on specimen fixturing for Gleeble heat treatment shown via (a) schematic and (b) 

image of the experimental setup with critical components identified. 

The program developed for Gleeble heat treatments incorporated a 0.7 kN tensile force applied with 

the air ram prior to the start of the heat treatment. This tensile force accommodated the linear expansion 

of the specimen upon heating and mitigated buckling during heat treatment. Heat treatments began with a 

10 s initialization period at room temperature to allow the air ram to reach the target pressure and for the 

heating system to be primed for rapid heating. Specimen heating at a rate of 500 °C/s (phase one) or 

2000 °C/s (phase two) was followed by a hold time of 1 s at target temperatures of 650, 700, 725, 745, 

790, 850, and 925 °C (phase one) or a hold time of 0.1 s at target temperatures of 550, 625, 700, 750, 800, 

925, and 1200 °C (phase two). The target temperature range in phase two was modified to expand the 

range of simulated HAZ microstructures to include the coarse-grained supercritical HAZ. Further, the 

temperature range was shifted lower to compensate for the temperature overshoot that occurred with the 

higher heating rates in phase two. During most tests, the peak temperature measured was in the range of 

50 ï 100 °C above the programmed target temperature, and the corresponding mechanical test data are 

plotted as a function of this measured peak temperature, rather than the programmed temperature. After 

the hold, a helium quench was applied for 3 s in phase one and a water quench was applied for 1 s in 

phase two. During phase two, the water level in the quench tank was closely monitored to ensure all tests 

were fully quenched with water. When the tanks were close to being empty, the quench system was 
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de-pressurized and the tanks were refilled with tap water. Then, the quench system was run for several 

seconds to bleed the air out of the system prior to running the next test, ensuring that the next specimen 

was not quenched with an air/water mixture. Data were acquired at a rate of 1000 Hz, and proportional, 

integral, and derivative control values were set to P = 0.003, I = 0.03, and D = 0.0005, respectively. 

Characterization of Critical Temperatures 

Both the dilation and temperature measurements were acquired during Gleeble heat treatments for 

both phase one and phase two Gleeble testing. The dilation data acquired during heating were analyzed 

for AC1 and AC3 in the same manner as described in Section 3.2.4. The data obtained during the quench 

cycle were analyzed for MS using both the dilation and the temperature measurements. An example of the 

raw data is shown in Figure 3.8(a) and provides the specimen temperature and the change in width of the 

specimen as a function of time during testing. These data were differentiated as a function of the time, and 

re-plotted against the test temperature, shown in Figure 3.8(b). The plot shown in Figure 3.8(b) displays 

the heating/cooling rate (red line) and the rate of length change (black line) as a function of test 

temperature for both the heating (top curves) and cooling (bottom curves) cycles as indicated by the 

arrows in the figure. When the quench is initiated, the cooling rate and differential change in width 

become negative and, after an initial sharp decrease in the cooling rate and rate of length change, appear 

to exhibit a linear decrease with decreasing temperature (read from right to left in Figure 3.8(b)). In this 

linear region, discontinuities identified in each curve correspond to the simultaneous increase in specimen 

volume and the evolution of heat associated with the martensitic transformation [231]; the temperature at 

which this discontinuity begins is identified as the MS temperature, indicated by the vertical dashed line. 

  
(a) (b) 

Figure 3.8 An example of (a) temperature (red line) and width (black line) measurements obtained 

during Gleeble-simulation of HAZ microstructures and (b) the same data differentiated according to test 

time and plotted as a function of test temperature to identify the MS temperature (vertical dashed line). 
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While both sets of data were acquired for all specimens, the dilation data were frequently unusable 

due to excessive noise in the measurements, presumably due to vibration of the dilatometer in response to 

the quench gas. Therefore, all MS measurements reported here have been taken from the differentiated 

temperature data. Neither the temperature data or the dilation data provided useful information during 

quenching for phase two of the Gleeble testing, presumably due to the high rate of cooling during water 

quenching, i.e., heat was extracted faster than an increase in heat could be measured. Therefore, the 

results presented here for MS measurements taken during Gleeble heat treatments will only be provided 

for the phase one experiment. 

3.2.7 Small Punch Testing 

Mechanical characterization of both furnace- and Gleeble-simulated HAZ microstructures was 

conducted using small-punch testing and microhardness. To prepare specimens for small-punch testing, 

furnace-simulated HAZ specimens were sheared to 12 mm squares, Figure 3.9(a). To prepare the Gleeble 

simulated specimens, two cuts were made 6 mm from the midline in each direction to produce a 12 mm 

square, (c in Figure 3.9(b)), the center of which would be the punch location (circle in Figure 3.9(a) and 

(b)). The ñplusò and ñminusò signs in Figure 3.9(b) indicate the positions of the thermocouple attachment 

points in the Gleeble-simulated specimens. 

  

(a) (b) 

Figure 3.9 Schematic illustrations of the small-punch test specimens prepared using (a) box furnace 

and (b) the Gleeble. The centered circle indicates the punch location, while the ñplusò and ñminusò signs 

in (b) detail the thermocouple wire attachment points. Gleeble specimens were sheared 6 mm from the 

midline of the specimen to produce a 12 mm square (box c in (b)) taken from the center of the 24 mm free 

span length, or distance between the grips. Specimens were sectioned along d-d after testing for 

microstructural characterization and microhardness analysis. 

Small punch testing was conducted at the Colorado School of Mines utilizing a test fixture from the 

work of T. Douthit [29]. A detailed drawing of the small punch and die and fixturing provided by 

J. Johnson is provided in Figure 3.10, and detailed mechanical drawings of the test fixturing can be found 

in Appendix A of the M.S. thesis for T. Douthit [29]. Two large rams (A and G) serve as backing fixtures 
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for the punch (D) and the dies (E and F). A stud (B) connects the lower ram with the punch holder (C). 

The specimen is clamped between the punch insert (E) and middle die (F) that are then bolted to the upper 

ram (G). The punch is a cylinder with a diameter of 2.54 mm and a length of 50.8 mm and made from 

52100 steel hardened to 60-62 HRC. A new punch was installed in the test fixturing after 15 tests to avoid 

variation in results due to punch degradation. Small punch testing was conducted on an Alliance® 

RT1100 20-kip screw-driven test frame at a displacement rate of 0.05 mm/s. Six specimens per target 

temperature were simulated in each steel for each test; three specimens were tested in the unbaked 

condition and the remaining three were tested after baking. 

 

Figure 3.10 A detailed drawing, provided by J. Johnson, of the small punch and die fixturing used in 

the M.S. thesis of T. Douthit [29]. The components are labelled according to the following: (A) bottom 

ram, (B) stud, (C) punch holder, (D) punch, (E) punch insert die, (F) middle die, and (G) top ram. The 

specimen is fixed between (E) and (F). The schematic has been rotated for spatial considerations. 

Reprinted with permission from the author.  

To determine the appropriate post-processing procedure for the small-punch testing data, a series of 

interrupted tests were performed and specimens sectioned to examine the progression of specimen 

deformation during testing, the results of which are displayed in Figure 3.11. Four specimens were tested 

at increasing displacements with the final specimen being tested until failure; the end points of these 

curves are indicated by the diamonds labelled 1-4 in Figure 3.11(a). The sectioned views of the specimens 

corresponding with curves 1-4, along with the peak force measured during testing, are displayed in 

Figure 3.11(b). All curves in Figure 3.11(a) exhibit an inflection point at a force of 1 kN that has been 

reported in the literature to represent elastic bending of the specimen prior to shear deformation [133]. 

The sectioned view of specimen 1 in Figure 3.11(b) confirms the absence of plastic deformation in the 

specimen loaded beyond the inflection point to a force of 2.7 kN. Between points 1 and 2 yielding of the 

specimen initiates and proceeds with increasing displacement according to the behavior displayed in 

Figure 3.11(b). As the intent of the small punch test is to analyze the deformation response of the 

specimens in response to an applied shear, all data were trimmed below a force of 1.7 kN, represented by 

the horizontal dashed line in Figure 3.11(a). After trimming, the next five data points were used to obtain 

the slope of the force-displacement curve prior to specimen yielding. A linear regression using the 
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calculated slope and a force (y-value) of 0 kN provided the displacement value that was collinear with the 

linear portion of the trimmed force-displacement data, as illustrated by the dotted line in Figure 3.11(a). 

Then, this displacement value was subtracted from the entire data set, shifting the data to the origin. An 

example of the Python® code used to process the small-punch data is provided in Appendix C. After data 

had been processed, the area under the force displacement curve was measured to provide the energy 

absorbed during small punch testing. The peak force measured during testing was also recorded. It should 

also be noted that this trimming procedure was implemented only for the Gleeble-simulated 

microstructures, and not in the furnace tested specimens, as the former testing served to validate the test 

method as a means of detecting differences in baking sensitivities, whereas the latter sought to accurately 

quantify differences in baking sensitivity between different conditions. 

  
(a) (b) 

Figure 3.11 A plot of (a) four force-displacement curves obtained during interrupted small-punch 

testing with increasing punch displacements and (b) cross-sectioned views of the specimens 

corresponding to curves 1-4 in (a). Specimens in (b) are labelled with the peak force measured during 

testing. The horizontal dashed line in (a) represents the force below which data were trimmed. The dotted 

line represents the linear regression obtained from the first five data points of the trimmed data set that 

was extended to the x-axis (at a force value of 0 kN). 

After small punch testing, an MSX saw was used to section specimens along the rolling direction, 

approximately through the middle of the punched hole (section line d-d in Figure 3.9(a) and (b)). 

Sectioned specimens were mounted, ground, and polished using standard metallographic techniques. 

Approximately 3 mm from the punched hole, 15 indents spaced 150 µm apart were made using a LECO® 

AMH55 with a 200 g indenter force and 10 s dwell time. Indent measurements were performed using the 

Cornerstone® analysis software. Specimens were then etched in a 2 pct nital solution for 5 s for 

microstructural analysis using a JEOL® 7000F field emission scanning electron microscope operated at 

20 kV and a 10 mm working distance. 
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3.2.8 Advanced Microstructural Characterization 

Following mechanical characterization of the baking sensitivity in simulated HAZ microstructures 

using both the modified lap shear test as well as the small punch test, select microstructures in simulated 

and actual spot welds were examined to obtain evidence of microstructural evolution during baking that 

may contribute to an understanding of the ñpaint bake effectò. The methods described in this section were 

used in preparation of specimens for scanning electron microscopy (SEM), Mössbauer effect 

spectroscopy (MES), transmission electron microscopy (TEM), and 3D-atom probe tomography (APT). 

Samples prepared in the as-welded condition were mounted in a low curing temperature epoxy consisting 

of a 4:1 ratio of EpoxiCure 2 resin (Buehler, #203430128) to EpoxiCure 2 hardener 

(Buehler, #203432032) with 10 mL conductive filler (Buehler, #208500). Samples prepared in the baked 

condition were mounted in Bakelite powder (Leco, #812-122) at a temperature of 160 °C and a pressure 

of 4000 psi for 6 minutes. All specimens were ground and polished using standard metallographic 

techniques using a final abrasive size of 1 µm. To ensure the target microstructures were characterized, 

microhardness profiles of all weld specimens were obtained prior to imaging or extracting lift-outs and 

APT needles. Microhardness profiles of welds were made using a LECO® AMH55 automated hardness 

indenter equipped with Cornerstone® analysis software. Micro-indentation traverses were made at 

approximately the quarter-thickness position relative to the bonded interface of the weld. An array of 25 

indents spaced 150 µm apart was positioned with the center of the weld at the end of the array. An 

indentation force of 200 g and a hold time of 10 s were used. Specific HAZ microstructures were 

classified based on the microhardness profile; the different HAZ microstructures were identified 

according to the regions in Figure 3.12, as done in the literature [15, 89, 90, 92]. 

 
Figure 3.12 An example microhardness profile of a resistance spot weld illustrating HAZ 

subclassifications based upon microhardness of the substrate (base) metal, the subcritical HAZ, the 

intercritical HAZ, and the supercritical HAZ. 
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Images were acquired, or liftouts extracted, adjacent to an indent corresponding to the microstructure 

of interest. The microhardness values and microstructures associated with the various HAZ subregions 

were used in comparison of simulated HAZ microstructures to actual spot weld microstructures. 

Scanning Electron Microscopy 

Microstructural analyses were conducted on a JEOL® 7000F field-emission SEM with an 

accelerating voltage of 20 kV and a working distance of 10 mm. Prior to imaging, specimens were etched 

in a 2 pct nital solution for 5 s. After etching, specimens were rinsed with deionized water, cleaned with 

soap and water, and then sonicated in a bath of methanol for 10 minutes. Simulated subcritical, 

intercritical, and supercritical HAZ microstructures were imaged and compared to the corresponding 

microstructures in actual spot welds for a qualitative comparison of the simulated and welded HAZ 

microstructures. As-welded and baked specimens in both simulated and welded microstructures were also 

compared to observe any microstructural evolution that may be associated with the improvements in 

mechanical performance of baked specimens. 

Retained Austenite Measurements 

Magnetic saturation measurements were used to quantify the retained austenite content in the second 

phase of Gleeble-simulated HAZ microstructures, as microhardness and microstructural characterization 

revealed these specimens most closely resembled the target spot weld microstructures. Measurements 

were performed using a Metis® magnetic saturation austenitic-ferritic tester. After Gleeble simulation, 

specimens were sheared according to Figure 3.9, and the square measuring 12 x 12 x 1 mm was used for 

the magnetic saturation measurement. The instrument was calibrated using a pure Ni (99.96 pct purity) 

sample with a 2.208 µB magnetic moment.  

Mössbauer Effect Spectroscopy  

 The fractions and carbon contents of carbide and retained austenite phases pre- and post-baking in 

the furnace-simulated HAZ microstructures were quantified using MES. The analysis included only 

simulated HAZ microstructures as actual spot weld microstructures are not present in large enough 

volumes for MES analysis. Specimen preparation followed the procedure detailed by Euser et al., in 

which specimens were ground to a thickness of 80 µm and subsequently thinned in a solution of 10 parts 

deionized water, 10 parts hydrogen peroxide, and 1 part hydrofluoric acid until a thickness of 20ï30 µm 

was achieved [232]. Room temperature Mössbauer spectra were acquired with a 57CoïRh source using a 

spectrometer operating in the triangular constant acceleration mode and a Wissel data acquisition module 

(CMCA-500 USB). Samples were run until high precision counting statistics were obtained to allow 

detection of small quantities of austenite and carbide phases. Velocity calibration and the isomer shift 
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zero value were established with a pure bcc-Fe foil. Subspectra were fitted using Lorentzian line shapes 

with WinNormos V3.0 coupled with IGOR Pro V6.3 software. Thickness and recoilless fraction 

corrections were part of the quantitative analysis. Further details are provided elsewhere [233].  

Transmission Electron Microscopy  

The intercritical and supercritical HAZ microstructures of the as-welded and baked spot welds in both 

the TBF and DP steels were examined using TEM to investigate possible microstructural evolution 

occurring during baking. These microstructures were examined after mechanical testing identified 

differences in baking sensitivities between these simulated microstructures in both steels. Site-specific 

TEM lift outs were prepared using an FEI® Helios 600i dual beam SEM/focused-ion beam (FIB) 

operated at an electron beam accelerating voltage of 5 kV and an ion beam accelerating voltage of 30 kV 

unless otherwise noted. Lift-outs taken from the intercritical HAZ were prepared at a location halfway 

between the minimum microhardness in the subcritical HAZ and the maximum microhardness in the 

supercritical HAZ, at approximately 360 HV positioned at 2000 µm in Figure 3.12. Lift-outs in the 

supercritical HAZ were taken from the location with the maximum microhardness, approximately 

460 HV positioned at 2250 µm in Figure 3.12.  

Lift -outs were prepared by first depositing a 0.6 µm layer of platinum approximately 1.5 µm wide by 

15 µm long using the electron beam. The specimen was then tilted to 52° and an additional 2 µm layer of 

platinum was deposited (0.79 nA) using the ion beam before ion milling regular cross-sections on both 

sides of the long dimension of the lift-out (9.3 nA). The cross-sections measured 20 µm in length, 13 µm 

in width, and 16 µm in depth, and produced trenches on both sides of the lift-out as shown in 

Figure 3.13(a). After forming the trenches, the specimen was tilted back to 0° to mill (2.5 nA) the sides 

and the bottom of the lift-out, as shown in Figure 3.13(b), leaving a small connection on one side. The 

stage was rotated 180° and the same cut was repeated, ensuring no redeposition had gathered between the 

specimen and the trench, in which case the stage would be rotated 180° again and the sides and bottom 

re-milled. Then, an Omniprobe nano-manipulator was welded to the side of the lift-out adjacent to the 

connection point using platinum deposition (80 pA) before the ion beam was used to mill away the 

connection point (2.5 nA) and free the specimen. The Omniprobe was then raised removing the lift-out 

from its place, Figure 3.13(c). The lift-outs were all welded to a copper TEM half-grid using platinum 

deposition (80 pA) on both sides of the lift-out before thinning and final cleaning procedures. After the 

first set of platinum welds were made, the Omniprobe was cut from the top of the lift-out and removed. 
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(a) (b) (c) 

Figure 3.13 Images depicting the lift-out procedure used for creating TEM specimens; (a) trenches 

milled along the length of the platinum layer, (b) milling along the bottom and sides of the lift-out to 

prepare for extraction, (c) welding the Omniprobe nano-manipulator to the lift-out for specimen 

extraction following the final cut. 

The thinning and cleaning procedure to produce TEM specimens began with the FIB lift-out welded 

into the notch of a TEM half-grid, illustrated in Figure 3.14(a). The specimen was over-tilted to 53.5° to 

compensate for beam spreading and produce a uniformly thinned lift-out. Thinning began with a 

rectangular cut being made along the top of the lift-out approximately halfway into the platinum layer 

(0.79 nA). A second rectangular cut was made (0.23 nA) an additional 100 nm into the platinum layer to 

clean this side of the lift-out; additional 100 nm cuts were made until the cut face was relatively free of 

curtaining, as illustrated in Figure 3.14(b). The specimen was tilted back to 0°, rotated 180°, and again 

over-tilted to 53.5° before milling a second rectangle approximately 800 nm away from the initial cut 

(0.79 nA). Then, a cleaning cross-section was performed 100 nm from the adjacent cut (0.23 nA). Once 

the lift-out reached the desired thickness (approximately 100 nm) the specimen was tilted to 45° and the 

accelerating voltage of the ion beam set to 2 kV. A rectangle was placed over the specimen and a milling 

operation with a depth of 50 nm was performed (72 pA) for final cleaning and removal of any damage left 

by the ion beam operated at the higher accelerating voltage. The specimen was then rotated 180° and the 

opposite side cleaned in the same manner. Once the lift-out had reached the desired thickness it would 

appear bright (electron-transparent), as illustrated in Figure 3.14(c), using an electron beam accelerating 

voltage of 10 kV. 

The as-welded and baked microstructures of the intercritical and supercritical HAZ were examined 

using an FEI® Talos F200X TEM operated at an accelerating voltage of 200 kV with a spot size of 6. To 



 

68 

successfully locate and identify the phases observed during TEM characterization, the crystal structures, 

lattice parameters, and orientation relationships (OR) of the potential phases were obtained from literature 

and are displayed in Table 3.3. Select parameters in Table 3.3 were used to simulate diffraction patterns in 

the SingleCrystal® software to aid in characterizing microstructures; patterns are provided in Appendix D 

for reference. Appendix 4 in Edingtonôs Electron Diffraction in the Electron Microscope served as a 

reference for zone axis identification [234]. Bright field and centered dark field images were acquired 

using a 10 µm objective aperture and exposure times between 1 ï 16 s. 

   

(a) (b) (c) 

Figure 3.14 An image depicting the FIB lift-out at (a) the start, (b) after initial milling, and (c) after 

the final thinning and cleaning procedure. 

Table 3.3 Crystallographic Information for Phases Present in Electron Diffraction of Martensite 

Phase 

(Composition) 

Space 

Group 
Lattice Parameters (nm) 

Orientation 

Relationship 
OR Reference 

Ferrite Imσm a = 0.2867 - - 

Eta Carbide Pnnm 
a = 0.4704, b = 0.4318, 

c = 0.2830 

(110)ɖ // (100)Ŭ 

[001] ɖ // [010]Ŭ 

Hirotsu & Nagakura 

[148] 

Epsilon Carbide P6322 a = 0.2752, c = 0.4353 
(101) Ŭ // (10ρρ  

(2ρ1)ɻ // (10ρ0  
Jack [150] 

Cementite Pnma 
a = 0.5084, b = 0.6748, 

c = 0.4517 

(211)Ŭ // (010)Ū 

[0ρρŬ // [001]Ū 
Bagaryatski [235] 

Austenite Fmσm a = 0.36 
(011)Ŭô // (111)ɔ 

[ρρρŬô // [ρπρ]ɔ 
Kurdjumov-Sachs [236] 

Magnetite 

(Fe3O4) 
Fd3m a = 0.8396 

(100)O // (0ρρM 

(010)O // (0ρρM 
Bain [237] 
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In addition to the diffraction patterns from the potential phases present in the HAZ microstructures, 

additional diffraction phenomena were considered during analysis. Fine precipitation [238] or the 

presence of twins in the microstructure [173] were investigated when streaking of diffraction spots was 

observed. Satellite spots, or smaller spots arranged around an expected diffraction spot, were considered 

to indicate the presence of a second phase or the occurrence of double diffraction [154, 159], i.e., the 

re-diffraction of electrons from a second set of planes. Twinned martensite was identified with simulated 

diffraction patterns (Appendix D) obtained by a 70.5° rotation about the [110] direction [239, 240], which 

produced spot mirroring about the {112} planes. 

3D Atom Probe Tomography 

APT was conducted to quantify carbon redistribution after baking in actual spot weld microstructures 

for comparison with the results from the simulated HAZ microstructures. Initial specimen preparation for 

APT analysis followed that of the preparation of FIB lift-outs for TEM analysis through the milling of 

trenches and the extraction of a lift-out approximately 15 µm wide, 1.5 µm thick, and 10 µm tall. Instead 

of mounting the lift-out on a copper grid, slices of the lift-out were welded onto the tips of tungsten posts, 

as illustrated in Figure 3.15(a). After welding specimens in place, four cleaning cross-sections were 

performed to a depth of 3 µm using an accelerating voltage of 30 kV (0.79 µA) around the periphery of 

the specimen, leaving a 1 µm square at the specimen center un-milled, displayed in Figure 3.15(b). A 

circular pattern was then centered on the un-milled square with a 1 µm inner diameter and an outer 

diameter that was large enough to cover the remainder of the specimen. 

    

(a) (b) (c) (d) 

Figure 3.15 SEM micrographs depicting the preparation of an APT specimen (a) after welding and 

slicing a segment of the FIB liftout onto a tungsten post, (b) after an initial cleaning cross-section, (c) 

after a secondary annular milling step, and (d) after final cleaning and sharpening. 
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It is important that the remainder of the specimen is milled away and no secondary tips form, as these 

peaks may emit ions during APT analysis and this will cause false reconstructions of the atom-probe data. 

The 1 µm circle pattern was milled to a depth of 300 nm (0.79 µA), producing the specimen shown in 

Figure 3.15(c). The inner diameter was then sequentially decreased to 700, 450, 300, and 150 nm using a 

beam current of 0.79 µA for the 700 nm circle and 80 pA for the remaining inner diameter patterns, and 

all patterns were milled to a depth of 100 nm. The final milling operation with an inner diameter of 

150 nm was repeated until the tip of the needle was approximately 100 nm wide at a depth of 200 nm 

from the needle tip. Finally, the accelerating voltage was decreased to 2 kV and the inner diameter of the 

circle pattern was set to 0 nm (thus eliminating the inner circle of the pattern). This pattern was milled to 

a depth of 100 nm, providing a low-kV cleaning and sharpening of the atom probe needle, producing the 

specimen displayed in Figure 3.15(d). 

After final sharpening, the needles were examined in the TEM to ensure a feature of interest was at 

the tip of the needle at a point where the needle diameter was no greater than 100 nm. Features of interest 

were considered acceptable for analysis when approximately located within the inner 75 pct of the 

specimen volume, as the outer 25 pct of evaporated ions typically do not reach the detector. In cases 

where the feature of interest was deeper within the needle, specimens were returned to the FIB and the 

2-kV cleaning step was repeated to remove enough material to bring the needle tip down to the feature of 

interest. Additionally, needles were examined to confirm the protective platinum layer had been fully 

removed during the sharpening procedure; the depth of the remaining platinum layer cannot exceed 

25 nm, and it is ideal for it to be fully removed. Once a needle with the feature of interest at the needle tip 

was prepared, a combination of bright-field and dark-field imaging was conducted to identify the phases 

present in the needle and the size and shape of the various features present to inform the tip 

reconstruction. On select specimens, transmission Kikuchi diffraction (TKD) was performed to 

characterize misorientation angles between adjacent grains, thus informing boundary characteristics (i.e., 

prior austenite or lath boundary). The location of various features of interest within the needle also 

dictated the approximate time necessary for analysis (approximate volume of material to remove).  

APT data were collected using a Cameca LEAP 4000X Si operated in the pulsed-laser mode with a 

flight path of 90 mm. The specimen temperature was set to 51.5 K for analysis and a 60 pJ laser pulse 

energy was used during testing. A laser pulse rate of 375 kHz and a detection rate of 0.5 pct were selected 

for the early stage of analysis and increased to 500 kHz and 1.0 pct respectively once the surface oxide 

had been removed and the detector began measuring iron, manganese, and silicon atoms. Experiments 

were conducted using the ñSlowò voltage ramp rate during the early stage of testing and the ñLegacyò 

ramp rate after removal of the surface oxide. An interface evaporation control level of 2 pct was used 

during testing. Background levels during testing were approximately 20 ï 30 ppm, and testing was 
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stopped if background exceeded these levels, e.g., in the case that elevated voltage levels induced field 

emission from sources other than the sample. After the desired volume of material had been evaporated, 

the specimen was returned to the TEM to examine the geometry of the remaining needle to confirm the 

volume of evaporated material; this enabled accurate reconstruction of the 3D dataset and facilitated the 

correlation of solute locations with microstructural features. Frequently, APT analyses ended with 

specimen fracture, and so post-processing images were not consistently available. APT data were 

analyzed using Camecaôs IVASÈ (version 3.6.18) software with use of the reconstruction wizard that 

incorporates the voltage and time-of-flight history as well as the tip profile, illustrated in Figure 3.16; the 

vertical lines are drawn within the reconstruction wizard and profile the evolution of shank diameter. 

 
Figure 3.16 Illustration of the tip profile measurements used for reconstruction of APT data; 

measurements were made down to the approximate tip diameter (typically around 100 nm) expected from 

the experiment duration and final voltage. 

The elements assigned to the various peaks observed in the mass-to-charge state spectra are defined in 

Table 3.4, though it should be noted that not all peaks were observed in all conditions, and in these cases 

the corresponding ranges for that element were removed. Several carbon ions in Table 3.4 (shaded) 

overlap with other species (indicated in brackets) and thus could convolute the carbon quantifications, 

leading to over- or under-counting of carbon based on the assignment, and this was addressed by 

considering the intensities of the non-overlapping peaks and relative isotopic abundance of that species in 

addition to the location of the ranged ions in the specimen. For example, the 72.0 and 73.0 peaks were 

ranged for the C6 compounds unless a significant peak was observed at 70.0 for 54FeO1+. Additionally, 

these peaks as well as the H2O1+ peak at 18.0 amu would be ranged as C3
2+ in the case that these ions were 

present within the specimen and not on the tip, and any high-carbon regions at the tip apex were 

disregarded. Similarly, the 50Cr2+ peak at 25.0 amu would be ranged as 12C13C1+ depending on the relative 

intensities of the 26.0 and 26.5 peaks (for 52Cr2+ and 53Cr2+). Due to the relative isotopic abundances of 

chromium, the 26.0 peak (for 52Cr2+) represents 83.8 pct of the chromium ions present, followed by 

9.5 pct at the 26.5 peak (for 53Cr2+), 4.3 pct at the 25.0 peak, and 2.4 pct at the 54Cr2+ (which overlaps with 

the 54Fe2+ peak at 27.0 and is omitted from the analysis). Thus, if the 25.0 peak was equivalent in size to 
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the 26.0 peak, then a considerable fraction of C2
1+ ions was expected at the 25.0 peak, and the 

corresponding number of 50Cr2+ ions was calculated based upon the previously mentioned chromium 

ratios, and the remaining ions were ranged as 12C13C1+. 

For each peak, a range of mass-to-charge state ratios were typically observed, and this range was 

assigned to a particular ion according to the full-width of the peak at an intensity equal to 1/100th of the 

maximum peak intensity. This ranging method is illustrated in Figure 3.17 for two peaks (18.0 and 18.5), 

with the ranged counts highlighted in blue. The maximum intensity is labelled for both peaks as 

420 counts at 18.0 Da and 26 cts at 18.5 Da; it should be noted that the maximum intensities are slightly 

shifted to higher values than expected, and this is presumably due to slight differences in the laser 

calibration. For peak 18.0, 1/100th of the maximum counts equals 4.2 counts, and so the mass-to-charge 

state ratio corresponding to that number of counts is indicated both above and below the main peak; this 

entire range is then attributed to the 18.0 peak. A similar example is illustrated for the 18.5 Da peak, 

though the maximum intensity of this peak is just 26 counts. In this case, and in other cases where minor 

peaks were detected, the ranging criteria was 1/10th of the maximum intensity, corresponding to 

2.6 counts (rounded to 3) in this example. 

Following the analysis by Sha et al., additional consideration was given to the relative contribution of 

12C2
1+ and 12C4

2+ ions to the 24.0 Da peak and the contribution of 12C2
13C2

2+ and 12C13C1+ ions to the 

25.0 Da peak [216]. To do this, the number of the 12C3
13C2+ ions at the 24.5 Da peak and the 12C3

13C1+ 

ions at the 49.0 Da peak were summed, and the relative isotopic abundances of C4 species used to back-

calculate the total expected quantity of 12C4
2+ ions that should be present at the 24.0 and 48.0 Da peaks; as 

the 48.0 Da peak is not an overlapped peak, this quantity of ions can be counted and subtracted from the 

total, and the remainder is thus the expected number of 12C4
2+ ions present at the 24.0 Da peak [201, 211, 

218]. An example mass-spectrum is illustrated in Figure 3.18 and contains peaks at 24.0, 24.5, 25, 25.5, 

26, and 26.5 Da, with the corresponding ions labelled above each peak. The 24.5 Da peak was ranged 

between 24.443 Da and 24.581 Da; then, the total number of counts throughout that entire range was 

summed to be 1,694 counts. Similarly, 190 ions were counted for the 49.0 Da peak, giving a total of 1,884 

12C3
13C ions. Considering the isotopic abundance of the 12C3

13C represents 4.29 pct of carbon tetramers, 

the expected number of 12C4 ions should be 43,916 ions (ignoring contributions from the species 

containing more than one 13C atom). Taking into account the 3,518 12C4
1+ ions at the 48.0 Da peak, it is 

thus expected that there are 40,398 12C4
2+ ions contributing to the 24.0 Da peak. As the 24.0 Da peak only 

contains 37,891 ions, the entire 24.0 Da peak was attributed to the 12C4
2+ ion in the present example, and it 

should be noted that this is typically not the result of similar analyses in the literature in which only 

30 ï 60 pct of the ions at the 24.0 Da peak are attributed to 12C4
2+ ions [212, 216, 219, 220]. In 

consideration of potential inaccuracy, this analysis represents the upper bound estimate of carbon content.  
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Table 3.4 Mass to Charge State Ratio Designations for Element Identification During  

APT Experiments with Shading to Identify Potential Sources of Inaccuracy in Carbon Quantification 

Mass-to-Charge 

Ratio (Da) Ranged Element 

 

Mass-to-Charge 

Ratio (Da) Ranged Element 

6.0 12C2+ 32.0 O2
1+ 

6.5 13C2+ 36.0 C3
1+ 

12.0 12C1+ 39.0 54FeC2
2+ 

13.0 13C1+ 40.0 56FeC2
2+ 

13.5 Al 2+ 40.5 57FeC2
2+ 

14.0 28Si2+ 44.0 12CO2
1+ 

14.5 29Si2+ 45.0 13CO2
1+ 

15.0 30Si2+ 48.0 12C4
1+ 

15.5 P2+ 49.0 12C3
13C1+ 

16.0 O1+ 50.0 12C2
13C2

1+ 

17.0 OH1+ 52.0 52Cr1+ 

18.0 12C3
2+ [H2O1+] 54.0 54Fe1+ 

18.5 12C2
13C2+ 55.0 Mn1+ 

24.0 12C2
1+ and 12C4

2+ 56.0 56Fe1+ 

24.5 12C3
13C2+ 57.0 57Fe1+ 

25.0 12C13C1+ [50Cr2+] 58.0 58Fe1+ 

25.5 12C13C3
2+ [51V2+] 60.0 12C5

1+ 

26.0 52Cr2+ 63.0 54Fe2O2+ 

26.5 53Cr2+ 63.5 56Fe2O2+ 

27.0 54Fe2+ 64.5 57Fe2O2+ 

27.5 Mn2+ 65.0 58Fe2O2+ 

28.0 56Fe2+ 69.0 Ga1+ 

28.5 57Fe2+ 70.0 54FeO1+ 

29.0 58Fe2+ 72.0 12C6
1+ [56FeO1+] 

30.0 12C5
2+ 73.0 12C5

13C1+ [57FeO1+] 

 

Considering the relative isotopic abundance of 12C2
13C2 ions (0.07 pct) and the previous calculation 

that yielded an estimate of 40,398 12C4 ions present, just 28 of these ions are expected to occur at the 

25.0 Da peak. As the prior analysis attributed the entire 24.0 Da peak to C4 ions, it follows that there are 

no 12C13C1+ ions present, as this species accounts for 2.2 pct of the C2 molecules. Thus, the remainder of 

ions at the 25.0 Da peak are attributed to 50Cr2+ ions, which is in agreement with the relative intensities of 

the 26.0 and 26.5 Da peaks corresponding to 52Cr2+ and 53Cr2+, respectively. 
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Figure 3.17 Illustration of the full width-hundredth max ranging criteria for assigning counts to a 

particular element.  

 
Figure 3.18 Example mass spectrum obtained during APT analysis demonstrating the overlapping 

peaks of the 12C4
2+ and 12C2

1+ ions at 24.0 Da as well as the overlapping 12C2
13C2

2+, 12C13C1+, and 50Cr2+ 

ions at 25.0 Da. The peak at 24.5 Da was solely attributed to 12C3
13C2+ ions and was used for 

deconvolution of the 24.0 and 25.0 Da peaks. Peaks corresponding to vanadium and chromium are also 

labelled. 

3.2.9 Weld Halo Investigation 

A tangential investigation of the fusion boundary was conducted in parallel to the studies pertaining 

to the HAZ microstructures after preliminary work revealed welds failing along the fusion zone boundary 

in unbaked welds, but not in baked welds [26]. The procedures described here are partially obtained from 

the authorôs other published work [241], and the results are provided in Appendix A.  

To understand the characteristics of the weld halo, its formation, and its potential influence on weld 

deformation and paint baking response, three weld schedules were selected with 8, 16, 32, and 80-cycle 
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weld times, as described in Table 3.2. The lengthened weld times were selected due to reports by some 

investigators that the weld halo tends to form at longer weld times [52, 60]. Mechanical characterization 

of the welds to examine paint-baking sensitivity in relation to weld halo severity was conducted on the 8, 

32, and 80-cycle welds using the modified lap shear geometry and test procedures outlined in 

Section 3.2.3.  

Microhardness maps were used to identify weld halos and characterize their general size, shape, and 

degree of softening; microhardness maps consisted of a 36 by 20 matrix of indents acquired over half of 

each weld, covering the fusion zone, HAZ, and base metal. The analysis was performed using a LECO® 

AMH55 equipped with the Cornerstone® software. A 200 g indenter load with a 10 s dwell time was 

used, which typically produced indents that were near 30 µm along the diagonals. Accordingly, indents 

were spaced 120 µm apart both vertically and horizontally to probe the weld microstructure with fine 

resolution while avoiding overlapping strain fields of adjacent indents. The solidification microstructures 

were examined with an Olympus® DSX500 light-optical microscope in the differential interference 

contrast mode after etching welds in a 5 pct picral solution at room temperature for 10 s. The weld 

microstructures were examined using a JEOL® 7000 field emission SEM after etching with 2 pct nital 

for 5 s.  

Measurements of the local carbon content through the HAZ, weld halo, and fusion zone were made 

using time-of-flight secondary ion mass spectrometry (TOF-SIMS). Depth profiling was conducted 

within a 50 µm square region, with quantification of ion yields taken from the final 50 s of a 200 s scan. 

Electron probe microanalysis (EPMA) was used to quantify the local distribution of silicon and 

manganese across the HAZ, weld halo, and fusion zone using a JEOL JXA-8230 electron probe 

microanalyzer with a 1 µm step size. 
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CHAPTER 4  BAKING SENSITIVITY OF RESISTANCE SPOT WELDS 

The results presented here detail the initial survey on the baking sensitivity of RSWs made in the TBF 

and DP steels tested using a newly developed modified lap shear geometry. Weld failure behavior is 

examined in as-welded and baked welds, and digital image correlation (DIC) is implemented with the 

modified lap shear geometry to quantify in situ deformation behavior in as-welded and baked welds. 

Finally, the intercritical HAZ microstructures formed in the TBF and DP spot welds are compared. 

4.1 Baking Sensitivity of TBF and DP Welds Tested in Modified Lap Shear 

A preliminary study was conducted to confirm the TBF steel and the weld schedule selected did 

exhibit a sensitivity to baking. The DP steel was included to confirm the absence of baking sensitivity in 

this steel as reported in the literature and to provide a ñcontrolò for baking-insensitive spot welds. 

Modified lap shear tests were conducted with the material, weld schedule, and test procedures detailed in 

Section 3.2.1 and 3.2.2.   

Shown in Figure 4.1(a) and (d) are the force-displacement measurements obtained during modified 

lap shear testing of the TBF and DP spot welds, respectively, in the as-welded (dotted red lines) and 

baked (solid black lines) conditions. After paint baking, the peak load increased from 9.8 to 12.6 kN and 

energy absorption (area under the force-displacement curve) increased from 15.6 to 34.2 J in the TBF spot 

welds, whereas the corresponding values of 13.4 kN and 23.0 J remained unchanged after baking in the 

DP spot welds. Top-down images of representative welds after testing are displayed for the TBF spot 

welds in the as-welded (Figure 4.1(b)) and baked (Figure 4.1(c)) conditions, revealing a change in failure 

location from the edge of the fusion zone to the HAZ. The top-down images of the tested DP welds in the 

as-welded (Figure 4.1(e)) and baked (Figure 4.1(f)) conditions reveal that both DP welds exhibit fracture 

in the HAZ and base metal. A difference in fracture paths is evident between the DP and baked TBF 

welds with the former fracture path following the spot weld circumference, and the latter fracture path 

appearing tangential to, but not following, the weld circumference. 

To further characterize the effects of paint-baking on spot weld failure behavior, cross-sectioned 

views were obtained to examine fracture paths relative to the weld microstructures. The TBF welds in 

Figure 4.1(b) and (c) were sectioned along the dashed lines (in the sheet rolling direction) for examination 

of weld failure, and these views are provided in Figure 4.2. Additionally, the remaining two as-welded 

specimens in the TBF steel were sectioned for analysis, as it was observed after sectioning that the 

fracture locations varied slightly between the three as-welded specimens only; one of the three baked 

welds is displayed, as the fracture locations in the remaining specimens were identical to the one shown. 

For reference, a schematic illustration of the modified lap shear geometry with the directions of the 
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applied force (shown by arrows) is provided in Figure 4.2(a), and all specimens have been oriented 

according to the schematic. The as-welded TBF specimens are displayed in Figure 4.2(b)-(d) and 

demonstrate the inconsistency in fracture location in the as-welded condition, with fracture observed 

along the fusion boundary (Figure 4.2(b)), through the supercritical HAZ (Figure 4.2(c)), and partially 

into the fusion zone (Figure 4.2(d)). Despite the slight differences in fracture location, the strength and 

toughness measurements for each of the three welds tested in the as-welded condition are similar, as 

shown by dashed red lines in Figure 4.1(a). In the baked specimen (Figure 4.2(e)) fracture appears to have 

initiated at the sheet interface in the supercritical HAZ and progressed through the intercritical HAZ and 

into the base metal. The angle of the fracture surface is notably distinct from the as-welded specimens, 

which are generally oriented at an orthogonal angle relative to the applied tensile load on the upper right 

ligament of each specimen. In contrast, the baked specimen exhibits a slanted fracture surface that is 

nearly 45° relative to the applied load, suggesting that the baked specimen exhibited ductile failure. 

   

(a) (b) (c) 

 

  

(d) (e) (f) 

Figure 4.1 (a,c) Force-displacement measurements obtained during modified lap shear testing of the 

as-welded (dotted red lines) and baked (solid black lines) conditions in the TBF and DP spot welds, with 

macroscopic views of tested welds in the (b,e) as-welded and (c,f) baked conditions of both steels. Dotted 

lines indicate the planes along which these specimens were sectioned for examination of fracture 

locations relative to the weld microstructure. 
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(a) 

  

(b) (c) 

  

(d) (e) 

  

(f) (g) 

Figure 4.2 (a) Schematic of the modified lap shear geometry used for mechanical characterization of 

the TBF and DP spot welds. (b) ï (d) as-welded and (e) baked conditions in the TBF steel. All three 

as-welded TBF welds display varied fracture locations; one representative baked weld is displayed as 

identical fracture locations were observed in the remaining specimens. (f) the as-welded and (g) baked DP 

spot welds after modified lap shear testing. Light-optical micrographs, 2 pct picral etch at room 

temperature for 5 s. 

The sectioned views of the as-welded and baked DP specimens after modified lap shear testing 

displayed in Figure 4.2(f) and (g), respectively, reveal no difference in failure mode after baking, which is 
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expected given the similarity in the force-displacement data in Figure 4.1(d). Similar to the failure 

behavior of the baked TBF welds, fracture in both DP welds appears to have initiated in the supercritical 

HAZ at the sheet interface and progressed through the adjacent HAZ and into the base metal (see upper 

ligament for labels). The fracture surfaces of both DP welds are also oriented approximately 45° relative 

to the applied load. It should be noted that the 45° angle is relative to the applied load, which due to 

rotation is not exactly horizontal relative to the welds as pictured; this is made apparent in Figure 4.3. 

The 45° orientation of the fracture surfaces in the baked TBF welds and the as-welded and baked DP 

welds suggested that weld failure in these conditions was associated with significant ductility in the HAZ. 

To gather additional evidence regarding the deformation characteristics of the HAZ in the baked TBF 

welds, the ligaments that did not fully fracture were examined, macroscopic images of which are 

displayed in Figure 4.3. The modified lap shear geometry is shown again for reference in Figure 4.3(a) 

along with a macroscopic view of a tested weld in Figure 4.3(b), both of which are oriented similarly to 

the test specimens in Figure 4.3(c)-(e). Arrows in Figure 4.3(a) and (b) indicate the loading direction and 

the ligament to which load was applied. The welds have also been rotated such that the loading axis is 

aligned horizontally in the page, representing the rotation of the weld during testing.  

  
(a) (b) 

   
(c) (d) (e) 

Figure 4.3 (a) Schematic and (b) macroscopic view of the modified lap shear geometry used in 

testing the (b)-(d) baked TBF spot welds, with partially fractured ligaments displayed. The centerline 

band in each steel was traced and superimposed below the weld to demonstrate the flow behavior of the 

HAZ. The red box in (b) indicates the approximate locations shown in (c)-(e). 

Each of the welds in Figure 4.3 exhibits identical partial fractures that appear to initiate at the sheet 

interface and propagate through the supercritical and intercritical HAZs before stopping in the subcritical 
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HAZ or base metal. These fracture surfaces are also oriented approximately 45° relative to the applied 

load (left in the page), which can more clearly be seen with the imposed image rotations. The 

macroscopic deformation behavior can also be deduced via the etched compositional bands in the steel, 

which are remnant of the solidification process. The bands along the centerline of each sheet have been 

traced just ahead of the crack tip and are superimposed below the weld for clear observation without 

occlusion of the actual features. Evidenced by the shape of these bands, it is apparent that the modified 

lap shear test imposes a combined stress state on the spot weld, consisting of both bending and shearing 

stresses. The effects of the combined stresses can be viewed by comparing the base metal (left-most) and 

HAZ (right-most) portions of the bands demonstrating that these bands are ñbentò and vertically displaced 

from one another. It should be noted here that this through-thickness shearing in the HAZ later led to the 

implementation of the small punch test for mechanical characterization of the baking sensitivity in 

simulated HAZ microstructures. Though analysis of these weld failures yields insightful differences in 

weld behavior between the as-welded and baked conditions, it remains unclear as to whether a difference 

in shear strength of the HAZ is the reason for the improvements in baking, or rather greater deformation 

in the HAZ is possible because the regions that exhibited failure before baking (the supercritical HAZ, 

fusion boundary, and fusion zone) exhibited some increase in strength or toughness after baking. 

4.2 Deformation Characterization of TBF Welds with DIC-Modified Testing 

The mechanical characterization of the as-welded and baked TBF welds confirmed that paint baking 

causes an increase in weld strength and energy absorption, as well as a change in failure mode. However, 

the specific influence of paint baking on the mechanical properties of the individual weld regions is not 

readily deduced by post-mortem analysis. To address this limitation, DIC testing was implemented to 

quantify the differences in strain evolution through the HAZ in the as-welded and baked spot welds to 

examine whether paint-baking caused some measurable difference in deformation behavior preceding 

specimen failure. First, the DIC-modified lap shear geometry was validated as a means of characterizing 

differences in weld deformation in the HAZ. 

In Figure 4.4(a), the DIC-modified lap shear geometry is provided for reference and is similarly 

oriented relative to the specimens shown in the rest of the figure. A plot showing the evolution of force 

with time is shown in Figure 4.4(b) for a TBF weld tested using the DIC-modified lap shear geometry, 

with vertical dashed lines added to indicate the times for which strain maps are provided. Force was 

plotted as a function of time for direct referencing to the images that were acquired at fixed time intervals 

(i.e., every 200 ms). The etched weld prior to testing is shown in Figure 4.4(d), demonstrating the use of 

the scribe placement for location of the intercritical HAZ and fusion zone microstructures in the strain 

maps, Figure 4.4(c). Both the shear strain and the von Mises strain were plotted at test times of 25 s 
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(Figure 4.4(e) and (f)), 45 s (Figure 4.4(g) and (h)), and 48.6 s (Figure 4.4(i) and (j)), with the last time 

point corresponding to the final frame preceding weld failure. Other strain measurements were calculated 

but did not provide a clear comparison of local differences in strain evolution. The strain accumulation in 

the weld at a test time of 25 s (corresponding to a force of approximately 10 kN) in Figure 4.4(e) and (f) 

reveals strain accumulation in the HAZ in both the shear strain and von Mises strain measurements, while 

the von Mises strain also shows a significant strain at the weld interface. The interfacial strain to the left 

of the HAZ is not due to deformation of any material but is an artifact due to ñopeningò of the interface 

due to the weld rotation caused by the applied force, which can be confirmed in Figure 4.6(d) showing the 

position of the interface in the etched weld relative to the scribe and the intercritical HAZ microstructure. 

With increasing deformation, the strain continues to localize in the HAZ, and appears to be either in or 

immediately adjacent to the intercritical HAZ; due to translation and rotation of the weld specimen during 

testing, the exact position of the intercritical HAZ, which is approximately 175 µm in the present weld, 

cannot be accurately determined. Figure 4.4(i) and (j) also reveal shear strain accumulation along the 

fusion boundary and some minor von Mises strain at the edge of the fusion zone. These results 

demonstrate that the developed DIC method is capable of fine-scale strain measurements that can resolve 

differences in localized deformation behavior across the various weld microstructures. 

Measurements of force as a function of time during the lap shear test are displayed in Figure 4.5(a) 

for as-welded (red) and baked (black) TBF welds. The as-welded and baked specimens exhibit identical 

behavior until 48 s, at which point a sharp load drop occurs with failure of the as-welded specimen. The 

baked weld continues deforming until 60 s when a similar load drop is observed, demonstrating that the 

DIC-modified lap shear geometry enables analysis of the deformation behavior associated with baking 

sensitivity. Here, the von Mises strain was mapped as opposed to the shear strain which did not capture 

well the strain in the subcritical HAZ and base metal as well as the slight deformation in the fusion zone. 

To obtain a comparison of deformation behavior between the as-welded and baked weld conditions, both 

strain maps were analyzed at 48 s, immediately preceding failure of the as-welded condition. The shear 

strain at 60 s in the baked specimen is also presented to examine the subsequent deformation concomitant 

to the observed paint-baking effect. The von Mises strain maps for the as-welded and baked welds after 

48 s of testing are shown in Figure 4.5(b) and (c) respectively, and indicate that at the same time during 

testing, the baked weld exhibits greater strain accumulation in the HAZ and base metal than the as-welded 

specimen. In the baked specimen tested further to 60 s, the strain map reveals the additional strain 

accumulation in the HAZ and base metal. The horizontal black dashed lines in Figure 4.5(b), (c), and (d) 

were used to obtain measurements of strain as a function of position along that line. 
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(a) 

   

(b) (c) (d) 

 Shear Strain von Mises Strain  

 
 

  

 

(e) (f) 

  

(g) (h) 

  
 (i) (j)  

Figure 4.4 Results obtained during DIC-modified lap shear testing of the as-welded TBF spot weld 

with (a) a schematic illustration of the test specimen with arrows indicating the direction of applied load, 

(b) a plot of force vs. testing time with dashed lines indicating the times at which the shear strain and von 

Mises strain maps are provided. (c) and (d) demonstrate the use of the etched weld with a scribe for 

locating HAZ microstructures relative to the calculated strain maps displayed at test times of (e, f) 25 s, 

(g, h) 45 s, and (i, j) 48.6 s, immediately preceding weld failure. Dashed lines indicate approximate weld 

microstructures as defined in (c) (Color Image ï See PDF Copy). 
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(a) (b) 

  

(c) (d)  

Figure 4.5 A plot of (a) force-time for the as-welded and baked TBF welds tested by DIC-modified 

lap shear, with dashed lines indicating the times at which subsequent strain maps are shown. The von 

Mises strain measured at 48.6 s is displayed for the (b) as-welded and (c) baked TBF welds, and (d) at 

60 s for the baked weld. Horizontal black dashed lines in (b)-(d) indicate the locations along which ñline 

slicingò for strain measurements was performed for subsequent quantification of strain evolution. White 

dotted lines indicate the approximate locations of the intercritical HAZ and fusion zone. (Color Image ï 

See PDF Copy) 

Figure 4.6 provides the von Mises strain measurements as a function of position (obtained along the 

dashed, black horizontal lines in Figure 4.5(b), (c), and (d)) at test times of 48.6 s in the as-welded 

(dashed red line), and baked (dashed black line) conditions, and at a test time of 60 s in the baked (solid 

black line) condition. Here, the positions of the weld microstructures were estimated based upon the line 

length relative to the scribe and the corresponding HAZ microstructure in the etched weld, viewed in 

Figure 4.6(d). It should be noted that there is likely some error in the approximate positions of the 

boundaries between the HAZ microstructures owing to translation and rotation of the specimens during 

testing and there may be some degree of uncertainty in the strain measurements plotted here, though 

uncertainties in these measurements were not calculated in the present work. At the 48 s test time, the von 

Mises strain in the base metal and subcritical HAZ is between 6 and 8 pct in both welds, and the peak 

strain, which appears immediately adjacent to the intercritical HAZ, is 11 pct in the baked weld and 9 pct 
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in the as-welded weld, and it should again be noted that these measurements are taken at the exact same 

force and test time (displacement) during testing. At an equivalent time during testing, and with 

equivalent forces on the weld, the baked specimen plastically deforms to a greater extent than the as-

welded specimen, which indicates the paint-baking effect has some influence on the HAZ microstructure 

and may also have an influence on the fracture behavior of the transition region between the intercritical 

and subcritical HAZ microstructures. The von Mises strain in the baked weld after 60 s of testing 

(immediately preceding failure of this specimen), shown by the solid black line in Figure 4.6, reveals a 

strain of 8 to 14 pct in the base metal and subcritical HAZ, and a peak strain of about 14.5 pct at the 

boundary between the subcritical and intercritical HAZ microstructures. For all specimens, a sharp 

decrease in strain occurs between the intercritical and supercritical HAZ microstructures, and throughout 

the supercritical HAZ and fusion zone there appears to be little strain accumulation and no significant 

differences between the two conditions. While there may appear to be a difference in the strain 

accumulation just inside the fusion zone after baking, this difference is relatively minor and depends on 

the positioning of the dotted lines, which may exhibit some error in location. 

 

Figure 4.6 Von Mises strain as a function of position along the horizontal black dashed lines in 

Figure 4.5(b), (c), and (e) quantifying the strain at various positions along the centerline of the bottom 

sheet in the as-welded (short dotted red line) and baked (long dotted black line) TBF welds after 48.6 s of 

testing, as well as the baked weld after 60 s of testing (solid black line). 

After identifying that differences in strain accumulation in as-welded and baked TBF welds are 

associated with the intercritical HAZ (or the region of the subcritical HAZ immediately adjacent), these 

microstructures were examined for possible evidence of baking-induced microstructural evolution. SEM 

micrographs obtained within the intercritical HAZ of the as-welded and baked TBF welds are displayed 

in Figure 4.7(a) and (b), respectively, and reveal a significant difference in the appearance of the MA 

constituent between the as-welded and baked conditions. In the as-welded condition the MA constituent 
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appears smooth, suggesting a relatively homogenous nital-etching response. In contrast, the baked MA 

constituent exhibits a more textured etching response, suggesting MA constituent is less homogenous 

after baking, characteristic of tempering effects. These same microstructures were examined in the DP 

steel to investigate whether a similar change in microstructure was observed; Figure 4.7(c) and (d) show 

the intercritical HAZ microstructure in the as-welded and baked DP welds, respectively. Both the as-

welded and baked conditions of the DP steel exhibit a second phase that appears more martensitic, with a 

textured appearance similar to the baked TBF welds. 

  
(a) (b) 

  
(c) (d) 

Figure 4.7 The intercritical HAZ microstructures of the TBF spot welds in (a) the as-welded and (b) 

baked conditions and the intercritical HAZ of the DP spot welds in (c) the as-welded and (d) baked 

conditions. Secondary electron micrograph, etched with 2 pct nital for 5 s. 

4.3 Discussion 

The experimental results presented here confirm the baking sensitivity of the TBF spot welds and the 

baking insensitivity of the DP spot welds and supports their use throughout the remainder of this work, 

providing a comparison of the microstructural characteristics associated with baking sensitivity and those 
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associated with baking insensitivity. Further, any proposed mechanisms that explain the paint-baking 

sensitivity in the TBF steel must also address the baking insensitivity of the DP steel. Several key 

observations made here warrant further discussion, such as the weld failure modes, the DIC results and 

testing methodology, and the observed microstructural evolution after baking. 

The modified lap shear testing revealed that the weld failure location in the as-welded TBF welds was 

inconsistent, with three different failure locations observed in the three specimens tested, suggesting that 

these microstructures exhibit similar strength or toughness, as a single failure behavior was not 

consistently observed. In the baked condition, all three specimens exhibited ductile failure through the 

HAZ, and this failure mode was also identical to that observed in both the as-welded and baked DP welds. 

These results could indicate that each of the as-welded TBF failure locationsðthe supercritical HAZ, 

fusion zone, and fusion boundaryðexhibit some sensitivity to baking, or that the as-welded HAZ 

ñresistsò plastic deformation, and the inability to deform in the HAZ leads to greater stress concentration 

at the sheet interface, generating the failures observed in the as-welded cases. The DIC-modified lap shear 

test was successfully implemented to show that paint baking led to greater strain accumulation in the 

HAZ, particularly along the boundary between the subcritical and intercritical HAZ microstructures, at an 

equivalent time during testing. While the DIC-modified geometry enables measurement of localized weld 

deformation, several considerations are necessary regarding the influence of the specimen geometry 

modification on weld deformation. The introduction of a free surface upon which a speckle pattern is 

applied for strain measurements likely changes the local stress state in and around the weld. Further, it 

was shown in Figure 4.3 that one ligament in each of the baked welds partially fractured, but this was not 

observed in the DIC modified specimens, which may be a product of the stress state modification. 

However, despite these potential impacts on weld mechanical behavior, an effect of baking was measured 

during the relative comparison under the same test conditions. Thus, the altered stress state is not 

considered critical to the investigated effects of baking.  

Several studies in the literature hypothesize that the paint-baking effect manifests as an improvement 

in toughness of the fusion zone due to tempering of the martensite [9, 19]; however, the findings 

presented here do not agree with the literature hypotheses, as fusion zone failure was not consistently 

observed in either the as-welded or baked conditions. Rather, these findings suggest that the HAZ is a 

critical region manifesting the paint baking effect. The modified lap shear test, with and without 

sectioning of the weld for DIC analysis, revealed that an effect of baking could be measured in the 

absence of fusion zone failure, and similar findings have also been reported by others [25]. The failure 

behavior of the baked welds (ductile failure through the HAZ) as well as the strain measurements 

obtained during DIC testing indicate that the paint-baking cycle promotes plasticity in the HAZ. The 

absence of baking sensitivity in the DP steel was associated with ductile failure through the HAZ in the 
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as-welded specimen. Therefore, it may be suggested that some characteristic of the as-welded HAZ 

microstructure in the TBF steel prevents plastic deformation in the HAZ, but the DP welds are not prone 

to this characteristic; the paint-baking cycle enables plasticity in the HAZ, and so no effect is measured in 

the DP steel as plastic deformation readily occurs in the as-welded condition. To further examine the 

characteristics of the HAZ that may limit plasticity, the microstructures are considered. 

The tempering of MA constituent observed in the TBF intercritical HAZ resembles the authorôs 

previous findings of baking-induced microstructural evolution associated with improvements in Gen3 

spot weld mechanical performance [26, 117, 242], and it is noteworthy that this observation has not been 

reported by other investigators in the literature. Further, the presence of ñtemperedò martensite in the 

as-welded DP welds is congruent with the absence of a baking sensitivity in the DP steel, as the 

hypothesized effect of baking is present prior to baking, i.e., the DP spot welds are ñauto-bakedò. 

Tempering of the MA constituent is likely associated with a decrease in the carbon supersaturation of the 

martensite that would lead to a decrease in the martensite strength. Similarly, Tumuluru proposed that 

baking led to the formation of Cottrell atmospheres around dislocations in the ferrite, leading to a 

strengthening effect [23]. It is possible that these combined mechanisms decrease the ratio of 

microconstituent hardness, which has been shown to improve local formability in DP microstructures 

[243, 244]. A decrease in carbon supersaturation of martensite has also been shown to improve local 

formability [243, 245], and this effect may be magnified in the intercritical HAZ due to the formation of 

ferrite and carbon-rich austenite during welding. The observed strain localization in the HAZ during 

DIC-modified lap shear testing supports the hypothesis that the intercritical HAZ microstructural 

evolution is critical to the paint baking sensitivity, though the sharp microstructural gradient present in the 

HAZ limits the confidence with which this argument can be made. Therefore, the next stage in 

experimental work was designed to simulate the HAZ microstructures and characterize the baking 

sensitivity of each microstructure independently, and test whether the intercritical HAZ or other HAZ 

microstructures exhibit an independent baking sensitivity. 
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CHAPTER 5  BAKING SENSITIVITY OF FURNACE SIMULATED HAZ MICROSTRUCTURES 

The purpose of the experiments presented in this chapter was to quantify the baking sensitivity of 

isolated HAZ microstructures using the modified lap shear specimen geometry utilized in Chapter 4. 

Then, the small punch test was examined as a method to quantify differences in mechanical performance 

between unbaked and baked HAZ microstructures. The results presented here describe the effects of paint 

baking on the mechanical performance and microstructure of HAZ microstructures produced via furnace 

simulation as described in Section 3.2.5, and a portion of these results was presented at the 2023 

International Symposium on New Developments in Advanced High Strength Sheet Steels [242]. An 

initial dilatometric study was conducted to identify the critical transformation temperatures used during 

simulation of HAZ microstructures, followed by the modified lap shear and small punch testing. Then, 

simulated microstructures are examined in consideration of the measured paint-baking effects. 

5.1 Dilatometric Study for Critical Transformation Temperature Identification  

The critical transformation temperatures in the TBF and DP steels were identified via dilatometry 

performed at a heating rate of 100 °C/s. The results from dilatometry performed to quantify the AC1 and 

AC3 temperatures for the TBF and DP steels are presented in Figure 5.1. Thermal expansion during 

heating causes the increase in specimen length until austenite begins to form, identified by the box region 

in Figure 5.1(a). As austenite forms, the specimen length decreases with the transformation to the closer-

packed structure (and thus greater density of austenite compared to ferrite) and this temperature range is 

shown in greater detail in Figure 5.1(b), revealing several inflection points in the austenite transformation 

regime. The measured heating rates of the specimens are shown in Figure 5.1(c) and indicate a deviation 

in heating rate from the defined heating rate of 100 °C/s to about 40 °C/s; the temperature at which this 

decrease in heating rate occurs in both steels is indicated by the dashed lines, with the black diamond in 

Figure 5.1(c) included for reference with Figure 5.2.  

To gain further insight on the change in heating rate and a clearer analysis of the transformation 

behavior within the intercritical regime, the differential change in length as a function of time was plotted 

vs. temperature for both steels. Figure 5.2(a) and (b) present the differential change in length (solid lines) 

as well as the high frequency (HF) power (dashed lines) of the dilatometer as a function of test 

temperature for the TBF and DP, respectively. In both plots, deviations in the differential change in length 

are labelled with symbols to aid in the discussion. The arrows indicate the initial decrease in the rate of 

length change associated with the AC1 temperatures: 680 °C in the TBF steel and 723 °C in the DP steel. 

Shortly after this point, a peak in the differential change in length is measured, marked by the black 

diamond that indicates the approximate temperature marked by the black diamond in Figure 5.1(c), the 
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point at which the heating rate decreases from 100 °C/s to 40 °C/s. The increase in HF power from just 

over 20 pct to 100 pct at this point suggests that the decrease in heating rate identified in Figure 5.1(c) 

corresponds to the HF power achieving maximum output. The most plausible explanation for HF power 

saturation is the loss of coupling efficiency of the induction heating coil as the material passes its Curie 

temperature, though there is also likely some heat absorbed by the transformation to austenite. 

Immediately following the peak in differential length change, a sharp decrease is measured, indicated by 

the left-most stars in Figure 5.2(a) and (b). This initial decrease is thought to be due to the rapid 

contraction of the specimen (rapid austenite formation) following the spike in HF power. A secondary 

local minimum in differential length change is identified in both steels with the second star, though the 

minimum is more prominent in the DP steel. Some investigators have identified similar contractions 

within the intercritical temperature range that were attributed to the transformation of ferrite to austenite, 

which occurs at higher temperatures due to the relatively low solute content of ferrite compared with 

other microconstituents [246]. The AC3 is indicated by the triangle that marks the point at which the 

differential change in length returns to a positive, constant value, indicating the transformation to 

austenite is complete and the specimen is expanding at a linear rate with increasing temperature. The AC3 

temperatures were determined to be 880 °C in both steels, though a distinct plateau is absent in the TBF 

curve indicating the transformation to austenite was not complete through the entire sample. 

   

(a) (b) (c) 

Figure 5.1 A plot of (a) the change in length vs. temperature for both steels with a box identifying 

the temperature range for austenite formation, a magnified view of which is provided in (b) showing 

several discontinuities and inflections associated with austenite formation. The heating rate during 

dilatometry is shown in (c) indicating a decrease from 100 °C/s to about 40 °C/s occurs in both steels at 

the dashed lines; the diamond is included for reference with Figure 5.2. 

The dilatometry results presented here successfully identified the critical transformation temperatures 

for furnace simulation of HAZ microstructures; however, these results also indicate that inductive heating 
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in a dilatometer is an inadequate method for accurate simulation and characterization of HAZ 

microstructures produced with rapid heating rates as the target heating rate could not be obtained. It was 

shown that at a heating rate of 100 °C/s, which is more than an order of magnitude slower than the 

heating rates used in literature studies that simulate weld microstructures, insufficient heating power led 

to an inadequate heating rate during austenite transformation. To properly investigate the baking effect in 

Gen3 RSW HAZ microstructures, simulated microstructures should resemble actual weld microstructures 

as closely as possible. This factor led to the implementation of the Gleeble® 3500 for HAZ 

microstructure simulation, as resistive heating is relatively insensitive to changes in magnetism. A contact 

dilatometer was also employed to measure the AC1, AC3, and MS temperatures during simulation of HAZ 

microstructures, and these results will be presented in Chapter 6. 

  
(a) (b) 

Figure 5.2 Plots of the HF Power output (dashed lines) of the dilatometer superimposed with the 

differential change in length (solid lines) as a function of temperature for (a) the TBF1000 and (b) 

DP1000 steels. Arrows indicate AC1 temperatures, diamonds indicate an increase in the differential 

change in length associated with the HF power reaching 100 pct, stars indicate local minima in the 

differential change in length, and triangles indicate AC3 temperatures. 

5.2 Baking Sensitivity of TBF and DP Welds Tested in Modified Lap Shear 

After identification of the critical transformation temperatures in the DP and TBF steels, five 

temperatures were selected for simulation of one subcritical, three intercritical, and one supercritical HAZ 

microstructure in each steel. The selected temperatures were 650, 725, 775, 825, and 900 °C, though it 

should be noted that 725 °C is very close to the AC1 temperature (723 °C) in the DP steel. As detailed in 

Section 3.2.5, six specimens per temperature per steel were welded and then heat treated in a furnace for 

5 minutes before being quenched in water. Three of the specimens were tested as-quenched (ñUnbakedò) 

and three were held at 180 ÁC for 20 minutes in an oil bath (ñBakedò) prior to testing.  
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The force-displacement measurements obtained during modified lap shear testing of the post-weld 

heat treated TBF and DP specimens are displayed in Figure 5.3 and Figure 5.4, and in each figure the 

unbaked conditions are plotted as dashed red lines, while the baked conditions are plotted as solid black 

lines. It should be noted that each plot contains the force-displacement data for all six specimens per 

temperature, and some curves are occluded due to significant overlap with other specimens. The 

force-displacement curves for the subcritical TBF and DP specimens heat treated at 650 °C are shown in 

Figure 5.3(a) and (b) and reveal an identical response of the unbaked and baked specimens. 

  

(a) (b) 

  

(c) (d) 

Figure 5.3 Force-displacement curves obtained during modified lap shear testing of spot welds that, 

after welding, were furnace heat treated for 5 minutes at 650 °C in (a) the TBF and (b) DP steels and at 

725 °C in the (c) TBF and (d) DP steels. Specimens were water quenched before testing in the 

as-quenched (ñUnbaked,ò dashed red lines) or baked (ñBaked,ò solid black lines) conditions. 

The force displacement curves for specimens heat treated to 725 °C in Figure 5.3(c) and (d) show a 

similar peak force between the unbaked and baked conditions, and a decrease in the slope of the 
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force-displacement curve just after 3 kN in the TBF specimens. The unbaked and baked DP specimens 

fail at similar displacements, whereas the baked TBF specimens reach greater displacements prior to 

specimen failure. Additionally, the 650 and 725 °C conditions produce similar force-displacement 

measurements between the TBF and DP steels, with the peak force and displacement of the TBF 

conditions being just slightly greater than those of the DP specimens. 

Figure 5.4(a) and (c) reveal a substantial baking effect in the force-displacement measurements of the 

intercritical TBF specimens heat treated at 775 and 825 °C, while a relatively minor effect of baking is 

observed in the corresponding DP specimens in Figure 5.4(b) and (d). The unbaked TBF specimens 

fracture at forces between 6 and 7.5 kN and displacements around 1 mm, whereas after baking, specimens 

fail at twice the peak force and triple the displacement of unbaked specimens. It is also noteworthy that in 

the 775 and 825 °C conditions, the TBF specimens exhibit peak force and energy absorption less than the 

DP specimens prior to baking, but greater than the DP specimens after baking. The force-displacement 

measurements obtained for the supercritical specimens heat treated at 900 °C are shown in Figure 5.4(e) 

and (f), and again exhibit a significant influence of baking on the TBF specimens and a relatively minor 

influence on the DP specimens. The baked TBF specimens reveal a decrease in the slope of the 

force-displacement curve after reaching an approximate force of 2 kN load and reach an identical peak 

force but greater displacements at failure compared to the unbaked specimens. 

Results obtained during modified lap shear testing of simulated HAZ microstructures are summarized 

in Figure 5.5 and Figure 5.6 for each of the five post-weld heat treatment temperatures in each steel. The 

data are separated into plots summarizing the peak force, Figure 5.5(a) and (b), as well as the energy 

absorbed, Figure 5.6(a) and (b), during testing. The peak force measurements and energy absorption 

values measured in the welded specimens that were not heat treated (presented in Chapter 4) are added to 

each plot for a relative comparison of the effects of the heat treatment on modified lap shear performance 

and baking sensitivity. Each data point represents the average of three specimens, with error bars 

representing the standard deviation of that average. Red diamonds with dashed lines indicate 

measurements for unbaked specimens, whereas black circles with solid lines represent measurements 

obtained for specimens tested in the baked condition. In Figure 5.5(a), the subcritical and lower-

temperature intercritical heat treatments are shown to be insensitive to baking in the TBF steel. The 

specimens heat treated at 775 and 825 °C reveal a decreased (relative to the base condition) peak force in 

the unbaked condition, i.e., a trough in peak force is observed within the intercritical temperature regime. 

An increase in the baking sensitivity of the TBF specimens is observed within the intercritical regime 

compared to the specimens that were not heat treated, as the peak force of the baked 775 and 825 °C 

conditions is nearly identical to that of the specimen that was not heat treated and was tested in the baked 

condition. The DP specimens heat treated at subcritical and intercritical temperatures exhibit lower peak 
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forces than the specimens that were not heat treated, and lack any significant paint baking effect. In 

consideration of the specimens heat treated at supercritical temperatures, the peak force of the TBF 

specimens exceeds that of the specimens that were not heat treated, and an effect of baking is not 

observed. In the DP supercritical specimens, both the peak force and baking sensitivity are slightly 

increased relative to the specimens that were not heat treated. 

Figure 5.6(a) and (b) present the summarized energy absorption results for the TBF and DP 

specimens, respectively, that reveal a similar trend to the data presented in Figure 5.5. The TBF 

specimens heat treated to subcritical temperatures exhibit energy absorption similar to the TBF specimens 

that were not heat treated and were tested in the as-welded condition, and no increase in energy 

absorption after baking was observed in the subcritical specimens. In the DP steel, the subcritical 

specimens exhibit reduced energy absorption relative to the specimens that were not heat treated and are 

also insensitive to baking. A minimum in the energy absorption is observed within the intercritical 

temperature range for the unbaked conditions of both steels. The TBF specimens heat treated at 725 °C 

exhibit a slight baking sensitivity, whereas the 775 and 825 °C specimens exhibit large increases in 

energy absorption of 475 and 335 pct, respectively, following the baking cycle. Additionally, the baked 

intercritical specimens exhibit reduced energy absorption relative to the baked specimens in the welds that 

were not heat treated. The specimens heat treated to supercritical temperatures exhibit a moderate baking 

sensitivity (41 pct increase in energy absorption). In the DP steel, a minor increase in energy absorption is 

measured after baking in the 775, 825, and 900 °C conditions, and all of these conditions exhibit reduced 

energy absorption relative to the specimens that were not heat treated. To summarize, these results 

indicate that baking sensitivity is most strongly associated with the mid- to upper range of intercritical 

HAZ microstructures formed in the TBF steel. Further, the supercritical HAZ exhibits moderate baking 

sensitivity, and the absence of any baking sensitivity in the subcritical HAZ was confirmed.
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(a) (b) 

  
(c) (d) 

  

(e) (f) 

Figure 5.4 Force-displacement curves obtained during modified lap shear testing of spot welds that 

were furnace heat treated for 5 minutes at (a,b) 775 °C, (c,d) 825 °C, and (e,f) 900 °C  in the TBF and DP 

steels. Specimens were water quenched before testing in the as-quenched (ñUnbaked,ò dashed red lines) 

or baked (ñBaked,ò solid black lines) conditions.
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(a) (b) 

Figure 5.5 Summarized peak force measurements obtained during modified lap shear testing of (a) 

TBF and (b) DP spot welds after furnace heat treatment and testing in the unbaked (red diamonds) and 

baked (black circles) conditions. Vertical dotted lines indicate the AC1 and AC3 temperatures in each steel. 

  

(a) (b) 

Figure 5.6 Summarized energy absorption (area under the force-displacement curve) measurements 

from the data presented in Figure 5.3 and 5.4 for the (a) TBF and (b) DP spot welds after heat treatment 

tested in the unbaked (red diamonds) and baked (black circles) conditions. Vertical dotted lines indicate 

the AC1 and AC3 temperatures in each steel. 

5.3 Baking Sensitivity of TBF and DP Welds Quantified Using the Small Punch Test 

Following characterization of the baking sensitivities in the furnace-simulated HAZ microstructures 

tested via modified lap shear testing, specimens for small punch testing were produced using temperature 
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of 775, 825, and 900 °C, corresponding to the three temperatures associated with a significant paint 

baking effect in the TBF steel. Figure 5.7 displays the force-displacement curves obtained during small 

punch testing, with specimens tested in the unbaked and baked conditions represented by red dashed lines 

and solid black lines, respectively. Figure 5.7(a) and (b) display the force-displacement curves obtained 

for the TBF and DP steels, respectively, in the base (as-received) condition and the lower intercritical 

temperature of 775 °C. The base condition of each steel is shown to be insensitive to paint baking, and 

similar peak force and energy absorption was measured for both steels. A substantial difference can be 

observed regarding the impact of the 775 °C heat treatment on the TBF and DP steels. In the TBF steel, 

the 775 °C conditions (unbaked and baked) exhibit an increase in strength and decrease in displacement 

compared to the base condition, whereas the corresponding specimens in the DP steel exhibit a decrease 

in peak force and an increase in displacement relative to the base condition. The 775 °C TBF specimens 

exhibit a sensitivity to baking with a decrease in peak force and an increase in displacement; in contrast, 

the 775 °C specimens in the DP steel seem insensitive to baking, consistent with the results presented in 

Figure 5.5 and Figure 5.6.  

The force-displacement curves for the specimens heat treated at temperature of 825 and 900 °C are 

displayed in Figure 5.7(c) and (d) for the TBF and DP steels, respectively, and show an effect of baking in 

all conditions. The general shapes of the curves for the 825 °C specimens are similar between the two 

steels, showing an increase in punch displacement at specimen failure in addition to a decrease in the peak 

force after baking. The specimens heat treated at 900 °C exhibit a difference in deformation behavior at 

the peak force. In the TBF steel, the unbaked specimens fracture at their peak force, whereas the unbaked 

DP specimens fracture after their peak force, exhibiting a response similar to the post-uniform elongation 

observed during tensile testing. The difference in curve appearance suggests that the unbaked DP 

specimens exhibited greater plastic deformation during small punch test fracture compared to the unbaked 

TBF specimens. After baking, the curve appearance for the TBF specimens exhibits a slight difference in 

appearance though the DP specimens still exhibit much greater plastic deformation during small punch 

failure. Baking is shown to decrease the peak force of the DP specimens heat treated to supercritical 

temperatures, with minor changes in total punch displacement. These results are considered to validate the 

small punch test as a tool for quantification of the baking sensitivity in simulated HAZ microstructures. It 

should also be noted that the inflection in the curves at a force of approximately 1.4 kN represent bending 

of the test specimen; these inflections were found to be identical among all specimens tested, and were 

removed in subsequent analyses presented in Chapter 6.  
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(a) (b) (c) (d) 

Figure 5.7 Force-displacement curves obtained during small punch testing of the base (as-received) 

and 775 °C condition in (a) the TBF steel and (b) the DP steel. The curves for specimens heat treated at 

825 and 900 °C are provided for (c) the TBF steel and (d) the DP steel. Dashed red lines indicate unbaked 

specimens, while solid black lines indicate baked specimens. 

5.4 Microstructural Characterization of Simulated HAZ Microstructures  

Considering the baking sensitivities of the simulated HAZ microstructures measured via modified lap 

shear testing and small punch testing, specimens heat treated at 825 and 900 °C were examined for 

evidence of baking-induced microstructural evolution associated with the improvements in mechanical 

behavior. Additionally, the intercritical microstructures were compared to the corresponding 

microstructures in actual spot welds, to determine the effectiveness with which the target HAZ 

microstructures were simulated, and to determine whether any baking-related observations corresponded 

to the microstructural evolution observed in spot welds.  

The microstructures of the modified lap shear specimens produced via furnace heat treatment at 

825 °C (Figure 5.4(c) and (d)) are displayed in the unbaked and baked conditions for the TBF steel in 

Figure 5.8(a) and (b), and the DP steel in Figure 5.9(a) and (b). Microstructures were examined at 

approximately the mid-thickness position in the HAZ-adjacent region (base metal just outside the 

subcritical HAZ) of the initial weld. The micrographs for the TBF specimens reveal a tempering of the 

MA constituent in the intercritical HAZ microstructure after baking, in a manner similar to that observed 

in the actual spot weld microstructure analyzed for the baked TBF weld in Chapter 4. In the unbaked DP 

specimen, a mixture of smooth and textured MA constituent (or martensite) was observed, whereas in the 

baked condition all of the MA constituent (martensite) appeared textured, suggesting that the intercritical 

HAZ microstructures in the DP specimens were, in effect, ñpartially bakedò prior to the paint baking 

treatment, as illustrated by the inset in Figure 5.9(a) and (b). The potential for ñauto-bakingò, or the 

tempering of MA constituent (baking) during the quench, seems supported by these observations and may 
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explain the lesser baking sensitivity in the DP steel. It is also evident in Figures 5.8 and 5.9 that the TBF 

specimens exhibit a greater fraction of MA constituent in the final microstructure, which can be attributed 

to the lower AC1 temperature of the TBF steel (680 °C) compared to that of the DP steel (723 °C), 

resulting in a greater fraction of austenite in the TBF steel at the heat treatment temperature of 825 °C. 

The variations in the fraction of MA constituent in the TBF and DP specimens are also presumed to relate 

to the small punch test results of the 775 °C conditions shown in Figure 5.7(a) and (b), i.e., the increase in 

peak force (compared to the base condition) in the TBF steel and decrease in force in the DP steel. 

  

(a) (b) 

Figure 5.8 Microstructures produced after furnace heat treatment for 5 minutes at 825 °C followed 

by water quenching in (a) the unbaked and (b) baked conditions in the TBF steel. Secondary electron 

micrograph, 2 pct nital etch for 5 s. 

  
(a) (b) 

Figure 5.9 Microstructures produced after furnace heat treatment for 5 minutes at 825 °C followed 

by water quenching in (a) the unbaked and (b) baked conditions in the TBF steel as well as the (c) 

unbaked and (d) baked conditions in the DP steel. Secondary electron micrograph, 2 pct nital etch for 5 s. 
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The microstructures of the TBF and DP modified lap shear specimens heat treated at 900 °C were 

also examined, and these results are displayed in Figure 5.10(a) and (b) for the unbaked and baked TBF 

specimens and Figure 5.11(a) and (b) for the unbaked and baked DP specimens, respectively. The TBF 

specimens are shown to exhibit fully martensitic microstructures, and there may be a slight difference in 

contrast variations in the specimen between the unbaked and baked conditions, though this could also be 

due to differences in the contrast/brightness settings of the SEM imaging software. Notably, the presence 

of transition carbides within martensite laths of baked specimens was not observed, as has been reported 

by several investigators by means of SEM imaging [22, 25]. It should be noted, however, that EBSD or 

TEM analysis is necessary to draw any meaningful observations regarding secondary phase evolution 

during the baking cycle, and TEM will be implemented in later work and presented in Chapter 7. 

  

(a) (b) 

Figure 5.10  Microstructures produced in the TBF steel after furnace heat treatment at 900 °C for 5 

minutes followed by water quenching in (a) the unbaked and (b) baked conditions. Secondary electron 

micrograph, 2 pct nital etch for 5 s. 

Initial observation of the DP microstructures in Figure 5.11 reveals a significant fraction of ferrite 

present in the DP specimens. The most likely explanation is that these specimens were not fully 

austenitized during heat treatment after welding. It is uncertain whether the specimens did not reach the 

target temperature of 900 °C, or that the transformation to austenite at 900 °C in the DP steel requires 

more time than was provided during the 5-minute furnace hold. Another potential explanation for the 

increased fraction of ferrite in the DP specimen is the growth of ferrite during cooling, but this is thought 

to be negligible considering the short time between specimen removal from the furnace and quenching 

into water (less than 3 s). The incomplete austenite transformation thus leads to the characterization of the 

900 °C specimens as intercritical microstructures, and the change in the appearance of these 

microstructures after baking is still significant. Figure 5.11(a) and (b) reveal a similar result to the DP 
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microstructures presented in Figure 5.9(a) and (b), in which a mixture of smooth and textured MA 

constituent is mostly observed in the unbaked condition and a fully textured MA constituent is observed 

after baking. It appears that increasing the heat treatment temperature from 825 to 900 °C (increasing the 

fraction of austenite) increases the fraction of textured MA constituent present before baking. It is again 

worth noting that the MA constituent found in the intercritical HAZ of the DP spot welds exhibited a fully 

textured appearance in the unbaked condition, which suggests that water-quenching represents a faster 

cooling rate than applied during spot welding. 

 

  
(a) (b) 

Figure 5.11 Microstructures produced in the DP steel after furnace heat treatment at 900 °C for 5 

minutes followed by water quenching in (a) the unbaked and (b) baked conditions. Secondary electron 

micrograph, 2 pct nital etch for 5 s. 

In consideration of the results obtained in Section 5.2 and 5.3, in which specimens heat treated at 

lower intercritical temperatures exhibited little to no baking sensitivity while specimens heat treated at 

higher intercritical temperatures exhibited significant baking sensitivities, the intercritical HAZ 

microstructures in actual spot welds were closely re-examined. By placing microhardness traverses 

through the weld, the microstructures corresponding to ñlowò and ñhighò intercritical temperatures, i.e., 

regions of relatively low and high microhardness within the intercritical region, were examined. 

Microhardness profiles for the as-welded (solid) and baked (dashed) conditions are presented in 

Figure 5.12(a) for the TBF (black) and DP (red) spot welds. The boxes labelled óbô through óeô in 

Figure 5.12(a) indicate the microhardness and relative positions within the weld where the micrographs in 

Figure 5.12(b)-(e) were acquired. The microstructures observed in Figure 5.12 closely resemble those 

presented in Chapter 4; a baking-induced change in appearance of MA constituent is observed in the 

intercritical HAZ of the TBF weld, shown in Figure 5.12(b) and (c), whereas the as-welded and baked 

conditions of the intercritical HAZ in the DP, Figure 5.12(d) and (e), both exhibit MA constituent with a 
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textured appearance. The TBF microstructures presented here resemble the microstructures of the TBF 

specimens heat treated at 825 °C in Figure 5.8, whereas the DP specimens more closely resemble the 

microstructures of the specimens heat treated to 900 °C displayed in Figure 5.11.  These results 

demonstrate that microstructures with similar microhardness likely form at different temperatures in the 

two steels, which may impact the microstructural evolution in the TBF and DP steels, e.g., differing 

extents of carbide dissolution, et cetera. It is also presumed that the heating rate may also influence the 

development of the intercritical microstructures, and rapid heating will be more closely examined in 

Chapter 6. It is also worth noting the general similarity in microhardness profiles between as-welded and 

baked conditions suggests a minimal effect of baking on strength of the various HAZ as discernible via 

microhardness measurement. A decrease in microhardness of the supercritical HAZ of both steels (the 

regions of highest hardness) is also observed after baking; however, this hardness decrease is not 

consistently observed, and the apparent hardness decrease in Figure 5.12(a) may be due to slight 

differences between spot welds. 

 

  

(b) (c) 

  

(a) (d) (e) 

Figure 5.12 The (a) the microhardness profiles in the HAZ of the TBF and DP spot welds in the 

as welded (solid) and baked (dashed) conditions. Boxes labeled óbô through óeô in (a) indicate where the 

micrographs in (b) through (e) were obtained. Micrographs display the appearance of the intercritical 

HAZ in the (b) as-welded and (c) baked TBF spot welds and the (d) as-welded and (e) baked DP spot 

welds. Secondary electron micrograph, 2 pct nital etch for 5 s. 

Figure 5.13 provides a similar analysis to the one in Figure 5.12 but for a region of the intercritical 

HAZ with lower hardness. The microhardness profiles in Figure 5.13(a) also include boxes indicating the 
















































































































































































































