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ABSTRACT

MAX phase ceramics and their two-dimensional derivatives, MXenes, are both large, emerging families
of materials. MAX phases, ternary metal carbides and nitrides, have a layered crystalline structure in
which strongly-bonded ceramic layers are interleaved with more weakly-bonded metallic layers, and
MXenes can be produced via selective etching of these layers. Both systems have received significant
research attention due to a number of unique, highly tunable properties. Despite this, there remain a
number of fundamental knowledge gaps, especially regarding their deformation, which currently keep them
in the early development stages for many applications. Therefore, the work in this thesis is focused on
providing insights into the atomic-scale, structure-property relationships associated with their mechanical
behavior through novel atomistic simulations. To enable these simulations, new, highly-accurate
interatomic potentials were developed and validated against relevant properties. Several different key
deformation mechanisms were investigated in MAX phases, including basal slip and dislocations, kinking,
and delamination cracking. Calculations of basal dislocation core structures revealed that rearrangement of
the weakly-bonded metallic layer can result in less-mobile dislocations, but dislocation pairs can also form,
which become much more mobile due to greater core spreading. Kinking was determined to result from a
coupling of atomic layer buckling and subsequent nucleation of dislocations. Importantly, kinked regions
remain highly elastically strained, which can contribute to the reversibility of the mechanism.
Delamination cracking is closely linked to kinking, as when enough dislocations accumulate during the
process, they can spontaneously nucleate a cleavage crack at the metal-ceramic interface. In MXenes,
simulation results demonstrated that superior in-plane mechanical properties can be achieved through
increased monolayer thickness and surface termination coverage, albeit at the cost of out-of-plane
flexibility. The presence of vacancies can significantly degrade MXene mechanical properties, but their
effect can be mitigated through appropriate surface termination engineering. Overall, the fundamental
insights gained from these atomic-scale deformation studies of both MAX phases and MXenes should serve
as a solid foundation for better understanding the origin of their unique mechanical properties and provide

a guide to help better engineer them for specific applications.
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CHAPTER 1
INTRODUCTION AND BACKGROUND

The overarching goal of this thesis is to provide fundamental insights into the atomic-scale deformation
mechanisms of MAX phase ceramics and their two-dimensional derivatives, MXenes. Both are emerging
families of materials which have demonstrated unique and desirable properties for numerous applications.
This has led to signi cant research attention, but there remain fundamental knowledge gaps for each,
speci cally regarding their mechanical properties. Therefore, the motivation for this work is to Il some of
these gaps and help move MAX phases and MXenes beyond the early development phase by providing a
better understanding of underlying structure-property relationships. The primary tool utilized to
accomplish this is atomistic modeling, a materials simulation technique uniquely positioned to study the
length and time scales of interest for atomic-scale deformation mechanisms. Atomistic modeling requires
the de nition of an empirical force eld, known as an interatomic potential, to describe atomic interactions
in the system of interest. As this technique has only been used sparingly to study MAX phases and
MXenes, new, highly accurate interatomic potentials are rst developed and validated. Subsequently, the
interatomic potentials are used to carry out atomistic simulations of deformation. These simulations

provide fundamental insights into the following outstanding research questions:

" What are the core structures of basal dislocations in MAX phases and how do they a ect
fundamental properties such as dislocation mobility and interactions with other dislocations? How

can this atomic-scale information be related to overall MAX phase plasticity?

What are the underlying atomic-scale mechanisms responsible for deformation by kinking in MAX
phases and by extension, other layered crystalline solids? Can these mechanisms account for

reversible kinking and the unique MAX phase properties associated with it?

How do delamination cracks form in MAX phases? Are they associated with speci c dislocation

arrangements and are they a prerequisite for or a result of kinking?

How do variables such as monolayer thickness, surface terminations, and point defects in uence
MXene mechanical properties? Can some of these variables be e ectively utilized as tuning knobs to

produce mechanically superior MXenes?

To address these important questions, this thesis is structured as follows. Chapter 1 provides relevant

background information on MAX phases and MXenes, with particular emphasis placed on known



deformation mechanisms in MAX phases and important aspects of MXene structure such as surface
terminations and defects. Following this is a brief introduction to atomistic simulations and interatomic
potentials. The potential form used for the models developed herein is described in detail. In Chapter 2,
interatomic potentials are developed and validated for performing atomistic simulations of MAX phase
deformation. In Chapter 3, fully-atomistic calculations of dislocation core structures in MAX phases are
performed. The impact of core structure on dislocation mobility and overall MAX phase plasticity are also
evaluated. Chapter 4 provides a combined experimental/computational study in which the underlying
mechanisms responsible for kinking in MAX phases are determined. Additional simulations focused on
probing kinking in other materials and its reversibility are performed for further context. Chapter 5

presents a series of studies focused on connecting dislocations in MAX phases to delamination cracking.
Included are investigations of ripplocations, a novel defect associated with delamination hypothesized to
exist in MAX phases, as well as the nucleation of delamination cracks due to kinking. In Chapter 6, the
interatomic potentials developed for MAX phases are extended to model MXenes. Several studies are also
performed to characterize the impact of both surface terminations and defects on MXene mechanical
properties. Finally, Chapter 7 provides a summary of the results presented herein and an outlook for future
studies. Overall, the fundamental research conducted in this thesis should serve as a foundation for better
understanding the mechanical behavior and deformation mechanisms of both MAX phases and MXenes, an
area that must be addressed before both can be further developed. The structure-property insights gained
at the atomic-scale will help enable better engineering of these emerging families of materials for numerous

applications.
1.1 MAX Phases

MAX phases are ternary metal carbides and nitrides with the general formula M,.+1 AX,, where
n=1 4, Mis an early transition metal, A is an A-group element, and X is C and/or N. They are best
described as thermodynamically stable, metallically bonded nanolaminates, in which close-packed
Mn+1 X -layers are interleaved with single-atom-thick A-layers (Figure 1.1a). The thickness of the
MX-layers is determined by n, and therefore MAX phases are classi ed into categories accordingly: 211,
312, 413, or 514 (i.e., MAX, M 3AX,, M4AX 3, and MsAX 4 respectively). They can be formed from a wide
range of M and A elements, with 60+ compounds being synthesized to date (Figure 1.1b) [1].

MAX phases were rst discovered in the 1960's (then termed H-phases) by Nowotny and coworkers [2],
but they received little attention until the 1990's when fully dense, predominantly single-phase TSiC, was
synthesized by Barsoum and coworkers, and characterization of its properties was enabled [3]. The layered

structure, made up of strong, largely covalent M-X bonds and weaker, metallic M-A bonds, imparts a



unique combination of properties; they share many advantageous properties of their corresponding binary
metal carbides and nitrides such as high elastic sti ness, good electrical and thermal conductivity, and high
temperature stability, however, they are also readily machinable, relatively soft, resistant to thermal shock,
and damage tolerant [4{6]. As a result, research into MAX phases has dramatically increased over the past
twenty ve years. They have been proposed for a wide range of uses, including high temperature structural
applications [7], wear and corrosion resistant coatings [8, 9], nuclear fuel cladding [10], and more. Despite
this, they remain in the early development phases for most applications, largely due to a lack of
fundamental understanding of many of their unique properties. Thus, the goal of the MAX phase studies
herein is to provide such fundamental insights, speci cally regarding MAX phase deformation mechanisms,
and how these materials can be better engineered for various applications. As such, the following sections
provide background information on several known and proposed MAX phase deformation mechanisms and

where knowledge gaps exist.

Figure 1.1 Structure and composition of MAX phases. (a) Representative unit cells of the 211, 312, and
413 MAX phases. M, A, and X atoms are colored red, blue, and gray respectively. Additionally, the MX
octahedral units are shown. (b) Elements making up the known MAX phases. Adapted with permission
from Ref. [1].

1.1.1 Dislocations and Overall MAX Phase Plasticity

One of the de ning characteristics of MAX phases, which distinguishes them from typical engineering
ceramics, is their ability to deform plastically under certain conditions at ambient temperatures. This
occurs via slip along M-A basal planes due to the largely metallic nature of those bonds and is facilitated
by basal dislocations (BDs) with Burgers vector § 1210, the in-plane lattice translation vector [1]. It has
been consistently observed that BDs make up the vast majority of dislocations in MAX phases [11{13], and

they readily nucleate, glide, dissociate, and interact with one another within the basal planes much like



dislocations in metals [14{18]. Being con ned to the basal planes, BDs are commonly observed in
post-deformation samples to be arranged in either arrays on the same basal plane or in walls on adjacent
basal planes (Figure 1.2). Some non-basal dislocations have been observed [19, 20], but they do not appear
to be involved in deformation at ambient temperatures and are likely growth defects or result from

di usion processes. This has been rationalized by invoking the large lattice parameter of MAX phases

(> 1 nm); non-basal dislocations have signi cantly larger Burgers vectors than BDs, making them

energetically unfavorable and unlikely to be mobile [1].

Figure 1.2 TEM images of BD arrangements in MAX phases. Arrays on the same basal planes (a) and a
wall on adjacent basal planes (b). Adapted with permission from Ref. [12].

The lack of non-basal slip systems does restrict MAX phase plasticity. Typically, signi cant plastic
deformation is only observed in highly-oriented polycrystals [21], polycrystals under con ning pressure [15],
and appropriately oriented single crystals [18, 22{24]. They exhibit signi cant plastic anisotropy because
they lack the 5 independent slip systems required for general plasticity under the von Mises criterion [25]
and thus fall between metals and ceramics in this sense. As a consequence, typical polycrystalline MAX
phase samples develop large strain incompatibilities between "soft" grains oriented favorably for basal slip
and "hard" grains oriented unfavorably for basal slip during deformation. This leads to undesirable
microcracking and eventual brittle failure [26{28], which has hindered their adoption in structural
applications thus far. Appropriate microstructural engineering, e.g. highly oriented polycrystals, can
alleviate some of these issues, but the plastic deformation of these types of samples and even single crystals

remains poorly understood. Therefore, with BDs being the defect primarily responsible for MAX phase



plasticity, a more complete understanding of their structure and properties is necessary before MAX phases

can be successfully engineered for structural applications.
1.1.2 Kinking - An Alternative Mechanism for Plasticity

Despite the lack of non-basal slip systems, basal slip is not the only mechanism for plastic deformation
in MAX phases. When basal planes are loaded in compression edge-on, basal slip is initially inhibited, and
deformation proceeds by kinking. Kinking is a deformation mechanism in which a region of material,
termed a kink band, undergoes a uniform rotation throughout its width to accommodate axial compressive
strain. A kink band is con ned by two kink boundaries (KBs) and typically assumes a stove pipe
con guration (Figure 1.3d). Kinking is not exclusive to MAX phases but occurs in a variety of natural and
engineering materials with layered structures. These include graphite, mica, ice, wood, laminated
composites, and geological formations, spanning over 13 orders of magnitude in scale from nanometers to
tens of kilometers. Due to this, kinking has been historically investigated in di erent communities with
little communication between them. More recently, some mechanistic commonalities, e.g., buckling of
layers in geology and polymer composites, have been noted [29], however, the underlying atomic-scale

mechanisms in layered crystalline solids (LCSs), such as MAX phases, have remained elusive.

Figure 1.3 Schematics of kinking mechanisms. The Hess and Barrett theory [30] (a-d) and the Frank and
Stroh theory [31] (e-h). Adapted with permission from Ref. [1].

One of the earliest mentions of kinking in LCSs was in 1898 by Mugge, who noted its prevalence in a
large number of minerals [32]. The formation of kink bands in metals was rst reported by Orowan in
1942, for cadmium single crystals compressed parallel to the basal planes [33]. He contended that kinking
was an entirely new deformation mechanism, in which basal planes within the kink band abruptly snap
into a new orientation, with the KBs containing a high concentration of edge BDs. In 1949, Hess and

Barrett reproduced Orowan's experiments on zinc and provided a qualitative model for kink band



formation [30]. They postulated that elastic buckling of the compressed basal planes can generate the
resolved shear stress necessary to nucleate oppositely signed BD walls, which then glide apart to form two
opposing KBs making up the kink band (Figure 1.3a-d). This process can then repeat itself within the kink
band to further increase the kinking angle and accommodate progressively more compressive strain. In
1952, Frank and Stroh proposed the rst, and to date only, theoretical model for kinking by expanding on
the ideas of Hess and Barrett [31]. In their theory, a pre-kinked nucleus facilitates the generation of
additional BDs at the end of a forming BD wall, which then glide apart to form KBs (Figure 1.3e-h).

Frank and Stroh determined that this process rst requires an applied stress but eventually becomes
spontaneous once a critical kinking angle, dependent on material properties, is reached (3 for HCP
metals [31] and 0:5 for MAX phases [34]). Despite a lack of direct evidence, the ideas put forward in
these early theories have been largely accepted as the atomic-scale mechanisms responsible for kinking in
LCSs. This can partly be ascribed to little work being done in this area, as kinking only occurs under
speci ¢ conditions in materials with multiple active slip planes, such as HCP metals, and it does not

typically contribute to the overall plasticity of polycrystals.

Figure 1.4 Examples of kink bands in MAX phases. Various length scales are shown. Adapted with
permission from Ref. [1].



In contrast, MAX phases, with only basal slip systems and a lack of other non-basal strain
accommodation mechanisms, deform readily by kinking [4, 5], and their development has renewed interest
in better understanding kinking in LCSs. Kink bands are nearly always present in deformed MAX phase
microstructures at multiple length scales (Figure 1.4), and kinking has been implicated in various unique
MAX phase properties. Most notable among these is their ability to dissipate large quantities of
mechanical energy, i.e. mechanical damping. When MAX phase polycrystals are placed under compressive
strain [35, 36] or even when individual grains are nanoindented [37, 38] cyclically, fully reversible
stress-strain hysteresis loops are produced, with about 25% of the mechanical energy being dissipated on
each cycle (see Figure 1.5a for examples). This is especially of interest as they combine excellent
mechanical damping, on par with many polymers, with the high sti ness typically associated with

ceramics, two properties which are normally a trade-o (Figure 1.5b).

Figure 1.5 MAX phase mechanical damping properties. (a) Examples of the hysteresis loops produced
when MAX phase polycrystals are subjected to compressive loading. Adapted with permission from Ref.
[36]. (b) Ashby plot showing the typical trade-o between elastic sti ness and mechanical damping in
engineering materials. MAX phases (shaded ovals) have been measured to fall outside this envelope,

o ering an excellent combination of both properties. Adapted with permission from Ref. [39].

The prevailing theory for mechanical damping in MAX phases is reversible kinking, which invokes the
idea of Frank and Stroh that a pre-kinked nucleus can readily expand and contract under the application
and removal of compressive stress [34]. These nuclei have been termed incipient kink bands (IKBs), and it
is the cyclical motion of BDs making up the IKBs which dissipates energy. The IKB theory has had

success in explaining some of the characteristics of MAX phase hysteresis loops, but similar to the Frank



and Stroh theory for kinking, su ers from a lack of direct evidence. As such, additional explanations for
MAX phase mechanical damping have been put forward including friction from microcracking [40] and
reverse plastic ow [41, 42]. The problem with these theories is that they invoke the entirety of the MAX
phase microstructure, when nanoindentation experiments have shown that mechanical damping is inherent
to the MAX phase crystal structure, suggesting reversible kinking to be a more appropriate mechanism.
Given the important role kinking plays in MAX phase deformation, and possibly mechanical damping as
well, a better understanding of its underlying atomic-scale mechanisms is of great importance to the

further development of these materials.

Figure 1.6 Ripplocation formation schematic and examples. (a) Ripplocations form due to in-plane
compressive strain. Adapted with permission from Ref. [43]. (b,c) Examples of surface and bulk
ripplocations in atomistic simulations of graphite. Adapted with permission from Ref. [44].

1.1.3 Ripplocations - A Novel Defect in Layered Materials

While BDs, basal slip, and kinking are well-established defects and deformation mechanisms in MAX
phases, a new type of defect, namely ripplocations, has recently been proposed to supersede BDs in certain
scenarios in an attempt to explain uniqgue MAX phase properties [38, 44, 45]. Ripplocations were rst
observed on the surface of Mogthin Ims by Kushima et al [43], who rationalized that the in-plane
compressive strain of edge BDs in materials with weak, secondary interlayer bonding can lead to core
relaxation in the form of out-of-plane buckling (Figure 1.6a). Therefore, as the name implies, ripplocations
are a combination of ripples (delaminations) of atomic layers and dislocations. Since they were rst

identi ed, the concept of ripplocations has been extended to additional van der Waals (vdW) solids, such



as graphite, and also to encompass both surface and bulk ripplocations (Figure 1.6b,c) [44]. The idea has
gained traction in MAX phases as they share a common layered structure with vdW solids, although the
primary interlayer bonding is signi cantly stronger, which brings into question whether out-of-plane

buckling involving the breaking of M-A bonds is likely or even possible solely due to BD-induced strains.
While ripplocations are readily observed in vdW solids, they have yet to be seen in MAX phases, making
the case for their existence purely speculative for the time being. Therefore, a more thorough study of
these defects and their formation process is needed to help determine if they could play a role in MAX

phase deformation.
1.2 MXenes

An important extension of MAX phases are MXenes, their two-dimensional (2D) derivatives. First
synthesized in 2011 [46], MXenes are formed when MAX phase precursors are selectively etched in a
uoride-containing acidic solution. This removes the A-layers from the MAX phase (due to the relatively
weaker M-A bonds), creating a weakly bonded stack of MX-layers, which gain surface terminations of -O,
-OH, and -F from chemical reactions with the etchant. Further processing via physical agitation of the
solution allows for the delamination of these layers to form sheets of 2D material only several atomic layers
thick [47]. This process is depicted in Figure 1.7. MXenes take on the chemical formula M1 X, T«, where
M, X, and n are inherited from their MAX phase precursor and T represents the surface terminations.
With 30+ varieties synthesized to date, the discovery of MXenes has signi cantly expanded the family of
2D materials, and with many more MAX phase precursors available, this expansion can only be expected
to continue in the coming years.

MXenes have attracted considerable attention over the past decade for their unique and tunable
properties, which arise from the ability to substitute and/or combine numerous di erent species at the M
and X sites while retaining a 2D structure (see lower panel of Figure 1.7). This tunability has set them
apart from other 2D materials and has led to signi cant research activity focused on their use in
applications such as energy storage [48], catalysis [49, 50], electronic devices [51], sensors [52], structural
composites [53], and more. Mechanical properties play an important role in nearly all these applications,
but the fundamental mechanical behavior of MXenes has received signi cantly less research attention than
other areas [54]. This can partly be attributed to the di cult and time-consuming nature of mechanical
characterization experiments on 2D materials. Only two experimental studies have been conducted thus far
on the in-plane elasticity and fracture behavior of individual MXene monolayers, with results
demonstrating highly favorable properties [55, 56]. Additional density functional theory (DFT) calculations

have suggested that these results should translate to numerous other MXene compositions as well [57].



Therefore, the MXene studies herein focus on providing additional insight into fundamental mechanical
behaviors of these 2D materials. Particular attention is paid to the in uence of surface terminations and
vacancies, which o er two additional tuning knobs for MXene properties in addition to the chemistry of M

and X sites.

Figure 1.7 MXene synthesis procedure. MXenes are produced via the selective etching of MAX phase
precursors. Adapted with permission from Ref. [54].

1.2.1 Surface Termination Characterization and Control

Surface terminations, typically as a non-uniform mixture of -O, -OH, and -F groups, are always present
in as-synthesized MXenes due to chemical interactions of the etchant with the MAX phase precursor
during synthesis. Experimental techniques such as nuclear magnetic resonance (NMR) and X-ray
photoelectron spectroscopy (XPS) have been utilized to quantify the surface termination population and
demonstrate that it is highly dependent on the synthesis method and can change over time depending on
storage conditions [58, 59]. For example, Figure 1.8 shows the distribution of surface termination groups in
TisC,Tx MXenes synthesized using two di erent etchants. When LiF was used, -O is the dominant group,
but when HF was used, -F becomes the dominant group. In both cases, the surface termination coverage is
also well below full (i.e., x = 2), with about 58% coverage in the case of LiF etching and about 73%
coverage in the case of HF etching. Additional post-processing techniques, such as annealing in specic

atmospheres, can also be utilized to further control the surface termination distribution and add

10



termination groups not initially present after synthesis [60]. Changing the surface termination population
of a given MXene can have signi cant e ects on properties. For example the electronic conductivity of
various MXenes can be signi cantly increased via surface termination removal [61]. Regarding mechanical
properties, DFT calculations have revealed that surface terminations can have a signi cant impact on
elastic and fracture properties [62]. Typically, surface terminated MXenes exhibit higher elastic sti ness
and an ability to accommodate more in-plane strain than their non-terminated counterparts. These studies
have clearly demonstrated that surface terminations can be utilized as a powerful tool for tuning MXene
properties, especially through the use of relatively facile post-processing techniques. Now, a better
understanding of exactly how non-uniform surface termination populations can in uence mechanical

properties is needed to take full advantage of this tool.

Figure 1.8 MXene surface termination distribution measurements. NMR was used to determine the surface
terminations in Ti 3C,Tx MXenes produced by two di erent synthesis methods. Adapted with permission
from Ref. [58].

1.2.2 Vacancies as a Result of Synthesis Techniques

Unlike surface terminations, vacancies in MXenes have received signi cantly less attention; only one
experimental study has attempted to characterize them to date, despite being an inherent feature to the
MXene structure. Sang et al. used scanning transmission electron microscopy (STEM) to determine the
concentration of Ti vacancies in monolayers of T§C, T, MXenes [63]. Their results demonstrated that
MXenes typically have orders of magnitude higher concentrations of vacancies (1-3%) than equilibrium
values (Figure 1.9a). This is a direct consequence of the harsh synthesis conditions MXenes are subjected
to, as the acidic etchants can readily remove some M atoms from MAX phase precursors. Indeed, vacancy

concentration was found to increase with the concentration of HF used during synthesis (Figure 1.9a).
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Vacancies, especially at such high concentrations, are likely to have a much larger impact on the
mechanical properties of 2D materials than those of typical bulk materials. Atomistic simulations by
Plummer et al. have con rmed this by demonstrating that both Ti and C vacancies can substantially
reduce the in-plane elastic modulus of T{C,0, monolayers (Figure 1.9b) [64]. Vacancies presumably play
an even larger role in determining the fracture behavior of MXenes, being a localized phenomenon, as
cracks likely nucleate around them due to stress concentrations. As evidence of this behavior, atomistic
simulations of defect-free TgC,0O, monolayers calculated a breaking strength of 25.2 N/m [64], while
experiments on presumably defect-containing TiC, T monolayers measured a value of 17.0 N/m [55], a
reduction of about one third. Clearly these preliminary results warrant additional study into how vacancies
can a ect MXene mechanical properties. And while high vacancy concentrations may be an unavoidable
consequence of MXene synthesis methods, understanding how their in uence can potentially be limited
through other tuning knobs such as M and X site chemistry and surface terminations will prove invaluable

for the further development of MXenes.

Figure 1.9 Vacancies observed in MXenes. (a) STEM images from monolayers of 3G, T« MXenes. Red
circles indicate Ti vacancies and blue circles indicate Ti vacancy clusters. Measured defect concentration is
plotted as a function of the HF concentration used during synthesis. Adapted with permission from Ref.
[63]. (b) Calculations from atomistic simulations demonstrating how the in-plane elastic modulus of a
Ti3C,0, monolayer changes as a function of vacancy concentration. Adapted with permission from Ref.
[64].
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1.3 Atomistic Modeling

The research questions raised in the preceding sections regarding deformation in both MAX phases and
MXenes are addressed in subsequent chapters using primarily atomistic modeling. Broadly, atomistic
modeling encompasses a set of materials simulation techniques which attempt to calculate the energy and
forces of a system of classically interacting particles (atoms or molecules) using an empirically de ned force
eld known as an interatomic potential. With this information, the system can be evolved in time using
molecular dynamics (MD) or with respect to local energy minima using molecular statics (MS). Atomistic
simulations occupy a unique position in materials modeling techniques in the length and time scales they
are able to access (see Figure 1.10). In foregoing the electronic degrees of freedom implementedhrinitio
approaches such as DFT, atomistic simulations can be scaled to multi-million atom systems; DFT is
typically limited to systems of only a few hundred atoms. As such, atomistic simulations are not suitable
for studying properties associated with the electronic structure of materials, but the scales at which they
operate provide other advantages. In retaining the atomic resolution not captured by mesoscale methods
such as dislocation dynamics and phase eld modeling, they are well suited to studying atomic-scale

deformation mechanisms beyond the length scale capabilities of DFT [65].

Figure 1.10 Simulation length and time scales. Schematic depicting the relevant length and time scales of
various experimental and computational techniques. Note that atomistic simulations fall betweenab initio
simulation approaches, such as DFT, and microstructural modeling, such as dislocation dynamics and
phase eld simulations. Adapted with permission from Ref. [65].
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1.3.1 Molecular Statics and Dynamics

The atomistic simulations employed here include both MS and MD, both of which o er their own
advantages and disadvantages. MS simulations represent an optimization problem, in which the system
energy given by the interatomic potential is minimized by iteratively adjusting atomic positions. This can

be formally expressed as:

minE rN (1.1)

PN
whererN are the position vectors of all atoms in the system ancE is the system energy determined by the
interatomic potential. Therefore, choice of optimization algorithm is crucial in MS simulations. The most
commonly used algorithm is conjugate gradient (CG) minimization, which tends to outperform more
simplistic line-search algorithms, such as steepest descent [66]. Additional algorithms have been devised for
certain systems where CG minimization performs poorly [67, 68]. In all MS simulations performed here
however, CG minimization demonstrated adequate convergence. MS simulations are e ectively performed
at 0 K, as no atomic velocities are involved, and are thus very useful for determining the athermal
equilibrium con guration of a system. Therefore, they are commonly employed prior to running MD
simulations at nite temperatures to create a reference state. MS simulations do not tend to perform well
when a system is taken far from equilibrium, e.g. during plastic deformation. In these situations, MD
simulations or an iterative combination of MS and MD simulations (quasistatic) are preferable.

MD simulations invoke both the atomic positions and velocities to evolve a system in time according to

Newton's second law:

@ri _ @ _ 1
@ @t m '

wherer; and v; are the position and velocity vectors of atomi respectively, m; is the atomic mass, andF;

(1.2)

is the force vector exerted on the atom. The force is derived from the interatomic potential via the

relationship:

N
F= 95T f@f (13)

Once the per-atom forces are obtained, an MD simulation proceeds via numerical integration of Eq. 1.2.
The velocity-Verlet algorithm is used for numerical integration in most MD codes due to its numerical

e ciency and superior accuracy over simpler algorithms such as Euler's method [69]. The positions and
velocities of each atom in the system are updated according to:

ri (t+ dt): ri (t)+ Vi (t)dt+ %F| (t)

dt? (1.4)
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where dt is the simulation timestep. Timesteps in MD simulations must be on the order of femtoseconds to
accurately capture the atomic trajectories, thus limiting their overall time scale to nanoseconds. Since MD
simulations consider atomic velocities, they take place at nite temperatures and pressures. These
variables are often regulated by the implementation of thermostats and barostats, which either add or
remove kinetic energy into the system dynamically to achieve target temperatures and/or pressures. The
Nose-Hoover thermostat and barostat are common implementations of this and are used in the MD
simulations here [70, 71]. Use of thermostats and barostats requires modi cation of the equations of motion
by adding dynamic variables coupled to atomic velocities and system dimensions to regulate temperature
and pressure. These modi ed trajectories are known as the canonical (NVT) ensemble and
isothermal-isobaric (NPT) ensemble for thermostats and combined thermostats/barostats respectively.
Details on their numerical implementation are beyond the scope of this discussion but are provided
elsewhere [72, 73]. Both ensembles are utilized in subsequent MD simulations depending on the need for a

thermostat and/or barostat.
1.3.2 Interatomic Potentials

Clearly the interatomic potential is a critical component in any atomistic simulation, as the results
depend on its accurate description of the system energy. The accuracy of an interatomic potential, in turn,
depends on the experimental and/orab initio data to which it is tted as well as the particular functional
form. There are numerous functional forms for interatomic potentials which have been introduced over the
years. The earliest were simple pairwise potentials designed to model the interactions in gases and liquids;
common potentials of this type include the Morse [74] and Lennard-Jones [75] potentials, which were
developed as simple parametric models for atomic interactions even before computers had enabled atomistic
simulations. In early atomistic simulations, these pairwise potentials were utilized due to their simplicity
and computational e ciency with reasonable success, but it was quickly understood that they fall short in
modeling solid-state systems with strong, localized bonding. Primary bonds, such as covalent and metallic,
require the introduction of many-body interactions into the potential, which take into account important
variables associated with the local atomic environment, such as bond angles and coordination number. One
of the most successful many-body potentials has been the embedded atom method (EAM), which has been
used to successfully model numerous metallic systems [76]. EAM potentials, in addition to a pairwise
energy term, add a many-body term known as the embedding energy, which is dependent on the electron

density as determined by the local atomic environment. The modi ed embedded atom method (MEAM)
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builds on this by allowing for non-spherically symmetric electron densities to model systems with more
directional bonding [77]. Another popular approach to many-body interactions are bond-order potentials
(BOPs), which were initially developed by Abell [78] and Terso [79] to model primarily covalently bonded
materials. BOPs take the same functional form as pairwise potentials but add a bond-order term, which
modi es the strength of pairwise interactions as a function of local atomic environment. Since their initial
development, numerous variations of BOPs have found success in modeling materials with a wide range of
bonding types. While potentials such as the EAM, MEAM, and BOPs all have a physical basis for their
functional form, recently a new class of potentials have been developed which are not restricted to a
speci ¢ functional form but instead utilize machine learning methods to determine their functional form
from ab initio data [80]. The exibility o ered by these potentials has resulted in excellent accuracy, but
guestions remain regarding the degree to which they can be extrapolated beyond the tting data.

For the atomistic modeling of MAX phases and MXenes herein, a minor variation of the BOP originally
developed by Terso is utilized [81]. This functional form was chosen both for its exibility and simplicity.
BOP parametrizations of this form have been used to successfully model a nhumber of systems
encompassing covalent [82, 83], metallic [84{87], and mixed ionic/covalent bonding [81, 88, 89]. It also has
a simpler functional form than other bond-order [90, 91] and reactive potentials [92, 93], making it more
computationally e cient and enabling readily scalable atomistic simulations.

The overall energy functional of the BOP takes the following form:

X X
E=3 fe(ri)fr(ri)+ by fa(ry)] (1.6)
i jei
wheref¢ is a cuto function, fr and f, are repulsive and attractive pairwise interaction terms
respectively, andb; is the many-body bond-order parameter, which takes into account local atomic
environment variables such as bond angles and coordination. This functional form closely resembles that of
simple pairwise potentials, with the only di erence coming in the inclusion of the bond-order term to
appropriately modify the strength of pairwise interactions. The smooth cuto function is de ned by the

following with free parametersR and D:

8
21 ri <R D

fe(rj)=_% 3sin 385~ R D<rj <R+D 1.7)
"0 ri >R+D

Typically, R and D are de ned such that only rst nearest neighbors fall within the cuto range. The

pairwise terms are taken as Morse potentials with free parameteré., i, B, and »:

fr(rj)= Aexp( arj) (1.8)

fa(rij)= Bexp( 2rj) (1.9)
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Examples of both the cuto and pairwise functions are shown in Figure 1.11. The cuto function varies
smoothly from 1 to O over the cuto range de ned by R and D so that there are no discontinuities in the
energy of a system. The pairwise functions, when added together, produce a typical bonding curve, with

an energy minimum surrounded by a potential well at the equilibrium bond distance.

Figure 1.11 BOP cuto and pairwise functions. Representative examples of the cuto (a) and pairwise (b)
functions.

The bond-order term is given by:

by =1+ ) ¢ (1.10)
X

j = fo(rik)a( ik )expl s(rij  rik)] (1.11)
K86 i;j

g( k)= 1+ ﬁ ¢ (1.12)

d> d?+(cos j h)?
where 3, , ¢, d, and h are free parameters. The bond-order parameter; , is plotted as a function of
e ective coordination number, j , in Figure 1.12a. According to its inverse square root dependence (Eg.
1.10), bond-order, and hence bond strength, decreases as coordination number increases. This is consistent
with the observed behavior in many materials [79]. The e ective coordination number is determined
according to Eqg. 1.11 by summing over all bonds within the cuto range and taking into account
dependencies on both bond angles and distances. The angular dependence functignjs plotted in
Figure 1.12b for three di erent elements (see Appendix A for relevant parameters). As expected, the
covalent carbon bonds have a much stronger angular dependence than the metallic systems. The minimum
of the function occurs at 120, the equilibrium bond angle in graphite. Overall, the BOP functional form

contains 11 free parameters per elemental interaction, 14 per binary interaction, and 3 additional
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parameters for ternary interactions.

Figure 1.12 BOP bond-order and angular functions. Representative examples of the bond-order (a) and
angular functions (b).

1.3.3 Boundary Conditions

The nal component needed to run atomistic simulations is the de nition of appropriate boundary
conditions for the simulation cell. Generally, there can be two types of boundary conditions in atomistic
simulations: non-periodic and periodic. Non-periodic is the simplest, in which the simulation cell is treated
as an isolated volume, and no interactions occur across the boundaries. In this case, the boundaries can
either have a xed position or expand and contract with the motion of particles in the simulation. If the
boundaries are xed, particles which cross a boundary are deleted from the simulation. Periodic boundary
conditions on the other hand allow for the approximation of a bulk material by allowing for interactions
across simulation cell boundaries. When periodic boundary conditions are applied, the simulation cell is
e ectively replicated along the periodic dimensions, and each particle in the original simulation cell also
represents a set of image particles in the replicated cells. During an atomistic simulation, each particle only
interacts with the nearest image particle. In this way, particles on opposite sides of the simulation cell can
interact as if they were neighbors rather than there being a free surface. When a particle passes through a
periodic boundary, it is simply remapped to the opposite side of the simulation cell. Both non-periodic and
periodic boundary conditions are used in the atomistic simulations here, with some simulations employing

a combination of the two along di erent dimensions depending on the situation.

18



1.3.4 Software

During the early development stages of atomistic modeling, most research groups used their own
in-house codes to run simulations. This created problems with respect to reproducing results, as various
simulation methodologies were not well-documented. To resolve this issue, a number of open-source codes
have been developed and are now widely used in the atomistic modeling community. Perhaps the most
popular is LAMMPS, the Large-Scale Atomic/Molecular Massively Parallel Simulator, which has been
developed by Sandia National Laboratories over the past 25 years (lammps.org) [94]. LAMMPS is a
particularly useful atomistic simulation code due to its parallelization, which enables large-scale
simulations to be run e ciently on multiple processors. All atomistic simulations presented herein were run
using LAMMPS. Additionally, visualizations of atomistic simulations were produced using the open-source

software OVITO [95].
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CHAPTER 2
MAX POTENTIAL DEVELOPMENT

Adapted, in part, from a paper published in Physical Review B

There is a clear need for atomistic modeling of MAX phases, but research activity in developing an
accurate interatomic potential has been minimal. Prior to this work, only one interatomic potential had
been developed for a MAX phase [96]; it was used to study BAIN/TiIAl composites but focus was placed
on interfacial properties and not on extensive validation showing that it can reproduce fundamental MAX
phase behaviors. The di culty in developing interatomic potentials for MAX phases arises from the
complexity of the system - ternary systems have signi cantly more interactions to account for than
elemental or binary ones - and its heterogeneity - M, A, and X elements can be signi cantly di erent in
how they interact with themselves and one another [6]. The goal here is to overcome these challenges by
using a exible potential form combined with a stepwise tting procedure to produce accurate MAX phase
interatomic potentials. The 312 MAX phases, TizAlC, and Ti3SiC,, were chosen as they are some of the
most widely studied and thus signi cant experimental/DFT data is available to use for tting and
validation. The methodology utilized here should be capable of being transferred to other MAX phases as

well, provided the necessary data is available.
2.1 Fitting Procedure

In total, a ternary BOP for MAX phases requires 78 free parameters to be tted. Fitting such a large
number of free parameters simultaneously presents a formidable optimization problem, especially when the
objective function does not have an analytical form as in atomistic simulations. To circumvent this
di culty, most binary and ternary interatomic potentials are tted by considering each interaction
independently. This stepwise approach has proven to be successful for previous ternary potentials
developed within the bond-order formalism used herein [85, 87]. As such, elemental interactions (Ti-Ti and
Al-Al) were rst tted to properties of the corresponding elemental phases (previously published C-C and
Si-Si interaction parameters were already available [82]). Next, the binary interaction Ti-C was tted to
properties of bulk TiC, as the MX-layers in MAX phases adopt a similar rocksalt con guration. Finally,

the binary interactions Ti-A (A = Al or Si) and A-C were tted to MAX phase properties along with three

1G Plummer and G J Tucker. Bond-order potentials for the Ti  3AIC, and Ti3SiC, MAX phases. Physical Review B,
100(21):214114, 2019.
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additional ternary parameters. The A-C interactions do not contribute in the equilibrium MAX phase
structure, so they were tted after the Ti-A interactions to a number of defect-containing structures. This
stepwise approach is illustrated in Figure 2.1. Thus the original, highly complex optimization problem was
broken down into a number of more tractable ones, limiting the number of parameters tted

simultaneously to 17 at most.

Figure 2.1 Potential development work ow. The work ow utilized to develop MAX phase BOPs and the
tting procedure used for each interaction.

Each interaction was tted by minimizing the sum of squared residuals for a number of relevant
material properties, utilizing a simplex search method [97]. The residuals were normalized by a tolerance
value according to their units. Typical tolerance values used were 0.0\, 5 GPa, and 0.1 eV. This form of
objective function contains a large number of local minima, making the initial parameters guess of great
importance for the nal result. Due to this, an iterative tting approach was taken in which a large
number of initializations (10  10°) were generated and subsequently optimized in an attempt to best
approach a global minimum (see owchart in Figure 2.1). Each initialization was generated randomly
within pre-de ned parameter ranges informed by previously published potentials and, once they were
completed, the elemental interaction parameters developed herein. Within each iteration, two separate

phases of optimization were performed as it was found to be more e cient than a single optimization. The
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rst phase, a rough optimization, included structural properties such as lattice constants and formation
energy as well as elastic properties. The second phase, a more stringent optimization, added in other
energies such as structural transitions and defects. Once an iteration was completed, the nal parameter
set was validated against a set of test properties not included in the tting scheme. These included
additional structural transitions, defects, and surface energies. Finalized parameter sets for each
interaction were chosen after comparing both tted and test properties across each iteration. The tted

parameters are shown in Appendix A.

Table 2.1 Calculated properties of Ti using the BOP in comparison with experimental and DFT data.
Properties calculated with a MEAM potential [98] are also presented for comparison. Properties marked
with an asterisk (*) were tted to, while all others were used for validation. Properties listed are lattice
constants (a, c), cohesive energy (B, elastic constants (G; ), structural energy di erences ( E), vacancy
formation energy (V+i), octahedral and basal octahedral interstitial formation energies (Tio, Tigo ),
surface energies (Ey ), stacking fault energy (ES"), linear thermal expansion coe cient (), speci ¢ heat
(Cp), and melting point (T ).

Property Experiment/DFT MEAM ! BOP
a (A) 2.95" 295 202
c (A) 4.68" 469 468
E. (eV/atom) -4.87 -4.87 -4.87
Cu (GPa) 176 170 177
C12 (GPa) g7t 80 83
Cis (GPa) 68t 75 74
Cas (GPa) 191 187 193
Cas (GPa) 511 42 39
E hept bee (€V) 0.07: 0.02 008
E nept fec (€V) 0.06" 005  0.11
E hept sc (€V) 0.412 1.25 0.98
E hep! dia (eV) 1.572 2.26 2.13
Vi (eV) 1.55 179 161
Tio (eV) 2.13 453 224
Tigo (eV) 2.25 373 227

EQ0L (J/m 2) 2.1

surf

EL100 (3/m 2) 2.1

surf

EL120 (3/m 2) 2.1

1.92 (avg) 214 137
1.92 (avg) 2.15 1.28
1.92 (avg) 235  1.63

surf '

ES" (J/m?) 0.290 0.213  0.470

(K 'x10 ) 8.9 10.2 9.6
Cp (J/K-mol) 25.31 25.8 25.7
Tm (K) (hep! 1) 1737 1706 1660

IRef. [98]2Ref. [99]°Ref. [100]*Ref. [101]
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2.2 Fitting Results

2.2.1 Titanium and Aluminum

Properties of elemental Ti and Al calculated using the BOP are shown in Table 2.1 and Table 2.2,
respectively, along with comparisons to experimental and DFT calculated values, which were used for
tting and validation purposes. Calculations made with MEAM potentials are also shown to illustrate the
comparability of the BOP to well-established models of these systems. All tted properties of Ti and Al
are captured with a high degree of accuracy by the BOP. Structural properties such as lattice constants
and cohesive energies fall within 1% of their corresponding experimental values. The elastic constants are
predicted to within 6 GPa of their actual values with the exception of C44 for Ti, which is underestimated
by 12 GPa. The MEAM also underestimates this elastic constant by 9 GPa. The BOP correctly predicts
HCP and FCC to be the ground state structures of Ti and Al respectively, with transitions between HCP,
FCC, and BCC predicted to within tens of meV. Vacancy and self-interstitial formation energies are also
predicted to within tens of meV of DFT calculated values. Notably, the BOP does a signi cantly better job
than the MEAM in reproducing interstitial energies.

Properties which were not used in tting are also relatively well captured by the BOP. Transitions to
simple cubic (SC) and diamond cubic (DIA) are predicted to be signi cantly higher in energy than the
corresponding transitions between HCP, FCC, and BCC, as would be expected for metallic systems.
Surface energies are generally underestimated, but close-packed surfaces are correctly predicted to be the
lowest in energy. Stacking fault energy is overestimated and underestimated for Ti and Al respectively.
Planar defects appear to be one area where the MEAM performs better, most likely due to its inclusion of
second nearest neighbors within the cuto range. Impressively, thermal properties such as the average
linear thermal expansion coe cient and speci ¢ heat are all predicted to within 15% of their experimentally
determined values without any tting. Both melting points, calculated via the solid-liquid interface method
[102], are within 120 K of their actual values, an excellent result for interatomic potentials. Overall, the
BOP provides an appropriate model for elemental Ti and Al, and the results are on par with the MEAM,
which is commonly used in atomistic modeling of metallic systems. These Ti-Ti and Al-Al interactions

were subsequently incorporated into binary (TiC) and ternary (MAX) systems without modi cation.
2.2.2 Titanium Carbide

Modeling of TiC includes the previously developed Ti-Ti and C-C interactions along with newly
developed Ti-C interactions. Properties of TiC calculated using the BOP are shown in Table 2.3 along
with comparisons to experimental and DFT calculated values, which were used for tting and validation

purposes. Again, calculations made with a MEAM potential are also shown as a means of benchmarking

23



the BOP's performance. It should be noted that unlike Ti and Al, which have numerous published
potentials available for use, TiC has not been as widely studied, with only two potentials available to date

[103, 104].

Table 2.2 Calculated properties of Al using the BOP in comparison with experimental and DFT data.
Properties calculated with a MEAM potential [105] are also presented for comparison. Properties marked
with an asterisk (*) were tted to, while all others were used for validation. Properties listed are lattice
constant (a), cohesive energy (E), elastic constants (G; ), structural energy di erences ( E), vacancy
formation energy (Va ), [100] dumbbell interstitial formation energy (Al i), surface energies (Eurt ),
stacking fault energy (ES"), linear thermal expansion coe cient (), speci ¢ heat (Cp ), and melting point
(Tm).

Property Experiment/DFT MEAM ! BOP

a (A) 4.0F 404  4.04

E. (eV/atom) -3.36 -3.36 -3.37
Cu1 (GPa) 114 114 111
Ci12 (GPa) 62 62 66
Ca4 (GPa) 32t 32 35
E tcci bee (EV) 0.11 0.12 0.1
E fect hep (€V) 0.06" 0.03  0.02
E tec! sc (€V) 0.36° 013  0.41
E tect dia (€V) 0.75° 095  0.28
Va (eV) 0.68" 0.68  0.69
Al; (eV) 2.9% 249 292
EL00 (J/m 2) 1.35 0.848  0.926
ELL0  (3/m 2) 1.27 0.948  0.978
ELL (J/m ?2) 1.22 0629  0.798
ES' (J/m2) 0.166" 0.141  0.095
(K 1x10 ) 23.5 220 268
Cp (J/K-mol) 24,71 262 236
Tm (K) 9331 937 1050

IRef. [105]?Ref. [106]3Ref. [100]

The experimental lattice parameter of TiC is reproduced exactly by the BOP, in contrast to the MEAM
which overestimates it by about 0.1 A. The magnitude of the formation energy is slightly overestimated,
but this was deemed acceptable in order to better t other properties. The elastic constants are reproduced
well except for Cy,, which is underestimated by 35 GPa. This overall result however, represents an
improvement over the MEAM as it underestimates Cy4 by nearly 50 GPa. The ground state structure of
TiC is rocksalt (B1). To ensure this, the transitions to a number of other common binary structures were
calculated: CsClI (B2), zinc blende (B3), wurtzite (B4), PtS (B17), NiAs (B81), and WC (Bh). The BOP

predicts all these structures to be higher in energy than the B1 ground state structure. In contrast, the
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MEAM incorrectly predicts both the B81 and Bh structures to be lower in energy that the B1 structure.

Table 2.3 Calculated properties of TiC using the BOP in comparison with experimental and DFT data.
Properties calculated with a MEAM potential [103] are also presented for comparison. Properties marked
with an asterisk (*) were tted to while all others were used for validation. Properties listed are lattice
constant (a), formation energy (Er ), elastic constants (G; ), structural energy di erences ( E), vacancy
formation energies (\), tetrahedral interstitial formation energies (X ;), antisite formation energies (Xy),
surface energies (Eyf ), stacking fault energy (ES"), linear thermal expansion coe cient ( ), and melting
point (T ).

Property Experiment/DFT  MEAM ! BOP
a (A) 433 4.42 433
E; (eV/atom) -0.78" -0.78 -0.99
Cu1 (GPa) 51%F 522 516
C1» (GPa) 106 102 71
Cus (GPa) 178 129 171
E B1l B2 (EV) 1173 0.58 1.10
E g1 B3 (eV) 0.81° 1.1 0.75
E g1 B2 (eV) 0.328 0.53 0.72
E g1 B17 (eV) 1.06° 0.58 1.33
E g1 Bs1 (eV) 0133 -0.16 0.59
E s1 Bh (EV) 0.713 -0.09 0.70
V1i (eV) 7.81 2.96 7.01
Ve (eV) 0.5 0.66 -0.75
Ti; (eV) 8.1 2.17 8.03
Ci (eV) 4.09 -2.41 4.08
Cri (eV) 12.17 5.96 12.95
Tic (eV) 6.94% 10.02 8.65
EL0  (3/m 2) 1.74 2.91 2.54
ELO  (I/m2) 3.7 3.76 3.27
ELL (J/m 2) 4.0t 4.05 3.45
ES' (J/m 2) 1.3¢° 1.32 0.76
(K 1x10 9) 7.77 4.6 5.0
Tm (K) 3340! 3000-3500 3500-3600

1Ref. [103]2Ref. [104]3Ref. [107]*Ref. [108]°Ref. [109]°Ref. [110]7Ref. [111]

The calculation of point defect energies becomes more complex in non-elemental compounds such as

TiC, as formation energies are dependent upon the chemical potentials of the constituent species:
X
Ef = Edet Epert + ni (2.1)
[
where Eger and Eperr are the total energies of the defective structure and a defect-free structure
respectively, n; is the change in the number of atoms of element, and ; is the chemical potential of
elementi. For simplicity, the chemical potentials of the reference phases (hcp-Ti: -4.87 eV/atom and

graphite: -7.37 eV/atom) were adopted. Utilizing Eqg. 2.1, the BOP correctly predicts all vacancy and
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interstitial formation energies to within 0.8 eV of the values calculated via DFT. This is in contrast to the
MEAM, which does not capture any of them with much accuracy. Impressively, both antisite formation
energies are also accurately predicted by the BOP to within 2 eV of the DFT calculated values. The
MEAM, again, is signi cantly o in these predictions.

Surface energies are predicted within reason by the BOP, but most importantly, the correct trend is
reproduced, with the (100) surface being the lowest in energy and the (111) surface being the highest.
Stacking fault energy is underestimated, as priority was placed on point defect properties. Again, the
MEAM appears to capture planar defects better than the BOP. Selected thermal properties were
calculated, with the average linear coe cient of thermal expansion and melting point being reproduced
reasonably well. Overall, the BOP reproduces properties of TiC accurately and can be seen as an
improvement over the MEAM due to its inability to capture point defect energies and predict B1 as the
ground state structure. The Ti-C interaction was subsequently incorporated into MAX phase systems
without further modi cation. It is important to note that a MAX phase potential, which can also
accurately model the corresponding MX phase, is desirable as MX impurity particles are nearly always

found in real MAX phase microstructures [3, 112].
2.2.3 MAX Phases

Extending the BOP to model Ti3AIC, and Ti3SiC, MAX phases includes all previously developed
interactions as well as newly developed Ti-Al, Al-C, Ti-Si, and Si-C interactions. Properties of both MAX
phases calculated using the BOP are shown in Table 2.4 along with comparisons to experimental and DFT
calculated values, which were used for tting and validation purposes. No additional potentials were
available for comparison as was the case for the elemental and binary systems.

The BOP captures the structural properties of both MAX phases well. The lattice constants are
calculated to within a few percent of their actual values, despite some accuracy i for Ti3AIC, being
sacri ced to better replicate other properties. The formation energies are predicted to within 0.15 eV, and
the polymorphs are predicted to be higher in energy than the polymorphs. The only di erence
between the two polymorphs is a shearing of the A-layers relative to the MX-layers [1]. Elastic properties
are also replicated with a high degree of accuracy, as all elastic constants except{fall within 15 GPa of
their DFT calculated counterparts. This accuracy is visualized in Figure 2.2a, where BOP calculated
values are plotted against their respective DFT calculated values. The diagonal line represents perfect
agreement between the two, and each point does not fall far from this (R = 0.996 and 0.975 for TRAIC »

and Ti3SiC, respectively).
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Table 2.4 Calculated properties of the TEAIC, and TizSiC, MAX phases using the BOP in comparison
with experimental and DFT data. Properties marked with an asterisk (*) were used to t Ti-A interactions
while those marked with a double asterisk (**) were used to t A-C interactions. All other properties were
used for validation. Properties listed are lattice constants (a, c¢), formation energy (E), elastic constants
(Cj ), structural energy di erences ( E), vacancy formation energies (V ), antisite formation energies (Xy),
interstitial formation energies (X;), surface energies (Ey+ ), and linear thermal expansion coe cient ( ).

TizAIC, Ti3SiC,
Property Experiment/DFT BOP Experiment/DFT BOP
a (A) 3.0 2.97 3.07 3.08
c (A) 18.5¢ 18.60 17.6% 17.71
E: (eV/atom) -0.72 -0.85 -0.95 -0.89
E | (eV/atom) 0.04 0.01 0.03 0.02
C11 (GPa) 368 357 35% 346
C1» (GPa) 815 90 oe 96
Ci3 (GPa) 76° 97 10% 152
Cs3 (GPa) 1P 322 347 338
Cu4 (GPa) 130 134 166 168
Vi, (V) 7.5 7.5 7.3 8.1
Vri, (eV) 5.7 5.6 5.5 5.5
Va (eV) 2.2 0.6 2.7 0.8
Ve (eV) 2.9 2.1 2.7 0.3
Ati, (eV) 2.7 3.0 4.3 5.0
Ati, (eV) 2.0 2.2 3.7 2.9
Tia (V) 1.27 0.0 1.8 -1.0
Cri, (eV) 11.6’ 14.9 11.8 15.5
Cri, (eV) 6.27 5.8 59 4.0
Tic (eV) 6.27 7.6 8.0 5.4
Ca (eV) 3.8’ 4.6 3.2 3.7
Ac (eV) 5.57 4.5 3.4 3.2
A, (eV) 5.37 5.5 - -
Apz (V) 4.57 3.4 4.7 5.9
A (V) 2.47 2.6 2.7 4.9
Tia (eV) 7.07 8.7 5.3 7.1
Tip (eV) 5.37 4.7 5.0 4.3
Tip (eV) 5.77 2.8 5.1 4.5
Ticy (eV) 3.87 - 3.6’ -
Tico (eV) 4.7 3.7 4.7 35
Ca (eV) 2.6/ 25 3.7 4.3
Cp2 (eV) 1.3 1.6 0.9 1.1
Ca (eV) 1.5 0.6 2.8 1.8
Ce2 (eV) 1.8 1.7 1.8 2.4
ELil A (Im?) 2.18 0.6 2.9 0.9
Elll € (Im?) 6.4 5.8 6.3 35
Eln © (2m?) 4.7 3.3 5.8 3.4
(K *x10 9) 9.1° 7.7 9.30 4.9
IRef. [1]?Ref. [113]°Ref. [114]*Ref. [115]°Ref. [116]°Ref. [117]”Ref. [118]°Ref. [119]°Ref. [120]'°Ref.
[121]
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Figure 2.2 Fitting results for MAX phase elastic and defect properties. (a) Elastic constants and (b) point
defect formation energies of T}AIC , and Ti3SiC, calculated with the BOP plotted against DFT calculated
values.

With three constituent elements and four distinct crystallographic sites, 312 MAX phases can exhibit a
wide array of point defects. To distinguish between the two Ti sites in TizAIC, and Ti3SiC,, the site in the
center of the MX-layer, bonded only to C atoms, is designated T,i , and the site at the surface of the
MX-layer, bonded to both C and A atoms, is designated Tj. This is done in accordance with the standard
laid out by Barsoum [1]. It should be noted that the opposite convention was used by Wang et al. [118],
from which DFT calculated values of point defect formation energies were taken. In total, four di erent
vacancies and eight di erent antisites must be considered. In addition to this, there are a number of
di erent interstitial sites available. For simplicity, only those interstitial sites in proximity to the A-layer
were considered as Ti and C interstitials in the MX-layer are fully modeled by the Ti-C interaction and A
interstitials in the MX-layer have been shown to be exceedingly unlikely [118]. The di erent interstitial
sites present within the A-layer are depicted in Figure 2.3 and are described similarly to Wang et al. Thea
site occurs between the A and Tj planes, theb site occurs between the A and Tj planes (1) and within
the A plane (b2), and the c site occurs between the A and Tj planes (1) and within the A plane (c2).

Point defect formation energies were calculated with the BOP according to Eq. 2.1, again taking the
chemical potentials as those of the reference phases (hcp-Ti: -4.87 eV/atom, fcc-Al: -3.36 eV/atom, dia-Si:
-4.63 eV/atom, and graphite: -7.37 eV/atom). The four vacancy formation energies are replicated well,
with only V o and V¢ in Ti3SiC, being more than 1 eV o . Despite this, the correct trend is maintained in
both MAX phases, with V 1j;; having the highest formation energy followed by Vt; and then V4 and V¢
having the lowest. Impressively, all eight antisite formation energies, most of which were not tted to, are

modeled relatively accurately; the majority fall within 1.5 eV of the DFT calculated values. Finally, the
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numerous interstitial formation energies are also predicted with a good degree of accuracy. The disite is
predicted to be unstable in both MAX phases, decaying into the Tk, site, but this is not surprising as
there remains some disagreement between DFT studies over the stable interstitial sites in MAX phases
[118, 122, 123]. Of particular note, C interstitial formation energies are predicted with a high degree of
accuracy. These interstitials are expected to be the most numerous due to their low formation energy.
Calculation of the various point defect formation energies is again visualized in Figure 2.2b, with BOP
values plotted against DFT calculated values. There are a few outliers, but overall the BOP is able to
capture a large number of these point defects accurately (R= 0.891 and 0.778 for TEAIC, and Ti3SiC,

respectively).

Figure 2.3 MAX phase interstitial sites. Locations of interstitial sites within the A-layer. Two adjacent
layers of Ti;, and A atoms are viewed along the [0001] direction. Interstitials either fall within the layer of
A atoms or between the two layers of Ti and A atoms.

Also calculated with the BOP were (0001) surface energies, in which di erent sets of bonds were
broken. The BOP underestimates these energies, but the correct trend is captured. The energy of the
surface after breaking Ti -A bonds is the lowest, indicating that these are the weakest bonds in the system.
Finally, average linear coe cients of thermal expansion were calculated to ensure the BOP can model
MAX phases at nonzero temperatures. These values are underestimated but remain within a reasonable
range for MAX phases [1]. Overall, the BOP is able to accurately model T{AIC, and Ti3SiC,, with

numerous experimentally determined and DFT calculated properties being replicated.
2.2.4 Modi cations for Deformation Studies

The BOPs developed in the previous section for T{AIC, and Ti3zSiC, MAX phases placed an emphasis

on capturing the energetics of humerous point defects. This was done with the original intention of using
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them to study MAX phase irradiation tolerance through point defect cascade simulations. However, they
may not be as well suited for studying MAX phase deformation mechanisms. Indeed, additional testing
indicated one of their major weaknesses is an inability to accurately capture the energy (gamma) surface of
Ti-Al and Ti-Si (slip) planes. This has signi cant consequences on the BOPs' ability to model the

intricacies of MAX phase deformation as gamma surfaces largely govern the behavior of BDs. As such, a
modi ed version of the BOP (referred to as BOP2 in this section) was developed for T4AIC,. In

developing BOP2, only the Ti-Al interaction parameters were re tted. Re tting was performed by simply
removing the vacancy formation energies from the tting procedure and replacing them with several points

on the Ti-Al gamma surface.

Table 2.5 Calculated properties of the TgAIC , MAX phase using BOP2 in comparison with experimental
and DFT data as well as BOP1 from Table 2.4. Properties listed are lattice constants (a, c), formation
energy (E ), elastic constants (G; ), structural energy di erences ( E), and surface energies (Esur ).

Property Experiment/DFT BOP1 BOP2

a (A) 3.07! 297 298

c (A 18.58 18.60 1856

E: (eV/atom) -0.722 -0.85  -1.18
E . (eV/atom) 0.043 001  0.05
Cu (GPa) 368" 357 356
C1 (GPa) 81* 90 82
Cis (GPa) 764 97 77
Cs3 (GPa) 313 322 312
Cuq (GPa) 130* 134 130
Elr A (Im?) 2.1° 0.6 1.7
ELn © (Im?) 6.4 5.8 5.8
ELr € (Im?) 4.7° 3.3 3.3

IRef. [1]2Ref. [113]°Ref. [115]*Ref. [116]°Ref. [119]

Table 2.5 shows structural, elastic, and surface properties of BAIC, calculated with BOP2.
Calculations using the original BOP1 are reproduced from Table 2.4 for easy comparison. Structural
properties are captured well by BOP2, with lattice constants in good agreement with experiment/DFT and
similar to BOP1 values. The formation energy calculated by BOP2 has a somewhat greater magnitude
than that of BOP1. This appears to be an unintended consequence of tting to certain gamma surface
points as all parameter sets consistently had this attribute. Perhaps the most notable di erence in
structural properties between BOP1 and BOP2 is the energy di erence between the and polymorphs.
BOP2 predicts this more accurately, which is an encouraging sign given the transformation from one
polymorph to the other involves a translation along the Ti-Al gamma surface. Elastic properties are also
reproduced with high accuracy by BOP2, even showing some degree of improvement over BOP1; all elastic

constants except for G, fall within 1 GPa of DFT calculated values. The only surface energy to change
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going from BOP1 to BOP2 was Ti; -Al, with BOP2 improving its accuracy, a likely consequence of tting

to the associated gamma surface.

Figure 2.4 MAX phase gamma surface and GSFE data. (a) Gamma surface for FAIC , calculated with
BOP2. (b,c) Line pro les of the gamma surface (GSFE curves) along the [210] and [1100] directions.
Calculations made with BOP1 as well as DFT data from Ref. [18] are shown for comparison.

Two line pro les of the gamma surface, referred to as generalized stacking fault energy (GSFE) curves,
were considered in the tting procedure for BOP2. The GSFE curve for the 1210 direction, the in-plane
lattice translation vector and Burgers vector of BDs, is shown in Figure 2.4b. BOP2 produces signi cant
improvement over BOP1 as it mirrors the shape of DFT calculations. Notably the magnitude of the energy
barrier, which is related to dislocation nucleation and motion, is replicated exactly. Only the point at the
1/2 coordinate on this curve was used in tting. The GSFE curve for the 1100 direction, along which a
stable stacking fault exists and the Burgers vector of Shockley partial BDs, is shown in Figure 2.4c. Again,
BOP2 produces signi cant improvement over BOP1, closely matching the DFT calculations. BOP2
successfully predicts the relevant energy barriers and stacking fault energy while also removing the the
non-physical metastable state predicted by BOP1. The points used for tting on this curve were at the

1/4, 1/3, and 2/3 coordinates. The entire Ti-Al gamma surface for TizAlIC , as calculated with BOP2 is
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shown as a contour plot in Figure 2.4a. Each corner and the center of the contour plot represents the
stable ground state structure. The stable stacking fault can be seen moving vertically along the1100
direction as a low energy well. The 3-fold symmetry of the gamma surface, consistent with MAX phase
crystallographic symmetry, is also apparent. Overall, BOP2 is able to capture structural, elastic, and
surface properties along with the Ti-Al gamma surface. These results strongly suggest that BOP2 is
suitable for modeling MAX phase deformation. As such, in subsequent chapters investigating MAX phase

deformation mechanisms, BOP2 is utilized as the interatomic potential unless speci ed otherwise.
2.3 Large-Scale Validation

As a complement to the numerous material properties predicted by BOP2, several large-scale
simulations were performed to serve as further validation that it is an appropriate atomistic model for
MAX phase deformation. The deformation of MAX phase single crystals and its anisotropy has been
di cult to isolate experimentally from any potential grain boundary e ects. However, some work has been
done to probe the response of highly-oriented grains to uniaxial compression along di erent axes [21],
giving a good approximation to a single crystal response, and more recently uniaxial compression of single
crystal micropillars was performed [18, 22{24]. In both cases, when compressed at an angle to the basal
planes, a large degree of plastic deformation was observed, owing to the glide of BDs. In contrast, when the
basal planes were loaded edge-on, the formation of kink bands was observed to precede any other plastic
deformation, as the basal slip systems are not initially active in this orientation.

To replicate some aspects of these results, uniaxial compression simulations were performed on fully
periodic 10x10x10 nn? blocks of TisAlIC,. The simulation cells were loaded in three di erent orientations
with respect to the basal planes: 45 (angle), 0 (parallel), and 90 (perpendicular). The simulations were
carried out at 300 K and with a 108 s ! strain rate within the NPT ensemble. The stress-strain curves
from these simulations are shown in Figure 2.5a, and the anisotropic response is clear. When loaded at an
angle to the basal planes, a sawtooth-like (i.e. jerky) curve, typical of materials with active slip systems
alternating between nucleation and exhaustion, was generated. There is a high degree of plastic
deformation as compressive failure occurred beyond 40% strain. A snapshot from this simulation
(Figure 2.5c¢) con rms that the plasticity is due to slip con ned to the basal planes, with each load drop in
the stress-strain curve corresponding to one of these basal slip events. In contrast, when loaded both
parallel and perpendicular to the basal planes, stress-strain curves more typical of brittle materials were
generated. The stress drops in the perpendicular case are not slip events but rather rearrangements of the
A-layers, a strain-induced transition which has been observed experimentally [117, 124] but requires further

study to understand its origin. A snapshot from the parallel simulation (Figure 2.5d) shows that
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compressive failure does indeed occur by kinking, a mechanism explored in detail in Chapter 4. Notably,
slip does occur within the basal planes in this simulation, but only once su cient lattice rotation has
occurred. The parallel simulations were also repeated at regular temperature intervals up to 1500 K to
ensure that no additional non-basal slip systems become active at high temperatures. The stress-strain
curves from these simulations are shown in Figure 2.5b. They nearly fall on top of one another, and no
additional deformation mechanisms are apparent; at each increasing temperature failure occurs by kinking
at progressively lower stresses. Thus, the two major conclusions from these large-scale simulations are that
BOP2 successfully captures MAX phase plastic aniostropy, and it is a result of plastic deformation being

con ned exclusively to the basal planes - in general agreement with experimental work.

Figure 2.5 Large-scale validation of MAX phase BOP. (a) Stress-strain curves from uniaixal compression
simulations performed at three di erent loading orientations. (b) Stress-strain curves from uniaxial
compression simulations performed parallel to the basal planes at various temperatures. (c,d) Snapshots of
uniaxial compression simulations color coded by atomic shear strain. Both 45(c) and 0 (d) loading
orientations are depicted.

33



2.4 Summary

The BOPs presented in this chapter represent a rst highly accurate atomistic model for MAX phases.
They have been shown to successfully model FAIC, and Ti3SiC, by replicating a number of structural,
elastic, defect, and thermal properties. The original BOPs (BOP1) place an emphasis on point defects,
making them well-suited to studying irradiation tolerance. The subsequently modi ed BOP2 places a
greater emphasis on replicating properties more relevant to MAX phase deformation. As such, it
successfully predicts the well-documented MAX phase plastic anisotropy, suggesting it is suitable for use in
studying fundamental deformation mechanisms. Moving forward, these will serve as invaluable tools for
studying the atomic-scale mechanisms which govern many unique MAX phase properties. Importantly as
well, the BOP tting procedure is highly transferable due to its stepwise nature. It should be applicable to

numerous other MAX phases of interest, provided the appropriate data is available for tting.

34



CHAPTER 3
FUNDAMENTAL PROPERTIES OF DISLOCATIONS

Adapted, in part, from a paper published in Materialia 2

As noted in Chapter 1, general characteristics of dislocations in MAX phases, speci cally BDs, have
been well established via humerous experimental observations. However, relatively less work has been done
to understand the atomic-scale structure of BDs, which is crucial to understanding the overall deformation
behavior of MAX phases. Only one study to date has been conducted on BD core structure and its impact
on mobility. Gouriet et al. [125] used GSFE data from DFT calculations and a Peierls-Nabarro-Galerkin
(PNG) model [126] to calculate core characteristics and Peierls stresses for BDs in JAIN. Their results
showed no signi cant di erences between BDs of various character, and Peierls stresses were calculated to
be on the order of 16 MPa. Interestingly, subsequent experiments conducted on single crystal micropillars
of Ti,AIC and Ti 3AIC, measured CRSS values an order of magnitude lower than this ( 10' MPa)

[23, 24]. While CRSS is not a direct measure of the Peierls stress and temperature e ects could reduce the
measured value, such a large discrepancy in materials with the same M-A bonding suggests the PNG
model may be missing certain details of BD core structure.

Indeed, a critical weakness of the PNG model and other variations is its assumption of a planar
dislocation core, which has been shown to be a unique case rather than a more generalizable one [127].
Therefore, fully atomistic calculations making use of DFT or interatomic potentials are often required for a
more complete and accurate description of dislocation cores. The simulation cell sizes required for such
calculations are often computationally prohibitive for DFT, especially for complex, non-elemental systems
[128], and accurate MAX phase interatomic potentials have not been previously available. Here the BOP
for TizAIC, is used to provide the rst fully atomistic description of BD cores in MAX phases and
determine how this a ects their mobility. Both edge and screw cores are modeled, with particular attention
given to oppositely signed con gurations, as the unique nature of MAX phase slip planes (dissimilar atomic
layers on either side) does not guarantee mirror symmetry. Additionally, BD pairs (BDPs), tightly bound
BDs of the same sign on adjacent M-A slip planes located on either side of a given A-layer, are considered,
which were observed to preferentially nucleate and glide in preliminary simulations of deformation

(Figure 2.5). The di erence between a single BD and BDP is illustrated in Figure 3.1. Each perfect

2G Plummer, M W Barsoum, C R Weinberger, and G J Tucker. Basal dislocations in MAX phases: Core structure and mobility.
Materialia , 21:101310, 2022.
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dislocation in the BDP can dissociate on its own slip plane. When this occurs, the partial dislocations
stacked on top of one another can also be viewed as zonal dislocations, i.e., dislocations which dissociate

normal to their slip plane [129{131].

Figure 3.1 BD and BDP schematic. Con guration of a single BD (a) and a BDP (b) within an individual
M-A-M lamella. Dissociation into Shockley partial dislocations is also shown (c,d).

3.1 Methods

Dislocation core structures and motion were studied using the periodic array of dislocations (PAD)
model [132], in which periodic boundary conditions are applied along the dislocation line (y) and glide
direction (x). Boundaries in the slip plane normal direction (z) are treated as free surfaces. Typical
simulation cell dimensions wereL, = L, = 100a with a = 0:298 nm for TizAlC,. Dimensions in the
y-direction were limited to one periodic length so as to ensure straight dislocation lines. Increasing the cell
dimensions did not result in signi cant changes to core structures or Peierls stresses. Edge and screw BDs
were inserted individually on slip planes at the center of the simulation cell by applying the appropriate
Volterra displacements. BDPs were inserted on adjacent slip planes (Figure 3.1) in the same manner but
with a superposition of displacements. Dislocation cores were then relaxed by rst applying a conjugate
gradient (CG) minimization, followed by molecular dynamics at 1 K for 10,000 timesteps (1 fs each), and
nally a second CG minimization. Convergence criteria for CG minimizations were set to 10 1° and 10 *°
eV/ A for energy and force respectively. Energy convergence is de ned relative to the total energy of the
system and is thus unitless. This quasistatic approach to core relaxation has been found to be more
e ective than a purely static minimization [132]. Shear strain was applied parallel to each dislocation's

Burgers vector by incrementally shifting a block of atoms at the top free surface in the direction of the
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Burgers vector while holding another block at the bottom xed. A strain increment of 10 ° was used for

all dislocations. Following each incremental displacement, the same procedure for core relaxation was
employed, except molecular dynamics were only run for 1,000 timesteps. Shear stress was computed using
the total force exerted on the block of displaced atoms, and the Peierls stress was determined as the
minimum shear stress at which the dislocation began to move. Energies of relaxed dislocation cores were
calculated by computing the strain energy relative to a perfect crystal of atoms within a cylinder of radius
3a centered on the dislocation line.

Dislocation cores are visualized with projections of atomic positions onto the plane normal to the
dislocation line (xz plane). These projections are then overlaid with both di erential displacement arrows
[133] and Nye tensor contour plots [134] to indicate the various core components and spatial extent of the
cores. Relevant components of the Nye tensor (egge and screw ) describe the spatial distribution of edge
and screw components of the Burgers vector. In the case of single BDs, the upper M-A plane is the slip
plane in all visualizations. Both M-A planes are slip planes in the case of BDPs. The planar components of
the dislocation cores were further characterized by computing disregistry along the glide direction from the
atomistic data and tting it with the following functions for undissociated and dissociated dislocations

[135]:

b b X
fundise (X) = 2 + —tan 1= (3.1)
faisc (X) = g+ 2£ tan 227 ttan X (3.2)

These tting functions enable the extraction of important parameters , the core half-width, and 2 , the

partial dislocation dissociation distance (see Figure B.1, Figure B.2, Figure B.3, and Figure B.4 for ts).

3.2 Results and Discussion

3.2.1 Edge BDs

Edge BD cores are depicted in Figure 3.2, and they show signi cant di erences between the positive and
negative con gurations (positive - extra half-plane above the slip plane, negative - extra half-plane below
the slip plane). This asymmetry results from the dissimilar atomic layers existing on either side of the M-A
slip plane. The positive edge BD places the weakly-bonded A-layer under a tensile strain and results in the
breaking of A-A bonds leaving a vacancy at the core. This non-planar core does not dissociate. In contrast,
the negative edge BD, which places the A-layer under a compressive strain and does not break any A-A
bonds, forms a more typical planar core structure. All the signi cant core components are contained within
the M-A slip plane as well as the adjacent M-A plane. The M-layer is placed under a tensile strain in this

con guration, but no bonds are broken as it is much more strongly-bonded than the A-layer. Additionally,
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