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ABSTRACT

High Entropy Alloys (HEAS) are new and promising classes oéliiealloys for structural
applications. HEA development is challenging, due to the vast compok#jmte that exists for these
multicomponent alloys. As such, predictive modelling is paramounhédevelopment of HEAS, so
alloy design does not need to rely on time-consuming, expemisikartd-error experimentation.
Although solid solution strengthening is the main strengthening mechahidiBAs, the fundamenia
behind this mechanism are not fully understood in this context, and fadhsideration with respect to
modeling is warranted. In this work, the solid solution strengthenixhaemism of Face Centered Cubic
(FCC) and Body Centered Cubic (BCC) HEAs is investigated expatatty, and the results are
interpreted using a combination of different strengthening models lalegifam the literature. Here we
show the mechanical behavior of HEAs is comparable to conventional. 8loyitar temperature-
dependent yield stress regimes are observed in comparison to conves@@nalloys, and solid solution
strengthening via the contribution of atomic size and elastic modusunsatch is found to be the main
strengthening mechanism. Strength models are used in high-throughput sitpytdecombining solid
solution strengthening and thermodynamic predictions to find strong,-gihgée (e.g. FCC) HEA
compositions in the multicomponent space. In addition, a high-througkperimental methodology for
characterizing a large number of HEA compositions is developed. Bhikscentributes to fundamental
understanding of solid solution strengthening and phase stability of H&wad the design of

promising compositions by prediction that exhibit tailored properties.
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CHAPTER 1

GENERAL INTRODUCTION

Multicomponent alloys, high entropy alloys (HEAs), multi-princip&neént alloys (MPEAS) and
complex concentrated alloys (CCASs) are different names for the skass of materials currently being
develomdfor applications in extreme environments. The main differencepamed to conventional
alloys is that these alloys do not contain a primary elementthiey are characterized by mixtures of

several different alloying elementsth concentrations usually close to equiatomic.

Not being confined to a specific primary element makes thertotaber of possible alloying
combinations increase dramaticalljhe true potential of HEAs lies in the unique combinations of
properties that iay be accessible. While such opportunities are exciting, thg sfudEAS becomes
challenging, especialliy conventional trial-and-error experimental techniques are used to expéor
possible composition space. $earchthis vast multicomponent field in an effective way, the
development of high-throughput experimental and computational tools is paraifioesg. tools @y be
used not only to screen vast composition fields for a desired propettglso to find alloys that exhilat
combinationof desired properties. This would enable compromises between st cost to be
examined, allowing for the selection of the best alloy for a giysatication, given cost and additional

considerations.

Developing and applying empirical and/or first principles models to girathterial propertieis
promising for achieving performance-driven alloy design. Using this appritechpplication dictates
the expected performance, and the performance dictates whatralidg be developed, which is
backwards from conventional alloy design approadhasaligned with modern Integrated Computational
Materials Engineering (ICME) approaches. To date, high-throughput sbidiedticomponent alloys
have been limited. In this work, existing models for predicting saldtion strengthening déce
centered cubicHCC) and body centered cubiBCC) solid solutions are evaluated. When these models
fail to capture the solid solution strengthening, the primary stiengtg mechanism in these alloys, the

model is altered accordingly.

1.1! Objective

The goal of this work is to understand if the strengthening mechanidritsAs are the same as
in conventional alloys. This process involves understanding and identifigngterlying solid solution
strengthening mechanisms operating in FCC and BCC HEAs. Understéimelifugpndamentals of solid

solution strengthening enable the development of high-throughput alloy desigptsoiités is done for



FCC metals in Chapter 2 and BCC metals in Chapters 5 amaee models for solid solution
strengthening of HEAs are applied and modified when necessary, basetbogmrisons with
experimental data from both the literature and this work. Chaptett&f explores high-throughput alloy
design, showing the development of an experimental technique to produtieasacterize several HEA
compositions in a single sample. Chapter 4 presents the chiaeaia of the alloys modeled in Chapters

5 and 6. Chapter 7 presents some general conclusions and recommenaiafignsefwork.

1.2! Literature Review
Following below, a literature summary of the main concepts negdesainderstanding this

work is presented. Some of these topics are further developed isebsehapters.

1.2.1! High Entropy Alloys
It was initially thought that HEAs, as mixtures of differeflégments, would have the following

four Ocore effectsO:

1! The high entropy effechigh configurational entropy would stabilize simple solid solutions
such as FC(BCC or hexagonal close packed (HCP);

2. The lattice distortion effect: mixtures of atoms with diffetr atomic radii would substantially
increase lattice distortion and provide strengthening;

3.l The sluggish diffusion effect: atoms with different sizes wonéke diffusion sluggish
hindering most solidtatephase transformations;

4! The cocktaileffect HEA mixtures might generate an outcome greater than the stiva of

individual parts.

All but the last of the core effects can be seen as hypothegbs. past few years, experimental
evidence has been presented in the literature that contradictshiteesbypotheses. For example, a recent
paper by Miracle and Senkov [1] provides evidence and a rationale thaggoest the first core effect.
Their basic counter argument is that simple ordered phases, shehcasnmon B2 and LJhases when
present irHEAS, have a similar configurational entropy term. This occurs be¢hageontain two
sublattices, and the configurational entropy equatiiinstill apply inside these sublattices; as a
consequence, the configurational entropy term of one of these OorderexfOyuhes escalate together
with that of the disordered parent phase (FCC, BCC and HCP)a®jnthe enthalpy term of the simple
disordered phases also escalates together with the enthalpiesfare] phases. Thus, in the
multicomponent space, phase selectidlh be dictated by small differences between enthalpy and

entropy, which happens in conventional alloying.



Concerning the second effect, sevétBlAs indeed show high strengths. However, the strength
of an alloy system has been shown to not always correlate witlg@ifonal entropy. For example, it
was shown that for the CrMnFeCoNi alloy systedb], the ternary, equiatomic CrCoNi alloy is stronger
than the quinary equiatomic alloy from the same fafgiy8], both being single-phase FCC at room
temperature. The ternary and quinary equiatomic alloys also disgigyificant amount of work
hardening [2,7,9D11], making them toulgattice strain measurements performed by high energy x-ray
diffraction showed that the lattice distortion of dtiEA was only slightly larger than that af

conventional alloy [12]. These results have refuted considerably thedspmoposed core effect.

Regarding the third core effect, the diffusion coefficients oktements in an HEA have been

shown to be similar to those in conventional alloys [13], thereby dgatigthis effect as well.

Although aspects regarding the initial hypotheses around these alloys bav&hbern to be
incorrect, the preliminary research performedHiAs has identified several compositions that have
interesting mechanical, electrochemical and functional properiethermore, the study of HEAs has
stimulated new alloy, microstructure, and property design condegmples range from alloys with
desirable strength [14,15], toughness [6,16#@] corrosion resistance [21D24]. In addition, promising
refractory alloys [25D29] with better specific strengths from remperature up to their melting points

than conventional superalloys have been identified as shown in Figudd.1.1 [
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More important than identifying potential compositions for various agjits, the study of
HEASs has created a completely new alloy design approach. BbB&ealloy design is not bound to any
specific element, the degree of compositional freedom is enorneadéngd to an alloy design process
that is considered to be inside out, since it starts fromeheer of phase diagrams instead of from a

single corner [30].

Given the enormous number of possible HEA compositions, we should exfiadt to
compositions in this space with improved properties compared to caonadrdlloys. But, these
properties might only be slightly better than those exhibited by conventitboys. The true potential of
HEAs lies in the possibility of finding compositions with signifidg better combinations of properties
than found with conventional alloys. Here, the development of compositaemdent models becomes
paramount for exploring the multicomponent alloy space, since experirtraaitand-error is unfeasible,
especially when non-equiatomic compositions are considered. Computatiopalesign tools may be
useful when screening vast composition fields, searching for improwimgle property (i.e., finding the
maximum value of this property), or identifying compositions with ttet bembination of several
properties. This second case would permit making compromises bgivegeerties, allowing for the
seledion of the best alloy for a given application. In this scenarid, amdd be easily incorporated from

an industrial point of view.

An example of where this type of alloy selection process would geeaf value is in the
development of new refractory alloy compositions. Most research ditiméhese alloys was performed
between 1950 and 19800t much has been done since, mostly due to two factors [31D33]: (1)
advancements made with Ni-base superalloys and (2) the difficuttgritfy refractory alloys that
simultaneously exhibit room temperature ductjlitigh temperature strength and adequate
corrosion/oxidation resistance. In addition, conventional refracttoysaare often not economically
feasible for most applications, but remain necessary for narlos@ace and defense applications, for

example, where performance in extreme environments is necessary

The potential of identifying new refractory HEAs with desirable prigethat are economically
viable has generated new interest into researching refractoysg alfiven that they represent an
opportunity to overcome the limitations encountered with conventionattafyaalloys. For example,
there appear to be some refractbifyAs with good oxidation/corrosion resistance and good combinations
of strength and ductility, suggesting that this field of study might geowiteresting compositions. Again,

a man limitation is the lack of predictive models to allow for thieyadesign process to happen more

effectively in large composition spaces.



In this study, strength models for solid solution strengthening ttoat &bir high-throughput
calculations were developed and improved by comparing with experimesiits. These models are
considered in combination with thermodynamic simulations to assurédh€@mpositions remain in
the single-phase field, where the predictions are valid. In tod®etter understand the strength models

for HEAs, strength predictions for conventional metals and alloyses@ibed in the next section.

1.2.2! Yield Strength of Conventional Solid Solutions

The strength of a conventional solid solution is determined by the steesssary to move
dislocations in the material [34]. The strength is usually desdras the contribution of two terms, a
thermally-activated component and an athermal one. The thermaligtad component arises from
short-range interactions between the dislocations and the surrounding ervritomhis thermal
contribution is represented schematically in Figure 1.2, whemadterial containing dislocations is
submitted to a shear stre&$,(and the energy of the dislocation varies as a function of itsgooga)
[35].

Figure 1.2 Schematic drawing showing the potential energy of a disinceia function of position,
highlighting short-range barriers for dislocation motion.

As shown in Figure 1.2, the initial state is for a dislocatigmoaition a=0. When a certain sses
is applied, the dislocation gains potential enefgy)(to try to overcome this short-range barrier, where b
is the burgers vector. If the dislocation overcomes the first dbsteimoves. Therefore, if the applied
stress is equal to the peak lattice resistance, the alatdtiyield. However, since these are short range
barriers, thermal energy might also assist the dislocatiolomioy providing some of the energy for the

dislocation to move; therefore, at temperatures above OK, theiahat#l yield when &<& [36].

The usual way of incorporating the thermal activation is by consideribththarobability of a
local thermal fluctuation providing an energy greater #@ni.e., the activation energy, is given by the

Boltzmann distribution; this yields an Arrhenius expression fod#dpendence of the strain rate on the



activation energy for slip#G). A more thorough derivation of these deformation parameterbavill
given in Chapter 6; here, it is important to emphasize thatthgréncreasing the temperature or
decreasing the strain rate, in both cases, there is an mangh®e probability of having a thermal
fluctuation of enough energy to overcome a deformation barrier. Thersfir will occur more easily.
These short-range barriers account for the temperature andrateadiependence of the yield stress.
Solid-solution strengthening alters these short-range barriers amdsstichsolutions, such as those that
form the FCC structure, are expected to have an increased taimpeéependence of the yield stress in
comparison to pure metals. This can be seen in Figure 1.3,¢h Whis compared to several other FCC
solid solutions, including some HEAs. For BCC metals, solidtsolstrengthening might increase or

decrease the magnitude of this barrier, as will be discussed lat
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Figure 1.3 Yield strength plotted as a function of temperaturederias of FCC alloys

As also shown in Figure 1.3, when the temperature rises thestiietdjth never drops to zero.
This occurs because there is also an athermal component tolthstgagth. This athermal barrier
comes from long-range forces imposed on the dislocations. The tresrargly has little to no influence
on aiding dislocations to overcome these barriers, which are betebedgrain boundaries and
secondary phases. Solid solution strengthening also contributes tbamaatcomponent, since the
strengths of some allogsehigher than pure Ni, even in the athermal regime (above 500K) when the
thermal energy should be sufficient to overcome the short-rangerbafitiés athermal barrier in solid

solution strenghtening comes from the collective effect of theatisbn-solute interactions occurring

! Reprinted from Acta Materialia, 81, Z. Wu, H. Bei, G.Rharr, E. P. George, Temperature dependence
of the mechanical properties of equiatomic solid solution allotts face-centered cubic crystal
structures, Pages 428-441, 2014, with permission from Elsevier



over the whole dislocation line, creating an athermal stress $hort-range interactions. PWEC
metals, even without any strengthening mechanism such as graiefsiezenent, still possess an athermal
yield stress, this also comes from the interaction betweenstloeations and collective forces from the

lattice, however, these valuasslow.

From the above discussion, it is clear that solid solutiongttnening impacts both the thermal
and athermal contributions. When modeling solid-solution strengtheningGrafoys, two approaches
areusually taken. In one of them, the solid-solution strengthening comporiecdrigorated into the
activation energy for slip and the yield strength is calculatedfasction of composition, temperature
and strain rate. This approasfas taken by Varvenne et al. [37,38] in their model for predictinyitid
strength of FCC HEAs. Although this is expected to generate a morenfiendia prediction, it might
generate inconsistencies at higher temperatures, becausenfthstesn decrease to zero, since all the
strength is being described by the thermally-activated component. Aapirerach usually taken is to
start with semiempirical equations that assume a certain dependence of thetyéelgth on
composition, and then derive a correlation considering the atoreiasizelastic modulus mismatch.
This approach generates predictions for different temperaturesi@nd #or the separation of strength
into the thermal and athermal components. The downside is the nesdpivical parameters. Toda-

Caraballo has used this approach to develop their model for strendjittipres in HEAs [39,40].

Body centered cubic (BCC) materials exhibit quite different mechhbiehavior at low
temperatures - below 0.2Twhere T, is the melting temperature in degrees Kelvin. The deformation at
these temperatures is controlled by the mobility of screw disbmsa which have non-planar core
structures. Specifically, since screw dislocations in BQ&yslhave their burgers vectdsparallel to
<111> directions that have 3-fold symmetry, the dislocation coresdististt out of the slip plane to

maintain this ssnmetry.

The lattice resistance to dislocation slip is generally appragiiiay means of the Peierls-

Nabarro stress, given by Equatibi:
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where G is the elastic modulusthe Poisson ratio, b the burgers vector, and W the width of the
dislocation core. For FCC metals, fheierlsstress is smaBuch that a few MPa of applied stress enables
the dislocation to overcome the lattice resistance. Howevéneicase of screw dislocations in BCC
alloys, thePeierlsstress is significantly higher and the dislocations are hardeote at low

temperatures, where sufficient thermal energy does not overcormiglthactivation energy barriers.

Therefore, the strengths of BCC alloys have a larger thernaetiyated component, making them more



sensitive to temperature and strain rate. This resultsengstrs that decrease rapidly with increasing

temperature, especially at low temperatures (e.g., Figure 1.4).
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Figure 1.4 Normalized yield strength BEC Fe-Mo alloys versus temperature. The dotted line represents
pure Fe; the other curves are for alloys with different amouri®odat.%)?

The strength of BCC metals and alloys also depends heavily onlithedation strengthening
components. Solutes change the thermal and athermal components efttisérgss. Usually, most solid-
solution strengthening models in BCC alloys are applied at thexa@hptateau. At lower temperatures,
since the dislocations are difficult to move, the motion uswaltyirs by a double-kink mechanism,
which involves the nucleation and propagation of kinks in the slip planike sxtivation energy for this
double-kink nucleation and propagation is important [36]. At these loywegatures, solutes can aid in
the nucleation of kinks, resulting in solid-solution softening [41,8Rs usually occurs at temperatures

much lower than room temperature.

Since this work will deal with solid solution strengthening in HE&®B)ventional solute-solvent
interactions and their influence on strengthening need to be reintdrdret¢EAs, all elements constitute
the alloy, there is no proper solvent. Figure 1.5 presents theithesiof a dislocation in adEA. It will
be surrounded by different atomic environments at each position. Alsmst cases, especially FCC

alloys, the dislocation will not be a straight line, it will besvfind local energy minima. A big part of the

2 Reprinted from Acta Metallurgica, 21, A. Sato, M. Meshili@solution softening and solid solution
hardening, Pages 753-768, 1973, with permission from Elsevier



discussion in the following chapters is with respect to what gieddition configurationwill be like in

different alloys and how they will move at different temperatagémes.
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Figure 1.5 Schematic drawing of a dislocation in a HEA. Sincelltheia multicomponent, the local
atomic environments will most likely vary considerably from point tmp@\lso, the dislocations will
unlikely be straight lines, especially in FCC alloys.

1.2.3! Thermodynamic Simulations by CALPHAD

Since the main goal of this work is to evaluate the strength oi-priritipal element alloy solid
solutions, it is important to know which compaositions in the multjponent space can form simple
single-phase solid solutions. Although there are many empirical nsethald that, as will be described
in the next chapters, the most widely-used methods involve thermodysiamiations. For this work,
thermodynamic simulations are used to predict the compositions andatumgs in which single-phase
alloys should be stable. Furthermore, these simulations can heiresiporated into high-throughput

methodologies and are a core part of the present study.

Thermodynamic simulations have become invaluable for high-throughput alldppienxeat
[43,44]. For example, empirical determinations of binary phase diasgrequire a large a number of
experiments, depending on the complexity of the system. By adding threm@elements, it is easy to
see how the number of experiments increases rapidly. Thus, thenexptadi determination of phase
diagrams becomes impracti¢ar these multicomponent systems. In the 1960s, Larry Kaufman
developed the CALPHAD (Computer Calculation of Phase Diagramsyagpfor predicting phase
diagrams. The approach generates free energy data for each plhasgartitular alloy system such that,
once a temperature, pressure and composition are selected,sbeghiibria between all possible
phases are calculated and the combination of phases that gives thieflegienergy for the system are

determined.



Although the conceptual relationship between phase diagrams and frge @nees has been
known for over a century, until the creation of the CALPHAD methogd, Were seldom quantitatively
employed in the calculation of phase diagrams. Thus, this methbtkeément only a great reduction in
the number of experiments to determine a phase diagram, but aisoltiseon of metastable phases in
the calculations and consequently equilibrium and "meta-equilibriuagtalins [45,46]. The CALPHAD
method takes advantage of the fact that most compounds are unarypbiteanary. Phases containing
four or more elements do exist, however, they are almost alwhgsslutions of these simpler
compounds, rarely being true quaternary compounds (that need all 4 elenenty). Thus, the

strongest interactions among the constituents of a system ang duirsdrmost ternary.

The basic idea of the CALPHAD method is to perform Gibbsdresgy minimization of all the
phases in a system. For that to be possible, accurate desariptithe free energy of all elements in an
alloy should be provided. For example, a phase with complete sgldtgtiveen two elements has the
thermodynamic description given in Equation 1.2.
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The first term in this equation is basically a weighted aveoédfee free energies of all pure
substances anglis the atomic fraction of an element he latter term is usually called a mechanical
mixture term and provides the baseline, or the thermodynamic refestate, for the system. The second
term accounts for the configurational entropy contribution of the mixiure combination of the first
two terms is sufficient to describe an ideal solution wheteaghird term is the excess term, or the
Redlich-Kister polynomial, that describes all non-ideal contributiorike free energy equation.
Although the equation above is used for binary solid solutions, when incersplability (i.e. solubility
on a particular sublattice) exists, or if more elementpi@sent, analogous equations based on the

Redlich-Kister polynomial are available.

Usually, the free energies of the pure substances {ther@s) are well known, and the main
challenge is to determine theparameters in the Redlich-Kister polynomials. Thus, experimeffitats
are usually concentrated on the determination of this paramet@amsessingO a phase diagram. In the
CALPHAD literature, this basically means determiningoflihe relevant parameters for all phases for
a given combination of elements. A collection of severglarameters is basically what composes a
CALPHAD databaseSnce the CALPHAD predictions can only be as good as the data, tedagate
databases is paramount for the development of a robust high-throughpuiy@edéthodology.
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For the current study, since the alloys of interest are composedesfikelements, there are
many subsystems involved. Therefore, it is not feasible to develapoudatabase. Instead, t(R€HEA
databases, which are commercial databases produced by T@atender HEAs, were used in this work.
Because the TCHEAZ2 database used here has all binaries betfvaetory metals and first-row
transition metals, this database describes all combinationstafs explored in this work. Besides these

binaries, there are 135 fully assessed and 308 partially a$sessmy phase diagrams.
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CHAPTER 2

HIGH THROUGHPUT DISCOVERY AND DESIGN OF STRONMULTICOMPONENT
METALLIC SOLID SOLUTIONS

Published irScientific Reports

Francisco G. Couty Kester D. Clarkg Claudio S. Kiminanti Michael J. Kaufmah Amy J.
Clarke
2.1!  Abstract
High Entropy Alloys (HEAS) are new classes of structurakthetmaterials that show

remarkable property combinationget, often times interesting compositions are still found by armal
error. Here we showan OEffective Atomic Radii for StrengthO (EARS) methodology, togeitter
differentsemiempirical and first-principle modelsanbe used to predict the extent of solid solution
strengthening to discover and design new HEAs with unprecedented mopeédihave designed a
CrssNi27 £C0op7 5 alloy with a yield strength over 50% greateth equivalent ductility than the strongest
HEA (Crz3aNiz3.€C0s3.9 from the CrMnFeNiCo family reported to date. We show that gadietermined
by the EARS methodology are more physically representative of omljticnent concentrated solid
solutions. Our methodology permits high throughput, property-driven discovedeaigh of HEAS,

enabling the development of future high-performance advanced materialdreme environments.

2.2! Introduction

Multicomponent equiatomic alloys have garnered considerable intertbst literature over the
past decade. One of the main focus areas is to fundamentally eanddtst high strengths and
toughnesses exhibited by some of tH{&®3]. Although the properties are extremely promising [4], the
compositional landscape (i.e., the number of possible compositiemsasisive, and an almost infinite
number of compositions is possible. One of the so-called Ocartséff®,6] for HEAs suggests that the
total compositional complexity (the configurational entropy) corrgldieectly with strength in single
phase alloys. Indeed, several single phase quinary or senary allggy digractive mechanical
propertie7D10]. However, single phase alloys with fewer elements have proberstmnger than the
OparentO, higher entropy alloys that contain 5 elements or morenfgable example is the ternary
equiatomic Ggz LLoszNiszzalloy [3,11D13], which is stronger and tougher than the quinary equiatomic
CraoMnzoFeoNi2oCoy alloy. To date, thi€rsz Nisz SCosz 3 alloy is the strongest and toughest face

centered cubic (FCC) single phase solid solution from the quindpE&CoNi system out of hundreds

1 Author, performed most experimental work and participate@search planning
2 Coauthor, helped planning experiments and discussing results
3 Project advisor, helped planning experiments and discussinitsres



of possible compositions, including several conventional stainless. stbe ternary GgzCaos33Nisss
alloy, which is the benchmark for strength in this work, was diseoviera study that involved producing
all possible equiatomic alloys from the CrMnFeCoNi family vathFCC structure [13]. This alloy was

effectively discovered by trial and error [13]

The paradigm of HEA alloy design has shifted significantly since ihegption [6]. The concept
was mostly based on the aforementioned four Ocore effectsOpwiier@mponent, equiatomic HEAs
are single phase and exhibit high strengths. Nowadays, these ects bffve been challenged [6]. The
main interest in HEA alloy design lies in the flexibilitytbiese compositions with respect to phase
stability and microstructural design [14]. If high-throughput tooésdmveloped for predicting properties
as a function of composition [15,16], it then becomes possible to petdogeted alloy design, which
means designing an alloy with ideal property combinations for a giveicatm. Since there are endless
possible alloys to be discovered, it is almost impossible to thatk is not a composition $tesuited for
a given application that exists today. Experimental mapping is ptiokikhs surveying the entire
composition space would involve the production and characterization oftidsusf samples. Finding
idealized alloys cannot be a product of luck and extertigaleand-error experimentation; the
compositional landscape is too big for the time and resourcesuimnkind has available. Targeted
alloy design must be used to unlock the potential of new HEA compusitind propéies for

performance in extreme environments.

Although the high-throughput idea is not new fiAs [6,17] CALPHAD simulations, for
example, are a high-throughput method for predicting phase equilibriaréhased in HEA alloy design
[6,10,18]. Alloying [19] and microstructural [20] evolution have also bededl to strength, bute
could not find an example of targeted alloy design for the prediction Afdélid solution strengthening,
the key strengthening mechanism in these alloys, in which disgmtly stronger composition was
designed based upg@nediction Studies exist that show stronger compaositions are not necesiarily t
ones with the highest entropy, and these alloys are also nasagbeequiatomic [21]. Varvenne et al.
have suggested the strongest compositions should be those with the yagirestric misfit between the
atoms and/or the ones with the highest shear moduli [22f2BEse ideas are correct, it should be
possible to design significantly stronger alloys than existing orsesifrate atomic radii and elastic
constants can be determin&y modifying two existing models in the literature with our newRSA
methodology, we designed and made a single-phase FCC alloy (fr@rMhé&eCoNi family)
significantly stronger than th@rss 3C0z33Niz33 alloy.

Regardless of the mechanism for strain-hardening after yieldingietlldestrength determines the

baseline strength potential for a given alloy and is controlledvbytimary factors: grain size and
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composition. Refining the grain size always results in higinength$’?% and can be accomplished via
thermomechanical processing (i.e., rolling, forging, etc.).Herother hand, solid solution strengthening
is not as straightforward, and is linked to atomic size antiefasduli mismatch [24]. The formés
usually considered the most important. Two general models have beemedlih the literature to
predict the strength of multicomponent solid solutions. One modabped by Varvenne et al. [22] for
FCC solid solutions, while the other applies to FCC and BCCtstescand is proposed by Toda-
Caraballo (TC) [25,26]. The Varvenne model is derived from fiiscpies, whereashe second modées
semiempirical and adapts an equation valid for etrated binary solid solutions. Both models predict
composition-yield strength trends, and are thus suitable for highghput modeling. The final
formulation of these models considers only the size mismatch lmatndn for strengthening. Therefore,
the outcomes of both models are extremely dependent on atomic sizé higetastic constants are also
important. The EARS methodology developed here provides accurate and Iphgigjoéicant values of

these two properties.

2.3! Results

Strength predictions bgARS and the TC and Varvenne models guided the selection of four
experimental HEAs in this work. One alloy (Alloy B)the ternary equiatomic £3:C 0o 3Nio 33 alloy,
which serves as the benchmark for the strongest single-phase B @ pbrted to date [3,11,27] from
the CrMnFeCoNi family. The reasons for selecting the other allilybe further discussed below. The
tensile stress vs. strain behaviors of the four alloys are simoligure 2.1. Our EARS methodology
predicts the strength to increase from Alloy A tovith EARS,yield strength of each of the four alloys
is predicted. Alloys C and D are 13 and 53 % stronger, respectivaty Alloy B. These numbers rise to
25 and 70%, respectivelif,we consider only the solid solution strengthening contribution, wiaictbe
determined by extracting the other contributions from the total gtedthgth, as described in the Methods
section and shown visually in Figure 2.1. AlBythe benchmark) has a remarkable combination of
strength and toughness [3,11,27,28], and has been suggested as a patelitiate for cryogenic
applications, due to [29] nanotwinning during deformation. The same nanatginbserveth Alloys C
and D, two of the stronger alloys, as shown in Figure 2.1. A siegpimate of toughness, calculated by
the area under the stress-strain curve, suggests that the stidiayeP has higher toughness than Alloy
B, which to our knowledge represents the toughest HEA alloy ever pro@inckdling HEAS outside the
CrMnFeCoNi family) [3]. As mentioned previously, this compositiors weived at byredictionusing
the EARS methodology. Although there are several alloys in #ratlire with higher yield strengths than
that of theCrsCop7.9Ni27 5 alloy designed here, our alloy is a single-phase, coarse grad@ddiid
solution, which typically would be expected to have low strength.ablelute yield strength of this alloy

can be significantly increased, for instance by grain size reduasattiscussed later. In this work, we
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attempted to limit this effect. The most impressive propafdloy D is not its absolute yield strength,

but the solid solution strengthening component.
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Figure 2.1 (a) Tensile engineering stress - strain curves of AdysThe CisCop7sNiz7salloy, or Alloy

D, is 52.7% stronger than the equiatomigs@Coz3 Nissz alloy, or Alloy B, regarded as the strongest and
toughest FCC solid solution to date from the CrMnFeNiCo faiifly> Because Alloy D is from the
same ternary system as Alloy B, but has lower configurationamnénd is significantly stronger, it is
contrary to previous thoughts that strength correlates to enftgpyhe toughnessextracted from the
area under the tensile curves are plotted for the four alloysy Bllis the toughest by this criterion.
Although fracture toughness testsnay be preferred measurements of toughness, the results shown here
demonstrate that Alloy D is indeed tougher than Alloydp Strength predictiongith EARS are
comparedo experimental results, |, ! yn and! g refer to solid solution strengthening, Hall-Petch
strengthening, and base strength (60 MPa for pure Ni), respectivelgeldrenination of these values is
described in the Methods section. (d) Dark field TransmissionrgieMicroscopy TEM) images and
selected area diffraction patterns (SADPSs) are shown foy&IC and D after tensitesing, highlighting
the presence of fine deformation twins. The dark field images aeguired using the (111) twin
reflections; the SADPs were taken from <011> zone axes for tivesalloys. The scale bar in both
images is 500 nm.

The predicted strength values using the EARS methodology can be §égmren2.2, in which
pseudo-ternary phase diagrams are presented. The rationale behingl Aiickia A and D is that they
are in the same compositional dimension as Alloy B.{G$:xC0s0x), but with different amounts of

lattice distortion due to Cr content (Cr is a larger atom). TARE methodology predicts increasing
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strength from Alloys A to D, with Alloy D as the strongest alldlie fact that subsequent experimentally
measued strength increases in order from Alloy A to D strongly supportsngtodology used here.

The strength calculations also predict that lattice distorgonbe increased by adding small amounts of
Mn, as shown in Figure 2.2, with a resulting increase in wig&hgth. By adding Mn and removing Ni
and Co, the lattice distortion is increased, since we apprda@¥aatio of big and small atoms (Alloy

C). This occurs since Mn is bigger than both Co and Ni, but is sithber Cr (Table.1). Also, Cr is
determined to have a larger elastic modulus than Mn in the #G€wse, as shown in the Supplementary
Materials section, while Cr-containing alloys have higher sheauios than Mn-containing onedn the
other hand, Fe is smaller than Mn, so the same effect isvebsar reduced magnitude, which explains
our selection of Mn over Fe. In the plot of configurational entropy ¢neeséame composition space in
Figure 2.2, it is clear that the composition with the maximumigordtional entropy, which is the
equiatomic mixture between four elements (Alloy C), deviateptetely from that predicted to have the

maximum strength using the EARS methodology. This contradicts tieardefinition of HEAS [6].

Table 2.1 Atomic radii of the elements used as inputs to the TClnd@eOPure Metal RadiiO were
calculated using the lattice constants of the pure metals irotligiinal crystal structures, as given by
PearsonOs handbook 37 for Cr, Fe, Co and Ni. The Mn value is givenubyhuling3s for the room
temperature crystal structure. For both Co and Mn, since thesheaighbors do not have the exact same
distances, the total radii were calculated as half of thghtexl average of the nearest neighbor
interatomic spacings. The OOkamoto RadiiO were calculatedpyificiples for CrMnFeCoNi alloys

30. The OSolutions RadiiO were extracted form binary FCC solidssloy Varvenne et al. 22,23. The
EARS radii, or OEffective Atomic Radii for StrengthO welitzded in this work. The fact that the TC-
EARS values differ from the Varvenne-EARS values is expecteck e setup of each model is
different. Using either models yields with EARS provides betitemgth predictions than any of the other
atomic radii sets.

Atomic Radii (pm) Cr Mn Fe Co Ni

Pure Metal Radii 124.90 | 130.55 124.12 | 125.10 | 124.59
Okamoto Radii 126.90 | 123.50 121.90 | 121.90 | 123.90
Binary Solid Solutions 129.44 | 130.60 128.81 | 125.26 | 124.59
TC-EARS (This work) 129.25 | 127.52 126.81 | 124.46 | 123.28
Varvenne-EARS (This work) | 130.09 | 129.41 127.86 | 124.30 | 122.66
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Figure 2.2 Pseudo-ternary phase diagramag%for the NioCose-Mn-Cr system. (aJhe 1130;C
isotherm predicted by thermodynamic simulations using the softvemeribCalc’™ and the TCHEA1
database. (b) Predicted strengths from the TC model and EAR® atdii (Table2.1). (c) Calculated
configurational entropy plotted over the same composition space.yClbarcompositions with
maximum configurational entropy do not corresptmthose predicted (and shown) to have the
maximum strength. The four alloys produced in this study are plottaitithree diagrams. The
compositions are given in the legend. The predicted strengths foldtsefaD are 223, 235, 243 and
258 MPa, respectively, considering only thg contribution.

The robustness of the EARS methodology is further shown by comparingnespti and
predicted strengths for a large number of alloys reported in ¢natlite [13], calculated with different
atomic radii from Tabl@.1. These results are presented in Figure 2.3 for both the TZaaneihne

models. The main reason why EARS is so effective in the piedlicf the solid solution strengthening is
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how it is determined. It is not trivial to determine accueatenic radii for concentrated, multicomponent
solid solutions. They can be determined by first principles methodslageerformed by Okamoto [30]
This atomic radii set is called here the OOkamoto Radii c@healso be determined by experimentally
evaluating the lattice parameters of the pure materials [88[DPure Metals RadiiO or by extracting the
atomic radii from solid solutions and extrapolating the atomicafiziee pure components, the OSolutions
Radii®"*8, The atomic radii calculated from first principles, or tlké&mnoto RadiiO and the OSolutions
RadiiO are more accurate in calculating the experimentallyebssirengths of these alloys, but the
strength values can still be overpredicted by as much as 100%. Tt lBétRodology predicts the
strength of all the experimental alloys with the least errodtin the TC and Varvenne models. The
EARS methodology significantly increases the accuracy of the predictiomd fafrthe alloys examined,

including our experimental alloys and those from the literature.
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Figure 2.3 Comparison between the experimental and predicted yexidtss for the four alloys studied
in this work using (a) the Toda-Caraballo Method and (b) the Varvaetieod, plus additional alloys
from the literature?, determined with three different sets of atomic radii (T&o1§. The prediction using
the ORIre MetalRadiiO data is poor, primarily because the size of the Mn #&darger than the other
atoms. Therefore, all the compositions with Mn are predicted strbrg, whereas the other
compositions are predicted to be weak. This is possibly th# odghe uncommon crystal structure of
Mn at room temperature, which most likely does not repreberdatomic bond length that Mn has when
it is in an FCC structure with other elements in a concentsaikd solution. Using the OOkamoto RadiiO,
it is possible to predict the strength vs. composition trends foe diles/s; however, the values are
generally overpredicted by a factor of 2 or 3. The EARS methodology desidiepe provides the most
accurate strength predictions of the alloys. The alloys from itk &re indicated by their respective
letter A full table with the compositions plotted in this figure is prodidethe Supplementary Materials
section. (¢) The calculated atomic radii of the four alloys pratlircéhis work are compared to
experimentally measured lattice parameters determined by ¥&DMethods section). EARS values are
not only more accurate in performing strength predictions, but aledlg most accurate lattice
parameter predictions for HEAs, suggesting EARS values arephygsically significant.
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Efforts were made in this work to assure that all of thepmsitions were single-phase solid
solutions with equivalent grain sizes. As noted previously, graimsgesignificantly impact
strengthening. The four alloys were cast, rolled and annealddsasbed in the Methods section. To
ensure the FCC single-phase nature of the final microstructieesianealing, the alloys were
investigated by XRD and electron backscattered diffraction (EBSBhown in Figurd.4 and, for
Alloys C and D, transmission electron microscopy (TEM), as shiowigure 2.1 and also in the
Supplementary Materials. These analyses confirmed a single-iigssotution for all four alloys
presented here, and that Alloys B, C and D have similar gras. Sihe Hall-Petch (grain size) influence
on the strength of these alloys was subtracted from the strengthtipregjias described in the Methods
section. This is paramount for the accuracy of the predictiong g8ieclC and the Varvenne models both

predict the solid solution strengthening component.
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Figure 2.4 Characterization attested Alloys A-D (a) XRD patterns of the four alloys indicates that
each is single-phase FCC solid solution. (b) Electron back szhtdfraction(EBSD)inverse pole

figure maps are provided, along with an orientation color legenda®e seen, Alloy A has a slightly
more uniform grain size distribution than the other alloys, withvaamage grain size of approximately 20
' m; the other three alloys have a similar, but slightly widestyibution of grain sizes, centered around
10! m. The scale bar corresponds to 10Q.

2.4!  Discussion
Considering the CrMnFeCoNi family, only Niis FCC at room terapege. The exact atomic size
changes based upon the crystal structure and the elements in s@lottitins reason, the OPure Metals

RadiiO will be inaccurate in a solid solution, which will comprerstsength model predictions based on
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lattice distortion. Radii predicted by Density Functional The®yT), or the OOkamoto RadiiO, wilso
have a reasonable degree of uncertainty, due to various factors shietaesuracy of the database,
temperature effects and magnetism. The OSolutions RadiiCnisaigtihe most accurate, but reasonable
error still exists when predicting the radii of multicomponentitimhs, as will be shown. For the EARS
method, instead of directly inputting the atomic radii into the TC\éar@lenne models, available strength
values from the literature were used to calculate the b@si@tadii values that match the experimental
data.We assmethe main factor for solid solution strengthening is indeed atsimécmismatch and the
models considered here are accurate. The output are the EARS batués EARS methodology also

includes the grain size contribution and the elastic moduli ebatpositions (see Methods section).

One major concern with the EARS values is that, since they aexpetimentally measured and
the purpose is to better represent the strength of these alloymalgehave lost their physical
significance. Thiss addressed in Figure 2.3. The lattice parameters calculated IBAIRE radii are
closer to the carefully measured experimental lattice paeasiey X-ray (XRD) diffraction of the 4
alloys produced in this work. The lattice parameters deterntindtARS are even more accurate than the
Solutions Radii, showing that the EARS values are not only more appedioridahe prediction of
strength, buarealso more physically significant for representing atomic sizesmncentrated
multicomponent alloys. This also suggests that EARS radii mighto& derived from carefully
measured lattice parameters obtained from multicomponent alsysad of from strength valuesveas
done here, although we believe that further understanding of short ranganaaecentrated solid
solutions may be necessary. The caveat is that experimerital fttameter determinations must be
performed with care to achieve a high degree of accuracy, sincemall changes ianatomic radii set

will significantly change the strength predictions.

EARS of HEAs is a powerful methodology thattedictslattice strain and solid-solution
strengthening. It was shown that BARS methodology was applied in conjunction with thermodynamic
and strength models to improve compositions and strength predicttanatomic radii are also more
physically significant for concentrated solid solutions. Here we apphetideas for the first tinte
perform targeted alloy design in the multicomponent landscapetheitipoal of maximizing solid
solution strengthening. The resulting alloy was 52% stronger thatrohngest multicomponent alloy
measured from the CrMnFeCofdimily, or 75% stronger if only the solid solution strengthening
contribution is considered. This work represents a first steprdograperty-driven alloy discovery and
design of multicomponent alloys. Given the framework of the methodaikigyalsopossible to include
additional property predictions in the futdogtarget optimal compositions for a given application (e.g.

strength plus oxidation resistanc&he results from this work highlight a new opportunity for the
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development of strong alloys with different combinations of propedidgng us closer toward high-
throughput, property-driven alloy design needed to realize the full patehki&As for enhanced

performance in extreme environments.

2.5! Methods

The four alloys were prepared by non-consumable arc melting from lparergal components
(99.2% Cr, 99.9% Fe, 99.9% Mn, 99.9% Co and 99.9% Ni). The buttoesfipged andemeltedfour
times to ensure chemical homogeneity; the weight loss of eachwagatetermined by making
measurements before and after preparation, and was alwagfsale€s5%. Two buttons from each
composition were cross rolled to a thickness of 2.5 mm (~70% aok) vannealed at 1130 C for 2 h,
and then cold-rolled an additional 40% to approximately 1.5 mm. Tevasilples were cut from the
resulting plates by electro-discharge machining (EDM), anneatet38;C for 30 min and then water

quenched.

X-Ray Diffraction XRD) was performedavith a PanAnalytical Empyrean diffractometer using
Mo Kyradiation for background signal minimizatidtiectron Backscattered DiffractioRBSD) data
wascollected with an FEI Helios FESEM using an acceleratingagelof 30kV; the samples were
prepared by grinding through 1200 grit SiC papers, polishing sequemtitilg, 3 and I m diamond
suspensions for 5 minuteach and then polishing for 4 \hith a Vibromet vibratory polisher and 0.05
I'm colloidal silica. The diffraction patterns and inverse fiiglere maps are presented as raw data,
without any refinement or cleaning performed. For the lattice peerdetermination, a Si standaves
run at the exact same height as the samples to correct for glosgatematic errors. Lattice parameters
werecalculated using the softwarghScore Pro. The deviation of the Si lattice parameter wasaised

baseline the measured lattice parameters of all the expeginaloys produced in this work.

For TEM analysissampes were taken from the uniform elongation region of the gauge length of
the tensile samples after deformation. They were preparedrgirgyito 100 m and then
electropolishing with a 10% sulfuric acid in methanol solution af 2dd around -20 ;C using
Fischione dual jet instrument. The annealed Alloy B sample showigiure 2.S1-2 was prepared by
Focused lon Beam (FIB) with the FEI Helios and a final cleateppat 2 kV. The TEM was performed

using an FEI Talos microscope operating at 200 kV.

A standard sub-size ASTM EB8 tensile sample geometry was usedleTiesss were performed at
a strain rate of 10s?, up to failure with a 25.4 mm (1-inch) gage, 50% extensometer ahdbtwo
samples were extracted from each plate of each alloy, reginta total of 4 samples per alloy. All the

tensile curves are shown in Figure 2.S1-3.
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The thermodynamic simulations were performed using Th&ald™ software with the
TCHEAL and Gheno [31] databases.

The Toda-Caraballo model (TC) was used to calculate the stramgtlattice distortion. The first
calculation necessary to implement the model is the latticengéea (a) of the alloy. It can be calculated

using the following equation:
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where f is the packing factor of the crystal structures she atomic fraction of elemeintand §
is the interatomic spacing between the atom i and atom j. Thigtiomeic spacing is estimated by:
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where ris the atomic radii of atom i and Is the bulk modulus. The strength of the alloy is

estimated as:

The! g term is a base strength for the material and was consittebed60 MPa based upon
literature values for pure Ni [13] and M is the Taylor facowvalue of 3 was used here [25,28]is a
fitting parameter used BC, and here a value of 5 was used. This value was proposed by TodallGaraba
after fitting experimental data with this model [25,26]. Thentbris the average shear modulus; the
determination of these elastic constants are explaineddaterelated to the activated slip systems in the
crystal (a value of 1 was used here following TC), érisla parameter that accounts for the nature of the
dislocations. The TC model uses 16 to account for a mixture of edgeceew dislocations. Thé is the

estimated lattice distortion, and can be calculated by:

El El

i ng ng v

Cim m @

. qIm

- @uT@) | ngK % W nst o VU Z i W]
X W Y X, @
q q
Im,r  m,;;
h né’I{ ngI{ = % t



where each term in the matrix estimates the distortion cdoysedbstituting one element from
the mixture for another. The simplest way of calculating eatheske terms is by considering how much

the lattice parameter changes by makin@a&hange in composition. For example:
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The value of@ can be a small value. Here, 0.001 was used.

For determining the EARS values, the TC equation was used toataltut yield strength of all
the alloys in Tabl&1-1. The atomic radii of the elements were varied until thewiffce of the squares
between the calculated strength and experimental strength fraitetaeire [13,32] were minimized.
The OSolutions RadiiO were used as a starting point, and theumaadlowable variation of the atomic

radii was set to be 3%.

The Varvenne et al. model [22,23] is derived from first princigieshis model, the interaction
energy between a dislocation and a solute atom is calculatecht&raetion energy is then inputted into
aconventional equation to account for thermal aid to overcome tivatat energy. The end result is a
model for the critical resolved shear stress (converted into stieddgth by the Taylor factor) that
accounts for strain rate and temperature dep@ed@he final formulation considers only size misfit
contributions, the activation energy for moving a dislocatign.Y and the Peirels Stress at Otg)(as

follows:

[¢]
—

* 040/ w- f§ 60 C € i <% ) fr) @l ";v.\. :tf_ ................................. < 2
O- 1 O{ O 1 €' % y - 91- ) 19999999999999999999999999999990) _)
\ S
s 0CET @| . .
| 3= - 9E%owdTON 65— R ) f? —gr—iF SIS

Thed termis the proportionality constants between the dislocation line teasidGB, with G
being the shear modulus and b the burgers vector. The value 0.123 whslog@ay Varvenne. The

two f(we) functions are called minimized core coefficients, and theguaddor the non-straight character
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of the dislocations, that bow out to find local energy minima. The vaises were 0.35 and 5.70 for

fi(we) and t(wc) respectively. The most important ternj is+, which is the average volumetric misfit of
each atom, calculated as the volume of thatom minus the average atomic volume of that mixture. The
atomic volume is calculated from the atomic radii given in @&dl. The atomic volume is the volume of
the FCCunit cell divided by four, so it is not the atomic volume consideringrd sphere model. The

two terms calculated from the equation above are then pluggedfoiltivdng equation for calculating

the yield strength:
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In the equation above, k is the Boltzmann constant §isla reference strain rate state set as 10
“s, again following Varvenne. All the studies performed in this weéd a strain rate{of 10°s™. The

calculations were performed to evaluate the strength at 293K.

For all the elastic constants used as inplioth the TC and the Varvenne models, the actual
elastic constants measured from ultrasonic techniques reporteditertitere were used [13]. For the
high-throughput predictions (Figure 2.2), the elastic constants werdatatl by extrapolating the shear
and Poisson moduli to what would be expected from pure single-pli&3€r, Mn, Fe and Co. This was
performed by fitting a first order polynomial for both moduli valuea &snction of compaosition for all

of the 10 different alloys used in this work. The final elastaduli used for a compositiamere

These values were only used for the high-throughput calculationsthdbthe elastic constants
used for Ni are those from pur€C Ni. The elastic modulus and bulk modulus were obtained from these

two elastic constants using standard conversion equations.

Both the Varvenne and TC models predict only the solid solution strewggheontribution.
Therefore, all other strength terms were subtracted frorexiperimental values. This practice

commonly performed [33]The total strength of an alloy was considered to be:

I ois a base strength term explained in the following sedtigsis the solid solution
strengthening term calculated by the TC and the Varvennelsnadd! ,\ is the grain size contribution,

accounted for using the Hall-Petch (HP) equation:

!MN- .X-S‘\ ...............................................................

26



The constant k is material dependent and is usually calleddakiedgparameter; d is the grain
size. The k values inputted into the HP equation were extriotadhe literatureX2, 34, 3%. Not allthe
alloys produced in this work had reported locking parametessgme alloys only had values extracted
from hardness tests. The locking parameter seems to eseidiiar content: Two alloys with Cr B
and NicCao have a k of 180MPa! m*2[11]. The quinary CioMnzoFexdCoxNizo has a k of 226 MPam’
12134], the ternary GrCmsdNioszhas a k of 2681Pa! m*?2[11], and as showiater, the
Cro.4sC0o.27Nio 275 has a k of 489 MPlam. This is also true for the HP locking parameters valuethéor
series of alloys measured by hardness, as shown in another study Bg]Withg absolute values of the
locking parameters extracted by hardness were not used here. Tisé dfillocking parameters used in
this work is provided in Table S1-1. All the values were betweeraf8®80MPa! m™2 For Alloy A,
for which 2 different grain sizes were observed, the HP relastimated from this Cr content matched
the strength of the two experimental alloys analyzed. The coaesersige (around 60m) exhibiteda
yield strength of 255 MPa, while the finer grain size (aroundr2)) had a yield strength of 290 MPa,
which match the locking parameter of 250 MPa* for the alloys.

Extra attention was giveio Alloy D produced in this work. In order to get a more accurate
locking parameter for this alloy, a second tensile test on pleamnealed for 2 h instead of 30 mias
performed. The experimental stress-strain curve of this raktas well as the microstructure viewed by
EBSD, is shown in Fig S1-5. This additional sample had a grairo$ig@! m and a tensile strength of
455 MPa, which gives a locking parameter of #88a! m*2 This is provided in Table S1-1. This value
aligns with the higher values of k for samples with higher Cr cts\i@sthis is the sample with the
highest k and the highest Cr content.

The experimental strength of pure Ni reported by Wu et al. [1&8jasit B0MPa for a grain size
of 85! m. After extracting the HP contribution for this material (k=0MBa! m*?), 60MPais still
unaccounted for. This is the term that accounts for the base strength of Ni at room temperatur
although this value is likely slightly higher than what would be expédoteal pure single-phadeCC
metal.Since all the alloys used the EARS determination procedure were characterized in thee sam
study by Wu et al. [13], thisg term also accounts for any systematic experimental deviations

characteristic of their specific setup.
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CHAPTER 3

HIGH-THROUGHPUT SOLID SOLUTION STRENGTHENINGHARACTERIZATION IN HIGH
ENTROPYALLOYS

In preparation to be submittedAata Materialia
Francisco Gil Couryy Paul WilsoR, Kester D.Clarkée, MichaelJ. Kaufmart, Amy J. Clarke

3.1!  Abstract

While some high entropy alloys (HEAS) have been shown to dispiegrkable combinations of
properties, exploration of the extensive multicomponent space by conventiethalds is experimentally
intractable. Thus, identifying and developing high-throughput methods is parata@lioty design.
Here, a high-throughput experimental methodology is developed for rapicsiiehdth estimations of
single-phase HEAs, which involves the production and testing of a coiopalit-graded sample made
by a diffusion-multiple approach. The sample is analyzed by a comtiratnanoindentation and
microstructural characterization, and nanohardness results ayeeghll different conversion equations
to determine yield strength. The values estimated by nanohardenssvifrbulk tensile properties.
Both are compared to a high-throughput solid solution strengthening mgaiel yéelding a good
correlation. This work shows that high-throughput methodologies for predasithgheasuring properties

is a promising way of designing new HEAs with desirable combiretéproperties.

3.2! Introduction

High entropy alloys (HEAs), multi-principal element alloys (MPEAs)Y complex concentrated
alloys (CCAs) are classes of metallic alloys under developfoeektreme environment applicatiofi
7]. These alloys do not contain a main constitutive elementar@ncharacterized by equiatomic (or near
equiatomic) mixtures of several alloying elements [1,8D11]. $ese alloys have no primary alloying
element (i.e., they are multi-principal), there is an endiassber of possible alloys, and thus, property,
combinations that exist. Although the prospect of new HEAs is excitinggheer number of possible

alloys makes their investigation intractable by conventionaldridierror experimental techniques.

In order to explore this vast multicomponent space in an effectivethegevelopment of
accurate experimental and computational tools is paramount. Todsenight be used not only to screen

vast composition fields for a desired specific property, but alfiod specific alloys that exhibit selected

1 Author, performed most experimental work and participate@search planning, corresponding author
2 Provided compositionally graded sample and helped with discussi

3 Coauthor, helped planning experiments and discussing results

4 Project Advisor, helped planning experiments and discussialisres
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combinations of properties. For example, it was shown recentlyhihatrength of some face centered
cubic (FCC) multicomponent, single-phase compositions can be predicsgtdfig computational alloy
design methods that include the Toda-Caraballo (TC) [12,13] or Varveahestength mode[14,15]
The predictions become significantly improved if an accurate atadicset is used, termed OEffective
Atomic Radii for StrengthO (EARS) [16]. These models with EAR& combined with thermodynamic
predictions to determine the extent of solid solution strengtheningl{is shown that the strongest
compositions contain approximately equal mixtures of large and aioails and a high shear modulus
[16]. By this combination of computational tools, an alloy witfiedd strength approximately 50%

higher than the strongest alloy [16] from the same transition atdfteA alloy system was produced.

Besides having a high-throughput methodology to estimate yield strength, gisg ha
experimental methodology to accurately determine the yield strengtla evide range of compositions is
of great importance for the development of HEAs [1,8,11,12,17D19]. ©hid wot only guide the
development of new HEAs, but would also serve to validate the cotigmatiamodels being developed.
As shown in this work, this can be done using compositionally-graded samjm@-throughput
measurements of yield strength needs taabe duantitative accurate, and repeatable. In cases where
nanohardness is measured to estimate yield strength, the tbditaracterize compositional variations is

important.

Here we develop a methodology for extracting yield strength from nanoitidanteeasurements
in a compositionally-graded sample. This technique involves probiaty golumes, can be performed at
different temperatures, can be performed on any sample polished ta $rame®th surface [20,21], and

can be applied to thin film or bulk samgle

A high-throughput, hybrid experimental and modeling methodology for evaluatiyiette
strength of compositionally-graded samples over a wide compositioe ispaeveloped and used.
Experimentally, the sample is analyzed by a combination of scareittgpa microscopy (SEM) with
energy dispersive x-ray spectroscopy (EDS) and nanoindentation. Therexgafivalues serve as input
for two different types of calculations, namely one that prediets gitrength based on composition with
the TCEARS m¢hod [14D16], and another developed here that estimates strength from narsshardne
values. This methodology allows for accurate determination of str@ngfiles in compositionally-
graded samples, and is applied to a compositionally-graded saomléhe CrMnFeCoNi HEA family
produced by a diffusion multiple approach. This system can be corsalenedel alloy system for
studying strength and solid solution strengthening, since: (1) all of éfersents are mutually soluble
and (2) substantial property information exists in the literatréhis quinary equiatomic alloy [22D28]

and the ternary and quaternary alloys [2,6,17,18,29T8® methodology can be used to explore the
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strength of alloys over a range of compositions to give a cleapfd#kying strategies to further

increase yield strength.

3.3! Materials and Methods

For the compositionally-graded sample used in this study, a diffusultiple between BgMnsg
and CaoNiso (in at. %) alloys and pure Cr was prepared and charactdnzenergy dispersive X-ray
spectroscopy (EDS) in an SEM as described elsewhere [19]. Nanaitiolentas performed with a
Hysitron Tl 950 nanoindenter using a Berkovich tip. An area functiordefisedwith fused quartz as a
standard using the Oliver and Pharr method [31]. The tip was checkedtdba quartz standard before
every indentation trace to ensure no significant change occurred béhedesces. All indents were
made in depth-controlled mode to 100 m.indent array was made in the deghase quinary region,
where the spacing between indents wagrh0 This was the same region analyzed by EDS to correlate

nanohardness with the quinary composition.

Bulk alloys were produced to test nanoindentation predictions by non-cdnisuana melting
under an inert argon atmosphere using high purity (99.9% or more) elefftemingots were flipped and
remelted at least 4 times to ensure homogeneity. Aftengastiese alloys were encapsulated in quartz
tubes under vacuum and heat-treated for 24 h atjCl36llowed by water quenching. The resulting
homogenized alloy was metallographically prepared and tested by nandiiodenttn the same method
used to test the diffusion multiple. A total of 10 indents, spapproximately 10Qm apart, were made

per alloy.

Two models available in the literature for predicting the yiglehgth of HEAs are highlighted
here. First, the Toda-Caraballo model (TC) is an athermali-empirical model that predicts strength
based on a modified equation valid for solid solution strengthening of ceetteehbinary solid solutions
[14,15]. The Varvenne et al. model [12,13] is derived from first gulasiand calculates the strength of a
multicomponent solid solution by evaluating the interaction energy betavdeslocation and the
distorted lattice of the HEA for a given temperature andrstede. It was shown in previous work [16]
that both models are dependent on atomic radii input, and can bé&amghfimproved by selecting the
most relevant atomic radii, as exemplified by the EARS metlbggoFor simplicity, only the TGEARS

approach is used here, but the Varvenne-EARS model would yieldrsiesildts

The first stepn the TC method is to estimate the lattice parametan BfEA, which can be done
via the following Equation 3.1.
&s W & @
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where f is the packing factor of the crystal structures the atomic fraction of elementand g is the
interatomic spacing between atoms i and j, which can be estirbgitEquation 3.2.
\
<[] @C" [ 1@

S 14 A@C .1 a@ i 9T )

where ris the atomic radii of atom i and I§ its bulk modulus. The TC equation for yield strength is
given by Equation 3.3.
e

- 1oC™, C ab 6%: i G <gE)
where the \;\ termis the grain size contribution given by the Hall-Petch equatigg { *x’ %), with d
being the grain size and k the Hall-Petch constant, or the OlpekimgeterO. THe is a base strength
term, which needs to be incorporated, otherwise a pure metatedtse grains would have no strength.
For example, after extténg the grain size influence, pure Ni still has 60 MPa ohgfite unaccounted

for [16]. Since most of the experimental alloys being comparedcbene from the same experimental

setup [16], a value of 60 MPa & is used to account for any lattice resistance and experimental setup

particularitiesM is theTaylor factor (a value of & used[14,15] in these estimationg),is a fitting
parameter (5 in these calculations [14,15])s the average shear modulus of the pure met&@s
constant related to the activated slip systems in the cgstalue of is used in this work [14,15]¢ is
a parameter that accounts for the type of dislocations operating material (the TC model uses 16
[14,15] to account for a mixture of edge and screw dislocations), (@isdhe estimated lattice distortion,

calculated from the lattice parameter equations given by Equation 3.

i nd N v
' im ; Im 1. @
(- @uTe) ngI{ % W Inﬁs,'{::VUZ;;;;;;;;;;;;;;;;;;;;;;;;;;;;;;;;;;;;<g=9\b
i X W Y X 1
Im ] Im ]
KK KK = %

In this calculation, each term in the matrix estimateslistortion caused by substituting one
element from the mixtureith another. Thesermscan be calculated as shown in Equation 3.5 by

considering how much the lattice parameter changes wi@rtlaange in composition is made.
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This corresponds to a calculation of the difference between tloe lparameters of the modified
and unmodified alloy, divided by the composition change. As shown herenly input parameters
needed for this model are the atomic radii of the elements hihi&i and elastic moduli, and the
composition. It is noted that the model presented here is vallCfGrmaterials; it can be applied for

BCC metds as well, but different constants are used [14,15].

Since this model uses the elastic constants of pure metaipoges a problem, since only Ni is
FCC at room temperature. In the EARS approach, the elastitantef all the HEASs are calculated
using extrapolated constants for pure Cr, Mn, Fe and Co from thie elasstants of multicomponent
alloys measured by ultrasonic techniques [32]. The equations ugedridf , the shear modulus and

Poisson ratios, respectively, are given by Equations 3.6 and 3.7.

The elastic and bulk moduli are calculated fromndy using standard conversion equations
[33].
3.4! Analysis of the Compositionally-Graded Sampldy the TC-EARS Methodology

The compositionally-graded diffusion multiple consisted of 3 bonded moetathples, namely

the alloys Fe&Mnso and CgoNiso, as well as pure Cr. This is shown schematically in Figuketogether

with EDS composition maps produced from the quinary region of the 5 compandrgssample.
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Figure 3.1 Schematic of the diffusion multiple (top). The commsjtrofiles measured by EDS of each
element in the quinary region of the samgreshown below by colored maps. The composition legend is
provided in the bottom right corner. In each map, the single-phase anghdsal regions are highlighted.

The composition maps shown in Figure 3.1 indicate that the intesidiff between the two
binary alloys had a greater penetration depth in comparison to Grwakiexpected, since the two binary
samples were diffusion bonded initially, and then the diffusion cougéebended to Cr in a second step
to produce the diffusion multiple. The maps also show that diffefentents diffused at different rates.
Mn, for example, was the fastest diffuser, while Cr cleladd faster diffusion kinetics into the Fe-Mn
alloy than into the Co-Ni alloy. Overall, the sample preseatiedge, single-phase region that dominated
the Ni-Co side of the sample; upon moving toward the Fe-Mn sitlen-phase region is observed. A
more complete characterization of these multiphase regionssisnped elsewhere [19]. Since the main

focus of this work is the single-phase region, data from the tweepbg#on is ignored.

As shown in Figure 3.2, the region with the highest hardness imijle-gihase region occurs in
the zone that is rich in Ni, Co and Cr. This does not corresotig tregion of maximum configuratiain

entropy (maximum complexity) calculated from the EDS maps, in comtrasme of the literature that
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suggests that hardness/strength should correlate with complexipiefd4]. Other publications [13,19]
also suggest that the strongest alloys may not always be those witgthast-order equiatomic
composition (in this case the &WMnzoFeCooNiz alloy). Recent publications [13,16] show that this is

not only the case, but also show alloying strategies that improwksyiehgth.
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Figure 3.2(Left) Nanohardness maps of the compositionally-graded sample on the lefgatitiie
configurational entropy, calculated using EDS data from Figure 3.1.

The methodology for calculating strength combines the TC model gtBEARS methodology
[16]. EARS values have been shown to be more physically significantuiticomponent alloys, by
comparing measured and estimated lattice parameters [16].tBETE model is based on lattice
distortion, it is sensitive to the atomic sizes of the diffé constituent atoms, which is why EARS values
improve the TC predictions. The TC-EARS methodology is straightf@hto apply, since the only input
needed is alloy composition, which is ideal for high-throughput scrgaian HEA alloy family.

In this study, three different sets of atomic radii were ugexstimate the strength of the
compositionally-graded samples (Table 3.1). The pure metal radkispand to the atomic radii extracted
from the pure metals in their original crystal structures [35}{B8]Okamoto radii were calculated from
first-principles calculations [25], and the EARS radii were caledl&d optimize the strength [16]. In
Figure 3.3, the calculated strengths over the entire compositionathedjrsingle-phase region are
presented using these three sets of atomic radii, applied torttpositions measured from EDS (Figure
3.1). The calculated lattice distortidrt, given by the model is also shown. It is important to notettieat
calculations presented in Figure 3.3 have no other input besides thieahsomposition measured by
EDS; they are fully calculated via the described TC method wvhlifferent sets of atomic radii
provided in Table 3.1.
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Table 3.1 Atomic radii used in this work in the TC strengthutations. [16,25,35,36]

Atomic Radii in pm Cr Mn Fe Co Ni
Pure Metal Radii [35,36] 124.9 130.55 |124.12 [125.1 124.59
Okamoto Radii [25] 126.9 123.5 121.9 121.9 123.9
EARS [16] 12925 [127.52 |126.81 |124.46 | 123.28

Calculated Strength Calculated Lattice Distortion
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Figure 3.3 (Left) Calculated strength values using the TC modeharambmpositions measured by EDS
with 3 different sets of atomic radii: pure metal radii B, OkamotoOs radii [25], and the EARS radii
[16]. (Right) Calculated lattice distortioris() for the same sets of atomic radii. The composition spaces
that predict the highest strength zones are indicated by the dadhiectse
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By comparing the three different sets of calculations, it isiples® see how sensitive they are to
the atomic radii values. First, using pure atomic radii betptedicted yield strengths are high for Mn-
andFerich compositions, in disagreement with experimental resultstréhd predicted using the
Okamoto radii set is better, but extends outside of the actual zomexohum hardness. Finally, the

strength predictions using the EARS radii set best match the mvgueal hardness data in Figure 3.2.

From Figure 3.3, it is also clear that the strength predicticale with lattice distortion. This is
not surprising, since the TC model only considers atomic sizeatibrand ignores elastic mismatch and
electronic interactions between the atoms. The strength in the TA adedalepends upon the absolute
value of the elastic modulus, calculated for each composition tiengnuation provided in the methods

section.

Even though the trends match, this is still a qualitative compasswe calculated values of
yield strengths with nanohardness maps are being compared. Since EB#AdRBOnethodology was
shown to give a reasonable approximation for yield strength, this cisimpaan be more effective if a
metodology for converting nanohardness values into yield strength values ispleds presented

below.

3.5! Development and Application of a High-Throughput Nanoindentatbon Methodology

The single-phase region in the interdiffusion zone of the diffusionpleiig sufficiently large,
such that it contains compositions similar to bulk binary, terrprgtternary and quinary alloys that have
been produced and characterized in the literature [22,32]. In othes vilbere are tensile property data in
the literature that can be correlated directly with the nanointilemt@easurements in the diffusion
multiple, and it is this correlation that is developed hererditire data [22,32] for four alloys are
compared to the four regions shown by the boxes in Figure 3.4. Tlyasesrevere used to develop the
high-throughput testing methodology that compares experimental strengthhérditerature with values
estimated by nanoindentation via the described approach. Since a nantimt&ras performed every
10! m, a cluster of 9 indents over a 20 x!20 area was used for strength estimates of the literature
alloys. The central indent most closely matched the composititre @fiiby reported in the literature. The
compositions and strength data are given in Figure 3.4 and Tableh&r2 the boxes in the figure mark
the approximate locations where EDS and hardness data wereeekfaaictach of the four compositions.
It is important to note that the average compositions of the fgiorr®in the diffusion multiple deviate

slightly from the literature alloy compositions, as shown ibl@&.2.
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Figure 3.4 (Left) A nanohardness map of the compositionally-graded swaiitipleoxes indicating
positions of composition ranges close to the alloys indicated by thieaighlegend. (Right) Predictions
of strength using the different methodologies presented here. Edittipretype is represented by a
different symbol. The predictions using the experimental n values [&4hose assuming full
plasticity yield large errors, as indicated. Note that on #ndrfess map, the x-axis is compressed with

respect to the y-axis.

Table 3.2 Compositions of the regions shown in Figure 3.4 measured hyeKiimentally measured
yield strengths [22,32], and calculated strengths from nanoindentatidendtes Nano-Indentation.

Exper- NI
. imental . . Strength, NI NI NI
I(_:léerrr]ar;[ggﬁion Yield ([;g‘f;zlggitli\(/l)ﬁltlple Eull ﬁtrength S;[lrlength ?trength,

e exp y Ivar fix

(Sl\jlrgggth g\'ﬂasg)c'ty (MPa) [(MPa) |(MPa)
CraoMnzoFedCooNizg | 207 CrigMnzoFesCoaNizs |768 80.4 191.5 190.2
Crs3 033 Niszs 260 CrosMnsFesCozaNiss  [948.3 105.6 271.8 |148.1
Mn2sFesCosNizs 149 CnMnasFesCoqNizs |654.2 65.6 147.9 122.0
COsoNiso 79 Cl'anzFelCO47Ni4g 537.2 495 106.1 94.2

Nanoindentatiomeaswements provide nanohardness and elastic modulus values from small

regions of a sample. The exact interaction volume varies fraieriadato material and with testing

conditions, but typical indentation depths are on the order of hundredsarheters. Proposed ways

exist of converting these data into a single yield strength vailnee $1e deformation profile of a
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nanoindentation is inhomogeneous, it depends not only on the yield strengtho biné astire flow

stress curve, implying that this conversion is not direct.

A way of overcoming this issue is to assume that the matgrildrgoes perfectly plastic
behavior after yielding (i.e., it doesnOt work harden). By using tfeetheplastic behavior assumption
and an expanding cavity finite-element-based model, Clausner and R8h88] derived the following

Equation 3.8 for converting nanohardness and elastic modulus into ayséhglstrength value.

# C FCBQ} S e e )
e ] g gece " ””m”””””””m””m”””m””””m”””””g

where H is the nanohardness value, Y is the yield strength of tkegahdE is the elastic modulus,is

the effective cone angle of the Berkovich indenter, in this t@sg, and K is a constant (1.15 was used
here [37,38]). This equation describes a linear relationship betveedness and yield strength for alloys
with the same elastic modulus. Therefore, this relation caotsdered as a simple Y=CH relationship,

where C is a constant that depends on the elastic modulus obthe all

The perfectly plastic behavior is a poor assumption, espefialiCC metals with low stacking
fault energies, as these metals tend to undergo a consideraiietarhstain-hardening [7,39D41] and
further resist the indent penetration as hardening occurs. Thusethetgd yield strengths are more than
two times the experimentally reported values, as shown in Figur&tgerefore, although this is a simple
and straightforward calculation that does not require any extra e@manit provides unrealistic yield

strength estimates.

In an attempt to incorporate the strain hardening contribution, Claaisddrichter [37,38]
incorporated HollomanOs hardening (Equation 3.9), which is an approxifoaticaterials deformed

small amounts at relatively low temperature.

where! g is the base strength of the material and k and n are consthetg, wis the strain hardening
exponent, angl,y is the plastic strain. The modified Clausner and Richter equiidtincorporates the

Hollomon hardening assumption is given by equation 3.10.
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While the Clausner-Richter-Hollomon equation has been shown to vedirkowseveral alloys

[37,38], using the experimental values [6,42] of the strain hardening exgontre four alloys extracted

from the literature resulted in poor predictions of the yield strefidtis can be seen by the trends shown
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in Figure 3.4, where the experimental strain hardening coefficieni® & soMn2oFe0Ca0Niz and
Crs3 L33 Nizz 3 alloys were reported in the literature [6,42] as being 0.4. ffaegihs predicted by

nanoindentation using these experimentaleg)(malues underpredicts the yield strength values for these
two alloys by a factor of four.

Since n in the Clausner-Richter-Hollomon equation provides a wayofiating for strain
hardening, we propose it can be treated as a hardening paramedeethabt necessarily need to be tied
to the strain hardening exponent obtained from stress-strain cuhgesfféct of n on the estimated
strength by nanohardness over the single-phase region of the compositicerddigl-gample can be seen
in Figure 3.5. As the value of n increases, the estimated stidagrses. This occurs because an alloy
that displays more strain hardening, i.e., a higher n, will requore work to be deformed up to a certain
strain. Therefore, two alloys with the same yield strengthdiffierent work hardening rates, will not

have the same hardness; i.e., the alloy that work hardens ntlcmppeiar harder.
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Figure 3.5 Strength predictions of the compositionally-graded sampiesdifferent values of the strain
hardening exponent. Higher strain hardening exponents yield lower predictedisiralues.
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An effective n value can be determined to best represent the egptimata. Thisvasdone in
two different ways. The first approach was to select a consteaaitie, r, that best represents the
strength over all the i points, in which the nanohardness measuremgzatacquired. Since the TC-
EARS methodology described above was shown to work well for this gtbgms, the calculated
strengthsvereused as the Oreal strengthO values, sethalie was the n that provided the minimum

value for the following residual sum of squares (RSS) function defin&djbgtion 3.11.

A

By using this methodology, a value of 0.332 fgrwas determined. The estimated strength for
the same four compositions from the literature are also giveigime 3.4 The predictions using this
value of n clearly represent the experimental data in a muchsatséctory fashion compared to

previous estimations.

The second approach for calculating effective values for n assunteddald vary for different
alloys. It can be seen in Figure 3.4, that the predicted strealytbs using i increasingly deviate from
the experimental strengths with increasing hardness. Based on thigatibsea varying n value,f,

was then defined by Equation 3.12.
cam = 1 CZY i g9, )
In order to determine the K and a parameters, the experimetaalfdansile strength and
nanohardness, as shown in Figure 3.4, were used to minimize tHem88n. The physical meaning of

allowing n to vary with hardness is discussed in detail in thesgetion. The final equation fog.nwas

derived as given by Equation 3.13

In Figure 3.4, the strengths predicted usipgfar the four regions used as benchmarks are also
given. The error using.g is the smallest among all the nanohardness predictions. Although wsing n
gives reasonable strength predictions for all compositions, thetidegias a function of hardness are not
ideal. This is mitigated using the.nvalues, which give more reliable predictions over the whole

composition range; this systematic error is also discussdubfurelow.

It is important to emphasize that some sources of errors nstyirexiie development of the
models presented here. The yield strength data from the litecatmgared with predictions in Figuse4
do not have the same (exact) compositions (TaBle the sample compositions were measured by EDS,

which always deviate a couple percent of the actual local compogitgm.some of the assumptions in
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the models can generate errors, such as the Holloman hardeningsSwietor are expected in high-
throughput characterization and modeling approaches, however, as the agistmeen the models and
the experimental data is clear, the amount of uncertainty causbddgygources are not expedizd
compromise the methodology developed here. The experimental data and theagewith a
precision of 10% or better; this serves as a good starting poithigh-throughput methodology that is
much less time consuming than actual testing of bulk samplegnabtes rapid screening of

multicomponent alloy families.

Perhaps the best visual confirmation for the agreement of the nimtielsompare the strength
predicted for the whole compositionally-graded sample by the TC-EA&Bodology to the two
nanoindentation yield strength predictions, as shown in Figure 3.6. Beepitedictions are shown on the
same strength scale, so the agreement between the methodolegiesanly qualitative, but also
quantitative. It is important to remember that yield strengitutaions from nanoindentation have no
composition input, and the TC-EARS calculated strength maps do noamabardness input; therefore,
the two predictions shown in Figure 3.6 have completely differentharigut the degree of agreement
between them is clear and shows that: (1) TC-EARS predictiersapturing the operating strengthening
mechanism B solid solution strengthening by atomic size misnaaithhis methodology can effectively
translate lattice mismatch into strength values and (2) thethighghput nanoindentation methodology
is an effective way of converting high-throughput data into a more ugefdIstrength measurement
with reasonable accuracy. Furthermore, both were also compared yeEehe stress data measured under
tension. Therefore, they not only are comparable with respecthamdaar, but are also representative of

real yield stress values.

In this effort to show how the developed methodologies can be used fohlrogigtiput design
of HEAs, the following section presents an example of the develogfeatv, stronger alloys achieved

using TC-EARS and the presented high-throughput nanoindentation methodologies.

3.6!  Applying the High-Throughput Methodologies for AcceleratedAlloy Design
The development of high-throughput methodologies for estimating and measarimgchanical
properties of HEAs is paramount for the design of alloys with endaproperties. Here, TC-EARS and

high-throughput nanoindentation are used to provide predictions of potentiatigestralloys.
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Figure 3.6 Predicted values of yield strength of the compositionally-djssdeple using the composition
based, TC-EARS methodology, as well as the two high-throughput nanotimteniathodologies.

Recently, an example of targeted alloy development on the CrFeMrggstdim was provided in
the literature [16]. The methodologies developed here were applieid Batme composition space in an
effort to validate the combined use of TC-EARS and the nanoindenta¢ittrodologies as a high-
throughput alloy development tool. Five compositions were selected] basecombination of TC-
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EARS simulation together with thermodynamic simulations, as siowigure 3.7. Using the ternary
equiatomic Ci3 Loz3Nissz s alloy as a starting point, the other four alloys can be sealoging
modifications as follows: GsCoz7.9Ni27.5s and CpsCos7.sNizzs With increased and decreased Cr contents,
respectively. They have the highest and lowest strengths as a consexfubadacreased and decreased
atomic size mismatch. &rFedCos Nize.z and Cgz Fe10C0 Nizs.z would have similar strength values

in comparison to the @g4Cos3 Nisz s alloy, the Mn alloy should be somewhat stronger, and the Fe alloy
should be somewhat weaker than the ternary alloy. The compositiomselected to be within the FCC
single-phase boundaries at the heat-treating temperature of 1130gj@Graby the phase diagrams in
Figure 3.7, produced by CALPHAD predictions.
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Figure 3.7Strength predictions by the TC-EARS methodology for the five experimernesiguced

alloys in this work. Each alloy is represented by a color inglicat the upper legend. Pseudo-binary
phase diagrams containing the five alloys are shown below. The compadigach alloy is indicated by
a dotted line (the color corresponds to the upper legend). To facilitaialization of the diagrams, only
the single-phase fields and the fields that the experimental coropesiain cross are labeled.
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These five alloys were selected because, with the exceptions@F&.Cos Nizs 3 they have all
been tested by conventional tensile tests in the literature [L6avel&s a good test for the
nanoindentation methodology, since they were not produced by the diffusioplenméthod (i.e. not
compositionally graded) and were produced in bulk. Also, these alloysegarmoducedt smallerscale,
on the order of a few grams, so that only a homogenization heat¢rgdatgnmecessary, rather than a full
thermomechanical step, which is needed for tensile sample&fdiggmperforming nanoindentantion

measurements on these bulk samples can still be considered aaragining technique.

The single-phase FCC nature of the alloys used in this work wasmnsedfirsing X-ray
diffraction, as shown in Figure 3.8.
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J\ N
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Figure 3.8. X-ray diffraction patterns from the 5 alloys producedisrvibrk, showing the single-phase
nature of the ingots.

The hardness and elastic modulus values extracted for each alfpyearen Table 3.3. Using
these values, the strengths were estimated using effegtigsadna, and are compared against the
experimental strengths (Figure 3.9). The error bars represestatigard deviation in predicted strength

values when the lower and upper bounds of the measured hardness ofuhénhents were used.

Table 3.3 Hardness and elastic modulus measured by nanoindentatiofivef bk samples produced
in this work.

Alloy Cr25C037.9Nis7.5 | Cr33.3C03.dNisz.3 | CrazsFeioCops.aNize.s | CrzzdaMNioCozs.dNizs.3 | CrasCopr.aNizzs
Hardness| 3.89+0.11 4.42+0.08 4.44+0.31 4.63+0.22 5.55+0.12
Elastic 2037 19445 2058 202+4 197+2
Modulus
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Figure 3.9 Strength estimated by the high-throughput nanoindentation methodolfmyy toulk
compositions produced in this work, plotted against the experintensile yield strength of these alloys
from the literature [16]

The strengths estimated by nanohardness using the high-throughput nanoindentation
methodologies are shown to match the trend of the experimentabd#ta four bulk samples. Clearly,
the nar values provide better predictions that agree with the experindattal The # values
underestimate the experimental values for all four compositions, tpredict the correct qualitative
trend. Furthermore, the overall error increases as the strentpth alfoy increases, which was the same

trend observed in Figure 3.4.

Overall, the error due to the spread in the measured nanohardnessigsamall enough to
compare the strengths of the different alloys. This is a cleaistat of nanoindentation measurements,
which tend to be more consistent than conventional hardness measum@maatispolished samples
[21].

3.7! Discussion
The physical significance of the strain hardening exponents and the hogightbut alloy

development concepts derived from this work are discussed next.

3.7.1! The Physical Significance of the Strain Hardening Exponents

The TC-EARS and the high-throughput nanoindentation methodologies usexistuthi used
OeffectiveO parameters (i.e., atomic radii for TC-EARStain hardening exponent, n, for the
nanoindentation methodology) that better represent the experimental ladait s important to know if

these effective terms still hold physical significance. W@ in the literature [16], the EARS values
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hold physical significance since this atomic radii set bestsepts the experimentally measured lattice

parameters of these alloys.

The strain hardening exponents, n, used in the high-throughput nanoindentatitatioak are
smaller than the actual experimental values measured for ff@ae Also, by comparing calculategan
values with experimental strain hardening responses, no qualitatiedations are observed. For
instance, as shown in Table 3.4, the total strain hardeningeoiea sf alloys (measured as the tensile
strength minus the yield strength as a proxy for the strain hardextt@)ghiave no apparent correlation

with nvar.

Table 3.4 Total strain hardening values of four alloys, plus Ni givéime literature [22,32], with n values
estimated for these compositions. For comparison, the experimerdhle for the Gg 033 Nisz 3is
around 0.4 [6].

Alloy StrainI Hardening (MPa) Nar
lg 1l
Cr20Mn20F€0C020Ni 20 335 0.297
Mn2sFe:sC 025N 25 366 0.307
CaosoNiso 433 0.317
Crz3£033.3Nis3.3 556 0.282

From Figs. 3.4 and 3.9, it is possible to see that by employing.tieethodology, the strength
of the weaker alloys is overestimated, while the strength dafttbeger alloys is underestimated, i.e., this
methodology is only accurate in medium strength alloys. Thenethodology corrects this effect by

decreasing the hardness contribution as the hardness increas@s3(f+0.02H).

This shows a systematic deviation in estimating the strengtiesé talloys with the Clausner-
Richter-Hollomon equation. A possible reason is that the nanoinasntatidel was developed for high
strength steels with relatively low values of n, (approximately. G4y alloys were used to validate the
model with strain hardening exponents above 0.15 [37,38]; therefore, ébtivefih values developed in
the high-throughput nanoindentation methodology are a correction factor to #ratule Clausner-
Richter-Hollomon equation better represents the experimentalNtaiatheless, the corrected equation
using the effective values calculatedh the nanoindentation methodology show good agreement in the

prediction of the experimental yield strengths of these multicompéi@ttalloys.

3.7.2! High-Throughput Methodologies and the Future of Multicomponeat Alloy Design
By combining the predictions from the TC-EARS calculations viigrmrhodynamic simulations
of phase stability, a large multicomponent space can be screersgagierphase compositions and used

to determine those most likely to have the highest strengths. tBmcalculations are straightforward and
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not computationally intensive, the whole multicomponent space can lygexhguickly. Subsequently,
the high-throughput nanoindentation methodology can be used to rapidly evalieatpdhimental
strengths of solid-solutions and confirm the TC-EARS predictions., Thesombination of both
methodologies enables more efficient screening of the large mulparant space relevant to HEA

development.

Demonstrating this methodology in the well-studied CrMnFeCoNi quinargraystquired using
information available in the literature from several equiatoericary and quaternary alloys derived from
the quinary system. When expanding the TC-EARS calculations to lebestudied systems, high
throughput experimental techniques like nanoindentation can also agicing the number of
experiments to a realistic number. One of the main strengthes# two approaches is that, as shown
here, they are applicable to compositionally-graded samples. Tteettzation of compositionally-
graded samples not only provides information on the strength of seve@bsitions, but also on their
phase equilibria. While the production of conventional bulk samples an$é¢hef conventional
mechanical testing are still important for model validation ilAHEEvelopment, it is important to develop
such screening approaches that can be applied to the large comppsities characteristic of the

systems of interest.

The approach taken of combining TC-EARS with CALPHAD to suca#gshaximize the
strength of solid solutions represents one of the few attemptsmed to design non-stoichiometric,
multicomponent alloys. Besides strength alone, resistance tagagamechanisms like oxidation,
corrosion, creep, fatigue or wear may also be desirable, dependimg iotenhded application of the
alloy. Overall, the future development of HEAs should be performareend This can be achieved by
using predictive models like those developed here to identify optitogl@mpositions that have a
compromise between the desired properties. Given that the numbEAafdmpositions is almost

infinite, such approaches are needed to assess new alloys quickigcanately.

3.8!  Conclusions
Two high-throughput methodologies for yield stress estimations of gaglee FCC HEAs were
successfully applied to a compositionally-graded region of a diffusiotipgteulThe following

conclusions were drawn:

¥  The composition-baselC-EARS predictionsare ingood qualitative and quantitative
agreement with the experimental strengths of these alloys;

¥ A high-throughput nanoindentation methodology can be effectively used to phedyéeld
strength of single-phase FCC allayihin approximately a 10% error. It can be applied

bulk and compositionally-graded samples;
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¥ When applied to the compositionally-graded samitédsk Sarethe set of radii that correctly
predict the experimentally measured hardness trends. Simitelyetived effective strain
hardening exponent values best estimate experimental yield strendibsstufdied alloys;

¥ Composition- and nanoindentation-based high-throughput methodologies candaudita
stoichiometric multicomponent alloy development by drastically redubiagamber of
experiments necessary to find strong compositions in the vastonuyttonent space;

¥ Developing high-throughput methodologies and compositionally-graded samgihasnis to

be an effective way of advancing the field of HEA design.
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CHAPTER 4

PHASEEQUILIBRIA, MECHANICAL PROPERTIES AND DESIGN OF QUATERNARY
REFRACTORY HIGH ENTROPY ALLOYS

Published ifMaterials & Design

Francisco Gil Couryy Todd Butlef, Kevin Chapuf, Alec Savillé, John Cople¥ John FoltZ, Paul
Mason, Kester Garke’, Michael Kaufmafy Amy Clarké
41!  Abstract
Refractory high entropy alloys (RHEAS) are candidates for replacmgeational refractory

alloys. In this work, twelve new RHEAS were selected and praotdudee phases present in thecast
and heatreaed conditions were characterized and compared with CALPHAD sionsgatnd empirical
parameters. Here we propose a new interpretation for the twtywigkd" and! empirical parameters.
In this work, they are shown to be inaccurate when applied tgedaoup of RHEAS, but can be a
powerful alloy design tool if applied on specific subsystems ofsllExperimentally, chromium-
containing alloys are shown to form Laves phases, especially Wadattice distortion"() is high, while
aluminum-containing alloys are shown to form the A15 phase uponrkattient, due to their highly
negative enthalpy of mixingtHmix). In addition to microstructural characterization, mechanical
properties of these alloys via hardness testing were assegsedr gorrelation was observed between
the hardness and the atomic size and elastic modulus mism#telsensingle-phase BCC RHEAs,
suggesting that core structure of the screw dislocations is ialqggacameter in understanding the

strength of these alloys.

4.2! Introduction

High Entropy Alloys (HEAS) or Complex Concentrated Alloys (CCAs typically mixtures of
3 to 6 elemental constituents in near equimolar concentrationsThj&]creates a vastly unexplored
composition and property landscape. Based on the hundreds of HEAsvihaeka studied to date [1]
these alloys display interesting combinations of mechanical anddoatgroperties in comparison to
conventional alloys [1,3,4]. Different classes include: 3-d trmmsihetal HEAS[5D10] (the most widely

1 Author, performed most experimental work and participate@search planning, corresponding author
2 performed alloy selection and helped with writing and disooss

3 Coauthor, helped planning experiments and discussing results

4 Produced alloys and helped with writing and discussions

5> Helped with the thermodynamic simulations

% Project advisor, helped planning experiments and discussingresult
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studied class), lightweight HEAs [11], lanthanide HEAs andctirg HEAs (RHEAS) [12D18], the

focus of this work.

Recently, there has been much interest in RHEAs because aintiteued demand to deliver
increased mechanical performance at elevated temperatures. dllog's are primarily composed of
mixtures of high melting point refractory elements, typically frgmoups 4-6 in the periodic table, to give
the alloy increased temperature stability, along with otlemehts such as aluminum (Al) to deliver a
balance of properties (oxidation resistance, ductility, low dendi8gp23]. The microstructures of these
alloys are usually composed of a body centered cubic (BCC) struatunetimes present with other
phases such as the B2 phase [15,24,25], Laves phases [18,20,26D28plenuesiagonal close packed
(HCP) phases [29,30]. These alloys are designed to have elevided sod liquidus temperatures.

These alloys are envisioned for structural applications, in wbighgdroperties are desirable,
namely strength, formability, oxidation resistance and low dengpe(gally for aerospace applications).
It is well known that conventional refractory alloys [31D33] displaitditions in one or more of these
areas, primarily due to poor lower temperature ductility and leigipérature oxidation resistance.
RHEAs display promising mechanical properties over a wide tenypenange [14,34D38This,
combined with thermal stability [39], results in promising highgerature performance. RHEAs
containing Al and Cr are of special interest, given the potdtidletter oxidation resistance [40,41] of
Al- and Cr-containing alloys [42,43] and the lower density of Al-contaiailoys [19D23]. Although the
oxidation behavior improves, if large contents of these elementda@ded,ssecondary phases that are
detrimental to the mechanical properties tend to appear [19,20,28]cticular, ductility tends to be a
problem for RHEAs. The properties of a material are dictayetthe phases present, making the
properties of each individual phase and the composite behavior impdtiantfore, accurate ways of
determining temperature dependent phase stabilities for given compssitiparamount for alloy
development. Several models exist in the literature for predittmghase equilibria of RHEAs [44D46]
these models can be divided into empirical parameters, CALCPsidulations and first principles

studies.

Firstprinciples phase prediction methods are becoming increasingly populz8,fii2,48]. They
tend to be accurate at lower temperatures (close to OK), duletber accuracy of enthalpic effects over
entropic ones [49]. For this reason, these studies tend to bdundeenental and the correlation to

experimental results can be less straightforward.

Empirical parameters are widely employed, and consist of sipgpiameters that can be
calculated using fundamental properties of the alloying elementsaswatbmic size or Miedema

enthalpy of mixing [44,46]. Single values for each parameter are ofbffaina given composition and
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can be compared to those calculated for other alloys. Some optiraseeters exhibit distinct threshold
values, above or below which the alloy has a high probability to bkegihgse. The most common
parameters are the deltg,(omegal() and delta ch{#$) empirical parameters. In this wotkand!

are reinterpreted for RHEAs, and the findings provide insight into eféegetive alloy design.

Thermodynamic simulations by CALPHAD [1] are another widely usetthade Since these
simulations depend heavily on thermodynamic databases for calcul#ti®psedictions can be very
accurate if the database is well described. One of the megagths of the CALPHAD methodology
[50,51] is that the phase equilibria of multi-component systems cdesisebed by combined
descriptions from the relevant binary and ternary subsystems, mhaki@ALPHAD approach a good
option for HEA development. In general, the CALPHAD predictions teritetmore accurate at high
temperatures [51], where entropic effects tend to dominatbakeaging step then becomes developing
accurate databases, since a large number of subsystems neaddedsed for a multi-component
prediction. For this reason, most commercial databases ¢htpazally used in published work need to
be systematically assessed. In this work, the experimatiataey of commercial databases is assessed
by comparing thermodynamic predictions with experimental results, valahs further refinement of
the CALPHAD databases.

4.3! Materials and Methods

The RHEAs produced and studied here were selected using an atioyeditool developed at
the Air Force Research Laboratory (AFRL) in Dayton, OH, US#is Tool runs batch CALPHAD
calculations through available thermodynamic data and allows theousaeen alloys based on a set of
physical and thermodynamic criteria. In this work equiatomic, foorponent systems were screened
using the 2013 Al, Co, Fe, Mo, Nb, Ni, Sol, and Ti PANDAT bdates. Alloys were also selected based
upon the following criteria: BCC as the major phase, a maximunsityeof 13 g/cr, material cost below
$500/kg, the absence of volatile elements and minimal or no s&rpadse predicted by CALPHAD.
The alloying elements were restricted to Ti, Hf, Nb, Tig,Mb, W and Al.

Additional thermodynamic simulations using Ther@alc and the TCHEA1 and TCHEA2
databases were performed for all possible quaternary combinati@gua@ternary equiatomic mixtures
predicted to be single-phase BCC at any temperature were choseal éf twelve alloys, with the
compositions given in Tabkel, were produced by arc melting under an inert argon atmosphere by ATI
Specialty Alloys & Components using commercially-pure element& Was taken during the melting
process to limit the extent of elemental vaporization by adding ¢neeals with lower vapor pressures in
late stages. After all elements were added, each alloy buét®ne-melted at least three times to ensure

homogeneity, which was confirmed by Energy Dispersive X-Ray SpectrodeDS).(Following
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melting, the alloys were homogenized at 14D@nder high vacuum across five individual treatments for

a total of 35 hours.

Table 4.1 Compositions of all the alloys produced in this work, diviltedamilies. All alloys are
equiatomic. Each family has one common alloy with the other twdirshend last of each row.

NbTaTi-containing | AINbTaTi HfNbTaTi | WNbTaTi MoNbTaTi | CrNbTaTi
(Family 1)

Cr-containing CrNbTaTi CrMoTaTi | CrMoNbTi | CrNbTiW AICrMoNb
(Family 2)

Al-containing AICrMoNb | AIHfNDTI AIHfTaTi AINbTaTi

(Family 3)

The as-cast and the heat-treated alloys were characterizezblmb@ation of techniques.
Scanning Electron Microscopy (SEM) was performed using an FEI Qe@@i&nvironmental SEM
equipped with EDS. Transmission Electron Microscopy (TEM) wa®meed using an FEI Talos F200X
equipped with a Super-X EDS detector. TEM foils were prepaséd) an FEI Helios 600 Focused lon
Beam (FIB) system. A final thinning step using 2kV accelegatioltage was used to minimize the beam
damage to the sample. X-Ray Diffraction (XRD) was performé&uus Philips X'Pert PRMPD with a
Cu K radiation source and an XOCelerator detector in Bragg-Breafmion geometry. Specimens
for XRD were hot-mounted in bakelite, ground and polished with diamond media. Scans were
conducted such that only the sample was illuminated by the X-Ray. Isedected samples were also
characterized by synchrotron XRD at sector 11 at Argonne NatiobarataryOs Advanced Photon
Source with a wavelength of 0.457651 «. The synchrotron XRD samples pvepared by cooling ingot
pieces with liquid nitrogen and crushing them into small pietes iAbOs mortar and pestle. To ensure
the absorption factor of all the samples would be negligible,weeg diluted in Si@glass in ratios of 1

part of alloy powder for 3 or 4 parts of Si@lass. This generated an amorphous halo in the background.

Selected synchrotron XRD patterns were quantified by Rietveld refimensing GSASH
software. The starting structure of the C15 Laves was baste @uMg structure. It was assumed that
the Cr would adopt the Cu sublattice and other elements would occulglg theblattice. This was based

upon the CrNbTaTi alloy composition measured by EDS, as shown later

Vickers microhardness tests were performed on all of the singsefttdEAS. A load of 0.5 kg
was used and a total of 10 indents in random positions on the buttiansage to provide reasonable

statistics.

The experimentally observed phases were compared to CALPHAD theramitysimulations
performed with ThermoCalc". For the CALPHAD predictions, althougg TCHEA 1 database was
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initially used in the alloy selection step, the new TCHEA t2liase was for phase analysis and provided
better overall agreement with the experimental results. The phadibria of the alloys produced here
were also compared to several empirical parameters, naimely,!t, electronegativity difference#$)

and Valence Electron Concentration (VEC) parameters as desbéloyd

The" parameter estimates the atomic size mismatch betlweezieéments in solution using the

following Equation 41.

\
'.22 0 @wot _,@ Z i W)
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wheren, % andr; are the total number of elements in the alloy and the mexdédn and atomic
radii of theith elerment, respectively. If the calculatégparameter is too high, the alloy is unlikely to be
single-phase [46]. This is based on the Hume-Rothery principle thesfdid solution to exist, the size
of the solute and solvent atoms must be similar. The atomicussdiin this work were proposed by Guo
[46].

The! parameter accounts for the liquid enthalpidix) and ideal entropy of mixing Gmix), as

well as the melting point @) of the alloy, as shown in Equatid®.
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The melting point is calculated by the composition weighted avefate melting points of all
of the pure elements {{T as given in Equation 3.
E -7 \ A W)
AS

The enthalpy of mixing is calculated by Equatiof. 4.
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Where® 21" is the enthalpy of mixing between til andjth elements at the equimolar

concentration in the liquid phase calculated by MiedemaOs modéSTheerm is not the whole
entropy of mixing, but only the configurational entropy component assumimgalnsiolution, as given

in Equation 4.5.

®5an - 1D? A o AFG A S <)

59



The! parameter is also based on the idea that if the enthalpy afgiigiween different
elements is too low (very negative), these two elements wikpto have each other as nearest neighbors
and no simple solid solution will form. The parameter normalizes this by the configurational entropy

and an average melting temperature.

The#$term is given in Equation 4.6, which estimates the differemegectronegativity between

the elements.

®- 272 5 kAl B e )
AS

where$-is the Pauling electronegativity value of ttieelement and the3is the average Pauling

electronegativity of the alloy. Théb term is also based on a Hume-Rothery solubility rule that $otid

solution to exist, the electronegativity of the solute and solventsatust also be similar.

The valence electron concentration (VEC) criteria predicia #lloy is more likely to form a
face centered cubic (FCC) or a BCC structure, and is a comopositighted average between the VEC
of all elements in the alloy, as given in Equation 4.7.

F s TRY Dammms W90

AS

The oxygen content of the alloys was measured by Inert Gas Fusiordriretection method.
The total oxygen content was below 300 ppm for all alloys measureda:fdifegrall the calculations

described here only took into consideration the substitutional elements

4.4! Results

The XRD patterns from each alloy are shown in Figure 4.1, and tkeppeesent are marked.
Phase identification was performed by indexing the XRD patterm®mbination with SEM and TEM
observations, as shown later. For the three Hf-containing allolysthenas-cast XRD scan is shown.
After the heat-treatment, the grains coarsened considerablgimgacfew millimeters in diameter,

making them too large to generate sufficient counting statfsticéRD analysis.
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Figure 4.1 XRD patterns of the alloys produced in this work in thesisaod heat-treated conditions.
The alloys are divided into families numbered in the top right cofliee families are: (1) NbTaTi-
containing, (2) Cr-containing and (3) Al-containing. The phases ideshiiii each pattern are indicated.

The twelve alloys were divided into 3 families: (1) NbTaTi-cornitey alloys (marked with
number 1 in Figure 4.1), (2) Cr-containing alloys (number 2) and (3paAtaming alloys (number 3).

Each family had one alloy in common with the other two famissndicated.

4.4.1! NbTaTi-Containing Alloys (Family 1)

The NbTaTi-containing alloys were all single-phase BCC in theaaseondition. This can be
seen in the XRD patterns displayed in Figure 4.1. The microstascin the as-cast condition were also
similar. The top and bottoms of the arc-melted buttons displayédctlisticrostructural regions, as
shown in Figure 4.2a. While the two regions are both BCC, they difteeir degree of homogeneity;
the top regions show equiaxed grains composed of cored dendritic strustugesas the bottom regions
are homogeneous in composition and exhibit an equiaxed microstructures (#Figo). The reason for
this microstructural difference is due to the nature of thermiting. When the top of the button is being

melted, the bottom surface in contact with the copper hearth isaitid, which results in a large thermal
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gradient across the sample. Since the bottom of the button is thedowelting point of the alloy, it

remains solid, but undergoes some homogenization as the top is melted.

‘bottom __2mm___

Figure 4.2 Microstructures from the NbTaTi-containing alloys irafireast condition acquired using
back-scattered electrons (BSE): (a) low magnification viedlNbTaTi button showing the two zones
typically seen in all arc-melted buttons from family 1: the tomposed of cored dendrites and the
bottom with a homogeneous, equiaxed microstructure. The bottom of thiNf@)aTi and (c) CrNbTaTi
buttons showing different degrees of compositional homogeneity.

The microstructures of the bottom of the buttons were not fully homzegefor all of the alloys.
As shown in Figures 4.2b and 2c, the AINbTaTi alloy had a homogeneowstnicture in the bottom of
the button, whereas the CrNbTaTi ingot displayed significant compositoadients. The fact that
different compositions display different microstructures at the imottithe ingots is most likely a
consequence of the processing parameters that are typically notlednsoth as the time that each
ingot is exposed to high temperatures and the composition/thermadrgsatiiat formed during arc-

melting.

The microstructure of the NbTaTi-containing alloys after heatrtreiat is shown in Figure 3.
Out of the five alloys, which were all single-phase after gmladion, only HfNbTaTi, MoNbTaTi and
WNbTaTi remained single-phase after heat treatment, as shdvigsi. 4.3a. Inaddition, only the
HfNbTaTi alloy was completely homogenized. The micrograph from toig @igure 4.3a) was taken
with a low voltage to allow the grain size to be seen byrelechanneling contrast. The other two alloys
that remained single-phase after heat-treatment, MoNbTaTWataraTi, still displayed small
composition gradients. Tab#e2 shows the approximate compaositions measured by EDS of the brighter

and darker regions in Figure34.
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Figure 4.3 Microstructures close to the top of heat-treated butiptissffollowing alloys: (a) HINbTaTi,
(b) MoNbTaTi, (c) WNbTaTi, (d) CrNbTaTi and (e,f) AINbTaTi.

Table 4.2 Compositions of the different regions or phases in the Ro®afaining samples measured by
EDS in at. %.

Region and Alloy Nb Ta Ti Mo/WI/AI/Cr
Interdendritic (MoNbTaTi) 245 | 255 [28.4 |22.8
Dendrite Core (MoNbTaTi) | 22.3 | 335 |21.4 |21.7
Interdendritic (WNbTaTi) 26.5 239 [26.3 |235
Dendrite Core (WNbTaTi) 23.2 |27.9 |198 |29.1

BCC matrix (AINbTaTi) 229 222 |335 |234
Al15 precipitate (AINbTaTi) | 26.8 |24.9 |17.9 | 28.8
BCC matrix (CrNbTaTi) 274 274 |25.0 |20.3

C15 precipitate (CrNbTaTi) | 8.9 24.4 | 9.6 57.1

After heat-treating, the AINbTaTi and CrNbTaTi alloys contairigdicant amounts of
secondary phases. As shown in Tab® the secondary phase (dark phase) that formed in the CrNbTaTi
alloy was significantly enriched in Cr and identified as the CMegghase by synchrotron XRD (shown
in later in Figure 4.6). There are reports of Laves phase famiatRHEAS, especially in alloys
containing Cr and V [20,42,48Cr-containing Laves phases typically have the C14 or C15 structures
when mixed with refractory metals. The composition measured fpltidse (Tablé.2) indicates that Cr
is most likely not sharing its sublattice with the other elesjarid the phase is forming with a sublattice
setting of C#(Nb,Ta,Ti).

In the AINbTaTi alloy, the major volume fraction of microstructwas transformed into the A15

phase (light phase), which has a composition close to the gutigbosition of the alloy. The A15 phase
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is stable in the Al-Mo and Al-Nb systems, and forms witlemposition A§X (X being Nb or Mo). The
EDS measurements shown in Tabl2 confirm that Al is most likely not sharing its sublattitae other
sublattice contains mainly Nb and Mo with some Ti. This pf@aseed and coarsened, quickly
dominating the microstructure of the heat-treated sample. Thie hbsttle and cracked, as shown in
Figure 4.3f.

Vickers microhardness tests were performed on all the single-pthage in both the as-cast and
heat-treated conditions (Table). As can be seen, the microhardness of the single-phase alloys did
change considerably before and after heat-treatment, which is posswy since the heat-treatment is
mostly a homogenizing treatment. Also, since the indents (aroupch@re of the same order of
magnitude as the microsegregation regions, the indents on the asntplstssaverage over the

composition profile, while in the heat-treated condition, the @eecampositions are being tested.

Table 4.3 Solidification temperatures of the alloys calculatedAyRPEIAD and Vickers microhardness
(standard deviation from 10 measurements).

Measured Measured | Phases | Phases
Calculated | Calculated | Calculated h hardness | present | present
- : T ardness ; ;
Alloy liquidus solidus solidification as-cast heat- in as- in heat-
T (iC) T (iC) interval (jC) (Hv) treated cast treated
(Hv) button | button
. BCC +
AINbTaTi | 1896 1702 194 45810 - BCC A15
MoNbTaTi | 2441 2283 158 431+7 40717 BCC BCC
NbTaTiW | 2684 2334 350 448t32 482£10 BCC BCC
HfNbTaTi | 2222 1992 230 2705 280+10 BCC BCC
CrNbTaTi | 1989 1584 405 495626 | - BCC | ooe
CrMoNDbTi | 2050 1674 376 539+32 55524 BCC BCC
CrMoTaTi | 2174 1755 419 63024 | 630:28 | BCC | oo
_ 2 BCC
CrNbTiW | 2359 1620 739 - - BCC 15
Cl4 + Ci4 +
AICrMoNb | 1878 1654 224 - - ALS AL5
AIHfNbTI 1659 1324 335 - - B2 B2
AlHfTaTi 1651 1172 479 - - B2 B2
AIMONbTi | 1971 1780 191 500:18 | - BCC | Ot
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4.4.2! Cr-Containing Alloys (Family 2)

The Cr-containing alloys were also single-phase BCC in thesag@adition, with the exception
of AICrNbMo. In general, these alloys displayed significant contiposgradients in the arc-melted
buttons. The AICrNbMo alloy displayed several peaks in the XRDrpaftggure 4.1). However, the
SEM image of the as-cast sample consisted of single-phase dendtti a eutectic-like interdentritic
microconstituent, as shown in Figure 4.4a. A FIB foil was predanetdthe SEM sample in the region
indicated by the yellow dashed line. A Scanning Transmission Eleédimoscopy b Dark Field (STEM-
DF) image of the FIB sample is shown in Figure 4.4b. The ietf@tween the dendritic and the
interdendritic regions was mapped by EDS (Figure 4.4c). The dendgtan, which is apparently
single-phase in the SEM image, is actually composed of a fixtans of two phases, one rich in Nb and
Cr and the other rich in Mo. These phases are also present iimetttkendritic regions. The two phases
were identified as the A15 phase (Mo-rich) and the C14 Laves pGas&d Nb-rich) by electron
diffraction, as shown in Figd.4d and 4.4e by selected area diffraction patterns (SADPSs), tiegpec
The morphology observed in the SEM suggests that the alloy likely sadidtif a dendritic fashion. The
solidification ended when a eutectic mixture between the A15 and Cldsploased. The dendritic
phase was most likely single-phase immediately after solidditaand probably decomposed into the

C14 and A15 phases in the solid-state during cooling, via eutecaitione

Figure 4.4 (a) SEM image of the AICrNbMo alloy in the ag-casdition. The region in which a FIB
sample was extracted is indicated. (b) STEM-DF image of iBa&mple and region of the EDS
mapping and (c) elemental EDS maps showing the presence ofdnése-microstructure consisting of a
Nb and Cr-rich phase and a Mo-rich phase. These phases weiatimad by electron diffraction and
identified as (d) A15 and (e) C14 Laves, respectively. The oramg il the convergent beam diffraction
patterns in (d) and (e) show the mirrors present on the patterns.
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The CrNbTaTi (Figure 4.3d) and CrMoTaTi (Figure 4.5a) alloys displayeebhase
microstructures after heat-treatment. Again, the secondary giteggecipitated is C15 Laves, as
confirmed by the synchrotron XRD patterns in Figure 4.6. The matthiooélloy was not fully
homogeneous after heat-treatment. In contrast, the CrMoNbTireiby homogeneous composition
profile, as shown in Figure 4.5b. No secondary phases could be seeB@Qhmatrix, as confirmed by
the synchrotron XRD (Figure 4.6). The CrNbTiW alloy displayed a leogeposition gradient in the
SEM image and some fine dark patrticles. It is possible tonsebdc peaks in the heat-treated condition
XRD pattern (Figure 4.1). This indicates that this alloy fnaye 2 bcc phases.

Figure 4.5 Microstructures of heat-treated samples containingalirding: (a) CrMoTaTi, (b)
CrMoNDbTi and (c) CrNbTiW alloys.

The synchrotron XRD patterns of four Cr-containing alloys in the heatetl condition are
shown in Figure 4.6, which enabled the identification of the Lphiase. As can be seen in the
CrMoTaTi and CrNbTaTi alloys in comparison to the AICrNbM@wllithe C14 and C15 Laves phases
have their most intense peaks in similar positions; howevee #nerseveral different lower intensity
peaks that are different, as shown in the magnified view on theofigfigure 4.6. Rietveld refinement
was performed on the three patterns containing the BCC and C15pteases to quantify their volume
fractions. The CrMoNbTa sample contained none of the C15 phase thehitrMoTaTi and CrNbTaTi
have 6.7 and 24.7 vol. % C15, respectively. All the reflections thaICrMoNb sample were indexed
as a mixure of C14 Laves phase and the A15 phase, as seen in TEM efdastaample (Figure 4.4).
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Figure 4.6 Synchrotron XRD of four Cr-containing alloys in the heatddecondition. The full patterns
are shown in the top left. Regions indicated by the blue rectaargiesagnified on the right. The patterns
on the right are indexed using the legend shown in the top right comdesaribed in the methods
section, the patterns were diluted in Sglass, which resulted in the amorphous halo indicated by the
orange box. Some broadening was observed in the BCC peaks, which wascaenos of the sample
preparation technique.

The microhardness of the single-phase samples is also presemedale4.3. The microhardness
of the CrMoTaTi alloy was also measured, although this alls/med single-phase in the heat-treated
condition. The volume fraction of the secondary phase was small (arojrah@%he precipitates (C15
Laves) were relatively coarse, which should not contribute significto strengthening, as further

discussed in the next section.

4.4.3! Al-Containing Alloys (Family 3)

The AIMoNbTi alloy was similar to the AINbTaTi alloy dedweid previously. It was single-phase
BCC in the as-cast condition, as shown in the XRD pattern (Figlijeand in the SEM image (Figure
4.7a). After the heat-treatment, this alloy contained coat&ephase precipitates (Figure 4.7b).

Figure 4. 7SEM-BSE images of the AIMoNDbTi in the (a) single phase BCCaaseondition and (b)
heat-treated condition that contains A15 phase precipitates.
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The two Al-Hf alloys were different from the other alloys stadn this work. These two alloys
were relatively unremarkable in the as-cast condition, as shokigune 4.8a. After heat-treatment, an
unremarkable single-phase microstructure with coarse grains waweihsas also shown in Figure 4.8a.
The XRD patterns from these two alloys displayed extra reftlestirom those expected from a BCC
alloy (Figure 4.1). These two alloys were analyzed by TEM, anddidtiem were characterized as
single-phase B2. The SADPs from AIHfTaTi are shown in FiguBb,4and similar patterns were
acquired for AIHfNbTI. This explains the extra reflections in XD patterns, which can be fully
described as a single-phase B2 alloy. The samples were homogenemupdsition, as shown by the
EDS composition maps in Figure 4.8c, further confirming the singlespheasire of these alloys. The

microhardness of the Al-containing single-phase alloys is alsonpeelsim Table 4.3.

(a)

AIHfNbTi — as-cast AIHfNbTi — heat-treated AlHfTaTi — as-cast AlHfTaTi — heat-treatedl

(b) . [110] pattern .
- ) . - - .‘ 4

Figure 4.8(a) SEMBSE images of the AIHfTaTi and AIHfNbTi alloys in the astcand heat-treated
conditions. (b) _ SADPs from a TEM sample prepared from the AlHfaloy in the heat-treated
condition, indicating that the microstructure is single-phase BERS elemental maps of the same heat-
treated alloy, indicating the homogeneity of the single-phase structure

4.4.4! Phase Prediction Models
The phases identified experimentally were compared to thermodypeadictions. CALPHAD

was performed with Thermo-Calc™ using the TCHEAZ2 databasedietions of the phases formed under
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equilibrium at temperatures from above the liquidus temperature do800t;C were predicted and are

plotted in Figure 4.9. The CALPHAD results are discussed in tkieseetion.
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Figure 4.9 CALPHAD thermodynamic predictions performed by Thermo-Gaftvare and the
equilibrium phases as a function of temperature for the alloys stindieid work.
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The CALPHAD simulations also provide valuable insights into thdingegpoints of the alloys.
The estimated liquidus, solidus and solidification interval ohedloy is presented in Table34 As
expected, alloys containing Mo and W have higher liquidus temperatinresolidus temperatures,
however, are dependent on the interplay between the liquid and sokshéngg curves that vary with
temperature and composition. The solidification interval is an itapoproperty in alloy production;
alloys with large solidification intervals tend to produce considersbyregation and casting defects, and

are therefore difficult to process.

Besides the CALPHAD predictions, the empirical criteria dbed in the methods section were
applied to the alloys produced in this work. The calculated vaheeshawn in Table 4.4. The results

provided by empirical parameters are discussed in the nexdrsecti

Table 4.4 Thermodynamic properties and empirical parameters#$ and VEC calculated for the
alloys studied in this work.

Enthalpy of
Alloy Mixing ! " #$ VEC

(kJ/mal)
AINbTaTi -16.0 1.56 0.96 0.04 4.25
MoNbTaTi -3.0 10.43 2.53 0.27 5
NbTaTiw -4.5 7.57 2.42 0.35 5
HfNbTaTi 2.5 11.50 4.14 0.11 4.5
CrNbTaTi -4.5 5.79 6.03 0.06 5
CrMoNDbTi -5.5 4.87 5.92 0.25 5.25
CrMoTaTi -5.5 5.13 5.93 0.26 5.25
CrNbTiW -6.25 4.85 5.90 0.33 5.25
AlICrMoNb -11.5 2.16 5.42 0.23 5
AIHfNbTI -20.25 1.10 4.12 0.13 4
AlHfTaTi -21.0 1172 1.06 0.12 4
AIMoNDTi -15.25 1780 1.7 0.25 4.5

4.5! Discussion

Overall, the CALPHAD predictions using the TCHEA?2 databasdéraagreement with the
experimental results. As shown in Figure 4.9, the HINbTaTi, MalTWNbTaTi and CrMoNbTi
alloys were predicted to have a large BCC single-phase fieldhw¥as consistent with the as-cast and

1400iC heat-treated experimental observations.

The CrMoTaTi, CrNbTiW and AIMoNDbTi were also predicted to havelatively large BCC
single-phase field and, while they were observed to be single-phigedgs-cast condition, a minor
volume fraction of precipitates was observed in all three allofeieat-treated condition. Among these

alloys, only the CrMoTaTi alloy is predicted to have secondary phaseipipaited at 140(C.
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Furthermore, the simulations correctly predict which phase forrigese alloys, i.e., the C15 Laves
phase in the CrMoTaTi alloy, the C14 Laves phase in the CrNbTidy/and the A15 phase in
AIMoNDTi alloy.

The CrNbTaTi, AINbTaTi and AICrNbMo alloys were not predictedvave a single-pha&CC
field at any temperature using the TCHEAZ2 database, wherepeettieted single-phase BCC field using
the TCHEA1 database was larger (calculations provided in the Suptkmy Materials). All 3 of these
alloys contained a large volume fraction of secondary phase in thrdegatd condition, illustrating how
database-dependent CALPHAD predictions are. Both the AINbTralfCaNbTaTi alloys were mostly
single-phase BCC in the as-cast condition (CrNbTaTi had a soiaihe fraction of the C15 Laves
phase). The lack of a significant fraction of second phases ixpeeimental alloys indicate the sluggish
formation kinetics of the intermetallic Topologically Closed PaqR&dP) phases, such as the A15 and
Laves phases, compared to the non-faceted BCC phase during soiddifefter arc-melting. Upon heat-
treatment, the CALPHAD simulations can accurately predicptiases present in the CrNbTaTi and
AICrNbMo alloys.

The CALPHAD predictions of the two A#if-containing samples, namely AIHfNbTi and
AIHfT aTi, were also incorrect. As shown by the combination of XRDTd& M in the previous section,
both these alloys were single-phase B2 in the as-cast anddaattconditions, whereas the CALPHAD
simulations predicted the formation of several different ingaftic phases. Other RHEA compositions
with B2 phases have been reported [15,24,25]; however, to our knowledgeBthpkase fields with
high Al and Hf contents are being reported here for the first fline.B2 phase in RHEAs tends to be
continuous and not form as precipitates in a continuous BCC matrieh vghilesirable to increase
strength with minor losses in ductility. This new B2 composifield leads to the possibility of creating
BCC high temperature alloys by finding a neighboring B2 + BCC phdske-gi®en that both HfNbTi
and HfTaTi are expected to be single-phase BCC by CALPHAD diimda

Although CALPHAD predictions tend to be reasonably accurate for pirgglihie phases that
form in multi-component alloys, the exact compositions and volumednadend to be less accurate. For
example, by simulating the phase equilibria of the CrNbTaTi phiasealculated BCC phase
composition (Cs dNbz7.5Tae7.4Ti2e 1) is leaner in Cr compared to the experimentally measured values
(Table 4.2), and by consequence the C15 calculated composition isimi@rethan the experimentally
measured value. Also, the predicted volume fractions are not éxaelume fraction of C15 phase in
CrNbTaTi is calculated to be 16.5%, while the experimentallysomea value is higher (24.7%).

Inaccurate composition and volume fraction predictions are mokt &kesult of the absence of higher
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order interaction parameters for several of these phases \(simaky only binaries and some ternaries are

described in these databases).

Overall, the predictions by the TCHEA2 database are more é&c¢hea those using the
TCHEAZL,; this is shown by the comparison between the predictions providkéguire 4.9 and the
TCHEA 1 predictions provided as supplementary material. More gadlyif the TCHEAL database had
an overall poor description of the Laves phases, which are showtoherénportant for the Cr-
containing alloys. This description is improved in the TCHEA2 daebgelding more accurate
predictions. However, room for improvement exists for the simulationtaining Al. The simulations
predicted the wrong precipitate phase in the AINbTaTi, AIMoNbTi al@MbMo alloys @oinstead of
A15), and also did not predict the single-phase B2 field in théMdMi and AIHfTaTi alloys. While
both databases have all the binaries between the elements tiisdnork assessed, the TCHEA2
database has 135 ternary phase diagrams fully accessed and 308 asstased, while TCHEAL has
respectively 104 and 96.

The predictions by the empirical criteria can be better viseglif plotted on & versus' plot.
In the literature, there are threshold values used to predict wiaetladioy will be single-phase. Figure
4.10 shows ah versus' plot together with several RHEAs from the literature. Ttist of alloys
plotted are provided as supplementary material. Here, only alaysvere heat-treated at 1200 {C or
above are included, given that consideration of as-cast samples ésidaaling, since these

microstructures are usually not in their equilibrium condition.

Figure 4.10 Plot of the and" parameters for several different RHEAs in the heat-tleztadition.
Alloys produced in this work, as well as several others from téwature, are shown. The blue lines
correspond to the threshold values for the two parameters valid KEEAH. In orange, the values valid
specifically for RHEAs found in this work are indicated.
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In Figure 4.10, the region within the blue lines is predicted tangesphase using the threshold
values from the literature. However, as can be seen, the eagih in which all of the single phase
RHEAs are contained (orange box) is smaller than the blue regjmtiaty with respect to the
parameter. Figure 4.10 shows that the accuracy of these empaiaeateters is not high. We can see
trends that hold for extreme values of these parameters: tbe reigh small' and high! only contains
single-phase alloys, while alloys with higlare all multi-phase. There exists a large transition region
between both regimes, in which these parameters do not sucgessdditt if the alloy can be single-

phase or not.

Herewe propose an explanation for the inaccuracy of these empirical param&hen
calculating a single parameter of an alloy by averaging binary étitana of the constituents, a
significant amount of information is lost in the averaging proceduris. might not have a significant
impact if all the values being averaged are somewhat sirHibavever, if we have very different binary
interaction, information might be lost in translation. For exaniplge have an As B33 Ls3.3 alloy, with
a very negatig #Hmix between the A and B elements, a very posttideix between A and C and a
negligible#Hmix between B and C, the calculatecobarameter will be very large, since the tétblix is
close to zero and we are averaging these values. Under this qortiiglo parameter will indicate a
strong preference for single-phase formation. In reality, a sisipige-phase solid solution will be
unlikely, since A and B will lower the energy by being nearest neighimhike A and C will lower the

energy by not being nearest neighbors. A similar argument can be dratva"fgrarameter.

These parameters might be useful for comparing similar alleysillsdbe shown later, or as a
quick assessment of the likelihood of forming a simple single-pludisiesslution, but not necessarily as
definitive parameters. This is also true for other typestA$i[1]. Since the CALPHAD predictions are
becoming more accurate with the development of new databases and fhregassibility of estimating
the phase equilibria at any temperature, this type of empiriedigbion will probably only still be used in

systems where CALPHAD databases are unavailable.

The region in Figure 4.10 that contains all s#qghase RHEASs (orange box) is smaller than the
region valid across all HEA classes (blue box); however, thesengegiould probably be bigger if more
alloys were accessed. Due to the inaccuracies discussed keftirg a fixed threshold value for tees
parameters could be misleading, since we again would be usingla p@anameter to compare
significantly different alloys. The threshold concept might be applidgatdéoy subsystems with similar
components as discussed next. No correlation was observed in thisetwden the number of phases
formed and thét$ parameter. The VEC values are all well within the range ¢ésgdor BCC alloys
[45,52].
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As an example of how we propose thparameters should be used, the content of the C15 Laves
phase present in these alloys as a function of the calcllg@@dmeter was examined. The single-phase
CrMoNbTi alloy and the two alloys containing C15 Laves phases, Criigirad CrNbTaTi, are plotted
as a function of theil values in Figure 4.11a. The comparison between these alloys isxgfegrsince
the elements being interchanged between these alloys (Nb, Mo rak Bamewhat similar with respect

to melting point, crystal structure and atomic size.

Figure 4.11 (a) Plot of the experimentally measured content of C15 phsss as a function of the total
atomic size mismatchi () in three of the Cr-containing alloys characterized by synchrotron &RD
guantified by Rietveld refinement. As shown,"dacreases the amount of Laves phase also increases. (b)
Qualitative comparison between the empiricparameter and the C15 Laves phase content calculated by
CALPHAD plot showing the increasing volume fraction of C15 a&sreases. Each point corresponds to

a 5 at% increase of the Cr content from NbTaTi to up ¢g(MlvTaTike. The two-phase region with

lower lattice distortion, where the CrNbTaTi alloy is l@xhtshow a linear increase of the C15 volume
fraction with the' parameter. The actual phase content calculated by CALPHADSElikely

inaccurate, however, the trend is most likely correct, sincalkbye composition is moving closer to the

C15 phase composition. These calculations were performed 2C1i8 the C14 Laves excluded from
them.

As seen in Figure 4.11a, the increase in the calculatetle correlates directly with the content
of the Laves phase that formed in these Cr-containing alloys. aVeslphases are TCP phases that
typically form, due to large size mismatch between the elen&sitsbigger" values trigger the
precipitation of intermetallics, such as the C15 Laves pfAdseCrNbTiW alloy was not included in this
analysis, since it was not a single-phase BCC with Lamdsigure 4.11b, the calculated Laves phase
fraction at 1408C by CALPHAD is plotted against the calculatedarameter for several {NbTaTi)«

alloys. This plot further confirms the correlation between'tparameter and the amount of Laves phase
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formed in these alloys. As shown in the figure, when the compositieaner in Cr (the left of the plot),
the calculated is small and the alloy is single-phase BCC."' Ascreases, the alloy continues to be
single-phase up to around 15 at% Cr,)db. Above that value, the C15 Laves phase starts to form The
onset here is smaller than found in the other experimental alloyspsedue to the inaccuracies in the

CALPHAD predictions with respect to volume fraction, whicinigerpreted here in a qualitative fashion.

Although the A15 phase observed in the Al-containing samples is atsifidd as a TCP phase,
it typically forms due to valence electron concentration effé&3k Furthermore, the A15 phase typically
forms in low negative heat of mixing alloys [53]. Indeed, Al has kigkative enthalpies of mixing
with most of these refractory elements (especially witmdi ldf), as shown in Tabke4. Therefore, the
A15 phase typically forms at lov values, rather than at largevalues. The AICrNbMo alloy, which has

both Laves and A15, has a relatively snhathrd a relatively largé value.

The results shown here suggest that RHEA alloying strategiesmicsfngle-phase alloys do not
necessarily coincide with the highest entropy equiatomic compositionex&mple, in order to avoid the
Laves phases, we need to decrease the atomic size miswigitthcould be achieved by decreasing the
Cr content. To reduce the A15 phase content, the enthalpy of mixingalfah@eeds to be increased (to
get closer to zero), by decreasing the content of Al or by déngeather elements that have a very
negative enthalpy of mixing with Al. This assumption can be qualitattested by CALPHAD
predictions. In Figure 4.12a, a pseudo-binary fa{NbTaTihis plotted for x between 0 and 1. Starting
at the CrNbTaTi alloy marked by the dotted line, by increasing tle&@ent, the composition gets closer
to the Laves phase field, so the content of this phase incredslesdecreasing the content of Cr will
increase the BCC phase content. Although all the discussion heteased on the parameter effects on
the Cr-containing alloys, we could draw similar arguments forafagion between the parameter and
the A15 phase in the Al-containing alloys. Other elemental additiatsrtake an alloy go from a single-
phase field to a multi-phase field could potentially be modeledsimilar way, considering that the
specific reason for the precipitation can be attributed toglesparameter, such as atomic size mismatch

or enthalpy of mixing.
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Figure 4.12@) Pseudo-binary phase diagram calculated by CALPHAD for ti{&RTaTi)«
composition range. The single-phase fields are labeled: BCC (Bll&)yellow), C14 (green) and liquid
(gray). The equiatomic CrNbTaTi composition is marked by the dgtessh line.

The hardness values of all the single-phase alloys produced indttkiswere analyzed in
comparison to thé parameter. Additionally, the elastic modulus mismatch pasn§gs) was
calculated, as suggested by Toda-Caraballo [54]#Th&erm uses the shear moduli of the pure metals to
estimate the overall elastic modulus mismatch caused byte sok solid solution with an average

stiffness given by the rule of mixtures. This comparison is shov#igure 4.13.

Figure 4.13 Hardness vs. mismatch(a) and elastic modulus mismatétG (b) showing the poor
correlation with these parameters. However, in (c), ileiarehat there is a strong correlation between the
experimental hardness and the hardness calculated using theoBdgimhsstrengthening model from the
literature [37,38]. The hardness values used were from annealptesamhen available. Otherwise, as-
cast values were used.
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From Figure 4.13, it is clear that that no strong correlatiorisslketween the microhardness of
these alloys and other parameters. It is most surprising tittkgeeorrelation between the microhardness
and the' and#G parameters, since the strength of HEAs has, on severaiomscEsib57] been
attributed only to the large lattice distortion and/or elastduius mismatch caused by mixing atoms
with different atomic sizes and stiffnesses. In previous studiesmbination of these two parameters
was used to represent the yield strength and hardness of RHE28][3his method combines the
average strength of all elements with their elastic moddisiomic size mismatch. This model is not
described in detail here, but was applied in the same wayast¥h [38]. The calculated hardnesses are
presented in Figure 4.13c, where it is clear that some tren@dretive calculated and experimental
hardness values is observed, but the overall quantitative accuracyeauigroved. This is likely due to
one or more of the following factors. First, this model uses coisstar the elements in solution based on
their pure form. However, since Ti, Hf and Al are not BCC inrtpere states, their atomic radii and
shear moduli are expected to be different when dissolved in a BGE. @econd, the model averages the
yield strengths of the pure metals to create a baseline straigénhfor the material; this averaging
approach has no clear physical meaning. Third, there is an impontdet foa the dislocation motion
that is not being considered directly, namely, the fact thataites ©f screw dislocations in these
materialg58D60] are non-planar and create a large lattice resistarscerghies an important thermally-
activated barrier to dislocation glide that is not being considérezimodel used is a good first
approximation of the strength of these materials, however, changesdrating the discussed factors
would most likely increase the accuracy of the model. It shoufdtasl that the atomic sizé)(elastic
modulus mismatch#G) from Figs. 4.13 a and b are not calculated by the exact saynaswising the

literature model [37,38h Figure 4.13 c, the experimental data does not correlate stronglpatith

A similar effect was observed in NbVTiZr(Alplloys (with x ranging from 0 to 1.8) [61]. The
atomic size mismatch decreases with increasing Al contdiiie the hardness increases. Here we show
in a large number of alloys with different elements that ttidadistortion and elastic modulus
mismatch are not directly proportional to the hardness (or streng®BAs. This result is particularly
surprising, since the lattice distortion has been shown to dit&tgrength in FCC HEAs [55,57]

therefore, this effect is most likely tied to the unique matirthe BCC metals.

4.6! Conclusions
A total of twelve RHEAs were produced, heat-treated and cherstteising a combination of
analytical techniques. The results were interpreted based oreuiiffihase equilibria models and the

following conclusions are made:

¥ Four new single-phase BCC alloys, in which the BCC phase i€ stah#100;C, were
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discovered, namely the equiatomic HfNbTaTi, MoNbTaTi, WNbTaTi@rdoNbTi alloys;

¥ Overall, the CALPHAD predictions using the TCHEA?2 database wecurate with respect
to the phases formed. The phase predictions for some Al-containiNgATi, AIHfNbTI
and AIHfTaTi) alloys, as well as composition of secondary phasbshair volume fractions,
were somewhat inaccurate;

¥  The Al-containing alloys without Hf all precipitated secondary phases hgatrtreatment,
mostly the A15 phase; this is a consequence of the large negatiaéperg of mixing of Al
with the other elements in these alloys;

¥ Cr-containing alloys are prone to forming Laves phases, due to theatarge size
mismatch caused by adding the smaller Cr atoms into these RHEA

¥ The empirical phase prediction parameters evaluated in thisam@firly inaccurate as
predictors for the formation of simple, single-phase solid solutidhss is most likely a
consequence of the loss of information that occurs while averaging|daners
interactions;

¥ By applying these parameters in groups of similar alloys, cdoetatan be found. For
example, the content of Laves phase in Cr(Mo,Nb,Ta)Ti allogsdsvn to correlate directly
with the" parameter;

¥ Both the AIHfNbTi and AIHfTaTi alloys formed single-phase B2 dtmoes in contrast to
CALPHAD predictions. These new B2 alloy phase fields open uppossibilities for
RHEA development;

¥  The hardness/strength of BCC high entropy alloys does not correletdydio atomic size
mismatch of the alloy or elastic modulus mismatch, suggestinghthabre structure of

screw dislocations is crucial for understanding the strength o thaterials.
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4.8! Data Availability
The raw data required to reproduce these findings are availalevtdodd from
https://data.mendeley.com/datasets/25nr77h8nk/draft?a=de0fe110-3b51-485b-81ae-773b9ARbe320

data was presented here in the raw format.
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Supplementary data to this article can be found online at:
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CHAPTER 5

SOLID-SOLUTION STRENGTHENING IN REFRACTORY HIGH ENTROPY ALLOYS. PART
THE ATHERMAL YIELD STRESS

In preparation to be submittedAzta Materialia
Francisco Gil Couryy Michael Kaufmaf Amy Clarké

5.1! Abstract

Refractory High Entropy Alloys (RHEAS) are a new and promisings@ametallic alloys for
structural applications at elevated temperatures. RHEA alloylafsuent is challenging, due to the vast
compositional space characteristic of these multicomponent alogdictive models are paramount for
their development, so alloy design does not need to rely onnda¢@or experimentation.
Unfortunately, the fundamentals that determine the solid-solutiengitrening of RHEAs are not well
understood. In this work, compression stress-strain curves of B#VEAS were generated at
temperatures ranging from room temperature to 1000 jC. We showolidas@ution strengthening in
these alloys has both an athermal component, dominated by the avensgeistirtion field, and a
thermally-activated component, dominated by the local solute environRestlts from the mechanical
tests are combined with literature data to develop a high-througblmisolution strengthening model
that incorporates the particularities of body centered cubic (BlRysaThe model uses a combination
of atomic size mismatch and elastic modulus mismatch to Hedtre athermal yield stress of BCC
RHEAs.

5.2! Introduction

High entropy alloys (HEAS) are mixtures of multiple elemental ¢esits in near equimolar
concentrations [1,2] and are different from conventional alloys irtlilegthave no principal solvent
element. The literature focus thus far has been on equiatomis [3BA1], as well as some non-
equiatomic alloys that have interesting combinations of properties [12B1&dt, it has been shown that

some non-equiatomic compositions [16D18] have better properties than thegioregucounterparts.

Searching for optimal compositions in the vast and mostly unexplorettomyttonent space is
challenging, since there is an almost infinite number of possiblpasitions. If alloy design is attempted
by conventional methods, an unfeasible number of experiments is ngdesdascribe a single alloy
system. Alternative methods, such as composition-dependent high-througtbctiyvae models, enable

reducing the number of necessary experiments to only a few. Recamnisy, et al. [18] developed a

1 Author, performed most experimental work and participate@search planning, corresponding author
2 Project advisor, helped planning experiments and discussingresult
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high-throughput alloy design methodology for finding single-phase face ceotdyed FCC) alloys with
optimized solid-solution strengthening. This methodology was applighe: t6rMnFeCoNi family, and
the CusCa7Niz7 s alloy was designed and determined to be ~50% stronger than the dtedloges
reported previously for this system, namelys:@Z0z3 Nizz3[5,18].

Refractory HEAs (RHEAS) [19,20] are a new class of HEAs [&lig developed to compete
with conventional refractory alloys, which display limitations [22B24jne or more of the following:
strength, formability, oxidation resistance and density. Develogingposition-dependent, high-
throughput models for these properties is needed to design RHEAs. Fty,densilly a simple rule of
mixtures is a fair approximation [9,19]. For ductility, a simyaéence electron concentration (VEC)
model was recently proposed [25], and can be applied in a high-throughpoahfds date, this model
has only been applied to a limited number of RHEAS, where ifoussl to result in a good correlation
with experimental data [25]. While good oxidation resistance isdasiable, it is possible and
sometimes necessary to use coatings to mitigate high-tempenatdation [26,27]. Therefore, the major
challenge for RHEA alloy development is the development of antiefemethodology for yield stress
prediction, which is important to properties and processing of ralteHere we propose developing a
fully analytical yield stress model for RHEAs; this is intethde be used as a tool for high-throughput
methods, with the goal of greatly accelerating alloy developmentgsracel guiding experimental efforts
directly toward compositions predicted to have favorable combinatidhg desirable properties for

structural refractory alloys.

Conventional refractory metals and most RHEASs are either singhe fitwaly centered cubic
(BCC) metallic solid solutions or, at least, contain eleism¢hat are BCC at room temperature [2,28,29]
Therefore, modeling the yield stress of RHEAs needs to incorpgbeaferticularities of BCC metals
[30,31]. These metals and alloys typically contain screw distotatvith non-planar cores that require
relatively high stresses to glide by a double-kink mechanismgliatimally activated [30,32At
sufficiently high temperatures, the thermal energy aids this ggopesulting in a relatively constant yield
stress; this temperature regime is called the atherldl siress plateau. This plateau is also affected by
solid-solution strengthening [30,33]. Therefore, to model conventional B&&lsnnot only the athermal
solid-solution strengthening component is important, but also how séfietésghe double-kink

nucleation process.

Since RHEAs are BCC metals, they are expected to displalasyigld stress vs. temperature
and deformation versus temperature behaviors as conventional BCC anetaltoys. To show this, the
normalized yield stress vs. temperature is plotted for five R3HE#N the literature. Chen et al. [34] have

experimentally determined the onset of the athermal regime far$&I4EAS, further confirming the
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similarities with conventional BCC alloys. The observed tempearatependence of yield stress is the
same as seen for conventional BCC metals, i.e., at low tatapes the yield stress has a pronounced
temperature dependence, followed by the athermal plateau that deatahigiser temperatures. At even
higher temperatures, the RHEAs again display a pronounced temeeatap@ndence, which is due to
long-range, thermally-activated mechanisms (e.g., diffusion).higistemperature regime is more often
studied from a processing or creep perspective and is outside theostuipavork. The lowest
temperature data from each alloy in Figure 5.1 are frompesfisrmed at room temperature, which can
be considered a low temperature with respect to dislocation mdbiliRHEAs. Figure 5.1 shows a gap
in available data between room temperature yield stress anthémmal plateau stress, which makes the

analysis of the low temperature regime impossible with cuyrentiilable liteature data.

Figure 5.1Yield gress of five RHEAs from the literature [15,35,36], normalizedheyathermal plateau
stressand plotted against the respective homologous temperature in whichaberement was
performed. The yield stress profiles observed for all these aleysimilar to conventional BCC metals
and alloys. The dotted line is intended to be a guide for the eye.

The goal of this work is to characterize and model the yieldsstERHEAS in the low-
temperature, thermally-activated regime and the athermahplatdis is done by collecting experimental
data from seven single-phase BCC RHEAs and modelling the expealmietd stress with physics-
based models, which are developed and applied to interpret data ifsonotk and from the literature.
Due to the complex nature of the mechanical properties of BCCantitigl analysis was divided into two
parts: Part | (this chapter) covers the athermal yieldsstned Part Il (next chapter) covers the low-

temperature, thermally-activated yield stress component.
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Currently, there are no yield stress models for RHEAs thatpocate all the characteristics of
the BCC crystal structure. There is a model proposed by Senkown@medified by Yao [38] that can
be used to calculate the room temperature yield stress af-gihgke BCC RHEAs. Also, Toda-Caraballo
[39,40] evaluates the solid-solution strengthening of FCC and BC&lgmattroom temperature. The later
model yields good predictions for FCC alloys [18], and is convenientdrbigh-throughput modeling
perspective, since it is an analytical model that enables quiokaéss of the solid-solution strengthening
component. Here, this model is modified to incorporate the pariibegeof RHEAS; the predictions
generated by the modified model are quantitatively accurate and eg@plied as a high-throughput alloy

development tool, which is detailéater.

5.3! Materials and Experimental Methods

A total of seven alloys were produced by arc melting under anargayh atmosphere using
commercially pure elements. The produced alloys have the nominalcagigi@ompositions: NbTaTi,
AINbTaTi, MoNbTaTi, WNbTaTi, HfNbTaTi, CrNbMoTi and CrMoTaTkollowing melting, all the
guaternary arc-melted buttons, with the exception of AINbTaTi, tweneogenized at 1400 jC under
high vacuum across five, 7 h individual treatments for a total bf 3me AINbTaTi was not heat treated,
since the precipitation of A15 phase was expected to occur upomdegaig at 1400 ;C; instead, it was

analyzed in the as-cast condition.

Compression samples were prepared by electrical dischargeningoitDM) the homogenized
arcmelted buttons initially into 6 mm thick plates, followed by furthectioning these plates into
cylinders 3 mm in diameter by 6 mm in length. Thus, the compressi®was parallel to the
solidification direction. The surfaces of the machined cylinders @wemund to remove the recast layer
from the cylinders. For the NbTaTi alloy, compression samples prepared by a different procedure,
i.e., the arc-melted buttons were sectioned in half, yieldiogghmass of about 10 g for each half-button,
and cold-rolled into rods using a total of about 15 rolling steps. fhediameter of the rods was 3.6
mm; cylinders of 7.2 mm in height were cut from the rods. Thekkrolled rods were heat treated at

1330jC for a total of 4 h under vacuum before compression testing.

All quaternary alloys from this study were characterized previpaslky the results are reported
elsewhere [41]. Besides CrMoTaTi, all of the alloys are sipgbse BCC. The CrMoTaTi alloy contains
6.2 vol. % of the coarse C15 Laves phase, which was quantifiecebyeRli refinement of synchrotron
XRD data. The average C15 particle size was aroundri@nd the particles were discontinuous. The
NbTaTi alloy was the only alloy that needed to be characteriment & was not analyzed previously.
Furthermore, this alloy did not go through the long homogenization kaahnt at 140(C, so it

potentially could have larger compositional gradients than the otbgs a@llat had little, if any,
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microsegragation [41]. The characterization of this sample, tageitiean evaluation of the impact of

the internal composition gradients, are presented in Appendixed B.a

The oxygen content of the samples after all processing and machiniagvste measured by the

inert gasfusion infrared detection method. The total oxygen content was belowt3pPm for all alloys.

The microstructures of the samples after processing were tdramed by a combination of
scanning electron microscopy (SEM), equipped with energy dispersiveospegy (EDS), and X-ray
diffraction (XRD). Since the NbTaTi buttons were not homogenized at {Zl0nlike the other alloys,
the grain structure and the degree of compositional homogeneity weer fastessed by a combination of
nanoindentantion followed by SEM-EDS performed in the same region Wigenanoindentation was
performed. These tests were performed on samples ground witlenlif&C metallographic papers down
to 1200 grit, followed by polishing withuén, 3um and um diamond media for about 5 minutes each. A
final polishing step in 0.0am colloidal silica was performed, for a total of 8 h in aaibry polisher. A
total of 14 nanoindentations were performed using an 8 N load, wisicher in indents of about 270 nm
in depth. The indents were spacedub® apart from each other. The SEM-EDS analysis was performed
immediately after the indents were made to measure the cllezoimposition of the regions where each
indent was made. The SEM was operated at 15kV and the composition eashriddent was measured.
A pattern of EDS spectra was collected about@3rom the top, bottom, left and right of the indent,
and the four spectra were quantified and averaged as an estimdtiercomposition where the indent

was taken.

Compression tests were carried out in a GleeBf)0 thermomechanical simulator. All tests
were performed under vacuum. Tungsten carbide anvils were used anthgehif graphoil was used
as a lubricant between the anvils and the samples. A heatingf dgC/s was used; after the samples
reached the desired temperature, the sample was held for hbraagenize the temperature before
starting the test. Tests were performed at astGstrain rate, up to about 30% strain in compression. The
Gleeble” thermomechanical simulator controls the sample temyerdly resistive heating; the
temperature was measured using a type K thermocouple spot-weldeccanter of the compression
samples. To evaluate if significant temperature gradientstveéng develop during the heating stage, one
sample was heated up to 1000 jC, with a second thermocouple 2 denfrasi the center of the sample.
A maximum temperature difference of fDbetween the two measured regions was observed. Since only
the yield stress was being evaluated and not the whole flow stne®s this temperature gradient did not
affect the analysis, since upon yielding the sample is stifliader and yielding occurs at the softest

point, or the center, where the thermocouple is measuring thersgnmge
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5.4! Yield Stress of the Experimental Alloys

The total shear stress required to move dislocations through aain@éeg), or the critical
resolved shear stress, can be described as the sum of segagihstontributions as shown in Equation
5.1:

Wheredsis the solid-solution strengthening yield stress component, vidiidlodeled in this
work. The& component is the strain-dependent stress component that accountsvorlahwardening
during deformation. When the material first yields, there is astigl strain, so this component is zero.
The &s grain size dependent yield stress component is typically modeled bialiHeetch equation. The
&sis the precipitate or dispersion strengthening yield stress compéméris work, all the materialsar
single-phase, so this term is neglected. The only alloy wittnslecy phases, the CrMoTaTi, has a few
coarse precipitates such th&g¢ can also be neglected. Considering a basic equation for preoipitati
strengthening, when coarse precipitates are present, the disldwitmbow between the precipitates,
an effect known as Orowan looping, and the strengthening effect is afiieof b/L [32], with 1 being
the shear modulus,is the burgers vector amdis the separation between the precipitates. Since b has a
dimension of some Angstroms and L has a dimension of some mibrbris,on the order of 19 i is on
the order of tenths of a GPa, so the strength contribution from ghexspitates should be on the order of
only a few MPa. Probably the biggest effect of the precipitatemking the matrix leaner in Cr;
considering the compositions measured by EDS in [41], the matrix c@mapahould be around 23 at %
Cr, which is reasonably close to the intended 25 at %. Finally firesipitates could impact the work

hardening rate. But, since only the yield stress is analyzedsiwthk, it can be ignored as well.

The Hall-Petch term can be estimated by Equation 5.2.

S
* (CTIT T I I T C T T R I T  TT I I I T II I I ITIITTIIIIIIIT

Where d is the grain size aka is a constant, usually called the locking parameter. Since the
grain size of the alloys is on the order of 200-af9 the grain size contribution is small; taking, for
example, thdwr constant for pure Nb to be 12.26 MPa #f2], the total contribution of this term to
the total yield stress of the material is at most 27 MP&ws small compared to the experimentally-
measured yield strengths. Therefore, the measured yield strefisiesvork @4s) are only due to solid-
solution strengthening, since the material is polycrystalline CR®S must be multiplied by the Taylor
factor ) to be comparable to a polycrystalline yield stress, as sho&quation 5.3. Usually, a value of
3 is used as the Taylor factor for both FCC and BCC metals [43,44]

Lep= Wl usum L3 9)
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There are different approaches for modeling solid-solution strength€nie option is to derive
an equation for the activation energy to move a dislocation, whichsatt@nincorporation of theolid-
solution strengthening components into this activation energy and therédummeelependence of the
yield stress is intrinsically embedded in the solution. Varvenak ated this approach to model the yield
stressof FCC HEAs ang good correlation between calculated and experimental yield stesstund
for samples tested from low temperatures (77K) up to room tatupelref]. Since the solid-solution
strengthening in this approach is defined as a purely thermaliyatetdiprocess, the yield stress of the
material will keep decreasing with increasing temperature, itrngfiches zero, which never happens in
real alloys. Applying the Varvenne methjpeff] to BCC materialand RHEAs is even more complicated,
since a composition-specific double kink nucleation energy would needdiribed, as explaindd Part

[l of this work.

An alternative approach, such as the one pursued by Toda-Caralialldei®lop a semi-
empirical relation between yield stress and solid-solutiomgtihening parameters, such as atomic size
and elastic modulus mismatch. By doing this, a temperature indepeyieldstresscomponent can be
derived. This model has been shown to provide accurate predictionsyadlthstress of some FCC
metals, especially if accurate atomic radii input is us&fl However, in order to apply this type of
model for comparing different alloys, the temperature dependence a@fdie needs to be the same,

which is not something that often occurs, especially in BCC metals

Here it is proposed to apply a similar methodology at a fixed teatyer in which all alloys can
be compared directly. Specifically, the treatment is conducteraderatures associated with the
athermal plateau, where the thermal component can be ignoreds Thisvenient, since the double-kink
nucleation proceds thermally-activated and, by selecting the athermal regimeffia of this
component on the yield stress can be ignored. As explained by Argofoj3@mperatures in the
athermal plateau regime, dislocations are straight screwesegithat experience the solute field as rigid
lines; therefore, in this temperature range, the solid-solutiengthening effect is due to thellective

effect of the solutes and average values for the atomicrsizelastic modulus mismatch can be used.

The hypothesis of this work considers that the yield stress of BIEAR can be modeled as a
combination of two components, an athermal compor#éntyhich is temperature insensitive, and a
thermally-activated componerf, which has an associated activation energyigtemperature
dependent. Based on this assumption, we can re¢gitas given in Equation 5.Zhis type of
assumption is commonly used to describe conventional BCC metad&f83L]; however, it is seldom
used in RHEAs. Chen et al. [34] recently applied this concepfamily of RHEAs and observed a

correlation between atomic size mismatch and the athermdlsgrelss.
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In Part I, the athermal component will be evaluated, modeled argrieted, while the analysis

of the thermal component is presented in Part Il. The effedlidfolution strengthening on both

componentss evaluated accordingly.

Different experimental stress-strain curves were obtaingt,tixé goal of identifying and
modeling both temperature regimes. All seven alloys were testmpression and the respective
stressstrain curves for each composition at different temperatuegsravided in Figure 5.2. The
samples were tested from room temperature@2@p to 100QC, but not all samples were tested at all
temperatures; rather, the temperatures were selected tospepie thermal and athermatid stress
components. Therefore, more tests were performed at lower tomesrin the thermal regimes, due to
the strong dependence of strength on temperature. Due to mateitaikitya the HfNbTaTi and
AINbTaTi alloys were only tested at 3 temperatures; howevesettests still provide valuable
information for the analysis that will be presented. The yieldsulata at different temperatures are

presented in Figure 5.3.

5.51  Athermal Solid-Solution Strengthening Model

In conventional alloys, the athermal yield stress component islatblg considering elastic
distortions that a solute generates in a matrix. The natuhésadistortion is believed to generate a
repulsive or attractive interaction with dislocations, due teetastic interaction from the solute having a
different size or elastic modulus in comparison with the magdxiation 5.5 provides a typical

composition dependence on yield stress valid for binary alloys.

Wherey is the shear modulus of the alloy ahi a constant explained later. Tinexponent
provides the composition dependence of the yield stress. For diluterse|uhe value=1/2 can be
derived [52]. In real, more-concentrated alloys, however, the nmidstywsed value is=2/3 [53], which
is known as the Labusch dependence [54]. This value accurately reprisesolid-solution
strengthening of several conventional alloys. Whibecounts for the composition dependenceBthe
term accounts for the solute-specific distortion that causestrregthening by being attractive or
repulsive to dislocations. Therefore, Béerm depends on the solute-solvent pair, and can be estimated
using Equation 5.6 [54,55]. Usually, the most important distortionsedanssolutes have an elastic
nature. Thd3 term essentially provides an estimate of the total elastiordon caused by the solute in

the solvent.
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Figure 5.2 Compressive stress-strain curves for the seven altmjigcpd in this work. Each graph
represents a different alloy composition and includes all thedifféemperatures that the alloy was
tested. The different temperatures are represented by thewliff®lors identified in the legend in the
bottom right of the figure.
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Figure 5.3 Yield stress versus temperature plots for all alldyeslow temperature regime is marked by a
steep dependence of yield stress. The athermal regime startgpatratures around 300 to §@0
depending on the composition, and it is evidenced by the insensitivitg gfdld stress with temperature.
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Here, theB term is being represented as a combination of an atomic sizadaatid modulus
mismatch between the solute and solvent. T@erm represents the elastic modulus mismatch, while the
" term isthe atomic size mismatch. Both generate an attractivepolsiee interaction with dislocations
Also, +is a constant related to the number of active slip systethe illoy. The/ term is a constant that
represents the governing type of dislocations during deformation; the thggevalue, the greater the
importance of edge dislocations compared to screw dislocationsodduss, since edge dislocations will
interact directly with a hydrostatic distortion field [32]; thipe of field is the one typically created by
alloying a solvent with bigger or smaller solute atoms. Screlwddigons will interact indirectly, mainly
through their cores [30], with this type of distortion field, since th@yot possess a primary hydrostatic
distortion field [32]. This explains the smaller influence af tigpe of distortion in the case of screw
dislocation mobility. TherGand ” terms can be estimated respectively by variations of theelattic

parameter and elastic modulus of the alloy as more solute id,addeaptured in Equations 5.7-9:
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Wherea is the lattice parameter of the alloy. Usually, Vegard@apalies to substitutional solid
solutions; thus, the derivative of the lattice parameter withertso composition tends to be constant.
The only caveat with respect to this derivative is that ofteisahége and solvent do not share the same
crystal structure in their pure metallic states. Theretbeegquivalent lattice parameter of the solute in
the crystal structure of the solvent needs to be estimatedhdiseen done using first principle
simulations [56], or by experimentally measuring the latticerpaters as a function of composition
[34,57,58].

The calculation of the elastic modulus should, in principle, invdilgecalculation of the local
elastic modulus change with composition. This is not necessaeilglastic modulus change of the bulk
material but, instead, is the local variation around the solate, avhich is challenging to measure
experimentally. Usually, the bulk changes in the elastic modulussackinstead and, especially for
relatively similar metals, the experimental and calculatelil\gtress values yield good agreement

[39,55]. Once again, if the pure solute and solvent do not sharanttgecsystal structure, the shear
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modulus of the solute in the solvent crystal structure needs tditmatesl. Since these models are based
on the atomic size and elastic modulus mismatches, the cattyiatd stress is extremely sensitive to

the values used.

5.5.1! Toda-Caraballo Model

TC [39,40] have developed a methodology to extrapolate the previously mentionedresthett
are valid for binary systems to multicomponent alloys. The basidsdeaake the derivatives of the
lattice parameters with respect to variations in all taments constituting the alloy, while still using
Equations 5.5 and 5.6. This provides an estimation of the combined ctotribiiall the elements
present in solid solution. Therefore, the influence of a solutesoivant is no longer being evaluated,;
rather, the effect of each individual elemental component on tae waues of the alloys is causing the
solid-solution strengthening effect. The final format [40] of thenT@ziel considers that all elastic
mismatch comes from atomic size mismatch, and it is diyeBquation 5.10:

e

o cd T
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Values of 16 for/, 2 for +and 5 forZ were proposed by Toda-Caraballo [40] for BCC materials.
The choseny value accounts for a mixture of edge and screw dislocations goveneidgformation of
the material,#is chosen based on the relative number of operating slip syst&0< materials in
comparison to FCC materials, afds an empirical fitting constant determined from experimental. dat

The ™ term is the total lattice distortion in the multicomponerayalgiven in Equation 5.11:
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Wherex; is the atomic composition of thg element. The composition dependence, given by the
Toda-Caraballo model, is analytically not the same as LabugetjQisiit it is a numericallgimilar
approximation [40]. Equation 5.11 shows that, instead of having a singtatdexiof the lattice
parameter with respect to composition (Equation 5.7), the iariaith respect to all possible alloying

substitutions is being considered. Eacis the change in lattice parameter caused by decreasing the
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composition of thé" component bx@ and increasing the composition of {le&eomponent by the same
p

amount. This term can be calculated from binary interatomic spaesgdown in Equation 5.12.
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Where eacls; term corresponds to the interatomic distance betweednatidj species. In other
words,s; is the interatomic distance between two elements in theérgtate, so it is basically the pure
element lattice parameter times the atomic packing factoiQ™ £ for bcc metals. The binagy terms
(with i, j), can potentially be calculated by VegardOs law, however, Todballarsuggests an
alternative method that incorporates the stiffness of each ateem(gy the bulk modulusk), as shown
in Equation 5.13.
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The Toda-Caraballo model is ideal for high-throughput simulatiorisjsagn analytical semi-
empirical model that allows an estimation of the solid-solutioengthening component in a
straightforward fashion. The matrix character of the model enaldesple automation of the
calculations, enabling quick assessments of entire alloy systemsll be exemplified later. The only
inputs for this model are the elastic constants of each elemei@ir atomic size. Since the focus of this
work is to model the mechanical behavior of BCC materials, fodubengiven for all elements from
groups 4-6 in the periodic table and aluminum (Al). Since all etésrfeom groups 5 and 6 (V, Nb, Ta,
Cr, Mo and W) are BCC at room temperature, the elastidaaissand lattice parameters of these
elements in their pure metallic form are used as inputsder o apply the TC model, these constants
for the group 4 elements (Ti, Zr and Hf) and Al need to be estiin

5.5.2! Atomic Sizes and Elastic Constants

The three elements from group 4 in the periodic table have arsH@Rure at low temperatures
ard transform into a BCC structure at high temperatures. Whea thaterials are alloyed with elements
from groups 5 and 6, the BCC phase is stabilized. When analyzinastie properties of these alloys,

the presence of the group 4 elements substantially decreashedhenedulus of all elements from

96



groups 5 and 6 [59D61]. Experimentally, trends in the shear and bulk modnéryfZr-Nb alloys show
linear decreases in the elastic constants with increasingtée icomposition range where the BCC phase
is stable [60]. Specifically, the single crystal elastic tamtscll, c12 andc44 were reported, and can be
converted into the polycrystalline bulk and shear moduli by Equations 5.141&n@iSing the Reuss
equation) [62]. This is shown in Figure 5.4, where experimentalsuared elastic constants of binary
Zr-Nb alloys are plotted as a function of the Zr content. Other equasiocis as the Voigt equation [62]
can be used for the conversion. The difference between both ofdtsenali, and does not significantly

impact the outcome of the calculations.
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Figure 5.4(a) Shear and bulk moduli measured experimentally [60] for several bina#r Hlwys. (b) A
linear regression represents the compositional variation of thersldalus with composition. The
extrapolated pure Zr shear modulus is 22GPa.

The shear and bulk moduli of binary Zr-Nb alloys can be represented hylghe mixtures,
with the shear modulus for pure BCC Zr being 22 GPa and that foBQ@e\b being 37 GPa. The BCC

Zr shear modulus value is considerably smaller than that for puPeafGvhich is around 33 GPa.
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Similarly, the bulk modulus of pure BCC Zr is estimated to b&B4. All RHEAs from this work and
most from the literature contain typically less than 50%, and no thane75 % of group 4 elements in
their composition. These alloys are in a composition range shokigure 5.4 to have elastic constants

well represented by the rule of mixtures.

For pure Ti and Hf, the values of 27 and 22 GPa were used. Thesestierated based on the
first-principle study by Zheng-Hui [61], which showed that the softening dfithelastic constants due
to Zr and Hf additions are similar. The softening from Nb Witladditions is less than for Zr additions;
for this reason, a proportional value for the shear modulus of Tusexs Using the shear modulus
values calculated directly from first-principle studies was @ein this work. This is due to systematic
errors in single crystal elastic constants that might occur wiign crystals are simulated by density

functional theory [62]

The suitability of using the proposed shear modulus for Ti can begddtifi comparing the
predicted value for a Ti-15Mo-5Zr alloy with the experimental sheatutus reported [63]. In both
cases, the value is 34 GPa [63]. For the Ti-15Mo-5Zr-3Al atleyexperimental shear modulus is 43
GPa[63], while the calculated value is 35 GPa, meaning that Alfgignily increases the shear

modulus. This fact is discussed later on.

For the atomic sizes of these elements, the lattice pasadtBCC Ti, Zr and Hf were
determined from extrapolating the lattice parameters from aldvigary solid solutions between these
elements with group 5 or 6 metals using VegardOs law. For exafineet al. [64] experimentally
determined the lattice constants of several Ti-V BCC solidisakiby extrapolating the measured lattice
constants to 0 at. % of V, yielding an estimated latticarpater of 3.278 « for pure BCC Ti. Similarly,
the lattice parameters of pure BCC Zr [65] and Hf [66] wetiemased to be 3.563 ¢ and 3.539 -,

respectively.

The lattice parameter used for pure BCC Al was 3.042 e, folimpthe Chen et al. study [34], in
which a similar calculation procedure was performed with mutjganent alloys instead of binaries. The

shear modulus of BCC Al is discussed later.

By using these values for the atomic radii and shear moduli inati@-CTaraballo model, sets of
calculated yield stresses were obtained for each of the allogaqad experimentally in this work. The
calculated values do not compare well with the experimental seaslshown in Figure 5.5. In Figure
5.5a, the experimental yield stress at room temperature igacechto the predicted value. As shown, the
qualitative trend is captured by the model. The twe@taining alloys are predicted to be stronger,

while the ternary NbTaTi alloy is predicted to be weaker. Howelierquantitative values are not
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predicted correctly where, in some cases, the experimentalkyiekses are ten times higher than the
calculated values. As shown in Figure 5.5b, the predictions arealsacurate for the 6QC yield

stress, which is in the athermal plateau region for all o&llogs (Figure 5.3).

Figure 5.5 Yield stress prediction by the Toda-Caraballo model cemhpaia) experimental yield stress
at room temperature and (b) experimental yield stress a6@6) Predictions using the Senkov-Yao
[37,38] model, showing the predicted solid solution strengthening componsus tke yield stress at
room temperature and 6@

Besides the TC model, as mentioned previously, Senkov et al. [85lbded an alternative
athermal solid solution strengthening model that was later ireddify Yao [38]. The formulation of this
model is simpler compared to the TC model, but it incorporatesrafor the elastic modulus mismatch.
This model was also applied to the alloys from this work, as slwwigure 5.5c. The agreement
between experiments and the model is comparable to the TC nimtelis a good qualitative agreement,
but the quantitative agreement can be improved. Similarly, the d@lpthe Senkov-Yao model is a
semiempirical athermal model. Since the Toda-Caraballo model eagnsto successfully capture the
solid solution strengthening in FCC metals [18,39,40] and was successiedl as a tool for high-
throughput alloy development [18], this model was chosen to be adaptedGamBtals. Next, the TC
model is modified to better represent the athermal experimaatial A similar path can be pursued to

improve the Senkov-Yao model, as discussed later.

5.6! Development and Application of a Modified Solid-Solution Stengthening Model

As mentioned previously, the TC model yield stress calculatidysconsiders atomic size
mismatch. The two Cr-containing alloys are predicted to be stramage all other alloys, due to the fact
that Cr is significantly smaller than all other elementh@dlloys in this work; therefore, these alloys

have a large atomic size mismatch, yielding quite high prebiéedd stresses. The opposite is true for
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the NbTaTi alloy. These three elements have similar atadig teading to lower predicted yield stress.
The Senkov-Yao model, which incorporates elastic modulus misntateh,not have significant over
prediction for these two alloys, further suggesting the importaniceafporating an elastic modulus

mismatch term.

In contrast, when applied to HEAs from the CrMnFeCoNi systeenTbda-Caraballo model was
shown to give accurate predictions when appropriate atomic radiivged [18]. However, for the
CrMnFeCoNi system, all five elements have similar shear maalnich is not the case in the RHEAS,
e.g., the shear moduli of Ti and Hf are over 5 times smaiéer that of W (161 GPa). Therefore, the
elastic modulus mismatch in the RHEAs is significantly niamgortant and must be taken into account.
Furthermore, even though the thermally-activated component of the distewations is negligible in the
athermal plateau, these dislocations still dominate the defiomtzehavior of BCC metals [30,45]. Since
these dislocations do not interact as strongly with the hydrofiedtls generated by solute size
mismatch, it is not surprising that atomic size mismatch ataneot explain the yield stresses of these

materials.

To improve the TC model yield stress predictions in the athgulatdau region, the elastic
modulus mismatch contribution needs to be incorporated in EquatiorEguation 5.6 is commonly
used for estimating solid-solution strengthening of binary systemdsgnaorporates contributions from
both the elastic modulus and atomic size mismatches. The sara# forenat for representing solid-
solution strengthening in HEAs (or multicomponent alloys in genésgdyovided in a matrix form, as
shown in Equations 5.16 and 5.17:
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The terms in Equations 5.16 and 5.17 are essentially theasadwedined previously. The major

difference between them and Equation 5.11, i.e. the Toda-Caratxadiel, is that an elastic modulus
mismatch termdi“) is incorporated into each of the non-diagonal terms in the tatdleemismatch

matrix (M). The idea of these terms is essentially the same ag thems. They are related to the elastic

modulus variations in the material by substituting a certain anuduhei™ component by thg
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component by the same amount. The diagonal terms are again zertheyneeuld represent

substituting an element for itself, which would not generate hagge in the material.

The way in which the elastic modulus mismatch is incorporatedsquation 5.11 follows
strictly the format given by Equation 5.6. Therefore, the twamatsh terms;” and *Q can be calculated
following the ideas from Equations 5.7-9, but considering all posddaieeatal substitutions in the

elastic distortion matrix M. Therefore, these terms can tima&®d using Equations 5.18-20 and 5.12:
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There are two parameters in the modified model that need torberpegted. These are the
relative contribution of each dislocation type, i.e., fh@arameter, and the empirical fitting constant
Since a relatively large dataset, including a total of 7 afioy2 undetermined constants was obtained,
the data from this work was used to refine these two paresnstaues of 2.32 faZ and 13.34 foy
were found to best represent the experimental data. These two arswdghe same order of magnitude
as the values initially proposed by Toda-Caraballo (5 and 16, respgctiuathermore, the value gf
seems plausible, since it represents the stronger contributiorsérem dislocations for BCC metals

versus FCC metals where the Toda-Caraballo model was shown tovelark

By using Equations 5.16 and 5.17 with the eand( parameters, the predicted yield stress
values for the experimental data vs. the athermal yield $ae680;C) is plotted in Figure 5.6. The
modified equation represents the experimental data in a much atisfactory fashion. Although the
atomic size mismatch values in these alloys is larger tia@setin the FCC transition metal HEA, the
elastic modulus contribution is of the same order. Since tigisdantribution is also important, these
alloys are predicted to be stronger than the Cr-free alloys, basrstrong as those predicted previously
by the unmodified model, as shown in Figure 5.5. The NbTaTi alloy iottier hand, has an atomic size

mismatch close to zero, which before resulted in a predictétistiess close to zero. With the modified
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model, a reasonable yield stress value is predicted for this sillme the elastic modulus mismatch is not

negligible.

Figure 5.6 Athermal yield stress prediction by the modified Todat2#lo model proposed here
compared to the experimental yield stress atj @00

The model developed here can be further supported by determining howpsedlicts literature
data [36,37], as shown in Figure 5.7a. The literature data areangbdve well represented. The same idea
can be applied to represent the room temperature data, instbadadfiermal plateau data; for these
cases, a Z value of 4.69 and(amalue of 9.52 were found to best represent the room temperatayaslat
shown in Figure 5.7b. For both the 80Qata and the room temperature data, the room temperature
lattice parameters and shear modulii were used as an approxinidte predicted and calculated yield
stress values for the room temperature yield stress data dagsnetdte as well as the 60D athermal
plateau data, i.e., arf Ralue of 0.89 was obtained for the Q0data, while it was only 0.73 for the
room temperature data. This further strengthens the hypothesis wfitki that the low temperature data
cannot be effectively represented by only atomic size and elasticlos mismatch The thermally-

activated contribution needs to be evaluated separately.

The Senkov-Yao yield stress model was developed to represent moperature data. Since this

is also a seraémpirical model, the fitting constants from this model could emably be adapted to
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better represent the athermal experimental data. This wasnsethere, given the good quantitative

agreement achieved with the modified TC model shown in Figure 5.7.

Figure 5.7 Athermal yield stress prediction by the model proposed:cberpared to (a) experimental
yield stress at 600 jC and (b) room temperature yield stresstfi@ufifferent alloys studied here and in
the literature [36,37].

None of the alloys shown in Figure 5.7 included any of the Al-containiogsalYield stress
predictions for these alloys, along with alloys from the liteeatare shown in Figure 5.8, where it can be
seen that the predictions for these alloys are not as accuthte@edictions for the Al-free alloys. b
likely, the reason for this difference is the nature of the bondingeleetvl and the refractory transition
metals. Al tends to have large negative enthalpies of mixingtiétiother transition metals present in
these alloys [67], and the resulting bonds have strong angular chatexstemd are very stiff [68]. Pure
FCCAI has a relatively low shear modulus (around 25 GPa), howénestitfness of Al atoms in these
alloys is most likely much higher. As shown by Qiu et al. byf Biudies, by alloying NbVTiZr with Al,
the shear modulus increases fromG#®afor NbVTiZr to 48 GPa for NbVTiZrAls, suggesting that the
stiffness of Al in RHEAs is indeed high. By extrapolating thipioe BCC Al, a value of 76 GPa for the
shear modulus of pure BCC Al can be estimated. Since this wdistpceby DFT, it may underestimate

the real value.
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Figure 5.8 Athermal yield stress predictions by the model proposedtmmpared to the experimental
yield stress at 60 for twoclasse®f RHEAs, namely Al-containing and Al-free alloys from this work
and the literature [9,15,19,35,36].

For the model developed here, a rule of mixtures was assumed mhetde elements in
solution. This is most likely a poor assumption for Al, givenuitgue bonding nature with the other
elements, which could result in a variable stiffness dependingeosiéments it is bonded with. For
calculating the yield stress values presented in Figure S#@aa srodulus of 95 GPa was used for Al,
which is somewhat higher than the 76 GPa found by DFT. Howevewdkishe shear modulus that best
represented the experimental data. This suggests that to dobimrequantitative predictions in the Al-
containing alloys, the specific interaction between Al and the etkarents in solution should be
described in a more complex fashion than what was done here. Thikeggroblem is beyond the scope
of this work, which is focused on modeling solid-solution strengtheniRIiHIBEA behavior in general,
rather than in a specific class. Nonetheless, the yield giredictions of Al-containing alloys can still be

used as first approximations or for qualitative comparisons.

Overall, the model developed here is based on a simple analgficdian that can be used to
estimate the solid-solution strengthening component of RHEAs gagonably quantitative accuracy.
This model should be used as a high-throughput alloy development tool.Idllataans are relatively
fast, and vast composition spaces can be quickly modeled, enablingkaletermination of which
alloying direction will increase the yield stress and by how miikls. model can be easily incorporated

together with other strengthening contributions, using the scheme pckesetite previous section.
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One example of how this tool can be used in alloy development enpedsn Figure 5.9a and b,
where the yield stress is predicted to change by alloying NbTallaNbTi with several different
elements in different amounts. The figure indicates that the gigtss of these ternary alloys will
increase with most alloying additions, although Ta additions are prddir soften MoNbTi. Cr is shown
to have a particularly potent effect as a solid-solution strengtimetieese alloys, due to its large atomic

size mismatch.

Figure 5.9High-throughput yield stress predictions of different alloying additiona,) NbTaTi and
(b,c) MoNDbTi. The first two plots (a,b) are the total presticyield stress, while the last two plots (c,d)
represent the yield stress normalized by the shear modulus.
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It is interesting to note that different amounts of each eleme=d to be added to achieve the
maximum strengthening effect from each addition. This occurs betteaigeeld stress is not dependent
on the total configurational entropy, rather the elastic modulus rtikegbetween the components. The
absolute shear modulus of the alloy dictates how strong a compdsitidre model proposed here can be
used, for example, to find where this maximum region is expeittesby significantly narrowing down

the number of experiments required to find the strongest RHEA.

Finally, it is important to note that yield stress predictiprevided by Equation 5.14 esctda
directly with the total shear modulus of the alloy. Thereforetdted calculated yield stress is not only a
function of the elastic distortion of the crystalline lattizet also depends on the absolute shear modulus
of the alloy. This dependence can be visualized in Figure 5.9c am@vhich the calculated yield stress
is normalized by the total elastic modulus of the alloy. The trenBiyure 5.9a and b are significantly
shifted. Zr and Hf, for example, are increasing significantlytéked elastic distortion. Since these two
elements have the lowest stiffnesses among the set, the @dedidt stress is only slightly increased,

because the overall shear modulus of the alloy is decreasing veehatditions.

5.7!  Conclusions

The yield stress of seven RHEAs was measured at differapetatures to evaluate the solid-
solution strengthening mechanisms operating in these alloys. An aaldyiiid-solution strengthening
model was developed, which can be applied as a high-throughput alloy desetdpot. The following

conclusions can be drawn:

¥ The yield stress of single-phase BCC RHEAs can be divided intodhgractivated and
athermal components.

¥ The yield at the athermal plateau can be modeled with reas@tabiecy using the model
developed in this work. It considers the dislocations interactiotiiscailectivesolute effects,
namely with theaverageatomic size and elastic modulus mismatches within thedattic

¥ For the predictions to be accurate, atomic size and shear mooiudlissiements need to be
determined for the BCC crystal structure.

¥  Three factors affect the athermal yield stress of singlegoB&C RHEAs: the total shear
modulus of the alloy, the atomic size mismatch, and elastic meduikmatch of the
elements in solid solution.

¥ The yield stress predictions of Al-containing alloys are lesgratewhen compared to Al-
free alloys; this is most likely a consequence of the unique bondiwgdae Al and refractory

transition metals
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5.8! Appendix A. Characterization of the NbTaTi Sample
An SEM micrograph of the NbTaTi after rolling and annealing is shioviAigure 5.10a in a
region close to the center of the compression sample. As caemetise cored dendrites produced during

solidification are retained and the structure is essentia@ffesphase BCC (Figure 5.10b).

Figure 5.10 Characterization results on the NbTaTi alloy. (ek®attered SEM micrograph, showing
the grain size and remaining microsegregation. (b) XRD pattern shokhe single-phase BCC nature of
the arc-melted button. (¢) Nanoindentation results performedfaratit regions of the arc-melted button
plotted against local Ti composition, measured by EDS.

Since the model assumes uniform compaosition throughout, the effeating on the local
mechanical properties was evaluated. Nanoindentation was performiddamdom spots in the alloy
and the results were compared with local chemical compositiorsuneelsby EDS. The Nb content was
relatively constant throughout the alloy, whereas the Ta segregatedisaintie the dendrite cores. Ti
segregated to the interdendritic regions. In Figure 5.10c, the nanolsaofieesh indent is plotted
against the locally-measured Ti composition. The internal cotmpogjradient is approximate3 at. %
Ti around an average value. The measured nanohardness variationdlamgrsrethe natural standard
deviation of the measurements is the same order or bigger thaedbsaned differences. Therefore, the

effect of these composition gradients on the model predictions isleoadito be negligible in this work.



In Appendix B, the effect of the segregation is further evaluatddtirét model proposed in this work,

showing that their contribution for strength is indeed small.

5.9!  Appendix B. Effect of internal composition gradients inthe samples

The effect of residual microsegregation on some of the sampidsecanalyzed using the yield
stress model developed here. The impact of having these compositiomigradiebe evaluated by
calculating the yield stress changes from the regions with diffemmpositions, as shown in Figure

5.11, for the samples with the biggest composition gradients.

Figure 5.11 Yield stress predictions of different regions in thepkesmmvith residual microsegregation.
The compositions correspond to the measured compositions from the dem@rite ihe interdendritic
regions. In the x axis only the Ti content is being displayed. A#rotlements vary linearly together with
Ti.

The figure shows that the regions with different compositions hawerelitf predicted athermal
yield stresses. The interdendritic regions in all casesdcreriin Ti and softer than the dendrite cores,
which are leaner in Ti. Variations of around 5, 7 and 30 MPa ardwenavierage value are observed for
the NbTaTi, MoNbTaTi and WNbTaTi alloys, respectively. Thedeesacorrespond to less than 10% of
the total measured yield stress of each alloy, since theaigadaare not large. Given the drastic changes
in yield stress seen between different compositions, they can gberagnored in a study for which the

goal is to develop a high-throughput methodology.
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For the WNDbTaTi alloy, the composition gradient may help to exgerialy explain why this
alloy has a similar athermal yield stress compared to thelWlalN alloy. Since the interdendritic regions
are coarse, interconnected and softer than the dendrite core rbgs®rdgions are most likely
determining the yield stress of the material, rather thaadtuml mean composition. Comparing the yield
stress of the interdendritic regions for the WNbTaTi and MoNb&a#dys, or 600 and 570 MPa,
respectively, the predicted values for both are more alike tharedéected yield stress for the mean

compositions, 630 and 577 MPa, respectively.
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CHAPTER 6

SOLID SOLUTION STRENGTHENING IN REFRACTORY HIGH ENTROPALLOYS: PART Il
THERMALLY-ACTIVATED YIELD STRESS AND DUCTILITY

In preparation to be submittedAzta Materialia
Francisco Gil Couryy Michael Kaufmaf Amy Clarké

6.1! Abstract

The thermally-activated yield stress component of five body centetgic (BCC) Refractory
High Entropy Alloys (RHEAS) is experimentally evaluated by meart®wipression tests at several
different temperatures and is modeled using a physics-based Miogleésults are compared to several
BCC refractory metals and alloys. It is shown that the thigrraativated yield stress component is alloy
dependent; this is attributed to local atomic environments teaeaponsible for the nucleation and
propagation of double-kinks in screw dislocations. This behavior cannot betpdedy any rule of
mixtures of the pure metals that form each RHEA. It is showndhaaverage, RHEAs have larger
activation energy barriers for deformation and also higher latigistances at 0 K than pure or more
dilute refractory alloys. This is one of the main reasons fohitjieer strengths of RHEAs at room
temperature. The ductility of the RHEAs is also evaluated doais¢he Valence Electron Concentration
(VEC) mode] this model is critically evaluated based on where it is erpdct fail along with other

factors important for ductility, including temperature and inteas&lement content.

6.2! Introduction

High Entropy Alloys (HEAS) are multicomponent alloys with unique corations of properties
[1D10]. Refractory HEAs, or RHEAS [11], are promising candida@815] to replace conventional
refractory alloys as structural materials used in extreme@mients such as rocket nozzles [16,17]
Similar to conventional refractory alloys, most RHEAs have a bedteced cubic (BCC) crystal
structure [9]. However, several RHEAs have considerably higheifispgeld strengths compared to
conventional alloys from room temperature up to their melting testyres [14,18,19]. The primary
reason for their superior strengths appears to be the solid-sdtréogthening effect caused by different
alloying elements present in RHEAs. These elements interdicthe dislocations in the material and

create a large lattice resistance for dislocation motion [20D23]

As shown in Part | of this work and similar to conventional allttys,yield stress of these

materials can be divided into two major contributions. The cond¢edtsalid solution creates an athermal

1 Author, performed most experimental work and participate@search planning, corresponding author
2 Project advisor, helped planning experiments and discussingresult
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resistance, due to the interaction of the straight dislocatiom iith collective solute contributions, that
can be modeled using the atomic size and elastic modulus mismaftthesolute field. The other
contribution is a thermally-activated contribution, resulting ffooalized barriers to dislocation motion.
As will be discussed in Part Il, this contribution exists wientemperature is insufficient for
dislocations to fully overcome these short-range barriers andfdiegreigher stresses are required for

the material to yield.

In conventional BCC materials [24D26], the thelyacttivated yield stress component is well
studied. The major reason for this component is the nature sttéedislocations [27,28], which have
non-planar core structures that require a high stress to slipwAemperatures, instead of the whole
dislocation slipping at once, two kinks (a double-kink) are observed teata@nd propagate each time
the dislocation moves [29D31]. This double-kink nucleation is therniyated and yields a large
temperature dependence of the yield stress, even for pure B@{S,iretontrast to the behavior in pure
FCC and HCP metals [28,32]. By increasing the temperature, themergy aids the double-kink
nucleation and propagation, eventually becoming sufficient to enabderdwe dislocations to overcome
this barrier [32]; this is often referred to as thidical temperatureT. [33], above which the yield stress
becomes insensitive to temperature. The temperature regimeTalregealts in what is referred to as the
athermal yield stress plateau, which was modeled in Parhisoivork. Here, a physics-based model is
developed and applied to interpret the experimentally-measured, tlyeactalated yield stress
component of five RHEAs. The results are compared to literdateeon pure BCC metals and
conventional refractory alloys. The particularities of RHEAs anddhsons why they are stronger

room temperature are discussed.

The limited mobility of screw dislocations is known to lead to ilitycproblems in BCC metals
and alloys [15,34]This limited ductility of the RHEAs produced in this work is evaluated using the
valence electron concentration (VEC) model [35]. The potential ftdwsis model are then critically

assessed in an effort to determihe applicability of this model as a high-throughput tool.

6.3! Methods

The experimental stress-strain curves and yield stress Valudifferent temperatures presented
in Figs. 5.2 and 5.3 from Part | are used in the analysis ¢fhémmally-activated deformation
mechanisms presented hddewever, since only three experimental curves were obtained for the

AINbTaTi and HfNbTaTi alloys, these alloys will not be usedhiis analysis.

The fracture surfaces of the alloys were analyzed by scanningpalegicroscopy (SEM), with

an FEI Quanta 600i Environmental microscope operating at an adogjer@itage of 15 kV.
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6.4! Thermally-activated Yield Stress Model
Following the total yield stress description given in Part 1yibll stress &) of the RHEAs
studied is the total solid-solution strengthening contributfg,(which can be represented as a sum of a

thermally-activated componengd) and an athermal componedb), as given in Equation 6.1.

The athermal component was described in Part |, where itheamdo be correlated to both the
total atomic size and elastic modulus mismatches of an @tdgmperatures below the athermal plateau,
there is a significant contribution from the thermally-actigtatieeld stress component, which accounts for

local barriers for dislocation motion [24,26,36,37]

Different from the athermal regime, the local atomic arrarggegraround each dislocation
segment influences the thermally-activated dislocation motiorg #irsir motion occurs by the
nucleation and propagation of double-kinks [27], which is a localized @.0tks approach chosen for
modeling the athermal regime considers average values for the gi@peérties, such as average atomic
size and elastic modulus mismatches. This approach is not expeuotetkteffectively for the thermally-

activated component, since local configurations might deviate consiglénal the average value.

For a dislocation segment to slip, it must overcome a |doait-sange obstacle that requires a
total energyF, which will be called the activation energgrkier[32], usually given in eV. FACC
metals, this obstacle is related to the nucleation and propagé@otiouble-kink. While at 0 K, all the
energy for the dislocation slip needs to be provided by mechanical wonighfer temperatures, thermal

energy will aid the dislocations in overcoming these short-rangietsa[28].

Modeling any local deformation barrier requires the definition obtiepe of the obstacle
preventing the dislocation from slipping [38]. There are activatimmgy barriers defined specifically for
BCC metals that are usually based on the activation energy foutheation and/or propagation of
double kinks, considering the different possible configurations. Usuadlgetmodels divide the behavior
of the double kink into several different regimes [39D41]. Ofteradtieation energy changes between
regimes [39,40]. A full description of the thermally-activated dafiion mechanism yields accurate
predictions, but they often have a complex nature, of several tempaegimes, and require a large
number of experiments per alloy. These approaches are usually apiee metals. Here, a more
practical approach is pursued, and as will be shown in the raidrsghe approach chosen here,
although simpler, is still effective.. A general phenomenologidalaion energy barrier [32f
commonly used for metallic alloys, and is represented by Equatiowl@ic) is known to accurately
represent BCC and FCC alloys [33,42]:
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Where the#G termis the activation free energy representing the energy that must besguppli
thermal fluctuations at constant temperature and stress foratieeiahto slip [32] £is the applied shear
stress & is the athermal critical resolved shear stress compomeh# & the shear stress required to
move a dislocation at 0 K. Therefod, is the thermdy-applied shear stress, a&dis the critical
resolved shear stress at 0 K. Thendq constants define the shape of the activation barrier. Values for
these two constants are typically in the range g¢2<and 1g<2 whereq represents the OtopO of the
activation barrier whilg models the ObaseO of the barrier [32]. The v@®® andg=3/2 have been
shown to result in a good representation of the experimental data [3&/J38] variations irp andq
yield different shapes for the calculated yieldsttemperature dependence, the value of the activation
energy remains similar [33]. The advantage of using this basrteat a simpler description fércan be

obtained where the experimental data is well represented by this pfravlogical equation.

The activation energyAG) can be connected to dislocation motion though the probability of a
dislocation jump, given by the total amount of thermal energy providedjiaen temperature amd via

an Arrhenius expression, in Equatio3.6.

/
<@ «g34561 l.fi I <. )
wherek is the Boltzmann constant angls a pre-exponential term that can be represented by Equation
6.4.

in which . m is the mobile dislocation density|s the burgers vectora is the distance the dislocation
moves to overcome the obstacle, ands the frequency in which the dislocation attempts to overcome
the activation barrier. Combining Eqs2 and 6.3, an equation for the thermalgistress %) can be

derived, as given by Equatiorb6.
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whereF: is the Taylor factor. The total activation barrigj {s expected to change with increasing
temperature given that the shear modulus softens and the lathogeper increases. Since the shear

modulus contribution t& is more influential [32,33], in this work, a correction factor for shear



modulus softening(T), following Laplanche et al. [36] is applied. The function is kabkisimulating
the shear modulus softening of the RHEA as the temperaturedesr&de formulation for this term is

given in Equation 6.6 [43].
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where/(") represents the shear modulus of the material at temperatmet/p the shear modulus at O K.
The constants; andc,; are empirical and are obtained by fitting experimental dateperienents. In

Figure 6.1a, Equation 6isfitted to experimental data for pure Mo from the literature,[d44d it can be
seen that Equation 6.6 represents well the elastic modulusiagftd Mo when values far andc; are
0.041 and 0.091, respectively, are used. In Figure 6.1b, the expatistezdr moduli of other refractory
metals[44] are shown to have somewhat similar behavior in the temperagjinee of interest, up to
about a homologous temperature of ~0.3. In this work, the constants favipare used for all of the
alloys (Figure 6.1) to represent the average behavior of the oefrawetals. Since Equationtois

written as a homologous temperatufélf,), it should be a valid approximation for the shear modulus
softening of RHEAs. The Omelting temperatg6f each alloy is considered to be a weighted average

of the melting points of the pure metals.

Figure 6.1 Shear modulus softening of pure BCC refractory m@gExprimental data for pure Mo
plotted together with Equation 6.(6) using values péra ¢ of 0.041 and 0.091, respectively. (b)
Experimental shear modulus data for other refractory metals, stp@milar softening behavior.
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6.5! Applying the Thermally-Activated Yield Stress Model
In order to ensure the developed model works for BCC alloys, it waig@ipst to conventional

BCC alloys and pure BCC metals and then to RHEASs, as presented ne

6.5.1! Conventional Alloys and Pure Metals

Appling the thermally-activated model to conventional BCC alloys and pet@$mot only
serves as a validation for the methodology but also helps tcagstag/alue. The total activation
barrier for pure Nb and V using the same phenomenological activatioer srape should be around 0.7
eV [45]. The calculated thermal yield stress using Equation 6.5 fas Kvown in Figure 6.2 by the
dotted line. Using this value for the activation barki@vas estimated to be 9008. Since all alloys
tested in this work are in the same annealed state and hatisgehe similar lattice parameters, the same
value will be used for all alloys. Since this is a logarithtaim, its order of magnitude is more important
than its absolute value [33]; therefore, using the same valu# &llogis does not significantly impact the

calculated activation energy and yield stress at 0 K.

In Figure 6.2, the yield stress for several other pure BC@atefty metals and some conventional
refractory alloys can be seen. Only pure metals with coargerpsialline or single crystalructures
were selected for this plot to minimize any grain size contobufror single crystals, the critical resolved
shear stress was estimated and converted into a polycrysyadlidetrength by the Taylor Factor. A
value of 3 was used [46,47]. The model used in this work satistaatpresents the experimental data

with a reasonable accuracy.

Two constants are obtained for each metal or alloy by fitting Emuétb to experimental data,
namely, the lattice resistance at 04g§)(and the activation energy barrier at ORg)(terms. These can be
understood by examining the plots in Figure 8gxepresents the strength at 0 K, so the higher these
values, the stronger the material is at low temperatureshéuthier hand;o models the thermal
dependence and determines the temperature at which the allbgstllthermally-activated yield stress
component such that, the higher this term, the higher the tempeattuinéch the athermal plateau starts
(Tc). At room temperature, all alloys shown in Figure 6.2 still rsggnificant thermally-activated yield

stress component. Both parameters impact the magnitude of thpeent.



Figure 6.2 Experimental and calculated yield stresses at differ@peratures for several refractory BCC
pure metals and conventional alloys. The calculated latticeamsésat O K, activation barrier and the
fitting coefficient of determination ({ are presented in the top right corner of each plot.
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The metals from group 5 in the periodic table, i.e., V, Nb amch@ve the lowest calculated
activation energy barriers, of around 0.7 to 0.8 eV. When thesdsnaee alloyed, the activation energy
substantially increases, whereas the lattice resistafick d@bes not change. If the Ta alloys are
analyzed, sincé&g decreases with alloying additions Isuincreases, pure Ta is calculated to be stronger
close to 0 K, but at temperatures above 50 K or so, the theratdiyated yield stress component of the
Ta alloys is higher than that for pure Ta. This phenomenon is commeparted in the literature as

solid-solution softening, and is common in BCC alloys at low tempesaf@d,25,48].

Mo and W, which are from group 6 in the periodic table, have |#gandF values than the
metals from group 5. W has the highest values for both and, therisféine strongestetalshown in
Figure 6.2 at all temperatures. While W and Mo alloys are ysstatinger, they are often brittle at room
temperature [34,49]. For this reason, the ductilities of thésgsdhave not been studied as much as for

Nb and Ta-based alloys.

The data sets for Mo and W were modeled in the literaturenagtie specific equations for
double-kink nucleatio in BCC metal§39D41]. Using these models, the estimated activation energy for
double kink nucleation was 1.27 eV for Mo and 1.75 eV for W at terpesbetween 220 and 600 K.

At higher temperatures, multiple slip systems become actiyat semperatures above 350 K for Mo and
650 K for W, the yield stress drops more rapidly with increasimgpégature. The activation energies
found using the more fundamental models [39D41] are close to the valoestered here, 1.2 and 1.81
eV, respectively. This and Figure 6.2 show that the phenomenologician used here can effectively
describe the whole temperature regime. Therefore, the approach,chitiseugh simpler, is still

effective.

6.5.2! Refractory High Entropy Alloys

The experimental thermally-activated yield stress componetite ®}@HEAs produced in this
work are shown in Figure 6.3. The plot also includes the calculla¢echally-activated yield stress
components using the model developed here. Good agreement between thesatglbrimeasured and

calculated values show that RHEAs can be effectively describdtebyddel.

The RHEAs are shown to exhibit similar behavior to that of conmeattirefractory alloys. As the
alloying content increases, theterm keeps increasing. Pure Nb and Ta hav& &elow 0.8 eV,
whereas the ternary NbTaTi alloy haskarterm almost two times larger (1.54 eV). All concentrated
solid solutions have significantly higher activation energy barriets tvé WNbTaTi alloy with the
largest value (1.89 eV) of all the alloys evaluated including purth&tefractory metal with the highest

activation energy.
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Figure 6.3 Experimental and calculated thermally-activated yieddsscomponents at different
temperatures for the RHEAs produced in this work. The calculatickl resistance at 0 K, activation
barrier, and the fitting coefficient of determinatiorfRre presented in the top right corner of each plot.

When the yield stresses calculated for the conventional alloys aRdHiEAS are plotted together
(Figure 6.4), the effect of alloying becomes evident. Upon alloylirggacttivation energy of all alloys
increases significantly; the increase is more than the avefdlge activation energies of the pure metals

(e.g., compare the binary Ta-2.5W alloy with the RHEAS). Titgease in taFo termwith alloying is

122



possibly a consequence of the diversity in the local atomic amamde and how they impact double-
kink nucleation. As shown by Rao et al. [42] by atomistic siranatof the slip process inBCC
Cass€es6.6Mi1667Ti30 alloy, these local composition variations increase the iintrgtgength of this
multicomponent alloy. In their simulations, the activation energydsdor dislocation motion was
predicted to be in the 7.25 to 9.89 eV range. Althouglirthelues for RHEAs are shown here to be
high, the calculated values for t6e:s 6Fe36.6MNi16.67Ti30 alloy are most likely too high, based on the

experimentally-measured values shown in this work, where the tangesured value was 1.89 eV.

The RHEAs show, in most cases, a higher lattice resistatregpelated down to 0 K compared
to pure metals. For example, the MoNbTaTi alloy, is predictdx tetronger than pure Mo, Nb and Ta at
all temperatures. WNbTaTi, on the other hand, is stronger thaantl Ta, but weaker than W at 0 K. No
rule of mixtures analysis seems to be valid for these temdsha high%s would have to be attributed to
Ti, which is unlikely, since this metal in the BCC form istenthan the group 6 and 7 metals. Likewise,
no rule of mixture term appears to be valid for Eag¢erm, reinforcing the complex nature of the
thermally-activated deformation component. All these results reifbie postulate thiical atomic
configurationsyather than an average temictate the thermally-activated yield stress parameters.
should be noted that the model used here might not represent the lowatemepeata of RHEAS, since
no experimental data here below room temperature were acquiredvétogiace the model effectively
represents conventional refractory alloys and pure metals down tergeeratures, the 0 K extrapolation
for RHEAs may still be valid.

Interstitial elements are also known to have a strong effettteotiermally activated yield
strength of BCC metals [30]. Small differences in inteedtélement contents might considerably change
this component [30]. Although the interstitial element content wasdaa about the same for all alloys,
the same content might impact each composition differently, s@athability observed iy and %
might be a convolution of an intrinsic behavior of each RHEA togethhrtiwe influence from these
interstitial elements, in this case, most likely oxygen.Heurhore, the interstitial elements most likely
have different solubilities in different RHEAs. The effectrakrstitial elements in RHEAs is usually
ignored and moving forward in the direction of a more fundamental undeirsgiethe dislocation motion

in RHEASs at low temperatures, the interstitial elemefieseneeds to be addressed.

By magnifying the temperature range near room temperature (Figureibigipossible to see
how significant the thermally-activated contribution is to the &l strength, especially for RHEAs.
Therefore, it is not surprising that attempting to apply an mtilemodel to room temperature data will
yield inaccurate predictions, as shown in Part | of this workhEtmore, by plotting the athermal yield

stress against the thermally-activated deformation paranietéree 5 RHEAs produced here (Figure
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6.5a), it is clear that the thermally-activated yield stoessponent does not have a direct simple relation
to the athermal yield stress compone#t,In fact, the activation energy barrier at O, does not
correlate at all with?4. While the yield stress at 0 Kg, qualitatively scales wit, this correlation is
weak and two alloys with simila# components, MoNbTaTi and WNbTaTi, have differéggvalues.

The same is true for the CrMoTaTi and CrMoNbTi alloys.

Figure 6.4 Calculated yield stress versus temperature plots fonaials, conventional alloys and
RHEAs. (b) Magnified view of the temperature range close to teomperature. The plots show that
alloying clearly increases the activation energy barrier.

Figure 6.5@) Comparison between the athermal yield stress compéaeamid the two thermally-

activated yield stress componersand k, showing there is no direct correlation between them. (b) No
correlation is seen between the two thermally-activated yieddsstomponents and the shear modulus. In
each graph, the blue OxO markers correspond to the blue scale ortitieeréef OoO markers correspond
to the red scale on the right. Each alloy is indicated nextdio point.
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From Figure 6.5b, it is also clear that there is no stronggtdiorrelation between the two
thermally-activated yield stress components. By directly comp&sitagd %, it can be seen that their
values are independent. For conventional alloys, it is sometimeslemts{26] thaF, scales with the
shear modulus of the alloy, which is shown to not be true for RHERgure 6.5b. The lack of
correlation between the thermally-activated yield stress compoaedtdifferent alloy parameters
reinforces one of the main ideas of this work, namely, that thendflg-activated yield stress component
should be studied on its own, since it depends on local interactionsehdtveeatomic species, rather

than on average values between the average properties of all elenzegigen solid solution.

Density functional theory or molecular dynamics simulations could pdtgri@a powerful way
to study these local interactions. Alternatively, this mighadmomplished by the development of new
statisticallybased models that consider not only average values, but aldoutiistrs of possible

configurations to determine what is locally preventing a RHEA&tlyi

By combining the thermal and athermal yield stress predictionsogeekin parts | and Il of this
work, the full yieldstress vs. temperature behavior of the five RHEAs can be prediftetiadly, as
shown in Figure 6.6. The athermal yield strength value dictagegi¢ld stress plateau, and this term is
also present at all temperatures below that. At higher tempesanot shown in the graph, longer-range
thermally-activated mechanisms are triggered, and the yield sigein starts to drop. This occurs at
temperatures of 10QC or higher for the alloys studied here. The athermal yietstvalue is calculated
based only on the composition of the alloy, while the thermal yisddsstequires thig, and %5 terms,
which are composition-specific. Therefore, the high-throughput yieddsstalculations can only be
performed for the high-temperature yield stress. Attempting tamdtite to room temperature will
generate errors, since one of the following approximations would adeddeveloped: (1) apply the
athermal model at room temperature, or (2) guess the theratdilated parameters for the alléys
shown in this work, neither are effective. Since RHEAs Bogsadeveloped for high temperatures, the
athermal yield stress component is much closer to the operatipgitature of these alloys and, this term
is more important than the room temperature yield stress. fation that RHEAs might display at room
temperature is a lack of ductility, as observed in several RHEported so far [12,50D52]; tids

addressed in the following section.
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Figure 6.6 Full yield stress predictions combining the thermatiyated and athermal models developed
in this work. The modeled values are compared to experimental YatutssRHEASs produced in this
work.

6.6! Ductility of the RHEASs

The alloy ductilities were analyzed by determining if they fractuin a brittle manner after
deforming up to 30% in compression at room temperature. Fractureowsislered when: (1) the stress
suddenly dropped to zero, such as the mechanical behavior of the CrMoNI&IriMoitaTi alloys at all
temperatures, or (2) when a peak stress was followed by asednestress, as seen on the stress-strain
curves of MoNbTaTi and WNbTaTi at 20. All other tests performed in this work did not cause the
fracture of the samples; these OductileO conditions include ta@iNBINbTaTi and HfNbTaTi alloys at
all temperatures, and the MoNbTaTi and WNbTaTi alloys at testyress above 1QC.

The fracture surfaces of the brittle room temperature te=is eharacterized by SEM (Figure
6.7). The main fracture mode operating in all samples wagteandar cleavage, as observed by the
intragranular fracture with planar facets. Some localized regiisptayed mixed behavior with some
intergranular fracture. The cleavage mechanism reinforcesdkeflauctility of these alloys at thes

temperatures.

A simple ductility criterion for RHEAs was proposed by Shedklal.[35] for an RHEA to be
brittle, namely, that the average valence electron concentratie®)(of the alloy has to be larger than

4.6. For VEC < 4.4, the alloy is predicted to be ductile. Th€ \dEeach element is simply the number of
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valence electrons, so it is respectively 4, 5 and 6 for metaisdroups 4, 5 and 6 in the periodic table
and 3 for Al. The fundamental idea behind this criterion proposed by SheikH35] is that the
instability mode that occurs first upon loading a perfect crystadteetf the alloy is brittle or ductile.
The nucleation of dislocations is only possible when shear ingyatiilcurs [53], which is basically ade
of symmetry upon loading. So, by first-principle modelling, the VEAS shown [53] to control whether
shear instability or {100} cleavage would occur first upon loading pedeystals perpendicular to a
{100} plane. By decreasing the number of valence electrons in tliEsAR& lower Fermi energy level is
achieved and shear instability, which leads to ductility, is favi@e(d

Figure 6.7 Fracture surface of brittle samples after room tertyse compression testing. The planar
cleavage facets indicate that the predominant fracture mechanismsgranular cleavage.



A problem with this formulation is that real materials witit behave as perfect crystals. The
nucleation of dislocations will not occur when shear instability octiiey will nucleate from existing
defects. Furthermore, fracture will initiate at defects domcentrate stress, so that the local stress reaches
the cleavage stress. Therefore, the cleavage stress meg\amnt for ductility, however, the shear
instability stress should not be as much. The yield stressediatdnen the alloy will deform and therefore
a balance between the yield strength of the alloy and the cleaveggemight yield a more meaningful

correlation.

Nonetheless, the VEC ductility criterion was applied toRRE=A compression resulté\n
apparent correlation was observed between ductility and the aveEagjgalues (Figure 6.8a), i.e., alloys
with larger VEC values tended to be more brittle behavior comparddse with lower VEC values.
However, the alloys with lower VEC values also have a lowed wgEngths such that the loads carried
by the alloys with lower VEC is smaller. Likewise, at the neotrof fracture, the load in the higher VEC
samples is higher than the load applied in any of the lower VE@lsanThis again indicates that the

yield stress is most likely an important parameter for the ldycalysis.

Figure 6.8(a) Ductility as a function of the VEC and temperature for all RidEAIdied here.
Temperature is also shown to contribute to the ductility of R&IENbt all samples were tested at all
temperatures shown in the graph. It was assumed that if dyenads found to be ductile at a certain
temperature, it would be ductile at higher temperatasewell (b) VEC versus yield strength plot of
several pure BCC metals, conventional alloys and RHEAs framihik and literature at room
temperature [14,18,19,35,49,50,54D62]

To evaluate this hypothesis, data from Ri¢EAstogether with data from several other alloys
from the literature, are shown Figure 6.8b. The figure showshédtacture of several different BCC

alloys is more closely related to the yield stress of themahtather than the VEC value. In fact, by
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making the simple approximation that the cleavage stress isrsiarikal alloys, a line can be drawn at
around 1 GPa, above which most compositions are brittle and below mbgt compositions are ductile.
This approximation is not realistic, since ductility will depesthong other things, on the alloy
composition, the interstitial element content, grain size anthtad stress state next to the critical defect.
However, the 1 GPa line still correlates better to experirhattgs than the VEC criterion. The

complete list of all compositions plotted on Figure 6.8b is provildable 6.1

BCC meals display a ductilés-brittle transition (DBTT), above which the metal is considere
be ductile. A phenomenon related to the DBTT is observed for WN@ra@TMoNbTaTi alloys, which at
room temperature are brittle, but at higher temperatures betactike. As the temperature goes up, the
yield strength decreases, so again the strength of the masaribe correlated to ductility. The room
temperature compression tests of both these alloys fracture Béfdrdeformation is achieved; the flow
stressat the higher temperature is below the fracture stress @& tivessamples at room temperature,

reinforcing how the stress carried by the sample is cruciahéofracture behavior.

Furthermore, interstitial elements are known to play a bigindiee ductility of BCC metals,
even in small concentrations. The ductility of conventional refraetiboys is significantly decreased by
interstitial element additions. While controlling carbon (C) andgén (N) contents is manageable by
selecting C and N-free crucibles for the production process, oxyges ébigger problem, since it can
be easily incorporated into the melt pool upon production from residualthie furnace chamber. The O
content is not typically reported in RHEAs. In conventional refrgcatioys, O substantially affects the
ductility of some alloys [63]. In other cases, such as biNarHf alloys, the solubility of oxygen is low
[64,65], since Hf@forms, leaving almost no O in solution. Overall, the effechtdrititial atoms in

RHEAs is not well understood and further research in this arescessary.

The analysis presented here suggests that stronger RHEAs arikelpte be brittle for the
simple reason that the stress applied to the material durirtgcle®rmation is higher. Alloys with
higher W, Mo and Cr contents were shown in Part | to be typicatinger since they are stiffer and tend
to have higher atomic size and elastic modulus mismatche$ieCiter hand, alloys with Ti, Zr and Hf
tend to be softer. For this reason, RHEAs with higher contentesé latter elements will have more

ductile tendencies compared to those with the former elements.



Table 6.1 Room temperature ductility and yield strength of sevemlB{I€ metals, conventional alloys
and RHEAs from this work and literature [14,18,19,35,49,50,54D62]. Anvedlsyconsidered ductile if it
could deform 30% in compression or at least 3% in tension.

Alloy Vec | oo temperalute | ite?
Pure Metals and Conventional Alloys
Pure Ta 4.7 393 No
Pure Nb 5.05 158 No
Pure Mo 5.11 450 No
Nb70Ti30 4.92 537 No
Nb95W5 4.93 310 No
Nb89W11 51 620 Yes
Nb92Ti8 5.09 380 No
Nb93.5Hf5.5Zr1 5.08 275 No
Taw10 5.06 1275 Yes
Ta91W4.5Mo04.5 4.7 648 No
Ta90W8Hf2 5.05 661 No
Ta88W10Hf2 5.11 723 No
RHEAs
NbTaTi 4.7 573 No
WNbTaTi 5 1056 Yes
MoNbTaTi 5 1211 Yes
HfNbTaTi 4.5 834 No
CrMoNDbTi 5.25 1631 Yes
CrMoTaTi 5.25 1795 Yes
AINbTaTi 4.25 1151 No
NbMoTaw 5.5 1058 Yes
VNbMoTaWw 54 1246 Yes
HfMoTaTiZr 4.6 1600 Yes
HfNbMoTaTiZr 4.7 1512 Yes
HfosNbosTao5Ti1sZr 4.25 900 No
MoNbTaV 5.25 1500 Yes
HfNbTIZr 4.25 890 No
MoNDbHfZrTi 4.6 1719 Yes
TaNbHfTiZr 4.4 929 No
AIMOosNbTay sTiZr 4.3 2000 Yes
AloHfoeNbTaTiZr 4.32 1841 Yes
AINbTIV 4.25 1000 Yes
AlCrosNbTiV 4.4 1300 Yes
AINb1sTa5Ti1.57r05 4.2 1280 Yes
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6.7! High-Throughput RHEA Alloy Development

Developing high-throughput models or characterization techniques for prppedigtions
allows [66D69] for the evaluation of large alloy composition fieldstimely fashion. With high-
throughput methodologies, evaluating a quinary system would not require huoidesgeriments;
instead, it can be modeled by computational alloy design and/or by nealdntharacterizing a few
compositionally-graded samples. Analytical models are advantageoushspaan be applied to larg

composition fields.

The models developed in this work are an important step in thigidireBy being able to
perform high-throughput solid-solution strengthening calculations in RH&ERsge number of RHEAS
can be studied in a realistic amount of time, which includes isigan-equiatomic compositions.
Although non-equiatomic RHEAs [50,70D72] have been produced and studied, thisitomfielsl is
enormous and, therefore, the amount of experiments performed areraplingaan infinitesimal area of
this composition space. In FCC non-refractory HEA systems, ivéas shown recently that predictive
modeling [69] can be used to identify alloys with significantly better ptigsen the non-equiatomic

composition space.

Alloy design insights can more easily be extracted from compreteepsiperty models. Trial-
and-error experimentation is not adequate for dealing with the largeosiiiaon space of RHEASs.
Models for other interesting properties, sasloxidation resistance or precipitation strengthening could
be combined with the models developed here. This mix between coropatatioy design and

experimental testing of selected compositions is the most pngnigy of exploring RHEASs.

Moving forward, the ductility of RHEAS needs to be further invest@jd@ndamentally
understanding how the material composition and the interstitial pteroetent impact ductility are
relevant scientific questions. The effect of interstitialst@nlow temperature strength is related to the
ductility problem since interstitials in BCC metals aregpotsolid solution strengtheners. From a
practical standpoint, several compositions shown in Figure 6.8b havsttegths, therefore finding
strong RHEAs is typically not an issue. Finding compositions avighod strength-ductility balance is
more challenging. For low temperature applications, grain sizeersént is a common way of increasing
strength without losing too much ductility, which could be appliedltavar strength RHEA. However,
this might not be practical for high-temperature applications.H®sitdtter case, having an alloy with a
moderate athermal yield stress tuith alow thermally-activated component might be a solution would
have relatively similar yield stresses from low to high terajpees, and possible an acceptable ductility

at all temperature ranges.
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6.8! Summary and Conclusions

The thermally-activated yield stress component of RHEASs, pGe Efractory metals, and

conventional refractory alloys was interpreted using a physics-basael.rifhe following conclusions

were drawn:

¥

The thermally-activated yield strength model adequately reprabenexperimental data of
all the refractory BCC metals and alloys analyzed.

The room temperature yield stresses of all RHEAs have disagtiithermally-activated
contribution that needs to be evaluated separately from the atteenmadnent when the
yield stress of these materials is modeled.

The activation energy barrigfd) and the lattice resistance at 0 %g)(are higher in RHEAs
in comparison to conventional alloys and pure metals; this explaimégihastrength of
RHEAs at room temperature, which have large thermal and ahgietd stress components
at this temperature.

NeitherFo nor % can be predicted by any rule of mixtures treatment of the valube pfire
metals, since the thermally-activated deformation mechanidynsrrehort-range
interactionsthat deviate from average values.

The ductility of the RHEAs produced in this work are discussedtegeiith data from the
literature of other RHEAS, pure metals and conventional allojsshown that the stronger

alloys are more likely to be brittle, this is the major factmmtrolling ductility of RHEASs.
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CHAPTER 7
SUMMARY AND CONCLUSIONS

A summary of this dissertation is presented here, togethertvetinain conclusions.

Recommendations for future work are also provided.

7.1!  Summary and General Conclusions

High entropy alloys (HEAS) are new and promising classes of ncetifittys that can be
designed to have desirable combinations of properties. In this studglidhsolution strengthening of
HEAs was investigated, where the goal was to understand which parsucentrol it. It was shown that
the behavior of HEAs is mostly similar to that of conventional ajlogs similar parameters were
observed to control solid-solution strengthening. However, it was ladsensthat the magnitude of the
strength changes upon alloying was more pronounced in HEAs compared to coraletiibys. The
strengths of several single-phase face centered cubic (FCC) anddmbesed cubic (BCC) HEAs were
experimentally measured; these results were used to developrdiffege-throughput models for quickly

assessing the solid-solution strengthening behavior of HEAs.

It was shown that the room temperature solid-solution strengthentiagibeof FCC HEAs
based on the CrMnFeCoN system can be effectively representeddsgrdiimodels based on atomic size
mismatch. Two models from the literature were evaluated, amaltoteme was shown to be extremely
dependent on the atomic radii used. A strategy was developed toyidieatihost physically significant
atomic radii set, such that reasonably accurate predictions &iblppasing this approach, it was
possible to perform high-throughput alloy design strategies and tofydgigtiificantly stronger non-

equiatomic HEAs in this system, compared with the strongest epeged previously in the literature.

A high-throughput experimental methodology was also developed to chamacteri
compositionally-graded alloys from this system, which involved nanoindemizmbined with EDS
measurements and conversion models from the literature that cateddiehardening to assess the yield
stress of a large number of compositions quickly and accuratelyquémditative agreement of this
methodology was good, and enabled the design of bulk alloys tested uniter tieasmatch strength

predictions.

The microstructures of several new BCC refractory HEAs (Ré)E¥ere characterized by multi-
scale characterization techniques. The experimental resubscormpared to different phase prediction
tools available in the literature for HEAs. Specific stragedor alloy design were discussed.

Thermodynamic simulations can be accurate, if a complete daiahasel. Empirical thermodynamic
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parameters are shown to be inaccurate when applied to a large gRIdgAS$, but can be a powerful
alloy design tool if applied on specific subsystems of alloys. dfyisoach was effective in enabling the

production of several single-phase RHEAs for mechanical property studies

The solid-solution strengthening behavior in BCC RHEAs was shobe toore complex than
in FCC HEAs. The strength of these materials was shown torbpased of athermal and thermal
components, where the athermal component results from the disldogiactonswith cdlective
solute effects, namely, average atomic size and elastic madidostch of the lattice. The yield stress
generated from these interactions can be modeled with reasonabigcgagsing a model developed in
this work. Unlike the FCC alloys where the elastic modulus @iismcontributions can be ignored, it

was important to include them for the RHEAS to generate aecyiedt stress predictions.

The room temperature yield stress of all RHEAs has a signtfibhermally-activated contribution
that needs to be evaluated when the yield stress of theséamsasemodeled. This comes from localized
interactions between the dislocations and the solute fieldsaamdiche predicted by average terittse
activation energy barrier andetthattice resistace at O K are higher in RHEAs in comparison to
conventional alloys and pure metals; this explains the high strenBtHEAs at room temperature. They

have large thermal and athermal yield stress components antipisrature.

7.2!  Recommendations for Future Work

The present work has opened up several possibilities for HEA aN@jogenent. For the FCC
HEAs, there are several interesting elements that caddael 4o the CrMnFeCoNi system to improve
corrosion resistance, strength and toughness. Clearly, the high-througdtbatiatogies developed here
can guide the discovery of new alloy compositions. This can be fimipeoved by combining other
methodologies as well. For example, if corrosion resistancepisriemt, a methodology could be
developed to select for this property, and used in combination wittrémgth predictions performed
here. Also, if further increase in alloy strength is the gdehtifying alloying additions and
thermomechanical processing strategies that enable better mictestl control (e.g., refined grain size,
precipitation hardening, etc.) can be pursued in a more rapid and ajstEshion. On a more
fundamental level, better experimental links to confirm the oelatiip between lattice size mismatch and
strength could be pursued; this could help identify where the simple snaskl here are applicable, and

where they could be enhanced to improve quantitative strength predictions.

For the BCC RHEASs, additional work is warranted on both the appliefbaddmental levels
On the applied side, the models for athermal yield stress dedehepe could be used to design a strong,
high-temperature alloy with high to moderate ductility at roonpesature. Oxidation is a bigger

problem compared to corrosion in these alloys; knowledge of how to farethanically stable passive
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layer would enable the development of strong and stable alloys fartoefrapplications. On the more
fundamental side, further understanding of what is controlling the thgractivated deformation
behavior is important, separating the effect that is inherent @ M&als and determining what
contribution is attributed to interstitial elements. This migkblve a combination of stress relaxation
tests, internal friction tests, and/or cryogenic mechanistihte As shown here, at room temperature the
strength contribution is high, but it is also alloy specific. Undadihg how Al is affecting the strength
and ductility would be a significant advancement, as Al is desiidz® to its low density and good
oxidation resistance. This may be a key alloying addition to RHE&shown, several RHEAs are quite
strong, yet there is no fundamentally sound model for the prediction tiftgwed toughness, which are
crucial for more effective RHEA alloy design. Overall, the kvperformed in this dissertation presents

new opportunities for high-throughput HEA alloy development.
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