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 ABSTRACT 

Advanced high strength steels containing metastable austenite are of considerable interest due to 

the combinations of strength and ductility that are achieved via austenite transformation to martensite 

during deformation. A methodology is presented to design microstructures containing systematic amounts 

of metastable austenite with controlled stability against transformation based on Mn enrichment of 

austenite during intercritical annealing of medium Mn (5 to 10 wt pct.) low carbon (0.1 and 0.15 wt pct.) 

steels. Five steels were selected for experimental investigation. Three cold rolled low C (0.1 wt pct. C) 

medium Mn-TRIP steels (5.1, 5.8, and 7.1 wt pct. Mn) steels were annealed at temperatures between 

575 °C and 675 °C for 168 hr to enrich austenite in C and Mn. The predicted amount of Mn in austenite 

decreased from 14.7 wt pct. (575 °C) to 8.5 wt pct. (675 °C) in the 7.1Mn-0.1C steel. The heat treated 

microstructures consisted of ferrite, ε, and α’ martensite and austenite amounts between 0 and 47.5 pct. 

Two low C (0.14 wt. pct.) medium Mn (7.4 and 10.1 wt pct.) high Al (1.6 wt pct.) steels were annealed 

using a two-step method, intercritical annealing at 600 °C or 700 °C for 96 hr followed by cold rolling 

and supercritical annealing at 850 °C to produce martensitic microstructures with retained austenite. 

Uniaxial tensile testing, stress relaxation testing, and electron microscopy were used to characterize 

microstructural changes with deformation; in situ neutron diffraction was also performed on selected 

steels. The intercritically annealed 0.1C Mn-TRIP steels displayed systematic changes in tensile behavior 

dependent on the intercritical annealing temperature; ranging from high-ductility limited work hardening 

for the lowest test temperature (575 °C, 32.6 wt pct. austenite), to increasing strain hardening resulting in 

high strength and ductility (600 °C, 38.8 wt pct. austenite) to low ductility, high strength at the highest 

annealing temperatures (650 °C, 47.5 wt pct.). The stability of austenite during deformation depended on 

the C and Mn content of austenite, lower Mn contents corresponded to rapid transformation at yielding 

(650 °C) while high Mn contents resulted in limited austenite transformation (575 °C); optimum tensile 

properties resulted from significant austenite transformation above 10 pct. strain (600 °C). Heat treatment 

of the medium Mn-0.14C-1.6Al steels resulted in martensitic microstructures with alloy and processing 

dependent amounts of retained austenite, 8.5 wt pct. in the 7.4Mn-0.14C-1.6Al steel and 22 wt pct. in the 

10.1Mn-0.14C-1.6Al steel. The 7.4Mn-0.14C-1.6Al steel showed power law hardening after austenite 

transformation resulting in plastic instability while the 10.1Mn-0.14C-1.6Al steel displayed apparent 

brittle fracture during uniform deformation. The change in tensile behavior corresponded to a change in 

the distribution of internal stresses between phases with austenite transformation. Austenite morphology 

is suggested to control the distribution of internal stresses in the microstructure.  
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CHAPTER 1 : INTRODUCTION  

Research on new AHSS has led to the development of steel grades displaying a range of uniaxial 

tensile properties as required by automotive designs optimized for fuel efficiency and safety [1]. ‘First 

Generation’ AHSS grades are based predominantly on ferritic microstructures with the addition of low 

temperature transformation products to increase strength.  Austenitic steels, including stainless steels and 

recently developed twinning induced plasticity (TWIP) steels, exhibit combinations of both high strength 

and ductility and constitute a group of steels referred to as the ‘Second Generation’ AHSS.  While the 

properties of these families of steels are impressive there is significant interest in developing 

microstructural concepts for new AHSS grades to meet the evolving needs of automotive design.  These 

so called ‘Third Generation’ AHSS will be based on novel new microstructures allowing formable high 

strength steels to be produced.  In comparison to the first generation AHSS, it is anticipated that these 

steels will have increased amounts of retained austenite with controlled stability against deformation-

induced transformation to martensite [2] without the necessary alloy additions of second generation 

AHSS [1]. While there have been numerous reports of tensile properties, austenite stability, and 

microstructural development with deformation on AHSS, extensive fundamental studies on the sequence 

of deformation and contribution of individual constituents to increased work hardening are limited. 

The contribution of this work is to highlight the effects of austenite fraction and stability on 

tensile properties of advanced high strength steel (AHSS) to identify microstructures of interest for the 

third generation AHSS.   In situ neutron diffraction during uniaxial tensile deformation was used to 

investigate the role of austenite during tensile deformation via measurement of elastic phase strains, 

diffraction peak broadening, and austenite transformation kinetics.  Neutron diffraction a is unique tool 

for the investigation of microstructural affects on deformation since measurements are performed during 

deformation of material in a three dimensional stress state with the phases constrained by the adjacent 

microstructure. 

Medium manganese (Mn) transformation induced plasticity (TRIP) steels were selected for 

experimental investigation.  Heat treatment methodologies were developed to generate a range of 

austenite fractions and stabilities resulting in processing path dependent tensile properties and work 

hardening behavior.  Additionally, the role of retained austenite on both the work hardening and tensile 

behavior of martensitic sheet steel microstructures similar to quenched and partitioned steels was 

considered.  
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CHAPTER 2 : BACKGROUND 

2.1 Background 

Research on new AHSS has led to the development of steel grades with improved property 

combinations as required in new automotive designs optimized for fuel efficiency and safety [1–3]. 

Current ‘First Generation’ AHSS grades are based predominantly on ferritic microstructures with the 

addition of low temperature transformation products such as bainite, martensite, and carbon enriched 

austenite to increase strength.  These steel grades include dual phase (DP), transformation induced 

plasticity (TRIP), complex-phase (CP), quenched and partitioned (Q&P), and martensitic steels.  While 

the properties displayed by these steels are impressive, there is a desire to develop steels with improved 

formability at a given strength level [1].  Austenitic steels, including stainless steels and recently 

developed twinning induced plasticity (TWIP) steels, exhibit excellent combinations of strength and 

ductility and constitute a group of steels referred to as the ‘Second Generation’ AHSS.  Stabilization of 

the fully austenitic structure requires high amounts of alloy additions, and thus these steels are expensive 

and have received limited industrial application.  Figure 2.1 shows the relative tensile property bands for 

the first and second generation AHSS. 

 

 
Figure 2.1 Map of strength-ductility combinations for various classes of conventional and 

AHSS with the proposed properties of the third generation AHSS highlighted [1–
3]. 
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There exists an opportunity to develop a new family of steels with properties between the first 

and second generation steels addressing the limitations of each.  The region of interest for ‘Third 

Generation’ AHSS grades are highlighted in Figure 2.1.  Considerable research effort is focused on their 

development [4].  In comparison to the first generation AHSS, it is anticipated that these steels will have 

increased amounts of retained austenite, with controlled stability against strain-induced transformation to 

martensite, in a high strength matrix (ultra-fine ferrite, martensite, or bainite) [2], [3].  Third generation 

AHSS steels are expected to have strength-ductility products (defined by the multiplication of the 

ultimate tensile strength and uniform elongation) in the range of 30-40 GPa•pct. [1].  Beyond simply 

achieving a high strength-ductility product, these new steels should address the formability issues that 

face the higher strength first generation AHSS.  Specific formability issues include sheared edge cracking, 

fracture during forming using stretching and bending, and springback [1]. 

2.2 Composite Modeling to Identify Microstructures for Third Generation AHSS 

Simple composite modeling provides a useful tool to suggest possible combinations of 

microstructural constituents for experimental investigation.  The composite modeling approach for a 

ductile fiber in a ductile matrix, proposed independently by Mileiko [5] and Garmong and Thompson [6], 

shows applicability to the complex microstructures found in AHSS [2], [3].  The model assumes the 

composite structure consists of multiple ductile phases and applies load balance between the constituents 

using a rule of mixtures.  The individual microstructural constituents are assumed to deform in a 

condition of iso-strain.  Figure 2.2 shows a schematic of the construction of the model, where the 

individual stress-strain behaviors of the individual constituents are shown separately along with a 

hypothetical mixture of the two phases.  The individual stress-strain behaviors of the constituents may be 

described in one dimension by a power law equation such that:  

 jn
jj k εσ =  Eq. 2.1  

where: σj is the true stress, kj  is the Hollomon hardening parameter, and nj  is the strain hardening 

exponent for each j constituent and ε is the sample true strain.  The iso-strain assumption allows 

constituents to share the independent strain variable in the power law equation (Eq. 2.1).  The composite 

stress equation is written following the rule of mixtures as: 

 ∑
=

=
n

j

n
jjiCCi

jkAA
1

,, εσ  Eq. 2.2  

where Ai,j is the instantaneous cross sectional area of the jth constituent, Ai,C is the instantaneous 

constituent cross sectional area of the composite, and σC is the uniaxial composite true stress summed 

over n constituents.  If the relative constituent cross-sectional areas are assumed to remain constant 
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compared to the composite cross sectional area during uniform deformation and the material is isotropic, 

then the area terms may be converted to volume fraction (fi).  For a two-phase mixture the final 

expression for the composite true stress is: 

 21
2211

nn
C kfkf !!" +=  Eq. 2.3  

The composite ultimate tensile strength and uniform elongation may be calculated by applying a 

suitable instability criterion [5], [6]. 

 

 
Figure 2.2 Schematic of the composite model proposed by Mileiko [5], [6] showing 

predicted theoretical composite deformation behavior and applying the instability 
criterion to the composite generated by combining the individual components via 
a rule of mixtures to predict uniform elongation and ultimate tensile strength of 
the composite. Figure from Matlock and Speer [2]. 

 

2.2.1 Comparison to Experimental Results 

Davies successfully applied the modeling philosophy proposed by Mileiko [5], [6] to represent 

the properties of a series of dual phase (DP) steels produced from a single alloy with varying fractions of 

martensite [7], [8].  Figure 2.3 compares the model predictions (line) to the observed true uniform strain 

for a series of dual phase steels (symbols) with varying martensite fraction.  Although the martensite in 

the as heat treated dual phase structures was not in the form of fibers, as was necessary for the 

assumptions outlined by Mileiko [5], the model reasonably represents the data in Figure 2.3. 
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Figure 2.3 Comparison between experimental results and composite model based on the 

methodology by Mileiko [5], [6] for the uniform true strain (n) as a function of 
ultimate tensile strength for a series of dual phase steels with varying fractions of 
martensite and ferrite.  Figure taken from Davies [7], [8]. 

 

Figure 2.4 highlights the importance of the ultimate tensile strength (UTS) of the ‘soft’ phase 

from the work by Davies [7].  In the figure families of predicted n values (the uniform strain) are plotted 

as a function of ultimate tensile strength for three different assumed martensite ultimate tensile strengths 

(1380 MPa, 2000 MPa, and 2620 MPa) and two assumed ferrite strengths (480 MPa and 275 MPa). 

Changes in the relative strength of ferrite had a much more pronounced effect on the predicted ductility of 

the composite than changes in the assumed strength of martensite. 

For example, for a given composite ultimate tensile strength of 800 MPa, increasing the strength 

of the ferrite matrix from 275 MPa to 480 MPa while maintaining a constant martensite strength 

(1380 MPa) resulted in an increase in the true uniform strain (n) from 0.12 to 0.17.  By contrast, at the 

same composite strength, increasing the martensite strength from 1380 MPa to 2000 MPa at a constant 

ferrite strength (275 MPa) resulted in an increase in the observed ductility from 0.12 to 0.14. This 

pronounced increase in strength based on the strength of the ‘soft’ phase suggests that the interactions 

between phases play a significant role in determining the composite properties of AHSS. 
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Figure 2.4 Calculated uniform true strain as a function of UTS for a series of DP steels with 

varying fractions of martensite and ferrite with several ratios of martensite 
strength to ferrite strength.  The pearlite containing as received structure and 
intercritical dual phase (IDP) annealed pearlite steel are for reference.  Figure 
taken from Davies [7]. 

Recently, Ojima produced a multilayered steel for investigation of strain partitioning between 

austenite and martensite in AHSS [9].  The authors used roll bonding to laminate a martensitic low carbon 

(WT780C) and austenitic stainless steel (SS316L) to produce a composite with approximately 20 vol pct. 

martensite in a stable austenitic matrix [9].  In situ neutron diffraction was used to monitor strain 

partitioning between constituents during uniaxial tensile deformation.  Upon yielding, plastic strain was 

initiated in austenite while martensite continued to deform elastically, a condition of iso-strain was 

maintained to approximately 400 MPa.  At approximately 400 MPa, the macroscopic yield stress, 

martensite plastic flow initiated and both phases deformed to accommodate sample strain [9].  The stress 

strain curves for both the composite and individual constituents were reported allowing constituent 

properties to be input into a Mileiko model construction.  The reported sample ultimate tensile strength 

was calculated as 935 MPa at a uniform elongation of 35 pct. [9] while the simple iso-strain composite 

model resulted in an estimated a composite ultimate tensile strength of 927±2 MPa at a uniform strain of 

32.0±0.1 pct.  The good agreement between the predicted and observed tensile properties suggests that 

simple composite modeling is useful for guiding AHSS development. 

2.2.2 Model Application to Third Generation AHSS 

Following the work done on DP steels [7], [8] Matlock et al. [2], [3] applied the model proposed 

by Mileiko [5], [6] to hypothetical microstructures of interest for the third generation AHSS.  Based on 

the strength-ductility map in Figure 2.1 TRIP steels with metastable austenite at room temperature were 

identified as being of interest to achieve third generation AHSS properties.  The constituent properties 

used by Matlock et al. are listed in Table 2.1; the values in Table 2.1 represent reasonable properties for 
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ferrite, martensite (from Davies [8]), and stable austenite from a 25 wt pct. manganese TWinning Induced 

Plasticity (TWIP) steel [10].  The results of these predictions are shown in Figure 2.5 overlain on the 

strength-ductility map from Figure 2.1.  In Figure 2.5 it is immediately apparent that varying fractions of 

ferrite and martensite reasonably represent the properties of the first generation AHSS and that mixtures 

of stable austenite and martensite fall within the property band for the third generation AHSS [2], [3]. 

 

Table 2.1 – Power Law Constants for Steel Constituents in Composite Model [2], [3], [10] 

Constituent Engineering 
UTS (MPa) 

Uniform True 
Strain 

Ferrite 300 0.3 
Austenite 640 0.6 
Martensite 2000 0.08 

  
 

 
Figure 2.5 Overlay of predicted strength-ductility combinations as generated by the 

composite model by Mileiko on top of the strength-ductility map for AHSS [2], 
[3].  The point corresponding to a martensite volume fraction (MVF) of 
50 vol pct. is highlighted. 

Matlock et al. also considered the effect of metastable austenite on the composite behavior [2].  

To represent the influence of metastable austenite a three phase microstructure of ferrite, martensite, and 

austenite was considered; the initial austenite amount was varied between 0 and 85 pct.  Figure 2.6a 

shows the four relative austenite stability conditions which were assumed based on the Olson-Cohen 

model for austenite transformation with strain [11].  Figure 2.6b highlights the pronounced influence the 

relative austenite stability has on the composite properties utilizing the iso-strain model outlined above.  

For microstructures containing austenite of very low stability, labeled C and D in Figure 2.6, the resulting 
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tensile properties mirror those of the ferrite-martensite mixtures plotted in Figure 2.5.  The authors 

attributed the low ductility to austenite transformation at too low a strain to effectively contribute to 

enhancing ductility.  In contrast, the higher austenite stability conditions (labeled A and B) resulted in 

predicted tensile properties within the regime for third generation AHSS development [1], [2].  These 

results highlight the importance of not only austenite fraction on improved tensile performance, but also 

of austenite stability during deformation. 

 

 
(a) (b) 

Figure 2.6 Plots of a) relative austenite stability as a function of sample true strain following 
the Olson-Cohen model [11] and b) the relative strength and ductility of a three 
phase composite consisting of ferrite, martensite, and metastable austenite 
emphasizing the influence of austenite fraction and stability on strength and 
ductility [2]. 

2.3 Advanced High Strength Steels 

Based on the simple composite modeling presented in Figure 2.5, it is anticipated that 

microstructures of interest for the third generation AHSS will consist of high volume fractions 

(20-40 vol pct.) of metastable retained austenite with controlled deformation-induced transformation to 

martensite in a high strength matrix which may include ultra-fine grained (UFG) ferrite, martensite, or 

bainite [2], [3].  Recent research into design concepts for third generation AHSS have been summarized 

by De Moor et al.[4]. 

Zackay et al. realized the potential benefit of retained austenite for improved ductility in the late 

1960’s and coined the concept of TRIP steels and the so-called ‘TRIP effect’ [12].  Figure 2.7 highlights 

the potential for improved ductility with metastable retained austenite in a pair of TRIP modified dual 

phase steels from the work by Marder [13].  In Figure 2.7a the ductility of the steels is shown to improve 
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with increasing amounts of retained austenite in the steels.  Figure 2.7b shows the stability of retained 

austenite in the 0.1C steel with sample strain.  Marder concluded that the decrease in austenite fraction 

with strain was responsible for the high work hardening observed at yielding in dual phases steels [13]. 

 

  
(a) (b) 

Figure 2.7 a) Comparison between the observed tensile elongation as a function of retained 
austenite content for two low carbon steels annealed to form TRIP modified dual 
phase steels and b) austenite fraction as a function of strain for the 0.1C steel. Figures 
adapted from Marder [13]. 

 

Since the late 1970’s and early 1980’s there has been substantial work done on the development 

of TRIP steels for automotive applications [4].  Some of these processing routes include: TRIP modified 

dual phase steels [14], carbon stabilized austenite in bainitic microstructures [15–20], the family of so 

called ‘Super Bainite’ steels where carbon partitioning occurs at low temperature resulting in an ultra-fine 

grain mixture of bainite and retained austenite [21–23], quenched and partitioned steels (Q&P) [24–27], 

and ultra-fine grained Mn-TRIP steels [28–39].  Figure 2.8 shows the gauge length adjusted total 

elongation as a function of ultimate tensile strength for some selected results from the literature and 

highlight the range of tensile properties displayed by various TRIP steels [4], [40].  A summary of these 

properties was recently discussed by De Moor et al. [40] and no strong or universal relationship between 

improved properties and retained austenite amount was found.  The role and importance of retained 

austenite on improved performance therefore remains unclear [40].  To highlight the influence of 

metastable austenite on the tensile performance of AHSS two processing routes were selected for 

investigation here; ultra-fine grained Mn-TRIP steels and martensitic steels with retained austenite. 
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Figure 2.8 Sample gauge length adjusted total elongation as a function of ultimate tensile 

strength for TRIP steels processed via various approaches.  Figure from 
De Moor et al. [4], [40], [41] 

2.4 Ultra-Fine Grained Medium Manganese TRIP Steels 

While several alloy systems and processing paths are under consideration for production of new 

AHSS grades, one approach of particular interest is intercritical annealing of medium manganese (Mn), 

i.e. 5 to 10 wt pct. Mn, low carbon steels to produce microstructures consisting of UFG ferrite and 

austenite.  Manganese can fully stabilize austenite in steels with bulk alloy additions between 

15-20 wt pct., as has been done with the development of twinning induced plasticity (TWIP) steels 

characteristic of the Second Generation AHSS shown in Figure 2.1 [10].  This high level of alloying is 

more costly and leaner compositions are also desired.  Additionally, very high manganese additions 

potentially pose serious processing impediments such as manganese vaporization and mold erosion 

during casting as well as challenges in rolling and annealing.  In UFG medium Mn-TRIP steels, Mn 

enrichment of austenite during annealing in the two phase ferrite and austenite region stabilizes austenite 

to room temperature on subsequent cooling [36], [37], [42], [43]. 

Ultra-fine grained ferritic steels have been of significant interest in the ferrous research 

community due to the high strength levels which can be attained [44]. Song et al. [45] reviewed the 

significant research efforts which have been devoted to the characterization and manufacture of ferritic 

UFG steels.  However, despite the high strength levels developed in UFG ferritic steels, between 

600 MPa and 1000 MPa, there are two significant impediments to their widespread implementation.  First 

is the overall lack of ductility displayed by UFG microstructures; UFG ferritic steels frequently deform 
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via pronounced Lüders deformation resulting in necking during Lüders strain [44], limiting their 

application in forming situations.  The second impediment to the widespread use of UFG ferritic steels is 

the difficulty in the manufacture of the UFG structure on an industrial scale [45].  Typically UFG ferritic 

steels are produced via severe plastic deformation and cold work followed by rapid heating and cooling to 

recrystallize the microstructure.  These types of operations are difficult to realize on an industrial scale, 

and UFG ferritic steels have been largely restricted to laboratory scale processing.  UFG Mn-TRIP steels 

combine some of the key benefits of both UFG steels and higher Mn containing steels while addressing 

the major processing impediments of each. 

Miller introduced UFG Mn-TRIP steels in his paper on producing ultra-fine grained alloy steels 

through intercritical annealing in the two phase ferrite-austenite region [28].  One of the steels produced 

by Miller had a nominal composition of 5.7 wt pct. manganese and 0.11 wt pct. carbon [28].  The steel 

was heavily cold worked in increments from 65 pct. to 85 pct. as tempered martensite and was then heat 

treated at either 600 or 640 °C for between 1 and 16 hours.  Though the goal of this investigation was the 

production of ultra-fine grained microstructures, the steels created had very high fractions of austenite at 

room temperature after the annealing treatment.  Figure 2.9 shows the austenite fraction at room 

temperature after a 1 hr annealing treatment at the temperatures listed on the figure.  A distinct maximum 

is observed in the amount of room temperature austenite, corresponding to 30 wt pct. for the samples 

annealed at 640 °C.  Figure 2.9 also includes hardness data from the as heat treated steels, the hardness 

decreased with increasing annealing temperature until approximately 650 °C before increasing rapidly 

with increasing annealing temperature. 

 
Figure 2.9 Austenite fraction and hardness as a function of annealing temperature for an 

ultra-fine grained 5.7Mn-0.11C after 1 hr at the intercritical annealing 
temperatures.  Figure adapted from Miller [28] 

Miller also reported on the effect of cold deformation on the resulting as heat treated 

microstructure.  Figure 2.10 shows representative transmission electron micrographs of the steel annealed 

at 600 °C for 16 hr.  The steel in Figure 2.10a was annealed from the hot rolled condition, annealing after 
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hot rolling resulted in sluggish nucleation of the recrystallized austenite grains producing a relatively 

coarse grain structure [28].  In contrast, Figure 2.10b shows the microstructure after cold deformation and 

annealing, cold work prior to annealing resulted in a mixture of fine recrystallized ferrite and austenite 

due to the rapid recrystallization on heating. 

  
(a) 

  
(b) 

Figure 2.10 TEM micrographs of ultra-fine grained 5.7Mn-0.11C after a) hot rolling and b) 
cold rolling and annealing for 16 hr at 600 °C for two separate magnification 
levels.  Figure adapted from Miller [28] 

 

One of the key results by Miller was the definition of three types of yielding behavior for UFG 

alloy steels containing metastable austenite; Figure 2.11 shows the stress strain behavior for each of these 

behaviors.  Type I deformation is typical of the results reported elsewhere for UFG ferritic steels [44], 

[45] where yielding is via Lüders deformation and a neck forms during the propagation of the Lüders 

band.  In Type I deformation no uniform plastic strain is observed.  Type II deformation is characterized 

by Lüders deformation followed by a period of low work hardening uniform plastic deformation.  In the 

steels displaying Type II deformation, ductilities up to 30 pct. were reported despite the low work 

hardening rate.  The third type of behavior was characterized by pronounced work hardening after Lüders 

strain, resulting in a unique combination of high strength and ductility in the as heat treated steels, up to 
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1140 MPa at 30.5 pct. total elongation for the 5.7Mn steel annealed at 640 °C for 1 hr. In the steels 

displaying Type III deformation austenite transformation was observed and produced serrated flow in 

some conditions [28].  The work by Miller acted as a starting point for several other investigations and 

highlighted the importance of cold work prior to annealing to produce UFG mixtures of ferrite and 

austenite. 

 
Figure 2.11 Three types of stress strain behavior for ultra-fine grained alloy steels containing 

metastable austenite as defined be Miller [28] 

 

There have been numerous studies on the properties of medium Mn-TRIP steels [29–39] after the 

initial work by Miller [28].  Huang et al. [29] studied the austenite development though annealing in a set 

of 5 wt pct. manganese steels.  Samples were heated to 650, 675, and 700 °C for 20 min to 26 hr followed 

by water quenching or slow cooling at 0.03 °C/s.  The study showed an increase in austenite fraction 

during annealing with increased holding time but a decrease in austenite stability to room temperature 

after prolonged holding, indicating a decrease in austenite stability with increased annealing time 

(Figure 2.12).  The authors attributed the high austenite fractions after short time annealing to manganese 

partitioning to the austenite in super saturated amounts during rapid recrystallization of hot rolled 

martensitic/bainitic structure.  The decrease in austenite amount at room temperature was suggested to be 

the result of the redistribution of Mn via diffusion lower concentrations with increasing intercritical 

austenite amount [29].  As in Miller’s work, the maximum amount of retained austenite in the final 

microstructures was approximately 30 vol. pct. for the 650 °C heat treatment [28], [29]. 
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Figure 2.12 Comparison between austenite present at intercritical annealing temperature of 

650 °C and after quenching to room temperature for a 5.1Mn-0.12C steel as a 
function of annealing time adapted from Huang et al. [29]. 

Merwin [32–34] produced a set of Mn-TRIP steels to study their response to batch annealing.  

These steels had a base composition of 0.1C with varying Mn contents between 5.18 wt pct. and 

7.09 wt pct. with additional alloying elements representing typical production steels.  Samples were 

subjected to simulated batch annealing in both the hot band and cold rolled conditions, Figure 2.13 shows 

representative time-temperature profiles for the annealing cycles chosen [32–34].  Profiles were selected 

to represent a hot spot (HS) or cold spot (CS) in the coil during the batch annealing cycle [32–34]. 

 
Figure 2.13 Representative annealing cycles for hot rolled and cold rolled and annealed 

medium Mn-TRIP steels from Merwin [32–34].  The profiles for a hot spot (HS) 
and cold spot (CS) in a coil annealed to the same peak temperature are indicated 
on the figure. 
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The goal of the experiments by Merwin was to produce TRIP steels through industrially available 

processing equipment and schedules, using the high manganese content to stabilize austenite to room 

temperature despite the slow cooling cycle of a batch annealing furnace [32–34].  The maximum amount 

of retained austenite was approximately 40 pct.  Figure 2.14 reproduces representative uniaxial 

stress-strain curves from the as heat treated 5.8-Mn steel cold rolled and annealed following the hot spot 

(HS) profile from Figure 2.13.  Tensile behavior depended on annealing temperature.  The lowest 

temperature (593 °C in Figure 2.14a) yielding was via pronounced Lüders elongation followed by 

relatively low work hardening rates, typical of Type II tensile behavior from Figure 2.11.  Increasing the 

annealing temperature to 648 °C resulted in a transition to Type III tensile behavior, with pronounced 

increasing work hardening (positive slope to the instantaneous work hardening curve) for true strains 

above approximately 0.11 (Figure 2.14b).  The highest annealing temperatures, 660 °C and 677 °C, 

displayed continuous yielding at relatively low stresses (approximately 380 MPa) followed by high 

instantaneous work hardening rates (Figure 2.14c and Figure 2.14d) [32–34].  Figure 2.15 shows a 

summary of the ultimate tensile strength and uniform elongation values from the studies by Merwin as a 

function of austenite amount at room temperature; the steels with the highest amounts of retained 

austenite displayed tensile properties within the property band targeted by the Third Generation AHSS. 

 

  

  
Figure 2.14 Example stress-strain curves, instantaneous work hardening rate, and 

instantaneous n-value for the 5.8-Mn steel cold rolled and annealed at a) 593 °C, 
b) 649 °C, c) 663 °C, and 677 °C following the hot spot (HS) annealing path 
from Figure 2.13.  Figure from Merwin [33] 
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Figure 2.15 Overlay of the tensile results from Merwin [32–34] and predicted strength-

ductility combinations as generated by the composite model by Mileiko from 
Matlock et al. [2], [3] on the strength-ductility map for AHSS. 

Merwin [34] also observed ! martensite using electron backscatter diffraction techniques in the 

scanning electron microscope.  Figure 2.16 shows the amount of ! martensitein the as heat treated 

microstructures as measured with electron backscatter diffraction.  After intercritical annealing the 

amount of ! martensite in the steels increased with increasing annealing temperature to a maximum of 

approximately 1.6 wt pct. for the 5.8-Mn and 7.1-Mn steels (Alloy 65 and Alloy 66, respectively) samples 

annealed at 650 °C, the amount of observed !  martensite then decreased rapidly with increasing 

annealing temperatures (Figure 2.16) [34]. 

 
Figure 2.16 Fraction of epsilon martensite present after intercritical annealing and slow 

cooling for the5.1-Mn,  5.8-Mn and 7.1-Mn steels (Alloys 64, 65 and 66, 
respectively) as measured by EBSD.  Figure taken from Merwin [34].  
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Lee et al. [35] recently reported on changes in localized plastic deformation with changes in the 

observed flow behavior in a 6.15Mn-0.05C steel annealed at temperatures between 640 °C and 700 °C for 

180 s.  Figure 2.17 shows the pronounced change in stress localization with changes in annealing 

temperature and yielding behavior by plotting the measured engineering stress as a function of time 

alongside infrared thermal profiles taken from the gauge region of the tensile sample at various time 

increments [38].  Figure 2.17a presents the results from the steel annealed at 680 °C, yielding initiated at 

relatively low stress (approximately 450 MPa) and was associated with the propagation of diffuse Lüders 

bands in the microstructure prior to continuous deformation.  In contrast, the behavior of the 640 °C 

annealed steel in Figure 2.17b shows a distinct yield plateau, associated with the initiation of a Lüders 

band at on end of the sample, followed by relatively low work hardening [35], [38].  Deformation of the 

640 °C annealed steel beyond the Lüders plateau continued to be dominated by localized plastic flow, 

shown by the localization of heating in Figure 2.17b at 190 s and 240 s. 

  
Figure 2.17 Example stress-time curves and infrared thermal profiles for a 6.15Mn-0.05C 

steel annealed at a) 640 °C and b) 680 °C for 180 s and quenched.  The infrared 
thermal profiles highlight pronounced stress localization in the 640 °C annealed 
steel and diffuse Lüders bands in the 680 °C annealed steel [35].  Figure from 
Lee et al. [38] 

 

 

Lee et al. [36] and Lee et al. [37] reported on the mechanisms resulting in the stabilization of 

austenite to room temperature in a set of 6.15Mn-0.05C ultra-fine grained Mn-TRIP steels annealed at 

various temperatures between 640 °C and 680 °C .  Figure 2.18 shows that significant Mn enrichment of 

austenite was possible during intercritical annealing despite the relatively short annealing time of 140 s 

[36].  The principal mechanisms for the observed stability were identified as being the high Mn level in 

austenite and the ultra-fine grain size [37], grains larger than approximately 500 nm were shown to have 

significantly lower stability on cooling to room temperature than grains smaller than 500 nm [37].  
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Figure 2.18 Scanning TEM results for Mn enrichment in austenite during intercritical 

annealing of a 6.15Mn-0.05C steel annealed at 660 °C for 140 s.  Figure from 
Lee et al. [35], [36].  

There have also been several other studies into the application of medium Mn-TRIP concepts 

which focused on the effect of minor alloying elements in addition to Mn and C.  Alloying additions of Al 

are of interest as Al stabilizes ferrite to higher intercritical annealing temperatures; allowing higher 

annealing temperatures to be used to decrease the annealing time required for recrystallization of the 

microstructure and the stabilization of austenite through Mn enrichment during intercritical annealing 

[30], [46].  Alloying additions of Al and Si generally focus on analyzing the adaptability of the Mn-TRIP 

concept to continuous annealing lines. 

While the results of the studies presented here highlight the systematic development of tensile 

properties in ultra-fine grained Mn-TRIP steels with changes in annealing conditions, limited fundamental 

investigations have been performed to highlight the mechanisms behind work hardening in these steels. 

2.5 Quenched and Partitioned Steels 

Martensitic steels with retained austenite processed by Q&P heat treatments have received 

significant attention recently for their unique combinations of high strength with reasonable ductility [24–

27].  The heat treatment and microstructural development in Q&P steels have recently been summarized 

by Speer et al. [27].  De Moor et al. studied the influence of retained austenite fraction and stability on the 

work hardening of Q&P steels [26].  The work by De Moor et al. [26] highlighted that increased austenite 

stability permitted sustained high work hardening rates resulting in the beneficial combination of high 

strength and elongation.  Austenite was shown to transform via strain assisted mechanisms in all cases; 

however, the relatively low mechanical stability of austenite in several conditions resulted in rapid 

transformation with minimal sample strain.  One area suggested for further investigation was the relative 
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influence of the sequence of yielding between phases, and the implications to austenite stability, in 

martensitic microstructures containing retained austenite [26]. 

2.6 Methods to Measure Deformation Behavior 

While there have been numerous reports of tensile properties and work hardening on AHSS, 

extensive fundamental studies on the sequence of deformation and contribution of individual constituents 

to increased work hardening has not been performed.  Several experimental methods are available to 

observe changes in the microstructure with strain, these include: metallographic techniques [18], [47], 

[48], transmission electron microscopy [49], [50], stress relaxation testing [38], [51], [52], and high 

energy x-ray [53–56] and neutron [57–60] diffraction.  Neutron diffraction and stress relaxation 

techniques are unique in sampling representative macroscopic behavior in situ during deformation.  Both 

in situ neutron diffraction and stress relaxation results are presented here to observe the deformation 

sequence in ultra-fine grained Mn-TRIP steels and martensitic steels with varying amounts of retained 

austenite. 

2.7 Fundamentals of Neutron Diffraction 

Neutron diffraction has been employed for the measurement of internal stresses since the late 

1970’s [61], [62].  The historical development and application of neutron scattering to engineering 

applications has recently been review by Krawitz [62].  Neutron diffraction allows the observation of 

internal stresses via the measurement of interplanar lattice spacings (d-spacing) or phase lattice parameter 

in crystalline materials through Bragg scattering.  Fundamentally, the application of neutron diffraction to 

metallurgical problems is similar to laboratory x-ray and transmission electron diffraction.  Incident 

neutrons are scattered by the crystalline lattice to a detector bank, allowing measurement of interplanar 

spacings using Bragg’s law.  Scattering is typically accomplished using neutrons with incident 

wavelengths between approximately 0.05 and 0.5 nm [62]. 

There are two key differences between neutron diffraction and other diffraction based techniques.  

First, the interaction between neutrons and the material under investigation is an atomic effect, compared 

to the electronic effect seen in x-ray or electron interactions.  Interaction with the nucleus of the atoms 

under investigation allows the observation of magnetic and isotopic changes in the material.  Figure 2.19 

shows the relative scattering cross section of atoms as a function of atomic number, atoms with adjacent 

atomic number do not necessarily display similar scattering profiles [63].  Neutron diffraction also allows 

for the investigation of light elements, such as hydrogen, which are not readily observable using x-ray or 

electron based techniques. 

The other difference between neutron diffraction and other techniques is the typically low 

absorption of neutrons by the atoms in most engineering metals.  This allows the investigation of large 
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volumes of material compared to the very small interaction volumes observed using x-rays or electron 

diffraction.  The measurement of bulk samples allows for diffraction measurements from the material in a 

fully constrained state, highlighting the internal stresses in the material due to processing, thermal history, 

or deformation without accounting for artifacts from sample preparation [61], [62]. 

 
Figure 2.19 Plot of coherent scattering length for thermal neutrons as a function of atomic 

number.  Note the negative scattering length for Mn and positive scattering 
length for Fe, highlighted in the figure.  Figure from Price et al.[63].  

Beyond simply measuring internal stresses in fabricated parts, in situ neutron diffraction is ideally 

suited to the measurement of changes in the microstructure with deformation.  For the characterization of 

materials with deformation three types of measurement are of interest; lattice strains [61], [62], diffraction 

peak widths [64–67], and diffraction peak intensities.  Diffraction peak widths have been shown to be 

related to several microstructural features in crystalline materials and may highlight changes in the 

relative dislocation density or grain size of the material [64–67].  Similarly, relative changes in diffraction 

peak intensity indicate changes in the crystalline texture of the material.  Analysis of peak width and 

intensity is commonly employed in the interpretation of x-ray diffraction data. 

2.7.1 Potential Lattice Strain Behavior with Deformation 

In situ neutron diffraction provides a method to directly monitor lattice plane spacings in multiple 

phases as a function of applied load and/or strain during deformation.  These small displacements in 

interplanar spacing serve as microstructurally scaled internal ‘strain gauges’ to monitor deformation in 

crystalline materials.  The relative changes in the atom positions of the compared to an unloaded state 

may therefore be considered an ideal elastic strain.  These strains are related to the applied stress via 

Hooke’s Law, allowing for changes in the stress of a material to be inferred through displacements in 

interatomic spacing.  

Mn 

Fe 
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In single phase material loaded below the yield stress, lattice strains account for all the observed 

elastic strain, resulting in linear and elastic loading.  If the sample is unloaded the phase strains, and 

sample strain, return to zero.  In a polycrystalline material, if the applied stress exceeds the yield stress the 

linear behavior of the lattice strains is maintained, however the slope of the stress versus lattice strain 

behavior for individual crystal orientations changes due to plastic deformation in grains preferentially 

oriented for slip. Figure 2.20 shows the separation of internal lattice strains with deformation via a plot of 

applied stress as a function of lattice strain.  After yielding, the ‘soft’ grains experience less lattice strain 

for an increase in applied stress due to plastic deformation in those grains.  In contrast, grains that do not 

yield (‘hard’ orientations) experience an increase in the amount of elastic strain in accommodation of the 

increase in sample stress. 

 
Figure 2.20 Schematic showing the ideal development of lattice strains in response to applied load in 

a single phase polycrystalline sample. 

In multiphase materials, differences between material properties (e.g. elastic modulus, yield 

stress, or work hardening rate) of the constituent phases result in a divergence between the lattice strains 

of individual phases with deformation.  The amount of separation between elastic lattice strains of the 

unique phases at a specific stress level is a measure of stress partitioning [57], [58].  Harjo et al. [57] 

defined three distinct regimes of deformation in a two phase composite and the ideal development of 

lattice strains are shown schematically in Figure 2.21. Figure 2.21a shows the independent stress-strain 

curves for the two constituents as well as the stress-strain curve for a composite of the individual phases 

while Figure 2.21b highlights the lattice strain response that develops in each constituent with applied 

stress.  For Figure 2.21 the elastic moduli and work hardening rate of the two constituent phases are 

assumed to be essentially identical, however a difference in yield strength is present.  During Stage 1 

deformation, both phases deform elastically and reversibly, resulting in bulk linear and elastic loading 
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with an observed composite elastic modulus.  Stage 2 deformation is marked by the initiation of plastic 

flow in the lower strength constituent.  As shown in Figure 2.21b, the elastic lattice strain of each phase 

continues to increase linearly; however, changes in the stress on each phase due to yielding of the ‘soft’ 

phase, indicated in Figure 2.21a, result in a decrease in the slope of the ‘hard’ phase and increase in the 

slope of the ‘soft’ phase.  In the third stage of deformation the ‘hard’ phase also deforms plastically 

resulting in work hardening rate dependent stresses in each phase and corresponding changes in the lattice 

strains.  Observations of stress loci for changes in the slope of the lattice strain-applied stress behavior 

yield valuable information about the sequence in which various constituents yield plastically and the 

influence of the flow strength of individual constituents on the mechanical properties of the multiphase 

microstructure [57], [58]. 

 
(a) (b) 

Figure 2.21 Schematic showing the relationship between a) stress partitioning in an ideal 
composite and b) the ideal development of lattice strains in response to applied 
load in a two phase mixture. 

2.8 Neutron Diffraction Studies in TRIP Steels 

In addition to the typical lattice strains developed in multiphase materials, deformation-induced 

transformation of metastable austenite to martensite in TRIP steels adds an additional factor to lattice 

strain partitioning behavior due to the dynamic volume fraction changes with deformation and volume 

change between phases with transformation of austenite to martensite.  Several studies have highlighted 

the complex strain partitioning of C partitioned bainitic [56], [68–70] and ultra-fine grained duplex  [57], 

[71], [72] TRIP steels with relatively low (4 to 23 vol pct.) austenite fractions.  After the onset of 

austenite transformation to martensite the observed strain partitioning behavior depends on the specific 
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processing methodology, austenite morphology, and matrix microstructure [69], [70], [73].  Diverse 

experimental results are reported and vary from lattice strains being preferentially transferred to austenite 

as a ‘hard’ phase after the onset of plastic deformation [56], [68–70] to slight austenite relaxation after the 

onset of transformation [57], [72]. 

Figure 2.22 shows a representative plot from the work by Jacques et al. [73] on a 

0.29C-1.42Mn-1.41Si C partitioned bainitic TRIP steel with 1 pct. retained austenite.  Tensile strains 

were preferentially transferred to austenite rather than to ferrite during deformation.  Tao et al. [74] 

reported opposite behavior, with lattice strain partitioning to ferrite (an increase in the amount to lattice 

strain in ferrite for an increase in applied stress) during austenite transformation in a 10Cr-5Ni-8Mn 

ultra-fine grained steel.  The change in behavior may be a result of the ‘large’ grains of austenite present 

in duplex microstructures of ferrite and austenite compared to the fine interlath austenite structure 

generated in C partitioned bainitic based TRIP steels.  The conflicting results between these individual 

studies suggest that complex interactions between constituent phases and phase morphology contribute to 

the observed strain partitioning data. 

 
Figure 2.22 Phase-strain versus macroscopic tensile load for a bainitic TRIP steel with 12 pct. 

retained austenite.  Figure taken from Jacques et al. [73]. 

2.9 Background on Stress Relaxation Testing 

Stress relaxation kinetics are dominated by the conversion of elastic stress to plastic strain via 

thermally activated dislocation motion [75].  By measuring the stress relaxation response of a material 

inferences may be made as to the active dislocation structures.  One methodology recently employed by 

Lee et al. [38] represents the stress relaxation response with a logarithmic expression in the following 

form [75]: 
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where ∆τ is the change in shear stress during the hold, k is the Boltzmann constant (1.381 x 10-23 J K-1), T 

is the absolute temperature during the test, t is the test time, CR is a time constant related to the relaxation 

plastic strain rate, and VA is the volume swept through by mobile dislocations during the hold.  The 

activation volume VA is a relative measure of the active dislocation structure in the material, the relative 

magnitude of VA for several deformation mechanisms in engineering alloys are summarized in Table 2.2.  

The values in Table 2.2 are reported as the apparent activation volume (VA) times the Burgers vector 

cubed (b3) to normalize the values for changes in material dislocation structure.  In body centered cubic 

materials kink-pair motion is the dominant deformation mechanism to overcome the Peierls-Nabarro 

energy barrier due to the non-planar dislocation core [17], [23].  Since this mechanism involves relatively 

few dislocations a relatively low activation volume is observed.  In face centered cubic materials the 

interaction of individual dislocations with surrounding forest dislocations is the dominant mechanism 

controlling dislocation motion during stress relaxation, resulting in a characteristically high activation 

volume [16], [24].  The development of the activation volume with strain in a multiphase material is 

difficult to interpret, as multiple mechanisms may be active at any increment of strain [38].  However, the 

coupled interpretation of stress relaxation data with in situ lattice strain partitioning may highlight the 

relative contributions of various constituents to deformation.  In addition to complementing the neutron 

diffraction data and analysis, stress relaxation testing may provide an additional tool to observe changes 

in deformation structure with strain without relying on access to neutron diffraction or synchrotron 

facilities. 

 

Table 2.2 - Estimated Magnitudes for Characteristic Activation Volumes for Various 
Deformation Behaviors During Stress Relaxation Testing [38], [51], [52], [75–77] 

Mechanism Activation Volume  
(VA x b3) 

Coble Creep ~0.1-1 
Kink-Pair Motion  ~10-100 

Solute Atom Interactions ~100 
Forest Dislocation Interactions ~100-1000 
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CHAPTER 3 : EXPERIMENTAL DESIGN 

3.1 Purpose of Project and Experimental Approach 

Based on observations in literature, and the microstructures of the first generation AHSS, two 

microstructures of interest were identified for investigation in this work; duplex UFG microstructures and 

martensitic steels with retained austenite.  Both, in essence, form UFG microstructures of austenite in a 

second phase matrix.  However, very different microstructural constraint, phase morphologies, and 

constituent strength levels were developed to emphasize the interdependence of austenite and the matrix 

microstructure on improved performance.  The goal of the experimental methodology was to highlight the 

effect of constituent properties and austenite stability on strength and ductility in AHSS to make 

suggestions toward future processing paths of interest. 

Medium Mn steels were selected for investigation due to the ability to be heat treated to produce 

a range of microstructures from a single starting condition.  These steels serve as an ideal basis for model 

microstructures to highlight specific changes in properties with changes in austenite fraction and stability, 

within a high strength matrix.  In this chapter the basic fundamentals for alloy and heat treatment 

selection will be presented. 

3.2 Heat Treatment and Alloy Selection 

Through alloy design and heat treatment it should be possible to use manganese partitioning to 

produce lower alloy steels with reasonable volume fractions of austenite containing high manganese 

contents, with improved stability against transformation to martensite on quenching or during 

deformation.  Bulk alloy additions between 2 wt pct. and 10 wt pct. manganese in low carbon steels are of 

interest to develop heat treatments with the goal to enrich austenite in Mn during intercritical annealing 

for improved stability.  Significant manganese enrichment in intercritical austenite should be possible, 

allowing significant retained austenite fractions at room temperature while avoiding some of the potential 

complications in steels with higher alloying additions. 

To utilize the lower alloy steels to produce complex microstructures with significant amounts of 

Mn-stabilized austenite, a preconditioning heat treatment step is required.  The methodology used for 

developing austenite preconditioning treatments can be divided into three distinct steps: alloy and 

temperature selection based on thermodynamic predictions; heat treatment selection based on kinetic 

diffusion models; and control of cooling conditions based on assumed final chemical compositions.  In 

the following sections, the design approach to predicting alloy compositions, process temperatures, and 

process times of interest are illustrated. 
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3.2.1 Thermodynamic Predictions 

A model alloy containing, in wt pct., 7.1-Mn 0.1-C 0.12-Si is presented to develop the heat 

treatment methodology.  The ThermoCalc® software package was used to estimate the equilibrium 

amount (Figure 3.1a) and composition (Figure 3.1b) of austenite over a range of temperatures between the 

Ae1 and Ae3. Figure 3.1a shows that with an increase in the intercritical annealing temperature the fraction 

of austenite in the microstructure also increases.  Correspondingly, Figure 3.1b shows that the equilibrium 

composition of the intercritical austenite is dependent on the annealing temperature (Figure 3.1b). With a 

decrease in annealing temperature from 700 to 500 °C, the Mn content in the austenite present at the 

intercritical temperature increases from 7.1 wt pct. to 21 wt pct.  The amount of carbon in austenite in 

Figure 3.1b goes through a maximum at approximately 570 °C.  The maximum in carbon content reflects 

the formation of carbides (limited to Fe3C for the ThermoCalc® calculations) below the peak 

temperature, an effect also seen by the bump in the austenite amount curve between 550 °C and 600 °C 

shown in Figure 3.1a. 

  
(a) (b) 

Figure 3.1 ThermoCalc® predictions for a 7.1-Mn 0.1-C 0.12-Si (wt pct.) steel of a) 
intercritical austenite fraction as a function of annealing temperature and b) 
equilibrium composition of Mn, C, and Si in austenite as a function of intercritical 
annealing temperature. The inflection in the curves at around 590°C correlates to 
predicted cementite formation/dissolution [78], [79]. 

 

 

The two plots in Figure 3.1 can be used to identify potential intercritical annealing temperatures 

and possible austenite compositions for microstructures of interest.  From the earlier modeling work [2], 

[3] it was determined that retained austenite contents of at least 20 pct. at room temperature would be 

desired in potential candidate materials for third generation AHSS.  Using the 7.1-Mn steel composition 
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listed above as an example, Figure 3.1a shows that an annealing temperature of at least 535 °C would be 

required.  Correspondingly, if it is desired to have Mn contents of at least 10 pct. to maximize austenite 

stability, then Figure 3.1b shows that the desired compositions can be achieved in the 7.1-Mn alloy for 

annealing temperatures below approximately 645 °C.  Combining these two observations results in a 

window of potential annealing temperatures for which microstructures of interest could be generated.  

This methodology could be applied to other alloys so long as sufficient thermodynamic data are available 

to produce the approximate models.  The next step was to investigate, with diffusion calculations, the 

practicality of a potential partitioning heat treatment in the indicated heat temperature range to obtain the 

desired manganese enrichment of austenite. 

3.2.2 Kinetic Predictions 

Manganese is a substitutional alloying element on the iron lattice of a steel structure.  This results 

in a generally low diffusion rate, especially in the close packed austenite phase.  Since manganese 

enrichment of austenite during a preconditioning intercritical anneal is dependent on long range 

manganese diffusion from ferrite to austenite, generalized diffusion calculations can be used to predict 

annealing times.  Substantial work [36], [50], [80–86] has been done evaluating manganese diffusion in 

steels; the results from these works may be used to attempt to predict the conditions for successful 

austenite preconditioning.  Of particular interest is the recent study by Sun et al. [80] building on earlier 

work by Speich et al. [50], where manganese partitioning in a dual phase steel was studied. Sun et al. 

applied Fick’s law of diffusion to a representative dual phase microstructure, approximating the 

microstructural scales from a model steel.  The results from this modeling effort emphasized that 

complete partitioning of manganese to austenite in traditional steels during a normal intercritical 

annealing cycle was not practical, however a manganese rich rim could be readily produced in the 

austenite grain. 

For the present investigation on Mn enrichment of austenite during intercritical annealing, 

relative diffusion distances were calculated for the two phases in the temperature ranges of interest based 

on the thermodynamic predictions.  This was accomplished by using the equation: 

 DtPx =  Eq. 3.1  

where x is the diffusion distance, P is a constant related to the solution of the error function and the 

symmetry of the problem, D is the diffusivity of manganese in the phase of interest, and t is the annealing 

time.  For this case the solution of the error function was chosen where: 

 4.0
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or that the composition had reached 40 pct. of the equilibrium composition enrichment resulting in a 

P value of 1.41.  This value was assumed to be reasonable since an infinite diffusion solution is being 

used to approximate a finite system, theoretically resulting in overestimated diffusion times.  The results 

of these calculations over the temperature range of 575 °C to 675 °C are presented in Figure 3.2.  The 

calculations show that bulk manganese diffusion in ferrite is practical to distances of approximately 5 µm 

for the highest temperature case (i.e. 675 °C).  However, the diffusion distances in the austenite are 

restricted to very short scales, approximately 1 µm, even at the upper temperature limit.  Diffusion over 

distances of this magnitude can be obtained with a starting microstructure of martensite where the lath 

width would control the critical distance for Mn partitioning.  Starting microstructures other then 

martensite, such as bainite or a coarse ferrite-pearlite structure, would require significantly longer 

diffusion times, in some cases on the order of tens of years to attain any significant manganese 

partitioning to the intercritical austenite. 

 
Figure 3.2 Calculated diffusion distances versus time for intercritical annealing temperatures 

in the range of 575 to 675 °C; manganese diffusion in austenite are shown by the 
open symbols; manganese diffusion in ferrite shown by shaded symbols [87]. 

The diffusion distances in Figure 3.2 were calculated using commonly accepted [87] diffusivities 

for manganese in both ferrite and austenite.  However, there have been several reports in the dual phase 

steel literature of increased apparent manganese diffusion rates during intercritical annealing [50], [81] 

and several reports in the literature surrounding dual phase steels suggest much faster Mn mobility.  

Speich et al. [50] presented Mn enrichment of austenite adjacent to austenite-ferrite grain boundaries in a 

set of 1.5-Mn, 0.006, 0.12, and 0.2-C, 0.24-Si wt pct. steels intercritically annealed to form dual phase 

microstructures.  The authors showed Mn enrichment at ferrite-austenite interfaces after relatively short 

annealing time, approximately 1 hr at 740 °C, followed by an austenite growth regime dominated by Mn 
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diffusion from ferrite to austenite.  They also compared the observed Mn enrichment behavior to simple 

one dimensional diffusion models based on Mn diffusivity values from the work of Wells et al. [88] 

which were much higher than typical substitutional diffusion in austenite.  Pussegota et al. [81] expanded 

on the initial observations by Speich et al. [50] in a study on a 2.63-Mn 0.06-C 0.33-Si wt pct. steel 

intercritically annealed at various times and temperatures to produce a dual phase microstructure.  

Complete Mn enrichment of austenite was observed in the higher annealing temperatures (approximately 

695 °C) within 30 hr and significant Mn enrichment (1.71 times as much Mn in austenite as in ferrite) 

was observed in under an hour.  An apparent Mn diffusivity was proposed specifically for intercritical 

annealing suggesting that the presence of ferrite and the specific temperature ranges of interest for 

intercritical annealing are essential to the enhanced Mn diffusivity.  Figure 3.3 presents the effect of 

changes in the apparent diffusivity of Mn in austenite for the range of annealing temperatures of interest.  

The shaded band in Figure 3.3 corresponds to microstructural scales of interest for UFG duplex TRIP 

steels.  It can be readily seen that the increased apparent diffusivity of Mn in austenite at low temperatures 

makes the concept of Mn enrichment of austenite very plausible, with Mn diffusion into austenite of 

0.25 µm possible in 3 hr to 10 hr using the reported diffusivity from Pussegota et al. [81] and 

Speich et al. [50], respectively. 

 
Figure 3.3 Comparison between manganese diffusion distances at 700 °C in both ferrite 

(open symbols) and austenite (closed symbols) using various apparent diffusivity 
constants as reported in literature [50], [81], [87].  The shaded region represents 
microstructural scales of interest for UFG steels. 

In addition to the idealized kinetic model, Lee et al. [36] and Lee et al. [37] have recently 

reported significant Mn enrichment in austenite in a set of 6-Mn steels during very short intercritical 

annealing cycles, on the order of minutes, after reversion from heavily deformed martensite.  The 

influence of cold work on Mn mobility, via the introduction of high diffusivity paths, had been previously 

suggested by Miller [28], but has not been extensively studied in other sources.  These results emphasize 
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that austenite stabilization via Mn enrichment during intercritical annealing is a viable method to produce 

steels with annealing temperature dependent austenite properties. 

3.2.3 Final Cooling and Austenite Retention 

The high Mn levels in austenite resulting from Mn enrichment during intercritical annealing will 

retard the high temperature phase transformations allowing austenite to be retained to low temperatures.  

The limit of the austenite stability may be approximated by considering the martensite start (Ms) 

temperature and assuming instantaneous quenching from the intercritical temperature to room 

temperature.  The degree of cooling below the Ms will dictate the amount of athermal martensite 

formation.  Martensite start temperatures, as a function of intercritical austenite composition, were 

estimated using the expression proposed by Grange et al. [89] (Eq. 3.3), and the predicted austenite 

compositions from Figure 3.1b. 

 ( ) MoNiCrMnCMs 5035706501000 −−+−−=  Eq. 3.3  

Figure 3.4 shows the results for the predicted Ms temperature as function of annealing temperature using 

Eq. 3.3 and the equilibrium austenite compositions from Figure 3.1b. 

 
Figure 3.4 Predicted Ms temperature as a function of intercritical annealing temperature for a 

7.1-Mn 0.1-C 0.12-Si (wt pct.) steel using the calculated equilibrium 
compositions shown in Figure 3.1a and the Grange and Stewart equation [89].  
The shaded region corresponds to annealing temperatures where no athermal 
martensite formation is expected. 

 

In Figure 3.4 it can be seen that the Ms temperature decreases to a value below room temperature 

for equilibrium intercritical austenite compositions corresponding to a 610 °C annealing temperature.  For 

steels quenched from annealing temperatures below approximately 610 °C all of the intercritical austenite 
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would be present at room temperature, assuming the quench rate were sufficient to prevent high 

temperature transformation products (e.g. bainite, pearlite, and primary ferrite).  For annealing 

temperatures above 610°C insufficient manganese and carbon are present fro full stabilization of austenite 

to room temperature; however some retained austenite will be present so long as the quench temperature 

is above the martensite finish temperature. 

3.2.4 Complete Model for Mn Enrichment During Intercritical Annealing 

The individual concepts presented in the sections above may be combined into one inclusive 

model for austenite fraction retained to room temperature as a function of annealing temperature.  This 

methodology was suggested by De Moor et al. [42] in support of the thesis research presented here and is 

shown schematically in Figure 3.5.  For this analysis the amount of athermal martensite formed (fα’) on 

cooling to room temperature (TQ) is estimated using the martensite start temperature (Ms) predictions 

plotted in Figure 3.4 and the Koistinen-Marburger equation [90] for the amount of martensite formation 

during cooling given in Eq. 3.4. 

 ( )[ ]Qs TMf −−−= 011.0exp1'α  Eq. 3.4  

The amount of martensite formed is then subtracted from the amount of intercritical austenite, resulting in 

a prediction of retained austenite.  

 
Figure 3.5 Schematic of the construction of the predicted austenite fraction at room 

temperature using the model proposed by De Moor et al. [42]. 

For austenite formed at annealing temperatures where the predicted Ms is below room 

temperature, all the intercritical austenite will be retained to room temperature as indicated by the light 

gray band at the top of Figure 3.5 labeled ‘α +γ’.  After athermal martensite formation is predicted the 

amount of austenite at room temperature decreases with increasing annealing temperature, the dark gray 
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bands at the top of Figure 3.5 highlight regions where athermal martensite formation is predicted.   The 

intersection between these two regions results in a characteristic maximum in the amount of austenite that 

can be retained on final cooling, corresponding to a temperature of approximately 610 °C in Figure 3.5. 

Figure 3.6 compares the compiled model for austenite stabilization via Mn enrichment [42] to 

data taken from Miller [28] for a 5.7-Mn 0.11-C wt pct. steel intercritically annealed between 525 °C and 

725 °C for one hour.  Overall, the shape of the predicted austenite fraction mirrors the shape of the 

experimental data, suggesting that the model captures the key aspects of austenite retention to room 

temperature.  However, the peak in austenite fraction is shifted to lower temperatures and the maximum 

in retained austenite amount is approximately 7 pct. less than the experimental data [42]. 

The difference in the amount of austenite at a given temperature below the predicted peak in 

retained austenite may be due to the kinetic aspects of Mn enrichment; resulting in austenite with 

significant Mn gradients allowing non-uniform transformation on cooling, or may be the result of 

uncertainty in the equilibrium austenite composition calculations.  Above the peak in predicted retained 

austenite, the disparity between the model and data may be due to uncertainty in the empirical martensite 

start equation (the relationship used by De Moor et al. [42] was from Mahieu et al. [91] or the error in the 

estimations for the martensite fraction as a function of cooling below the Ms temperature [92]. 

 
Figure 3.6 Comparison between austenite fraction as predicted assuming equilibrium Mn 

enrichment of austenite (solid line) and assuming no Mn enrichment of austenite 
(dashed line) compared to data taken from Miller [28] for a 5.7-Mn 0.11-C wt 
pct.  steel cold rolled and intercritically annealed.  Figure from De Moor et al. 
[42]. 

3.3 Selection of Heat Treatments 

Five alloys were selected for experimental investigation using the methodology presented in the 

pervious sections for predicting the amount of retained austenite produced via Mn enrichment of austenite 
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during intercritical annealing.  Three of the investigated steels were Medium Mn-TRIP steels used 

previously by Merwin [32–34], with compositions listed in Table 3.1.  The three steels contain nominally 

0.1 wt pct. carbon with varying Mn additions of 5.1 wt pct., 5.8 wt pct. and 7.1 wt pct.  These three steels 

are referred to as Mn-TRIP steels and throughout this document individual steels are identified by the 

bulk Mn content of the steel (i.e. the 7.1 wt pct. Mn steel is referred to as the 7.1-Mn steel) and the 

intercritical annealing temperature used to produce the final microstructure. 

Table 3.1 - Compositions of Experimental Medium Mn-TRIP Steels (wt pct.) 

Alloy C Mn Si Ni Cr Mo Ti Al N S 
5.1-Mn 0.100 5.18 0.12 0.03 0.04 0.02 - 0.026 0.009 0.008 
5.8-Mn 0.095 5.80 0.13 0.04 0.04 0.02 - 0.028 0.008 0.008 
7.1-Mn 0.099 7.09 0.13 0.03 0.04 0.01 - 0.031 0.008 0.008 

  
Predicted austenite fractions at room temperature as a function of annealing temperature are 

shown in Figure 3.7 [93]; the ThermoCalc® predications for austenite fraction and composition are 

included in APPENDIX C for reference.  All three alloys display a distinct maximum in the predicted 

austenite fraction corresponding to an annealing temperature between 575 °C and 625 °C. 

 

 
Figure 3.7 Predicted austenite fraction as a function of annealing temperature for the three 

Mn-TRIP steels investigated assuming equilibrium Mn partitioning [42], [79]. 

 

The three steels were annealed at temperatures between 575 °C and 675 °C in 25 °C increments 

for 168 hr and water quenched.  These temperatures were selected to either produce austenite with 

significant Mn enrichment at relatively low austenite fractions (the 575 °C and 600 °C annealing 

temperatures) or heat treatments at higher temperature to allow increased thermal energy for Mn diffusion 
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to austenite with lower expected equilibrium retained austenite (the 650 °C and 675 °C annealing 

temperatures).  The relatively long annealing time (i.e. 168 hr) was selected to provide sufficient time for 

the alloy partitioning to approach equilibrium. 

Two additional alloys were designed to display a range of austenite stability conditions of interest 

for investigation.  The alloys included higher aluminum (1.5 wt pct.) and silicon (0.2 wt pct.) additions 

than those studied previously to modify austenite stability during annealing and subsequent deformation.  

These two steels are referred to as the MnAl-TRIP steels.  Table 3.2 summarizes the chemical 

compositions of the two steels. 

Table 3.2 - Compositions of Experimental Medium MnAl-TRIP Steels (wt pct.) 

Alloy C Mn Si Ni Cr Mo Ti Al N S 
7MnAl 0.143 7.39 0.20 0.014 0.024 0.012 0.002 1.55 0.006 0.0033 

10MnAl 0.143 10.07 0.20 0.014 0.024 0.001 0.002 1.68 0.006 0.0044 
  

The 10MnAl steel was intended to produce higher volume fractions of mixed martensite and 

austenite than are possible using the 7.1-Mn steel while the 7MnAl steel should exhibit properties similar 

to the previous 7.1-Mn but was been designed to have higher annealing temperatures and modified 

austenite stability due to the high aluminum addition and slightly increased carbon content.  Increased 

annealing temperatures should allow shorter heat treatment times than the 168 hr treatment utilized in the 

cold rolled and annealed Mn-TRIP steels.  The systematic change in austenite composition for these two 

steels as a function of annealing temperature is presented in APPENDIX C: Intercritical Austenite 

Fraction and Composition Plots.  Predicted retained austenite fractions for the 7MnAl and 10MnAl steels, 

assuming chemical equilibrium austenite compositions are attained during intercritical annealing, are 

included in Figure 3.8; predictions for the 7.1-Mn steel from Figure 3.7 are also included for reference. 

The thermo-mechanical treatment to produce microstructures of interest is schematically outlined 

in Figure 3.9.  Intercritical annealing after hot rolling was used as a manganese enrichment step to 

produce the segregated structures necessary to control austenite stability.  The hot rolled plate was 

annealed for 96 hr at 600 °C, 650 °C and 700 °C, between the Ae1 and Ae3.  The annealing hold time was 

selected based on preliminary hot roll and anneal heat treatments and a review of similar work in the 

literature [28], [30], [31], [94], [95].  The panels were furnace cooled following the enrichment treatment 

to simulate a batch annealing processes. 
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Figure 3.8 Comparison between predictions of retained austenite fraction as a function of 

annealing temperature for 7MnAl, 10MnAl, and 7.1-Mn steels assuming 
equilibrium Mn partitioning [42], [79].  

 

 
Figure 3.9 Schematic thermo-mechanical treatment of MnAl-TRIP steels. 

After the Mn-enrichment heat treatment the panels were cold rolled approximately 50 pct.  

Austenite retained to room temperature after the enrichment treatment should transform to martensite 

during cold rolling resulting in a heavily cold worked ferrite-martensite structure.   A ‘reversion’ heat 

treatment (rapid heating and cooling after cold rolling [95]) was used to produce the desired final 

microstructure.  Two distinct reversion temperature regimes were utilized.  The first was to a temperature 

below the Ae3 to produce a recrystallized duplex ferrite-austenite microstructure similar to those produced 

in the earlier low aluminum steels.  Reversion temperatures for the duplex microstructures were 640 °C, 

650 °C, and 680 °C for the 600 °C, 650 °C, and 700 °C Mn-enriched steels, respectively.  The other 

approach utilized a full austenization followed by air quenching to produce a mixture of martensite and 
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retained austenite (labeled Mart. in Figure 3.9).  This should provide a higher strength matrix than the 

duplex microstructures to highlight the effect of matrix strength on austenite stability and mechanical 

properties.  Target austenite fractions are between 30 and 50 vol pct. for the duplex steels and between 10 

and 30 vol pct. for the martensitic steels. 

Only the results from the martensitic steels will be presented in the body of this document.  The 

martensitic steels are referred to by the bulk Mn content of the steel followed by the designator ‘M” to 

distinguish the martensitic condition.  The results from the intercritically annealed high Al steels are 

included in APPENDIX D, the results from the 7MnAl and 10MnAl intercritically annealed steels 

typically emphasized the trends observed in the 7.1-Mn steel.  The results from the 7MnAl and 10MnAl 

intercritically annealed steels will be incorporated in the Discussion chapter to highlight the role of high 

austenite fractions on uniaxial tensile performance. 
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CHAPTER 4 : EXPERIMENTAL METHODS 

4.1 Sample Locations 

The relative orientation and location for sample removal from a larger sheet of material may have 

an influence on the results from any testing gathered from that sample.  For this work, all samples were 

removed from the cold rolled sheets in the same set of orientations, shown schematically in Figure 4.1.  

Three directions are shown in Figure 4.1; the rolling direction (RD), the sheet thickness (t), and the sheet 

width (w).  Tensile samples were cut with the long dimension of the sample in the width direction, 

transverse to the rolling direction.  Through thickness coupons for metallographic investigation were cut 

such that the rolling direction was oriented across the image plane; this field corresponded to the plane of 

maximum tension in the tensile samples.  Samples for retained austenite measurement using X-ray 

diffraction were removed such that the rolling direction was in the short dimension of the coupon and the 

width direction was the long dimension of the sample.  Consistent sampling following these guidelines 

was used for all testing to reduce variations in observed behavior based on sample orientation. 

 
Figure 4.1 Schematic representation for locations for sample removal in the as heat treated 

sheets.  The sheet thickness (t) and width (w) are labeled in the figure relative to 
the rolling direction.  Panel lengths are defined in the rolling direction. 

4.2 Materials and Heat Treatment 

All five steels from Table 3.1 and Table 3.2 were vacuum cast at the U. S. Steel Research facility, 

a hot top was used to minimize pipe in the ingot.  The as cast ingot was reheated and hot rolled to a final 

thickness of approximately 4 mm in thickness.  The panels were sheared to approximately 150 mm wide 

after hot rolling. 

After hot rolling the Mn-TRIP steels were surface ground to remove surface oxide prior to cold 

rolling to a final gauge thickness of approximately 1.5 mm.  For heat treatment, the panels were sheared 

to between 125 mm and 175 mm long and 125 mm wide, the number of subsequent tensile samples 

desired from the sheet determined the length of the sheet for annealing.  All heat treatments were 
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performed with the sheets in stainless steel bags with a piece of titanium (Ti) as an oxygen getter.  The 

sheets were water quenched after the intercritical anneal.  Several coupons of each alloy were also heat 

treated next to the larger panels used for tensile testing to allow metallographic investigation of the as 

heat treated steels without sacrificing tensile samples. 

Several additional steps were necessary in the processing of the MnAl-TRIP steels.  The hot 

rolled panels were annealed for 96 hours at temperatures between the Ae1 and Ae3.  After hot rolling the 

panels were between 225 mm and 430 mm long and 150 mm wide, these were placed in stainless steel 

bags for the Mn-enrichment treatment.  Typically four to five panels were annealed in a single bag with 

several bags in a single furnace.  This ensured that if one bag was damaged not all the panels from a 

single heat treatment would be affected.  Several pieces of Ti were placed in each bag as an oxygen getter 

for the 96 hr Mn-enrichment treatment.  After hot rolling the panels were surface-ground to remove 

surface oxide prior to cold rolling to a final gauge thickness of approximately 1.5 mm.  Cracking was 

observed in several of the conditions, the 10MnAl steel Mn-enriched at 700 °C was essentially non-

rollable due to alligator fracture at the center of the sheet or edge cracking.  Cold rolling after 

Mn-enrichment at 600 °C was generally more successful than rolling of the 700 °C Mn-enriched steels. 

4.3 Metallography 

Samples for metallographic investigation were prepared using standard metallographic 

techniques.  Coupons of steel were hot pressure mounted in phenolic resin, ground using the Leco Cameo 

System® through an equivalent of 800 grit, and polished using a diamond suspension.  Final polishing 

was performed using 1 µm diamond suspension.  A 2 pct. nital etch was used on all samples to highlight 

ferrite and tempered martensite (which are attacked by nital) from austenite and untempered martensite 

(which are resistant to etching).  Scanning electron microscopy (SEM) was necessary to resolve the fine 

scale of the as heat treated microstructures.  All SEM work was performed on a high resolution field 

emission SEM operating at 5 kV with a working distance of 10 mm. 

Transmission electron microscopy (TEM) was used to observe the 7.1-Mn steel annealed at 

600 °C and 650 °C for 168 hr in both as heat treated and after a small amount of plastic strain.  TEM foils 

were prepared by mechanically polishing the samples to a thickness less than 80 µm, followed by twin-jet 

electropolishing at room temperature.  The TEM specimens were observed in a high resolution 

transmission electron microscope operated at 200 kV [96].  Professor De Cooman and his group 

performed the TEM work in a collaborative study surrounding the changes in microstructure in medium 

Mn-TRIP steels at yielding [96].  Samples were taken from the gauge section of tensile samples 

pre-strained to a small increment of plastic strain and from the coupons heat treated with the tensile 

samples. 
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4.4 Tensile Testing 

The mechanical properties of the as heat treated steels were measured using uniaxial tensile 

testing.  Tensile properties were measured using ASTM E-8 [97] sub-sized tensile samples with a 

25.4 mm gauge section taken transverse to the rolling direction with the long axis of the sample in the 

sheet width (Figure 4.1).  The samples were the full thickness of the as cold rolled and annealed sheets, no 

modification was made to the tensile sample thickness. All tests were conducted at room temperature and 

a constant engineering strain rate of 5.74x10-4 s-1; this slow rate was used to limit adiabatic heating of the 

sample during testing ensuring a consistent condition for austenite stability.  Additional details related to 

sample preparation and testing are presented in APPENDIX A.   

In addition to the measured stress-strain values the work hardening rate of the as heat treated 

steels was of interest.  Two analysis methods were used to represent work hardening: instantaneous 

n-value and instantaneous work hardening rate δσ/δε.  Instantaneous n-value was calculated via the rate 

of change in the log of true stress versus the change in the log of true strain using: 

 ( )
( )ε
σ

ln
ln
∂

∂
=n  Eq. 4.1  

Similarly the instantaneous work hardening rate was calculated by taking the change in true stress versus 

true strain.  For both instantaneous n-value and work hardening it was assumed that local differences 

represented the derivative of the data, i.e. δσ≈∆σ.  The data for both instantaneous n-value and 

instantaneous work hardening required some degree of smoothing in order to be used for comparison 

between conditions.  For the smoothing procedure, the true stress-true strain curves were assumed to be 

locally linear over a small increment of strain; the linear slope of this strain increment was used to 

calculate the instantaneous n-value or work hardening rate.  The number of data points in the strain 

increment was varied with the total number of points in the data set and the total strain recorded in the 

sample. 

4.4.1 Stress Relaxation Testing 

Stress relaxation tests were performed on the same specimen geometry as the quasi-static tensile 

tests, ASTM E-8 sub-sized tensile samples (Figure A.1).  Samples were incrementally strained on a 100 

kN electromechanical tensile frame, the crosshead was paused, and the samples were held under load at 

each strain increment for a minimum of 180 s to permit stress relaxation of the sample.  After the 

load-time data were collected at a given strain increment the crosshead was advanced until the sample 

reached the next strain increment.  All the measurements for a single steel and annealing treatment were 

therefore made on a single sample.  It was assumed that the pause in strain for collection of the load data 

during stress relaxation at one increment of strain did not affect the subsequent data. Eq. 2.4 was fit to the 



  40 

stress relaxation data by varying the time constant (CR) and activation volume (VA) using a least squares 

regression.  Figure 4.2 shows an example of the fit line on the experimental data for the 7.1-Mn steel 

annealed at 600 °C for 168 hr at 10 pct. engineering strain.  An estimated ferrite/martensite Burgers 

vector value of 0.253 nm was used for the calculations [36], [98–101].  

 
Figure 4.2 Example of stress relaxation data for 7.1-Mn steel annealed at 600 °C for 168 h 

strained to 10 pct. engineering strain.  The Fit line is overlain on the experimental 
data with the difference between the two represented by the line at the bottom of 
the Figure, the difference curve is plotted on the same scale a the data with an 
arbitrary negative offset from zero. 

4.5 Neutron Diffraction 

In situ neutron diffraction, performed on the SMARTS diffractometer [102] at the Lujan Center at 

Los Alamos National Laboratory, was used to measure both phase fractions and elastic lattice strains 

during tensile deformation.  Access to the Lujan Center is via a peer reviewed proposal process.  

Proposals are typically accepted twice a year, once for experiments between May and August and the 

second for experiments between September and December.  The submitted proposals for the experiments 

performed for this Thesis work are attached in APPENDIX B. 

Two sets of experiments were performed for this thesis, the first in in October 2010 and the 

second in January 2012.  Only select conditions were chosen for investigation via in situ neutron 

diffraction.  Experiments in October 2010 were performed on samples of the 7.1-Mn steel annealed for 

168 hours at 575, 600, 625, and 650 °C.  Experiments in January 2012 focused on the 7MnAl-600-640, 

7MnAl-700-680, 10MnAl-600-640, 7MnAl-M, and 10MnAl-M annealed steels. 
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4.5.1 Experimental Setup at SMARTS 

The SMARTS diffractometer has two detector banks oriented at ±90° to the incident beam; one 

detector collects data for crystal orientations in the direction normal to the specimen thickness, i.e. in the 

transverse direction, and the second in the plane of maximum tension, i.e. in the axial direction, as shown 

in Figure 4.3. A water moderator allows observation of diffraction peaks related to planes with interplanar 

(d-) spacings from 0.05 nm to 0.4 nm with the two fixed detectors [102]. 

 
Figure 4.3 Schematic of the SMARTS diffractometer highlighting the orientation of planes 

diffracting in the axial and transverse orientations [102]. 

Tensile specimens for diffraction measurements were incrementally deformed in the 250 kN 

servo-hydraulic load frame in the SMARTS diffractometer.  After an increment of displacement the 

actuator displacement was stopped and held constant with the sample under load, the diffraction patterns 

recorded were then recorded.  For all the tests the load frame was run in displacement control with the 

sample strain measured by a 12.5 mm gauge extensometer centered on the beam-specimen interaction 

volume.  A non-constant strain rate was used between strain increments for measurement; crosshead 

velocities were selected to ensure a sufficiently slow rate to assume quasi-static deformation.  Figure 4.4 

presents quasi-static engineering tensile stress-strain curves for samples of the 7.1-Mn steel annealed at 

600 °C and 650 °C, continuously deformed to failure at room temperature as well as data recorded during 

in situ neutron diffraction to show differences in the tensile properties between the two test conditions.  

Stress relaxation during the time required for the diffraction measurement was observed during the pause 

in displacement for the diffraction measurements and is manifest by the load drops observed in 

Figure 4.4.  Slightly higher strengths were recorded during in situ testing, an approximately 50 MPa 

offset, attributed to room temperature aging of the samples during the time between quasi-static and 

neutron diffraction testing [103]. 

For the 7.1-Mn steel standard ASTM E-8 sub-sized samples (Figure A.1) were used for the in situ 

neutron diffraction testing, the first time these type samples had been used in SMARTS.  Samples for the 
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7MnAl-M and 10MnAl-M steels were modified ASTM A514 samples (Figure A.2) as specified for use at 

the Lujan Center [104], [105], the grip ends on these samples are reduced in length for use with the 

custom grips used to avoid interference with the diffracted beam.  The sample geometries for both types 

of specimen are given in APPENDIX A.  Samples for the neutron diffraction experiments were surface 

ground with 600 grit silicon carbide paper to remove surface oxide.  Throughout this document, applied 

stresses referenced in regard to the in situ diffraction data presented here are for either the engineering or 

true stress on the sample at the end of the hold for the neutron diffraction measurement.  During stress 

relaxation, redistribution of the elastic stresses between phases resulted in small changes in the amount of 

plastic strain, which were ignored in the present case. 

 
Figure 4.4 Representative tensile engineering stress strain curves for both quasi-static and 

interrupted in situ neutron diffraction tests on the 7.1-Mn steel annealed at the 
temperatures listed in the figure for 168hr.  

For the neutron diffraction experiments, the experiment was set up such that a single 

measurement corresponded to a predetermined number of neutron pulses to the sample.  Since the 

diffracted intensity is related to the interaction volume between the sample and the incident beam, 

changing sample geometries for a given material affects the total time for a single measurement. For all of 

the presented neutron diffraction experiments from SMARTS the incident beam at the sample was set at 

5 mm wide using the incident beam collimator.  For the sub-sized tensile samples this resulted in an 

interaction volume of approximately 45 mm3 based on a sample gauge width of 6 mm wide by 1.5 mm 

thick with a 5 mm wide beam.  A constant count limit of 1.5*106 was used for the sub-sized samples 

resulting in a minimum time to record the diffraction pattern of approximately 30 minutes.  The modified 

ASTM A514 samples had a wider gauge section (12.5 mm compared to 6 mm for the sub-sized samples) 

resulting in a beam-sample interaction volume of 94 mm3.  For these experiments the count limit was 
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increased slightly to 1.8*106 to increase the observed intensity of both austenite and ε martensite at very 

low volume fractions.  This resulted in minimum hold times for the diffraction pattern measurement of 

approximately 20 minutes.  These times were minima however, and changes in the beam incident 

intensity for maintenance resulted in some hold times being much longer, up to 10 hr in some cases. 

4.5.2 Neutron Diffraction Analysis 

Four phases were identified in the analysis of the diffraction data: stable body centered cubic 

(BCC) ferrite (α), formed during the annealing treatment; metastable face centered cubic (FCC) austenite 

(γ), retained from the annealing temperature; and deformation induced hexagonal close packed (HCP) 

epsilon (ε) martensite and body centered tetragonal alpha prime (α’) martensite.  As the sample was 

deformed, metastable austenite transformed to ε-martensite and α’-martensite and the phase fractions of 

these constituents varied with strain.  

Single peak fitting using the Rawplot subroutine of GSAS© was performed to measure the 

interplanar spacing as a function of applied stress and served to highlight representative orientation 

dependent lattice strains.  A Gaussian function was fit to select peaks for each phase to determine the 

interplanar spacing and peak width at each increment of deformation.  The BCC ferrite and BCT α’ 

martensite phases were indexed as the same BCC structure for the 600 °C annealed steel as no 

tetragonality was resolvable in the diffraction data.  Tetragonality was readily observable in fresh α’ 

martensite in the 650 °C annealed steel in the axial direction at stresses above the yield stress; the 

α’{200/002} and α’{211/112} doublets were analyzed using single peak fitting. The hexagonal close packed 

(HCP) ε martensite ε{101} peak was observed in the 650 °C annealed steel as heat treated, and developed 

during deformation of both steels.  Elastic lattice strains for each set of diffraction planes (εhlk) were 

calculated using Eq. 4.2. 

 
0

0

hkl

hklhkl
P d

dd −
=

σ

ε  Eq. 4.2 

dσhkl is the {hkl} interplanar spacing averaged over a set of grains with {hkl} plane normals parallel to the 

diffraction vector measured at an incremental applied load.  d0
hkl is the interplanar spacing in the ‘stress-

free’ condition.  Ferrite and austenite ‘stress-free’ interplanar spacings were determined by extrapolating 

the linear loading curve for the lattice strains below macroscopic yielding to zero load to remove the 

effects of sample and fixture unbending at low stresses.  Calculation of lattice strains based on the initial 

unloaded lattice parameter allowed for accurate representation of lattice strains that developed with 

deformation; however, initial residual stresses that may have formed during processing were not resolved 

[67], [69]. 
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Lattice strains for ε martensite in the 7.1-Mn steel annealed at 650 °C were calculated using the 

same methodology as ferrite and austenite as ε martensite was always present in the steel.  For the 7.1-Mn 

steel annealed at 600 °C ε martensite appeared after the initiation of plastic flow, lattices strains for this 

condition were calculated from the first appearance of ε-martensite and were offset using the yield plateau 

stress and a calculated ε{101} elastic modulus of 314 GPa [106], [107]. In the 7.1-Mn steel annealed at 

650 °C α’ martensite tetragonal peaks were observed at high stresses after significant austenite 

transformation.  Lattice strains for α’ martensite were calculated using the interplanar spacing at high 

stresses; these data were then extrapolated back to zero load.  The residual strain at zero load was 

insignificant, and it was therefore assumed that α’ followed a constant slope stress-lattice strain path with 

loading. 

The widths of individual diffraction peaks were also determined using single peak fitting.  For the 

peak width analysis the full width at half maximum (FWHM) of the fit Gaussian curve was taken as the 

representative peak width.  Peak broadening was assumed to originate from one of three primary sources; 

instrumental broadening, strain broadening, and grain size broadening.  Instrumental peak broadening was 

assumed to be constant for all measurements on a single sample.  To remove the effect of instrumental 

broadening from the data the peak width prior to deformation, at 10MPa, was subtracted in quadrature 

from the measured peak width in each subsequent measurement using: 

 βhkl = βhkl
σ( )

2
+ βhkl

0( )
2

 
Eq. 4.3  

where βσhkl is the peak width at some applied load, β0
hkl is the unloaded peak width and βhkl is the 

instrument adjusted peak width allowing changes in peak width with deformation to be monitored.  Using 

this procedure information about initial grain size or internal stress levels may be lost; however, relative 

changes in peak width may be used as qualitative indicators of either dislocation density changes or 

changes in crystallite size with plastic deformation of the constituent phases.  Changes in peak width due 

to plastic strain and dislocations are inversely dependent on interplanar spacing while crystallite size 

effects are independent of d-spacing [64].  For the presentation of the peak width data the approach 

proposed by Williamson et al. is used [65], [108].  Williamson et al. [65] proposed plotting peak 

broadening in reciprocal space (∆K) against the reciprocal interplanar spacing (1/d).  Typically, the peak 

broadening data plotted in reciprocal space display a linear behavior; changes in the intercept of a line 

plotted through the data suggest a change in the grain size of the material while increases in the slope of 

the data suggest increasing internal strains due to deformation or dislocations. For the present analysis the 

peak broadening in real space (i.e. the FWHM of the peak plotted against interplanar spacing) is plotted as 

a function of real interplanar spacing (d-spacing).  The underlying expressions for peak broadening 
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translate to real space as well as reciprocal space allowing qualitative changes in the microstructure to be 

observed [64], [65].  The Williamson method is commonly used to observe changes in microstructure 

with annealing after deformation [65], [109], but is applied here to highlight changes in the microstructure 

during in situ deformation. 

4.6 Austenite Measurement 

In order to correlate the enhanced properties of TRIP steels to austenite fraction and stability, 

accurate measurements of austenite at all stages of processing are necessary.  Possible techniques for 

austenite measurement include X-ray diffraction (XRD) [110–112], magnetic saturation [16], [113], 

neutron diffraction [43], [114], Mössbauer spectroscopy [115], scanning transmission electron 

microscopy [49], [50], quantitative metallographic methods based on light and scanning electron 

microscopy [18], [47], [48], and electron backscatter diffraction (EBSD) in the SEM [116].  Jacques et al. 

performed a series of blind round robin tests to determine the effectiveness of various austenite 

measurement techniques on ‘identical’ sets of bainitic TRIP steels [117].  The results of these tests 

highlighted the high degree of variability in the measurements between laboratories, and in some 

instances individual measurements, and emphasized the need for well documented procedures and 

measurement goals.  A preferred measurement technique was not identified as being superior to the other 

methods in this study [117]. 

X-ray diffraction is the most readily accessible technique for quantitatively determining austenite 

fraction.  Optical metallographic techniques were not pursued due to the fine grain size of the investigated 

microstructures and the difficulty in differentiating the various phases.  The neutron diffraction 

experiments performed in October of 2010 and January of 2012 provide a unique additional measurement 

technique on a large sample volume in the as heat treated state with minimal artifacts due to sample 

preparation.  These measurements provide a useful standard for comparison with the other methods. 

4.6.1 Neutron Diffraction 

Neutron diffraction is uniquely suited for the quantitative measurement of retained austenite.  A 

bulk measurement of a very large sample volume is made using neutron diffraction and the material is not 

subjected to any invasive sample preparation (e.g. surface grinding, sectioning, chemical etching or 

polishing) as is required for nearly every other analytical technique.  Neuron diffraction also allows the 

observation of many diffraction peaks, over 20 for both austenite and ferrite in the observed range at 

SMARTS, reducing the dependency of the measured austenite fraction on the presence and relative 

frequency of a single set of austenite grains. 

Whole pattern Rietveld analysis of the diffraction data from both diffraction orientations 

simultaneously was used to determine austenite fraction in the 7.1-Mn steels annealed between 575 °C 
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and 650 °C and on the 7MnAl-M and 10MnAl-M in the as annealed condition and during deformation 

using data from both diffraction directions using the GSAS© software package.  Epsilon martensite 

fractions were estimated by using only data collected from the axial diffraction direction, as ε martensite 

peaks were not consistently observed in the transverse data.  The amount of α’ martensite was estimated 

by taking the sum of the austenite and ε amounts, as measured with neutron diffraction, and the predicted 

intercritical ferrite fraction from ThermoCalc® [78], [79] and subtracting this value from the whole.  

Since neutron diffraction relies on an interaction between thermal neutrons and the nuclei of the atoms of 

the material of interest, atoms of similar atomic number do not display similar scattering properties [118], 

[119].  This was particularly important for the studied system since iron and manganese have opposite 

signs to their coherent scattering length, 9.45*10-15 m versus -3.45*10-15 m, respectively.  The effect of 

changing coherent scattering length was incorporated in the austenite fraction calculations by assuming 

equilibrium partitioning of Mn to austenite from ferrite using ThermoCalc® and including the negative 

scattering length for the interaction of Mn with neutrons in the analysis in the GSAS software package 

[120], [121]. 

4.6.2 X-Ray Diffraction 

X-ray diffraction has been used for the measurement of retained austenite in steels since the late 

1940’s [110] and provides a quantitative measurement of austenite content for a range of conditions.  For 

the present work samples for XRD were prepared via standard metallographic techniques using the Leco 

Cameo System®, ending with an equivalent 600 grit grinding step.  The steel was then chemically 

polished with a 1:5:5 mixture of hydrofluoric acid, hydrogen peroxide, and water at 20±2 °C for 600 s.  

Chemical polishing was used to remove the top layer of steel that may have been affected by mechanical 

damage during surface preparation.  Approximately 0.5 mm of material was removed during chemical 

polishing.  Copper kα radiation (wavelength of 0.15406 nm) was used for the present measurements with 

a one degree incident diffraction slit.  Scans were run to observe lattice planes between 0.1006 and 

0.1518 nm (corresponding to diffraction angles of 61° and 100° two theta).  Four peaks were typically 

observed in the scans; the ferrite α{200} and α{211} and austenite γ{220} and γ{311} peaks.  No tetragonal α’ 

martensite peaks were observed in the ferrite data, and the ferrite α{200} and α{211} peaks were indexed as a 

BCC structure accordingly.  Figure 4.5a shows a representative XRD scan from the 7.1-Mn steel annealed 

at 600 °C for 168 hr.  Figure 4.5 also shows representative fit curves used to describe the observed 

diffraction peaks, described in detail below.  The X-Pert software associated with the diffractometer was 

used to strip the kα2-diffracted peaks from the data using the Rachinger method [122]. 
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(a) (b) 

Figure 4.5 Representative x-ray diffraction data used for measurement of retained austenite 
determination showing the observed x-ray intensity as a function of scan angle 
with the Rietveld fit curve and difference between the data and fit for a) the entire 
scan range and b) a magnified view of the austenite γ{220} peak for the 7.1-Mn steel 
annealed at 600 °C for 168 hr. 

 

Whole pattern Rietveld refinement was used to analyze the X-ray diffraction patterns and 

determine the austenite fraction as well as the ferrite and austenite lattice parameter.  The online tutorials 

and example problems from the PCG Rietveld Workshop [123] were useful in developing the analysis 

methods for this work.  Curve fitting for the Rietveld analysis was performed using the Solver function in 

Excel and least squares fitting methodology.  A Gaussian curve, given in Eq. 4.4, was the fit to each of 

the four observed peaks using the Solver function of Excel. 
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In Eq. 4.4 Ihkl is the diffracted intensity at any given diffraction angle, C0 a constant, FWHMhkl is the peak 

full width at half the maximum intensity, 2θ is the variable diffraction angle, 2θhkl is the Bragg diffraction 

angle for the center of the observed peak, Z.P. is a zero point to adjust the fit curve, and I0 is the 

anticipated diffracted intensity calculated using Eq. 4.5. 

 ScaleTSMPLPFI hklhkl ++++= 2  Eq. 4.5  

In Eq. 4.5 Fhkl is the structure factor for the diffracting peak, LP is the Lorentz polarization factor, MP is 

the multiplicity factor, TS is the scattering from random thermal vibration, and Scale is the peak scaling 

factor.  For the Rietveld fitting the lattice parameter (which is represented in Eq. 4.4 by the 2θhkl term via 

Bragg’s Law) of each phase, and the Scale factor and FWHMhkl of each peak were varied during the 
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fitting procedure.  In addition to the Gaussian curves fit to the peaks, a second order polynomial was used 

to represent the background intensity and any slope in the background.  The values for the structure 

factor, Lorentz polarization factor, and thermal scattering factor were solved for explicitly using the data 

tabulated in Cullity [111] and the atomic scattering factor constants were taken from [124]. 

Figure 4.5b shows a magnified view of a typical X-ray diffraction peak from the experimental 

steels with the fit curve overlain on the data; an offset difference curve is also plotted on the bottom of the 

figure to highlight areas of misfit between the data and Gaussian curve.  The Gaussian curves were 

typically able to fit the observed diffraction peaks well, as can be seen in the representative fit and data in 

Figure 4.5b, though some systematic misfit to the peak width was observed in several conditions [125]. 

For the determination of retained austenite fraction, simultaneous fitting of a Gaussian curve 

following Eq. 4.4 to each of the four observed diffraction peaks along with a function for the observed 

background intensity was performed using a least squared minimization routine to determine the 

coefficients resulting in the best fit to the data.  Direct comparison of Scale factors for the four peaks was 

used to determine the fraction of austenite in the sample using Eq. 4.6. 
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In Eq. 4.6 the Vα and Vγ terms represent molar volumes for the unit cell of each phase.  Direct 

comparison of all the observed peaks was used for the calculations to alleviate the influence of texture on 

the estimated austenite amount. 
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CHAPTER 5 : AS HEAT TREATED MICROSTRUCTURE 

5.1 Introduction 

As described in Chapter 2 heat treatments were performed with the intent of producing two 

families of microstructures: duplex mixtures of austenite and ferrite and martensitic steels with retained 

austenite.  This chapter presents the as heat treated microstructures for the three Mn-TRIP steels heat 

treated for 168 hr to produce duplex microstructures and the two MnAl-TRIP steels heat treated to form 

martensitic microstructures with retained austenite.  

5.2 Microstructure of Mn-TRIP Steels 

Figure 5.1 shows the room temperature austenite fraction as a function of annealing temperature 

for the 5.1-Mn, 5.8-Mn, and 7.1-Mn steels annealed for 168 hr and water quenched, the data are also 

presented in Table 5.1.  Data for the 7.1-Mn steel annealed between 575 and 650 °C were obtained using 

both neutron diffraction and XRD while data for the 7.1-Mn steel annealed at 675 °C and the 5.1-Mn and 

5.8-Mn steels were only measured using XRD.  For reference, Figure 5.1 also shows the predicted 

austenite amounts as a function of annealing temperature using the model described in Section 3.2.4 [42], 

which were also plotted in Figure 3.7.  Changes in the experimentally measured amount of austenite as a 

function of annealing temperature after quenching to room temperature are similar in form to the 

predicted behavior, indicating that the 168 hr annealing cycle was sufficiently long for the structures to 

approach the estimated equilibrium phase fractions [42].  In all cases, the measured austenite fraction 

increased to a maximum value, corresponding to an annealing temperature between 600 °C and 650 °C, 

before decreasing rapidly with increasing annealing temperature. 

The neutron diffraction measurements made on the 7.1-Mn steel provide a unique comparison to 

the model proposed by De Moor et al. [42] due to the large sample volume using neutron diffraction and 

the measurement of the steel without any significant sample preparation.  The amount of austenite in the 

7.1-Mn steel, as measured with neutron diffraction, increased with increasing annealing temperature to a 

maximum of 45.1 vol pct. after annealing at 650 °C (Figure 5.1).  The model predicted a maximum 

retained austenite amount of 43.1 vol pct. at an annealing temperature of 610 °C, so while the maximum 

amount of metastable austenite is correct the location of the maximum in the data with respect to 

annealing temperature is 40 °C higher than the predictions. 
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Table 5.1 - Phase Fraction for As Heat Treated for Mn-TRIP Steels 

(Ferrite from ThermoCalc®, α’ mart. estimated by subtracting other phase amounts from 
100 pct.) 

Alloy 
Annealing 

Temp. 
(°C) 

XRD Neutron Diffraction Estimated 
Austenite 
Amount 
(vol pct.) 

Austenite 
Amount 
(wt pct.) 

ε mart. 
(wt pct.) 

α' mart. 
(wt pct.=•) 
(vol pct.=*) 

Ferrite 
(wt pct.=•) 
(vol pct.=*) 

5.1-Mn 

575 - - - -* 85* 
600 14 - - 8* 77* 
625 16 - - 14* 70* 
650 5 - - 33* 62* 
675 1 - - 49* 50* 

5.8-Mn 

575 17 - - 3* 80* 
600 17 - - 12* 71* 
625 7 - - 29* 64* 
650 6 - - 40* 54* 
675 0 - - 61* 39* 

7.1-Mn 

575 26 32.6±0.2 0 0• 71• 
600 33.5 38.8±0.2 0 0• 62• 
625 39 45.2±0.2 0 2• 52• 
650 31 47.3±0.2 1 13• 38• 
675 5 - - 77* 18* 

  
 

 
Figure 5.1 Comparisons between predicted and measured retained austenite fractions for the 

three Mn-TRIP steels as measured via XRD (open symbols) and in situ neutron 
diffraction (shaded symbols).  Samples annealed 168 hr at the temperatures 
indicated on the figure. 
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At temperatures below the peak in predicted metastable austenite amount, the predicted amount 

of austenite at room temperature was slightly more than the measured value by approximately 3 vol pct.; 

suggesting some uncertainty in the thermodynamic predictions or in the experimental annealing 

temperature.  For annealing temperatures above the peak in room temperature austenite, the model 

under-predicted the measured value by approximately 20 vol pct. and 40 vol pct. for the 625 °C and 

650 °C annealed steels, respectively.  The deviation between the measured austenite amounts and 

predicted amounts where the model predicts athermal martensite may be a result of either uncertainty in 

the estimations of martensite start or the amount of martensite formed during cooling [92].  

Measurements made on the 7.1-Mn steel annealed at 675 °C using XRD show that the austenite fraction 

decreased dramatically between the steels annealed at 650 °C and 675 °C, and the measured austenite 

amount for the highest annealing temperature was around 5 vol pct. 

The XRD measurements of austenite fraction in the 7.1-Mn steel in Figure 5.1 show similar 

trends as the neutron diffraction data; however, the amount of austenite as measured by XRD for the 

7.1-Mn steel was typically lower than the measurements using neutron diffraction.  The lower apparent 

austenite amounts are due to measurement of a small volume of material at the surface of the steel and 

quantification of only four diffraction peaks.  The observed maximum austenite amount measured using 

x-ray diffraction for the 7.1-Mn steel, 625 °C; 39 vol pct., occurred at a lower temperature than the 

maximum as measured with neutron diffraction, 650 °C; 45.1 vol pct.  The decrease in peak austenite 

fraction for the 7.1-Mn steel and the decrease in the amount of austenite in the 650 °C annealed steel data 

as measured with XRD may be an indication of overall low austenite stability after annealing above 

625 °C, allowing significant transformation at the sample surface during preparation for the XRD 

measurement. 

For the two lower manganese steels, Figure 5.1 shows that the systematic development in 

austenite fraction as a function of annealing temperature is similar in behavior to the 7.1-Mn steel.  

However, the peak in austenite amount for the 5.1-Mn and 5.8-Mn steels appears to have a larger offset 

between the data and the model.  For the 5.1-Mn steel the predicted maximum in retained austenite was 

28 vol pct. for an annealing temperature of 620 °C while the maximum observed austenite amount was 

16 vol pct. at 625 °C.  A similar offset is present in the 5.8-Mn steel with am expected amount of 

33 vol pct. austenite after annealing at 615 °C and an observed maximum of 17 vol pct. after annealing at 

600 °C.  The measured austenite fraction for the 5.8-Mn steel annealed at 625 °C appears anomalously 

low compared to the 650 °C annealed steel and a higher bulk austenite amount may have been retained to 

room temperature.  The agreement between the model and the data was particularly good for the 625 °C 

through 675 °C annealed conditions for the 5.1-Mn steel and the 650 C and 675 °C annealed steels for the 

5.8-Mn alloy (Figure 5.1).  The general agreement between trends in the data and the model suggest that 
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the proposed methodology to select alloys and heat treatments for medium Mn steels proposed by 

De Moor et al. [42] captures the critical aspects of austenite stabilization in these alloys and is useful for 

the identification of alloys and heat treatments of interest for investigation. 

In addition to the systematic changes in austenite fraction measured using diffraction techniques, 

SEM metallography reveled similar changes in the morphology the austenite and ferrite grains with 

annealing temperature.  Figure 5.2 contains secondary electron micrographs of the as heat treated 

microstructures from the 7.1-Mn steel.  The location and orientation of the field of view for SEM 

metallography was shown in Figure 4.1.  The microstructural constituents in the quenched structures are 

primarily ferrite (F), martensite (M), retained austenite (A), and indistinct mixtures of martensite and 

retained austenite (M/A), the relative amounts of each of these constituents varied systematically with 

heat treatment.  Due to the intercritical annealing of a cold rolled martensitic starting microstructure, the 

microstructures of the annealed steels were relatively fine grained (on the order od 0.9-1.5 µm), even after 

the 168 hr annealing treatment.  The fine grain sizes were maintained due in part to the two-phase nature 

present during heat treatment, constraining grain boundary mobility. 

Figure 5.2a shows the microstructure of the 7.1-Mn steel after annealing at 575 °C.  The 

microstructure consisted of 71 wt pct. ferrite with an approximate ferrite grain size of 0.9 µm.  Austenite 

was present as separated islands, identified as smooth features, and intermixed with martensite in the 

finely etched regions (labeled M/A in the figure).  Figure 5.2b and Figure 5.2c respectively show the 

600 °C and 625 °C annealed microstructures from the 7.1-Mn steel; a fine ferrite grain structure is 

apparent with 62 wt pct. and 58 wt pct. ferrite respectively, distributed pools of mixed martensite and 

austenite were present in the metallographic sample.  While the austenite is not distinct in the 

metallographic images, it is interpreted that austenite is present intermixed with the martensitic structure.  

The partially austenitic regions in the 600 °C and 625 °C annealed steels show planar sub-division; this 

may suggest either stacking faults or the presence of ε martensite. 

The micrograph in Figure 5.2d presents a representative image of the 7.1-Mn steel after annealing 

at 650 °C, the microstructure is composed primarily of mixed martensite-austenite with individual 

austenite blocks apparent in the etched regions.  The sample responded differently to the etching solution 

than samples heat treated at lower temperatures.  The highest volume fraction austenite in the Mn-TRIP 

steels was recorded after annealing at 650 °C (Figure 5.1), which may have been the cause of the change 

in etching response.  Also, in contrast to the highly planar sub-division of austenite seen in the lower 

annealing temperatures, austenite in the 650 °C annealed steel appears to be sub-divided randomly, with 

austenite being broken up into small packets with many arbitrary orientations. 

The 675 °C heat treatment resulted in an apparent dual-phase ferrite-martensite structure, shown 

in Figure 5.2e.  Minimal amounts of retained austenite (approximately 5 vol pct.) as measured using XRD 



  53 

(Figure 5.1) were present in the 7.1-Mn steel annealed at 675 °C.  The low retained austenite amount 

suggests that there was insufficient Mn available in intercritical ferrite (approximately 18 wt pct.) to 

stabilize austenite to room temperature.  The average ferrite grain size produced by the highest annealing 

temperature was also somewhat larger (~1.5 µm) than was observed at the lower annealing temperatures. 

The microstructures of the 5.1-Mn (Figure 5.3) and 5.8-Mn (Figure 5.4) steels display many 

similarities to the 7.1-Mn (Figure 5.1) annealed steel.  For a given annealing temperature the etch 

response in the austenitic containing regions was remarkably similar in all three alloys, suggesting that 

similar austenite conditions were produced at a single annealing temperature independent of the overall 

Mn content of the steel.  The progressive change in austenite morphology and sub-division with 

increasing annealing temperature described for the 7.1-Mn steels was also observed in the lower Mn 

containing steels.  The lower temperature annealed steels, 600 °C (Figure 5.3b and Figure 5.4b) and 

625 °C (Figure 5.3c and Figure 5.4c) appear to be sub-divided by highly planar features while annealing 

at higher temperatures resulted in random distribution of small austenite packets, seen in the 650 °C 

annealed steels (Figure 5.3d and Figure 5.4d) or martensite lath structure in the 675 °C annealed steels 

(Figure 5.3e and Figure 5.4e). 

The ThermoCalc® predictions for the change in intercritical austenite composition as a function 

of annealing temperature included in APPENDIX C also suggest that a single intercritical annealing 

temperature would create similar austenite compositions independent of the overall alloy composition.  

Since the other factors that may affect austenite stability with deformation (i.e. austenite grain size [37], 

[126], test temperature [11], or presence secondary phases [127], [128], are similar in all three steels the 

relative austenite stability during deformation should be similar. 

In general the amount of ferrite increased with decreasing Mn content in the steel as less Mn was 

present to stabilize austenite at a given annealing temperature (Table 5.1).  Also, while no quantitative 

measurement of ferrite grain size was made for the 5.1-Mn and 5.8-Mn steels, the ferrite grain size for a 

given annealing temperature appears to decrease with increasing manganese content, suggesting that 

constraint on the growth of the ferrite grains was emphasized at higher Mn levels.  Ferrite may be 

subdivided by sub-grains, however, and Figure 5.3e shows a possible sub-grain boundary in ferrite in the 

lower right half of the large ferrite region (indicated by the circle in Figure 5.3e). 
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(a) (b) 

  
(c) (d) 

 

Figure 5.2 Representative SEM secondary 
electron image from 7.1-Mn steel 
annealed for 168 hr at a) 575 °C. 
b) 600 °C. c) 625 °C, d) 650 °C, 
and e) 675 °C and water quenched.  
The rolling direction is across the 
image as indicated, the sample was 
etched with 2 pct. nitric acid in 
ethanol. 

(e) 
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(a) (b) 

  
(c) (d) 

 

Figure 5.3 Representative SEM secondary 
electron image from 5.1-Mn steel 
annealed for 168 hr at a) 575 °C. 
b) 600 °C. c) 625 °C, d) 650 °C, 
and e) 675 °C and water quenched.  
The rolling direction is across the 
image as indicated, the sample was 
etched with 2 pct. nitric acid in 
ethanol.  Circled region in part e 
highlights possible sub grain 
boundary in ferrite. 

(e) 
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(a) (b) 

  
(c) (d) 

 

Figure 5.4 Representative SEM secondary 
electron image from 5.8-Mn steel 
annealed for 168 hr at a) 575 °C. 
b) 600 °C. c) 625 °C, d) 650 °C, 
and e) 675 °C and water quenched.  
The rolling direction is across the 
image as indicated, the sample was 
etched with 2 pct. nitric acid in 
ethanol. 

(e) 
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5.3 Microstructure of Martensitic MnAl-TRIP Steels 

The retained austenite amounts in the 7MnAl-M and 10MnAl-M steels were determined by whole 

pattern Rietveld fitting of in situ neutron diffraction data using both diffraction orientations 

simultaneously [120], [121].  The 7MnAl-M steel retained 8.5 wt pct. austenite after the reversion 

treatment while the 10MnAl steel retained 22 wt pct. austenite.  Table 5.2 presents the measured and 

predicted amounts of retained austenite for the 7MnAl-M and 10MnAl-M steels.  Table 5.2 shows that the 

retained austenite amounts as measured via neutron diffraction were greater than the expected equilibrium 

amount of austenite that can be stabilized by the bulk alloy amounts of C and Mn [42] suggesting the Mn 

enrichment treatment was successful in modifying austenite stability after the reversion treatment.  

Measurements of retained austenite amount made using XRD resulted in much lower austenite amounts; 

approximately half the amount as was measured using neutron diffraction in the 10MnAl-M steel and a 

quarter the amount in the 7MnAl-Mn steel. 

Table 5.2 – Austenite Amount in Martensitic Reversion Treated MnAl-TRIP Steels 

Alloy 
Predicted Austenite 

Amount 
(vol pct.) 

Austenite Amount 
XRD 

(vol pct.) 
Neutron Diffraction 

(wt pct.) 
7MnAl-M 1.7 2 8.5±0.2 

10MnAl-M 13.5 10 22±0.2 
  

The location and orientation of the field of view for SEM metallography was shown in Figure 4.1.  

After air cooling both steels contained mixtures of α’ martensite and retained austenite.  Figure 5.5 and 

Figure 5.6 show representative secondary electron SEM micrographs of the as heat-treated 7MnAl-M and 

10MnAl-M steels, respectively.  Two distinct retained austenite morphologies are apparent in the images; 

interlath retained austenite, or thin films of austenite between athermal martensite lath structure; and 

blocky retained austenite, typified by larger pools of austenite with limited athermal martensite 

subdividing the retained austenitic region.  The 7MnAl-M steel contained a small amount of fine-grained 

recrystallized ferrite in between large α’ martensite regions.  Typical regions of recrystallized ferrite (F), 

interlath austenite (M/A), blocky austenite (A), and tempered martensite are labeled on the images. 

Regions of both blocky and fine interlath retained austenite were present in the 7MnAl-M steel 

after air-cooling (Figure 5.5).  Fine carbides are visible in the martensite, indicative of some degree of 

auto tempering during air-cooling.  There are several key differences between the microstructure of the 

7MnAl-M steel in Figure 5.5 and the 10MnAl steel shown in Figure 5.6.  While no quantitative 

measurement of retained austenite size was attempted, individual pools of austenite appear to be larger in 

the 10MnAl-M steel compared to the 7MnAl steel.  Additionally, blocky retained austenite appears to be 

the predominant morphology in the 10MnAl-M steel, in contrast to fine interlath austenite in the 
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7MnAl-M steel.  The degree of auto tempering in the 10MnAl-M steel also appears to be less than in the 

7MnAl-M steel as the etch response in martensite indicated fewer carbides in martensite.  Finally, no 

recrystallized ferrite was observed in the 10MnAl-M steel.  

 
Figure 5.5 Representative SEM secondary electron image from 7MnAl-M steel annealed for 

20 min. at 900°C and air cooled.  The rolling direction is across the image as 
indicated, the sample was etched with 2 pct. nitric acid in methanol. 

 

                              
Figure 5.6 Representative SEM secondary electron image from 10MnAl-M steel annealed 

for 20 min. at 900°C and air cooled.  The rolling direction is across the image as 
indicated, the sample was etched with 2 pct. nitric acid in methanol. 
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5.4 Neutron Diffraction Patterns 

Figure 5.7 contains representative neutron diffraction patterns for the 7.1-Mn steel annealed 

between 575 °C and 650 °C both in the quenched condition and after increments of uniaxial strain 

indicated in the figures, the stress for each measurement is also given in the figures.  Data were recorded 

for d-spacings smaller than those plotted (out to 0.05 nm); however, Figure 5.7 only shows a 

representative region of the diffraction pattern for clarity.  Ferrite and austenite peaks are readily 

identified in the diffraction patterns, and are indexed.  With deformation the austenite peaks became 

relatively less intense as austenite transformed to martensite.  In the 625 °C (Figure 5.7c) and 650 °C 

(Figure 5.7d) annealed steels, α’ martensite c-axis peaks can be seen at high sample strains where 

significant fractions of α’ martensite had formed.  Despite the high d-spacing resolution of neutron 

diffraction, the austenite γ{111} and ferrite α{110} peaks were difficult to distinguish after austenite 

transformation initiated due to overall peak broadening and the disappearance of the austenite peak; these 

peaks were frequently excluded from subsequent analysis. 

The presence and role of ε martensite, and the development of ε martensite with deformation, is 

of interest in these steels.  Figure 5.8 highlights the presence of the ε martensite ε{100} and ε{101} diffraction 

peaks both in the annealed condition (Figure 5.8a) and after an increment of plastic strain (Figure 5.8b) 

for the four duplex Mn-TRIP steels.  Data for the 7MnAl-M and 10MnAl-M steels are also included in 

Figure 5.8.  Of particular interest in Figure 5.8a are the data from the 7.1-Mn steel annealed at 650°C.  

Both the ε{100} and the ε{101} peaks are present in the data for the 650 °C annealed steel, a clear indication 

of athermal ε martensite in the as heat treated steel.  Analysis of the data estimated the amount of 

ε martensite to be approximately 1 wt pct.  Athermal ε martensite may have been present in the 625 °C 

annealed steel but is only indicated by a slight peak above background where the  ε{100} peak should be.  

No athermal ε martensite peaks can be seen in the 575 °C or 600 °C annealed steels as heat treated 

(Figure 5.8a).  XRD measurements did not reveal the presence of ε martensite in the 675 °C condition, 

only ferrite peaks were observed in this condition with the exception of the austenite γ{220} reflection.  

Both Figure 5.8b and the four sets of diffraction patterns in Figure 5.7 show that all of the duplex 

Mn-TRIP steels developed some appreciable amount of ε martensite with plastic deformation. 

Representative neutron diffraction patterns for the 7MnAl-M and 10MnAl-M steels are shown in 

Figure 5.9.  Despite the high amount of α’ martensite in these structures after annealing, no c-axis peaks 

were ever observed in any of the diffraction data.  Zener ordering during air cooling and autotempering 

likely relaxed the c-axis distortion resulting in broad ferrite peaks rather than two distinct Bragg 

diffraction peaks. ε martensite was never observed in the 7MnAl-M steel, either as heat treated 

(Figure 5.8a) or during deformation (Figure 5.8b).  In the data from the 10MnA-M steel, the ε martensite 
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was present in the as heat treated conditions and appeared to become more distinct with plastic strain, but 

was never of sufficient intensity for the amount to be quantitatively measured. 

  
(a) (b) 

  
(c) (d) 

Figure 5.7 Representative in situ neutron diffraction patterns during uniaxial tensile deformation 
for a) 575 °C b) 600 °C c) 652 °C and d) 650 °C for 168 hr.  Peak indices are 
indicated on the bottom of the figure. Engineering strains for each measurement 
indicated on the right side of the figures.  Intensity plotted in arbitrary units (AU). 
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(a) (b) 

Figure 5.8 Neutron diffraction patterns highlighting the presence of ε martensite in a) the as 
heat treated steels and b) after an increment of uniaxial tensile deformation.  The 
7.1-Mn steels were intercritically annealed for 168 hr at the temperatures listed on 
the figure while the 7MnAl-M and 10MnAl-M steels were austenitized and air 
cooled.  The α{110} and γ{111} peaks are truncated for clarity.  Intensity plotted in 
arbitrary units (AU). 

 

  
(a) (b) 

Figure 5.9 Representative in situ neutron diffraction patterns during uniaxial tensile 
deformation for a) 7MnAl-M and b) 10MnAl-M steels.  Peak indices are indicated 
on the bottom of the figure. True stresses at the end of the measurement for each 
pattern are indicated on the right side of the figures. The intensity of the martensite 
α{110} and α{211} peaks are truncated for clarity.  Intensity plotted in arbitrary units 
(AU). 
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5.5 Transmission Electron Microscopy 

To help elucidate changes in the microstructure at yielding in the investigated steels the 7.1-Mn 

steels annealed at 600 °C and 650 °C were selected for observation with TEM.  These conditions were 

chosen because one displays Lüders elongation followed by significant increasing work hardening (the 

600 °C annealed steel) and the other displays continuous yielding at a very low stress (the 650 °C 

annealed steel).  Samples were examined in both the as heat treated condition as well as after a small 

amount of post-yielding strain, the as annealed structures are presented here while the deformed 

micrographs will be discussed in Section 7.5.  Prof. Bruno De Cooman of GIFT at POSTECH University 

provided the TEM sample preparation and microscopy work and the collaboration resulted in a recent 

publication [96]. 

To probe the effectiveness of Mn enrichment during intercritical annealing an individual austenite 

grain bounded on either side by ferrite grains was investigated using an energy dispersive 

spectroscopy (EDS) line scan using scanning TEM.  Figure 5.10a shows a bright field TEM image of the 

austenite grain investigated with EDS while the corresponding EDS data are plotted in Figure 5.10b.  

Significant Mn enrichment (two times the bulk Mn level in the alloy was present in austenite) was 

observed within the austenite grain with minimal changes in silicon between ferrite and austenite.  Also 

plotted in Figure 5.10b are the ThermoCalc® predictions for the Mn content in both ferrite and austenite.  

The measured and predicted Mn levels in both phases show good agreement with the equilibrium 

thermodynamic model, suggesting that Mn enrichment of austenite approached equilibrium levels during 

the 168 hr annealing treatment.  Similar partitioning in medium Mn-TRIP steels have been reported by 

Lee et al [36], however the change in Mn content between phases was not as abrupt as in the current 

work. 

After annealing at 600 °C both austenite (Figure 5.11) and ferrite (Figure 5.12) were fully 

recrystallized and had relatively few dislocations [96].  Wide stacking faults were present in austenite 

(Figure 5.11a) with no associated transformation or significant change in crystallographic orientation, 

shown by the diffraction patterns in Figure 5.11b.  Annealing twins were also observed in some of the 

austenite grains, such as the one in Figure 5.10a.  After the annealing treatment, ferrite displayed very few 

dislocations (Figure 5.12).  Large regions of ferrite were frequently sub-divided by low angle grain 

boundaries decorated with coarse carbides, indicated by the arrow in Figure 5.12.  Coarse intragranular 

carbides were also present in ferrite, represented by the one circled in Figure 5.12.  Diffraction patterns 

and EDS analysis of the carbides indicated that they were primarily cementite with minimal alloy 

enrichment compared to the surrounding ferrite matrix. 
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(a) (b) 

Figure 5.10 a) Bright field TEM micrograph of an austenite grain in the 7.1-Mn steel annealed 
at 600 °C for 168 hr, and b) the corresponding EDS compositional data showing 
the variation of Mn and Si across the austenite for the line scan indicated by the 
arrow in part a [96].  The dashed lines in part b indicate ThermoCalc® predictions 
for Mn in austenite (TC-Aust.) and ferrite (TC-Fer.). 

 

 

  
(a) (b) 

Figure 5.11 a) Bright field TEM micrograph of a typical austenite grain in the 7.1-Mn steel 
annealed 168 hr at 600 °C and b) the corresponding diffraction patterns from 
regions labeled 1 and 2 in the image in part a showing no change in phase or 
orientation in the faulted region.  The austenite grain contains stacking faults and 
few dislocations. [96] 
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Figure 5.12 Bright field TEM micrograph of a typical ferrite grain in the 7.1-Mn steel 

annealed at 600 °C for 168 hr.  The arrow highlights a low angle grain boundary.  
Coarse cementite particles, such as the one circled, were present in ferrite.  
Ferrite grains typically showed no dislocations. [96] 

 

Annealing at 650 °C resulted in several key differences compared to the lower annealing.  

Obvious increases in dislocation density compared to ferrite in the 600 °C annealed steel (Figure 5.12) 

were observed, though changes in dislocation density was not quantified.  Low angle boundaries were 

observed in ferrite, but frequently had associated dislocation structure, as shown in Figure 5.13b, rather 

than carbides as were seen in the 600 °C annealed steel (Figure 5.12).  Figure 5.13a shows an austenite 

grain with stacking faults in the upper left corner of the image, faulted grains were common and appeared 

similar to those seen in the 600 °C annealed steel.  However, Figure 5.14 shows an austenite grain that is 

partially transformed to ε martensite.  A bright field image of the overall austenite grain is shown in 

Figure 5.14a; within the grain interior, stacking faults can be clearly identified, while, Figure 5.14b and 

Figure 5.14c highlight regions of ε martensite and retained austenite within the larger austenitic region, 

respectively.  Other austenite grains appeared almost fully transformed, and Figure 5.15 shows one such 

prior austenite grain, with athermally transformed ε and α’ martensite intermixed with some retained 

austenite.  α’ martensite was always present in conjunction with ε martensite suggesting that the athermal 

formation α' martensite was associated with presence of ε martensite [96]. 
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(a) (b) 

Figure 5.13 Bright field TEM micrograph of a typical ferrite grain in the 7.1-Mn steel annealed 
at 650 °C for 168 hr.  Increased dislocation density is apparent compared to the 
ferrite grain in Figure 5.12 for the same steel annealed at 600 °C [129]. 

 

 

  

(b) 

(c) 

(a)  
Figure 5.14 a) Bright field TEM micrograph of an austenite grain in the 7.1-Mn steel annealed 

at 650 °C for 168 Hr, and the corresponding dark field images highlighting 
b) ε martensite and c) austenite in the larger prior austenite pool [129]. 
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Figure 5.15 Bright field TEM micrograph of a prior austenite grain in the 7.1-Mn steel 

annealed at 650 °C highlighting regions of partial athermal martensite formation 
during quenching.  ε and α’ martensite are typically observed in conjunction 
[129]. 

 

One unusual observation made in the TEM was the presence of what was termed ‘mottled’ 

austenite in both steels.  Figure 5.16 shows a representative image pair from the 650 °C annealed steel 

highlighting this mottled appearance.  Figure 5.16a is a bright field image of the austenite grain, with the 

unusual textured spots visible over the whole grain while the dark field image in Figure 5.16b uses 

diffraction contrast to highlight the spots alone.  Diffraction contrast in austenite similar to these results 

have been observed elsewhere but have not been reported [129].  The mottled austenite texture may be a 

result of sample preparation or may be due to a low temperature transformation in austenite or the 

presence of ordered structure in austenite [130–132].  The mottled appearance of austenite may also be 

due to precipitation in austenite.  The regular appearance of mottled austenite in various medium 

Mn-TRIP steels, from different experimenters, and with changes in sample preparation suggest that a 

secondary phase is the cause [129], however more work would have to be devoted to this area to 

determine the exact mechanism. 
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(a) (b) 

Figure 5.16 a) Bright field TEM micrograph of as austenite grain in the 7.1-Mn steel annealed 
at 650 °C and b) a corresponding dark field micrograph of the same region using 
an austenite reflection for imaging highlighting the mottled pattern in the austenite.  
The sample was strained to 2 pct. strain [129]. 

 

5.6 Summary of As Heat Treated Microstructures 

• Intercritical annealing of the Mn-TRIP steels for 168 hr resulted in duplex microstructures 
consisting of intercritical ferrite and recrystallized austenite, the relative amounts of which were 
dependent on Mn content in the steel and annealing temperature.  Athermal martensite was 
observed in the microstructures resulting from higher annealing temperatures. 

• Trends in the amount of austenite in the Mn-TRIP steels as a function of annealing temperature 
agree well with the model proposed by De Moor et al. [42]. 

• After the reversion treatment the martensitic 7MnAl-M and 10MnAl-M steels displayed a mixture 
of athermal martensite and retained austenite, the 7MnAl-M steel retained 8.5 wt pct. austenite 
while the 10MnAl-M steel retained 22 wt pct. austenite.  In the 7MnAl-M steel some 
recrystallized ferrite was observed.  Athermal ε martensite was present in the 10MnAl-M steel. 

• TEM investigation of the 7.1-Mn steel annealed at 600 °C revealed recrystallized ferrite and 
austenite.  Wide stacking faults and annealing twins were observed in austenite without any 
associated athermal transformation.  Coarse carbides were present in ferrite.  

• TEM investigation of the 7.1-Mn steel annealed at 650 °C revealed recrystallized ferrite with 
increased dislocation structure compared to the 600 °C annealed steel.  Austenite displayed wide 
stacking faults and annealing twins as well as athermal transformation to both ε and 
α’ martensite, α’ was always associated with ε martensite 
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CHAPTER 6 : UNIAXIAL TENSILE PROPERTIES 

6.1 Introduction to Tensile Testing Results 

The mechanical properties of the as heat treated steels were measured using uniaxial tensile 

testing; the methods for testing are summarized in Section 4.4 and APPENDIX A.  For clarity, the tensile 

results for the duplex Mn TRIP steels and the MnAl martensitic steels are presented separately in this 

section.  Four figures are used for each alloy to highlight changes in the uniaxial tensile stress-strain 

behavior.  The data include the engineering stress-strain curves and true stress-strain curves while the 

observed differences in the strain hardening behavior during continuous deformation, i.e. beyond the yield 

point elongation (YPE) region for those samples that exhibited YPE, are represented by instantaneous 

n-value as a function of true strain and the slope of the true stress-strain curve as a function of applied true 

stress.  Both the instantaneous n-value and true work hardening show the relative changes in the 

strengthening rate of the sample, and both are useful for comparison to instability criteria, n=ε and 

∂σ/∂ε=σ, respectively.  Plots of instantaneous n-value are useful for separating work hardening regimes 

of interest as a function of uniaxial strain, however this perspective may be limited when comparing 

conditions of interest with dramatically different uniform strain values or when considering austenite 

transformation.  Since true stress is the critical aspect with regard to forming limits as well as to austenite 

transformation, plots of true work hardening rate versus true stress have more global significance than 

plots with respect to sample strain.  Plots of work hardening versus true stress also have the advantage of 

being related to a state variable, allowing for straightforward comparison to other testing conditions.  

Finally, representing the work hardening rate versus both measurable sample variables (i.e. true stress and 

true strain) allow multiple comparisons to the in situ neutron diffraction and stress relaxation data in 

Chapters 7 through 9. 

In addition to the data presented in the body of the document the uniaxial tensile results from the 

Mn-Al TRIP steels heat treated to produce duplex microstructures of ferrite and austenite are presented in 

APPENDIX D. 

6.2 Mn-TRIP Tensile Properties 

Figure 6.1 shows representative engineering stress-strain and true stress-strain curves for the 

5.1-Mn steel annealed between 575 °C and 675 °C.  The corresponding instantaneous n-value as a 

function of true stain and true work hardening rate as a function of true stress are shown in Figure 6.2a 

and Figure 6.2b, respectively.  Analogous figure pairs are shown in Figure 6.3 and Figure 6.4 for the 

5.8-Mn steel and in Figure 6.5 and Figure 6.6 for the 7.1-Mn steel.  For all three steels there was a 
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systematic increase in strength with increasing annealing temperature with a corresponding change in the 

work hardening behavior.  The tensile data from the lower annealing temperatures typically displayed 

discontinuous yielding followed by sustained low work hardening, resulting in high elongation values.  

With an increase in annealing temperature continuous yielding was observed followed by a region of high 

work hardening at low strains, resulting in high ultimate tensile strengths.  Table 6.1 summarizes tensile 

data (0.2 pct. offset or upper yield stress, ultimate tensile strength, total elongation, and the 

strength-ductility product) obtained from duplicate tensile tests in most conditions.  The data in Table 6.1 

represented the average of the recorded tensile properties for a given condition.  Typically, at least 

duplicate samples were used for the data in Table 6.1.  However, several conditions were only able to be 

characterized by a single sample due to limited samples being acceptable for testing, these conditions are 

highlighted (‡) in Table 6.1.  A summary of all the collected tensile data is presented in APPENDIX E to 

highlight variability in the tensile data. 

 

Table 6.1 - Summary of Uniaxial Tensile Properties for Duplex Mn-TRIP Steels 

Austenite Fraction Measured By XRD (*) or Neutron Diffraction (•) 
Single Sample Value Reported (‡) 
Engineering Stresses and Strains 

Alloy 
Annealing 

Temp.. 
(°C) 

Initial 
Austenite 
Fraction 
(wt pct.) 

Yield 
Strength 
(MPa) 

Ultimate 
Tensile 
Strength 
(MPa) 

Uniform 
Elongation 

(pct.) 

Total 
Elongation 

(pct.) 

UTS*TE 
(GPa*pct.) 

5.1-Mn 

575 -* 417 597 23.5 32.9 19.7 
600 14* 425 624 38.5 41.6 25.9 

625 ‡ 16* 377 651 17.5 20.0 13.0 
650 ‡ 5* 348 846 12.5 12.7 10.7 
675 1* 556 1028 6.8 7.3 7.5 

5.8-Mn 

575 17* 693 708 17.0 27.5 19.5 
600 17* 614 736 38.4 42.8 31.5 

625 ‡ 7* 462 748 14.3 15.4 11.5 
650 6* 335 949 15.7 16.8 16.0 
675 0* 636 1181 8.1 8.2 9.6 

7.1-Mn 

575 29.7• 787 801 17.5 28.6 22.9 
600 36.1• 695 874 29.8 35.9 31.4 
625 42.8• 529 1016 17.2 18.1 18.4 

650 ‡ 45.1• 270 1198 16.8 17.5 21.0 
675 3.85* 783 1368 8.1 8.6 11.7 
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(a) (b) 

Figure 6.1 Tensile (a) engineering stress-strain curves and (b) true stress strain curves for 
5.1-Mn steel annealed 168 hr at the temperatures listed on the figure and water 
quenched.  Samples tested at room temperature and a constant engineering strain 
rate of 5.47 * 10-4 s-1 using ASTM E-8 sub-sized samples with a 25.4 mm gauge 
length [97]. 

 

 

  
(a) (b) 

Figure 6.2 Analysis of instantaneous work hardening using (a) instantaneous n-value as a 
function of true strain and (b) true work hardening rate as a function of true stress 
for true strain for 5.1-Mn steel annealed 168 hr at the temperatures listed on the 
figure and water quenched.  Plastic instability criteria, n=ε and ∂σ/∂ε=σ  for (a) 
and (b), respectively, indicated by the dashed line on the figures.  
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(a) (b) 

Figure 6.3 Tensile (a) engineering stress-strain curves and (b) true stress strain curves for 
5.8-Mn steel annealed 168 hr at the temperatures listed on the figure and water 
quenched.  Samples tested at room temperature and a constant engineering strain 
rate of 5.47 * 10-4 s-1 using ASTM E-8 sub-sized samples with a 25.4 mm gauge 
length [97]. 

 

 

  
(a) (b) 

Figure 6.4 Analysis of instantaneous work hardening using (a) instantaneous n-value as a 
function of true strain and (b) true work hardening rate as a function of true stress 
for true strain for 5.8-Mn steel annealed 168 hr at the temperatures listed on the 
figure and water quenched.  Plastic instability criteria, n=ε and ∂σ/∂ε=σ  for (a) 
and (b), respectively, indicated by the dashed line on the figures. 
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(a) (b) 

Figure 6.5 Tensile (a) engineering stress-strain curves and (b) true stress strain curves for 
7.1-Mn steel annealed 168 hr at the temperatures listed on the figure and water 
quenched.  Samples tested at room temperature and a constant engineering strain 
rate of 5.47 * 10-4 s-1 using ASTM E-8 sub-sized samples with a 25.4 mm gauge 
length [97]. 

 

 

  
(a) (b) 

Figure 6.6 Analysis of instantaneous work hardening using (a) instantaneous n-value as a 
function of true strain and (b) true work hardening rate as a function of true stress 
for true strain for 5.1-Mn steel annealed 168 hr at the temperatures listed on the 
figure and water quenched.  Plastic instability criteria, n=ε and ∂σ/∂ε=σ for (a) and 
(b), respectively, indicated by the dashed line on the figures. 
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Annealing at 575 °C resulted in tensile strengths in between 800-900 MPa and uniform 

elongations between 17-20 pct. for the three alloys.  Lüders deformation was apparent in all three steels 

prior to the initiation of uniform plastic flow.  The yield strength after annealing at 575 °C in the 5.8-Mn 

(680 MPa) and 7.1-Mn (780 MPa) steels were among the highest of the as heat-treated conditions.  The 

7.1-Mn steel displayed particularly pronounced Lüders elongation, with approximately 10 pct. Lüders 

strain.  The 5.1-Mn steel displayed a brief region of high work hardening immediately after Lüders 

elongation followed by a generally low work hardening rate to failure (Figure 6.2).  Uniform deformation 

for the 5.8-Mn and 7.1-Mn steels was characterized by overall low work hardening rates (Figure 6.4 and 

Figure 6.6) and the ultimate tensile strengths of these steels were only slightly higher than the upper yield 

strength.  The behavior of the 5.8-Mn and 7.1-Mn steels are consistent with Type II deformation of UFG 

materials as described by Miller [28] and is similar to the observed stress-strain response of 

ultrafine-grained duplex [28] and ferritic [44] steels.  Decreasing work hardening was observed after 

Lüders elongation in the 5.1-Mn (Figure 6.2b) and 5.8-Mn (Figure 6.4b).  The 7.1-Mn steel displayed 

constant work hardening (Figure 6.6) between a true strain of approximately 0.14 and 0.20. 

For all three steels with an increase in annealing temperature the yield strength and extent of 

discontinuous yielding decreased while the strain hardening rate and ultimate tensile strength increased.  

The initial yielding and work hardening behavior of the 600 °C annealed steels essentially overlay with 

the data from the 575 °C annealed steels of the same alloy.  Lüders deformation was observed in the 

5.8-Mn and 7.1-Mn steels, the amount of which was dependent on the steel composition, with 

approximately 4 pct. Lüders strain in the 5.8-Mn steel (Figure 6.3) and 6 pct. Lüders strain in the 7.1-Mn 

steel (Figure 6.5).  Yielding in the 5.1-Mn steel was characterized by an inflection in the stress-strain 

curve followed by a return to parabolic hardening (Figure 6.1). 

After the resumption of continuous deformation, after Lüders strain, a generally low initial 

hardening rate was observed in all three steels.  Above approximately 750 MPa a region of sustained 

increasing work hardening (positive slope to the true work hardening curves) was observed; seen in 

Figure 6.2b for the 5.1-Mn steel, Figure 6.4b for the 5.8-Mn steel, and Figure 6.6b for the 7.1-Mn steel.  

Increasing work hardening at high stresses and strains delayed plastic localization, resulting in relatively 

high strength and ductility combinations for the 600 °C annealed samples compared to the 575 °C steels 

of the same composition.  The 7.1-Mn steel displayed significant strain localization above approximately 

15 pct. strain after annealing at 600 °C, highlighted by the inflections in work hardening seen in 

Figure 6.6a.  For each of the three alloys the highest observed ductility was produced by annealing at 

600 °C. 

Increasing the annealing temperature to between 625 °C and 675 °C resulted in a systematic 

change in deformation behavior.  The extent of yield point elongation decreased with increasing 
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annealing temperature and disappeared completely above 600 °C for the 5.1-Mn steel and above 650 °C 

for the 5.8-Mn and 7.1-Mn steels.  Additionally, the region of increasing work hardening appeared at 

lower stresses and sample strains in the 650 °C annealed steels compared to the 600 °C annealed steels, 

resulting in sustained high work hardening rates immediately after yielding rather than at high strains as 

was observed in the 600 °C annealed steels. 

Continuous yielding was observed in the 5.1-Mn steel annealed at 625 °C (Figure 6.1a) while 

Lüders deformation and yield point elongation were observed in the 5.8-Mn (Figure 6.3a) and 

7.1-Mn (Figure 6.5a) steels.  The yield strength of all three steels decreased significantly in the 625 °C 

annealed condition compared to annealing at lower temperatures, up to a 200 MPa decrease for the 

7.1-Mn steel.  A region of increasing work hardening was present in all three steels, beginning after initial 

yielding and ending at approximately 6.5 pct. strain.  Serrated flow and strain localization were also 

observed in the work hardening curves of the 625 °C annealed steels, particularly for the 5.8-Mn 

(Figure 6.4) and 7.1-Mn (Figure 6.6) steels.  Annealing at 625 °C resulted in overall less ductility and 

lower ultimate tensile strengths than the lower annealing temperatures for the 5.1-Mn and 5.8-Mn steels. 

The stress-strain behavior of all three steels annealed at 650 °C was typified by continuous 

yielding at a very low stress (around 270 MPa for all three steels), with a characteristic inflection in the 

stress-strain curve (a reversal in the work hardening slope prior to a maximum observed work hardening 

rate), and two distinct regimes of work hardening.  First, a region of rapidly increasing work hardening 

rate was observed, resulting in a plateau in the work hardening curve at low stresses.  After the period of 

high initial work hardening parabolic hardening was observed prior to plastic instability.  This 

development in work hardening is best seen in the true work hardening versus true stress plots in 

Figure 6.2b for the 5.1-Mn steel, Figure 6.4b for the 5.8-Mn steel, ad Figure 6.6b for the 7.1-Mn steel.  

After annealing at 650 °C all three steels had high ultimate tensile strengths, between 900-1400 MPa with 

reasonable ductility, up to approximately 17.5 pct. for the 7.1-Mn steel (Table 6.1).  The inflection in 

work hardening observed at a strain of approximately 0.02 has been previously observed associated with 

the propagation of a very diffuse Lüders band in studies of dual-phase steels [133], [134] and rapid 

austenite transformation in Mn-TRIP steels [35], [135]. 

The steels annealed at 675 °C exhibited continuous yielding with a high initial work hardening 

rate leading to a high 0.2 pct. offset yield stress.  These steels displayed the lowest total elongation of the 

tested annealing temperatures (Table 6.1).  In all three alloys, essentially zero post uniform elongation 

was recorded and the samples were extremely sensitive to fracture at the fillet of the reduced section or 

extensometer clamp.  The highest ultimate tensile strengths of the selected annealing temperatures were 

recorded for the 675 °C annealed steels.  Between the three steels the ultimate tensile strength increased 

with increasing manganese content in the steel, from 1030 MPa for the 5.1-Mn steel (Figure 6.1a) to 
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1370 MPa for the 7.1-Mn steel (Figure 6.5a).  Two regions of work hardening are observed in the 675 °C 

annealed steels; an initially high work hardening rate immediately after yielding followed by a transition 

to rapidly decreasing work hardening at high stresses.  The work hardening behavior of the 675 °C 

annealed steels are similar to that of high volume fraction martensite dual phase steels [133], [134] where 

mobile dislocations formed in ferrite during athermal martensite transformation provide a region of initial 

high of work hardening. 

Figure 6.7 correlates the dependence of tensile properties on annealing temperature where 

Figure 6.7a compares yield and ultimate tensile strengths with annealing temperature and Figure 6.7b 

considers changes in the uniform and total elongation of the steels.  A distinct minimum in the yield 

strength data is observed in Figure 6.7a corresponding to the steels annealed at 650 °C.  Ultimate tensile 

strengths increased with increasing annealing temperature for all three steels, with a general trend for 

higher strengths with increasing Mn content in the steel (Figure 6.7a).  The elongation data in Figure 6.7b 

highlight two significant trends.  First is the pronounced maximum in ductility after annealing at 600 °C 

for all three steels, followed by a rapid decrease to approximately 18 pct. elongation after annealing at 

625 °C or 650 °C.  The other important observation is the low post uniform elongation for the 625 °C 

through 675 °C annealed steels.  The limited observed post-uniform elongation may have been the due to 

either the testing samples oriented transverse to the rolling direction of the steel, any elongated 

manganese sulfide inclusions in the sample were preferentially oriented to serve as crack nucleation sites.  

Alternatively, the limited post-uniform elongation may have been due to the presence of untempered 

deformation induced martensite in the region of triaxial stress generated by strain localization at 

instability leading to fracture in the neck [136]. 

In addition to presenting the strength and ductility data separately it is useful to consider these 

data in conjunction.  Figure 6.8 presents the combination of both the observed strength and ductility in a 

plot of the UTS*total elongation product versus annealing temperature.  The strength-ductility product is 

a measure of ‘toughness’ during plastic deformation and can be used to identify potential sheet steel 

property combinations.  For third generation AHSS a strength-ductility product of 30 GPa*pct. has been 

identified as a target value of interest [1–3].  Increasing the intercritical annealing temperature resulted in 

a peak in strength ductility product for all three steels.  The maximum value or all three steels 

corresponded to annealing at 600 °C, where increasing work hardening was observed at high strains (i.e. 

strains greater than 10 pct.).  Both the 5.8-Mn and 7.1-Mn steels annealed at 600 °C resulted in tensile 

properties in the region of 30 GPa*pct. 
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(a) (b) 

Figure 6.7 Comparison of (a) YS and UTS  and (b) the strength-ductility product (UTSxTE) for 
the three medium Mn-TRIP steels as a function of annealing temperature.    
Elongation values are for a 25.4 mm gauge length 

 

 

 
Figure 6.8 Strength Ductility Product as a function of annealing temperature for the 5.1-Mn, 

5.8-Mn and 7.1-Mn TRIP steels annealed at the temperatures indicated on the 
figure for 168 hr and water quenched.  Elongation values are for a 25.4 mm 
gauge length. 
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6.3 MnAl-TRIP Martensitic Tensile Properties 

Figure 6.9 presents the stress-strain response for the martensitic MnAl-TRIP microstructures with 

Figure 6.9a showing the engineering stress-strain behavior and Figure 6.9b presenting the true 

stress-strain data.  The corresponding work hardening plots are shown in Figure 6.10, with instantaneous 

n-value as a function of true strain plotted in Figure 6.10a and the slope of the true stress-strain curve as a 

function of applied stress in Figure 6.10b.  A summary of the quasi-static true stress-strain tensile 

properties for both conditions is given in Table 6.2. 

The two steels display dramatically different tensile properties.  The 7MnAl-M steel produced a 

high strength (1550 MPa ultimate tensile strength) with reasonable ductility (5.8 pct. uniform elongation) 

while the 10MnAl-M steel resulted in abrupt fracture prior to reaching the point of plastic instability at 

considerably lower strength and strain (1430 MPa and 2.9 pct. elongation). The 0.2 pct. offset yield 

strength of the 7MnAl-M steel was 900 MPa while the yield strength of the 10MnAl-M steel was 

significantly lower at approximately 700 MPa; continuous yielding was observed for both conditions 

(Figure 6.9).  Significant post-uniform elongation was present in the 7MnAl-M steel with a final 

measured elongation of 8 pct. after unloading.  The work hardening behavior of both steels shows two 

distinct regimes of deformation in Figure 6.10b.  In the 7MnAl-M steel there was an initial region of 

sustained high work hardening between 530 and 1150 MPa, after the elastic loading but starting before 

the initiation of bulk plastic flow as defined by the 0.2 pct. yield stress.  Above 1150 MPa, the work 

hardening of the 7MnAl-M steel decreased after the onset of macroscopic flow until plastic localization 

occurs.  The 10MnAl-M steel displayed a significant plateau in the work hardening behavior beginning at 

approximately 600 MPa and continuing to 1000 MPa (Figure 6.10b).  Above 1000 MPa the work 

hardening rate decreases rapidly until fracture intervenes and the sample failed. 

Table 6.2 - Tensile Properties of Cold Rolled and Annealed Martensitic Steels 

Austenite Fraction Measured By Neutron Diffractions 
True Stresses and Strains 

Condition 
Austenite 
Fraction 
(wt pct.) 

Yield Strength  
(0.2 pct. offset) 

(MPa) 

Ultimate 
Tensile 
Strength 
(MPa) 

Uniform 
Elongation 

(pct.) 

UTS x TE 
(GPa  x %) YS/UTS 

7MnAl-M 8.5±0.2 900 1550 5.8 9.0 0.58 
10MnAl-M 21.8±0.2 700 1430 2.9 4.2 0.50 
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(a) (b) 
Figure 6.9 Room temperature tensile (a) engineering stress-strain curves and (b) true stress 

strain curves for martensitic 7MnAl-700-850 and 10MnAl-600-850 steels. Samples 
tested at room temperature and a constant engineering strain rate of 5.83*10-4 s-1 
using sub-size ASTM E-8 sample with a 25.4 mm gauge length [97]. 

 

 
 

  
(a) (b) 

Figure 6.10 Analysis of instantaneous work hardening using (a) instantaneous n-value as a 
function of true strain and (b) true work hardening rate as a function of true stress 
during room temperature uniaxial tensile testing for martensitic 7MnAl-M and 
10MnAl-M steels.  The dashed lines on in part b indicate the 0.2 pct. offset yield 
stress in the two steels and transition in work hardening behavior.  Plastic instability 
criteria, n=ε and ∂σ/∂ε=σ for (a) and (b), respectively, indicated by the dashed line 
on the figures. 
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6.4 Summary of Uniaxial Tensile Properties 

• In the Mn-TRIP steels there was a general trend for increasing ultimate tensile strength with 
increasing annealing temperature and Mn content of the steel.  Uniform elongation values went 
through a maximum after annealing at 600 °C for all three Mn-TRIP steels. 

• The yielding behavior of the Mn-TRIP steels varied systematically with annealing temperature, 
Lüders elongation was observed at the lower temperatures (575 °C and 600 °C), a yield inflection 
was present in the in intermediate annealing temperatures (625 °C and 650 °C), and the 675 °C 
annealed steels displayed continuous yielding. 

• Increasing work hardening was observed in the all three Mn-TRIP steels annealed at 600 °C, 
625 °C, and 650 °C an in the 7.1-Mn steel annealed at 575 °C. 

• The reversion heat treatment and air cooling of the martensitic MnAl-TRIP steels resulted in 
continuous yielding behavior.  The 7MnAl-M steel displayed high yield (900 MPa) and ultimate 
tensile (1550 MPa) strengths and reasonable post-uniform elongation.  The 10MnAl-M steel 
resulted in a lower yield strength (700 MPa) and abrupt fracture prior to plastic instability. 

• Two distinct regimes of work hardening were observed in the martensitic MnAl-TRIP steels; a 
sustained high work hardening rate between approximately 500 MPa and 1200 MPa followed by 
a decrease in work hardening above 1200 MPa.  
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CHAPTER 7 : MICROSTRUCTURAL CHANGES WITH DEFORMATION 

7.1 Introduction to Microstructural Changes With Deformation 

Austenite transformation to martensite may be considered on two general scales, bulk 

measurements of the amount of austenite transformed and the crystallographic details of transformation 

within a grain.  It is important to consider both of these aspects in conjunction when trying to separate the 

influence of austenite stability on the mechanical performance of TRIP steels, particularly when 

discussion surrounds diffraction based analytical techniques. 

The model proposed by Bain for austenite transformation to α’ martensite is a useful starting 

point to develop a framework for the crystallographic aspects of austenite transformation to martensite 

[137].  The Bain model was based on the apparent body centered tetragonal structure that could be 

identified within the parent face centered cubic phase with minimal distortion to either lattice [137]. The 

model predicts an expansion in two crystallographic directions, corresponding with two austenite γ<110> 

directions and the corresponding to martensite α’<110> directions shown in Figure 7.1 and a contraction in 

the austenite γ<100> direction and the corresponding martensite α’<100> direction perpendicular to the 

expansion directions.  Due to the atomic correspondence between lattice sites with the transformation 

several planes of atoms may remain parallel through transformation, the representative austenite γ{111} and 

α’{011} planes are highlighted in Figure 7.1. 

 
Figure 7.1 Schematic of the Bain correspondence between lattice sites with transformation 

from austenite to a’ martensite highlighting the relative expansion of martensite 
in two directions and contraction in the third [137], [138]. 

However, the change from athermal transformation to deformation assisted transformation 

observed in TRIP steels has been shown to not necessarily progress directly from austenite to 

α’ martensite and ε martensite has been shown to be an important intermediate phase.  ε martensite forms 

on stacking fault intersections [11], [139] in austenite and acts as a nucleation site for subsequent α’ 

formation [11], [139].  The presence of athermal ε martensite is evidence of low stacking fault energy in 
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austenite [140–142].  With transformation from austenite to ! martensite to "’ martensite, the #{220}, !{101}, 

and  "’{112} plane normals remain parallel, shown in Figure 7.2 [143], [144].   These parallel planes are 

therefore useful to observed changes in the microstructure with deformation and may indicate changes in 

austenite transformation mechanisms. 

With plastic deformation in austenite by dislocation slip it would be expected that stacking faults 

would be generated by the separation of partial dislocations on the austenite #{111} slip planes. The plane 

of intersection between these faulted half planes are austenite #{110} or #{220} planes.  ! martensite !{101} 

oriented planes can replace the austenite #{220} oriented planes via the accumulation of stacking fault 

intersections.  The preferential activation of #{111} slip systems in alignment with the applied tensile 

direction would favor orientation of ! martensite !{101} grains in the tensile direction.  The presence of 

textured ! martensite is therefore an indicator of dislocation slip in austenite and strain assisted martensite 

transformation [11], [139]  However, ! martensite may also form athermally or during stress induced 

transformation.  The formation of ! martensite without prior austenite deformation would preclude the 

development of ! martensite !{101} aligned with the tensile axis due to the lack of intersecting austenite 

stacking faults.  Relative changes in the behavior and the presence of ! martensite may therefore be 

related to changes in the criteria for austenite transformation mechanism, indicating changes in the 

relative stability of austenite. 

 
Figure 7.2 Schematic of the crystallographic alignment of the #{110} %> !{101} %> "’{112} 

planes during transformation with respect to the incident and diffracted neutron 
beam in the axial diffraction condition [143], [144].  Schematic courtesy of B.C. 
De Cooman [129]. 

Two methods were used to investigate microstructural changes with deformation: in situ neutron 

diffraction and transmission electron microscopy.  Neutron diffraction is unique in the ability to 

quantitatively measure changes in the microstructure with deformation by measuring a constrained 

representative volume of material in situ during straining.  Various analysis techniques, discussed in the 

next section, allow for the separation of both bulk phase fraction behavior as well as the transformation of 
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grains of a common orientation with deformation.  Transmission electron microscopy allows the 

examination of local defect structure (i.e. stacking faults, dislocations, ε martensite, etc.) to complement 

the interpretation of the bulk measurements made by neutron diffraction. 

7.2 Introduction to Neutron Diffraction Assessment of Austenite Stability 

For the presentation of changes in austenite stability as measured with in situ neutron diffraction 

two methods will be used.  The first utilizes whole pattern fitting of the diffraction data using a Rietveld 

methodology.  Whole pattern Rietveld fitting highlights global changes in austenite stability by 

comparing the overall average change in diffracted intensity for each phase, allowing changes in the 

relative phase fractions with deformation to be determined.  Whole pattern fitting therefore allows 

straightforward comparison between material conditions and overall microstructural changes; however, 

analyzing the whole diffraction pattern as one data set precludes the analysis of transformation rates in 

individual grain orientations. 

The other method for quantifying austenite transformation considered here is the relative change 

in integrated intensity of single diffraction peaks with deformation.  The change in the integrated intensity 

of the diffraction peak from a family of like oriented grains is a measure of the increase or decrease in the 

relative number of those grains in the sample.  Orientation dependent transformation rates may be inferred 

from relative changes in diffracted intensity from families of grains.  Changes in transformation rate 

highlight the systematic influence of austenite stability with respect to the applied deformation orientation 

and can suggest changes in transformation kinetics.  In addition, differences in the relative transformation 

rate between specific austenite orientations may suggest a sequence of deformation, providing data on the 

mechanics of austenite transformation.  Grain rotation away from the diffraction condition during tensile 

deformation may also affect the diffracted intensity; however, rotation effects are assumed to be 

negligible compared to the transformation effects in the present steels.  The relative changes in integrated 

peak intensity, as determined by single peak fitting, are plotted versus engineering strain to highlight the 

change in austenite stability with crystal orientation.  The changes in the austenite γ{220} and ferrite α{211} 

peaks are plotted to represent austenite grains preferentially oriented for strain-assisted transformation, 

the relative orientation of these grains with transformation are highlighted specifically in Figure 7.2.  The 

austenite γ{311} and γ{200} peaks are plotted to  represent the overall austenite transformation behavior while 

the α{200} peak is plotted to highlight changes in the overall ferrite behavior. 

7.3 Mn-TRIP Austenite Stability 

Figure 7.3 shows the austenite fraction as a function of true stress for the 7.1-Mn steels annealed 

between 575 °C and 650 °C for 168 hr.  Figure 7.4 presents the fraction of austenite transformed as a 
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function of sample true strain for the 7.1-Mn steel annealed between 575 °C and 650 °C for 168 hr.  The 

data show that the mechanical stability of austenite in the annealed sheets depended significantly on 

annealing temperature. 

 

 
Figure 7.3 Austenite fraction as a function of true stress as measured using in situ neutron 

diffraction for the 7.1-Mn steels annealed at the temperatures indicated on the 
figure. 

 

Austenite produced after annealing at 575 °C was very stable with strain resulting in 

approximately 68 pct. of the initially retained austenite remaining after 20 pct. strain.  The 600 °C to 

650 °C annealed steels display progressively decreasing austenite stability with increasing annealing 

temperature.  Generally low mechanical austenite stability was observed for the 625 °C and 650 °C 

annealing temperatures, as large fractions of the initially retained austenite transformed at low strains 

(i.e. below 5 pct. strain) during uniform deformation.  For both the 625 °C and 650 °C annealed steels two 

regimes of transformation are observed in the data in Figure 7.3a.  In both steels approximately 40 pct. of 

the available austenite initially transformed at an approximately constant stress.  In both cases the stress 

required for this rapid initial transformation corresponded to the yield inflection observed in the stress 

strain behavior in Figure 6.5b, approximately 530 MPa and 330 MPa for the 625 °C and 650 °C steels 

respectively.  In the 650 °C annealed steel the fraction of martensite in the steel continued to increase with 

increasing strain until 93 pct. of the initial austenite had transformed.  Austenite produced by annealing at 

600 °C exhibited behavior distinctly different from that observed at higher or lower temperatures.  Over 

the strain range investigated, approximately 80 pct. of the austenite transformed, but much of this 

transformation occurred at strains well above 10 pct.  
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Figure 7.4 Fraction of austenite transformed as a function of true strain for the 7.1-Mn steel 

annealed 168 hr at the temperatures listed on the figure. 

Figure 7.5 shows the dependence of the total amount of austenite, α’, and ε martensite as a 

function of sample engineering strain for the 7.1-Mn steel annealed between 575 °C and 650 °C for 168 

hr; the data are plotted for the 575 °C, 600 °C, 625 °C and 650 °C annealed steels in Figure 7.5a, 

Figure 7.5b, Figure 7.5c, and Figure 7.5d, respectively.  The relative mechanical stability of austenite and 

the dominant transformation products in the annealed sheets depend on annealing temperature with more 

rapid transformation of austenite with strain observed for the higher annealing temperatures.  The shaded 

regions in Figure 7.5 correspond to the initial yielding behavior for the steels as shown in Figure 6.5a; the 

Lüders plateau in the 575 °C and 600 °C annealed steels and the initial work hardening inflection in the 

625 °C and 650 °C annealed steels; changes in yielding behavior with annealing temperature (Figure 6.5) 

are mirrored by changes in austenite stability in Figure 7.5.  Austenite and α’ martensite behave similarly 

in all four data sets in Figure 7.5, the amount of α’ martensite increased with strain with a corresponding 

reduction in austenite amount, although the relative rate of transformation with strain is dependent on the 

prior annealing treatment. In contrast to the behavior of both austenite and α’ martensite, ε martensite 

showed three distinct transformation characteristics.  In the 575 °C annealed steel no evidence of athermal 

martensite was observed in the diffraction data.  During yield point elongation 7 pct. of the initial 

austenite transformed; ε martensite was the dominant transformation product during discontinuous 

yielding.  After annealing at 600 °C neither α’ nor ε martensite was observed in either the diffraction data 

or the TEM results (Figure 5.11a) in the as heat treated condition.  Both phases of martensite appeared 

after the yield point elongation (Figure 7.5b); the amount of ε martensite after discontinuous yielding was 

2.5 wt pct. while formation of α’ in this region was negligible. 
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(a) (b) 

  
(c) (d) 

Figure 7.5 Relative austenite, ε, and α’ martensite amounts as a function of engineering 
strain for 7.1-Mn steel annealed 168 hr at a) 575°C b) 600 °C c) 625 °C and 
d) 650 °C. Austenite and ε martensite fractions measured with in situ neutron 
diffraction, α’ fraction estimated by subtracting the measured austenite, ε, and 
intercritical ferrite amounts from 100 pct. Uncertainties in the data are typically 
less than the plotted symbol size.  The shaded regions in the figures correspond 
to the strain values for the observed yielding behaviors. All values in wt pct. 
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Careful interpretation of the data in Figure 7.5a and Figure 7.5b with regard to when ε martensite 

formed during yielding is necessary due to the presence of strain localization during Lüders deformation.  

Since the width of the neutron beam was 5 mm, while the distance between fillets on the tensile samples 

was 32 mm, the beam illuminated only a portion of the stressed region of the sample.  In the samples 

displaying strain localization austenite transformation may occur within the Lüders band, if the band was 

not within the region of the sample interacting with the neutron beam then no apparent transformation 

would be measured.  In Figure 7.5a, the fraction of ε martensite in the 575 °C annealed steel increased 

rapidly immediately after the Lüders band passed through the entire gauge region, i.e. at the end of the 

shaded region in the figure.  It is likely that transformation occurred within the band in this case.  In 

contrast, while some ε martensite formation occurred within the Lüders band in the 600 °C annealed steel, 

the majority of ε martensite formation occurred at strains in excess of the yield point. 

With strains in excess of the yielding strain the differences in ε martensite transformation 

between the 575 °C and 600 °C annealed steels continued to be manifest.  In the 575 °C annealed steel the 

amount of ε martensite decreased continually with increasing strain until approximately 18 pct. strain.  At 

strain levels in excess of 18 pct. strain the ε martensite fraction stabilized and maintained an 

approximately constant value of 1 pct.  Increases in the amount of α’ martensite also slowed once the 

amount of ε martensite reached a constant level.  The end of α’ formation once ε martensite was 

exhausted suggested that that nucleation sites for α’ martensite formation produced during discontinuous 

yielding were exhausted and new nucleation sites were not present to permit continued α’ formation at an 

essentially constant applied stress. 

During continuous deformation in the 600 °C annealed steel the weight fraction of ε martensite 

increased with deformation to a maximum of approximately 6 wt pct. at 20 pct. strain or 770 MPa 

(Figure 7.5b).  The formation of α’ was dependent on the presence of ε martensite nucleation sites based 

on observations in the TEM at low strains and the weight fraction of both α’ and ε martensite, as 

measured with neutron diffraction, also increased with increasing applied strain.  The concurrent increase 

in both ε and α’ martensite fraction suggests that as α’ formed on existing ε martensite nuclei; fresh 

nucleation sites were produced via plastic deformation of austenite, allowing for sustained transformation. 

Decreasing mechanical stability of austenite was observed for the 625 °C and 650 °C annealing 

temperatures (Figure 7.4) and athermal transformation was observed after annealing at both of these 

temperatures.  In the 625 °C annealed steel approximately 2.5 pct. α’ martensite formed athermally 

during quenching from the annealing temperature (Figure 7.5c) while quenching from 650 °C resulted in 

approximately 1 pct. ε and 15 pct. α’ martensite (Figure 7.5d).  As shown in Figure 7.5c and Figure 7.5d, 

the amount of ε and α’ martensite in the 625 °C and 650 °C annealed steels increased rapidly with 
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increasing applied strain at yielding and during the period when the initial work hardening was increasing 

in Figure 6.6a (i.e. the shaded region in Figure 7.5c and Figure 7.5d).  In the 625 °C annealed steel below 

4 pct. strain, during the initial inflection in the stress-strain behavior, rapid transformation was observed 

and both ε and α’ martensite formed, 3 pct. and 21 wt pct. respectively.  After annealing at 650 °C the 

amount of ε martensite in the steel increased to two times the initial value by approximately 2 pct. strain 

and 450 MPa before beginning to decrease.  The rapid formation of both ε and α’ martensite in the 

625 °C and 650 °C steels at yielding in Figure 7.5c and Figure 7.5d, respectively, and the two stages 

austenite transformation with increasing stress in Figure 7.3 suggest that the yielding behavior of these 

steels was controlled by stress induced austenite transformation to martensite. 

Numerous models have been suggested to represent austenite transformation with strain in 

metastable TRIP steels. Two models, the Burke-Matsumura (BM) and Olson-Cohen (O) models, for 

strain-induced austenite transformation were used here [11], [14], [145].  Both models have been 

successfully applied [11], [14], [26], [117], [145], [146] to a range of steels with metastable austenite and 

varying mechanical stability including multiphase steels. 

7.3.1 Burke-Matsumura Model for Austenite Transformation 

The Burke-Matsumura (BM) model is a modification of diffusional transformation kinetics 

models for austenite decomposition where strain replaces transformation time.  If the sample strain is 

assumed to increase monotonically then austenite fraction can be represented by Eq. 7.1 where the 

parameters p and k are empirically related to transformation kinetics and thermodynamic driving force, 

respectively [14], [145], Vγ
i is the initial austenite amount and Vγ

0 is the amount of austenite at an 

increment of true strain.  The value of p is related to the likelihood of austenite transformation with strain; 

low values of p indicate that the transformation is rapid with strain while increasing p values decrease the 

effect of strain on the transformation rate.  The value of p is also related to various microstructural 

features (such as quenched martensite, bainite, or ferrite) which may alter strain-induced martensite 

nucleation [14].  The parameter k is related to the relative stability of austenite with strain; higher values 

of k correlate to higher driving forces for transformation and lower austenite stabilities.  Both of these 

constants are taken to be independent of strain. 

 p
i p

k
VV

ε
γγ

=− 0

11  Eq. 7.1  

The results for fitting the BM model to the experimental data are presented in Figure 7.6.  To 

highlight changes in the austenite transformation rate in Figure 7.6 the data are plotted on log-log axis so 

that the slope of the line is p and the y-intercept is k/p.  Also plotted in Figure 7.6 are data from literature 
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for an austempered 0.4 wt pct. C TRIP steel with 12-19 pct. austenite [14], a duplex stainless steel with 

50 pct. austenite [147] and a fully austenitic metastable stainless steel [148].  Additionally, Table 7.1 

summarizes the fit parameters with several comparisons to literature.  The fit values for the current work 

fall within the range of those reported for these various steels.  For the investigated heat treatments k 

increases with annealing temperature, indicating lower austenite stability, while p decreases suggesting an 

increase in martensite nucleation rate. 

7.3.2 Olson-Cohen Model for Austenite Transformation 

The model proposed by Olson and Cohen [11] (OC) for strain-induced austenite transformation 

assumes that shear band intersections act as martensite nuclei.  The strain-induced fraction transformed is 

calculated according to Eq. 7.2 

 [ ]( )[ ]nf αεβα −−−−= exp1exp1'  Eq. 7.2  

where α is related to the rate of shear band formation, and thereby the stacking fault energy of the 

austenite and the test strain rate, while β is related to the probability of martensite nucleation at a shear 

band intersection, which is dependent on the chemical driving force for austenite to martensite 

transformation and the necessary strain energy of the transformation [11].  The parameter n is a geometric 

constant relating the orientation of shear bands and the probability of shear band intersection.  Low values 

of β indicate either a low probability of transformation on a nucleation site due to orientation or geometry 

effects or a low driving force for transformation.  Both α and β are temperature dependent.  The value of 

n acts to modify the number of shear bands in a given volume that can form nucleation sites [11].  An n 

value of 2 represents a random distribution of shear band orientations, n values greater than 2 correspond 

to some degree of parallelism of the shear bands, slowing the transformation rate. 

Figure 7.7 shows austenite fraction transformed as a function of true strain along with curve fits 

based on the OC model; the corresponding α, β, and n values are listed in Table 7.2.  Additionally, Table 

7.2 includes comparisons between this work and values found in literature [11], [26], [117], [148].  The fit 

parameters for the steels considered here are consistent with those obtained with the BM model; with 

decreased austenite stability (higher β) and a pronounced change in transformation behavior with 

increasing α and decreasing n occurring with an increase in annealing temperature. 

7.3.3 Peak Intensity 

The relative change in integrated peak intensity with engineering strain, as determined by single 

peak fitting, for the 7.1-Mn steel annealed at: 575 °C , 600 °C, 625 °C, and at 650 °C are shown in 

Figure 7.8a, Figure 7.8b, Figure 7.8c, and Figure 7.8d, respectively. 
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Figure 7.6 Austenite transformation kinetics for Mn-TRIP steel annealed one week at the 

temperatures listed as fit using the BM model and compared to values from 
literature [14], [43], [145], [147], [148]. 

 

Table 7.1 - Burke-Matsumura Model Parameters for Austenite Transformation in Various Steels 

Condition 
Initial Austenite 

Amount 
(wt pct.) 

k p Ref. 

Current 
Work 

7.1-Mn 575 °C 32.6±0.2 14.9 1.95  
7.1-Mn 600 °C 38.8±0.2 61.7 2.04  
7.1-Mn 625 °C 45.2±0.2 120 1.49  
7.1-Mn 650 °C 47.3±0.2 148 1.19  

Stainless 
Steel 

LA 100 51 3 [148] 
LF 100 183 3 [148] 

Austempered 
TRIP 

 

TRIP 1 17.5 65 1 [14] 
TRIP 2 19.2 52 1 [14] 
TRIP 3 17.1 33 1 [14] 
TRIP 4 16.9 25 1 [14] 
TRIP 5 12 94 1 [14] 

Quenched 
and 

Partitioned 

Q&P 1 7.7 16 0.52 [26] 
Q&P 2 11.2 33 0.71 [26] 

Q&P 3 14.8 120 1.17 [26] 
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Table 7.2 - Olson-Cohen Model Parameters for Austenite Transformation in Various Steels 

Condition 

Initial 
Austenite 
Amount 
(wt pct.) 

n α β Ref. 

Current 
Work 

7.1-Mn 575 °C 32.6±0.2 2.67 6.37 0.67  
7.1-Mn 600 °C 38.8±0.2 3 5.75 2.5  
7.1-Mn 625 °C 45.2±0.2 2 18.6 1.86  
7.1-Mn 650 °C 47.3±0.2 2 49.5 1.8  

Stainless 
Steel 304 SS 20 °C 100 4.5 3.53 0.52 [11], [148] 

Banitic TRIP 

CMnSi-TRIP 16 2 31.2 1.82 [16] 
CMnAl-TRIP 14 2 12.7 1.49 [16] 

CMnSiAl-TRIP 18 2 20.9 1.49 [16] 
CMnSiAlP-TRIP 13 2 8.6 1.6 [16] 

Quenched 
and 

Partitioned 

Q&P 1 7 2 71 0.46 [26] 
Q&P 2 11 2 52 0.63 [26] 
Q&P 3 15 2 21 4.02 [26] 

 

 

 

 
Figure 7.7 Evolution of austenite transformation with curve fits based on the OC model.  

Measurements made using neutron diffraction. Fit curves extrapolated to the 
recorded uniform elongation of each condition [11], [43] 

Figure 7.8a illustrates the single peak fit intensities to the diffraction data from the 575 °C 

annealed steel for both ferrite and austenite.  Overall, the integrated peak intensities for both ferrite and 

austenite decreased with increasing sample strain.  After yield point elongation  (the shaded region in 

Figure 7.8a and also seen in in Figure 6.5) the austenite γ{220} peak in the axial direction disappeared.  A 
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maximum amount of ε martensite for this condition of 5.2 pct. at a strain of 7.4 pct. was observed after 

the passing of the Lüders band.  Based on the orientation relationship between the austenite γ{220} planes 

and ε martensite ε{101} planes in Figure 7.2 it is likely that ε martensite completely replaced the austenite 

γ{220} oriented grains in the axial direction during discontinuous yielding.  After the disappearance of the 

austenite γ{220} grains from the diffraction data, the austenite γ{200} and austenite γ{311} oriented grains 

decreased at an essentially constant rate with increasing strain.  The plotted ferrite peaks also decrease in 

intensity with increasing strain at approximately the same rate as the austenite peaks, suggesting that 

increases in incoherent scattering in the microstructure as a whole, due to dislocations, or grain rotation 

away from the diffraction condition led to the decrease in the observed intensity rather than decreases in 

phase fraction. 

In the 600 °C annealed steel substantial austenite transformation was observed to a strain of 

approximately 20 pct. (Figure 7.4).  Above this point three changes were observed: first, the γ{220} 

oriented grains were essentially exhausted by 20 pct. strain; second, the amount of ε martensite reached a 

maximum of 6 pct. and began to decrease with increasing sample strain; and third, serrated flow began as 

shown by the inflections in work hardening rate in Figure 6.6a.  Above 20 pct. strain α’ martensite 

formation continued, however the rate of transformation decreased (Figure 7.4).  Sustained work 

hardening was observed until the initial austenite supply was essentially exhausted. 

The relative intensity data for the 625 °C and 650 °C annealed steels, shown in Figure 7.8c and 

Figure 7.8d respectively, display very different behavior with increasing sample strain compared to the 

data from the lower annealing temperatures.  In the higher annealing temperature data, with increasing 

sample strain the austenite peak intensities decreased rapidly while the intensities of the ferrite peaks 

increased.  The increase in ferrite intensity with strain in the 625 °C and 650 °C annealed steels is likely a 

result of the rapid formation of α' martensite with strain and the associated peak broadening with the 

appearance of the tetragonal peak associated with the martensite c-axis. 

In the 625 °C annealed sample (Figure 7.8c), the austenite γ{220} and austenite γ{200} peak intensity 

data overlay, suggesting that the austenite grains of these orientations transformed at essentially the same 

rate.  The intensity of the austenite γ{311} peak is always slightly higher than the other two peaks, 

suggesting that grains oriented with the austenite γ{311} plane normal in the axial direction transformed 

slightly slower with strain than other orientations.  The austenite γ{220} peaks disappeared between 4 and 5 

pct. strain, at the same strain level where the ε martensite fraction reached a maximum of approximately 

3 wt pct.  The saturation of the ε martensite fraction also corresponded to the end of the yield inflection 

(Figure 6.5a) and a change in the work hardening behavior (Figure 6.6a). 
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(a) (b) 

  
(c) (d) 

Figure 7.8 Relative diffraction peak intensities for austenite (open symbols) γ{220} and γ{311} 
planes and ferrite (filled symbols) α{200} and α{211} planes with respect to the 
applied tensile stress in the axial direction for the 7.1-Mn steel annealed at a) 
575 °C, b) 600 °C, c) 625 °C, and d) 650 °C for 168 hr as determined using 
single peak fitting of in situ neutron diffraction data.  The shaded regions in the 
figures correspond to the strain values for the observed yielding behaviors.  
Uncertainties in the data are typically less than the plotted symbol size.  
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For the 650 °C annealed steel data the austenite peak intensity for all three presented austenite 

peaks overlay with strain (Figure 7.8d).  This suggests that the austenite transformation to martensite was 

independent of grain orientation.  The effect of dislocation slip in austenite on austenite transformation 

was likely minimal in this steel since dislocation motion in austenite grains preferentially oriented for slip 

would provide additional nucleation sites, increasing the relative transformation rate of those grains.  In 

the 650 °C annealed steel the intensity of all three of the austenite peaks in Figure 7.8d went to zero by 

5 pct. strain where austenite transformation was essentially complete (Figure 7.5d) where the initial yield 

inflection (Figure 6.5a) and sustained high work hardening rate (Figure 6.6a) ended. 

7.4 MnAl-TRIP Martensitic Austenite Stability 

Figure 7.9 shows the amount of austenite transformed as a function of true stress for the 

7MnAl-M and 10MnAl-M steels.  The observed austenite transformation rates for the two steels in 

Figure 7.9 were essentially the same despite the difference in overall fraction, morphology (Figure 5.5 

and Figure 5.6), and Mn content between the two steels.  

 

 
Figure 7.9 Percent austenite transformed as a function of applied true stress for 7MnAl-M 

and 10MnAl-M steels as measured with in situ neutron diffraction.  Uncertainties 
in the data are typically less than the plotted symbol size.  The vertical lines in 
part b indicate the stress values for the 0.2 pct. offset yield stress of both steels as 
well as the approximate beginning of austenite transformation. 

 

Figure 7.10 presents the change in austenite fraction with deformation in the 7MnAl-M and 

10MnAl-M steels as determined by whole pattern Rietveld fitting of both diffraction orientations 

simultaneously [120], [121] plotted as a function of sample strain in Figure 7.10a and applied true stress 
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in Figure 7.10b.  Transformation to martensite was initiated at approximately 500 MPa in both steels; 

well below the 0.2 pct. offset yield stress (i.e. 900 MPa and 700 MPa for the 7MnAl-M and 10MnAl-M 

steels, respectively), and continued with increasing applied stress.  The dashed vertical lines in 

Figure 7.10b emphasize the relative location of the 0.2 pct. offset yield stress in relation to the beginning 

of austenite transformation for the two steels.  At approximately 1200 MPa the transformation rate in the 

7MnAl-M slowed as most of the austenite had transformed.  Measurements were not possible on the 

10MnAl-M steel above 1200 MPa as the sample fractured at the fillet of the tensile specimen. 

 

  
(a) (b) 

Figure 7.10 Austenite fraction as a function of a) sample engineering strain and b) applied sample 
true stress for martensitic 7MnAl-M and 10MnAl-M steels tested in tension as 
measured via in situ neutron diffraction.  The vertical lines in part b indicate the 
stress values for the 0.2 pct. offset yield stress of both steels as well as the 
approximate beginning of austenite transformation. 
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plastic deformation as was shown in Figure 7.2.  No ε martensite was observed in the 7MnAl-M steel 

(Figure 5.8), indicating a fundamental difference in mechanisms between the two steels. 
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sets the diffracted peak intensity from the austenite peaks decreased with increasing applied stress and 

austenite transformation (indicated by the shaded bands in Figure 7.11 and Figure 7.12).  The decrease in 

austenite peak intensity, as determined by single peak fitting, begin to decrease at 300  MPa for the 

7MnAl-M steel and 400 MPa for the 10MnAl-M steel, somewhat lower than initiation of austenite 

transformation as determined by the whole pattern Rietveld fit at 500 MPa for both steels.  This may be 

an artifact of the overall averaging methodology in Rietveld fitting compared to the integrated intensity of 

a single peak.  Slight increases in martensite intensity were observed during austenite transformation in 

Figure 7.11 and Figure 7.12, as would be expected for an increase in martensite fraction. 

In both steels the intensity data for all three austenite peaks overlay, suggesting that austenite 

transformation to martensite was independent of grain orientation.  At stresses above the region where 

significant austenite transformation was observed a slight decrease in martensite peak diffracted intensity 

was observed, which may be due to the relaxation of defects within the martensitic structure with 

increasing stress. 

 

 

 
Figure 7.11 Relative diffraction peak intensities for austenite (open symbols) γ{220} and γ{311} 

planes and ferrite (filled symbols) α{200} and α{211} planes with respect to the 
applied tensile stress in the axial direction for the 7MnAl-M steel as determined 
by single peak fitting of in situ neutron diffraction data.  Uncertainties in the data 
are typically less than the plotted symbol size.  The shaded band corresponds to 
the region of austenite transformation as determined by whole pattern fitting. 
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Figure 7.12 Relative diffraction peak intensities for austenite (open symbols) γ{220} and γ{311} 

planes and ferrite (filled symbols) α{200} and α{211} planes with respect to the 
applied tensile stress in the axial direction for the 10MnAl-M steel as determined 
by single peak fitting of in situ neutron diffraction data.  Uncertainties in the data 
are typically less than the plotted symbol size.  The shaded band corresponds to 
the region of austenite transformation as determined by whole pattern fitting. 

7.5 Transmission Electron Microscopy of Deformed Microstructures 

Samples of the 7.1-Mn steel annealed at 600 °C and 650 °C were chosen for TEM investigation 

to assess the effects of a small amount of plastic strain on the microstructure.  The 600 °C annealed steel 

was prestrained to 6.8 pct. and 10 pct. total strain while the steel annealed at 650 °C was prestrained to 

2 pct. total strain.  The relative locations of these strain increments with regard to the overall engineering 

stress-strain behavior of the two steels are shown in Figure 7.13. 
Figure 7.14 shows a representative bright field TEM micrograph of the overall structure of the 

600 °C annealed steel deformed to 6.8 pct. strain.  Significant increases in dislocation structure in both 

ferrite and austenite are observed compared to the as annealed condition shown in Figure 5.11 and 

Figure 5.12, where relatively few dislocations were observed in either phase.  A magnified view of ferrite 

is shown in the bright field TEM image in Figure 7.15, grain boundary thickening [38]and dislocations on 

sub-grain boundaries can be seen in the ferrite grain.  The TEM images in Figure 7.16 highlight two 

distinct types of planar faulting which were observed in austenite.  The austenite grain shown in 

Figure 7.16a deformed via the separation of wide stacking faults on inclined γ{111} type glide planes [96], 

this structure was typical of austenite deformation at 6.8 pct. prestrain for the 600 °C annealed steel.  

Figure 7.16b shows one of the rare instances where ε martensite formation was observed in conjunction 

with a high density of stacking faults [96].  During the propagation of the Lüders band only minimal 
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austenite transformation occurred with ε martensite being the dominant transformation product 

(Figure 7.5b).  It is interpreted that yielding in the 7.1-Mn steel annealed at 600 °C was controlled by the 

strain aged ferrite matrix with austenite deformation in accommodation of the Lüders strain in ferrite. 

 
Figure 7.13 Room temperature engineering stress-strain curves for 7.1-Mn steel intercritically 

annealed for 168 hr at the temperatures listed on the figure showing pre-strain 
locations (symbols) for TEM investigation.  Data are replotted from Figure 6.5a. 

 

 
Figure 7.14 Bright field TEM micrograph of the overall microstructure of the 7.1-Mn steel 

annealed at 600 °C for 168 hr strained to 6.8 pct. strain.  Stacking faults and 
epsilon martensite are apparent in austenite while dislocations are visible in 
ferrite [129].  

 

0 0.1 0.2 0.3 0.4
Engineering Strain

0

500

1000

1500

En
gi

ne
er

in
g 

St
re

ss
 (M

Pa
)

650 °C

600 °C

7.1-Mn



  98 

 
Figure 7.15 Bright field TEM micrograph of a typical ferrite grain in the 7.1-Mn steel 

annealed at 600 °C for 168 hr and strained to 6.8 pct. strain.  Significant increases 
in the numbers of dislocations in ferrite are apparent compared to the as annealed 
condition in Figure 5.12 [96]. 

 

 
Figure 7.16 Planar faulting in austenite in the 7.1-Mn steel annealed at 600 °C for 168 hr after 

straining to 6.8 pct. strain.  Austenite developed a) high density of stacking faults 
and b) displayed epsilon martensite formation.  The arrows in (b) highlight the 
presence of forbidden epsilon ε{001} reflections. [96] 
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Deformation of the 7.1-Mn steel annealed at 600 °C to 10 pct. total strain developed further the 

dislocation structures observed at 6.8 pct. strain.  The bright field TEM image in Figure 7.17 shows 

changes with increasing deformation in a typical ferrite grain where grain boundary thickening was still 

observed while no effort was made to quantify the dislocation density, more dislocations are present in a 

typical ferrite grain in the sample strained to 10pct. than were observed at 6.8 pct. strain.  Increasing 

uniform strain also permitted austenite transformation.  The bright field TEM micrograph in Figure 7.18 

shows an austenite grain with a high density of planar ε martensite plates.  α’ martensite nucleated on the 

planar ε martensite plates, seen in the middle of the image [96].  This behavior has been previously 

reported in the austenitic stainless steel literature [11], [149], [150], where the formation of α’ is thought 

to require the intersection of stacking faults and ε martensite.  The in situ neutron diffraction data from 

the 600 °C annealed steel in Figure 7.5b indicate that the approximately 4 wt pct. ε and α’ martensite 

were present in the microstructure at 10 pct. strain.  The TEM image in Figure 7.18 highlights the 

significant difference in the morphology of the two phases, however, with ε martensite being present 

distributed uniformly in austenite as very fine plates while α’ martensite was observed as comparatively 

large blocks forming at the intersection of multiple ε martensite variants. 

 

 
Figure 7.17 Bright field TEM micrograph of a typical ferrite grain in the 7.1-Mn steel 

annealed at 600 °C for 168 hr and strained to 10 pct. strain showing dislocation 
structure within the grain [129]. 
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Figure 7.18 Bright field TEM micrograph of a typical ferrite grain in the 7.1-Mn steel 

annealed at 600 °C for 168 hr and strained to 6.8 pct. strain.  Significant 
dislocation structure is apparent compared to the as annealed condition [96]. 

 

Annealing at 650 °C resulted in an entirely different microstructure after yielding compared to the 

600 °C annealed steel.  Approximately 60 pct. of the austenite retained to room temperature had 

transformed in the 650 °C annealed steel by 2 pct. strain compared to 20 pct. transformation in the 600 °C 

annealed steel at 10 pct. strain, so increased transformation effects would be expected in the 650 °C 

annealed steel.  Figure 7.19 shows a representative pair of ferrite grains in the 650 °C annealed steel after 

2 pct. strain.  Dislocations in ferrite are apparent adjacent to α’ martensite/ferrite interfaces, as has been 

reported in the dual phase steel literature [151].  However, limited dislocation structure was observed 

within the core of the ferrite grains suggesting limited dislocation slip in ferrite during the yield inflection.  

The grain boundary thickening in ferrite that can be seen in the 600 °C annealed steel in Figure 7.14 and 

Figure 7.15 also appears to be less severe in the 650 °C annealed steel in Figure 7.19. 

After yielding and initial deformation of the 7.1-Mn steel annealed at 650 °C two distinct 

behaviors were identified in austenite.  Figure 7.20 shows three dark field images of a relatively small 

austenite grain that yielded via the separation of partial dislocations into wide stacking faults.  This 

particular grain also partially transformed to ε martensite during yielding.  Two distinct ε martensite 

variants are apparent in the dark field images on the right side of Figure 7.20 aligned with the stacking 

faults within the austenite grain. 
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Figure 7.19 Bright field TEM micrograph of a typical ferrite grain in the 7.1-Mn steel 

annealed at 650 °C for 168 hr and strained to 2 pct. strain.  The arrow indicates a 
region where dislocations are emanating from a ferrite martensite interface while 
ferrite not adjacent to martensite contains relatively few dislocations. [96]. 

Figure 7.21 shows the other characteristic austenite morphology after 2 pct. strain in austenite.  In 

Figure 7.21 a region formerly occupied by a relatively large austenite grain is highlighted in the bright 

field TEM micrograph, while selected area diffraction patterns taken from various regions within the 

larger area.  In addition to retained austenite, both ε and α’ martensite are observed.  Some regions of the 

prior austenite region, particularly on the left side of the grain, appear to be almost completely 

transformed.  An annealing twin divided the former grain; the twin boundary seems to have had minimal 

affect on the martensite transformation.  While partially transformed austenite grains with mixtures of 

faulted retained austenite, fine ε martensite plates, and lath α’ martensite were common in the 650 °C 

annealed steel at 2 pct. strain other grains were fully transformed to fine α’ lath martensite, the bright 

field TEM micrograph in Figure 7.22 shows such a grain. 

The significant amount of austenite transformation during initial yielding in the 650 °C annealed 

steel seen in Figure 7.5d, combined with the limited increase in dislocation structure in ferrite seen in 

Figure 7.19, are strong evidence for stress induced austenite transformation to martensite dominating the 

yielding behavior of this steel with limited deformation in the strain aged ferrite matrix. 
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Figure 7.20 Dark field TEM micrographs of a partially transformed austenite grain in the 

7.1-Mn steel annealed at 650 °C for 168 hr and strained to 2 pct. strain 
highlighting wide stacking faults in austenite as well as two variants of epsilon 
martensite [96]. 

 

 
Figure 7.21 Bright field TEM micrograph of a prior austenite grain in the 7.1-Mn steel 

annealed at 650 °C for 168 hr and strained to 2 pct. strain.  Partially transformed 
regions are indicated on the figure, both ε and α’ martensite are present.  An 
annealing twin divided the austenite grain and is still evident in the partially 
transformed structure [96]. 
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Figure 7.22 Bright field TEM micrographs of a fully transformed austenite grain in the 

7.1-Mn steel annealed at 650 °C for 168 hr and strained to 2 pct. strain showing 
lath martensite structure [129]. 

7.6 Summary of Microstructural Changes With Deformation 

• The 7.1-Mn steel displayed annealing temperature dependent austenite stability, with 
transformation occurring at lower stresses and total strains in the steels annealed at higher 
temperatures (625 °C and 650 °C) compared to the lower annealing temperature (575 °C and 
600 °C) conditions. 

• The presence and formation of ! martensite displayed annealing temperature dependent behavior 
in the 7.1-Mn steel.  ! martensite formed in the Lüders band in the 575 °C annealed steel then 
decreased in amount with deformation, plastic strain in excess of the Lüders strain was required 
for ! martensite formation in the 600 °C annealed steel and a maximum amount of ! was 
observed at 20 pct. strain.  In the 625 °C and 650 °C annealed steels ! martensite formed during 
the yield inflection then decreased in amount with increasing deformation. 

• The rate of transformation with strain of families of grains of similar orientation in the 7.1-Mn 
steel also displayed heat treatment dependent behavior, while the 575 °C and 600 °C annealed 
steels displayed austenite orientation dependent transformation and all the austenite grains in the 
625 °C and 650 °C annealed steels exhibited transformation at a constant rate with strain. 

• TEM investigation on the 7.1-Mn steel annealed at 600 °C and 650 °C suggests that "’ martensite 
formation was reliant on the presence of ! martensite.  Fine stacking faults and ! martensite were 
observed in the 600 °C annealed steel at low plastic strains (<10 pct.) with limited "’ martensite 
formation.  Dislocations were observed in ferrite the 650 °C annealed steel emanating from 
ferrite-"’ martensite interfaces.  The amount of austenite transformation in the 650 °C annealed 
steel varied from grain to grain, some grains only displayed planar faulting while others were 
completely transformed to martensite. 
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• Yielding in the 7.1-Mn steel annealed at 600 °C was likely via dislocation motion in the strain 
aged ferrite matrix while yielding after annealing at 650 °C was likely via stress induced austenite 
transformation. 

• The relative transformation rate with applied stress was the same in the 7MnAl-M and 
10MnAl-M steels, despite the change in overall austenite amount.  In the martensitic steels 
transformation began well before the 0.2 pct. offset yield stress.  Families of austenite grains of 
different orientation transformed at essentially the same rate with increasing applied stress in both 
steels. 

• In the 7MnAl-M steel, austenite transformation was essentially complete by 1200 MPa, well 
below the ultimate tensile strength of the steel (1550 MPa). 
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CHAPTER 8 : LATTICE STRAIN RESULTS 

8.1 Introduction to Lattice Strain Results 

In this chapter, results from the in situ neutron diffraction experiments pertaining to the 

distribution of deformation (stresses or strains) in the microstructure are presented.  Neutron diffraction 

data provide direct measurements of mechanical interactions between constituent phases by measuring 

differences in the behavior of phase specific elastic lattice strains with applied stress or strain as well as 

changes in peak broadening with deformation.  The observed differences in diffraction peak location and 

width can be related to observed changes in macroscopic yielding and work hardening allowing 

subsequent analysis of the sequence of deformation between phases to explain the unique deformation 

behavior observed TRIP steels.  The results for the duplex Mn-TRIP and martensitic MnAl-TRIP steels 

are presented separately in this chapter. 

For the presentation of the lattice strain data two types of plots are used.  The first is a plot of 

applied tensile stress (as measured by the load cell on the tensile frame) as a function of internal lattice 

strain.  These plots show changes in internal stress in each phase, as shown in Figure 2.21.  Specifically, 

presenting the lattice strain data in this manner highlights changes in the flow strengths and yielding of 

various constituents via changes in the slope of the applied-stress lattice-strain behavior.  The other 

method for presentation of the lattice strain data utilizes plots of internal lattice strain as a function of 

applied engineering strain.  Since lattice strain is an indirect measure of stress in a set of grains of a single 

orientation (or phase if whole pattern Rietveld lattice parameter strains are presented) plots of lattice 

strain versus sample strain may be interpreted in the same manner as traditional uniaxial stress-strain 

curves and provide straightforward discussion of the relative amounts of stress between constituents with 

deformation. 

8.2 7.1-Mn Steel Lattice Strains 

Figure 8.1 shows the applied tensile stress as a function of internal lattice strain for the 7.1-Mn 

steel annealed at 575 °C.  Four unique data sets are presented in each figure, data from the ferrite α{200} 

and α{211} planes in the axial and transverse directions are plotted in Figure 8.1a while data from the 

austenite γ{220} and γ{311} planes in both sample directions are plotted in Figure 8.1b.  Figure 8.2, 

Figure 8.3, and Figure 8.4 show the corresponding data for the 600 °C, 625 °C, and 650 °C annealed 

steels.  In addition to the four sets of lattice planes plotted for the 575 °C annealed steel in Figure 8.1, 

Figure 8.2b also includes data for the ε{101} planes after annealing at 600 °C. Figure 8.4a also includes data 

for martensite α’{002} and α’{112} planes as well as the ε{101} planes for the 650 °C annealed steel.  Analysis 
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of the behavior of ε martensite in the selected steels allows unique insight into the austenite to martensite 

transformation with deformation.  As a transition phase with fixed crystallographic relationships to both 

austenite and α’ martensite (shown in Figure 7.2), ε martensite provides information related to changes in 

both the transformation mechanism and relative stress shared between constituents with transformation. 

Three distinct regions of deformation can be seen in the lattice strain data for the 600 °C annealed 

steel in Figure 8.2: 

• In Stage 1 initial linear and reversible deformation of the sample was observed, both constituents 
are loaded elastically.  Lattice strains were tensile in the axial direction and compressive in the 
transverse direction for both ferrite and austenite, consistent with the Poisson effect. 

• Stage 2 was initiated by abrupt lattice compression in austenite in both the axial and transverse 
directions during macroscopic yielding.  With increasing stress a change in the slope of the ferrite 
lattice strain behavior was observed, and the strains in austenite were increasingly compressive. 

• Stage 3 was characterized by the arrest in the increase of the lattice strain in ferrite in the axial 
direction. 

Stress values corresponding to transition points between the deformation stages are highlighted by 

tic marks on the right side ordinate axis of the applied stress-lattice strain plots. 

 

  
(a) (b) 

Figure 8.1 Elastic lattice strains for a) ferrite and b) austenite in both the axial and transverse 
directions plotted with respect to macroscopic tensile stress for 7.1-Mn steel annealed 
at 575 °C.  Uncertainties in the data are typically less than the plotted symbol size. 
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(a) (b) 

Figure 8.2 Elastic lattice strains for a) ferrite and b) austenite in both the axial and transverse 
directions plotted with respect to macroscopic tensile stress for 7.1-Mn steel annealed 
at 600 °C.  Uncertainties in the data are typically less than the plotted symbol size. 
The shaded band corresponds to stresses for Lüders deformation from Figure 6.5a 

 

 

 

  
(a) (b) 

Figure 8.3 Elastic lattice strains for a) ferrite and b) austenite in both the axial and transverse 
directions plotted with respect to macroscopic tensile stress for 7.1-Mn steel annealed 
at 625 °C.  Uncertainties in the data are typically less than the plotted symbol size.  
The shaded band corresponds to stresses for the yield inflection from Figure 6.5a. 
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(a) (b) 

Figure 8.4 Elastic lattice strains for a) ferrite and b) austenite in both the axial and transverse 
directions plotted with respect to macroscopic tensile stress for 7.1-Mn steel annealed 
at 650 °C .  Uncertainties in the data are typically less than the plotted symbol size 
unless uncertainty bars are plotted. The shaded band corresponds to stresses for the 
yield inflection from Figure 6.5a 

 

 

Stage 1 deformation was observed up to stresses near the Lüders plateau (Figure 6.5a) for the 

575 °C (Figure 8.1) and 600 °C (Figure 8.2) annealed steels.  Stage 2 deformation coincided with 

resumption of continuous yielding after yield point elongation at approximately 760 MPa for the 575 °C 

annealed steel and 685 MPa for the steel annealed at 600 °C measured during in situ testing of the strain 

aged samples (Figure 4.4 shows the representative amount of strain ageing in the 7.1-Mn steels annealed 

at 600 °C and 650 °C during in situ testing compared to the quasi-static testing presented in Section 6.2).  

During Stage 2 deformation the lattice strains for ferrite and austenite diverged with increasing applied 

stress.  In both diffraction orientations a distinct decrease in the austenite lattice strain, corresponding to 

lattice compression.  The observed lattice strain divergence occurred clearly at stresses required for 

initiation of austenite transformation to martensite from Figure 7.3. 

After yielding, during Stage 2 deformation, austenite lattice strains in both diffraction orientations 

for the 575 °C annealed steel decrease (i.e. increasingly compressive) with increasing applied stress. 

Using the austenite γ{311} planes as an example; Figure 8.1b shows that in the axial direction lattice strains 

decreased from 3.6*10-3 at 753 MPa to 2.2*10-3 at 770 MPa.  If the linear load path observed during Stage 

1 had been maintained the expected lattice strain for the austenite γ{311} oriented grains at 770 MPa is 

3.8*10-3.  Similar decreases are observed in the transverse direction, where a lattice strain of -4.2*10-3 at 

781 MPa was recorded compared to an expected strain from the initial load path of -1.2*10-3.    This 

distinct decrease in austenite lattice strain was characteristic of all the tested conditions during yielding 
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and initial austenite transformation.  Lattice strains in ferrite during Stage 2 deformation in the 575 °C 

annealed steel (Figure 8.1a) show the opposite behavior, with lattice strains decreasing in magnitude in 

the transverse direction (i.e. more tensile) and increasing in the axial direction with increasing applied 

stress.  Figure 8.1a shows that in the transverse direction, ferrite lattice strains decreased in magnitude 

until little strain was present in the lattice compared to the unloaded condition. 

Figure 8.2b shows that during Stage 2 deformation in the 600 °C annealed steel the measured 

lattice strain in austenite decreased with increasing applied stress.  Eventually, austenite lattice strains 

decreased until essentially zero lattice strain was present in the axial austenite planes.  The point where a 

family of similarly oriented grains reached zero lattice strain, and correspondingly zero stress, also 

signaled the end of austenite transformation for that set of grains in Figure 7.8b (i.e. the austenite γ{220} 

planes approach zero lattice strain and disappear from the diffraction pattern at approximately 710 MPa in 

Figure 8.2b or 15 pct. strain in Figure 7.8b).  A pronounced change in the slope of the axial lattice strain 

data for austenite was present at approximately 720 MPa, above this 720 MPa the austenite γ{311} lattice 

strains decreased with increasing stress at a lower rate as compared to the data between 685 MPa and 

720 MPa.  

During Stage 2 deformation in the 600 °C annealed steel a change in slope in the lattice strain 

response in ferrite in the axial diffraction direction was observed.  Figure 8.5 shows a magnified plot of 

the ferrite α{200} lattice strains for the 7.1-Mn steel annealed at 600 °C and 650 °C.  In the 600 °C 

annealed steel a decrease in the slope with respect to the applied tensile stress was observed at a stress of 

685 MPa, 75 GPa after yielding versus 170 GPa prior to yielding (Figure 8.5). 

The third stage of deformation was characterized by a change in slope of the ferrite lattice strain 

data in the axial diffraction direction with respect to the applied stress at approximately 730 MPa in the 

600 °C annealed steel.  Figure 8.5 emphasizes this change in ferrite lattice strain behavior with increasing 

applied stress.  Ferrite lattice strains ceased to increase and remained essentially constant with increasing 

stress in Stage 3 indicating substantial plastic deformation in ferrite in this region.  Stage 3 deformation 

was not observed in the data for the 575 °C annealed steel as it was in the 600 °C annealed condition (i.e. 

a pronounced arrest in the ferrite lattice strains with increasing applied stress).  The change in behavior is 

likely a byproduct of the low work hardening at high strains in the 575 °C annealed steel limiting strength 

increases (Figure 6.5a) since the lattice strains in ferrite (Figure 8.1a) for the 575 °C annealed steel show 

an approximately constant value above 750 MPa, increasing from approximately 4*10-3 to 4.4*10-3 strain 

between 750 MPa and 780 MPa. 
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Figure 8.5 Ferrite α{200} lattice strain behavior in the axial diffraction direction as calculated 

using single peak fitting for the 600 °C and 650 °C annealed steel.  Data are 
replotted from Figure 8.2a and Figure 8.4a for clarity.  Uncertainties in the data 
are typically less than the plotted symbol size. 

 

During Stage 2 and Stage 3 deformation in the 600 °C annealed steel the ε{101} oriented grains 

followed the load path of the austenite γ{220}  oriented grains in the 600 °C annealed steel (Figure 8.2b).  

After the γ{220}  oriented grains disappeared from the diffraction pattern, the lattice strains for the  ε{101} 

planes continued the linear load path started during Stage 2 deformation.  The decrease in the ε{101} lattice 

strain eventually resulted in significant compressive lattice strains, with a measured lattice strain 

of -2.5*10-3 at 840 MPa. 

While the lattice strain data for the 625 °C and 650 °C annealed steels show many similarities to 

the 575 °C and 600 °C annealed steels data, several key differences are apparent.  First, Stage 2 

deformation initiated around 500 MPa for the 625 °C annealed steel (Figure 8.3) and 330 MPa for the 

650 °C annealed steel (Figure 8.4), near the 0.2 pct. offset yield stress, rather than at high stresses as was 

observed in the lower annealing temperatures.  The pronounced decrease in austenite lattice strains at the 

beginning of Stage 2 deformation, with relatively little increase in strength, seen in the 575 °C and 600 °C 

annealed steels was also observed in the higher annealing temperature data.  However, after the yield 

inflection in the 625 °C and 650 °C annealed steels, indicated by the shaded bands in Figure 8.3 and 

Figure 8.4, the lattice strains in austenite decreased at a very low rate with increasing applied stress 

compared to the lower annealing temperatures.  Comparing the change in the lattice strain for the 

austenite γ{311} planes in the axial direction between the 600 °C and 650 °C annealed steels; in the 600 °C 
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annealed steel a decrease in lattice strain of 1.5*10-3 for an 110 MPa increase in stress was observed while 

the lattice strain in the 650 °C annealed steel decreased 1.1*10-3 for an 380 MPa increase in stress.  

Another difference in the higher annealing temperature steels compared to the lower annealing 

temperatures is that the austenite lattice strains in the 625 °C (Figure 8.3b) and 650 °C (Figure 8.4b) 

annealed data appear to be independent of grain orientation (i.e. the data for the austenite γ{220} and γ{311} 

overlay in both Figure 8.3b and Figure 8.4b) whereas in the 575 °C (Figure 8.1b) and 600 °C 

(Figure 8.2b) annealed data the austenite lattice strains show significant orientation dependence.  This 

trend mirrors the grain dependent transformation rate seen earlier in Figure 7.8. 

The behavior of the observed ε martensite lattice strains data is a key difference between the low 

and high annealing temperature data.  In the 650 °C annealed steel, the lattice strain path for ε{101} planes 

in Figure 8.4a followed loading path of the α’{112} planes.  In contrast, the lattice strains of the ε{101} 

oriented grains in the 600 °C annealed steel followed the austenite γ{220}  oriented grains (Figure 8.2b). 

The final difference in the lattice strain data between the 625 °C and 650 °C annealed steels and 

the lower annealing temperatures are the changes in ferrite lattice strain slope between Stage 1, 2, and 3 

deformation.  In the 650 °C annealed steel the slope of the ferrite applied stress versus lattice strain curve 

after initiation of plastic deformation increased from 170 GPa to 500 GPa for the α{200} planes 

(Figure 8.5) compared to the decrease in ferrite lattice strains in the 600 °C annealed steel.  During 

Stage 2 deformation, ferrite in the 650 °C annealed steel was less stressed than during the initial elastic 

loading.  The stress for the initiation of Stage 3 deformation was also somewhat lower in the 650 °C 

annealed steel than in the 600 °C annealed condition, approximately 700 MPa compared to 

730 MPa (Figure 8.5). Figure 8.3a shows that in the 625 °C annealed steel ferrite lattice strains continued 

to follow the initial load path after initial yielding. Stage 2 and Stage 3 are difficult to separate in the 

625 °C annealed steel data due to the lack of data at high stresses.  However, the ferrite lattice strains 

appear to saturate at approximately 670 MPa, near the stress levels for Stage 3 deformation in the 600 °C 

and 650 °C annealed steels, suggesting plastic flow in ferrite initiated at this point in the sample 

deformation. 

The lattice strain data for the 7.1-Mn steel annealed at 600 °C and 650 °C are replotted as a 

function of sample engineering strain in Figure 8.6a and Figure 8.6b, respectively.  In each of the plots at 

least two data sets are presented, lattice strains corresponding to the ferrite α{211} and austenite γ{311} 

oriented grains.  The elastic moduli for the ferrite α{211} and austenite γ{311} oriented grains are similar 

(230 GPa and 210 GPa in the 600 °C annealed steel respectively) allowing for relative changes in the 

stress in each phase to be represented by the lattice strain in those grains.  Additionally, the 

crystallographically aligned lattice strain data from the austenite, α’ and ε martensite grain orientations 
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from Figure 7.2 are plotted to highlight changes in phase stress in a set of aligned planes.  The shaded 

bars in Figure 8.6 correspond to the strain region dominated by the distinct yielding behavior of these 

steels, discontinuous yielding in the 600 °C annealed steel and the pronounced yield inflection in the 

650 °C annealed steel.  

 

  
(a) (b) 

Figure 8.6 Elastic lattice strains, which are proportional to phase stress, for ferrite α{211}, 
austenite γ{220}, and epsilon ε{101} grains oriented in the axial direction plotted with 
respect to sample engineering strains for the 600 °C annealed steel.  Uncertainties in 
the data are typically less than the plotted symbol size. 

 

 

Figure 8.6a shows the lattice strain in the 600 °C annealed steel as a function of sample 

engineering strain.  After yielding, the ferrite α{211} lattice strains increase gradually and the lattice strains 

in austenite decrease with increasing sample strain.  During continuous deformation the load carried by 

ferrite increased as austenite transformed.  The increase in the ferrite lattice strain, and thereby phase 

stress, is likely a product of the inclusion of α’ martensite in the composite ferrite α{211} and α’ martensite 

α’{112} peak. At approximately 20 pct. sample strain, the austenite γ{311} lattice strains saturate and 

maintain a constant value around 1.0 *10-3, suggesting that the stress in these grains does not change 

significantly for sample strains in excess of 20 pct.  The austenite γ{220} lattice strain data show similar 

behavior to the austenite γ{311} oriented grains in Figure 8.6a, however, the decrease in lattice strain in the 

austenite γ{220} oriented grains occurs at lower strains than is seen in the austenite γ{311} data.  After the 

austenite γ{220} data disappear from the diffraction pattern the ε martensite ε{101} lattice strains follow the 
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lattice strain path of the parent austenite γ{220} oriented grains, resulting in significant compressive strains, 

and corresponding stresses, in ε martensite. 

There are several important changes in the lattice strain-sample strain plots for the 650 °C shown 

in Figure 8.6b compared to the 600 °C annealed steel data in Figure 8.6a.  First, after the yield inflection 

(indicated by the shaded band in Figure 8.6b) the lattice strains for both the austenite γ{311} and the 

austenite γ{220} oriented grains decrease to essentially zero strain, effectively no lattice strain, and thereby 

stress, is present in the austenite γ{311} or γ{220} oriented grains by 4 pct. sample strain.  Another key 

difference in the data is that the ferrite α{211} and ferrite α{200} lattice strains remain essentially constant 

after the yield inflection, suggesting that a constant stress level is present in ferrite with increasing sample 

strain.  Finally, in the 650 °C annealed steel both the α’ martensite α{112} and the ε martensite ε{101} 

oriented grains show high tensile lattice strains compared to ferrite in the same data set (Figure 8.4a), 

martensite in the 650 °C annealed steel likely carried the majority of the stress in the sample after the 

yield inflection. 

8.2.1 Summary of Mn-TRIP Lattice Strain Results 

Several overall trends may be identified in the lattice strain data for the 7.1-Mn steel annealed 

between 575 °C and 650 °C.  The austenite lattice strains always decreased after yielding in axial 

direction.  Eventually, this observed decrease in the axial lattice strain in the austenite resulted in the 

lattice strains in austenite approaching zero strain compared to the unloaded condition, zero lattice strain 

corresponds to essentially zero stress in austenite.  The point where the austenite lattice stress goes to zero 

also typically matched the extinction of a set of austenite planes (Figure 7.12).  The development of 

compressive strains in the axial austenite lattice strain data was unexpected given the applied tensile load 

on the sample.  In the transverse diffraction orientation, austenite lattice strains always decreased and the 

rate of the decrease appears related to austenite transformation shown in the austenite fraction data in 

Figure 7.10b. 

For all four steels, after the beginning of Stage 2 deformation the lattice strains in ferrite in the 

transverse direction decreased in magnitude until essentially zero lattice strain was observed in the 

transverse direction.  With increasing applied stress the ferrite lattice strains remained at essentially zero 

strain.  Similar ferrite lattice strain behavior was recently reported by Blondé et al. [55] for a bainitic 

based TRIP steel deformed at or below room temperature and elsewhere [58], [72], [73].  The lack of 

lattice strain in the transverse oriented grains in ferrite is likely a result a combination of; physical 

compatibility constraints between constituents after the initiation of plastic flow, redistribution of stresses 

due to austenite transformation, and the decrease in the overall transverse stress due to plastic deformation 

[152]. 
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The relative behavior of ε martensite displayed two distinct behaviors after annealing at the 

selected temperatures.  Annealing at 600 °C (Figure 8.2b) resulted in a similar lattice strain-applied stress 

path for the ε{101} and γ{220} lattice strains.  By contrast, the lattice strain path for ε{101} planes in the 650 °C 

annealed steel (Figure 8.4a) followed the loading path of the α’{112} planes.  The change in ε martensite 

lattice strain behavior mirrors the changes in austenite morphology seen in the strained TEM images, 

where in the 600 °C annealed steel ε martensite initially formed as thin plates in austenite (Figure 7.18) 

while in the 650 °C annealed steel ε martensite was frequently observed intermixed with α’ martensite, as 

can be seen in the bright field TEM image in Figure 7.21. 

8.3 MnAl-TRIP Martensitic Lattice Strains 

Figure 8.7 shows the lattice strains versus applied true stress plot for the martensitic 7MnAl-M 

steel.  Five unique data sets are presented in the figure, Figure 8.7a plots martensite data for the 

martensite α’{200} and α’{211} oriented grains in the axial and transverse direction while Figure 8.7b 

presents the lattice strain data for the austenite γ{200}, γ{220}, and γ{311} grains in both diffraction directions..  

Applied stresses plotted in Figure 8.7 were calculated using the load on the sample as measured by the 

test frame load cell at the end of the hold for the neutron diffraction measurement and the calculated 

instantaneous sample cross-sectional area. 

In Figure 8.7 the lattice stains for both austenite and martensite initially increased in response to 

the applied tensile load to accommodate elastic deformation of the sample.  A transition in the austenite 

lattice strain data for all three plotted grain orientations is observed in Figure 8.7b at a lattice strain of 

approximately 3.0*10-3.  The austenite lattice strains in the axial direction displayed a characteristic 

decrease in the slope of the lattice strain-applied stress behavior; after the transition the lattice strain in 

austenite increased more rapidly than before the change in slope.  The increase in lattice strains suggests 

that austenite accepted additional stress with increasing deformation.  The lattice strains for the austenite 

γ{200} oriented grains deviated from the initial slope first, at approximately 500 MPa (at the onset of 

austenite transformation shown in Figure 7.10b), followed by the austenite γ{311} planes at approximately 

600 MPa, and finally the austenite γ{220} planes at 900 MPa, the 0.2 pct. offset flow stress shown in 

Figure 6.9b.  The decrease in slope indicates that austenite was preferentially loaded in tension in the 

axial direction.  In the transverse diffraction data in Figure 8.7b the austenite lattice strains arrested at 

approximately 600 MPa and remained essentially constant with increasing applied stress. 
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(a) (b) 

Figure 8.7 Elastic lattice strains for a) ferrite and b) austenite in both the axial and transverse 
directions plotted with respect to applied true tensile stress for 7MnAl-M steel.  
Uncertainties in the data are typically less than the plotted symbol size. 

 

While the austenite lattice strains in the 7MnAl-M steel deviated from the initial load path at 

relatively low stresses, Figure 8.7a shows that the martensite lattice strains followed a constant stress path 

to approximately the 0.2 pct. offset yield stress at 900 MPa.  In the axial direction, above 900 MPa, the 

martensite α’{200} lattice strains increase more rapidly for an increase in applied load while lattice strains 

for martensite α’{211} planes increase less for a given increase in applied load with increasing load.  In the 

transverse diffraction direction the opposite behavior is observed and the martensite α’{200} lattice strains 

arrest at an essentially constant value for stresses in excess of 900 MPa while the martensite α’{211} strains 

continue to increase along the initial lattice strain-applied stress line.  The decreasing trend in the 

martensite α’{200} lattice strains in the transverse direction suggest that the strain in martensite may 

approach zero strain at stresses above 1400 MPa. 

Figure 8.8 shows the complementary lattice strain versus applies stress plots for the 10MnAl-M 

steel as were presented in Figure 8.7 for the 7MnAl-M steel.  In the 10MnAl-M steel, the lattice strain 

data for austenite show a change in slope from initial linear behavior in the axial direction at 

approximately 500 MPa for all the observed austenite grain orientations, the same stress as initiation of 

austenite transformation shown in Figure 6.9b.  After the change in slope from the initial loading the 

austenite γ{220}, and γ{311} lattice strains arrest at an approximately constant value with increasing stress 

(Figure 8.8b) while the austenite γ{200} lattice strains increase less for an increase in stress.  The arrest in 

increasing lattice strains in the 10MnAl-M steel is opposite to the transition in behavior seen in the 

7MnAl-M steel, the transition in the lattice stain data in the 10MnAl-M steel also happened at a constant 
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applied stress for all the presented grain orientations compared at to a constant lattice strain for the 

7MnAl-M steel data.  Constant axial austenite lattice strains with increasing applied stress in the 

10MnAl-M steel suggest a constant stress level in austenite. 

In the transverse diffraction orientation in Figure 8.8b, austenite lattice strains for the 10MnAl-M 

steel maintained a constant lattice strain-applied stress behavior to a stress of approximately 900 MPa.  

Above 900 MPa the transverse austenite lattice strains show a minor change in slope, with a trend for an 

increase in the magnitude of the measured strain with an increase in applied stress.  The increase in 

transverse lattice strain suggests that austenite in the transverse orientation accepted additional load with 

increasing applied stress. 

  
(a) (b) 

Figure 8.8 Elastic lattice strains for a) ferrite and b) austenite in both the axial and transverse 
directions plotted with respect to applied tensile true stress for 10MnAl-M steel.  
Uncertainties in the data are typically less than the plotted symbol size. 

 

The martensite lattice strain-applied stress data for the 10MnAl-M steel in Figure 8.8a show 

similar behavior to the 7MnAl-M steel data from Figure 8.7a.  In the 10MnAl-M steel the 

martensite α’{211} oriented grains never deviate significantly from the initial strain-strain curve and it is 

likely that these grains always accept a proportionate amount of the applied stress.  The martensite α’{200} 

data in the axial and transverse directions show two changes in the lattice strain behavior.  In the axial 

direction data in Figure 8.8a a decrease in the slope of the martensite α’{200} data occurred at 

approximately 500 MPa. The decrease in slope resulted in increasing lattice strains with increasing stress 

in martensite and corresponded with the initiation of austenite transformation (Figure 7.10b).  The change 

in martensite lattice strain behavior at the same stress for austenite transformation suggests that martensite 

was preferentially loaded as the amount of austenite was diminished.  In the transverse diffraction 
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direction the martensite α’{200} lattice strains arrested at a constant value above approximately 700 MPa, 

matching the 0.2 pct. offset yield stress of the steel. 

Figure 8.9 shows the change in the austenite lattice strain correspondence to the martensitic 

matrix lattice strains for the 7MnAl-M (Figure 8.9a) and 10MnAl-M (Figure 8.9b) by plotting the 

measured lattice strains as a function of sample engineering strain.  For these figures the lattice strains for 

the martensite α’{200} and α’{211} oriented grains are compared to the lattice strain data from the austenite 

γ{200} and γ{311} oriented grains.  The measured apparent elastic moduli from the 10MnAl-M steel data for 

the martensite α’{200} and α’{211} oriented grains were 130 GPa and 200 GPa, respectively, while the 

moduli for the corresponding austenite γ{200} and γ{311} oriented grains were also 130 GPa and 200 GPa.  

Since the elastic moduli are similar for the grain orientation pairs, comparisons between the α’{200} and 

γ{200} and the α’{211} and γ{311} lattice strain data may be directly related to the effective stress in the plotted 

orientations of the respective phases. 

In the 7MnAl-M steel (Figure 8.9a) the lattice strains for the martensite α’{200} and austenite γ{200} 

oriented grains essentially overlay with increasing sample strain until austenite is essentially fully 

transformed at 2 pct. strain (Figure 7.10a).   The correspondence between the martensite and austenite 

lattice strains suggests that the stress in austenite and martensite was approximately equal at a given 

sample strain. 

  
(a) (b) 

Figure 8.9 Elastic lattice strains, which are proportional to phase stress, for ferrite α{211} and 
austenite γ{220} grains oriented in the axial direction plotted with respect to sample 
engineering strains for a) the 7MnAl-M steel and b) the 10MnAl-M steel.  
Uncertainties in the data are typically less than the plotted symbol size. 
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By contrast, Figure 8.9b shows that the 10MnAl-M steel developed pronounced lattice strain 

partitioning between the martensite α’{200} and austenite γ{200} oriented grains, martensite accepted 

approximately twice the lattice strain as austenite as austenite at 2 pct. strain.  The disparity between the 

martensite and austenite lattice strains suggests significant stress differences between the two phases as 

austenite transforms.  In the 10MnAl-M steel the austenite γ{200} lattice strain remained essentially 

constant after the initiation of austenite transformation, suggesting a constant stress level in austenite, 

while the martensite α’{200} lattice strains continue to increase, indicating that increasing stresses in the 

steel were primarily born by martensite. 

8.3.1 Summary of Martensitic MnAl-TRIP Results 

Two distinct lattice strain behaviors were observed in the martensitic MnAl-TRIP steels.  After 

the initiation of austenite transformation at 500 MPa in the 7MnAl-M steel, austenite accepted additional 

stress compared to the initial elastic loading.  The axial lattice strains for austenite and martensite overlay, 

suggesting that the two phases are subjected to similar amounts of stress.  In the 10MnAl-M steel, after 

the initiation of austenite transformation the austenite lattice strains arrested and maintained an essentially 

constant value with increasing applied stress.  This resulted in a separation of the lattice strains between 

martensite and austenite, suggesting that martensite was subjected to a much higher applied stress than 

austenite. 

In the 7MnAl-M steel, the martensite lattice strains follow a constant applied stress-lattice strain 

line until the 0.2 pct. offset yield stress at 900 MPa.  Above 900 MPa the transverse lattice strains arrested 

while the axial lattice strains show grain orientation dependent strain partitioning suggesting significant 

plastic flow in martensite above the yield stress.  In the 10MnAl-M steel the martensite α’{200} lattice 

strains displayed a change in slope at approximately 500 MPa, the same stress as the initiation of 

austenite transformation, suggesting preferential loading of martensite with austenite transformation.  The 

only other change in the martensite lattice strain data for the 10MnAl-M steel was an arrest in the 

transverse martensite α’{200} lattice strains at approximately 700 MPa, or the 0.2 pct. offset yields stress; 

which may be an indication of plastic flow in specific martensite grains. 

 



  119 

CHAPTER 9 : PEAK WIDTHS 

9.1 Introduction 

Relative changes in diffraction peak width provide an additional method to monitor changes in 

the distribution of internal stress, or changes in deformation, in the multiple phases.  Peak broadening is 

typically assumed to be dominated by one of two sources: changes in apparent crystallite size, resulting in 

d-spacing independent broadening; and changes in dislocation density and internal stresses, producing 

grain orientation dependent broadening [64].  Only peak widths from the axial diffraction direction are 

presented here.  The presentation of the peak broadening data will use the methodology similar to the one 

proposed by Williamson and Hall [65], [108] to highlight changes in peak width for ferrite and austenite 

as a function of sample deformation and grain orientation.  The Williamson-Hall methodology was 

specifically developed to separate changes in diffraction peak width due to changes in defect density and 

changes in effective crystallite size [65]. 

Changes in the slope of the data plotted using the Williamson-Hall methodology are related to 

changes in dislocation density (due to dislocation slip and multiplication) or changes in the internal stress 

gradients between or within grains.  Shifts in the relative peak width independent of interplanar spacing 

are typically associated with crystallite size effects or planar defects, e.g. stacking faults [153–155].  In 

the present work broadening due to the very fine grain size in the as annealed steels cannot be neglected; 

however, initial broadening due to initial grain size was likely removed when the instrumental peak width 

was subtracted from the data. 

9.2 7.1-Mn Steel Diffraction Peak Width 

Figure 9.1 shows the instrument corrected (Eq. 4.3) ferrite peak widths, as determined by single 

peak fitting of in situ neutron diffraction data, as a function of interplanar spacing for the ferrite α{200}, 

α{211}, α{220}, and α{321} peaks  from the 7.1-Mn steel annealed at 575 °C, 600 °C, 625 °C and 650 C in 

Figure 9.1a, Figure 9.1b, Figure 9.1c, and Figure 9.1d, respectively.  The peak widths are plotted after 

several increments of strain to highlight changes in peak width over the range of tested strains.  The 

engineering stress and strain values for each set of peak widths are listed in the legends in Figure 9.1.  

Several peaks are not plotted beyond the lowest strain increment in Figure 9.1, typically due to the peak 

becoming artificially broad due to the presence of an α’ martensite doublet adjacent to a ferrite peak. 
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(a) (b) 

  
(c) (d) 

Figure 9.1 Plot of peak width as a function of interplanar spacing (d-spacing) and 
deformation for ferrite for the 7.1-Mn Steel intercritically annealed for 168 hr at 
a) 575 °C, b) 600 C, c) 625 °C, and d) 650 °C.  Uncertainties in the data are 
typically less than the plotted symbol size unless otherwise plotted.  Engineering 
stresses and strains for the sets of data are listed in the figure legends. 

Ferrite peak widths generally increased during continuous deformation for all the tested 

conditions; however, several key differences in the ferrite behavior are apparent between the various 

annealing temperatures.  For the 575 °C annealed steel (Figure 9.1a) both the slope of the lines plotted 

through the data, as well as the overall magnitude, of the ferrite peak widths increased with increasing 

sample strain.  The increase in slope (i.e. d-spacing dependent broadening) is evidence for increasing 
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dislocation density in ferrite with strain [64].  Overall increasing peak width independent of interplanar 

spacing suggests decreasing crystallite size; which may be due to the accumulation of dislocations on 

sub-grain boundaries or the presence of very fine deformation-induced martensite being included in the 

ferrite diffraction peaks. 

The peak width data for the 600 °C annealed steel in Figure 9.1b show similar magnitude changes 

in peak width as the 575 °C annealed steel in Figure 9.1a.  However, two distinct groups of data are 

apparent in the 600 °C annealed steel ferrite peak widths.  During yield point elongation the ferrite peak 

width increased rapidly, with changes in the slope of the lines dominating the increase in width, indicating 

substantial dislocation accumulation in ferrite.  Ferrite peak widths then maintained essentially constant 

values up to approximately 25 pct. strain.  Above 25 pct. strain ferrite peak widths increased by 

approximately 50 pct. and saturated with increasing strain.  The change in behavior around 25 pct. strain 

corresponded to the end in increasing work hardening in the steel from Figure 6.6b. 

Ferrite peak widths in the 625 °C (Figure 9.1c) and the 650 °C (Figure 9.1d) annealed steel 

increased immediately after yielding but remained constant with increasing strain beyond the yield 

inflections, approximately 5 pct. and 3 pct. engineering strain, respectively (Figure 6.6b).  α' martensite 

doublets were observed in both of these steels, making separation of changes in ferrite width difficult.  

However, fitting to both peaks simultaneously at high stresses indicated minimal peak broadening in 

ferrite in the 650 °C annealed steel.  It is likely that the dislocation density in ferrite increased during the 

yield inflection then remained essentially constant with increasing stress, suggesting limited work 

hardening in ferrite in the 625 °C and 650 °C annealed steels. 

Figure 9.2 presents the instrument corrected (Eq. 4.3) austenite peak widths as a function of 

interplanar spacing for the austenite γ{200}, γ{220}, γ{311}, γ{222},  and γ{420} peaks from the 7.1-Mn steel 

annealed at 575 °C, 600 °C, 625 °C and 650 C in Figure 9.2a, Figure 9.2b, Figure 9.2c, and Figure 9.2d, 

respectively.  Several peaks are not plotted beyond the lowest strain increment in Figure 9.2, due to the 

peak disappearing from the diffraction pattern. 

Austenite peak widths increased abruptly in all four of the annealed steels on yielding and during 

uniform plastic flow.  In particular the austenite γ{200} and γ{220} peaks became very broad with strain in all 

four steels.  Significant contributions of both size broadening (overall increase in the magnitude of the 

peak width independent of interplanar spacing) and strain broadening (indicated by the increases in both 

the slope of the data) are present in all four data sets in Figure 9.2.  In all cases austenite peak width 

initially increased with strain, above a critical strain value the austenite peak width remained essentially 

constant with increasing strain; the point where austenite peak widths changed behavior varied between 

the tested conditions with the 575 °C and 600 °C displaying constant austenite peak width at higher 

strains than the 625 °C and 650 °C annealed steels (Figure 9.2). 
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(a) (b) 

  
(c) (d) 

Figure 9.2 Plot of peak width as a function of interplanar spacing (d-spacing) and 
deformation for ferrite for the 7.1-Mn Steel intercritically annealed for 168 hr at 
a) 575 °C, b) 600 C, c) 625 °C, and d) 650 °C.  Uncertainties in the data are 
typically less than the plotted symbol size unless otherwise plotted.  Engineering 
stresses and strains for the sets of data are listed in the figure legends. 

Figure 9.2 a shows the austenite peak width data for the 575 °C annealed steel.  After annealing at 

575 °C the austenite peak width increased rapidly with sample strain after the Lüders band passed through 

the sample, approximately 7 pct. strain (Figure 6.5a).  The increase in austenite peak width within the 

Lüders band corresponds to the rapid formation of ε martensite shown in  Figure 7.5a.  For continuous 

deformation in excess of the Lüders strain only minimal increases in austenite peak width were recorded 
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and the data for the austenite γ{311} peak width overlay with increasing strain.  Broadening was observed 

in the austenite γ{200} peak, which may suggest accumulation of dislocations in austenite with deformation 

in the 575 °C annealed steel. 

In the 600 °C (Figure 9.2b) annealed steel austenite peak widths increased with increasing sample 

strain until approximately 11 pct. strain.  Above 11 pct. strain the austenite peak widths approached a 

constant value.   The change in austenite peak width corresponds to the strain where the maximum 

amount of ε martensite in the 600 °C annealed steel was observed in Figure 7.5b.  The initial increase in 

peak widths for the 575 °C and 600°C annealed steels were likely the result of the accumulation of 

stacking faults and planar defects with strain [153–155], consistent with TEM observations from the 

600 °C annealed steel (Figure 7.16). 

In general, the austenite peak widths for the 625 °C (Figure 9.2c) and 650 °C (Figure 9.2d) 

annealed steels were less broad than the 575 °C (Figure 9.2a) and 600 °C (Figure 9.2b) annealed steels.  

In the 625 °C annealed steel (Figure 9.2 c) austenite peak widths increased during the observed yield 

inflection, below 5 pct. strain (Figure 6.6b).  Relative changes in peak width appear to be dominated by 

overall broadening rather than plane index specific broadening, suggesting that grain size effects were 

more significant than dislocation density effects.  A reduction of the effective austenite grain size could 

be accomplished via subdivision of austenite by martensite due to austenite transformation.  The data for 

the 650 °C annealed steel (Figure 9.2d) show similar increases during yielding and arrest at a constant 

peak width immediately above 3 pct. strain, the strain where the austenite transformation rate slowed  

(Figure 7.4).  The d-spacing independent nature of the peak width data for the 625 °C and 650 °C 

annealed steels suggest minimal increases in austenite defect density with strain and that the subdivision 

of austenite pools by martensite dominated the observed broadening. 

9.3 MnAl-TRIP Martensitic Diffraction Peak Width 

Instrument corrected peak widths as determined by single peak fitting of in situ neutron 

diffraction data for the martensite peaks are presented in Figure 9.3a for the 7MnAl-M martensitic steel 

and in Figure 9.3b for the 10MnAl-M martensitic steel; austenite peak width data are plotted in 

Figure 9.4a and Figure 9.4b for the two steels, respectively.  To account for instrumental broadening, the 

peak width data in Figure 9.3 for the martensite α’{200}, α’{211}, and α’{321} are plotted as the difference 

between the squared measured peak width at an increment of strain and the squared peak width at 10 MPa 

before deformation due to the negative peak broadening observed in the 7MnAl-M steel, shown in 

Figure 9.3a.  Figure 9.4 shows the instrument adjusted peak width for the austenite γ{200}, γ{311},  and γ{420} 

peaks as determined by Eq. 4.3.  Both the martensite and austenite peak widths are plotted starting at 

approximately 500 MPa, the stress required for initial austenite transformation shown in Figure 7.9, then 
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in increments of approximately 200 MPa until the end of the test or the point where the austenite peaks 

disappeared or asymmetric broadening resulted in poor Gaussian fits. 

Martensite peak widths for the 7MnAl-M steel in Figure 9.3a decreased with increasing applied 

stress to approximately 1000 MPa, and above 1000 MPa the peak width remained essentially constant 

with increasing sample stress.  The unusual peak width decrease seen in the data for the 7MnAl-M steel in 

Figure 9.3a may be the result of a redistribution of residual stresses formed on athermal martensite 

formation during initial plastic deformation and austenite transformation.  The trend in the data appears to 

be dependent on interplanar spacing and saturated around 1000 MPa, indicating that the initial decrease in 

peak width was in response to a change in the microstructure at relatively low stresses.  The relatively 

constant peak width above 1000 MPa suggests and there were minimal increases in dislocation density or 

martensite defect structure at high stresses. 

  
(a) (b) 

Figure 9.3 Plot for the difference between squared peak widths for instrument correction as a 
function of interplanar spacing (d-spacing) and deformation for martensite peaks 
from the a) 7MnAl and b) 10MnAl martensitic steel.  True stresses and strains for 
increments of deformation plotted are listed in the figure legends. 

 

Figure 9.3b shows opposite behavior for the 10MnAl-M steel compared with the 7MnAl-M steel, 

with increasing martensite peak width with increasing applied stress.  The relative increases in peak width 

for the 10MnAl-M steel in Figure 9.3b are comparable to the increases seen in the ferrite data presented in 

Figure 9.1for the 7.1-Mn steels.  In the 10MnAl-M steel there was an increase in slope in the peak width 

data with increasing applied stress, indicating overall increased dislocation density.  The absolute change 

in dislocation density in the 10MnAl-M steel may be small given the uncertainty in the data and potential 

peak broadening from fresh α’ martensite doublet pairs. 
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Changes in the relative peak width for austenite between the 7MnAl-M and 10MnAl-M steels in 

Figure 9.4 show two distinct behaviors.  In the 7MnAl-M steel (Figure 9.4a) the slope of the peak width 

versus interplanar spacing data increased with increasing sample stress and austenite transformation at 

relatively low stresses.  Peak widths in the 7MnAl-M steel are likely dominated by increasing dislocation 

density and grain orientation dependent internal stresses in accommodation of austenite transformation.  

By contrast, the peak width data for the 10MnAl-M steel (Figure 9.4b) show overall increases in peak 

width without pronounced changes in the slope of the plotted lines.  Overall increases in peak width 

indicate a reduction in grain effective size due to either α’ or ε martensite formation or the development 

of highly planar slip via partial dislocation separation [153–155].  The data for the 10MnAl-M steel reach 

an approximately constant value at approximately 600 MPa after initial deformation while peak widths in 

the 7MnAl-M steel continually increase with increasing sample stress until austenite disappeared from the 

diffraction data. 

  
(a) (b) 

Figure 9.4 Plot for the instrument corrected peak width as a function of interplanar spacing 
(d-spacing) and deformation for austenite peaks from the a) 7MnAl-M and b) 
10MnAl-M martensitic steel.  True stresses and strains for increments of deformation 
plotted are listed in the figure legends. 

 

9.4 Summary of Peak Width Results 

The peak width behavior for ferrite in the 7.1-Mn steels displayed two distinct behaviors.  After 

annealing at 575 °C and 600 °C ferrite peak widths initially increased with increasing strain, after the 

period of increasing work hardening the ferrite peak widths reached an approximately constant value with 

increasing sample strain.  The peak width data for the 575 °C and 600 °C annealed steels suggest the 

accumulation of dislocations in ferrite and ferrite plastic deformation.  In the 625 °C and 650 °C annealed 
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steels the measured ferrite peak widths increased during the yield inflection then maintained an 

approximately constant value with increasing strain suggesting limited accumulation of dislocations in 

ferrite after the distinct yield behavior.  Two distinct behaviors were also observed in the austenite peak 

width data for the 7.1-Mn steels.  In the 575 °C and 600 °C annealed steels d-spacing dependent 

broadening was observed, suggesting the accumulation of dislocations in austenite in these steels.  By 

contrast, the peak broadening in the 625 °C and 650 °C annealed steels was dominated by overall 

increases in peak width independent of interplanar spacing, suggesting dynamic grain refinement of 

austenite by martensite dominated peak broadening. 

Similar trends were observed in the martensitic MnAl-M TRIP steels.  Negative peak broadening 

was observed for the martensite peaks in the 7MnAl-M steel at relatively low stresses during austenite 

transformation.  The decrease in martensite peak width may have been due to the relaxation of internal 

strains in martensite formed during athermal transformation.  In the 10MnAl-M steel martensite peak 

broadening was dependent on interplanar spacing, suggesting accumulation of dislocations in martensite.  

In both the 7MnAl-M and 10MnAl-M steels austenite peaks broadened after the initiation of austenite 

transformation.  In the 7MnAl-M steel the broadening suggests increases in austenite dislocation density 

due to the d-spacing dependent nature of the increase in peak width.  The 10MnAl-M steel overall 

increases in austenite peak width, indicative of decreased austenite grain size rather than increases in 

austenite dislocation density. 
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CHAPTER 10 : STRESS RELAXATION TESTING 

10.1 Introduction to Stress Relaxation Results 

Several conditions were selected for stress relaxation testing. The 7.1-Mn steels annealed between 

575 °C and 675 °C for 168 hr were tested for comparison to the in situ neutron diffraction data.  

Additionally, several conditions of the 5.8-Mn steel were tested to determine if the characteristic changes 

in activation volume seen in the 7.1-Mn steel were manifest in the lower alloy steels and to expand on the 

available stress relaxation data in multiphase microstructures.  Samples of the 7MnAl-M and 10MnAl-M 

steels were tested to highlight changes in the apparent dislocation structure in microstructures with very 

different starting conditions compared to the duplex steels and data in literature [38].  The apparent 

activation volume for the composite was determined by fitting Eq. 2.4, from Section 2.9, to the measured 

shear stress as a function of time data during holding at a fixed strain increment.  The relative magnitudes 

for the apparent activation volumes for various deformation mechanisms are included in Table 2.2. 

Due to the multi-phase nature of the steels multiple deformation mechanisms may be active at a 

given strain increment and analytical techniques, beyond stress relaxation testing, are necessary to 

deconvolute the deformation behavior.  However, pronounced changes in the apparent activation volume 

are still useful for separating regimes on the deformation behavior.  For the present analysis of the stress 

relaxation data it was assumed that in regimes where a single phase dominated the deformation of the 

steel, the lowest strength mechanism operating produced the characteristic activation volume during stress 

relaxation.  In regions where multiple phases were plastically deforming, a composite activation volume 

between the expected value for either individual phase was expected.  Transition regions between stages 

of deformation should translate to changes in the apparent activation volume.  For the analysis of the 

stress relaxation data it was assumed that any austenite transformation occurred before the start of the 

relaxation test and that the conversion of elastic stress to plastic strain during the hold was not 

significantly affected by austenite transformation. 

10.2 Mn-TRIP Steels 

Figure 10.1a presents the development of the apparent activation volume as a function of 

engineering strain for the 5.8-Mn steel annealed at 575, 600, and 650 °C while Figure 10.1b shows the 

corresponding data for the 7.1-Mn steel plus data for the 625 °C and 675 °C annealed steels. With 

increasing sample strain the apparent activation volume decreased.  The rate of change with increasing 

strain depended on the annealing temperature of the steel, with higher annealing temperatures resulting in 

more rapid decreases in activation volume than the lower annealing temperature steels. 
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(a) (b) 

Figure 10.1 Dislocation activation volume as a function of engineering strain at the beginning of 
the test for the a) 5.8-Mn steel and b) 7.1-Mn steel annealed 168 hr at the 
temperatures listed on the Figure.  Samples held at constant displacement for at least 
a 180 s to allow stress relaxation. The shaded bands correspond to the mechanisms in  
Table 2.2 [38], [51], [52], [75–77]. 

 

Several general trends in the apparent activation volume can be seen in the data in Figure 10.1.  

First, the apparent activation volume for all the tested annealing temperatures during initial yielding 

(shown in the stress-strain data in Figure 6.3a, Figure 6.5a) for both the 5.8-Mn and 7.1-Mn steels was 

very high, in the range of 100-300b3.  After yielding and during initial uniform plastic deformation, the 

apparent activation volume decreased from the initially high observed value (between 100-300b3) to a 

lower volume between 60-90b3. 

In the 575 °C and 600 °C annealed steels the apparent activation volume was maintained between 

60-90b3 to relatively high strains.  This region of constant activation volume ended at approximately 

30 pct. strain for the 5.8-Mn and 28 pct. strain for the 7.1-Mn steels annealed at 600 °C and at the uniform 

sample strain for the 575 °C annealed steels.  The region of Figure 10.1 between 60-100b3 was typically 

observed during strain periods of sustained increasing work hardening in Figure 6.4a and Figure 6.6a and 

is labeled as the ‘Mixed Deformation’ region in Figure 10.1 due to the agreement to the unique work 

hardening behavior.  In the 7.1-Mn steels, this period of sustained high activation volume also 

corresponded to strain regimes of austenite transformation shown in Figure 7.4 [38].  After the period of 

increasing work hardening in the 600 °C annealed steels the activation volume decreased with increasing 

strain; eventually, these conditions displayed a characteristic apparent activation volume between 

30-50b3, typical of kink-pair motion [38], [51], [52], [75–77] or grain boundary thickening [38] in UFG 

BCC metals. 
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The 7.1-Mn steels annealed at 625  °C and 650 °C and the 5.8-Mn steel annealed at 650 °C in 

Figure 10.1 behave slightly differently than the lower annealing temperature conditions.  As with the 

other steels both the 625 °C and 650 °C annealed steels display a very high initial activation volume, 

between 100-200b3.  After yielding, however, the apparent activation volume rapidly decreases to 

between 30-60b3.  In the 650 °C annealed steels the decreasing in apparent activation from the high initial 

value takes approximately 3 pct. total strain in the 7.1-Mn steel (Figure 10.1 b) and 5 pct. total strain in 

the 5.8-Mn steel (Figure 10.1 a).  In the 7.1-Mn steel annealed at 625 °C the decrease from the high initial 

activation volume to the final saturation value between 30-60b3 required approximately 10 pct. strain 

(Figure 10.1b).  As was seen in the in the 575 °C and 600 °C annealed steels the transition to the final 

stage of deformation in the 625 °C and 650 °C annealed steels corresponded to the period of increasing 

work hardening in Figure 6.4a and Figure 6.6a and the yield inflection in Figure 6.3a and Figure 6.5a.  

However, unlike the lower annealing temperature data in Figure 10.1, annealing at 625 °C and 650 °C did 

not produce a sustained plateau within the mixed deformation region and a single decrease in apparent 

activation volume was recorded.  Finally, the 7.1-Mn steel annealed at 675 °C resulted in a decrease from 

the initial activation volume to the final saturation volume within 2 pct. strain, the transition also occurred 

well below the 0.2 pct. offset yield stress. 

10.3 MnAl-TRIP Martensitic Steels 

Figure 10.2 presents the development of activation volume as a function of engineering strain at 

the beginning of the pause in displacement (Figure 10.2a) and applied true stress at the end of the hold 

(Figure 10.2b).  Initially, the activation volume for both martensitic steels was between 100-500b3, similar 

to the duplex steels in Figure 10.1. 

With increasing applied stress the activation volume in both steels decreased (Figure 10.2b).  

After the initial decrease in activation volume, Figure 10.2a shows a period between 0.5 pct. and 1.5 pct. 

strain in the data for the 10MnAl-M steel where the activation volume remained essentially constant 

between approximately 60-70b3.  This period of constant activation volume matches the region of 

increasing work hardening seen in Figure 6.10b and the region of austenite transformation in 

Figure 7.10a.  Above approximately 1.5 pct. strain the apparent activation volume in the 10MnAl-M steel 

decreased again to approximately 40b3.  Austenite transformation likely dominated changes in the 

dislocation structure between 0.5 pct. and 1.5 pct. strain. 

In the 7MnAl-M steel the activation volume did not display the characteristic arrest in activation 

volume with increasing sample strain (Figure 10.2a).  Plotting the activation volume against applied stress 

in Figure 10.2b shows that with increasing applied stress the activation volume decreased until the 

0.2 pct. offset yield stress (900 MPa) was achieved.  Above the yield stress the activation volume 



  130 

remained essentially constant at approximately 40b3.  This value is consistent with kink-pair formation in 

screw dislocations in body centered cubic deformation [38], [51], [52], [75–77] or grain boundary 

thickening in UFG BCC metals [38], suggesting plastic deformation of the martensitic matrix via 

dislocation multiplication and slip. 

  
(a) (b) 

Figure 10.2 Dislocation activation volume as a function of a) engineering strain at the beginning 
of the pause in displacement and b) true stress at the end of the pause in displacement 
after at least a 180 s hold for the martensitic 7MnAl-M and 10MnAl-M steels.  The 
shaded bands in the figure are presented in Table 2.2 [38], [51], [52], [75–77]. 

 

10.4 Summary of Stress Relaxation Testing 

• For all the tested conditions the initial activation volume was between 100-500b3. 

• The activation volume decreased with deformation, eventually decreasing to a value between 
30-50b3, the transition from high to low activation volume was dependent on the steel and was 
related to austenite transformation to martensite. 

• In the 5.8-Mn and 7.1-Mn steels annealed at 575 °C and 600 °C the decrease in activation volume 
maintained a value between 60-90b3during austenite transformation and increasing work 
hardening, finally decreasing to a value between 30-50b3 after austenite transformation was 
complete. 

• The 7.1-Mn steel annealed at 625 °C and the 5.8-Mn and 7.1-Mn steels annealed at 650 °C 
showed a similar transition from high initial activation volume to a value between 30-50b3, as 
was seen in the lower annealing temperature data fro the same steels.  However, the distinct 
plateau in the activation volume seen in the 575 °C and 600 °C annealed data was not apparent in 
the 625 °C and 650 °C annealed steel data. 
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• In the martensitic 7MnAl-M steel the activation volume continually decreased with increasing 
applied stress from the initial value between 100-500b3 to the final value of approximately 40b3 , 
the transition to the final activation volume occurred at approximately 1100 MPa. 

• The martensitic 10MnAl-M steel showed a distinct plateau during the decrease in activation 
volume with increasing strain between 0.5 pct. and 1.5 pct. strain before finally decreasing to the 
final value between 40-50b3.  This plateau corresponded to the period of sustained high work 
hardening in the steel. 
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CHAPTER 11 : DISCUSSION OF EXPERIMENTAL RESULTS 

11.1 Introduction 

The goal of the project was to highlight the effects of austenite stability on the tensile behavior of 

AHSS to identify microstructures of interest for the third generation AHSS. Manganese (Mn) enrichment 

of austenite during intercritical annealing was used to generate high volume fractions of retained austenite 

(20-50 vol pct.) displaying annealing temperature dependent austenite stability during tensile deformation 

and forming.  Chapters 4 through 9 presented the results of the experimental investigation into the role of 

austenite and the interrelated effects of microstructure and austenite stability on improved tensile 

performance in TRIP steels.  Figure 11.1 presents a summary of the ultimate tensile strength and total 

elongation for all the tested steels grouped by the amount of austenite present at room temperature in the 

steel. 

 
Figure 11.1 Overlay of ultimate tensile strength and total elongation values from the tested 

steels grouped by the room temperature austenite fraction overlain on the 
strength ductility plot from Figure 2.1 [1].  The lines on the figure correspond to 
the composite modeling results from Matlock et al. [2], [3]. 

It can clearly be seen in Figure 11.1 that there is no strong correlation between the amount of 

austenite in the microstructure and improved tensile performance.  Several processing routes that resulted 

in greater than 20 vol pct. and austenite produced properties within the region of interest for third 

generation AHSS development.  However, several conditions resulting in very high austenite fractions 

(over 35 vol pct. austenite) resulted in properties that did not fall within the third generation AHSS 

properties band.  The results from the 7.1-Mn steel annealed at 600 °C and 650 °C emphasize this point, 
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where the higher austenite fraction (47.3 wt pct. in the 650 °C annealed steel compared to 38.8 wt pct. in 

the 600 °C annealed steel) resulted in a dramatic reduction in ductility. 

Uniaxial tensile properties and austenite fraction measurements alone therefore do not provide 

sufficient explanation of the role of austenite in the microstructure.  The purpose of this chapter is to 

discuss the key findings of the experimental investigation.  While results from five different steels were 

presented in the previous chapters, the discussion will primarily consider the duplex microstructures from 

the 7.1-Mn steel annealed at 600 °C and 650 °C and the martensitic microstructures from the 7MnAl-M 

and 10MnAl-M steels. 

11.2 Transmission Electron Microscopy Analysis of Yielding in UFG Medium Mn-TRIP 

Systematic variations in the yielding behavior were observed with changes in intercritical 

annealing temperature in the 7.1-Mn steel.  The yielding and work hardening behavior of the 7.1-Mn steel 

annealed at 600 °C and 650 °C were of particular interest due to the continuous yielding behavior of the 

650 °C annealed steel and the prolonged period of increasing work hardening in the 600 °C annealed 

steel.  The uniaxial tensile data for the 7.1-Mn steels annealed at 600 °C and 650 °C are plotted in 

Figure 11.2, Figure 11.2a presents quasi-static engineering tensile stress-strain curves for samples of the 

600 °C and 650 °C annealed steel continuously deformed to failure at room temperature as well as data 

recorded during in situ neutron diffraction.  Figure 11.2b shows the corresponding instantaneous work 

hardening rate as a function of applied true stress for the 7.1-Mn steels annealed at 600 °C and 650 °C. 

Tensile properties depended on annealing temperature and ranged from low yield strength 

(260 MPa) and high ultimate tensile strength (1200 MPa) in the quasi-static tested sample with limited 

ductility (10 pct. total elongation) for the 650 °C annealed steel, to high ultimate tensile strength 

(870 MPa) and ductility (41.5 pct. total elongation) for the 600 °C annealed steel.  Discontinuous yielding 

and a distinct Lüders plateau were present in the 600 °C annealed steel.  In contrast, a pronounced 

inflection in the stress strain behavior occurred during yielding in the steel annealed at 650 °C.  The gray 

bands in Figure 11.2 highlight the stresses for these distinct yielding behaviors.  Figure 11.2b highlights 

the instantaneous work hardening rate for the two steels as a function of applied true stress.  A region of 

positive slope in the work hardening curve was present in both conditions after yielding.  TEM 

investigation of the 7.1-Mn steel annealed at 600 °C and 650 °C emphasized the pronounced change in 

microstructure with intercritical annealing temperature in medium Mn-TRIP steels both as heat treated 

and after a small amount of plastic strain. 

After intercritical annealing at 600 °C the 7.1-Mn steel displayed a mixture of recrystallized 

ferrite (Figure 5.12) and austenite (Figure 5.11) with relatively low dislocation density in both phases. a 

The bright field TEM image of a representative ferrite grain in Figure 7.15 showed that after a small 
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increment of plastic strain ferrite deformed by dislocation glide while the bright field TEM image of an 

austenite grain in Figure 7.16a indicated that austenite deformed via planar separation of partial 

dislocations.  In addition to the separation of partial dislocations austenite also transformed to martensite; 

ε martensite was observed at 6.8 pct. strain (Figure 7.16b) while some α’ martensite in addition to 

ε martensite was present at 10 pct. strain (Figure 7.18).  These results are in agreement with the phase 

amounts as measured by in situ neutron diffraction shown in Figure 7.5b, where ε martensite formation 

was dominant at strains beyond the Lüders strain and α’ martensite formation began at approximately 

10 pct. strain.  

  

(a) (b) 
Figure 11.2 Room temperature tensile engineering stress strain curves for both quasi-static and 

interrupted neutron in situ neutron diffraction samples.  Open symbols on the in situ 
curves correspond to strains for diffraction pattern measurements. Quasi-static tensile 
tests used a constant engineering strain rate of 5.47 * 10-4 s-1 on ASTM E-8 geometry 
with a 25 mm gauge length. 

 

In contrast to the microstructure resulting from annealing at 600 °C, intercritical annealing of the 

7.1-Mn steel at 650 °C resulted in athermal martensite formation on cooling, and both ε and α’ martensite 

were present in the as heat treated microstructure.  Dislocations were also readily observable in ferrite 

after annealing at 650 °C, particularly adjacent to ferrite-α’ martensite interfaces.  During the yield 

inflection seen in Figure 6.5a, a significant amount of austenite transformation occurred, corresponding to 

62 pct. of the initial austenite transforming to either form of martensite by 2 pct. strain (Figure 7.4).  In 

the 650 °C annealed steel α’ martensite was the dominant transformation product (Figure 7.5d), however 

ε martensite was frequently observed in conjunction with α’ martensite (Figure 7.21) 
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The systematic change in the phases present after annealing and a small amount of plastic strain 

may be explained in part by considering published binary Fe-C-Mn stacking fault energy maps [140], 

[156–158] and the relationship between apparent stacking fault energy and deformed microstructural 

constituents.  In high Mn TWIP steels [140], [157], [158], these maps have been effectively used to 

compare apparent austenite stacking fault energy as a measure of relative austenite stability with 

deformation, highlighting the effect of various levels of Mn and C in austenite for qualitative comparison 

to microstructural observations.  While the 7.1-Mn steel used in this work included elements in addition 

to Fe, C, and Mn (Table 3.1) predictions of stacking fault energy based on the published Fe-C-Mn 

stacking fault energy maps provide useful insight into the effectiveness of the Mn-enrichment treatments.  

Figure 11.3 presents the calculated room temperature apparent austenite stacking fault energy map for 

varying Mn and C compositions [140], [157], [158].  For the calculation of apparent stacking fault energy 

in Figure 11.3 the methodology described by Saeed-Akbari et al. was used [157].  For these calculations 

the apparent stacking fault energy is described in the following form: 

 Γ = 2ρΔGγ→ε + 2σγ /ε + 2ρΔGex  Eq. 11.1  

where Γ is the apparent stacking fault energy, ρ is the molar surface density along austenite γ{111} planes, 

∆Gγèε is the chemical driving force for austenite to ε martensite transformation, σγ/ε is the 

austenite-ε martensite interfacial energy, and 2ρ∆Gex is the excess free energy due to grain size [157].  

For the calculation of Figure 11.3a an excess free energy of 5 mJ/m3 was assumed to correct for the fine 

grain sizes resulting from intercritical annealing of the 7.1-Mn steel [159].  There is some debate as to the 

relative influence of grain size as an excess free energy term [129], [159], and the effect of grain size is 

suggested to also be due, in part, to segregation of C and Mn to grain boundaries in fine grained TWIP 

steels [159]. To address the influence of the excess free energy term, Figure 11.3b presents the same 

stacking fault energy map as Figure 11.3a with no excess free energy contribution.  The two plots in 

Figure 11.3 are divided in to 20 mJ/m3 intervals of apparent stacking fault energy to highlight regions of 

interest for the relative stability between austenite and ε martensite. 

Changes in austenite composition affect the apparent stacking fault energy by modifying the 

driving force for austenite transformation (∆Gγèε ) [160].  Several regimes of apparent stacking fault 

energy are of particular interest; above 20 mJ/m3 mechanical twinning of austenite is expected [142], 

below 20 mJ/m3 there is sufficient driving force for mechanical transformation (i.e. stress induced or 

strain assisted transformation) to ε martensite form austenite [142], [161], and below 0 mJ/m3 (i.e. 

negative stacking fault energies) athermal α’ and ε martensite are anticipated [162], [163].  Eq. 11.1 

shows that for a constant interface and grain size, lower austenite stacking fault energies correspond to 

increased driving force for austenite transformation to ε martensite. 
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Figure 11.3 also includes plotted points corresponding to the equilibrium Mn and C compositions 

of austenite for the 7.1-Mn steel as predicted by ThermoClac® for intercritical annealing temperatures 

between 575 °C and 675 °C in 25 °C increments.  For increasing intercritical annealing temperature a 

decrease in Mn and C in austenite is predicted, resulting in a decrease in the apparent stacking fault 

energy.  The calculated apparent stacking fault energy, assuming a 5mJ/m3 excess free energy, for the 

650 °C is 0 mJ/m3, on the boundary for athermal versus mechanical ! martensite formation.  The presence 

of athermal martensite in the diffraction data (Figure 5.8a) and TEM results (Figure 5.14b) for the 650 °C 

annealed steel is clearly due to the relatively low Mn and C amounts in austenite predicted for annealing 

at this temperature.  The low calculated stacking fault energy would also suggest very low stability with 

deformation for austenite retained to room temperature.  For the 600 °C annealed steel, the calculated 

apparent stacking fault energy is 5 mJ/m3, within the stacking fault energy regime where mechanical 

! martensite would be expected.  This supports the TEM observations (Figure 7.16b), where plastic 

deformation was required for the formation of ! martensite in the 600 °C annealed steel. 

  
(a) (b) 

Figure 11.3 Room temperature stacking fault energy map plotted as a function of C and Mn in 
austenite calculated assuming a) a 5mJ/m3 excess free energy to account for grain 
size and b) no excess free energy term.  The shaded bands correspond to regions of 
austenite stacking fault energy between the bounds listed in the figure.  Austenite 
transformation to ! martensite is possible below the 20 mJ/m3 boundary highlighted, 
negative stacking fault energies predict athermal transformation.  The austenite 
composition as a function of annealing temperature as predicted by ThermoCalc® for 
the 7.1-Mn steel are also plotted on the figure. 

 

The TEM observations in conjunction with the predictions for apparent stacking fault energy may 

help explain the change in yielding behavior between the 600 °C and 650 °C annealed steels shown in 

Figure 11.2a.  The 600 °C annealed steel yielded via strain localization during Lüders type deformation, 
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and the TEM observations suggest that both ferrite and austenite plastically deformed during yielding 

[96].  In contrast, the steel annealed at 650 °C displayed continuous yielding which was dominated by 

stress induced transformation of austenite to martensite [96]. 

The two schematics of Figure 11.4 illustrate the relationships between the yielding behavior, 

TEM observations, and chemical stability of austenite for the steels annealed at 600 °C (Figure 11.4a) and 

650 °C (Figure 11.4b).  The figures in Figure 11.4 include a schematic stress-strain curve (shaded 

background) with the yield stress of ferrite indicated, and a schematic for the temperature dependence of 

the yield stress of austenite and the critical temperatures associated with athermal and deformation-

induced martensite (white background).  Critical temperatures for martensite transformation in 

Figure 11.4 are defined thusly: the Ms is the athermal martensite start temperature, the MS
" is the 

temperature defining the upper limit for the observation of stress-induced martensite transformation (i.e. 

stress-induced transformation is possible between the Ms-MS
" temperatures), the Md temperature is the 

upper limit for deformation induced transformation.  Below the MS
" temperature martensite formation 

occurs on existing nucleation sites; transformation is enhanced by the application of stress by increasing 

the available energy for transformation.  For deformation at temperatures between the MS
" and Md 

martensite formation may also occur on nucleation sites introduced by plastic deformation, such as slip 

band intersections [11], [164].  The critical aspect to the schematics in Figure 11.4 is the relative location 

of room temperature (RT) relative to the MS
" temperature.  Deformation of austenite above the Md 

temperature results in dislocation slip in austenite with no associated transformation. 

 
(a) (b) 

 Figure 11.4 Schematic demonstrating the effect of the MS
" temperature of austenite on the room 

temperature stress-strain yielding behavior of UFG medium Mn-TRIP steel annealed 
at a) 600 °C and b) 650 °C [96]. 
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During deformation the sequence of yield events that take place may be inferred by following the 

line from the test temperature, in the present case room temperature (RT), along the path of increasing 

stress.  Three possible events are considered: plastic deformation in ferrite, plastic deformation of 

austenite, and stress-induced transformation of austenite.  If the line representing increasing stress at room 

temperature on the stress-temperature axis (white background) intersects the line plotted between the MS 

at zero stress and the intersection between the MS
σ temperature and the portion of the temperature 

dependent austenite yield stress, then stress induced transformation is expected at yielding.  However, if 

the line representing increasing stress reaches one of the plastic deformation criteria for one of the two 

phases then dislocation slip in that phase may be expected to dominate initial yielding. 

After annealing at 600 °C, three conditions were likely fulfilled, resulting in the Lüders 

deformation shown in Figure 11.2a.  Figure 11.4a highlights the following critical conditions for the 

600 °C annealed steel:  

• The MS
σ temperature was below room temperature due to the high Mn and C in austenite. 

• As a result of the high C content of the austenite, at room temperature the yield strength of the 
austenite was higher than the yield strength of the ferrite. 

• The ferrite had a very low dislocation density and room temperature static strain aging had taken 
place. 

These conditions promoted initial yielding by dislocation motion in the strain aged ferrite matrix via the 

nucleation and propagation of Lüders bands in ferrite.  Plastic deformation via planar slip in austenite was 

likely limited to accommodation of the Lüders strain in ferrite.  Limited austenite transformation occurred 

due to the relatively high stacking fault energy in austenite and deformation during the Lüders band at 

essentially constant stress. 

After annealing at 650 °C the room temperature microstructure contained martensite constituents 

in addition to ferrite and retained austenite.  The α’-martensite formed during the post-annealing cooling 

resulted in a high dislocation density in the ferrite.  This led to a suppression of static strain aging and a 

reduction of the ferrite yield stress.  Several conditions were met resulting in the continuous yielding 

behavior shown in Figure 11.4b:  

• The MS temperature of untransformed austenite was below room temperature. This could be due 
the low temperature partitioning of C from athermal martensite to untransformed austenite. 

• The MS
σ temperature of untransformed austenite was slightly above room temperature. 

• The yield strength of the ferrite was higher than the stress required for stress-induced 
transformation of austenite. 
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During uniaxial tensile loading the stress required for austenite transformation was reached before 

the yield stress of either ferrite or austenite was reached.  In these conditions yielding was initiated by 

stress-induced transformation of the retained austenite, and the resulting TRIP-effect suppressed the 

localization of plastic deformation resulting in the observed continuous yielding behavior and high initial 

work hardening rate. 

11.3 Austenite Stability Effects on Tensile Behavior of Mn Enriched Austenite TRIP Steel 

The effects of the long-time heat treatments on Mn enrichment of austenite in the 7.1-Mn steel 

are evident in the resulting microstructural constituents; significant fractions of austenite 

(29.7 wt. pct.-45.1 wt pct.) were successfully stabilized.  The range of austenite compositions in austenite 

produced by the enrichment treatment likely resulted in the systematic changes in austenite stability with 

deformation, shown in Figure 7.3, and strain-hardening behavior, presented in Figure 6.5, with annealing 

temperature.  The systematic variation in work hardening behavior has also been reported in previous 

studies [29], [32–35], [165][16].  Figure 6.5a shows the change in stress-strain behavior as a function of 

annealing temperature in the 7.1-Mn steel; from high yield strength and low work hardening are observed 

at low annealing temperatures (575 °C and 600 °C) evolving to low YS and high work hardening rates at 

higher annealing temperatures.  The effect of decreasing Mn content in austenite with increasing 

annealing temperature and the related effect of Mn on austenite stability explain this progression in 

behavior. 

The higher Mn (15-30 wt pct.) steels examined by Frommeyer et al. [10] and Grässel et al. [166] 

may suggest a starting point for the interpretation of the effect of Mn content on austenite deformation 

behavior.  In these studies [10], [166] lower Mn content was correlated to increased strain-induced 

transformation rate, which increased strain hardening rates.  This trend is similar to that seen in the 

progression of behaviors displayed by annealing between 575-650 °C in the present work where strain 

hardening rates increased with decreasing predicted Mn content in austenite. 

The importance of the affect of changing austenite stability on the deformation behavior of Mn-

modified TRIP steels is clarified through Figure 11.5 which correlates strain hardening behavior with 

austenite stability for samples annealed at 575 °C, 600 °C, and 650 °C.  Figure 11.5 shows that for 

samples in which strain-induced martensite forms (as opposed to stress-assisted martensite formation 

[11], [167]) the high transformation rate exhibited by the 650 °C samples leads to the highest observed 

work hardening rates and deformation behavior that mirrors high martensite volume fraction dual phase 

steels [133], [134].  For reference, Table 7.1 and Table 7.2 summarize the values of the BM and OC fit 

parameters, respectively, these values will be referred to in the discussion of changes in austenite stability. 
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The 575 °C annealed steel contained austenite with the maximum stability which resulted in 

limited contributions of the TRIP-effect (i.e. strengthening due to martensite formation with strain) and an 

almost flat stress-strain curve.  The flat stress-strain curve is markedly similar to the behavior of ultra fine 

grained steels [44], [45], [168], [169] where low work hardening rates were attributed to the inability of 

dislocation cell formation in the fine grains. While the microstructure shown in Figure 5.2a differs from a 

“true” ultrafine grained steel (i.e. grain size < 1 µm [45], [168]), the microstructural scale was fine enough 

to retard dislocation cell formation contributing to the observed behavior [38].  The analysis of the 

austenite transformation with strain using the BM and OC models yielded low β (OC model) and k (BM 

model) fit parameters suggesting, a low driving force for austenite transformation with strain.  Low 

driving force for transformation is as anticipated after considering the stacking fault map in Figure 11.3a, 

where the high C and Mn level predicted for annealing at 575 °C from ThermoCalc® (Figure 3.1b) results 

in a stacking fault energy typical of limited ε martensite formation. 

 
Figure 11.5 Comparison between instantaneous true work hardening rate (dσ/dε) and 

austenite transformation kinetics.  Curve fits for the austenite fraction 
transformed are based on the OC model [11].  The initial amount of austenite in 
the steels is listed below the annealing temperature. 

Figure 11.5 highlights the deformation behavior in the sample annealed at 600 °C compared to 

higher and lower temperature annealing treatments.  At low strains the work hardening rate of the 600 °C 

annealed steel was low and is similar to that observed for the 575 °C annealed steel (approximately 

1000 MPa).  During initial uniform deformation, limited austenite transformation occurred and was 

dominated by ε martensite formation, shown in Figure 7.5b.  However with strains above 0.1, significant 

austenite transformation to martensite occurred leading to work hardening rates significantly greater than 

those for the steel annealed at 575 °C.  For the 600 °C annealing temperature, some initial strain and was 
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necessary to develop sufficient nucleation sites to allow the austenite to α’ martensite transformation to 

occur readily, producing the region of increasing strain hardening in Figure 11.5.  The need for strain to 

develop nucleation sites in the 600 °C annealed steel is reflected in the low α value (5.75) in the OC 

model fit suggesting that the formation of ε martensite and stacking fault intersections may be sluggish.  

However, the high β value (2.5) highlights that the overall driving force for transformation was high once 

sufficient nucleation sites were present.  As a consequence of increasing work hardening rate at high 

strain, discrete plastic localization was delayed leading to the highest observed total elongation of 40 pct. 

A distinct change in behavior from the 600 °C to the 625 °C conditions is observed where higher 

strain hardening rates at lower strain levels were observed for the higher temperature treatment which 

exhibited limited austenite stability (Figure 7.6) similar to that observed in the 650 °C sample.  As a 

consequence of the higher initial work hardening rates and consistent with previous analyses [133], [134], 

the ductility in the 625 °C sample is lower than for the 600 °C sample (i.e. 18.1 versus 35.9 pct. total 

elongation).  The austenite stability parameters from Table 7.1 and Table 7.2 for the sample annealed at 

625 °C are similar to those reported for TRIP steels where austenite is stabilized by carbon partitioning 

during low temperature processing [14], [16].  The α value (18.6) from Table 7.2 for the 625 °C sample is 

higher than for the 600 °C condition (5.75) suggesting that martensite nucleation site generation is more 

rapid with strain [11].  Additionally, as characterized by the higher k-parameter (120) from Table 7.2, the 

driving force for transformation in the 625 °C sample is higher than in the steels annealed at lower 

temperatures and more characteristic of the sample annealed at 650 °C with a k-value of 148. 

The 7.1-Mn steel annealed at 650 °C exhibited an unusually low yield point and unusually high α 

(OC model) and k (BM Model) values of 49.5 and 148, respectively and TEM investigation of the 650 °C 

annealed steel suggested that the steel yielded via stress-induced martensite formation.  For stresses above 

the yield inflection, from Figure 6.5b, the rate of austenite transformation with increasing stress changed.  

Figure 7.3 shows that less austenite transformed for an increment of increasing stress above 

approximately 450 MPa compared to the rate of change with stress between yielding and 450 MPa.  The 

gradual decrease in ε martensite fraction above approximately 450 MPa suggests that a’ martensite 

formation after the yield inflection continued to occur on pre-existing nucleation sites. 

As highlighted in Figure 11.5 in the 650 °C annealed steel the available austenite was rapidly 

exhausted with strain, which lead to high initial strain hardening and rapid increases in strength with 

strain.  However, since austenite transformed at low stresses and strains there was no mechanism for 

delayed plastic localization at high strain, resulting in a relatively low uniform elongation value 

(16.8pct.).  As a consequence of rapid austenite transformation at yielding the samples with the highest 

amount of initial austenite present at room temperature (i.e. in samples annealed at 625 °C and 650 °C), 

exhibited the lowest UTS*TE products of approximately 13 GPa*%. 
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11.4 Strain Partitioning in UFG Medium Mn TRIP Steel 

Beyond the changes in macroscopic yielding and work hardening behavior the changes in relative 

austenite stability between the 7.1-Mn steel annealed at 600 °C and 650 °C resulted in pronounced 

changes in the distribution of internal lattice strains with deformation.  The gradual reduction of lattice 

strains in austenite in the axial direction (Figure 8.1 through Figure 8.4) could be explained by the 

decrease in austenite fraction decreasing the effective load on austenite due to the formation of martensite.  

However, this mechanism would not account for the continual decreases in the transverse austenite lattice 

strains with increasing austenite transformation and deformation.  The development of increasingly 

compressive strains in austenite in both the axial and transverse directions with increasing applied stress 

is an indication that factors other than pure load partitioning due to plastic deformation and changing 

phase fraction contributed to the observed lattice strain partitioning behavior. The correspondence 

between stress levels for changes in the austenite transformation curves, from Figure 7.3, and changes in 

the lattice strain behavior, from Figure 8.2b and Figure 8.4b, suggest that austenite transformation was 

responsible for the lattice strain behavior. 

11.4.1 Austenite Lattice Strain Behavior 

The decrease in austenite lattice strains at the onset of plastic deformation was due to the internal 

stresses caused by martensite formation, and the associated average volume expansion of transformation, 

and the effect of the local strength increase by the formation of C-saturated martensite.  The development 

of internal stresses due to the volume expansion of transformation may be considered by developing a 

simple framework to impose the change in volume between constituents with transformation on the 

apparent lattice strains.  During deformation, a selected volume in an austenite grain transforms to 

martensite with an associated net increase in the volume of the transformed region.  As the surrounding 

austenite constrains the volume expansion, internal stresses due to the constraint develop in both phases.  

Austenite may deform plastically to accommodate the transformation [68] and is also subjected to a state 

of compression around the transformed volume.  Martensite is also hydrostatically compressed by 

constraint of the volume expansion.  Austenite plastic deformation in response to the volume expansion 

of transformation would reduce the compressive stresses in both austenite and martensite.  The resolved 

elastic hydrostatic stresses resulting from constraint of the transformation appear in the diffraction data as 

compressive elastic lattice strains.  Since an austenite grain is initially large compared to a martensite lath, 

it is likely that only austenite within an individual grain and adjacent to freshly transformed martensite is 

strained. 

A simple framework may be constructed to interpret the observed lattice strain data 

encompassing the effect of austenite transformation during deformation.  To represent the lattice strains, 
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the total elastic strain in austenite is assumed to be the sum of the linear elastic response to applied tensile 

load and the elastic internal stresses resulting from constraint of the volume change with austenite 

transformation to martensite.  Figure 7.1 highlights the lattice correspondence and the displacive strains 

resulting from transformation of austenite to martensite [138].  The relative magnitudes of these strains 

and the average volume strain can be estimated by calculating the martensite and austenite lattice 

parameters using empirical expressions and the ThermoCalc® predictions for austenite C and Mn content 

from Figure 3.1b.  The estimated and measured phase lattice parameters for austenite and 

martensite/ferrite are presented in Table 11.1. 

Table 11.1 - Measured and Estimated Lattice Parameters for Ferrite and Austenite [[36], [98–
101][78][79]] 

Annealing 
Temperature 

(°C) 

Measured Lattice Parameter (nm) Estimated Lattice Parameter (nm) 

Austenite Ferrite Austenite Martensite a Martensite c 

600 0.35942 ±3.9 ×10-6 0.28656 ±1.6 ×10-6 0.3605 0.2879 0.2880 
650 0.35895 ±3.5 ×10-6 0.28672 ±1.9 ×10-6 0.3602 0.2877 0.2878 

  
The volume strain εV was calculated by taking the average change in lattice parameter and 

assuming the transformation followed the Bain lattice correspondence using Eq. 11.2. 

 ( ) ( )32,1321 2
3
1

3
1

εεεεεε +=++=V
 

Eq. 11.2  

Estimated lattice strains for the two annealing temperatures are included in Table 11.2 [36], [78], [79], 

[98–101].  The calculated volume strain (εV) is assumed to represent an effective average linear strain 

imposed by the transformation on the lattice neglecting the rigid body rotation contribution of the 

transformation.  The values of εV were estimated to be 0.0191 and 0.0196 for the 600 °C and 650 °C 

annealed conditions respectively (Table 11.2).  The difference in volume strain between the two annealing 

temperatures is due mainly to differences in the austenite C and Mn contents predicted by ThermoCacl® 

summarized in Figure 3.1b. 

Table 11.2 - Estimated Lattice Strains for Austenite to Martensite Transformation [[36], [98–101] 
[78][79]] 

Annealing 
Temperature 

(°C) 
ε1,2 (%) ε3 (%) εV (%) 

600 12.9 -20.1 1.91 
650 13.0 -20.1 1.96 

  
The lattice strains resulting from transformation are assumed to dominate the load partitioning 

normally observed in multi-phase microstructures at the onset of plastic deformation.  The bulk material 
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is considered an isotropic ideal two-phase mixture, neglecting initial crystallographic texture or variations 

in austenite morphology.  The linear contribution to the lattice strain from austenite transformation is 

assumed to be the product of fα’, the amount of martensite formed during deformation calculated from the 

data in Figure 7.5, and the average volume strain of the transformation from Table 11.2.  Internal lattice 

strains in the axial direction for austenite (εγ) may be represented by: 

 ( )[ ]Vf
E

ε
σ

ε α
γ

γ '−=  Eq. 11.3  

where σ is the applied tensile stress, and Eγ is bulk the Young’s modulus for austenite.  Since a bulk 

modulus is used in Eq. 11.3 the model predictions represent an averaged constraint affect of the 

transformation volume strain by austenite.  Plots of the observed phase strains from single peak fits for 

the austenite γ{220} and γ{311} reflections in the axial diffraction orientation compared to the predictions for 

εγ from Eq. 11.3 assuming axial loading for the 600 °C and 650 °C annealed steels are presented in 

Figure 11.6. 

 
Figure 11.6 Interpretive model (lines) and observed (points) γ311 lattice strains in the axial 

direction for austenite for the 600 °C and 650 °C annealed steels in the axial and 
transverse directions.  Model calculated using volume strain of 19.1*10-3 and 
7.5*10-3 for the 600 °C and 650 °C annealed steels (solid lines), respectively and 
19.6*10-3 for the 650 °C annealed steel (dashed line).  Uncertainties in the data 
are typically less than the plotted symbol size. 

For the 600 °C annealed steel, austenite lattice strains in both directions are reasonably 

represented with a maximum strain separation of 0.011 between the model and data (Figure 11.6).  The 

slope of the interpretative line for austenite at higher stresses, i.e. above 675 MPa, agrees well with the 
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trend shown in the experimental data for both diffraction directions.  The good agreement between the 

interpretive model and the observed data indicate that constraint of the volume expansion of 

transformation is the cause of the abrupt decrease in austenite lattice strains during plastic deformation. 

Comparisons between the interpretive model and the data for the 650 °C annealed steel are less 

successful.  Using the calculated volume strain of 0.0196, Figure 11.6 shows that the austenite lattice 

strains become negative at the onset of austenite transformation and the estimated lattice strains decrease 

much too rapidly for an increase in applied stress (and thereby fraction transformed) compared to the 

observed data.  The effect of the volume expansion of austenite on the austenite lattice strain does not 

appear to meet the criteria of the interpretive model for the 650 °C annealed steel.  However, reducing the 

apparent volume strain to  the linear transformation strain in one direction (i.e. εV *1/3) produced the solid 

red line in Figure 11.6.  Reducing the magnitude of the transformation strain resulted in the interpretive 

model representing the observed trend in lattice strain data, and two factors are suggested as to why there 

is the apparent change in the contribution of transformation strain to the lattice strain data. 

First, there was a significant amount of athermal martensite subdividing austenite in the as heat 

treated steel after annealing at 650 °C, the bright field TEM image in Figure 5.15 shows the typical 

degree of subdivision.  Additionally, Figure 7.3 shows that further martensite formation was very rapid 

for increasing applied stresses between yielding and approximately 450 MPa.  Constraint of the volume 

expansion of transformation by α’ martensite rather than austenite may occur in the 650 °C annealed steel 

due to the reduction in austenite pool size resulting from subdivision by hard α’ martensite (evidenced by 

the lattice plane index independent peak broadening in Figure 9.2d).  As the relative distance between 

martensite laths decreased with primarily martensite rather than the remaining austenite and would 

therefore not appear in the austenite diffraction data. 

The second factor contributing to the reduction in volume strain is the change in austenite 

transformation mechanism.  In the 650 °C annealed steel austenite transformation was on existing 

nucleation sites and occurred due to increasing driving force supplied by the applied stress.  Nucleation 

on existing sites results in the transformation is dominated by the shear component of transformation 

rather than the Bain correspondence utilized in the simple interpretive model [170].  Changes the 

orientation of the volume expansion and constraint of the transformation due to the shear component of 

the transformation may reduce the apparent compression in the lattice strain with austenite 

transformation.  In the 600 °C annealed steel transformation occurred on nucleation sites formed by 

plastic deformation in austenite.  Nucleation on sites oriented for plastic flow likely precludes selection of 

crystal variants specifically to minimize volume strain, allowing reasonable agreement between the 

interpretative model and the data in Figure 11.6 for the 600 °C annealed steel. 
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11.4.2 Sequence of Yielding in UFG Medium Mn TRIP Steel 

As discussed above austenite lattice strains were dominated by constraint of austenite 

transformation.  However, interpretation of the austenite lattice strains in isolation does not explain the 

unique work hardening behavior observed in Figure 11.2.  In particular, the coupled analysis of the lattice 

strain and peak broadening data for all four observed phases, combined with an understanding of the 

austenite transformation kinetics, highlight the complex deformation sequence between constituents, 

producing the unique work hardening behavior in fine-grained duplex TRIP steel. 

Annealing at 650 °C resulted in a low yield strength, high ultimate tensile strength and relatively 

low total elongation.  The lattice strain response for the crystallographically oriented transformation 

planes from the 650 °C annealed steel are presented in Figure 11.7a along side the austenite 

transformation rate (Figure 11.7b) and ferrite and austenite peak width data (Figure 11.7c) to permit direct 

comparison between trends in the data.  Note that the positive ordinate direction for the lattice strain is 

opposite to the positive direction for austenite fraction and peak width for comparison to the data in 

Figure 8.4.  Yielding in the 650 °C annealed steel was via rapid stress induced transformation of austenite 

to martensite; during yielding the stress in austenite was limited by the transformation criteria.  The 

inflection in the sample stress-strain behavior was produced by increasing stresses in ferrite and 

martensite.  After the initial inflection in the yielding behavior an increase in the slope of the ferrite lattice 

strains between Stage 1 and Stage 2 was observed (Figure 11.7a).  The increase in ferrite slope was a 

result of the rapid replacement of austenite by a much harder phase, i.e. martensite, during Stage 2 

deformation reducing the relative fraction of the sample stress applied to ferrite.  Increases in ferrite peak 

width during Stage 2 deformation were minimal, indicating limited ferrite plastic deformation by 

dislocation slip.  With increasing applied stress α’ and ε martensite were loaded elastically and accepted 

an increasing fraction of the applied load.  The dynamic replacement of austenite by martensite with 

associated composite strengthening produced the high work hardening rate during Stage 2 deformation 

between 400 and 650 MPa in Figure 11.2b. 

Eventually austenite replacement by martensite increased the strength of the steel to the point 

where extensive ferrite plastic deformation occurred, thereby initiating Stage 3 deformation at 

approximately 700 MPa.  During Stage 3 deformation ferrite lattice strains saturated and remained 

essentially constant with increasing stress (Figure 11.7a).  Austenite transformation was essentially 

exhausted at stress levels for Stage 3 deformation and the steel behaved as a high martensite fraction dual-

phase steel [43], [133].  A constant stress-lattice strain line was observed for the α’ lattice strains during 

Stage 3 deformation, indicating that the stress in martensite increased at a constant rate for increasing 

sample stress throughout the range of tested stresses.  Dislocation multiplication and work hardening by 

ferrite dominated the plastic strengthening during Stage 3 deformation. 
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The lattice strain and peak broadening data highlight several significant mechanistic differences 

between the 600 °C and 650 °C annealed steels resulting in the observed change in tensile properties; 

Figure 11.8a presents a summary of the observed lattice strain behavior for the crystallographically 

related transformation planes alongside the austenite transformation (Figure 11.8b) and peak broadening 

data (Figure 11.8c) from the 600 °C annealed steel.  Note the change in ordinate directions for the three 

data sets as in Figure 11.7. 

 
Figure 11.7 Summary plots from the 650 °C annealed steel data of a) the crystallographically 

oriented planes for the γ −> ε −> α’ transformation b) austenite transformation 
rate and c) instrument adjusted peak width of the ferrite α{200} and α{211} peak and 
the austenite γ{220} and γ{311} peaks.  Data are replotted from earlier Figures for 
clarity. 
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Figure 11.8 Summary plots from the 600 °C annealed steel data of a) the crystallographically 

oriented planes for the γ −> ε −> α’ transformation b) austenite transformation 
rate and c) instrument adjusted peak width of the ferrite α{200} and α{211} peak and 
the austenite γ{220} and γ{311} peaks.  Data are replotted from earlier Figures for 
clarity. 
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to strengthening: α’ martensite accepted load as it formed; ferrite work hardened during plastic 

deformation, as evidenced by the increases in peak widths, however at a relatively low rate due to stress 

partitioning to deformation-induced martensite; and austenite deformed plastically in addition to 

transforming to martensite.  The observed decrease in ferrite slope during Stage 2 deformation 

(Figure 8.5) did not indicate that ferrite was subject to an increasing fraction of the load compared to 

Stage 1 deformation.  Rather, the change in ferrite slope was due to the presence of an increasing volume 

fraction of martensite, the diffraction peaks of which overlap with those of ferrite.  Furthermore, it is 

interpreted that rapid Snoek ordering of carbon atoms to dislocations resulting from the strain-assisted 

martensite transformation mechanism relaxed the c-axis distortion [171], [172], making separation of the 

two phases via diffraction impossible.  Strain-assisted martensite will carry progressively more of the 

applied load with increasing fraction and sample stress, resulting in an increase in the composite ferrite-

α’ martensite lattice strain.  As the rate of austenite transformation decreased, and Stage 3 deformation 

initiated, the slope of the ferrite lattice strains increased.  The arrest in ferrite lattice strains shown in 

Figure 8.5 and the peak broadening data in Figure 9.1b indicate that ferrite plastic deformation dominated 

deformation of the steel above this point. 

The change in the sequence of yielding of the various constituent phases between the steel 

annealed at 600 °C and 650 °C resulted in a pronounced change in the observed ductility of the steels.  In 

the 600 °C annealed steel, the yield point of ferrite and austenite were similar, resulting in work hardening 

in both phases during Stage 2 deformation.  Sustained austenite transformation in this region provided a 

mechanism to maintain the observed positive slope to the work hardening rate during all of Stage 2 

deformation.  The combination of ferrite work hardening with sustained austenite transformation delayed 

plastic localization, producing the excellent total elongation observed in this condition.  By contrast, the 

low stability of austenite in the 650 °C annealed steel resulted in most of the austenite transforming before 

extensive plastic flow initiated in ferrite.  The stepwise nature of deformation, controlled initially by 

austenite transformation and later by ferrite plastic deformation, resulted in austenite transformation being 

less effective at significantly enhancing ductility via local work hardening resisting plastic instability.  

Consideration of austenite and ferrite flow strengths and morphologies may also help explain the 

apparent conflict in the literature surrounding the role of austenite as a ‘hard’ [56], [68–70] or ‘soft’ phase 

[57], [72] depending on strain partitioning behavior.  If austenite morphology and martensite nucleation 

influence the effect of transformation strain on lattice strain partitioning then studies utilizing different 

starting microstructures may produce dramatically different results.  In investigations utilizing bainitic 

based TRIP steel [68–70] C-stabilized austenite was constrained in thin laths between relatively high 

strength bainitic ferrite.  Bainitic ferrite provides a relatively high amount of constraint of the 

austenite-to-martensite transformation strain, limiting the amount of volume strain partitioned to 
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austenite.  Austenite may then appear as a ‘hard’ phase as ferrite strains decrease to accommodate 

martensite transformation.  Localized plastic deformation has been shown to occur preferentially in 

bainitic ferrite at the interface with strain induced martensite with minimal apparent deformation in 

austenite [68].  Correspondingly, the duplex ferrite-austenite structures studied here and elsewhere [57], 

[72] result in distinct and separate ferrite and austenite grains.  Deformation-induced martensite would be 

constrained initially by austenite as each lath forms.  Austenite strains would be expected to decrease with 

transformation at relatively low stresses, producing the apparent ‘soft’ behavior and pronounced 

dependence on the martensite transformation rate.  Ferrite lattice strains may continue to increase linearly, 

or display an increase in apparent applied stress as with the 600 °C annealed steel presented here, 

resulting in apparent ‘hard’ phase behavior.  Plastic deformation may be masked by transformation effects 

however, such as the overlap between ferrite and α’ martensite peaks, and discussion of lattice strains 

alone are not sufficient to characterize the dominant deformation behavior. 

11.5 Application of Stress Relaxation Testing to UFG Medium Mn Steel 

Lee et al. [38] recently used stress relaxation as a method to identify micro-mechanistic 

contributions to work hardening in UFG medium Mn-TRIP steels.  The present work expands on those 

results via the inclusion of in situ neutron diffraction data on lattice strain partitioning and peak 

broadening in the 7.1-Mn steel annealed at 600°C and 650 °C; comparisons between the stress relaxation 

and neutron diffraction data provide a unique perspective on the microscopic contributions to work 

hardening via changes in the deformation structure and sequence of yielding between ferrite and 

austenite.  In addition to the 7.1-Mn, steels select conditions of the 5.8-Mn steel were studied using stress 

relaxation techniques to determine if changes in the work hardening could be correlated to apparent 

deformation structure in situ using the ‘mechanical microscope’ rather than diffraction or microscopy 

techniques [38]. 

For all of the tested annealing temperatures in both the 5.8-Mn and 7.1-Mn steels, three distinct 

regimes of activation volume may be identified in the stress relaxation data from Figure 10.1: the high 

initial activation volume (100-300b3) during initial loading of the sample; a transition zone where the 

activation volume decreased to between 60-100b3 ; and a final deformation regime between 30-50b3 

characteristic of kink-pair motion [38], [51], [52], [75–77] or grain boundary thickening [38] in UFG 

BCC metals.  The transition strains between these regimes of activation volume correspond to changes in 

the observed work hardening behavior in Figure 6.4a and Figure 6.6a, suggesting that the stress relaxation 

data may be useful for identifying the change in deformation mechanisms with strain. 

Figure 11.9 replots the activation volume (Figure 11.9a) data from Figure 10.1a and Figure 10.1b 

for the 5.8-Mn and 7.1-Mn steels annealed at 600 °C, respectively, alongside the instantaneous work 
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hardening (Figure 11.9b) as a function of applied true stress from Figure 6.4b and Figure 6.6b.  The 

calculated activation volume values for the 5.8-Mn and 7.1-Mn steels annealed at 600 °C in Figure 11.9 

essentially overlay suggesting that similar mechanisms are active at a given stress level in the two steels. 

 
Figure 11.9 Comparison between a) dislocation activation volume and b) instantaneous work 

hardening as a function of true stress at the end of the stress relaxation test for the 
5.8-Mn steel and 7.1-Mn steel annealed at 600 °C for 168 hr.  The shaded bands 
in the figure are presented in Table 2.2 [38], [51], [52], [75–77]. 

 

The apparent activation volume in 7.1-Mn steel annealed at 600 °C remained between 60-100b3 

from approximately 750 MPa to 1020 MPa.  The TEM and neutron diffraction results show that during 

this increment of stress both ferrite and austenite plastically deformed via dislocation slip (Figure 7.15 

and Figure 7.16) and austenite transformed to both α’ and ε martensite (Figure 7.5b).  The sustained high 

activation volume between 750 MPa and 1020 MPa is likely a result of the characteristic deformation 

situation from the 7.1-Mn steel annealed at 600 °C wherein both ferrite and austenite plastically deform 

and austenite transforms to martensite.  Shared plastic deformation between both austenite and ferrite 

produced the observed high uniform elongation value in this steel (29.8 pct. strain).  Increasing work 

hardening was also recorded between 750 MPa and 1020 MPa, attributed to austenite transformation to α’ 

martensite, and resulted in the high ultimate tensile strength of the 7.1-Mn steel annealed at 600 °C 

(1210 MPa, true stress). 

While no measurement of austenite fraction with deformation was made in the 5.8-Mn steel, the 

systematic development of apparent activation volume as a function of true strain in the 5.8-Mn steels 
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mirrors the behavior seen in the 7.1-Mn steels, allowing inferences about the role of austenite in the 

microstructure to be made.  In the 5.8-Mn steel annealed at 600 °C increasing work hardening was 

observed between 770 MPa and 920 MPa (Figure 11.9b), over the same stress range the apparent 

activation volume was between 60-100b3 (Figure 11.9a).  It is likely that during the period of high 

apparent activation volume both ferrite and austenite plastically deformed and that austenite transforms to 

martensite. 

In the 7.1-Mn steel annealed at 600 °C, the period of increasing work hardening in Figure 11.9b 

ended at approximately 1050 MPa, the same stress level as the transition in activation volume from the 

region between 60-100b3 to the region typical of kink-pair motion in Figure 11.9a.  Deformation at 

stresses in excess of 1050 MPa was likely accommodated by ferrite plastic deformation via dislocation 

slip.  Figure 11.8 emphasized that the ferrite lattice strains arrest (Figure 11.8a) at the same stress for the 

effective ‘end’ of austenite transformation (Figure 11.8b), further suggesting that deformation at high 

stresses was accommodated by dislocation slip in ferrite.  Similar agreement between the change in 

activation volume and end of increasing work hardening are seen for the 600 °C annealed 5.8-Mn steel in 

Figure 11.9; the transition in behavior in both data sets occurred at approximately 950 MPa. 

The activation volume data from Figure 10.1a and Figure 10.1b for the 5.8-Mn and 7.1-Mn steels 

annealed at 650 °C, respectively, are replotted in Figure 11.10a as a function of applied true stress while 

Figure 11.10b replots the instantaneous work hardening data from Figure 6.4b and Figure 6.6b for the two 

conditions.  Several differences can be readily identified between the 600 °C data in Figure 11.9 and the 

650 °C annealed steel data in Figure 11.10.  First, the transition from the high initial activation volume to 

the region between 100-300b3 occurred at much lower stresses than was observed in the 600 °C annealed 

steels, around 300 MPa.  An unusually high apparent activation volume of 500b3 was observed for the 

7.1-Mn steel annealed at 650 °C at 300 MPa (not shown in Figure 11.10a for clarity but included in 

Figure 10.1b), likely due to the recovery of mobile dislocations formed on quenching and athermal 

martensite formation.  The second difference between the 600 °C and 650 °C annealed steels was that the 

transition to the region of high stress activation volume (30-50b3) was at approximately 950 MPa and 

750 MPa in both the 5.8-Mn and 7.1-Mn steels after annealing at 600 °C and 650 °C, respectively. 

In the 7.1-Mn steel annealed at 650 °C stress induced austenite transformation to martensite at 

yielding may have provided a supply of dislocations in both ferrite and austenite.  This source of 

dislocations likely resulted in apparent activation volume values in the range of 100-300b3 from 300 MPa 

to 750 MPa shown in Figure 11.10a.  After austenite transformation was essentially complete, around 

750 MPa from Figure 11.7b (accounting for the change from engineering to true stress), the apparent 

activation volume in the 650 °C annealed steels decreased to between 30-50b3 suggesting that kink-pair 

motion in ferrite controlled further plastic deformation [38], [51], [52], [75–77].  The in situ neutron 
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diffraction data also suggested that ferrite plastic deformation controlled the high stress behavior of the 

650 °C annealed steel, with ferrite lattice strains arresting at approximately 750 MPa (Figure 11.7a 

accounting for the change from engineering to true stress).  Both the neutron diffraction and stress 

relaxation data highlight that the yielding behavior of the 7.1-Mn steel annealed at 650 °C was controlled 

by austenite transformation to martensite while deformation above 750 MPa was controlled by dislocation 

motion in ferrite. 

 
Figure 11.10 Comparison between a) dislocation activation volume and b) instantaneous work 

hardening as a function of true stress at the end of the stress relaxation test for the 
5.8-Mn steel and 7.1-Mn steel annealed at 650 °C for 168 hr. The shaded bands 
in the figure are presented in Table 2.2 [38], [51], [52], [75–77]. 

 

The piecewise deformation sequence from the 7.1-Mn steel is also suggested in the development 

of activation volume for the 5.8-Mn steel annealed at 650 °C in Figure 11.10a.  The low yield strength 

and relatively high apparent activation volume at yielding suggest stress induced transformation of 

austenite controlled yielding in the 5.8-Mn steel annealed at 650 °C.  Austenite transformation was likely 

complete by 750 MPa where the activation volume in Figure 11.10a transitions to a value typical for 

ferrite plastic deformation.  Since the apparent deformation mechanisms between the 5.8-Mn and 7.1-Mn 

steels are similar for a given stress level, the increase in strength in the 7.1-Mn steel (1350 MPa ultimate 

tensile strength compared to 1100 MPa for the 5.8-Mn steel) is likely due to composite strengthening 

resulting from the increased austenite amount after intercritical annealing (45 vol pct. versus 6 vol pct. for 

the 5.8-Mn steel) and the corresponding higher α’ martensite amount after austenite transformation. 
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11.6  Work Hardening in Martensitic Steels with Retained Austenite 

The uniaxial tensile properties and lattice strain partitioning results from the martensitic 

7MnAl-M and 10MnAl-M steel highlight the complex interactions between microstructural constituents 

in AHSS, particularly with regard to austenite transformation.  Figure 11.11 replots the uniaxial true 

stress strain behavior (Figure 11.11a) and true work hardening rate as a function of applied true stress 

(Figure 11.11b) for the two martensitic steels.  Also included in the figures are shaded regions 

highlighting the period of significant austenite transformation in the two steels from Figure 7.9.  The 

10MnAl-M steel displayed abrupt fracture with no post-uniform elongation or well-defined ultimate 

tensile strength at the effective end of austenite transformation while the 7MnAl-M steel produced 

reasonable post-uniform deformation and failure was determined by plastic instability.  The dramatic 

change in tensile behavior may be related to the change in lattice strain partitioning between the two 

steels introduced in Figure 8.9. 

  
(a) (b) 

Figure 11.11 a) Tensile true stress-strain curves and  (b) instantaneous work hardening as a function of 
true stress for martensitic 7MnAl-M and 10MnAl-M.  Shaded regions highlight stresses 
for austenite transformation.  Samples tested at room temperature and a constant 
engineering strain rate of 5.83*10-4 s-1 using ASTM E-8 samples (25.4 mm gauge length) 
[97]. 

 

Figure 11.12 presents summary plots of the in situ neutron diffraction data for the 7MnAl-M 

steel.  In Figure 11.12 three sets of data are replotted from earlier figures with respect to the same abscissa 

(sample true strain); the lattice strain data from the austenite γ{200} and γ{311} and martensite α’{200} and 

α’{211} grains oriented in the axial diffraction direction (Figure 11.12 a), the austenite amount as 

determined by whole pattern Rietveld fitting of the diffraction data (Figure 11.12 b), and the relative 
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change in the diffraction peak width for austenite γ{200} and γ{311} and martensite α’{200} and α’{211} peaks 

(Figure 11.12 c) are plotted.  Figure 11.13 presents the complementary data for the 10MnAl-M steel. 

Two identifiable regimes of deformation are present in the data in Figure 11.12 and Figure 11.13.  

Stage 1 deformation initiated at approximately 500 MPa, prior to the 0.2 pct. offset yield stress in both 

steels, and continued until austenite transformation was nearly complete, 2.75 pct. and 2.25 pct. strain in 

the 7MnAl-M and 10MnAl-M steels, respectively.  Stage 2 deformation is defined as the region after 

austenite transformation was essentially ‘complete’ where deformation of martensitic matrix dominated 

the observed stress-strain behavior. 

 

 
Figure 11.12 Summary plots from martensitic 7MnAl-M steel showing a) austenite γ{200} and 

γ{311} and martensite α’{200} and α’{211} lattice strains, b) austenite amount and 
c) the relative diffraction peak width for austenite and martensite measured with 
in situ neutron diffraction as a function of sample engineering strain.  The 
vertical dashed line in the figures represents the strain where approximately 
75 pct. of the initial austenite has transformed, dividing the observed behaviors 
into two distinct stages (indicated at the top of the figure). 
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Figure 11.13 Summary plots from martensitic 10MnAl-M steel showing a) austenite γ{200} and 

γ{311} and martensite α’{200} and α’{211} lattice strains, b) austenite amount and 
c) the relative diffraction peak width for austenite and martensite measured with 
in situ neutron diffraction as a function of sample engineering strain.  The 
vertical dashed line in the figures represents the strain where approximately 
75 pct. of the initial austenite has transformed, dividing the observed behaviors 
into two distinct stages (indicated at the top of the figure). 

Comparing the lattice strain data from the 7MnAl-M and 10MnAl-M steels in Figure 11.12a and 

Figure 11.13a, respectively, two distinctly different behaviors are seen.  After the initiation of austenite 

transformation (during Stage 1 deformation) Figure 11.12a shows that the austenite and martensite lattice 

strains in the 7MnAl-M steel increase at the same rate for an increase in applied stress.  Since the elastic 

moduli of the plotted lattice planes from the two phases are similar the measure of elastic strain in each 

phase in Figure 11.13a is representative of the relative internal stresses between phases.  During Stage 1 

deformation austenite and martensite followed the same stress-strain path.  The observed lattice strain 
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partitioning to austenite during bainite formation.  Increasing austenite lattice strains were produced by 

microstructures that involved typically low austenite fractions (less then 10 pct.) in a relatively high 

strength matrix, either α’ martensite or fine bainite. 

In contrast to the lattice strain data for the 7MnAl-M steel, after the initiation of austenite 

transformation in the 10MnAl-M steel the austenite lattice strains arrested at an essentially constant value 

while martensite lattice strains continued to increase elastically, significant elastic strain gradients 

developed between the two phases with increasing applied stress (Figure 11.13a), suggesting high internal 

stresses in between austenite and martensite with austenite transformation.  The arrest in austenite lattice 

strains in the 10MnAl-M steel is opposite to the behavior displayed by the 7MnAl-M steel and mirrors 

data reported by Muránsky et al. [69] from a bainitic steel with retained austenite and some intercritical 

ferrite and Asoo et al. [72] for an UFG TRIP steel. 

In both steels, increases in austenite peak width in Figure 11.12c and Figure 11.13c, along with 

the relatively high apparent activation volume from Figure 10.2a, suggest that austenite plastically 

deformed at relatively low sample strains.  In addition ε martensite formation was also observed in the 

10MnAl-M steel and likely formed on stacking fault intersections in austenite. 

The change in lattice strain behavior between the two steels during Stage 1 deformation was 

likely a product of the differences in austenite morphology and physical constraint on austenite between 

the two steels.  The anticipated effect of the change in interfacial constraint and load sharing between the 

two microstructures is schematically outlined in Figure 11.14.  In Figure 11.14 a representative region of 

martensite with some amount of retained austenite is shown at three representative stages of deformation 

for the 7MnAl-M and 10MnAl-M steels.  Figure 11.14a shows the as heat treated microstructure while 

Figure 11.14b and Figure 11.14c show the changes in the microstructure during Stage 1 and Stage 2 

deformation, respectively. 

Figure 11.14a shows the as heat treated 7MnAl-M steel, with regions of fine interlath austenite 

intermixed with autotempered martensite (Figure 5.5).  It is likely that there were some initial internal 

stresses (σi) between the two constituents which formed during athermal martensite formation and 

cooling.  With increasing sample strain the stress level in austenite and martensite increase and the same 

stress is applied to each phase due to interfacial constraint (Figure 11.14b).  During Stage 1 deformation 

there is a redistribution of the internal stresses from athermal martensite formation and via austenite 

plastic deformation.  The redistribution of internal stresses is indicated by the observed peak narrowing of 

the martensitic diffraction peaks (Figure 11.12c) during Stage 1 deformation and austenite transformation, 

peak narrowing may be due to reduction in the overall internal stress in martensite [65]. 
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Figure 11.14 Schematic representation of the relative changes in the microstructure with 

deformation in the martensitic 7MnAl-M and 10MnAl-M steels a) as heat treated, 
b) during Stage 1 deformation, and c) during Stage 2 deformation. 

Physical compatibility between austenite and martensite resulted in a condition approaching 

iso-stress between the constituents (Figure 11.12a); with deformation plastic strains were redistributed 

between austenite and martensite with deformation to accommodate equal stresses in the two phases.  

After austenite transformation neared completion, at approximately 2.75 pct. strain (Figure 11.12b), the 

stresses between regions in the microstructure are relatively uniform (Figure 11.12a).  During Stage 2 

deformation martensite plastically deforms via dislocation slip, and yielding in martensite occurred at 

approximately 900 MPa, or the 0.2 pct. offset yield stress (Figure 8.7a).  

In contrast, the microstructure of the 10MnAl-M steel displayed relatively large regions of blocky 

retained austenite surrounded by martensite.  In this microstructure the stresses between constituents were 

allowed to redistribute with strain (Figure 11.13a), resulting in the partitioning of stress to martensite with 

increasing applied stress.  During Stage 1 deformation the increases in austenite peak width and the arrest 

in lattice strains are evidence for extensive plastic deformation in austenite.  These factors combined to 

produce a microstructure represented by Figure 11.14b, where regions of freshly transformed 

"’ martensite are present and some ! martensite is shown in austenite.  With increasing sample strain 

austenite continued to deform as well as transforming to martensite, producing the characteristic high 

work hardening rate in Figure 11.11b and the high apparent activation volume in Figure 10.2a.  Stage 2 

deformation initiated at the apparent ‘end’ of austenite transformation around 2.25 pct. strain.  During 

Stage 2 deformation a high amount of internal stress was present between any remaining austenite and 

martensite at the beginning of Stage 2 deformation (Figure 11.14a) 
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Consideration of the change in austenite morphology and internal stresses between the two steels 

may shed insight into the change in observed failure mode, i.e. plastic instability in the 7MnAl-M steel 

and apparent brittle fracture in the 10MnAl-M steel.  In the 7MnAl-M steel, the high degree of interfacial 

constraint between the constituents resulted in relatively low internal stress levels between regions of the 

microstructure at the end of Stage 1 deformation.  A homogenous stress distribution would not provide 

preferred sites for crack nucleation, fracture would then be delayed until after plastic instability, resulting 

in reasonable post-uniform deformation in the 7MnAl-M steel (Figure 6.9a). 

Alternatively, the microstructure of the 10MnAl-M produced high internal stresses at the end of 

Stage 1 deformation.  Significant internal stresses could contribute to the initiation of cracks in the 

microstructure, resulting in the dramatic early fracture observed in this condition.  The presence of 

ε martensite, even in very low volume fractions, may not be ignored in the 10MnAl-M steel as 

ε martensite may serve as a microstructural feature for preferential crack initiation or propagation [173].  

The initiation of cracking is schematically shown in Figure 11.14c, where a highly strained region 

adjacent to fresh α’ martensite and retained austenite initiates a crack which may then propagate in the 

microstructure. 

Similar distributions of internal stress between phases may also contribute to premature fracture 

in DP steels prior to failure criteria as predicted by forming limit diagrams [174].  Tomota et al. [70] 

reported distributions of elastic lattice strains in a DP steel similar to those observed in the 10MnAl-M 

steel discussed here.  The observation of substantial internal stress gradients between constituents after 

deformation may suggest that the inability of the microstructure to effectively distribute the applied stress 

between constituents, irrespective of the sample strain, results in fracture prior plastic instability.  Stress 

based forming limit criteria may be of significantly more use when considering the design of parts to be 

produced using high strength AHSS. 

11.7 Design of Microstructures for AHSS 

The systematic dependence of uniaxial tensile stress-strain behavior displayed by the 5.1-Mn, 

5.8-Mn and 7.1-Mn steels highlighted the potential property combinations that may be developed in 

medium Mn TRIP steels.  Using the observations from the initial experimental investigation, two 

additional steels were designed with the goal of producing microstructures with higher austenite fractions 

than the initial three steels at a constant austenite stability condition.  These alloys included higher 

aluminum (1.5 wt pct.) additions than the initial steels cast for the studies by Merwin[32–34] to attempt to 

decrease the sensitivity of the tensile properties to annealing temperature by increasing the range of 

intercritical annealing temperatures.  These two steels are referred to as the MnAl-TRIP steels, Table 3.2 

summarized the chemical compositions of the two steels, and the experimental results are summarized in 
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APPENDIX D.  The increased Mn content in the 10MnAl steel was used to produce higher volume 

fractions austenite of than were obtained in the 7.1-Mn steels while the 7MnAl steel was designed to 

highlight the sensitivity of tensile properties to annealing conditions with the high Al addition.  As 

discussed below, these steels exhibited significant variations in tensile properties for the selected 

processing histories presented.  Several key observations of interest were made, which underscore 

potential processing routes of interest for future development and extend the understanding of these 

complex steels. 

The thermo-mechanical treatment used for the aluminum added steels was schematically outlined 

in Figure 3.9.  The steels presented here were intercritically annealed after hot rolling for 96 hr at either 

600 °C or 700 °C to enrich austenite in Mn and C (ThermoCalc® predictions for austenite composition as 

a function of annealing temperature are included in Figure C.4 and Figure C.5 for the 7MnAl and 

10MnAL steels, respectively).  The panels were then cold rolled approximately 50 pct. and reversion heat 

treated for 32 hr.  The steels that were Mn enriched at 600 °C were reversion treated at 640 °C while the 

700 °C Mn enriched steels were reversion treated at 680 °C.  These temperatures were selected to produce 

similar Mn and C contents in austenite as the 600 °C and 650 °C annealed 7.1-Mn steels.  The reversion 

heat treated steels are referred to by their alloy designation followed by the manganese enrichment 

temperature and the reversion temperature in degrees Celsius; e.g. the 10MnAl-600-640 is the 10MnAl 

steel annealed at 600 °C to enrich austenite in manganese and reversion heat treated at 640 °C. 

Figure 11.15a shows the uniaxial tensile stress-strain curves for the three duplex MnAl steels 

while Figure 11.15b presents the amount of austenite in the steels as a function of engineering strain as 

measured with in situ neutron diffraction.  The tensile data for the 7MnAl steel are similar to the 7.1-Mn 

steels presented in earlier sections, (shown in Figure 6.5a).  The processing path for the 7MnAl-600-640 

steel resulted in discontinuous yielding followed by relatively low initial work hardening rates (shown in 

the plots of instantaneous work hardening as a function of true strain in Figure D.2 in APPENDIX D) 

while the 7MnAl-700-680 steel resulted in a relatively low yield strength and high initial work hardening 

rate.  A comparison of the tensile behavior in Figure 11.15a to the austenite amount data in Figure 11.15b 

for the two 7MnAl steels to the analogous data for the 7.1-Mn steels in Figure 6.5a and Figure 7.5, 

respectively, suggests that the aluminum steels behave similarly to the 7.1-Mn steels.  The detailed 

analysis of the tensile behavior applied to the 7.1-Mn steels may therefore be useful in interpreting the 

stress-strain behavior for the aluminum added steels. 

The high yield strength and pronounced Lüders deformation seen in the data for the 

the7MnAl-600--640 steel in Figure 11.15a combined with the minimal amount of austenite 

transformation in Figure 11.15b suggest that yielding was controlled by dislocation motion in ferrite.  The 

low initial work hardening rate is a result of the low initial rate of transformation of austenite to 
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martensite, the region of increasing work hardening seen a in Figure D.2 is likely the result of delayed 

austenite transformation to relatively high sample strains, in excess of approximately 22 pct. strain.  The 

interactions between microstructural constituents in this condition are likely in between the 

microstructural interactions observed in the 7.1-Mn steel annealed at 575 °C and 600 °C, with ferrite 

deformation dominating initial work hardening and austenite transformation controlling the high strain 

behavior. 

  
(a) (b) 

Figure 11.15 a) Tensile true stress-strain curves and  (b) austenite fraction as a function of sample 
engineering strain for the two step annealed 7MnAl and 10MnAl steels heat treated to 
form microstructures of recrystallized ferrite and austenite.  Samples tested at room 
temperature and a constant engineering strain rate of 5.83*10-4 s-1 using ASTM E-8 
samples (25.4 mm gauge length) [97], the serrations in the 7MnAl-600-640 data at 
approximately 22 pct. and 45 pct. strain are from resetting the extensometer during the 
test.  Data replotted from APPENDIX D. 

 

In contrast, the relatively low yields strength of the 7MnAl-700-680 steel and rapid austenite 

transformation to martensite at yielding suggest that initial deformation was dominated by stress induced 

transformation of austenite to martensite, similar to the 7.1-Mn steel annealed at 650 °C.  A similar 
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The tensile properties for the 10MnAl-600-640 annealed steel stands apart in Figure 11.15a. This 

condition produced very high strength and ductility, an ultimate tensile strength of 1088 MPa with over 

45 pct. elongation.  The increased Mn content in the 10MnAl steel extended the properties envelope 

beyond the results for the lower Mn content steels by increasing the amount of austenite at room 

temperature, to over 57 wt pct., while allowing sufficient Mn enrichment of austenite to produce desirable 

austenite stability with transformation at relatively high strains (Figure 11.15b).  The austenite stability 

and work hardening behavior of the 10MnAl-600-640 annealed steel are similar to the 7.1-Mn steel 

annealed at 600 °C for 168 hr.  Both conditions likely resulted in plastic deformation of both UFG ferrite 

and austenite after discontinuous yielding followed by sustained austenite transformation to martensite 

during the period of increasing work hardening in Figure 6.6a and Figure D.2.  Deformation of both 

ferrite and austenite along with austenite transformation to martensite resulted in the high strength and 

ductility in these steels.  One behavior emphasized in the 10MnAl-600-640 steel was the presence of 

significant serrated flow, likely due to propagation of diffuse Lüders bands in the sample due to austenite 

transformation to martensite during apparent continuous deformation, as reported by Lee et al. [35]. 

The several of the high aluminum steels also approach those set by a recent Department of 

Energy (DOE) request for proposals for third generation AHSS [175]; the DOE guidelines set the goal for 

steels with tensile strengths in excess of 1200 MPa with at least 30 pct. total elongation.  The 

10MnAl-600-640 steel presented here resulted in properties of 1088 MPa at over 45 pct. total elongation, 

near the properties band for the new DOE guidelines.  Additionally, the 7MnAl and 10MnAl steels were 

heat treated at 650 °C for both the Mn enrichment and reversion treatments, resulting in a ultimate tensile 

strength and total elongation of 890 MPa and 45 pct. for the 7MnAl-650-650 and 1180 MPa at 36 pct.  

While there are still several areas that need additional investigation in this materials system (i.e. the affect 

of annealing time on Mn enrichment of austenite, the sensitivity of the process to annealing temperature, 

and the processing implications of higher alloy steels) the useful combinations of strength and ductility 

resulting from intercritical annealing of medium Mn-TRIP steels suggests that this material system is of 

particular interest for future development. 
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CHAPTER 12 : SUMMARY 

Advanced high strength steels modified with varying amounts of metastable austenite are of 

considerable interest due to the useful combinations of strength and ductility that are achieved with 

austenite transformation to martensite during deformation.  However, the ability to design microstructures 

with systematically varied austenite fraction and stability, with the goal to improve tensile performance 

has been difficult.  In this study methodology was developed permitting the design of microstructures for 

third generation AHSS based on Mn enrichment of austenite during intercritical annealing in medium Mn 

(5 to 10 wt pct.) low carbon (0.1 and 0.15 wt pct.) steels.  Predictions of austenite amounts and 

compositions were based on equilibrium thermodynamic calculations and estimations of austenite 

stability on cooling and with deformation.  In the 7.1Mn-0.1C steel annealing temperatures between 

575 °C and 675 °C were identified as being of interest; in this temperature range the predicted amount of 

Mn in austenite decreases from 14.7 wt pct. after annealing at 575 °C to 8.5 wt pct. after annealing at 

675 °C.  These temperatures were selected to observe tensile properties resulting from annealing 

conditions on either side of a maximum amount of austenite stabilized to room temperature based on Mn 

enrichment of austenite during intercritical annealing as predicted using the model suggested by 

De Moor et al. [93].  Energy dispersive spectroscopy in the TEM confirmed that Mn enrichment 

approached equilibrium amounts during a 168 hr anneal.  Equilibrium stacking fault energy maps for the 

predicted C and Mn levels in austenite indicated that all the annealing temperatures of interest would 

result in metastable austenite with deformation; annealing above 650 °C resulted in predictions of 

athermal ε martensite formation on cooling. 

Five steels were selected for experimental investigation to exemplify the tensile behaviors that 

may be generated in medium Mn-TRIP steels.  Three low C (0.1 wt pct. C) medium Mn-TRIP steels (5.1, 

5.8, and 7.1 wt pct. Mn) sheet steels were cold rolled and annealed at temperatures between 575 °C and 

675 °C for 168 hr to enrich austenite in C and Mn resulting in metastable austenite fractions at room 

temperature between 5 and 47.5 pct.  Two low C (0.14 wt. pct.) medium Mn (7.4 wt pct. and 10.1 wt pct.) 

high Al (1.6 wt pct.) steels were annealed using a two-step method: intercritical annealing at either 600 °C 

or 700 °C for 96 hr followed by cold rolling and supercritical annealing at 850 °C to produce martensitic 

microstructures with either 8.5 or 22 wt pct. retained austenite. 

The intercritically annealed 0.1C Mn-TRIP steels displayed systematically varied tensile behavior 

in response to changes in intercritical annealing temperature, ranging from high-ductility with limited 

work hardening for the lowest test temperature (575 °C) to increasing strain hardening resulting in high 

strength and ductility (over 1000 MPa and 30 pct. elongation for the 7.1Mn-0.1C steel annealed at 
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600 °C) to low ductility high strength materials at the highest annealing temperatures.  The 

microstructures after intercritical annealing were comprised of annealing temperature dependent fractions 

of ferrite, ε and α’ martensite, and retained austenite.  Neutron diffraction measurements on the 

7.1Mn-0.1C steel revealed annealing temperature dependent austenite stability with deformation.  The 

results from the 7.1Mn-0.1C steel emphasize the critical aspects of design with regard to the role of 

austenite in the microstructure.  The 575 °C, 600 °C, and 650  °C annealed steels display a breadth of 

tensile behaviors despite the limited change in the absolute amount of metastable austenite (32.6 wt pct., 

38.8 wt pct., and 47.5 wt pct. respectively) in the microstructure.  The in situ neutron diffraction 

measurements indicate that the flow stress of ferrite in all the steels was similar, allowing direct 

comparisons between austenite stability to be made. 

• Austenite in the 7.1Mn-0.1C steel annealed at 575 °C was very stable with deformation.  The 
Olson-Cohen model fits to the austenite transformation kinetics indicate low driving forces for 
transformation (β value of 0.67).  The high Mn and C content (14.7 wt pct. and 0.28 wt pct.) in 
austenite produced the high stability with deformation.  ε martensite formed within the Lüders 
band and decreased with increasing sample strain, suggesting a consumption of α’ nucleation 
sites with deformation.  Since large amounts of austenite did not transform to α’ martensite 
(68 pct. of the initial austenite remained at approximately the uniform elongation) there was no 
mechanism for increasing work hardening; austenite was therefore ineffective at increasing 
strength due to the high stability resulting from high Mn content in austenite. 

• The 7.1Mn-0.1C steel annealed at 650 °C displayed the other extreme of behavior compared to 
the 575 °C annealed steel.  Austenite displayed very low stability with deformation due to the low 
Mn and C levels in austenite (9.5 wt pct. and 0.15 wt pct. respectively).  The low stability resulted 
in stress induced transformation of austenite to α’ and ε martensite during yielding of the steel; 
approximately 40 pct. of the available austenite transformed during yielding. Since austenite was 
not present in the microstructure at high stresses or strains, transformation was ineffective at 
significantly increasing ductility. 

• The microstructure resulting from intercritical annealing of the 7.1Mn-0.1C steel at 600 °C 
resulted in a unique deformation situation.  Austenite displayed a high driving force for 
transformation, indicated by the high β term of 2.5 in the Olson-Cohen model fits, but displayed 
relatively high stability with deformation due to high Mn and C in austenite (12.9 and 0.23 wt pct. 
respectively).  ε martensite formation required strains in excess of the Lüders strain and increased 
with increasing strain to a maximum of approximately 6 wt pct. at 20 pct. strain; the increase in 
ε martensite with strain provided nucleation sites for α’ martensite with increasing plastic 
deformation.  The combination of high diving force for transformation but delayed nucleation 
resulted in significant transformation above 10 pct. strain producing increasing work hardening to 
22 pct. strain.  The microstructure and austenite stability resulting from annealing at 600 °C 
resulted in a steel displaying both high strength and ductility. 

Neutron diffraction also emphasized the interactions between constituents during deformation via 

the measurement of lattice stains.  Austenite lattice strains always decreased after yielding due to 

constraint of the volume expansion resulting from the transformation from austenite to martensite.  Ferrite 

lattice strains in the axial diffraction direction accentuated the load partitioning and sequence of yielding 
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between constituents with austenite transformation. Ferrite lattice strains in the transverse diffraction 

direction decreased in magnitude until essentially zero lattice strain was observed, with subsequent 

increases in applied stress the ferrite lattice strains remained at essentially zero strain.  The relative 

behavior of ε martensite displayed two distinct behaviors; annealing at 600 °C resulted in a similar lattice 

strain-applied stress path for the ε{101} and γ{220} lattice strains, in the 650 °C annealed steel the lattice 

strain path for ε{101} planes followed loading path of the α’{112} planes. 

Heat treatment of the medium Mn-0.14C-1.6Al steels resulted in martensitic microstructures with 

alloy and heat treatment dependent amounts of retained austenite displaying a mixture of athermal 

martensite and retained austenite, the 7.4Mn-0.14C-1.6Al steel retained 8.5 wt pct. austenite while the 

10.1Mn-0.14C-1.6Al steel retained 22 wt pct. austenite.  Two martensitic steels highlight the influence of 

microstructural morphology, in addition to austenite fraction and stability, on tensile performance.  Heat 

treatment of the two steels resulted in similar austenite stability with deformation but a change in 

austenite morphology and fraction.  Both steels displayed continuous yielding and a high initial work 

hardening rate.  Power law hardening was observed in the 7.4Mn-0.14C-1.6Al steel after austenite 

transformation resulting in plastic instability while the 10.1Mn-0.14C-1.6Al steel displayed apparent 

brittle fracture during uniform deformation.  The in situ neutron diffraction results highlight the change in 

internal stresses with deformation between the two conditions: 

• The 7.4Mn-0.14C-1.6Al steel (8.5 pct. austenite) displayed equal stresses between austenite and 
martensite during uniaxial tensile deformation and austenite transformation.  The lack of internal 
stress between regions of the microstructure likely delayed crack nucleation to the point where 
plastic instability could determine failure. 

• The 10.1Mn-0.14C-1.6Al steel (22 pct. austenite) developed pronounced internal stress gradients 
between martensite and austenite after the onset of austenite transformation.  The internal stresses 
between constituents likely encouraged crack nucleation, producing brittle fracture of the sample 
prior to plastic instability.  

The internal stress behavior was suggested to be due to physical constraint between constituents and the 

change in austenite morphology affecting the distribution of plastic strains between phases. 
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CHAPTER 13 : CONCLUSIONS 

In conclusion, systematic changes in austenite stability generated by the varying C and Mn levels 

in austenite explain the observed strain hardening behaviors of medium Mn-TRIP steels.  Manganese 

enrichment of austenite during intercritical annealing was effectively used to develop a range of austenite 

fractions with specific stability during deformation.  Annealing conditions of interest were selected using 

the model described by De Moor et al. [93].  A maximum amount of austenite at room temperature after 

the intercritical anneal was predicted at approximately 600 °C.  Annealing conditions below the 

maximum in austenite amount at room temperature resulted in conditions of high strength and ductility.  

In these steels, yielding proceeded by dislocation motion in ferrite and the steels displayed pronounced 

Lüders deformation.  Annealing at temperatures above the maximum amount of austenite resulted in high 

strength, relatively low ductility, and continuous yielding occurred.  The yielding behavior is interpreted 

as being via stress induced transformation of austenite.  The yielding behavior of the as heat treated steels 

was controlled by the relative stability of austenite compared to the flow stress of ferrite and austenite.  

During plastic deformation, periods of increasing work hardening, essential to producing both high 

strength and ductility, occurred where austenite transformed to α’ martensite. 

Systematic changes in austenite stability based on annealing temperature allowed control of the 

microstructure, permitting the uniaxial tensile behavior of the steel to be designed to display property 

combinations characteristic of potential steel grades for the third generation AHSS.  The experimental 

results also highlight the complex interactions between microstructural constituents in high austenite 

fraction steels anticipated for the third generation AHSS.  The in situ neutron diffraction results 

emphasized that the relative flow strengths of the microstructural constituents were essential to 

developing structures displaying of high strength and ductility.  Conditions where ferrite and austenite 

plastic deformation occurred simultaneously in conjunction with austenite transformation to martensite 

resulted in the highest strength and ductility conditions. 

While there are still several significant challenges to the commercial implementation of medium 

Mn-TRIP steels (i.e. the affect of annealing time on Mn enrichment of austenite, the sensitivity of the 

process to annealing temperature, and the processing implications of higher alloy steels), the ability to 

design conditions of interest for AHSS application presents a unique starting point for future 

development. 
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 APPENDIX A: TENSILE TEST GEOMETRIES 

For collection of uniaxial tensile data for the thesis work two geometries were utilized; ASTM 

E-8 sub-sized samples and modified ASTM A514 samples for the Lujan Center.  

Tensile properties measured at CSM were on ASTM E-8 sub-sized samples with a 25.4 mm 

gauge section taken transverse to rolling direction.  Figure A.1 shows the instructions sent to the machine 

shop for machining of the ASTM E-8 sub-sized samples from larger sheets.  All samples were oriented 

transverse to the rolling direction; no modification was made to the sheet thickness.  Transverse samples 

were used for all testing to minimize the effect of thickness variations in the sheets due to the 

laboratory-processed nature of the material. 

The Mn-TRIP steel samples were band saw cut to produce blanks then the reduced section was 

machined with an end mill.  The reduced section was polished with 600 grit SiC grinding paper to remove 

any burrs left from machining.  Due to the high hardness of the MnAl-TRIP steels tensile samples cut 

with wire EDM, gauge section subsequently polished with 600 grit SiC grinding paper to remove recast 

layer. 

Samples of the MnAl-TRIP steels for in situ neutron diffraction testing at Lujan were machined 

per the custom tensile geometry for use in SMARTS.  This tensile sample is based on an ASTM A514 

standard geometry with reduced grip length to work with the custom grips used in the load frame at 

SMARTS.  Figure A.2 shows the instructions sent to the machine shop for machining of the 

ASTM A-514 samples from larger sheets.  These samples were sheared to approximate size and the 

reduced section was cut with an end mill. 
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Figure A.1 Tensile dimensions sent to machine shops for ASTM E-8 sub-size samples [97].  

Not reproduced to common scale. 

 

 

 
Figure A.2 Tensile dimensions sent to machine shops for modified ASTM A-514 samples 

[97].  Not reproduced to common scale. 
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 APPENDIX B: NEUTRON DIFFRACTION PROPOSALS 

B.1 Measurement of Strain Induced Martensite Kinetics and Stress/Strain State in a High 
Manganese Transformation Induced Plasticity Steel 

B.1.1 Background 
There exists an opportunity to develop a new family of steels to meet the evolving demands for 

improved automotive efficiency while maintaining or increasing safety.  These so called Third Generation 

advanced high strength steels (AHSS) will be based on new microstructural combinations containing of 

high volume fractions of retained austenite [1], [2].  The stability of the retained austenite with strain is of 

critical importance; steels that possess retained austenite that transforms to martensite at very low strains, 

or austenite that is stable against transformation to martensite, do not display the high strength and 

ductility increases required to produce enhanced TRansformaion Induced Plasticity (TRIP) steels required 

for the Third Generation AHSS [2].  Understanding the interactions of various microstructural 

constituents during deformation is crucial to effectively developing these new steel grades. 

B.1.2 Research Associated with Experiment 
The proposed neutron diffraction experiments will contribute to the PhD thesis work for Paul J. 

Gibbs at the Colorado School of Mines.  The thesis is focused on identifying potential microstructures of 

interest for the Third Generation AHSS using novel processing routes to maximize alloy effectiveness on 

microstructure and mechanical properties.  The project is funded under the National Science Foundation 

award number CMMI-0729114.  

Three low carbon (0.1 wt. pct.) high manganese (5.1-7.1 wt. pct.) TRIP steels were produced for 

a series of studies applying batch annealing cycles to TRIP steel production [33].  As a follow up study, 

and initial work for the PhD thesis, the steels were cold rolled and annealed for one week in the two phase 

ferrite-austenite region at temperatures between 575 and 675 °C.  This treatment was designed to increase 

carbon and manganese contents in the austenite, stabilizing it to room temperature; austenite contents up 

to approximately 30 wt. pct. were retained on quenching.  The microstructures, mechanical properties, 

and strain responses resulting from the individual heat treatments are highly varied; Figure B.1 contains 

representative stress-strain curves for the high manganese steel to be used in the proposed neutron 

experiments.  The microstructures consist of a relatively fine structure with mixtures of intercritical 

ferrite, quenched martensite, and retained austenite.  The preliminary results of this work are being 

compiled as part a special symposium on austenite formation and decomposition at MS&T 2010 this 

fall [43]. 
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B.1.3 Motivation for Neutron Experiment 
There are two primary motivations for the neutron diffraction experiments: first, to measure 

microstructural development with strain to understand the stability of the retained austenite, and secondly, 

to measure stress and strain partitioning during deformation to understand the complex interactions 

between phases during loading.  Measuring austenite stability in the experimental microstructures is key 

to understanding the mechanical properties variations seen in Figure B.1.  Neutron diffraction is ideally 

suited for these measurements since a bulk measurement of a large sample volume is made.  X-ray 

radiation typically measures a small volume of material, often at the surface of the sample; while useful, 

surface and small volume measurements do not allow an assessment of the bulk material behavior of a 

fully constrained structure.  In situ testing with neutron diffraction provides the unique opportunity to 

monitor stress and strain partitioning in a fully constrained sample during loading.  Jung [53] and 

Furnemont [54] both investigated the behavior of bainitic-based TRIP steels using synchrotron X-ray and 

neutron diffraction respectively; these works highlight the complex sequence of behaviors at yielding as 

well as during austenite transformation.  The behavior of manganese stabilized TRIP steel, with high 

fractions of martensite instead of bainite, has not been thoroughly characterized.  Additionally, insight 

into the stress/strain states during deformation will be useful for verification of composite deformation 

models being developed for the thesis. 

B.1.4 Experiment Details 
The proposed experiment involves in situ measurement of phase fractions in the SMARTS 

diffractometer during tensile loading.  SMARTS is ideally suited for these tests with a 250 kN load frame 

in the diffractometer.  The samples will be incrementally strained at room temperature and the diffraction 

patterns recorded.  Based on observations in other TRIP steels, it is expected that approximately 80-90 

pct. of the retained austenite will decompose during deformation, this magnitude of decomposition 

(approx. 15-30 wt. pct. to 1-2 wt. pct. ) will be readily observable in the diffraction data.  Measurements 

will only be performed on the highest manganese steel (7.1 wt. pct.) on the heat treatments between 575 

and 650 °C.  Patterns will be taken on an unloaded sample as a baseline.  Then three to five measurements 

will be taken during elastic loading to monitor stress partitioning during loading.  After the onset of 

plastic deformation measurements will be made at strain increments at approximately 0.5, 1, 1.75, 2.5, 4, 

6, 8, 10 pct. strain, and then in 2.5 pct. increments to the ultimate tensile strength.  This progression 

should provide sufficient resolution to capture the details of the material response to strain while still 

being an efficient use of beam time.  Based on a sample gauge section of 6 mm wide by 1.5 mm thick 

with a 5 mm wide beam (45 mm3 interaction volume) each measurement should take between 15 and 20 

minutes, resulting in approximately 38 beam hours of time required, including two hours for setup 

between samples and an 85 pct. availability factor, two beam days are requested for the experiments. 
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Figure B.1 Tensile data for 7.1-Mn TRIP steel annealed for one week at various 

temperatures. 

B.2 Effect of Matrix Microstructure and Austenite Stability on the Tensile Performance of 
AHSS 

B.2.1 Background 
There is interest in developing new advanced high strength steel (AHSS) grades to meet the 

demands for improved automotive efficiency while maintaining or increasing safety.  It is anticipated that 

microstructures for these so called ‘Third Generation’ AHSS steels will consist of high volume fractions 

of metastable retained austenite (20-40 vol pct.) in a high strength matrix (ultra fine ferrite, martensite, or 

bainite) [2].  Previous work utilizing medium manganese TRansformaion Induced Plasticity (TRIP) steels 

by Miller [28], Merwin [33], and others [29], [35], [43] has highlighted the potential for producing 

combinations of high tensile strength and ductility with changes in heat treatment and retained austenite 

content.  These steels are ideally suited for creating model microstructures displaying a range of austenite 

fractions and stability conditions to provide an understanding of the interactions of microstructural 

constituents during deformation. 

B.2.2 Research Associated with Experiment 
The proposed neutron diffraction experiments will contribute to the PhD thesis work for Paul J. 

Gibbs at the Colorado School of Mines.  The thesis is focused on identifying potential microstructures of 

interest for the third generation AHSS, with particular emphasis on the role of austenite stability on 

improved performance.  Experimental microstructures have been designed to act as model materials to 

observe the effect of austenite condition and surrounding microstructure on strength and ductility.  Initial 
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work focused on a set of medium manganese (5.4 to 7.1 wt pct.) low carbon (0.1 wt pct.) TRIP steels heat 

treated to develop a range of microstructures and austenite stability conditions.  A set of neutron 

diffraction experiments in Oct. 2010 investigated austenite stability and strain partitioning during tensile 

deformation in the 7.1 wt pct manganese steel.  The results of these experiments provided critical 

information on the profound effect of austenite stability, overshadowing the amount of austenite present, 

on improved tensile performance.  Phase strains and strain partitioning between ferrite and austenite were 

measured during deformation and related to austenite transformation to martensite.  These data 

highlighted the dependence of strain partitioning between ferrite and austenite on the volume change 

related to the martensite transformation.  In situ data such as these are not obtainable using traditional 

experimental methods and neutron diffraction provided unique insight to the bulk behavior.  The austenite 

stability data have been presented and published [43] in a recent article; a manuscript on the strain 

partitioning data is being complied for publication this summer. 

B.2.3 Motivation for Neutron Experiment 
The motivation for the present neutron diffraction experiments is to quantitatively determine the 

effect of austenite stability and matrix microstructure on tensile properties.  This study will provide 

critical information to guide developments of new steel microstructures for the third generation AHSS via 

a fundamental explanation of the effects of austenite stability and volume fraction on improved 

performance.  These data are of interest to the steel using community, as the interrelated factors of matrix 

microstructure, austenite stability, and austenite fraction are not well understood.  The experiments last 

October provided a unique perspective on the behavior of medium manganese TRIP steels with 

reasonably high fractions of metastable austenite (26-43 vol pct.).  However, the starting microstructures 

produced by the relatively straightforward heat treating methodology were comprised of ferrite and 

austenite for all the tested conditions.  The current proposal will provide a focused assessment of steels 

designed to display optimal combinations of austenite stability and tensile behavior utilizing two different 

of initial microstructure conditions. Two; medium manganese (7 and 10 wt pct.), low carbon 

(0.14 wt pct.), high aluminum (1.5 wt pct.), steels will be used for the experiments and will provide 

distinctly different combinations of microstructure (ferrite-austenite or martensite-austenite) and austenite 

stability.  In situ investigation of the effect of changing initial microstructure will significantly extend the 

understanding of these complex materials obtained in the earlier neutron diffraction experiments.  By 

applying a two-step heat treatment, fine microstructures with controlled austenite contents will be 

produced that display a range of stabilities against transformation on cooling as well as during tensile 

deformation.  In addition, the effect of relative strength of the non-austenitic matrix phase will be 

observed by heat treating to produce the ferrite (body centered cubic)-austenite and martensite (body 

centered tetragonal)-austenite microstructures.  The resulting steels will allow direct comparison of the 
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effect of both austenite condition and matrix microstructure on the mechanical behavior of the steel.  Data 

from these experiments on stress/strain partitioning during deformation will be useful for verification of 

composite deformation models being developed for the thesis and elsewhere.  Additionally, neutron 

diffraction measurements of austenite fraction and presence of transitional phases, such as hexagonal 

close packed epsilon martensite, with strain during loading will be beneficial to correlate the observed 

tensile properties with the dynamic response of the microstructure. 

B.2.4 Experiment Details 
The proposed experiment involves in situ measurement of diffraction patterns in the SMARTS 

diffractometer during tensile loading.  SMARTS is ideally suited for these tests with a 250 kN load frame 

in the diffractometer, allowing in situ deformation to determine elastic lattice strains during loading.  

Tensile samples will be incrementally strained at room temperature and the diffraction patterns recorded.   

The steels will be heat treated following the methodology presented above to generate a total of eight 

microstructural conditions for the neutron diffraction experiments.  Select 7-Mn based microstructures, 

those comprised primarily of ferrite and austenite, will be useful for comparison to the earlier work; 

however, it is anticipated that the new microstructures will represented significantly different properties 

than the 7.1-Mn steel tested previously due to the high aluminum addition and change in heat treatment 

methodology.  Anticipated austenite volume fractions are 30 vol pct. for the 7-Mn steel and 50 vol pct. for 

the 10-Mn grade.  Based on the experiments last fall, between 60 and 90 pct. of the austenite will 

transform to martensite during deformation at room temperature; this magnitude of decomposition will be 

readily observable in the diffraction data.  The difference between the body centered cubic ferrite and 

body centered tetragonal martensite phases will likely not be distinguishable in the diffraction data; ex 

situ metallographic analysis will be used to determine the amounts of these phases.  Phase strain data will 

be calculated assuming that the ferrite and martensite respond similarly. Epsilon martensite fractions are 

expected to be less then 10 vol pct; while difficult to quantify, sufficient resolution should be available to 

qualitatively assess the role of epsilon martensite during transformation. A diffraction pattern will be 

taken on an unloaded sample to determine the strain free lattice perimeter for austenite and ferrite; lattice 

strains during deformation will be calculated using the unloaded lattice parameter as a reference. Samples 

will be incrementally strained at room temperature; diffraction patterns will be recorded at each strain 

increment with the sample under load. Approximately 19 measurements during deformation will be 

necessary; with three to five measurements during elastic loading and the remainder during plastic 

deformation. Based on a sample gauge section of 12.5 mm wide by 1 mm thick with a 5 mm wide beam 

(94 mm3 interaction volume), each measurement should take between 10 and 15 minutes, resulting in 

approximately 46 beam hours of time required, including two hours for setup between samples and an 80 

pct. availability factor, a total of three beam days are requested for the experiments. 
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 APPENDIX C: INTERCRITICAL AUSTENITE FRACTION AND COMPOSITION PLOTS 

This section presents the equilibrium austenite fraction and austenite composition for the 

Mn-TRIP steels as a function of intercritical annealing temperature as predicted by ThermoCalc® using 

the TCFE2 database [78], [79].  Details of the methodology behind these plots are presented in 

Section 3.2, these plots are included for reference. 

 

  
(a) (b) 

Figure C.1 ThermoCalc® predictions for a 7.1-Mn 0.1-C 0.12-Si (wt pct.) steel of a) 
intercritical austenite fraction as a function of annealing temperature and b) 
equilibrium composition of Mn, C, and Si in austenite as a function of intercritical 
annealing temperature [78], [79]. 
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(a) (b) 

Figure C.2 ThermoCalc® predictions for a 7.1-Mn 0.1-C 0.12-Si (wt pct.) steel of a) 
intercritical austenite fraction as a function of annealing temperature and b) 
equilibrium composition of Mn, C, and Si in austenite as a function of intercritical 
annealing temperature [78], [79]. 

 

 

  
(a) (b) 

Figure C.3 ThermoCalc® predictions for a 7.1-Mn 0.1-C 0.12-Si (wt pct.) steel of a) 
intercritical austenite fraction as a function of annealing temperature and b) 
equilibrium composition of Mn, C, and Si in austenite as a function of intercritical 
annealing temperature [78], [79]. 
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Figure C.4 ThermoCalc® predictions for the 7MnAl steel of equilibrium amount of Mn, C, 

Si , and Al in austenite as a function of intercritical annealing temperature [78], 
[79]. 

 

 
Figure C.5 ThermoCalc® predictions for the 10MnAl steel of equilibrium amount of Mn, C, 

Si , and Al in austenite as a function of intercritical annealing temperature [78], 
[79]. 
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Figure C.6 ThermoCalc® predictions for the equilibrium amount of austenite as a function 

of intercritical annealing temperature for the 7MnAl and 10MnAl steels [78], 
[79]. 
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 APPENDIX D: MNAL-TRIP DUPLEX MICROSTRUCTURE RESULTS 

This appendix summarizes the results form the MnAl-TRIP steels reversion heat treated for 16 hr 

to produce duplex mixtures of ferrite and austenite.  Throughout this document annealing conditions for 

each test are referred to by the alloy designation followed by the manganese enrichment temperature and 

the reversion temperature in degrees Celsius, therefore 10MnAl-600-850 is the 10MnAl steel annealed at 

600 °C to enrich austenite in manganese and heat treated at 850 °C to produce a martensitic matrix.  All 

the enrichment treatments addressed here were for 96 hours; duplex reversion times were 16 hours while 

martensitic reversion times were 20 minutes. 

D.1 MnAl-TRIP Duplex Steels Tensile Properties 

Figure D.1a presents the engineering stress-strain behavior and Figure D.1b shows the true 

stress-strain curves for the duplex MnAl-TRIP steels.  The corresponding work hardening plots are shown 

in Figure D.2, with instantaneous n-value as a function of true strain plotted in Figure D.2a and the slope 

of the true stress-strain curve as a function of applied stress in Figure D.2b.  Tensile properties were 

highly dependent on alloy and annealing temperature and ranged from high strength and ductility, over 

1000 MPa and 44.7 pct. uniform elongation for the 10MnAl-600-640 steel, to very high strength low 

ductility conditions for the martensitic conditions.  A summary of the quasi-static tensile properties for all 

the conditions is given in Table D.1. 

All three duplex steels displayed some degree of discontinuous yielding, up to approximately 6 

pct. for the 10MnAl-600-640 steel.  The 7MnAl-600-640 condition produced a smooth stress strain curve 

immediately after the end of yield point elongation followed by a region of positive change in work 

hardening rate with increasing strain from approximately 23 to 30 pct. engineering strain which 

(Figure D.2a).  Serrations in the flow curve were observed in this region.  This condition produced a very 

flat stress strain curve with a high yield to ultimate tensile strength ratio of 0.88.  The load drops observed 

in the stress strain curve at approximately 22 and 45 pct. strain are due to stress relaxation during a period 

of constant crosshead position required to reset the extensometer. 

The 10MnAl-600-640 steel displayed similar behavior to the 7MnAl-600-640 steel but the region 

of positive slope of the work hardening curve began almost immediately after uniform deformation 

resumed.  This condition also displayed a somewhat higher stress within the yield plateau compared to the 

7MnAl steel, 760 MPa compared to 725 MPa.  Initial continuous plastic deformation was characterized 

by smooth flow and a slight positive slope in the work hardening curve to approximately 13 pct. strain 

(Figure D.2a).  Above 13 pct. strain the work hardening rate increased significantly with strain.  Serrated 
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flow was observed and strength increased dramatically to over 1000 MPa.  The high work hardening rate 

and positive slope to the work hardening curve over a large region of strain produced the very high 

uniform elongation of 44.7 pct. by delaying necking. 

Enrichment of the 7MnAl steel at higher temperatures (7MnAl-700-680) produced dramatically 

different behavior compared to the low temperature conditions.  A much lower yield stress was present, 

and there was a significant stress discontinuity during yield point elongation.  This unusual behavior may 

have been the result of multiple Lüders bands interacting within the sample; distinct bands as reported by 

Lee et al. were apparent on the surface of the sample [35].  After discontinuous yielding the stress-strain 

behavior was nearly linear with significant serration and a high positive change in work hardening with 

increasing strain.  At approximately 9 pct. strain the behavior changed, smooth flow was observed with 

periodic stress discontinuities and a negative slope to the work hardening curve (Figure D.2a).  At high 

strains work hardening continued to decrease, with periodic stress discontinuities, until the sample failed.  

The pronounced and rapid change in flow behavior may have resulted from a change in austenite 

transformation behavior due to a change in nucleation mechanism (stress induced versus strain assisted) 

or change in phase constraint due to increasing martensite content.  This sample failed at the clamp of the 

extensometer and displayed no post uniform elongation. 

 

Table D.1 - Tensile Properties of Cold Rolled and Annealed Duplex MnAl-TRIP Steels 

(Engineering Stresses and Strains) 

Condition 
Austenite 
Amount 
(wt pct.) 

Yield 
Strength 
(0.2 pct. 
offset or 
upper) 
(MPa) 

Ultimate 
Tensile 
Strength 
(MPa) 

Uniform 
Elongation 

(pct.) 

Total 
Elongation 

(pct.) 

UTS*TE  
(GPa*pct) 

7MnAl-600-640 34.8±0.3 729 831 44.5 48.6 40.4 
7MnAl-700-680 47.7±0.3 546 1080 15.4 20.3 21.9 

10MnAl-600-640 57.3±0.3 779 1088 44.8 45.9 49.9 
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(a) (b) 
Figure D.1 Tensile (a) engineering stress-strain curves and (b) true stress strain curves for 

MnAl-TIP steels annealed to produce duplex mixtures of ferrite and retained 
austenite.  Samples tested at room temperature and a constant engineering strain rate 
of 5.47 * 10-4 s-1 using ASTM E-8 sub-sized samples with a 25.4 mm gauge length 
[97]. 

 

 

 
Figure D.2 Analysis of instantaneous work hardening using true work hardening rate as a 

function of true strain for true strain for MnAl-TRIP steels heat treated to produce 
duplex microstructures of ferrite and retained austenite. 
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D.2 Duplex MnAl-TRIP Austenite Stability 

It is anticipated that many of the changes in tensile behavior and performance may be correlated 

to changes in austenite fraction and stability during deformation.   Austenite fraction as measured with in 

situ neutron diffraction as both a function of stress and strain are included in Figure D.3a and Figure D.3b 

respectively, initial retained austenite fractions for the tested conditions are also included in Table D.1.  

The 10MnAl-600-640 condition retained the most austenite of the tested conditions, 57 wt pct.  During 

deformation the transformation rate with strain was relatively slow and appears to be consistent with 

strain induced transformation to martensite.  The initial transformation rate, from 7 to 15 pct. strain, was 

very gradual and mirrors the low initial work hardening of the 10MnAl-600-640 sample seen in 

Figure D.3a.  Above 15 pct. strain the austenite transformation rate increased and eventually over 58 pct. 

of the initial austenite transformed to martensite.  The 7MnAl-600-640 steel retained significantly less 

austenite than the 10MnAl condition, 34 wt pct., and displayed extremely slow transformation rates with 

strain over the observed range.  Only 10 pct. of the initial austenite transformed to martensite in 16 pct. 

strain for this condition.  This low transformation rate likely produced the flat stress strain curve seen in 

Figure D.3a. 

  
(a) (b) 

Figure D.3 Austenite fraction as a function of (a) engineering stress and (b) engineering strain as 
measured by in situ neutron diffraction during uniaxial tensile deformation. 
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seen in the data in Figure D.3b.  During discontinuous yielding, at approximately 530 MPa, the austenite 

fraction dropped precipitously from 45 to 28 wt pct.  This rapid decrease in austenite fraction at 
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approximately constant stress suggests stress assisted austenite transformation.  Immediately after 

discontinuous yielding the austenite fraction remained at approximately 28 wt pct. with both increasing 

stress and strain to approximately 580 MPa and 4 pct. strain.  Above 4 pct. strain gradual austenite 

transformation with increasing strain resumed suggestive of strain induced transformation of austenite to 

martensite. 

F.3 Lattice Strain Partitioning 

Lattice strains for the duplex conditions as a function of applied stress are included in Figure D.4.  

Four unique data sets are presented in each figure, with both austenite (round symbols) and ferrite 

(diamond symbols) data in the axial (solid line) and transverse directions (dashed line) plotted.  

Uncertainty in the calculated lattice strains, as calculated by the analysis software, are included in the 

figures and are generally smaller than the plotted data points.  Reported applied stresses are from the 

beginning of the test as the actuator was paused and do not reflect stress relaxation during the 

approximately 20 to 30 minute hold at constant displacement. 

The behavior of the lattice strains for the duplex conditions were similar to that reported for the 

work on the 7.1-Mn steel.  Ferrite and austenite deformed elastically and in a condition of iso-stress up to 

the yield point.  During discontinuous yielding there was a pronounced divergence between ferrite and 

austenite strains, with austenite typically relaxing (becoming more compressive) and ferrite becoming 

increasingly tensile.  The one exception to this behavior is the 7MnAl-600-640 condition (Figure D.4a) 

where ferrite continued to deform elastically through discontinuous yielding.  The pronounced divergence 

between phase strains during discontinuous yielding may indicate that one of the two phases controlled 

yielding behavior while the other accommodated the yielding strain of the adjacent constituent.  The 

7MnAl-700-680 condition displayed the highest amount of offset between phase strains after 

discontinuous yielding ends and also displayed significant austenite transformation in this region.   

After uniform deformation resumes, austenite lattice strains generally became increasingly 

compressive while ferrite strains became increasingly tensile in both diffraction orientations (axial and 

transverse).  The degree of divergence between constituents in the data appears to be related to the 

amount of austenite transformation.  The 7MnAl-600-640 condition (Figure D.4a) displayed the least 

dramatic lattice strain decrease in austenite and the least austenite transformation.  For this condition 

austenite appeared to take the role of a ‘soft’ phase where lattice strains arrest while ferrite continued to 

deform elastically.  Once austenite transformation began the lattice strain in austenite began to decrease 

slightly while strains in ferrite increased.  On unloading austenite retained compressive strains in both 

directions while ferrite was loaded in tension.  The 10MnAl-600-640 (Figure D.4c) steel displayed similar 

behavior, with austenite strains arresting for a period after discontinuous yielding then decreasing 
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significantly with increasing applied stress.  At high strains where, after more than half the initial 

austenite transformed to martensite, the axial strain in austenite decreased to almost zero while axial 

ferrite strains continued to increase. 

  
(a) (b) 

 
(c) 

Figure D.4 Elastic phase strains for ferrite and austenite in both the axial land transverse directions as 
calculated by whole pattern Rietveld fits plotted with macroscopic tensile load for (a) 
7MnAl-600-640 (b) 7MnAl-700-680 and (c) 10MnAl-600-640 conditions.  Strains are 
plotted as micro-strain*103 or (10-6)*103. 

The 7MnAl-700-680 (Figure D.4b) steel displayed a significant amount of austenite 
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austenite lattice strains for both orientations arrest temporarily while ferrite lattice strains increase 

linearly.  This behavior would suggest that plastic deformation of austenite occurred while ferrite 

continued to deform elastically.  Once austenite transformation reinitiated the austenite lattice strains 

began to rapidly decrease while ferrite strains remained essentially linear.  The suggested sequence of 

yielding events in the lattice strain data support the theory of initial stress assisted transformation 

followed by subsequent strain induced transformation.  Initial austenite transformation occurred at 

approximately a single stress value and produced the abrupt offset in the lattice strain data.  This 

transformation would arrest after the driving force due to increasing applied stress was no longer 

sufficient to sustain further transformation.  At this stage plastic deformation of austenite was necessary 

to provide shear band intersections to act as nucleation sites for further transformation.  The arrest in the 

austenite lattice strains is evidence of this plastic deformation regime.  Once sufficient shear bands were 

present austenite transformation reinitiated and the austenite lattice strains decrease due to constraint of 

the volume strain of transformation.  Deformation continued until fracture intervened or work hardening 

was no longer able to delay necking.  As a result of the significant lattice strains generated during 

austenite transformation, compressive residual stresses were present in austenite and tensile residual 

stresses were present in ferrite.  
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 APPENDIX E: SUMMARY OF UNIAXIAL TENSILE STRESS-STRAIN CURVES 

Table E.1 - Summary of Uniaxial Tensile Properties for Duplex Mn-TRIP Steels 

Austenite Fraction Measured By XRD (*) or Neutron Diffraction (•) 
Engineering Stresses and Strains 

 

Alloy 
Annealing 

Temp. 
(°C) 

Initial 
Austenite 
Fraction 
(wt pct.) 

Yield 
Strength 
(MPa) 

Ultimate 
Tensile 
Strength 
(MPa) 

Uniform 
Elongation 

(pct.) 

Total 
Elongation 

(pct.) 

UTS*TE 
(GPa*pct.) 

5.1-Mn 

575 - 420 599 17.2 29.5 17.7 
414 595 17.7 27.7 16.5 

600 14* 424 623 30.2 36.5 22.8 
425 625 29.5 35.3 22.1 

625 16* 377 651 17.2 18.1 11.8 

650 5* 334 - - - - 
361 846 16.8 17.5 14.8 

675 1* 555 1023 8.4 8.7 8.9 
556 1033 7.9 8.5 8.7 

5.8-Mn 

575 17* 687 711 17.0 28.5 20.2 
698 704 17.0 26.6 18.7 

600 17* 617 739 38.0 42.9 31.7 
611 732 38.9 42.8 31.3 

625 7* 436 748 14.3 15.4 11.5 
488 - - - - 

650 6* 359 974 16.5 17.5 17.1 
311 923 15.0 16.2 14.9 

675 0* 
624 1185 8.2 8.6 10.1 
649 1177 7.9 7.8 9.1 
635 - - - - 

7.1-Mn 

575 32.6• 780 801 23.9 34.1 27.3 
794 801 23.1 31.7 25.4 

600 38.8• 679 871 37.8 40.7 35.4 
710 876 39.3 42.4 37.1 

625 45.2• 490 956 18.6 21.4 20.4 
567 1076 16.4 18.6 20.0 

650 47.3• 
276 - - - - 
270 - - - - 
263 1198 12.5 12.7 15.2 

675 5* 759 1360 5.2 4.9 6.7 
806 1376 8.5 9.7 13.3 
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(a) (b) 

Figure E.1 Tensile (a) engineering stress-strain curves and (b) true stress strain curves for 
5.1-Mn steel annealed 168 hr at 575 °C and water quenched.  Samples tested at 
room temperature and a constant engineering strain rate of 5.47 * 10-4 s-1 using 
ASTM E-8 sub-sized samples with a 25.4 mm gauge length [97]. 

 

 

  
(a) (b) 

Figure E.2 Tensile (a) engineering stress-strain curves and (b) true stress strain curves for 
5.1-Mn steel annealed 168 hr at 600 °C and water quenched.  Samples tested at 
room temperature and a constant engineering strain rate of 5.47 * 10-4 s-1 using 
ASTM E-8 sub-sized samples with a 25.4 mm gauge length [97]. 
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(a) (b) 

Figure E.3 Tensile (a) engineering stress-strain curves and (b) true stress strain curves for 
5.1-Mn steel annealed 168 hr at 625 °C and water quenched.  Samples tested at 
room temperature and a constant engineering strain rate of 5.47 * 10-4 s-1 using 
ASTM E-8 sub-sized samples with a 25.4 mm gauge length [97]. 

 

 

  
(a) (b) 

Figure E.4 Tensile (a) engineering stress-strain curves and (b) true stress strain curves for 
5.1-Mn steel annealed 168 hr at 650 °C and water quenched.  Samples tested at 
room temperature and a constant engineering strain rate of 5.47 * 10-4 s-1 using 
ASTM E-8 sub-sized samples with a 25.4 mm gauge length [97]. 
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(a) (b) 

Figure E.5 Tensile (a) engineering stress-strain curves and (b) true stress strain curves for 
5.1-Mn steel annealed 168 hr at 675 °C and water quenched.  Samples tested at 
room temperature and a constant engineering strain rate of 5.47 * 10-4 s-1 using 
ASTM E-8 sub-sized samples with a 25.4 mm gauge length [97]. 

 

 

 
Figure E.6 Tensile engineering stress-strain curves highlighting the yielding behavior for 

5.1-Mn steel annealed 168 hr at the temperatures listed in the figure and water 
quenched.  Samples tested at room temperature and a constant engineering strain 
rate of 5.47 * 10-4 s-1 using ASTM E-8 sub-sized samples with a 25.4 mm gauge 
length [97]. 
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(a) (b) 

Figure E.7 Tensile (a) engineering stress-strain curves and (b) true stress strain curves for 
5.8-Mn steel annealed 168 hr at 575 °C and water quenched.  Samples tested at 
room temperature and a constant engineering strain rate of 5.47 * 10-4 s-1 using 
ASTM E-8 sub-sized samples with a 25.4 mm gauge length [97]. 

 

 

  
(a) (b) 

Figure E.8 Tensile (a) engineering stress-strain curves and (b) true stress strain curves for 
5.8-Mn steel annealed 168 hr at 600 °C and water quenched.  Samples tested at 
room temperature and a constant engineering strain rate of 5.47 * 10-4 s-1 using 
ASTM E-8 sub-sized samples with a 25.4 mm gauge length [97]. 
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(a) (b) 

Figure E.9 Tensile (a) engineering stress-strain curves and (b) true stress strain curves for 
5.8-Mn steel annealed 168 hr at 625 °C and water quenched.  Samples tested at 
room temperature and a constant engineering strain rate of 5.47 * 10-4 s-1 using 
ASTM E-8 sub-sized samples with a 25.4 mm gauge length [97]. 

 

 

  
(a) (b) 

Figure E.10 Tensile (a) engineering stress-strain curves and (b) true stress strain curves for 
5.8-Mn steel annealed 168 hr at 650 °C and water quenched.  Samples tested at 
room temperature and a constant engineering strain rate of 5.47 * 10-4 s-1 using 
ASTM E-8 sub-sized samples with a 25.4 mm gauge length [97]. 

 

 

0 0.1 0.2 0.3 0.4
Engineering Strain

0

500

1000

1500
En

gi
ne

er
in

g 
St

re
ss

 (M
Pa

)

5.8-Mn 0.1-C
625 °C 168 Hr.

0 0.1 0.2 0.3 0.4
True Strain

0

500

1000

1500

Tr
ue

 S
tr

es
s 

(M
Pa

)

5.8-Mn 0.1-C
625 °C 168 Hr.

0 0.1 0.2 0.3 0.4
Engineering Strain

0

500

1000

1500

En
gi

ne
er

in
g 

St
re

ss
 (M

Pa
)

5.8-Mn 0.1-C
650 °C 168 Hr.

0 0.1 0.2 0.3 0.4
True Strain

0

500

1000

1500

Tr
ue

 S
tr

es
s 

(M
Pa

)

5.8-Mn 0.1-C
650 °C 168 Hr.



  199 

  
(a) (b) 

Figure E.11 Tensile (a) engineering stress-strain curves and (b) true stress strain curves for 
5.8-Mn steel annealed 168 hr at 675 °C and water quenched.  Samples tested at 
room temperature and a constant engineering strain rate of 5.47 * 10-4 s-1 using 
ASTM E-8 sub-sized samples with a 25.4 mm gauge length [97]. 

 

 

 
Figure E.12 Tensile engineering stress-strain curves highlighting the yielding behavior for 

5.8-Mn steel annealed 168 hr at the temperatures listed in the figure and water 
quenched.  Samples tested at room temperature and a constant engineering strain 
rate of 5.47 * 10-4 s-1 using ASTM E-8 sub-sized samples with a 25.4 mm gauge 
length [97]. 
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(a) (b) 

Figure E.13 Tensile (a) engineering stress-strain curves and (b) true stress strain curves for 
7.1-Mn steel annealed 168 hr at 575 °C and water quenched.  Samples tested at 
room temperature and a constant engineering strain rate of 5.47 * 10-4 s-1 using 
ASTM E-8 sub-sized samples with a 25.4 mm gauge length [97]. 

 

 

  
(a) (b) 

Figure E.14 Tensile (a) engineering stress-strain curves and (b) true stress strain curves for 
7.1-Mn steel annealed 168 hr at 600 °C and water quenched.  Samples tested at 
room temperature and a constant engineering strain rate of 5.47 * 10-4 s-1 using 
ASTM E-8 sub-sized samples with a 25.4 mm gauge length [97]. 

 

 

 

0 0.1 0.2 0.3 0.4
Engineering Strain

0

500

1000

1500
En

gi
ne

er
in

g 
St

re
ss

 (M
Pa

)

7.1-Mn 0.1-C
575 °C 168 Hr.

0 0.1 0.2 0.3 0.4
True Strain

0

500

1000

1500

Tr
ue

 S
tr

es
s 

(M
Pa

)

7.1-Mn 0.1-C
575 °C 168 Hr.

0 0.1 0.2 0.3 0.4
Engineering Strain

0

500

1000

1500

En
gi

ne
er

in
g 

St
re

ss
 (M

Pa
)

7.1-Mn 0.1-C
600 °C 168 Hr.

0 0.1 0.2 0.3 0.4
True Strain

0

500

1000

1500

Tr
ue

 S
tr

es
s 

(M
Pa

)

7.1-Mn 0.1-C
600 °C 168 Hr.



  201 

  
(a) (b) 

Figure E.15 Tensile (a) engineering stress-strain curves and (b) true stress strain curves for 
5.8-Mn steel annealed 168 hr at 625 °C and water quenched.  Samples tested at 
room temperature and a constant engineering strain rate of 5.47 * 10-4 s-1 using 
ASTM E-8 sub-sized samples with a 25.4 mm gauge length [97].  The sample 
labeled ‘Aged’ in the figure was room temperature aged approximately 18 months 
compared to the other sample. 

 

 

  
(a) (b) 

Figure E.16 Tensile (a) engineering stress-strain curves and (b) true stress strain curves for 
7.1-Mn steel annealed 168 hr at 650 °C and water quenched.  Samples tested at 
room temperature and a constant engineering strain rate of 5.47 * 10-4 s-1 using 
ASTM E-8 sub-sized samples with a 25.4 mm gauge length [97]. 
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(a) (b) 

Figure E.17 Tensile (a) engineering stress-strain curves and (b) true stress strain curves for 
7.1-Mn steel annealed 168 hr at 675 °C and water quenched.  Samples tested at 
room temperature and a constant engineering strain rate of 5.47 * 10-4 s-1 using 
ASTM E-8 sub-sized samples with a 25.4 mm gauge length [97]. 

 

 

 
Figure E.18 Tensile engineering stress-strain curves highlighting the yielding behavior for 

7.1-Mn steel annealed 168 hr at the temperatures listed in the figure and water 
quenched.  Samples tested at room temperature and a constant engineering strain 
rate of 5.47 * 10-4 s-1 using ASTM E-8 sub-sized samples with a 25.4 mm gauge 
length [97]. 
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 APPENDIX F: ADDITIONAL NEUTRON DIFFRACTION DATA 

 
Figure F.1 Elastic lattice strains, which are proportional to phase stress, for ferrite α{211} and 

austenite γ{220} grains oriented in the axial direction plotted with respect to 
sample engineering strains for the 575 °C annealed steel.  Uncertainties in the 
data are typically less than the plotted symbol size. 

 

 
Figure F.2 Elastic lattice strains, which are proportional to phase stress, for ferrite α{211}, 

austenite γ{220} grains oriented in the axial direction plotted with respect to 
sample engineering strains for the 625 °C annealed steel.  Uncertainties in the 
data are typically less than the plotted symbol size. 
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Figure F.3 Instrument corrected peak width in the axial direction for 575 °C annealed steel 

with respect to the applied tensile strain as determined by single peak fitting of 
in situ neutron diffraction data ferrite α{200} and α{211} peaks and austenite γ{220} 
and γ{311} peaks.  Uncertainties in the data are typically less than the plotted 
symbol size unless uncertainty bars are plotted. 

 

 
Figure F.4 Instrument corrected peak width in the axial direction for 600°C annealed steel 

with respect to the applied tensile strain as determined by single peak fitting of 
in situ neutron diffraction data ferrite α{200} and α{211} peaks and austenite γ{220} 
and γ{311} peaks.  Uncertainties in the data are typically less than the plotted 
symbol size unless uncertainty bars are plotted. 
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Figure F.5 Instrument corrected peak width in the axial direction for 625°C annealed steel 

with respect to the applied tensile strain as determined by single peak fitting of 
in situ neutron diffraction data ferrite α{200} and α{211} peaks and austenite γ{220} 
and γ{311} peaks.  Uncertainties in the data are typically less than the plotted 
symbol size unless uncertainty bars are plotted. 

 

 
Figure F.6 Instrument corrected peak width in the axial direction for 650°C annealed steel 

with respect to the applied tensile strain as determined by single peak fitting of 
in situ neutron diffraction data ferrite α{200} and α{211} peaks and austenite γ{220} 
and γ{311} peaks.  Uncertainties in the data in are typically less than the plotted 
symbol size unless uncertainty bars are plotted. 
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(a) (b) 

  
(c) (d) 

Figure F.7 Relative diffraction peak intensities for austenite (open symbols) γ{200}, γ{220}, 
γ{311} and γ{420} planes and ferrite (filled symbols) α{200}, α{211} and α{321} planes 
with respect to the applied tensile stress in the transverse direction for the 7.1-Mn 
steel annealed at a) 575 °C, b) 600 °C, c) 625 °C, and d) 650 °C for 168 hr as 
determined using single peak fitting of in situ neutron diffraction data.  The 
shaded regions in the figures correspond to the strain values for the observed 
yielding behaviors. 
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(a) (b) 

  
(c) (d) 

  
(e) (f) 

Figure F.8 Inverse pole figures showing the relative pole density for the 7.1-Mn steel annealed at 
575 °C in the a) unstrained and b) strained 20.8 pct., 600°C c) unstrained and d) 
strained 32.5 pct., and the 650°C e) unstrained and f) strained 7.1 pct.  Data from the 
axial diffraction direction, points on the figures indicate individual peaks used to 
generate contours.  ‘Max’ and ‘Min’ values correspond to the limits of the observed 
density.  Color figure, please refer to the CD version. 
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(a) (b) 

Figure F.9 Relative peak width changes for martensite as a function a) sample strain and b) 
sample stress as determined by single peak fitting of in situ neutron diffraction data 
for the α’{200} and α’{211} peaks from the 7MnAl and 10MnAl martensitic steel. 

 

 

  
(a) (b) 

Figure F.10 Relative peak width changes for austenite as a function a) sample strain and b) 
sample stress as determined by single peak fitting of in situ neutron diffraction data 
for the γ{220} and γ{311} peaks from the 7MnAl and 10MnAl martensitic steel. 
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