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 ABSTRACT 

Existing commercial carburizing alloys can be processed at higher temperatures and shorter 

processing times utilizing vacuum carburizing due to the suppression of intergranular oxidation.  To 

provide resistance to undesired grain coarsening at these elevated temperatures and associated reduction in 

fatigue performance, microalloyed steel variants have been developed which employ fine Ti- and 

Nb-carbonitrides to suppress grain growth.  Grain coarsening resistance is believed to be limited by the 

coarsening resistance of the precipitates themselves at high temperature, so further alloy/processing 

developments to enhance microalloy precipitate coarsening resistance based on a greater mechanistic 

understanding of solute interaction with microalloy precipitates would be beneficial.  Molybdenum is 

known to affect microalloy precipitate evolution during processing in ferrite and austenite, but a unified 

explanation of the role of Mo in precipitate evolution is still lacking. 

Accordingly, the effect of molybdenum on microalloy precipitate size and composition evolutions 

and the associated onset of abnormal grain growth in austenite was investigated in Mo-bearing and Mo-free, 

Nb,Ti-microalloyed SAE 4120 steels.  Molybdenum additions of 0.30 wt pct to alloys containing Nb 

additions of 0.05 and 0.10 wt pct Nb delayed the onset of abnormal grain growth in hot-rolled alloys 

reheated and soaked at 1050 °C and 1100 °C.  The coarsening rate of microalloy precipitates was also 

reduced in Mo-bearing alloys relative to Mo-free alloys during isothermal soaking at 1050 °C, 1100 °C, and 

1150 °C.  The observed microalloy precipitate coarsening rates exceeded those predicted by the 

Lifshitz-Slyozov-Wagner relation for volume-diffusion-controlled coarsening, which is attributed to an 

initial bimodal precipitate size distribution prior to reheating to elevated temperature.  Heat-treatments of 

hot-rolled alloys (tempering and solutionizing) prior to reheating to elevated temperature in austenite 

beneficially affected precipitate size distribution prior to reheating, lowered precipitate coarsening rates, 

and delayed the associated onset of abnormal grain growth during soaking at elevated temperature.  

Thermo-kinetic simulations support experimentally observed effects of prior precipitate distributions on 

precipitate coarsening.  Investigations of microalloy precipitate composition evolution indicated that Mo is 

incorporated into fine microalloy precipitates (<40 nm) following hot-rolling and cooling to room 

temperature.  The molybdenum concentration gradients observed in fine precipitates in hot-rolled alloys are 

attributed to the precipitation sequence of microalloy carbonitrides prior to reheating.  The molybdenum 

concentration in microalloy precipitates also varies as a function of precipitate size and total Nb addition in 

hot-rolled alloys reheated to 900 °C.  Further reheating to 1100 °C and soaking results in a reduction of Mo 

concentration in microalloy precipitates due to Mo partitioning to austenite.  Thermodynamic calculations 

support observations of reduced Mo incorporation in microalloy precipitates in austenite relative to ferrite.  

Possible mechanisms for the effect of Mo on Nb-rich precipitate coarsening and associated grain growth 
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were investigated.  No measurable segregation of Mo to the carbonitride-matrix interface was observed, 

and solute Mo is shown to have a negligible effect on Nb diffusion activation energy.  It is hypothesized that 

Mo reduces the coarsening of microalloy carbonitrides either through a reduction in the diffusion frequency 

factor, particle matrix surface energy, or a combination of these mechanisms enhanced by Mo partitioning 

during soaking in austenite. 
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CHAPTER 1 : INTRODUCTION 

1.1 Problem Statement and Industrial Relevance 

This project is a direct result of the need for continued research of high-temperature vacuum 

carburizing processes as identified in the January 2008 ASPPRC Bar and Forging Steels steering committee 

meeting.  The goal of the study is to obtain a fundamental understanding of the role of Mo in 

high-temperature, vacuum-carburizing alloys with respect to the compositional and size evolution of 

microalloy precipitates and associated grain refinement in hot-rolled alloys upon reheating to austenitic 

temperatures.  Current literature lacks a unified explanation of the specific effect of Mo during processing 

and reheating and at austenitic temperatures.  Mo has been shown to incorporate in microalloy precipitates 

during low-temperature precipitation and is reported to reduce thermodynamic stability of complex 

carbonitrides at elevated temperatures in austenite by reducing C and N activities [1–9].  However, several 

studies assert a beneficial reduction in Nb diffusivity and/or Nb-rich precipitate coarsening in austenite and 

ferrite due to Mo additions[1,3,10].  It is also well established that Mo has a significant hardenability effect 

on the kinetics of austenite decomposition during processing and associated starting microstructure prior to 

reheat [3], [11–14].   

In this study, light optical microscopy techniques have been used to quantify the microstructural 

evolution of Nb-bearing alloys during reheating and soaking at elevated temperatures in austenite.  The 

effects of Mo on the evolution of microalloy precipitate composition and distribution have been 

investigated using (scanning) transmission electron microscopy ((S)TEM), electrochemical dissolution and 

precipitate extraction, and atom probe tomography (APT) techniques. 

To capitalize on the increased processing temperature capability and reduction in processing times 

associated with high-temperature vacuum carburizing, existing commercial carburizing alloys must be 

modified for high temperature grain stability while maintaining or improving existing fatigue performance.  

By obtaining a fundamental understanding of the thermodynamic and kinetic behavior of Mo in 

high-temperature vacuum carburizing alloys with respect to microalloy precipitate formation, dissolution, 

and coarsening at elevated temperature, it should become increasingly feasible to tailor alloy content and 

optimize process parameters to retard the onset of abnormal grain growth.   

1.2 Project Objectives 

It is the intent of the following chapters to review the known role of Mo in grain size refinement and 

microalloy precipitate evolution and to describe an experimental methodology intended to elucidate the 

effect of Mo in a modified low alloy carburizing steel in conjunction with the research goals defined below. 
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1. Characterize the effect of molybdenum on the evolution of grain size and the onset of 

abnormal grain growth in four hot-rolled Nb-, Ti-, Mo-modified low alloy steels upon 

reheating and soaking at elevated temperatures in austenite (material conditions outlined in 

Section 3.1). 

2. Characterize the effect of molybdenum on the evolution of precipitate size distributions 

and precipitate composition and morphology in the four hot-rolled alloys upon reheating 

and soaking at elevated temperatures in austenite. 

3. Characterize the precipitate size evolutions and associated grain refining capability of 

microalloy precipitate distributions during soaking at elevated temperatures following 

selected pre-processing conditions (tempering and solutionizing). 

4. Determine the mechanism of the effect of Mo with regard to microalloy precipitate 

coarsening resistance. 

 

Broadly stated, the intent of this study is to focus on the processing and alloying effects, of Mo 

specifically, which improve the coarsening resistance of case grains during elevated temperature processing 

in austenite. 
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CHAPTER 2 : BACKGROUND 

In recent decades, vacuum carburizing has gained increasing attention as an alternative and 

potentially superior processing technique for the surface modification of low alloy steels when compared to 

conventional gas carburizing processes.  In general, low carbon steels are carburized to increase their 

surface hardness, wear resistance, and fatigue life.  It is the latter property that is of greatest concern in 

application of existing vacuum carburizing technology.  Carburized gear steels, for example, are subjected 

to both low and high cycle fatigue conditions; however, predicting fatigue lives in these components is a 

complex problem due to the large number of alloying, microstructural, and carburizing process variables 

that can influence crack nucleation and growth [15].  Existing commercial carburizing alloys can be 

processed more efficiently and at higher temperatures and shorter processing times (owing to higher C 

mobility in austenite) utilizing vacuum carburizing techniques that limit intergranular oxidation at elevated 

temperature, with the potential for additional reduction in post-heat-treatment surface processing [16,17].   

Coarsening of the austenite grain structure at elevated temperature, however, can lead to 

degradation in fatigue properties if not properly controlled.  Coarsening of the austenite grain structure may 

be limited by solute segregation to grain boundaries (solute drag) and particle pinning as first described by 

Zener [18,19].  Thus, to provide resistance to undesired grain coarsening at these elevated temperatures, 

microalloyed steel variants have been developed which employ fine Nb- and Ti-rich carbonitrides to 

suppress grain growth [19–25].  Numerous studies have been conducted on systems containing Ti- and 

Nb-rich microalloy carbonitride precipitates in austenite and ferrite [1–4,7,9,24–43] including recent 

studies of formable high-strength low alloy (HSLA) sheet steels and “fire-resistant” structural steels that 

report an increased coarsening resistance of TiC and NbC in ferrite, respectively, through additions of Mo 

[30,41,44–48].   

The coarsening of microalloy precipitates in austenite, i.e., the increase in mean particle size with 

time, is thought to be the controlling factor in the onset of abnormal grain coarsening in modern 

microalloyed carburizing alloys, and solute drag is assumed to be of secondary significance in the presence 

of pinning precipitates at elevated temperatures in austenite [18,19,21].  There is no consensus in the 

literature, however, on the mechanism for the effect of Mo on precipitate composition, precipitate size 

evolution and associated grain refinement during processing and/or subsequent reheating at austenitic 

temperatures (900 °C – 1100 °C).  Molybdenum has been shown to be incorporated into microalloy 

precipitates during precipitation and low-temperature coarsening, and additions of Mo are thought to 

reduce the solution temperature of complex carbonitrides through a reduction of C and N activities [1–9].  

However, some studies assert a beneficial reduction in Nb diffusivity in austenite and ferrite due to Mo 
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additions [1,3,10].  Molybdenum is also reported to segregate to the carbonitride-ferrite matrix interface 

and slow the incorporation of Nb into the carbonitride or reduce the interfacial energy, thus reducing the 

coarsening rate [41,48].   

2.1 Importance of Grain Size to Fatigue 

Figure 2.1 highlights the various mechanical and microstructural aspects that correlate to improved 

bending fatigue limits in case carburized alloys [15].  As shown, many microstructural characteristics may 

influence fatigue performance in carburized low alloy steels, including grain size, retained austenite 

fraction, surface residual stress, surface roughness, surface carbon content, and intergranular oxidation.  For 

example, low cycle (high stress) fatigue performance is greatly affected by the amount of retained austenite 

present in the high-carbon case region.  In low cycle fatigue, strain induced transformation of austenite 

increases strain hardening and, thereby, reduces fatigue crack propagation rates [49,50].  Retained austenite 

effects, however, are less easily resolved in high cycle fatigue studies, and fine austenite-martensite 

composite case microstructures  (perhaps resultant from fine prior austenite grain structures at elevated 

temperature) are associated with improved fatigue performance [51].  The intent of this study, however, 

was to focus only on the processing and microalloying effects that reduce the most important specimen 

characteristic shown in the figure, case grain size.  It has been suggested that a decrease in prior austenite 

grain size results in a reduction in detrimental phosphorous enrichment of prior austenite grain boundaries 

during elevated temperature processing.  Phosphorous enrichment at prior austenite boundaries, in turn, has 

been shown to result in embrittlement and subsequent fatigue crack nucleation due to an applied stress 

above the endurance limit in high cycle fatigue [52].   For an in depth further review of alloy, processing 

and associated microstructural effects on bending fatigue performance of carburized and hardened steels, 

the interested reader is referred to cited publications, many resulting from previous ASPPRC studies 

[16,49–51,53–57]. 

 
Figure 2.1 Correlation coefficients for selected specimen characteristics on bending fatigue 

endurance limits of carburized and hardened alloy steels [15]. 
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2.2 Principles of Grain Refinement with Microalloying Additions 

Grain growth occurs in polycrystalline arrays to minimize grain boundary energy.  Microalloy 

additions to industry standard carburizing steels (e.g. SAE 4320 and 8620) have become increasingly 

common in modern carburizing alloys as the advent of vacuum carburizing has allowed for the suppression 

of intergranular oxidation during high temperature processing.  Microalloy precipitates act to pin grain 

boundaries at elevated processing temperatures through a reduction in grain boundary surface area due to 

the intersection of grain boundaries and second phase precipitates.  The intersection of a grain boundary 

with a precipitate creates a local energy minimum when the area of intersection is maximized, and a pinning 

force on grain boundary motion is resultant.  The mechanism of grain boundary pinning was first quantified 

by Zener with the classic expression shown in Equation 2.1 [18] 

 

 𝑅 = 𝜉 ∙ �
𝑟
𝑓
� (2.1) 

 

where R is the average radius of a shrinking grain pinned by a two-dimensional precipitate array of volume 

fraction, f, and radius, r.  In Zener’s model ξ=4/3, but more sophisticated derivations for a growing 

tetrakaidecahedral grain into a matrix of smaller pinned grains have produced Equation 2.2 [18]. 

 

 𝜉 = 𝜋
6� �3

2� − 2
𝑍� � (2.2) 

 

In Gladman’s model, Z is defined as the ratio of the largest grain radius to average grain size in the 

polycrystalline array and is termed the size advantage parameter and typically ranges from Z=√2 to Z=2.  

Regardless of the exact expression used for ξ, Equation 2.1 demonstrates that a polycrystalline array can be 

stabilized by second phase precipitates when the volume fraction of precipitates is sufficiently high and 

their size sufficiently small.  In the case of a microalloyed steel containing ~0.001 volume fraction of 

second phase precipitates, Equation 2.1 requires an average particle size of approximately 10 nm to 

stabilize a uniform polycrystalline array below an average grain size of 13 μm (approximately ASTM 9).  In 

practice, precipitate and grain size distributions are not ideal, and increased volume fraction is necessary to 

prevent abnormal grain growth, but Zener’s model provides mechanistic understanding of the process.  As 

grain coarsening resistance is believed to be limited by the coarsening of the precipitates themselves at high 

temperature, further alloy/processing developments to enhance microalloy precipitate coarsening resistance 

would be beneficial.  

Microalloy precipitate coarsening during isothermal soaking has been shown in previous studies to 

follow the Lifshitz-Slyozov-Wagner (LSW) relation for long range volume-diffusion-controlled coarsening 

shown in Equation 2.3 following relatively rapid growth/dissolution [38,58,59]:  
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 𝑟3 − 𝑟03 =
8𝐷𝑀𝛺[𝑀]𝛾𝑃/𝑀

9𝑅𝑇� ∙ 𝑡 (2.3) 

 

where r and ro are the instantaneous average and initial average particle radii, respectively, DM is the 

diffusion coefficient for the carbonitride forming metal (rate controlling species) in the given matrix, [M] is 

the concentration in solution of the carbonitride forming metal (rate controlling species) in atomic fraction, 

Ω is the molar volume of the carbonitride, γP/M is the particle/matrix interfacial energy, R is the ideal gas 

constant, T is absolute temperature, and t is the time in seconds.  Coarsening precipitates, as coarsening 

grains, are driven by the tendency to reduce surface energies within the system [18].  The LSW solution also 

predicts that coarsening precipitates will adopt a time-independent and self-consistent size distribution with 

a limiting particle size of rmax = 3r/2 [58]. The average precipitate size cubed varies with time during 

coarsening, in contrast to the growth of precipitates in which the average precipitate radius squared varies 

with time [60].  Thus, the coarsening process is a much slower process than initial precipitate growth, which 

is not unreasonable considering that coarsening of one precipitate must occur by dissolution of another.  

Based on Equation 2.3, a reduction in the coarsening rate of microalloy carbonitrides in austenite can be 

achieved through a reduction in DM or γP/M, and specific alloying additions such as Mo may have a 

beneficial effect on these parameters as mentioned above.  It is also worth noting that Equation 2.3 is only 

valid for coarsening of microalloy precipitates in which the diffusivity and atomic fraction of non-metal 

components of the precipitates of interest in the metallic matrix are much greater than those of the metallic 

precipitate components in the metallic matrix [61].  That is, there exists a clearly defined rate-controlling 

species.  Modeling efforts of normal and abnormal grain growth in the presence of pinning precipitates have 

been ongoing for several decades, and recent phase field and numerical modeling has been successful in 

reproducing experimentally observed aspects of abnormal grain growth in the presence of precipitates and 

has provided valuable insights into mechanistic aspects of grain boundary motion.  Interested readers are 

referred to the cited publications [62–70].  

Equation 2.1 (the Zener relation) also highlights the importance of microalloying precipitate 

solubility in austenite at equilibrium conditions, as this dictates the volume fraction precipitated and solute 

concentration at a given temperature and composition.  The generic precipitation reaction and associated 

equilibrium constant (solubility product) are shown in Equations 2.4 and 2.5, respectively.  Figure 2.2 

shows the solubility products for selected 1:1 stochiometric microalloy precipitates in ferrite and austenite.  

Figure 2.2 does not take into account additional alloying effects on the activity of the precipitate forming 

species. 

 

 𝑀 + 𝑋 ↔ 𝑀𝑋 (2.4) 
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 𝐾(𝑇) = [𝑎𝑀][𝑎𝑋] (2.5) 
 

In Equation 2.4, M and X are the respective microalloying metal and interstitial species, and MX is their 

compound microalloy precipitate.  In Equation 2.5, K(T) is the temperature dependent solubility product, 

and [aM] and [aX] are the activities of the specified species that may be approximated in the dilute regime by 

their respective soluble concentrations in austenite.  Figure 2.2 shows that TiN is the most stable of the 

given carbides and nitrides.  Nb(C,N) is the most stable carbon containing precipitate at equilibrium, which 

is the primary reason that this study has focused on additions of both Ti and Nb for grain coarsening 

resistance at elevated processing temperatures.  From Figure 2.2, it is also clear that solubility of NbC is 

greater in austenite than in ferrite at a given temperature in the intercritical regime.  The following sections 

briefly describe the main conclusions of experimental observations and calculations of (Nb,Ti)(C,N) and its 

binary components, TiN and NbC.  

 

 
Figure 2.2 Solubility products of selected microalloy precipitates in austenite and ferrite as a function 

of temperature (adapted from [71] and using carbide solubility products of Taylor [72] in 
ferrite). 

2.3 Experimental Observations of Microalloy Precipitate Thermodynamics and Kinetics 

TiN has been characterized as the most effective grain growth inhibiting microalloy precipitate at 

temperatures above 1050°C by direct comparison to additions of Nb, V, and Al based on work by Leslie, 

Narita, Irvine, and Gladman [21].  This assertion assumes comparable microalloy additions and is a 

reflection of thermodynamic stability.  TiN exhibits a B1 (NaCl-type) structure.  A previous ASPPRC study 

characterized the ability of TiN precipitates to refine prior austenite grain size in a Ti-Modified 8620 alloy 

steel at elevated carburizing temperatures and determined that stoichiometric additions of Ti (Ti:N ~ 1:1) 

were most effective in limiting high temperature grain growth of austenite during carburizing and 
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pseudo-carburizing treatments at temperatures above 1100 °C [73].  At lower temperatures, though, Ti 

aided in austenite grain coarsening due to a competition for N with Al present as a deoxidizing addition 

during steel processing.  More generally, it has been suggested that any nitride forming microalloy addition, 

and Al specifically, will act to reduce the stability, i.e., enhance dissolution and coarsening, of TiN at 

elevated temperature[74].  It should also be noted that hypo-stoichiometric additions of Ti reduce the 

coarsening rates of TiN precipitates at high carburizing temperatures, but this reduction in rate comes at the 

expense of precipitate volume fraction and increased free nitrogen content [73].  TiN precipitate 

distributions are greatly influenced by alloy content and steelmaking practices, but due to the low solubility 

of TiN, they are not largely affected by intermediate and low temperature thermal processes preceding 

extended times at carburizing temperatures. 

Nb additions are common in modern microalloyed steels.  The nitride form of the microalloy 

precipitate is much more stable than the carbide, but the typical compositions (including additions of Ti) of 

carburizing steels limit the amount of free nitrogen, and Nb is primarily precipitated out in B1 carbide form.  

The two forms, NbC and NbN, are mutually soluble and Nb precipitates are subsequently designated as 

Nb(C,N) when no special efforts have been take to isolate the free nitrogen or carbon [75].  Nb(C,N) has 

been shown in many studies to be an effective grain refiner in high-temperature processing and is useful in 

retarding the onset of recrystallization during hot deformation [34,76].  In addition to the influences of Nb 

addition levels and steelmaking practices on precipitate size distribution, recent studies by AlOgab and 

Thompson show that the NbC precipitate distribution in a Ti-modified SAE 8620 steel can be highly 

influenced by processing variables such as heating rate to soak temperature, prior deformation structure 

(hot rolling or controlled rolling), and low-temperature pre-treatments to Nb supersaturated alloys [22], 

[23,76–78].  These observations are corroborated by Murakami [24,25].  In these studies the effects of TiN 

are ignored due to coarse particle sizes following the steelmaking process, and the thermodynamic 

considerations are framed only in relation to NbC.  The relative solubility of NbC, c.f., TiN, is directly 

responsible for the wide range of precipitate distributions and subsequent grain refining behavior as a result 

of thermomechanical processing.  An increase of Nb to 0.10 wt pct is also shown to monotonically raise the 

grain coarsening temperature, the temperature below which abnormal grain growth is suppressed for a 

given time at elevated temperature.  The grain coarsening temperature is often regarded as a reflection of 

thermodynamic stability of the precipitate distribution.  The grain coarsening temperature, TGC, for 

Nb-modified steels, for example, has been reported to be approximately 40-125 K below the NbC 

precipitate dissolution temperature in separate studies by Palmiere et al. and San Martin et al. for varying 

times at elevated temperature [39,79]. 

Studies conducted on the quaternary (Nb,Ti)(C,N) and its ternary components have also been 

conducted for precipitates formed in austenite and ferrite [4,26,29,36,40,42,80,81].  In general, 
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microalloying elements may be incorporated into precipitates by one of two means in this complex system.  

Firstly, both Nb and Ti may co-precipitate in the quaternary single phase (Nb,Ti)(C,N) and occupy 

positions on the same metallic sublattice.  Alternatively, precipitates of higher solubility (e.g. NbC) may 

nucleate on pre-existing precipitates formed at higher temperatures (e.g. TiN) due to a lower barrier to 

nucleation provided by the existing particle-matrix interface [26,35].  Hong et al. report that Ti 

incorporation in Nb(C,N) precipitates  greatly improves the elevated temperature stability of  Nb(C,N) [42].  

Findings by Poths et al. corroborate the observation that mixed (Nb,Ti)(C,N) precipitates display greater 

thermodynamic stability at elevated temperature in austenite [43]. 

Some general behaviors are observed in all studies including an increase in TiN volume (mole) 

fraction of the carbonitride at equilibrium as temperature is increased, completion of NbC and TiC 

precipitation at temperatures well below the precipitation of TiN, and a strong dependence of volume 

(mole) fractions of carbonitride species on overall alloy chemistry.  Additionally, Ti and Nb are reported to 

exhibit complementary effects as components in a mixed carbonitride, whereby Ti lends additional high 

temperature stability, and Nb(C,N) provides larger attainable volume fractions of nucleating carbonitride 

upon reheat [21,37,42,43].  It has also been observed in studies of the heat affected zones of weldments that 

significant Nb additions act to degrade the high temperature coarsening resistance of precipitates relative to 

TiN, albeit at temperatures well above typical vacuum carburizing temperatures [74,82,83].  Therefore, to 

optimize properties for high temperature carburizing alloys, one must achieve a balance between necessary 

high temperature thermodynamic stability, coarsening rate, and volume fraction for the given processing 

parameters.   

2.4 Models of Microalloy Precipitate Thermodynamics and Kinetics 

Development of microalloyed steels has necessitated extensive investigation of mixed microalloy 

precipitation behavior and the combined effect of constituent species on high-temperature precipitate 

stability.  Following the introduction of the Hillert-Staffanson sublattice model for multicomponent 

systems of the form ∑ 𝑀𝑖 − ∑ 𝑋𝑗𝑗𝑖  (Mi denotes metallic species on the first sublattice, and Xj denotes 

non-metallic species on the second sublattice), many investigators have extended thermodynamic 

understanding of mixed microalloy carbonitrides to include increasingly general cases [84,85].  Models of 

temporal effects such as precipitate dissolution and coarsening have also been proposed for processes 

necessitating such understanding e.g. weld cycling and hot-rolling [60,86].  It is not the intent of this review 

to cover each model in explicit detail, but a few notes of the general structure will be given to provide 

context for the thermodynamic and kinetic considerations of microalloy precipitation. 

The most applicable form of the Gibbs energy expression of a B1 Nb,Ti carbonitride precipitate, 

represented by two interpenetrating face centered cubic sublattices, in equilibrium with the austenite matrix 
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may be calculated from Equations 2.6-10 [38,80].  The relations shown in Equations 2.6-2.10 are adapted 

from earlier work by Speer et al. to include the effects of capillarity [87].  On the first sublattice, microalloy 

additions are assumed to mix randomly for a given composition, and on the second sublattice, interstitial 

species are assumed to mix randomly.  It is also possible to incorporate vacancies into the overall Gibbs 

energy expression for a precipitate of the form (A,B,…)x(C,D,…)y, with metals, A and B, etc., mixing on the 

first sublattice and interstitials and vacancies, C and D, etc., mixing on the second sublattice.  Vacancies are 

ignored in the expression below, and the carbonitride is expressed in the stoichiometric form (TixNb1-x) 

(CyNl-y) with capillarity taken into account in the last term of each expression.  Precipitates are assumed to 

be spherical [80]. 

 

 𝑅𝑇 𝑙𝑛[𝑋𝑇𝑖𝑋𝐶] = 𝛥𝐺𝑇𝑖𝐶0 + 𝑅𝑇 𝑙𝑛[𝑥𝑦] + 𝛥𝐺(1 − 𝑥)(1 − 𝑦) + 𝛺(1 − 𝑦)2 +
4𝜎𝑉𝐶
𝑅

 (2.6) 

 

 𝑅𝑇 𝑙𝑛[𝑋𝑁𝑏𝑋𝐶] = 𝛥𝐺𝑁𝑏𝐶0 + 𝑅𝑇 𝑙𝑛[(1 − 𝑥)𝑦] + 𝛥𝐺𝑥(1 − 𝑦) + 𝛺(1 − 𝑦)2 +
4𝜎𝑉𝐶
𝑅

 (2.7) 

 

 𝑅𝑇 𝑙𝑛[𝑋𝑇𝑖𝑋𝑁] = 𝛥𝐺𝑇𝑖𝑁0 + 𝑅𝑇 𝑙𝑛[𝑥(1 − 𝑦)] + 𝛥𝐺(1 − 𝑥)𝑦 + 𝛺(1 − 𝑦)2 +
4𝜎𝑉𝐶
𝑅

 (2.8) 

 

 𝑅𝑇 𝑙𝑛[𝑋𝑁𝑏𝑋𝑁] = 𝛥𝐺𝑁𝑏𝑁0 + 𝑅𝑇 𝑙𝑛[(1 − 𝑥)(1− 𝑦)] + 𝛥𝐺𝑥𝑦 + 𝛺(1 − 𝑦)2 +
4𝜎𝑉𝐶
𝑅

 (2.9) 

 

where, 

 

 𝛥𝐺 =  𝛥𝐺𝑇𝑖𝑁0 + 𝛥𝐺𝑁𝑏𝐶0 − 𝛥𝐺𝑇𝑖𝐶0 − 𝛥𝐺𝑁𝑏𝑁0  (2.10) 
 

and ΔGo
MX  is the standard Gibbs free energy of formation of the MX carbide or nitride from infinitely dilute 

austenite.  Here, Xi is the concentration of the ith element at the austenite-carbonitride interface at 

equilibrium, Ω is the regular solution parameter, σ is the specific interfacial energy parameter for the 

austenite-carbonitride interface, Vc is the molar volume of the carbonitride, R is the carbonitride radius, and 

T is temperature in Kelvin.  This model allows for the equilibrium calculation of independent variables x 

and y, with the appropriate mass balance and experimentally determined thermodynamic parameters, of the 

constituent carbides and nitrides with austenite to describe the chemical composition and volume fraction 

of carbonitride precipitate as a function of temperature.  Figure 2.3 shows an example plot of x and y from 

Zou et al. for an alloy containing 0.0206 wt. pct. Ti, 0.0246 wt. pct. Nb, 0.022 wt. pct. C, and 0.0027 

wt. pct. N [80].  A transition from a mixed (Nb,Ti)(C,N) to an almost pure TiN occurs as temperature is 
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increased from 800 °C to 1400 °C, and this calculation qualitatively reflects experimentally observed 

compositions of complex carbonitrides in austenite.  

 

 
Figure 2.3 Predicted carbonitride composition (i.e., x and y in (TixNb1-x) (CyNl-y)) as a function of 

temperature for a microalloyed steel (adapted from [80]). 
 

Additional models have been developed and are available in literature to predict the quaternary 

phase stability of (Nb, Ti) (C, N) and its binary constituents, TiN, TiC, NbN and NbC, as function of 

temperature, and presumably as a function of alloy content [37,80,88–97].  In many models, a miscibility 

gap is predicted as shown in Figure 2.4 [92].  Liu et al. also predict a three-phase coexistence of austenite, 

TiN, and (Nb,Ti)(C,N) at elevated temperatures [97].  The predicted miscibility gap has been observed in 

experimental studies as well and has implications in the evolution of the microalloy precipitate distribution 

at elevated temperature [26,40].  That is, TiN distributions, which are relatively stable, are expected to have 

little effect on Nb-rich precipitate coarsening at elevated temperature due to the absence of a significant Nb 

activity gradient; this hypothesis ignores complex precipitation of Nb-rich precipitates on existing TiN.  In 

conclusion, solubility products of binary constituents of ternary and/or quaternary carbonitrides have 

employed in developed models to predict equilibrium compositions as a function of temperature 

[80,81,87,98].  Such a model after Speer et al. [98]will be presented in later discussion to highlight the 

incorporation of Mo in NbC in austenite and ferrite. 
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Figure 2.4 Predicted and experimentally determined carbonitride composition (i.e., x and y in 

(TixNb1-x) (CyNl-y)) at 1100 °C for a Nb,Ti microalloyed steel. Solid lines enclosing both 
solid (calculated) and dashed (experimental) tie-lines denote the calculated bimodal curve 
(an indication of the miscibility gap).  Experimentally determined results are shown as 
open circles (adapted from [92]). 

 

The previous discussion considered an equilibrium analysis of carbonitride composition in 

equilibrium with an austenite matrix.   Diffusion to and from the austenite/carbonitride interface during 

precipitation and dissolution can have a marked effect on the precipitate composition and associated 

stability in processes where time is limited such as reheat to carburizing temperature.  The coarsening and 

dissolution of carbonitride precipitates at a given temperature is generally assumed to be controlled by the 

diffusivity of the carbonitride forming species and is given by the LSW equation shown in Equation 2.3.  

For the carbonitrides of current interest, i.e. (TixNb1-x) (CyNl-y), C and N possess diffusivities far greater 

than the metallic species in austenite and ferrite, of which Ti diffusivity is taken to a first approximation as 

one order of magnitude greater than Nb diffusivity in the temperature range of interest.  Alternatively, one 

can describe the flux of species at the austenite-carbonitride interface using the generalized form of Fick’s 

first law shown in Equation 2.11 to describe the effects of individual alloying elements on the diffusivity of 

carbonitride forming species.  It is this framework that will be used in a subsequent section to explain the 

possible effect of Mo on the diffusivity of Nb. 

 

 𝐽𝑖 = −� 𝐷𝑖𝑘𝛻𝐶𝑘
𝑛−1

𝑘=1
 (2.11) 

 

Additional models have been proposed to describe and quantify the growth of precipitates at a given 

temperature, but it will be assumed in subsequent analyses that precipitate growth and dissolution occur 

Tie Lines 
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more rapidly at the elevated process temperatures of interest, and precipitate distribution evolution is 

primarily governed by long-range diffusion-controlled coarsening [60,86]. 

 In the kinetic models cited, it is assumed that the carbonitride can adjust composition to remain in 

equilibrium with the austenitic or ferritic matrix.  In general, metallic constituents exhibit comparatively 

low diffusivities within ordered structures such as carbonitrides relative to their diffusivities in the 

surrounding austenite or ferrite matrix.  One study has shown that when vacancy concentration is elevated 

within the particle (~10% of lattice sites), the assumption that particles may maintain equilibrium with the 

matrix may be valid, as evidence by tracer diffusion of Nb in non-stoichiometric (Nb,Ti)C.  In this case, Nb 

can maintain compositional equilibrium with the matrix for particles on the order of 10 nm because of 

increased diffusivity [86].  When metallic diffusivity is suppressed by low vacancy concentration in highly 

stoichiometric carbonitrides, composition changes must occur by a dissolution/re-precipitation mechanism 

or slow diffusion within the particle [82].  

 From the general principles and modeling methods cited, it is clear that the basic analytical 

framework necessary for proper prediction of carbonitride precipitate evolution is currently available.  

What remains largely undetermined are the various experimentally determined parameters (or constants) 

used in the models related to effects of Mo, i.e., regular solution parameters, Wagner interaction parameters 

(Equation 2.12), and effect of alloying elements on diffusivities of the rate controlling species during 

precipitate coarsening (after Equation 2.11).  

 

 𝜀𝑖𝑗 = 𝑙𝑖𝑚
𝑋0→1

𝜕 𝑙𝑛 𝛾𝑖
𝜕𝑋𝑗

 (2.12) 

 

Here, 𝜀𝑖𝑗 is the Wagner interaction parameter describing the change of the thermodynamic activity 

coefficient of species i, γi, upon addition of species j in the dilute regime (solvent concentration, X0, 

approaches 1).  See Appendix A for calculation of the effect of Mo on C activity and associated Nb solute 

concentration at 1100 °C.  Thermodynamic and kinetic models mentioned in the discussion correlate 

qualitatively to observed volume fraction, composition, precipitation, and dissolution behavior in low alloy 

grades. 

While the behavior of single carbides and nitrides and complex carbonitrides is increasingly well 

understood empirically, the effect of alloying additions, Mo specifically, on complex microalloy precipitate 

stability and composition in response to imposed thermal treatments is not completely understood.  Mo 

clearly plays a role in the high-temperature stability and evolution of complex microalloy precipitates, but 

the mechanisms by which Mo affects precipitate compositional and size evolution, as well as associated 

grain refinement, requires further investigation. 
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2.5 Experimental Observations of the Effect of Mo on Microalloy Precipitates 

The previous discussion has focused on the thermodynamic stability of single microalloy carbides 

and nitrides and mixed carbonitrides comprised of two microalloying additions and two interstitial species 

occupying separate sublattices in a B1 crystal.  In most of available literature concerning the previous topics 

on low alloy steel, little mention is given to the possible effects of molybdenum, an alloying element 

present in hardenable low alloy carburizing steels, on the thermodynamic stability and kinetics of the 

microalloy precipitates.  Mo is traditionally added to low alloy steels for hardenability [3,11–14]; a few 

select studies, however, suggest that molybdenum may affect the precipitate size distribution evolution 

through various mechanisms and associated grain refinement.    

With regard to the effect of Mo on Nb-rich precipitate evolution, previous investigations report that 

additions of Mn, Mo, and V to a Nb-microalloyed steel all act to reduce the dynamic precipitation of 

Nb(C,N) during hot compression in the temperature range 875 °C-1150 °C [1,99,100].  The mechanism 

cited is a lowering of solution temperature due to reduced activity of carbon (C) and nitrogen (N) in the 

presence of the alloy additions.  Akben et al. do little to decouple the effects of several alloy additions on 

Nb diffusivity in austenite, but it is speculated that both Mo and Mn act to lower the diffusivity of Nb in 

austenite [1].  Lee et al. also report an effect of Mo to both lower the diffusivity of Nb in a Nb-microalloyed 

steel and the chemical driving force for precipitation of microalloy carbonitrides through reductions in Nb 

and C activity [3].  The work of Kurokawa et al. suggests that Mo may reduce the diffusivity of Nb in a 

manner similar to Mn, i.e. a reduction in the frequency factor of the diffusion coefficient and not the 

diffusion activation energy [10].  Atom probe analysis of a Ti-Nb-Mo fire resistant steel was conducted by 

Uemori et al. [48].  Mo is reported, as speculated in previous and subsequent work, to segregate strongly to 

the carbonitride/ferrite matrix interface and slow the diffusion of Nb into the carbonitride, thus reducing the 

coarsening rate [9,41,48].  Regardless of the cited mechanism, Mo contributes to increased strength 

retention in Nb-microalloyed “fire-resistant” steels at temperatures of 600 °C.  Lastly, numerous studies 

report significant Mo incorporation in microalloy carbonitrides (up to 40 wt pct) in a Nb-microalloyed low 

alloy steel following hot- and controlled-rolling and/or reheating to austenitic temperatures and quenching 

[1–9]. 

A greater amount of study, to this point, has been focused on the effect of Mo on the evolution of 

Ti-rich precipitates in ferrite [30,44–47,101].  Additions of Mo to Ti-microalloyed high strength low carbon 

sheet steels, in particular, have been shown to result in more coarsening resistant, fine (Ti,Mo)C (less than 

10 nm) precipitates during slow cooling and/or reheating in ferrite.  Reductions in precipitate coarsening 

rates are reported to result in greater strength retention in these grades relative to Mo-free grades.  The 

effect of Mo on the formation of an increased number of fine precipitates is attributed by Chen et al. to the 

increased number of precipitate nucleation sites during continuous cooling due to the refinement of bainitic 
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ferrite by Mo [30].  A direct explanation of the effect of Mo on subsequent coarsening is not offered.  Jang 

et al. have also employed first principles calculations to show that incorporation of Mo into the ternary 

carbide (Ti,Mo)C results is a reduction in the lattice mismatch between the precipitate and the matrix, and 

an associated decrease in the barrier to nucleation in ferrite [101].  Mo is then assumed to play a more 

passive role in coarsening by reducing the overall solute Nb content in ferrite.  The various effects of Mo on 

Ti-rich precipitate development in ferrite are of interest to the current study as a similar mechanism may be 

operable for Nb-rich precipitates in ferrite and/or austenite.  

In conclusion, Mo clearly plays a role in the high-temperature stability and evolution of microalloy 

precipitates in low alloy steels, but the competing aspects of Mo effects are not fully understood.  It is of 

particular interest to this study to analyze the mechanisms of the possible effects of Mo including 

microalloy precipitate thermodynamic stability, i.e. solution temperature, reduced diffusivity of Nb, and 

reduced surface precipitate-matrix surface energy at elevated temperatures.  In the following chapter, the 

methodology intended to elucidate the effect of Mo on microalloy precipitate evolution in a modified low 

alloy carburizing steel is described. 

2.6 Atom Probe Tomography 

As a continuing emphasis in the broader steel research community has been placed on a deeper 

understanding of the mechanisms of evolution of steel micro- and nanostructure, advanced characterization 

tools continue to be necessary for advancement in the engineering design of steels on a nanoscale [102].  

One such advanced characterization technique employed in this study that has garnered increasing interest 

and acceptance over the last decade is atom probe tomography.  The efficacy of atom probe tomography 

(APT) in observing specific elements of the nanostructural evolution of an alloy, both compositionally and 

spatially, rivals any current form of materials characterization.  Like the more widely used techniques of 

X-ray diffraction (XRD) and (scanning) transmission electron microscopy (S)TEM, APT provides 

accurate, quantitative compositional analysis with a typical full-width-half-maximum (FWHM) mass 

resolution of m/∆m= 500-1500 [103].  Like TEM, APT can also provide sub-nanoscale spatial information 

with resolution of less than 0.1 nm along the tip axis corresponding to the {hkl} interplanar spacing and 

0.3-0.5 nm resolution transverse to the tip axis within an {hkl} plane [103].  Unlike TEM, though, APT can 

provide three-dimensional renderings of analyzed specimen volumes.  In select cases, crystallographic 

information such as grain orientation and microstructural information such as locations of grain or phase 

boundaries can be determined by preferential evaporation and local magnification effects [104–106].  For 

the purposes of viewing the evolution and stability of microalloy precipitates during reheat and carburizing 

processes, as well as solute gradients developed in the surrounding matrix, the APT technique provides the 

greatest amount of compositional and spatial information attainable with one characterization tool.  More 
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applicable to this study, though, APT results can be used to support thermodynamic and mechanical 

modeling, such as segregation of Mo to a recrystallizing interface as shown for a Fe-0.18 wt. pct. Mo alloy 

in Figure 2.5  or segregation of C and N to ferrite grain boundaries in support of Hall-Petch relationships 

[107–109]. Investigations have also been performed using APT techniques on microalloy precipitates 

specifically, and parameters favorable to the analysis of microalloy precipitate composition are available in 

literature [110,111]. 

 

 
(a) (b) 

Figure 2.5 (a) Measured concentration profiles of Mo and C across a recrystallization interface in Fe- 
0.18Mo alloy with an ultra-low C content (<0.0035 at pct C) held for 10 s at 725 °C, and (b) 
a concentration profile of Mo calculated from Cahn's solute drag model [108]. 

 

Shown in Figure 2.6 is a schematic illustration of a modern atom probe microscope such as the 

Cameca LEAP® used in experiments for this study, taken from Seidman et al. [103].  Consisting of four or 

five major elements, the basic design of the modern atom probe microscope, like that of its predecessor, the 

field-ion microscope (FIM), is refreshingly simple.  The atom probe microscope consists of a tip specimen, 

to which a positive bias (VBASE) is applied, a grounded electrode to create the necessary electric field for 

field evaporation (EFE), a negatively biased position sensitive time-of-flight mass spectrometer, and a 

vacuum chamber in which to carry out analysis.  A fifth element, a nanosecond green or ultraviolet laser 

with an energy on the order of 1 nJ is sometimes added, as it is in this study for experiments performed on 

the Cameca LAWATAP, as an alternative means of field evaporation to voltage pulsing.  A schematic of 

the laser is shown in Figure 2.7. When a baseline DC bias (1 kV-10 kV) is applied to the tip to create a field 

just below that necessary for field evaporation, a voltage pulse (typically 15-20 pct of VBASE) or laser pulse 

(ν ≈ 50-500 kHz) is introduced to the tip to impart the necessary energy for atom-by-atom field evaporation 

of positively charged ions from the specimen.  In other words, pulsing is employed as a means for 

evaporating the tip in an atom-by-atom fashion by using the pulse time and detector ion collection time in 

the data acquisition software of the instrument to determine a time-of-flight and subsequent mass-to-charge 
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ratio. Atom-by-atom collection is a necessary design criterion for the avoidance of convoluted position and 

time-of-flight data.  The rate of evaporation is controlled primarily by the baseline DC bias.  The field 

magnitude at the tip apex, �𝐸�⃑ �, is given by Equation 2.13 below. 

 

 �𝐸�⃑ � = 𝑘 ∙ �
𝑉
𝜌
� (2.13) 

 

where k is an assumed constant, V is the applied voltage, and ρ is the specimen tip radius.  The typical 

electric field necessary for field evaporation, in Cu for example, is ~ 30 V/nm.  The pre-factor (k ~ 0.3) 

implies that for an applied bias of 5 kV, a tip of 50 nm is required for field evaporation.  The typical voltage 

profile during tip evaporation is shown in Figure 2.8 as base voltage as a function of time or pulse.  If a 

voltage pulse is used for evaporation, the pulse is, of course, superimposed on the base voltage. 

Evaporated positive ions are accelerated through a small aperture in the electrode and are further 

accelerated to the negatively biased detector.  The solid-state detector records both position of impact and 

time-of-flight.  Under the assumption that the distance through which the ion is accelerated is small 

compared to total flight path, time-of-flight is then related to a mass-to-charge ratio by Equation 2.14. 

 

 �
𝑀
𝜇
� = 2𝑒𝑉 �

𝑡
𝐿
�
2

 (2.13) 

 

Here, M/μ is the mass-to-charge ratio of the ion (Da), V is the accelerating voltage (V), t is time-of-flight (s), 

and L is the total flight path (m). The mass-to-charge spectrum is the effective signature of each element in 

the analyzed sample, and it is this signature paired with position detection that allows reconstruction of the 

evaporated specimen.  Existing literature provides an in-depth review of the construction, physics and state 

of the art of the atom probe microscope [103,105,112–114].  

In the development of the APT technique, the limiting factor in sample analysis has been and 

continues to be sample preparation [114]. The technique could benefit from a standardization of atom probe 

sample preparation schemes that would allow the technique to be as widely used as TEM, but the various 

requirements for field evaporation, the mechanical stability of tips, and general geometric considerations 

conspire to make any tip preparation method selectively applicable.  Developed procedures for general 

annular milling of atom probe tips and site specific sample preparation of steel samples using focused 

ion-beam (FIB) “lift-out” techniques that are directly applicable to the current project and future projects 

are available in literature [115,116].  Sample preparation techniques employed in this study are discussed in 

the following chapter. 
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In addition to difficulties with sample preparation, atom probe tomography studies are often 

challenging to repeat if regions of interest are of relatively low volume fraction, e.g. Nb-based microalloy 

precipitates in steel.  A low incidence of observation of certain nanostructural features makes statistical 

analysis of observations difficult.  For this reason, increased sample preparation rate (especially site 

specific preparation), sample throughput, and analysis volume per sample have been the main focus of 

technique advancement in recent years. 

 

 
Figure 2.6 Schematic of voltage-pulsed local electrode atom probe microscope (from [103]). 
 

 
                                                        (a)                         (b) 

Figure 2.7 Schematic of (a) green light laser pulsing for laser-pulsed atom probe tomography and (b) 
the resulting electric field surrounding the tip apex (from [103]). 
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Figure 2.8 Typical base voltage as a function of time (pulse number) adapted from a screenshot of the 

LEAP® control center during tip evaporation. 
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CHAPTER 3 : METHODOLOGY 

This chapter presents experimental alloy design and testing methodology used to achieve the 

project objectives outlined in Section 1.2.  Details of experimental procedure and characterization 

techniques are discussed in detail. 

The effects of Mo and heat treatment on grain size evolution, precipitate size distribution evolution, 

and composition evolution were investigated using light optical microscopy (LOM), electrochemical 

dissolution and precipitate extraction with inductively coupled plasma mass spectroscopy (ICP-MS), 

(scanning) transmission electron microscopy ((S)TEM), and atom probe tomography (APT).  Below are 

explicitly defined quantitative data obtained from experiments that were systematically analyzed to 

describe the effect of Mo on microalloy precipitate evolution and associated grain refinement.   

 

1. Grain size evolution for experimental alloys following reheating and soaking in the 

austenite as a function of Nb and Mo content and heat treatment. 

2. Microalloy precipitate size distribution evolution for experimental alloys to determine 

precipitate evolution in ferritic and austenitic regimes as a function of Nb and Mo content 

and heat treatment for subsequent correlation to grain size evolution. 

3. Microalloy precipitate composition, composition profile, specifically the physical location 

of Mo during high-temperature thermal processing, and precipitate morphology for 

subsequent correlation to precipitate size distribution evolution in the austenite regime as a 

function of Nb and Mo content, heat treatment, and precipitate size. 

3.1 Material Design and Hot-Rolling 

Experimental alloys were designed by altering the Mo content of SAE 4120 [117] and through 

additions of Nb and Ti.  Previous studies show that hypo-stoichiometric (with respect to N) Ti additions 

yield the smallest and most coarsening resistant TiN precipitates prior to precipitation of complex 

Nb-bearing precipitates during the steelmaking process [73].  Thus, a target Ti/N weight fraction of 1.25, 

which falls below the stoichiometric ratio of 3.42, was specified for each experimental alloy.  Grain 

coarsening temperatures in Nb-modified steels increase monotonically with Nb additions to 0.1 wt pct [23].  

Therefore, two distinct target Nb and Mo additions were chosen (Nb, 0.05 and 0.10 wt pct; Mo, 0.0 and 

0.30 wt pct) to assess the combined effects of Nb and Mo.  Four experimental alloy chemistries, as 

measured by optical emission spectroscopy, are shown in Table 3.1.  A total of four 50 pound ingots (one 

ingot per distinct alloy chemistry) were cast by The Timken Company.   Alloys are designated as LNb (low 
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Nb addition), HNb (high Nb addition), MoLNb (Mo and low Nb addition), and MoHNb (Mo and high Nb 

addition) as shown below.  The elevated Mo addition relative to standard SAE 4120 was chosen to increase 

the effects of Mo on microstructure and precipitate evolution. 

 

Following casting, ingots were reheated to 1250 °C, forged and cropped to the appropriate slab 

geometry for subsequent rolling operations, and then air-cooled.  Billets, 69.9 mm (2.75 in) thick, of each 

alloy chemistry were then reheated at 1250°C for four hours and rolled at reductions of 3.175 mm (0.125 in) 

to 6.35 mm (0.25 in) per pass to achieve a final thickness of 10.16 mm (0.4 in) at a finish hot-rolling 

temperature of 1100 °C.  A schematic of the hot-rolling procedure is shown in Figure 3.1.   

 

 
Figure 3.1 Hot-rolling schedule for experimental alloys. 
 

The amount of solute Nb as a function of temperature was estimated with the solubility product of 

Narita [118] for NbC.  Figure 3.2 shows solubility isotherms for NbC at selected processing temperatures.  

As shown, solutionizing treatments at 1250 °C are expected to be insufficient for dissolution of all NbC 

precipitates for 0.2 wt pct C alloys with Nb additions greater than 0.09 wt pct.  Full NbC dissolution is, 

however, expected in alloys containing less than 0.09 wt pct Nb.  The predicted Nb concentrations in 

Table 3.1 – Measured SAE 4120 Modified Alloy Compositions in wt pct 

wt pct C Mn Si Ni Cr Mo Ti Nb V Al N S P Ti/N 
LNb 0.21 0.89 0.16 - 0.50 0.00 0.015 0.044 - 0.025 0.0083 0.013 0.007 1.8 
HNb 0.21 0.83 0.15 - 0.49 0.01 0.012 0.104 - 0.022 0.0090 0.013 0.007 1.3 

MoLNb 0.21 0.86 0.15 - 0.50 0.29 0.013 0.043 - 0.024 0.0078 0.014 0.007 1.7 
MoHNb 0.21 0.86 0.15 - 0.50 0.30 0.015 0.118 - 0.021 0.0082 0.016 0.007 1.8 
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solution and predicted Nb amounts precipitated as NbC are shown in Figure 3.2 at the finish rolling 

temperature of 1100 °C for the low and high niobium conditions. 

 

 
Figure 3.2   Solubility product isotherms for NbC in austenite at 900 °C, 1100 °C and 1250 °C.  

Approximate chemistries of low and high Nb alloys are shown to illustrate the solubility of 
NbC at various processing temperatures.  The stoichiometric line (93:12) of NbC is shown 
in addition to amounts of solute Nb (labeled “[Nb]”) and Nb in NbC (labeled “NbC”) for 
each alloy chemistry at the finish rolling temperature of 1100 °C. 

 

3.2 Heat Treatments for Grain Size and Particle Size Evolution Determination 

As-cast alloy chemistries were used to calculate Ae1 and Ae3 transition temperatures of the four 

alloys.  Thermo-Calc® was employed to determine equilibrium phase fractions as a function of temperature 

for each alloy.  Figure 3.3 shows a representative Thermo-Calc® output of phase fraction as a function of 

temperature for a base SAE 4120 alloy containing 0.29 wt pct Mo and 0.043 wt pct Nb, i.e. the MoLNb 

alloy in this study.  Ae3 was defined for each alloy as the temperature at which the austenite fraction reaches 

a maximum approaching 1.  Ae1 was defined as the temperature at which the austenite fraction reaches a 

minimum approaching 0.  Little variation was observed between chemistries with Ae1 temperatures varying 

from 711 °C-714 °C and Ae3 temperatures varying from 814°C-819°C.  Using these data, it was then 

possible to estimate proper temperatures for reheating to the fully austenitic regime below 

pseudo-carburizing temperatures. 
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Figure 3.3   Predicted (Thermo-Calc®) equilibrium phase fraction as a function of temperature for an 

experimental alloy containing 0.29 wt pct Mo and 0.043 wt pct Nb.   
 

To determine the effect of Mo on grain and precipitate size evolution at elevated temperature, the 

hot-rolled experimental alloys were heat treated according to the schedules shown in Figures 3.4(a)-3.4(c) 

and analyzed by light optical microscopy, transmission electron microscopy, and atom probe tomography 

as outlined in following sections.  Unless otherwise specified, all heat treatments were conducted by 

placing 1 cm3 specimens of experimental alloys in mechanically-sealed stainless steel heat treatment bags 

with a sacrificial Ti coupon to minimize oxidation; heat treatments were performed in a Carbolite® CWF 

1200 furnace.  All furnace treated specimens were water quenched (WQ) immediately following removal 

from the furnace.  

Three types of heat treatment schedules were employed to assess the effects of Mo additions on 

grain and precipitate coarsening as well as precipitate composition in experimental alloys with varying 

starting precipitate size distributions (PSDs): 

 

1. To assess the effect of Mo on particle coarsening, grain coarsening, and particle 

composition in hot-rolled alloys, specimens of the four experimental alloys were reheated 

at a constant heating rate of 10 °C/min to an intermediate temperature of 900 °C and to 

soak temperatures of 1050 °C and 1100 °C for 0 min, 30 min, 60 min, 90 min, and 0 min, 6 

min, 30 min, 60 min, 90 min, respectively, and water quenched (Figure 3.4(a)).    

2. Additional hot-rolled specimens of the four experimental alloys were tempered at 600 °C  

for 2 hours prior to reheating and soaking at 1100 °C for 60 min and 1050 °C for 90 min 

(Figure 3.4(b)) to assess the effect of prior tempering on precipitate and grain coarsening.  
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3. Lastly, the Gleeble® 3500 was used to assess the precipitate coarsening resistance in the 

absence of a Nb-rich hot-rolled or tempered starting PSD.  Samples of MoLNb and LNb 

were soaked at 1250 °C for 10 min to solutionize Nb (see Figure 3.2) and He quenched to 

room temperature (at a rate of approximately 250 °C/s) to ensure that Nb remained in 

solution during the quench.  The solutionized samples were then reheated to 1050 °C, 

1100 °C, and 1150 °C and soaked for 0 min, 30 min, and 60 min to simulate carburizing 

prior to a final He quench (Figure 3.4(c)). 

  
(a) (b) 

 
(c) 

Figure 3.4 Thermal schedules of hot-rolled alloys for analysis of microalloy precipitate and 
microstructural evolution during (a) ramping and soaking at carburizing temperature, (b) 
tempering in the ferrite regime prior to ramping to elevated temperature, and (c) 
solutionizing prior to ramping to elevated temperature.   
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3.3 Light Optical Microscopy 

Metallographic specimens were prepared by first sectioning, mounting, grinding, and polishing 

with a finishing step of 1 μm diamond suspension.  Specimens were then etched with 2 vol pct Nital to 

qualitatively reveal microstructures of the four experimental alloys and alloys processed according to 

Figure 3.4(a).  Metallographic specimens were also prepared and etched for quantitative analyses using a 

saturated aqueous picric acid solution containing 1 vol pct HCl and 1 vol pct Teepol surfactant at 65 °C to 

reveal prior austenite grain boundaries in the four experimental alloys after processing according to Figure 

3.4(a)-3.4(b).  Select specimens processed according to Figure 3.4(c) were also etched to reveal prior 

austenite grains for analysis.  Prior austenite grain size (PAGS) was analyzed by determining the mean 

lineal intercept (MLI) and lineal intercept distribution with the aid of image analysis software.  Figure 3.5 

shows an example micrograph with a superimposed grid for lineal intercept determination.  A minimum of 

600 intercepts were counted for each tested condition from a minimum of 10 randomly chosen fields of 

view. 

 
Figure 3.5   Example micrograph illustrating prior austenite grain boundaries and superimposed grid 

used to quantify the lineal intercept distribution. 

3.4 Transmission Electron Microscopy and Energy Dispersive X-Ray Spectroscopy 

Thin foil metallic specimens and carbon extraction replica (CER) specimens were prepared for 

selected samples for planes transverse to the rolling direction.  Thin foil specimens were prepared by first 

sectioning metallographic specimens and grinding to ~100 μm in thickness with a finishing grind of 

600 grit sandpaper.  Foils were then punched into 3 mm disks and jet electropolished in a solution 

containing 95 vol pct acetic acid and 5 vol pct perchloric acid at room temperature to an 

electron-transparent thickness.  Specimens were thoroughly rinsed in successive methanol baths to remove 

trace acid on the surface that could lead to premature corrosion.  An FEI/Philips CM12 operating at 120 kV 

was then used in bright field mode to determine if electron transparent thickness was achieved.  Selected 
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thin foil specimens were viewed and analyzed by scanning transmission electron microscopy/energy 

dispersive spectroscopy (STEM/EDS) using an FEI/Philips CM200-FEG operating at 200 kV at Oak Ridge 

National Laboratory’s SHaRE facility to qualitatively view precipitate morphology and nucleation on 

existing precipitates and to quantify precipitate composition as a function of particle diameter and 

composition gradients following heat treatment at elevated temperature in austenite. 

Carbon extraction replica specimens were prepared by first sectioning, mounting and polishing 

metallographic specimens with a final polishing step of 1 μm diamond suspension.  Following polishing, 

specimens were etched with 2 vol pct Nital before physical vapor deposition of a thin carbon film.  Carbon 

films were lifted from the metallic sample using an aqueous solution containing 3.3 vol pct nitric acid, 3.3 

vol pct acetic acid, and 0.1 vol pct hydrofluoric acid at room temperature; the films were then rinsed in a 

solution containing 10 vol pct deionized water in methanol, and collected on 200 mesh Cu TEM grids for 

subsequent TEM analyses.  Select CER specimens were viewed and analyzed by STEM/EDS for 

compositional and morphological information and/or bright field TEM (BFTEM) for particle size 

distribution and morphological information.  Unless otherwise stated, all particle concentrations are 

obtained from the particle mid-radius of the long axis.  TEM analyses of CER specimens were performed at 

CSM (FEI/Philips CM200-LaB6 operating at 200 kV), the Graduate Institute of Ferrous Technology 

(GIFT) at POSTECH in Pohang, Republic of Korea (JEOL JEM 2100F operating at 200 kV), and Kyoto 

University in Kyoto, Japan (FEI/Philips CM200-FEG operating at 200kV).  Particle size distribution (PSD) 

analyses were conducted exclusively on bright field TEM micrographs of CERs like the example 

micrograph shown in Figure 3.6.  Representative precipitate morphologies are identified in Figure 3.6 in 

addition to micrograph artifacts commonly observed during TEM analyses.  Cuboidal and mixed 

morphology particles were measured as the average length of their long and short axes, and spheroidal 

particle were measured as their diameter as illustrated.  A minimum of 300 particles were measured for each 

specimen condition from a minimum of two CERs and 10 randomly chosen fields of view.  Care must be 

taken when measuring precipitate diameters that contrast artifacts from the specimen preparation process 

are not interpreted as precipitates and counted as such.  Several artifacts due to thickness differences in the 

carbon film and/or surface topography are highlighted in Figure 3.6.  In general, for a particle to be counted, 

it must display distinct contrast, a clearly defined boundary, a recognizable morphology, i.e. cuboidal for 

TiN, spheroidal for NbC, or mixed cuboidal/spheroidal for intermediate compositions, and be 

distinguishable from known film thickness/topography artifacts.  Lastly, to confirm the presence of 

precipitates smaller than 10 nm, ADF STEM was employed to ensure that sample preparation artifacts were 

not responsible for the apparent presence of very small (diameters less than 10 nm) precipitates. 
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Figure 3.6 Example TEM micrograph of a CER illustrating measurement technique for cuboidal and 

spheroidal particles from a MoLNb sample ramped to 1100 °C, soaked for 60 min and 
water quenched.  

3.5 Atom Probe Tomography 

The location of Mo in precipitates and possible precipitate-matrix interface segregation of Mo was 

investigated using atom probe tomography (APT).  APT specimens were prepared from MoHNb samples 

ramped to 900 °C and subsequently water quenched.  Needle specimens were prepared using two separate 

methods.  At POSTECH, metallographic specimens were first prepared as previously outlined and etched in 

2 vol pct Nital to reveal the presence of precipitates.  A dual beam field emission scanning electron 

microscope/focused ion beam (FEI Helios Nanolab 600) was then used to image regions of high precipitate 

density, extract specimens from this region for attachment to pre-fabricated posts for subsequent milling to 

the proper tip radius for APT analysis (~ 50 nm) in a method similar to that outlined by Takahashi et al.  At 

CSM, specimens were sectioned into needles (300 μm x 300 μm x 1 cm), mounted in a cylindrical copper 

crimp for handling, and electropolished  in a solution of 95 vol pct acetic acid and 5 vol pct perchloric acid 

at room temperature to develop a rough tip radius (~ 500 nm).  A dual beam field emission scanning 

electron microscope/focused ion beam (FEI Helios Nanolab 600i) was then used to mill the proper tip 

radius for APT analysis (~ 50 nm).  APT analysis at the National Center for Nanomaterials Technology 

(NCNT) at POSTECH in Pohang, Republic of Korea was conducted using laser assisted atom probe 

tomography (Cameca LAWATAP).  Laser pulsing was conducted at 100 kHz with an ultraviolet 

wavelength of 343 nm and energy of 200 nJ.  The sample temperature was 60 K, and the analysis chamber 

pressure was ~10-10 torr.  APT analysis at Oak Ridge National Laboratory was conducted using 

voltage-pulse atom probe tomography (Cameca LEAP 4000X HR).  Voltage pulse fraction was 0.15, 

evaporation percentage was 0.5%, pulse frequency was 200 kHz, sample temperature was 50 K, and 

analysis chamber pressure was ~5·10-11 torr. 
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3.6 Thermo-kinetic Modeling 

As a supplement to experimental results, the commercially-available software package MatCalc© 

was employed to model the effects of pre-existing precipitate distributions in hot-rolled alloys on the 

average precipitate radius evolution during reheating and soaking at elevated temperatures in austenite.  A 

model HNb alloy (Fe - 0.20 C - 0.10 Nb - 0.015 Ti - 0.009 N wt pct) was employed with two different 

precipitate distribution conditions prior to reheat.  Firstly, a precipitate distribution was developed by 

simulating a soak at 1250 °C for 2 hours and an air cool to room temperature.  This condition was then 

reheated to 1100 °C at 10°C/min, and the average precipitate radius was compared to a condition in which 

no prior distribution was developed prior to reheating.  Details of precipitate size evolution parameters and 

calculations are given in Appendix B with program code.   

3.7 Electrochemical Dissolution and Precipitate Extraction 

To determine the effect of Mo on the fractions of Nb in solution and precipitate composition in 

hot-rolled experimental alloys and specimens reheated to carburizing temperatures, electrochemical 

dissolution and precipitate extraction were performed as outlined by Rothleutner [119].  Two hot-rolled 

specimens of each alloy chemistry were tested in addition to two specimens of each alloy chemistry per heat 

treated condition shown in Figure 3.7.  Induction-coupled plasma mass spectrometry (ICP-MS) was 

performed on all specimens at the Laboratory for Environmental and Geological Studies (LEGS) at the 

University of Colorado-Boulder.  Detection limits of the ICP-MS analyses for Mo and Nb were reported to 

be 0.3 parts per billion or better (by weight).  All chemicals used in this technique were ACS (American 

Chemical Society) reagent grade or better. 

 
Figure 3.7   Thermal schedule for samples reheated, soaked at elevated temperatures, and water 

quenched prior to electrochemical dissolution for the determination of Nb and Mo in 
solution and in extracted precipitates as a function of time at elevated temperature. 
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3.8 Tempering and Hardness Testing 

To determine the secondary hardening response of hot-rolled experimental alloys, specimens were 

heat treated according to the schedule shown in Figure 3.8(a).  Austenitized and quenched experimental 

alloys were also evaluated to determine their temper softening resistance by heat treating according to the 

schedule shown in Figure 3.8(b).  A minimum of 10 Vickers hardness measurements were then made on 

each sample with a load of 1000g and a dwell time of 10 seconds.    

 

  
(a) (b) 

Figure 3.8   Thermal schedule for tempering of (a) hot-rolled specimens and (b) austenitized and 
quenched specimens for determination of secondary hardening and temper softening 
resistance behaviors, respectively, in experimental alloys.  

3.9 Summary and Purpose of Microscopy Techniques and Associated Heat Treatments 

The intent of this investigation and previously outlined methodology was to quantify and elucidate 

the effect of Mo and Nb additions and prior heat treatment on grain size evolution, namely the onset of 

abnormal coarsening at elevated processing temperatures in austenite.  Because it is hypothesized that Mo 

affects precipitate composition and size evolution, and because precipitate evolution is known to be closely 

related to grain size evolution, this investigation was designed to correlate the effects of Mo on the 

nanoscale to the grain size evolution of experimental alloys on the microscale.  Microscopy techniques, 

associated heat treatments, and the general purpose of each technique and anticipated results are also shown 

in tabular form in Table 3.2.  To clarify, Figure 3.9 also schematically illustrates the multiscale microscopy 

analysis utilized in this study.  In Figure 3.9, field of view for each employed technique is shown as a 

function of resolution.  The general purpose of each technique is shown to reinforce the connection between 

nanostructural and microstructural evolution.  Using this outlined methodology, the correlation between 

Mo effects on precipitate evolution and grain size evolution was investigated. 
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1 ICP-MS analysis listed with microscopy techniques to complement chemical analyses of STEM/EDS. 

Table 3.2 – Experimental Techniques Employed per Heat Treatment and Purpose/Anticipated Results 

Technique Sample Type Alloy/Heat Treatment Purpose/Anticipated Results 

LOM 

Polished and 
Nital-Etched 

Metallographic 
Specimens 

All Alloys/HR and Heat Treated 
According to Figure 3.4(a) 

Determination of Mo and Nb Effects 
on General Microstructure Evolution 
During Reheating and Soaking and 

Quenching. 
Polished and 
Picric-Etched 

Metallographic 
Specimens 

All Alloys/Heat Treated According to 
Figure 3.4(a)-3.4(b) and 

MoLNb/Solutionized, Reheated to 
1100 °C and Soaked for 60 min 

Determination of Mo and Nb and 
Prior Heat Treatment Effects on 

PAGS Evolution During Reheating 
and Soaking. 

BF TEM CER All Alloys/Heat Treated According to 
Figures 3.4(a)-3.4(c) 

Determination of Mo and Nb and 
Prior Heat Treatment Effects on 

Microalloy Carbonitride Size 
Evolution During Reheating and 

Soaking. 

ADF 
STEM/EDS 

CER 
All Alloys/HR and HR Reheated to 

900 °C and 1100 °C and Soaked for 0 
min, 6 min and 60 min 

Determination of Mo and Nb Effects 
on Microalloy Carbonitride 

Composition Evolution During 
Reheating and Soaking.  

Determination of Size Dependence 
and Nonuniformity on Carbonitride 

Composition (Primarily for 
precipitates with diameters less than 

40 nm). 

Thin Foil 
All Alloys/HR Ramped to 1100 °C 
and Soaked for 0 min, 6 min, and 

60 min 

Determination of Mo and Nb Effects 
on Microalloy Carbonitride 

Composition Evolution During 
Reheating and Soaking and 

Observation of Complex 
Precipitation and Compositional 

Nonuniformity (Primarily for 
precipitates with diameters greater 

than 40 nm). 

ICP-MS1 Bulk Metallic 
Specimens  All Alloys/HR and HR Heat Treated 

According to Figure 3.7 

Determination of the Effects of Mo 
on Solute Nb Concentration in HR 

Alloys and Solute Nb Evolution 
During Soaking.  Determination of 

Mo concentration in Microalloy 
Carbonitrides in HR Alloys and 

During Soaking.  

APT 

Electropolished 
and/or 

FIB-Milled 
Metallic Needles 

MoHNb/HR Reheated to 900 °C 

Determination of Mo Incorporation 
and/or Mo Segregation to the 

Precipitate-Matrix Interface During 
Reheating. 
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Figure 3.9   Schematic illustration of the multiscale analysis methodology employed in this study to 

correlate the nanostructural effects of Mo to the evolution of austenite grain size at elevated 
temperature.  ICP-MS, despite high chemical resolution, is shown low on the resolution 
scale compared to true microscopy techniques due to a lack of spatial resolution. 
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CHAPTER 4 : RESULTS & DISCUSSION 

This chapter presents results obtained from the outlined experimental methodology.  The effects of 

Mo on grain size evolution, precipitate size distribution evolution and precipitate compositional evolution 

are of special interest.  The effects of precipitate evolution on grain size evolution during heat treatment are 

discussed, and possible mechanisms for the effect of Mo on precipitate and associated grain size evolutions 

in austenite are presented.  

4.1 Microstructure and Grain Size Evolution 

Figure 4.1 shows representative light optical micrographs for LNb and MoLNb in the hot-rolled 

condition, after ramping to 900 °C and quenching, and after ramping to 1100 °C and quenching.  Hot-rolled 

microstructures of Mo-free alloys consist of polygonal ferrite and pearlite as shown for LNb in 

Figure 4.1(a).  Hot-rolled microstructures of Mo-containing alloys consist of primary ferrite displaying a 

lath-type morphology (light etching region) and a ferrite-cementite microconstituent (dark etching region), 

presumably bainite as shown in Figure 4.1(d). Several trends are apparent with regard to microstuctural 

evolution during ramping.  Following the onset of the austenite transformation, allotriomorphic and 

Widmanstätten ferrite are observed in addition to martensite upon water quenching to room-temperature.  

The areal fraction of ferrite present in the microstructures is reduced with the addition of Mo and with 

increased time/temperature above the austenite transformation temperature during ramping.  Alternatively 

stated, insufficient solutionizing appears to favor grain boundary ferrite formation.  In addition, as the prior 

austenite grain size (PAGS) is increased, mostly due to normal coarsening processes during the ramp and 

soak at elevated temperature, the areal fraction of grain boundary ferrite is reduced.  The same trends were 

observed in the HNb and MoHNb conditions.  

 Specimens of hot-rolled alloys were also prepared and etched to reveal microstructure following 

tempering at 600 °C for 2 hrs.  Representative tempered microstructures of both LNb and MoLNb are 

shown in Figure 4.2.  Little change in the hot-rolled ferrite-pearlite and ferrite-bainite microstructures are 

observed following tempering, though slight coarsening of the cementite phase is apparent.  The density of 

the observed coarse precipitates, presumably Nb-rich carbonitrides, increases with Nb content. 

Metallographic specimens were prepared and etched to reveal PAGS of the experimental alloys 

after ramping to elevated temperature (1050 °C and 1100 °C) from the hot-rolled (Figure 3.4(a)), tempered 

(Figure 3.4(b)) and select solutionized (MoLNb, 1100 °C for 60 min) conditions.  Figures 4.3-4.6 show 

representative micrographs obtained from hot-rolled LNb, HNb, MoLNb, and MoHNb alloys, respectively, 

after soaking for 0 min, 6 min, and 60 min at 1100 °C and water quenching.  The onset of abnormal grain 
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coarsening is readily apparent for LNb and MoLNb samples in Figures 4.3(b)-(c) and Figure 4.5(c), 

respectively.  Mean lineal intercept lengths for PAG structures of each alloy/process condition held at 

elevated temperature in austenite (excluding 900 °C) were also determined and are shown in Figure 4.7.  

Normal grain growth processes exhibit root time dependencies, and Figure 4.7 is constructed to highlight 

variation from this behavior, e.g. abnormal grain coarsening.  Here, the onset of abnormal coarsening is 

defined by the presence of one or more prior austenite grains with measured diameters greater than three 

times the average measured grain diameter using the approximation of average grain diameter as √2∙MLI.  

As shown, the LNb alloy exhibits the greatest amount of abnormal coarsening of all tested alloys, whereas 

the Mo additions in the MoLNb and MoHNb alloys acts to lower the average intercept length significantly 

relative to the Mo-free alloys at extended soaking times at 1050 °C and 1100 °C.  Figure 4.7 also clearly 

shows that the high Nb alloys (HNb and MoHNb) are much more capable of retarding the onset of abnormal 

growth when compared to the low Nb alloys (LNb and MoLNb).  Mo and Nb additions, therefore, are 

beneficial in delaying the onset and extent of AGG in hot-rolled alloys. 

Figure 4.7 also highlights the effect of tempering of hot-rolled alloys prior to ramping to elevated 

temperatures.  Tempering at 600 °C for 2 hrs prior to high temperature soaking is shown to greatly reduce 

the measured MLI for all experimental alloys, and AGG is effectively eliminated in all specimens soaked 

for 90 min at 1050 °C (Figure 4.7(a)).  Tempering is also shown to lower the MLI for samples held at 1100 

°C for 60 min, but AGG is observed in all alloys (Figure 4.7(b)).   

Like tempering prior to reheating, solutionizing of MoLNb at 1250 °C for 10 min and quenching 

prior to reheating to 1100 °C and soaking for 60 min reduces the measured MLI relative to the hot-rolled 

condition.  In addition, AGG is not present in solutionized and reheated MoLNb after soaking at 1100 °C 

for 60 min.  Table 4.1 lists mean lineal intercept lengths of solutionized and tempered samples shown in 

Figure 4.7 for clarity. 

The standard deviation of lineal intercept length, a convenient measure of the grain size distribution 

non-uniformity  and relative estimate of the size advantage parameter, Z, from the modified Zener relation 

shown in Equation 2.1, was calculated for each specimen ramped to 1100 °C and water quenched.  

Calculated standard deviations are shown in Table 4.2 with calculated mean lineal intercept lengths and 

their ratios.  As a measure of grain size distribution non-uniformity, the ratio of the standard deviation to the 

mean of the grain size distribution may be considered representative of an additional chemical driving force 

for grain growth as the ratio of the expected maximum grain size in a given volume increases relative to the 

mean grain size [18].  A consistent trend was observed in which the Mo-containing alloys exhibited smaller 

standard deviations of lineal intercept lengths relative to the mean than that of the Mo-free alloys; therefore, 

it is expected that thermodynamic driving force for the onset of abnormal growth will be greater in Mo-free 

alloys relative to Mo-containing alloys.  
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(a) (b) (c) 

   
(d) (e) (f) 

Figure 4.1 Light optical micrographs showing microstructures of LNb ((a) hot-rolled, (b) ramped to 
900 °C and water quenched, and (c) ramped to 1100 °C and water quenched) and MoLNb 
((d) hot-rolled, (e) ramped to 900 °C and water quenched, and (f) ramped to 1100 °C and 
water quenched) -  etched with 2 vol pct Nital. 

 

  
(a) (b) 

Figure 4.2 Light optical micrographs showing microstructures for (a) LNb and (b) MoLNb tempered 
at 600 °C for 2 hrs and water quenched - etched with 2 vol pct Nital. 

Particle coarsening has been identified in previous studies as the controlling factor in the onset of 

abnormal coarsening.  This section has outlined the beneficial effects of Mo additions, tempering, and 

solutionizing prior to reheating to elevated temperatures, and, therefore, the next section presents results 

from investigations of the effects of alloying and heat treatment on precipitate coarsening at elevated 

temperatures. 
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(a) 

 
(b) 

 
(c) 

Figure 4.3 Light optical micrographs showing austenite grain structure for the LNb alloy heated at a 
ramp rate of 10 °C/min to 1100 °C and soaked for (a) 0 min, (b) 6 min, and (c) 60 min 
prior to water quench (etched by immersion in saturated aqueous picric acid containing 1 
vol pct HCl and 1vol pct Teepol surfactant at 65 °C).   
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(a) 

 
(b) 

 
(c) 

Figure 4.4 Light optical micrographs showing austenite grain structure for the HNb alloy heated at a 
ramp rate of 10 °C/min to 1100 °C and soaked for (a) 0 min, (b) 6 min, and (c) 60 min prior 
to water quench (etched by immersion in saturated aqueous picric acid containing 1 vol pct 
HCl and 1vol pct Teepol surfactant at 65 °C).   
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(a) 

 
(b) 

 
(c) 

Figure 4.5 Light optical micrographs showing austenite grain structure for the MoLNb alloy heated at 
a ramp rate of 10 °C/min to 1100 °C and soaked for (a) 0 min, (b) 6 min, and (c) 60 min 
prior to water quench (etched by immersion in saturated aqueous picric acid containing 1 
vol pct HCl and 1vol pct Teepol surfactant at 65 °C).   
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(a) 

 
(b) 

 
(c) 

Figure 4.6 Light optical micrographs showing austenite grain structure for the MoHNb alloy heated at 
a ramp rate of 10 °C/min to 1100 °C and soaked for (a) 0 min, (b) 6 min, and (c) 60 min 
prior to water quench (etched by immersion in saturated aqueous picric acid containing 
1 vol pct HCl and 1vol pct Teepol surfactant at 65 °C).   
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(a) (b) 

Figure 4.7 Mean lineal intercept (MLI) of prior austenite grain structures as a function of the square 
root of soak time for experimental hot-rolled alloys at (a) 1050 °C and (b) 1100 °C.  A 
minimum of 600 intercepts were counted for each condition.  Samples exhibiting abnormal 
grain growth (AGG) are identified.  LNb 600T and MoLNb 600T exhibited abnormal grain 
growth following soaking at 1100 °C for 60 min (MoLNb 600T obscured by HNb and Sol. 
MoLNb).  Arrows indicate the reduction of MLI due to Mo addition at the longest soaking 
times at each respective temperature. Errors of ±0.79 μm for each datum are calculated from 
a measurement error of ±4 pixels for each intercept length. 

 

Table 4.1 – Mean Lineal Intercept of Tempered and Solutionized Alloys Following Ramp to Specified 
Temperature, Soaking for Specified Time and Water Quench. 

 1050 °C for  
90 min (μm) 

1100 °C for  
60 min (μm) 

LNb 16.9 44.9 
HNb 16.8 18.9 

MoLNb 17.0 25.0 
MoHNb 16.5 17.2 

Sol. MoLNb - 25.8 
 

Table 4.2 – Mean (μ) and Standard Deviation (σ) of Measured Lineal Intercept of Hot-Rolled Alloys 
Following Ramp to 1100 °C and Water Quench. 

 σ (μm) μ (μm) σ/μ 
LNb 13.8 21.6 0.64 
HNb 8.8 18.1 0.49 

MoLNb 9.3 19.0 0.49 
MoHNb 8.0 16.9 0.47 
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4.2 Precipitate Size Distribution Evolutions 

Precipitate size distribution (PSD) evolution was investigated to understand and correlate the 

effects of alloying, i.e. variations in Mo and Nb content, and prior heat treatment on the grain growth 

behavior of experimental alloys as presented in the preceding section.  PSDs were measured from TEM 

CER micrographs for hot-rolled, tempered and solutionized specimens following reheating and soaking at 

elevated temperature as outlined in Section 3.2. 

4.2.1 Evolution of Average Precipitate Radius 

  Representative CER micrographs are shown in Figure 4.8 for hot-rolled MoLNb soaked at 1100 

°C.  Figure 4.8 qualitatively illustrates the increase in average precipitate size during soaking at elevated 

temperature, and example spheroidal, mixed morphology, and cuboidal precipitates are identified in the 

figure.  From the measured distributions, the average particle radius, r, evolution was determined and 

compared between conditions and to the coarsening rates �𝑑(𝑟3)
𝑑𝑡

� predicted by the LSW equation.  Figure 

4.9 shows the cube of the average particle radius as a function of holding time to illustrate deviation from 

the linear r3-t behavior predicted by the LSW equation at 1050 °C, 1100 °C, and 1150 °C for hot-rolled, 

tempered, and solutionized specimens.  Coarsening rates are defined as the slope of the linear fits to r3-t 

data.  An increase in Mo concentration results in a significant decrease in precipitate radius and coarsening 

rate in all tested conditions as indicated by arrows in Figure 4.9.  An increase in Nb concentration is shown 

to increase the precipitate coarsening rate in all tested conditions.  Specimens tempered for 2 hrs at 600 °C 

prior to ramp and hold at elevated temperature show decreased average precipitate radii for the soak times 

at which they are tested, and Mo is shown to further decrease average particle radius for a given Nb 

concentration at each soak time.  

The observed coarsening rates of the hot-rolled alloys and solutionized alloys were compared to 

rates predicted by the LSW model shown in Equation 2.3 for NbC with parameters obtained or calculated 

from literature (Table 4.3).  The ratios of the observed coarsening rates, as defined by the average slopes of 

the r3-t curves (linear fit), to the predicted rates of the LSW equation at respective temperatures are shown 

in Table 4.4.  The rates (slopes) predicted by the LSW equation are shown as dashed lines in Figure 4.9.  

The observed coarsening rates of the hot-rolled alloys are much greater than those predicted by the LSW 

model, and results suggest that upon addition of 0.3 wt pct Mo to the experimental alloys, the coarsening 

rate is reduced by 55-61 pct  at 1100 °C and by12-13 pct at 1050 °C (see Table 4.4).  Mo, therefore, must 

modify either the diffusivity of Nb or energy of the particle-matrix interface if long range diffusion of Nb is 

the rate controlling factor for coarsening.  Conversely, though only a slight increase in solute Nb and 

associated coarsening rate is expected (see Section 4.4.2) with increased additions of Nb, a 219-270 pct and 

a 95-97 pct increase in the precipitate coarsening rate is observed at 1100 °C and 1050 °C, respectively.  
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The enhanced coarsening rates due to increased Nb additions were an unexpected result and warranted 

further investigation of the precipitate size distributions beyond average size evolutions. 

In contrast to hot-rolled alloys, coarsening rates for solutionized LNb and MoLNb alloys at 

1050 °C, 1100 °C, and 1150 °C are approximately equal to or less than values predicted by the LSW 

equation.  Tempered alloys also show a marked reduction in precipitate size after soaking at elevated 

temperature relative to hot-rolled alloys for times of 60 min at 1100 °C and 90 min at 1050 °C.  Because 

average precipitate radius was not measured for tempered samples prior to soaking, a coarsening rate was 

not determined.  The reduction of the coarsening rate in the solutionized alloys and the reduced average 

precipitate radius following soaking in tempered alloys suggest that the enhanced and non-constant 

coarsening rates in hot-rolled alloys (Figure 4.9) are due to the difference in starting PSDs, developed prior 

to reheating to elevated temperatures, of hot-rolled alloys relative to the solutionized and tempered alloys. 

 

  
(a) (b) 

  
(c) (d) 

Figure 4.8 Representative TEM micrographs of hot-rolled MoLNb ramped to 1100 °C and soaked 
for (a) 0 min, (b) 6 min, (b) 30 min, and (d) 60 min.   
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(a) (b) 

  
(c) (d) 

Figure 4.9 Cube of the average precipitate radius (r3) as a function of holding time and 
pre-treatment condition at (a) 1050 °C and (b) 1100 °C.  Curves in (a) and (b) are 
parabolic fits to hot-rolled data.  Arrows indicate the reduction in mean precipitate 
radius due to Mo.  Specimens tempered and soaked at 1100 °C are shown separately in 
(c) for clarity.  Specimens tempered for 2 hrs at 600 °C prior to ramping to elevated 
temperature are designated by “600T” in all figures.  Specimens solutionized and 
soaked at 1050 °C, 1100 °C, and 1150 °C are shown separately in (d) for clarity.  Errors 
of ±13.48 nm3 for each datum are calculated from a diameter measurement error of 
±4 pixels .  A minimum of 300 precipitates were measured for each condition.    

 
 

Table 4.3 – Parameters Used for LSW Calculation in Austenite [18,118] 

 γP/M 
(J/m2) 

Ω 
(m3/mol) 

[Nb]at 
1050 °C 
(at frac) 

[Nb]at 
1100 °C 
(at frac) 

[Nb]at 
1150 °C 
(at frac) 

DNb at 
1050 °C 
(m2/sec) 

DNb at 
1100 °C 
(m2/sec) 

DNb at 
1150 °C 
(m2/sec) 

LNb 0.8 6.7·10-6 7.8·10-5 1.3·10-4 2.1·10-4 1.31·10-15 4.11·10-15 1.21·10-14 
HNb 0.8 6.7·10-6 8.3·10-5 1.4·10-4 - 1.31·10-15 4.11·10-15 - 

MoLNb 0.8 6.7·10-6 7.8·10-5 1.3·10-4 2.2·10-4 1.31·10-15 4.11·10-15 1.21·10-14 
MoHNb 0.8 6.7·10-6 8.3·10-5 1.4·10-4 - 1.31·10-15 4.11·10-15 - 
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Table 4.4 – Ratios of Observed Coarsening Rates to Calculated LSW Coarsening Rates 

 1050 °C 1100 °C 1150 °C 
LNb 3.8 6.9 - 
HNb 7.4 22 - 

MoLNb 3.3 2.7 - 
MoHNb 6.5 10 - 
Sol. LNb 1.77 1.76 1.27 

Sol. MoLNb 0.16 0.17 0.12 
  

4.2.2 Effect of Starting PSDs on Precipitate Size Evolution 

Because prior heat treatments of tempering and solutionizing are shown to reduce precipitate 

coarsening rate and delay the associated onset of abnormal coarsening, the evolution of PSDs and effects of 

prior heat treatment and alloying were investigated in reheated alloys.  The starting PSDs for hot-rolled and 

solutionized MoLNb are shown for comparison in Figures 4.10(a) and 4.10(b).  Following the solutionizing 

treatment, only a small number density, n, of cuboidal TiN precipitates remained in the solutionized 

MoLNb alloy as shown in Figure 4.10(b), whereas the hot-rolled MoLNb alloy contains a higher number 

density of complex precipitates of spheroidal and mixed morphology in a bimodal distribution as shown in 

4.10(a).  Here, bimodality is defined by the relative values of weighting parameters (relative peak heights, 

qualitatively) of fine and coarse precipitate distributions (See Section 4.2.3).  To clarify, when the 

weighting parameter of either distribution is 1 (or 0), the distribution is unimodal, and maximum bimodality 

is obtained when the weighting parameters, fi, are both equal to 0.5.  Note that PSDs are normalized by their 

respective precipitate count in Figure 4.10 and all subsequent PSDs; therefore, neither precipitate number 

density nor volume fraction (related to observed areal density) can be compared from the plots.  The 

number density of coarse precipitates (greater than 20nm) in hot-rolled MoLNb (Figure 4.10(a)), for 

example, is greater than that of solutionized MoLNb (Figure 4.10(b)) despite a lower frequency of 

observation.  The initial bimodal PSD character of hot-rolled alloys is significantly different than the 

unimodal distribution assumed by the LSW model, and it develops as follows.  A distribution of coarse 

precipitates (diameters greater than 20 nm) develops during soaking at 1250 °C, hot-rolling, and cooling 

through the high-temperature austenite phase region.  This distribution consists of complex (Nb,Ti)(C,N) 

precipitates of mixed spheroidal/cuboidal morphology and TiN precipitates of cuboidal morphology.  As 

the hot-rolled alloy cools into the low-temperature austenite and ferrite regimes, a second distribution of 

fine precipitates (diameters less than 20 nm) consisting of NbC and (Nb,Mo)C of spheroidal morphology 

nucleates and grows to produce a bimodal starting PSD. 

It is hypothesized that the reduction in the volume number density of coarse precipitates and the 

reduced bimodality, i.e. the absence of fine precipitates, of the initial PSD in the solutionized MoLNb result 

in a reduction in the coarsening rate and bimodality of the PSD after reheating to 1100 °C relative to the 
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hot-rolled MoLNb as shown in Figures 4.10(c)-4.10(f).  PSD evolution from a 0 min to a 60 min soaking 

time at 1100 °C is indicated by arrows in the figure.  In the hot-rolled alloys, the instability and dissolution 

of the fine precipitate population is enhanced by the presence of the coarse precipitates upon reheating to 

elevated temperature, and a rapid increase in average precipitate radius is observed relative to the unimodal 

LSW predictions.  If coarse precipitates containing Nb are not present in appreciable number density, as in 

solutionized MoLNb, the coarsening rate is greatly reduced.  Coarse TiN is assumed to not participate in 

Nb-rich precipitate coarsening because no Nb concentration gradient is developed.  Previous research by 

Liu et al. suggests that TiN and complex (Nb,Ti)(C,N) may exist in thermodynamic equilibrium with 

austenite, and, therefore, an effect of TiN on the coarsening of Nb-rich precipitates should not be expected.  

Additionally, high-Nb samples (Figure 4.10(g) and 4.10(h)) exhibit a greater degree of bimodality and an 

associated increase in coarsening rate (Figure 4.9(a)) relative to low-Nb samples because coarse 

Nb-bearing precipitates were not fully solutionized at 1250 °C prior to hot-rolling.  Additionally, Mo does 

not appear to have a noticeable effect on PSD prior to soaking at 1100 °C as evidenced by comparison of 

Figures 4.10(g) and 4.10(i).  The absence of any effect of Mo on PSDs prior to soaking suggests that the 

effect of Mo on precipitate size distribution evolution during reheating to elevated temperatures is minimal.  

In general, the PSDs become increasingly bimodal with soak time and with increased Nb additions, and 

coarsening rates increase with the bimodality of the PSDs.   

Because tempering at 600 °C for 2 hrs prior to reheating has also been shown enhance grain 

refinement and  reduce the rate of  precipitate coarsening at elevated temperature, the effect of tempering on 

starting PSDs (prior to reheating) was investigated.  The hot-rolled and tempered PSDs for MoLNb and 

MoHNb are shown in Figures 4.11(a)-(b) and 4.11(c)-(d), respectively.  In both MoLNb and MoHNb, 

tempering results in an increase in both the average size and, presumably, the volume fraction of 

precipitates as a significant amount of Nb above the solubility limit of Nb in ferrite remains in hot-rolled 

alloys prior to tempering (see Section 4.4.1).  A corresponding decrease in solute Nb following tempering is 

expected.  As discussed above, coarsening is enhanced by the co-presence of coarse and fine precipitates (or 

bimodality of the PSD) upon reheating to elevated temperature; thus, any stabilization (coarsening) of the 

fine precipitates prior to reheat decreases the bimodality of the PSD, reduces capillarity effects responsible 

for coarsening, and delays the eventual dissolution of fine precipitates due to the coarse precipitates.  

Additionally, a reduction in the amount of solute Nb present in the ferrite prior to reheating should act to 

reduce the amount of solute Nb available for coarsening (relative to the hot-rolled condition) in ferrite and 

austenite during ramping.  Alternatively stated, it is hypothesized that beneficial coarsening of fine 

precipitates, increased volume fraction of precipitates, and an associated reduction in solute Nb result from 

tempering, and coarsening rates at elevated temperatures are accordingly reduced. 
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(a) (b) (c) 

   

(d) (e) (f) 

   
(g) (h) (i) 

 
(j) 

Figure 4.10 PSDs for (a) hot-rolled and (b) solutionized MoLNb prior to reheating, and PSD evolutions 
of solutionized MoLNb (c)-(d), hot-rolled MoLNb (e)-(f), hot-rolled MoHNb (g)-(h), and 
hot-rolled HNb (i)-(j) following reheating to 1100 °C and soaking for times shown.  Bin 
sizes are 2 nm.  A minimum of 300 precipitates were measured for each condition. 

 

n = 22.3 μm-2 n = 4.6 μm-2 
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(a) (b) 

  
(c) (d) 

Figure 4.11 PSDs for (a) hot-rolled MoLNb, (b) tempered MoLNb, (c) hot-rolled MoHNb, and (d) 
tempered MoHNb specimens.  Bin sizes are 2 nm.  A minimum of 300 precipitates were 
measured for each condition. 

 
To complement the hypotheses above, MatCalc© has been employed to qualitatively assess the 

effect of prior precipitate distributions on the evolution of Nb-rich carbides upon reheat and soak at 

carburizing temperatures in a model HNb alloy (Fe - 0.20 C - 0.10 Nb - 0.015 Ti - 0.009 N wt pct).  A 

bimodal precipitate distribution, as shown in Figure 4.12(a), was developed by simulating soaking at 

1250 °C for 2 hrs followed by cooling to room temperature (2 °C/s) to use as a comparison to a fully 

solutionized condition prior to reheating.  Precipitates that were nucleated in austenite and ferrite are shown 

separately in Figure 4.12(a).  This prior distribution results in an enhanced observed coarsening rate relative 

to the fully solutionized condition (no PSD prior to reheating) during ramping and high temperature 

soaking at 1100 °C as shown in Figure 4.12(b).  The average precipitate radius is shown for both simulated 

conditions as a function of time during the simulated reheating and soaking cycle.  Temperature during the 

reheating and soaking cycle is shown as a function of time for reference.  Experimental precipitate size data 
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from the HNb condition are plotted for comparison to simulation results in Figure 4.12(b), and the 

simulation results agree with experimental observation of increased coarsening rates relative to the LSW 

model (solutionized specimen) for pre-coarsened specimens.  Slight reduction in the calculated average 

precipitate radius with time is an artifact of the simulation attributed to the discrete nature of the precipitate 

size distribution (rapid reduction in size of the smallest precipitate size class).  Details and assumptions of 

the MatCalc© calculations and program code are given in Appendix B 

  
(a) (b) 

Figure 4.12 (a) Predicted, based on MatCalc©, pre-coarsened precipitate radius distribution of a model 
HNb alloy soaked at 1250 °C for 2 hrs followed by cooling to room temperature at 2 °C/s.  
Phase in which precipitates nucleated identified in distribution.  (b) Calculated average 
radius, r, as a function of time, t, for a model HNb alloy during ramp at 10 °C/min and soak 
at 1100 °C.  Radius evolution is calculated for both the pre-coarsened and 
non-pre-coarsened conditions and is compared to the experimentally-determined radius 
evolution in the HNb alloy.  Temperature axis is shown on right for reheating schedule. 

4.2.3 Quantitative Analysis of PSD Bimodality 

Further analysis of precipitate size distributions was conducted to quantify the bimodal character of 

hot-rolled distributions.  A representative particle size distribution evolution is shown in Figure 4.13 for 

hot-rolled MoHNb soaked at 1100 °C for various times.  Precipitate diameter distributions have been fit 

using a numerical maximum likelihood estimator to the probability distribution function, y, of two offset 

log-normal distributions shown in Equation 4.1.  
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where ai, μi, fi and σi are the offset, location parameter, weighting parameter and scale parameter of the ith 

log-normal distribution.   The mean diameter of the first distribution , the mean diameter of the second 
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distribution, and the arithmetic weighting of the second (coarser) distribution are given by d1, d2, and f2, 

respectively, in Figures 4.13(a) and (b).  Figure 4.13(c) illustrates the evolution of fits to MoHNb PSDs 

following soaking at 1100 °C for times of 0 min, 6 min, 30 min, and 60 min.  As shown, the degree of 

combined distribution bimodality and prevalence of the larger diameter distribution increase with soaking 

time.  All fit values for d1, d2, and f2 for hot-rolled alloys increase monotonically with time at soak 

temperature of 1100 °C (Table 4.5) as the distribution becomes more bimodal with time due to precipitate 

shrinkage below the average diameter and precipitate growth above the average diameter.  Note the mean 

diameter location in the PSDs shown in Figures 4.13(a) and (b).  This increasingly bimodal precipitate 

distribution character is significantly different than the unimodal distribution evolution assumed in the 

standard LSW model.  As stated in previous discussion, it is currently speculated that this variation from 

standard LSW coarsening is due to a pre-existing precipitate distribution prior to reheat that creates an 

increasingly bimodal distribution character and increased observed coarsening rates.  Additional PSD 

evolutions following heat treatments and an analysis of precipitate size distribution uncertainty are given in 

Appendix C. 

 

Table 4.5 – Fit Parameters for PSDs of Hot-Rolled Alloys During Soaking at 1100 °C. 

 d1 (0 min) d1 (60 min) d2 (0 min) d2 (60 min) f2 (0 min) f2 (60 min) 
LNb 20.6 nm 27.1 nm 58.8 nm 59.8 nm 0.16 0.44 
HNb 9.4 nm 23.1 nm 31.2 nm 104.6 nm 0.13 0.34 

MoLNb 12.3 nm 22.6 nm 37.3 nm 38.7 nm 0.12 0.36 
MoHNb 9.2 nm 21.4 nm 40.0 nm 69.2 nm 0.29 0.42 

 

4.2.4 Apparent Spatial Clustering of Precipitates in CERs 

All TEM micrographs taken from carbon extraction replicas (CERs) display a highly non-uniform 

apparent precipitate spatial distribution prior to ramp to elevated temperatures.  Shown in Figure 4.14 are 

representative TEM micrographs of the cementite-containing (Figures 4.14(a) and 4.14(c))and ferrite 

(Figures 4.14(b) and 4.14(d)) areas of hot-rolled HNb and MoHNb, respectively.  The relative number 

densities of spheroidal and cuboidal precipitates are much greater in the cementite-containing region where 

apparent clustering is observed for both Mo-free and Mo-containing alloys.  The relative precipitate number 

density difference between the ferrite and cementite regions is much greater in the ferrite/pearlite HNb 

hot-rolled microstructure.  The same observations have been made in LNb and MoLNb, although these 

alloys exhibit a lower number density of precipitates in both ferrite and cementite regions due to the lower 

Nb addition.   

Clusters of precipitates are also apparent in each alloy CER ramped to elevated temperatures as 

shown by the number density differences for HNb and MoHNb alloys ramped to 1100 °C and water 
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quenched in the representative TEM images of Figure 4.15, but to a lesser degree than is observed in 

as-received alloys.  It is believed that the spatial non-uniformity of precipitates in CER specimens is an 

artifact of the sample preparation process and does not reflect the true spatial distribution of precipitates in 

the sample, as thin foil metallic specimens show no such clustering.  For this reason, no attempt was made 

to quantify the areal densities precipitate volume fraction.  Previous studies by Ashby et al. and Poorhaydari 

et al. have also concluded that precipitate volume fraction estimation from carbon extraction replicas may 

only be taken as an approximation [120,121]. 

  
(a) (b) 

 
(c) 

Figure 4.13 Precipitate diameter distributions for MoHNb hot-rolled alloy following soak at (a) 6 min, 
and (b) 60 min at 1100 °C.  Precipitate size distributions were fit to the superposition of two 
offset log-normal distributions as indicated by the trendlines in the above figure (c) for 
MoHNb soaked at 1100 °C for various times.  Mean diameter of the first distribution , 
mean diameter of the second distribution, and arithmetic weighting of the second 
distribution are given by d1, d2 and f2, respectively, in (a) and (b).  All values are shown to 
increase monotonically with time at soak temperature, and the distribution is shown to 
become more bimodal with time.  Bin sizes are 1 nm.  A minimum of 300 particles and 
average of 502 particles were measured for each condition at 1100 °C. 

dmean = 18.1 nm d1 = 9.2 nm 
d2 = 40.0 nm 
f 2= 0.29 
 

dmean = 41.7 nm d1 = 21.4 nm 
d2 = 69.2 nm 
f 2= 0.42 
 

6 min 60 min 
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(a) (b) 

  
(c) (d) 

Figure 4.14 Bright field TEM micrographs of carbon extraction replicas of as-received alloys 
highlighting the relative densities of spheroidal and cuboidal carbonitrides in the cementite 
region of (a) HNb and (c) MoHNb as well as the ferrite region in (b) HNb and (d) MoHNb.  
Micrographs shown above were obtained at Kyoto University.  

 

α + Cementite 

α + Cementite 

α 

α 
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(a) (b) 

  
(c) (d) 

Figure 4.15 Bright field TEM micrographs of carbon extraction replicas of HNb and MoHNb alloys 
soaked ramped to 1100ºC and water quenched .  Micrographs highlight the relative 
densities of spheroidal and cuboidal carbonitrides in the cluster regions of (a) HNb and (c) 
MoHNb as well as the non-cluster regions in (b) HNb and (d) MoHNb.    

 

4.3 Comparison of Combined Grain Size and Precipitate Size Data to Predictions of the Zener 
Equation 

It is clear that reductions in precipitate coarsening rate due to Mo additions, and/or heat treatment 

prior to soaking at elevated temperature correlate to delays in the onset of abnormal grain coarsening in 

experimental alloys.  A quantitative assessment of the necessary precipitate size and volume fraction 

conditions for the onset of abnormal grain growth was conducted to compare empirically determined grain 

size and particle size evolutions to the Zener equation.  Grain size and the precipitate radius to precipitate 

volume fraction ratio were compared to determine an empirical relation for the onset of abnormal grain 

growth in experimental alloys.  The equilibrium precipitate volume fraction at the soaking temperature was 

calculated using the solubility product of Narita for NbC [118].  This relation was then compared to the 

Clusters in HNb No Clusters in HNb 

Clusters in MoHNb No Clusters in MoHNb 
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classical Zener condition for insufficient precipitate pinning and expected onset of abnormal growth shown 

in Equation 4.2.   

 
 

𝐷 > 𝜉 ∙
𝑟
𝑓

;  𝜉 = 8/3 (4.2) 

 

where D is average grain diameter, r is the average precipitate radius, and f is the volume fraction of 

precipitates.  Figure 4.16 shows the results of such a comparison wherein the average grain diameter, D 

~√2∙MLI, of each alloy/process condition is plotted as a function of the ratio of the average precipitate 

radius to calculated precipitate volume fraction, r/f, of the same condition.  A clear division between 

specimens exhibiting abnormal grain growth and those that have not yet reached conditions for the onset of 

abnormal growth is present in Figure 4.16, and a line of slope ξ ~1/16 can be drawn as a division between 

the two regimes as shown. As stated in Section 4.1, the onset of abnormal coarsening is defined by the 

presence of one or more prior austenite grains with measured diameters greater than three times the average 

measured grain diameter.  In contrast to the Zener relation, the slope of the line dividing regions of 

abnormal grain coarsening and sufficient precipitate pinning is much less than the predicted value of ξ=8/3.  

In addition, the line dividing the two regions is offset from the origin along the grain size axis by ~40 μm.  

The Zener equation predicts that this line should pass through the origin.  Examples of the effects of 

alloying additions between similar processing conditions are shown as well as the effect of time and 

tempering between similar alloys.  Additions of Mo, Nb and tempering are shown to reduce both grain 

diameter, D, and r/f for a given soaking time at elevated temperature as indicated by arrows labeled “Mo,” 

“Nb,” and “Temper,” respectively, in Figure 4.16.  Time at soaking temperature is shown to increase both 

grain size and r/f as indicated by the arrow labeled “t.”  It is clear from the plot below that a simple Zener 

relation fails to capture the complexity of the relationship between precipitate volume fraction, average 

grain size, and average particle radius with regard to the onset of AGG in experimental alloys.   

4.4 Precipitate Composition Evolution 

Because results indicate that Mo additions have a distinct effect on the PSD evolution and 

associated grain refinement at elevated temperature in austenite, and because previous literature has 

suggested that precipitate composition, Mo incorporation specifically, may affect the precipitate size 

distribution developed at elevated temperature, the precipitate compositions after hot-rolling and cooling, 

and during reheating and soaking were investigated with special focused placed on Mo incorporation. The 

results of these investigations are presented below. 
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4.4.1 Precipitate Composition in Hot-Rolled Alloys 

Dissolution and precipitate extraction investigations confirm the presence of Mo in precipitates in 

hot-rolled Mo-containing alloys with weight fractions of Mo on the carbide metallic sublattice of 

0.37±0.011 and 0.14±0.006 for MoLNb and MoHNb, respectively.  The concentration of Mo in extracted 

precipitates in hot-rolled experimental alloys was determined by induction coupled mass spectroscopy 

(ICP-MS).  Ti is not included in this or subsequent concentration calculations due to the inability of 

ICP-MS to accurately determine Ti concentration. 

To determine the possible effect of Mo on solute Nb in hot-rolled alloys prior to reheating, as this is 

thought to influence the precipitate size distribution developed prior to soaking at elevated temperature, 

electrochemical dissolution and precipitate extraction investigations were conducted on hot-rolled 

specimens.  Figure 4.17 shows the experimentally determined fraction of Nb in solution in hot-rolled alloys.  

Increases in total Nb additions increase the solute Nb fraction in the hot-rolled condition.  Because the 

equilibrium amount of solute Nb at room temperature is expected to be small and approximately 

independent of total Nb additions, this result indicates that Nb precipitation is far from complete following 

hot-rolling and cooling prior to reheating to elevated temperatures.  Mo additions, despite their marked 

effects on austenite decomposition temperatures (see Appendix D) during cooling and possible effects on 

Nb-rich precipitate nucleation in ferrite [101], are shown to have little effect on the fraction of Nb in 

solution prior to reheating. 

 

 
Figure 4.16 Comparison of obtained grain and precipitate size data to Zener condition for abnormal 

grain growth for reheated hot rolled alloys.  Examples of the effects of alloying additions 
between similar processing conditions are shown by arrows in addition to the effect of time 
and tempering between similar alloys. 
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Figure 4.17 Ratio of solute Nb to total Nb in experimental hot-rolled alloys.  Effects of increased Nb and 

Mo additions are indicated by arrows.  Error bars shown in red denote standard deviation of 
four measurements.  ICP-MS analyses conducted at the University of Colorado-Boulder. 

 

In addition to overall precipitate composition, the precipitate composition gradients developed 

during processing are also of interest as Mo incorporation may not necessarily be uniform.  It has been 

suggested (see Section 2.5) that Mo may affect particle-matrix interface phenomena such as interfacial 

energy and mobility, therefore, the concentration of Mo at or on the precipitate matrix interface is of 

interest.  The composition data obtained from an EDS line scan and ADF STEM image of a precipitate from 

an as-received MoHNb CER specimen are shown in Figures 4.18(a) and 4.18(b).  This is the only such 

compositional data obtained in this investigation due to CER sample instability during prolonged 

STEM/EDS analysis. The precipitate metallic sublattice compositions for all tested specimens in this and 

subsequent sections, given in wt pct, were determined by employing the Cliff-Lorimer ratio method shown 

in Equation 4.3 for Kα peaks with calculated k-factors (with respect to Fe) of 0.89, 2.38 and 2.56 for Ti, Nb, 

and Mo, respectively.  The electron beam interaction volume for each EDS measurement was assumed to be 

limited to measured beam widths of 2-2.5 nm full-width half-maximum (FWHM). 

 
 

𝐶𝐴
𝐶𝐵

= 𝑘𝐴𝐵 ∙
𝐼𝐴
𝐼𝐵

 (4.3) 

 

where Ci and Ii are the concentration (wt pct) of element i and integrated peak intensity (count·keV) of the 

Kα X-Ray peak due to element I, and kAB is the k-factor of element A with respect to element B.   Integrated 

peak intensities were taken from full-width tenth-max (FWTM) positions of respective signals.  The 

precipitates were assumed to be of the NaCl structure.   



  55 

The fiducial mark overlaid on the STEM image indicates the origin of the measured composition 

profile.  Nb is the dominant metallic element present in the particle, while Mo concentration is elevated near 

the particle-matrix interface, and Ti is present in higher concentrations near the center of the precipitate.  

These concentration profiles likely develop upon cooling from the hot-rolling temperature due to the 

precipitation sequence of carbides and nitrides.  The center of the particle has elevated Ti concentrations 

compared to Mo because the precipitate nucleated and grew at higher temperatures in the austenitic regime 

where Mo incorporation is unlikely because of the high solubility of MoC in austenite [122].  Upon cooling 

and transformation from austenite to ferrite, Mo incorporation into the precipitates is expected to become 

more favorable, and thus the outer regions of the precipitate, which grew at lower temperatures, have higher 

Mo concentrations.   

 

    
(a) (b) 

Figure 4.18 (a) The Mo, Nb, and Ti metallic sublattice concentration profiles of (b) an EDS analyzed 
particle in as-received, hot-rolled MoHNb (CER – ADF STEM image).  Data obtained 
at the Graduate Institute of Ferrous Technology, POSTECH. 

 

Complex precipitation was also observed in hot-rolled alloys in which Nb-rich precipitates 

nucleated on existing cuboidal Ti-rich precipitates (assumed to be TiN).  High resolution TEM images and 

diffraction patterns were obtained from a complex precipitate in a hot-rolled MoHNb CER specimen, and 

nucleation of the Nb-rich precipitate (assumed to be NbC) on the pre-existing Ti-rich precipitate (assumed 

to be TiN) was shown to occur epitaxially (Figure 4.19).  Because complex precipitation of Nb-rich 

precipitates on TiN was observed sparingly in all alloy/process conditions, it was not considered to have a 

significant effect on precipitate size distribution evolution.  Alternatively stated, the presence of TiN as a 

nucleation site for Nb-rich precipitates was assumed in this study to not significantly influence coarsening 

behavior of Nb-rich precipitates during reheating and soaking at elevated temperature. 



  56 

 

  
(a) (b) 

 
(c) 

Figure 4.19 (a) Bright field TEM image of Nb-rich precipitate that has nucleated on an existing 
Ti-rich particle in hot-rolled MoHNb.  (b) High resolution TEM image of selected 
region from (a).  (c) Diffraction pattern obtained from region shown in (b) along the 
<100> zone axis.  Note the identical orientation of distinguishable reflections from both 
Nb- and Ti-rich regions (assumed to be NbC and TiN, respectively) that evidence 
epitaxial nucleation.  Data obtained at the Graduate Institute of Ferrous Technology, 
POSTECH. 
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4.4.2 Precipitate Composition during Reheating and Soaking at Elevated Temperature 

The compositional evolution of microalloy precipitates following reheat to elevated temperatures 

was also investigated in the experimental alloys to determine Mo incorporation, compositional gradients 

and possible Mo segregation to the particle-matrix interface.  Analyses have been performed on metallic 

foils and carbon extraction replicas with STEM/EDS and electrochemical dissolution and precipitate 

extraction (ICP-MS) to determine the precipitate composition evolution in experimental alloys.  Figure 4.20 

presents representative TEM and annular dark field STEM micrographs with obtained EDS spectra for 

identified precipitates.  X-Ray peaks of interests are identified in EDS spectra.  As shown in Figure 4.20, 

concentrations of Nb, Ti, and Mo on the metallic sublattice of precipitates vary with precipitate size and 

morphology.  This compositional variation is due to nucleation and growth of precipitates at varying 

temperatures during processing and the varying thermodynamic stabilities of the respective carbides and 

nitrides of Nb, Ti. and Mo (and availability for precipitation, i.e. matrix concentration of Nb, Ti, and Mo) at 

these temperatures as outlined in Section 4.4.1.  For example, it is expected that small Nb-rich precipitates 

(with diameters less than 40 nm) like those shown in Figure 4.20(b) nucleate and grow at temperatures well 

below those expected for the nucleation and growth of the Ti-rich precipitate shown in Figure 4.20(d).  

Precipitates nucleated and grown at intermediate temperatures during casting, forging, solutionizing and 

rolling, as shown in Figure 4.20(f), are expected to exhibit intermediate fraction of Nb and Ti on the 

metallic sublattice.  A detailed discussion of precipitate composition and size correlation is presented in 

Section 4.4.3.  It is hypothesized that the composition of precipitates developed during processing prior to 

reheating may have significant effects on the thermodynamic stability and resultant change in composition 

and PSD during soaking at elevated temperature. 

Figure 4.21 shows a representative STEM/EDS spectrum image of a complex precipitate which 

displays composition gradients within the precipitate and nucleation of a Nb-rich particle on a pre-existing 

Ti-rich precipitate.  Spectrum images of particles larger than 50 nm in diameter were taken from metallic 

foil specimens.  No appreciable Mo incorporation or segregation to the particle/matrix interface was 

observed in STEM/EDS analysis of precipitates larger than 50 nm in diameter following ramp to vacuum 

carburizing temperatures.  This result suggests that Mo incorporation is confined to precipitates less than 50 

nm in diameter and/or temperatures less than 1100 ºC and suggests that Mo incorporation is unfavorable at 

the elevated temperatures in austenite at which large precipitates were assumed to nucleate and grow during 

hot-rolling prior to reheating.  Additional precipitate spectrum images further illustrating complex 

precipitation and nucleation of Nb-rich precipitates on existing Ti-rich precipitates are provided in 

Appendix E. 
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(a) (b) 

  
(c) (d) 

  
(e) (f) 

Figure 4.20 (a) EDS spectrum for precipitate identified by arrow in (b) ADF STEM image of CER 
specimen from hot-rolled MoHNb ramped and soaked at 1100 °C for 60 min.  (c) EDS 
spectrum for precipitate identified by arrow in (d) ADF STEM image of thin foil 
metallic specimen of hot-rolled HNb ramped and soaked at 1100 °C for 60 min.  (e) EDS 
spectrum for precipitate identified by arrow in (f) ADF STEM image of CER specimen 
of hot-rolled MoHNb ramped and soaked at 1100 °C for 60 min.  Note the rod-like 
morphology of the Nb-rich precipitate.  Cu and Fe peaks are a result of the TEM grid and 
Fe matrix of the CER and thin foil specimens, respectively.  Data obtained at the 
Graduate Institute of Ferrous Technology, POSTECH, and the ShaRE User Facility at 
Oak Ridge National Laboratory. 
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(a) (b) 

  
(c) (d) 

Figure 4.21 Normalized STEM/EDS spectrum images of a complex (Nb,Ti,Mo)(C,N) precipitate 
obtained from a metallic foil specimen of MoLNb ramped and soaked at 1100 °C for 60 
minutes prior to water quench.  Here, a Nb-rich precipitate appears to have nucleated on 
a Ti-precipitate.  Concentration scales are shown below each spectrum image.  Image 
dimensions are 75 nm x 75 nm (2.5 nm/pixel), and metallic sublattice concentrations 
given in weight fraction are determined using the Cliff-Lorimer ratio method as shown 
for: (a) Nb-Kα, (b) Ti-Kα. (c) Fe-Kα, and (d) Mo-Kα.  Data obtained at the ShaRE User 
Facility at Oak Ridge National Laboratory. 

 

Nb-Kα Ti-Kα 

Mo-Kα Fe-Kα 
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The composition data obtained from an EDS line scan and ADF STEM image of three precipitates 

in a thin foil specimen from the MoHNb alloy soaked at 1100 °C for 6 minutes are shown in Figure 4.22.  

Note that substantial Fe matrix counts were present in the spectra obtained from the thin-foil specimen.  

Molybdenum, Nb, and Ti do not have the same radial composition profile as observed for the hot-rolled 

condition shown in Figure 4.18(a), i.e., the peak Mo concentrations are observed at the center of the 

precipitate.  Furthermore, the overall Mo concentration in the precipitates is reduced. The greatest reduction 

in Mo concentration occurs in the outer region of the precipitates, which suggests that Mo is incorporated 

into the precipitates during cooling from hot-rolling and then partitions back into austenite during hold at 

elevated temperature.   

  
(a) (b) 

Figure 4.22        (a) Mo, Nb, and Ti concentrations of (b) EDS analyzed particles in MoHNb heated to 
1100 °C and soaked for 6 minutes (thin foil specimen – ADF STEM image).  Molybdenum 
concentrations listed in (a) were calculated by first subtracting the background 
concentrations of each element shown (as measured by the average concentrations within 
the interval labeled “background” in (a)).  Data obtained at the ShaRE User Facility at Oak 
Ridge National Laboratory. 

 

Dissolution and precipitate extraction investigations support the assertion above that Mo partitions 

to the austenite matrix during hold at elevated temperature.  Figure 4.23 shows the concentration of Mo on 

the metallic sublattice of extracted precipitates as measured by ICP-MS in specimens of MoLNb and 

MoHNb ramped to 1100 °C and soaked for times of 0 min, 30 min and 60 min.  As shown, Mo 

concentrations are reduced in both MoLNb and MoHNb specimens with soaking time at 1100 °C, 

presumably due to rejection to the austenite matrix, and Mo incorporation is greater in the low Nb alloy.  

Ideal solution model results presented in Section 4.4.4 also predict greater Mo incorporation in precipitates 

in the low Nb steel. 

The amount Nb in extracted precipitates and Nb in solution during soak at 1100 °C was also 

investigated by electrochemical dissolution and precipitate extraction.  Figure 4.24 shows Nb present in 
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extracted precipitates and solute Nb as a function of holding time at 1100 °C.  Only slight increases within 

the calculated errors are observed in solute Nb concentration during soaking at 1100 °C.  The Nb fraction 

observed in extracted precipitates also shows only a slight decrease during soaking, and these results 

indicate that growth and dissolution processes do not play a significant role in PSD evolution and that 

coarsening is the primary means of PSD evolution during soaking at 1100 °C.  Lastly, no significant 

difference in the solute Nb concentration is observed with additions of Mo in experimental alloys.  This 

results contrasts with calculations (see Appendix A) that predict an increase in solute Nb with addition of 

Mo due to its effect on C activity.   

 
Figure 4.23 Concentration of Mo on the metallic sublattice of precipitated extracted from MoLNb and 

MoHNb specimens ramped to 1100 °C and soaked for times of 0 min, 30 min, and 60 min.  
Note the reduction of Mo concentration with time. Error bars shown in red denote standard 
deviation of four measurements.  ICP-MS analyses conducted at the University of 
Colorado-Boulder.  

 

 

Figure 4.24 Solute Nb, [Nb], and Nb incorporated in extracted precipitates, NbP, as a function of soaking 
time at 1100 °C for MoLNb and MoHNb. Error bars shown in red denote standard deviation 
of four measurements  ICP-MS analyses conducted at the University of Colorado-Boulder. 
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4.4.3 Correlations of Precipitate Composition and Precipitate Size/Morphology 

Precipitates with different compositions nucleate and grow at different temperatures during 

processing as discussed in previous sections.  Precipitate size is also related to the temperature of growth by 

diffusion kinetics of the carbide- or nitride-forming alloying addition.  Therefore, the variation in 

precipitate composition, specifically Mo concentration, with size was investigated in MoLNb and MoHNb.  

CER specimens from samples heated to 900 °C and water quenched were analyzed by STEM/EDS to 

examine the dependence of precipitate composition on precipitate size after reheating to austenite.  

Specimens reheated to 900 °C were studied to obtain the highest number density of precipitates less than 

20 nm in diameter in austenite.  All EDS data were obtained from the mid-radius of precipitate projections 

as viewed in STEM mode.  The Mo and Ti levels in the Nb-carbonitrides are reduced in the higher-Nb steel 

and vary as a function of precipitate diameter for both alloys (Figure 4.25).  The carbonitrides are enriched 

in Mo at small precipitate sizes (less than 40 nm) and enriched in Ti at large precipitate sizes (greater than 

40nm).  This behavior may be expected based on solubility considerations as smaller particles, formed at 

lower temperature, have a higher Mo-enrichment, while larger particles, formed at higher temperature, are 

less Mo-enriched.  Carbonitrides with Ti levels less than approximately 10 wt pct exhibited a spheroidal 

morphology, while carbonitrides with Ti levels greater than approximately 10 wt pct exhibited a mixed 

spheroidal/cuboidal morphology.  Pure TiN formed well above hot-rolling temperatures was cuboidal.  In 

addition to spheroidal, cuboidal and mixed morphologies, a rod-like morphology was also rarely observed 

in Nb-rich precipitates in hot-rolled alloys as shown in Figure 4.26.  This rod-like morphology is retained at 

elevated temperature for extended hold times.   

  
(a) (b) 

Figure 4.25 Mo and Ti metallic sublattice concentrations of EDS analyzed particles as a function of 
particle size for (a) MoLNb and (b) MoHNb heated to 900 °C and water quenched.  Data 
obtained at the Graduate Institute of Ferrous Technology, POSTECH. 
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Figure 4.26 Rod-like and mixed cuboidal/spherical morphologies of Nb-rich microalloy precipitates 
observed by ADF STEM in MoHNb following 60 min hold at 1100 °C.  Note the near 
parallel orientation of largest rod-like precipitates.  Image obtained from CER specimen.  
Data obtained at the Graduate Institute of Ferrous Technology, POSTECH. 

4.4.4 Estimation of the Temperature Dependence of Mo Incorporation with an Ideal Solution Model 

In order to estimate the temperature dependence of the level of Mo in Nb-based mixed carbides 

(NbXMo1-X)C in equilibrium with ferrite or austenite for comparison to experimental observations, 

thermodynamic calculations were performed using an ideal solution model after Speer et al. [98] by solving 

the system of equations shown below for either austenite or ferrite.  Mass balance and thermodynamic 

equilibrium relations are listed in Equations 4.4-4.6 and 4.7-4.8, respectively.  Solubility products, K, for 

precipitation of pure MoC and NbC are listed in Equations 4.9-4.12 in both ferrite (α) and austenite (γ).  T is 

in Kelvin; X is the fraction of Nb on the metallic sublattice, and f is the mole fraction of NbMoC precipitate.  

[Nb], [Mo], and [C] are the concentrations of the respective species in solution (mole fractions in Equations 

4.4-4.5 and wt pct in Equations 4.7-4.8).  NbT, MoT, and CT are the total mole fractions of Nb, Mo, and C, 

respectively, in the steel. The solution of the following system of equations in both ferrite and austenite 

yields the equilibrium metallic sublattice concentration of Nb (and Mo) as a function of temperature. 

 

 𝑁𝑏𝑇 = 𝑓 ∗ �
𝑋
2
� + (1 − 𝑓)[𝑁𝑏] (4.4) 

 𝑀𝑜𝑇 = 𝑓 ∗ �
1 − 𝑋

2
� + (1 − 𝑓)[𝑀𝑜] (4.5) 

 𝐶𝑇 = �
𝑓
2
� + (1 − 𝑓)[𝐶] (4.6) 

 [𝑁𝑏][𝐶] = 𝑋 ∗ 𝐾𝑁𝑏𝐶  (4.7) 

 [𝑀𝑜][𝐶] = (1 − 𝑋) ∗ 𝐾𝑀𝑜𝐶  (4.8) 
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 𝑙𝑜𝑔10𝐾𝑁𝑏𝐶𝛼 =
−9930
𝑇

+ 3.9 (4.9) 

 𝑙𝑜𝑔10𝐾𝑀𝑜𝐶𝛼 =
−4649
𝑇

+ 3.19 (4.10) 

 𝑙𝑜𝑔10𝐾𝑁𝑏𝐶
𝛾 =

−7900
𝑇

+ 3.42 (4.11) 

 𝑙𝑜𝑔10𝐾𝑀𝑜𝐶
𝛾 =

−523
𝑇

+ 1.29 (4.12) 

 

This model incorporated the solubility products of Pavlina et al. [122] for MoC in austenite and 

ferrite, Narita [118] for NbC in austenite, and Taylor for NbC in ferrite [72] in Fe-C-Mo-Nb alloys 

containing 0.20 wt pct C, 0.30 wt pct Mo, and 0.043 or 0.118 wt pct Nb.  The calculated equilibrium molar 

fraction of Mo on the metal sites in (NbXMo1-X)C is shown in Figure 4.27.  Figure 4.27 illustrates that Mo 

incorporation is expected to be significant in the ferrite regime (decreasing with increased temperature in 

ferrite) and greatest in the low Nb alloy, but it is predicted to be very low in the austenite regime for both 

alloys.  The calculations correlate to the experimental observations of Mo incorporation, although the 

extent of Mo incorporation is overestimated by the model, and suggest that substantial incorporation of Mo 

into the carbonitride precipitates likely occurs during precipitate nucleation and/or growth in ferrite.   

 
Figure 4.27 Calculated equilibrium mole fraction of Mo on the metallic sublattice of (NbXMo1-X)C in 

ferrite or austenite for two alloys containing 0.2 wt pct C, 0.3 wt pct Mo, and 0.043 or 0.118 
wt pct Nb.  

4.5 Atom Probe Analysis of Mo Location in Precipitates 

Mo segregation to the precipitate-matrix interface has been suggested as a possible mechanism for 

the reduction in precipitate coarsening rate in ferrite and austenite due to the addition of Mo.  Because EDS 

analysis of precipitates using STEM does not readily distinguish Mo enrichment near the surface of the 

particle from Mo enrichment at the particle-matrix interface, Nb-rich precipitates were examined using 

atom probe tomography, which is expected to have superior spatial resolution. Hot-rolled specimens 
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reheated to 900 °C and then water quenched were analyzed in an effort to determine the degree of Mo 

segregation to the precipitate-austenite interface.  Needle specimens for atom probe tomography analysis of 

MoHNb ramped to 900 °C were prepared using a combination of electropolishing and focused ion beam 

techniques outlined in Section 3.5, and Nb-rich precipitates were observed using laser and voltage pulse 

atom probe tomography.  Samples of MoHNb heated to 900 °C and water quenched were chosen because of 

the large precipitate number density relative to all other samples reheated to the austenite phase region.   

Figure 4.28 shows precipitates near a ferrite/martensite (prior austenite) interface with three 

dimensional reconstructions of C, Nb, Cr, and Mo atoms obtained from laser pulse atom probe tomography.  

Precipitates appear truncated due to atom probe data collection artifacts resulting from varying evaporation 

fields of the metallic matrix and precipitates.  Compositional analyses across the precipitate/ferrite matrix 

interface are shown in Figure 4.29.  No clear Mo enrichment is observed at the precipitate/matrix interface, 

but Mo is shown to incorporate into the precipitate (with Cr), and significant solute segregation is observed 

at the ferrite/martensite (prior austenite) phase boundary.  Figure 4.30 shows compositional analyses across 

the ferrite/martensite phase boundary.   Measured solute elements are shown in greater concentrations in the 

prior austenite with the exceptions of Si, which is displays a greater concentration in the ferrite, and Nb.  As 

this was the only sample analyzed by laser pulsed APT that contained a Nb-rich precipitate, it must be 

assumed that observations are representative and no statistical analysis is possible. 

 

  
(a) (b) 

  
(c) (d) 

 Figure 4.28 3D-atom probe reconstruction of MoHNb sample ramped to 900 °C and water quenched.  
This reconstruction illustrates Nb-rich precipitates adjacent to a ferrite/prior austenite 
interface.  Elemental reconstructions are shown for: (a) C, (b) Nb. (c) Cr, and (d) Mo.  Note 
the partitioning of C to prior austenite and segregation of Cr and Mo to the phase boundary.  
Laser pulsed APT analyses conducted at the National Center for Nanomaterials 
Technology, Pohang, South Korea (color image; refer to PDF copy).   

Phase Boundary Nb-Rich Particle 
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(a) 

   
(b) (c) (d) 

   
(e) (f) (g) 

Figure 4.29 Compositional analyses in at pct across the (a) Nb-rich precipitate/ferrite matrix interface.  
The Fe concentration and atom count per datum are shown in (b).  Concentrations of C, Nb, 
Mo, Cr, and Mn are shown in (c), (d), (e), (f), and (g), respectively.  No segregation of Mo 
to the precipitate-matrix interface is apparent in the precipitate reconstruction, and Mo and 
Cr are shown to exist primarily on the metallic sublattice of the carbonitride.  Laser pulsed 
APT analyses conducted at the National Center for Nanomaterials Technology, Pohang, 
South Korea (color image; refer to PDF copy). 
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(a) 

   
(b) (c) (d) 

   
(e) (f) (g) 

 
(h) 

Figure 4.30 Compositional analyses in at pct across the (a) ferrite/prior austenite phase boundary.  The 
Fe concentration and atom count per datum are shown in (b).  Concentrations of C, Nb, 
Mo, Cr, Mn, and Si are shown in (c), (d), (e), (f), (g), and (h), respectively.  Increases in 
solute concentrations are measured across the phase boundary to austenite for Cr, Mn, Mo, 
C (and Si to ferrite).  Laser pulsed APT analyses conducted at the National Center for 
Nanomaterials Technology, Pohang, South Korea (color image; refer to PDF copy). 
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Voltage atom probe tomography was also employed to determine Mo segregation to the 

precipitate-matrix interface.  An atom map for Nb and C in a region containing precipitates adjacent to a 

prior austenite grain boundary is shown in Figure 4.31(a).  Note the increase in C concentration at what is 

presumed to be a prior-austenite grain boundary.  Isoconcentration surfaces of 10 at pct Nb are also shown 

as blue surfaces in the atom map.  A proximity histogram (a profile of local atomic concentrations as a 

function of  proximity to an interface [123]) centered on the Nb isoconcentration surface is shown in Figure 

4.31(b) averaged for the four particles in the reconstruction to reveal the radial variation of particle 

composition.  No distinct Mo enrichment is observed at the precipitate-matrix interfaces.  As this was the 

only sample analyzed by voltage pulsed APT that contained Nb-rich precipitates, it must be assumed that 

observations are representative and no statistical analysis is possible. These atom probe investigations do 

not support the hypothesis that Mo reduces the coarsening rate of microalloy carbonitrides in austenite 

through segregation to the particle-austenite matrix interface, as reported previously for ferrite [41,48].  It 

cannot be ruled out, though, that the incorporation of Mo as MoC into precipitates acts to reduce the driving 

force for coarsening, i.e., the particle-matrix surface energy.  

 

 

 
(a) (b) 

Figure 4.31 (a) 3D-atom probe reconstruction of MoHNb sample ramped to 900 °C and water 
quenched.  Nb is shown as blue spheres and C is shown as red points.  This reconstruction 
shows Nb-rich precipitates adjacent to a prior austenite interface.  Note the partitioning of 
C to the austenite grain boundary.  Axis units are nanometers.  (b) Proximity histogram for 
the four particles showing atomic concentrations as a function of distance from a 10 at pct 
Nb isoconcentration surface (color image; refer to PDF file).  APT analyses conducted at 
the ShaRE User Facility at Oak Ridge National Laboratory. 
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4.6 Analysis of Thermal Dependence of Mo Effects on Precipitate Coarsening 

To determine the temperature dependence of the effect of Mo on precipitate coarsening, further 

analysis was conducted on the precipitate coarsening behavior of solutionized LNb and MoLNb at 1050 °C, 

1100 °C and 1150 °C to determine if the ratio of coarsening rates between Mo-free and Mo containing 

specimens vary with temperature.  If such a dependence exists, it would lend support to previous claims that 

Mo has an effect on the diffusivity of Nb in austenite, i.e. diffusion activation energy.   The LSW coarsening 

equations of LNb and MoLNb at a given temperature (from Equation 2.3) are compared below in Equation 

4.13. 

 𝑟𝑀𝑜𝐿𝑁𝑏3 − 𝑟𝑜,𝑀𝑜𝐿𝑁𝑏
3

𝑟𝐿𝑁𝑏3 − 𝑟𝑜,𝐿𝑁𝑏
3 =  

8𝛺[𝑁𝑏]𝑀𝑜𝐿𝑁𝑏𝛾𝑀𝑜𝐿𝑁𝑏𝐷𝑀𝑜𝐿𝑁𝑏𝑁𝑏

9𝑅𝑇�

8𝛺[𝑁𝑏]𝐿𝑁𝑏𝛾𝐿𝑁𝑏𝐷𝐿𝑁𝑏𝑁𝑏

9𝑅𝑇�
 (4.13) 

where r, ro, Ω, [Nb], D, R, t and T are defined as before for Equation 2.3, and alloy subscripts denote the 

given quantities in the specific alloy.  By eliminating common terms, recognizing that Mo additions have no 

significant effect on the amount of solute Nb (Figure 4.24), and expanding the diffusion coefficient term, 

Equation 4.13 reduces to the following: 

  

 𝑟𝑀𝑜𝐿𝑁𝑏3 − 𝑟𝑜,𝑀𝑜𝐿𝑁𝑏
3

𝑟𝐿𝑁𝑏3 − 𝑟𝑜,𝐿𝑁𝑏
3 =  

𝛾𝑀𝑜𝐿𝑁𝑏𝐷𝑜,𝑀𝑜𝐿𝑁𝑏
𝑁𝑏 𝑒𝑥𝑝 (−𝑄𝑀𝑜𝐿𝑁𝑏𝑅𝑇 )

𝛾𝐿𝑁𝑏𝐷𝑜,𝐿𝑁𝑏
𝑁𝑏 𝑒𝑥𝑝 (−𝑄𝐿𝑁𝑏𝑅𝑇 )

 (4.14) 

 

By defining the coarsening constant, K: 

 𝐾 = 𝛾𝐷𝑜𝑁𝑏𝑒𝑥𝑝 (−
𝑄
𝑅𝑇

) (4.15) 

Equation 4.14 may be re-written as shown below as the ratio of coarsening constants for MoLNb and LNb, 

K*. 

 𝑟𝑀𝑜𝐿𝑁𝑏3 − 𝑟𝑜,𝑀𝑜𝐿𝑁𝑏
3

𝑟𝐿𝑁𝑏3 − 𝑟𝑜,𝐿𝑁𝑏
3 =  

𝐾𝑀𝑜𝐿𝑁𝑏
𝐾𝐿𝑁𝑏

= 𝐾∗ (4.16) 

Taking the natural logarithm of the right-hand term and re-expanding the coarsening constants yields: 

 𝑙𝑛(𝐾∗) = �𝑙𝑛�𝛾𝑀𝑜𝐿𝑁𝑏𝐷𝑜,𝑀𝑜𝐿𝑁𝑏
𝑁𝑏 � − 𝑄𝑀𝑜𝐿𝑁𝑏

𝑅𝑇� � − �𝑙𝑛�𝛾𝐿𝑁𝑏𝐷𝑜,𝐿𝑁𝑏
𝑁𝑏 � − 𝑄𝐿𝑁𝑏

𝑅𝑇� � (4.17) 

Re-writing Equation 4.17 as Equation 4.18 shown below, it becomes clear that a thermal dependence of the 

ratio of the coarsening constants will be evident if Mo addition affects the activation energy for Nb in 
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diffusion in austenite.  If Mo affects either the precipitate-matrix surface energy (thermal dependence of the 

surface energy is assumed to be minimal within the temperature range of interest) or the pre-exponential 

term of the diffusion coefficient (also termed the frequency factor), Do, the ratio of the coarsening constants 

should remain constant with temperature. 

 

 𝑙𝑛(𝐾∗) = 𝑙𝑛 �
𝛾𝑀𝑜𝐿𝑁𝑏𝐷𝑜,𝑀𝑜𝐿𝑁𝑏

𝑁𝑏

𝛾𝐿𝑁𝑏𝐷𝑜,𝐿𝑁𝑏
𝑁𝑏 � −

1
𝑅𝑇

(∆𝑄);∆𝑄 = 𝑄𝑀𝑜𝐿𝑁𝑏 − 𝑄𝐿𝑁𝑏 (4.18) 

 

Figure 4.32 shows the natural logarithm of the ratios of the coarsening constants for solutionized 

MoLNb and LNb at 1050 °C, 1100 °C, and 1150 °C as function of inverse absolute temperature.  Although 

a clear reduction in precipitate coarsening rate is observed with Mo additions as evidenced by negative 

values of ln(K*), there is no monotonic variation in the ratios of the coarsening constants over the 

temperature range of interest, and ratios appear approximately equal to one another (ln(K*) ~ -2.4).  

Assuming a constant frequency factor for Nb diffusion in austenite and constant particle-matrix surface 

energy, an increase in the diffusion activation energy of approximately 30 kJ/mol (from 266.5 kJ/ mol 

[124]) would be necessary to obtain the observed reduction in precipitate coarsening rates at 1100 °C if 

such a reduction were solely attributed to an increase in diffusion activation energy.  A linear fit to the data, 

though, indicates that a slight decrease of 8 kJ/mol in the diffusion activation energy is observed with Mo 

addition.  Shown for comparison in Figure 4.32 is the calculated curve indicating the variation in ln(K*) 

with a 30 kJ/mol increase in diffusion activation energy.  For the calculated curve, an intercept of 0.18 

�𝛾𝑀𝑜𝐿𝑁𝑏𝐷𝑜,𝑀𝑜𝐿𝑁𝑏
𝑁𝑏

γLNbDo,LNb
Nb = 1.2� was assumed to give similar values of ln(K*) at tested temperatures.  The linear fit 

to experimentally obtained data results in an intercept of -3.06 �𝛾𝑀𝑜𝐿𝑁𝑏𝐷𝑜,𝑀𝑜𝐿𝑁𝑏
𝑁𝑏

γLNbDo,LNb
Nb = 0.047�.  As shown, the 

observed coarsening rate ratios do not vary with temperature in a manner that indicates a significant 

increase in diffusion activation energy due to Mo addition.  This result suggests that the effect of Mo on the 

reduction of precipitate coarsening rates in experimental alloys is not related to an increase in the activation 

energy for Nb diffusion in austenite.  Similar observations have been reported by Kurokawa et al. [10] with 

respect to the effect of Mn additions on Nb diffusion, although an addition of 1.5 wt pct Mn in 99.99 wt pct 

pure Fe was only shown to reduce the frequency factor by ~15 pct (as compared to the ~90 pct reduction in 

precipitate coarsening rate observed in this study) with changes in the diffusion activation energy within 

margins of measurement error.  Molybdenum additions, though, could possibly reduce the frequency factor 

for Nb diffusion in austenite. 
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Figure 4.32 ln(K*) as a function of inverse temperature for tested LNb and MoLNb alloys.  Error bars 

indicate uncertainty due to precipitate diameter measurement of ±4 pixels (13.48 nm3). 

4.7 Secondary Hardening and Temper Softening Resistance 

Previous sections have focused primarily on the effect of Mo on Nb-rich precipitate evolution in 

hot-rolled experimental alloys reheated and soaked at elevated temperature.  Mo, though, has proven effects 

with regard to secondary hardening during tempering and temper softening resistance in hot-rolled and 

reheated and quenched grades, respectively [14].  In addition, tempering of experimental alloys prior to 

reheating has been shown to enhance grain refinement.  For this reason, a supplemental tempering study 

was performed to determine the secondary hardening and temper softening responses of experimental 

alloys, and the effect of Mo specifically, in the temperature range of 450 °C to 700 °C, to determine 

additional information with regard to Mo effects in ferrite.  The results of this supplemental study are shown 

in Figure 4.33.  Secondary hardening of hot-rolled, Mo-containing alloys is present following tempering for 

2 hrs at 600 °C-625 °C as shown in Figure 4.33(a).  However, a distinct secondary hardening peak is absent 

in hot-rolled, Mo-free alloys, and hardness reaches a maximum at temperatures less than 600 °C.  

Molybdenum additions, therefore, result in an increase in the magnitude of the secondary hardening 

response at increased tempering temperatures.  Although the mechanism of this behavior is not completely 

clear, the increase in secondary hardening may be attributed to an increase in the number of newly 

nucleated Nb-rich precipitates during tempering due to Mo additions.  Recent calculations by Jang et al. 

[101] suggest that Mo lowers interfacial energy of (Ti,Mo)C in ferrite through substitution on the metallic 

sublattice, and a similar mechanism that favors nucleation may be operable in (Nb,Mo)C in ferrite.  Mo2C 

was not observed by TEM in tempered specimens; this result was reported previously by Kanazawa et 

al.[6] for Nb-containing steels.  Mo2C, therefore, is not considered the cause of secondary hardening in 
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experimental alloys.  The increased tempering temperature to attain peak hardness in Mo-containing alloys 

is attributed to the possible retarding effect of Mo on Nb-rich precipitate coarsening kinetics in ferrite that 

requires an increased tempering temperature to achieve the optimum combination of precipitate size and 

volume fraction for precipitation hardening. 

Figure 4.33(b) illustrates the Vickers hardness results for specimens re-austenitized at 950 °C for 

1 hour, quenched, and tempered for 2 hrs at temperatures of 450 °C to 700 °C to determine the effect of Mo 

on temper softening of martensite.  Molybdenum addition of 0.30 wt pct is not shown to significantly retard 

temper softening as evidenced by the lack of a clear inflection in the hardness curves for Mo-containing 

alloys compared to the Mo-free alloys. 

 

  
(a) (b) 

Figure 4.33 (a)  Mean Vickers hardness for hot-rolled alloys following tempering for 2 hrs at 
temperatures between 450 °C and 700 °C.  Error bars indicate the standard deviation of 
10 measurements made for each datum. (b)  Mean Vickers hardness for re-austenitized 
(at 950 °C for 1 hour) and water-quenched alloys following tempering for 2 hrs at 
temperatures shown.  Error bars indicate the standard deviation of 10 measurements 
made for each datum. 

4.8 Discussion on the Mechanism of Mo Effects on Precipitate Coarsening in Austenite 

Published literature and results obtained in this investigation have offered several possible 

mechanisms for the reduction of the Nb-rich precipitate coarsening rate and associated reduction in 

austenite grain coarsening during elevated temperature processing due to Mo additions.  Possible 

mechanisms for the effect of Mo are listed below.  Both supporting and opposing findings for each possible 

mechanism are discussed. 
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4.8.1 Mo Segregation to the Precipitate-Matrix Interface 

Previous studies have suggested that Mo may segregate to the precipitate-matrix interface and 

reduce precipitate coarsening rates, either by reducing the precipitate-matrix surface energy or by reducing 

the precipitate-matrix interface mobility through solute drag [41,48].  It is clear from precipitate coarsening 

rates presented in Section 4.2.1 that Mo has a significant effect in reducing the precipitate coarsening rates 

in experimental alloys, but no clear evidence of Mo segregation to the precipitate-matrix interface was 

obtained from STEM or APT investigations (Sections 4.4.2 and 4.5).  If a monolayer of Mo were to exist at 

the precipitate-matrix interface, it is unclear if current analytical techniques are sensitive enough to 

distinguish this monolayer from Mo incorporated in the precipitate during precipitate growth and 

coarsening.  For this reason, the presence of Mo segregation to the precipitate-matrix interface cannot be 

dismissed as a possible mechanism, but the presence of such segregation cannot be confidently verified 

within this experimental study. 

4.8.2 Mo Incorporation and Effects on Interfacial Energy and Nucleation           

Recently published calculations by Jang et al. suggest that replacement of Ti by Mo on the metallic 

sublattice of B1 carbides in ferrite results in a reduction in particle-matrix interfacial stress in coherent 

precipitates and may aid in the early stages of nucleation of (Ti,Mo)C in ferrite.  A similar hypothesis may 

be put forward for the incorporation of Mo in Nb-rich carbonitrides in ferrite and austenite.  These effects, if 

responsible for the observed effect of Mo, would be most prominent prior to soaking at elevated 

temperature, and would likely only affect the PSD prior to soaking (like prior heat treatment) as coarsening 

precipitates are likely incoherent and Mo effects on interfacial stresses are no longer of great concern.  From 

Figure 4.10(d) and (e), however, it is clear that HNb and MoHNb specimens display similar PSDs 

following ramp to 1100 °C.  For this reason, the effects of Mo on interfacial stresses during nucleation and 

the early stages of growth are not thought to be of great importance in precipitate size distribution evolution 

during reheating.  

In contrast to the discussion outlined above, secondary hardening investigations shown in Section 

4.7 lend support to the beneficial effect of Mo incorporation in nucleation and growth of Nb-rich 

precipitates in ferrite.  As shown, Mo-containing alloys display distinct secondary hardening peaks after 

tempering for 2 hrs at 600 °C-625 °C, whereas Mo-free alloys display no distinct secondary hardening.  

This behavior cannot be due to differences in solute Nb prior to temper because Mo does not have a 

significant effect on solute Nb in hot-rolled alloys as shown in Figure 4.28.  Despite clear effects of Mo on 

secondary hardening behavior, it is not immediately obvious how these findings relate to similar effects on 

precipitate nucleation, growth and coarsening in austenite.   
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It may also be suggested that the incorporation of Mo may reduce interfacial energy of incoherent 

Nb-rich precipitates during coarsening in ferrite and austenite following the early stages of nucleation and 

growth.  Any additional conclusions, though, related to the possible effect of Mo incorporation on 

precipitate-matrix surface energy in austenite are speculative.  Because reduction in coarsening rates is so 

distinct with Mo additions, by an order of magnitude as shown in Table 4.3, it is does not currently seem 

feasible that Mo incorporation on the metallic sublattice is solely responsible for such a pronounced 

decrease in precipitate-matrix surface energy and associated precipitate coarsening  rate.    

4.8.3 Reduction in Nb Diffusivity due to Mo Addition 

Previous studies have suggested that Mo may reduce the diffusivity of Nb in austenite and, thereby, 

reduce the rate of precipitate coarsening by long-range diffusion [1,3,10].  Data from the current study 

suggest that if Nb diffusivity is reduced, it is not done so through a reduction in diffusion activation energy 

(Section 4.6).  It is entirely feasible, however, that Mo may reduce the frequency factor of Nb diffusion in 

austenite by reducing the number of vacancy exchanges with Nb atoms through a mechanism of 

preferential exchange.  Any conclusions to this effect are purely speculative, but it is clear that Nb diffusion 

activation energy in austenite is not greatly affected by additions of Mo.  Similar observations have been 

made for the effect of Mn on Nb diffusion in austenite by Kurokawa et al., although an addition of 1.5 wt 

pct Mn in 99.99 wt pct pure Fe was only shown to reduce the frequency factor by ~15 pct with no change in 

the diffusion activation energy. 

4.8.4 Mo Partitioning to Austenite During Soaking at Elevated Temperatures 

Electrochemical dissolution and precipitate extraction investigations have shown, in addition to 

STEM/EDS analyses, that Mo partitions to austenite from precipitates during soaking at elevated 

temperature.  Therefore, incorporation of Mo in precipitates prior to soaking may be beneficial to the 

reduction of coarsening rates if preferentially-partitioned Mo reduces either the incorporation of Nb in the 

precipitate from austenite or rejection of Nb from the precipitate to austenite.  This could possible occur by 

an effect of Mo on Nb activity or diffusivity in the austenite region immediately surrounding the precipitate.  

Through this mechanism, the possible small diffusivity or activity effects of Mo on Nb may be exacerbated 

with elevated Mo concentrations around a coarsening precipitate due to partitioning.  Any conclusions to 

this effect are only speculative. 

  



  75 

CHAPTER 5 : CONCLUSIONS 

Conclusions of the study of Mo effects in Nb-,Ti-microalloyed SAE 4120 are offered below in the 

context of project objectives outlined in Chapter 1. 

5.1 Effects of Mo on Grain Size Evolution 

Molybdenum additions in MoLNb and MoHNb reduce the prior austenite grain size relative to the 

Mo-free alloys at extended soaking times at 1050 °C and 1100 °C.  High Nb alloys (HNb and MoHNb) are 

much more capable of retarding the onset of abnormal growth when compared to the low Nb alloys (LNb 

and MoLNb).  The LNb alloy exhibits the earliest onset and greatest amount of abnormal grain growth in all 

tested conditions.  Mo and Nb additions, therefore, are beneficial in delaying the onset and extent of AGG 

in hot-rolled alloys. 

5.2 Effects of Mo on Precipitate Size and Composition Evolutions 

 Molybdenum additions result in a significant decrease in precipitate coarsening rate in all tested 

conditions.  An increase in Nb concentration is shown to increase the precipitate coarsening rate in all tested 

conditions.  In the hot-rolled alloys, the instability and dissolution of the fine precipitate population is 

enhanced by the presence of the coarse precipitates upon reheating to elevated temperature, and a rapid 

increase in average precipitate radius is observed relative to the unimodal LSW predictions.  

Concentration gradients in precipitates in hot-rolled alloys develop upon cooling from the 

hot-rolling temperature due to the precipitation sequence of carbides and nitrides.  The center of the particle 

has elevated Ti concentrations compared to Mo because the precipitate nucleated and grew at higher 

temperatures in the austenitic regime where Mo incorporation is unlikely because of the high solubility of 

MoC in austenite.  Upon cooling and transformation from austenite to ferrite, Mo incorporation into the 

precipitates is expected to become more favorable, and thus the outer regions of the precipitate, which grew 

at lower temperatures, have higher Mo concentrations.   

The microalloy precipitates are enriched in Mo at small precipitate sizes (less than 40 nm) and 

enriched in Ti at large precipitate sizes (greater than 40nm).  This behavior is expected based on solubility 

considerations as smaller particles, formed at lower temperature, have a higher Mo-enrichment, while 

larger particles, formed at higher temperature, are less Mo-enriched. 

Dissolution and precipitate extraction investigations indicate that Mo partitions from precipitates to 

the austenite matrix during ramping in austenite and holding at elevated temperature.  Molybdenum 

concentration in precipitates is reduced in both MoLNb and MoHNb specimens with soaking time at 

1100 °C, presumably due to rejection to the austenite matrix.      
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5.3 Effects of Prior Heat Treatment on Precipitate Size and Grain Size Evolutions 

Tempering greatly reduces the austenite grain size of all experimental alloys following soaking at 

1050 °C and 1100 °C, and abnormal grain growth is effectively eliminated in all specimens soaked for 

90 min at 1050 °C.  Like tempering prior to reheating, solutionizing of MoLNb prior to reheating reduces 

the measured grain size relative to the hot-rolled condition.  In addition, abnormal grain growth is not 

present in solutionized and reheated MoLNb after soaking at 1100 °C for 60 min.  

Specimens tempered prior to reheating to elevated temperature show decreased average precipitate 

radii for the soak times at which they are tested, and Mo is shown to further decrease average particle radius 

for a given Nb concentration at each soak time.  Coarsening is enhanced in hot-rolled alloys by the 

co-presence of coarse and fine precipitates (or bimodality of the PSD) upon reheating to elevated 

temperature; thus, any stabilization (coarsening) of the fine precipitates prior to reheat decreases the 

bimodality of the PSD, reduces capillarity effects responsible for coarsening, and delays the eventual 

dissolution of fine precipitates due to the coarse precipitates.  Alternatively stated, beneficial coarsening of 

fine precipitates occurs during tempering.  Reduction in the number density of coarse precipitates and the 

reduced bimodality of the initial PSD in the solutionized MoLNb also result in a reduction in the coarsening 

rate and bimodality of the PSD after reheating relative to the hot-rolled MoLNb.  Thermo-kinetic 

simulations support this assertion.  

5.4 Mechanism of Mo Effects on Precipitate Coarsening in Austenite 

No distinct Mo enrichment is observed at the precipitate-matrix interfaces, and investigations do 

not support the hypothesis that Mo reduces the coarsening rate of microalloy carbonitrides in austenite 

through segregation to the particle-austenite matrix interface, as reported previously for ferrite.  The 

incorporation of Mo as MoC into precipitates could possibly reduce the driving force for coarsening, i.e., 

the particle-matrix surface energy.  

Although a clear reduction in precipitate coarsening rate is observed with Mo additions, results 

suggest that the effect of Mo on the reduction of precipitate coarsening rates in experimental alloys is not 

related to an effect on the activation energy for Nb diffusion in austenite.  Mo additions could, however, 

reduce the precipitate coarsening rates through an effect on the frequency factor for Nb diffusion in 

austenite. 

5.5 Combined Conclusions for Industrial Application 

Precipitate coarsening and grain growth investigations have demonstrated a clear and beneficial 

effect of 0.30 wt pct Mo additions (relative to Mo-free alloys) to reduce Nb-rich precipitate coarsening rates 

and to delay the associated onset and reduce the extent of abnormal grain growth in experimental alloys, 

respectively.  The minimum Mo addition necessary to achieve beneficial reductions in precipitate 
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coarsening rates and the associated delays of the onset of abnormal grain growth was not investigated and is 

still a topic of interest for future study.  The exact mechanism of the effect of Mo remains undetermined, 

although Mo segregation to the precipitate-matrix interface was not present in selected atom probe 

tomography observations.  It is currently speculated that Mo reduces the frequency factor for Nb diffusion 

in austenite.  Precipitate size distributions prior to reheating to elevated temperatures were shown to greatly 

affect subsequent precipitate coarsening rates during soaking in austenite, and control of the precipitate size 

distribution prior to reheating is critical to the reduction in the precipitate coarsening rates at elevated 

temperature in addition to the presence of Mo. 
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 APPENDIX A: ESTIMATE OF THE INCREASE IN SOLUTE NB DUE TO MO ADDITIONS 

Because data on the effect of Mo on Nb activity are unavailable in current literature, i.e. the Wagner 

interaction parameter of Mo on Nb, the increase in solute Nb can be estimated by considering the effect of 

Mo on the activity of C, the primary non-metallic component of the precipitates of interest in this study.  

Using the relation shown below for the Wagner interaction parameter of Mo on C, the change in the activity 

coefficient of C due to Mo can be estimated at T = 1100 °C (1373 K). 

 

 𝜀𝐶𝑀𝑜 = 𝑙𝑖𝑚
𝑋𝐹𝑒→1

𝜕𝛾𝐶
𝜕𝑋𝑀𝑜

= 3.86 −
17870
𝑇

 (A-1) 

 

where εC
Mo is the interaction parameter of C due to element Mo, γC is the activity coefficient of element C, 

XMo is the mole fraction of Mo, and T is temperature in Kelvin [100].  The activity coefficient of C is 

reduced to 0.83 from 1 upon addition of 0.3 wt pct Mo, and this reduction is shown graphically on a 

solubility plot of NbC in austenite in Figure A-1 to yield the expected increase in Nb solute due to Mo 

addition.  Calculations for experimental alloy compositions yield a resultant increase in solute Nb of 

approximately 16% from 0.0221 to 0.0257 wt pct Nb.   

 

 
Figure A-1 Equilibrium NbC solubility curve (wt pct) at 1100°C showing expected equilibrium 

solute Nb levels with and without an addition of 0.30 wt pct Mo. 
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 APPENDIX B: THERMO-KINETIC CALCULATION DETAILS 

Details of the MatCalc© calculations presented in Section 4.2.2 are provided in the table and 

program code shown below.  For calculation of average precipitate radius evolution in a model HNb alloy 

without a starting bimodal precipitate distribution, calculation code shown below was used without the 

“Part I: Solutionizing” heat treatment.  The entire code was used for calculation of average precipitate 

radius evolution in a model HNb alloy with a starting bimodal precipitate distribution.  Calculation variant 

“1” was used in each calculation.  Precipitate nucleation was allowed on grain boundaries, subgrain 

boundaries, and dislocations in both austenite and ferrite.  Because four phase coexistence, i.e., coexistence 

of ferrite, austenite, cementite, and the B1 carbonitide, is precluded in the MatCalc© software, the austenite 

to ferrite transformation temperature during cooling was assumed to be 700 °C, and the ferrite to austenite 

transformation temperature during reheating was assumed to be 800 °C.  The thermodynamic and diffusion 

databases used were mc_steel.tdb and mc_sample_fe.ddb, respectively.  Additional assumptions and 

parameter values are listed in Table B-1, where γP/M is the precipitate matrix surface energy, ρ is the 

dislocation density, D is the grain diameter, E is the Young’s modulus, N is the number of precipitate 

classes, m is the matrix diffusion enhancement factor, and n is the nucleation constant. 

 

Table B-1 – Parameters Used for Calculation of Average Precipitate Radius Evolution 

 γP/M 
(J/m2) 

ρ 
(m-2) 

D 
(μm) 

E/106 
(Pa) N m n 

Ferrite 0.8 1·1014 20 210000-75·T(ºC) 50 1 1 
Austenite 0.8 1·1012 50 193000-73.333·T(ºC) 50 1 1 

   

B-1 MatCalc© Calculation Code 
$ ************************************************************************************************** 
$ *********************************** GENERAL INFORMATION ****************************************** 
$ ************************************************************************************************** 
$  
$ Modified template script for simulation of multi-stage treatment of a 4120Mod steel including a  
$ solution treatment at 1250C, quench, reheat and soak at 1100C. (Modified by M Enloe, Original Script by E Kozeschnik) 
$ 
$ In the script, the multi-stage treatment is performed in two steps: First, the solutionizing (1250C for 2 hrs) and cooling  
$ treatment are performed in a separate heat treatment named 'solutionizing'. The results are  
$ stored in a separate buffer and stored also in a calc state called 'after_solutionizing'.  
$ This state is starting point for the reheating treatment, which is performed in a two-step  
$ heat treatment called 'reheat'. Again, the results are stored in a separate buffer and can be  
$ inspected conveniently after the simulation is completed. 
$ 
$ One of the special features of this script is the possibility of user interaction. The script is  
$ aimed at investigating different simulation variants within one script, depending on a user  
$ selection in the beginning of the script. The simulation variants are (i) a calculation with all  
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$ input parameters left on default and set interfacial energy, (ii) with modification of the nucleation conditions for the complex 
carbonitride and  
$ (iii) a simulation with modified interfacial energy of complex carbonitride. 
$ 
$ The following features are utilized in this script: 
$ 
$ - acquire user input and perform calculations depending on user selection 
$ - multiple heat treatments and multiple buffers 
$ - Carbonitride and cementite nucleation is taken into account at dislocations and subgrain boundaries 
$ simultaneously. 
$ - uses string variables to dynamically set options in the precipitate property settings 
$ - uses new possibility to restrict nucleation of precipitates to individual precipitation 
$ domains. Avoids endless definition of nucleation sites in pre/post segment scripts. 
$ - uses global matrix diffusion enhancement in precipitation domain. Again, avoids endless  
$ definitions of mdef factors in pre/post segment scripts. 
$ - separate precipitate populations in austenite and ferrite (facilitates interpretation of  
$ results). 
$ - all relevant simulation parameters are encoded in global variables 
$ - use of kinetic alias names in definition of precipitates 
$ - automatic use of these names in plot legends 
$ - use comments in definition of heat treatment segments 
$ - use HTML tags to display superscript letters in plots 
$  
$ Database: mc_steel.tdb, mc_sample_fe.ddb 
$ Author: E. Kozeschnik, S. Zamberger 
$ Creation date: 2010-12-28 (koze) 
$ Last revision: 2012-2-7 (Enloe) 
$ Reason for update: Tailor to 4120 Mod alloy and NbTi(CN) Precipitation 
$ This is a script for MatCalc version 5.42.006 
$ ************************************************************************************************** 
$ ************************************ SETUP INFORMATION ******************************************* 
$ ************************************************************************************************** 
$ make sure we work in the correct module 
use-module core $ select core module for kinetic simulation 
$ close any open workspace without asking for save 
close-workspace f 
new-workspace $ open new workspace 
set-workspace-info +Selected elements: $ give some information about the script 
set-workspace-info +Fe, C, Si, Mn, Cr, Mo, Nb, N 
set-workspace-info + 
set-workspace-info +Matrix phases: Ferrite (BCC_A2), Austenite (FCC_A1) 
set-workspace-info +Precipitate phases: NbTi(CN)(FCC_A1#01) 
set-workspace-info +and M3C (Cementite) 
set-workspace-info + 
set-workspace-info +Samples are processed in two separate heat treatments 
set-workspace-info +demonstrates user interaction via input variables 
$ ************************************************************************************************** 
$ ************************************** SYSTEM SETUP ********************************************** 
$ ************************************************************************************************** 
$ verify correct MatCalc version (is accessible as internal variable) 
if (matcalc_version<5420006) 
send-dialog-string "MatCalc version must be 5.42.0006 or higher to run this script. Stopping." 
stop_run_script $ stop script 
endif 
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$ show console window and notify user to perform selection 
move-gui-window c show $ bring console window to front 
send-dialog-string "please select simulation variant from the console window ..." 
$ selection of calc variants 
set-variable-value calc_variant 1 $ default value for calc variant 
@send-console-string  
@send-console-string  
@send-console-string Select calculation setup for 
@send-console-string 1 ... all variables on default values 
@send-console-string 2 ... modify nucleation constant of carbonitride 
@send-console-string 3 ... modify carbonitride interfacial energy 
@send-console-string Please select variant (1-3): 
@set-variable-value calc_variant 
set-variable-value use_variant_1 calc_variant==1 
set-variable-value use_variant_2 calc_variant==2 
set-variable-value use_variant_3 calc_variant==3 
$ *************************************************************************************************** 
$ GLOBAL VARIABLES 
$ *************************************************************************************************** 
set-variable-value npc 50 $ number of precipitate classes 
set-variable-value mdef_aust 1 $ matrix diff. enhancement value 
set-variable-value mdef_ferr 1 $ matrix diff. enhancement value 
set-variable-value mdef_sgb 1 $ matrix fiff. enhancement at subgrain bound. 
set-variable-value nc_fcc_a1#01 1 $ value for nucleation constant 
set-variable-value nc_cem 1 $ value for nucleation constant 
set-variable-value sf_fcc_a1#01 1 $ shape factor 
set-variable-value sf_cem 10 $ shape factor 
$ now come values which are dependent on the choice of calc_variant 
if (use_variant_1) 
set-variable-value nc_fcc_a1#01 1 $ value for nucleation constant 
set-variable-string ie_fcc_a1#01 0.8 $ Set interfacial energy 
elseif (use_variant_2) 
set-variable-value nc_fcc_a1#01 1e-6 $ value for modified nucleation constant 
set-variable-string ie_fcc_a1#01 "y" $ automatic interfacial energy 
elseif (use_variant_3) 
set-variable-value nc_fcc_a1#01 1 $ value for nucleation constant 
set-variable-string ie_fcc_a1#01 n 2*cie$fcc_a1#01 $ modified interfacial energy 
else 
send-dialog-string Invalid selection for calc variant. Select 1, 2 or 3. Script is interrupted. 
stop-run-script $ stop script 
endif 
$ *************************************************************************************************** 
$ DATABASES, CHEMICAL COMPOSITION, SELECTED PHASES 
$ *************************************************************************************************** 
$ if you receive an error when executing the next line, please make sure you have the database 
$ in your MatCalc/database folder. The mc_steel database can be obtained for free when sending a 
$ corresponding request to support@matcalc.at 
open-thermo-database mc_steel.tdb $ open thermodynamic database 
select-elements C Cr Mn N Si Mo Nb $ select elements 
select-phase bcc_a2 fcc_a1 cementite $ select phases 
read-thermodyn-database $ read thermodynamic database 
$ steel composition ... 
enter-composition wp c=0.2 mn=0.9 n=0.008 si=0.25 cr=0.50 mo=0.01 nb=0.10 
read-mobility-database mc_sample_fe.ddb $ read diffusion data 
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$ *************************************************************************************************** 
$ HEAT TREATMENTS, VARIABLES, TABLES & FUNCTIONS (1) 
$ *************************************************************************************************** 
$ -------------------------------------- HEAT TREATMENTS -------------------------------------------- 
$ --------------------------------------- PART I:SOLUTIONIZING ---------------------------------------- 
$ the preprocess treatment starts with a 1250C soak and continues to cool down to RT.  
create-heat-treatment preprocess $ create heat treatment part I:  
$ casting, cooling, forging cooling  
append-ht-segment preprocess $ segment 0 (Soak) 
edit-ht-segment preprocess . d n austenite $ define precipitation domain 
edit-ht-segment preprocess . s 1250 $ define start temperature 
edit-ht-segment preprocess . 2 0 7200 $ Cool to A1 
edit-ht-segment preprocess . c solutionize $ comment 
append-ht-segment preprocess $ append segment 1 "cooling to 1100" 
edit-ht-segment preprocess . d n austenite $ define precipitation domain 
edit-ht-segment preprocess . 1 1100 0.5 $ Tend + cooling rate 
edit-ht-segment preprocess . c cool to 1100 $ comment 
append-ht-segment preprocess $ append segment 2 "cooling to A1" 
edit-ht-segment preprocess . d n austenite $ define precipitation domain 
edit-ht-segment preprocess . 1 700 0.5 $ Tend + cooling rate 
edit-ht-segment preprocess . c cool to A1 $ comment 
append-ht-segment preprocess $ append segment 3 "Cool to RT" 
edit-ht-segment preprocess . d n ferrite $ define precipitattion domain 
edit-ht-segment preprocess . 1 25 0.25 $ Tend + cooling rate 
edit-ht-segment preprocess . c Cool to RT $ comment 
$ ----------------------------------- END OF PART I: SOLUTIONIZING -------------------------------------- 
$ --------------------------------------- PART II:REHEAT ---------------------------------------- 
create-heat-treatment reheat $ second heat treatment 
append-ht-segment reheat $ append segment 0 "Ramp to Ac1" 
edit-ht-segment reheat . s 25 $ define start temperature for HT 
edit-ht-segment reheat . d n ferrite $ define precipitation domain 
edit-ht-segment reheat . 1 800 0.1666667 $ Tend + heating rate 
edit-ht-segment reheat . c Heating to Ac1 temperature $ comment 
append-ht-segment reheat $ append segment 1 "Ramp to Carb Temp" 
edit-ht-segment reheat . d n austenite $ define precipitation domain 
edit-ht-segment reheat . 1 1100 0.1666667 $ Tend + heating rate 
edit-ht-segment reheat . c Ramp to carb temp $ comment 
append-ht-segment reheat $ append segment 2 "Hold"  
edit-ht-segment reheat . 2 0 3600 $ Tend + heating rate 
edit-ht-segment reheat . c Hold $ comment 
$ *************************************************************************************************** 
$ PRECIPITATION DOMAINS, PRECIPITATES 
$ *************************************************************************************************** 
$ --------------------------------- PRECIPITATION DOMAINS ------------------------------------------- 
create-precipitation-domain austenite $ austenite is precipitation domain = matrix 
set-precipitation-parameter austenite x fcc_a1 $ matrix phase of domain austenite 
set-precipitation-parameter austenite t d e 1e12 $ dislocation density (=1e12 m^-2) 
set-precipitation-parameter austenite t g 50e-6 $ austenite grain size (=50e-6 m) 
set-precipitation-parameter austenite s m (193000-73,333*T$C)*1e6 $ temperature-dep. Young's mod. 
set-precipitation-parameter austenite s g s y (10^(11-0,005*T$C)) $ diffusion ratio gb and bulk 
set-precipitation-parameter austenite s g i y (10^(11-0,005*T$C)) $ diffusion ratio gb and bulk 
set-precipitation-parameter austenite s d s y (10^(7-0,0025*T$C)) $ diffusion ratio disl and bulk 
set-precipitation-parameter austenite s d i y (10^(7-0,0025*T$C)) $ diffusion ratio disl and bulk 
set-precipitation-parameter austenite s e s mdef_aust $ matrix diffusion enhancement in austenite 
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create-new-phase bcc_a2 e $ ferrite is precipitation domain 
create-precipitation-domain ferrite $ new matrix: ferrite 
set-precipitation-parameter ferrite x bcc_a2#01 $ define matrix structure 
set-precipitation-parameter ferrite t d e 1e14 $ dislocation density (=1e14 m^-2)  
set-precipitation-parameter ferrite t g 20e-6 $ ferrite grain size 
set-precipitation-parameter ferrite t s 2e-6 $ subgrain size 
set-precipitation-parameter ferrite t o 2 $ subgrain elongation factor 
set-precipitation-parameter ferrite s m (210000-75*t$c)*1e6 $ temperature-dep. Young's mod. 
set-precipitation-parameter ferrite s g s y (10^(12-0,01*T$C)) $ diffusion ratio gb and bulk 
set-precipitation-parameter ferrite s g i y (10^(12-0,01*T$C)) $ diffusion ratio gb and bulk 
set-precipitation-parameter ferrite s d s y (10^(8-0,005*T$C)) $ diffusion ratio disl and bulk 
set-precipitation-parameter ferrite s d i y (10^(8-0,005*T$C)) $ diffusion ratio disl and bulk 
set-precipitation-parameter ferrite s e s mdef_ferr $ matrix diffusion enhancement in ferrite 
$ ------------------------------- PRECIPITATE PHASES IN AUSTENITE ----------------------------------- 
create-new-phase fcc_a1#01 p NbTiCN(aust) $ new precipitate phase in austenite 
set-precipitation-parameter fcc_a1#01_p0 c npc $ use variable npc for # of prec. classes 
set-precipitation-parameter fcc_a1#01_p0 d austenite $ precipitation domain (matrix phase)  
set-precipitation-parameter fcc_a1#01_p0 n s gds $ nucleation sites at grain boundaries, dislocations, and subgrain boundaries 
set-precipitation-parameter fcc_a1#01_p0 n f y $ account for volume misfit in nucleation 
set-precipitation-parameter fcc_a1#01_p0 n p y austenite $ restrict nucleation to precipitation domain 
$ --------------------------------- PRECIPITATE PHASES IN FERRITE -------------------------------- 
create-new-phase fcc_a1#01 p NbTiCN(ferr) $ new precipitate phase in austenite  
set-precipitation-parameter fcc_a1#01_p1 c npc $ use variable npc for # of prec. classes 
set-precipitation-parameter fcc_a1#01_p1 d ferrite $ precipitation domain (matrix phase)  
set-precipitation-parameter fcc_a1#01_p1 n s gds $ nucleation site at grain boundaries, dislocations and subgrain boundaries 
set-precipitation-parameter fcc_a1#01_p1 n p y ferrite $ restrict nucleation to precipitation domain 
create-new-phase cementite p Cem $ new precipitate cementite in martensite 
set-precipitation-parameter cementite_p0 c npc $ use variable npc for # of prec. classes 
set-precipitation-parameter cementite_p0 d ferrite $ precipitation domain (matrix phase) 
set-precipitation-parameter cementite_p0 n s gds $ nucleation sites at dislocations 
set-precipitation-parameter cementite_p0 h y sf_cem $ set aspect ratio (shape factor) for needles 
set-precipitation-parameter cementite_p0 n c o $ nucleus composition: ortho-equilibrium 
set-precipitation-parameter cementite_p0 z n $ no ie size correction for cem 
set-precipitation-parameter cementite_p0 n u nc_cem $ nucleation constant for cementite 
set-precipitation-parameter cementite_p0 n p y ferrite $ restrict nucleation to prec. domain 
$ *************************************************************************************************** 
$ ******************************** OUTPUT WINDOWS, PLOTS, ETC. ************************************** 
$ *************************************************************************************************** 
new-gui-window p1 $ generate new plot: temperature 
$remember window ID to address it correctly later in the script 
set-variable-value buffer_window_id active_frame_id $ assign to variable ... 
set-gui-window-property . x stepvalue $ default x-axis variable (time) 
set-gui-window-property . s u y $ use default x-axis for all plots: yes 
set-gui-window-property . s t time / s $ default x-axis title  
set-gui-window-property . s f 1 $ scaling factor is 1 
set-gui-window-property . n 2 $ 2 plot columns 
set-plot-option . s n b t$c $ add series: temperature 
set-plot-option . s m -1 t$c T $ define series legend 
set-plot-option . a y 1 t temperature / C $ y-axis title 
set-plot-option . l n $ no legend 
create-new-plot x . $ create new plot: phase fractions 
set-plot-option . l a y $ replace variable names by kinetic alias 
set-plot-option . s n b f_prec$* $ add all series: phase fractions of prec. 
set-plot-option . a y 1 t phase fraction $ change y-axis title 
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set-plot-option . a y 1 y log $ use logarithmic scale for y-axis 
set-plot-option . a y 1 s 1e-5.. $ scale the y-axis from 1e-5.. 
set-plot-option . l b $ show legend at the bottom of the figure 
create-new-plot x . $ create new plot: number densities 
set-plot-option . l a y $ replace all variable names by kinetic alias 
set-plot-option . s n b num_part$* $ add all series: number densities of precipitates 
set-plot-option . a y 1 t number density / m<sup>-3</sup> $ change y-axis title 
set-plot-option . a y 1 y log $ use logarithmic scale for y-axis 
set-plot-option . a y 1 s 1.. $ scale the y-axis from 1.. 
set-plot-option . l b $ show legend at the bottom of the figure 
create-new-plot x . $ create new plot: nucleation rate 
set-plot-option . l a y $ replace all variable names by kinetic alias 
set-plot-option . s n b nucl_rate$* $ add all series: nucl rate of precipitates 
set-plot-option . a y 1 t nucleation rate (m<sup>-3</sup> s<sup>-1</sup>) $ change y-axis title 
set-plot-option . a y 1 y log $ use logarithmic scale for y-axis 
set-plot-option . a y 1 s 1.. $ scale the y-axis from 1.. 
set-plot-option . l b $ show legend at the bottom of the figu 
create-new-plot x . $ create new plot: mean radii 
set-plot-option . l a y $ replace all variable names by kinetic alias 
set-plot-option . s n b r_mean$* $ add all series: mean radii of precipitatesn 
set-plot-option . a y 1 t mean radius / nm $ change y-axis title 
set-plot-option . a y 1 y lin $ use logarithmic scale for y-axis 
set-plot-option . a y 1 s 1e-9.. $ scale the y-axis from 0.. 
set-plot-option . l b $ show legend at the bottom of the figure 
update-gui-window . $ update the GUI window 
$ ----------------------------------------- HISTOGRAMS ---------------------------------------------- 
$ unified scaling for histogram windows 
set-variable-string scale_range 1e10..1e23 
new-gui-window p5 $ new precipitation distribution plot window 
set-gui-window-property . n 2 $ 2 plot columns 
set-plot-option . l a y $ replace variable names by kinetic alias  
set-plot-option . s n p fcc_a1#01_p0 $add series: precipitate distribution 
set-plot-option . s n p fcc_a1#01_p1 $ add series: precipitate distribution 
set-plot-option . a x 1 f 1e9 $ use scaling factor 1e9 for x-axis 
set-plot-option . a y 1 s #scale_range $ scale the y-axis from ... 
set-plot-option . a y 1 y log $ use logarithmic scale for y-axis 
set-plot-option . a x 1 t radius / nm $ change x-axis title 
set-plot-option . a x 1 s 1..150 $ scale the x-axis from 1..500 
set-plot-option . a x 1 y lin $ use logarithmic scale for x-axis 
set-plot-option . a y 1 t number density $ change y-axis title 
create-new-plot p . $ create new plot: precipitate distribution 
set-plot-option . l a y $ replace variable names by kinetic alias 
set-plot-option . s n p cementite_p0 $ add series: precipitate distribution 
set-plot-option . a x 1 f 1e9 $ use scaling factor 1e9 for x-axis 
set-plot-option . a y 1 s #scale_range $ scale the y-axis from ... 
set-plot-option . a y 1 y log $ use logarithmic scale for y-axis 
set-plot-option . a x 1 t radius / nm $ change x-axis title 
set-plot-option . a x 1 s 1..150 $ scale the x-axis from 1..500 
set-plot-option . a x 1 y lin $ use logarithmic scale for x-axis 
set-plot-option . a y 1 t number density $ change y-axis title 
move-gui-window . 135 10 750 700 $ move window to new position and resize 
update-gui-window . $ Update the GUI window 
$ bring output window to front ... 
move-gui-window 0 25 50 750 740 $ move output window to new position / resize 
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move-gui-window 0 hide $ first 'hide' to be able to ... 
move-gui-window 0 show $ ... bring output window to front 
$ *************************************************************************************************** 
$ **************************** START PRECIPITATE SIMULATION ***************************************** 
$ *************************************************************************************************** 
set-temperature-celsius 1250 $ define a temp 
set-automatic-startvalues $ initiate equil. calc. (estimate variables) 
calc-equilibrium $ calculate equilibrium state 
$ speed up simulations, modify numerical parameters 
set-simulation-parameter c n f 1.0 $ maximum radius growth from 0.2 to 1.0 
set-simulation-parameter u 100 
$ ---------------------------- START PRECIPITATE SIMULATION PART I ---------------------------------- 
rename-current-buffer preprocess $ rename buffer for heat treatment 
set-gui-window-property buffer_window_id b preprocess $ attach to buffer window 
set-simulation-parameter t h preprocess 10 $ temperature profile from HT, max. T-step 
set-simulation-parameter s r $ starting condition for prec. sim.: reset 
start-precipitate-simulation $ let's go with part I 
$ save state after simulation. Is starting point for next simulation part II 
create-calc-state preprocess 
$ ---------------------------- START PRECIPITATE SIMULATION PART II --------------------------------- 
create-calc-buffer reheat $ create buffer for reheat and soak  
select-calc-buffer reheat $ select calc buffer 
set-gui-window-property buffer_window_id b reheat $ attach to buffer window 
set-simulation-parameter t h reheat 10 $ temperature profile from HT, max. T-step 
set-simulation-parameter s l preprocess $ starting condition for prec. sim.: reset 
start-precipitate-simulation $ let's go with part II 
$ *************************************************************************************************** 
$ ****************************** PRECIPITATE SIMULATION FINISHED ************************************ 
$ *************************************************************************************************** 
  



  93 

 APPENDIX C: ADDITIONAL PRECIPITATE SIZE DISTRIBUTIONS 

Figures C-1 - C-3 show additional precipitate size distribution (PSD) evolutions during elevated 

temperature soaking in austenite and tempering in ferrite.  The same general trends with regard to PSD 

evolution, as outlined in section 4.2, are observed during elevated temperature soaking and tempering in 

ferrite. 

 
Figure C-1 PSDs for hot-rolled LNb following reheating to 1100 °C and soaking for times shown.  

Bin sizes are 2 nm.  A minimum of 300 precipitates were measured for each condition.  
Overlaps of PSDs are shown in grey. 

 

  
(a) (b) 

Figure C-2 PSDs for hot-rolled and tempered (2 hrs at 600 °C) (a) LNb and (b) HNb specimens.  Bin 
sizes are 2 nm.  A minimum of 300 precipitates were measured for each condition.  
Overlaps of PSDs are shown in grey. 
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(a) (b) 

  
(c) (d) 

Figure C-3 PSDs for hot-rolled (a) LNb, (b) HNb, (c) MoLNb, and (d) MoHNb following reheating 
to 1050 °C and soaking for times shown.  Bin sizes are 2 nm.  A minimum of 300 
precipitates were measured for each condition.  Overlaps of PSDs are shown in grey. 

 

To obtain a qualitative understanding of the uncertainty involved in PSD analysis, the PSDs 

obtained from CERs of two samples heat treated separately to the same alloy/process condition are shown 

for comparison in Figure C-4.  Comparing the PSDs shown in Figures C-4(a) and C-4(b) with one another 

and their combined distribution shown in Figure C-4(c), little variation is seen both qualitatively with 

respect to distribution shape and quantitatively with respect to mean particle diameter.  As with previously 

shown distributions, a minimum of 10 randomly chosen fields of view were analyzed for each CER in 

obtaining a minimum of 300 precipitate diameters per specimen. 
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(a) (b) 

 

 
(c) 

Figure C-4 PSDs for hot-rolled MoHNb (a) sample 1 and (b) sample 2 reheated to 1100 °C and water 
quenched.  The combined distribution of samples 1 and 2 is shown in (c).  General 
distribution shape and the mean precipitate diameter vary less than the assumed diameter 
measurement uncertainty of 4 pixels (±2.38 nm) of the CER micrographs from which 
particle diameter data were obtained.  Bin sizes are 2 nm.  The number of counted 
precipitates for each distribution in shown in the respective figure. 

 

  

dmean = 17.7 nm dmean = 16.1 nm 

dmean = 16.8 nm 
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 APPENDIX D: THE EFFECTS OF MO AND NB ON TRANSFORMATION TEMPERATURES 

To determine the effect of Mo and Nb on the phase transformation temperatures and associated 

precipitate coarsening kinetics during reheating and slow-cooling, laser dilatometry experiments were 

conducted.  Shown in Figure D-1 are dilatometry curves obtained for all hot-rolled experimental alloys 

during slow (2 °C/s) heating to 1050 °C and slow (2 °C/s) cooling to room temperature.  As shown 

graphically in Figure D-1 and in tabulated form in Table D-1, observed Ac1, Ac3, and Ar3 are independent of 

alloy content.  The austenite decomposition finish temperature, however, was greatly reduced in 

Mo-containing alloys.  Niobium and Mo are far more soluble (see Figure 2.2) and far less mobile in 

austenite relative to ferrite [18,72,118,122].  Consequently, Nb precipitation may be hindered by the 

stabilization of austenite through Mo additions.  Alternatively stated, one may expect more Nb to remain in 

solution following hot-rolling and cooling to room temperature in Mo-containing alloys.  Increased Nb 

solute would then allow for the increased secondary hardening observed in Mo-containing alloys during 

tempering.  Electrochemical dissolution experiments, however, show no measurable effect of Mo on solute 

Nb concentration despite the marked effect on austenite decomposition during cooling. 

  
(a) (b) 

Figure D-1 Dilatometry curves for (a) MoLNb and LNb and (b) MoHNb and HNb.  Absolute 
diametral strain, Δε, is shown as a function of temperature for specimens of initial 
diameter, d0 = 6 ± 0.01 mm.  Arrows indicate dilation/contraction of samples during 
thermal treatment.  Heating and cooling rates were 2 °C/s.   

 

Table D-1 – Average Measured Transformation Temperatures (°C) 

 LNb HNb MoLNb MoHNb 
Ac1 742 736 746 749 
Ac3 852 839 843 849 
Ar3 755 742 727 724 
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 APPENDIX E: ADDITIONAL SPECTRUM IMAGES OBTAINED FROM THIN FOIL SPECIMENS 

Figures E-1 – E-4 show additional normalized spectrum images for Kα peaks of Nb, Ti, Fe, and Mo 

obtained from thin foil TEM specimens.  Spectrum images show the compositions of large (with diameters 

greater than 40nm) microalloy precipitates with relatively low Mo concentrations on the precipitate 

metallic sublattice.  Precipitates with diameters greater than 40 nm are primarily composed of Nb and Ti on 

the metallic sublattice.  Spectrum images also illustrate nucleation of Nb-rich precipitates on existing 

Ti-rich precipitates. 

  
(a) (b) 

  
(c) (d) 

Figure E-1 Normalized STEM/EDS spectrum images of a complex (Nb,Ti,Mo)(C,N) precipitate 
obtained from a metallic foil specimen of MoHNb ramped and soaked at 1100 °C for 6 
minutes prior to water quench.  Concentration scales are shown below each spectrum 
image.  Image dimensions are 100 nm x 100 nm (4 nm/pixel), and metallic sublattice 
concentrations given in weight fraction are determined using the Cliff-Lorimer ratio 
method as shown for: (a) Nb-Kα, (b) Ti-Kα. (c) Fe-Kα, and (d) Mo-Kα.  Data obtained at 
the ShaRE User Facility at Oak Ridge National Laboratory. 

Nb-Kα Ti-Kα 

Mo-Kα Fe-Kα 
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(a) (b) 

  
(c) (d) 

Figure E-2 Normalized STEM/EDS spectrum images of a complex (Nb,Ti,Mo)(C,N) precipitate 
obtained from a metallic foil specimen of HNb ramped to 1100 °C and water quenched.  
Concentration scales are shown below each spectrum image.  Image dimensions are 
90 nm x 90 nm (3 nm/pixel), and metallic sublattice concentrations given in weight 
fraction are determined using the Cliff-Lorimer ratio method as shown for: (a) Nb-Kα, 
(b) Ti-Kα. (c) Fe-Kα, and (d) Mo-Kα.  Data obtained at the ShaRE User Facility at Oak 
Ridge National Laboratory. 

 

 

 

 

Nb-Kα Ti-Kα 

Mo-Kα Fe-Kα 
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(a) (b) 

  
(c) (d) 

Figure E-3 Normalized STEM/EDS spectrum images of a complex (Nb,Ti,Mo)(C,N) precipitate 
obtained from a metallic foil specimen of HNb ramped and soaked at 1100 °C for 
60 minutes prior to water quench.  Here, a Nb-rich precipitate appears to have nucleated 
between two Ti-rich precipitates.  Concentration scales are shown below each spectrum 
image.  Image dimensions are 200 nm x 200 nm (5 nm/pixel), and metallic sublattice 
concentrations given in weight fraction are determined using the Cliff-Lorimer ratio 
method as shown for: (a) Nb-Kα, (b) Ti-Kα. (c) Fe-Kα, and (d) Mo-Kα.  Data obtained at 
the ShaRE User Facility at Oak Ridge National Laboratory. 

Nb-Kα Ti-Kα 

Mo-Kα Fe-Kα 



  100 

  
(a) (b) 

  
(c) (d) 

Figure E-4 Normalized STEM/EDS spectrum images of a complex (Nb,Ti,Mo)(C,N) precipitate 
obtained from a metallic foil specimen of HNb ramped to 1100 °C and soaked for 6 min 
prior to water quenching.  Here, a Nb-rich precipitate appears to have nucleated on a 
Ti-rich precipitate.  Concentration scales are shown below each spectrum image.  Image 
dimensions are 60 nm x 60 nm (2 nm/pixel), and metallic sublattice concentrations given 
in weight fraction are determined using the Cliff-Lorimer ratio method as shown for: (a) 
Nb-Kα, (b) Ti-Kα. (c) Fe-Kα, and (d) Mo-Kα.  Data obtained at the ShaRE User Facility at 
Oak Ridge National Laboratory. 

 

 

 

Nb-Kα Ti-Kα 

Mo-Kα Fe-Kα 
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 APPENDIX F: TWO-POINT CORRELATION FOR MICROSTRUCTURE FEATURE LENGTH 

DETERMINATION 

Figure F-1 shows radially averaged and normalized two point correlation (autocorrelation) 

functions for ferrite and cementite-rich regions (pearlite in Mo-free samples, and bainite in Mo-containing 

samples) in all hot-rolled samples.  The radially averaged two-point correlation function is defined as the 

average correlation value between ends of a randomly positioned line segment of length ‘r’, where a value 

of 1 signifies correlation and -1 signifies anti-correlation; it is a unique tool that characterizes both grain 

shape/size and spatial distribution [125].   

 

 
Figure F-1 Radially averaged two point correlation functions for representative single fields of view 

of hot rolled experimental alloys.  Representative binary images of LNb (right) and 
MoHNb (left) are shown with corresponding curves.  Arrows mark the peaks 
corresponding to respective feature sizes.  Curves are normalized to values of 1, 0, and -1 
for perfect correlation, no correlation, and perfect anti-correlation, respectively.  

 

The correlation function, as currently scaled, gives the same function for both an image and its inverse.  

Correlation functions were calculated by first converting light optical micrographs from a single field of 

view at a magnification of 200x to binary images in which a ferrite (light etching region) pixel is designated 

as 1 (white) and a bainite/pearlite (dark etching region) pixel is designated as 0 (black).  From each 

correlation function, a feature size was extracted that corresponds to the first secondary maximum of the 

function for ferrite/pearlite specimens.  For Mo-containing specimens, the feature size corresponds to the 

first secondary maximum of the function following subtraction of a power law fit to the primary peak.  One 

may view the feature size as an average distance between centers of like phase or microconstituent, in this 
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case ferrite and bainite.  The binary images show little angular dependence, and the feature size is taken to 

be an estimate of the distance between the centers of ferrite and bainite/pearlite regions.  Feature size peaks 

are designated by arrows in Figure F-1 for their respective samples.  Five fields of view were tested for each 

hot-rolled sample and averaged to determine the average feature size. Feature sizes were determined to be 

42.7 μm, 35.6 μm, 9.2 μm and 8.7 μm for LNb, HNb, MoLNb, and MoHNb, respectively.   
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