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ABSTRACT 

 

Intercritical annealing (IA) of medium-Manganese (Mn) steels is an AHSS design 

concept for the production of formable sheet steel. The microstructure after IA includes retained 

austenite (5-40 volume pct), which forms from an initial microstructure of either cold-rolled 

ferrite or martensite, and is stabilized to room temperature via C and Mn enrichment. Retained 

austenite is essential to the elevated strength-elongation, and can be engineered with equilibrium 

modelling and judicious selection of alloy composition and heat treatment. 

Long IA times (i.e. batch annealing) are expected to result in near-equilibrium 

microstructures with uniform Mn distributions within austenite. Relatively short IA times 

(<1000 s), however, may be more attractive due to energy conservation and more flexible 

processing routes. With shorter IA times, the phase transformation mechanism associated with 

austenite growth is of interest, as the sluggish diffusion of Mn in austenite is likely to result in 

the retention of any Mn gradients in austenite which develop during austenite growth. This thesis 

primarily focuses on elucidating austenite formation mechanisms during IA, and investigating 

the efficacy of generating Mn enrichment in austenite during relatively short IA treatments. In 

particular, the effect of cementite on the austenite formation mechanism, and the kinetics of Mn 

and carbon (C) partitioning to austenite, were investigated. Additional work focused on the effect 

of prior cold deformation on austenite growth and Mn redistribution during double soaking (DS) 

heat treatments. Scanning transmission electron microscopy with energy dispersive X-ray 

spectroscopy, transmission kikuchi diffraction, and field emission scanning electron microscopy 

were utilized for microstructural characterization, while in situ high energy X-ray diffraction, 

ex-situ X-ray diffraction, and dilatometry were used for bulk assessments. Phase field 

simulations using MICRESS®, and one dimensional diffusional simulations with the DICTRATM 

module of Thermo-Calc®, were also conducted for austenite formation and Mn partitioning.  

Austenite growth was found to be controlled predominantly by Mn diffusion. C-diffusion 

controlled kinetics were inhibited due to Mn enrichment in cementite, which stabilized cementite 

and caused dissolution to be controlled via Mn diffusion. Formation of film-like austenite from 

martensitic microstructures did not require the preservation of initial austenite films during 

heating. Phase field simulations predicted Mn-partitioning or massive transformation of austenite 

during DS, depending on the secondary soaking temperature. Experimental results for DS 
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treatments were consistent with phase field simulations, which indicated that a bimodal Mn 

distribution can be maintained in a fully austenitic microstructure during DS treatments. 
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CHAPTER 1 

INTRODUCTION 

 

Intercritical annealing (IA) of medium-manganese (Mn) steels is an advanced 

high-strength steel (AHSS) concept for producing sheet steel for automotive applications [1–8]. 

Improvement of formability, a key attribute for AHSS, is often associated with elevating the 

work hardening rate of the steel which increases the combined ultimate tensile strength and 

uniform elongation [9]. Incorporating austenite into steel microstructures is known to correspond 

to increased working hardening behavior. The effect of austenite on the work hardening behavior 

is often attributed to the deformation mechanisms of austenite, referred to as transformation-

induced plasticity (TRIP) and twinning-induced plasticity (TWIP) [4, 7, 10, 11]. The design 

intent for IA of medium-Mn steels is to produce an austenite-containing multi-phase 

microstructure by partitioning carbon (C) and Mn solute amongst austenite and ferrite. This is 

accomplished by heating a ferritic or martensitic microstructure to an intercritical temperature 

and isothermal holding. The intercritical temperature region corresponds to the equilibrium 

thermodynamic state consisting of austenite and ferrite with a partitioned chemical composition. 

During IA, austenite forms and is enriched with C and Mn which provides chemical stability for 

austenite to be retained to room temperature [12, 13]. 

The C and Mn enrichment in austenite is also known to affect the austenite deformation 

mechanisms and the resulting flow characteristics of the steel [14]. For long intercritical hold 

times, equilibrium values are suitable for predicting austenite solute enrichment, with the 

presumption that long IA times allow for ample diffusion. However, when considering shorter 

heat treatments, the kinetics of austenite formation and solute partitioning are of interest as heat 

treatment times may be insufficient for solute to redistribute to near equilibrium. The partitioning 

of Mn is of particular interest as the diffusivity of Mn in austenite is approximately two orders of 

magnitude less than in ferrite. For heat treatments with short intercritical hold times, this results 

in Mn solute becoming relatively immobile once incorporated into austenite. Furthermore, C – 

an interstitial solute in iron – has a diffusivity that is much more rapid than Mn – a substitutional 

solute. The kinetics of cementite dissolution and partitioning of C are expected to affect the 

growth of austenite and may alter the Mn concentration that is partitioned to austenite as it 

forms. Therefore, understanding how solute is incorporated in austenite during the 
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ferrite-to-austenite transformation is crucial to predicting the resulting Mn distribution within 

austenite.  

In addition to straightforward IA heat treatments that intend to produce austenite-ferrite 

microstructures, another heat treatment referred to as double soaking (DS) is intended to produce 

austenite-martensite microstructures [15]. Double soaking incorporates further heating after IA 

in order to transform the remaining ferrite after IA into austenite. Upon quenching, austenite 

formed during the secondary heating step is anticipated to transform to martensite, while the 

austenite formed during the primary soaking step is expected to be retained due to the stability 

provided by Mn partitioning during primary soaking. The secondary soaking temperature and the 

remaining Mn concentration in the ferrite may influence the phase transformation mechanism by 

which further austenite is formed. Thus, understanding the extent of the Mn partitioning that 

occurs during the primary soaking step, and Mn redistribution upon further heating after IA is 

crucial to determining the efficacy of producing austenite-martensite microstructures via DS heat 

treatments.  

The work included in this thesis focuses on investigating the applicability of short IA and 

DS heat treatments to generate heterogeneous Mn distributions in medium-Mn steels. An Fe-Mn 

alloy was studied in order to assess Mn partitioning without interference from C and cementite 

dissolution, as well as an Fe-C-Mn alloy which reflects a more industrially relevant composition. 

Austenite formation, solute partitioning, and cementite dissolution were studied through 

simulation using Thermo-Calc®, DICTRATM, and MICRESS®; as well as experimentally with 

in-situ high-energy X-ray diffraction, field-emission scanning electron microscopy, dilatometry, 

X-ray diffraction, transmission Kikuchi diffraction and scanning transmission electron 

microscopy with coincident energy dispersive X-ray spectroscopy (EDS). The resulting Mn 

concentration was assessed in austenite formed during intercritical isothermal holds as well as 

upon further heating during DS treatments. Conclusions from this work provide an 

understanding of how solute partitioning occurs during austenite growth, how cementite 

dissolution is affected by Mn enrichment, and the suitability of relatively short heat treatments 

for IA and DS of medium-Mn steels. 
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CHAPTER 2 

BACKGROUND 

 

 Advanced High-Strength Steels 

Intercritical annealing (IA) of medium-Manganese steels (approximately 4-10 wt pct Mn) 

is a metallurgical design concept intended to produce steels with fine-grained microstructures 

capable of containing high amounts of retained austenite (approximately 5-50 vol. pct retained 

austenite). The majority of research regarding IA of medium-Mn steels has been focused on 

sheet steel for automotive applications [1–8]. It is anticipated that with judicious metallurgical 

design these steels will have the ability to exhibit a broad range of mechanical property 

combinations consistent with 3rd generation (gen) advanced high-strength steels. The 

performance metric which is frequently utilized to compare AHSS is the combined ultimate 

tensile strength and uniform elongation, which serves as an indicator of the formability of a 

steel [16]. Generally, an increase in both strength and elongation corresponds to greater 

formability. Plotted in Figure 2.1 are different design concepts for AHSS [17]. The 1st gen 

AHSS, below and to the left of the 3rd gen oval, primarily consists of design concepts that are 

ferritic or martensitic, and 2nd gen AHSS, in the top right corner, are fully austenitic steels which 

exhibit excellent combinations of strength and elongation, albeit with high alloy concentrations 

that are less viable for automotive production. The 3rd gen AHSS are anticipated to exhibit 

mechanical properties that fill the strength-elongation space between 1st and 2nd gen AHSS, 

while maintaining relatively lean alloy concentrations. Many of the metallurgical designs for 3rd 

gen AHSS incorporate austenite-containing multi-phase microstructures through implementing 

judicious thermal processing [18].  

Simultaneously increasing both strength and elongation is a non-trivial materials 

challenge. However, it has been shown that increasing the work hardening rate in a material 

yields a greater strength-elongation combination [9]. The tensile instability criterion defines the 

point of instability in a tensile sample, which corresponds to the ultimate tensile strength and 

uniform elongation in the sample and is defined by the following equation: 

dσ

dϵ
= σ       (2.1) 



4 

where σ is true stress and ε is true strain. As defined by equation 2.1, the point of tensile 

instability corresponds to the instance when the derivative of true stress as a function of true 

strain, 
dσ

dϵ
, is equal to the true stress in the sample. Increasing the work hardening rate of a 

material corresponds to a transition of the point of instability to a greater elongation and stress.  

 

Figure 2.1 Different AHSS design concepts plotted to show corresponding 
strength-elongation combinations [17]. Reproduced with permission from 
publisher. 

 Retained Austenite Deformation Mechanisms 

Austenitic steels and steels containing retained austenite often exhibit greater 

work-hardening rates, such as the fully austenitic 2nd gen AHSS [11, 19–21], and many of the 

proposed 3rd gen AHSS with multiphase microstructures [18, 22, 23]. Iso-strain modelling of 

composite microstructures has predicted that austenite-martensite microstructures should exhibit 

mechanical properties consistent with those for the anticipated 3rd gen AHSS [24]. The high 

work hardening rates and strength-elongation combinations provided by austenite is associated 

with the plastic deformation mechanisms that austenite can undergo, including transformation-

induced plasticity (TRIP) [4, 10, 22] and twinning-induced plasticity (TWIP) [20, 21, 25, 26]. 

TRIP occurs in meta-stable austenite and refers to the stress- or strain-induced martensitic 

transformation of austenite to martensite upon deformation [4, 27–30]. The austenite to 

martensite transformation is associated with a local volume expansion which requires 

accommodation by adjacent grains in the microstructure which can stimulate further martensite 

transformation in meta-stable austenite or dislocation generation in ferrite [22]. TWIP occurs in 
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more stable austenite and refers to twinning of the austenite upon deformation. The mechanisms 

contributing to increased work hardening in TWIP steels are often attributed to a dynamic 

microstructure refinement [25, 31, 32] and/or a dynamic strain aging mechanism associated with 

C-Mn coupling [20, 26, 33, 34]. 

The deformation mechanisms that predominate in retained austenite are dependent on the 

austenite composition [20, 21, 26, 31, 35, 36]. For meta-stable retained austenite that undergoes a 

martensitic transformation, increasing C and Mn concentrations causes a decrease in the driving 

force for transformation and therefore the transformation requires greater strain [14, 37]. As the 

driving force for martensitic transformation of retained austenite decreases the predominant 

deformation mechanism can transition to twinning and dislocation glide. The prevalence of 

twinning is aided by the decrease in stacking fault energy associated with increasing Mn 

concentration, as well as other solutes [21, 35, 38–41].  

 Austenite Retention in Medium-Mn Steels 

IA of medium-Mn steels has been shown to be effective at retaining austenite to room 

temperature. Some compiled X-ray diffraction (XRD) results for retained austenite content after 

IA from different publications are plotted for various IA temperatures in Figure 2.2 [13, 34, 42–

47]. The plot indicates that 30 to 40 pct retained austenite after IA is readily achievable for a 

variety of steels with different concentrations of C and Mn.  

IA of medium-Mn steels enables retention of austenite through partitioning of C and Mn 

to intercritical austenite that forms from a predominantly ferritic or martensitic 

microstructure [12, 13], differing from quench and partitioning (Q&P) steel [48] and TRIP-aided 

bainitic ferrite (TBF) steel [49] processing routes which are intended to partition C to austenite 

before austenite is fully decomposed. Schematics depicting IA of a medium-Mn steel are shown 

in Figure 2.3. Upon air-cooling after hot-rolling, medium-Mn steels have a martensitic 

microstructure due to the high hardenability caused by the elevated Mn concentration [50]. 

Medium-Mn steels are generally intercritically annealed from the as-quenched condition (Figure 

2.3(a)) or after a subcritical annealing/tempering treatment followed by cold-rolling (Figure 

2.3(b)), and have microstructures predominantly consisting of martensite or cold-rolled ferrite, 

respectively, prior to IA. The IA portion of thermal processing consists of heating to an 

intercritical temperature (i.e., between the Ae1 and Ae3 temperatures), isothermal holding at the 

intercritical temperature, followed by cooling to room temperature.  
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Figure 2.2 Compiled XRD results for retained austenite after IA [13, 34, 42–47]. Source 
reference, initial condition, IA time, and composition are labeled for 
corresponding data. HR and CR indicate the initial condition of hot-rolled or 
cold-rolled, respectively. 

During IA austenite forms at the expense of ferrite/martensite. A portion of the Fe-C-Mn 

ternary phase diagram at 650 °C depicts the equilibrium phase fractions and compositions in 

Figure 2.4. As the austenite-ferrite microstructure approaches equilibrium during IA, austenite is 

anticipated to have incurred C and Mn enrichment. If the C and Mn enrichment in austenite is 

sufficient prior to cooling, the austenite may be retained to room temperature, resulting in an 

austenite-ferrite final microstructure. If the C and Mn concentration is not sufficient to fully 

retain the austenite, an austenite-ferrite-martensite microstructure results as some of the austenite 

transforms upon cooling. In some instances cementite may be present in the microstructure after 

heat treatment if it has not fully dissolved during IA.  

Using an equilibrium model, the volume fraction and composition of austenite that forms 

during IA can be predicted for a nominal alloy composition [12]. With increasing intercritical 

temperature, the intercritical austenite volume fraction increases, as shown by the Thermo-Calc® 

simulations in Figure 2.5(a). The C concentration in austenite is expected to increase with 

increasing temperature until the cementite dissolution temperature is reached and the C 
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concentration in austenite decreases with increasing temperature (Figure 2.5 (b)). The Mn 

concentration in austenite is predicted to decrease with increasing temperature (Figure 2.5 (c)).  

 

Figure 2.3 Schematic of intercritical annealing thermal processing routes from (a) 
as-quenched and (b) cold-rolled initial conditions. 

Figure 2.4 Fe-Mn-C ternary phase diagram at 650 °C indicating approximate compositions 
of medium-Mn steels in the austenite-ferrite two-phase field. 

At greater IA temperatures, the austenite is not sufficiently stabilized and can transform 

to martensite during cooling. It is well known that composition affects the temperature at which 

austenite begins to transform to martensite during cooling (i.e. martensite start (Ms) temperature) 

[51]. By applying an empirical relationship for the effect of composition on the Ms temperature 
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to the equilibrium model, a maximum volume fraction of retained austenite and the 

corresponding intercritical temperature can be predicted as shown in Figure 2.6. The empirical 

equation used in the thermodynamic model was proposed by Mahieu et al. [52] and has the 

following relationship: 𝑀#=539	-	423C	-	30.4Mn	-	7.5Si	+	30Al (2.2) 

where C, Mn, Si, and Al are the corresponding concentrations in austenite prior to cooling.  

 

Figure 2.5 (a) Equilibrium predictions for phase fractions at various temperatures for an 
Fe-0.1C-6Mn steel and (b) corresponding C and (c) Mn concentrations in 
intercritical austenite. [12] Reproduced with permission from publisher. 
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The Koistinen-Marburger relation [53] for predicting fraction martensite transformed 

upon cooling, fM, based on the Ms temperature and the quench temperature, T, which takes the 

following form: 𝑓&=	1 - 𝑒().)++(&-(.) (2.3) 

can then be used to predict fractions of retained austenite, fresh martensite, and ferrite resulting 

from IA at different temperatures. The IA temperature that corresponds to a Ms temperature 

equal to room temperature also corresponds to the maximum predicted retained austenite 

fraction, as no martensite is predicted to form upon cooling to room temperature. Compiled XRD 

results from various studies for retained austenite fraction after IA of medium-Mn alloys using 

several different IA temperatures are shown in Figure 2.7 [13, 43, 47, 54]. The retained austenite 

fraction with increasing IA temperature for each alloy is shown to increase to a maximum, which 

resembles the retained austenite curve in the equilibrium model Figure 2.6. 

 

Figure 2.6 Equilibrium model predictions for the effect of intercritical annealing temperature 
on fractions of austenite during intercritical annealing, retained austenite upon 
cooling, and fresh martensite upon cooling for an Fe-0.1C-7Mn steel. Adapted 
from [12]. Reproduced with permission from publisher. 

In conjunction with alloy design, the equilibrium model for IA of medium-Mn steels 

enables the austenite fraction and austenite C and Mn enrichment to be engineered to desired 

values. Modelling for mechanical properties of composite ferrite-meta-stable austenite 
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microstructures has predicted that a broad range of strength-elongation combinations should be 

achievable by adjusting the volume fraction and the stability of the austenite [24]. Furthermore, 

experimental work using long IA treatments (1 week) of a Fe-0.1C-7Mn steel at different 

intercritical temperatures, has indicated that the IA temperature can have a substantial effect on 

the martensitic transformation of meta-stable austenite during deformation, as well as the overall 

mechanical performance [14] (). With increasing IA temperature, the austenite stability is 

predicted to decrease due to lower C and Mn enrichment. The meta-stable retained austenite in 

samples annealed at lower temperatures gradually transformed during deformation, which caused  

lower but consistent work hardening rates and corresponds to lower strength and greater 

elongation. The meta-stable retained austenite in samples annealed at greater temperatures nearly 

completely transformed after little strain, which caused brief elevated work hardening rates and 

corresponds to higher strength and lower elongation. In addition to modifying the austenite 

stability regarding TRIP, the austenite composition may be engineered to exhibit a combination 

of TRIP and TWIP during deformation [55]. These different deformation mechanisms are 

associated with different flow characteristics [11], and the combination of deformation 

mechanisms may provide more desirable characteristics than achievable with one predominant 

mechanism. 

 

Figure 2.7 Compiled XRD results from various studies for retained austenite after IA with 
different IA temperatures [13, 43, 47, 54]. Source, IA time, and composition are 
labelled for each data set. 
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Figure 2.8 Tensile test results for an Fe-0.1C-7Mn steel intercritically annealed for 1 week at 
different temperatures (labelled in images). (a) Work hardening rates and fraction 
austenite-to-martensite transformed and (b) corresponding engineering 
stress-engineering strain curves. [14] Reproduced with permission from publisher. 

A different thermal processing route for medium-Mn steels, referred to as double-soaking 

(DS), is shown in Figure 2.9[56, 57]. The DS treatment of medium-Mn steels is intended to 

produce final microstructures of austenite and martensite. The treatment consists of an initial IA 

treatment (Figure 2.3) followed by heating and an additional brief isothermal holding step before 

cooling. During the additional step, the remaining intercritical ferrite in the microstructure is 

expected to transform to austenite. Upon cooling, it is anticipated that the austenite which formed 

during the primary isothermal hold (γ1) is retained, while the austenite that formed during the 

secondary isothermal hold (γ2) transforms to martensite due to lower C and Mn enrichment. 

Figure 2.10 shows experimental results from a Fe-0.14C-7.2Mn alloy for retained austenite 

fraction in the as-received BA (BA-AR) condition and after DS treatments at different secondary 

soaking times and temperatures. The plot shows that with 30 s secondary soaking times there is 

little loss in retained austenite volume fraction after the DS treatment.  

Souza et al. have observed that solute partitioning during slow heating can cause the 

temperature required for partitionless transformation of ferrite to austenite to be increased [59]. 

In their study, a cold-rolled Fe-0.04C-0.01N-17.6Mn-1.7Al-3.22Si steel with a martensitic initial 

microstructure was slowly heated at 0.05 °C·s-1 to 800 °C.  
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Figure 2.9 Schematic of thermal processing for a DS heat treatment. 

Figure 2.10 Retained austenite volume fractions in the intercritically batch annealed, 
as-received condition (BA-AR) and after DS treatments with different secondary 
soaking times and temperatures. [58] 

Austenite formation during heating was observed to occur in two distinct phases, labelled 

1st stage γ-reversion and 2nd stage γ-reversion in Figure 2.11, with maximum transformation rates 

at approximately 505 and 660 °C. Interestingly, the second stage of austenite formation is 

entirely in the austenite single phase field (Figure 2.12). Furthermore, the authors suggest that a 

partitionless transformation of ferrite to austenite does not occur until reaching 660 °C, when a 
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DICTRATM simulation predicts the partitionless driving force to be virtually identical to the 

partitioning driving force. This delay in partitionless transformation upon heating (which based 

on equilibrium calculations should prevail upon reaching temperatures exceeding the Ae3 

temperature) was suggested to be caused by stabilization of the martensite due to Mn depletion 

caused by the partitioning transformation associated with the first stage of austenite growth. With 

regard to DS treatments, which intentionally deplete ferrite of Mn during the primary isothermal 

hold, the secondary isothermal holding temperature likely needs to exceed the Ae3 in order to 

drive a partitionless transformation of the remaining ferrite to austenite.  

 

Figure 2.11 Relative dilation during heating and cooling (top) and derivative of relative 
dilation during heating (bottom) of a Fe-0.04C-0.01N-17.6Mn-1.7Al-3.22Si steel 
with a martensitic initial microstructure [59]. Reproduced with permission from 
publisher. 
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Figure 2.12 Isopleth of Fe-Si-Mn-Al-C system with Fe-0.04C-0.01N-17.6Mn-1.7Al-3.22Si 
indicated by blue dashed line. A1

s and A1
f  correspond to the start and finish, 

respectively, of the 1st stage γ-reversion shown in Figure 2.11, A2
s and A2

f 
correspond to the 2nd stage γ-reversion [59]. Reproduced with permission from 
publisher. 

Similar to IA treatments that implement quenching directly after IA, DS treatments 

incorporate the ability to modify the austenite fraction and solute enrichment during the primary 

soak, while also being able to incorporate greater volume fractions of martensite due to the 

secondary soak. Experimental work has been conducted that applied various DS treatments to a 

Fe-0.14C-7.2Mn steel that had previously been batch annealed (BA) at approximately 

600 °C [58]. The different microstructures after IA (BA at 600 °C) and after a DS treatment (BA 

at 600 °C followed by secondary soaking at 800 °C for 30 s) are shown in Figure 2.13 [57]. The 

micrograph from the IA sample exhibits retained austenite (γ), ferrite (α), and martensite (M), 

while the DS microstructure consists only of austenite and martensite. Tensile testing results, 

shown in Figure 2.14, indicate that greater strength may be achieved with DS treatments than 

with IA treatments alone, while maintaining tenable elongation. The DS-A and DS-T tensile 

curves included in Figure 2.14 correspond to samples that were additionally austempered and 

tempered, respectively, following the DS treatment.  
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Figure 2.13 Micrographs of a Fe-0.14C-7.17Mn steels after (a) IA and (b) DS [57]. 
Reproduced with permission from publisher. 

Figure 2.14 Tensile testing results from a Fe-0.14C-7.2Mn steel after intercritical batch 
annealing (BA) after various DS treatments following BA (DS: 30 s secondary 
soak at 800 °C, DS-A: DS followed by austempering for 300 s at 450 °C, and 
DS-T: DS followed by tempering for 300 s at 450 °C) [57]. Reproduced with 
permission from publisher. 



16 

 Austenite Formation and Mn Partitioning 

The morphology of the austenite that forms during IA has been shown to be dependent on 

the initial microstructure prior to IA. This is apparent in the transmission electron microscope 

(TEM) micrographs shown in Figure 2.15 of samples from an Fe-0.11C-5.7Mn alloy that were 

previously in either the as-cooled condition from a hot-band (Figure 2.15(a, b)), or additionally 

tempered and cold-rolled after cooling in the hot-band (Figure 2.15(c, d)) [44]. The association 

of a lamellar microstructure after IA to an as-cooled (or martensitic) initial condition, and the 

equiaxed microstructure after IA to a cold-rolled initial condition has been observed in numerous 

other studies [42, 60–62].  

 

Figure 2.15 TEM micrographs of samples of a Fe-0.11C-5.7Mn alloy after IA with an (a, b) 
as-cooled and (c, d) cold-rolled microstructure prior to IA [44]. Reproduced with 
permission from publisher. 
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The austenite that forms during IA from microstructures that initially consisted of 

as-quenched martensite is elongated and film-like, appearing to preserve the prior martensite 

microstructure. Some researchers have suggested that this microstructure results from the 

retention of austenite films that were initially present in the as-quenched condition, upon heating 

to the IA temperature [45, 63, 64]. Kim et al. [45] showed that austenite films with a 

Kurdjumov-Sachs (K-S) orientation relationship with martensite were present in an as-quenched 

lower Mn dual-phase steel with a composition of Fe-0.21C-2.2Mn-1.5Si (Figure 2.16). TEM 

results from a sample that was further processed from the as-quenched condition by heating at 

10 °C·s-1 to 730 °C (just below the Ac1 temperature of 735 °C) before rapid quenching are shown 

in Figure 2.17. The austenite films that were present in the initial as-quenched microstructure 

were found to transform to martensite after the additional heating and quenching. Kim et al. 

assert that the fresh martensite inter-lath phase possibly indicates that the austenite films were 

sustained upon heating (the transformation to martensite was suggested to have occurred due to 

C depletion as cementite formed during heating which rendered the austenite films unstable upon 

cooling to room temperature.) The argument follows, that if the austenite films in the initial 

as-quenched microstructure are sustained upon heating to an IA temperature, they should provide 

an expedient route for austenite growth during IA. Other researchers have suggested that 

austenite films may not need to be retained in order to generate the film-like microstructures 

after IA and that martensite lath boundaries may serve as austenite nucleation sites, leading to 

austenite growth along these boundaries [64–67].  

IA of a cold-rolled initial microstructure results in a more equiaxed microstructure that 

reflects a recrystallization and grain growth during IA. This microstructure has been suggested to 

develop due to concurrent nucleation & growth of austenite and recrystallization of deformed 

ferrite [68, 69].  The resulting austenite-ferrite microstructure of medium-Mn steels at 

intercritical temperatures is resistant to coarsening even after long hold times; this has been 

suggested to be due to the necessitation of long-range transport of Mn through the duplex 

microstructure to facilitate grain growth [44]. It has been noted that cold-rolled initial 

microstructures exhibit more rapid austenite formation than martensitic microstructures that 

resulted from cooling in a hot-band, such as evidenced by the data from Han et al. shown in 

Figure 2.2 which are from an identical alloy and heat treatment on samples resulting from both 

hot-rolling (HR) and cold-rolling (CR).  
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Figure 2.16 TEM results from a Fe-0.21C-2.2Mn-1.5Si steel in an as-quenched condition 
including (a) bright-field and (b) dark-field images of martensite with retained 
austenite films, (c) diffraction pattern showing K-S orientation relationship of 
austenite and martensite, and (d) a high-resolution image of the austenite-
martensite interface. Reproduced with permission from publisher. 

The CR steel resulted in approximately 37 pct retained austenite after IA while the HR, 

only 30 pct. Miller also observed effects of cold deformation prior to IA on the austenite growth 

during IA in steels with elevated Ni and Mn concentrations [44]. Figure 2.18 shows austenite 
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fraction measurements after IA at 500 °C from samples of a Fe-0.053C-21Ni steel that were 

cold-rolled to different thicknesses prior to IA. The plot indicates that for any IA time, increasing 

the amount of prior cold rolling corresponds to an increase in austenite fraction. 

 

Figure 2.17 TEM results from a Fe-0.21C-2.2Mn-1.5Si steel after heating to 730 °C and 
quenching including (a) bright-field image indicating an inter-lath phase and (b) 
high resolution images of interlath phase and martensite lath with corresponding 
diffraction patterns. Reproduced with permission from publisher. 

The effect of prior cold deformation on austenite formation during IA has also been 

considered from research regarding IA of dual-phase steels, which undergo similar thermal 

processing as intercritically annealed medium-Mn steels, although the initial microstructures are 

generally ferrite-pearlite or cold-rolled ferrite-pearlite. The general intent of the IA for 

dual-phase steels is not to form austenite that can be retained, but to form a final microstructure 

consisting of martensite and ferrite. While studying austenite formation during IA of cold-rolled 

dual-phase steels, Huang et al. [70], and later, Chbihi et al. [68] observed that increasing the 

heating rate to the IA temperature corresponded to a more rapid increase in austenite fraction 

during IA (Figure 2.19). Huang et al. attributed the increase in intercritical austenite fraction in a 

Fe-0.06C-1.86Mn-0.155Mo steel with increasing heating rate to the extent of recrystallization of 

deformed ferrite that had preceded austenite nucleation. When faster heating rates were 

employed, less deformed ferrite had recrystallized before austenite nucleated which lead to 

concurrent recrystallization of deformed ferrite and growth of austenite. They further argued that 



20 

moving ferrite grain boundaries are not suitable for austenite nucleation, which confined 

austenite growth to thickening and lengthening of the former deformed pearlite colonies, and that 

the confinement of austenite nucleation at pearlite colonies is associated with a shorter distance 

for C redistribution from the deformed pearlite colonies (as compared to slower heating rates 

when austenite can nucleate on stationary ferrite grain boundaries after complete recrystallization 

of the deformed ferrite) which consequently lead to more rapid formation of austenite.  

 

Figure 2.18 Austenite fractions after IA for different lengths of time at 500 °C in 
Fe-0.053C-21Ni steel samples with different amounts of prior cold reduction [44]. 
Reproduced with permission from publisher. 

Consistent with Huang et al., Chbihi et al. also argued that austenite formation is affected 

by the extent of recrystallization of deformed ferrite that precedes austenite nucleation; however, 

they reached a different conclusion for the cause of the accelerated austenite growth in a 

Fe-0.15C-1.5Mn steel due to an increase in heating rate. Their observations were that austenite 

does nucleate within the deformed ferrite regions and not predominantly at deformed pearlite 

colonies. Austenite nucleation within the deformed ferrite sub-structure is consistent with 

previous observations from Yang et al., who had concluded that the predominant austenite 

nucleation site during IA of dual-phase steels from an initial cold-rolled ferrite-pearlite 

microstructure was at deformed ferrite boundaries [71]. Using EBSD analysis, Chbihi et al. 

estimated the evolution of the volume fractions of unrecrystallized ferrite, deformed ferrite, and 

intercritical austenite during IA in a sample that was heated at 100 °C·s-1 (Figure 2.20). 
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Figure 2.19 Intercritical austenite fractions after different lengths of IA time for two 
cold-rolled dual-phase steels, that were both heated at 1 °C·s-1and 100 °C·s-1. 
(a) Fe-0.15C-1.5Mn steel annealed at 740 °C [68] and (b) 
Fe-0.06C-1.86Mn-0.155Mo steel annealed at 785 °C and 750 °C [70]. 
Reproduced with permission from publisher. 

Figure 2.20 Evolution of volume fractions of intercritical austenite, recrystallized ferrite, and 
deformed ferrite after different lengths of IA time at 740 °C in a Fe-0.15C-1.5Mn 
steel that was heated at 100 °C·s-1 [68]. Reproduced with permission from 
publisher. 

The results indicate that austenite growth occurs predominantly at the expense of 

deformed ferrite. This suggests that the concurrent ferrite recrystallization and austenite 
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nucleation & growth is an important factor causing the accelerated growth of austenite, either by 

an increased austenite nucleation site density or some intrinsic feature of austenite growth into 

deformed ferrite rather than recrystallized ferrite, such as increased diffusional transport through 

ferrite due to a high dislocation density. 

 Effect of Cementite on Austenite Nucleation and Formation 

The presence of cementite and the effect it has on austenite nucleation during intercritical 

annealing has also been considered from research on austenite formation during IA of dual-phase 

steels. Some researchers studying austenitization in initially ferrite-pearlite dual-phase steels 

have suggested the most potent site for austenite nucleation is at a cementite-ferrite interface in 

pearlite [54, 65, 72]. Speich et al. had concluded that austenite nucleated at and consumed 

pearlite colonies before continued growth into the surrounding ferrite [54]. Figure 2.21(a) 

displays various diagrams detailing the proposed sequence of austenite growth, while Figure 

2.21(b) shows a micrograph from an experimental heat treatment that supports the model. The 

proposed sequence of austenite growth includes; 1) austenite growth consuming pearlite, 2a) 

continued growth of austenite into ferrite controlled by C redistribution in austenite (relevant for 

higher intercritical temperatures), 2b) continued growth of austenite into ferrite controlled by Mn 

diffusion through ferrite (relevant for lower intercritical temperatures), and finally 3) slow 

equilibration of Mn in austenite. The micrograph in Figure 2.21(b) is from a Fe-0.06C-1.5Mn 

steel sample that initially had a ferrite-pearlite microstructure prior to IA at 740 °C for 1 h and 

slow cooling at 4 °C·s-1. The original austenite grain represents the intercritical austenite before 

cooling. Consistent with the depiction labelled 2b in Figure 2.21(a), decomposition of the inner 

portion of the original austenite grain into ferrite + pearlite, and the outer portion to martensite 

suggests that the austenite in the outer portion contains greater austenite stabilizing solute 

content (Mn) which inhibited the decomposition into pearlite. 

Models for the growth of austenite during IA have been published by Ågren that utilized 

the analytical framework suggested by Speich et al. (). Calculations for intercritical austenite 

fraction as a function of IA time from the models agree fairly well with the data from 

Speich et al. after longer times, however, the models are not in good agreement with the data for 

shorter IA times. Ågren posited that the assumption of near instantaneous dissolution of pearlite 

and austenite growth, which the model incorporates, may not be accurate due to Mn partioning 

between ferrite and cementite in pearlite which could cause the dissolution of pearlite to be 
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Mn-diffusion controlled rather than C-diffusion controlled. Furthermore, it was suggested that 

the measurements by Speich et al., shown in , that fall below the calculated amount of 

intercritical austenite may reflect measurements that were collected at IA times that preceded 

complete pearlite dissolution. 

 

Figure 2.21 (a) Schematics depicting the evolution of C and Mn concentration profiles as 
austenite forms during IA from a ferrite pearlite initial microstructure. (b) 
Micrograph and interpretation from an Fe 0.06C 1.5Mn steel sample, which had 
an initial ferrite pearlite microstructure, after IA at 740 °C for 1 h and slow 
cooling at 4 °C·s-1. [54] Reproduced with permission from publisher. 
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Figure 2.22 Model predictions for austenite growth during IA at 740 and 780 °C of an Fe 
0.06C 1.5Mn steel (solid lines) compared to experimental results (circles and 
squares) [74]. Reproduced with permission from publisher. 

Other researchers studying austenitization in dual-phase steels have suggested the most 

potent site for austenite nucleation is at the interface of spheroidized cementite and ferrite [65, 

72, 73]. Etsay et al. concluded that austenite nucleated on cementite at ferrite grain boundaries. 

Micrographs from their study and a schematic indicating the proposed sequence of austenite 

nucleating at cementite and growing along the ferrite boundary to encompass other cementite 

particles are shown in Figure 2.23. The microstructures shown are from a 

Fe-0.11C-1.68Mn-0.54Si steel that had been subcritically annealed from an initial ferrite-pearlite 

microstructure at 670 °C for 130 h before IA at 740 °C. After IA for 5 min (Figure 2.23(a)), the 

microstructure exhibits martensite (representative of intercritical austenite) that appears to 

encompass cementite particles along ferrite grain boundaries. After 24 h (Figure 2.23(b)) the 

martensite along the ferrite grain boundaries has thickened substantially, yet some cementite 

remains undissolved. The resistance to dissolution of the cementite was suggested to be caused 

by Mn partitioning to the cementite during the subcritical anneal, which they had observed in 
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levels of approximately 16 wt pct in carbon-extracted cementite particles via energy dispersive 

X-ray spectroscopy (EDS). 

The enrichment of Mn in cementite has been experimentally verified by various 

researchers in similar steels and has been attributed to causing slow dissolution of the cementite 

[65, 67, 72, 74–77]. Navara et al. [74] proposed that Mn enrichment in cementite causes 

cementite-ferrite interfaces to be a less potent austenite nucleation site and that the predominant 

austenite nucleation sites are actually ferrite grain boundaries. They argued that Mn enrichment 

in cementite must reduce the activity of C in cementite resulting in a stabilizing effect which 

causes slow dissolution of the cementite. Additionally, they posited that austenite nucleation 

occurring at ferrite grain boundaries is stimulated by Mn-enriched zones adjacent to ferrite 

boundaries caused by diffusion induced grain boundary migration (DIGM).  

 

Figure 2.23 Microstructure from a Fe-0.11C-1.68Mn-0.54Si steel after subcritically annealing 
at 670  °C for 130 h followed by IA at 740 °C for (a) 5 min and (b) 24 hr 
(c) Schematic depicting austenite nucleation and growth during intercritical 
annealing [72]. Reproduced with permission from publisher. 
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Balluffi and Cahn proposed a mechanism for DIGM which had been shown to occur in 

systems with substitutional solutes [78]. The proposed DIGM mechanism results from two 

crucial aspects of substitutional solute diffusion in polycrystalline metal alloys that can cause 

localized bowing of grain boundaries, counter to a reduction in interfacial area, to form solute 

enriched zones in their wake. The first is that solute enrichment at the boundary causes 

downward climb of grain boundary dislocations (GBD) through the energetically favorable 

diffusional exchange with a vacancy at the dislocation core; the second is that the substitutional 

solute diffuses more rapidly along interfaces than through the lattice. The schematic in Figure 

2.24 further conceptualizes the DIGM mechanism. Inward diffusion of solute along the boundary 

causes downward climb of the GBD (^), causing the boundary to shift in the direction of the 

burgers vector (v). The downward climbing GBD acts as a sink for substitutional solute, creating 

a concentration gradient for the inward diffusion along the interface. As the GBD continues to 

climb, the solute atoms are incorporated into the alloyed zone behind the moving boundary as the 

boundary moves into the pure solvent lattice. Because the solute diffusion is more rapid along 

the boundary, the alloyed zone forms at a rate that exceeds the redistribution of solute through 

lattice diffusion. Navara et al. proposed that austenite nucleation along these alloyed zones 

produced via DIGM was consistent with the austenite formation behavior they observed in an 

Fe-0.1C-1.5Mn-0.38Si wt pct steel. Figure 2.25 shows micrographs of the initial condition of the 

steel prior to IA and after IA at 725 °C for two different lengths of time, as well as a schematic 

depicting their proposed austenite formation mechanism. The microstructure after IA for 10 min 

indicates the bulged grain boundaries (black arrows) which have a decorating network of 

martensite (representative of intercritical austenite). Important to note is that the martensite is not 

confined to regions consistent with the prior pearlite colonies (dark etching regions) in the initial, 

as-received (AR) microstructure. After 1 h, the martensite network has thickened along the 

ferrite grain boundaries. Thus, as depicted in Figure 2.25(b), austenite is suggested to have 

nucleated along ferrite grain boundaries in alloyed zones caused by DIGM, followed by slow 

growth along the boundaries leading to the network of martensite upon cooling. In further 

support of their proposed austenite nucleation mechanism are TEM micrographs and EDS 

analysis of the steel after IA for 1 h at 700 °C shown in Figure 2.26. Three martensite regions, 

labelled 1, 2, and 3, are shown in Figure 2.26(a) with corresponding EDS measurements for Mn 

across the martensite regions in Figure 2.26(c), which indicate Mn enrichment in the martensite. 
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Figure 2.26(b) displays a higher magnification image of region 2, and indicates (black arrows) 

ledges on the interface between the martensite and ferrite.  

 

Figure 2.24 Schematic depicting the DIGM mechanism including (a) translation of grain 
boundary and (b) solute concentration along the grain boundary [78]. Reproduced 
with permission from publisher. 

Many studies on austenite formation during intercritical annealing have included 

DICTRATM simulations for austenite growth [63, 64, 66, 67, 79]. These simulations did not 

include the presence of cementite as the initial simulation structure with the assumption that any 

cementite would rapidly dissolve upon IA; this assumption is consistent with the conclusions 

from Speich et al. and the Ågren model mentioned previously. The absence of cementite leads to 

the common feature amongst these DICTRATM simulation predictions that austenite growth 

occurs in two stages, as shown in Figure 2.27, which shows austenite volume fraction predictions 

by Wei et al. for an Fe-0.1C-3Mn-1.5Si steel annealed at 760 °C. The first stage of austenite 

growth has often been termed negligible-partitioning local-equilibrium (NPLE) and refers to a 

rapid increase in austenite fraction that occurs without Mn enrichment due to the rapid migration 

of solute C through ferrite to the austenite-ferrite interface. The second stage is often termed 

partitioning local-equilibrium (PLE) and refers to austenite growth that occurs with Mn 
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enrichment as Mn migrates through ferrite to the austenite-ferrite interface. Note the similarity in 

the DICTRATM simulation results (Figure 2.27) with the Ågren model [80] (); this similarity 

stems from the assumption of rapid dissolution of cementite and pearlite, respectively. Portions 

of the Fe-C-Mn ternary phase diagram at 760 °C are shown in Figure 2.28,  which correspond to 

the predicted partitioning behavior at times labeled a, b, and c in Figure 2.27.  

 

Figure 2.25 (a) Micrographs of the ferrite-pearlite microstructure in the as-received (AR) 
condition of an Fe-0.1C-1.5Mn-0.38Si steel, and after IA at 725 °C for 5 min, and 
60 min. (b) Schematic depicting austenite nucleation and growth during 
intercritical annealing. [81] Reproduced with permission from publisher. 
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Figure 2.26 (a, b) TEM micrographs of martensite regions in an Fe-0.1C-1.5Mn-0.38Si steel 
after IA at 700 °C for 1 h. Arrows in (b) indicate ledges at an interface between 
martensite and ferrite. (c) EDS results for Mn across the martensite, M, regions 
and adjacent ferrite, F. [81] Reproduced with permission from publisher. 

The unfilled circles indicate the nominal alloy composition, and the filled circles indicate 

the direction of travel of the ferrite composition along the tie-lines. The tie-line in Figure 2.28(a) 

indicates austenite growth with C enrichment as ferrite is depleted in C and no Mn partitioning 

between austenite and ferrite occurs. The PLE tie-line in Figure 2.28(b) indicates Mn partitioning 

growth of austenite and Mn depletion of ferrite while the C concentration decreases in austenite 

as the austenite fraction increases. Finally, the equilibrium tie-line shown in Figure 2.28(c) 

crosses through the nominal composition and indicates a slight decrease in the Mn concentration 
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in austenite as Mn redistributes to the Mn deficient region of austenite that formed during initial 

growth. 

 

Figure 2.27 Austenite volume fraction predictions from a DICTRATM simulation for IA of a 
Fe-0.1C-3Mn-1.5Si steel at 760 °C. Boundary between NPLE austenite growth 
and PLE growth is denoted by an arrow labelled ‘a’. The end of PLE growth is 
denoted by the arrow labelled ‘b’, and the arrow labelled ‘c’ corresponds to the 
time at which equilibrium is reached. [64] Reproduced with permission from 
publisher.  

The predicted solute distribution profiles across the DICTRATM cells for C and Mn after 

different IA times are shown in Figure 2.29. The onset of PLE growth of austenite is shown in 

the 500 s line of Figure 2.29(b), where a Mn enriched region of austenite is near the advancing 

austenite-ferrite interface; note the C distribution in austenite is relatively uniform (Figure 

2.29(a)), only reflecting a slight increase in concentration in the region with Mn enrichment. 

After 100,000 s, the PLE growth has completed and the austenite-ferrite interface has moved to 

the left at the expense of austenite as Mn redistributes (Figure 2.29(d)) and the C concentration 

increases slightly (Figure 2.29(c)). Finally, after 10,000,000 s, the system has reached 

equilibrium, reflected by the partitioning of C and Mn which both have uniform distributions in 

austenite. 
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Figure 2.28 Portions of the Fe-C-Mn ternary phase diagram at 760 °C. Tie-lines are overlaid 
on diagrams corresponding to (a) NPLE growth of austenite, (b) PLE growth of 
austenite, and (c) final equilibrium as predicted by the corresponding DICTRATM 

model shown in Figure 2.27. Unfilled circles indicate nominal composition, filled 
circles indicated the changing composition of the ferrite. [64] Reproduced with 
permission from publisher.  
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Figure 2.29 Solute concentration profiles for C and Mn as predicted by DICTRATM during IA 
of a Fe-0.1C-3Mn-1.5Si steel at 760 °C. (a) C distributions at IA times of 0 and 
500 s. (b) Mn distribution at IA times of 0 and 500 s. (c) C distribution at IA times 
of 100,000 and 10,000,000 s. (d) Mn distribution at IA times of 100,000 and 
10,000,000 s. Arrows indicate direction of boundary movement. [64]Reproduced 
with permission from publisher. 

Other DICTRATM simulations for austenite growth during IA that did include cementite, 

conducted by Huyan et al., are shown in Figure 2.30 [82]. They considered a composition of 

Fe-0.2C-5Mn and an IA temperature of 650 °C. Two different initial schemes to include 

cementite in the simulation cells were constructed to represent a martensitic initial microstructure 

prior to IA; one where cementite was isolated from austenite by ferrite (Setup A in Figure 

2.30(a)), and another where cementite and ferrite were adjacent to austenite (Setup B in Figure 

2.30(a)).  
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Figure 2.30 (a) Depiction of DICTRATM cell schemes for simulation of IA of an initially 
martensitic Fe-0.2C-5Mn steel. Simulation results for evolution of austenite (top) 
and cementite (bottom) volume fractions during IA for (b) set-up A and 
(c) set-up B. Legend indicates the initial width (nm) of each corresponding phase 
in the simulation cell. [82] Reproduced with permission from publisher. 

They also considered different initial fractions of cementite and different total cell sizes 

(designed to approximate half the width of a martensite lath) of 100, 200, and 500 nm. All 

simulations, regardless of cementite fraction, predicted an increase in the cementite fraction 

before dissolution. Full dissolution of cementite is predicted to require between 500 and 

100,000 s. The austenite volume fraction associated with the so-called NPLE growth region, as 
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shown in Figure 2.27, is predicted to reduce with increasing initial cementite volume faction in 

setup A (Figure 2.30(b)), and is entirely absent from the predictions shown for setup B (Figure 

2.30(c)).  

The simulation results from Huyan et al. suggest that Mn partioning to austenite may 

occur earlier during austenite formation than suggested by the NPLE/PLE simulations. 

Additionally, DICTRATM simulation results from De Moor et al. suggest that the limited Mn 

ingress into hypothetical austenite that formed with negligible Mn partitioning followed by 

PLE-type growth would not result in predicted retained austenite fractions that are consistent 

with reported experimental results [83]. Experimental results from some medium-Mn steels have 

also supported the possibility of an austenite growth mechanism during IA that incorporates Mn 

partitioning early during growth [60, 67]. Micrographs via a scanning transmission electron 

microscope (STEM) and corresponding EDS maps for Mn from a Fe-0.1C-6.4Mn steel after IA 

from cold-rolled and martensitic initial conditions at 620 and 640 °C, respectively, for 8 h are 

shown in Figure 2.31. The areas of Mn enrichment are consistent with the microstructures that 

develop in Medium-Mn steels and do not exhibit any indication of Mn deficient core regions, as 

are anticipated by the NPLE/PLE simulations. STEM-EDS measurements after IA at 650 °C of 

an initially martensitic Fe-0.2C-4.72Mn steel have also indicated Mn enrichment in austenite for 

IA times as short as 60 s (Figure 2.32). 

 Phase Field Simulation 

Phase field simulation has become a powerful tool for predicting microstructural 

evolution. It has been used for predicting diffusional phase transformations [84, 85], and recently 

for modelling displacive phase transformations such as martensite [86]. Zhu and Militzer used 

phase field simulation to model IA of a cold-rolled Fe-0.1C-1.5Mn steel. The model incorporated 

both ferrite recrystallization and austenite nucleation & growth components. The resulting 

predicted microstructures were visually accurate compared to experimental micrographs, such as 

the example shown in Figure 2.33. 

In general terms, phase field simulations give a visual output for the translation of 

domain boundaries over space and time. For the purpose of simulating microstructural evolution 

in metals, domains correspond to specific phases or constituents in a microstructure. Each 

domain in a phase field simulation is designated a distinct order parameter, φi(x, t), which is a 

function of position, x, and time, t. Each order parameter can take values between 0 and 1.  
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Figure 2.31 STEM micrographs and corresponding EDS maps for Mn after IA of a 
Fe-0.1C-6.4Mn steel with (a) cold-rolled and (b) martensitic initial 
microstructures. [87] Reproduced with permission from publisher. 

Figure 2.34 is a schematic of a junction of three domains in the phase field simulation. 

An order parameter with a value of 1 indicates the existence of the corresponding phase and a 

value of 0 corresponds to the absence of the phase. The following constraint is applied, where n 

is equal to the number of distinct phases specified, which requires the sum of all phase field 

parameters at any position and time to be equal to 1, therefore only one order parameter can exist 

inside a phase domain: 

0  φi(x, t) = 12
3  (2.4) 
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Figure 2.32 Austenite volume fraction and TEM-EDS measurements for Mn in austenite after 
different IA times from an initially martensitic a Fe-0.2C-4.72Mn steel. [67] 
Reproduced with permission from publisher. 

Figure 2.33 (a) Micrograph and (b) phase field simulation results after IA of a cold-rolled 
Fe-0.1C-1.5Mn steel. [85] Reproduced with permission from publisher. 

Also depicted in Figure 2.34 is the interface between domains 2 and 3. Across an 

interface between unlike domains, the phase field parameters continuously transition from 1 to 0. 

This is commonly referred to as a diffuse interface, which has a finite width. When the existence 

of each order parameter is plotted as a function of their position, the output is analogous to a 

micrograph. Shown in Figure 2.35, each order parameter corresponds to a number on the color 
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scale. Each order parameter is plotted at every location corresponding to the order parameter 

being equal to 1 (i.e., where the corresponding phase exists). 

 

Figure 2.34 Description of the corresponding order parameter values within domains in a 
phase field setting and a depiction of how order parameter values transition across 
the diffuse boundary used in phase field modelling. 

Figure 2.35 Example of two-dimensional visualization of the spatial distribution of domains in 
a phase field simulation. Generated in MICRESS®.  

The evolution of the order parameter distribution over time is motivated by the 

minimization of the local free energy at the interfaces. A derivation for the free energy functional 

of the system and how order parameter transitions are derived from the minimization of the local 

free energy can be found in an article by Steinbach et al. [88]. The temporal evolution of the 
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order parameters is solved by a set of coupled differential equations commonly referred to as the 

phase field equation and takes the following general form: 

where μ is the interface mobility, σ is the interfacial energy, η is the interface width, and ∆G is 

the driving force. Additionally, solute concentration fields and diffusivities can also be coupled 

to the phase field equation, providing additional kinetics and driving forces that influence 

interfacial movement. The phase field equation considers interfacial energy; therefore, 

minimization of free energy of the system includes reduction of interface curvature and boundary 

movement can occur solely due to reduction in the total interfacial energy and between domains 

of the same order parameter (i.e. grain growth). The underlying derivation for the free energy 

functional is such that driving force for a phase transition only contributes to the free energy 

functional at the interfaces, where φi ≠ 1. Therefore, the fluctuation of an order parameter can 

only occur at an interface (i.e. spontaneous nucleation of a phase is prohibited and phase 

transformation only occurs via boundary movement). Details regarding nucleation of a new 

phase are manually specified by the user and override the normal solution to the phase field 

equation.  

MICRESS®, the commercial software package used in the research presented in this 

thesis, allows the user to enter a variety of parameters that are input to solve a phase field 

equation. Many of the phase field parameters are analogous to physical values related to 

microstructural evolution (e.g. interface energy, interface mobility, driving force for boundary 

movement, diffusivities, etc.) 

  

dφ3dt =0µ
ij

2
783 9σ37;∇=φ3 − φ3φ7η37= @φ7 − φ3AB + ∆G37 1η73 φ7φ3F (2.5) 
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CHAPTER 3 

EXPERIMENTAL DESIGN 

 

 Introduction 

Central to the metallurgical design of IA and DS medium-Mn steels is the heterogeneous 

Mn distribution that develops during IA. While many reports have documented the mechanical 

properties exhibited by various medium-Mn steels resulting from different thermal processing 

routes that incorporate IA, the phase transformation and solute partitioning mechanisms that lead 

to the heterogeneous distribution of Mn during IA are not well understood. This is of relevance 

for Medium-Mn steels because, while other austenite-containing multiphase AHSS concepts, 

such as TBF and Q&P, are designed to enrich austenite after partial decomposition, IA of 

medium-Mn steels is intended to retain austenite that is newly formed from ferrite or martensite. 

When considering longer intercritical isothermal hold times (i.e. batch annealing), it is 

reasonable to expect austenite volume fractions and solute enrichment in austenite that 

approaches equilibrium predictions. Long hold times allow for increased diffusional transport of 

solutes which progresses toward bi-modal solute distributions with uniform concentrations in 

both ferrite and austenite. However, when considering relatively short IA heat treatments 

compared to BA (i.e. <1000 s), the Mn that is incurred in austenite at the austenite growth front 

is relatively immobile due to the sluggish diffusion rate in austenite. Therefore, austenite that is 

retained after IA would be expected to exhibit a Mn concentration distribution that reflects how 

Mn was incorporated into the austenite as it formed during IA. 

The main focus of this research is to gain a better understanding of austenite phase 

transformation mechanisms and Mn partitioning during IA. A particularly interesting subject is 

the influence of cementite on the microstructural evolution. Specifically, how the presence and 

dissolution of cementite may affect the austenite formation mechanism and the kinetics of Mn 

and C partitioning to austenite. Some simulation efforts were also made that focused on the 

effect of prior cold deformation on austenite growth and Mn partitioning and how some 

metallurgical factors relevant to this effect may be introduced into phase field models and how 

they affect the simulation predictions. In addition to research focused on austenite formation 

during IA, some experimental and simulation efforts were conducted that focused on austenite 

growth and Mn redistribution upon further heating after IA, which is relevant to DS heat 
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treatments. The following research questions, aimed to be addressed by the work reported herein, 

were formulated:  

1. Does austenite formation during IA proceed via C-diffusion controlled transformation 
followed by Mn-diffusion controlled transformation or does a Mn-diffusion controlled 
transformation predominate even during early stages of austenite growth? 
 

2. Is austenite formation and Mn enrichment in austenite affected by the presence of 
cementite, the degree of prior cold deformation, and the initial microstructure prior to IA? 
 

3. What is the austenite formation mechanism upon further heating after IA, and can a 
heterogeneous Mn distribution be maintained after DS treatments? 
 

To address these questions, experiments and simulations were designed and conducted that are 

organized into four studies. These studies along with the materials and heat treatments that were 

utilized are described in the following sections: 

 Materials  

 The two medium-Mn steel compositions studied in this thesis are listed in Table 3.1. The 

steel with the ultra-low residual carbon content is referred to as Fe-7Mn, while the other steel is 

referred to as Fe-0.2C-4.5Mn. The Fe-7Mn composition was selected in order to make 

assessments of Mn-partitioning induced austenite growth during IA without convolution from C. 

The Fe-0.2C-4.5Mn alloy was selected in order to make comparisons with a more industrially 

relevant, C-bearing steel. The reduced Mn concentration in the Fe-0.2C-4.5Mn alloy was chosen 

in order to produce an Ae3 temperature in excess of the Ae3 temperature of the Fe-7Mn alloy 

(697 °C), so that identical IA temperatures could be compared (i.e. the Ae3 temperature of an 

Fe-0.2C-7Mn steel is calculated to be 684 °C, while the Ae3 of the Fe-0.2C-4.5Mn alloy is 

731 °C). 

The Fe-7Mn steel was received in a cold-rolled condition and had been cast from a 

vacuum melt, reheated to 1230 °C and hot-rolled to a thickness of 2.87 mm, and furnace-cooled 

from 650 °C.  The steel was then cold-rolled to a thickness of 1.42 mm (50 pct cold reduction); 

this condition of the Fe-7Mn steel is referred to as CR50. Two additional conditions were 

produced from the CR50 condition. One condition, referred to as CR66, was furnished by further 

cold-rolling the CR50 condition to 0.97 mm (66 pct total cold reduction). The other condition, 

referred to as AQ, was produced by austenitizing the CR50 condition at 850 °C for 300 s in a 

salt-pot before water quenching and immersion in liquid nitrogen for 300 s. 
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Table 3.1  Chemical Compositions of Studied Medium-Manganese Steels (wt pct) 

 C Mn Si Al N S P Ni Cr Mo 
Fe-7Mn 0.0005 7.19 0.25 <0.003 0.0046 0.0012 0.004 <0.003 0.007 <0.003 

Fe-0.2C-4.5Mn 0.19 4.39 0.01 0.01 0.011 0.003 0.005 0.012 0.014 0.005 
 

 

The Fe-0.2C-4.5Mn steel was also received in a cold-rolled condition and had been 

vacuum cast as a 35 cm x 13 cm x 13 cm ingot which was sectioned and reheated to 1180 °C for 

2 h before hot rolling to a thickness of 4 mm and air cooling. Following hot rolling, the steel was 

annealed for 16 h at 550 °C and cold rolled to a thickness of 1 mm (75 pct cold reduction); this 

condition of the Fe-0.2C-4.5Mn steel is referred to as CR. The CR condition was further 

processed to produce an as-quenched condition with a martensitic microstructure, referred to as 

AQ, which was produced by heat treating samples under vacuum in a dilatometer. These 

samples, which had dimensions of 4 x 10 mm, were austenitized at 850 °C for 300 s and 

quenched to room temperature at 60 °C×s-1 with helium gas. 

 Heat Treatments  

Samples were subject to one of the two general types of heat treatments described in 

Figure 3.1. The heat treatment referred to as intercritically annealed and quenched (IA-Q) 

consists of heating to an intercritical temperature, isothermal holding, and quenching to room 

temperature. The other heat treatment, referred to as double-soaking (DS) consists of heating to 

an intercritical temperature, isothermal holding, heating to an austenitizing temperature, 

isothermal holding, and quenching to room temperature. Parameters for each heat treatment, 

such as heating rate (HR), intercritical annealing temperature (IAT), intercritical annealing 

time (IAt), secondary heating rate (SHR), secondary soaking temperature (SST), secondary 

soaking time (SSt), and quench rate (QR) are labelled in Figure 3.1. Both the IA-Q and DS 

treatments were utilized to furnish samples in which the austenite growth and solute partitioning 

that resulted from the entire heat treatment could be analyzed. However, the DS treatment also 

enabled the in situ assessment of austenite fraction during the IAt portion via dilatometry.  
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Figure 3.1 Schematic illustrating the IA-Q and DS heat treatments with respect to critical 
temperatures Ae1 and Ae3, along with labels used to describe parameters including: 
heating rate (HR), intercritical annealing temperature (IAT), intercritical 
annealing time (IAt), secondary heating rate (SHR), secondary soaking 
temperature (SST), secondary soaking time (SSt), and quench rate (QR). 

 Austenite Formation and Cementite Dissolution During Intercritical Annealing 

from a Martensitic Initial Condition 

An initial study, which is presented in Chapter 5 of this thesis, was conducted on the 

Fe-0.2C-4.5Mn steel in the AQ condition which aimed to assess austenite formation and 

microstructure evolution during an IA-Q treatments of a medium-Mn steel that had a martensitic 

microstructure prior to IA. The study focused on microstructural developments occurring during 

relatively short-time IA-Q treatments (IAts of less than 1800 s) but also utilized a longer 

50,000 s IAt to contrast the microstructural changes that occur as the sample approached 

equilibrium. High-energy X-ray diffraction (HEXRD) and dilatometry provided in situ 

assessments of austenite growth during IA, and field-emission scanning electron microscopy 

(FESEM) after various different IAts enabled the temporal characterization of microstructure 

development. Simulations for austenite growth and solute partitioning were also conducted using 

the Thermo-Calc® diffusion module, DICTRATM. The simulations explored different initial 

conditions for including C in the simulation, and were compared to the experimental results for 

austenite fraction during IA.  

 Austenite Formation and Mn Partitioning in the Absence of Carbon 

 Chapter 6 presents the second study as part of this thesis, where austenite growth and Mn 

partitioning in the Fe-7Mn alloy resulting from IA-Q  treatment were analyzed. The absence of C 
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in this alloy eliminated the prospect of austenite formation due to cementite dissolution and C 

partitioning, which enabled a more straightforward analysis of austenite growth due to Mn 

partitioning. This study focused on short intercritical annealing treatments (IAt of 1000 s) and 

utilized various different IATs. Three different material conditions prior to IA (AQ, CR50, and 

CR66) enabled assessments of how the prior microstructure affected the resulting austenite 

morphology and volume fraction during IA. 

Austenite volume fraction measurements were collected in situ with dilatometry, as well 

as after heat treatments via X-Ray diffraction (XRD). Metallography via FESEM enabled 

general characterization of the microstructure. The Mn distribution in the microstructure was 

assessed via energy dispersive X-ray spectroscopy (EDS) in a scanning transmission electron 

microscope (STEM), and Transmission Kikuchi Diffraction (TKD) images enabled correlation 

of Mn-enrichment to austenite and martensite in the microstructure.  

Although the general intent of IA of medium-Mn steels is to form austenite that is 

retained to room temperature, the lack of C in the Fe-7Mn alloy resulted in austenite formation 

during IA that was not sufficiently stabilized to be retained to room temperature. This enabled 

the use of Ms temperatures recorded via dilatometry upon quenching to make bulk material 

assessments regarding the relative stability of the austenite that formed at different IATs. Due to 

the absence of C, variation amongst Ms temperatures could be directly attributed to the Mn 

enrichment in austenite.  

 Mn Partitioning in a C-Bearing Medium-Mn Steel 

The third study is presented in Chapter 7, and focused on the Fe-0.2C-4.5Mn alloy in the 

CR condition in order to assess whether a cold-rolled  C-bearing alloy exhibits similar Mn 

partitioning behavior as compared to the Fe-7Mn alloy. This study utilized IA-Q heat treatments 

with several different IAts and IATs to assess microstructural evolution during IA. Retained 

austenite volume fraction was measured via XRD, while dilatometry was used to assess austenite 

growth during heat treating. Metallography via FESEM enabled characterization of the 

microstructure, and the Mn distribution in the microstructure was assessed via EDS in a STEM. 

TKD enabled correlation of Mn-enrichment to austenite and martensite in the microstructure. 

 Austenite Formation and Mn Partitioning during Double Soaking 

Chapter 8 presents the final study, which was focused on austenite formation upon 

heating after IA. Both CR conditions of the Fe-0.2C-4.5Mn and Fe-7Mn alloy were studied. 
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Dilatometry was utilized to assess the relative austenite stability upon quenching after DS 

treatments, and STEM-EDS was used for characterization of the Mn distribution that developed. 

Two-dimensional phase-field simulations were also conducted for austenite growth and 

Mn redistribution upon heating after IA, consistent with the secondary heating and isothermal 

holding in the DS treatment. These simulations predict how austenite forms upon heating to the 

secondary soaking temperature and how different secondary soaking temperatures affect 

austenite formation. 
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CHAPTER 4 

EXPERIMENTAL METHODS 

 

 Microscopy 

Specimens for microstructural analysis were prepared from 4 mm x 10 mm dilatometry 

samples. The schematic in Figure 4.1 depicts locations within dilatometry samples and 

orientations relative to the rolling direction (RD) and normal direction (ND) corresponding to 

sample preparation for microscopy. Samples for FESEM were prepared with the cross-sections 

for analysis parallel to the rolling direction; lift-out samples for STEM were extracted from 

cross-sections perpendicular to the rolling direction via ion-milling using an Oxford Instruments 

OmniProbe and a focused-ion-beam (FIB) in a FEI Helios Nanolab 600i. Lift-outs, with an area 

of approximately 10 x 10 μm, were thinned with the FIB to produce electron transparent samples 

with a cross-section normal to the transverse direction.  

 

Figure 4.1 Schematic illustrating locations of FESEM and STEM specimens for microscopy 
from dilatometry samples. Rolling direction (RD), normal direction (ND), and 
transverse direction (TD) are denoted.  

 

TD 
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 Field-Emission Scanning Electron Microscopy 

Specimens for FESEM analysis were hot-mounted in Bakelite, polished using standard 

metallographic procedures, and etched with a 1 pct Nital solution (1 pct nitric acid in ethanol) or 

Marshall’s reagent (8 g oxalic acid dissolved in a solution of 5 pct sulphuric acid in 100 mL of 

water, mixed with 105 mL of 30 pct hydrogen peroxide) for approximately 5 s. The Nital 

solution sufficiently etched the Fe-0.2C-4.5Mn samples. However, the Marshall’s reagent 

provided significantly better etching response with the Fe-7Mn samples. Micrographs were 

captured using a 15 kV accelerating voltage and working distance of 10 mm using a JEOL 7000 

FESEM. 

 Scanning Transmission Electron Microscopy & Energy-Dispersive X-Ray 

Spectroscopy 

Specimens were analyzed with an FEI Talos F200X scanning-transmission electron 

microscope (STEM) operating in scanning mode with a 200 keV accelerating voltage. Images of 

the microstructure were captured with the bright-field (BF) STEM detector, and corresponding 

Mn distribution maps and line-scans were collected via energy-dispersive X-ray 

spectroscopy (EDS). The EDS maps and line-scans were quantified using the Cliff-Lorimer 

k-factor approach for thin films using Bruker Esprit microanalysis software. A three-point 

moving-average smoothing function was applied to the line-scan EDS data, using MATLAB®, to 

reduce noise. The system was not calibrated against a certified sample, therefore EDS data are 

considered semi-quantitative and are suitable for assessing relative differences in Mn distribution 

within a single sample, as well as in comparison to EDS results of other samples in this study.  

 Transmission Kikuchi Diffraction 

Transmission Kikuchi diffraction (TKD) was also used to analyze lift-out specimens in 

the JEOL 7000 FESEM. This characterization technique utilized conventional hardware and 

software that can be used for electron backscatter diffraction (EBSD), and provides very similar 

data as EBSD. However, the electron transparent samples allow for greater lateral resolution of 

the fine microstructure as the material interaction volume with the electron beam is significantly 

reduced. TKD was conducted with a 30 kV accelerating voltage and working distance of 10 mm. 

The EBSD analysis software, TEAMTM, was used to collect diffraction data and generate maps 

of image quality (IQ), crystallographic orientations of individual constituents (i.e. inverse pole 

figure (IFP) maps), and for phase identification. The IQ parameter corresponds to the Kikuchi 
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pattern sharpness and reflects the local lattice distortion and dislocation density of the sampled 

area which assists in distinguishing martensite and/or martensite-austenite (MA) constituents 

from ferrite [89]. A data cleaning procedure was conducted in TEAMTM where a nearest neighbor 

phase correlation was applied to data points with a confidence interval less than 0.005. 

 Dilatometry 

A TA Instruments Dil 805A dilatometer was used for both accurate temperature control 

during heat treatment, as well as a means to collect dilation-temperature-time data during heat 

treating used to assist in the interpretation of microstructural evolution during heat treatment. 

Inductive heating of samples was modulated to follow programmed heat treatments via 

temperature feedback from an S-type thermocouple spot welded to the sample at mid-length. 

Dilation was recorded along the length of a sample via silica rods that contact the edge of the 

sample. Dilation data are presented as relative dilation (i.e. change in sample length relative to 

the initial length of the sample.) 

 Austenite Volume Fraction 

Austenite volume fraction assessments were made from in situ measurements collected 

during IA by applying a rule of mixtures to dilation measurements from samples that underwent 

DS treatments. This temporal austenite volume fraction assessment utilized linear fitting of the 

thermal expansion regions at temperatures below the Ac1 and above the Ac3 temperatures which 

produced the following equations for relative dilation when a sample was presumed to be fully 

ferritic, dα, and fully austenitic, dγ: 

dα=mα(T)+bα (4.1) 

 

dγ=mγ(T)+bγ (4.2) 
 

 

The fitted slope and y-intercept are m and b, respectively, and T is the sample temperature. The 

austenite volume fraction at any time during IA, fγ, can then be calculated by the following 

equation: 

f
γ
= @dα|

IAT
 - d(t)A  × Gdα|

IAT
 - dγ|IAT

H-1
 (4.3) 

The relative sample dilation recorded with increasing IAt is d(t); dα|ΙΗΤ and dγ|ΙΗΤ are the values 

of equations 4.1 and 4.2, respectively, when extrapolated to the corresponding IAT. Figure 4.2 

illustrates this temporal assessment by overlaying linear fits for thermal expansion during heating 
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from temperature regimes when the sample is presumed to be fully ferritic or fully austenitic, 

labeled α and γ, respectively. The length of line AB divided by the length of line AD corresponds 

to the austenite volume fraction formed upon heating. The length of line BC divided by the 

length of line AD corresponds to the austenite fraction formed during holding at the IAT, and the 

length of line AC divided by the length of line AD corresponds to the total austenite fraction 

formed following IA. 

 

Figure 4.2 Schematic illustrating how linear fitting was applied to dilatometry data from DS 
treatments to make in situ austenite volume fraction assessments during IA. 

To minimize the amount of microstructural changes that occurred prior to reaching the 

IAT, some heat treatments utilized HRs of 50 °C×s-1. Heating at these rates causes a significant 

delay in establishing thermal equilibrium in the sample. If this delay is not accounted for, the 

thermal expansion that occurs after the thermocouple indicates that the sample has reached the 

IAT can result in the erroneous calculation of a negative austenite volume fraction. To mitigate 

this error, three samples were subjected to thermal cycling in order to characterize the perceived 

delay in thermal expansion so that it could be incorporated into the austenite volume fraction 

calculations. These three samples were heated at 50 °C×s-1 to 500 °C and held for 1000 s before 

being cooled to 30 °C at 10 °C×s-1. After this heating and cooling cycle, the samples were held at 
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30 °C for 60 s. After the 60 s hold the heating and cooling cycle was repeated. The temperature 

of 500 °C was chosen as this temperature did not indicate the formation of austenite during a 

1000 s isothermal hold, which would convolute the assessment. The thermal profile used 

consecutive cycles of heating and cooling to ensure that no significant microstructural changes 

were occurring during the isothermal hold at 500 °C that would contribute to expansion or 

contraction of the sample. The functional relationship with the relative dilation response from the 

perceived delayed thermal expansion dTE with time was fit with the following double-exponential 

function: 

dTE=aGeb×(t+g)H × cGed×(t+g)H - f (4.4) 

The variables a, b, c, and d are fitting parameters for the function, while t is time. Using the 

variables g and f, the origin for the fitted equation was translated to the time and relative dilation 

corresponding to when the sample had reached the IA temperature of 500 °C. The variables 

obtained for Equation 4.4 from the three samples were averaged to produce a single equation 

which was incorporated into Equation 4.3, to produce the following equation: 

f
γ
= @Gdα|

IAT
- dTEH - d(t)A  × Gdα|

IAT
 - dγ|IAT

H-1
 (4.5) 

which calculates the in situ austenite volume fraction while temporally accounting for the 

perceived delayed thermal expansion as the sample thermally equilibrates upon reaching the IA 

temperature. 

 Ac1 and Martensite Start Temperatures  

Samples of each of the three conditions (AQ, CR50, and CR66) of the Fe-7Mn alloy were 

heated to 900 °C at several different heating rates to ascertain changes in Ac1 temperature with 

heating rate and initial condition. The Ac1 temperature, depicted in Figure 4.3, was determined 

via dilatometry by applying a negatively off-set line from the linear fit of the dilation data upon 

heating that corresponds to thermal expansion of ferrite. The line was off-set by an amount that 

corresponds to 1 vol pct austenite (i.e., negatively off-set by 1 pct of the difference between 

points A and D in Figure 4.3.) The Ac1 temperature was determined to be the temperature at 

which the experimental dilation data intersected the linear off-set.  

Ms temperatures were determined by applying a positively off-set line from a linear fit of 

the dilation that corresponds to thermal contraction upon cooling, depicted in Figure 4.3. The 
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line was positively off-set by a relative dilation of 0.005 pct. The Ms temperature was determined 

to be the temperature at which the relative dilation data intersected the linear off-set. 

 

Figure 4.3 Schematic illustrating how Ac1 and Ms temperatures were determined using 
linear off-sets (dotted lines). 

Martensite transformation in samples of the Fe-7Mn alloy that underwent DS treatments 

consisted of two distinct expansions, which are labelled primary and secondary. The derivative 

of the relative dilation with respect to time was plotted with the corresponding temperature 

during quenching in order to identify the temperatures at which the primary and secondary 

expansions initiate.  Figure 4.4 shows relative dilation data plotted with temperature for a 

Fe-7Mn sample during a DS treatment as well as the derivative of relative dilation with respect 

to time plotted with temperature during quenching. The vertical arrows in Figure 4.4(b) indicate 

the approximate temperatures corresponding to initiation of the primary and secondary 

expansions. The temperatures were manually selected at the points where the slope of the 

derivative plots transition from negative to positive or at points of substantial change in the 

slope. 
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Figure 4.4 (a) Example of dilatometry data for relative dilation with temperature for a 
Fe-7Mn sample during a DS treatment. (b) Corresponding derivative of relative 
dilation with respect to time plotted with temperature during cooling, vertical 
arrows indicate approximate locations of temperatures identified as initiation of 
primary and secondary expansions.  

 In situ High-Energy X-Ray Diffraction  

High energy X-ray diffraction was conducted in situ during an IA-Q heat treatment of an 

Fe-0.2C-4.5Mn sample in the AQ condition at the 11-ID-C beamline of the Advanced Photon 

Source at Argonne National Laboratory. During heating from room temperature, isothermal 

holding for 1800 s at 650 °C, and cooling to room temperature, a monochromatic 

synchrotron-source X-ray beam with an energy of 106.42 keV and a wavelength (λ) of 

0.01165 nm impinged the sample over a 500 μm x 500 μm area. The high-energy beam 

penetrated through the 1 mm sample thickness and diffracted according to Bragg’s law [90]: 

2dhkl × sinθhkl=λ (4.6) 

where hkl denote Miller indices of the lattice planes, and 𝑑JKL and 𝜃JKL are the spacing and 

diffraction angle for the planes, respectively. A schematic depicting the geometry of the 

experimental set-up is shown in Figure 4.5. The diffracted X-ray beam formed a series of cones, 

each of which correspond to a unique family of lattice planes. A two-dimensional Perkin-Elmer 

αSi flat panel detector was positioned at a distance of 1.796 m behind the sample to record Debye 

rings from the diffracted beam over the full 360-degree range of β. Each Debye ring captured on 

the detector has a radius that corresponds to a 2θ angle from the incident beam. The distance 

from the sample to the detector was calibrated via diffraction of a standard CeO2 sample. Heating 

of the sample was accomplished with a Linkam TS 1500 heating stage. 
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Figure 4.5 Schematic depicting sample in relation to the incident and transmitted 
high-energy X-ray beams and detector. 

The high-intensity X-ray source provided a high peak-to-background ratio even for short 

collection times, making it suitable for in situ retained austenite assessments during heating and 

IA. Additionally, the high peak-to-background ratio and collection of full Debye rings enabled 

the detection of small quantities of cementite and a more accurate assessment of the retained 

austenite fractions in the sample, especially when retained austenite fractions were relatively low 

(<2 vol. pct) [91]. 

The two-dimensional HEXRD Debye ring data were processed using the software 

fit2D [92]. Figure 4.6(a) shows Debye rings recorded on the detector at room temperature before 

heat treatment of the sample. Figure 4.6(b) shows the corresponding diffraction spectrum from 

the integrated intensities of the Debye rings over the 360-degree range of β, plotted relative to 

the 2θ position. Ferrite/martensite (α) and austenite (γ) peaks are identified in the spectrum 

where the intensities of the ferrite/martensite peaks are truncated to emphasize the presence of 

the lower intensity γ peaks. The diffraction spectrum for each time-step was fit using the 

software OriginPro [93]. The integrated area A under each peak corresponding to a lattice plane i 

of austenite γ or any phase k was obtained for each peak. The volume fraction of austenite, fγ, was 

then calculated using the following formula [94]: 
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 (4.7) 

with the number of peaks associated with austenite, Pγ, and Ph, the number of distinct phases 

present, and, R, the X-ray normalization factor associated with each plane from each phase.  
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Figure 4.6 (a) Debye rings recorded on the detector at room temperature before thermal 
processing of the sample and (b) the corresponding diffraction spectrum from the 
integrated intensities of the Debye rings over the 360-degree range of β plotted 
relative to 2θ position. 

 Ex situ X-Ray Diffraction 

Retained austenite fraction was assessed in samples after heat treatments via XRD. 

Samples for XRD had dimensions of 8 mm x 20 mm and were heat treated in a dilatometer. 

After heat treating, samples were prepared for XRD by grinding with successively finer abrasive 

pads up to 1200 grit before chemically thinning in a 1:50:50 solution of hydrofluoric acid, 

hydrogen peroxide, and deionized water. A PANalytical Empyrean X-Ray diffractometer with a 

Cu source (Kα1 λ=15.41 nm) was used for XRD. Scans were conducted over a range of 

40-120 degrees, illuminating a maximum sample area of 4.7 mm x 10.8 mm. PANalytical X’Pert 

HighScore Plus® software was used to fit the X-ray spectra and determine the integrated intensity 

of peaks. The volume fraction of retained austenite was determined from X-ray diffraction 

according to Case 1 described by Jatczak [91], using Equation 4.7. 

 Simulations 

Various simulations using the diffusion controlled transformations (DICTRATM) module 

of Thermo-Calc®, as well as the phase field simulation software MICRESS®, were conducted for 

microstructural evolution during heat treating as part of this thesis.  
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 DICTRATM 

DICTRATM simulations utilize a sharp interface model that establishes local-equilibrium 

concentrations at phase interfaces. Simulations conducted were one-dimensional and predicted 

the redistribution of solute elements and migration of phase interfaces toward equilibrium in a 

closed-cell system while referencing values for thermodynamic and atomic mobility variables 

from the Thermo-Calc® databases TCFE9 and MOBFE4 [95]. Phases included in simulations 

were austenite (γ), cementite (θ), and ferrite (α); which correspond to the Thermo-Calc® 

notations FCC_A1, CEMENTITE_D011, and BCC_A2, respectively. Martensite is not explicitly 

represented in the thermodynamic database and is represented by ferrite in simulations that 

consider an AQ microstructure. Accounting for symmetry, widths of phase regions in simulation 

cells represent half-widths of phase regions in a corresponding microstructure. From the one-

dimensional simulation, predicted phase fractions correspond to the fractional width of a phase 

relative to the entire simulation cell.  

Three different DICTRATM simulations were conducted to simulate microstructural 

evolution of the Fe-0.2C-4.5Mn alloy during IA at a temperature of 650 °C. One of which 

considered no cementite and a composition of  Fe-0.19C-4.39Mn (wt pct), and is referred to as 

No Cem. Another also considered a composition of  Fe-0.19C-4.39Mn (wt pct), but included 

cementite and is referred to as Cem. Finally one simulation referred to as  No C considered a 

composition of Fe-4.39Mn (wt pct). Each simulation cell was specified to have a total width of 

210 nm, consistent with half the width of a martensite lath [96]. Schematics depicting the initial 

state of each simulation cell are shown in Figure 4.7. The No Cem simulation has an initial 

simulation cell consisting of a 0.5 nm region of γ adjacent to α; the C and Mn concentrations are 

both uniform throughout the cell. Usage of the type of initial simulation structure has been 

reported in publications [14-16, 23–25] and represents an initial microstructure consisting of 

martensite with retained austenite films. 

The Cem simulation has an initial simulation cell consisting of α adjacent to θ with a 

uniform Mn concentration throughout the cell. During the IA simulation, γ is specified to form 

adjacent to α on the opposite side of the θ. This simulation cell was intended to represent an 

initial microstructure consisting of martensite with intralath cementite and interlath austenite that 

forms during IA. The initial widths of the α and θ regions used in the Cem simulation were 

chosen to reflect 2.9 vol pct cementite, which is predicted by the TCFE9 database of 
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Thermo-Calc® at 650 °C if austenite is suppressed by designating it as an inactive phase. The C 

concentration in α was specified to be 0.003 wt pct, while θ had the C concentration designated 

by Thermo-Calc® of  6.7 wt pct. The Mn concentration was specified to be uniform throughout 

the initial cell. A variation of the Cem simulation was attempted that included Mn enrichment in 

cementite in the initial cell, however, this simulation resulted in errors and was not successfully 

computed. 

 The No C simulation has an initial simulation cell consisting of only α with a uniform Mn 

concentration. As with the Cem simulation, γ is specified to form adjacent to α shortly upon 

initiating the simulation. This simulation oversimplifies the prediction of austenite growth by 

omitting the presence of both C and cementite, but provides insight on how Mn is predicted to 

partition to austenite in the absence of solute C in ferrite.   

Diffusivity values from the MOBFE4 database for Mn in α do not reflect the elevated 

diffusivity expected in martensite as a result of the high defect density in martensite. Therefore, 

the Cem and No C simulations incorporated mobility enhancement factors (MEFs) for Mn 

diffusivity in α, which act as multipliers to the database value for diffusivity of Mn in α.  

 

Figure 4.7 Schematics of the initial simulation cell structures used in the DICTRATM 

simulations. In each cell, horizontal solid or dashes lines represent concentrations 
of Mn and C, respectively. 

 MICRESS® 

Simulations of microstructural evolution during intercritical annealing were conducted 

using the phase field simulation software package MICRESS® using the TQ module which 

allows the software to reference thermodynamic databases. MICRESS® simulations conducted 

for this project were interfaced with the Thermo-Calc® Software TCFE9 Steels/Fe-alloys 

database. Two separate phase field simulation efforts were conducted as part of this project; the 

first was to simulate austenite growth upon heating and intercritical annealing, the second was to 

simulate austenite growth upon further heating after intercritical annealing. Simulation efforts for 
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austenite nucleation and growth during heating and intercritical annealing considered an 

Fe-7.2Mn composition and cold-rolled initial microstructures. These simulations explored 

potential factors that may cause the observed accelerated austenite growth during intercritical 

annealing that corresponds with increasing prior cold deformation. Factors that were considered 

and implemented into simulations included activation energy of the mobility of the austenite-

ferrite interface, diffusivity of Mn in deformed ferrite, and the number of austenite nucleation 

sites. These simulations incorporated heating at 96 °C×s-1 to 650 °C and IA for 1000 s. Relevant 

simulation parameters are listed in Table 4.1. The variations of parameters that were changed in 

different simulations are listed as high and low variations. MICRESS® simulations for austenite 

growth during IA that included cementite were also attempted, however, these simulations 

proved to execute at a prohibitively slow pace, and thus were not completed. 

Simulations for austenite growth upon heating after intercritical annealing explored how 

the secondary soaking temperature may affect the austenite growth mechanism and the resulting 

Mn distribution in DS medium-Mn steels. These simulations considered an Fe-7.2Mn 

composition and equiaxed initial microstructure consisting of austenite and ferrite with 

equilibrium phase fractions and Mn partitioning at 640 °C. The simulated initial grain size was 

designed to reflect the fine grain size, approximately 1 μm, of medium-Mn steels after IA. 

Simulations included heating at 10 °C×s-1 from 640 °C to a secondary soaking temperature and 

isothermal holding for 1000 s. The relevant simulation variables for these simulations are listed 

in Table 4.2. Values for interface energy were based on those used by Zhu and Militzer [85], and 

values relating to interface mobility were based on those reported in literature [97–100]. 

Diffusion values are also based on those reported in literature [101–103]. 

MICRESS® simulations for austenite growth during DS that included C were also 

attempted, however, the corresponding simulation results for C concentration distribution were 

unstable; the software appears to continuously alternate between favoring the C concentration 

gradient and the C chemical potential gradient (which is strongly influenced by Mn) and 

fluctuates between indicating homogenous and bi-modal C concentration distributions. 
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Table 4.1  MICRESS® Parameters for IA Simulations 

Parameter 
Low 

Variation 
Base 

High 
Variation 

Interface Energy (J×m-2)    
α-α 
γ-γ 
α-γ 

 
0.8 

0.5 

0.7 
 

α-α Interface Mobility    

M0 (cm4
×J-1
×s-1) 

∆G* (kJ×mol-1) 
 

0.05 

140  

γ-γ Interface Mobility    

M0 (cm4
×J-1
×s-1) 

∆G* (kJ×mol-1) 
 

0.05 

140 
 

α-γ Interface Mobility    

M0 (cm4
×J-1
×s-1) 

∆G* (kJ×mol-1) 
 

138.582 
0.05 

139.291 
 

140.0 
Number of γ Nucleation Sites 10 20 30 

Mn Diffusivity in α    
D0 (cm2

×s-1) 
Q (kJ×mol-1) 

0.756 
 

75.6 
224.5 

7560 
 

Stored Strain Energy in α (J×cm-3) 10-15 40-50 160-240 

 

Table 4.2  MICRESS® Parameters for DS Simulations 

Interface Energy (J×m-2) 0.8 

Interface Mobility  

M0 (cm4
×J-1
×s-1) 

∆G* (kJ×mol-1) 
1 

140 

Mn Diffusivity in α  
D0 (cm2

×s-1) 
Q (kJ×mol-1) 

1.49 
233.6 
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CHAPTER 5 

RESULTS AND DISCUSSION: AUSTENITE FORMATION AND CEMENTITE 
DISSOLUTION DURING INTERCRITICAL ANNEALING FROM                                           

A MARTENSITIC INITIAL CONDITION 

 

 Introduction 

This chapter presents results and discussion pertaining to experimental and simulation 

work from a study conducted on the Fe-0.2C-4.5Mn alloy in the AQ condition. The objectives 

for this study were to characterize the microstructure after various IAts, assess the austenite 

volume fraction in situ during IA, and compare experimental results with DICTRATM simulation 

results for austenite fraction during IA. Different IAts were used in this study for both IA-Q and 

DS treatments; DS treatments are only referred to in this chapter for the purpose of measuring 

in-situ austenite volume fraction during IA via dilatometry. The IAT of 650 °C was chosen as it 

is calculated by Thermo-Calc® to be above the cementite dissolution temperature for this alloy 

(647 °C) , and has previously been shown to reliably produce retained austenite in similar steel 

compositions [43, 44, 47, 50]. Unless specified otherwise, all heat treatment parameters were 

consistent with those listed in Table 5.1. 

Table 5.1  Heat Treatment Parameters for IA of AQ Fe-0.2C-4.5Mn 

 HR  
(°C×s-1) 

IAT 
(°C) 

IAt 
(s) 

HR2 

(°C×s-1) 
SST 

(°C) 
SSt 

(s) 
QR 

(°C×s-1) 

IA-Q 0.76 650 
10- 

50,000 
- - - 60 

DS 0.76 650 
1800-
50,000 

10 850 300 100 
 

 

Simulations explored three different initial microstructures and were intended to evaluate 

how the presence of cementite was predicted to affect austenite growth and Mn partitioning. 

Simulation results were compared to experimental results to evaluate which simulation approach 

yields the most accurate predictions and to gain insight on austenite growth, Mn partitioning, and 

cementite dissolution. 

 Equilibrium Thermo-Calc® Predictions 

Calculations for equilibrium C and Mn concentrations for various intercritical 

temperatures are shown in Figure 5.1(a) and Figure 5.1(b), repsectively, along with predictions 
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for phase fractions of intercritical austenite, retained austenite, and martensite corresponding to 

different IATs in Figure 5.1(c). The predictions indicate that the IAT of 650 °C used in this study 

should trend toward an intercritical austenite volume fraction of approximately 0.4 (Figure 

5.1(c). 

 

Figure 5.1 Equilibrium Thermo-Calc® calculations for (a) C in austenite and (b) Mn in 
austenite for various intercritical anneal temperatures for a composition of 
Fe-0.19C-4.39Mn. (c) Predicted phase fractions for corresponding to different 
IATs using model from De Moor et al. [12] 

 Microstructural Analysis 

Figure 5.2(a) and Figure 5.2(b) show the as-quenched microstructure prior to intercritical 

annealing, whereas Figure 5.2(c) and Figure 5.2(d) show the microstructure after undergoing an 
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IA-Q treatment with a 10 s IAt. The microstructure prior to intercritical annealing shows lath 

martensite in low-carbon steel. After the IA-Q treatment, the microstructure is consistent with 

tempered martensite, and contains both intralath and interlath precipitation of additional phases. 

Areas showing intralath precipitation, labelled θ in Figure 5.2(d), are plate- or rod-like carbide 

precipitates in tempered martensite [104]. These precipitates are presumed to be cementite. The 

interlath phase, labelled γ in Figure 5.2(d), is consistent with the morphology of austenite that 

develops in medium-Mn steels intercritically annealed from a martensitic condition, and is 

presumed to be austenite.  

 

Figure 5.2 FESEM micrographs of the Fe-0.2C-4.5Mn steel at two different magnifications 
in the (a, b) initial AQ condition, and (c, d) after undergoing an IA-Q treatment 
with an IAt of 10 s and an IAT of 650 °C. Areas labelled θ and γ indicate intralath 
cementite and interlath austenite, respectively. 1 pct Nital Etch. 
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Microstructures after IA-Q heat treatments with 1800 s IAts are shown in Figure 5.3. 

Figure 5.3(a) shows a low-magnifcation micrograph indicating the general microstrucutre. Figure 

5.3(b) exhibits film-like retained austenite (identified by white arrows) and small cementite 

particles. Figure 5.3(c) shows a higher magnification image of the fine intralath cementite with a 

rod or platelet morphology (identified by white arrows). 

 

Figure 5.3 Scanning electron images of the Fe-0.2C-4.5Mn steel at three different 
magnifications after undergoing an IA-Q treatment with an IAt of 1800 s and an 
IAT of 650 °C. Arrows in (b) indicate film-like austenite. Arrows in (c) indicate 
intralath cementite. 1 pct Nital Etch.  
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The microstructure of samples after IA-Q heat treatments with an IAt of 50,000 s are 

shown in Figure 5.4. Figure 5.4(a) shows a low-magnifcation micrograph indicating the general 

microstrucutre. Figure 5.4(b) and Figure 5.4(c) indicate the presence of fine, film-like austenite, 

as well as the presence of cementite (indicated by white arrows). Contrasted to the 

microstructures shown in Figure 5.2(d) and Figure 5.2(b), the amount of cementite within ferrite 

appears to be significantly reduced. Comparison of micrographs in Figure 5.3 and Figure 5.4 

indicate that the microstructure does not apprecaibly coarsen even after long IAts. 

 

Figure 5.4 Scanning electron images of the Fe-0.2C-4.5Mn steel at three different 
magnifications after undergoing an IA-Q treatment with an IAt of 50,000 s and an 
IAT of 650 °C. Arrows indicate intralath cementite. 1 pct Nital Etch  
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 High Energy X-ray Diffraction 

A portion of the 2θ range of Debye ring intensities from in situ HEXRD during an IA-Q 

treatment integrated over the entire β range is plotted in Figure 5.5 for time-steps which 

correspond to heating from room temperature to the IAT. The peak associated with {200}γ is 

initially present; however, the intensity of the peak is substantially reduced during heating. 

Approaching the IAT of 650 °C, the intensity of the {200}γ peak begins to increase again and is 

accompanied by the emergence of the {113}θ and {122}θ peaks. The evolution of these peak 

intensities during heating indicates the decomposition of retained austenite present in the AQ 

sample and the precipitation of cementite during heating.  

 

Figure 5.5 Portion of the 2θ range from diffraction spectra collected via in situ HEXRD 
during an IA-Q treatment of the Fe-0.2-4.5Mn steel. The temporal spectra 
correspond to time-steps of 48 s during heating from room temperature to 650 °C. 

The β-integrated Debye ring intensities during both heating and IA are plotted in Figure 

5.6. from in situ HEXRD. For clarity, Figure 5.6(a) displays the full intensity of the {200}γ peak, 

whereas the intensity is truncated in Figure 5.6(b) to emphasize the peaks corresponding to 

cementite. The intensity of the {200}γ peak increased throughout IA, while the intensity of the 

cementite peaks remained consistent throughout the entire 1800 s isothermal hold, indicating that 

austenite growth occurs during IA despite the lack of cementite dissolution. 

The thermal history for the sample that underwent in situ HEXRD during an IA-Q 

treatment is plotted in Figure 5.7, along with the corresponding calculated austenite volume 

fractions. Prior to heating, the sample contained approximately 0.023 volume fraction austenite. 
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Decomposition of austenite initiated at approximately 300 s (254 °C), and by approximately 

450 s (368 °C) the austenite was nearly entirely decomposed. Upon reaching the IAT (650 °C) 

the austenite fraction began to increase and reached approximately 0.19 volume fraction at the 

end of IA. During cooling, there was a small reduction in austenite, resulting in approximately 

0.18 volume fraction of retained austenite at room temperature. 

 

Figure 5.6 Portion of the 2θ range from diffraction spectra collected via in situ HEXRD 
during an IA-Q treatment of the Fe-0.2-4.5Mn steel. The temporal spectra 
correspond to time-steps during heating and IA. (a) Full intensity of γ{200} peak. 
(b) Truncated intensity to emphasis θ peaks.  

Figure 5.7 Thermal history and austenite fraction calculated via in situ HEXRD during an 
IA-Q treatment of the Fe-0.2C-4.5Mn steel. 
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 Formation of Film-like Austenite 

Retained austenite after IA-Q treatments predominantly exhibits a film-like morphology 

(Figure 5.3 and Figure 5.4), which is typical for medium-Mn steels intercritically annealed from 

an AQ condition. However, austenite volume fraction measurements based on in situ HEXRD 

indicate that retained austenite present in the initial AQ condition decomposed upon heating. 

This suggests that ferrite-austenite microstructures with film-like austenite can be generated 

during intercritical annealing without preserving the retained austenite films present in the initial 

AQ microstructure. It is interpreted that the increase in austenite volume fraction during 

intercritical annealing predominantly reflects austenite nucleation and growth at martensite lath 

boundaries rather than continued growth from existing austenite films.  

It is also possible that some austenite growth during intercritical annealing resulted from 

small remnants of austenite from the initial AQ condition that did not fully decompose upon 

heating and therefore provided a site for austenite to grow without fresh nucleation. However, 

the prospect of consistent interlath austenite films existing throughout heating to the intercritical 

temperatures seems unlikely. During heating, and initiating at approximately 300 s, a decrease in 

austenite fraction to approximately 0.0025 volume fraction precedes the increase in austenite 

fraction that is observed later during IA (Figure 5.7). This suggests the retention of only small 

remnants of austenite that do not completely decompose upon heating. These austenite remnants 

would enable austenite growth without necessitating fresh nucleation; however, considering the 

very low austenite fraction, it seems unlikely that any austenite that may not decompose upon 

heating would exist as an interlath film. With an austenite volume fraction of approximately 

0.0025, hypothetical interlath austenite films in a martensitic microstructure would have a width 

on the order of one nanometer. The existence of austenite films with such a high interfacial area 

per volume is unlikely due to the higher energy associated with interfaces. Rather, it seems more 

likely that the minute quantity of austenite remaining upon heating would be associated with 

slightly larger, more equiaxed, and sparsely distributed austenite that may also be associated with 

increased stability due to some Mn and C enrichment upon heating. Regardless of whether 

austenite is freshly nucleated or continued to grow from an existing austenite remnant, it is clear 

that austenite films present in the initial AQ microstructures do not need to be extensively 

preserved upon heating in order to produce the film-like austenite observed after intercritical 

annealing. 
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The film-like austenite that results from intercritical annealing of an AQ martensitic 

microstructure likely reflects the resistance of martensite to recrystallize [105]. When martensite 

lath or block boundaries are maintained upon heating and IA, some of the boundaries offer 

potent sites for austenite nucleation. The retained austenite after IA of an initially martensitic 

condition maintains the film-like morphology even after long IAts, such as shown in Figure 5.4. 

The stability of the duplex microstructure is enhanced by the partitioning of Mn, which 

necessitates long-range diffusion of Mn in austenite in order for spheroidization or grain growth 

to occur [44]. 

 Dilatometry 

The dilation response from a sample that underwent a DS treatment with a 50,000 s IAt 

for in situ austenite volume fraction assessments via dilatometry is summarized in Figure 5.8(a). 

Figure 5.8(b) shows a magnified view of the boxed region in Figure 5.8(a) showing dilation 

measured during the 50,000 s isothermal hold at 650 °C and upon further heating to 850 °C. 

Austenite formation during the isothermal hold is evident by the contraction exhibited during the 

isothermal hold at 650 °C. Further austenite growth is evident upon heating to 850 °C by the 

large contraction that initiates at approximately 750 ° C amidst regions of thermal expansion.  

 

Figure 5.8 Relative dilation during a DS-type treatment for in situ assessments of austenite 
volume fraction during intercritical annealing.  
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The linear thermal expansion following the contraction indicates that the ferrite to 

austenite transformation has completed. Austenite volume fractions assessed during IA at 650 °C 

are shown in section 5.7 along with simulation predictions for austenite volume fraction. 

 DICTRATM Simulation 

Cem simulations were conducted using different mobility enhancement factors (MEFs) 

for Mn in ferrite to better match the HEXRD data and to compensate for the increased diffusivity 

that is expected in martensite (which is represented by ferrite in DICTRATM) due to the high 

dislocation density. Figure 5.9(a) shows predicted austenite volume fractions during IA at 650 °C 

for different Cem simulations using MEF values of 1.0, 1.4, 1.8 for Mn in ferrite. The three Cem 

simulations all exhibit a similar trend for austenite growth with IAt, and a greater MEF 

corresponds to an increase in the predicted austenite volume fraction. Also included in Figure 

5.9(a) are the experimentally determined austenite volume fractions from the in situ HEXRD 

data. An MEF of 1.4 resulted in the best agreement between simulation predictions and the 

experimentally-determined HEXRD results. Dmitrieva et al. also employed MEFs in a study 

using DICTRATM simulations to account for the increased diffusivity in martensite when 

comparing simulations to atom probe assessments for Mn partitioning during tempering of 

martensite [106]; they found an MEF of 45 to provide the best agreement between simulation 

and experimentation. 

Figure 5.9(b) compares predicted austenite volume fractions as a function of time at 

650 °C from the No Cem, Cem, and No C simulations along with the experimentally determined 

austenite volume fractions from HEXRD and dilatometry measurements. The Cem and No C 

simulations utilize an MEF for Mn in ferrite of 1.4; an MEF was not applied to the No Cem 

simulation as the predicted austenite volume fraction already greatly exceeded the experimental 

results. While there is some variation amongst the experimentally determined austenite volume 

fractions with IAt, all three experimental assessments exhibit a similar trend for austenite volume 

fraction with IAt. The assessments obtained via two separate dilatometry samples are in very 

good agreement, while the HEXRD assessments indicate a slightly greater amount of austenite 

relative to the dilatometry analyses. 

Comparison of the simulation results in Figure 5.9(b) shows that the Cem and No C 

simulations predict gradual austenite growth, while the No Cem simulation predicts rapid initial 

austenite growth followed by more gradual growth. The austenite volume fraction predictions 
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from the Cem and No C simulations are also in relatively good agreement with the experimental 

results up to 1800 s; however, the rapid initial austenite growth predicted by the No Cem 

simulation does not agree with the experimentally determined HEXRD and dilatometry 

assessments. 

 

Figure 5.9 Simulation predictions and in situ experimental results for austenite fraction 
during an IA-Q treatment of the Fe-0.2-4.5Mn steel. (a) Cem simulation with 
different MEFs compared to HEXRD results. No Cem, Cem-MEF:1.4, and 
No C-MEF:1.4 simulations compared to HEXRD and dilatometry up to IAts of 
(b) 2000 s, and (c) 50,000 s. 
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Figure 5.9(c) shows austenite fraction predictions from the No Cem, Cem, and No C 

simulations compared to the dilatometry-based austenite volume fractions during a 50,000 s 

isothermal hold at 650 °C and are presented to evaluate effects of longer IAts. The Cem 

simulation exhibits rapid austenite growth followed by gradual growth for the remainder of the 

simulation. The austenite volume fractions based on dilatometry exhibit a trend similar to the 

Cem simulation, albeit with a smoother transition between more rapid initial austenite growth 

and the later more gradual austenite growth. The Cem simulation overpredicts the austenite 

volume fractions relative to those based on dilatometry at intermediate isothermal hold times; 

however, after the 50,000 s hold, the Cem simulation is in good agreement with the dilatometry 

results. The No C simulation predictions are in relatively good agreement with the dilatometry 

results until approximately 5000 s, when the austenite growth ceases for the remainder of the 

simulation, while the dilatometry assessment indicates continued austenite growth. The No Cem 

simulation predicts rapid initial austenite growth that greatly exceeds the dilatometry 

assessments. The predicted cementite dissolution as a function of IAt at 650 °C from the Cem 

simulation is shown in Figure 5.10 for IAts up to 50,000 s. Cementite is predicted to dissolve 

rapidly during the initial 10,000 s, before the rate of dissolution slows substantially for the 

remainder of the simulation. 

 

Figure 5.10 Cementite volume fraction predictions from the Cem simulation for IA at 650 °C 
for up to 50,000 s 
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Predictions for intercritical austenite volume fraction and Mn distribution in austenite at 

various times during IA from the No Cem simulation are shown in Figure 5.11(a) and Figure 

5.11(b), respectively. IAt is presented on a log scale in Figure 5.11(a), which emphasizes the so-

called NPLE and PLE regions of austenite growth predicted by this simulation. Similar 

DICTRATM simulation results have been reported in other studies  that used simulation cells 

similar to the No Cem simulation cell presented here [15–17, 25–27]. Figure 5.11(b) shows Mn 

concentration profiles at time increments of 500 s, 5,000 s, and 50,000 s. For each profile, the 

vertical portion indicates the position of the austenite-ferrite interface (austenite is to the left, and 

ferrite to the right). The Mn profile at 500 s exhibits a lower-Mn region in the austenite which 

arose due to the negligible Mn partitioning predicted austenite growth earlier in the simulation, 

and a higher-Mn region which formed later during PLE austenite growth. Due to the low 

diffusivity of Mn in austenite, the Mn concentration in austenite is not uniform even after a 

5000 s isothermal hold. After a 50,000 s isothermal hold, the Mn concentration in austenite has 

redistributed somewhat, and the austenite-ferrite interface is predicted to have migrated slightly 

back to the left at the expense of austenite which corresponds to the Mn Redistribution region in 

Figure 5.11(a). As also shown in Figure 5.9(c), the No Cem  simulation predicts a peak in 

austenite volume fraction at approximately 10,000 s followed by a decrease for the remainder of 

the simulation; which is also inconsistent with the dilatometry assessments for austenite volume 

fractions during IA.  

 

Figure 5.11 Results from the No Cem DICTRATM simulation at 650 °C. (a) Austenite volume 
fraction during IA, and (b) Mn concentration profiles in austenite and in ferrite 
near the austenite-ferrite interface. 
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The Mn distributions across the Cem simulation cell for selected times during IA at 

650 °C are shown in Figure 5.12. Mn distributions across the entire simulation cell are shown in 

Figure 5.12(a), which encompasses the austenite-ferrite and ferrite-cementite interfaces. 

Expanded views of the Mn distribution predictions near the austenite-ferrite interface are shown 

in Figure 5.12(b) and near the ferrite-cementite interface in Figure 5.12(c). In each figure, the 

vertical portions in each Mn concentration profile represent the position of the relevant interface 

for the indicated time.  

 

Figure 5.12 (a) Mn distribution predictions throughout the entire simulation cell from the 
Cem-MEF:1.4 simulation at various time-steps during IA at 650 °C. Enlarged 
view of Mn distributions near the (b) austenite-ferrite interfaces and (c) 
ferrite-cementite interfaces (c). Corresponding IAts are labelled in (b) and (c). 
Vertical segments in (b) and (c) correspond to the position of the austenite-ferrite 
and ferrite-cementite interfaces, respectively. 
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Figure 5.12(b) shows that austenite growth is predicted to occur with Mn enrichment 

early in the simulation, resulting in austenite that has a relatively uniform Mn distribution for any 

length of intercritical anneal. Figure 5.12(c) shows that Mn enrichment is also predicted to occur 

in the cementite. Figure 5.12(b) shows a substantial increase in the austenite width from 1000 to 

5000 s that corresponds to a reduction in the width of the cementite region shown in Figure 

5.12(c), indicating that austenite growth after 1000 s is predicted to be strongly influenced by 

cementite dissolution.  

The predicted C distributions from the Cem simulation near the austenite-ferrite interface 

at various time steps during intercritical annealing at 650 °C are shown in Figure 5.13. Vertical 

portions in each of the C distribution profiles correspond to the position of the austenite-ferrite 

interface at each indicated time-step, where austenite is left of the vertical segment and ferrite is 

to the right. With increasing time, the austenite width increases; however, the C concentration in 

austenite is relatively constant in the first 1000 s. After 1000 s, the C concentration increases 

with time. Due to the rapid diffusivity of C, the C concentration distribution in austenite at each 

time step is shown to be essentially constant.  

 

Figure 5.13 C distribution predictions in austenite from the Cem-MEF:1.4 simulation at 
several time-steps during IA at 650 °C. Vertical segments correspond to the 
position of the austenite-ferrite interface. 
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Only at isothermal hold times greater than 5000 s are there slight variations in the 

predicted austenite C concentration, which is due to the effect of the Mn distribution in austenite 

(Figure 5.12(b)) on the local chemical potential of C, as will be discussed in Section 5.7. The C 

concentration in austenite increases substantially between 1000 and 5000 s; this is during the 

timeframe where substantial cementite dissolution occurs, suggesting that cementite dissolution 

is responsible for inducing further austenite growth. Note that the C concentration scale used in 

Figure 5.13 causes the C concentration in ferrite to appear negligible, obscuring any potential 

minute variations in the ferrite C concentration with position or time. 

 Austenite Growth and Solute Partitioning during Intercritical Annealing  

Thermo-Calc® (using the TCFE9 database) predicts complete cementite dissolution above 

647 °C for the steel composition used in this study. Indeed, after the 50,000 s isothermal hold at 

650 °C, there was a substantial reduction in the amount of cementite observed in the 

microstructure (Figure 5.4(b, c)), relative to after shorter isothermal hold times (Figure 5.2(d) 

and Figure 5.3(b, c). However, HEXRD results (Figure 5.6) indicate that cementite had remained 

throughout an 1800 s isothermal hold while the austenite volume fraction increased to 0.19 

(Figure 5.7), suggesting that austenite nucleation and initial growth occurred predominantly in 

association with Mn partitioning, and not C partitioning. This conclusion is consistent with the 

Cem simulation predictions for cementite dissolution (Figure 5.10) and Mn enrichment in 

austenite (Figure 5.12(b)).  

Alternatively, the No Cem simulation predicts negligible Mn partitioning austenite 

growth to nearly 0.20 volume fraction before PLE growth initiates (Figure 5.11(a)), resulting in 

the prediction of austenite formation with a non-uniform Mn distribution (Figure 5.11(b)). 

Comparison of the No Cem and Cem simulation results for Mn distributions in austenite, shown 

in Figure 5.11(b) and Figure 5.12(b), respectively, indicate that incorporation of cementite in the 

Cem simulation leads to the prediction of a more uniform Mn concentration distribution in 

austenite. Furthermore, the prediction of uniform Mn distribution in austenite results from the 

predicted gradual cementite dissolution in the Cem simulation, shown in Figure 5.10, which 

inhibits the rapid negligible Mn partitioning austenite growth prediction as C is tied up in 

cementite. 

Partitioning of Mn to cementite during IA has been previously reported and has been 

suggested to be the cause for the observed sluggish cementite dissolution during IA [65, 72, 74]. 
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The Mn distribution in Figure 5.12(c) for the Cem simulation shows the predicted Mn 

partitioning to cementite. The diagram in Figure 5.14 plots the effect of Mn on the C chemical 

potentials in austenite in equilibrium with ferrite, and in cementite in pseudo-equilibrium with 

ferrite (austenite suppressed) at 650 °C. Overlaid as vertical dashed lines on the plot are the Mn 

concentrations shown in Figure 5.12(b, c) at the austenite-ferrite and ferrite-cementite interfaces, 

respectively, after 1000 s. The associated horizontal dashed lines in Figure 5.14 indicate the 

chemical potential of C in austenite near the austenite-ferrite interface, in cementite near the 

ferrite-cementite interface, and in cementite with the nominal Mn concentration (4.39 wt pct). 

Compared to cementite with the nominal Mn concentration, the increased Mn concentration in 

cementite near the ferrite-cementite interface reduces the local chemical potential of C in 

cementite. This decrease in C chemical potential at the ferrite-cementite interface effectively 

decreases the driving force for C migration from cementite to austenite (∆μc) from approximately 

11.5 kJ×mol-1 (when cementite has the nominal Mn concentration) to 1.5 kJ×mol-1.  

The Cem simulation predictions of austenite volume fraction during intercritical 

annealing, shown in Figure 5.9(b) and Figure 5.9(c), are in far better agreement with the 

experimentally determined in situ HEXRD and dilatometry assessments than those from the 

No Cem simulation. Despite the absence of C, the No C simulation predictions for austenite 

fraction during IA are also in relatively good agreement with the experimentally determined 

assessments for up to approximately 5000 s, suggesting that initial austenite growth is 

predominantly controlled by Mn diffusion through ferrite. Figure 5.12(b, c) show that at 5000 s, 

the Cem simulation predicts the Mn concentration in ferrite to have decreased to near 

equilibrium. After 5000 s, austenite growth slows and occurs with a slightly reduced Mn 

concentration in austenite at the austenite-ferrite interface. Note that the Mn concentration in 

cementite also decreased as the Mn concentration in ferrite decreased; this suggests that 

cementite dissolution is influenced by the adjacent ferrite Mn concentration.  

The sequence of steps during austenite growth in the Cem simulation can be summarized 

as follows: austenite growth is initially controlled via Mn diffusion through ferrite until 

approximately 5000 s, when the ferrite Mn concentration is depleted to near equilibrium and the 

austenite growth slows. The Mn concentration in cementite is also reduced as the adjacent ferrite 

becomes depleted in Mn, which causes increased dissolution of cementite and liberates C and 
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Mn needed for continued austenite growth. The dissolution of cementite is also controlled via 

Mn diffusion through ferrite. 

 

Figure 5.14 Chemical potential of C with increasing Mn concentration predicted using the 
TCFE9 database of Thermo-Calc® for austenite in equilibrium with ferrite and 
cementite in pseudo-equilibrium with ferrite (austenite suppressed) at 650 °C. 

The Cem simulation overpredicts austenite fraction at intermediate times relative to the 

dilatometry assessments, shown in Figure 5.9(c). However, after 50,000 s, the Cem simulation 

and the austenite volume fractions based on dilatometry are again in good agreement. This 

discrepancy at intermediate isothermal hold times is presumed to be due to the Cem simulation 

predicting cementite dissolution at a rate that exceeds that in the physical sample. This results 

from the Cem simulation not considering partitioning of Mn to cementite prior to IA (Figure 

4.7), whereas cementite in the physical sample was likely enriched in Mn during heating at 

0.76 °C×s-1 to the IAT. Furthermore, partitioning of Mn to cementite at lower temperatures 

would likely result in greater Mn enrichment in cementite, causing greater stability and slower 

dissolution of the cementite. 

Both the No Cem and Cem simulations yield identical predictions for austenite fraction 

after long isothermal hold times as these simulations (which share identical compositions) evolve 

toward equilibrium with time. However, it is important to note that the predictions for evolution 

of austenite, Mn distribution within austenite, and the solute partitioning kinetics differ greatly 
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between the No Cem and Cem simulations. Considering the similarities between the Cem 

simulation predictions and experimental results for austenite volume fractions as a function of 

time, as well as the indication of slow cementite dissolution in the physical samples, it is 

interpreted that the Cem simulation provides a more accurate description of microstructural 

evolution during intercritical annealing and the resulting Mn distribution in austenite. The 

No Cem simulation results in less accurate predictions of microstructural evolution because the 

absence of cementite in the simulation leads to the prediction of negligible Mn partitioning 

growth of austenite, which is not consistent with experimental assessments.  
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CHAPTER 6 

RESULTS AND DISCUSSION: AUSTENITE FORMATION AND MANGANESE 
PARTITIONING IN THE ABSENCE OF CARBON 

 

 Introduction 

Experimental and simulation results from the study presented in Chapter 5 enabled 

assessments of the ferrite-to-austenite phase transformation and cementite dissolution, as well as 

the kinetics of C and Mn partitioning to austenite during IA. From those assessments, it was 

hypothesized that the ferrite-to-austenite transformation occurring during the early stages of 

intercritical annealing is primarily influenced by Mn-partitioning and is consistent with a 

diffusion-controlled phase transformation where Mn is the rate controlling solute. Additionally, 

C was presumed to be inhibited from redistribution due to sluggish dissolution caused by Mn 

partitioning to cementite as well. This ferrite-to-austenite phase transformation behavior would 

consequently imply that the intercritical austenite that formed during IA, even with short IAts, 

would be enriched in Mn. 

The study presented in this chapter utilized the Fe-7Mn alloy, and was intended to assess 

whether Mn partitioning kinetics are sufficient to enable austenite formation during relatively 

short IA treatments, and how the IAT affects the Mn enrichment in the intercritical austenite. 

The absence of C in the alloy enabled bulk assessments of differences in austenite stability that 

could be directly attributed to the relative Mn enrichment in austenite. Additionally, the alloy 

was tested in three different initial conditions with different amounts of cold deformation. This 

enabled an assessment of the effect of prior cold deformation on intercritical austenite 

morphology and growth rate in the absence of C. Phase field simulations were also conducted 

that incorporated variations of parameters that are suggested to be consistent with mechanisms 

that may be responsible for accelerating the ferrite-to-austenite transformation during IA due to 

increasing prior cold deformation. 

The following sections discuss experimental and simulation results from both IA-Q and 

DS heat treatments of the Fe-7Mn steel. DS treatments are only referenced in this chapter for the 

purpose of measuring in-situ austenite volume fraction during IA via dilatometry. Unless 

specified otherwise, all heat treatment parameters were consistent with those listed in Table 6.1. 
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Table 6.1  Heat Treatment Parameters for IA of AQ, CR50, and CR66 Fe-7Mn 

 HR  
(°C×s-1) 

IAT 
(°C) 

IAt 
(s) 

HR2 

(°C×s-1) 
SST 

(°C) 
SSt 

(s) 
QR 

(°C×s-1) 

IA-Q 50 
640-
710 

1000 - - - 20 

DS 50 
640-
710 

1000 10 850 5 20 
 

 

 Equilibrium Thermo-Calc® Predictions 

A pseudo-binary phase diagram for the composition of the Fe-7Mn alloy is shown in 

Figure 6.1 along with Thermo-Calc® predictions for the Mn concentration in intercritical 

austenite for different IATs and the predicted phase fractions of intercritical austenite, retained 

austenite, and martensite corresponding to different IATs. The predictions indicate that the IATs 

shown in Table 6.1 will not enable intercritical austenite to be fully retained to room 

temperature.  

 Retained Austenite after IA 

X-ray diffraction (XRD) at room temperature was conducted on samples of the CR50 

condition that underwent an IA-Q treatment with IATs ranging from 640-710 °C in 10 °C 

increments. Figure 6.2 shows XRD spectra from the as-rolled (AR) CR50 condition as well as 

after IA-Q treatments with different IATs. The spectrum from the AR sample exhibits five 

intensity peaks corresponding to crystallographic planes in ferrite and does not indicate the 

presence of any austenite. The spectrum from the 640 °C sample exhibits four intensity peaks 

corresponding to crystallographic planes in austenite in addition to the five peaks corresponding 

to ferrite that are also present in the spectrum from the AR sample; the retained austenite volume 

fraction was calculated to be 10 volume pct for this sample. The spectrum from samples with 

greater IATs exhibit only the five peaks corresponding to ferrite and do not indicate the presence 

of any retained austenite, indicating that austenite formed during IATs of 650 °C and greater was 

predominantly not sufficiently stabilized to be retained upon cooling to room temperature.  
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Figure 6.1 (a) Pseudo-binary phase diagram for a composition of Fe-7.19Mn-0.25Si. 
(b) Equilibrium Mn concentration in intercritical austenite of Fe-7Mn alloy with 
increasing IAT. (c) Predicted phase fractions for Fe-7Mn alloy corresponding to 
different IATs using model from De Moor et al. [12] 
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Figure 6.2 X-ray diffraction spectra from the (a) as-rolled (AR) CR50 condition, as well as 
after IA-Q treatments. Corresponding  IATs are labeled on each image. 

 Microstructural Analysis 

Micrographs at two different magnifications taken via FESEM of the AQ condition prior 

to heat treatment are shown in Figure 6.3. Note that the rolling direction (RD) and normal 

direction (ND) are denoted by arrows in this figure and all other micrographs in this section. The 

microstructure of the AQ condition prior to the IA-Q treatments exhibits a faint etching response, 

revealing prior austenite grain boundaries; substructure in the martensite is not readily revealed 

by the etch. Figure 6.4 display micrographs at two different magnifications from AQ samples 

after IA-Q treatments with IATs of 640 (Figure 6.4(a, b)), 660 (Figure 6.4(c, d)), and 680 °C 

(Figure 6.4(e, f)), respectively. 



81 

Figure 6.3 FESEM micrograph from the AQ condition of the Fe-7Mn alloy prior to heat 
treatment. (a) lower magnification micrograph, and (b) higher magnification 
micrograph.  Marshall’s reagent etch. 

A greater etching response is exhibited by samples after IA-Q treatments than in the AQ 

condition prior to heat treatment. The dark-etching areas are indicative of austenite that formed 

during IA and are either retained austenite, martensite/austenite (MA) constituent, or martensite 

in the room-temperature sample, and are labelled ‘MA’ in FESEM micrographs. The 

micrographs suggest that austenite formed predominantly along martensite laths and/or block 

boundaries. The etching response is presumed to be correlated to the relative Mn concentration 

of each constituent, where local Mn enrichment causes a more aggressive etching response. The 

austenite that formed during intercritical annealing is expected to have incurred Mn enrichment, 

causing the MA regions to be more aggressively etched. This etching response is counter to 

typical observations when more appreciable levels of C are present, where constituents with 

higher C concentrations (e.g. retained austenite, martensite, and cementite) are less aggressively 

etched [107]. 

The microstructures from the AQ condition after IA-Q heat treatments with IATs of 690, 

700, and 710 °C are shown in Figure 6.5, Figure 6.6, and Figure 6.7, respectively. In each 

Figure, lower magnification micrographs exhibit an additional constituent which appears as 

coarse-grained bands throughout the microstructure, while higher magnification micrographs 

show finer detail in the microstructure.  
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Figure 6.4 FESEM micrographs from the AQ condition of the Fe-7Mn alloy after a IA-Q 
heat treatments with IATs of (a, b) 640, (c, d) 660, and (e, f) 680 °C. Marshall’s 
reagent etch.  

MA 

MA 
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Figure 6.5 FESEM micrograph from the AQ condition of the Fe-7Mn alloy after an IA-Q 
heat treatment with an IAT of 690 °C. (a) lower magnification micrograph of 
general microstructure, (b) higher magnification micrograph of P band, and (c) 
higher magnification micrograph of M band. Marshall’s reagent etch. 

The coarse-grained bands are identified as martensite which has transformed from 

austenite that formed via a massive, partitionless transformation from ferrite during IA, rather 

than a diffusional, partitioning transformation and are labelled ‘M’.  

The other bands in the microstructure, which resemble the microstructures from samples 

that were treated with a IATs below 680 °C, are labelled ‘P’ as these bands are presumed to 

consist of ferrite (tempered martensite) and MA constituent that formed from intercritical 

austenite that had formed via a partitioning transformation. The microstructure from the sample 

that was heated from room temperature directly to an austenitizing  temperature (850 °C), shown 
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in Figure 6.8, resembles the constituent corresponding to the M-bands in Figure 6.5-Figure 6.7. 

The banded microstructure is presumed to be the result of residual Mn banding in the steels, and 

is discussed further in Sections 6.9 and 6.10. 

 

Figure 6.6 FESEM micrograph from the AQ condition of the Fe-7Mn alloy after an IA-Q 
heat treatment with an IAT of 700 °C. (a) Lower magnification micrograph of 
general microstructure, and (b) higher magnification micrograph of P band.  
Marshall’s reagent etch. 

 

Figure 6.7 FESEM micrograph from the AQ condition of the Fe-7Mn alloy after an IA-Q 
heat treatment with an IAT of 710 °C. (a) Lower magnification micrograph of 
general microstructure, and (b) higher magnification micrograph of P band. 
Marshall’s reagent etch.  
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Micrographs, captured via FESEM of the CR66 condition in the as-rolled condition prior 

to thermal processing, are shown in Figure 6.9 and exhibit the deformed ferrite from cold-rolling. 

Micrographs at lower and higher magnifications, shown in Figure 6.10, exhibit microstructures 

from samples after IA-Q treatments with IATs of 640, 660, and 680 °C.  

 

Figure 6.8 FESEM micrograph from the AQ condition of the Fe-7Mn alloy after heating 
directly to 850 °C from room temperature. (a) Lower magnification micrograph of 
general microstructure, and (b) higher magnification micrograph showing detail.  
Marshall’s reagent etch. 

 

Figure 6.9 FESEM micrograph from the CR66 condition of the Fe-7Mn alloy prior to heat 
treatment. (a) Lower magnification micrograph of general microstructure, and (b) 
higher magnification micrograph showing detail. Marshall’s reagent etch. 



86 

Figure 6.10 FESEM micrograph from the CR66 condition of the Fe-7Mn alloy after a IA-Q 
heat treatments with IATs of (a, b) 640, (c, d) 660, and (e, f) 680 °C. Marshall’s 
reagent etch. 



87 

Bands of deformed ferrite that appear partially recrystallized are identified by white 

arrows in the lower magnification micrographs. The higher magnification micrographs indicate 

concurrent ferrite recrystallization and austenite formation. The more aggressively etched 

constituent is identified as MA, and indicates that austenite had formed along deformed ferrite 

boundaries as well as at recrystallized or sub-grain ferrite boundaries during intercritical 

annealing. Further discussion of the correlation of the etching response to phases in the 

microstructure and areas of Mn enrichment are included later in Section 6.9. 

The microstructure after IA heat treatments with an IATs of 690, 700, and 710 °C are 

shown in micrographs of Figure 6.11-Figure 6.13, respectively. Similar to the microstructures 

from the AQ condition after IA-Q treatments these micrographs exhibit the coarse-grained 

appearing M-bands throughout the microstructure. Close inspection reveals that these bands have 

a distinct appearance from the bands of partially recrystallized ferrite identified in Figure 6.10. 

The other bands in the microstructure that resemble the microstructures from samples that were 

treated with a IATs below 690 °C (Figure 6.10) are labelled ‘P’ as these bands are presumed to 

consist of ferrite and MA constituent that formed from intercritical austenite that had formed via 

a partitioning transformation.  

 

Figure 6.11 FESEM micrograph from the CR66 condition of the Fe-7Mn alloy after an IA-Q 
heat treatment with an IAT of 690 °C. (a) Lower magnification micrograph of 
general microstructure, and (b) higher magnification micrograph showing detail 
of M and P bands. Marshall’s reagent etch. 
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Figure 6.12 FESEM micrograph from the CR66 condition of the Fe-7Mn alloy after an IA-Q 
heat treatment with an IAT of 700 °C. (a) Lower magnification micrograph of 
general microstructure, and (b) higher magnification micrograph showing detail 
of M and P bands. Marshall’s reagent etch. 

Figure 6.13 FESEM micrograph from the CR66 condition of the Fe-7Mn alloy after an IA-Q 
heat treatment with an IAT of 710 °C. (a) Lower magnification micrograph of 
general microstructure, and (b) higher magnification micrograph showing detail 
of M and P bands.  Marshall’s reagent etch. 

The microstructure from the CR66 sample that was heated from room temperature 

directly to an austenitizing temperature (850 °C), shown in Figure 6.14, resembles the 

constituent corresponding to the M-bands in Figure 6.11-Figure 6.13. As mentioned previously, 
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the banded microstructure is presumed to be the result of residual Mn banding in the steels, and 

is discussed further in Sections 6.9 and 6.10. 

 

Figure 6.14 FESEM micrograph from the CR66 condition of the Fe-7Mn alloy after heating 
directly to 850 °C from room temperature. (a) Lower magnification micrograph of 
general microstructure, and (b) higher magnification micrograph showing detail.  
Marshall’s reagent etch. 

The presence of M-bands that appear in the samples treated with an IAT of 690 °C 

becomes more prevalent with increasing IAT for both the AQ and CR66 condition. Figure 6.15 

shows lower magnification micrographs from both the AQ and CR66 conditions. The M-bands 

correspond to a small fraction of the microstructure in the 690 °C samples. The microstructures 

of the samples that underwent IA with an IAT of 710 °C are nearly entirely composed of the 

M-band constituent with only a small amount of ferrite observed in a thin P-band.  

An additional IA-Q heat treatment at a lower temperature was conducted in order to 

qualitatively evaluate the difference in austenite nucleation site density amongst the AQ, CR50, 

and CR66 conditions. This heat treatment consisted of heating to 500 °C at 12 °C×s-1, IA for 

50,000 s, and quenching at 30 °C×s-1. Micrographs captured via FESEM of samples from each 

condition of the Fe-7Mn alloy after this IA-Q are shown in Figure 6.16, and indicate that 

austenite predominantly nucleated at prior austenite grain boundaries and martensite block 

boundaries in the AQ condition and along deformed ferrite grain boundaries in the CR50 and 

CR66 conditions. The CR66 condition exhibits the most nucleation sites, and AQ the least.  
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Figure 6.15 Low magnification FESEM micrographs from the AQ (a, c, and e) and CR66 
(b, d, and f) conditions of the Fe-7Mn alloy after IA-Q treatments with IATs of 
690 °C (a, b), 700 °C (c, d), and 710 °C (e, f). Marshall’s reagent etch. 

AQ – IAT: 690°C CR66 – IAT: 690°C 

CR66 – IAT: 700°C 

CR66 – IAT: 710°C AQ – IAT: 710°C 

AQ – IAT: 700°C 
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Figure 6.16 FESEM micrograph from the AQ (a), CR50 (b), and CR66 (c) conditions of the 
Fe-7Mn alloy after IA-Q treatments with IATs of 500 °C and IAts of 50,000 s. 
Marshall’s reagent etch. 

 Microstructural Evolution during Intercritical Annealing 

Microstructures after IA-Q treatments of the AQ and CR66 conditions indicate 

morphological differences in the austenite that formed during IA. Microstructures of samples 

intercritically annealed from the AQ condition indicate that austenite predominantly formed in a 

film-like manner along martensite laths and blocks (Figure 6.4). Microstructures of samples 

intercritically annealed from the CR66 condition indicate that austenite formed concurrently as 

deformed ferrite recrystallized, appearing to form along deformed ferrite grain boundaries 

(Figure 6.10). 
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 Ac1 Temperatures 

The average of three collected Ac1 temperatures from dilatometry samples of all three 

conditions (AQ, CR50, and CR66) using different heating rates is shown in Figure 6.17. The data 

plotted in Figure 6.17 are tabulated in Table 6.2. For most heating rates, the CR66 condition 

exhibits the lowest Ac1, while the AQ condition exhibits the highest.  

 

Figure 6.17 Average Ac1 temperatures recorded from the AQ, CR50, and CR66 conditions of 
the Fe-7Mn alloy for different heating rates. 

Thomas et al., reported effects of heating rate and prior cold work on the Ac1 temperature 

in dual-phase steels with compositions of Fe-0.2C-0.5Mn and Fe-0.17C-1Mn-0.1Nb and with 

prior cold work conditions for each of 40 and 60 pct reductions, and also found an increase in Ac1 

temperature with increased heating rate, although their reported increase was much lower than 

observed for the Fe-7Mn alloy shown in Figure 6.17 [108]. They reported an average increase in 

Ac1 temperature of 8.5 °C when increasing the heating rate from 1 to 100 °C·s-1, while here the 

average increase in Ac1 temperature when increasing the heating rate from 3 to 96 °C·s-1 is 41 °C. 

The difference between the data in Figure 6.17 and the reported data by Thomas et al. regarding 

the effect of prior cold deformation is also disparate. Thomas et al. reported virtually negligible 

decreases in Ac1 temperature with increased prior cold reduction, while the decrease in Ac1 

temperature from the AQ condition to the CR66 condition is approximately 33 °C for heating 
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rates of 12 °C·s-1 and slower. The difference between the results shown here and those from 

Thomas et al. could arise from the effect of C and lower Mn concentration on austenite 

nucleation. Intercritical austenite nucleation in the Fe-7Mn steels is dependent on Mn diffusion, 

while austenite nucleation in the steels studied by Thomas et al. was likely dependent on C 

diffusion, and therefore less dependent on changes in heating rate or prior cold deformation. 

Table 6.2  Ac1 Temperatures (°C) with Different Heating Rates 

 Material Condition 

Heating Rate 
(°C·s-1) 

AQ CR50 CR66 

0.05 575±8 542±5 523±4 

0.2 581±13 565±9 546±5 

0.8 592±5 580±5 572±1 

3 625±1 618±5 595±8 

12 643±4 624±3 616±2 

48 642±1 644±5 642±5 

96 644±4 649±4 669±6 
 

 

 Dilation Response during IA-Q Heat Treatments 

The dilation response during IA-Q treatments from the CR50 samples are summarized in 

Figure 6.18(a). Austenite formation is evident by the contraction observed at each IAT. Figure 

6.18(b) shows a magnified view of the expansions that were observed upon cooling; the 

corresponding IAT is labelled for each data set. The expansions upon cooling are consistent with 

a martensitic transformation of austenite and indicate that none of these samples generated 

austenite during IA that was fully stabilized upon cooling to room temperature. It is also apparent 

that the martensite transformation began at greater temperatures upon cooling in samples with 

increased IATs, indicating that austenite formed at lower IATs was stabilized to lower 

temperatures and required cooling to lower temperatures in order to provide sufficient driving 

force for the martensite transformation. With the absence of C in this alloy (or other austenite 

stabilizing elements besides Mn), it is presumed that this difference is primarily caused by 

different levels of Mn enrichment in the austenite that forms during IA with different IATs.  

The Ms temperatures assessed from samples of each condition (AQ, CR50, and CR66) 

that were subject to IA-Q heat treatments are shown in Figure 6.18(c). Increasing IATs from 640 
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to 710 °C corresponds to experimentally observed Ms temperatures to increase by approximately 

250 °C; the Thermo-Calc® predicted Ms temperatures increased by 100 °C. Upon comparing the 

Ms temperatures after intercritical annealing to those observed after fully austenitizing and 

quenching (800 °C), it is apparent that IA above 710 °C does not further increase the Ms 

temperature upon cooling and that 710 °C is within or slightly below the austenite single-phase 

field for this chemical composition. 

 

Figure 6.18 (a) Dilatometry results from IA-Q treatments with different IATs from the CR50 
condition of Fe-7Mn alloy and (b) a magnified view of the martensite 
transformations upon cooling. (c) Ms temperatures upon cooling during IA-Q 
treatments with different IATs determined via dilatometry from the AQ, CR50, 
and CR66 conditions of the Fe-7Mn alloy and predicted Ms temperatures from 
equilibrium Thermo-Calc® values for Mn austenite and Equation 2.2. 
(d) Calculated Mn concentrations in austenite formed at each IATs based on 
observed Ms temperatures and Equation 2.2 (d). 
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The predicted Mn enrichment levels in austenite formed during IA using the Ms 

temperatures shown in Figure 6.18(c) and Equation 2.2 are plotted in Figure 6.18(d). There is a 

discrepancy between the Mn enrichment calculated based on experimental assessment of Ms 

temperatures in the samples held at 800 °C; these values should correspond to a Mn 

concentration identical to the nominal Mn concentration of the steel (7.19wt pct). This difference 

may be due to residual Mn banding in the steel, as the Mn-lean bands are expected to exhibit a 

greater Ms temperature upon cooling.  

 Austenite Volume Fraction Evolution during Intercritical Annealing 

Dilatometry results from a CR50 sample that was thermally processed to assess the 

temporal thermal expansion associated with delayed thermal equilibration due to the relatively 

rapid heating rate (50 °C×s-1) are shown in Figure 6.19. The dilation during heat treating is 

summarized with reference to sample thermocouple temperature in Figure 6.19(a) and Figure 

6.19(b), while Figure 6.19(c) and Figure 6.19(d) show the dilation with respect to time. The 

sample expanded during heating and additional expansion was observed upon reaching 500 °C. 

After cooling to 30 °C the sample returned to its initial length. The expansion exhibited in the 

first and second thermal cycles (labelled 1 and 2, respectively), shown in Figure 6.19(b), is 

virtually identical, suggesting that no substantial microstructural changes contributed to the 

expansion observed at 500 °C during the 1000 s isothermal hold. The expansion during 

isothermal holding 500 °C was fit with a double exponential function (Equation 4.4), and is 

shown in Figure 6.19(d) by a red curve; the origin of the fitted function is indicated by the red 

plus sign (+) at (14.4, 0.698), and corresponds to the time and relative dilation when the sample 

thermocouple indicated a temperature of 500 °C. The variables used in Equation 4.4 for 

correcting the calculated austenite volume fraction during IA for delayed thermal equilibration 

were averaged from three different samples and are listed in Table 6.3. 

In situ austenite volume fraction assessments based on dilatometry during IA are shown 

in Figure 6.20 for each initial condition (AQ, CR50, and CR66). As expected, the austenite 

volume fraction is generally greater for samples with a greater IAT. The samples held at 

isothermal hold temperatures of 690, 700, and 710 °C indicate rapid austenite formation upon 

reaching the IAT, followed by more gradual austenite growth.  
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Figure 6.19 Dilatometry results from a CR50 sample that underwent thermal cycling in order 
to assess the time required for thermal equilibration of the dilatometry sample 
upon heating at 50 °C×s-1. (a, b) Dilation response with respect to temperature; 
first and second cycles are labelled 1 and 2, respectively. (c, d) dilation response 
with respect to time; red line indicates the fit of Equation 4.4 to the relative 
dilation data.  

Consistent with Miller’s report indicating that increased prior deformation corresponds to 

increased austenite growth rates during IA [44], the austenite formation is more rapid in the 

CR66 samples relative to the CR50 and AQ samples. Figure 6.21 displays intercritical austenite 

volume fraction during IA-Q heat treatments at an IAT of 650 °C and with slower heating rates 

(0.05 and 0.8 °C·s-1).  The slower heating rates more clearly indicate the increase in austenite 

volume fraction that corresponds with increased prior cold deformation.  
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Table 6.3  Variables from Equation 4.4 used to Fit Temporal Expansion during IA 

Variable Value 

a 0.738 

b 4.63x10-7 

c -0.0259 

d -0.00890 

f 0.698 

g 14.4 

 

Figure 6.20 Austenite volume fraction collected in situ during IA-Q treatments of the (a) AQ, 
(b) CR50, and (c) CR66 conditions of the Fe-7Mn alloy. Corresponding IAT is 
labelled for each data set. 

Figure 6.21 Austenite volume fraction collected in situ during IA-Q treatments of the AQ, 
CR50, and CR66 conditions of the Fe-7Mn alloy with an IAT of 650 °C and HRs 
of (a) 0.05 °C·s-1 and (b) 0.8 °C·s-1 
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 Scanning Transmission Electron Microscopy 

A micrograph captured via STEM and the corresponding Mn distribution map and line 

scans acquired with EDS of the AQ condition of the Fe-7Mn alloy after an IA heat treatment 

with an IAT of 640 °C are shown in Figure 6.22. Figure 6.23 shows TKD results collected from 

an area that includes the area where the EDS data in Figure 6.22 were collected. The IPF map 

with IQ overlay (Figure 6.23(c)) reveals block boundaries in the tempered martensite. The IQ 

map with EDS map overlay (Figure 6.23(b)) indicates that Mn enrichment is located along these 

block boundaries, which resemble the dark-etching areas in the corresponding FESEM 

micrographs (Figure 6.4(a, b)). Figure 6.24 displays EDS results from an AQ sample that was 

subject to an IA-Q treatment with an IAT of 670 °C. The Mn enriched areas in the EDS map are 

elongated and consistent with the dark-etching areas in FESEM micrographs of the AQ condition 

after IA treatments (Figure 6.4). Line-scans from both the 640 and 670 °C samples indicate that 

areas immediately adjacent to regions of Mn enrichment exhibit Mn gradients that decrease 

towards the Mn enriched areas. 

A STEM micrograph of the microstructure and corresponding Mn map and line-scans 

from EDS from a CR66 sample after an IA treatment with an IAT of 640 °C are shown in Figure 

6.25. The Mn enriched areas have approximately 9 wt pct Mn and are consistent in morphology 

with the dark-etching areas in the corresponding FESEM image from this sample (Figure 

6.10).Similar to the EDS line-scan assessments from the samples of the AQ condition after IA-Q 

treatments, Mn gradients adjacent to Mn enriched areas indicate an increase in Mn concentration 

with increasing distance from the Mn enriched area.  

Figure 6.26 shows TKD results corresponding to the region outlined by a blue rectangle 

in Figure 6.25(a). The IQ map exhibits some small regions that have relatively dark contrast 

which correspond to a lower IQ and greater lattice distortion/dislocation density; these regions 

are identified as MA constituent and are indicated by white arrows. The IPF map with IQ overlay 

(Figure 6.26(b)) shows that the MA regions reside amongst sub-grains within elongated ferrite 

grains. The grain with the near [111] pole in the IPF map corresponds to an austenite grain 

identified by a white arrow in the phase map with IQ overlay (Figure 6.26(c)). The areas 

identified as MA constituent and retained austenite correspond to the Mn-enriched areas in the 

corresponding EDS map shown in Figure 6.24(d).  
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Figure 6.22 STEM-EDS results from the AQ condition of the Fe-7Mn alloy after an IA-Q 
treatment using an IAT of 640 °C. (a) STEM micrograph and (b) corresponding 
EDS map for Mn. (c, d) EDS line scan results corresponding to arrows labelled 1 
and 2, respectively, in the STEM micrograph. 
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Figure 6.23 TKD results from the CR66 condition of the Fe-7Mn alloy after an IA-Q 
treatment using an IAT of 640 °C corresponding to the region that includes the 
area imaged in Figure 6.22. (a) IQ map, (b) IQ map with EDS map overlay, and 
(c) IPF map with IQ overlay.  
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Figure 6.24 STEM-EDS results from the AQ condition of the Fe-7Mn alloy after an IA-Q 
treatment using an IAT of 670 °C. (a) STEM micrograph and (b) corresponding 
EDS map for Mn. (c, d) EDS line scan results corresponding to arrows labelled 1 
and 2, respectively, in the STEM micrograph. 
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Figure 6.25 STEM-EDS results from the CR66 condition of the Fe-7Mn alloy after an IA-Q 
treatment using an IAT of 640 °C. (a) STEM micrograph and (b) corresponding 
EDS map for Mn. (c, d) EDS line scan results corresponding to arrows labelled 1 
and 2, respectively, in the STEM micrograph. 



103 

Figure 6.26 TKD results corresponding to the region outlined by a blue box in Figure 6.27(a)  
from the CR66 condition of the Fe-7Mn alloy after an IA-Q treatment using an 
IAT of 640 °C. (a) IQ map, (b) IPF map with IQ overlay, (c) phase map with IA 
overlay, and (d) corresponding EDS map for Mn.  

A STEM sample was prepared from a site-specific location in a CR66 sample that had 

been subject to an IA treatment with an IAT of 700 °C and included regions of both the P- and 

M-bands that are shown in FESEM micrographs (Figure 6.14). Figure 6.27(a) shows an FESEM 

micrograph of the polished and etched sample and indicates the precise location where the 

STEM lift-out was taken. Figure 6.27(b) displays a STEM micrograph of the thinned sample 

which indicates areas where further characterization was conducted on the sample. The region 

outlined by a red, dashed box, and red arrows, labelled 1 and 2, correspond to EDS results shown 

in Figure 6.28. The regions outlined by blue boxes, labelled A and B, correspond to TKD results 

shown in Figure 6.29. The vertical dashed line in Figure 6.31(b) indicates the approximate 

boundary between the P- and M-bands in the lift-out; indicated by the P and M labels, the lateral 

orientation of the lift-out is identical to that of the FESEM micrograph in Figure 6.29(a). the 

EDS results in Figure 6.28 indicate that Mn partitioning is evident on the left sides of the EDS 

map and line-scans which correspond to the P-band region of the lift-out. The right sides of the 

EDS map and line-scans, which correspond to the M-band region of the lift-out, indicate a  

relatively uniform Mn distribution. 
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Figure 6.27 (a) FESEM micrograph of the lift-out site (red box) from a CR66 sample after an 
IA-Q treatment with an IAT of  700 °C. (b) STEM image of lift-out indicating 
areas corresponding to additional characterization. Note the arrows in the lower, 
left corners of (a) and (b) indicating the rolling (RD), normal (ND), and transverse 
(TD) directions. P and M indicate areas corresponding to either the P- or M-band 
in the microstructure, white dashed line in (b) indicates approximate boundary 
between P- and M-band in lift-out. Red dashed box and red arrows correspond to 
EDS results shown in Figure 6.28. Blue boxed regions correspond to areas that 
were further examined with TKD (Figure 6.29). 

The TKD results shown in Figure 6.29(a, b, and c) corresponding to box ‘A’ of Figure 

6.27(b) display the recrystallized ferrite and martensite microstructure corresponding to the 

P-band. Figure 6.27(b) shows a relatively large ferrite grain with a uniform orientation at the left 

side of the IPF map and ferrite grains with sub-grains which have slight misorientation from each 

other on the right side of the IPF map. Austenite is not detected within the larger ferrite grain on 

the left side of the map, but is detected sporadically amongst the subgrains on the right side of 

the map (Figure 6.29(c)). The detection of austenite remnants is consistent with fresh martensite 

and indicates that austenite, which has predominantly transformed to martensite upon cooling, 
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had formed concurrently with recrystallizing ferrite during IA. The TKD results corresponding to 

box ‘B’ of Figure 6.27(b) are shown in Figure 6.29(d, e, and f) and exhibit the martensitic 

microstructure corresponding to the M-band in the sample. The IPF map (Figure 6.29(e)) 

displays the different orientations of martensite blocks, characteristic of low-C lath martensite 

[105, 109–111]. 

Figure 6.28 (a) STEM-EDS map for Mn corresponding to red dashed box in Figure 6.27(b), 
and (b, c) EDS line-scans results corresponding to arrows labelled 1 and 2, 
respectively, in Figure 6.27(b). 
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Figure 6.29 TKD results from a sample after an IA-Q treatment with an IAT of 700 °C 
corresponding to (a, b, and c) boxed region A and (d, e, and f ) boxed B in 
Figure 6.27(b). (a, d) IQ maps, (b, e) IPF maps with IQ overlay, and (c, f) Phase 
maps with IQ overlay. 

The Mn line-scans shown in Figure 6.28 were analyzed to assess the relative average Mn 

concentration corresponding to P- and M-band regions of the sample. The two line-scans were 

each divided into two sections which corresponded to the P- and M- bands. The P-band regions 

of line-scans 1 and 2 in Figure 6.27(b) correspond to distances from 0 to 8.5 μm and 0 to 7.5 μm, 

respectively. The remaining distance of each line-scan corresponds to the M-band region. The 

average Mn concentrations in the P-band of line-scans 1 and 2 are 4.2 and 4.4 wt pct, 

respectively, while the average in the M-band of both line-scans is 4.7 wt pct, indicating that the 

M-band is enriched in Mn relative to the P-band. Note that EDS assessments are semi-

quantitative, as the EDS system was not calibrated to a Mn standard. Therefore, the EDS 
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measurements do not necessarily reflect the absolute Mn concentration in the steel (7.19 wt pct.), 

but are useful for relative comparison within a sample and amongst other samples.  

 Ferrite-to-Austenite Transformation during IA 

Austenite that formed during IA was not fully stabilized to room temperature upon 

cooling as evidenced by the XRD conducted after IA-Q treatments (Figure 6.2). Furthermore, 

samples treated at each IAT exhibit martensite formation upon cooling during IA-Q treatments 

(Figure 6.18). Because the austenite transformed upon cooling, assessment of Ms temperatures 

could be associated to intercritical austenite formed at different IATs. Results show that the Ms 

temperature increased with increasing IAT (Figure 6.18(c)), which indicates that the stability of 

austenite that formed during IA increased with decreasing IAT. Due to the ultra-low C 

concentration of the alloy, the effect of the IAT on the austenite stability is presumed to be 

primarily influenced by the Mn concentration of the intercritical austenite and indicates that 

increasing IAT corresponds to lower intercritical austenite Mn concentrations. This trend is 

consistent with equilibrium predictions for intercritical austenite Mn concentrations, shown in 

Figure 6.1(b), and suggests that intercritical austenite predominantly formed via a diffusional, 

partitioning transformation whereby austenite incurs Mn enrichment as the austenite interface 

advances into ferrite and Mn is supplied via diffusion through ferrite to the advancing austenite 

interface. Additionally, the areas identified as either retained austenite or MA constituent in a 

TKD scan of the sample that was treated with an IAT of 640 °C (Figure 6.26) correspond to 

Mn-enriched areas in a STEM-EDS map, indicating Mn enrichment of the austenite that had 

formed during IA. 

In addition to the diffusional, partitioning ferrite-to-austenite transformation, austenite 

was found to have formed via both partitioning and partitionless transformations in samples that 

were treated with IATs of 690, 700, and 710 °C from both the AQ and CR66 conditions. The 

intercritical austenite that formed via a partitionless transformation underwent a martensitic 

transformation upon cooling and has a coarse appearance in FESEM micrographs, bands of this 

constituent are labelled M in -Figure 6.7 and Figure 6.11-Figure 6.13. Substructure reflecting the 

block boundaries of the lath martensite is shown in a TKD scan (Figure 6.29(e)) from an area 

corresponding to an M-band in a sample that was treated with an IAT of 700 °C. The martensite 

in this M-band was also shown to correspond to a relatively uniform Mn concentration (Figure 

6.28); the adjacent P-band exhibits Mn partitioning and consists of recrystallized ferrite and MA 
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constituent, which reflects the intercritical ferrite and austenite. The Mn partitioning exhibited in 

the P-band indicates that intercritical austenite in the P-band had transformed from ferrite via a 

partitioning transformation. 

The different ferrite-to-austenite transformation mechanisms presumed to have occurred 

in the P- and M-bands during IA are associated with residual Mn banding. The averaged Mn 

concentrations from the P- and M-bands of the EDS line-scans in Figure 6.28 indicate that the 

M-band is associated with a Mn enrichment of approximately 0.4 wt pct relative to the P-band. 

Mn segregation is well known to occur during casting, and banding results from subsequent 

rolling of the dendritic, as-cast structure[112]. Mn banding can be prevalent in steels with 

elevated Mn concentrations if no homogenizing treatment is applied [7, 113], and other studies 

have also noted the prevalence of austenite to grow along Mn-rich bands during IA [68]. During 

IA, bands of Mn enrichment may correspond to different driving forces for ferrite-to-austenite 

transformation than bands with lower Mn concentration. Dependent on the extent of the Mn 

segregation, a range of intercritical temperatures could provide driving forces for both 

partitioning transformation and partitionless transformation of ferrite to austenite in a single 

sample.  

To elaborate on the relevant driving forces for ferrite to austenite transformation during 

IA, Gibbs free energy curves collected from Thermo-Calc® for austenite (γ) and ferrite (α) are 

plotted for 600, 650, and 700 °C in Figure 6.30. Each plot includes solid vertical lines 

corresponding to the nominal composition (M0), and the equilibrium Mn concentrations for 

ferrite (Mnα) and austenite (Mnγ). The common tangent line is also overlaid on the plots (red). 

Vertical dashed lines represent Mn banding with a range of 1.5 wt pct, which is consistent with 

commonly observed levels of Mn banding [112, 113]. Additionally, Figure 6.31 depicts the Mn 

concentrations expected across the austenite-ferrite interface for partitioning and partitionless 

transformation of ferrite to austenite.  

At 600 °C, a reduction in Gibbs free energy through transformation of ferrite to austenite 

can be facilitated by formation of austenite at an enriched Mn concentration (i.e. a partitioning 

transformation), and the Mn concentration in ferrite doesn’t exceed the intersection (labelled T0) 

of the ferrite and austenite free energy curves (Figure 6.30(a)). In the associated partitioning 

transformation, depicted in Figure 6.31(a), austenite grows with the equilibrium Mn 
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concentration into ferrite as Mn is transported through ferrite to the austenite-ferrite interface via 

diffusion and the Mn concentration in ferrite is reduced to equilibrium. 

 

Figure 6.30 Gibbs free energy curves from Thermo-Calc® for a Fe-7.19Mn alloy at (a) 
600 °C, (b) 650 °C, and (c) 700 °C. Mn0, Mnα, and Mnγ correspond to the nominal 
composition, the equilibrium ferrite composition, and the equilibrium austenite 
composition, respectively. 

Increasing the temperature to 650 °C (Figure 6.30(b)), the Mn concentration in ferrite 

exceeds the T0 concentration. In this scenario a reduction in Gibbs free energy can be obtained 

through a partitionless transformation of ferrite to austenite. A massive transformation under 

these thermodynamic circumstances would be considered a competitive massive transformation 

600 °C 

650 °C 700 °C 

T0 

T0 
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(CMT) as defined by Plichta et al.,[114] as a driving force also exists for a partitioning 

transformation. The Mn concentration across the austenite-ferrite interface for an idealized, 

partitionless massive transformation is depicted in Figure 6.31(b) where austenite inherits the 

composition of the ferrite that it grows into. It is interesting to note that following a CMT of 

ferrite to austenite, there remains a driving force for nucleation and growth of equilibrium ferrite; 

however, this mechanism is expected to be very sluggish due to the need for redistribution of Mn 

within austenite [66]. 

 

Figure 6.31 Schematics depicting the Mn concentration across the austenite-ferrite interface 
for (a) partitioning (b) partitionless transformations. 

Finally, at 700 °C (Figure 6.30(c)), the Mn0 and Mnγ are virtually identical, and the 

Mn-lean bands may transform via a CMT or partitioning transformation; however, the Mn-rich 

bands will likely transform via a non-competitive massive transformation (NCMT), as Mn 

concentration of the Mn-rich band exceeds the Mn concentration where the common tangent line 

intersects the austenite free energy curve [114].  

Comparison of experimental results with thermodynamic calculations suggests that the 

partitionless ferrite-to-austenite transformation during IA that corresponds to the M-bands 

observed in samples treated with IATs of 690, 700, and 710 °C (Figure 6.7 and Figure 

6.11-Figure 6.13) is consistent with a NCMT. A portion of the Fe-Mn phase diagram sourced 

from Thermo-Calc® is displayed in Figure 6.32. The diagram includes points collected via 

Thermo-Calc® that correspond to the T0 composition at various temperatures, resulting in a 

portion of the T0 line through the α + γ two-phase field. Dotted lines are also over-laid that 

correspond to IA temperatures of 690, 700, and 710 °C, and a dashed line is over-laid at the 

nominal Mn concentration of the experimental alloy with two additional solid lines representing 
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Mn banding with a range of 1.5 wt pct. Considering IA at 700 °C, it is apparent that the presence 

of even a minor degree of Mn banding would produce the thermodynamic scenario represented 

in Figure 6.30(b), where Mn-rich bands may transform to austenite via a NCMT and the Mn-lean 

bands have driving forces for both partitioning and partitionless transformations. Similarly, Mn 

banding with a range of approximately 1.5 wt pct is sufficient to cause Mn-rich bands to be in 

the austenite single-phase field when IA at 690 °C, and Mn-lean bands to be in the 

austenite-ferrite two-phase field when IA at 710 °C. 

 

Figure 6.32 Portion of the Fe-Mn phase diagram from the TCFE9 database of Thermo-Calc® 
with overlay of T0 line. 

Calculations from Thermo-Calc® in Figure 6.32 suggest that a driving force for a CMT is 

expected for the lower IATs (640-680 °C) used in this study. The partitionless CMT should 

provide more expedient kinetics to reduce the local free energy relative to a partitioning 

transformation and would therefore be expected to be favored over the competing partitioning 

transformation. However, experimental results from dilatometry (Figure 6.18) and STEM-EDS 
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(Figure 6.22, Figure 6.23, and Figure 6.25) indicate that austenite predominantly formed via a 

partitioning transformation. Though not examined in this work, a possible explanation for the 

apparent favoring of the partitioning transformation may be that austenite growth shortly after 

nucleation proceeds via a CMT before transitioning to a partitioning transformation. The 

transition from a CMT to a partitioning transformation could be caused by a mechanism that 

reduces the austenite-ferrite interface velocity (i.e. solute drag), allowing for enough time for 

diffusional partitioning of Mn to alter the local Mn concentration at the interface and induce 

further partitioning growth of austenite. The favoring of a partitioning transformation over a 

massive transformation is also aided by the relatively high temperatures during IA, which 

increases diffusivity, compared to austenite decomposition reactions where driving forces of 

similar magnitude for phase transformation are associated with lower temperatures. 

 MICRESS® Simulation 

Parameter variation of factors related to austenite formation that were suspected to be 

influenced by prior cold deformation were incorporated into MICRESS® simulations in order to 

evaluate their effects on the austenite growth. Images from MICRESS® simulations for 

recrystallization and austenite nucleation & growth during IA are shown in Figure 6.33. The 

simulation considers a composition of Fe 7.19Mn 0.25Si, IAT of 650 °C, and a HR of 96 °C·s-1. 

The evolution of the simulation shows concurrent austenite growth and ferrite recrystallization 

upon IA. The initial state of the simulation at 0 s, and changes that occurred after 500 s are 

shown for phase evolution (Figure 6.33(a)), stored strain energy (Figure 6.33(b)), and Mn 

distribution (Figure 6.33(c)). As IA time progresses, the deformed ferrite in the initial 

microstructure is replaced by strain-free ferrite and austenite. Recrystallizing ferrite nucleates 

homogeneously and austenite nucleates at ferrite grain boundaries. Austenite forms interfaces 

with both deformed and recrystallized ferrite grains and is shown to incur Mn enrichment while 

the Mn concentration in the ferrite is depleted. 

MICRESS® simulations for intercritical austenite fraction during IA are compared to 

experimental intercritical austenite fractions from dilatometry with a HR of 96 °C·s-1 and an 

IAT of 650 °C are shown in Figure 6.34. The simulation uses the ‘base’ parameters listed in 

Table 4.1. The austenite volume fraction predicted by the simulation agrees reasonably well with 

the dilatometry results, but, the predicted transformation kinetics curvature is noticeably 

different. The predicted trend is consistent with sigmoidal kinetics, where the maximum rate of 
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increase in phase fraction corresponds to an inflection point in the curve at approximately 0.18 

volume fraction; however, the dilatometry indicates that the rate of increase in volume fraction 

only decreases with increasing IAt (i.e. the inflection point in the experimental volume fraction 

data set occurs at an indistinguishably low volume fraction). This may be due to saturation of 

nucleation sites early during IA followed by diffusional growth, whereas the simulation utilizes a 

relatively low, finite austenite nucleation site density. The predicted phase transformation 

kinetics would likely be in better agreement with the dilatometry by adjusting the simulation 

parameters to reflect austenite nucleation site saturation. 

 

Figure 6.33 MICRESS® simulation results depicting the microstructural evolution that occurs 
during simulation. Initial simulation structure at 0 s, and changes after 500 s in the 
(a) phase map, (b) stored strain energy map, and (c) Mn distribution for an 
Fe-7.19Mn-0.25Si composition at 650 °C. 

Simulations incorporated variations of parameters that were expected to be consistent 

with mechanisms that may be responsible for accelerating the ferrite-to-austenite transformation 

during IA due to increasing prior cold deformation. These parameters are introduced first, and 

followed by discussion of results from parameter variation.  
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Figure 6.34 MICRESS® simulation predictions compared to in situ dilatometry results for 
intercritical austenite fraction for an Fe-7.19Mn-0.25Si composition at 650 °C.  

One such potential mechanism that was considered is an increase in the α-γ interface 

mobility of a deformed ferrite-austenite interface relative to a recrystallized ferrite-austenite 

interface. Interface mobility (M) can be described as a driving force-normalized interface 

velocity and is related to the interface velocity (v) and the driving force for interface migration 

(∆G) by the following equation: 

v =M ∆G (6.1) 

Interface mobility is described by the following Arrhenius-type relation: 

M = Mo e(-∆G*/RT) (6.2) 

where Mo is a pre-factor related to frequency of atomic jumps, ∆G* is the mobility activation 

energy, and RT takes its usual meaning of thermal energy per mole [102]. Different values of Mo 

were used in phase field simulations to represent increased interface mobility due to prior cold 

rolling.  

Another potential mechanism for accelerated austenite growth due to increased prior cold 

deformation that was considered in simulations was the diffusivity of Mn. Similar to the 

argument for increased Mn diffusivity in martensite [106, 115], the high density of defects in 

deformed ferrite likely increases the effective bulk diffusivity of Mn in deformed ferrite. Thus, it 

is considered that austenite may grow more rapidly into deformed ferrite than recrystallized 
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ferrite due to this increased diffusivity of Mn to the α-γ interface. Diffusivity (D) of solute is 

described by the following Arrhenius-type relation: 

D = Do e(-Q/RT) (6.4) 

where diffusivity pre-factor, Do, is related to the frequency of atomic jumps, Q is the activation 

energy for diffusion, and RT takes its usual meaning of thermal energy per mole [103]. In phase 

field simulations, different values of Do for Mn in ferrite were used to represent increased Mn 

diffusion due to cold rolling. 

The third potential cause for accelerated austenite growth due to increased prior cold 

deformation considered the effect of an increase in the density of austenite nucleation sites. With 

increasing prior cold deformation, the amount of internal grain boundary surface area increases, 

thus increasing the amount of suitable austenite nucleation sites. In phase field simulations, the 

number of specified austenite nucleation sites was varied to reflect changes that may occur due 

to prior cold deformation.  

The predicted austenite volume fraction plotted against time for simulations with 

different input values for the activation energy of the austenite-ferrite interface mobility (∆G*) 

and diffusivity pre-factor for Mn in ferrite (Do) are shown in Figure 6.35. Different interface 

mobility activation energies correspond to the simulations plotted in Figure 6.35(a), Figure 

6.35(b), and Figure 6.35(c); while different Mn diffusivity pre-factors correspond to the different 

lines plotted in each of the Figure 6.35(a-c). Increasing the diffusivity pre-factor for Mn in ferrite 

and decreasing the activation energy for the α-γ interface mobility are both shown to increase the 

predicted austenite volume fraction. Decreasing the interface mobility activation energy has a 

greater effect on simulations that have greater diffusivity pre-factors for Mn in ferrite. Increasing 

the Mn diffusivity pre-factor in ferrite from 0.756 to 75.6 cm2
×s-1 caused a dramatic increase in 

austenite volume fraction, while a further increase to 7560 cm2
×s-1 had much less of an effect on 

the austenite volume fraction.  

Predictions for the Mn distributions across α-γ interfaces at 500 s for MICRESS® 

simulations with different pre-factors for diffusivity of Mn in ferrite are shown in Figure 6.36; all 

other simulation parameters were specified to take the base values listed in Table 4.1. The 

interface width for the simulations was 0.06 μm and is overlaid in the appropriate locations on 

the figure. For the lowest Mn diffusivity pre-factor in ferrite (0.756 cm2/s) the Mn concentration 

in ferrite was predicted to decrease approaching the austenite-ferrite interface. The simulations 
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for the two greater Mn diffusivity pre-factors predict virtually no gradient in the Mn 

concentration in the ferrite. The difference in Mn concentration in ferrite ahead of the advancing 

interface corresponds to austenite growth that is diffusion-controlled when the Mn diffusivity 

pre-factor is lower, to more interface-controlled with the diffusivity pre-factor is greater. Note 

that the austenite is predicted to grow with a greater Mn enrichment for the two simulations with 

greater Mn diffusivity pre-factors. This suggests that there is driving force for austenite to form 

with a range in Mn concentration. 

 

Figure 6.35 MICRESS® simulation results for austenite volume fraction during IA with using 
different values for the diffusivity pre-factor of Mn in ferrite (D0) and for 
activation energies for austenite-ferrite interface mobilities (∆G*) of 
(a)140,000 J×mol-1, (b) 139,291 J×mol-1, and (c) 138,582 J×mol-1. 

The predicted austenite volume fraction plotted against time for three simulations that 

utilized the low variation of Mn diffusivity and three different input values for the number of 

austenite nucleation sites is shown in Figure 6.37; all other simulation parameters were specified 

to take the base values listed in Table 4.1. As expected, increasing the number of austenite 

nucleation sites corresponds with an increase in austenite volume fraction.  

Dilatometry conducted to assess Ac1 temperatures for different heating rates for all three 

conditions of the Fe-7Mn steel (Figure 6.17) indicates that increasing prior cold deformation 

generally decreases the Ac1 temperature. The decrease in Ac1 temperature may be attributed to 

increased ferrite grain boundary area caused by cold rolling, and an increased driving force for 

austenite nucleation due to stored strain energy in ferrite. The prior mechanism is consistent with 

a previously formulated austenite nucleation mechanism during intercritical annealing of 

so-called Manganese-Partitioning Dual-Phase Steels proposed by Navara et al. [74]. They 



117 

proposed that austenite preferentially forms in a Mn enriched zone behind a migrating ferrite 

grain boundary, and not at cementite-ferrite interfaces. 

Figure 6.36 Mn distribution across the α-γ interfaces after 500 s from simulations with 
different input values for diffusivity pre-factor of Mn in ferrite.  

Figure 6.37 MICRESS® simulation results for austenite volume fraction during IA using 
different input values for number of austenite nucleation sites 

Migration of the ferrite boundary was suggested to be caused by diffusion-induced grain 

boundary migration which leaves a solute enriched zone behind the migrating boundary [78]. In 
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the present study it was found that austenite is capable of ample nucleation in the absence of 

cementite (Figure 6.16). With a greater ferrite grain boundary area corresponding to increasing 

prior cold work it would be expected that the greater number of austenite nuclei would 

correspond to austenite detection realized at lower temperatures during heating.  

Stored strain energy in deformed ferrite may also lead to accelerated austenite formation 

during IA. Depicted in Figure 6.38, deformed ferrite (αdef) has an increased free energy relative 

to undeformed ferrite (α) by an amount equivalent to the stored strain energy (∆GSSE). Using the 

criteria for driving force for nucleation of a phase with a different composition [116] it is shown 

that for the arbitrary intercritical temperature and alloy composition Mn0 in the schematic, the 

driving force for the microstructure to transform from deformed ferrite to a two-phase, ferrite-

austenite microstructure (∆Ga) is greater than from an undeformed ferrite (∆Gb), and could cause 

austenite to form at lower temperatures upon heating. 

Consistent with Miller’s work [44], the austenite to ferrite transformation during 

intercritical annealing was shown to increase with increasing prior cold deformation (Figure 

6.28). Three possible mechanisms for the increased austenite growth rate were incorporated into 

phase field simulations. The first mechanism is essentially identical to the argument for 

decreased Ac1 temperature due to an increased number of austenite nucleation sites resulting from 

increased ferrite grain boundary area produced from prior cold deformation. Phase field 

simulations with different amounts of austenite nucleation sites (Figure 6.37) show that 

increasing the number of austenite nucleation sites is predicted to increase the austenite fraction 

during intercritical annealing. 

Other mechanisms for the observed increase in austenite-to-ferrite transformation rate 

that were included in phase field simulations focus on differences in ferrite with increasing prior 

cold deformation and factors that may affect the austenite-ferrite interface velocity. Austenite 

growth that occurs with an enriched Mn concentration requires the transport of Mn through 

ferrite to the austenite-to-ferrite interface. MICRESS® simulation results that predict growth of 

austenite with an enriched Mn concentration are shown in Figure 6.36. The migration of the 

austenite-ferrite interface may be described as being under mixed control from diffusion of Mn 

to the interface and the mobility of the interface, such as depicted in Figure 6.39 which shows 

Mn concentrations in ferrite ahead of an advancing austenite-to-ferrite interface for mixed 
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control of interface migration as well as the two extreme cases of diffusion-controlled and 

interface-controlled [117]. 

 

Figure 6.38 Schematic of a Gibbs free energy depicting the effect of stored strain energy in 
ferrite (∆ GSSE) on the common tangent line between ferrite and austenite and the 
driving force for nucleation and growth of austenite. 

Figure 6.39 Schematic depicting the austenite-ferrite interface in hypothetical partitioning 
transformations under diffusion control and interface control.  
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In Figure 6.39, Mnγ, Mn0, Mni, and Mn α are the equilibrium Mn concentration in austenite, 

nominal Mn concentration of the steel, the actual Mn concentration at the interface, and the 

equilibrium Mn concentration in ferrite, respectively. The Mn gradient in ferrite should be 

expected to reside closer to the diffusion controlled growth curve if there is low Mn diffusivity in 

ferrite or the interface is highly mobile, whereas the Mn gradient in the ferrite would be expected 

to reside near the interface controlled line if the Mn diffusivity in ferrite is great or the interface 

mobility is low. 

Variation of simulation parameters that affect the austenite-to-ferrite interface mobility 

and the Mn diffusivity in ferrite were input to simulations for prediction of the microstructural 

evolution during intercritical annealing. Decreasing the activation energy of the austenite-ferrite 

interface mobility did predict an increase in the austenite-to-ferrite transformation rate (Figure 

6.35). However, there are issues with this approach. Ideally, the decreased activation energy 

should only apply to αDef-γ interfaces. However, MICRESS® does not allow discrete input of 

interface properties for αDef-γ and αrx-γ; causing an over-prediction from adjusting the interface 

mobility. Additionally, an increased driving force for the austenite-to-ferrite transformation 

should also be accounted for when considering the αDef-γ interface, as depicted in Figure 6.38. 

However the increased driving force was also not able to be incorporated into these simulations, 

corresponding to an under-prediction from adjusting the interface mobility. Considering these 

discrepancies, the MICRESS®  simulations incorporating variations in the activation energy of 

the austenite-ferrite interface mobility are currently not well suited to assess the effect of 

increased α-γ interface mobility on the austenite-to-ferrite transformation rate during intercritical 

annealing. 

The consideration of increased Mn diffusivity through ferrite due to the high defect 

density in deformed ferrite was incorporated into MICRESS® simulations by inputting a range of 

different diffusivity pre-factors for Mn in ferrite. Increasing the Mn diffusivity pre-factor in 

simulations corresponded to an increase in the austenite-to-ferrite transformation rate (Figure 

6.35). The austenite volume fraction predicted by simulations with the low to medium variations 

of diffusivity pre-factor for Mn in ferrite were found to differ by more than 200 pct, suggesting 

that changes in Mn diffusivity in ferrite are significant in accelerating the predicted 

austenite-to-ferrite transformation. The increase in austenite growth rate is far greater between 

the low and medium variations than between the medium and high variations. This is due to the 
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predicted austenite growth transitioning from more diffusional controlled to more interface 

controlled with the large increase in Mn diffusivity in ferrite between the low and medium 

variations for Mn diffusivity pre-factor in ferrite, which is evidenced by the predicted Mn 

distributions in ferrite ahead of the advancing austenite-ferrite interface for simulations with 

different Mn diffusivities in ferrite (Figure 6.36) 

Overall, the variation of parameters that reflect factors that may be influenced by prior 

cold deformation do correspond to differences in austenite volume fraction during IA that are 

consistent with expectations, however, there are features of MICRESS® that currently limit the 

proper implementation of variations in some parameters. Austenite nucleation site density is a 

straightforward parameter to adjust, but increases in Mn diffusivity and interface mobility 

associated with deformed ferrite are not able to be properly implemented. MICRESS® currently 

does not recognize stored strain energy as an additional driving force for phase transformation, 

and also does not allow for different parameters (such as diffusivity and interface mobility) to be 

specified for deformed ferrite and recrystallized ferrite. These parameters would more accurately 

reflect the influence of prior cold deformation if the deformed ferrite and undeformed (i.e. 

recrystallized) ferrite could be recognized as different phases in the simulation. 
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CHAPTER 7 

RESULTS AND DISCUSSION: AUSTENITE FORMATION AND MANGANESE 
PARTITIONING IN A COLD ROLLED C-BEARING ALLOY 

 

 Introduction 

Results from the study presented in Chapter 6 indicated that considerable austenite 

growth with Mn enrichment had occurred during IA treatments with 1000 s IAts. The effect of 

the IAT on the Mn enrichment in austenite was found to be consistent with a Mn 

diffusion-controlled ferrite to austenite transformation. Additionally, results from the study 

presented in Chapter 5 indicated that ample austenite had formed early during IA treatments with 

an IAT of 650 °C while the presence of cementite did not diminish. 

The study in this chapter aims to assess whether similar Mn partitioning behavior results 

during IA of the Fe-0.2C-4.5Mn alloy when C is present, compared to the Fe-7Mn alloy, and if 

the presence of cementite affects the austenite growth and Mn enrichment incurred in austenite. 

In Chapter 5, the Fe-0.2C-4.5Mn alloy was IA from the AQ condition, where cementite 

precipitated upon slowly heating. This study utilized an initial tempered/sub-critically annealed 

and cold-rolled microstructure, where cementite is present prior to heating at an identical rate as 

in Chapter 6. This study utilized IA-Q heat treatments with several different IATs and IHts to 

assess microstructural evolution during IA. The range of IATs encompassed temperatures that 

were lower than and in excess of the equilibrium cementite dissolution temperature, while also 

generating retained austenite. Unless specified otherwise, all heat treatment parameters were 

consistent with those listed in Table 7.1. 

Table 7.1  Heat Treatment Parameters for IA of CR Fe-0.2C-4.5Mn 

 HR  
(°C×s-1) 

IAT 
(°C) 

IAt 
(s) 

HR2 

(°C×s-1) 
SST 

(°C) 
SST 

(s) 
QR 

(°C×s-1) 

IA-Q 50 
600-
710 

1000 - - - 20 
 

 

 Dilation Response during IA-Q Heat Treatments 

The dilation response during IA-Q heat treatments with IATs ranging from 600-710 °C, 

as well as from a sample that was heated directly from room temperature to 850 °C and held for 

5 s before quenching, are summarized in Figure 7.1(a).  
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Figure 7.1 (a) Dilatometry results from IA-Q treatments with different IATs from the CR 
condition of the Fe-0.2C-4.5Mn alloy and (b) a magnified view of the dilation 
upon cooling to room temperature. Long arrow in (b) labelled IAT indicates the 
increasing corresponding IATs for each data set (610-710 °C). The data set 
labeled 850 °C in (b) corresponds to a sample that was heated directly to 850 °C 
from room temperature. 

Austenite formation during IA is evident by the contraction observed at each IAT. Figure 

7.1(b) shows a magnified view of the dilation upon approaching room temperature during 

quenching. Samples with IATs of 680 °C and greater exhibit a positive deviation from linear 

thermal contraction upon cooling, indicating that the austenite that formed during IA with an 

IAT of 680 °C and greater was not fully stabilized to room temperature. For these samples that 

exhibit martensite transformation upon cooling, increasing IAT corresponds to an increase in the 

Ms temperature. Magnified views of the dilation response occurring at each IAT from samples 

with IATs that were selected for further characterization (620, 640, 660, and 680 °C) are shown 

in Figure 7.2. Upon reaching the respective IAT, samples exhibit some expansion followed by 

contraction. The initial expansion is presumed to be related to delayed thermal equilibration of 

the sample (discussed in Section 4.2.1). The contraction is indicative of the ferrite-to-austenite 

transformation during IA. 

 Retained Austenite Fractions 

Retained austenite fractions obtained via XRD after IA-Q heat treatments using IATs ranging 

from 620-680 °C and IAts up to 1000 s are shown in Figure 7.3. Increasing both IAT and IAt is 
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shown to correlate with greater retained austenite fraction; however, the sample that used an IAT 

of 680 °C exhibits a reduction in retained austenite fraction after IA for 1000 s relative to after 

500 s. The martensite transformation in the 680 °C sample is consistent with the dilatometry 

results shown in Figure 7.2(b), which indicates some martensite formation upon cooling, and 

may be due to slight coarsening of the microstructure. 

 

Figure 7.2 Magnified views of dilatometry results during holding at IATs of (a) 620 °C, 
(b) 640 °C, (c) 660 °C, and (d) 680 °C. Arrows indicate thermal history with 
respect to time. 

Figure 7.3 Retained austenite fraction results from X-ray diffraction for different IATs 
plotted for increasing IAts. Note that 0 s and 10 s correspond to the shortest IAts 
plotted. 
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 Microstructure Analysis 

An FESEM micrograph of the Fe-0.2C-4.5Mn alloy in the as-received CR condition is 

shown in Figure 7.4. The microstructure consists of elongated ferrite and a dispersion of particles 

that have a light appearance. The particles are presumed to be cementite that formed during the 

16 h anneal at 550 °C prior to cold rolling. The microstructures of samples that were subjected to  

IA-Q treatments with IATs ranging from 620-680 °C and IAts of 0 and 100 s are shown in 

Figure 7.5. The microstructures from the 620 and 640 °C samples do not exhibit a substantial 

change from the initial condition after a 0 s IA (heating to the IAT and quenching); while the 660 

and 680 °C samples exhibit sub-grain formation indicating recrystallization of deformed ferrite 

grains. After an IAt of 100 s, the 620 and 640 °C samples also exhibit sub-grain formation and 

recrystallization, while the 660 and 680 °C samples exhibit coarsening of the microstructure. 

Identification of retained austenite in the 620, 640, and 660 °C microstructures is challenging, 

while the 680 °C microstructure clearly displays retained austenite, which is labelled γ. 

Cementite is still present in all four microstructures after a 100 s IA; however, the presence of 

cementite appears substantially reduced in the 680 °C sample. 

 

Figure 7.4 Scanning electron micrograph of the as-received CR Fe-0.2C-4.5Mn alloy. 1 pct 
Nital etch. 

Figure 7.6 displays the microstructures after IA-Q treatments with IAts of 500 and 

1000 s. The presence of cementite in samples with IATs of 620 and 640 °C does not appear to 

diminish substantially with increasing IAt. Cementite does appear to have a diminished presence 

in samples with IATs of 660 and 680 °C.  

RD 

ND 
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Figure 7.5 Scanning electron micrographs after IA-Q treatments with IATs from 620-680 °C 
and IAts of 0 and 100 s. 1 pct Nital etch 

RD 

ND 
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Figure 7.6 Scanning electron micrographs after IA-Q treatments with IATs from 620-680 °C 
and IAts of 500 and 1000 s. 1 pct Nital etch  

RD 

ND 
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There is a varied etching response of austenite/MA amongst the different IATs. This 

change in etching response is shown by comparison of the 1000 s IAts microstructures at the 

different IATs; for brevity, austenite and MA constituent are both labelled γ. The austenite/MA 

constituent identified in the samples with an IATs of 620 and 640 °C has more aggressively 

etched areas that appear recessed, the austenite/MA constituent in the 660 °C IAT sample 

exhibits a mixed etching response, while in the 680 °C sample it exhibits a predominantly 

unetched, light appearance. The varied etching response is presumed to be an effect of the 

composition of the austenite/MA constituent. Higher carbon constituents in steels are generally 

less aggressively etched by Nital and appear proud from the surface [107] (e.g., retained 

austenite, fresh martensite, and cementite). In the absence of C, Mn-enrichment causes more 

aggressive etching. This is readily observed by comparing the STEM-EDS and FESEM results 

shown in Chapter 6 of this thesis with the Marshall’s reagent etch (Figure 6.4, Figure 6.22 and 

Figure 6.24). Increasing IAT and IAt is expected to cause increased cementite dissolution. As 

cementite dissolves, C becomes available to partition to austenite during IA, thus altering the 

etching response of the austenite/MA constituent. 

 Mn Distribution 

STEM micrographs of the as-received CR microstructure at two different magnifications 

along with corresponding EDS maps for Mn are shown in Figure 7.7. The STEM images show 

the fine, elongated microstructure from cold rolling, while the corresponding EDS maps show a 

relatively homogeneous Mn distribution aside from small areas of Mn enrichment of up to 

40 wt pct. The areas of Mn enrichment are consistent in size and morphology with cementite 

particles observed in Figure 7.4. 

STEM micrographs and corresponding EDS maps for Mn are shown in Figure 7.8 from a 

sample that underwent IA-Q treatments with an IAT of 620°C. The STEM image in Figure 

7.8(a) exhibits equiaxed grains indicating recrystallization of the deformed ferrite. The 

corresponding EDS map (Figure 7.8(b)) indicates the presence of numerous small particles 

(50-200 nm) with Mn enrichment of 20 wt pct or greater, as well as larger regions (0.5-2 μm) of 

Mn enrichment with up to approximately 12 wt pct. The small, highly Mn-enriched particles are 

presumed to be cementite, while the larger areas of Mn enrichment indicate locations where 

austenite formed during IA. Figure 7.8(c) shows a magnified STEM micrograph of a grain 

shown to have Mn enrichment (Figure 7.8(d)). Figure 7.9 displays a lower magnification STEM 
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image and corresponding EDS map from the sample that was treated with an IAT of 640 °C 

which shows similar characteristics to the 620 °C sample and indicates that the larger 

Mn-enriched regions corresponding to intercritical austenite are widely distributed in the 

microstructure. 

 

 Figure 7.7 (a, c) STEM micrographs of the as-received Fe-0.2C-4.5Mn alloy in the CR 
condition. (b, d) Corresponding EDS maps for Mn. 

ND 

RD 
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Figure 7.8 (a, c) STEM micrographs of the CR Fe-0.2C-4.5Mn alloy after an IA-Q treatment 
with an IAT of 620 °C. (b, d) Corresponding EDS maps for Mn. 

STEM micrographs and corresponding EDS maps for Mn distribution from a sample that 

was treated with an IAT of 660 °C are displayed in Figure 7.10. Arrows in Figure 7.10(a) 

correspond to line scans shown in Figure 7.11. The presence of highly Mn-enriched cementite 

particles is again observed, as well as larger grains with Mn enrichment of approximately 

7 wt pct. Figure 7.10(c) and Figure 7.10(d) show higher magnifications of the microstructure and 

the corresponding Mn distribution, respectively, of an area including both the larger and smaller 

ND 

RD 
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areas of Mn enrichment. EDS line-scans corresponding to the arrows labelled 1 and 2 in Figure 

7.10(a) and Figure 7.10(b) are shown in Figure 7.11. The line-scan results provide further 

context for the different levels of Mn enrichment distributed in the microstructure and indicate 

that Mn concentration routinely alternates along areas with approximately7 wt pct to 2 wt pct, 

while occasionally exhibiting spikes with greater than 20 wt pct Mn that are presumed to 

correspond to cementite.  

 

Figure 7.9 (a) STEM micrograph of the CR Fe-0.2C-4.5Mn alloy after an IA-Q treatment 
with an IAT of 640 °C. (b, d) Corresponding EDS map for Mn. 

Figure 7.12 shows a STEM micrograph and EDS map from a sample after an IA-Q 

treatment with an IAT of 680 °C. The arrows in Figure 7.12(a) correspond to EDS line scans 

(Figure 7.13) , and the region outlined by a dashed boxed corresponds to an area that was further 

examined with TKD (Figure 7.14). As in the other samples subjected to IA-Q treatments, Mn is 

not homogeneously distributed in the microstructure. Figure 7.13 shows EDS line-scans 

corresponding to arrows labelled 1 and 2 in Figure 7.12(a). The line-scans indicate that Mn 

concentration routinely alternates along areas with approximately 5 wt pct to 2 wt pct; a narrow 

spike with a Mn concentration of approximately 40 wt pct was also recorded, which presumably 

corresponds to cementite. Figure 7.14 displays TKD results corresponding to the red boxed area 

in Figure 12(a). The IQ map (Figure 7.14(a)) exhibits dark appearing areas, which indicate high 

lattice distortion/dislocation density, consistent with regions of martensite. These areas also 

ND 

RD 
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correspond to fine substructure in the IPF map with IQ overlay (Figure 7.14(b)) and Mn 

enrichment in the STEM EDS map (Figure 7.14(d)). The phase map with IQ overlay (Figure 

7.14(c)) also indicates austenite within these areas, which is consistent with remnant austenite 

amongst fresh martensite. A retained austenite grain in the phase map with IQ overlay also 

corresponds to Mn enrichment in the STEM EDS map (Figure 7.14(d). 

 

Figure 7.10 (a, c) STEM micrographs of the CR Fe-0.2C-4.5Mn alloy after an IA-Q treatment 
with an IAT of 660 °C. (b, d) Corresponding EDS maps for Mn. Arrows 
correspond to EDS line scans (Figure 7.11). 

ND 

RD 
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Figure 7.11 STEM-EDS line-scans corresponding to arrows labelled (a) 1 and  (b) 2 in 
Figure 7.10. 

Figure 7.12 (a) STEM micrographs of the CR Fe-0.2C-4.5Mn alloy after an IA-Q treatment 
with an IAT of 680 °C. (b) Corresponding EDS map for Mn. Arrows in (a) 
correspond to EDS line scans (Figure 7.13). The region outlined by a dashed 
boxed corresponds to an area that was further examined with TKD (Figure 7.14). 

ND 

RD 
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Figure 7.13 STEM-EDS line-scans corresponding to arrows labelled (a) 1 and (b) 2 in 
Figure 7.12  

Figure 7.14 TKD results including (a) IQ map, (b) IPF+IQ map, and (c) phase + IQ map along 
with (d) STEM EDS map for Mn, which correspond to the dashed box in 
Figure 7.12. 
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 Phase Field Simulations 

Two different MICRESS® phase field simulations were attempted in order to assess the 

predicted Mn distribution and microstructure evolution occurring during IA treatments at an IAT 

of 650 °C, which is above the equilibrium cementite dissolution temperature (647 °C), for the 

Fe-0.2C-4.5Mn steel. The two simulations utilized different assumptions concerning the 

nucleation and initial growth of austenite. One of the simulations considered an initial condition 

where cementite had completely dissolved and rapid austenite growth had already occurred in 

the initial simulation structure, while the other simulation considered a small amount of austenite 

that had formed with Mn enrichment, along with the presence of Mn-enriched cementite in the 

initial microstructure.  

The initial assumptions for the simulation with rapid initial austenite growth were 

gathered from Thermo-Calc®. Figure 7.15 shows a portion of the calculated Fe-C-Mn ternary 

phase diagram at 650 °C with cementite suppressed. The horizontal dashed line at 

4.39 wt pct Mn indicates that at 650 °C growth of austenite should require approximately 

1wt pct C if no cementite is present.  

 

Figure 7.15 Portion of the Fe-C-Mn ternary phase diagram at 650 °C where cementite was 
suppressed in Thermo-Calc® for the calculation. 
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Figure 7.16(a) displays the initial structure of the simulation, which contains C-enriched 

austenite at 1 wt pct C, while ferrite is deficient in C with a concentration of 0.08 wt pct. The Mn 

concentration distribution is assumed to be homogeneous in the initial structure. Figure 7.16(b) 

displays the results after a 1000 s IAt at 650 °C. The austenite is predicted to have grown and the 

C concentration has decreased in the austenite; however, the austenite growth is not predicted to 

have incurred substantial Mn enrichment during IA (Note that the Mn concentration scale ranges 

from 4 to 5 wt pct Mn.) 

Figure 7.16 MICRESS® results for the simulation utilizing an assumption of rapid initial 
cementite dissolution and austenite growth during IA including (a) the initial 
structure and (b) after 1000 s at 650 °C. 

The MICRESS® simulation that intended to predict microstructural evolution during IA 

with the presence of Mn-enriched cementite was attempted, but computation times proved to be 

prohibitively long to complete the simulation. The initial attempted simulation structure is shown 

in Figure 7.17 and includes cementite, austenite, and ferrite. The austenite is specified to have a 

Mn concentration of 10 wt pct, and the cementite is specified to be enriched with Mn with a 
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concentration of 46.9 wt pct. The simulation initialized in MICRESS® without errors; however, 

proceeded at a prohibitively slow rate and thus was not completed. 

Figure 7.17 The initial structure for the MICRESS® simulation intended to simulate IA with 
Mn-enriched cementite present in the microstructure. 

Due to the unsuccessful MICRESS® simulation that intended to include cementite, an 

analytical model based on C chemical potential values calculated from Thermo-Calc® was  

utilized to provide insight on austenite formation and cementite dissolution during IA when 

Mn-enriched cementite is present in the microstructure. The model considers the initial 

microstructure produced from cold-rolling after annealing at 550 °C, which contains cementite in 

a deformed ferrite matrix (Figure 7.4). Thermo-Calc® calculations predict equilibrium 

compositions in cementite and ferrite at 550 °C of Fe-6.67C-46.9Mn and 

Fe-0.0004C-3.2Mn wt pct, respectively. As depicted in Figure 7.18, the model assumes a small 

amount of austenite that has nucleated at a deformed ferrite grain boundary upon reaching the 

IAT of 650 °C and does not share an interface with cementite. The orthoequilibrium Mn 

enrichment in austenite that formed at 650 °C from a ferrite matrix of Fe-0.0004C-3.2Mn is 

10 Mn (wt pct). Thermo-Calc® calculations for the chemical potential of C as a function of Mn 

concentration in both austenite and cementite in equilibrium with ferrite are shown in Figure 

7.19. The dotted lines overlayed on each plot indicate the C chemical potential for the 

corresponding initial Mn concentrations in both austenite and cementite, which indicates that the 

initial chemical potential of C is lower in cementite than in austenite. Figure 7.20 displays plots 

for the initial Mn concentration distribution and C chemical potential across both austenite-ferrite 

and ferrite-cementite interfaces; the distances corresponding to the abscissae are arbitrary as the 

proximity of cementite to austenite is variable within the microstructure (Note: DICTRATM 
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simulations were attempted with this analytical framework, however these simulations 

consistently failed to initialize). The plots illustrate that the initial Mn enrichment in cementite 

inhibits the driving force for C to migrate from cementite to austenite, as the chemical potential  

of C is lower in cementite than austenite. 

 

Figure 7.18 Schematic depicting the assumed initial morphology and Thermo-Calc® 
predicted initial compositions of phases for the analytical Thermo-Calc® model 
for IA with Mn-enriched cementite present in the microstructure. 

 

Figure 7.19 Chemical potential of C as a function of Mn concentration calculated from 
Thermo-Calc® in (a) austenite in equilibrium with ferrite and in (b) cementite in 
equilibrium with ferrite for a Fe-0.2C-4.5Mn alloy.  
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During IA, both the austenite-ferrite and ferrite-cementite interfaces will trend toward 

local equilibrium conditions. Plotted in Figure 7.21(a) is the Mn distribution amongst the 

interfaces with local equilibrium calculations from Thermo-Calc® at the interfaces; the inset 

displays the detail in the Mn distribution in ferrite.  

 

Figure 7.20 Initial (a) assumptions for Mn concentration distribution and (b) the 
corresponding C chemical potential in the analytical Thermo-Calc® model for IA 
with Mn-enriched cementite present in the microstructure. Distances 
corresponding to abscissae are arbitrary in the model. 

Figure 7.21 Analytical Thermo-Calc® model predictions for (a) Mn concentration distribution 
and (b) corresponding C chemical potential after local equilibrium is achieved at 
each interface. Distances corresponding to abscissae are arbitrary in the model. 
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The austenite is predicted to grow at the expense of ferrite as Mn diffuses to the 

austenite-ferrite interface where austenite inherits a Mn concentration of 10 wt pct as it grows 

into ferrite which has a Mn concentration of 2.87 wt pct. Mn redistribution amongst ferrite and 

cementite trends toward local equilibrium at the interface, with the Mn concentration in ferrite 

increasing to 3.57 wt pct and decreasing in cementite to 32.93 wt pct. Figure 7.21(b) plots the 

corresponding C chemical potential and indicates that the C chemical potential in cementite near 

the ferrite-cementite interface, which can be referenced by the dashed line in Figure 7.19(b), is 

now much greater than the C chemical potential in austenite. The increase in the C chemical 

potential in cementite is due to the local depletion of Mn, and now provides a driving force for C 

to migrate to austenite. 

 Perspectives on the Austenite Phase Transformation Mechanisms 

For longer isothermal hold times (i.e., batch annealing) it is reasonable to predict that 

austenite will have uniform C and Mn concentrations that are near equilibrium; however, for 

shorter IA heat treatments, any variation of the Mn concentration that is incorporated into 

austenite at the advancing interface during growth would be expected to remain in the austenite 

due to the low diffusivity of substitutional solutes in austenite. This consideration prompts the 

realization that the nature of the ferrite-to-austenite phase transformation during IA likely affects 

the final Mn concentration distribution in austenite that is retained after IA. If intercritical 

austenite had formed with negligible Mn partitioning conditions caused by cementite dissolution, 

followed by PLE conditions, austenite would be expected to exhibit a Mn deficient core with a 

Mn enriched outer shell. However, if austenite had nucleated and formed under PLE conditions, 

it may be expected to have a relatively uniform Mn concentration. 

As evidenced by dilatometry (Figure 7.2) and XRD (Figure 7.3), austenite that formed at 

each IAT during IA-Q treatments, and with IAts as short as 10 s, was found to be retained to 

room temperature. Additionally, cementite was observed in microstructures that were treated 

with IATs of 660 and 680 °C, which is above the equilibrium cementite dissolution temperature 

for this alloy (647 °C), after 1000 s IAts (Figure 7.6). Furthermore, STEM EDS and TKD results 

show Mn-enriched areas that correspond to martensite and retained austenite in a sample that 

was treated with an IAT of 680 °C (Figure 7.13). These observations suggest that austenite 

formation during the IA-Q treatments is consistent with a diffusion controlled, partitioning phase 

transformation where Mn is the transformation rate controlling solute. Cementite-ferrite 



141 

interfaces do not appear to be potent nucleation sites in the Fe-0.2C-4.5Mn alloy. The austenite 

nucleation behavior is similar to that observed in the Fe-7Mn alloy (Chapter 6), where deformed 

ferrite interfaces are the predominant austenite nucleation sites.  

Additionally, a MICRESS® simulation that considered immediate growth of austenite 

upon IA with negligible Mn partitioning at an IAT of 650 °C predicted little Mn enrichment to 

occur upon further growth of austenite during IA, and that the Mn concentration within austenite 

did not redistribute during IA, similar to the DICTRATM results from De Moor et al. [83]. The 

results from this simulation were not consistent with the STEM EDS results from samples that 

underwent IA-Q treatments, which indicated substantial Mn partitioning and a relatively uniform 

Mn concentration distribution within Mn-enriched areas (Figure 7.8-Figure 7.13), suggesting that 

rapid growth of austenite with negligible Mn partitioning during IA is not representative of the 

phase transformation behavior occurring. 

Equilibrium calculations predict that cementite will dissolve during IA (completely at 

IATs of 660 and 680 °C) and C will enrich in austenite. However, an analytical Thermo-Calc® 

based model for predicting the C chemical potential at austenite-ferrite and ferrite-cementite 

interfaces (Figure 7.20 and Figure 7.21) that considers the solute distribution prior to IA 

indicates conditions that inhibit rapid cementite dissolution during IA and allow for austenite to 

form via Mn diffusion controlled growth. In the as-received CR condition, cementite was found 

to have Mn enrichment of up to approximately 40 wt pct (Figure 7.7). The observed Mn 

enrichment in cementite is consistent with Mn partitioning to cementite that is predicted by 

Thermo-Calc® to have occurred during the 16 h, 550 °C (46.9 wt pct Mn in cementite) anneal 

prior to cold rolling, shown in Figure 7.7. Upon IA, the initial Mn enrichment in cementite 

causes the C chemical potential in cementite to be lower than in the austenite (Figure 7.20), 

effectively stabilizing the cementite. After local equilibrium is established at each interface, the 

Mn concentration is reduced in cementite near the ferrite-cementite interface and there is a 

driving force for the Mn-reduced region of cementite to dissolve and for the corresponding C to 

migrate to austenite. Therefore, despite C having a relatively high diffusivity, the liberation of C 

to partition to austenite is dependent on the rate at which Mn diffuses into the adjacent ferrite. 

Meanwhile, the growth of austenite will be dependent on the rate at which Mn diffuses through 

ferrite to the austenite-ferrite interface, and austenite will incur significant Mn-enrichment as it 

grows as a consequence of the Mn-partitioning transformation.   
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CHAPTER 8 

RESULTS AND DISCUSSION: AUSTENITE FORMATION AND MANGANESE 
PARTITIONING DURING DOUBLE SOAKING 

 

 Introduction 

Results presented in Chapters 6 and 7 indicate that a significant volume fraction of 

Mn-enriched austenite with a relatively uniform Mn distribution forms during IA regardless of 

the presence of C. The objectives of the study presented in this chapter include assessing the 

ferrite-to-austenite phase transformation upon further heating, and determining whether the Mn 

distribution that developed during IA is maintained upon secondary soaking.  

The following sections present results and discussion pertaining to experimental and 

simulation work from a study conducted on the CR50 condition of the Fe-7Mn alloy and the CR 

condition of the Fe-0.2C-4.5Mn alloy. Different IATs were used for DS heat treatments. Unless 

specified otherwise, all heat treatment parameters were consistent with those listed in Table 8.1. 

Table 8.1  Heat Treatment Parameters for DS of Fe-0.2C-4.5Mn and Fe-7Mn  

 HR  
(°C×s-1) 

IAT 
(°C) 

IAt 
(s) 

HR2 

(°C×s-1) 
SST 

(°C) 
SSt 

(s) 
QR 

(°C×s-1) 

DS 50 
620-
710 

1000 10 850 5 20 
 

 

 Dilation Response during DS Heat Treatments of the Fe-0.2C-4.5Mn Alloy 

Dilatometry during DS heat treatments with IATs ranging from 620-680 °C are 

summarized in Figure 8.1(a). Figure 8.1(b) shows a magnified view of the dilation during IA and 

upon further heating to the SST (850 °C). The dilation at the IATs are similar to those exhibited 

for the IA-Q treatments discussed in Chapter 7 (Figure 7.1) exhibiting some initial expansion 

followed by contraction associated with austenite formation. The expansion prior to the 

contraction is presumed to be related to the delay in thermal equilibration of the sample due to 

the rapid heating rate, which is discussed in Section 4.2.1. Upon further heating to the SST, each 

sample initially exhibits linear expansion associated with heating, followed by contraction due to 

further austenite growth. After the ferrite-to-austenite transformation is complete, samples 

exhibit linear thermal expansion again. A magnified view of the dilation that occurred upon 

nearing room temperature during quenching is shown in Figure 8.1(c). Each sample exhibits an 
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expansion consistent with transformation to martensite, indicating that some austenite in each 

sample was not fully stabilized to room temperature. 

 

Figure 8.1 (a) Dilatometry results from DS treatments with different IATs from the 
Fe-0.2C-4.5Mn alloy. (b) Magnified view of the dilation exhibited at the IAT and 
upon further heating to the SST. (c) Magnified view of the dilation exhibited upon 
quenching after DS, corresponding IAT is labelled for each data set. 

The dilation results from the Fe-0.2C-4.5Mn alloy do not exhibit two expansive regimes 

upon quenching after DS treatments; however, the microstructure evolution is interpreted to be 

similar to that of the Fe-7M alloy. In Chapter 7 it was shown via STEM-EDS that austenite 

formed with Mn enrichment during 1000 s IA-Q treatments. Aside from the sample treated with 

an IAT of 680 °C,  dilatometry did not indicate martensite transformation of austenite upon 
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quenching, indicating that austenite that formed during IA was sufficiently stabilized to be 

retained to room temperature. Primary austenite growth is also observed in the Fe-0.2C-4.5Mn 

alloy during the IA portion of DS treatments followed by further growth of secondary austenite 

upon heating to the SST. The single expansion exhibited by the Fe-0.2-4.5Mn alloy corresponds 

to the martensitic transformation of the Mn-deficient secondary austenite, while much of the 

Mn-enriched primary austenite is likely retained to room temperature, as suggested by the 

permanent contraction upon cooling to room temperature shown in Figure 8.1(c). A study on a 

Fe-0.14C-7.2Mn alloy observed via XRD that nearly the initial amount of primary austenite can 

also be retained after DS treatments (Figure 2.10). 

 Mn Distribution after DS treatments of the Fe-0.2C-4.5Mn Alloy 

STEM images and corresponding EDS maps and line-scans for Mn are shown in Figure 

8.2-Figure 8.5 for Fe-0.2C-4.5Mn samples that were subjected to the DS treatment with different 

IATs. Unlike the equiaxed, fine-grained microstructures exhibited in STEM images after the 

IA-Q treatments of the Fe-0.2C-4.5Mn alloy shown in Chapter 7, STEM images of the 

microstructures after DS treatments, (Figure 8.1(a), Figure 8.2(a), Figure 8.3(a) and Figure 

8.4(a)) exhibit morphology consistent with martensite. 

 

Figure 8.2 STEM-EDS results from the Fe-0.2C-4.5Mn alloy after a DS treatment using a 
620 °C IAT. (a) STEM micrograph and (b) corresponding EDS map for Mn. 
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Figure 8.3 (a) STEM-EDS results from the Fe-0.2C-4.5Mn alloy after a DS treatment using a 
640 °C IAT. (a) STEM micrograph and (b) corresponding EDS map for Mn. (c, d) 
EDS line scan results corresponding to arrows labelled 1 and 2, respectively, in 
the STEM micrograph. 
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Figure 8.4 (a) STEM-EDS results from the Fe-0.2C-4.5Mn alloy after a DS treatment using a 
660 °C IAT. (a) STEM micrograph and (b) corresponding EDS map for Mn. (c) 
EDS line scan results corresponding to arrow in the STEM image. 

EDS results for the sample with an IAT of 620 °C (Figure 8.2(b)) indicate that Mn 

remains heterogeneously distributed in the microstructure after the DS treatment. In contrast to  

the Mn distribution shown in the EDS map from the sample that underwent the IA-Q treatment 

with a 620 °C IAT (Figure 7.8(b)), the Mn gradient between areas of high and low Mn 

enrichment in Figure 8.2(b) is more diffuse, suggesting some Mn redistribution during the 5 s 

hold at 850 °C. The EDS map from the sample with an IAT of 640 °C (Figure 8.3(b)) also 

indicates a heterogeneous distribution of Mn. Indications of larger areas of Mn enrichment are 

apparent, as well as smaller particles with greater Mn enrichment. Figure 8.3(c) and Figure 

8.3(d) show EDS line-scans that correspond to lines 1 and 2 in Figure 8.3(a). The line-scans 

indicate a Mn concentration of approximately 15 wt pct in a small particle while the Mn 

concentration otherwise alternates between areas of approximately 8 wt pct and 2 wt pct Mn. The 
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EDS maps from the samples with IATs of 660 and 680 °C (Figure 8.4(b) and Figure 8.5(b), 

respectively) also exhibit a heterogeneous Mn distribution in the microstructure. The  

corresponding EDS line scans (Figure 8.4(c), Figure 8.5(c) and Figure 8.5(d)) indicate that the 

Mn concentration alternates amongst areas with approximately 4.5 wt pct and 2 wt pct Mn.  

 

Figure 8.5 (a) STEM-EDS results from the Fe-0.2C-4.5Mn alloy after a DS treatment using a 
680 °C IAT. (a) STEM micrograph and (b) corresponding EDS map for Mn. (c, d) 
EDS line scan results corresponding to arrows labelled 1 and 2, respectively, in 
the STEM micrograph. 
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 Dilation Response during DS Heat Treatments of the Fe-7Mn Alloy  

Dilatometry results from Fe-7Mn samples during DS heat treatments with IATs ranging 

from 640-710 °C and a SST of 850 °C, as well as a sample that was fully austenitized by heating 

from room temperature to 800 °C at 50 °C×s-1, held for 5 s, and quenched at 20 °C×s-1 are 

summarized in Figure 8.6(a). As with the Fe-7Mn samples that were subject to the IA-Q 

treatments discussed in Chapter 6, austenite formation during IA is evident by the contraction 

observed at each IAT. After isothermal holding, additional austenite formation is observed upon 

heating to the SST (850 °C). Upon cooling, an expansive dilation was observed in each sample, 

indicative of martensite transformation of austenite. Figure 8.6(b) shows an enlarged view of the 

expansions recorded upon cooling with the corresponding IAT labelled for each sample. There 

are two distinct expansive events at different temperatures for many of the samples. The 

expansions recorded at a lower temperature for each sample will be referred to as the ‘primary’ 

expansion while the expansions recorded at greater temperatures will be referred to as the 

‘secondary’ expansion, as they are suspected to correspond to primary and secondary austenite 

from the DS treatment.  

 

Figure 8.6 (a) Dilatometry results from DS treatments with different IATs from the Fe-7Mn 
alloy, and (b) a magnified view of the martensite transformations upon cooling. 
Corresponding IAT is labelled for each data set in (b). 

For clarity, the dilatometry results from each sample shown in Figure 8.6 are also plotted 

individually in Figure 8.7.  
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Figure 8.7 Dilatometry results from DS treatments with different IATs from the Fe-7Mn 
alloy. The corresponding IAT is labelled on each image. Image labelled ‘800 °C’ 
is included for reference and corresponds to a sample heated directly to 800 °C for 
austenitization, held for 5 s, and quenched. 

Each plot for samples that underwent a DS treatment is labelled with the corresponding 

IAT, and the sample that was directly austenitized from room temperature is labelled ‘800 °C’. 

Each dilation data set corresponding to samples that underwent DS indicate that thermal 

expansion occurred during heating, followed by contraction during IA due to austenite 

formation. Upon further heating from the IAT, thermal expansion occurred followed by 

contraction due to further austenite formation, and finally, more thermal expansion until reaching 

the SST (850 °C). The expansion(s) upon cooling are consistent with martensite transformation 

which occurred amidst thermal contraction. The temperature at which the primary expansion 
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initiates upon cooling increases with increasing IAT, and the temperature difference between the 

primary and secondary expansions decreases. The primary and secondary expansions have 

blended together in the sample with an IAT of 690 °C, and the presence of two expansions is 

indistinguishable for samples with IATs of 700 and 710 °C.  

Corresponding plots of the derivative of the relative dilation during quenching are shown 

in Figure 8.8 for the CR50 alloy, which were used to identify the temperatures at which the 

primary and secondary expansions initiate (labelled with black arrows).  

 

Figure 8.8 Derivative of relative dilation with respect to temperature plotted with 
temperature during quenching from the SST during DS treatments of the CR50 
condition, corresponding IAT is labelled in each plot.  

The expansion initiation temperatures were manually identified and correspond to 

temperatures were a significant change in slope of the derivative, or a local minimum of the 

derivative occurred. The initiation temperatures for the expansions in all three Fe-7Mn alloy 
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conditions (AQ, CR50, and CR66) are plotted in Figure 8.9(a) and the corresponding Mn 

concentrations in primary and secondary austenite calculated using the initiation temperatures in 

Figure 8.9(a) and Equation 2.2 are plotted in Figure 8.9(b). Note that 800 °C data points 

correspond to samples that were directly austenitized at 800 °C from room temperature before 

quenching.  

 

Figure 8.9 (a) Initiation temperatures for primary and secondary expansions upon quenching 
during DS treatments of each condition of the Fe-7Mn alloy. (b) Corresponding 
Mn concentrations in primary and secondary austenite formed during DS 
treatments. Note that the 800 °C data points correspond to samples that were 
directly austenitized at 800 °C from room temperature. 

 Microstructural Evolution during Double Soaking of the Fe-7Mn Alloy 

Dilation results from DS treatments of the Fe-7Mn alloy indicate that the fully austenitic 

structure that exists during secondary soaking has a non-uniform stability. Upon quenching, two 

expansive regimes are observed for samples that were treated with IATs of 640-680 °C (Figure 

8.6 and Figure 8.7). The two expansive regimes are interpreted to reflect a non-uniform Mn 

distribution amongst the fully austenitic microstructure prior to cooling. Chapter 6 provides 

ample evidence that austenite formed with Mn enrichment in the Fe-7Mn alloy during 1000 s 

IA-Q treatments. The austenite that formed during IA was shown to not be fully stabilized to 

room temperature and exhibited martensitic transformation upon quenching after IA. The 

dilation during DS heat treatments indicates austenite formation during IA, followed by further 
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austenite growth upon heating to the SST until the ferrite-to-austenite transformation is 

complete. The two expansive events occurring upon quenching after DS reflect the martensite 

transformation of primary austenite that formed during IA and the secondary austenite that 

formed during heating to the SST. The primary expansion corresponds to martensite 

transformation of the Mn enriched primary austenite, while the secondary expansion corresponds 

to martensite transformation of the secondary austenite. The secondary austenite formed from the 

remaining ferrite after IA during SS, which was deficient in Mn relative to the primary austenite. 

This non-uniform Mn distribution amongst primary and secondary austenite causes a 

non-uniform austenite stability and results in the two expansive events upon quenching. The 

samples that underwent a DS treatment with IATs of 690-710 °C exhibit only one expansion 

upon quenching after DS as the Mn difference and corresponding austenite stability between the 

primary and secondary austenite is decreased with increasing IAT. 

Figure 8.10 illustrates the interpretation of the microstructure evolution that occurred 

during the DS treatments of the Fe-7Mn alloy. Recrystallization and austenite formation occur 

when the initial cold-rolled microstructure is heated and held at the IAT. Diffusional growth of 

the primary austenite (γp) occurs as Mn is transported through ferrite to the austenite-ferrite 

interface, causing the microstructure to develop a non-uniform Mn distribution. With growth of 

the γp, the ferrite becomes lean in Mn, and the Mn distribution becomes more bimodal with 

increasing time as the isothermal hold time increases. During heating to 850 °C, growth of 

secondary austenite (γs) consumes the remaining ferrite and inherits the Mn-deficient 

concentration of the ferrite. The sample has a fully austenitic microstructure during SS at 850 °C, 

but the sluggish diffusion of Mn in austenite inhibits substantial Mn redistribution during the 5 s 

hold. The Mn distribution in austenite causes a gradient in austenite stability, and upon cooling, 

γp and γs begin to transform to martensite at different temperatures. The temperature at which γs 

begins to transform to martensite upon cooling (Ms-γs) is greater, while γp begins to transform to 

martensite at a lower temperature (Ms-γp). Longer isothermal holds at 850 °C would likely lead to 

smoothing of the two expansive regions upon cooling as Mn homogenizes amongst the γp and γs. 
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Figure 8.10 Schematic depicting the interpreted microstructure evolution occurring during DS 
treatments of the Fe-7Mn steel. Numbered diagrams below the Time-Temperature 
plot correspond to labelled locations on the plot. 

 MICRESS Simulation for Microstructural Evolution during Secondary Soaking 

MICRESS® was used to conduct simulations for microstructural evolution upon further 

heating following IA (i.e. the secondary soaking step in a DS heat treatment). The initial 

simulation structure is shown in  Figure 8.11 and corresponds to equilibrium predictions from 

Thermo-Calc® for an Fe-7.2Mn composition at 640 °C. The initial austenite fraction in the 

simulations is 0.55, and the austenite and ferrite Mn concentrations correspond to 10.6 and 

2.9 wt pct, respectively. The austenite initially present in the simulation will be referred to as the 
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primary austenite, while any additional growth of austenite during the simulation will be referred 

to as secondary austenite. 

 

 Figure 8.11 Initial Mn distribution and phase map for MICRESS® simulations for 
microstructural evolution upon further heating from 640 °C for a composition of 
Fe-7.2Mn.  

The Mn distribution and phase map predictions after heating at 10 °C×s-1 and isothermal 

holding at SSTs of 700 and 750 °C for 1000 s are shown in  Figure 8.12. The simulation predicts 

little growth of secondary austenite for the 700 °C SST. A Mn gradient in ferrite with a 

decreasing concentration toward the austenite-ferrite interface has developed, indicating that 

further austenite growth is predicted to occur with Mn partitioning. The simulation for a SST of 

750 °C indicates greater growth of secondary austenite after the 1000 s hold. The secondary 

austenite, which corresponds to the red areas in the Mn map, has an intermediate Mn 

concentration of approximately 5 wt pct. The Mn concentration of the ferrite has been reduced, 

while Mn concentration in the primary austenite has not diminished, indicating that secondary 

austenite is predicted to have grown with partitioning of Mn from the remaining ferrite after IA. 

Predictions from a simulation that considered heating at 10 °C×s-1 up to a SST of 850 °C 

are shown in Figure 8.13. Figure 8.13(a) displays the simulation results after heating to 810 °C 

and indicates that secondary austenite is predicted to inherit the Mn concentration of ferrite as it 

grows. Figure 8.13(b) and Figure 8.13(c) display simulation predictions after isothermal holding 

at 850 °C for 5 and 1000 s, respectively. After holding at 850 °C for 5 s, the growth of secondary 

austenite has already fully consumed the ferrite that remained after IA, yet the Mn concentration 
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map is virtually identical to the bimodal distribution of Mn in the initial simulation structure. 

After 1000 s at 850 °C, shown in Figure 8.13(c), the Mn concentration amongst the primary and 

secondary austenite is shown to exhibit some degree of redistribution, as the Mn gradient has 

become much shallower. 

 

 Figure 8.12 Mn distributions and phase maps from MICRESS® simulations for 
microstructural evolution upon heating from 640 °C at 10 °C×s-1 and isothermal 
holding for 1000 s at SST’s of (a) 700  °C and (b) 750 °C C for a composition of 
Fe-7.2Mn. 

(a) 

(b) 
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Figure 8.13 Mn distributions and phase maps from MICRESS® simulations for 
microstructural evolution upon heating from 640 °C at 10 °C×s-1 after (a) reaching 
810 °C during heating, and after isothermal holding at the SST of 850  °C for (b) 
5s, and (c) 1000 s C for a composition of Fe-7.2Mn. 
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The initial Mn concentration gradient across the austenite-ferrite interface at the 

beginning of simulations at 640 °C, and after heating and isothermal holding at SSTs of 750 °C 

and 850 °C are shown in Figure 8.14. The intermediate Mn concentration in the secondary 

austenite (γs) that formed upon isothermal holding at 750 °C for 1000 s is evident in Figure 

8.14(a) along with the reduced Mn concentration in the remaining ferrite (α) and relatively 

constant Mn concentration in the primary austenite (γp). Figure 8.14(b) shows how the secondary 

austenite (γs) formed upon isothermal holding at 850 °C for 5 s inherits the composition of the 

initial ferrite in the simulation. After 1000 s at 850 °C the Mn concentration gradient is predicted 

to have become shallower, as Mn is redistributed between γp and γs. 

 

Figure 8.14 Mn concentration predictions across the initial α-γ interface and after heating 
from 640 °C at 10 °C×s-1 to SSTs of (a) 750 °C and holding for 1000 s, and (b) 
850 °C and holding for 5 s and 1000 s. 

 Ferrite-to-Austenite Transformation upon Further Heating Following IA 

MICRESS® simulations for austenite formation upon further heating after IA of an 

Fe-7Mn composition predicted austenite to form via different mechanisms depending on the 

SST. Simulations that considered heating to 700 and 750 °C predicted secondary austenite to 

grow via a partitioning transformation which resulted in secondary austenite with an intermediate 

Mn concentration ( Figure 8.12 and Figure 8.14(a)), while the simulation that considered heating 

to 850 °C predicted austenite growth consistent with a massive transformation where the Mn 

concentration of the ferrite remaining after IA was inherited by the secondary austenite (Figure 

8.13 and Figure 8.14(b)). The transformation behavior is consistent with phase transformation 
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mechanisms that may be expected based on the Mn concentration that results in Mn-deficient 

ferrite after IA. Figure 8.15(a) shows a schematic for DS of an Fe-7.2Mn composition with a 

primary IAT of  640 °C. Referencing the phase diagram in Figure 8.15(b), 640 °C is shown to 

correspond to the austenite-ferrite two-phase field; the Ae3 temperature for Fe-7.2Mn being 

698 °C. After intercritical annealing, the equilibrium microstructure is predicted to consist of 

ferrite and austenite with Mn concentrations of 2.9 and 10.6 wt pct, respectively. Upon further 

heating, growth of secondary austenite into ferrite is influenced by the composition of the 

remaining ferrite; Mn in austenite is relatively immobile due to its lower diffusivity and is 

therefore not expected to have a significant influence on the growth of secondary austenite. 

Applying the Mn concentration of the remaining ferrite to the phase diagram in Figure 8.15(b) 

reveals new critical temperatures (referred to as Ae1’ and Ae3’) to consider for growth of 

secondary austenite at the expense of the remaining ferrite.  

 

Figure 8.15 (a) Schematic depicting a DS treatment for an Fe-7.2Mn composition and (b) a 
portion of the Fe-Mn phase diagram with overlay pertaining to relevant Mn 
concentrations and temperatures to consider during DS treatments.  

Austenite growth occurs via a diffusional, partitioning transformation as the austenite 

advances into ferrite in the simulation with a SST of 700 °C. The predicted Mn-partitioning 

growth of secondary austenite instead of massive growth that rapidly consumes ferrite results 

because, despite being above the Ae3 temperature, 700 °C is lower than the Ae3’ temperature 
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(801 °C). The simulation for a SST of 750 °C also indicates this behavior, where the secondary 

austenite is shown to incur an intermediate Mn concentration of approximately 5 wt pct. 

Referencing the phase diagram in Figure 8.15(b) the intermediate Mn concentration is consistent 

with partitioning of an Fe-2.9Mn composition at 750 °C.  

The growth of secondary austenite in the simulation with a SST of 850 °C is also 

consistent with expectations when considering the composition of the remaining ferrite after a 

640 °C IA treatment. In this simulation growth of secondary austenite occurred rapidly upon 

heating and without Mn enrichment due to 850 °C exceeding the Ae3’ temperature. This predicted 

ferrite-to-austenite transformation is consistent with a massive transformation and enables the 

bi-modal Mn concentration distribution to be retained upon full austenitization. Due to the 

sluggish diffusion of Mn in austenite, Mn redistribution is negligible for short SS times. This is 

reflected in the dilatometry results conducted on DS samples of the CR50 condition of the 

Fe-7Mn alloy, which indicate two expansive regions upon cooling from the SST, corresponding 

to austenite with a bi-modal Mn concentration distribution. After longer SSts at 850 °C, the 

predicted Mn distribution does exhibit a shallower gradient trending toward homogenization 

amongst the austenite (Figure 8.14(b)).  
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CHAPTER 9 

SUMMARY & CONCLUSIONS 

 

Microstructural evolution during IA treatments of medium-Mn steels was investigated in 

this thesis. Emphasis was placed on understanding austenite formation, Mn enrichment in 

austenite, and cementite dissolution. In particular, relatively short (< 1000 s) heat treatments 

were considered. Effects of prior cold deformation and initial microstructure on austenite 

formation were also examined. Conclusions are summarized in the following sections as they 

pertain to the research questions that were developed for this thesis. 

 Does austenite formation during IA proceed via C-diffusion controlled 

transformation followed by Mn-diffusion controlled transformation, or does a 

Mn-diffusion controlled transformation predominate even during early stages of 

austenite growth?  

Evidence of retained austenite and fresh martensite with uniform Mn-enrichment was 

observed in the Fe-7Mn steel after 1000 s IA-Q treatments. Additionally, the Mn concentration 

of intercritical austenite was found to decrease with increasing IAT. Considering the 1000 s IAt, 

which is predicted to be an insufficient amount of time for Mn homogenization within austenite 

during IA, these observations indicate that intercritical austenite incurred Mn enrichment during 

growth and that the austenite transformation mechanism is consistent with a diffusion-controlled 

transformation where Mn is the rate controlling solute.  

The Fe-0.2C-4.5Mn steel was studied in both as-quenched and cold-rolled conditions. In 

the study of the as-quenched condition, austenite was found to form during a 1800 s IAt while 

the presence of cementite did not diminish, indicating that austenite did not form exclusively due 

to C partitioning , as C was tied up in cementite. Additionally, experimental results for in situ 

austenite volume fraction during IA were in far better agreement with a DICTRATM simulation 

that predicted Mn partitioning induced growth of austenite than a simulation that predicted the 

rapid, negligible Mn partitioning austenite growth followed by PLE growth. In the study of the 

cold-rolled condition, austenite was found to form at IAts above and below the equilibrium 

cementite dissolution temperature. Similar to observations on the Fe-7Mn steel, the austenite 

formed at all IAts was found to have uniform Mn enrichment. Additionally, at IAts above the 

equilibrium cementite dissolution temperature, the lack of complete cementite dissolution did not 

preclude formation of substantial amounts of intercritical austenite.  
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Despite the rapid diffusivity of C, the results presented in this thesis indicate that rapid 

growth of austenite at the expense of ferrite and dissolving cementite is not the predominant 

austenite transformation mechanism during IA. Rather, experimental results and comparison 

with simulation suggest that austenite forms predominantly via Mn-diffusion controlled kinetics.  

 Is austenite formation and Mn enrichment in austenite affected by the presence of 

cementite, the degree of prior cold deformation, and the initial microstructure prior 

to IA? 

Ample austenite nucleation occurred during IA in both cold-rolled and martensitic initial 

conditions of the Fe-7Mn alloy where no cementite particles were available to serve as 

nucleation sites. Austenite appeared to nucleate predominantly at deformed ferrite boundaries 

and sub-grain boundaries in the cold-rolled conditions and at martensite lath and block 

boundaries in the as-quenched condition. The presence of cementite in the Fe-0.2C-4.5Mn alloy 

did not appear to influence the austenite nucleation behavior in either the cold-rolled or 

as-quenched condition; austenite did not appear to predominantly nucleate at ferrite-cementite 

interfaces. Similar microstructures developed in both Fe-7Mn and Fe-0.2C-4.5Mn alloys for both 

cold-rolled and as-quenched conditions. Film-like austenite formed in samples that had a 

martensitic initial microstructure, while more equiaxed austenite grains formed in samples that 

had a cold-rolled initial microstructure. 

The Fe-0.2C-4.5Mn alloy contained retained austenite films in the as-quenched condition 

prior to IA. In situ HEXRD indicated that these retained austenite films decomposed upon 

heating, yet the microstructure exhibited film-like retained austenite after IA. This indicates that 

preserving the initial retained austenite films upon heating is not necessary to generate film-like 

austenite during IA.  

Rapid dissolution of cementite to stimulate the growth a large fraction of austenite early 

during intercritical annealing was not observed in the Fe-0.2C-7Mn alloy. Rather, the cementite 

was found to dissolve slowly while austenite growth occurred via Mn partitioning. The sluggish 

dissolution of cementite is suspected to be due to Mn enrichment in cementite. Substantial Mn 

enrichment was found in the cementite of the cold-rolled condition of the Fe-0.2C-4.5Mn alloy 

prior to IA. Equilibrium calculations indicate that Mn enrichment in cementite causes a decrease 

in the chemical potential of C in cementite. Upon IA the Mn enrichment can cause temporary 

stabilization of the cementite, where the dissolution of cementite requires Mn diffusion out of 
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cementite into the adjacent ferrite. Therefore, the austenite transformation mechanism likely 

remains dependent on Mn diffusion regardless of the presence of cementite. 

Increased prior cold deformation was found to correspond to accelerated austenite 

formation in the Fe-7Mn alloy. MICRESS® phase field simulations that varied parameters that 

represented factors suspected to be affected by prior cold deformation that are related to austenite 

formation (e.g. Mn diffusivity in ferrite, austenite-ferrite interface mobility, and increased 

austenite nucleation site density) successfully predicted an increase in austenite volume fraction 

during IA. 

Study of the Fe-7Mn alloy indicated that the ferrite-to-austenite phase transformation 

favors a Mn diffusion controlled, partitioning transformation rather than a massive 

transformation even at IATs that are greater than the T0 temperature. However, a partitionless, 

massive transformation of ferrite to austenite was observed during IA at relatively high IATs. 

This transformation was likely caused by Mn-banding in the steel which enabled conditions 

where the IAT exceeded the Ae3 temperature associated with the Mn-enriched bands, despite the 

IAT being below the Ae3 associated with the nominal composition. 

 What is the austenite formation mechanism upon further heating after IA, and can 

a heterogenous Mn distribution be maintained after DS treatments?  

The heterogenous Mn distributions that developed during 1000 s IA treatments were 

found to remain upon further heating to a full austenitization temperature followed by quenching 

(i.e. a double soaking treatment) in both the Fe-7Mn alloy and Fe-0.2C-4.5Mn alloy. Phase field 

simulation predicted austenite growth behavior and Mn redistribution that was consistent with 

experimental results and provided additional insight into the effects of heating to different SS 

temperatures. Simulations predicted partitioning or massive transformation of ferrite to austenite 

depending on the SST. Heating to a SST between the Ae3 temperature that corresponds to the 

nominal composition, and the Ae3 temperature that corresponds to the composition of the 

residual ferrite after IA (referred to as Ae3’) caused austenite to grow via a diffusion-controlled 

transformation, where the secondary austenite did not fully consume the remaining ferrite and 

incurred a Mn concentration that was greater than the remaining ferrite and leaner than the 

primary austenite. Heating to a SST above the Ae3’ temperature caused austenite to grow via a 

massive, partitionless transformation and consumed the ferrite that was remaining after IA which 



163 

thereby inherited the Mn concentration of ferrite and created a bimodal Mn concentration 

distribution within the fully austenitic microstructure. 
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CHAPTER 10 

FUTURE WORK 

 

Experimental results from this thesis indicated that cementite dissolves gradually during 

IA due to Mn partitioning to cementite. Further characterization of cementite volume fraction 

during IA and Mn gradients adjacent to dissolving cementite will enable a more complete 

understanding of the kinetics associated with austenite formation as cementite dissolves and 

liberates C and Mn solute.  

Study of the Fe-7Mn alloy indicated that a Mn partitioning transformation of ferrite to 

austenite predominates at IATs that are greater than the T0 temperature. This conclusion is 

counter-intuitive as a massive, partitionless transformation should provide a more expedient 

route to reduce free energy than a partitioning transformation. It is speculated that other factors 

(i.e. Mn solute drag) may reduce the austenite-ferrite interface velocity and allow for partitioning 

to occur across the interface, modifying the local equilibrium conditions at the interface and 

forcing transformation to transition from a massive to a partitioning transformation despite an 

IAT above the T0 temperature. Careful study of austenite nucleation and solute gradients during 

early stages of austenite growth may elucidate why the partitioning transformation is preferred. 

Austenite formation in the cold-rolled conditions appeared to form along bands within 

recrystallized ferrite of with approximately 30-degree orientations to the rolling direction. 

Texture analysis of austenite after IA in cold-rolled samples may reveal that austenite forms with 

a specific interface orientation relationship with ferrite, and that the rolling texture in ferrite leads 

to texture in the austenite that forms during IA and/or that deformation bands in ferrite from cold 

rolling serve as potent austenite nucleation sites.  

MICRESS® simulations indicate that longer SSts during DS treatments may be able to 

produce retained austenite with a gradual Mn gradient. Austenite with a gradient in stability may 

provide distinct work hardening behavior relative to austenite with uniform stability. 

Experimental heat treatments and mechanical testing should be conducted to examine differences 

in deformation behavior of DS medium-Mn steels with martensite-austenite microstructures that 

contain austenite with internal Mn gradients and with austenite that has uniform Mn 

concentrations (i.e. longer and shorter SSts).  
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MICRESS® currently has limitations that inhibit the proper implementation of variation 

for some parameters; MICRESS ® does not recognize stored strain energy as an additional 

driving force for phase transformation, and also does not allow for different parameters (such as 

diffusivity and interface mobility) to be specified for deformed ferrite and recrystallized ferrite. 

Variation of these parameters would more accurately reflect the influence of prior cold 

deformation on austenite formation if deformed ferrite and recrystallized ferrite could be 

recognized as different phases in the simulation. DICTRATM and MICRESS®  simulations were 

also unable to incorporate Mn enrichment in cementite. Efforts to simulate microstructural 

evolution during IA that incorporate Mn-enriched cementite should be pursued as these 

simulations would be very beneficial to predicting optimal IATs, IAts and, the corresponding 

solute enrichment occurring in intercritical austenite.  
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