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ABSTRACT 

 
The 12Cr1MoWV (wt%) ferritic/martensitic steel HT9 is a candidate material for fuel 

cladding in advanced nuclear reactors, such as the Versatile Test Reactor, currently under 

development. As such, understanding the relationship between microstructure and mechanical 

properties in the context of irradiation environments for these steels is critical. Nitrogen content 

has been hypothesized to have a significant effect on the irradiated properties of alloy HT9. In 

this work, three otherwise similar alloys of HT9 with varying N contents (10 ppm, 190 ppm, 440 

ppm N) are thoroughly characterized prior to irradiation with 1.5 MeV protons to 1 dpa of dose 

at 300˚C. In the unirradiated condition, the presence of ultrafine, intralath vanadium carbonitride 

(V(C,N)) precipitates are revealed for the first time in the 190 ppm and 440 ppm N alloys via 

centered dark field transmission electron microscopy (TEM). Lower N content result in finer 

intralath precipitates, whereas higher N content results in larger, elongated disks or needles. In 

addition to the quantitative assessment of interlath and intralath V(C,N) by TEM, 

thermodynamic simulations with ThermoCalc, and, for the first time, time-of-flight secondary 

ion mass spectrometry (ToF-SIMS) are utilized as complementary techniques, providing a high-

throughput method for assessing trends in precipitate volume fractions. ToF-SIMS, combined 

with internal friction measurements, also provides the relative amount of interstitial N present 

across the three alloys. Characterization of the alloys shows that N content has a profound effect 

on the irradiated defect structures. On-zone scanning TEM (STEM) is used to determine that, as 

N content increases, the average dislocation loop diameter decreases, while the number density 

of loops increases, a behavior consistent with a reduction in self-interstitial atom (SIA) cluster 

mobility. Additionally, STEM energy dispersive spectroscopy finds extensive Ni clustering on 

dislocations and V(C,N) interfaces. The Mid and High N specimens exhibit significantly less 

hardening relative to the Low N sample. The decrease in hardening is attributed to the presence 

of V(C,N), which provides an alternative short-range site beyond dislocation loops and line 

dislocations for the formation of Ni clusters, resulting in fewer Ni clusters on dislocations in the 

Mid and High N alloys. The data indicates increasing the N content in HT9 may have a desirable 

effect on the irradiated structure and properties at the dose studied, as well as the swelling 

resistance at higher doses. In other words, N content appears to be a powerful tool for tailoring 

the SIA cluster mobility in F/M steels for different temperature and dose applications. 
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CHAPTER 1 

 
GENERAL INTRODUCTION 

 
To provide a foundation for the reader, a brief explanation of the relevance of the work to 

advanced nuclear reactor technologies is given followed by the direct objective and outline of the 

work to follow. Additional background is provided on irradiation damage in metals, the 

simulation of neutron damage with ions, and the ferritic/martensitic steel alloy HT9, the material 

of focus for the work.  

1.1 Industrial Relevance 

Generation IV nuclear reactors demand materials that can withstand extreme irradiation 

over a wide range of temperatures. In the current fleet of light water reactors (LWRs), fuel life is 

limited to 5 pct burnup, in part by the loss of structural integrity of the cladding as irradiation 

damage accumulates [1]. Burnup refers to the percentage of heavy metal atoms fissioned in the 

fuel. The acceptable dose limit for most structural metals in LWRs is about 20 displacements per 

atom (dpa), a unit of irradiation damage that quantifies the average number of times every atom 

in the material has been displaced from a lattice site by ionizing particles [2]. 

While generation III reactors represent an important step forward in safety and reliability 

over traditional LWRs, current research focuses on generation IV reactors, such as the sodium-

cooled fast reactors (SFRs), which promise groundbreaking increases in efficiency and 

capabilities. Advanced generation IV reactors are expected to achieve up to 60 pct burnup, with 

the added ability to process long-lived transuranic isotopes into shorter-lived daughter products, 

vastly reducing the longevity of high-level nuclear waste. To realize advanced generation IV 

reactor concepts, materials must be engineered to survive irradiation doses more than 600 dpa 

over a wide range of temperatures [3].  

Though maintaining mechanical properties at elevated temperatures (>600 °C) and high 

dpa is a difficult problem, irradiation at low temperatures (<300 °C) can also sharply reduce the 

ductility of materials. Maintaining ductility of the fuel cladding is critical because the cladding 

serves as the primary containment of fission gas and other products generated during operation. 

The concerns of brittle failure limit the safe operational temperatures of the reactor and reduce 

overall efficiency [1,2]. Alloys designed to minimize irradiation hardening after low-temperature 
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irradiation, while maintaining excellent high-temperature irradiated properties, will serve to 

improve reactor efficiency and help generation IV reactor technology progress. 

1.2 Purpose and Outline 

The following work endeavors to shed light on the question: what is the effect of N 

content on the susceptibility of F/M steel to irradiation hardening after low temperature (<0.3 

Tm) irradiation? To begin answering the question, a baseline was established characterizing the 

experimental alloys prior to irradiation. N can exist both as a solute in the matrix and in nitride 

precipitates, so it was important to determine where and in what quantity N occurred in each of 

the studied alloys. Next, specimens of each alloy were irradiated to simulate the environment in a 

nuclear fast reactor. Once the material was irradiated, changes in microhardness were evaluated. 

To conclude the work, a detailed analysis of the differences in dislocation structure and chemical 

segregation between alloys was performed and aimed to identify any mechanisms associated 

with the N content amongst the alloy that may have led to hardening. 

This work is composed of three manuscripts either published or presently under review 

that make up Chapters 3-5. The identification and quantitative evaluation of N is explored 

throughout the publications that make-up Chapters 3 and 4. Chapter 3 establishes the existence 

of previously unreported ultrafine, intralath vanadium carbonitride precipitates which, at the time 

of publication, were theorized to likely have profound effects on the irradiated structure and 

properties of the alloys. Note that the “High N” and “Low N” conditions discussed in Chapter 3 

refer to the “High N” and “Mid N” conditions respectively throughout the rest of the work. 

Chapter 4 provided complementary analysis of the TEM quantified precipitate volume fraction 

of vanadium carbonitride V(C,N) utilizing ToF-SIMS for the first time for high-throughput 

nitride analysis in steel. Additionally, a combination internal friction and novel ToF-SIMS 

analysis was able to determine relative differences in interstitial N content between alloys. 

Chapter 5 goes on to cover the characterization of the irradiated alloys, shedding light on the 

effect of N content on the microstructure and hardness of F/M steels after irradiation and 

providing key insights into the mechanisms surrounding many of the observed differences.  

1.3 Background 

An introduction to the mechanisms of irradiation damage in metals are provided. 

Additional discussion on simulated reactor environments and the history and physical metallurgy 
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of the alloy HT9 follows. Further background is provided throughout Chapters 3-5 and expand 

on the topics introduced in this section.  

1.3.1 Irradiation Damage 

Irradiation refers to ionizing radiation, of which there are five basic types: α, β, X-ray, γ-

ray, and neutron. α-radiation consists of helium-4 (4He) nuclei ejected from the nucleus of a 

decaying atom. α-particles readily interact with other atoms quickly losing energy; a couple 

centimeters of air or a sheet of paper is enough to stop them. α-radiation plays an important role 

in swelling and embrittlement, which will be discussed later. β-radiation is the ejection of 

electrons or positrons from an atom, and though more penetrating than α-particles, the low mass 

of the β particles limit the displacement damage done to materials. X-rays and γ-rays are both 

high energy electromagnetic waves (γ-rays being the highest energy) that can penetrate through 

many materials. γ-rays interacts strongly with the electron cloud in materials and will damage 

bonds in plastics and ceramics. The metallic bonding in metals renders them less susceptible to 

γ-ray damage.  

For metals in a reactor, neutrons are of primary concern. Neutrons are ejected from the 

nucleus of an atom during a decay or fission process. The lack of charge on the neutron allows it 

to penetrate the electron shell and directly impact the nucleus of an atom. Neutrons can have a 

large range of energies spanning from the thermal regime (10-8-10-6 MeV) to the fast regime 

(> 0.1 MeV) [4]. Fission born neutrons (~1.4 MeV) have more than enough energy to displace 

atoms from their original lattice sites in metals, causing damage cascades as they scatter. 

Neutrons can also activate a material by ‘sticking to’ a nucleus. The extra neutron can make the 

atom unstable. The isotope will subsequently decay releasing one or several of the types of 

radiation. Activation causes the material to become a radiological hazard and α-decay of 

transmuted isotopes is a source of 4He, which can build up in the material and cause swelling and 

embrittlement.  

The first atom hit by a neutron is referred to as the primary knock-on atom (PKA). The 

average kinetic energy transferred to the PKA from a neutron in fission reactors is 10 keV. If the 

PKA can impart at least 40 eV (the approximate energy necessary to displace an atom from its 

lattice site), each of the following knock-on atoms will transfer their energy to the surrounding 

atoms, creating a damage cascade (Figure 1.1) [1, 4]. The accumulated displacement damage is 

normalized into units of displacement per atom (dpa), where dpa is the average number of 
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displacements of each lattice atom (e.g., 10 dpa means that on average every atom in the material 

has been displaced from a lattice site 10 times). 

 

 

Figure 1.1 – Development of a collision cascade. The PKA starts to move as the result of the 
energy transfer from the neutron. The PKA ends in a damaged zone with many vacancies 
directly nearby and a dense zone containing interstitials surrounding it. Reprinted from [4] 
with permission from Elsevier. 

 

The energetic displacement of atoms causes defects to form in the lattice; specifically, 

vacancies and self-interstitial atoms (SIAs). The progression and types of damage are mapped 

out in Figure 1.2. SIA clusters will react with one another to form clusters of increasing size, and 

eventually dislocation loops, while clusters of vacancies can coalesce to form voids. Vacancy 

and SIAs can react with one another recombining and annihilating and can also diffuse to free 

surfaces like grain boundaries and precipitate interfaces [1, 5-10]. A byproduct of the diffusion to 

free surfaces has been dubbed the inverse Kirkendall effect or radiation induced segregation 

(RIS) where larger substitutional atoms move away from free surfaces carried by the diffusion of 

vacancies and atoms that can diffuse via interstitial sites move towards the free surfaces [12]. 

Irradiation damage is strongly influenced by irradiation temperature. At low 

temperatures, thermally activated processes, such as dislocation climb, do not occur and 

diffusion in the material is slowed. Irradiation at low temperature (< 0.4 Tm) can result in 

radiation induced segregation (RIS), radiation hardening and embrittlement, and irradiation 

creep. Irradiation at temperatures between 0.3 - 0.6 Tm can result in volumetric swelling and 

phase instabilities, and above 0.5 Tm can result in high temperature 4He embrittlement.  
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Figure 1.2 – The possible damage types resulting from irradiation, the types of defects that 
develop and the potential effect of the defects on properties. Reprinted from [5] with 
permission from Elsevier. 

 

Examples of the various types of irradiation damage in HT9 are shown in Figure 1.3. 

Figure 1.3(a) shows the complex dislocation structure generated during irradiation typically 

composed of a/2<111> and a<100> line dislocations and dislocation loops [1, 2, 13-15]. 

Figure 1.3(b and c) show examples of G-phase which is a non-equilibrium phase rich in Mn, Ni, 

Si, and P that forms at elevated doses that may contribute to embrittlement [13, 16-19]. 

Figure 1.3(d) shows the void structure that forms at elevated temperatures and high doses that 

can lead to both swelling and embrittlement [13, 20]. 

 

 

(a) (b) (c) (d) 

Figure 1.3 – TEM images of HT9 neutron irradiated to 188 dpa at 460 °C in FFTF. (a) Bright 
field images of the dislocation and loop structure, (b) dark field images of G-phase formation, 
(c) bright field images with arrows pointing to G-phase forming along a lath boundary, and (d) 
void formation. Adapted from [13] with permission from Elsevier. 
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1.3.2 Simulating Reactor Environments 

The traditional method for irradiating material is to insert specimens into a research 

reactor to accumulate neutron damage over time. There are several limitations inherent in using 

reactors for specimen irradiation. First, there are very few test reactors available to irradiate 

specimens. Neutron irradiation is also prohibitively time consuming. The highest flux test 

reactors can achieve 20 dpa/year at maximum, making it a 30-year endeavor to achieve 600 dpa. 

Finally, neutron irradiated specimens become activated, making them highly radioactive, 

sometimes requiring years to “cool off” prior to analysis. The above issues combine to make 

reactor irradiation an extremely expensive research method [13, 21]. Counter to neutron 

irradiation, proton beam irradiation can be performed at many more locations, achieves damage 

levels of several dpa in days instead of months, leaves specimens inactivated or nearly 

inactivated depending on the accelerating voltage used, and is a relatively low-cost technique 

[13]. Proton irradiation has been shown to simulate neutron damage quite well despite the 

differences in dose rate and cascade size [13, 22-25]. For the above reasons, proton irradiation 

was chosen as the method of irradiation for the alloys under exploration in this study. 

1.3.3 Alloy HT9 

Ferritic/martensitic (F/M) alloy HT9 (12Cr-1MoWV, wt pct) was developed in Europe in 

the 1960’s for the power generation industry. In the 1970’s, the United States built the Fast Flux 

Test Facility (FFTF), which performed some of the first tests of alloy HT9 in reactor component 

form (e.g., fuel duct and cladding applications) and generated large amounts of data on the 

irradiated properties of alloy HT9 [26-28]. The primary advantage of F/M steels like alloy HT9 

is their resistance to irradiation-induced swelling that austenitic alloys suffer from, even at low 

doses [1]. The extreme swelling resistance of F/M steels is shown in Figure 1.4 which compares 

the swelling behavior of 8 different heats of austenitic stainless steel (316) to 6 heats of F/M 

steel. Due in part to a large amount of data present from the FFTF, combined with sufficiently 

favorable mechanical properties, alloy HT9 is currently selected for use as the fuel cladding and 

in-core ductwork in the Versatile Test Reactor (VTR), the new proposed test bed for generation 

IV reactor technology in the United States. Figure 1.5 shows a schematic of prototype cladding 

tubes and ductwork to be manufactured from alloy HT9 in preparation for the VTR [29]. The 

selection makes the continued study of the structure and properties of alloy HT9 before and after 
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irradiation especially pertinent. Significant additional research has taken place in recent years to 

evaluate HT9 at various dose and temperature combinations [30-41]. 

 

 

Figure 1.4 – Swelling behavior of 316 austenitic stainless steel compared with F/M steel after 
irradiation in Experimental Breeder Reactor II (EBR-II) at 420 ˚C up to 80 dpa. Reprinted 
from [30] with permission from Taylor & Francis. 

 

 
 

Figure 1.5 – Schematic of reactor core components for the Versatile Test Reactor to be made 
with alloy HT9. Cladding tubes that would contain the nuclear fuel pellets can be seen inside 
the hexagonal fuel duct [29]. 
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The general chemistry and microstructure of HT9 are well studied due to the myriad uses 

of the alloy in the power industry. Table 1.1 provides the general chemistry of HT9. Cr and Mo 

offer high temperature oxidation and pitting resistance, and W provides solid solution 

strengthening, while additions of Ni, Mn, and C act as austenite stabilizers reducing the 

propensity of the alloy to form 𝛿-ferrite. C and N, in addition to being austenite stabilizing 

elements, also form carbides and nitrides with elements like Cr and V [1, 30]. Figure 1.6 shows 

the microstructure after normalization (a) and tempering (b and c) [32]. A 100% tempered 

martensite structure with laths between 0.25 and 0.5 µm in size has been observed to form. The 

significant reduction in dislocation density and the formation of precipitates along boundaries 

after tempering is shown between Figure 1.6(a and b). The precipitates have been characterized 

to be 60-150 nm Cr-rich M23C6 and 20-80 nm V(C,N) decorating prior austenite and lath 

boundaries [30]. 

 
Table 1.1 – Base Composition of Alloy HT9 

 

wt pct C Mn Si Ni Cr Mo V N W 
HT9 0.2 0.6 0.4 0.5 12.0 1.0 0.25 - 0.5 

 

   

(a) (b) (c) 

Figure 1.6 – Bright field TEM images (a) and (b) show HT9 in the (a) normalized and (b) 
tempered conditions, while image (c) shows an optical micrograph of an etched HT9 specimen 
in the tempered condition. Adapted from [21] with permission from Elsevier. 

 
The simulated phase fraction of the stable phases in HT9 are plotted as a function of 

temperature in Figure 1.7. The typical normalizing (blue) and tempering (yellow) temperatures 
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of 1040 and 760 ˚C respectively are indicated along with the usual range of hot rolling 

temperatures (red). The simulation used the ThermoCalc TCFE9 database and the composition 

shown in Table 1.1, but with a N content of 100 ppm. Note that the austenite start temperature is 

pushed to nearly 800˚C by the large Cr and Mo additions allowing for the high tempering 

temperature that stabilizes the alloy for service at elevated temperatures. The normalizing 

temperature is well below the temperature where 𝛿-ferrite begins to form and above the 

temperature where M23C6 is predicted to precipitate providing a fully austenitic matrix to quench 

from. The tempering temperature maximizes the potential volume fraction of V(C,N) while 

avoiding the transition from V(C,N) to Z-phase, which has been shown to be detrimental to creep 

strength [42]. 

 

 

Figure 1.7 – ThermoCalc calculated equilibrium phase stability diagram, showing the 
predicted phase fraction for different phases of interest over a range of temperatures. The 
highlighted area represents the temperature region where hot working was performed. Note 
that precipitates with low phase fractions (dashed lines) use the right-hand scale. In this figure, 
Z-Phase is Cr(V)N and M in M23C6 corresponds to Cr, Fe, Mo, or W. 

 

Recent results produced by Maloy et al. [43] sparked the initial interest in the role of 

interstitial N in irradiation hardening after low temperature (<0.3 Tm) irradiation. Five heats of 

F/M steel were irradiated to 6.5 dpa in the Advanced Test Reactor (ATR) at 295 °C. A new heat 
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of HT9 significantly outperformed the other four alloys in post irradiation ductility retention. The 

engineering stress/strain curves in Figure 1.8 show the superior performance (ductility) of the 

HT9 alloy. Solid lines show the properties before irradiation, while dashed lines show the 

properties after irradiation. The uniform elongation of the HT9 alloy decreases by less than half 

after irradiation (13% before, and 7% after), with the next highest performing alloys having total 

elongations of about 3%. One of the largest differences in chemistry between the F/M heats was 

the unusually low N content in the HT9 heat (10 ppm), leading to the hypothesis that low 

interstitial N levels in the HT9 alloy were causing beneficial reduction of ductility loss [43]. The 

present work builds off the theory by Maloy et al., seeking to determine whether N content was 

in fact a key component to ductility retention after irradiation. 

 

 

Figure 1.8 – Engineering stress versus engineering strain from sub-sized (SS-J2) tensile 
specimens for five heats of F/M Fe-Cr steel irradiated in the ATR to 6.5 dpa at 295 °C. Solid 
lines show the properties before irradiation, while dashed lines show the properties after 
irradiation. Adapted from [43] with permission from Elsevier. 
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CHAPTER 2 

 
METHODS 

 
The following section details the experimental methods used throughout Chapters 3-5 to 

provide a clear and convenient guide for replication of the present work. 

2.1 Material 

The experimental material for this work includes three 12Cr-1MoWV (wt%) steel alloys 

with varied N additions (10, 190, and 440 ppm N) which are the primary focus of this work and a 

fourth with a Ti addition (0.066 wt%), Table 2.1. All four alloys were vacuum induction melted 

and hot rolled to 12.7 mm plate at temperatures between 1000 ˚C and 1150 ˚C. The Low N and 

High N alloys were produced by Sophisticated Alloys, while the Mid N and Ti-added alloys 

were produced by Cleveland Cliffs. The chemistry of the alloys was provided by the respective 

manufacturers. The steels were then austenitized at 1040 ˚C for 1 h and air-cooled to room 

temperature, which resulted in a martensitic structure, tempered at 760 ˚C for 1 h, and air-cooled 

to room temperature. A sample of the High N alloy was also austenitized at 1040 ˚C for 1 h and 

water quenched to solutionize V(C,N) and M23C6 precipitates.  

 

Table 2.1 – Composition Data for Experimental Alloys 
wt pct C N Cr Mn Ni Si Mo W V Ti 

Low N 0.20 0.001 11.1 0.55 0.51 0.25 1.00 0.47 0.30 - 

Mid N 0.20 0.019 11.4 0.55 0.48 0.29 0.95 0.46 0.29 <0.002 

High N 0.20 0.044 11.4 0.56 0.52 0.26 1.00 0.48 0.30 - 

Ti-added 0.21 0.016 11.8 0.56 0.49 0.28 0.99 0.48 0.29 0.066 
 

 

2.2 Irradiation 

Prior to irradiation, the surface of the specimens perpendicular to the proton beam direction 

were polished to a 0.04 µm optical silica finish. Care to remove twice the thickness of the 

predicted damage depth for each of the preceding polishing and grinding steps was taken. 

Proton irradiations were conducted with the 3 MV National Electrostatic Corporation 

(NEC) tandem accelerator at the LANL Ion Beam Materials Laboratory (IBML). The 

irradiations were performed with 1.5 MeV protons at an average dose rate of 4.8 x 10-6 dpa·s-1. 

Doses and dose rates were calculated using SRIM, a Monte Carlo simulation, with a 
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displacement energy of 40 eV for Fe, K-P model. The calculated dose as a function of depth is 

shown in Figure 2.1. The irradiation is predicted to have created relatively uniform damage of 

about 1 dpa (2.18 x 1019 protons·cm-2) from a depth of 0 µm to 8 µm in the specimens. The 

samples were adhered to a heating stage using silver paste within the target chamber. They were 

maintained at a temperature of 300	±	5 °C at a pressure of 5 x 10-8 torr for the duration of the 

irradiation. The total irradiation time was 58.5 h. A schematic of the irradiated specimens is 

shown in Figure 2.2.  

 

 

Figure 2.1 – Dose rate plotted as a function of depth from the irradiated surface based on a 
fluence of 2.18x1019 protons·cm-2 over 58.5 h and a SRIM simulation of vacancies·Å-1·ion-1 
for 1.5 MeV protons in Fe, assuming a 40 eV displacement energy for Fe. 

 

 
Figure 2.2 – Experimental layout for specimen irradiation and post-mortem analysis. The light 
blue regions represent the region of each sample irradiated with 1.5 MeV protons. The two 
dotted rectangles show the approximate location that the microhardness grids were acquired 
from, while the hashed region indicates where samples were taken for analysis via 
transmission electron microscopy. 
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2.3 ThermoCalc 

The chemistries and heat treatments of the alloys were designed to create significantly 

different equilibrium values of V(C,N), based on equilibrium ThermoCalc simulations (version 

2020b, TCFE10) [1].  The phase fractions and phase compositions as a function of temperature 

for each alloy were determined. Specific focus was given to simulating the phase equilibria and 

composition at 1040 ˚C and 760 ˚C. 

2.4 Scanning Electron Microscopy 

2.4.1 Energy Dispersive X-ray Spectroscopy 

A TESCAN S8000G FIB-SEM was used to analyze the large TiN particles found in the 

Ti-added alloy. Nanoscale compositional analysis was performed with an EDAX Octane Elect 

Plus EDS system with APEX software. The scans were performed with an accelerating voltage 

of 25 keV in analytical mode with a working distance of 6.3 mm. 

2.4.2 Focused Ion Beam 

TEM thin foil specimens were prepared from unirradiated specimens and from the 

surface of the irradiated samples indicated in Figure 2.2 with an FEI® Helios NanoLab 600 

DualBeam focused ion beam/scanning electron microscope (FIB/SEM). The microscope was 

equipped with an EDAX Hikari Super 1400pps electron backscattered diffraction (EBSD) 

detector and a 30 keV Ga FIB, which were used to orient and mill the thin-foil specimens for 

transmission electron microscopy (TEM) diffraction experiments down a <100> zone axis. The 

foils were cleaned with a 2 keV Ga ion beam to remove damage from the 30 keV beam. 

2.5 Transmission Electron Microscopy 

2.5.1 Diffraction and Centered Dark Field 

For ultrafine precipitates smaller than 10 nm, the TEM was operated in conventional 

mode, and centered dark field (CDF) was used to image two of the three variants of V(C,N), 

which are known to have the Fm3.m structure and form with the Baker-Nutting (B-N) orientation 

relationship given by: {100}	α	Fe ∥ {100}	V(C, N) ; 〈011〉	α	Fe ∥ 〈010〉	V(C, N) [2-4] . 

Figure 2.3 shows the simulated diffraction pattern for one of the three variants and was generated 

using SingleCrystal™ CrystalMaker Software Ltd version 4.0.2 [5]. For CDF, an accelerating 

voltage of 200 keV and a spot size of 1 was used. Images were taken near the 100 zone axis of α-

Fe from a 002 two-beam condition centered on g=2.00 for V(C,N), or from a 011 two-beam 

condition centered on g=1.1.1. for V(C,N). 
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Figure 2.3 – Example of the B-N orientation relationship between the Fe matrix (black 
diffraction spots) and one of the three V(C,N) variants (magenta diffraction spots), looking 
down the 100 zone axis of the Fe matrix. The crosses indicate forbidden reflections [5]. 

 

On-zone scanning TEM (STEM) down the [100] zone axis was used to evaluate 

dislocation loop size and number density. Work performed by Yao et al. provided simulations 

and experimental examples of expected dislocation loop morphologies and diffraction conditions 

down the [100] zone axis [6]. Additionally, a recent publication from Parish et al. demonstrated 

the practicality of utilizing on-zone STEM imaging down the [100] zone axis, which allows for 

the simultaneous imaging of all a/2<111> and a<100> loop and line dislocations without the 

need to tilt to several dynamical two-beam conditions [7]. 

2.5.2 STEM Energy Dispersive X-ray Spectroscopy 

Precipitate volume fraction was characterized with an FEI Co. Talos F200X field 

emission STEM equipped with an EDAX Super-X EDS detector. Thicknesses of specimens for 

volume fraction and number density calculations were determined with the convergent beam 

electron diffraction (CBED) method outlined in detail in Appendix A. The EDS spectral maps 

utilized a 200 keV accelerating voltage, spot size of 5, 20 keV X-ray detection range, and 

collected X-ray data between 64k and 86k counts per second with 10-15% dead time over 45-90 

min collection times. 

2.6 Time-of Flight Secondary Ion Mass Spectrometry 

Time-of Flight Secondary Ion Mass Spectrometry (ToF-SIMS) specimens were prepared 

by grinding and polishing to a 1 µm diamond suspension surface finish. ToF-SIMS 

measurements were performed on an IonTof ToF.SIMS5 equipped with a 30 keV, three-lens 

Bi/Mn cluster primary ion gun, a thermal ionization Cs source for the secondary sputtering ion 

beam, and an extended dynamic range analyzer. Specimens were analyzed in MCs+ mode using 



 19 

the Bi3
2+ primary ion beam at 30 keV in spectroscopy mode with a lateral resolution of 

approximately 5 µm with a 70 x 70 µm raster size. The Cs+ secondary ion gun was used in 

positive mode at 1 keV with a sputter size of 210 x 210 µm in the interlaced sputtering condition. 

Total scan time was about 90 min. Three scans were performed for each condition. The ion 

clusters of interest were determined based on signal-to-noise ratio and avoiding mass 

interference from other species. 

2.7 Microhardness 

Microhardness characterization was performed using a LECO® AMH55 automated 

hardness indenter equipped with a Cornerstone® analysis software. The indentation load, with a 

dwell time of 10 s, was selected to be 10 g such that the interaction volume of the indent 

comprised the greatest possible fraction of the uniform irradiated layer. Indentation grids were 

made on the sample surfaces indicated in Figure 2.2 with a vertical and horizontal spacing 

between adjacent indents of 75 and 125 µm, respectively. With the indentation load of 10 g and a 

corresponding indent diameter of roughly 8 µm (about a 1.6 µm depth), spacing of indents was 

sufficient to ensure no interaction of plastic zones in adjacent indents and deep enough to sample 

a large volume of the 8 µm irradiated layer [8]. 

2.8 Internal Friction 

Internal friction spectra of the Low and High N heats were measured with a Netzsch 

Eplexor 500N Dynamic Mechanical Analyzer (DMA), with the goal of assessing free interstitial 

N content. The primary purpose of the internal friction is to probe the defect structure of the 

material. To do so, the DMA vibrates a specimen over a range of frequencies and/or 

temperatures while measuring the vibrational damping. The vibrational damping behavior (δ) is 

directly related to the internal friction (Q-1) by Q-1 = tan(δ). The peaks in the data are a result of 

specific defects or defect structures (such as N interstitial atoms) moving throughout the crystal 

lattice. Internal friction spectra can be used to determine what defects are present, as well as the 

relative concentrations, location, and activation energies for diffusion of those defects [9]. For 

the presented data, the DMA was set to run at 1.0 Hz over a temperature range from ‑100 to 

400 °C with a bending strain of 10-5. Samples were tested in a two-point cantilever bending 

configuration and a 15 mm spacing between fixtures. Samples had a cross sectional area of 1.0 x 

2.5 mm. The specimens were electrical discharge machined to reduce machining texture effects 

[10]. Figure 2.4 shows a technical drawing of the sample geometry with all dimensions in mm. 
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Figure 2.4 – Technical drawing of the internal friction specimen with all dimensions in mm. 
 

2.9 Tensile Testing 

Tensile data was collected in accordance with ASTM E8/E8M-16 on a 5 kN Kammrath-

Weiss SEM tensile module at a strain rate of 2.5x10-3 s-1 [11]. Figure 2.5 shows a technical 

drawing of the sample geometry with all dimensions in mm. Two specimens each of the Mid N 

and High N alloys were tested.  

 

 

Figure 2.5 – Technical drawing of the subsized tensile specimen with all dimensions in mm. 
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CHAPTER 3 

 
ULTRAFINE INTRALATH PRECIPITATION OF V(C,N) IN 12Cr-1MoWV 

FERRITIC/MARTENSITIC STEEL 
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C.J. Rietema 1*, M.M. Hassan 2, O. Anderoglu 2, B.P. Eftink 3, T.A. Saleh 3, S.A. Maloy 3,  
A.J. Clarke 1, K.D. Clarke 1 

 

3.1 Abstract 

12Cr-1MoWV (wt.%) ferritic/martensitic (F/M) steel is a candidate material for fuel 

cladding in advanced nuclear reactors. As such, understanding the relationship between 

microstructure and mechanical properties in the context of irradiation environments for these 

steels is critical. Here we reveal the presence of ultrafine scale (2-5 nm), intralath V(C,N) 

precipitates in conventionally heat treated 12Cr-1MoWV steel for the first time. Lower N content 

results in finer intralath precipitates, whereas higher N content results in larger, elongated disks 

or needles. N content significantly alters the strength, but not the strain hardening behavior, by 

its impact on precipitate characteristics. Finer precipitates could have an impact on irradiated 

behavior, specifically their capacity as defect sinks. The presence of ultrafine scale V(C,N) 

precipitates in conventionally heat treated 12Cr-1MoWV steel, controlled by N variations, 

provides a new means for tailoring the strength and irradiation response of F/M steels for nuclear 

applications.  

3.2 Main Body 

Next generation nuclear power plants are in development to meet the world’s energy 

needs in a safe and economical way that are compatible with the current power infrastructure. 

While generation III reactors represent an important step forward in modernizing the current 

fleet of light water reactors (LWRs), generation IV reactors, such as the sodium-cooled fast 

reactor (SFR), promise groundbreaking increases in capabilities. SFRs are expected to use fuel 

more efficiently, with the added ability to transmute long-lived transuranic elements into shorter- 
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lived daughter products, vastly reducing the longevity of high-level nuclear waste from hundreds 

of millennia to hundreds of years [1]. 

To achieve these types of capabilities, many generation IV reactors demand the 

development of materials that can withstand extreme irradiation doses, in excess of 30 times 

those experienced in LWRs, over a wider range of temperatures, while exposed to more 

corrosive environments [2–4]. Some of the most extreme conditions are born by the sheath of 

protective material that holds the nuclear fuel in place in the core of the reactor, commonly 

referred to as the fuel cladding. Maintaining ductility of the fuel cladding in nuclear reactors is 

critical because the cladding serves as the primary containment of fission gas and other products 

generated during operation. Concerns over the brittle failure of fuel cladding limit the safe 

operational temperatures of the reactors and reduce overall efficiency [3]. F/M steels are among 

the most promising candidates for high dose applications. However, loss of ductility after low 

temperature irradiations is one of the main limitations. Therefore, alloys designed to minimize 

ductility loss after low temperature irradiation, while also maintaining excellent higher-

temperature, irradiated properties, will serve to improve reactor efficiency and help generation 

IV reactor technologies progress. 

Ferritic/martensitic (F/M) alloy HT9 (12Cr-1MoWV, wt.%) was developed in Europe in 

the 1960’s for the fossil fuel power generation industry. In the 1970’s, the United States built the 

Fast Flux Test Facility (FFTF), which performed some of the first tests of alloy HT-9 in reactor 

component form (e.g. fuel duct and cladding applications) and generated large amounts of data 

on the irradiated properties of alloy HT9 [5–7]. The primary advantage of F/M steels like alloy 

HT9 is their resistance to irradiation induced swelling that austenitic alloys suffer from, even at 

low doses [5]. Due in part to a large amount of data present from the FFTF, combined with 

sufficiently favorable mechanical properties, alloy HT9 is currently selected for use as the fuel 

cladding and in-core ductwork in the Versatile Test Reactor, the new, proposed test bed for 

generation IV reactor technology in the United States. The selection makes the continued study 

of the structure and properties of alloy HT9 before and after irradiation pertinent. 

Recent results produced by Maloy et al. [8] suggests N content has a role in ductility loss 

of F/M steels after low temperature irradiation. Maloy et al. showed an unusually low N (10 

ppm) heat of alloy HT9 retained uniform elongation significantly better than several other F/M 

steel compositions after irradiation at 295˚C to 6.5 dpa in the Advanced Test Reactor. The study 
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examined alloys with significant compositional differences aside from N content, therefore, a 

more controlled study was necessary to examine specifically the effect of N in F/M steels. The 

following work observes the effect of changing N content on the microstructure and tensile 

properties of 12Cr-1MoWV steels prior to irradiation, in an effort to understand how the 

microstructural changes related to N content influence the mechanical behavior before 

irradiation, which will ultimately impact irradiated properties. 

Two alloys of 12Cr-1MoWV steel (Low N and High N) with different N additions (190 

ppm and 440 ppm) were used in the following investigation. The full compositions are provided 

in Table 3.1; an effort was made to match the compositions between alloys, apart from the N 

content. Both alloys were produced by vacuum induction melting, hot rolled to 12.7 mm plate 

between 1000˚C and 1150˚C, and given a standard heat treatment for alloy HT-9 [9,10], 

consisting of a normalizing treatment at 1040˚C for 1 h with an air cool, followed by a tempering 

treatment at 760˚C for 1 h with an air cool. 

Centered dark field (CDF) transmission electron microscopy (TEM), along with scanning 

TEM (STEM) equipped with energy dispersive spectroscopy (EDS), were used to characterize 

subgrain and precipitate structures in the experimental alloys. Intralath MX significantly less 

than 20 nm in size was suspected to form, based on the existence of intragranular V(C,N) 

precipitates in other steels with similar V and N content [11–14], though its presence has not yet 

been reported in 12Cr-1MoWV steel after conventional heat treatment. V(C,N) forms with a 

Fm3.m NaCl structure and a lattice parameter ranging from 0.4066 to 0.4169 nm, depending on 

the ratio of C:N [15]. Due to similarity in lattice parameters, the categorization of which MX 

compound is present is not possible through selected area diffraction (SAD). However, MX 

precipitates were assumed to be N rich, due to the higher driving force for VN formation, as N 

content exceeded 50 ppm in both alloys [12,16]. V(C,N) nucleated in a-Fe forms with the Baker-

Nutting (B-N) orientation relationship, given by: {100}	α	Fe ∥ {100}	V(C, N) ; 〈011〉	α	Fe ∥

〈010〉	V(C, N), allowing for the use of CDF/TEM to image the precipitates [15]. Thicknesses of 

specimens for volume fraction and number density calculations were determined by the 

convergent beam diffraction method [17]. Specimens were prepared for electron backscattered 

diffraction (EBSD) by metallographic polishing, while thin foils for TEM were prepared with a 

dual beam focused ion beam/scanning electron microscope. Tensile data was collected in 
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accordance with ASTM E8/E8M-16 on a miniature test frame with sub-sized tensile specimens 

at a strain rate of 2.5x10-3 s-1 [18]. 

 

Table 3.1 – Compositions of 12Cr-1MoWV Steel with Low and High Nitrogen (N) Content 
Alloy (wt.%) C N Cr Mo W V Mn Ni Si P S 

Low N 0.20 0.019 11.4 0.95 0.46 0.29 0.55 0.48 0.29 <0.002 0.0013 

High N 0.20 0.044 11.4 1.00 0.48 0.30 0.56 0.52 0.26 <0.01 0.0005 

 

The blocks of lath martensite and evidence of prior austenite grains shown by the EBSD 

map in Figure 3.1(a) are representative of the microstructure observed in both alloys. The lath 

and subgrain structures shown in the STEM HAADF image, Figure 3.1(b), are also consistent 

between both alloys. Low N and High N have an average lath/subgrain size of 0.35±0.04 µm 

and 0.36±0.02 µm, respectively. Large precipitates that primarily formed on lath boundaries are 

shown in Figure 3.1(b). These large interlath particles are made up of the two main precipitates, 

as shown in the EDS maps, Figure 3.1(c,d): M23C6, where M is a combination of Cr, Mo, and W 

and MX, where M is V and X is C and N [19–22]. M23C6 precipitates were found to have similar 

sizes and volume fractions between both alloys. However, the size and volume fraction of the 

interlath V(C,N) varied. Note that these precipitates vary in size and volume fraction compared 

to intralath V(C,N) – the unique finding presented here and discussed below.  Interlath V(C,N) 

precipitates in the Low N steel had average dimensions of  35.0±1.1 x 18.8±0.4 nm, with a 

volume fraction of 5.0x10-4±0.8x10-4. The interlath V(C,N) in the High N steel was finer with a 

greater volume fraction, or average dimensions of 30.2±2.0 x 13.3±6.3 nm and a volume 

fraction of 9.1x10-4±1.0x10-4. The interlath V(C,N) precipitate populations are summarized in 

Table 3.2. 

CDF was used to look for V(C,N) within the laths (intralath) that could be too fine for 

detection by EDS. Figure 3.2(a, b) shows the simulated and experimental SADPs down the [100] 

zone axis of a-Fe, respectively, which give the selected conditions for CDF. The simulated 

diffraction pattern shown in Figure 3.2(a) was generated using SingleCrystal™ CrystalMaker 

Software Ltd version 4.0.2 [23]. Figure 3.2(c-f) shows representative two-beam bright field (BF) 

and corresponding CDF images from Low N and High N, with the arrows pointing to several 

examples of sub 20 nm V(C,N) precipitates. The Low N steel contained V(C,N) intralath 

precipitates with average sizes of 3.4±0.8 nm. The intralath precipitates in the High N steel  
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Figure 3.1 – The microstructure of 12Cr-1MoWV steel at several different magnifications. (a) 
EBSD orientation map shows the lath martensite structure of the as-tempered condition. The 
prior austenite grains are also distinguishable, based on changes in crystallographic orientation 
revealed in the inverse pole figure (IPF) + image quality (IQ) map. (b) STEM HAADF shows 
the complex lath and subgrain structure of tempered 12Cr-1MoWV steel in more detail. The 
bright interlath precipitates are visible in the high angle annular dark field (HAADF) image. 
Both (a) and (b) show Low N but are representative of the microstructures found in tempered 
Low N and High N steels, which have similar prior austenite grain sizes and lath/subgrain 
sizes. Images (c) and (d) show EDS maps overlaid on HAADF images of laths in Low N and 
High N steels, respectively. The green intensity maps to Cr content; the Cr-rich M23C6 carbides 
range in size from 20-80 nm, while the blue intensity maps to V content and the V-rich MX, 
interlath V(C,N), ranging in size from 10-35 nm. While the M23C6 in Low N and High N have 
similar sizes and volume fractions, the V(C,N) in High N is overall finer, with an increased 
volume fraction compared to Low N. 

 

formed as small uniform particles with average sizes of 2.7±0.7 nm and as elongated disks or 

needles parallel with {110} a-Fe, with average dimensions of 26.0±23.0 x 2.5±0.9 nm. The 

V(C,N) in both alloys was formed by general precipitation from the supersaturated matrix. The 

precipitates were observed to form in two of the three B-N variants, suggesting the precipitates 

were not formed via interphase precipitation, which along with requiring a migrating phase 

boundary, has been shown to form in only one of the three B-N variants [24]. The precipitates in 

both alloys appeared to have nucleated primarily on dislocations. The estimated volume fractions 

of intralath V(C,N) were about 0.5x10-4 and 1.6x10-4 for Low N and High N, respectively, 

assuming a similar distribution of precipitates in all three variants, with only 2 being observable. 

The intralath V(C,N) precipitate populations are summarized and compared to the interlath 

precipitates in Table 3.2. 
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Table 3.2 – V(C,N) Precipitates in Low N and High N 12Cr-1MoWV Steel 
Alloy  Type Morphology Size (nm) Volume Fraction 

Low N 
Interlath Ellipsoid 35.0±1.1 x 18.8±0.4 5.0x10-4±0.8x10-4 

Intralath Cuboid 3.4±0.8 ~ 0.5x10-4 

High N 

Interlath Ellipsoid 30.2±2.0 x 13.3±6.3 9.1x10-4±1.0x10-4 

Intralath 
Cuboid 2.7±0.7 

~ 1.6x10-4 
Disk/Needle 26.0±23.0 x 2.5±0.9 

 

Nitrogen content had a significant impact on the tensile properties. The room temperature 

true stress-true strain curves for both alloys are shown in Figure 3.3. The 0.2% offset yield 

strength showed a 165 MPa increase from Low N to High N, while the ultimate tensile strength 

increased by 100 MPa. The uniform elongation remained relatively unaffected, with a decrease 

of 0.007 strain for High N. The graphical inlay in Figure 3.3 shows the strain hardening rate as a 

function of true strain, derived from a Holloman type fit, which is nearly identical for the alloys. 

The change in strength between the alloys can be explained in terms of the 

microstructure. Lath and subgrain size were similar for both alloys, along with the amount of 

M23C6 that was present along the boundaries. Additionally, there was also not clearly identifiable	

𝛿-ferrite or retained austenite in the microstructure of either alloy. The observations rule out 

grain boundary, secondary phase, and dispersion strengthening due to alteration of M23C6 

volume fraction. Additionally, the elements in M23C6 remain similarly unavailable for solid 

solution strengthening between the alloys, but the equilibrium quantity of interstitial N could 

increase with the addition of N, depending also upon the extent of V(C,N) precipitation. The 

increase in interstitial N could be responsible for some fraction of the strengthening. The 10-35 

nm interlath V(C,N), primarily found on lath and subgrain boundaries, is also unlikely to cause 

large changes in the room temperature tensile behavior. Despite forming finer particles with an 

overall increased volume fraction in High N, the particles are still large, mostly incoherent, and 

found at existing interfaces. Because the particles exist at interfaces, they are unlikely to interact 

with dislocations and thus, are unlikely to significantly alter the strength [25]. In addition, the 

near identical strain hardening behavior suggests that the mechanism responsible for the change 

in strength during the tensile tests did not affect the rate of dislocation generation. Larger, low 

coherency precipitates like the 10-35 nm interlath V(C,N) are expected to act as sites of 

dislocation production, if present as intralath particles, which would increase overall dislocation 

density and therefore alter the strain hardening behavior. Taken together, it seems unlikely that  
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Figure 3.2 – Examples of intralath, ultrafine scale precipitates in tempered Low N and High N 
12Cr-1MoWV steels. (a) Shows the simulated diffraction pattern, generated using 
SingleCrystal™ software [23], for a ferrite matrix (black) down the [100] zone axis, containing 
the three variants (V1-3) of V(C,N) (blue, green, magenta) with the Baker-Nutting orientation 
relationship. The indexed green and magenta diffraction spots were identified as candidates for 
centered dark field (CDF), being far from matrix spots and of high relative intensity. Note that 
V1 is nearly coincident with the matrix spots. (b) The four targets for CDF (circled) on a 
selected area diffraction pattern (SADP) of the [100] zone axis in 12Cr-1MoWV steel, 
corresponding to the �⃑� schematics in the left corner of (c-f). (c) and (d) Corresponding bright 
field (BF) and CDF images within a lath in Low N. A fine dispersion of precipitates 2-4 nm in 
size are visible; several examples are indicated with arrows. (e) and (f) Corresponding BF and 
CDF images within a lath in High N steel. Many of the precipitates visible in (f) have 
developed into disk- or needle-like structures with lengths of 4-50 nm and widths of 2-5 nm. 
Importantly, the non-elongated precipitates in High N are finer on average than those in Low 
N. Examples of precipitates are indicated by arrows. 

 

the 10-35 nm interlath V(C,N) is responsible for strengthening observed in Figure 3.3. It is 

important to note that while interlath V(C,N) did not strongly impact tensile properties in this 
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case, they may have an important effect on toughness, fatigue, corrosion, and creep performance 

of the alloy, though those effects are not explored in the present work. 

Intralath 2-5 nm MX precipitates, though discussed in the context of model alloys [26] 

and thermomechanical treatments for F/M steels [27,28], have not previously been shown or 

discussed in the literature as a common precipitate in conventionally heat treated 12Cr-1MoWV 

steels. CDF TEM micrographs in Figure 3.2(d,f) show the existence of 2-5 nm intralath V(C,N) 

in the Low N and High N 12Cr-1MoWV steels, and also provides a compelling explanation for 

the difference in strength between Low N and High N. The ultrafine, intralath V(C,N) are more 

likely to interact with dislocations, increasing the force necessary for the dislocations to move 

through the matrix, which in turn increases the yield and ultimate tensile strength [25]. 

Additionally, the similarity in strain hardening rates between the alloys could be indicative of a 

preference for dislocations to shear the intralath precipitates rather than loop around them. 

Though, it is also important to note, that semi-coherent precipitates like the intralath V(C,N) do 

not necessarily affect strain hardening behavior, as they do not always cause a large increase in 

dislocation interaction or density. [29,30]. Interstitial N content is the last potential factor that 

could affect the strength significantly via solid solution strengthening and is a potential direction 

for further study. Initial Thermo-Calc Software simulations indicate equilibrium values of 0.3 

and 0.7 ppm N in solid solution with the a-Fe at 760 ˚C (the tempering temperature) for Low N 

and High N, respectively, using version 2020b with the TCFE10 Steels/Fe-alloys database and 

the chemistries, as shown in Table 3.1 [31]. Such low concentrations of interstitial N are not 

likely to significantly effect strength [32]. 

The microstructure also provides some insight into how the alloys might behave under 

irradiation. The 10-35 nm interlath V(C,N) precipitates primarily reside on lath or subgrain 

boundaries, which already act as unbiased sinks for defect recombination/annihilation, so 

modifying the volume fraction and number density is not likely to alter the irradiated properties 

[3]. Conversely, the ultrafine intralath precipitates appear to be semi-coherent. During irradiation 

semi-coherent precipitates act as limited capacity, variable bias sinks, apart from existing 

interfaces in the alloy [3]. At lower temperatures, these potential sink sites could provide an 

enhanced capacity for irradiation damage recombination, as the surface area of the 

V(C,N)/matrix interface increases. At elevated temperatures, a finer, more dense precipitation of 

the particles could generate better irradiation performance with regard to void swelling, similar  
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Figure 3.3 – True stress as a function of true strain for Low N and High N. High N exhibits 
significantly higher yield strength and ultimate tensile strength than Low N. The inlaid strain 
hardening curves are nearly identical. The change in shape and volume fraction of semi-
coherent, intralath V(C,N) precipitates, illustrated within the orange circle inlay, is a possible 
explanation for the differences observed in the mechanical properties between the Low N and 
High N experimental heats of 12Cr-1MoWV. 

 

to the effect of nano-oxides in oxide dispersion strengthened alloys like 14YWT [33,34]. 

Interstitial atoms also likely have an important role in the irradiation response of 12Cr-1MoWV 

steel, as indicated by [8,35,36]. Potential mechanisms proposed for the deleterious effects of 

interstitial N include the interference or promotion of dislocation loop nucleation and growth 

and/or the increase in the propensity of dislocation loops to move via climb, due to the rapid 

diffusion of interstitials to dislocation cores [3,25]. The existence of ultrafine, intralath V(C,N) 

precipitates provides a second, potentially intertwined theory for why varying N content in 12Cr-

1MoWV steels could affect the irradiated properties. 

This work resulted in the following primary conclusions. Ultrafine scale (2-5 nm), 

intralath V(C,N) precipitates are present in conventionally heat treated 12Cr-1MoWV steel. 

These intralath 2-5 nm V(C,N) precipitates are thought to have an important role in the 

mechanical properties of conventionally heat treated 12Cr-1MoWV steels. Yield and ultimate 

tensile strength of 12Cr-1MoWV steels increase with increasing N content, due to the greater 

volume fraction of intralath V(C,N). Finally, altering the N content changes the shape and 
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volume fraction of the intralath V(C,N); this, along with the amount of interstitial N, will likely 

have an effect on the structure and properties of irradiated 12Cr-1MoWV steel. 

Ongoing work is focused on the irradiation and subsequent microstructural 

characterization of several 12Cr-1MoWV alloys, including an ultra-low N (» 10 ppm) alloy, with 

the intent to explore the impact of V(C,N) and interstitial N on the irradiated microstructure 

evolution. Furthering our understanding of how N content affects the irradiated microstructure 

and properties of F/M steels will provide new knowledge for the development of advanced alloys 

with desired properties and performance and enable more rapid adoption of generation IV reactor 

technologies. 
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4.1 Abstract 

The following work focuses on characterizing nitrogen in several modified alloys of the 

precipitation strengthened ferritic/martensitic steel HT9 (12Cr-1MoWV (wt%)). Alloy HT9 is a 

candidate material for fuel rod cladding and ductwork in the core of the Versatile Test Reactor 

and other next-generation nuclear fast reactors. Nitrogen content has been shown to have a 

significant effect on irradiated properties in alloy HT9. To explore that theory, a more 

comprehensive assessment of the location of nitrogen must be performed; however, locating 

nano-precipitates, such as nitrides and light interstitial elements like nitrogen in steel, has proven 

difficult. To begin answering questions surrounding the location of nitrogen, Time-of-Flight 

Secondary Ion Mass Spectrometry (ToF-SIMS) was employed as a primary analysis technique, 

together with extensive transmission electron microscopy, internal friction testing, and 

thermodynamic simulations, providing verification and context to trends found in the ToF-SIMS 

data. For the first time, ToF-SIMS was demonstrated to reliably measure relative differences in 

the vanadium carbonitride precipitate volume fraction across several chemistries and heat 

treatments of ferritic/martensitic steels. Additionally, associating matrix elements (iron and 

chromium) to nitrogen-containing ion clusters significantly reduced the ‘matrix effect’ that 

biases nitrogen detection towards nitride precipitates, providing a potential, high-throughput 

method for the measurement of relative interstitial nitrogen content in steels with ToF-SIMS. 
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4.2 Introduction 

Today, precipitation strengthened steels can be found in everything from lightweight 

vehicles to the cores of nuclear reactors. Computer aided thermodynamic and kinetic modeling, 

in addition to advanced thermo-mechanical processing techniques, provide the prediction and 

control of precipitate sizes and distributions, enabling the opportunity for the rapid design of 

novel alloys. A common roadblock to the commercialization of new alloys is modeling and 

processing validation, which often requires characterization of numerous laboratory scale heats, 

each containing nanoscale structures that are time consuming to locate within the matrix and 

analyze.  

This work was performed with several modified alloys of the precipitation strengthened 

ferritic/martensitic (F/M) steel HT9 (12Cr-1MoWV (wt%)), which is a candidate material for use 

in next generation nuclear fast reactor applications [1-4]. The Versatile Test Reactor (VTR) is 

the first new experimental fast reactor in the United States since the completion of the Fast Flux 

Test Facility (FFTF) in 1974 [5]. The fuel rod cladding and in-core ductwork in the VTR is 

expected to be constructed with alloy HT9. A concern presently under study in F/M steels is the 

loss of ductility after irradiation at low temperatures (~200-300˚C). Several studies have 

implicated nitrogen (N) content as an important factor based on overall composition [6-10]. 

Detailed analyses of the location of N in HT9 steel both in nitride precipitates, such as V(C,N), 

and in solid solution are critical to understanding the potential roles N may have in irradiation 

hardening.  

Historically, locating nano-precipitates like nitrides and light interstitial elements like N 

in steel has been a difficult problem. A rigorous full picture of the location of N in alloys is 

typically not attempted, and is instead approximated based upon calculation (i.e., mass balance 

with respect to the phases). To begin answering the questions surrounding the location of N, 

ToF-SIMS was employed as a primary analysis technique with TEM and internal friction, both 

of which were consistent with trends found in the ToF-SIMS data. 

This work demonstrates that ToF-SIMS can be used to determine the relative volume 

fraction of nanoscale precipitates amongst similar steel alloys. This capability fills an important 

niche in the alloy design process that up to this point has been carried out via TEM, which can be 

slow and work intensive. Additionally, the representative nature of TEM data is often called into 

question, due to the incredibly small sample volume of TEM specimens (~10 µm3, depending on 
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how the specimen is prepared). ToF-SIMS provides a relatively fast (~1 h), large volume 

(~100,000 µm3) analysis, and specimens can be prepared via traditional metallographic grinding 

and polishing. These features, in addition to the work herein, indicate ToF-SIMS has significant 

potential as a complementary technique to TEM during the alloy design process, specifically for 

high-throughput down-selection of promising alloys and/or thermomechanical processes prior to 

more rigorous characterization via TEM.  

Additionally, the potential of ToF-SIMS as a method for analyzing interstitial N content 

in steels, including the difficulties and pitfalls associated with interpretation of the data, is 

analyzed and discussed. The ability to determine interstitial N content by leveraging the 

sensitivity of ToF-SIMS for low-Z elements would be a powerful way to characterize N in steels. 

Two of the most common alloying elements in steels, Mn and Si, significantly complicate more 

traditional means of interstitial N analyses, such as internal friction and atom probe tomography 

(APT). The bulk technique of internal friction has difficulty detecting N in steels containing Mn, 

due to complex Mn-N interactions that usually results in a split N-Snoek peak [11,12]. APT, a 

technique often considered for local (tens of nanometers) N analysis, cannot readily analyze N in 

Si containing steels, due to the overlap in Si and N signatures [13]. Once again, ToF-SIMS 

stands as a potential complementary method for interstitial N measurement. 

ToF-SIMS has been a staple technology in the semiconductor industry for many years, 

because of unique capabilities, including the sensitivity of the instrument if the species of interest 

is readily ionized, the high reproducibility, excellent chemical specificity, and the potential for 

quantitative analysis with proper standards [14]. As modern ToF-SIMS instruments become 

more accessible, the benefits the technique provides outside the realm of semiconductors has 

become apparent. A major source of interest in ToF-SIMS amongst metallurgists is the 

suitability of ToF-SIMS for analysis of low-Z elements in steels, which are difficult to detect 

over the background with more common techniques like energy dispersive X-ray spectroscopy 

(EDS), which cannot be used to measure these elements. Starting in the last decade, work has 

been done in steels to understand B segregation [15,16], the formation of oxides and O 

segregation [17,18], Na penetration [19], C contamination [20], and 2H assisted cracking [21]. 

There has also been recent work examining elemental segregation in galvanized and 

galvannealed sheet steels [22]. Additionally, there has been exciting work by Karki et al. on 
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developing standardless elemental quantification techniques with MCs+ (where M is a species of 

interest) analysis [23]. 

Analysis of N and nitride volume fraction in steels using ToF-SIMS has so far been 

restricted to work done by Tanaka et al. [15], observing the location of BN precipitation across 

several F/M steels and B segregation to boundaries. The present work builds on many of the 

ideas presented in this work, such as looking at N containing ion clusters, rather than N ions 

alone. This work also draws on ideas and methods outlined in Kolber et al., who utilized MCs+ 

secondary ions for elemental analysis and quantification of a BCN ternary [24] and the 

examination of oxide compounds by Izawa et al. [17]. The novel outcomes of the present work 

are the examination of ion cluster spectra characteristic of V(C,N) precipitates VN+ and CsVN+, 

and detailed discussion on the detection of interstitial N utilizing a range of N containing ion 

clusters. 

This work shows that ToF-SIMS is capable of measuring the relative difference in the 

amount of V(C,N) precipitated across various compositions and heat treatments. A more 

comprehensive picture of where N is in the alloys is also presented. The ability to detect the 

quantity of nitrides present in steels utilizing a fast, repeatable, “large” volume method could 

have wide-reaching impacts on several areas. For example,  

high-throughput precipitation strengthened alloy design is enabled because fewer 

specimens would need to be subjected to TEM analysis. The gradient of nitrides through the case 

depth of nitriding steels or other functionally graded materials, perhaps even including those 

produced by additive manufacturing, could also be quickly determined. Finally, important 

information can be acquired during post-mortem analysis on failures and irradiated materials, 

where microstructural evolution may have occurred. 

4.3 Experimental 

4.3.1 Material  

The experimental material for this work includes three 12Cr-1MoWV (wt%) steel alloys 

with varied N additions (10, 190, and 440 ppm N) and a fourth with a Ti addition (0.066 wt%), 

Table 4.1. All four alloys were vacuum induction melted (VIM) and hot rolled to 12.7 mm plate 

at temperatures between 1000 ˚C and 1150 ˚C. The steels were then austenitized at 1040 ˚C for 1 

h and air-cooled to room temperature, which resulted in a martensitic structure, tempered at 
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760 ˚C for 1 h, and air-cooled to room temperature. A sample of the High N alloy was also 

austenitized at 1040˚C for 1 h and water quenched to solutionize V(C,N) and M23C6 precipitates.  

The High, Mid, and Low N alloy chemistries and heat treatments were designed to create 

significantly different equilibrium values of V(C,N), based on equilibrium ThermoCalc 

simulations (version 2020b, TCFE10).  The solutionized High N condition was predicted to have 

no V(C,N) precipitated and the largest amount of dissolved V and N in the matrix amongst the 

conditions. The Ti-added alloy is included in this work, because the larger (~2 µm) TiN 

precipitates are visible in spectral ToF-SIMS scans and provide a clear example of a 

phenomenon critical to the discussion. 

4.3.2 Scanning Electron Microscopy 

A TESCAN S8000G FIB-SEM was used to analyze the large TiN particles found in the 

Ti-added alloy. Nanoscale compositional analysis was performed with an EDAX Octane Elect 

Plus EDS system with APEX software. The scans were performed with an accelerating voltage 

of 25 keV in analytical mode with a working distance of 6.3 mm. 

4.3.3 Transmission Electron Microscopy 

TEM thin foil specimens were prepared from polished samples with an FEI® Helios 

NanoLab 600 DualBeam FIB-SEM. The microscope was equipped with a Ga FIB, Pt gas 

injection system (GIS), and an Omniprobe AutoProbe 200 nanomanipulator. Precipitate volume 

fraction was characterized with an FEI Co. Talos F200X field emission STEM equipped with an 

EDAX Super-X EDS detector. Thicknesses of specimens for volume fraction calculations were 

determined with the convergent beam electron diffraction (CBED) method [25-27]. The EDS 

spectral maps utilized a 200 keV accelerating voltage, spot size of 5, 20 keV X-ray detection 

range, and collected X-ray data between 64k and 86k counts per second with 10-15% dead time 

over 45-90 min collection times. For ultrafine precipitates smaller than 10 nm, the TEM was 

operated in conventional mode, and centered dark field (CDF) was used to image two of the 

three variants of V(C,N), which are known to have the Fm3.m structure and form with the Baker-

Nutting (B-N) orientation relationship given by: {100}	α	Fe ∥ {100}	V(C, N) ; 〈011〉	α	Fe ∥

〈010〉	V(C, N) [28-30]. Figure 4.1 shows the simulated diffraction pattern for one of the three 

variants and was generated using SingleCrystal™ CrystalMaker Software Ltd version 4.0.2 [31]. 

For CDF, an accelerating voltage of 200 keV and a spot size of 1 was used. Images were taken 
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near the 100 zone axis of α-Fe from a 002 two-beam condition centered on g=2.00 for V(C,N), or 

from a 011 two-beam condition centered on g=1.1.1. for V(C,N). 

  

 

Figure 4.1 – Example of the B-N orientation relationship between the Fe matrix (black 
diffraction spots) and one of the three V(C,N) variants (magenta diffraction spots), looking 
down the 100 zone axis of the Fe matrix. The crosses indicate forbidden reflections [31]. 

 

4.3.4 Time-of-Flight Secondary Ion Mass Spectrometry  

ToF-SIMS specimens were prepared by grinding and polishing to a 1 µm surface finish. ToF-

SIMS measurements were performed on an IonTof ToF.SIMS5 equipped with a 30 keV, three-

lens Bi/Mn cluster primary ion gun, a thermal ionization Cs source for the secondary sputtering 

ion beam, and an extended dynamic range analyzer. Specimens were analyzed in MCs+ mode 

using the Bi3
2+ primary ion beam at 30 keV in spectroscopy mode with a lateral resolution of 

approximately 5 µm with a 70 x 70 µm raster size. The Cs+ secondary ion gun was used in 

positive mode at 1 keV with a sputter size of 210 x 210 µm in the interlaced sputtering condition. 

Total scan time was about 90 min. Three scans were performed for each condition. The ion 

clusters of interest were determined based on signal-to-noise ratio and avoiding mass 

interference from other species. 

4.3.5 Internal Friction 

Internal friction spectra of the Low and High N alloys were measured with a Netzsch 

Eplexor 500N Dynamic Mechanical Analyzer (DMA), with the goal of assessing free interstitial 

N content. The primary purpose of the DMA is to probe the defect structure of the material. To 

do so, the DMA vibrates a specimen over a range of frequencies and/or temperatures while 

measuring the vibrational damping. The vibrational damping behavior (δ) is directly related to 
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the internal friction (Q-1) by Q-1 = tan(δ). The peaks in the data are a result of specific defects or 

defect structures (such as N interstitial atoms) moving throughout the crystal lattice. Internal 

friction spectra can be used to determine what defects are present, as well as the relative 

concentrations, location, and activation energies for diffusion of those defects [32]. For the 

presented data, the DMA was set to run at 1.0 Hz over a temperature range from ‑100 to 400 °C 

with a bending strain of 10-5. Samples were tested in a two-point cantilever bending 

configuration and a 15 mm spacing between fixtures. Samples had a cross sectional area of 1.0 x 

2.5 mm and were electrical discharge machined to reduce machining texture effects [33]. 

Table 4.1 – Composition Data for Experimental Alloys 
wt. pct. C N Cr Mn Ni Si Mo W V Ti 

Low N 0.20 0.001 1.1 0.55 0.51 0.25 1.00 0.47 0.30 - 

Mid N 0.20 0.019 11.4 0.55 0.48 0.29 0.95 0.46 0.29 <0.002 

High N 0.20 0.044 11.4 0.56 0.52 0.26 1.00 0.48 0.30 - 

Ti-added 0.21 0.016 11.8 0.56 0.49 0.28 0.99 0.48 0.29 0.066 
 

 

4.4 Results 

4.4.1 Transmission Electron Microscopy 

Extensive TEM and STEM experimentation were performed to support the interpretation 

of the ToF-SIMS data in this work. Figure 4.2 shows an example of VN precipitation in the High 

N alloy across several length scales and exemplifies much of the difficulty required to acquire 

volume fraction measurements from TEM. The common larger scale precipitates in the system 

(shown in (a-c)) include Cr-rich M23C6, with a typical size range from 50-200 nm (shown in (c) 

and (g)), and V-rich interlath V(C,N) that range in size from 20-80 nm (shown in (b)) [2-4]. 

These precipitates are easily imaged using a combination of traditional metallography and SEM, 

but are difficult to distinguish from one another due to size overlap. Because of this, STEM/EDS 

is an advantageous technique for its high spatial resolution in EDS (owing to the smaller beam 

interaction volume) and X-ray collection capabilities. In addition to the larger intergranular 

precipitates, there are also ultrafine intralath V(C,N) precipitates present (shown in Figure 4.2(d-

j)). EDS can often be used to locate the ultrafine precipitates, but due to the size of the 

interaction volume relative to the size of the precipitates, CDF or carefully oriented, low camera 

length high angle annular dark field (HAADF) in tandem with EDS is the preferred technique for 

size quantification. 
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Figure 4.2 – Several types of TEM/STEM analysis performed on a sample of the High N alloy 
exemplifies much of the complexities of TEM characterization. (a-c) STEM-EDS scan over a 
lath revealing large V(C,N) precipitates (b), and separate, larger Cr rich M23C6 precipitates (c) 
primarily decorating the lath boundaries. (d-g) STEM-EDS scan at increased magnification, 
allowing for finer V(C,N) to be resolved. (d and e) High angle annular dark field (HAADF) 
images taken at long and short camera lengths, respectively. The camera length in (d) was 
such that Bragg diffraction from all of the M23C6 (arrow D) and some of the ultrafine V(C,N) 
needles/disks (arrow A) was caught by the detector. The short camera length in (e) makes Z-
contrast the primary contrast mechanism (higher Z = more scattering = brighter in HAADF) 
and reveals the low Z regions created by the V(C,N) precipitates (arrows A-C). V(C,N) in front 
or behind M23C6, which also becomes visible (arrow C), since M23C6 (Cr rich) is similar in Z 
to Fe. Also interesting is that some V(C,N) visible in (e) does not exhibit Bragg diffraction 
(arrow B) at the increased camera length in (d). (h-j) show centered dark field (CDF) capturing 
several ultrafine, intralath V(C,N) precipitates. (h) Bright field image from a 002 two beam 
condition. (i) CDF image captured off of the g=2.00 V(C,N) diffraction streak. (j) Selected area 
diffraction pattern relevant to the images in (h and i). 
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A representative sample for volume fraction determination requires characterizing several 

regions like the one shown in Figure 4.2 across several TEM foils for each of the conditions of 

interest. High N and Mid N V(C,N) volume fractions were characterized via TEM in a previous 

publication [34]. The Low N alloy was observed to have one to three ~20 nm V(C,N) 

precipitates per TEM lift-out analyzed. The Soln. High N did not have any V(C,N) present, and 

only had 1-2 small M23C6 precipitates. Figure 4.3 shows the measured volume fraction of 

V(C,N) plotted alongside the ThermoCalc simulated equilibrium volume fraction for each of the 

materials of interest. For the tempered High, Mid, and Low N conditions, the equilibrium volume 

fraction of V(C,N) at the tempering temperature (760˚C) was used. For the Soln. High N 

condition, the solutionizing temperature (1040˚C) was used to determine the equilibrium volume 

fraction. When equilibrated at 1040˚C, the steel is fully austenitized and both M23C6 and V(C,N) 

are fully solutionized. Water quenching the sample transforms the matrix to martensite and slows 

the kinetics of solid state diffusion to the point where M23C6 and V(C,N) are not expected to  

 

 

Figure 4.3 – TEM measured and ThermoCalc simulated volume fractions of V(C,N) across 
four conditions. The equilibrium simulations for the Low, Mid, and High N conditions are for 
760˚C, the tempering temperature. The simulated volume fraction for Soln. High N is for 
1040˚C, the solutionization temperature. The predicted equilibrium amount of V(C,N) is 
greater than the measured volume fraction, suggesting either the material did not achieve 
equilibrium during heat treatment, and/or some amount of V(C,N) went undetected during 
characterization. 
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precipitate at meaningful timescales at room temperature. In the cases of the tempered 

conditions, the measured volume fraction of V(C,N) was less than the simulated equilibrium. 

This could be indicative of several phenomena possibly existing in conjunction with one another, 

namely: 1) significant unprecipitated V and N still dissolved in the matrix, 2) a quantity of  

undetected V(C,N) present in the High and Mid N tempered conditions, and/or 3) unexpected 

complexities, such as trapping of N at defects, or enrichment of M23C6 with N.  

Overall, the data gathered from TEM characterization follow the expected trends. The 

volume fraction of V(C,N) measured increased with increasing alloy N content across the 

tempered conditions, and the solutionized condition showed no evidence of V(C,N) precipitation.  

4.4.2 Internal Friction 

Internal friction was used to support the interpretation of the ToF-SIMS data regarding 

interstitial N content. The tempered Low and High N material were analyzed via DMA over a 

range of temperatures to produce the internal friction spectra shown in Figure 4.4. The primary 

peak positions are shown with dotted lines in the graph. Looking at the peaks from left to right, 

the N-Snoek and C-Snoek peaks are related to the number of free interstitials in the lattice of 

each species, respectively [32,35]. The γ-Bordoni peak is related to the number of screw 

dislocation kink interactions [36]. The Snoek-Kê-Köster (SKK) peak, sometimes referred to as 

the “cold work” peak, is related to the amount of C and N interstitials trapped at dislocation cores 

in BCC Fe and is strongly linked specifically to N interactions [35,37].  

The two peaks most relevant to interstitial N content are the N-Snoek peak and the SKK 

peak. Increasing height of the peaks should scale with increasing interstitial N. The Low N 

spectra did not exhibit a N-Snoek peak and the SKK peak is small. Combined, the two peaks 

suggested a relatively low to non-existent amount of interstitial N, which is consistent with the 

trends shown in the ToF-SIMS data. Conversely, the High N spectrum exhibited a distinct N-

Snoek peak, along with a large SKK peak. The peaks indicated there was some amount of free 

interstitial N and a higher dislocation density than observed in the Low N alloy.  

Other interesting features in the Low N spectra included the large C-Snoek peak and γ-

Bordoni peak compared to the High N spectrum. The large C-Snoek peak, was indicative of 

relatively high concentrations of free C at interstitial sites, which could have been caused by low 

dislocation densities in the materials, resulting in fewer trapped C atoms. The Low N sample 

appeared to have the highest total concentration of interstitial C, due to the relatively high 
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magnitude of both the C-Snoek and SKK peaks compared to the other samples. Conversely, the 

high γ-Bordoni peak suggested an increased dislocation density causing an increase in screw 

dislocation kink interactions. The height of the γ-Bordoni peak seemed to conflict with the large 

C-Snoek and small SKK peaks. A possible explanation could involve a high density of screw 

dislocations and a low density of edge dislocations in the sample. Edge dislocations serve as 

better traps for interstitials, due to their hydrostatic stress fields, so a low density of edge 

dislocations could lead to a lower SKK peak. The relative low intensity of the C Snoek peak in 

the High N sample suggests that there was less free C in the High N alloy. A possible 

explanation could be the enhanced precipitation of carbide and carbonitrides, and/or a high 

dislocation density that is trapping free interstitial C. 

 

 
Figure 4.4 – Internal friction spectra of the Low N (10 ppm N) and High N (440 ppm N) alloys 
from -100 °C to 400 °C with a frequency of 1 Hz and a strain amplitude of 10-5. The dotted 
lines indicate the theoretical peak positions for free interstitial N and C (the N and C-Snoek 
peaks), screw dislocation kink formation (γ-Bordoni), dislocation trapped N and C (SKK “cold 
work” peak), and two higher temperature peaks possibly related to substitutional elements 
such as Cr, Mo, Ni, or Mn. 

 

The critical takeaway from the internal friction results is there appears to be significantly 

more interstitial N existing in the High N than the Low N sample. This was the expected result, 

based on equilibrium simulations using ThermoCalc that showed 0.21, 0.35, and 0.69 ppm N in 

solid solution with ferrite at 760 ˚C for the Low, Mid, and High N conditions, respectively. 
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4.4.3 Time-of-Flight Secondary Ion Spectrometry 

Two interrelated questions were explored simultaneously with ToF-SIMS: What is the 

relative amount of V(C,N) present, and how much N remains in solution across the conditions of 

interest? Figure 4.5(a and b) addresses the first question by showing integrated intensities for the 

VN+ (m/z=64.9457) and CsVN+ (m/z=197.8518) ion cluster peaks normalized by total ion 

counts. While the CsVN+ ion yield is slightly higher than the VN+ ion yield, both ion clusters 

show the same trend. In the tempered conditions, decreased N content leads to a decrease in the 

detected CsVN+ and VN+ ion clusters. However, the Soln. High N material, which contains the 

same amount of N and V as the tempered High N material, but less V(C,N), has the lowest VN+ 

and CsVN+ ion cluster signals. 

 

 

Figure 4.5 – Integrated intensity for the VN+ (m/z=64.9457), CsVN+ (m/z=197.8518), N+ 
(m/z=14.0032), Cs2N+ (m/z=279.8197), Cs2FeN+ (m/z=335.7487), and Cs2CrN+ 
(m/z=331.7529) ion cluster peaks normalized by total ion counts. Both the VN+ and CsVN+ 
ion cluster peaks show decreasing height with lower N content, apart from Soln. High N, 
which has the lowest peak heights, despite containing the same amount of V and N as the High 
N condition. The N+ and Cs2N+ peaks follow the same trends as VN+ and CsVN+, suggesting 
the majority of the N signal is produced by V(C,N) precipitates. Cs2FeN+ and Cs2CrN+ both 
contain species more prevalent in the matrix and deviate from the VN+ and CsVN+ trends with 
respect to Soln. High N, which is expected to have the greatest amount of dissolved N.  

 

Figure 4.5(c-f) begins to address the second question relating to the N still in solution; (c-

f) show the integrated intensity for the N+ (m/z=14.0032), Cs2N+ (m/z=279.8197), Cs2FeN+ 

(m/z=335.7487), and Cs2CrN+ (m/z=331.7529) ion cluster peaks normalized by total ion counts. 

The FeN+, CrN+, CsN+, CsFeN+, and CsCrN+ ion clusters are excluded from analysis, due to low 
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ion yields for those species. The N+ ions and Cs2N+ ion clusters show the same trend as the VN+ 

and CsVN+ ion clusters. In the tempered conditions, decreased N content leads to a decrease in 

the detected N+ ions and Cs2N+ ion clusters. The Soln. High N material, despite having the same 

amount of N and V as the tempered High N material and less measured V(C,N), had the lowest 

overall N+ ion and Cs2N+ ion cluster signal. The Cs2FeN+ and Cs2CrN+ ion clusters each include 

an element that is found in high concentrations in the ferrite matrix (Fe and Cr). The tempered 

condition shows again that decreased N content leads to a decrease in the detected Cs2FeN+ and 

Cs2CrN+. Interestingly, the Soln. High N material deviates from the trends shown in (a-d), 

increasing in intensity rather than decreasing. 

4.5 Discussion 

Combining the results from TEM characterization and internal friction measurements 

provides the information necessary for interpreting much of the ToF-SIMS results shown in 

Section 4.4.  Throughout the following discussion, the ability of ToF-SIMS to determine the 

relative amount of V(C,N) present, in addition to the amount of N that remains in solution, will 

be explored. 

The ToF-SIMS appears to precisely and consistently measure the relative amount of 

V(C,N) present across the steels studied in this work. In Section 4.4, it was noted that in the 

tempered conditions, increasing N content leads to an increase in the detected CsVN+ and VN+ 

ion clusters. On its own, this observation is not necessarily indicative of a causal relationship 

with V(C,N) content; V+, N+, and Cs+ ions could conceivably be reacting in some combination 

above the sample surface after emission. If that were the case, the relationship shown in 

Figure 4.5 could be more indicative of overall N content, rather than V(C,N) content. However, 

the additional data point of the Soln. High N condition indicates both ion clusters are more likely 

than not representative of V(C,N) content. The Soln. High N condition contains the same 

quantity of V and N as the tempered High N condition, but little precipitated V(C,N). If the 

CsVN+ and VN+ ion clusters were formed after emission from the surface as V+, N+, and Cs+, 

some signal would still be expected from the Soln. High N. Figure 4.6 serves to compare the 

amount of V(C,N) characterized via TEM to the ToF-SIMS intensity data for the VN+ and 

CsVN+ ion clusters. The ToF-SIMS signal from both ions appears to increase linearly with 

increasing V(C,N) volume fraction. The linear trend provides some potential to elevate the 

technique from semi-quantitative to fully quantitative with the proper standards. Work done by 
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Gnaser et al. has shown that for MCs+ ions, intensity can be related to the polarizability of the 

species, potentially allowing for quantification without costly and time-consuming standards 

[38]. Of additional note, MCs+ ion clusters are less prone to the ‘the matrix effect’ [39,40]. The 

matrix effect refers to enormous differences (several orders of magnitude) in the ionization 

probability of a species across different host matrices. This quirk of SIMS makes quantification 

without standards an arduous and enigmatic prospect. A future study could compare steels 

containing V(C,N) precipitates with significantly different overall alloy compositions from HT9 

to the trend of CsVN+ in Figure 4.6. 

 

 

Figure 4.6 – Integrated intensity for the VN+ (m/z=64.9457) and CsVN+ (m/z=197.8518) ion 
cluster peaks normalized by total ion counts as a function of TEM measured V(C,N) volume 
fraction. The VN+ and CsVN+ ion cluster signals increase as the measured V(C,N) increases 
with an approximately linear relationship. 

 

It is more difficult to interpret how much N remains in solution across the alloys and 

conditions studied. The interpretation of the data in Figure 4.5 once again hinges on the Soln. 

High N condition. The Soln. High N and High N materials are chemically identical, however, the 

High N material, which is in the tempered condition, has a large portion of the total V and N 

available precipitated as V(C,N), while nearly all of the V and N in the Soln. High N material is 

expected to be in solution in the ferrite matrix. If an ion cluster is indicative of interstitial N 

content, the expected result would be a much higher signal from the solutionized condition 

relative to the tempered condition. The N+ ion and Cs2N+ ion cluster intensities between the 

tempered and solutionized conditions instead trend with predicted and measured V(C,N) content. 
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In other words, the tempered High N produces a much higher signal than the Soln. High N. The 

discrepancy is almost certainly due to ‘the matrix effect’: Generally speaking, the data indicates 

there is a significantly higher N+ ion yield from the V(C,N) phase than from the ferrite matrix, 

i.e., even when the ferrite matrix is significantly supersaturated with N, the N+ ion signal from 

ferrite is low relative to N+ ion signal from even a small amount of V(C,N). 

The Cs2FeN+ and Cs2CrN+ ion clusters were chosen for analysis specifically to mitigate 

the N+ signal bias towards the V(C,N) phase. By including elements in the ion clusters that have 

an enhanced matrix presence (Fe and Cr), the conditions that could lead to a N signal from a 

nitride precipitate become more complex and thus less likely, in effect creating a more 

“precipitate blind” ion cluster. In the case of N+ ions or Cs2N+ ion clusters, the only requirement 

is the emission of an N+ ion (which V(C,N) has in plentitude) and some combination of reactions 

with Cs+ or Cs2
+ at or above the surface (also readily available from sputtering). In contrast, the 

production of Cs2FeN+ and Cs2CrN+ ion clusters by a precipitate would require either the 

formation of the cluster at an interface between the precipitate and the ferrite matrix, or the 

bonding of Cs and N, in addition to Fe or Cr, above the specimen in some combination.  

The Ti-added alloy allowed the theory surrounding precipitate blind ion clusters to be 

tested. An example of larger (>1 µm) TiN precipitates present in the Ti-added alloy is shown in 

Figure 4.7 with EDS. The increased precipitate size provides the ability to isolate and compare 

the signal produced by the precipitate to the signal produced by the matrix, even with the large 

ToF-SIMS probe size used in spectrographic mode (~6 µm).  

The results of the ion cluster comparison shown in Figure 4.8 provide further evidence 

for both the strong matrix effect regarding N+ ions and Cs2N+ clusters and the enhancement to 

precipitate “blindness” that can be achieved by including matrix elements in the N ion clusters. 

The six images in Figure 4.8 are each top-down spectral maps of different ions or ion clusters 

from the same 3D ToF-SIMS scan; (a and b) show the location of a TiN precipitate like the one 

shown in Figure 4.7. Because the probe size is large relative to the precipitate for these scans,  



 48 

 

Figure 4.7 – Example of a TiN precipitate in the Ti-added alloy. (a) Secondary electron image 
(SEI) of the area examined with EDS. (b-e) EDS scan intensity for 4 different elements of 
interest. 

 

the precipitate gets ‘smeared’ over a much larger region than it occupies in real space. The result 

is a TiN precipitate, likely between 2-4 µm in width, appears closer to 10 µm in size in the 

ToF-SIMS scans. Two regions of interest (ROIs) have been selected for the scan: ROI 1 

encompasses the precipitate, while ROI 2 covers a volume in the matrix of the same size. The 

gray box in each image shows the ratio of ROI 1 to ROI 2. In the case of the Ti+ ion map shown 

in (a), 58 times the intensity of Ti+ ions was detected in ROI 1, which had a normalized intensity 

of 1.86x10-4, versus ROI 2, which had a normalized intensity of 3.21x10-6. The normalized 

intensity, in this case, represents the counts integrated over the peak of interest in the 

mass/charge spectrum of the ROI, divided by the total ion counts for that same ROI. Figure 4.8 

(b and c) show the issue using ions and ion clusters like N+ and Cs2N+ for analyzing N in a 

nitride containing steel. The precipitate has a large ion yield, 40 times and 27 times above the 

matrix for each ion cluster, respectively. The last two ion clusters are shown in Figure 4.8 (e and 

f); Cs2FeN+ and Cs2CrN+ both require the bonding of the Cs ions to N found in the precipitate 

and matrix and Cr or Fe, which should be concentrated primarily in the matrix. The consequence 

of this relationship is that Cs2FeN+ and Cs2CrN+ion clusters are nearly an order of magnitude 

more precipitate blind. 

Transitioning back to the High, Mid, and Low N alloys, the overall expected pattern for 

interstitial N, as predicted by ThermoCalc simulations and reinforced by internal friction  
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Figure 4.8 – Six ion cluster intensities from a ToF-SIMS volume scan containing a TiN 
precipitate in the Ti-added alloy. (a,b) Establish the region of interest (ROI) 1 contains a TiN 
precipitate by showing Ti+ and TiN+ ions/ion clusters. The gray box to the left of the ROIs 
shows the ratio of ion intensity between ROI 1 and ROI 2. (c,d) show ion clusters containing 
more traditional ions used to evaluate interstitial nitrogen in some steels, while (e) and (f) are 
the newly proposed ion clusters for evaluating interstitial nitrogen in nitride containing steels. 
In (c) and (d) significant signal is being generated from the nitride precipitate, while (e) and (f) 
are relatively blind to the precipitate, showing nearly an order of magnitude reduction in the 
ratio of intensities compared with (c) and (d). 

 

measurements, is an increase in interstitial N as the overall N content is increased for the 

tempered materials. In the Soln. High N condition, which is chemically identical to the tempered 

High N sample, all of the V(C,N) and Cr-rich M23C6 precipitates are expected to be dissolved in 

solution, which increases the amount of interstitial N and C, as well as the Cr and V in solution. 

If an ion cluster is indicative of interstitial N, the ion cluster peak intensity should be greater in 

the Soln. High N than the tempered High N condition, since the tempered High N condition has 

some portion of the total N precipitated as V(C,N).  

Looking at the integrated peak intensities for the Cs2FeN+ and Cs2CrN+ ion clusters 

shown in Figure 4.5, it is clear both deviate from the behavior exhibited by the N+ ions and 
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Cs2N+ ion clusters. The Cs2FeN+ ion cluster from the Soln. High N condition shows an increase 

in intensity that, unlike N+ and Cs2N+, deviates from the amount V(C,N) present in the material. 

While the intensity of the Soln. High N does not exceed the intensity of the tempered High N 

material, the data indicate there is a reduction in the matrix effect from the V(C,N). It is possible 

that the large quantity of Fe at V(C,N) interfaces and above the sample surface, in addition to the 

large quantity of N+ and Cs2N+ present, make the formation of Cs2FeN+ still quite likely. 

Alternatively, the Cs2CrN+ ion cluster intensity behaves as though it were precipitate 

blind and may be indicative of interstitial N content. The Cs2CrN+ ion cluster intensity of Soln. 

High N exceeds the intensity of the tempered High N condition. This aligns with the expected 

result, as the tempered High N material should have a significant quantity of N precipitated as 

V(C,N), while the Soln. High N should have all of the N in solution as interstitial N. The 

enhanced “blindness” of Cs2CrN+, relative to the Cs2FeN+ ion cluster, could be due to the 

reduced presence of Cr at V(C,N) boundaries in the tempered conditions. The other potential 

explanation for the large Cs2CrN+ ion cluster intensity of Soln. High N is the increase in Cr 

content in the ferrite from the dissolution of the M23C6 carbides (from 9.6 to 11.4 wt% based on 

ThermoCalc Simulations) is more important to the Cs2CrN+ ion yield than the increase in N 

content. Because of this possibility, it is not presently possible to conclude the Cs2CrN+ ion 

cluster is representative of interstitial N. With that in mind, not only are the measurements of 

Cs2CrN+ highly repeatable, but all the cluster intensities follow the expected trends for interstitial 

N extant in the system. 

To summarize, the ability of ToF-SIMS to both measure the relative amount of V(C,N), 

as well as interstitial N content, was explored utilizing detailed TEM characterization, internal 

friction measurements, and thermodynamic predictions. The development of these capabilities 

could significantly aid in more streamlined alloy development like the ferritic/martensitic steel 

HT9 that was used in this work. Moving forward, further research on the broader applicability of 

these techniques will be performed. Specifically, the effectiveness of the technique for detecting 

other types of nitrides, such as TiN, NbN, and BN in steels, as well as the ability to detect 

carbides will be explored. Also of interest, is understanding how changing the chemistry and the 

phases present impact the analyses. 
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4.6 Conclusions 

In this work, ToF-SIMS was shown to reliably measure relative differences in the 

vanadium carbonitride precipitate volume fraction across several chemistries and heat treatments 

of similar ferritic/martensitic steels. The volume fraction of vanadium carbonitride after 

tempering at 760˚C as a function of nitrogen content in the alloy HT9 was determined. It was 

also shown that interstitial N was present in higher concentrations with higher alloy N content. 

There was a direct relationship between the TEM characterized volume fraction of vanadium 

carbonitride and the signal of the VN+ and CsVN+ ion clusters detected with ToF-SIMS, 

enabling high-throughput alloy design based on more representative “bulk” measurements than 

possible with TEM alone. Additionally, it was found that the inclusion of matrix elements (iron 

and chromium) to nitrogen containing ion clusters significantly reduced the matrix effect biasing 

nitrogen detection towards nitride precipitates, potentially providing a method for the 

measurement of relative interstitial content in steels with ToF-SIMS. 
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5.1 Abstract 

The 12Cr1MoWV (wt%) ferritic/martensitic steel HT9 is a candidate material for fuel 

cladding in advanced nuclear reactors, such as the Versatile Test Reactor currently under 

development. As such, understanding the relationship between microstructure and mechanical 

properties in the context of irradiation environments for these steels is critical. N content, and 

more specifically interstitial N, has been hypothesized to be detrimental to irradiated properties 

at lower temperatures (less than 0.3Tm) to a total of 6 dpa; however, in this work at a dose of 1 

dpa the irradiated microstructure was improved with added N, leading to less irradiation 

hardening. Three variants of HT9 were irradiated with 1.5 MeV protons to a dose of 1 dpa at 

300˚C. The HT9 variants included Low (10 ppm), Mid (190 ppm), and High (440 ppm) N alloys 

that were otherwise nearly identical. Changing the N content had a variety of effects on the 

irradiated defect structures. As N content increased, the average dislocation loop diameter 

decreased, while the number density of loops increased. Additionally, extensive Ni clustering 

was observed on dislocations and interfaces. The Mid and High N specimens exhibited 

significantly less hardening (∆HV≅100) relative to the Low N specimen (∆HV≅160). The 

decrease in hardening is attributed to vanadium carbonitride acting as a sink for Ni clusters that 

would otherwise form on dislocations. Under the irradiation conditions used, these results 

suggest increasing the N content in HT9 may have a desirable effect on the irradiated structure 

and properties at the dose studied, as well as the swelling resistance at higher doses. In other 

words, N content appears to be a powerful tool for tailoring the self-interstitial atom cluster 

mobility in F/M steels for different temperature and dose applications. 
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5.2 Introduction 

 The ongoing effort to decarbonize the world economy has brought nuclear power back to 

the forefront as a safe, clean technology for maintaining the ever-increasing base-load energy 

requirements on our electrical grids [1]. Modern reactor designs take advantage of the decades of 

lessons learned from the current fleet of light water reactors and the myriad of advancements in 

reactor design and materials that have accrued over the past 60 years [2]. Modern reactor designs 

are more efficient, and fast reactors specifically provide a pathway for the utilization and 

elimination of transuranic waste from the nuclear fuel cycle. Transmuting transuranic elements 

to shorter-lived daughter products addresses one of the largest concerns surrounding nuclear 

energy by reducing the amount of time waste would need to decay to safe levels from hundreds 

of millennia to hundreds of years [3].  

High Cr (9-12 wt%) ferritic martensitic (F/M) steels are critical materials under research 

for use in extreme irradiation applications like the ductwork and fuel-rod cladding in the cores of 

advanced fast-fission reactors [4-19]. This is in large part due to the resistance of F/M steels to 

irradiation induced swelling that plagues systems like austenitic stainless steels. Alloy HT9 

(12Cr-1MoWV wt%) is a candidate F/M steel for the in-core structure of the Versatile Test 

Reactor, a research fast reactor planned for construction in the United States. One of the 

concerns around the use of F/M steels for structural in-core components, is the widely reported 

reduction in ductility and increased irradiation hardening observed at low irradiation 

temperatures (Tirr < 0.3 Tm) [20-23]. Maloy et al. recently showed a low N content (10 ppm) heat 

of HT9 retained a significant amount of uniform elongation after neutron irradiation to 6 dpa at 

296˚C, which has sparked interest regarding the exact role of N in irradiated F/M steels [23].  

Lately, there has been a significant effort to determine how N affects the irradiated 

behavior of F/M steels [24-26]. Taken together the studies focus on the characterization of two 

common types of dislocation loops found in irradiated bcc steels, a<100> and a/2<111>, the 

formation and growth of substitutional clusters, and the formation and growth of voids. Eftink et 

al. utilized 1.5 MeV proton irradiations to look at the development of damage structures in a low 

(10 ppm) and high (390 ppm) N Fe-12Cr-0.5C (wt%) model F/M steel after 0.5 and 1 dpa at 

300˚C [25]. They found that N content, and specifically solutionized N, had a large impact on 

development of a<100> and a/2<111> dislocation loops. They observed that increasing solute N 

led to an increase in dislocation loop nucleation and growth and increased hardening. Aydogan et 
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al. looked at the effect of heavy ion irradiation to 6.6 dpa at 300˚C on a low and high N heat of 

HT9, two of the exact same heats used in the present work, and found that increasing N content 

decreased dislocation loop number density and increased dislocation loop size [24]. Counter to 

Eftink et al., they found the low N alloy had reduced hardening compared to the high N alloy. 

Both studies strongly suggest N content in F/M steels has a significant impact on the formation 

and development of dislocation loops. Kim et al. then looked at the impact of N content on void 

formation in HT9 at extremely large doses (up to 600 dpa) with heavy ion irradiation [26]. Once 

again, the effect of N content on the damage structure was profound. Increasing N content led to 

a large decrease in the number and size of the voids present. 

Important to note are earlier studies from the late 60s and early 70s performed by Igata et 

al. and Little and Harries [27-29]. Igata et al. looked at the effect of N content on internal friction 

measurements in neutron irradiated and annealed conditions of an Fe and Fe-1Ni (wt%) alloy 

[27], while Little and Harries looked at the effect of N content on the properties of neutron 

irradiated ‘mild steel’ [28, 29]. In both studies the irradiations were performed much closer to 

ambient temperatures, 75 and 50 ˚C, respectively, which significantly reduces the mobility of 

interstitial atoms like N relative to the more recent studies discussed above. Igata et al. used a 

clever combination of post irradiation heat treatments and internal friction measurements to 

postulate the complexing of vacancies with N atoms, while Little and Harries concluded that the 

presence of interstitial N enhances radiation hardening via the stabilization of small defect loops. 

This work utilizes 1.5 MeV proton irradiation to provide a detailed look at the irradiated 

damage structure of alloy HT9 over three different N contents after a dose of 1 dpa at 300˚C. 

Past work on the pre-irradiated microstructure and interstitial content of the exact same heats of 

material are leveraged throughout this work [30, 31]. Proton irradiation was selected, due to the 

growing body of evidence that proton irradiation closely simulates neutron generated damage 

structures and chemical segregation in materials [32-36]. Additionally, protons have much 

greater penetration and uniform damage spectrum compared to heavy ions, allowing for more 

‘bulk-like’ analysis of specimens further away from surface effects. The addition of a Mid N 

(190 ppm) condition is useful in revealing trends outside of the extremely low (10 ppm) and 

extremely high (440 ppm) conditions used in all the recent studies. On-zone scanning 

transmission electron microscopy (STEM) is used to identify and quantify a<100> and a/2<111> 

dislocation loops in each alloy. The addition of energy dispersive spectroscopy (EDS) provides 
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correlative insight into the location of irradiation induced Ni clustering and cluster size in each 

alloy, and reveals the segregation of substitutional atoms like Mn and Cr to vanadium 

carbonitrides (V(C,N)). Lastly, microhardness shows a significant difference in irradiation 

hardening between the Low N and the Mid N and High N conditions. The results together 

provide important understanding regarding the mechanisms at play as N content is modified in 

HT9, especially within the context of other recent work. The addition of N to F/M steels could 

provide a powerful mechanism for tuning materials for service in a variety of temperature/dose 

environments within advanced reactors. 

5.3 Experimental 

5.3.1 Material 

The experimental material for this work includes three 12Cr-1MoWV (wt%) steel alloys 

with varied N additions (10, 190, and 440 ppm N). The detailed chemistry (provided by the 

vendor) of each alloy is shown in Table 5.1. All three alloys were vacuum induction melted and 

hot rolled to 12.7 mm plate at temperatures between 1000 ˚C and 1150 ˚C. The Low N and High 

N alloys were produced by Sophisticated Alloys, while the Mid N alloy was produced by 

Cleveland Cliffs. The steels were then austenitized at 1040 ˚C for 1 h and air-cooled to room 

temperature, which resulted in a martensitic structure, followed by a high temperature tempering 

treatment at 760 ˚C for 1 h, and then air-cooling to room temperature.  

 

Table 5.1 – Composition Data for Experimental Alloys 
wt pct C N Cr Mn Ni Si Mo W V Ti 

Low N 0.20 0.001 11.1 0.55 0.51 0.25 1.00 0.47 0.30 - 

Mid N 0.20 0.019 11.4 0.55 0.48 0.29 0.95 0.46 0.29 <0.002 

High N 0.20 0.044 11.4 0.56 0.52 0.26 1.00 0.48 0.30 - 

Ti-added 0.21 0.016 11.8 0.56 0.49 0.28 0.99 0.48 0.29 0.066 
 

 
5.3.2 Irradiation 

Prior to irradiation, the surface of the specimens perpendicular to the proton beam direction 

were polished to a 0.04 µm optical silica finish. Care to remove twice the thickness of the 

predicted damage depth for each of the preceding polishing and grinding steps was taken. 

Proton irradiations were conducted with the 3 MV National Electrostatic Corporation 

(NEC) tandem accelerator at the LANL Ion Beam Materials Laboratory (IBML). The 

irradiations were performed with 1.5 MeV protons at an average dose rate of 4.8 x 10-6 dpa·s-1. 
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Doses and dose rates were calculated using SRIM, a Monte Carlo simulation, with a 

displacement energy of 40 eV for Fe, Kinchin-Pease model. The calculated dose rate as a 

function of depth is shown in Figure 5.1. The irradiation is predicted to have created relatively 

uniform damage of about 1 dpa (2.18 x 1019 protons·cm-2) from a depth of 0 µm to 8 µm in the 

specimens. The samples were adhered to a heating stage using silver paste within the target 

chamber. They were maintained at a temperature of 300	±	5 °C at a pressure of 5 x 10-8 torr for 

the duration of the irradiation. The total irradiation time was 58.5 h. A schematic of the irradiated 

specimens is shown in Figure 5.2.  

 

 
Figure 5.1 – Dose rate plotted as a function of depth from the irradiated surface based on a 
fluence of 2.18x1019 protons·cm-2 over 58.5 h and a SRIM simulation of vacancies·Å-1·ion-1 
for 1.5 MeV protons in Fe, assuming a 40 eV displacement energy for Fe. 

 

5.3.3 Transmission Electron Microscopy 

TEM thin foil specimens were prepared from the polished surface of the irradiated samples 

indicated in Figure 5.2 with an FEI Helios NanoLab 600 DualBeam focused ion beam/scanning 

electron microscope (FIB/SEM). The microscope was equipped with an EDAX Hikari Super 

1400pps electron backscattered diffraction (EBSD) detector and a 30 keV Ga FIB, which were 

used to orient and mill the thin-foil specimens for TEM diffraction experiments down a <100> 

zone axis. The foils were cleaned with a 2 keV Ga ion beam to remove damage from the 30 keV 

beam. 
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Figure 5.2 – Experimental layout for specimen irradiation and post-mortem analysis. The light 
blue regions represent the region of each sample irradiated with 1.5 MeV protons. The two 
dotted rectangles show the approximate location the microhardness grids were acquired from, 
while the dashed region indicates where samples were taken for analysis via transmission 
electron microscopy. 

 
TEM analysis was performed with an FEI Talos F200X field emission STEM equipped 

with an EDAX Super-X EDS detector. Foil thicknesses for volume fraction and number density 

calculations were determined using the convergent beam electron diffraction (CBED) method 

[37-39]. The EDS spectral maps utilized a 200 keV accelerating voltage and a 20 keV X-ray 

detection range. In this work, on-zone STEM down the [100] zone axis was used to evaluate 

dislocation loop size and number density. Work performed by Yao et al. provided simulations 

and experimental examples of expected dislocation loop morphologies and diffraction conditions 

down the [100] zone axis [40]. Additionally, a recent publication from Parish et al. demonstrated 

the practicality of utilizing on-zone STEM imaging down the [100] zone axis, which allows for 

the simultaneous imaging of all a/2<111> and a<100> loop and line dislocations, without the 

need to tilt to several dynamical two-beam conditions [41]. 

5.3.4 Microhardness 

Microhardness characterization was performed using a LECO AMH55 automated hardness 

indenter equipped with a Cornerstone analysis software. The indentation load, with a dwell time 

of 10 s, was selected to be 10 g, such that the interaction volume of the indent comprised the 

greatest possible fraction of the uniform irradiated layer. Indentation grids were made on the 

sample surfaces indicated in Figure 5.2 with a vertical and horizontal spacing between adjacent 

indents of 75 and 125 µm, respectively. With the indentation load of 10 g and a corresponding 

indent diameter of roughly 8 µm (about a 1.6 µm depth), the spacing of indents was sufficient to 

ensure no interaction of plastic zones by adjacent indents, and the indents were deep enough to 

sample a large volume of the 10 µm irradiated layer [42]. 
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5.4 Results 

5.4.1 Dislocation Loop Analysis 

The dislocation loop diameter (based on the major lengths of fitted ellipses) and number 

density of dislocation loops of a<100> and a/2<111> type for each of the three heats was 

determined. Figure 5.3 shows an example of an indexed region in a High N sample. The key in 

the schematic in (b) shows the projected shape of perfect dislocation loops based on the angle of 

the habit plane of each dislocation loop relative to the [100] zone axis [40]. The arrows in (a and 

b) point to examples of real dislocation loops (a) and the indexed counterpart in the schematic 

(b). One of the difficulties encountered during dislocation loop indexing is also exemplified in  

 

 
Figure 5.3 – (a) Color inverted annular dark field (ADF) STEM image of the High N alloy 
after irradiation with 1.5 MeV protons to 1 dpa at 300˚C with many visible loops. Imaging 
down the [100] zone axis (selected area diffraction pattern (SADP) in the upper-right corner of 
(a)) satisfies the g∙b criteria for the imaging of nearly every variant of a<100> and a/2<111> 
dislocations. The yellow arrows point to an example of each of the possible common 
dislocation loop variants. (b) A schematic of the indexed dislocation loops from (a). Because 
the loops are assumed to be circular and tend to form on distinct planes ({100} and {111}), the 
projected shape of the dislocation loops based on the viewing direction of the crystal can be 
used to identify each dislocation loop; the major axis of each ellipse corresponds to the 
diameter of the dislocation loop in plane. 

 

Figure 5.3. The habit planes of the V(C,N) precipitates are the same as the dislocation loop habit 

planes {200}. The features are similar in size and aspect ratio to one another, making 

identification difficult. To remove the ambiguity, EDS scans over each of the indexed areas in 
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the High N samples were performed, allowing for the exclusion of MX precipitates from the 

dislocation loop quantification. Additionally, defects smaller than 3 nm in diameter were 

excluded from analysis, due to the difficulty in resolving the projected shape and because of the 

similarity in appearance to FIB induced damage. As such, black spot damage is not considered in 

the following analysis.  

Figure 5.4 shows the quantified dislocation loop diameter and number density for the 

a<100> and a/2<111> loops. Amongst the Low N, Mid N, and High N specimens, 240, 314, and 

237 loops were measured respectively, across at least two different martensite laths, between 3 to 

6 µm from the platinum surface of the TEM foil. Several key trends are evident in the data. First, 

as N content increases, the overall diameter of both a<100> and a/2<111> dislocation loops 

decrease, while the number density increases. In other words, an alloy with low N content is 

expected to have fewer, but larger, dislocation loops than an alloy containing higher N content. 

Next, within each alloy, the diameters of a<100> loops are less than a/2<111> loops, while the 

number density of the a<100> loops is generally greater. Of note, for number densities measured 

between the a<100> and a/2<111> loops within the Mid N and High N specimens, the difference 

in means was not shown to be statistically significant based on the sample set.  

 

 
Figure 5.4 – Summary of dislocation loop quantification across all three alloys after irradiation 
with 1.5 MeV protons to 1 dpa at 300˚C. (a) The distribution of a<100> and a/2<111> 
dislocation loop diameters. The mean diameter is represented by the ‘x’, and outliers are 
shown as points above box and whisker plots. (b) The number density of a<100> and 
a/2<111> dislocation loops for each alloy; error bars represent the standard deviation. 
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5.4.2 Radiation Induced Segregation 

STEM/EDS scans of each alloy were performed. Figure 5.5 summarizes the post-

irradiation EDS results from samples of the Low N, Mid N, and High N alloys (Scan A, B, and C 

respectively). The EDS scans were acquired down the [100] zone axis to provide a<100> and 

a/2<111> type dislocation contrast. Significant Ni clustering is observed in all three conditions 

and appears to occur primarily at phase interfaces (blue arrows), line dislocations (orange 

arrows), and dislocation loops (yellow arrows). No diffraction contrast was observed for the Ni 

clusters over a range of tilting conditions, suggesting the clusters are unlikely to present an 

organized crystal structure significantly different from that of the matrix. The formation of 

 

 
Figure 5.5 – On-zone STEM EDS of specimens after irradiation with 1.5 MeV protons to 1 
dpa at 300˚C down the [100] zone axis. Scans A-C (Low, Mid, and High N respectively) show 
the color inverted ADF image] and Ni EDS spectral map side by side for easy comparison, 
along with other major elements in smaller windows to the right of the main images. The 
orange arrows point to Ni clusters on line dislocations, the yellow arrows point to Ni clusters 
on dislocation loops, and the blue arrows point to Ni clusters on precipitates. Foil thickness (t) 
is noted in the upper right corner of the ADF images. 
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clusters containing Ni, Mn, Si, P, and Cu have been reported extensively for irradiated F/M 

steels, often as precursors to “G-phase” [14,19, 24, 26, 43, 44]. After 1 dpa at 300˚C (a relatively 

low dose and temperature compared to the cited studies), Ni was the only element observed to 

segregate to dislocations and interfaces, though the Mn, Si, and P scans were closely examined. 

Figure 5.6 shows the quantified size and number density of the Ni clusters for each of the alloys. 

As N content increases, the size of Ni clusters also increases. Ni clusters with an area of less than 

2 nm were excluded from the analysis, because at small sizes the clusters become difficult to 

distinguish from potential background noise in the scans. While there appears to be a slight 

decrease in the number density of the Ni clusters with increasing N content, differences in the 

mean number densities between alloys were not found to be statistically significant for the 

measured samples. 

 

 
Figure 5.6 – Summary of Ni cluster quantification across all three alloys after irradiation with 
1.5 MeV protons to 1 dpa at 300˚C. (a) The distribution of cluster sizes. The mean size is 
represented by the ‘x’ and outliers are shown as points above box and whisker plots. (b) The 
number density of Ni clusters for each alloy, error bars represent the standard deviation. 
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like that of the High N alloy. Figure 5.5 shows that post-irradiation, the same elements were 

present at M23C6 carbides, with the addition of Si in all three alloys and V in the Mid N and High 

N alloys. Additionally, in the High N alloy, Cr and Mn segregate to the ultra-fine V(C,N) 

precipitates previously discussed by Rietema et al [30]. The ultra-fine V(C,N) in the Mid N alloy 

were too small relative to the specimen thickness for analysis via EDS, so segregation was not 

examined. 

5.4.3 Microhardness 

While all three alloys started with similar hardness prior to irradiation (HV≅280), a 

significant difference in hardness post-irradiation was observed. Figure 5.7 shows the measured 

hardness before and after irradiation for each of the three alloys. As N content increases, the 

change in hardness after irradiation decreases. The Low N alloy exhibits significantly greater 

irradiation hardening (about 55% more) than the Mid N and High N alloys, which were within 

5% of one another.  

 

 
Figure 5.7 – Microhardness of specimens before and after irradiation with 1.5 MeV protons to 
1 dpa at 300˚C. The ‘∆’ is the change in microhardness (HV) after irradiation for the given 
alloy. Error bars represent the 99% confidence interval for each sample set. 
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5.5 Discussion 

5.5.1 Dislocation Loop Size and Distribution 

The quantified dislocation loop data shown in Figure 5.4 are consistent with predictions 

made by Osetsky et al. and Little and Harries regarding the effects of reducing the self-interstitial 

atom (SIA) cluster mobility in an alloy [45,28]. If increasing the N content reduces the mobility 

of SIA clusters, it follows that there will be an increase in the concentration of a/2<111> 

dislocation loops, as fewer SIA clusters are able to glide to interfaces and annihilate. 

Additionally, because small, highly mobile SIA clusters are thought to be responsible for the 

formation of a<100> type clusters and dislocation loops, the retardation of cluster mobility is 

expected to reduce the fraction of a<100> dislocation loops. Lastly, an overall decrease in cluster 

size is expected to occur because the smaller, more mobile SIA clusters are less likely to make it 

to an interface, and therefore, will remain present in the matrix. In this work, all three of the 

predicted effects of reduced SIA cluster mobility on dislocation loop populations (decreased size, 

increased number density, and a reduction in a<100> relative to a/2<111> loops) are observed 

with increasing N content. At a certain irradiation dose, the increased SIA cluster number density 

is expected to reach a ‘saturation’ point. Past that point clusters will form close enough to one 

another to facilitate the growth of larger loops in the material, despite the reduced cluster 

mobility. 

5.5.2 Elevated Dose Effects 

Several shifts in behavior were observed by Aydogan et al. and Kim et al. to occur at 

elevated doses. Aydogan et al. was looking at the effect of 6.6 dpa of 5 MeV Fe2+ ion irradiation 

at 300˚C on the same Low N and High N alloys used in this work [24]. Several aspects of the 

experiments were similar, such as the chemistry and heat treatments. Based on temperature/dose 

corrections for the much higher dose rate, the heavy ion irradiation conditions used by Aydogan 

et al. mimic lower temperature, higher dose neutron irradiation conditions than those in the 

present work [32]. A similar trend in irradiation hardening was observed, as reported here, where 

the Low N alloy exhibited increased hardening relative to the High N alloy. However, Aydogan 

et al. observed slightly different trends in the irradiated structure. The Low N alloy was found to 

have a slightly increased loop number density from about 1.4x1022 to 2.0x1022 m-3 and decreased 

loop size from about 12.5 to 11 nm relative to the High N alloy, while the opposite trend is 

shown in this work. Aydogan et al. acknowledges that the observed behavior does not 
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corroborate predictions made by Osetsky et al. The discrepancy in their work was rationalized by 

discussing increased dislocation loop creation and rafting (the decoration of line dislocations 

with a/2<111> dislocation loops) that was observed in the sample of the Low N alloy. 

Significant rafting was not observed in the samples in the present work. The difference in rafting 

observed between the present work and the study by Aydogan et al. may be a consequence of the 

higher dose used in their study, or the use of heavy ions versus protons. With regard to the 

increased loop size of the high N alloy relative to the low N alloy (the opposite of what is 

observed in the present study), if V(C,N) is no longer stable after 6.6 dpa or under heavy ion 

irradiation, an increase in the solute N content relative to the current study may be extant. The 

increased solute N in combination with the loss of the V(C,N) as a sink site could result in 

increased dislocation loop growth, as seen in model alloys in a study by Eftink et al. [25]. 

However, this is purely conjecture, as Aydogan et al. did not report on the presence of V(C,N). 

The likelihood that an increase in N content in HT9 leads to a reduction in the mobility of 

SIA clusters aligns well with the predicted and observed swelling performance of the alloys after 

higher irradiation doses. It is predicted that reducing the mobility of the SIA clusters should 

increase the likelihood of recombination reactions taking place between the SIA cluster and 

vacancies [45]. The reduction in the production bias of vacancies is therefore likely to decrease 

the swelling of the material at higher irradiation doses [45]. Based on this observation, it is 

predicted that increasing the N content should lead to reduced irradiation induced swelling at 

elevated doses. Indeed, recent work by Kim et al. lends credence to the prediction, concluding 

that the presence of mobile solutes, such as N and C, in the matrix serves to suppress void 

swelling in HT9 [26,46]. 

5.5.3 Precipitates Stability and Effects 

Eftink et al. recently published work examining proton irradiated high N (390 ppm) and 

low N (10 ppm) model F/M steels (Fe-12Cr-0.2C wt%). The high N model alloy formed Cr2N 

precipitates that were unstable under 1.5 MeV proton irradiation. Ballistic dissolution of Cr2N 

precipitates could lead to much higher concentrations of interstitial N in the model alloys than 

for HT9, which still has stable V(C,N) after 1 dpa of proton irradiation. Additionally, in the 

present work, the fine intragranular V(C,N) precipitates in the Mid N and High N condition may 

act as efficient sinks for a/2<111> clusters, mitigating the dislocation loop growth, in addition to 

containing the majority of the N in the alloy [7].  Interestingly, a study by Kim et al. showed that 
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after extremely high doses (600 dpa) of heavy ion irradiation, the fine V(C,N) in the High N HT9 

is no longer stable [26]. An additional study by Tan et al. showed significant vanadium nitride 

nano-precipitate evolution in a model ferritic alloy irradiated to doses >50 dpa at 500˚C [47]. At 

elevated doses, the N that is initially concentrated in the V(C,N) precipitates may dissolve back 

into the matrix much like the Cr2N in the study by Eftink et al. [25] The additional concentration 

of N could further slow SIA cluster mobility and potentially impact the nucleation of the Ni 

clusters. The slow release of N from dissolving V(C,N) during irradiation could help to explain 

why Kim et al. [26] and Aydogan et al. [24] found smaller Ni clusters in the High N alloy 

relative to the Low N alloy, opposite of what was observed in the present study. It is possible that 

nitride precipitates could be engineered to slowly diffuse N into the matrix under irradiation, 

much like slow-release tablets in the pharmaceutical industry, providing a steady source of 

unbound interstitial atoms to retard vacancy movement and void formation throughout the 

service life of a material. 

5.5.4 Ni and Solute Clustering 

The formation of the Ni clusters on dislocations and interfaces lines up well with reactor 

pressure vessel (RPV) steel research. Almirall et al. noted that in RPV steels with lower Ni levels 

(0.3-0.7 wt%), even after neutron irradiation to a dose of ~6.4 dpa at 290˚C, clusters of Mn, Ni, 

Si, and P (MNSPs) had difficulty nucleating homogeneously, instead nucleating heterogeneously 

on network dislocations and irradiation induced interstitial loops [48]. Almirall et al. also 

showed increasing Mn content in tandem with Ni increased both the number density of MNSPs 

and the change in hardness [48]. Lower Mn led to slightly increased MNSP cluster size, while 

decreasing the number density. In this work, the observed segregation of Mn to V(C,N) 

precipitates shown in Figure 5.5 may lower the Mn available in matrix for the formation of the 

Ni clusters. In other words, the increased N content leads to a larger volume fraction of V(C,N), 

and therefore a reduced amount of solutionized Mn. The lower concentration of Mn could then 

lead to the increase in Ni cluster size with increasing N content. At elevated doses when the 

V(C,N) precipitates begin to dissolve, the Mn previously segregated to the V(C,N) precipitates 

may be dissolved back into the matrix. The enrichment of the matrix with Mn may lead to 

increased ‘nucleation’ of Ni clusters. An interesting line of future investigation might look at 

determining the time, temperature, and dose required for Ni clusters to transition to G-phase. 

Zheng et al. has suggested a threshold dose exists for the formation of G-phase [14]. They 
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showed that after 1 dpa of heavy ion irradiation at 470 ˚C, Ni, Si, Mn rich G-phase precipitates 

were not present, despite the observation of Ni and Si segregation. 

5.5.5 Irradiation Hardening 

The Low N alloy had a significantly larger irradiation hardening response relative to the 

Mid and High N heats. However, the difference between the Mid and High N alloys was not 

significant, despite clear variations in the irradiated microstructure. The largest difference 

between the Low N and the Mid and High N alloys is the presence of V(C,N) precipitates 

[30,31]. As discussed above, Ni clusters are present on line dislocations, dislocation loops, and 

V(C,N) precipitate interfaces. Additionally, it has been shown that Ni segregated to a/2<111> 

dislocation loops have a significant role in hardening [45]. Taken together, the V(C,N) 

precipitates in the Mid and High N alloys may act as a sink for a portion of the Ni that would 

otherwise segregate to dislocations and cause increased hardening. The Low N alloy, which does 

not contain significant V(C,N), but does form a similar amount of Ni clusters to the Mid N and 

High N alloy, necessarily has more Ni clusters on dislocation loops and line dislocations, 

assuming homogeneous formation of Ni clusters does not occur. The increased hardness after 

irradiation observed in the Low N material could also be due to the increased Cr solute content 

relative to the Mid and High N materials, which were observed to have Cr segregation to the 

V(C,N) precipitates. Cr has been observed to segregate to a/2<111> dislocation loops and could 

cause increased hardening [49].  

5.5.6 Future Opportunities 

In summary, prior to irradiation, increasing the overall N content in HT9 is expected to 

increase the presence of intragranular V(C,N) precipitates and increase the amount of interstitial 

N [30,31]. At lower doses, like those used in the present work, the increased amount of 

interstitial N is expected to slow SIA cluster mobility. Decreased SIA cluster mobility will 

increase the number density and reduce the average size of a/2<111> loops as the reaction of the 

SIA clusters with loops or interfaces over long distances becomes less likely. This effect is 

exemplified in the 0.5 dpa irradiations by Eftink et al. An additional consequence of the reduced 

probability of SIA cluster reactions is a decrease in the number density of a<100> relative to 

a/2<111> clusters and dislocation loops [45]. All three trends appear in this work and are shown 

in Figure 5.4. The increase in V(C,N) surface area and the segregation of Cr and Mn to the 

V(C,N) surfaces produces at least two consequences (Figure 5.5). First, the interfaces of the 
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V(C,N) precipitates can act as sinks, increasing the relative number density of SIA clusters that 

can be generated by displacement events before the matrix becomes saturated. Second, the 

removal of Cr, V, and more specifically, Mn may hamper the formation Ni clusters [48], 

resulting in the reduced cluster size with increasing N content shown in Figure 5.6.  

At elevated doses, two large shifts in the behavior of the material appear to occur and 

appear to explain many of the discrepancies observed among recent studies. First, the V(C,N) 

has been shown to dissolve into solution, significantly increasing the concentration of interstitial 

N in the matrix [26]. The concentration of V, Cr, and Mn also increase in the matrix, becoming 

closer to the concentrations in the Low N alloy. The increase in solute content could promote the 

formation of Ni clusters, and later, G-phase [48]. The lower ‘nucleation barrier’ for cluster 

formation, in combination with severely decreased SIA cluster mobility due to the increase in 

interstitial N, explains why higher dose studies by Aydogan et al. and Kim et al. observed 

smaller solute clustering in the High N alloy [24,26]. The second shift in behavior is that the SIA 

clusters are expected to reach a saturation point, where the number density of SIA clusters 

becomes high enough to overcome the reduction in mobility caused by increased interstitial N 

content. The ‘saturation’ of the matrix results in the continuous growth of dislocation loops as 

displacement cascades continue to produce SIA clusters. This theory is supported by Aydogan et 

al., who showed for elevated doses the size of dislocation loops in the High N alloy was greater 

than for Low N [24]. The work done by Eftink et al. also supports this interpretation, as the 

dissolution of the Cr2N precipitates reduces the amount of SIA sinks present in the material, 

lowering the total amount of SIA clusters that could form and annihilate prior to saturation. The 

lower relative ‘saturation point’ could lead to dislocation loop growth at lower doses than 

observed in the present work. In other words, a material with high capacity for SIA clusters, 

combined with slower SIA cluster mobility, sets up a time bomb of sorts that leads to the rapid 

growth of dislocation loops after a critical dose is achieved. Lastly, the decrease in SIA cluster 

mobility with increasing N is expected to be responsible for the enhanced suppression of void 

nucleation with increasing N content observed by Kim et al., due to more frequent SIA 

cluster/vacancy interactions taking place. 

An important avenue for further investigation is a study like that by Eftink et al., which 

observes how incremental increases in irradiation dose modify the structure of Low and High N 

HT9, if a crossover point occurs where rapid dislocation loop growth in each alloy begins to 
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occur, and the rate at which V(C,N) undergoes ballistic or chemical dissolution [25]. The 

addition of atom probe tomography (APT) to such a study may also reveal changes in chemical 

segregation of elements like Mn, Si, and P to the Ni clusters with increased dose. A good first 

step may be the examination of the 6.6 dpa ion irradiated heat of HT9 produced by Aydogan et 

al. for the presence of V(C,N) [24]. 

5.6 Conclusions 

Based on this work, several conclusions about the effect of increasing N content on the 

irradiated structure and hardness of HT9 can be drawn. 

• Increasing N content in HT9 was found to increase the number density of a<100> and 

a/2<111> dislocation loops, decrease dislocation loop size, and reduce the number density of 

a<100> relative to a/2<111> dislocation loops. These trends strongly implicate that a 

reduction in SIA cluster mobility takes place with increasing N content. 

• Increasing N content led to a slight increase in the size of the Ni clusters, which were found 

predominately decorating line dislocations, dislocation loops, and precipitate interfaces in all 

three alloys. One potential cause for increased size could be the reduction of nucleation 

potential for the Ni clusters, due to the segregation of Mn to the intragranular vanadium 

carbonitride precipitates. 

• There was a slight decrease in hardening between the Low N alloy and the Mid and High N 

alloys. The Ni clusters form at intralath V(C,N) precipitates, but because the V(C,N) 

precipitates are not present in the Low N alloy, more Ni may segregate to the line 

dislocations and dislocation loops. There is also a reduction in solute Cr with increased N 

content. The presence of Ni and Cr at dislocation loops has been shown to significantly 

increase the barrier strength of the defects and could be the cause of the increased hardening 

observed in the Low N alloy. 

These insights reinforce the idea that F/M steels are extremely sensitive to small 

variations in N content. Changing the N content has wide reaching ramifications on precipitate 

morphologies and interstitial and substitutional atom concentrations even before irradiation, 

which in turn leads to significant differences in the irradiated structure and hardness. 

Additionally, there may be a crossover point in irradiation dose over which rapid dislocation 

loop growth occurs that is sensitive to the N content in the alloys. Future work could lead to the 
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development of precipitates engineered to time-release N into the matrix for swelling control at 

elevated doses. 
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CHAPTER 6 

 
SUMMARY AND CONCLUSIONS 

 
A summary of the dissertation is presented here, alongside the main conclusions. 

Recommendations for future work are also provided.  

6.1 Summary and General Conclusions 

The objective of this work was to investigate the effect of N content on the irradiated 

structure and irradiation hardening of the 12Cr-1MoWV (wt%) ferritic/martensitic alloy HT9. To 

accomplish this, three primary compositions of HT9 were produced; a Low (10 ppm), Mid (190 

ppm), and High (440 ppm) N alloy that were otherwise compositionally equivalent. The alloys 

were characterized prior to irradiation to examine any structural differences and locate where N 

resided within the structure. The characterization utilized several complementary methods. The 

nitrides along with the general microstructure were explored with ThermoCalc simulation, 

electron backscattered diffraction (EBSD), conventional transmission electron microscopy 

(TEM), scanning TEM (STEM), energy dispersive X-ray spectroscopy (EDS), and time-of-flight 

secondary ion mass spectrometry (ToF-SIMS). The interstitial N content was investigated 

utilizing a combination of ThermoCalc simulation, ToF-SIMS, and internal friction analysis. 

Next, the alloys were irradiated with 1.5 MeV protons at 300˚C to a dose of 1 displacement per 

atom (dpa) to simulate a lower temperature nuclear reactor environment. Post irradiation, the 

alloys were examined for signs of irradiation induced segregation, precipitation, and dissolution 

with STEM/EDS, irradiation induced dislocation loop size and number density were determined 

via on-zone STEM. Irradiation hardening was quantified by Vickers microhardness 

measurements of each alloy before and after irradiation. 

Several conclusions were generated from this work both before and after irradiation of 

the alloys. It was revealed that ultrafine intralath vanadium carbonitride (V(C,N)) precipitates are 

generated in alloy HT9. The morphology of the V(C,N) precipitates changed with increasing N 

content from extremely fine particles of spherical appearance to much larger disk like 

precipitates. The change in the morphology and volume fraction of the nitride precipitates 

resulted in about a 200 MPa increase in the yield strength between the Mid and High N alloys 

while maintaining similar uniform elongation and work hardening behavior. Ultrafine 

precipitates are known to act as recombination sites for the self-interstitial atom (SIA) clusters 
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and vacancy clusters that are generated by displacement cascades during irradiation. Therefore, 

the existence of such precipitates across all three alloys was predicted to have a significant 

impact on irradiated structure and properties of the alloys. 

ToF-SIMS used as a complementary characterization technique for the semi-quantitative 

assessment of nitride and interstitial N content in steel. It was found that ToF-SIMS data can be 

used to compare the relative amount of V(C,N) across similar steel compositions and structures. 

The ability to analyze large volumes of material (relative to techniques like TEM), while 

maintaining parts-per-billion sensitivity, and minimal sample preparation requirements 

establishes ToF-SIMS as a powerful new tool for the rapid exploration of the precipitate 

populations in steels. Going forward, ToF-SIMS could be utilized for high-throughput precipitate 

analysis in alloy design and aging studies. In irradiation studies, ToF-SIMS could be used to 

observe irradiation induced precipitation and dissolution over a range of doses in addition to 

tracking the change in isotopic abundance of different nuclides as irradiation progresses. It was 

also found, that prior to irradiation, interstitial N content increased with increasing N content. 

Additionally, N+ and CsxN+ ion and ion cluster yields were found to be biased towards the nitride 

precipitates over N in solution in ferrite, however, the addition of matrix elements like Fe and Cr 

to ion clusters (Cs2FeN+ and Cs2CrN+) reduced the matrix effect biasing N detection towards 

nitride precipitates by about an order of magnitude. 

After irradiation at 300 ˚C to 1 dpa with 1.5 MeV protons it was found that increasing N 

content significantly impacted the structure and irradiation hardening behavior of the alloys. 

Increasing N content decreased the size and increased the number density of both a<100> and 

a/2<111> type dislocation loops, while decreasing the ratio of a<100> to a/2<111> type 

dislocation loops. This trend is strongly indicative of decreased SIA cluster mobility potentially 

caused by the diffusion of interstitial N to SIA clusters. Decreased SIA cluster mobility generally 

corresponds with lower irradiation induced swelling at elevated doses. It was also found that 

intralath V(C,N) remained stable and both Mn and Cr segregated to intralath V(C,N) precipitates, 

reducing the V, Mn, and Cr in solid solution with increasing N content. Irradiation induced 

segregation of Ni was found to occur in all three alloys, leading to the formation of Ni clusters at 

line dislocations, dislocation loops, and intralath V(C,N) interfaces. The Ni clusters slightly 

increased in size with increasing N content, which may be related to the decrease in solute Mn 

which has been shown to facilitate the formation of Ni clusters in steel. Overall, it was found that 
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increasing the N content in HT9 reduced irradiation hardening. There was a large decrease in 

hardening between the Low N alloy and the Mid and High N alloys. As discussed above, the Ni 

clusters form at intralath V(C,N) precipitates, but because the V(C,N) precipitates are not present 

in the Low N alloy more Ni segregates to the line dislocations and dislocation loops. There is 

also a reduction in solute Cr with increased N content. The presence of Ni and Cr at dislocation 

loops has been shown to significantly increase the barrier strength of the defects and could be the 

cause of the increased hardening observed in the Low N alloy. 

Together the findings indicate that increasing the N content in alloy HT9 increases the 

volume fraction of both inter- and intralath V(C,N) and the interstitial N content. Both changes 

have profound effects on the irradiated structure and irradiation hardening. The increased 

interstitial N content appears to cause a reduction in SIA cluster mobility. Simultaneously, the 

existence of V(C,N) appears to act as a sink for Ni clusters, reducing the presence of Ni at 

dislocation structures in the Mid and High N alloys, resulting in a reduction in irradiation 

hardening relative to the Low N alloy. The alteration of N content and nitride composition could 

provide an accessible, powerful means for tailoring the irradiated structure and properties of 

ferritic/martensitic steels like HT9. 

6.2 Recommendations for Future Work 

The present work has opened several opportunities for the furthered development of 

advanced ferritic/martensitic steels for reactor applications and the use of ToF-SIMS as a high-

throughput method of precipitate analysis for steels. 

• Atom probe tomography (APT) would allow for a more quantitative study of the composition 

of the Ni clusters, as APT is far more sensitive to lighter elements like P and Si than energy 

dispersive X-ray spectroscopy used in the present work. 

• There are indications of unstable V(C,N) precipitates in recent, yet to be published, high dose 

work, so a study looking into precipitate and damage structure over a range of doses would 

be valuable. ToF-SIMS would be an excellent tool in such a study, allowing for the relative 

amount of V(C,N) present to be determined easily across many different doses.  

• Further research into combinations of different types of strong nitride formers like Ti and Zr 

and dissolution rates under irradiation could lead to precipitate engineering that allows for 

the ‘tuning’ of precipitate dissolution speed and N release under irradiation.  
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• Pairing experimental results with modeling work on N - self-interstitial atom (SIA) cluster 

interactions could be a significant aid in experimental interpretation and provide some 

predictive capabilities for future alloy designs. Knowing how N effects the mobility of 

different SIAs like Ni, V, Cr, Mn, Si, and P would allow for informed tailoring of the amount 

N present in solution at different doses. 
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APPENDIX A 

 
DETERMINATION OF FOIL THICKNESS 

 
For characterization of defects and precipitates much smaller than the thickness of 

specimen, the three-dimensional nature of the thin foil must be considered for accurate 

comparison of features between specimens that could be of different thickness. There are two 

primary methods used to determine the thickness of TEM foils. The first uses electron energy 

loss spectroscopy (EELS) in an energy filtered TEM (EFTEM) to measure low loss spectra, such 

as the zero-loss and plasmon peaks to calculate the thickness [1]. The main advantage of the 

EELS method is insensitivity to the condition of the specimen, i.e., heavy deformation or dense 

dispersions of fine precipitates do not reduce the accuracy [1]. However, the EELS method 

requires a TEM equipped with an energy filter, which significantly increases the cost of the 

equipment. Currently none of the microscopes at Colorado School of Mines are equipped with an 

energy filter.  

 

 

Figure A1 – A representative example of the convergent beam method for determining TEM 
foil thickness. (a) shows Kossel-Möllenstedt (K-M) fringes in a zeroth-order Laue zone 
(ZOLZ) convergent beam electron diffraction (CBED) pattern from the irradiated Mid N 
specimen under two-beam conditions with (020) excited. (b) shows the intensity across the 
“Gray Value Scan” line shown in (a) and the required measurements to build plot (c). (c) plots 
(si/nk)2 as a function of nk

-2 where si is the measured deviation parameter for the ith fringe and 
nk is an integer identical to i or differing by a constant integer. If the function is linear, 
extrapolation of the y-intercept allows for the determination of specimen thickness, t, while the 
slope of the line can be used to determine the extinction distance,x. 
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The second method, the one used in this work, uses convergent beam electron diffraction 

(CBED) patterns, which can be produced in any conventional TEM or STEM system, but can 

lose accuracy in samples with high defect densities [1]. The CBED method takes advantage of 

Kossel-Möllenstedt (K-M) fringes that appear in zeroth-order Laue zone (ZOLZ) CBED patterns 

that are observed under two-beam conditions [2-6]. Figure A1(a) shows an example of a ZOLZ 

CBED pattern from the Mid N alloy, in which the K-M fringes in the excited (020) disk are 

clearly visible.  

To determine sample thickness, the K-M fringes must be measured. The associated 

deviation parameter of each fringe 𝑠! given by: s" = λ
#$!

%$"&
#
	, where 𝛥𝜃! is the angle that 

corresponds to the measured fringe spacing in radians, 𝜃' is the Bragg angle for the diffracting 

hkl plane, 𝜆 is the wavelength, and d is the interatomic spacing for the diffracting hkl plane [7]. 

Figure A1(b) shows the spectrum of gray value intensity over the (020) disk in Figure A1(a). 𝛥𝜃! 

values are obtained by measuring from the exact Bragg condition to the minima of each K-M 

fringe trough. Once 𝑠! has been determined for each of the K-M fringes specimen thickness, t, is 

given by: 
(!
#

)$
# +

*

+%
#)$

# =
*

,#
	, where nk is an integer identical to i or differing by a constant integer, 

while 𝜉- is the extinction distance [7]. 

When 𝜉- is not known, (si/nk)2 can be plotted as a function of nk
-2 as shown in 

Figure A1(c). nk should be adjusted such that k = i + j where j is the largest integer less than t/𝜉- 

resulting in a linear relationship. If the function is linear, extrapolation of the y-intercept allows 

for the determination of t, while the slope of the line can be used to determine 𝜉- [7]. Generally, 

the CBED method is accurate to about 2% of the TEM foil thickness and the calculated 

extinction distances can be checked against literature values for similar materials as a useful 

litmus test [1]. 
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APPENDIX B 

 
VANADIUM CARBONITRIDE CHARACTERIZATION 

 
Work has taken place to investigate the V(C,N) precipitates in more detail, specifically in 

the High N alloy. Two variants of elongated precipitates are shown in the on-zone scanning 

transmission electron microscope (STEM) bright field (BF) image in Figure B1(a). The 

precipitates are likely disk shaped based on the tapering, banded (1.11) and (200) V(C,N) rel-

rods shown in the selected area diffraction patterns in Figure B1(b and c) [1]. A more interesting 

feature of the precipitates begins to stand out upon inspection with centered dark field (CDF) 

Figure B1(d and e) - they almost all appear to be segmented. In (d and e), the precipitates appear 

to be clusters of smaller precipitates aligned perpendicular to the habit plane of the V(C,N) 

variants. It is also possible the segmentation is the result of an imaging artifact.  

 

 

Figure B1 – Ultrafine intralath vanadium carbonitrides V(C,N) in the High N alloy. (a) shows 
two variants of strongly diffracting V(C,N) in a bright field (BF) TEM image taken slightly off 
of the [100] BCC-Fe zone axis. Selected areas (SAs) 1 and 2 correspond to the selected area 
diffraction patterns (SADPs) in (b) and (c) respectively, which have the relevant diffraction 
spots circled for the two variants of V(C,N) visible in (a). (d) and (e) show that the ultrafine 
precipitates in the irradiated alloy are still organized in clusters of smaller particles (indicated 
with arrows) forming along the habit plane. (d) and (e) are CDF-TEM images taken with the 
diffraction spots circled in (b) and (c).  
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High resolution (HR)TEM was also performed on a V(C,N) precipitate, as shown in 

Figure B2(a). The simulated diffraction pattern of the B-N orientation relationship between the 

[100] and [11.0] zone axes of the matrix and V(C,N) respectively is shown in Figure B2(b). The 

fast Fourier transform (FFT) of Figure B2(a) is shown in Figure B2(c) and corresponds to 

simulated pattern in Figure B2(b). Figure B2(d) shows a darkfield-like image created by masking 

the intensity spots of the [11.0] zone axis of the precipitate in the FFT, performing an inverse 

FFT using the selected spots. Brighter regions in Figure B2(d) correspond to atomic planes that 

are more closely aligned to the intensity spots selected in the mask, which in this case are 

V(C,N) type spots. Once again, the precipitate is shown to be a conglomerate of several smaller, 

well-formed precipitates. 

 

 

Figure B2 – High resolution TEM (HRTEM) of an ultrafine V(C,N) precipitate in the High N 
alloy. (a) shows a BF image of the strongly diffracting V(C,N) precipitate looking down the 
[100] BCC-Fe zone axis. (b) shows a fully indexed simulated diffraction pattern of BCC-Fe 
with the variant of V(C,N) seen in (a) overlayed in magenta following the B-N orientation 
relationship. (c) shows the fast Fourier transform (FFT) of (a) with the point intensities 
indexed. The intensities produced by the precipitate are highlighted by magenta circles. (d) 
shows the inverse FFT of (a) after a mask selecting the intensities representing the V(C,N) 
precipitates, shown in the upper right corner of (d), was applied. The lighter regions in (d) 
correspond to atomic spacings expected of the V(C,N) precipitate present in (a) and align well 
with the diffracting region in (a). Also note that what appears to be a singular precipitate in (a) 
is once again composed of a cluster of several discrete regions as indicated by arrows in (d). 
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Further supporting evidence that the precipitates are V(C,N) specifically has been 

gathered from the precipitates in the form of EDS data and lattice parameter measurements using 

selected area diffraction patterns (SADPs) and HRTEM.   

STEM-EDS was used to further investigate the precipitates, the results of which are 

shown in Figure B3. EDS line scans were performed across precipitates that were confirmed to 

have a B-N orientation relationship to matrix shown by the CDF images in (b and c). The EDS 

line scans showed that the precipitates were enriched in V, N, and Cr and depleted of Fe relative 

to the surrounding matrix. Other elements did not show significant changes in concentration 

across the scans. The enrichment of the precipitate with V and N rules out many of the other MX 

precipitates that, not only have similar lattice parameters, but also form with a B-N orientation 

relationship with respect to the matrix, which include VC, CrN, and MoC [2]. 

 

 

Figure B3 – Elemental analysis via energy dispersive spectroscopy with a scanning TEM 
(STEM-EDS) of ultrafine intralath vanadium carbonitrides V(C,N) in the High N alloy. (a) 
shows a BF-STEM image near the [100] BCC-Fe zone axis in which several precipitates are 
diffracting strongly. (b) and (c) are CDF-TEM of the outlined region in (a) that reveal the 
presents of two variants of V(C,N) precipitates. The arrows labeled ‘EDS 1’ and ‘EDS 2’ 
correspond to STEM-EDS line scans, the results of which are shown in (d) and (e). The graphs 
(d) and (e) show approximate composition in wt pct as a function of distance along the 
scanned line and reveal the enrichment of V, Cr, and N in both scanned precipitates. 

 
Figure B1(b and c) show diffraction streaks for two variants of V(C,N). Based on the 

diffraction streaks the lattice parameter of the precipitates was measured to be between 0.379 nm 
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and 0.414 nm.  Literature values are in relative agreement, giving the lattice parameter of V(C,N) 

as between 0.404-0.417 nm [3-5]. A more rigorous approach to measuring the lattice parameter 

of the precipitates was also implemented in the form of HRTEM. Figure B4 shows two 

magnified regions from Figure B2(a). Figure B4(a) shows an inverse FFT of a region taken from 

the matrix far from the precipitate with a mask applied selecting matrix-generated intensity spots. 

The measured lattice parameter for the matrix was 0.288±0.002 nm, which agrees with X-ray 

diffractometry results of 0.2874 nm. Figure B4(b) shows an inverse FFT of a region taken from 

the precipitate with a mask applied selecting precipitate-generated intensity spots. The measured 

lattice parameter of the precipitate was 0.407±0.003 nm, which is the same as the estimated 

lattice parameter of VN measured from SADPs by Klemm-Toole et.al. [4,5]. Further studies may 

include an analysis of the lattice strain at various regions around the precipitate with the goal of 

explaining the clustering of the V(C,N) precipitates. 

 

 

Figure B4 – Interplanar spacing measured within the BCC Fe matrix (a) and V(C,N) 
precipitate (b). The measured distances shown correspond with the expected lattice parameters 
for each crystal. (a) and (b) are inverse FFTs made from Figure 11.9(a and c) with the 
respective FFT masks shown in upper left corner of each image. (a) was taken from a region 
far from the V(C,N) precipitate while (b) was taken from a region within the V(C,N) 
precipitate. 
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sink sites for transmutation He, which could reduce porosity and swelling during higher 

temperature, higher dose applications. It is important to note, that the precipitates could still 

become unstable at higher temperatures and doses. More testing would be necessary to evaluate 

these possible beneficial characteristics. The section also further supports the presence of V(C,N) 

precipitates. Additionally, the experimentally determined lattice parameters agree with literature 

values. 
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APPENDIX C 

 
THERMODYNAMIC SIMULATION OF NITRIDE FORMERS 

 
The following section outlines a portion of the thermodynamic simulation that took place 

at the beginning of this work prior to alloy selection and the targeted investigation of V(C,N). At 

early stages in the project, work was done to select alternate nitride formers that more effectively 

remove N from solid solution. Example of elements that form nitrides in steel listed from lowest 

to highest Gibbs free energy include Zr, Ti, Al, B, Ta, Nb, and V [Howard 2006]. Zr and Ti are 

often used to precipitate N and C from solid solution in interstitial free (IF) steels and can refine 

austenite grains. Al is used as an austenite grain refiner in many steels; however, it has been 

found to reduce toughness in some steels [Baker 2015]. The use of B was immediately ruled out, 

as 10B, which makes up 20% of natural B, transmutes readily to 4He and Li, both of which can 

have negative impacts on mechanical properties in steels [Klueh 2007]. Nb is used commonly in 

high strength low alloy (HSLA) steels as carbide former that act to pin dislocations and slow 

grain boundary movement. Ta behaves like Nb but is more expensive, therefore it is utilized 

significantly less.  

The TCFE9 v9.0 database in ThermoCalc 2017a was used to model the equilibrium 

stability of carbonitrides, as well as the amount of carbon and nitrogen within each phase in HT9 

with different nitride formers added [Thermo]. The goal of the modeling is to help inform the 

composition selection of several heats of modified HT9 for melting and experimental work later 

in the project. Two temperatures were chosen for modeling. The primary temperature 

investigated was 1040 ˚C, which is the normalizing temperature of the base HT9 alloy and the 

temperature at which the M23C6 carbides are solutionized prior to the room temperature quench. 

The second temperature investigated was 760 ˚C, which is the tempering temperature of the base 

alloy. The second temperature was chosen to ensure carbonitride stability throughout the 

tempering step. The base composition of HT9, seen in Table C1, was used for the simulation. 

The N level was set at 0.004 wt pct (40 ppm), an attainable level for a typical basic oxygen 

furnace steelmaking operation [Brown 2014]. Nitride forming elements were chosen, based on 

thermodynamic potential to bond with N and a brief literature review. The elements chosen, in 

order from highest to lowest affinity for nitrogen, were: Zr, Ti, Al, Ta, and Nb. Prior to 

simulation, a calculation was performed to determine the wt pct of each element necessary to 
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balance 40 ppm of N in the alloy. From the results of that calculation, composition ranges of 

interest were determined for modeling shown in Table C2. 

 
Table C1 – Composition of HT9 used for ThermoCalc Simulations 

 

wt pct C Mn Si Ni Cr Mo V N W 
HT9 0.2 0.6 0.4 0.5 12.0 1.0 0.25 0.004 0.5 

 

Table C2 – N Balance for Nitride Formers used for ThermoCalc Simulations 
 

Element 0.004 wt pct N balance (wt pct) Composition Range (wt pct) 
Zr 0.03 0 - 0.12 
Ti 0.01 0 - 0.08 
Al 0.01 0 - 0.08 
Ta 0.05 0 - 0.30 
Nb 0.03 0 - 0.30 

 

  

(a) (b) 

Figure C1 – Equilibrium phase content plots generated in ThermoCalc, showing the stable 
phases and N content as a function of temperature. Dashed lines and dotted lines represent the 
mole fraction of a phase in the bulk alloy relative to other phases, with the dashed lines being 
of specific interest. Solid lines represent the mol fraction of N from the bulk alloy present in 
each phase. (a) shows the mol fraction of phases from 0.0 to 1.0, while (b) shows 0.0 to 0.001, 
allowing the Z-Phase and V:N phase to be observed. 

 

The results of the ThermoCalc simulations are shown in Figures C1, C2, and C3. The 

overall equilibrium phase content as a function of temperature is shown in Figure C1(a), which 

shows an initial increase in the amount of N in ferrite as it begins to form at about 900 ˚C on 

cooling. The N in ferrite then decreases with decreasing temperature, as the N is removed from 

solid solution by the V:N phase and the Z-phase (Cr,V:N) seen in Figure C1(b), which shows the 
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phases that exist in lower mole fractions. At the tempering temperature (760 ˚C), there is still a 

relatively significant equilibrium quantity of N in the ferrite phase, even assuming the V:N 

effectively precipitated the maximum amount of N out of solid solution.  

The compositions utilizing Zr (Figure C2(a) and (b)) and Ti (Figure C2(c) and (d)) as the 

nitride former displayed similar behavior to each other. At 1040 ˚C as the composition of Zr and 

Ti increased, nearly all of the N (0.00016 mol frac) was pulled from the austenite to form the 

Zr:C,N and Ti:C,N phases, while less than 0.0005 mol C of the 0.0092 mol C available was  

 

  

(a) (b) 

  

(c) (d) 

Figure C2 – Equilibrium property content plots generated in ThermoCalc, showing 
carbonitride development over a range of compositions of Zr and Ti. Dark dashed lines 
represent the mole fraction of a phase in the bulk alloy relative to other phases. Solid lines 
represent the mol fraction of C or N from the bulk alloy present in each phase. The light dotted 
line is the total mol fraction of N in the bulk alloy. (a) and (c) are modeled at 1040 ˚C, while 
(b) and (d) are modeled at 760 ˚C. 
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consumed precipitating much of the N from solid solution. At 760 ˚C, compositions that 

successfully precipitated the N from solution at the normalizing temperature retained stable 

nitrides Zr:N and Ti:N with no N dissolved in the ferrite phase. Based solely on the equilibrium 

calculations, both Ti and Zr appear to be strong candidates for removing solute nitrogen from the 

steel in the form of precipitates. Both are known to provide austenite grain refinement. Further 

modeling should be performed to examine the kinetics of the phase formation and at what 

conditions over-coarsening of the precipitates could occur. Ideally, a fine, uniform dispersion of 

the precipitate would form throughout the ferrite matrix, providing a large amount of surface 

area for defect recombination and helium trapping. 

The composition utilizing Al (Figure C3(a) and (b)) shows unique behavior compared to 

the other nitride formers. At 1040 ˚C, Al is completely soluble in austenite. All the N is also 

dissolved in the austenite phase. At 760 ˚C, the Al and N precipitate out as Al:N, which has no C 

solubility and precipitates nearly all of the N, leaving low levels of N in the ferrite phase. Further 

modeling is required to look at what temperature the Al:N begins to form. If the temperature is 

high compared to the tempering temperature, there should be suitable undercooling to produce a 

dense dispersion of fine precipitates. Further modeling of the kinetics of the Al:N formation will  

 

  

(a) (b) 

Figure C3 – Equilibrium property content plots generated in ThermoCalc, showing 
carbonitride development over a range of compositions of Al. Dark dashed lines represent the 
mole fraction of a phase in the bulk alloy relative to other phases. Solid lines represent the mol 
fraction of C or N from the bulk alloy present in each phase. The light dotted line is the total 
mol fraction of N in the bulk alloy. (a) is modeled at 1040 ˚C, while (b) is modeled at 760 ˚C. 
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also must be performed to ensure that the diffusion rates of Al and N are fast enough at 760 ˚C 

for the majority of N to be removed from solution. 

The compositions utilizing Ta (Figure C4(a) and (b)) and Nb (Figure C4(c) and (d)) 

showed relatively similar behavior with some critical differences. At 1040 ˚C, both compositions 

show preference to C forming the carbides Ta:C and Nb:C, consuming C and leaving most of the 

N in the austenite phase. This behavior suggests that Ta and Nb may not be  

 

  

(a) (b) 

  

(c) (d) 

Figure C4 – Equilibrium property content plots generated in ThermoCalc, showing 
carbonitride development over a range of compositions of Ta and Nb. Dark dashed lines 
represent the mole fraction of a phase in the bulk alloy relative to other phases. Solid lines 
represent the mol fraction of C or N from the bulk alloy present in each phase. The light dotted 
line is the total mol fraction of N in the bulk alloy. (a) and (c) are modeled at 1040 ˚C, while 
(b) and (d) are modeled at 760 ˚C. (a) and (c) also cover a larger composition region than (b) 
and (d). 
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suitable candidates for the removal of solute N. If the composition region where Ta and Nb are 

soluble in austenite (< 0.01 wt pct) are examined at tempering temperatures, as shown in 

Figure C4(b) and (d), Ta seems to enhance the solubility of N in the V:N phase. It can be seen in 

the phase diagram of base HT9 that the ferrite phase is expected to have a much higher level of 

N seen in the Ta composition at the same temperature. The addition of Nb seems to stabilize the 

Z-phase at the tempering temperature, which is not ideal for material properties [Tippey 2016]. 

Once again, further modeling could be done to examine the impact of Ta on V:N formation and 

the possible formation of Z-phase. The stabilization of Z-phase on the addition of Nb makes Nb 

a poor candidate for the removal of solute N via precipitation. It is also important to note that as 

the Ta composition is increased, the amount of N dissolved into the ferrite phase increases, 

suggesting small additions of Ta may be more ideal. 

The modeling performed so far only covers one composition of N (0.004 wt pct). It is 

important to know whether the trends found at lower N levels hold constant at more moderate 

compositions (>0.009 wt pct) that might be seen in electric arc furnace steelmaking. 

Further simulations and experimental works are necessary to understand how additions of 

different nitride formers impact the N content and potential properties of the steel. Currently, Zr 

and Ti are the most promising choices for the removal of interstitial N from the ferrite matrix. 

Depending on the kinetics of the precipitate formation, Al may also be a good candidate, 

specifically regarding precipitate morphology (fine particles with a dense dispersion). Ta also 

displayed some interesting potential interaction with V:N, possibly decreasing the N present in 

the ferrite. Finally, Nb stabilized the Z-phase, which is known to be deleterious to properties, 

ruling out Nb as a potential alloying addition. 
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