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ABSTRACT 

Al-Cu alloys have long been a subject of study due to their long history, high strength, and 

ease of manufacture.  However, advanced characterization techniques have shown that the 

deformation mechanisms and precipitate-dislocation interactions are still not understood 

perfectly.  For example, there has been recent studies that have concluded that θ′ precipitates, 

previously assumed to be unshearable by dislocations, can be sheared during the strain hardening 

regime of the alloy.  This study, therefore, intends to identify the deformation mechanisms and 

precipitate-dislocation interactions in Al-Cu alloys as a function of microstructure and testing 

temperature.  The primary experimental technique that will be implemented is in-situ neutron 

diffraction, which allows for the measurement of stresses within individual phases and 

crystallographic orientations, providing the constitutive response of the matrix and precipitates 

separately. 

Three primary research questions were asked: 1. What is the effect of microstructure on the 

strain hardening mechanisms at room temperature in an Al-4.5%Cu alloy?  2. What is effect of 

testing temperature on precipitate-dislocation interactions during tension in an Al-4.8%Cu-

1.2%Ni-Mn-Zr thermally stabilized alloy?  3. What are the deformation mechanisms in a creep 

condition at 300°C at high stress in the same Al-4.8%Cu-1.2%Ni-Mn-Zr alloy? It was found 

that, at room temperature, while the deformation in GP zone and θ precipitate-strengthened 

conditions are controlled by a single, simple mechanism, the behavior of θ′-strengthened alloys 

was much more complex.  The θ′ precipitates were primarily bypassed by Orowan looping, and 

the strain hardening behavior was found to be highly influenced by the transfer of load from the 

matrix to the θ′ precipitates, and this load transfer was a strong function of the orientation of the 

θ′ precipitates relative to the tensile direction. In the elevated temperature tensile tests, it was 
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found that the θ′ precipitates underwent both Orowan looping (in the initial strain hardening 

regime), then sheared by dislocations (in the later stages of plastic deformation), and the CRSS 

of the precipitate was a strong function of temperature.  In the creep condition, the deformation 

mechanisms that were identified were very similar to the mechanisms active in tension.  The 

strain hardening effects related to Orowan looping and load transfer helped explain a very high 

creep resistance that was observed.  Models were developed and implemented in order to 

quantify the load transfer behavior as a function of precipitate orientation, as well as the CRSS of 

the θ′ precipitate as a function of temperature.  These results and conclusions provide a better 

understanding of the mechanical behavior of Al-Cu alloys at a precipitate scale and may be used 

to inform future alloy development efforts. 
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CHAPTER 1  

GENERAL INTRODUCTION 

Al-Cu alloys are perhaps the most classic example of a precipitation-strengthened alloy, 

and as such, have seen extensive study and application.  For example, the Wright brothers’ 

airplane engine was made from an Al-Cu alloy [1].  They can be strengthened with one or more 

metastable or thermodynamically stable precipitate types ranging from 1 atomic layer thick GP 

zones to nearly micron size θ precipitates [2–4].  As such, there is a wide range of mechanical 

properties that can be achieved with varying aging treatments [5–8].   

Previous studies have provided an extensive understanding of the aggregate (i.e. 

precipitates and matrix studied as one material) behavior of Al-Cu alloys.  This understanding 

has allowed for the optimization of heat treatments and alloy compositions in order to maximize 

strength [9–12].  However, much less study has focused on the behavior of the precipitate and 

matrix separately.  Of the studies that have focused on this behavior, most have utilized post-

mortem transmission electron microscopy (TEM) investigation to observe precipitate-dislocation 

interactions [13,14].  There is significant value in understanding the precipitate and matrix 

behaviors in-situ during mechanical testing, as has been done extensively in other alloy systems 

[15–19].  Therefore, studying the precipitate and matrix behavior during deformation in Al-Cu 

alloys will be the focus of this thesis.  The primary tool that will be used to do this is in-situ 

neutron diffraction, which allows for the measurement of the constitutive behavior of individual 

phases in the same alloy during mechanical testing [20]. 

1.1 Objective 

The goal of this work is to understand more fully the mechanical behavior of the 

precipitate and matrix separately during deformation in various Al-Cu alloys using in-situ 
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neutron diffraction.  It will be split into three sections, each focusing on testing the behavior as a 

function of one experimental variable.  Chapter 2 utilizes a commercial Al-Cu alloy and applies 

several heat treatments to form different precipitate structures and studies the constitutive 

behavior of the precipitate and matrix during a room-temperature tensile test as a function of 

precipitate structure, with a focus on the effect of crystallographic orientation.  Chapter 3 utilizes 

a thermally stabilized Al-Cu alloy that retains a similar precipitate structure during overaging up 

to 350°C.  The constitutive behavior of its matrix and precipitate in this thermally stabilized 

alloy is studied during elevated temperature tensile testing as a function of testing temperature, 

with a focus on the precipitate-dislocation interactions.  Chapter 4 utilizes the same thermally 

stabilized Al-Cu alloy to study the precipitate and matrix constitutive behavior during creep 

loading as a function of applied stress. 

1.2 Literature Review 

1.2.1 Phases in Al-Cu Alloys 

Al-Cu alloys are normally precipitation-strengthened and can have a variety of 

precipitates.  Most are metastable, and the precipitation sequence is as follows: supersaturated 

solid solution (SSS) → GPI zones → GPII zones/θ′′ precipitates → θ′ precipitates → equilibrium 

θ precipitates [2,4].  GPI zones, GPII zones, θ′′ precipitates, and θ precipitates are all metastable, 

plate-shaped, and the plate is oriented with the (001) lattice planes of the matrix.  GPI zones are 

one atomic layer of copper and are fully coherent with the matrix [7].  θ′′ precipitates are 2-4 

atomic layers of copper separated by 3 layers of aluminum each and are fully coherent with the 

matrix [21].  GPII zones and θ′′ precipitates are very similar and the terms are often used 

interchangeably, and will be referred to θ′′ precipitates here.  θ′ precipitates have a stoichiometry 

of Al2Cu and a tetragonal crystal structure.  θ′ has a coherent interface on the broad face of the 
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plate, and semi-coherent interfaces on the edges.  It has a (001)α//(001)θ′ orientation relationship 

with the matrix [22,23].  θ also has a tetragonal crystal structure and has completely incoherent 

interfaces.  It forms a blocky shape [23].  Examples of each precipitate are shown in Figure 1.1. 

 

Figure 1.1:  Examples of precipitates in the Al-Cu system, taken using STEM-HAADF.  The 
alloy used in this example is alloy 206.  A T6 heat treatment was applied in (a), and (b) was 
overaged at 300°C for 200 hours.  The alloy and heat treatment are described in further detail in 
Chapter 2.3. 

 The precipitates primarily used for strengthening in peak aged Al-Cu alloys are θ′′ and θ′.  

As both of these precipitates are metastable, coarsening and transformation of the precipitates 

often the limiting factor of the mechanical properties in these alloys when applied at elevated 

temperature [24,25].   As such, improving the thermal stability of the metastable precipitates is 

paramount when applying Al-Cu alloys at elevated temperature.  Significant recent research has 

focused on this topic [24–28].  The result of this research has been the development of a class of 

Al-Cu alloys with Mn and Zr additions (called ACMZ alloys).  The Mn and Zr segregate to the 

interfaces of the θ′ precipitates, and act either as a thermodynamic stabilizer by reducing the 

interfacial energy, or as a kinetic stabilizer by acting as a diffusion barrier of Cu away from the 

precipitate [24,26].  An ACMZ alloy will be used in Chapters 3 and 4 to study the elevated-

temperature mechanical properties.  
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1.2.2 Precipitate-Dislocation Interactions 

The two classic precipitate-dislocation interactions are precipitate cutting and Orowan 

looping [29].  Both these mechanisms can occur in Al-Cu alloys depending on the aging 

treatment and precipitate structure.  Traditionally, it has been assumed that GP zones and θ′′ 

precipitates are cut by dislocations [14] while θ′ and θ precipitates are bypassed via Orowan 

looping [30].  However, this is an oversimplification, as θ′′ precipitates can undergo Orowan 

looping at low temperature [31] and θ′ precipitates can be cut when they are small, are at 

elevated temperature, or are at high strain [10,13,32].   

The precipitate cutting and Orowan looping mechanisms have are very well-established 

[33].  As GP zones and θ′ precipitates have the same crystal structure as the matrix and are 

completely coherent, dislocations stay on the same slip plane and do not form jogs when cutting 

them.  Orowan looping does not require dislocations to enter the precipitate, so this mechanism 

again acts in a classical manner.  However, the cutting of θ′ precipitates has other requirements.  

The crystal structure of the precipitate and matrix is not the same, and neither are the slip 

systems.  Aluminum has an a/2[011] Burgers vector on the (111)α slip system, while θ′ has either 

an a/2[011] or an a/4[201] Burgers vector, both on the (112)θ′ slip plane [13].  The slip planes 

between aluminum and θ′ are close to matching up, but it is not perfect.  These factors, in 

addition to a high anti-phase boundary energy, lead to a very high strength in θ′ precipitates [30]. 

An important phenomenon that occurs in many precipitation-strengthened alloys is called 

load transfer.  Load transfer occurs during plastic deformation when you have a two-phase 

material, with one phase significantly stronger than the other.  Because of the difference in 

strength, the weaker phase will yield first, and begin plastic deformation while the stronger phase 

is still undergoing elastic deformation.  If the second phase is high aspect ratio (such as plate or 
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rod shapes), and has high-strength interfaces, it will undergo a similar magnitude of elastic strain 

as the plastically-straining matrix.  This high plastic strain will lead to high stress, and therefore a 

large difference in stress between the phases i.e. load is being transferred from the weaker phase 

to the stronger one [15,16].  This load transfer phenomenon has been studied for the θ′ 

precipitate a number of times, and it has been found to contribute significantly to the strength of 

the alloy (this strengthening mechanism is called ‘backstress hardening’) [34].  Another author 

found that there is more to this interaction than just load transfer, and that, when shear strain is 

applied instead of tensile strain, the θ′ precipitate can rotate instead of undergoing load transfer, 

i.e. it accommodates the shear strain via rotation [35].  While shear strain is not usually applied 

directly to a specimen, basic mechanics dictate that when tensile strain is applied, shear strain 

exists off-axis of the tensile strain [29].  These mechanisms of load transfer and precipitate 

rotation are displayed schematically in Figure 1.2. 

 

Figure 1.2: Schematic representation of the load transfer process and strain accommodation via 
precipitate rotation.  (a-b) display the load transfer process, where a precipitate aligned with the 
tensile direction must undergo similar magnitudes of tensile elastic strain as the tensile plastic 
strain surrounding it.  (c-d) display the strain accommodation via precipitate rotation mechanism, 
where the precipitate rotates instead of undergoing high elastic strains to accommodate the 
plastic strain surrounding it. 
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The two interactions of load transfer and strain accommodation via rotation act counter to 

each other and will be highly dependent on the orientation of the precipitate.  The orientation of 

maximum shear strain is 45 degrees off the tensile axis, so precipitates in this orientation will 

experience more rotation and less load transfer than a precipitate that is aligned with the tensile 

axis.   As load transfer is associated with backstress hardening, the dependence of load transfer 

on precipitate orientation combined with the orientation relationship between the precipitate and 

matrix causes a large degree of anisotropy in the strain hardening behavior in θ′-strengthened 

alloys [35,36]. 

Load transfer can cause very high stresses to form in the precipitate phase.  Although the 

high strength in θ′ precipitates cause them to be resistant to dislocation cutting, recent research 

suggests they can still be cut by dislocations during plastic deformation.  This observation has 

been made using bulk mechanical testing [10], transmission X-ray microscopy [32], and discrete 

dislocation dynamics modeling [37].  However, unlike classic examples of precipitate cutting 

(where the precipitate being cut defines the yield strength of the material), dislocation cutting 

occurs in θ′ precipitates during the plastic deformation of the alloy as a result of extensive load 

transfer [10].  The mechanism by which it is cut is called ‘delayed shearing’, and works as 

follows: First, the alloy yields, and the precipitates are bypassed via Orowan looping.  Orowan 

looping continues and the stress in the precipitates reaches its yield point from load transfer.  The 

precipitate then yields via the collapse of Orowan loops that had formed prior, resulting in their 

annihilation.  A schematic representation of this process is shown in Figure 1.3. 
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Figure 1.3: Schematic representation of the delayed shearing process.  (a) represents the elastic 
regime, where dislocations meet and begin to bow around θ′ precipitates.  (b) represents the 
initial plastic regime, where Orowan loops form.  (c) represents the later plastic regime, where 
Orowan loops collapse, shearing the precipitate. 

The resistance of the θ′ precipitate to delayed shearing is yet to be described in a simple 

manner.  The shear strength of other precipitates, however, have been quantified.  There are 

several possible mechanisms of strengthening of the precipitate, including but not limited to: 

coherency, modulus mismatch, chemical, and order strengthening [8,14,38].  Coherency 

strengthening arises when there is a mismatch in the lattice parameter of the precipitate and 

matrix, which creates a strain field around the precipitate that inhibits dislocation motion.  

Modulus mismatch strengthening occurs when the precipitate and matrix have different elastic 

properties, which causes a difference in the dislocation line energy in the precipitate and matrix.  

Chemical strengthening arises from the interface that is created when the precipitate is sheared.  

Order strengthening occurs when the precipitate phase is ordered, and a matrix dislocation 
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entering it would offset the crystal structure, creating a high-energy interface.  Often more than 

one of these strengthening mechanisms are at play for the same precipitate. 

1.2.3 Creep Behavior 

Creep occurs in three stages and can be controlled by a variety of mechanisms.  The three 

stages are: primary (transient) creep, where the creep strain rate is decreasing as a function of 

time, secondary (steady state) creep, where the strain rate is constant, and tertiary creep, where 

the strain rate is increasing as a function of time.  The secondary creep regime normally occupies 

the majority of the creep life of a material and can be used to identify rate-controlling creep 

deformation mechanisms according to:  

𝜀�̇�𝑠 = 𝐴 (𝑏𝑑)𝑝 (𝐷𝑒𝑓𝑓𝐺𝑏𝑘𝑇 ) (𝜎𝐺)𝑛
 (1.1) 

where 

𝐷𝑒𝑓𝑓 = 𝐷0 exp ( 𝑄𝑅𝑇) (1.2) 

where 𝜀�̇�𝑠 is the steady-state creep rate, 𝑏 is the Burgers vector, 𝑑 is grain diameter, 𝐺 is shear 

modulus, 𝑘 is Boltzmann’s constant, 𝑇 is temperature, 𝜎 is applied stress, 𝑄 is activation energy, 𝐷0, 𝑛, 𝑝 and 𝐴 are constants.  𝑛 can be used to identify rate-controlling creep mechanisms. These 

creep mechanisms can be classified into three categories: diffusional creep (which typically 

occurs at low stress), where the diffusion of vacancies causes creep strain directly and n<2 

[39,40]; dislocation-mediated power law creep (which typically occurs at moderate stress levels), 

where the creep rate is controlled by the rate of either dislocation glide or dislocation climb and 

n=4-8 [41–43]; and power-law breakdown (which typically occurs at very high stress) where 

dislocation-dislocation interactions control the creep rate and n > 8 [44].   
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The creep behavior in Al-Cu alloys is highly variable depending on temperature, alloy 

composition and aging treatment [45].  At 300°C, two different general behaviors were observed 

in different alloys.  In alloys where θ′ was not present, the creep resistance was low, and 

dislocation glide and climb controlled the behavior even at low stress, with power law 

breakdown occurring at higher stress.  In alloys where θ′ was present, the strain rates were much 

lower, and the behavior was controlled by grain boundary diffusional creep at low stress, then 

dislocation glide and climb at higher stress.  This creep resistance was concluded to be caused by 

the θ′ impeding the motion of dislocations in the grain bulk at lower stress, which caused the 

grain boundaries to become the weakest link in the θ′ strengthened alloys.  At higher stress, the 

dislocation was able to bypass the precipitate, but at a much slower rate than in the alloys that 

lacked θ′ [45].   

1.2.4 In-situ Neutron Diffraction 

The primary tool that is used in this work to study precipitate-dislocation interactions and 

strain hardening/creep behavior is in-situ time of flight neutron diffraction in the VULCAN 

beamline at Oak Ridge National Laboratory’s Spallation Neutron Source (ORNL SNS).  A photo 

of the experimental setup is shown in .  This beamline allows for the measurement of lattice 

strain (𝜖ℎ𝑘𝑙), which is defined as: 

𝜖ℎ𝑘𝑙 = 𝑑ℎ𝑘𝑙 − 𝑑0𝑑0  (1.3) 

where 𝑑ℎ𝑘𝑙 is the lattice interplanar spacing of the hkl plane measured under load, and 𝑑0 is the 

interplanar spacing of the same plane measured prior to loading.  As dislocation motion does not 

change the lattice interplanar spacing, lattice strain only measures elastic interactions, and 

therefore it can be used to measure the stress of an individual crystallographic orientation in an 

individual phase within a bulk specimen [20]. 
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Figure 1.4: Image of the experimental setup at the VULCAN beamline in the Spallation Neutron 
Source at Oak Ridge National Laboratory.  Loading direction is horizontal.  The red coils are 
induction heating coils and are not used for the room temperature testing described here. 

 In order to measure the stress within a phase using this technique, additional information 

is required.  The phase stress (𝜎ℎ𝑘𝑙) can be described using the direction-specific elastic modulus 

(𝐸ℎ𝑘𝑙) using the relation: 𝜎ℎ𝑘𝑙 = 𝜖ℎ𝑘𝑙 ∗ 𝐸ℎ𝑘𝑙 
 

(1.4) 

 Note that 𝐸ℎ𝑘𝑙 is not the Young’s modulus, and instead is the direction-specific elastic 

modulus.  𝐸ℎ𝑘𝑙 can be calculated using the procedure outlined in [46].  This procedure requires 

the compliance matrix of the material as inputs.  Compliance is simple to provide for the matrix 

phase (assumed here as pure aluminum) [47].  However, it is the much more difficult to measure 

the elastic properties precipitate phase due to its small size and metastability.  Therefore, density 

functional theory is required to calculate the elastic properties of θ′ [48].   
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2.1 Abstract 

While the strengthening of Al-Cu alloys due to precipitation has been extensively 

studied, the effect of crystallographic orientation of the matrix and precipitates, as well as 

precipitate morphology, on the strain hardening behavior is not well understood.  Here we 

investigate this effect with in situ neutron diffraction during deformation of an Al-Cu alloy (206) 

after multiple aging treatments.  Precipitate-dislocation interactions were found to change from 

precipitate shearing for microstructures predominantly containing GPI and θ′′ precipitates to 

Orowan looping for microstructures with primarily θ′ and θ precipitates.  Notably, significant 

anisotropy in strain hardening behavior was observed when θ′ precipitates were present, which 

was attributed to crystallographic orientation dependent load transfer from the Al matrix to the θ′ 

precipitates.  The anisotropic load transfer is hypothesized to be caused by the extent of rotation 

of high aspect-ratio θ′ precipitates, owing to dislocations looping around them during plastic 

deformation of the matrix.  Predictions from an analytical model describing the anisotropic 

magnitude of load transfer from precipitate rotation agree well with experimental results, 

successfully validating the precipitate rotation hypothesis and explaining the anisotropic strain 
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hardening behavior.  This work has implications for understanding the strain hardening behavior 

of alloy systems with high aspect ratio precipitates. 

2.2 Introduction 

The effect of plate-shaped precipitates on strain hardening has received attention in recent 

years [1,2], but the effect of matrix crystallographic orientation on the strain-hardening response 

resulting from these high aspect-ratio precipitates remains not well understood. Al-Cu alloys are 

quintessential examples of microstructures that contain plate-shaped precipitates [3]. Many 

studies have been performed on aging characteristics [4–7], dislocation-precipitate interactions 

[8–12], and mechanical properties [13–16] of Al-Cu alloys. There is renewed interest in the Al-

Cu system, both as a model system for plate-shaped precipitate strengthened materials [17–19], 

and because of environmental regulations creating a demand for low-density, high-strength 

alloys with improved elevated-temperature stability [20–22].  

 The plate-shaped precipitates that strengthen Al-Cu alloys are either coherent or 

semicoherent with the matrix.  The precipitation sequence in Al-Cu alloys is GPI zones → θ′′ → 

θ′ → θ [23].  GPI zones and θ′′ precipitates are plate-shaped and fully coherent, with a {001}α 

habit plane [23].  θ′ (Al2Cu) precipitates are also plate-shaped, with coherent faces and semi-

coherent edges, a {001}α habit plane, and a tetragonal crystal structure [24].  θ precipitates 

(Al2Cu) are globular, incoherent, and also have a tetragonal crystal structure [25].  The 

precipitate-dislocation interactions in Al-Cu alloys evolve from precipitate shearing to bypass 

with increasing size and decreasing coherency [11].  GPI and GPII zones are traditionally 

assumed to be sheared by dislocations at or near the bulk yield strength of the alloy [11,26].  

However, recent work suggests that dislocations overcome larger θ′′ precipitates by Orowan 

looping [27].  On the other hand, θ precipitates are impenetrable by dislocations and are 
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bypassed by Orowan looping and cross-slip [11,28].  θ′ precipitates may be sheared by 

dislocations when they are thin (< 5 nm) or under high stress  (> 1 GPa critical resolved shear 

stress)  [1,8,29,30].  For Al-Cu alloys with predominantly θ′ or θ containing microstructures, 

Orowan looping is the common dislocation bypass mechanism that contributes to strain 

hardening behavior [1,10].  These changes in precipitate-dislocation interactions are expected to 

have a marked impact on the strain hardening behavior, as Orowan looping will be an additional 

strain hardening mechanism in the θ′- and θ-rich microstructural conditions, in addition to 

dislocation tangling, multiplication, and cell formation [31]. 

 Although the strengthening of Al-Cu alloys as a function of aging is relatively well-

understood [16,32,33], new insights have emerged, such as the contribution of a stress-free 

transformation strain during θ′ formation that contributes to the strength of the alloy [34].  Strain 

hardening in bulk, polycrystalline samples has also been explored [1,14,15,31,35–37].  The strain 

hardening behavior is not isotropic, so studying it as a function of crystallographic orientation 

becomes useful [2,35].   In previous studies of strain hardening in microstructures with plate 

shaped precipitates, the microstructure has been treated as an aggregate [1,14,15,31,35–37].   

Precipitates become a significant fraction of the microstructure, especially in overaged 

conditions in Al-Cu alloys, and significant load transfer occurs between the matrix and 

precipitates.   It is, therefore, of fundamental and practical interest to investigate the effect of 

load transfer to the precipitates on the overall strain hardening in Al-Cu alloys. 

In situ neutron diffraction allows for the measurement of lattice strains in a geometrically 

equivalent family of crystallographic orientations, which can be used to garner the precipitate-

dislocation interactions [38] and variations in strain hardening mechanisms [39].  The lattice 

strains are associated with the behavior of the individual phases within the microstructure, 
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whereas “bulk” refers to their combined behavior.  The in situ neutron diffraction technique can 

additionally identify load transfer, which occurs when a softer matrix deforms plastically. In 

order to maintain compatibility with the matrix, a stronger precipitate must deform elastically, 

leading to a large difference in stress between the phases and transfer of load to the precipitate.  

This load transfer can sometimes be mitigated by various strain accommodation mechanisms, 

which allow for the precipitate to conform to the matrix plastic strain, without undergoing 

additional elastic strain.  Strain accommodation can occur via many mechanisms, including 

shearing and fracture of the precipitate [11,13,38].  Another strain accommodation mechanism 

that has been discussed in the literature is rotation of plate-shaped precipitates, such as the θ′ 

phase [2,35]. 

In this work, we apply in-situ neutron diffraction of Al-Cu alloys under load to investigate 

both the precipitate-dislocation interactions and strain hardening mechanisms as a function of 

crystallographic orientation.  A precipitate rotation based strain accommodation mechanism is 

identified that determines the crystallographic orientation dependent strain hardening behavior in 

a primarily θ′ rich microstructure. Finally, the rotation of plate shaped precipitates and associated 

crystallographic orientation dependent strain hardening during early stage plastic deformation is 

described via a quantitative model. 

2.3 Experimental 

2.3.1 Materials 

The experiments were performed on the cast Al alloy 206.  The composition of alloy 206, 

measured with inductively coupled plasma optical emission spectrometry, is provided in Table 1.  

The samples were gravity cast in a wedge-shaped mold, then cut from the same area near the 

center of the casting to obtain a uniform grain size, which was previously measured via optical 
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microscopy to be 89±4 μm [40]. Various heat treatments (Table 2) were performed in air using a 

resistance furnace to produce distinct microstructures, and thus produce different strain 

hardening responses. Tensile bars were machined after heat treating.  Note that the overaged 

conditions underwent both a peak aging treatment and an overaging treatment.  The heat 

treatments employed did not cause a measurable change in average grain size.  

Table 2.1: Composition of Al alloy 206, in wt.%. 

Cu Mg Mn Fe Si Ti Al 
4.5 0.30 0.23 0.14 0.12 0.02 Bal. 

 

Table 2.2: Heat treatments applied to alloy 206.   OA stands for overaged heat treatment. 

Condition Solutionize Quench Peak Age Overage 
Peak Age 

530°C for 5h 80-90°C in water 190°C for 5h 
None 

200°C OA 200°C for 200h 
300°C OA 300°C for 200h 

 

2.3.2 In situ Neutron Diffraction 

In situ time-of-flight (TOF) neutron diffraction studies were conducted on VULCAN, the 

Engineering Materials Diffractometer at the Spallation Neutron Source at Oak Ridge National 

Laboratory.  In situ tensile tests were performed on threaded dogbone-shaped cylindrical 

specimens that are 6.35 mm in diameter and 50 mm in gauge-length (see Figure 1.4 for a picture 

of the setup).  Uniaxial tension was applied with a Materials Testing System load-frame. 

Specimens with the microstructural conditions summarized in Table 2 were tested under ambient 

conditions.  During each in-situ tensile test, a load cell and an axial extensometer with a gauge 

length of 10 mm (directly attached to the specimen) were applied to measure the load and 

displacement to determine stress and strain, respectively.  True strains and true stresses were 

calculated using the following relationships [41]: 
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𝜖𝑡𝑟𝑢𝑒 = ln(1 + 𝜖𝑒𝑛𝑔)  (2.1) 𝜎𝑡𝑟𝑢𝑒 = 𝜎𝑒𝑛𝑔(1 + 𝜖𝑒𝑛𝑔)  (2.2) 

where, 𝜖𝑡𝑟𝑢𝑒 is true strain, 𝜎𝑡𝑟𝑢𝑒 is true stress, 𝜖𝑒𝑛𝑔 is engineering strain, and 𝜎𝑒𝑛𝑔 is engineering 

stress.  Equation 2.2 is only valid before the onset of necking and the evaluated specimens do not 

neck in the test conditions  [41]. In the elastic regime, loading was applied incrementally in six 

steps to a stress slightly below macroscopic yielding, with a 10-minute hold and measurement at 

each step to collect sufficient diffraction data for accurate determination of grain-orientation 

dependent lattice strains.  In the plastic regime, an initial engineering strain rate of 10-5 s-1 was 

applied via displacement control up to 5% plastic strain.  During the plastic regime, in which 

diffraction data were collected continuously, the data were sliced into 20-minute overlapping 

segments spaced 5 minutes apart from one another, each of which was re-binned into one 

diffraction pattern.  This procedure was applied in order to collect enough neutron counts to 

accurately determine lattice strains for the low volume fraction θ′ precipitates. 

VULCAN is equipped with two 90 (scattering angle) detectors, allowing for simultaneous 

measurements of two diffraction vectors when the tensile axis is aligned at 45 to the incident 

neutron beam: one  (Q) parallel to and the other (Q⊥) perpendicular to the tensile axis [42,43].  

The tensile axis is aligned at 45 to the incident neutron beam (Figure 1.4).  Diffraction from a 

subset of grains within the gauge volume that have the crystal lattice planes with normals (that is, 

<hkl> in a cubic crystal system) parallel to either Q or Q⊥ and satisfies Bragg’s law will be 

detected.  The lattice interplanar spacing can thus be measured from the diffraction peak 

corresponding to that hkl reflection with respect either the loading direction (Q) or the transverse 

direction (Q⊥).  For simplicity, only the diffraction results from the axial detector will be 

discussed.  Changes in the lattice interplanar spacing in a geometrically equivalent family of 
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crystallographic orientations (which will hereafter be referred to as “matrix crystallographic 

orientation” or “precipitate crystallographic orientation”) during the tensile test were then used to 

calculate the crystallographic-orientation dependent lattice strain according to: 

𝜖ℎ𝑘𝑙 = 𝑑ℎ𝑘𝑙 − 𝑑0ℎ𝑘𝑙𝑑0ℎ𝑘𝑙  (2.3) 

where 𝜖ℎ𝑘𝑙 is the elastic lattice strain,  𝑑ℎ𝑘𝑙 is the lattice interplanar spacing during loading in the 

mechanical test, and 𝑑0ℎ𝑘𝑙 is a reference lattice interplanar spacing determined with nearly zero 

stress. Dislocation motion typically does not affect the interplanar spacing. Therefore, lattice 

strain measures only the elastic strain in a family of grains or precipitates with the same 

orientation (viz, plane crystallographic planes with normal parallel to the diffraction vector).  

Assuming uniaxial deformation, the lattice strain along the loading direction may be converted to 

an axial lattice stress term using Hooke’s law, which is defined by Equation 2.4 below: 𝜎ℎ𝑘𝑙𝑎𝑥𝑖𝑎𝑙 = 𝜖ℎ𝑘𝑙𝑎𝑥𝑖𝑎𝑙 ∗ 𝐸ℎ𝑘𝑙𝑝ℎ𝑎𝑠𝑒 (2.4) 

where 𝜎ℎ𝑘𝑙 is the hkl-specific lattice stress and 𝐸ℎ𝑘𝑙𝑝ℎ𝑎𝑠𝑒 is the directional elastic modulus for a 

particular phase.  Note that the generic hkl indices denote not only the measurement directions in 

the crystal space, but also refer to specific families of crystallographic orientations. For instance, 

the family of grains whose plane normals <hkl> lies along the loading direction is designated as 

<hkl>//loading direction. Thus, in-situ neutron diffraction serves as a crystallographic orientation 

selector and can provide unique insights into the crystallographic orientation-dependent 

deformation mechanisms.  Note that certain precipitate peaks were identified and lattice strains 

were measured, in addition to the matrix peaks (see Supplementary Materials Figure 2.13).  In 

the 200°C overaged condition, θ′ peaks were measured, since that was the only prominent 

precipitate phase, and in the 300°C overaged condition, θ peaks were measured.  Although θ′ is 
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present in the 300°C overaged specimen, the volume fraction was too low to be detected, and the 

peaks did not appear above the background noise. 

Data reduction and single-peak fitting were implemented using VULCAN’s standard data 

analysis software—VDRIVE [44] to extract hkl-specific lattice strains.  In some cases, there 

were two distinct peaks with very similar d-spacings that were fit as individual, overlapping 

peaks.  In the 200°C overaged condition, the θ′ (103) peak was predicted to overlap with the θ′ 

(211) peak, but the intensity of the (103) peak was too low to observe it individually; the (103) 

peak was assumed to not contribute to the total intensity of the two overlapping peaks.  Peak 

widths were measured as the full width at half maximum (FWHM) following the procedure 

outlined elsewhere [44]. 

2.3.3 Microscopy 

Scanning electron microscopy (SEM) specimens were prepared via cross-sectioning of 

the tensile gauge length to study the surface perpendicular to the tensile axis.  Mechanical 

polishing and etching using Keller’s reagent (2.5% nitric acid, 1.5% hydrochloric acid, 1.0% 

hydrofluoric acid, 95.0% water) were performed before microscopic observations.  General 

characterization was performed using a Hitachi S4800 field emission SEM operated at 20 kV in 

the secondary electron imaging mode.  Transverse orientation electron transparent foils for 

scanning transmission electron microscopy (STEM) were produced by standard electro-polishing 

methods, as outlined by Ünlü and Roy et al. [40,45].  Nanoscale precipitate structures were 

characterized using a STEM operating at 200 keV.  Precipitate sizes and distributions were 

measured manually using the STEM images with ImageJ software [46,47], following a 

procedure outlined elsewhere [48], to calculate volume fraction of the θ′ precipitate phase to 

inform the modeling. Over 300 precipitates were analyzed in each condition. 
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2.4 Results 

2.4.1 Microstructure 

STEM micrographs for each aging condition are shown in Figure 2.1.  Note the 

transformation of precipitates from fully coherent GP zones and θʹʹ in the peak aged condition to 

small, semi-coherent θʹ precipitates in the 200°C overaged condition, followed by a mix of large 

semi-coherent θʹ precipitates and even larger, fully incoherent θ precipitates in the 300°C 

overaged condition.  The micrographs in Figure 2.1 follow the classic precipitation sequence 

well-known for Al-Cu alloys [3]. 

 
Figure 2.1: Bright field STEM images of the precipitate structures in the three aging conditions 
examined.  All zone axes are [001].  Note the differences in scale between the images. 

The three alloy microstructures in Figure 2.1 result from different heat treatments and 

represent a wide range of precipitate sizes, morphologies, and precipitate types that are fully 

coherent (GP zones and θ′′), semi-coherent (θ′), and incoherent (θ) with the matrix.  These 

distinct microstructures allow for dislocation-precipitate interactions as a function of precipitate 

characteristics and coherency to be examined.  Analysis results from the STEM images are 

summarized in Table 3 for the three aging conditions examined.  The measured yield strengths 

and strain hardening coefficients determined for the bulk tensile specimens are also provided for 
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each condition.  Note that since both θ′ and θ were present in the 300°C overaged condition, 

measurement of the average size and number density for each precipitate are included in Table 3. 

The bulk stress-strain curves for each heat treatment are included in the Supplementary Materials 

Figure 2.14.   

Table 2.3: Average microstructural parameters calculated from the STEM results and 0.2% offset 
yield strength for each aging condition for the bulk tensile specimens.  Precipitate size is 
provided as thickness and diameter for θ′ and θ′′, because of their plate shape, and circular 
diameter is given for θ, because of its blocky shape. Diameter reported for θ precipitates are only 
for those within the grain, and do not include grain boundary θ.  Precipitate volume fraction was 
only measured for the θ′ precipitate, due to its importance in modeling (Section 4.4).  Error 
values reported represent the standard deviations of the measurements. 

 

2.4.2 In-situ Neutron Diffraction 

Loading direction-specific lattice strain evolution plots of the matrix phase in the peak 

aged condition from the in-situ tensile tests are shown in Figure 2.2.  The strengthening 

precipitates (GP zone and θʹʹ) in the peak aged condition did not produce measurable diffraction 

peaks and, therefore, are not displayed.  Figure 2.2(a) displays a so-called ‘Y-plot’, indicative of 

intergranular stress/strain variations and load transfer between grains and precipitates with 

different crystallographic orientations, and shows the applied true stress strain behavior in each 

precipitate or matrix orientation (measured as diffraction peaks) individually as applied true 

stress versus lattice strain.   A limited amount of load transfer can be inferred from the deflection 

of the individual matrix crystallographic orientation lattice strain evolution curves from the 

Aging 
Condition 

Yield 
Strength 
(MPa) 

Precipitate 
Type 

Mean Precipitate 
Thickness (nm) 

Mean 
Precipitate 
Diameter (nm) 

θ′ Volume 
Fraction (%) 

Peak Age 365 θ′′ 1.4 ± 0.5 21.7 ± 8.7 - 
200°C 
Overage 

290 θ′ 4.91 ± 1.1 83.8 ± 35.0 1.75 ± 0.28 

300°C 
Overage 

95 
θ′ 10.7 ± 4.7 161.1 ± 87.6 0.26 ± 0.03 
θ N/A 449.4± 361.2 - 
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extrapolation of the straight line formed in the elastic regime upon yielding, creating a ‘Y’ shape 

[38].  Error for all plots containing neutron data was determined automatically by the GSAS peak 

fitting software, and it represents uncertainty in determining the lattice planar spacing based on 

the square root of the counts, but in many cases the error was small enough that it is not visible 

in the plots.  Figure 2.2(b) displays the same information in a more familiar manner, with lattice 

strain versus true strain.  Assuming uniaxial deformation, direction-specific lattice strain parallel 

to the loading direction can be directly proportional to internal stress, so Figure 2.2(b) is similar 

to an orientation-specific stress-strain curve.   In both (a) and (b), a blue line is displayed that 

represents the bulk behavior, which was calculated using the external applied stress divided by 

the Young’s modulus, and therefore represents the average elastic strain for the specimen. Note 

in Figure 2.2(a) there is little load transfer between the different matrix crystallographic 

orientations.  Also note in Figure 2.2(b) that the strain hardening rates of the different matrix 

crystallographic orientations are similar, apart from the (111) orientation. 

 

Figure 2.2: Loading direction lattice strain evolution curves obtained from in situ neutron 
diffraction for the peak aged specimen, which displays marginal load transfer and a strain 
hardening response that is nearly independent of crystallographic orientation, except the (111). 
(a) The true stress as a function of the lattice strain as measured with diffraction. (b) The lattice 
strain as a function of the true strain.  

(b) (a) 
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Lattice strain evolution curves for the 200°C overaged specimen are displayed in Figure 

2.3.  Note in Figure 2.3(a) that the precipitate (open symbols) and matrix (closed symbols) 

behaviors split after the yield point of the bulk, which signifies that load transfer is occurring 

from the matrix to the precipitates.  The lattice strains in the matrix are much lower than the 

precipitate, so the load transfer is occurring from the plastically deforming matrix to the harder 

precipitates.  Note in Figure 2.3(b) the anisotropy of the matrix strain hardening rates (shown in 

the inset), with the extreme orientations being the (111) and (311) orientations having the highest 

strain hardening rates, and the (200) orientation with the lowest strain hardening rate.  This 

crystallographic orientation dependent strain hardening behavior will be discussed in Section 4.3.  

Peak broadening was also studied in this condition, which is shown in Supplementary Materials 

(Figure 2.15). 

The lattice strain evolution curves for the 300°C overaged condition are displayed in 

Figure 2.4.  Note that any measurements of lattice strains in the θ precipitates include those 

precipitates in the bulk and at the grain boundaries.  In Figure 2.4(a), the load transfer evident in 

the 200°C overaged condition is also present in the 300°C overaged condition.  However, the 

magnitude of load transfer is much lower than that observed for the 200°C overaged condition, 

likely due to the lower aspect ratio and higher volume fraction of the θ precipitates [20].  In 

Figure 2.4(b), the anisotropy in the matrix strain hardening rates present in the 200°C overaged 

condition is also significantly reduced in the 300°C overaged condition.   
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Figure 2.3: (a) Loading direction-specific lattice strain evolution curves for the 200°C overaged 
condition obtained from in situ neutron diffraction, which displays extensive load transfer 
between the matrix and precipitates.  (b) Lattice strain versus true strain curves demonstrate 
significant differences in the crystallographic orientation dependent strain hardening behavior.  
The matrix (111) and (311) orientations possess the highest strain hardening rates, whereas the 
(200) orientation possess the lowest strain hardening rate.  Only the (211) orientation of θ′ is 

(a) 

(b) 
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displayed, since it was the only peak that had both high enough intensity to measure lattice strain 
and did not overlap with a matrix diffraction peak. 

 

Figure 2.4: (a) Y-plot for the 300°C overaged condition obtained from in situ neutron diffraction, 
displaying extensive load transfer from the matrix to the precipitates.  (b) Loading direction-
specific lattice strain versus true strain plot obtained from in situ neutron diffraction, showing 
that differences in the crystallographic orientation of the diffracting grains impact the strain 
hardening, but this anisotropy is reduced compared to the 200°C overaged condition. 

2.5 Discussion 

In this section, the in-situ neutron diffraction results for the two extreme microstructural 

conditions corresponding to peak aged and 300oC overaged conditions are discussed first.  The 

200°C overaged condition is discussed last, because of the higher degree of observed anisotropy 

in its crystallographic orientation-dependent strain hardening behavior.  

There are two possible mechanisms suggested by the load sharing behavior observed the in situ 

neutron diffraction results, including:  

1: Precipitate-dislocation interactions and the associated deformation mechanisms by extension:  

These mechanisms can be found by studying the load transfer behavior of the precipitates and 

(a) (b) 
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matrix (Figures 2.2-4).  For example, extensive load transfer is associated with deformation 

mechanisms that do not require the precipitate to yield, such as Orowan looping [49]. 

2: Strain accommodation mechanisms undergone by the precipitates. For example, if there is 

little to no load transfer between the matrix and precipitates, the precipitates accommodate the 

strain by yielding, along with the matrix via a mechanism such as shearing.  

Because the deformation and strain accommodation mechanisms are related, there is 

overlap in their discussion.  Microscopy results also supplement the discussed load transfer and 

strain accommodation mechanisms.   

2.5.1 Peak Aged Microstructure 

As seen in Figure 2.2, the peak aged condition showed the least load transfer and the 

most isotropic strain hardening response of the matrix phase of the three conditions.   

2.5.1.1 Precipitate Bypass Mechanisms/Deformation Mechanisms 

The peak aged 206 alloy microstructure is dominated by  θ′′ precipitates (Figure 2.1(a)) 

that produce weak and diffuse scattering [50].  Diffraction peaks for the θ′′ precipitates are not 

identifiable, and consequently the lattice strain evolution of the precipitate was not performed.  

θ′′ precipitate-dislocation interactions, however, have been reported extensively using TEM 

based techniques [11,26,51]. 

The TEM based studies have traditionally concluded that θ′′ precipitates and GPI zones 

are completely shearable by dislocations [11,26,51].  However, recent work has suggested θ′′ 

precipitates can undergo Orowan looping when they are larger than 50 nm in diameter [27].  In 

this work, the θ′′ precipitates are, on average, 22 nm in diameter (Table 3), and no significant 

load transfer from the matrix was observed, which provides evidence against Orowan looping. 

The primary dislocation-precipitate interaction in θ′′ precipitates in the alloy 206 peak aged 
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microstructure is, therefore, concluded to be shearing by dislocations at or near the yield point of 

the bulk (Figure 2.2).  Little anisotropy is observed in the strain hardening behavior of the 

matrix, and the precipitate-dislocation interactions are assumed to be nearly isotropic as a 

function of precipitate orientation.  The small anisotropy in the strain hardening behavior in the 

peak aged condition is attributed to the deformation anisotropy present between different matrix 

crystallographic orientations present in pure Al, and is likely caused by differences in the number 

of active slip systems and their resolved shear stresses between each crystallographic orientation 

[52]. 

2.5.1.2 Strain Accommodation Mechanisms 

 GP zones and θ′′ precipitates shear along with the matrix during strain hardening; little 

load transfer is observed in the matrix diffraction data, so it is concluded that the precipitates 

accommodate strain via plastic deformation in the form of precipitate shearing. 

2.5.2 300°C Overaged Microstructure 

As can be seen in Figure 2.4(a), the 300°C overaged condition displayed a significant 

amount of load transfer between the θ precipitates and the matrix after the yield point of the bulk.  

The load transfer appears to be relatively isotropic between the different precipitate 

crystallographic orientations.  In Figure 2.4(b), the strain hardening rate of the matrix 

orientations also appears to be relatively constant, although there appears to be some anisotropy 

in the yielding behavior, leading to multiple, parallel strain hardening curves. 

2.5.2.1 Precipitate Bypass Mechanisms/Deformation Mechanisms 

 Under this overaged condition, there are two types of θ precipitates, which are discussed 

separately.  The first type is the θ precipitates within the grain (hereafter referred to as ‘grain 

bulk’ θ precipitates) that usually form as a result of transformation of the θ′ precipitate during 
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300°C overaging [40].  Due to their incoherent interfaces, the grain bulk θ precipitates are 

impenetrable by dislocations [11].  Dislocations, therefore, bypass the grain bulk θ precipitates 

via Orowan looping, cross-slip, or a combination of both [28].  This conclusion is consistent with 

the observed load transfer between the θ precipitates and matrix observed in Figure 2.4. 

The grain boundary θ precipitates are similarly impenetrable by dislocations, but their 

location on the grain boundaries mean that they are not necessarily bypassed by dislocations at 

all.  The grain boundary precipitates still need to undergo a similar amount of elastic strain as the 

bulk precipitates to prevent the formation of voids [38].  Load transfer, therefore, occurs to the 

grain boundary θ precipitates as well.  In summary, the grain boundary and bulk θ precipitates 

are both expected to receive significant load transfer. 

2.5.2.2 Strain Accommodation Mechanisms 

Note that the precipitates seem to reach a saturation of lattice strain, then the lattice strain 

values become variable near the end of the experiment (Figure 2.4).  Fractured grain boundary θ 

precipitates have been observed after tensile testing [13], and their fracture strength has been 

observed to decrease with increasing size in post-mortem observations [53].  Fractured grain 

boundary θ precipitates were observed in post-mortem characterization of the 300oC overaged 

206 alloy specimens via SEM, as shown in Figure 2.5. Saturation and variability in the lattice 

strains of θ precipitates observed in Figure 2.4 is attributed to fracture of the grain boundary θ 

precipitates.  As such, grain boundary θ precipitate fracture is concluded to be the primary strain 

accommodation mechanism for the 300oC overaged microstructure. 
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Figure 2.5: Post-mortem SEM image in the 300°C overaged condition, displaying a fractured 
grain boundary θ precipitate.  Loading direction is close to vertical. 

2.5.3 200°C Overaged Microstructure 

In Figure 2.3(a), substantial load transfer between the matrix and the precipitates is 

apparent.  The lattice strain in the precipitate reaches over 2%, which corresponds to a lattice 

stress of over 3 GPa.  No comment can be made on the orientation-dependent response of the 

precipitates based on their experimental diffraction data, because only one diffraction peak could 

be tracked with a high degree of confidence.  Conclusions on different precipitate orientations 

can still be gathered indirectly by studying the anisotropic behavior of the matrix, because there 

is a defined orientation relationship between the matrix and precipitate.  In Figure 2.3(b), a 

highly anisotropic strain hardening response can be observed in the matrix diffraction data, 

where extreme conditions are the (111) orientation grains with the highest strain hardening rate 

and the (200) orientation grains with the lowest strain hardening rate. 
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2.5.3.1 Precipitate Bypass Mechanisms/Deformation Mechanisms 

The precipitate-dislocation interactions of θ′ precipitates have been studied in detail 

elsewhere [10,16], and θ′ precipitates generally do not shear at the yield point of the bulk.  The 

extensive load transfer from the matrix to the precipitates (Figure 2.3) also suggests that the 

precipitates do not yield at the same time as the matrix.  It may, therefore, be stated that the θ′ 

precipitates are bypassed via Orowan looping, cross-slip, or a combination of the two 

mechanisms that initiate at the yield point of the matrix.   

At higher strains, however, the precipitates may shear via the process of delayed shearing 

[8,30,54].  After extensive load transfer from the matrix to the precipitates (as observed in Figure 

2.3(a)) the yield strength of the precipitate is reached and delayed shearing occurs.  An estimate 

of the Peierls stress of the θ′ precipitates was determined to be about 2-2.5 GPa [55,56].  The 

maximum lattice stress measured in the θ′ (211) orientation was 3.5 GPa (from Eq. (4)), which 

corresponds to a Schmid resolved shear stress of 0.92 GPa [41].  The resolved shear stress never 

reaches the Peierls stress, therefore shearing of the (211) oriented θ′ precipitates is not expected 

during our experiment.   

2.5.3.2 Strain Accommodation Mechanisms 

The θ′ precipitates are not expected to shear or fracture like the GP zones, θ′′ and θ 

precipitates already discussed, but they still undergo some strain accommodation.  Hosford et al. 

[35] and Mishra et al. [2] have concluded that the plate shaped precipitates accommodate shear 

strain via rotation.  Rotation-based strain accommodation is expected for plate shaped  θ′ 

precipitates, owing to their high strength and orientation relationship with the matrix [35].  In 

Hosford’s study [35], the magnitude of rotation of the precipitates was concluded to be highly 

anisotropic based on their orientation, with “diagonal” precipitates (relative to the loading 
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direction) able to rotate and accommodate strain and “vertical” precipitates unable to rotate.  

This anisotropic strain accommodation by the plate shaped precipitates results in anisotropic load 

transfer.  We hypothesize that the large degree of anisotropy observed in the strain hardening 

rates observed for θ′ precipitates in Figure 2.3(b) is related to the anisotropic nature of strain 

accommodation mechanisms for these precipitates.  

Figure 2.6 is an illustration of the anisotropic nature of strain accommodation by plate 

shape precipitates that was originally proposed by Hosford et al. [35].  In Figure 2.6(a), a 

schematic represents two θ′ precipitates observed edge-on.  Figure 2.6(b) represents the 

application of a vertical tensile strain to the matrix.  In order to prevent the formation of voids, 

the vertical precipitate undergoes the same amount of tensile strain as the matrix, but remains in 

the elastic regime because of its higher strength.  The horizontal precipitate must also undergo 

compressive elastic strains, along with the transverse contraction of the matrix.  Figure 2.6(c) 

schematically represents the application of a shear strain to the matrix.  In this scenario, the 

precipitates no longer need to deform to prevent the formation of voids, and they can instead 

rotate to accommodate the plastic deformation of the surrounding matrix.  This rotation is 

possible, because the plate shaped θ′ precipitate is thin, and therefore has low stiffness in the 

thickness direction.  For equivalent bulk strains, the precipitate elastic lattice strains, and 

therefore stresses of the “vertical” precipitates in Figure 2.6(b), are much larger than the 

corresponding “diagonal” precipitate in Figure 2.6(c).  In other words, the precipitate in Figure 

2.6(b) would have a higher magnitude of load transfer from the matrix to the precipitate, as 

compared to the corresponding precipitate in Figure 2.6(c).  Figure 2.6 provides a grain level 

description for precipitate rotation.  A dislocation plasticity-based mechanism should underline 

the magnitude of precipitate rotation and associated load transfer.  Although several dislocation-
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mediated mechanisms are possible, one possible dislocation plasticity-based mechanism for this 

rotation is displayed in Figure 2.7.  In Figure 2.7(a-c), an illustration of the possible rotation 

effect from the bypass of plate shaped precipitates by edge dislocations is shown.  In Figure 

2.7(a), the elastic regime is displayed, where the dislocation has not reached the precipitate.  In 

Figure 2.7(b), the dislocation has bypassed the precipitate and formed an Orowan loop.  Figure 

2.7(c) schematically illustrates the lattice extra half planes introduced by the edge dislocation 

loops, and the force they exert on the precipitate, resulting it its rotation. In order to further study 

the process of Orowan looping, peak broadening behavior during the in situ tensile test for the 

200oC overaged microstructure is included in the supplementary materials (Figure 2.15).  The 

matrix peaks broadened over the course of the test, reaching a saturation point near the end.   

This observation is consistent with the plasticity and dislocation multiplication we would 

expect in the matrix [57,58].  The peak width in the θ′ peak was also observed to increase over 

the course of the test.  This is likely caused by the strain gradient caused by Orowan loops on the 

coherent interface, which can penetrate into the precipitate [59].  This hypothesis is consistent 

with the dislocation-mediated rotation mechanism hypothesized previously. 

Figure 2.7 (d-e) show the two extreme possibilities of rotation, which are associated with 

the most, i.e. (200) matrix crystallographic orientation, and least, i.e. (111) orientation load 

transfer, as observed in Figure 2.3.  In Figure 2.7(d), the two most active slip planes in the (111) 

orientation are highlighted.  The net rotation caused by these two slip systems will not counteract 

each other and the precipitate will rotate, accommodating the plastic strain in the surrounding 

matrix.  In Figure 2.7(e), the two most active slip planes are displayed for the (200) orientation.  

The rotation from these two systems will sum to zero, and the precipitate will instead undergo 

large elastic strains, resulting in efficient load transfer into precipitate lattice strains.  
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Figure 2.6: Accommodation of tensile and shear strains via elastic strain and rotation of the θ′ 
precipitate.  (a) Represents the precipitate and matrix with no applied load or strain, (b) 
represents the elastic strains that the precipitates undergo when the surrounding matrix has strain 
applied in the vertical direction, and (c) represents the rotation that the precipitates undergo when 
the surrounding matrix has shear strain applied.  (d-e) Represent an example straining behavior 
of a {200} type grain and (f-g) represent the example straining behavior of a {220} type grain.  
In (g), there is some tensile strain and some shear strain in the precipitate, and the shear strain is 
accommodated via rotation.  This accommodation causes the precipitates in the {220} type grain 
to have a lower magnitude of elastic lattice strain than those in the {200} type grain.  In other 
words, the precipitates carry more of the load in the {200} oriented grains, shielding them.  In 
contrast the {220} oriented grains are less shielded and the matrix phase supports more strain. 
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Plastic deformation-induced, local rotation of plate shaped precipitates has been reported 

in Al-Cu alloys [9,60].  Unlike in Figure 2.6 and Figure 2.7, which display rotation of the entire 

precipitate, observed rotations cause an S-shape to form in the precipitates at >15% compressive 

true strain.  The reason for the formation of S-shaped precipitates is that non-uniform 

deformation on multiple slip systems can create shear bands, which would locally rotate only 

parts of the precipitate [60].  Figure 2.7(f) displays an example of rotated precipitates (relative to 

their normal 90° angle between them) that were observed using STEM in a post-tensile tested 

transverse section of the 200°C overaged condition. 

As discussed previously, strain accommodation in the precipitates is expected to be 

anisotropic (see Figure 2.6) and, therefore, the elastic strains in the precipitates are also expected 

to be anisotropic, depending on crystal orientation.  The orientation dependence of the rotation is 

quantitatively described by a model in the next section. 
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Figure 2.7: Possible dislocation mechanism by which precipitate rotation occurs.  (a) A 
precipitate before stress is applied.  (b) Stress is applied and a single active slip system, forming 
an Orowan loop around the precipitate.  (c) Local rotation is caused by the extra half-planes in 
the Orowan loop.  (d) Multiple slip is activated in the (111) matrix crystallographic orientation, 
in which the Orowan loops cause local rotation.  (e) Multiple slip is active in the (200) matrix 
crystallographic orientation, in which the local rotations cancel each other out and there is no net 
rotation.  The behavior of other matrix crystallographic orientations resides somewhere between 
these two extreme orientations. (f) Observed rotation from STEM of the θ′ precipitates in a post-
mortem transverse specimen from the 200°C overaged condition.  The tensile axis in (f) is in-
plane of the figure, but is not known.  Zone axis for observation is [001]. 
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2.5.4 Modeling of Lattice Strains in θ′ Precipitates 

In order to quantify the amount of anisotropy in the strain hardening rate that occurs in 

the 200°C overaged condition due to θ′ precipitate rotation, a modification of the model 

developed by Hosford et al. [35] is implemented.  The Hosford model was successful in 

predicting bulk strain hardening rates of single crystals of an Al-Cu alloy, and the current model 

focuses on separating the orientation-specific precipitate and matrix load transfer and strain 

hardening behavior in a polycrystal Al-Cu alloy with plate shaped precipitates. 

Several assumptions made in the process of developing this model are summarized below: 

1. The specimen was placed under a pure tension stress and strain state. 

2. The precipitates and the matrix were under iso-strain conditions, meaning that any strain the 

matrix undergoes the precipitates also must undergo (whether by elastic strain or strain 

accommodation). 

3. Each crystallographic orientation had uniform bulk stress (each equal to the applied stress), and 

this stress is only supported by the θ′ precipitates and the matrix. 

4. The θ′ precipitate is assumed not to yield during the duration of the experiment [10]. 

5. There are two sources of stress in the precipitates:  

a. Applied macrostress from the load frame (𝜎𝑎𝑝𝑝), and  

b. Transferred stress from the matrix ((𝜎𝑡𝑟𝑎𝑛𝑠𝑓𝑒𝑟ℎ𝑘𝑙 )𝑝), such that: 

𝜎𝑝ℎ𝑘𝑙 = 𝜎𝑎𝑝𝑝 + (𝜎𝑡𝑟𝑎𝑛𝑠𝑓𝑒𝑟ℎ𝑘𝑙 )𝑝 (2.5) 

      where 𝜎𝑝ℎ𝑘𝑙 is the total orientation-dependent stress in the θ′ precipitate.  The transferred stress, 

and therefore the total stress, are both expected to be crystallographic orientation dependent, so 

they are displayed as a lattice stress in a particular precipitate crystallographic orientation (hkl).   
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6. The shear strain components γ13 and γ23 in the θ′ precipitates (relative to their own crystal 

coordinate axes) are accommodated via rotation (Figure 2.8).  This is the same assumption made 

by Hosford et al. [35]. 

 
Figure 2.8: Schematic showing accommodation of the shear strains 𝛾13 and 𝛾23 in the matrix 
surrounding the precipitates via rotation.  The model assumes that these shear strains are 
completely accommodated by rotation of the precipitate.  The crystallographic axes for the θ′ are 
displayed, which are the same notation used in the model. 

The first step in finding the lattice strains of the precipitate phase is to calculate the major 

sources of stress in the precipitate (Equation 2.5).   The two sources of precipitate stress are 

shown in an approximated stress-strain curve for the (211) orientation θ′ precipitate, denoted in 

terms of lattice strain versus macrostrain for the precipitate in Figure 2.9. 
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Figure 2.9: Calculated lattice strains of the (211) orientation θ′ precipitate in the 200°C overaged 
condition.  The lattice strains or stresses are caused by two sources of stress: transferred stress 
from the matrix and applied stress from the load frame.   

Lattice strain in the precipitate only accounts for elastic behavior, so the lattice strain of 

the precipitate phase ((𝜖𝑙𝑎𝑡𝑡𝑖𝑐𝑒ℎ𝑘𝑙 )𝑝) can be calculated by Hooke’s law [41] using a direction-

specific elastic modulus of the precipitate phase (𝐸𝑝ℎ𝑘𝑙) as follows: 

(𝜖𝑙𝑎𝑡𝑡𝑖𝑐𝑒ℎ𝑘𝑙 )𝑝 = 𝜎𝑡𝑜𝑡𝑎𝑙ℎ𝑘𝑙𝐸𝑝ℎ𝑘𝑙 = 𝜎𝑎𝑝𝑝𝐸𝑝ℎ𝑘𝑙 + (𝜎𝑡𝑟𝑎𝑛𝑠𝑓𝑒𝑟ℎ𝑘𝑙 )𝑝𝐸𝑝ℎ𝑘𝑙  (2.6) 

where, 𝜎𝑎𝑝𝑝  can be found on the stress-strain curve. 𝐸𝑝ℎ𝑘𝑙   can be calculated using a procedure 

presented by Nye [61], using the compliance matrix for a θ′ precipitate calculated with density 

functional theory [62].  The transferred stress occurs due to the precipitate straining elastically, 

along with the plastically straining matrix (due to the iso-strain conditions assumed previously).  

There is no simple procedure for calculating the transfer stress directly.   Instead, a transfer strain 



42 

is calculated, where, according to Hooke’s law (assuming the precipitates are only undergoing 

elastic strain), is represented by: 

(𝜖𝑡𝑟𝑎𝑛𝑓𝑒𝑟ℎ𝑘𝑙 )𝑝 = (𝜎𝑡𝑟𝑎𝑛𝑠𝑓𝑒𝑟ℎ𝑘𝑙 )𝑝𝐸𝑝ℎ𝑘𝑙  (2.7) 

where (𝜖𝑡𝑟𝑎𝑛𝑓𝑒𝑟ℎ𝑘𝑙 )𝑝 is the transfer strain for the precipitate phase.  Therefore, according to 

Equation 2.6: (𝜖𝑙𝑎𝑡𝑡𝑖𝑐𝑒ℎ𝑘𝑙 )𝑝 = 𝜎𝑎𝑝𝑝𝐸𝑝ℎ𝑘𝑙 + (𝜖𝑡𝑟𝑎𝑛𝑓𝑒𝑟ℎ𝑘𝑙 )𝑝 (2.8) 

This transfer strain concept is displayed schematically as the elastic strain occurring in 

the vertical precipitates in Figure 2.6(b).  Shear strain will be accommodated by precipitate 

rotation, as displayed schematically in Figure 2.6(c), and the degree of this mitigation must be 

calculated.  The most straightforward way of calculating this accommodation is to assume that 

for a crystallographic θ′ precipitate shown schematically in Figure 2.8, γ13 and γ23 (relative to the 

precipitate crystal coordinate axes) will be completely accommodated via precipitate rotation. As 

discussed earlier, this is a good assumption for plate shaped precipitates with a (001) habit plane.  

In order to account for the accommodated shear strains γ23 and γ13 (relative to the 

precipitate coordinate axes shown in Figure 2.8), the strain state of the precipitate in its own 

crystal coordinate axes must be determined.  A six-step process is described to accomplish this 

goal.  A two-dimensional visual representation of this multi-step process, through the Mohr’s 

circle construct, is included in Appendix A. 

Step 1: The strain state was calculated in the specimen coordinate axes using the measured strain 

in the axial direction and contraction in the transverse directions, due to conservation of volume 

in the plastic regime.  The effect of elastic Poisson contraction was ignored, since rotation is only 

expected to accommodate plastic strains in the matrix.  Non-uniform, grain-level deformation 
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and corresponding load transfer between grains was accounted for by normalizing the strain with 

the Taylor factor of the specific matrix crystallographic orientation.  Ignoring torsional strains, 

the strain state of the sample (𝜖𝑠) is shown below.  The coordinate axes of this strain state are 

such that direction 1 is the tensile direction and directions 2 and 3 correspond to transverse 

directions (see Figure 2.8). 

𝜖𝑠 = �̅�𝑀ℎ𝑘𝑙 [  
   
𝜖𝑎𝑥𝑖𝑎𝑙 0 00 1√1 + 𝜖𝑎𝑥𝑖𝑎𝑙 − 1 0

0 0 1√1 + 𝜖𝑎𝑥𝑖𝑎𝑙 − 1]  
    (2.9) 

where �̅� is the average Taylor factor, 𝑀ℎ𝑘𝑙 is the grain-specific Taylor factor, and 𝜖𝑎𝑥𝑖𝑎𝑙 is the 

measured axial strain from the extensometer. 

Step 2: The strain state in the specimen coordinate axes was transformed to the precipitate 

coordinate axes with a tensorial rotation.  The precipitate strain state (𝜖𝑝) is obtained by the 

following matrix product: 𝜖𝑝 = 𝑟𝑡 ∗ 𝜖𝑠 ∗ 𝑟 (2.10) 

where 𝑟 is the rotation matrix and 𝑟𝑡 is the transverse of the same matrix, such that: 

𝑟 = [cos(𝑥𝑠, 𝑥𝑝) cos(𝑦𝑠, 𝑦𝑝) cos(𝑥𝑠, 𝑧𝑝)cos(𝑦𝑠, 𝑥𝑝) cos(𝑦𝑠, 𝑦𝑝) cos(𝑦𝑠, 𝑧𝑝)cos(𝑧𝑠, 𝑥𝑝) cos(𝑧𝑠, 𝑦𝑝) cos(𝑧𝑠, 𝑧𝑝)] (2.11) 

where cos(𝑥𝑠, 𝑥𝑝) is the cosine of the angle between the sample x axis and the precipitate x axis, 

and the other terms follow in a similar manner. 

Step 3: 𝛾13and 𝛾23 in the precipitate coordinate axes were set to zero, according to the 

assumption made previously, such that the strain state modified by rotation (𝜖𝑚𝑜𝑑𝑝 ) is: 
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𝜖𝑚𝑜𝑑𝑝 = [ 𝜖11𝑝 𝛾12𝑝 𝛾13 → 0𝛾21𝑝 𝜖22𝑝 𝛾23 → 0𝛾31 → 0 𝛾32 → 0 𝜖33𝑝 ] (2.12) 

where 𝜖𝑖𝑖𝑝 and 𝛾𝑖𝑗𝑝 are the normal and shear strain components in the precipitate, respectively. 

Step 4: 𝜖𝑚𝑜𝑑𝑝  was transformed back to the specimen coordinate axes with the same rotation 

method as was used before, but reversed i.e., 𝜖𝑚𝑜𝑑𝑝,𝑠−𝑎𝑥𝑒𝑠 = 𝑟 ∗ 𝜖𝑚𝑜𝑑𝑝 ∗ 𝑟𝑡 (2.13) 

where  𝜖𝑚𝑜𝑑𝑝,𝑠−𝑎𝑥𝑒𝑠 is the strain state of the precipitate after rotation, transformed to the sample 

coordinate axes.   

Step 5: Repeat Steps 1-4 for each precipitate variant that occurs in a single grain (i.e. (100), (010) 

or (001) habit plane).  The only difference between each calculation is the coordinate axes of the 

precipitate.   

Step 6: Average the 𝜖11 components of 𝜖𝑚𝑜𝑑𝑝,𝑠−𝑎𝑥𝑒𝑠 for each of the three precipitate variants i.e.: 

(𝜖𝑡𝑟𝑎𝑛𝑓𝑒𝑟ℎ𝑘𝑙 )𝑝 = 13 ∗ ∑ ((𝜖𝑚𝑜𝑑𝑝,𝑠−𝑎𝑥𝑒𝑠)𝑣)11
3

𝑣=1  (2.14) 

where 𝑣 refers to the variant of θ′. 

Now that (𝜖𝑡𝑟𝑎𝑛𝑓𝑒𝑟ℎ𝑘𝑙 )𝑝 is known, the model is able to predict the precipitate lattice strains and can 

be compared to diffraction data using Eq. (8). 

Figure 2.10 displays a Y-plot for precipitates within the (422) matrix crystallographic 

orientation compared with (211) oriented precipitates, where the model lattice strains were 

calculated by feeding the result from Equation 2.14 into Equation 2.8.  These orientations are not 

the same, due to the tetragonal crystal structure of θ′, but they are very close (the true orientation 

of θ′ precipitates within the (422) matrix crystallographic orientation is approximately (423)).  
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Note the close match between the experimental data and the model prediction with only inputs in 

the model being the measured specimen tensile stress-strain curve and the compliance matrix of 

the θ′ precipitate from literature [62]. 

 

 
Figure 2.10: Predicted applied stress versus lattice strain behavior for precipitates in the (422) 
matrix crystallographic orientation plotted against measured stress versus lattice strain data for 
(211) oriented precipitates (which are in a grain close to the (422) orientation).  Note the close 
matchup with only model inputs being the bulk stress-strain curve and the stiffness matrix data 
for the θ′ precipitate from literature [62].  

The predicted precipitate strain hardening rate (averaged between 0.5 and 3.5% bulk 

strain) in comparison to the measured matrix strain hardening rate (taken as the average 

instantaneous strain hardening rate from 0.5-3.5% strain using a power law fit) is included in 

Figure 2.11(a).  Since plastic deformation in the matrix leads to load transfer to the precipitate, 

an inverse relationship between the precipitate and matrix strain hardening rates is observed for 

the various crystallographic orientations. 
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Now that the stresses and strains in the precipitate phase are known, the stress in the 

matrix can be approximated using the following equations, using the assumptions of uniform 

stress between the crystallographic orientations and the presence of only two phases: 𝜎𝑎𝑝𝑝 = 𝜎𝑝𝑉𝑓𝑝 + 𝜎𝑚𝑎𝑡𝑟𝑖𝑥ℎ𝑘𝑙 (1 − 𝑉𝑓𝑝) (2.15) 

where 𝜎𝑚𝑎𝑡𝑟𝑖𝑥ℎ𝑘𝑙  is the stress in the hkl matrix crystallographic orientation, 𝑉𝑓𝑝 is the volume 

fraction of the precipitate phase, which was measured to be 1.75% (Table 3).  Solving this 

equation for 𝜎𝑚𝑎𝑡𝑟𝑖𝑥ℎ𝑘𝑙  gives: 

𝜎𝑚𝑎𝑡𝑟𝑖𝑥ℎ𝑘𝑙 = 𝜎𝑎𝑝𝑝 − 𝜎𝑝𝑉𝑓𝑝1 − 𝑉𝑓𝑝  (2.16) 

To study goodness of fit, Figure 2.11(b) displays a comparison of the strain hardening 

rate of the predicted stress-strain curve for the matrix built using Eq. (16) (measured as the 

average instantaneous slope of the predicted lattice stress-true strain curve from 0.5-3.5% strain), 

with the experimental lattice stress-strain curve from the neutron diffraction results (measured as 

the average instantaneous slope of a power-law fit on the experimental data from 0.5-3.5% 

strain).  A y=x line has also been included in Figure 2.11(b) to display where theoretically 

perfect predictions would lie.  The strain range was chosen just after the final elastic regime 

point and an arbitrary value of 3.5% strain, and a parametric study was performed to observe the 

effect of strain range (see Supplementary Materials Figure 2.16), which was not observed to have 

a large impact on the model fit.  Model parameters and calculation output for multiple 

crystallographic directions are included in Table 4. 



47 

 

 

Figure 2.11: (a) Comparison of the predicted strain hardening rate of the precipitates within 
several crystallographic matrix orientations against the measured strain hardening rate of the 
same matrix orientations.  Load is transferred away from the matrix and towards the precipitate, 
so the negative correlation is expected. (b) Comparison of predicted average instantaneous 
matrix SHR versus experimentally determined average instantaneous SHR (using a power law 
fit), both measured from 0.5-3.5% strain.  A y=x line has also been included in (b) to display 
theoretically expected predictions.  Crystallographic orientations are labeled with their Miller 
indices. 

(a) 

(b) 
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Table 2.4: Model parameters and calculation output for eight matrix crystallographic orientations 
for the 200°C overaged condition, each calculated at 1.75% bulk strain (or 0.5-1.75% strain for 
hardening rate).  All values pertaining to the precipitates are averaged across the three precipitate 
variants within each individual crystallographic orientation. 

Matrix 
Crystallographic 
Orientation 

Taylor 
factor 
(Mhkl) 

Applied 
Stress 
(𝜎𝑎𝑝𝑝) 
(MPa) 

Matrix 
Direction
al Elastic 
Modulus  
(𝐸ℎ𝑘𝑙) 
(GPa) 
[61,62] 

Measured 
Matrix 
Strain 
Hardening 
Rate 
(GPa) 

Precipitate 
Transfer 
Strain  
(𝜖𝑡𝑟𝑎𝑛𝑓𝑒𝑟ℎ𝑘𝑙 ) 
(%) 

Predicted 
Precipitate 
Stress 
(𝜎𝑡𝑜𝑡𝑎𝑙ℎ𝑘𝑙 ) 
(GPa) 

Fraction of 
Total Strain 
Accommodated 
by Rotation (%) 

(111) 3.03 331.3 75.6 2.90 0.60 1.26 67.4 
(200) 2.37 331.3 63.3 0.15 2.25 3.36 0.0 
(220) 2.37 331.3 72.1 1.59 1.13 2.01 45.8 
(311) 3.47 331.3 68.5 1.59 1.07 1.86 47.8 
(331) 2.23 331.3 73.1 1.25 1.09 1.97 47.6 
(420) 2.37 331.3 68.7 0.45 1.53 2.53 29.3 
(422) 3.63 331.3 72.1 2.32 0.75 1.44 61.2 
(511) 3.36 331.3 65.5 1.00 1.38 2.24 35.0 

 

Note that the model results in Figure 2.11(b) successfully captures the trend of the strain 

hardening rates in the 200°C overaged condition.  Overall, the presented model is concluded to 

quantitatively capture the strain hardening behavior resulting from microstructures that contain 

plate shaped precipitates that undergo load transfer.   

There are some limitations to the presented model. 1. While the iso-strain assumption 

appears to account for the behavior of the precipitates in the 200°C overaged condition, it is 

noted that the θ′ precipitates resulting from this heat treatment are relatively thin and possess a 

high aspect ratio (Table 3).  A thicker plate-shaped precipitate with lower aspect ratio may not 

follow the iso-strain conditions as closely.  Alternative deformation mechanisms, such as 

conditions involving significant recovery, climb or cross slip, may also lead to a violation of the 

same iso-strain conditions.  2. The assumption of 100% efficient accommodation of the 𝛾13 and 𝛾23 shear strain components likely will not be accurate, as the aspect ratio of the precipitate 
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decreases and the thickness of the precipitate increases.  3. While the model accurately predicts 

the early stage strain hardening rate for both the matrix and the precipitates from only bulk 

stress-strain data, it makes no attempt to predict the yielding behavior of the precipitate.  4. The 

assumption made here of uniaxial strain in the grain will not hold up at higher strain levels or 

during necking.  In addition, grain and precipitate rotation will likely have an effect on the load 

transfer, and therefore this model is only valid at low strains.  These limitations will be the 

subject of further study, with additional microstructures to quantify the effect of precipitate 

aspect ratio and a thermally-stable microstructure to test for alternative deformation mechanisms 

at elevated temperatures.  Having outlined the limitations, we also state that the underlying 

model will be able to predict the deformation behavior in other precipitation hardened systems 

with plate shaped precipitates, such as ” precipitates in the 718 alloy [63]. 

2.6 Summary 

In-situ neutron diffraction was performed during tensile testing of an Al-Cu alloy.  Three 

distinct microstructures, resulting from different heat treatments, were investigated.  The neutron 

diffraction results were used to interpret dislocation-precipitate interactions and the mechanisms 

for load transfer from the matrix to the precipitates and strain accommodation within the 

precipitates.  The following are the salient conclusions from this investigation: 

• As precipitates transformed from θ′′ to θ′ to θ, dislocation-precipitate interactions shifted 

from shearing to Orowan looping. The θ′′ precipitates in the peak aged condition were 

found to be completely shearable and accommodated the strain in the surrounding matrix 

by shearing with it.  The θ′ precipitates in the 200°C overaged condition were 

experimentally found to not shear during the experiments; instead, the dislocations 

bypassed the precipitates via Orowan looping.  Due to their lack of shearing and their 
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compatibility requirement with the matrix, the θ′ precipitates were elastically strained 

during the plastic deformation of the surrounding matrix to prevent the formation of 

voids, leading to substantial load transfer.  The θ precipitates in the 300°C overaged 

condition were found to not shear during the experiments and underwent large elastic 

strains and load transfers, similar to the θ′ precipitates in the 200°C overaged condition.  

At high strains, the θ precipitates present at the grain boundary accommodate strain in the 

surrounding matrix by fracturing. 

• The θ′ precipitates accommodated strain in the surrounding matrix by rotation, reducing 

their own elastic strains. The magnitude of the accommodated strain was determined by 

the crystallographic orientation of these grains relative to the loading direction.   The 

precipitates rotate only if they are not oriented vertically or horizontally relative to the 

tensile direction.  Rotation and strain accommodation reduced the magnitude of elastic 

lattice strains in the precipitates, resulting in reduced load transfer to precipitates inclined 

with respect to the tensile direction.  Due to the orientation relationship between the 

matrix and precipitates, certain matrix crystallographic orientations contain more vertical 

or diagonal precipitates, and therefore the orientation dependence of load transfer from 

the matrix to the precipitates leads to a large degree of anisotropy in load transfer.  

Anisotropic load transfer leads to systematic and crystallographic orientation-dependent 

strain hardening of the matrix. 

• A grain-scale mechanics model was developed that successfully predicts crystallographic 

orientation-dependent load transfer and strain hardening behavior of the θ′ precipitates 

and matrix. 
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2.7 Chapter 2 Supplementary Materials 

A simplified example of the process that was followed during development of the 

precipitate rotation model will be presented.  This example will be presented in two dimensions, 

without transverse strain.  In the calculations presented in Section 4.4, three dimensional strain 

states were used with transverse strains accounted for.   

The calculations in Section 4.4 were performed in six steps: 

Step 1: Calculate the strain state of the specimen based on measured strains from the 

extensometer.  For simplicity, this example will only have axial tensile strains.  The coordinate 
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axes are assumed to have the tensile direction as the Y axis and the transverse direction as the X 

axis.  Due to the iso-strain and elastic precipitate assumptions made previously, the plastic strain 

state of the specimen will be the same as the elastic strain state of the precipitates here (after 

accounting for strain accommodation). 

Step 2: Rotate the strain state from the specimen coordinate axes to the precipitate coordinate 

axes.  The coordinate axes of the precipitates are such that the Y axis is the vertical direction and 

the X axis is the normal direction to the plate. 

Step 3: Remove the γ13 and γ23 shear strain components from the strain state of the precipitate to 

account for strain accommodation via rotation of the precipitate.  In this example, γ12 is the only 

shear strain component and it was removed. 

Step 4: The diffraction data collected measured strains in the axial (tensile) direction.  Therefore, 

the strain state must be transformed back to the specimen coordinate axes. 

Step 5: Repeat Steps 1-4 on each of the three precipitate variants ((100), (010), and (001) habit 

plane) and record the results. 

Step 6: Extract the post-transformation ε11 tensile strain component from each of the three 

precipitate variants that occur within one matrix crystallographic orientation and average them.  

This average is the transferred strain in Equation 2.8. 

Once the transferred strain is calculated, it can be inserted into Equation 2.8 and the total 

can be compared directly against the lattice strain measurements for the precipitate taken during 

neutron diffraction.  
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Figure 2.12: Simplified example of the strain transformation process described in Section 4.4.  
Step 1: The specimen strain state is calculated according to Eq. (A4).  Step 2: Vertical 
precipitates have the same coordinate axes as the specimen, so no transformations are done in 
Steps 2-4, and 𝜖𝑡𝑟𝑎𝑛𝑓𝑒𝑟ℎ𝑘𝑙  can be extracted.  Precipitates in (111) grains do not have the same 
coordinate axes as the specimen, so a coordinate system rotation is done according to Eq. (A5).  
Step 3: Shear strains in the precipitate are accommodated via rotation, so the shear strain 
component γ12 is set to zero according to Eq (A7) [35].  Step 4: The coordinate system is rotated 
back to the specimen axes, and 𝜖𝑡𝑟𝑎𝑛𝑓𝑒𝑟ℎ𝑘𝑙  can be extracted for the precipitates in the (111) 
crystallographic orientation.  In this example, 20% of the transfer strain was accommodated via 

rotation (see table 4).  Note that in this example, elastic strain from the loadframe was not taken 
into account for simplicity, but it was accounted for in Table 4.   
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Figure 2.13: Neutron diffraction patterns for (a) the peak aged specimen, (b) the 200°C overaged 
specimen, and (c) the 300°C overaged specimen. Note that peaks with very similar d-spacings 
(such as the θ [112] and θ [220] peaks in (c) were fit as separate (but overlapping) peaks during 
data analysis. 
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Figure 2.14: True stress-true strain curves for each of the aging conditions. 

 

Figure 2.15: Peak widths displayed as the full width at half maximum (FWHM) compared 
against true strain applied to the specimen.  Note the consistently increasing peak widths of 
each matrix crystallographic orientation, suggesting dislocation multiplication during 
plasticity.  Also note the consistently increasing peak width of the θ′ phase, which is likely 
caused by pileup of Orowan loops on the coherent interface of the precipitate. 
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Figure 2.16: Parametric study of the model fit as a function of strain range.  The strain hardening 
rates were measured from 0.5% strain to the labeled value.  Note that the model predicts the 
experimental data well across all the strain ranges. 
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3.1 Abstract 

The traditionally assumed precipitate-dislocation interactions of θ′ (Al2Cu) precipitates in 

Al-Cu alloys has been recently called into question. While Orowan looping previously was 

assumed to control the behavior of these precipitates, recent studies using discrete dislocation 

dynamics, ex-situ mechanical testing, and in-situ transmission X-ray microscopy suggest that θ′ 

precipitates can be cut after the yield point of the alloy via the delayed shearing mechanism.  The 

stresses in the precipitates during the delayed shearing process, however, are yet to be measured 

experimentally.  This work describes in-situ neutron diffraction experiments to determine the 

constitutive behavior of the θ′ precipitate during a tensile test as a function of temperature 

(ranging from 25 to 350°C).  Delayed shearing was observed at all temperatures above 25°C, and 

the temperature dependent critical resolved shear stress (CRSS) required to initiate delayed 

shearing was measured experimentally for the first time.  A molecular dynamics simulation was 

applied to model the anti-phase boundary (APB) energy of θ′ precipitate as a function of 
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temperature, then another model used the calculated APB energy to predict the strength of the 

precipitate.  Taken together, this approach could accurately predict the constitutive response of 

the θ′ precipitate during tensile deformation.  After delayed shearing occurred, the alloy was 

observed to either fracture at lower temperatures or begin strain softening at higher temperatures, 

highlighting the importance of understanding delayed shearing of high aspect ratio precipitates in 

optimizing the ductility of alloys at elevated homologous temperature.   

3.2 Introduction 

The θ′ precipitate (Al2Cu) in Al-Cu alloys is well-studied and emerging as a model 

microstructural constituent in precipitation hardened alloys [1-12].  Previous studies involving 

the θ′ precipitate have involved a wide range of parameters such as, aging kinetics  [1–4], 

dislocation-precipitate interactions [5–9], and its influence on strength [10–12], providing 

extensive understanding of the bulk mechanical response of  θ′ precipitate strengthened alloys.   

θ′ is often invoked as the classic example of a shear-resistant precipitate and is usually assumed 

to be bypassed by dislocations via the Orowan looping mechanism [13].  However, recent studies 

have shown the θ′ precipitate may be sheared by dislocations during plastic deformation [14,15].  

These new results highlight that the constitutive response in the matrix and θ′ precipitate phases 

separately in θ′ strengthened alloys is not well understood.   

The classic precipitation sequence in Al-Cu alloys is: Guinier-Preston (GP)I zones → θ′′ 

precipitates (also referred to as GPII zones) → θ′ precipitates → θ precipitates.  The first three 

precipitates are plate-shaped, forming on the (001) planes of the Al matrix.  θ precipitates are 

globular or rod-shaped.  GPI zones and θ′′ precipitates are fully coherent, θ′ is semi-coherent, and 

θ is incoherent [16].  When Al-Cu alloys are exposed to temperatures greater than 200°C, the 

problem of phase transformations from the efficient strengthening phases of θ′′ and θ′ to the 
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inefficient strengthening phase θ arises [17,18].  Precipitate coarsening also occurs, which further 

reduces strength of the alloy.  Increasing resistance of the precipitates to coarsening and 

transformation, therefore, is desired in alloys that are applied at elevated temperatures. 

Recent research has been performed on the phase transformations in Al-Cu alloys, including 

improving the thermal stability of the precipitates for elevated temperature applications [2,6,18–

21].  Although early-stage precipitates contribute the most strength to the alloy; GP zones and θ′′ 

precipitates will transform quickly at elevated temperatures, due to their fine dimensions and 

high number densities [22].  Therefore, θ′ precipitate strengthened Al-Cu alloys are usually 

preferred at moderate temperatures (>180oC), due to their combination of high strength and 

reasonable thermal stability [1,17].  The thermal stability of θ′ can be increased further by the 

addition of alloying elements that segregate to the interfaces of the precipitates, which can either 

reduce interfacial energy, thereby reducing the thermodynamic driving force for coarsening and 

transformation; or, reduce the diffusion rate of Cu away from the precipitates, thereby slowing 

the kinetics of coarsening and transformation [1,19,21].  One alloy developed for elevated 

temperature exposure is RR350 [23].  It has Mn and Zr additions, which act as thermodynamic 

stabilizers and diffusion barriers and allow the alloy to resist coarsening and transformation of its 

θ′ precipitates up to 350°C [18,24].  The RR350 alloy was investigated here, as it allows for the 

study of θ′ precipitate-dislocation interactions with a relatively consistent microstructure over a 

large temperature range (room temperature to 350oC).  

As stated earlier, θ′ precipitates have traditionally been assumed to be unshearable by 

dislocations at room temperature, but new research using strength [15], dislocation dynamics 

modeling [5] and in-situ transmission X-ray microscopy (TXM) [14] suggests they are cut by 

dislocations after plastic deformation accumulates in the aluminum matrix.  The delayed 
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shearing mechanism acts as follows: in θ′-strengthened microstructures during the early stages of 

plastic deformation, the precipitates will not have yielded and will be bypassed by dislocations.  

However, there still is a compatibility requirement between the precipitates and the matrix.  

Therefore, the plastic deformation of the matrix will require elastic deformation of the 

precipitates, leading to high stress in and load transfer to the precipitates.  Eventually, the 

stresses in the precipitate reach its own yield, and the precipitate will be cut long after the alloy 

has yielded, i.e. ‘delayed shearing’.  [25,26].  Experiments on the delayed shearing mechanism, 

where stresses on θ′ precipitates are measured, have not yet been performed.  In that regard, in-

situ neutron diffraction is a tool that allows for the measurement of internal stresses in bulk 

material as a function of crystallographic orientation and phase [27], and is therefore well-suited 

to measure the stresses in θ′ precipitates during tensile deformation. 

The onset of the delayed shearing process has implications on the bulk mechanical 

behavior of the alloy.  A significant part of the total strain hardening that occurs in Al-Cu alloys 

is from load transfer that accompanies the dislocation bypass of precipitates (called ‘backstress 

hardening’) [28,29].  When delayed shearing occurs, this contribution to strain hardening stops, 

which is likely to cause instability (quickly leading to fracture) or initiate strain softening 

[30,31].  The ability to predict the onset of delayed shearing as a function of microstructural 

parameters would, therefore, be useful in alloy and heat treatment design. 

The current authors have already studied the precipitate-dislocation interactions in Al-Cu 

alloys as a function of microstructure [32], but there has been little study of constitutive behavior 

of θ′ precipitates in Al-Cu alloys as a function of temperature.  Similar experiments to the ones in 

this study have been performed on other alloys, such as Ni-based superalloys [25,33], Al-Mg 

alloys [34], stainless steels [35,36], and others.  In large part, these studies focused on the load 
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transfer behavior between different phases and crystallographic orientations, with the intention of 

identifying deformation mechanisms.   Here, in-situ neutron diffraction experiments during 

tensile loading are performed to identify dislocation-precipitate interactions and the constitutive 

response, including delayed shearing, of θ′ precipitates in the thermally stabilized Al-Cu-Ni alloy 

RR350 at various testing temperatures.  The CRSS of θ′ precipitates as a function of temperature 

was experimentally measured and modeled with molecular dynamics simulations.  The 

quantification of the delayed shearing and the constitutive behavior of the θ′ precipitates will 

have implications for design and development of related precipitation hardened alloy systems.  

3.3 Experimental and Modeling Procedure 

3.3.1 Materials 

The alloy studied in this work is the Al-Cu-Ni-Mn-Zr alloy RR350 [37].  The 

composition (measured using inductively coupled plasma optical emission spectrometry) is 

shown in Table 3.1. 

Table 3.1: Analyzed composition of alloy RR350, in weight percent. 

Cu Mn Zr Si Zn Fe Ni Co Ti Sb Al 

4.8 0.19 0.17 0.05 0.01 0.09 1.2 0.26 0.21 0.17 bal. 
 

Specimens were prepared using gravity casting in a wedge-shaped mold.  Grain size was 

controlled by taking specimens from approximately the same area adjacent to the chill region of 

the casting.  A heat treatment was applied to the alloy to form a θ′ rich microstructure and to 

ensure further microstructural evolution during the experiments was minimized.  These heat 

treatments were applied in a resistance furnace in air, and the quenching step was done in water 

heated with a hot plate. The heat treatments are provided in Table 3.2.  After the aging treatment, 

a ‘preconditioning’ treatment was applied, which consists of holding the specimen at 25, 100, 
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200, 300, or 350°C for 200 hours, the same temperature it will be tensile tested at.  The intention 

of this heat treating step is to prevent coarsening and transformation of the precipitate structure 

during the mechanical testing. 

Table 3.2: Heat treatment applied to the alloy pre-testing.  Preconditioning refers to an extra heat 
treating step after aging, applied at the temperature that the specimen will be tensile tested at (to 
prevent coarsening and transformation of the precipitates during the tensile test). 

Step Solutionize Quench Age Precondition 

Time and 
Temperature 

535°C, 5 h 80-90°C, >1 h 220°C, 4 h 
Testing 
temperature for 
200 h 

 

3.3.2 In Situ Neutron Diffraction 

 Threaded cylindrical dogbone-shaped tensile bars with a gauge length of 50 mm and a 

diameter of 6.35 mm (1/4 inch) were machined from the casting after the aging treatment, 

according to a modified ASTM E-8 standard [38].  These bars were deformed in tension using a 

Materials Testing Systems load-frame.  Load was measured via a load cell and strain was 

measured using an axial extensometer with a gauge length of 10 mm (directly attached to the 

specimen).  Heating was applied during the elevated temperature tests using induction coils, and 

temperature was measured using two thermocouples welded to the gauge section of the 

specimens.  A picture of the experimental setup is shown in Figure 1.4.  True stress and true 

strain were calculated assuming no necking using the extensometer data [39].  Tensile tests were 

performed at 10-5/s strain rate at the following temperatures: 25, 100, 200, 300, and 350°C.  As 

shown in Table 2, the specimens had already undergone a preconditioning heat treatment where 

they were held at the testing temperature for 200 hours prior to the tensile test. 

 In-situ neutron diffraction was performed at Oak Ridge National Laboratory, Spallation 

Neutron Source (ORNL, SNS) on the VULCAN beamline.  Neutron data was collected in six 

steps with five minute holds to collect enough neutron counts during the elastic regime, and then 
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was collected continuously during the plastic regime.  Plastic regime data was chopped into 30-

minute segments, overlapping by 10 minutes with each adjacent point.  VULCAN has the 

capability of measuring lattice strain, which is defined by Equation 3.1 and represents lattice 

strain in a particular phase and crystallographic orientation [27]. 

𝜖ℎ𝑘𝑙 = 𝑑ℎ𝑘𝑙 − 𝑑0ℎ𝑘𝑙𝑑0ℎ𝑘𝑙  (3.1) 

where 𝜖ℎ𝑘𝑙 is lattice strain in the hkl orientation, 𝑑ℎ𝑘𝑙 is the measured lattice spacing in the hkl 

direction, and 𝑑0ℎ𝑘𝑙 is the measured lattice spacing in the hkl direction in the absence of load.  

VULCAN has the capability of measuring both the lattice strains parallel and perpendicular to 

the loading direction simultaneously.  However, for simplicity this study will only discuss the 

lattice strains parallel to the loading direction.  A second measurement that can be extremely 

useful in determining deformation mechanisms is peak width.  Here, full-width at half-maximum 

(FWHM) is used as a representation of peak width, measured using the GSAS fitting algorithm 

within the VDRIVE software package [40].  A large FWHM represents a large distribution of 

strain, which can come from a variety of sources, with the most common being high dislocation 

density [41,42]. 

3.3.3 STEM 

Specimens were prepared for STEM by standard procedures reported elsewhere [43,44].  

STEM was performed using a JEOL 2200FS aberration-corrected TEM operating at 200 keV.  In 

some conditions, precipitates were analyzed to measure diameter, thickness, and volume fraction 

using ImageJ™ software [45].  Some of the specimens were analyzed post-mortem after tensile 

testing in the neutron beam.  Post-mortem specimens were transverse sectioned for the 200 and 

350°C specimens to observe precipitates with a major axis aligned close to the tensile direction, 
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and cross-sectioned in the room temperature and 300°C specimens to observe dislocation 

structures. 

3.3.4 Molecular Dynamics Modeling 

Molecular Dynamics (MD) simulations were utilized to calculate the generalized stacking 

fault energy (GSFE) and followed the method proposed by Vitek [46]. In this method, a perfect 

single crystal is cut into two parts across the slip plane. Then, one part is displaced by a relative 

arbitrary vector 𝐟 limited to the slip plane. As shown by Equation 3.2, the difference between the 

energies of the initial and displaced structures, given by 𝐸𝐼 and 𝐸𝐹 over the area of the common 

plane between two parts (𝐴), is known as the 𝛾-surface. Based on the 𝛾-surface, one can 

calculate the stacking fault and anti-phase boundary (APB) energies. 

𝛾 = 𝐸𝐹 − 𝐸𝐼𝐴  (3.2) 

The MD simulations are performed using two interatomic potentials to describe the 

interactions between the atoms in a tetragonal θ'-Al2Cu crystal. The first one is based on the 

embedded atom method (EAM) developed by Liu et al. [47], and the second one is based on 

modified embedded atom method (MEAM) developed by Mahata and Asle Zaeem [48]. 

Previous studies determined the (112) plane as the slip plane of θ' phase [47,49], therefore, we 

performed the GSFE calculations by displacing atoms on (112) surface. Figure 3.1(a) shows the 

simulation system where the z-direction is chosen parallel to (112) plane’s normal, and the 

lateral axes are along  [1̅10]  and [1̅1̅1] directions. Figure 3.1(b) shows the atomic configuration 

on the (112) slip plane. The box size in the z-direction is increased to form the free surface, while 

the periodic boundary condition is used in lateral directions. In order to minimize the effect of 

free surface, three layers were fixed on the top and bottom boundaries. Then, the simulation 

system is divided into two regions along the z-direction. After displacing the atoms of the top 
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section on the slip plane, the simulation system is equilibrated. The calculations of the Υ-surface 

are performed at a temperature range between 25 and 350°C.  During equilibration, the 

temperature is controlled using a Langevin thermostat [50]. To prevent the probable drift of 

atoms caused by random perturbations by Langevin thermostat, in every step the linear 

momentum of atoms is set to zero. For temperatures greater than 0 K, the total energies include 

the kinetic energy term, therefore, the energies are averaged over time, and as the temperature 

increases, it is computed over a longer time. 

 

Figure 3.1: (a) Simulation system with 114000 atoms (86×85×240 Å3) and (b) atomic 
configuration on the (112) slip plane. The coloring is based on atom type, where red and blue 
atoms represent Al and Cu, respectively.  

3.4 Results 

3.4.1 Microstructure and Bulk Mechanical Properties 

STEM- High Angle Annular Dark Field (HAADF) images of the as-aged and 300°C 

overaged condition are shown in Figure 3.2.  Note the presence of plate-shaped θ′ precipitates (as 

shown in the inset in Figure 3.2(b)) in both conditions, with little change in size or distribution, 

even after aging at 300°C for 200 h.   
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Figure 3.2: STEM-HAADF images of the (a) as-aged RR350 and (b) 300°C preconditioned 
RR350.  Note the prevalence of θ′ in both images, with little change in size or distribution.  Zone 
axis in both images is {001}α. 

Precipitates were measured to quantify size and volume fraction of θ′ precipitates via 

STEM, and the results from the as-aged and 300°C preconditioned specimens are shown in Table 

3.3.  Note that there is only a small change in precipitate size, but a significant change in number 

density during preconditioning.  The mean edge-to-edge precipitate spacing along the slip plane 

was also included, calculated using the method in [51], to provide an estimation of the 

dislocation mean free path. 

Table 3.3: Microstructural parameters of the peak aged and 300°C preconditioned specimens, 
measured using STEM.  Yield strength was measured using the 0.2% offset method.  Note there 
are only small changes in the size, while there are significant changes in the number density 
during the preconditioning treatment.  The mean edge-to-edge spacing of the precipitates was 
calculated using the method in [51] to estimate the dislocation mean free path. 

Condition 
θ′ Diameter 

(nm) 
θ′ Thickness 

(nm) 
θ′ Number 

Density (1/m3) 
θ′ Edge-to-Edge 

Spacing (nm) [51] 
As-Aged 324 ± 160 9.2 ± 3.2 1.89*1019 279 

300°C 
Precondition 

390 ± 185 9.7 ± 3.3 6.11*1018 504 
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The stress-strain curves for each testing temperature are shown in Figure 3.3.  As expected, the 

yield strength decreases with increasing temperature, as does the strain hardening rate.  No 

necking was observed in the post-mortem specimens.  Beginning at 300°C, strain softening 

occurs for a significant portion of the experiment.    

 

Figure 3.3: Engineering stress-strain curves for the RR350 alloy for five temperatures tested 
(RT-350oC).  Note the prevalence of strain softening in the 300 and 350°C experiments, as 
necking was not observed in any post-mortem specimen.   

3.4.2 Lattice Strain 

 As discussed previously, the lattice strain represents the elastic strain in a particular phase 

and crystallographic orientation.  The lattice strain results from each experiment are shown in 

Figure 3.4.  In this figure, lattice strain is plotted against true (bulk) stress.  Elastic strain is 

directly correlated with stress, so this plot shows the distributions of stresses from one phase (or 

crystallographic orientation) to others.  Additional lines that represents the bulk elastic strain and 

is defined as 
𝜎𝑡𝑟𝑢𝑒𝐸 , where 𝜎𝑡𝑟𝑢𝑒 is the applied true stress and E is the Young’s modulus of the 

alloy, are provided.  Deflection of a particular lattice strain curve to the right of this line 

represents load transfer to that phase and orientation and deflection to the left represents load 
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transfer away from that phase and orientation (assuming elastic isotropy).  Note that the room 

temperature specimen fractured at a low strain, so the neutron data collected for this condition is 

more limited compared to the other specimens. 

Figure 3.4 (a) displays expected behavior in a shear resistant precipitate-strengthened alloy, 

where load transfer occurs from the matrix to the precipitates at the yield strength of the bulk, 

which continues throughout the experiment.  Figure 3.4(b) and (c) display extensive load transfer 

through the initial stages of plastic deformation, but eventually no additional load transfer occurs 

and the lattice strain in the precipitates reduces near the end of the experiment.  Figure 3.4(d) and 

(e) also have an end to load transfer after the initial stage of plastic deformation, but in these 

experiments, bulk strain softening causes a much more extensive reduction in the precipitate 

lattice strains. 

Another informative way to represent this information is by plotting the lattice strains 

against true bulk strain of the specimen, as shown in Figure 3.5.  Lattice strain is directly 

correlated with stress, and Al is relatively elastically isotropic, so this plot can be thought of 

similarly to a stress-strain curve.   

 Similar conclusions to Figure 3.4 can be drawn from Figure 3.5, with the additional 

observation that the bulk strain level after which the precipitate lattice strain decreases is a 

function of temperature.  For example, the maximum lattice strain in the precipitate occurs at 

~1.75% true strain at 100°C and ~2.75% true strain at 300°C.  Also of note in Figure 3.5 is the 

change in bulk mechanical properties after precipitate lattice strain peaks.  At 100°C and 200°C, 

the alloy fractures soon after the maximum precipitate lattice strain is reached, and at 300°C and 

350°C, the alloy begins strain softening soon after the maximum precipitate lattice strain is 

reached. 
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Figure 3.4: Lattice strain evolution in precipitate and matrix phase in RR350 alloy at the five 
testing temperatures.  Note the deflection away from the bulk curve of both the precipitate and 
matrix at the yield point of the bulk.  This deflection signifies load transfer away from the matrix 
and towards the precipitates.  Also note in (b) and (c), the precipitates’ lattice strain is reduced 
near the end of the experiment, suggesting yielding in the precipitates.  In (d) and (e), note the 
lattice strain hooks back during the later stages of deformation, signifying strain softening.  
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Figure 3.5: Lattice strain versus true strain of specimens tested at each temperature.  As observed 
in Figure 3.4, there is a downturn in the lattice strain of the precipitates in all but the room 
temperature experiment after some plastic deformation.  Of note is that this downturn occurs at 
increasing true strain as the temperature increases. 
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3.4.3 Diffraction Peak Width 

The second result from the neutron diffraction that will be discussed is peak width.  Figure 3.6 

displays peak width (represented with FWHM) as a function of bulk true strain in both the 

precipitates and the matrix at each temperature tested.   

Of note in Figure 3.6 is the FWHM evolution in the matrix is a strong function of 

temperature, as it increases significantly with plastic strain at room temperature and 100°C, but 

remains steady at 300 and 350°C.  The precipitate, however, displays similar behavior across the 

temperature range, having increasing FWHM during plastic deformation, until it peaks after 

significant plastic strain.  The location of the peak FWHM value is also observed to be a function 

of strain, with it occurring at higher true strain levels as the temperature increases.  Also of note 

is the consistency of this FWHM peak position with the position of the maximum lattice strain in 

the precipitates observed in Figure 3.5, e.g., the maximum lattice strain occurs at a similar true 

strain as the maximum FWHM for all of the temperature conditions.  The error in the 

measurements of FWHM in the room temperature and 300°C conditions are too large to make 

individual conclusions, so they are assumed to follow the pattern that the other conditions 

display. 
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Figure 3.6: FWHM plotted against true strain for each temperature condition.  Note the 
increasing FWHM at the beginning of each experiment before a reduction in every experiment 
besides room temperature.  The strain level for the peak before the FWHM drops decreases with 
increasing temperature, while the FWHM at the peak is consistent throughout each experiment.   
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3.4.4 Post-Mortem Characterization 

 Post-mortem microscopy was performed on specimens from each tensile experiment, and 

these results are shown in Figure 3.7. 

 
Figure 3.7: (a,b) Post-mortem Bright Field (BF)-STEM of the (a) room temperature, and (b) 
300°C cross-sectioned tensile tested specimens, and high angle annular dark field (HAADF)-
STEM of the transverse sectioned 200°C and 350°C tensile tested specimens. Note that in both 
the room temperature tested (a) and 300°C tested (b) cases, there is a high dislocation density on 
the interface of the third variant of θ′ (where the plate is in-plane with the screen).  Also note that 
at higher temperatures, the dislocation structure is highly organized.   In (c), both rotation of the 
precipitate as well as cutting can be observed in the 200°C tensile tested condition.  Note in (d) 
the presence of parallel kinks in the coherent (planar) interface on each side of the precipitate, 
indicating shear bands, and therefore, cutting of the precipitate.  The theoretical intersection 
between the (112)θ′ slip plane and the (010)θ′ plane of the screen in also displayed in (d) for 
reference. 
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There are two observations that can be made from Figure 3.7 that are of particular 

interest.  The first is the high dislocation density that can be observed on the interfaces of the 

precipitates oriented in-plane with the screen in all the temperature conditions.  These 

dislocations appear to end at the edge of the precipitate, which is caused by the dislocations 

wrapping around the back side of the precipitate.  Therefore, these dislocations are concluded to 

be Orowan loops.  This observation is consistent with literature [7] and the neutron results 

discussed earlier.  The second observation is the presence of precipitates that have been cut by 

dislocations in the 200 and 350°C post-mortem conditions in (c) and (d).  The theoretical 

intersection of the (211)θ′ slip plane and the (010)θ′ plane of the screen is also displayed for 

reference.  Note the close matchup in angle of the slip plane with the shear band in (d).  This 

observation provides evidence for the delayed shearing mechanism being active. 

3.4.5 MD calculation of anti-phase boundary energies of θ′ 

Figure 3.8 presents the MD simulation results of the γ-surface energy curves for the (112) 

slip plane in the θ' phase at 298 K. The 𝛾-surface shows the energy change of the structure based 

on displacements in different directions on the slip plane, and it provides information on the 

energy landscape that dislocation experiences as a single crystal shears in the slip-plane [52,53]. 

Due to symmetry, only the displacements in a quarter of the unit cell have been imposed. In 

Figure 3.8, the local minima and peaks on the 𝛾-surface represent the stable and unstable 

stacking fault energies, respectively. The displacement from the origin to the global minima on 

the 𝛾-surface corresponds to the displacement equal to the Burgers vectors. Results suggest two 

displacements given by 1/2 [1̅10]  and 1/4 [2̅01] may represent the Burgers vector for the (112) 

slip plane, with the latter displacement having higher anti-phase boundary (APB) energy.   
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Figure 3.8 (a) Υ-surface for (112) slip plane of the θ′ precipitate at 298 K using MEAM potential. 
(b) Variation of APB energy with temperature, calculated using MEAM and EAM potentials.  
By applying the displacement along the 1/4 [2̅01] direction, the temperature-dependent APB 
energy is provided in Figure 3.8(b). Despite the slight difference between the results of EAM and 
MEAM potentials, the results show that both the APB energy predictions decrease with the 
increase of temperature.  The rates of APB energy change with temperature for EAM and 
MEAM potentials are estimated as ~ -0.0003, and 0.0002 J/(m2K), respectively. The APB 
energies will be used to model the CRSS of the θ′ phase to compare the MD results with 
experiments.  

3.5 Discussion 

3.5.1 Precipitate-Dislocation Interaction Mechanisms 

There are several precipitate-dislocation interaction mechanisms that can occur in Al-Cu 

alloys, but one that has been observed before and is likely occurring in the experiments discussed 

here is anisotropic load transfer [54–56].  More specific details of this mechanism are shown in 

Figure 3.9.  In Figure 3.9(a), a precipitate oriented vertically relative to the tensile direction is 

shown prior to deformation of the matrix.  In Figure 3.9(b), the matrix has begun plastic 

deformation, and the precipitate has not yielded yet.  However, to prevent the formation of voids, 

the precipitate must undergo a similar magnitude of elastic deformation as the plastic 

deformation in the matrix.  In Figure 3.9(c), a precipitate oriented diagonally relative to the 
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tensile direction is shown prior to deformation of the matrix.  In Figure 3.9(c), the matrix again 

begins plastic deformation around this diagonal precipitate.  Once again, the precipitate must 

undergo a similar magnitude of strain as the matrix, but in this case, some of that strain is shear 

strain.  As demonstrated recently, due to the high aspect ratio of the precipitates, they can 

undergo rotation instead of shear strain, reducing its total magnitude of elastic strain, and 

therefore, its stress [54–56]. 

The precipitate rotation mechanism is expected to be highly anisotropic based on the 

precipitate orientation, because of the large difference in internal stresses between vertically- and 

diagonally-oriented precipitates.  Anisotropy in the rotation of the precipitates will cause 

anisotropy in the load transfer based on precipitate orientation as well.  The anisotropy in the 

precipitates is also likely to cause anisotropy in the matrix behavior, as the magnitude of load 

transfer will impact both precipitate and matrix phases, and the precipitate has a specific habit 

plane. A more detailed description of this mechanism can be found in [54,55]. 

 

Figure 3.9: Mechanism of load transfer and precipitate rotation as a function of precipitate 
orientation.  (a) θ′ precipitates within an Al matrix.  (b) A large degree of elastic strain from load 
transfer when tension is applied.  (c) The accommodation of shear strain surrounding the 
precipitates via rotation, resulting in reduced elastic strains. If tensile strain continues, 
dislocations will cut through the precipitate via the delayed shearing mechanism, as 
demonstrated by the post-mortem STEM-HAADF micrograph in (d) from the 200°C tensile 
tested specimen.  If shear strain continues, precipitates will bend, as demonstrated by the STEM-
HAADF micrograph in (e). 
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In the early stages of plastic deformation, Figure 3.4 displays a large degree of load 

transfer away from the matrix and towards the precipitates during plastic deformation of the 

bulk, which can be observed through the testing temperature range.  In order for transfer to 

occur, the precipitates must be significantly stronger than the matrix [25].  This conclusion 

suggests that precipitate shearing does not occur at the start of the experiment, and alternative 

deformation mechanisms must instead control the behavior, such as Orowan looping and cross-

slip [8].  Load transfer can also be observed as a function of strain in Figure 3.5. 

Additional evidence for the mechanism of precipitate bypass via Orowan looping or 

cross-slip can be observed in the peak width data.   Note in Figure 3.6 that, in the early stages of 

plastic deformation, the peak width of the θ′ phase is increasing as a function of strain.  An 

increase in peak width is normally associated with a distribution of strain levels.  One 

mechanism that could cause an increase in strain distribution is the presence of high dislocation 

density due to the strain field that is inherently present surrounding dislocations, and it is among 

the most common causes of peak width increase in metals [41,42].  The θ′ precipitate has high 

antiphase boundary energy [7] and they are thin [39], so a high dislocation density is not 

expected to be present within the precipitates. However, the strain field of a dislocation can 

penetrate through a coherent interface [57], such as the one present on the broad face of θ′ plates.  

STEM was also utilized to observe the dislocation structure around the precipitates to 

confirm or deny the Orowan looping hypothesis.   Note the difference in dislocation density in 

the third variant precipitates (i.e. those in-plane of the screen) between the pre- and post-mortem 

STEM micrographs (Figure 3.2 and Figure 3.7, respectively).  The large increase in dislocation 

density on the interface, but not in the bulk, confirms that Orowan looping is occurring at all 

temperatures during the early stages of deformation.  In the later stages of deformation at 
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elevated temperature, however, it appears that other precipitate-dislocation mechanisms may be 

at play. 

 At higher strain levels in Figure 3.5, the precipitate lattice strains begin to drop in all of 

the conditions, except the room temperature condition.  This drop in lattice strain signifies that 

no additional load transfer is occurring.  In order to find the cause of this lattice strain drop, one 

can look at the requirements for load transfer to occur during plastic deformation [25]: 1. the two 

phases in question must have strong interfaces, i.e., voids must not form on the interface; 2. one 

phase must undergo elastic deformation, while the other undergoes plastic deformation; 3. 

deformation in the plastic phase must occur near the elastic phase.  There is no evidence that 

voids are forming on the precipitate interfaces (see STEM micrographs), and due to the small 

precipitate spacing (see Table 3), it is unlikely that deformation concentrates far from the 

precipitates.  Therefore, the cause of the precipitate lattice strain drop is that the precipitate phase 

is no longer undergoing elastic deformation, i.e., the precipitates are yielding from the delayed 

shearing mechanism [15].  The available data, therefore, provides an opportunity to measure the 

precipitate stresses during the delayed shearing mechanism. 

 The peak width in Figure 3.6 also decreases at a similar bulk strain level to when the 

lattice strain decreases in Figure 3.5, consistent through the temperature range.  This observation 

is in agreement with the predicted yielding mechanism of the θ′ precipitate of delayed shearing, 

as discussed previously.  This mechanism involves the annihilation of Orowan loops surrounding 

the precipitate as they shear through the precipitate.  As the formation Orowan loops are 

hypothesized to be the cause of increase in the peak width, a decrease in the peak width is 

predicted to be caused by their annihilation.  STEM was again used to confirm or deny the 

mechanism of delayed shearing in the θ′ precipitate.  Note that in Figure 3.7(c,d), the θ′ 
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precipitates display evidence of being cut by dislocations, which is consistent with the hypothesis 

of delayed shearing as the yielding mechanism for the θ′ precipitate.   

 There also exists unusual behavior at the later stages of deformation at high temperature 

in Figure 3.4.  Note that the lattice strain evolution curve of both the matrix and the precipitate 

hooks back on itself in both the 300 and 350°C conditions.  This ‘hooking back’ behavior is 

caused by strain softening of the bulk, as can be seen in Figure 3.3.  Strain softening inherently 

includes a reduction in the stress of the bulk, which is what is plotted on the Y-axis of Figure 3.4.  

The ‘hooking back’ observation occurs near to the yield point of the precipitate (which is  

observed at the maximum lattice strain displayed on the X-axis).  Therefore, it is likely that the 

strain softening observed in the bulk is caused by the yield of the precipitates, as load transfer is 

one of the main strain hardening mechanisms [28,29]. 

 An additional observation made regarding the θ′ precipitates during these experiments is 

the rotation during straining.  This effect has been observed previously in other Al-Cu alloys 

[54–56].  This rotation is highly anisotropic, and it allows for accommodation of strain by the 

precipitates.  The mechanism works in the following way: 1. Plastic strain occurs in the matrix 

surrounding the precipitates, and the precipitates must undergo similar amounts of elastic strain 

because they are much higher strength than the matrix; 2. This elastic strain may have tensile and 

shear components relative to the major and minor axes of the precipitate, depending on the 

precipitate’s orientation; and 3. Shear strain relative to the minor axis of the precipitate can be 

accommodated via rotation, according to Figure 3.9. 

These three components of the precipitate rotation mechanism were used following 

methods reported earlier [32] to build a simple model that describes the load transfer behavior 

from the matrix to the precipitates as a function of precipitate orientation.  The only modification 
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to that model that was made here was using a temperature-dependent elastic modulus.  As such, 

the elastic modulus conforms to the following relationship with temperature: 

𝐸ℎ𝑘𝑙𝑇 = 𝐸ℎ𝑘𝑙0 − 𝐵1𝑇𝑒𝑥𝑝 (−𝑇0𝑇 ) (3.3) 

where 𝐸ℎ𝑘𝑙𝑇  is the direction and temperature-specific elastic modulus, 𝐸ℎ𝑘𝑙0  is the same modulus at 

absolute zero, 𝐵1 is the slope of the modulus-temperature curve at high temperature, 𝑇 is 

temperature, and 𝑇0 is an empirical parameter [58].  𝐸ℎ𝑘𝑙0  was calculated following the procedure 

from [59], using the compliance matrix for θ′ taken from elsewhere [60].  When this calculation 

is applied to the current alloy and compared against diffraction data, the following result is 

found: 

Note that in Figure 3.10, the precipitate follows the modeled behavior closely, until the 

yield point of the precipitate that was observed in Figure 3.5.  This observation is consistent with 

the previous discussion because the model assumed that the precipitate would not yield, and 

therefore will not predict the precipitate behavior post-yield. 
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Figure 3.10: Comparison of lattice strain evolution in the θ′ precipitate for the experimentally 
measured results from neutron diffraction against predicted lattice strains from the model 
developed in [32].  Note that in each experiment, the precipitate followed the predicted behavior 
until the yield point of the precipitate. 
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3.5.2 CRSS of the Precipitates as a Function of Temperature 

The maximum lattice strain the precipitates reach is a strong function of temperature.  

There are several possible explanations for this observation, and they will be reviewed 

individually here. 

The first is the impact of elastic modulus on the phase stress.  Assuming uniaxial deformation, 

the direction-specific phase stress can be described by the equation: 𝜎ℎ𝑘𝑙 = 𝜖ℎ𝑘𝑙 ∗ 𝐸ℎ𝑘𝑙 (3.4) 

where 𝜎ℎ𝑘𝑙 is the direction-specific phase stress, 𝜖ℎ𝑘𝑙 is the lattice strain, and 𝐸ℎ𝑘𝑙 is the 

direction-specific elastic modulus, calculated using Equation 3.3. The yield strength of the 

precipitates in each experiment were calculated using the maximum lattice strain measured using 

neutron diffraction and Equation 3.1.  The experimental relationship between θ′ yield strength 

and temperature is shown in blue in Figure 3.11.  The θ′ was not observed to yield in the room 

temperature test, so the maximum stress observed in the precipitate was plotted instead for that 

condition. 

Figure 3.11 displays a decreasing trend of the precipitate yield strength with temperature, 

ruling out elastic modulus change as the only mechanism causing the observation of decreasing 

lattice strain maxima.   
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Figure 3.11: Critical resolved strength of the θ′ precipitates versus temperature measured using 
neutron diffraction and calculated using Equation 3.7.  Note that the precipitate yield strength 
decreases strongly with temperature, and that both the trend and the magnitude are closely 
predicted by the model with only inputs from MD and microstructural measurements.  Error bars 
represent either uncertainty in the lattice strain data from the fitting algorithm for the experiment, 
or uncertainty in the precipitate dimensions from STEM measurement for the model.  The θ′ was 
not observed to yield at room temperature, so the maximum stress reached was used for that 
condition. 
 

The next contributions that will be considered are the strengthening mechanisms of θ′.  It 

has been well established that the primary strengthening mechanism of the θ′ phase is order 

strengthening, due to the APB that forms when a single dislocation passes through the precipitate 

[7].  The following equation can be used to estimate the strength of the precipitate, due to order 

strengthening when a single dislocation cuts through [7]: 𝜏𝐶𝑅𝑆𝑆 = 𝛾𝐴𝑃𝐵𝑏  (3.5) 

where 𝜏𝐶𝑅𝑆𝑆 is the critical resolved shear stress of the precipitate phase, 𝛾𝑎𝑝𝑏 is the APB energy, 

and 𝑏 is the Burgers vector.  When this equation is applied, the strength is over-predicted by 

about a factor of two.  However, the precipitate can instead be cut by a pair of dislocations 
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(referred to as a superdislocation), where the trailing dislocation corrects the atomic structure 

from the offset created by the leading dislocation, effectively reducing the area of the APB, 

requiring less shear stress to activate [61–64].  The general form of the equation that describes 

this behavior is: 

𝜏𝐶𝑅𝑆𝑆 = 𝛾𝐴𝑃𝐵2𝑏 (𝑑1𝑙1 − 𝑑2𝑙2 ) (3.6) 

where 𝑙1 and 𝑙2 are the lengths of the leading and trailing dislocations that interact with the 

precipitate, and 𝑑1 and 𝑑2 are the lengths of the segments of the same dislocations that must cut 

through the precipitate [61].  Equation 3.6 has been solved for the case of high aspect ratio plate-

shaped precipitates [64], and results in the equation: 

𝜏𝐶𝑅𝑆𝑆 = 𝛾𝐴𝑃𝐵2𝑏 (𝐷𝑝𝑙𝑎𝑡𝑒𝜆𝑆𝑃 − 𝑓) (3.7) 

where 𝐷𝑝𝑙𝑎𝑡𝑒 is the diameter of the precipitate, 𝜆𝑆𝑃 is the mean precipitate spacing along the slip 

plane, and 𝑓 is the volume fraction of the precipitate phase.  𝜆𝑆𝑃 was calculated according to the 

following equation [51]: 

𝜆𝑆𝑃 = √√32 ∗ 1√sin(𝜃) ∗ 𝑁 ∗ 𝐷 − 𝜋𝐷8 − √32 𝑡sin(𝜃) (3.8) 

where N is the volumetric number density, D is the precipitate diameter, t is the precipitate 

thickness, and 𝜃 is the dihedral angle between the (111) slip plane and the (001) precipitate plate; 

in this case 𝜃 = 54.74 [51].  Equation 3.7 was applied to the case of this precipitate phase using 

microstructural measurements shown in Table 2 and APB energy calculated using MD 

simulation in Figure 3.11.  The microstructural data was assumed to vary linearly as a function of 

temperature since microstructural measurements were  only done on the as-aged and 300°C 

preconditioned specimens.  Note the close prediction of the trend with temperature, as well as the 
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magnitude of the yield strength of the precipitate phase.  Also note that this model predicts the θ′ 

yield stress was not reached in the room temperature condition, where no yield was observed 

experimentally. 

 Note in Figure 3.5 after the precipitate yields, at lower temperatures the specimen 

fractures quickly, and at high temperatures strain softening of the bulk begins.  These 

observations highlight the usefulness of predicting the strain level at which the precipitate will 

begin to yield, which is possible when the two models that were discussed in this publication are 

combined, using the load transfer model to predict the stress in the θ′ phase as a function of bulk 

strain, and the CRSS model to predict when it will yield. 

3.5.3 Constitutive Behavior of the θ′ Precipitate 

While understanding aspects of the precipitate’s constitutive behavior is scientifically 

interesting, it needs to be taken a step further in order to be useful in designing alloys and heat 

treatments.  Therefore, the two models that were discussed here will be used together to predict 

the overall constitutive behavior of the precipitate.  The load transfer model from the previous 

publication [32] can be used to determine the stress in the precipitate, and the CRSS model 

(Equation 3.7) can be used to determine the stress at which the precipitate will yield via delayed 

shearing.  When combined, the applied strain level where the precipitate yields can be predicted.  

This prediction is displayed in Figure 3.12 against the experimentally-determined strain at which 

the precipitate yields, both for the (211) precipitate orientation.  A Y=X line is also included to 

display where theoretically perfect predictions would lie. 
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Figure 3.12: Predicted versus measured applied strain at which the θ′ precipitate yields via 
delayed shearing. 

Note that the model was able to predict the strain at which the θ′ precipitate yields within 

1% strain, and predicts the result at 300 and 350°C very closely.  This prediction still does not 

determine the mechanical behavior of the alloy.  However, note in Figure 3.5 that soon after the 

precipitate yields, the mechanical behavior of the alloy changes.  In the 100 and 200°C 

specimens, the specimen fractures, and in the 300 and 350°C specimens, strain softening begins.  

Either of these behaviors will quickly lead to failure of a component in service.  It can be 

concluded then that delayed shearing is highly detrimental to the mechanical behavior of the 

alloy and should be avoided.  The model prediction in Figure 3.12 is therefore proven to be 

useful due to its inputs of microstructural parameters, allowing for the optimization of heat 

treatments and alloy design.  A final point to consider regarding this analysis and modeling is 

that none of the mechanisms discussed here are unique to Al-Cu alloys.  Any precipitation-

strengthened system with strong, high aspect ratio, coherent or semi-coherent precipitates has the 

possibility of undergoing similar behavior (e.g. γ′′-strengthened superalloys). 

 

100°C 

200°C 

300°C 

350°C 
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3.6 Conclusions 

Neutron diffraction was implemented to study the precipitate-dislocation interactions in 

an Al-Cu alloy as a function of temperature.  The results from neutron diffraction was related to 

STEM observations and MD simulations, and the following conclusions were made: 

• Two primary precipitate-dislocation interactions were dominant: Orowan looping, 

followed by ‘delayed shearing’.  Delayed shearing was identified with diffraction for the 

first time and confirmed using STEM after testing at temperatures ranging from 100°C to 

350°C. 

• The two dominant precipitate-dislocation interactions caused two different regimes in 

deformation behavior of the precipitate: an initial hardening regime where extensive load 

transfer occurred from the matrix to the precipitate, and a second softening regime where 

load transfer levels reduced.  During the second regime, the alloy either quickly fractured 

at low temperature or began strain softening at high temperature, highlighting the 

importance of the study of the delayed shearing mechanism. 

• These two deformation regimes were modeled using a combination of a simple, grain-

scale load transfer model with a strengthening model informed by APB energies 

calculated using MD. 
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4.1 Abstract 

While precipitate-dislocation interactions are well-understood for Al-Cu alloys in tension, 

creep behavior has seen far less study.  New, thermally-stabilized Al-Cu alloys have θ′ 

strengthening precipitates that remain stable up to 300°C (~60% of the melting temperature) and 

higher, where creep becomes important to the mechanical behavior.  This investigation identifies 

the precipitate-dislocation interactions in a thermally-stabilized Al-Cu alloy by in-situ neutron 

diffraction and scanning transmission electron microscopy.  Significant load transfer to the θ′ 

precipitates occurs, attributed to dislocation loops on the interfaces of the θ′ precipitates and 

aluminum matrix.  Thus, Orowan looping is concluded to be the primary precipitate-dislocation 

interaction.  As Orowan looping and load transfer are associated with significant strain 

hardening, these results explain the excellent creep resistance seen in this alloy, and provide 

insights into the design of precipitation strengthened alloys with superior creep performance.   

4.2 Main Text 

Al-Cu alloys have a long history in numerous applications [1–3]. Therefore, interest in 

their mechanical properties and corresponding precipitate-dislocation interaction mechanisms is 
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widespread.  The precipitate-dislocation interactions in Al-Cu alloys during monotonic tensile 

deformation have been extensively studied [4–9].  The fundamental precipitate-dislocation 

interaction mechanisms during creep deformation of Al-Cu alloys are largely unknown.  A newly 

developed class of Al-Cu alloys with Mn and Zr additions (called ACMZ alloys) have shown 

thermal stability of the strengthening θ′ precipitates above 300°C [3] (~60% of the melting 

temperature of the alloy), where creep deformation becomes significant.  In the present study, we 

identify the mechanism by which the θ′ (Al2Cu) strengthening phase improves the creep 

resistance of an ACMZ alloy.   

A relevant concept when discussing precipitate-dislocation interactions is load transfer.  

Load transfer can occur during plastic deformation when a high strength precipitate is bypassed 

by dislocations, i.e. plastic deformation occurs in the matrix, while elastic deformation occurs in 

the precipitate [10].  Load transfer can provide a large degree of strain hardening in Al-Cu alloys, 

known as backstress hardening [11].  Load transfer relies on bypass of dislocations occurring, 

and will diminish when precipitates are sheared by dislocations, so the transfer of load from the 

matrix to the precipitates can be used to identify the precipitate-dislocation interactions.  The 

method to identify precipitate-dislocation interactions in Al-Cu alloys as a function of precipitate 

size, type, and morphology, as well as temperature, has been reported previously [12,13].  It was 

observed that θ′ precipitates are bypassed by dislocations in the initial plastic deformation, but 

can be cut by dislocations later in the plastic regime at elevated temperature via the delayed 

shearing mechanism [8,9,14]. Load transfer can also occur during creep deformation, and has 

been discussed for aluminum metal matrix composites [15–17], but has not been studied in 

precipitate strengthened aluminum alloys. 
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Creep generally occurs in three stages [18]: primary (or transient) creep, where the creep 

rate is decreasing as a function of time due to strain hardening; secondary (or steady-state) creep, 

where the rate of strain hardening and recovery balance each other, and the strain rate is constant 

as a function of time; and tertiary creep, where instability occurs due to necking or void 

formation and strain rate increases as a function of time until rupture.  Steady state creep 

occupies the largest fraction of creep life of most materials, and the corresponding rate is applied 

to identify the dominant creep mechanism. 

The authors have previously studied the creep behavior in several Al-Cu alloys using 

traditional stress-jump creep tests, and found that the presence of θ′ precipitates improves the 

steady-state creep rate [19].  In addition, the presence of grain boundary precipitates further 

reduced the diffusion creep rate for one Al-Cu-Ni alloy.  It was concluded that the grain bulk θ′ 

precipitates prevent deformation in the grain bulk, causing deformation to occur at the grain 

boundaries, and the grain boundary Al-Cu-Ni precipitates slow the grain boundary deformation, 

particularly at low stresses.   

The investigated alloy is the Al-Cu-Ni alloy called RR350.  This alloy was chosen due to 

its exceptional precipitate stability at elevated temperature [3] and good creep resistance [19].  Its 

composition is shown in Table 1.  The alloy was heat treated to a peak aged (T6) condition, then 

‘preconditioned’ at the testing temperature to prevent transformation of the precipitate during the 

creep test.  Details of the heat treatment are shown in Table 2. 

Table 4.1: Composition of Alloy RR350, wt.%. 

Cu Mn Zr Si Zn Fe Ni Co Ti Sb Al 
4.8 0.19 0.17 0.05 0.01 0.09 1.2 0.26 0.21 0.17 bal. 
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Table 4.2: Heat treatments applied to the alloy prior to testing. 

Step Solutionize Quench Age Precondition 
Time and 

Temperature 
535°C for 5h 80-90°C for >1h 220°C for 4h 300°C for 200h 

 

Figure 4.1 displays Scanning Transmission Electron Microscopy (STEM)-High Angle 

Annular Dark Field (HAADF) images of the alloy in the as-aged state, and after preconditioning 

at 300°C for 200 h (see Table 2).  Note that there is limited coarsening or transformation, even 

after extended high temperature exposure (the mean precipitate thickness increased by only 5.2% 

[3]). 

 

Figure 4.1: As-aged and 300°C preconditioned STEM images of RR350 alloy.  Note that limited 
coarsening and transformation occurs during the preconditioning treatment, making this 
conditions suitable for subsequent creep testing . 

Two types of characterization experiments were carried out to study the precipitate-

dislocation interactions during creep: in-situ neutron diffraction and ex-situ STEM.  The in-situ 

neutron diffraction experiments were done during a creep test that utilized a Materials Testing 

Systems load frame with a linear variable differential transducer (LVDT) to apply and measure 

stress-strain behavior; induction heating coils and two thermocouples were welded to the 
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specimen to control temperature.  Neutron data was collected continuously during the 

experiment from two banks of detectors aligned with diffraction vectors parallel and 

perpendicular to the tensile loading direction, respectively.  Only the parallel bank aligned with 

the tensile loading direction will be discussed here for simplicity.  The primary result from the 

neutron diffraction that will be discussed is the lattice strain 𝜖ℎ𝑘𝑙; defined by the equation: 

𝜖ℎ𝑘𝑙 = 𝑑ℎ𝑘𝑙 − 𝑑0ℎ𝑘𝑙𝑑0ℎ𝑘𝑙  (4.1) 

where 𝑑ℎ𝑘𝑙 is the lattice interplanar spacing and 𝑑0ℎ𝑘𝑙 is a reference lattice interplanar spacing 

collected with a very small load (100 N/0.03 MPa) applied. 

The creep tests were performed in-situ with multiple loads applied to each specimen to 

identify rate controlling deformation mechanisms.  The stresses and hold times for each of these 

steps are shown in Table 3.  Neutron diffraction data was collected continuously during the creep 

test, and was later chopped into 30-min segments overlapping with adjacent sections by 10 min 

on either side to collect sufficient neutron counts to quantify precipitate lattice strains.  As shown 

in Table 3, the stress was held at 80 MPa for longer duration than at the other stresses, in order to 

study the effect of extended secondary creep. 

Table 4.3: Stresses and hold times for the in-situ creep test. 

Stress (MPa) Time (h) 
80 13 
85 1 
90 1 
95 1 
100 1 

105 1 
 

A primary and secondary creep regime was observed for each of the stresses tested.  Due 

to the high stresses, the primary regime was very short [ref], so a steady-state creep rate was 
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measurable in each of the stress conditions by a linear fit of the secondary regime.  These steady 

state creep rates are plotted against stress in Figure 4.2 to study the rate-controlling creep 

mechanism.  It appears there is a linear correlation on the log-log scales, meaning that a power 

law relationship is followed.  The slope of this line is 12.6, which is associated with the power-

law breakdown creep regime [20]. 

 

Figure 4.2: Strain rates versus stresses for RR350 alloy creep test at 300oC.  The creep exponent 
of 12.6 indicates the alloy is in the power-law breakdown regime [20]. 

The creep strain rate results are consistent with the previously-studied ex-situ creep 

properties at lower stresses for the RR350 alloy [19].  The in-situ neutron diffraction results 

provide additional information, as displayed in Figure 4.3.  Note that the lattice strain in the θ′ 

(211) is increasing, while the lattice strains in the matrix (α (111) and α (200)) are decreasing 

with accumulated creep macrostrain (measured with LVDT).  This observation is indicative of 

load transfer occurring during creep deformation.  Also note that this load transfer behavior is 

nearly linear as a function of macrostrain for the majority of the experiment, meaning that the 

load transfer mechanism is not directly dependent on stress, as the stress was varied five times 
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during the course of the experiment.  In addition, no distinction can be seen in the load transfer 

behavior between the extended time creep hold at 80 MPa and the shorter holds at higher stress, 

even though the steady state strain rate increases by over an order of magnitude, so the load 

transfer mechanism is also not directly dependent on time.  Therefore, the load transfer 

mechanism (and by extension, the precipitate-dislocation interaction mechanism) must only be 

directly dependent on accumulated creep strain, not on time or stress. 

 

Figure 4.3: Lattice strain versus true strain curves for the θ′ (211) crystallographic orientation, as 
well as the two extremes of matrix crystallographic grain orientations.  Note that the precipitate 
stresses are increasing over the course of the experiment, while the matrix stresses are 
decreasing, signifying load transfer.  This degree of load transfer suggests that the primary 
precipitate-dislocation interaction is bypass via Orowan looping. 

The behavior observed here is similar to the tensile behavior of the same alloy at 300°C 

[13].  The primary precipitate-dislocation interactions that occurs during tensile loading is 

Orowan looping, followed by delayed shearing.  No yield was observed in the creep test, so we 

hypothesize that Orowan looping is the primary precipitate bypass mechanism during creep 

deformation (Orowan looping has been observed previously during creep in Ni-based 

superalloys [21]).  Orowan looping is also consistent with prior observations, as it is only 
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directly dependent on accumulated plastic strain, and not on time or stress (although the 

accumulated plastic strain may be dependent on time or stress).  Also of note in Figure 4.3 is the 

anisotropy of the α behavior, where the (200) crystallographic orientation is decreasing in lattice 

strain much faster than the (111) orientation.  This anisotropy appears similar to the 

crystallographic anisotropy in strain hardening behavior during tensile testing of Al-Cu alloys, 

which is caused by anisotropy in load transfer.  The mechanism by which this anisotropic load 

transfer occurs is described in detail elsewhere [12,13].  

Another possible mechanism of bypass of dislocations during creep is climb.  Climb as a 

bypass mechanism normally occurs around small precipitates [22,23].  While the precipitates in 

our experiments are thin, they have very high aspect ratio, and diameters greater than 350 nm.  

The rate of climb follows the relationship [24]: 

�̇� = 𝑁0𝐷𝜎𝑏5𝑘𝑇  (4.2) 

where �̇� is the rate of climb, 𝑁0 is the equilibrium concentration of vacancies, where 𝑁0 =
exp (𝐸𝑣𝑓𝑘𝑇), D is the self-diffusion coefficient, 𝜎 is the applied stress, 𝑏 is the Burgers vector, 𝑘 is 

Boltzmann’s constant, 𝑇 is temperature, and 𝐸𝑣𝑓 is the formation enthalpy for a single vacancy. 

The diffusivity values were assumed here to be the same as pure aluminum [25], and 𝐸𝑣𝑓 was 

measured using nuclear magnetic resonance [26].  Assuming the distance the dislocation must 

climb is half the diameter of the precipitate (D=390 nm [3]), this model predicts it will take 1012 

s to overcome a single precipitate at 80 MPa applied stress.  Climb as the primary precipitate 

bypass mechanism can likely be reasonably ruled out.   

As confirmation that Orowan looping is occurring, post-mortem bright field TEM was 

performed on the creep tested specimens to observe dislocations on the interfaces of the 
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precipitates, which is displayed in Figure 4.4.  Note the presence of dislocations both on the 

vertical interfaces of the precipitates aligned out of plane of the image, as well as on the broad 

interfaces of the precipitates in-plane with the image.   

 

Figure 4.4: Post-mortem bright field TEM of the creep tested specimens.  Note the presence of 
dislocations on the interfaces of the θ′ precipitates, which are likely Orowan loops. 

There is an additional possibility that climb is occurring in the Orowan loops themselves; 

this mechanism has been discussed elsewhere [27].  There are two pieces of evidence refuting 

this mechanism controlling the behavior, including: 1. The precipitate is still experiencing 

extensive load transfer, which would be reduced by climb of Orowan loops, and 2. Dislocation 

loops can still be observed post-mortem on the interfaces of the precipitate.  It was found that 

Orowan loops at the equator of spherical particles do not climb as they are in a metastable state, 

where the interface that the Orowan loop contacts is perpendicular to the direction it would 

climb, not providing a driving force for climb [27].  We hypothesize that dislocations around θ′ 

precipitates act similarly, where the majority of the dislocation contacts the coherent interface, 
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which is again perpendicular to the direction of climb, thereby greatly decreasing the driving 

force for Orowan loop climb.  The above results and discussion allow us to conclude that climb 

of Orowan loops is not a controlling mechanism in the behavior of these alloys at 300°C.  Climb 

does have a strong relationship with temperature, while Orowan looping does not, so climb of 

Orowan loops may become an important mechanism at higher temperature [27]. 

Another deformation mechanism that is possible in these alloys is cutting or shearing of 

the precipitates.  Dislocation cutting was observed in-situ during tension in the RR350 at 300°C 

[13], and dislocation cutting has been observed during creep in Ni-based superalloys [21].  The 

lattice strains reached in these experiments are comparable or higher than those reached in the 

tensile tests [13], but the lattice strain was not observed to increase monotonically in the test 

conditions reported.  This lack of yield is likely caused by the homogeneity in deformation that 

occurs during a creep test.  Inhomogeneous deformation will cause some precipitate to be cut 

prematurely, but such an effect is less likely to occur during a creep test. 

There are significant implications to the reported deformation mechanisms.  As discussed 

previously, steady state creep occurs when the rate of strain hardening is matched by the rate of 

recovery.  In these alloys, one important strain hardening mechanism is backstress hardening, 

which is strain hardening caused by load transfer from the matrix to the precipitate.  This load 

transfer occurs mostly as a function of macrostrain of the bulk, as seen in Figure 4.3, while 

recovery occurs as a function of time, temperature, and dislocation density.  The creep rate is 

then determined by the balance of these two mechanisms.  Backstress hardening accounts for a 

large portion of strain hardening in Al-Cu alloys [14].  Therefore, backstress hardening explains 

the high creep resistance observed when the θ′ precipitate is present in Al-Cu alloys.  In addition, 

the activation of alternative precipitate-dislocation interactions such as climb of Orowan loops or 
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precipitate cutting would have a measurably negative effect on the creep resistance in θ′ 

strengthened alloys.  Note that none of these observations must be specific to θ′ or Al-Cu alloys, 

and similar deformation mechanisms may occur in other alloy systems.  Specifically designing 

precipitate structures in order to promote Orowan looping and load transfer may be a path to 

creating new alloys with excellent creep properties. 

In summary, neutron diffraction was used to study the precipitate-dislocation interactions in a 

thermally-stable Al-Cu alloy RR350, and the following conclusions were drawn: 

• Load transfer was observed from the matrix to the precipitate during the entire creep test.  

The load transfer was observed to occur as a linear function of accumulated creep strain, 

irrespective of stress or strain rate. 

• The similarity in load transfer mechanism between creep and tensile tests, as well as post-

mortem STEM, identified the primary precipitate-dislocation interaction during the creep 

test to be Orowan looping.  These Orowan loops can climb and annihilate after they are 

formed, but this mechanism was not found to be rate-controlling. 

• We hypothesize that the balance of strain hardening versus recovery is controlled by the 

load transfer behavior, which explains the excellent creep resistance observed in θ′ 

strengthened Al-Cu alloys. 
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CHAPTER 5  

SUMMARY, CONCLUSIONS, AND FUTURE WORK 

Several general conclusions can be drawn from the present work, and they will be 

presented along with recommendations for future work in this section. 

5.1 Summary and General Conclusions 

Al-Cu alloys are a commercially relevant system and have seen extensive study on their 

mechanical properties and deformation mechanisms.  However, there is some lack of 

understanding of its deformation mechanisms at a precipitate scale as a function of temperature, 

microstructure, and crystallographic orientation.  In this work, three sets of experiments were 

preformed in order to improve this understanding.  The scientific questions that were asked were: 

1. What is the effect of precipitate type and crystallographic orientation on the strain hardening 

mechanisms in an Al-4.5%Cu alloy at room temperature?  2. How does tensile testing 

temperature affect the precipitate- θ′ dislocation interactions in an Al-4.8%Cu-1.2%Ni-Mn-Zr 

thermally stabilized alloy?  3. What dislocation-precipitate interactions and deformation 

mechanisms are present during creep at 300°C and high stress in the same Al-4.8%Cu-1.2%Ni-

Mn-Zr alloy? 

It was found that, at room temperature, precipitate-dislocation interaction mechanisms are 

highly dependent on aging treatment, and therefore on microstructure.  It was observed that GP 

zones and θ′′ precipitates were sheared by dislocations, while θ′ and θ precipitates were bypassed 

via Orowan looping.  Significant load transfer from the matrix to the θ′ and θ precipitates was 

also observed, owing to the high strength of the precipitates and their strong interfaces with the 

plastically deforming matrix.  A particularly high degree of load transfer occurred to the θ′ 

precipitates due to their high aspect ratio, and the magnitude of load transfer was found to 
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depend on their crystallographic orientation.  Precipitate plates that were aligned with the tensile 

axis had more load transfer than those not aligned with the tensile axis, due to the precipitates 

accommodating plastic strain surrounding them via rotation if they were not aligned with the 

tensile direction.  A model was developed to describe this mechanism, and it was successfully 

able to predict the magnitude of stress in the precipitates and matrix separately during the plastic 

deformation regime, both as a function of their crystallographic orientation. 

Precipitate-dislocation interaction mechanisms for the θ′ precipitate were also found to be 

dependent on the testing temperature.  At elevated temperature, the θ′ precipitate was found to 

yield via the delayed shearing mechanism, by which Orowan loops form during initial plastic 

deformation, but collapse and shear the precipitate at higher plastic strains.  The strength of the θ′ 

precipitate was found to depend on the testing temperature due to the temperature dependence of 

the antiphase boundary energy, which contributed heavily to the strength of the precipitates. 

Alloys strengthened by θ′ precipitates were found to be very creep resistant. During the 

creep regime, similar behavior was found to the tensile regime for an alloy strengthened by θ′ 

precipitates.  Extensive load transfer was observed from the matrix to the θ′ precipitates, and 

Orowan looping was concluded to be the primary precipitate-dislocation interaction mechanism 

during creep.  Due to the strain hardening that is associated with Orowan looping and load 

transfer, these mechanisms were able to explain the high creep resistance observed in θ′-

strengthened alloys. 

5.2 Recommendation for Future Work 

The present work has provided improved understanding of the deformation behavior of Al-

Cu alloys, but there are some areas that could be continued.  While the modeling done to 

describe the room temperature properties of θ′ strengthened alloys allowed for the prediction of 
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the behaviors of the precipitate and matrix separately, it did little to predict the overall behavior 

of the alloy.  Work by other authors has occurred in this area [1,2], but the mechanistic 

understanding developed in the present work could help refine their models.  This work 

examined the effect of different precipitate types on the strain hardening behavior in Al-Cu 

alloys but did not study the effect of precipitate size or aspect ratio.  It is likely that these two 

variables will have a large impact on the mechanical properties of the alloy as well as the load 

transfer behavior.  In addition, all the present work assumed only one precipitate type.  In reality, 

almost all Al-Cu alloys will have some precipitation on the grain boundaries, and these 

precipitates will impact the mechanical properties significantly, particularly in the creep regime 

(where deformation often occurs at the grain boundaries).  Additional study of the deformation 

mechanisms related to the grain boundary precipitates could provide a more complete 

understanding of the behavior of the alloy.  This study also only focused on Al-Cu alloys, but 

there are many alloy systems that contain high aspect ratio, shear resistant precipitates (Inconel 

718, for example).  Applying the analysis and modeling developed in the present work may 

provide insight into their mechanical behavior. 
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