
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 

EFFECT OF TEMPERING ON HYDROGEN INDUCED CRACKING  

IN ACCELERATED COOLED PIPELINE STEELS 

 
 
 
 
 
 
 
 
 

 
 
 
 
 
 
 
 

 

 

 

by 

Mary K. O’Brien 

  



  ii 

A thesis submitted to the Faculty and the Board of Trustees of the Colorado School of Mines in 

partial fulfillment of the requirements for the degree of Doctor of Philosophy 

(Metallurgical and Materials Engineering). 

 
 
 
 
Golden, Colorado 
 
 
Date: ______________ 
 
 
 
 

Signed: _________________________ 
Mary K. O’Brien 

 
 
 
 

Signed: _________________________ 
 

Dr. Kip O. Findley 
Thesis Advisor 

 
 
 
 
 
 
 
 
 
 
 
 
Golden, Colorado 
 
 
Date: ______________ 
 
 

Signed: _________________________ 
 

Dr. Angus Rockett 
Professor and Department Head 

Department of Metallurgical 
and Materials Engineering 



  iii 

 ABSTRACT 

Hydrogen induced cracking (HIC) occurs in pipeline steels used in oil and gas applications rich in 

hydrogen sulfide gas. The presence of high amounts of H2S gas, also known as sour service, allows for 

ingress of hydrogen and internal cracking in the absence of an externally applied stress. It is generally 

believed that HIC susceptibility increases with increasing strength, which limits the use of high strength 

steel in sour service. Pipeline steels are low carbon microalloyed steels produced using controlled rolling. 

Higher cooling rates induce a microstructure that often consists of a mixture of non-equiaxed ferrite with 

smaller islands of solute rich secondary microconstituents. This multiphase microstructure is called 

granular bainite and is the primary microstructure of interest in this work. Two different alloys, X65 and 

X70, with granular bainitic microstructures were used for this study. Two separate steel ingots with the 

X65 chemistry were cast, reheated, and thermomechanically processed (TMP) with finish rolling into the 

intercritical regime followed by air cooling for one ingot and accelerated cooling to 540 °C followed by 

air cooling to room temperature for the other ingot. The intercritical finish rolling step can be referred to 

as warm rolling, and was conducted in order to understand the effect of increased dislocation density in 

proeutectoid ferrite. The air cooled X65 steel produced a mixture of quasi-polygonal ferrite and pearlite. 

Upon HIC testing the air-cooled steel exhibited no cracking while the accelerated cooled steel exhibited 

considerable cracking.  In contrast, the X70 steel had additions of Mo and Si and was processed with the 

intent of initiating accelerated cooling in the single-phase austenite regime. The X65 steel was susceptible 

to HIC in the as-received (AR) condition, while the X70 steel was not. The lack of cracking in the X70 

AR steel was hypothesized to be due to the lower area fraction, homogeneous distribution, and equiaxed 

shape of secondary microconstituents in the X70 as opposed to the X65 steel.  In order to understand the 

effect of changes in microstructure on HIC, both steels were tempered at 300, 400, 500, and 600 °C for 40 

minutes, and the X70 steel had an additional tempering temperature of 700 °C. After tempering, hardness 

and yield strength were maintained or increased in both steels at all temperatures. Upon tempering, the 

accelerated cooled X65 steel exhibited austenite decomposition and cementite formation similar to that 

observed in fully martensitic steels, while hardness and strength were nominally maintained if not slightly 

increased. In contrast, additions of Si in the X70 steel retarded the decomposition of austenite and 

formation of cementite to higher tempering temperatures. Tensile strength in the X65 steel decreased 

upon tempering at 300 °C and was maintained at higher temperatures; tensile strength was maintained in 

the X70 steel with the exception of a decrease at 700 °C. HIC testing revealed that tempering improved 

HIC resistance in all X65 conditions except 400 °C. The reduced HIC resistance of the AR and 400 °C 

conditions was attributed to elongated secondary microconstituents (SM) that resulted from warm rolling 

and elongated grain boundary cementite that formed from elongated SM in the 400 °C condition, 
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observations that are often associated with tempered martensite embrittlement (TME) in fully martensitic 

steels. Charpy impact test results at room temperature in the X65 steel, interpreted to be in the upper shelf 

regime, revealed that the same conditions that were HIC susceptible, the AR and 400 °C conditions, also 

exhibited the lowest room temperature toughness indicating that toughness might be a better predictor of 

HIC resistance than hardness or strength. The X70 condition exhibited HIC susceptibility in the 300 °C 

tempered condition in which phosphorous was also observed within cracks. Observations of phosphorous 

in cracks (X65 AR and X70 300 °C) and elongated grain boundary cementite (X65 400 °C) indicates that 

a phenomenon like TME occurs in these accelerated cooled steels. As long as TME regimes are taken into 

consideration, tempering appears to be a promising option to increase HIC resistance of linepipe steels. 
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CHAPTER 1 : INTRODUCTION 

Hydrogen induced cracking (HIC) is a phenomenon that occurs in oil and gas applications that 

contain high partial pressures of hydrogen sulfide (H2S) gas. This severe oil and gas application is also 

known as sour service. The presence of sulfur in H2S gas acts as a hydrogen recombination inhibitor that 

then allows for ingress of hydrogen ions into the steel. Upon diffusing into the steel, the hydrogen ions 

can cause internal cracking. It is currently believed that the accumulation and recombination of hydrogen 

ions into H2 molecules at sites with high hydrogen trapping energy, such as inclusions, can initiate 

internal voids that grow into cracks by internal pressure due to gaseous hydrogen. Currently industrial 

practice observes a maximum yield strength of 800 MPa (116 ksi) for steels destined for sour service per 

recommendations from NACE MR0175/ISO 15156 [1]. This industrial practice is informed by the oft-

cited belief in literature that HIC susceptibility increases with strength. Extensive research and 

development into the reduction of deleterious manganese-sulfide stringers and decreases in 

microsegregation have resulted in some improvements in the use of higher strength steels for sour 

service [2], but HIC susceptibility is still assumed to increase with increasing strength. Manipulating the 

microstructure of pipeline steels through tempering could allow for understanding the effect of various 

microstructural variables such as phase fraction, dislocation density, and microstructural morphology on 

HIC. The current work examines the effect of tempering on hydrogen induced cracking in granular 

bainitic pipeline steels. In order to achieve this overarching goal, two research questions were set forth: 

1. How do phase fraction and mechanical properties of mixed proeutectoid ferrite and fully 

granular bainitic microstructures evolve upon tempering? 

2. Do any of the variables involved in phase fractions or mechanical properties correlate with 

HIC? 

Evolution of phase fractions and mechanical properties in fully martensitic steels is well 

understood and is characterized into four stages with associated temperatures and phase evolutions as 

discussed in Chapter 2 Section 2.1. The granular bainitic microstructure consists of multiple phases 

including bainitic ferrite and small islands of secondary microconstituents (SM). Secondary 

microconstituents can themselves consist of mixtures of martensite (tempered or untempered), and 

austenite. Very little literature exists on the tempering of granular bainitic steel, so a discussion of the 

literature concerning tempering in dual phase steels as an analog is included in Chapter 2 Section 2.2.  

Tempering in fully martensitic steels as a means of reducing hydrogen embrittlement susceptibility is an 

active and promising area of research in medium carbon steels for high strength fastener applications [3]. 

However, tempered martensite embrittlement, a known phenomenon causing a trough in impact 
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toughness from 200 to 400 ºC, has been shown by some researchers to also cause a trough in hydrogen 

embrittlement resistance and as such is discussed in Chapter 2 Section 2.3.  

In the current work, the evolution of two linepipe steels upon tempering is examined to 

understand the effect of varying microstructure on HIC. The experimental design and methods are 

discussed in Chapter 3. The results and discussion chapters are divided into three parts: Chapter 4 and 5 

concern results and discussion of experiments conducted on the X65 steel and X70 steels, respectively, 

and Chapter 6 is a comparison of the two steels. More specifically, Chapter 4 examines the effect of 

tempering at 300 ºC, 400 ºC, 500 ºC, and 600 ºC for 40 minutes in a traditionally alloyed X65 steel. The 

evolution of mechanical properties (Section 4.1.1), instrumented Charpy toughness (Section 4.1.2), phase 

fractions (Section 4.1.3), microstructural evolution (Section 4.1.4 and 4.1.5), and dislocation density 

(Section 4.1.6) as a result of tempering are discussed in Section 4.1. The results from the NACE TM0284 

HIC test are reviewed in Section 4.2.1, with accompanying qualitative and chemical analyses of the 

resulting cracks (Sections 4.2.2 and 4.2.3). Lastly, the effect of secondary microconstituents (SM) on 

cracking is discussed in Section 4.2.4, followed by a discussion (Section 4.3) synthesizing the results 

from Sections 4.1 and 4.2. 

Similarly, Chapter 5 discusses the effect of tempering on HIC in a higher strength X70 steel with 

molybdenum (Mo) and silicon (Si) additions. Section 5.1 discusses the evolutions in mechanical 

properties (Section 5.1.1), phase fractions (Section 5.1.2), secondary microconstituents (Section 5.1.3), 

and changes to microstructure (Section 5.1.4). HIC behavior is discussed in Section 5.2 with subsections 

discussing the NACE TM0284 HIC test results (Section 5.2.1), chemical analysis of cracks 

(Section 5.2.2), and effect of secondary microconstituents on cracking (Section 5.2.3). The effect of 

tempering on HIC in the X70 steel is then discussed in Section 5.3.  Chapter 6 compares all of the data 

presented for the X65 and X70 steels conclusions from this work are summarized in Chapter 7. Lastly, 

avenues for future work are discussed in Chapter 8.  
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CHAPTER 2 : BACKGROUND 

This section serves to discuss literature findings relevant to the study of the effect of tempering on 

granular bainitic microstructures and associated hydrogen induced cracking in pipeline steels used in sour 

service applications. A thorough review concerning hydrogen absorption and trapping, microstructural 

influence on HIC, proposed cracking mechanisms of HIC, and influence of texture on HIC can be found 

in the M.S. thesis associated with this work [4].  

2.1 Stages of Tempering in Martensitic and Bainitic Microstructures  

The stages of tempering in martensitic steel occur over four temperature regimes [5]. Stage I of 

tempering occurs at temperatures up to 200 °C. At temperatures less than 100 °C coherent h carbides 

form, while at temperatures from 100 to 200 °C, e carbides (Fe2.4C) form. The formation of these carbides 

is dependent on alloy content, particularly carbon content [6]. Stage II of tempering involves the 

decomposition of austenite to ferrite and cementite or c Haag carbides and occurs from 200 °C to 300 °C. 

Stage III occurs over a wide range of temperatures above 300 °C and leads to the formation of ferrite and 

cementite by the dissolution of previously formed transition carbides. Recovery can take place above 

400 °C, and recrystallization can take place from 600 to 700 °C. Lastly, secondary hardening from 

precipitation of alloy carbides occurs during stage IV of tempering from 500 to 600 °C, particularly in 

molybdenum (Mo), vanadium (V), and titanium (Ti) containing steels. The temperatures associated with 

the four stages of tempering can vary with alloy content.  

The strengthening mechanisms inherent to martensite (i.e., dislocation density, solid solution 

strengthening, precipitation strengthening, grain size strengthening) are affected by tempering. In 

martensitic iron-carbon (Fe-C) steels, hardness generally decreases with increasing tempering time and 

temperature with a functionality described by the Holloman-Jaffe tempering parameter [6]. In addition, an 

embrittling phenomenon has been proposed to occur with the decomposition of austenite, as cementite 

can form at prior austenite grain boundaries and decrease ductility and toughness. 

The tempering behavior of bainite has additional complexities to consider. Tempering of 

martensite involves the diffusion of carbon atoms from the supersaturated body-centered cubic 

martensitic matrix to form carbides. The slower cooling rates required for bainite formation allow for 

carbon diffusion and precipitation of cementite. Because the amount of solute carbon is lower in bainitic 

microstructures in the as-received condition, hardness does not decrease significantly at low tempering 

temperatures in bainitic microstructures. In a study of a 0.2 C- 0.95 Cr- 1.92 Mn- 0.57 Si- 0.18 Mo- 0.04 

V steel by Luo et al., hardness did not decrease until tempering at temperatures greater than 500 °C, as 

shown in Figure 2.1(a) [7]. Figure 2.1(b) demonstrates that unlike hardness, ultimate tensile strength 
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starts to decrease at 300 °C. Yield strength, toughness (not pictured), and yield to tensile strength ratio 

peak around 350 °C, followed by a trough at 450 °C, although the authors did not provide an explanation 

as to why the YS trough occurred. The authors suggested that the toughness trough was due to cementite 

precipitation along grain boundaries, and the increase in toughness at 350 °C was attributed to partial 

decomposition of M/A constituents, although an in-depth microstructural characterization was not 

presented.  

The tempering behavior of steels with mixed martensite and bainite microstructures was studied 

by Vieira in low carbon steels [8]. The results of the study demonstrated that a rule of mixtures using the 

hardness and volume fraction of martensite and bainite predicted hardness well. The effect of isothermal 

bainitic transformation temperature was assessed and it was observed that bainite that transformed at a 

higher temperature also had a higher tempering temperature for the onset of peak secondary hardening. 

Vieira also studied the effects of chromium (Cr) and silicon (Si) on secondary hardening. Mössbauer 

spectroscopy indicated that chromium segregated to cementite and enhanced its stability upon tempering. 

Si additions revealed higher levels of carbon in solution, which the author indicated could allow for alloy 

carbide precipitation that would not rely on cementite dissolution to occur [8].   

 
 

(a) (b) 

Figure 2.1 Effect of tempering temperature on various mechanical properties in a 0.2 C- 0.95 Cr- 1.92 
Mn- 0.57 Si- 0.18 Mo- 0.04 V steel where (a) is the effect of tempering on hardness and (b) is the effect 
of tempering on yield strength (Rp0.2), tensile strength (Rm), and yield ratio (Rp0.2/Rm) [7]. 

 

Dilatometric studies, typically concerned with phase evolution during tempering or annealing, are 

conducted using isothermal tempering holds. However, Vieira et al. [9] conducted a study of phase 

evolution upon tempering an as-quenched alloy using linear heating rates in the dilatometer 

complemented by Mössbauer spectroscopy, x-ray diffraction (XRD), and transmission electron 

microscopy (TEM). The alloy chosen for this study was a medium carbon steel with a composition of 
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0.4C – 1.49 Si – 0.25 Mo – 0.25V and the microstructure was as-quenched martensite. The study 

measured dilation of the sample after a double tempering procedure, shown schematically in Figure 

2.2(a). The authors assume that all of the tempering that occurs at a given maximum temperature will 

have occurred during the initial tempering step, so that the second tempering step can be used as a 

baseline for understanding the expansion and contraction without tempering effects. Figure 2.2 (b) is a 

graph from the referenced work [9] that demonstrates the original dilation curves of the first and second 

heating steps (L1 and L2 respectively), and the curve after taking the difference between those two heating 

steps. Finally, Figure 2.2(c) graphs the derivative of the difference between the two curves with respect to 

temperature (d(DL1-DL2)/dT), from which temperature ranges of phase transformation were deduced with 

the assistance of Mössbauer spectroscopy and TEM.  

 

(a) 

  

(b) (c) 
Figure 2.2 (a) Schematic of the thermal profile of the double tempering procedure used by the Vieira et 

al. study. (b) Graph of change in length and difference in change in length between the two tempering 
steps (DL1-DL2) and (c) derivative of (DL1-DL2) with respect to temperature [9]. 



  6 

The authors discuss several peaks and troughs of note from Figure 2.2 (c), which are marked with 

dotted lines and temperature indications. In the discussion of Figure 2.2 (c), the authors discuss the 

derivative of the difference in change in length using terminology including “expansion” and 

“contraction”. For this literature review, the same terminology will be used. The authors attribute the 

trough from 50 to 200 °C to removal of carbon from solution along with clustering and/or the formation 

of transition carbides. At approximately 200 °C, the authors assert that the increase in the derivative 

signal is associated with the decomposition of austenite to ferrite. Cementite is interpreted to start to form 

around 300 °C as the removal of carbon from martensite allows for contraction, while the deepest trough 

near 430 °C is interpreted to be reflective of the greatest rate of cementite precipitation, which then halts 

around 500 °C in favor of alloy carbide formation. The authors offer the idea that lattice expansion after 

500 °C could be due to the segregation of Mn to cementite, which was observed in the Mössbauer 

spectroscopy results as an increase in non-magnetic cementite fraction. 

2.2 Stages of Tempering of Dual Phase Steels 

Mixed microstructures containing ferrite and a high carbon constituent such as bainite or 

martensite present a unique challenge to understanding tempering characteristics. The accelerated cooled 

quasi-polygonal ferrite microstructures with M/A constituents relevant to pipeline steels can be 

considered a mixed microstructure. Although there is not an extensive body of literature concerning 

microstructural evolution upon tempering of low carbon thermo-mechanically processed (TMP) 

microstructures for pipelines, a larger set of literature exists concerning the effect of tempering in dual 

phase (DP) ferrite/martensite sheet steels on mechanical properties.  

 Dual phase steels consist of a combination of ferrite and anywhere from 5 to 50 pct. martensite 

that forms as a result of quenching from an intercritical annealing step after cold-rolling. A water-

quenched dual phase steel is then tempered to enhance formability. Chang investigated the effect of 

temper-aging of a continuously annealed DP steel with 0.05 C, 0.33 pct Mn, 0.021 Si, 0.012 pct P, 0.017 

S, 0.052 Al, and 0.006 N (all in weight percent) [10]. The steel was cold rolled, intercritically annealed to 

816°C, and quenched to room temperature creating a mixed microstructure of ferrite and martensite. 

Isothermal tempering was then conducted at 20, 113, 325, 399, and 554 °C for times varying from 20 to 

107 seconds. Separately, isochronal tempering at temperatures ranging from room temperature to 658 °C 

was conducted for 60 and 100 seconds. Tensile tests were conducted to obtain mechanical properties as a 

function of tempering temperature, and the results for the isochronal tempering samples are displayed in 

Figure 2.3. In general, yield strength increased upon tempering relative to the as-received sample, while 

tensile strength decreased [10]. For comparison, Sayed et al. observed a slight initial increase in yield 

strength and tensile strength upon tempering at 100 °C and then decreases by about 200 MPa with 
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increasing tempering temperature up to 600 °C in a 0.21 C - 1.18 Mn - 0.26 Si - 0.18 Cr - 0.2 Cu - 0.12% 

Ni - 0.03 P - 0.03 S (all in weight percent) dual phase steel after one hour tempering treatments [11].  

 

Figure 2.3 Change in YS and UTS relative to the as-received dual phase ferrite/martensite steel as a 
function of tempering temperature for isochronal tempering conditions of both 60 seconds and 100 
seconds adapted from [10]. 

 

The evolution of the microstructure upon tempering was examined by Chang et al. [10]. Light 

optical micrographs and carbon extraction replicas of ferritic regions imaged using a transmission 

electron microscope (TEM) from samples tempered at various temperatures are shown in Figure 

2.4(a)-(l). Figure 2.4 demonstrates that intragranular carbide precipitation occurred in ferrite for all 

tempering temperatures up to 500°C (Figure 2.4(a)-(d)), followed by grain boundary carbide precipitation 

after tempering at 554 and 660°C (Figure 2.4(e)-(f)). It is apparent in Figure 2.4(a)-(d) that increasing 

tempering temperature reduces the number and increases the size of the carbides. A similar Ostwald 

ripening trend was observed in martensitic regions with reduction in number and increase in size of 

carbides with increasing tempering temperature.  
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Figure 2.4 Light optical micrographs (a),(c),(e) and (g),(i),(k) and transmission electron micrographs (b), 
(d), (f) and (h), (j), (l) of the dual phase steel after 60 sec temper-aging at the following temperatures (a) 
and (b) 328°C,  (c) and (d) 399°C, (e) and (f) 435°C, (g) and (h) 500°C, (i) and (j) 554°C, (k) and (1) 
660°C [10].  
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Chang synthesized the results of the study by separating tempering behavior into four stages. 

Stage I occurs at temperatures less than 225°C, where there was no observable carbide precipitation for 

the short tempering times (60 and 100 seconds). It should be noted, however, that carbide precipitation 

was noticed after significantly longer tempering times.  Stage II occurs between ~225 and 350°C, where 

plate like cementite precipitates were observed both in ferrite and martensite. Stage III occurs from ~350 

to 535°C and is associated with the range over which cementite precipitation transitions from within 

ferrite grains to grain boundaries. The authors attribute this change in cementite precipitation location to 

the reduction of intragranular dislocation density and thus lack of low energy nucleation sites within 

grains for cementite precipitation. Lastly, Stage IV was defined as occurring above 535°C and features 

spheroidized grain boundary cementite and partial recovery of the martensite substructure. The effects of 

the four tempering stages on toughness in light of the changing precipitation events at various 

temperatures were not considered.  

A similar tempering study as the Chang study was undertaken by Joarder et al [12] on a 0.1 C - 

0.31 Si - 0.8 Mn - 0.05 S - 0.05 P (all in weight percent) DP steel. Two different fractions of martensite 

were produced in different samples by intercritically annealing at 760 and 775°C and quenching in 5 pct 

brine to produce 24 pct and 35 pct martensite, respectively. A graph of the change in strength and 

reduction in area as a function of tempering temperature is shown in Figure 2.5(a) and (b), respectively. 

All tempered conditions exhibited a decrease in both yield strength and tensile strength upon tempering at 

200°C, followed by a plateau in strength between 200 and 500°C and a decrease in YS and UTS after 

tempering above 500°C. Increasing martensite volume fraction appeared to shift the YS and UTS curves 

to higher strength but did not change the shape of the curves. In addition, the researchers observed an 

increase in the reduction in area, which could be used as an indication of increasing toughness upon 

tempering. 

 Transmission electron micrographs were also obtained to complement the tensile test results. 

Results showed that after 200°C tempering, the 24 pct martensite sample contained ε-carbides that formed 

along twins in the martensite, while the 35 pct martensite had cementite precipitates that formed in plate 

shapes within the martensite laths. The authors did not provide an explanation as to why different 

martensite fractions resulted in these differences in precipitation. After 400°C tempering, both the 24 and 

35 pct martensite samples exhibited ellipsoid cementite formation along martensite lath boundaries. 

Lastly, spheroidized cementite and recovery of martensite substructure were both observed in the samples 

tempered at 600°C. These observations align well with the stages of tempering Chang et al. discussed 

above [10]. 
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(a) (b) 

Figure 2.5 Effect of tempering temperature on (a) yield and tensile strength and (b) reduction in area in a 
0.1 C - 0.31 Si - 0.8 Mn - 0.05 S - 0.05 P (all in weight percent) DP steel from a study conducted by 
Joarder et al. [12]. 

 

 An examination of the decomposition of martensite in DP steels upon tempering at 650°C using 

both isothermal and non-isothermal tempering treatments was conducted by Baltazar and coworkers [13]. 

The temperature profiles of both the isothermal and non-isothermal tempering treatments are shown in 

Figure 2.6. Baltazar et al. observed that eliminating the isothermal hold during tempering resulted in 

different precipitation events occurring such as interlath rather than intergranular cementite formation, 

indicating that the location and morphology of cementite depends not only on temperature but also time.  

 

Figure 2.6 Thermal cycles used to investigate the difference in isothermal and non-isothermal tempering 
treatments by Baltazar et al. [13]. 
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 Understanding tempering behavior of DP steels requires knowledge of the evolution of both the 

martensitic and ferritic constituents. A study by Rashid and Rao of a DP steel containing 0.1 pct C - 1.5 

pct Mn - 0.5 pct Si - 0.1 pct V used TEM to assess recovery, precipitation, and recrystallization in both 

microconstituents in addition to assessing mechanical property evolution [14]. The steel was produced by 

intercritical annealing (788 °C) followed by air cooling. Samples were tempered in furnaces at 200, 300, 

400, 500 °C for 1 hour followed by air-cooling. The evolution of YS and UTS upon tempering is shown 

in Figure 2.7. The UTS decreases from 703 MPa to 617 MPa, while YS increased from 388 MPa to a 

maximum of 516 MPa upon tempering at 400 °C.  

 

Figure 2.7 Evolution of tensile properties, UTS and YS, upon tempering in a 0.1 C – 1.5 Mn – 0.5 Si – 
0.1 V steel in a study by Rashid and Rao [14]. 

 

The evolution of the microstructure upon tempering was observed using TEM in the study by 

Rashid and Rao, and some representative micrographs are shown in Figure 2.8(a)-(f) [14]. Cementite 

precipitation on martensite twin boundaries was observed after tempering for 1 hour at 200 °C as shown 

in a dark field micrograph with the aperture centered over diffracted cementite spots in Figure 2.8(a). A 

reduction in dislocation density in the ferritic regions adjacent to the martensite was also observed. Upon 

tempering at 300 °C, the cementite had coarsened in the martensite, shown in a dark field micrograph 

with cementite reflections in Figure 2.8(b). Very small precipitates were again observed in the ferrite but 

were assumed not to be cementite. After 400 °C tempering, the authors characterize previously 

martensitic regions as having decomposed to upper bainite due to the appearance of interlath cementite, 

shown in a dark field micrograph with the accompanying selected area diffraction pattern (SADP) in 
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Figure 2.8(c). However, what likely occurred is decomposition of martensitic regions into tempered 

martensite. Accompanying Figure 2.8(d) is a bright field micrograph of a ferritic region from the sample 

tempered at 400 °C, where the authors have pointed out both intragranular cementite (labelled “N”) and 

intergranular cementite (labeled “G”) in addition to small precipitates labelled “P”. Figure 2.8(e) 

demonstrates that after tempering at 500 °C, cementite within previously martensitic regions spheroidized 

and Figure 2.8(f) demonstrates that intergranular cementite formed in ferritic regions.   

2.3 Tempered Martensite Embrittlement 

In fully martensitic steels, toughness typically increases with increasing tempering time or 

temperature. However, tempered martensite embrittlement (TME) is a phenomenon in which a trough in 

impact toughness appears in the range of 200 to 400 °C tempering[15]–[17]. The primary mechanism of 

TME is largely considered to be the decomposition of retained austenite to interlath cementite in fully 

martensitic steels. A thorough review of theories involving cementite size, morphology, and distribution 

on TME can be found in the M.S. and Ph.D. work of V. Euser [15]. The transformation of retained 

austenite to martensite is considered a secondary contributor, as is the effect of impurity segregation like 

P and S [15], [16].  

Although TME is assessed using Charpy impact toughness in air, similar troughs in hydrogen 

embrittlement have been observed in the medium carbon steels that exhibit TME. Lynch studied a 0.46 C 

– 1.2 Mo – 1.1 Cr- 0.8 Mn – 0.12 V – 0.24 Si – 0.004 P – 0.002 S martensitic steel tempered at 180, 290, 

345, 400, 550, 650, and 700 °C for one hour [18]. The study largely used fractography of three-point bend 

tested specimens to understand the effect tempering temperature and in-situ gaseous hydrogen on fracture 

surface appearance. The study revealed that tempering temperatures from 345 to 650 °C exhibited greater 

than 50 pct intergranular cracking upon three-point bend testing in gaseous hydrogen. Fractographs 

obtained using SEM are shown in Figure 2.9(a)-(d). Figure 2.9(a) and (b) demonstrate the fracture 

surfaces from three-point bending tests conducted in (a) air and (b) gaseous hydrogen from samples 

tempered at 290 °C (below the aforementioned transition to intergranular cracking). Both Figure 2.9(a) 

and (b) exhibit dimple rupture. In contrast, Figure 2.9(c) and (d) were obtained from 400 °C  tempered 

samples tested (a) in air and (b) in gaseous hydrogen and demonstrate a clear transition from ductile 

dimples in air to intergranular facets upon testing in hydrogen. The authors offered that voids nucleate at 

carbide/ matrix interfaces in tempered conditions although no micrographs of microstructure were 

provided. 
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(a) (b) 

 
 

(c) (d) 

  
(e) (f) 

Figure 2.8 Transmission electron micrographs of tempered DP steel for samples tempered at (a) 200 °C, 
(b) 300 °C, and (c) 400 °C demonstrating cementite in decomposed martensite, (d) 400 °C 
demonstrating intergranular cementite in ferrite “G” and fine precipitation “P”, (e) 500 °C demonstrating 
spheroidized cementite in martensite and (f) 500 °C demonstrating intergranular cementite in ferrite “G” 
from a study by Rashid and Rao [14].  
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A study of the effect of tempering on hydrogen embrittlement of a 4340 steel and two modified 

4340 steels with different Mo contents and Nb contents was conducted by Craig and Krauss [19]. The 

steel was tempered for 300, 400, 500, 600, and 700 °C for 1 hour and mechanically tested using three-

point bending. In-situ electrochemical charging of hydrogen was achieved during three-point bend testing 

to assess susceptibility to hydrogen embrittlement. Similar to the Lynch study, the Craig and Krauss study 

used percent intergranular fracture to indicate susceptibility to hydrogen. The 300 and 400 °C samples 

exhibited close to 100 pct intergranular fracture, while the 500 °C condition exhibited about 60 pct 

intergranular fracture for all steels studied. The 600 and 700 °C tempered conditions exhibited no 

intergranular cracking. Auger spectroscopy was conducted for all steels exhibiting intergranular fracture 

and phosphorous was observed on all of the intergranular fracture surfaces assessed. The authors also 

measured carbon on intergranular fracture surfaces, which was interpreted to mean that boundary carbides 

also contributed to intergranular fracture in the aforementioned temperature regimes. The authors offer 

that the presence of P at prior austenite grain boundaries could contribute to cracking due to the hydrogen 

recombination inhibiting effect of P [19]. 

Stevens and Bernstein examined the effect of tempering of a 0.5 C-0.31 Si-1.30 Mn-0.22 Ti-

0.002 V steel on fracture toughness in a hydrogen environment [20]. After tempering at 400, 500, 600, 

700, 800, and 900 °C for one hour, a double cantilever beam fracture mechanics test was conducted in 

samples pre-charged with hydrogen. The 400 °C sample had a lower fracture toughness value than the 

500 and 600 °C tempered samples and the as-received sample by 20 MPa√m; the AR and conditions 

tempered at 500 at 600 °C had a fracture toughness near 60 MPa√m while the 400 °C had a lower 

fracture toughness of 38 MPa√m. The authors suggested cementite nodules formed at 400 °C were crack 

initiation sites that joined together to form the primary crack. The authors also investigated the effect of 

phosphorous on cracking and insist that trapping by precipitation of TiC precluded any deleterious effect 

of phosphorous segregation in their work [20].   
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(a) (b) 

  
(c) (d) 

Figure 2.9 SE micrographs of fracture surfaces of a medium carbon steel tempered at (a), (b) 290 °C and 
(c), (d) 400 °C where (a) and (c) are fractographs obtained from tensile specimens tested in air and (b) 
and (d) are obtained from specimens tested in hydrogen. 

2.4 Current Theories on Hydrogen Induced Cracking in Pipeline Steels 

The current theory for HIC initiation and propagation is that hydrogen atoms diffuse into the steel 

and can be “trapped” at microstructural features and then recombine into molecular hydrogen and are 

either trapped at or cause internal voids that become pressurized [21]. Once the hydrogen pressure in the 

voids reaches a critical level, a crack initiates and propagates. It can be assumed that embrittlement of the 

microstructure adjacent to hydrogen induced voids assists in crack propagation. During propagation, the 

hydrogen pressure inside the void decreases as the diffusion of hydrogen to the void is slower than the 

increase in void volume. Once the internal pressure decreases beneath the critical threshold stress, the 

crack propagation ceases. Further crack propagation does not occur until the internal hydrogen pressure 
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once again increases. Experimental evidence from studies by Tetelman and Robertson in an iron-3 pct Si 

alloy [21], [22] supports the discontinuous crack growth theory. The discontinuous nature of hydrogen 

induced cracking has important implications, as microstructural features in the path of crack growth could 

impact crack growth rate. A study by Tiegel et al. of cracking in nearly pure iron subjected to cathodic 

hydrogen charging showed evidence that the small amount of inclusions in pure iron were the crack 

initiation sites [23]. This study, among others [24]–[27], provided sufficient evidence that inclusions are 

the dominant crack initiation sites. As such, the effect of microstructure on crack propagation, rather than 

crack initiation, will be the focus of the current study.  

Because of the commonly held belief that strength is the primary indicator of HIC resistance, the 

current engineering solution for oil and gas companies is to institute a maximum strength level for use in 

sour service environment. However, low carbon pipeline steels can have a range of strengths within one 

alloy chemistry because microstructures can vary from polygonal ferrite and pearlite to fine quasi-

polygonal ferrite grains with secondary M/A constituents depending on TMP. An increased final cooling 

rate during thermo-mechanical processing of low carbon pipeline steels results in a more quasi-polygonal 

or acicular microstructure. With increased cooling rates also comes changes in ferrite morphology from 

equiaxed grains to needle like bainitic ferrite grains at the highest cooling rates. Han et al. investigated the 

effect of ferrite morphology on hydrogen permeation by comparing acicular and globular ferrite and 

noticed no effect of ferrite morphology, but the study did not investigate morphological influences on 

HIC [28].  

Hard constituents containing martensite and austenite (M/A) are found in regions of high solute 

segregation, so understanding how alloying and thermo-mechanical processing affect formation of M/A is 

important. It is believed that the presence of M/A occurs in conjunction with a high temperature form of 

bainite called granular bainite [29], [30]. As proeutectoid ferrite forms during the bainite reaction, carbon 

is rejected into the remaining austenite. A portion of the austenite that remains after the bainite reaction 

remains as austenite if the carbon and alloy content is high enough, while the remaining enriched 

austenite transforms to martensite. Because the presence of M/A constituents is dependent on the bainite 

reaction, any variable that affects bainite start and finish temperatures affects M/A formation.  

Coldren et al. investigated the effect of molybdenum on strength and impact properties of low 

carbon steels. The researchers examined the effect of bainite start temperature (Bs) on strength and 

discovered that decreasing Bs provides microstructural refinement and increases strength linearly at a rate 

of about 1.9 kgf/mm2/10 °C [31]. When the toughness of these steels was investigated, the researchers 

discovered that plate like cementite precipitates and M/A constituents caused abnormally low toughness 

for a given strength. Tempering in the range of 540 to 650 °C was effective in eliminating the harmful 

effect of M/A and plate like cementite precipitates by creating spheroidized cementite [31].  
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Although strength is a property of the bulk, hardness is not uniform in steels with mixed 

microstructures such as the alloys used in pipeline steels. Hydrogen induced cracks have often been 

observed in banded regions in literature in pipeline steels, although a mechanistic explanation as to how 

high hardness causes cracks without externally applied stress has not been given [25], [32]. It is possible 

that strain localization at hard interfaces induces cracking. A number of studies have been conducted on 

strain distribution in dual phase sheet steels tested in air, with a general consensus that strain localizes at 

martensite/ferrite interfaces and results in failure at lower macroscopic strain levels [33]–[36]. Strain 

localization was reduced upon tempering of these microstructures and resulted in higher strains to 

failure [33]–[36]. Similarly, strain localization at hard banded regions could contribute to the cracking 

often observed in these regions in pipeline steels. 

The effect of the presence of austenite in M/A constituents on hydrogen diffusion and subsequent 

cracking has yet to be fully understood. Studies of the effect of austenite on hydrogen embrittlement of 

TRIP steels provide a starting point for understanding what might be occurring in M/A regions in 

pipelines. Han et al. demonstrated evidence of austenite TRIP near hydrogen induced cracks in a medium 

Mn TRIP steel that the authors described as stress concentration induced [28]. The observation of TRIP 

regions naturally leads to the question of the effect of hydrogen on austenite stability. The effect of 

hydrogen on the stabilization of austenite was investigated by Ryu et al., who demonstrated that hydrogen 

in the austenitic lattice does not stabilize the retained austenite (RA). Ryu et al. also observed that 

hydrogen releases upon TRIP of the retained austenite in a TRIP assisted steel [37].  

Hydrogen trapping literature for HIC has varying theories on the effect of microstructural features 

with different binding energies. Some authors allege that increasing irreversible traps will reduce HIC, 

while others suggest irreversible traps are detrimental [37], [38], [47], [39]–[46]. To further complicate 

matters, microstructural features can vary drastically depending on thermo-mechanical heat treatment and 

alloy chemistry. Hydrogen trapping at titanium containing precipitates has been proven by several studies, 

although literature has not come to a consensus that trapping is an effective means of preventing 

HIC [48]–[53]. A much more extensive discussion of various trapping theories exists both in [38] and in 

the M.S. thesis associated with this work [4]. The role of cementite in hydrogen diffusion, trapping, and 

subsequent HIC is not clearly established. The binding energy of cementite/ferrite interfaces has been 

measured to be within the reversible range with measurements ranging from 8-16 kJ·mol-1 [54]–[56]. 

Johnson et al. suggest that reversible trapping at cementite interfaces might slow diffusivity of 

hydrogen [43]. In contrast, Bott et al. assert that the semicontinuous cementite/ferrite interfaces present in 

pearlite bands could allow for fast hydrogen diffusion paths [57]. 
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2.5 Recent Research Developments in Hydrogen Embrittlement in Pipeline Steels 

This section contains a brief review of studies concerning hydrogen embrittlement of linepipe 

steels completed since the publication of the M.S. thesis; a more extensive review of HIC literature exists 

in the M.S. thesis associated with this work [4]. Asadipoor et al. conducted a study using both tensile tests 

and micro-cantilever beam in-situ bend testing using three different sample conditions: vacuum, ex-situ 

hydrogen charging, and in-situ hydrogen plasma charging. Although the study did not use submersive 

HIC testing, it is included in this section to reflect recent advances in fundamental understanding of the 

effect of hydrogen in pipeline steels. All of the in-situ tests were conducted in an environmental scanning 

electron microscope (SEM). The material tested was an X70 steel containing 0.16 C – 1.65 Mn – 0.42 Si 

and microalloying additions of Ti and Nb and exhibited banding of ferrite and pearlite through thickness. 

The micro-cantilever beams were exclusively created within bands of ferrite as shown in the secondary 

electron (SE) micrograph in Figure 2.10(a). Results from the study indicated that the in-situ hydrogen 

plasma charging was not effective in inducing hydrogen embrittlement. A reduction in yield point and 

flow stress was observed for the specimens charged ex-situ with hydrogen compared to the samples bent 

in vacuum. In addition, the hydrogen charged cantilever beams exhibited cracking at the corner where the 

beam meets the base material, while the samples tested in vacuum did not. Although the study did not 

provide any information that could not be obtained using traditional tensile tests, it is included in this 

section to demonstrate recent evolution of techniques used to assess hydrogen embrittlement.  

 
(a) (b) 

Figure 2.10 (a) Secondary electron micrograph of the X70 steel from the Asadipoor et al. study 
demonstrating the ferritic regions where the micro-cantilever beams were fabricated from and (b) 
dimensions and force application schematic for the micro-cantilever beams [58]. 

 

 A study was conducted by Li et al. [59] concerning the effects of vanadium on hydrogen 

embrittlement in an X80 steel containing 0.037 wt pct C, 1.81 wt pct Mn, with microalloying additions of 
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Nb and Ti in addition to four different vanadium contents: 0, 0.042, 0.084, and 0.13 wt pct. The 

processing was kept the same for all chemistries with controlled rolling followed by a 600 °C tempering 

procedure for 30 minutes, a temperature regime near where alloy carbides precipitation would be 

expected. Tensile tests in air and pre-charged with hydrogen electrochemically were conducted. The steel 

with the most vanadium exhibited the greatest ductility and the lowest percent ductility reduction in 

hydrogen as opposed to air, although the steels with intermediate vanadium contents exhibited the highest 

percent reduction in ductility. While the volume fraction of carbide precipitates increased with increasing 

vanadium content, the mean particle diameter was highest for the two intermediate vanadium contents. 

However, the authors did not characterize carbide chemistry in the particle size and phase fraction 

analysis.  

The hydrogen diffusion coefficient decreased with increasing vanadium content, which the 

authors attributed to trapping at precipitates. The dislocation density was measured using kernel average 

misorientation (KAM) maps obtained from electron backscatter diffraction (EBSD). A decrease in 

dislocation density correlated with an increasing vanadium content as assessed in tensile specimens tested 

in hydrogen. The authors indicate that the observed decrease in dislocation density was due to reduced 

diffusible hydrogen and hydrogen enhanced plasticity due to irreversible trapping at vanadium carbides. 

The mean particle size trended with hydrogen susceptibility; the zero vanadium and 0.13 wt pct vanadium 

steels had the smallest mean particle size and the lowest reduction in ductility in hydrogen. 

A similar but more thorough study of the effect of niobium on HIC was conducted by 

Zhang et al. using two different X80 steels with 0.06 C – 1.85 Mn – 0.28 Si – 0.25 Mo (in wt pct), where 

one steel contained no niobium and the other contained 0.055 wt pct Nb. The samples were charged 

electrochemically and assessed for blistering after charging using a confocal microscope to map the 

location and size of blisters. After obtaining confocal micrographs, the surfaces were ground and polished 

enough to remove the tops of the blisters to reveal the features at the center of the blisters. Figure 2.11(a)-

(h) are SE micrographs and associated EDS spectra from regions exposed after grinding through the tops 

of blisters. Figure 2.11(a) is a SE micrograph of the Nb added steel and (b) is the chemical composition of 

the inclusion indicating it is aluminum rich. Figure 2.11(c) is a SE micrograph of the steel without Nb 

additions where the EDS spectrum indicates a Si rich inclusion at the center of the blister. Large niobium 

carbides from the niobium rich steel are demonstrated to be the center of blisters in the Nb added steel in 

Figure 2.11(e)-(h). Assuming that the crack grew in all directions equally, these data confirm the oft cited 

hypothesis that the origin of blisters are inclusions or large precipitates.  
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Figure 2.11 (a), (c), (e), (g) Secondary electron micrographs and associated EDS spectra (b), (d), (f), (h) 
of regions revealed after mechanical grinding and polishing, where (a) and (b) demonstrate an Al rich 
inclusion in the Nb added steel, (c) and (d) demonstrate a Si rich inclusion in the steel without niobium, 
an (e)-(h) demonstrate large niobium carbides at the center of blisters in the Nb added steel [60].  

 

In addition to comparing a niobium free steel to a niobium added steel, the researchers also heat 

treated the Nb-containing steel two different ways to produce different sizes of niobium carbides. All of 

the steels in the study were heated to 1300 °C to solutionize and held for 10 minutes followed by a 

furnace cooling step to 920 °C and finished with a water-cooling step to room temperature. One of the 

Nb-containing steels was held for 1 hour at 920 °C while the other was held for 6 hours at 920 °C. The 

different hold times at 920 °C resulted in different NbC sizes where the shorter hold time had an average 

precipitate size of 5 nm and the longer hold time had an average precipitate size of 100 – 400 nm. 

Compared to the steel held for a shorter amount of time, the steel with larger precipitates had blisters 

earlier in the charging process than the steel with smaller precipitates. In fact, the Nb-bearing steel that 

was held for the greatest amount of time produced blisters before the steel without niobium did because, 

in addition to inclusions, blisters could form at the large NbC inclusions like those shown in Figure 

2.11(e)-(h). In order to understand the effect of niobium carbide precipitation on dislocation density and 

distribution, kernel average misorientation (KAM) EBSD maps were obtained near cracks in the three 

steels as a proxy for dislocation density. Figure 2.12(a)-(c) are the KAM maps where Figure 2.12(a) is 

from the niobium free steel, Figure 2.12(b) is from the Nb-containing steel held at 920 °C for 1 hour, and 

Figure 2.12(c) is from the Nb-containing steel held for 6 hours at 920 °C. KAM maps are colored coded 

where blue indicates low misorientation, or low dislocation density, while green indicates slightly higher 

dislocation density. The KAM map with the most green area is Figure 2.12(a) taken from the niobium 
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free steel, and the study found a slightly higher amount of green, meaning slightly higher average 

misorientations, in the Nb-containing steel held at 920 °C for a shorter amount of time (Figure 2.12(b)) 

than in the steel held for 920 °C for a longer time (Figure 2.12(c)). The researchers stated that blister 

growth was inhibited in all of the Nb containing steels by the niobium carbides for two reasons. The first 

is the notion that the NbC acted as trap sites to homogeneously distribute hydrogen and slow hydrogen 

diffusion to the blister. The second was that the presence of NbC reduced dislocation density, although 

the authors did not elaborate as to how reduced dislocation density increased blister resistance. 

 

Figure 2.12 KAM maps from the Zhang et al. study that depict (a) niobium free steel, (b) Nb-containing 
steel held for 1 hour at 920 °C, and (c) Nb-containing steel held for 6 hours at 920 °C [60] where blue 
indicates low misorientation, green indicates high misorientation, and white are cracks or regions 
unindexed by EBSD. 
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CHAPTER 3 : EXPERIMENTAL DESIGN AND METHODS 

This section first discusses the overall experimental design including the origin of the tempering 

study, alloying, and processing schemes, and then discusses all experimental methods that were 

conducted on both the X65 and X70 alloys.  

3.1 Experimental Design and Materials 

The goal of this study is to evaluate the effect of tempering on hydrogen induced cracking in 

steels with granular bainitic microstructures. The experimental design initiated with a traditionally alloyed 

X65 steel that formed the basis for the design of a higher strength X70 steel with Si and Mo additions. 

The steel ingots were cast in 12.7 mm (5 in.) x 12.7 mm (5 in.) x 25.4 cm (10 in.) billets courtesy of 

ArcelorMittal with the chemistry shown in Table 3.1. After casting in two separate ingots, the X65 steel 

underwent two different thermo-mechanical processing (TMP) routes, shown schematically in Figure 3.1. 

The processing path for the accelerated cooled steel is shown in black in Figure 3.1; the alloy was finish 

rolled between 950 and 775 °C, accelerated cooled down to 590 °C and then air-cooled. The TMP path of 

the air-cooled steel is shown in grey in Figure 3.1; the alloy was finished rolled between 875 °C and 

725 °C and subsequently air-cooled. Both steels were finished rolled in the intercritical regime to increase 

the dislocation density imparted in the ferrite, as increased dislocation density has been reported to 

increase HIC susceptibility. The TMP regimes for the X65 steels were chosen to produce steels with a 

polygonal ferrite/pearlite microstructure in the air-cooled condition and a granular bainitic/ferritic 

microstructure in the accelerated cooled condition, as shown in light optical micrographs of the two steels 

etched with 2 pct nital in Figure 3.2(a) and (b), respectively. Regions characterized as granular bainite are 

outlined by white lines in Figure 3.2(b).  

 

Table 3.1 Chemical Composition of X65 and X70 Steels in wt pct 

 

 
 

 
 

wt pct V Al N S P Cu Ca 

X65 0.031 0.048 0.0051 0.001 0.009 - 0.0011 
X70 0 0.030 0.005 0.002 0.01 0 0.002 

 

wt pct C Mn Si Ni Cr Ti Mo Nb 

X65 0.0457 1.190 0.263 0.161 0.286 0.019 - 0.049 
X70 0.05 1.60 0.45 0.15 0.3 0.015 0.15 0.050 
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Figure 3.1 Schematic demonstrating the two different thermo-mechanically processing paths used in 
processing an X65 steel composition. The accelerated cooled steel is shown in black and was finish 
rolled between 950 °C and 775, accelerated cooled down to 590°C and then air-cooled. The air-cooled 
steel is shown in grey and was finished rolled between 875 °C and 725 °C and subsequently air-cooled. 

 

Uniaxial tensile tests were conducted and the resulting mechanical properties for the two steels 

are shown in Table 3.2. The yield strengths of the two steels are similar, while the tensile strength of the 

accelerated cooled steel is 140 MPa higher than that of the air-cooled steel. The steels were tested for HIC 

susceptibility using the NACE TM0284 test, details of which will be discussed in further detail in 

subsequent sections. Results from the HIC test indicated that the air-cooled steel exhibited no HIC 

cracking, while the accelerated cooled steel had a crack length ratio (CLR) of 10.8 pct, indicating that 

microstructure plays a large role in HIC susceptibility. Given that the accelerated cooled X65 steel, 

despite having the exact same chemistry as the air-cooled X65 steel, exhibited increased cracking, a 

tempering study was initiated to understand how altering various aspects of the microstructure would 

affect HIC.  

 

Table 3.2– Tensile Mechanical Properties of Thermo-Mechanically Processed X65 Steels in Transverse 
Direction Obtained Courtesy of ArcelorMittal 

 

 
Yield Strength 

MPa (ksi) 
Tensile Strength  

MPa (ksi) 
Percent 

Elongation 
Air-cooled 504 (73.1) 546 (79.2) 44 

Accelerated Cooled 481 (69.8) 686 (99.5) 38 
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(a) (b)  
Figure 3.2 Light optical micrographs taken in the ND-TD plane obtained at 500x of the (a) air-cooled (b) 
accelerated cooled steels with granular bainite regions outlined in white. Both samples were etched with 
2 pct nital. 

 

The tempering procedure for the X65 steel, was inspired by a study by Zhou et al., who studied 

the effect of tempering of an 0.08 C – 0.1 Si – 1.69 Mn – 1.18 Ni granular bainitic steel that underwent a 

similar TMP treatment as the steels in the current study. The researchers tempered the steel at 300, 400, 

500, and 600 °C for one hour, and as a result observed a slight loss in tensile strength and a slight increase 

in yield strength as a result of tempering treatments [61]. Thus, this method was promising for potentially 

evaluating effects of microstructure change without a significant decrease in strength. Tempering allows 

for changes in precipitation, dislocation density, retained austenite content, and M/A decomposition 

without affecting the grain size strengthening imparted by the TMP process. Inspired by the study by 

Zhou et al., four sections of the accelerated cooled X65 steel were tempered at 300, 400, 500 and 600 °C 

for 40 minutes at temperature. 

The X70 steel was created to understand the influence of Mo and Si additions on the tempering 

behavior and HIC susceptibility of a higher strength steel. Like the X65, the X70 steel was cast in two 

separate 12.7 mm (5 in.) x 12.7 mm (5 in.) x 25.4 cm (10 in.) ingots courtesy of ArcelorMittal; the X70 

composition is shown in Figure 3.1. The composition was designed to meet X70 strength requirements 

and maximize the volume fraction of M/A constituent relative to the X65 steel. Many of the alloying 

elements have nominally the same weight fraction between the X65 and X70 steels, with the exception of 

molybdenum (Mo), manganese (Mn), vanadium (V), carbon (C), and silicon (Si). The increases in C, Mo, 

and Mn in the X70 steel were chosen to increase strength and M/A volume fraction, while V was 

completely removed in order to reduce the number of elements available for secondary hardening upon 

tempering. In addition, silicon (Si) was increased in the X70 steel to increase solid solution strengthening, 

and increase retained austenite in the AR steel and prevent austenite decomposition at lower tempering 

temperatures by retarding cementite formation. After casting, the X70 steels underwent TMP the details 
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of which are shown schematically in Figure 3.3; the steel was finish rolled between 945 and 730 °C, 

accelerated cooled at 18 °C /s to about 560 °C and then air-cooled. A schematic continuous cooling 

transformation (CCT) diagram has been included in Figure 3.3 to demonstrate that the intended 

microstructure should contain granular bainite. The CCT schematic was created by Smith et al. that used 

steels with similar alloy chemistry. The CCT curves start upon finish rolling to reflect the effect of 

accelerated cooling on microstructural development [62].  

 

Figure 3.3 Schematic demonstrating the thermo-mechanical processing paths used in processing the X70 
steel. The steel was finish rolled between 945 and 730 °C, accelerated cooled at 18 °C /s to about 
560 °C, and  then air cooled. A schematic CCT curve demonstrates that the TMP regime was intended to 
produce a partially bainitic microstructure.  
 

3.2 Experimental Methods 

This section outlines the procedures for tempering, Mössbauer spectroscopy, XRD, uniaxial 

tensile testing, Vickers microhardness, instrumented Charpy impact testing, NACE TM0284 HIC testing, 

microstructural characterization, crack/microstructural interaction analysis, and dilatometry if applicable 

for the X65 and X70 steels.  

3.2.1 Tempering Procedures 

Tempering of plates sized for post-tempering machining (15.2 cm (6 in) x 7.6 cm (3 in) x 12.7 

mm (0.5 in)) was conducted using box furnaces with steel thermal masses preheated to 300, 400, 500, 

600°C for both steels and an additional 700 °C temperature for the X70 steel. Thermocouples were used 

in contact with the top surface of the thermal masses to determine when the furnace and thermal mass 

were at the target temperature. The samples were then placed on the equilibrated thermal masses, and the 

temperature of the samples was measured by thermocouples in contact with the top surface of the steel 

plate. The samples were assumed to be at the specified temperature when the thermocouple in contact 

100010010

Time (sec)

Accelerated 

Cooling

Air 

Cooling

Initiated

TNR

Rough Rolling

Finish Rolling

T
em

p
er

at
u
re

 (
°C

)

Time

>730

~560

945

Reheat

1230 °C

Bs

Bf

50%
1
8
°C
/sec

6
2

0.5



  26 

with the sample surface was within 5 °C of the target temperature. Several different box furnaces were 

used for tempering of the X65 steel. The time the samples took to reach the target temperature varied, 

likely due to differences in thermal mass size, thermocouples, and furnaces. The specified 40 minutes 

hold was initiated once the thermocouple in contact with the top sample surface was within 5 °C of the 

target temperature.  

 In order to conserve material, the X70 steel was tempered using a Thermal Analysis (TA) 

Quenching Dilatometer 805 L for Mössbauer, XRD, hardness, and metallography with dilatometry 

coupons machined from the as-received plate as shown in Figure 3.4. The heating and cooling profiles 

used in the dilatometry analysis were obtained by measuring temperature profiles in a box furnace with a 

thermocouple on the top of a section of plate with dimensions of the final plate used for machining NACE 

TM0284, Charpy, and tensile specimens (15.2 cm (6 in) x 7.6 cm (3 in) x 12.7 mm (0.5 in)). Tempering 

temperatures included 200, 300, 400, 500, 600, and 700 °C to expand the temperature regime testing 

relative to the X65 steel. The measured furnace heating rate was used in the dilatometry experiments until 

the sample was within 5 °C of the target temperature, and then the sample was heated to the target 

temperature in 1 minute and held at the target temperature for 40 minutes. The heating and cooling 

profiles used for simulating the box furnace heat treatments in the dilatometer are shown in Figure 3.5. 

 

 

Figure 3.4 Schematic of the dilatometry samples relative to the original X70 plate orientation. Each 
dilatometry sample is a cylinder with a diameter of 4 mm (0.157 in) and length of 10 mm (0.393 in). 
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Figure 3.5 Heating and cooling curves from the X70 samples tempered for 40 minutes at 200, 300, 400, 
500, 600, and 700 °C in the dilatometer. The curves were recreated from data from heating and cooling 
of a 15.2 cm (6 in) x 7.6 cm (3 in) x 12.7 mm (0.5 in) plate heat treated in a box furnace.  

3.2.2 Mössbauer Spectroscopy 

Samples for Mössbauer spectroscopy were first cut using an abrasive cut off saw, then 

mechanically ground to approximately 100 µm thickness using 120 grit silicon carbide (SiC) paper, and 

then ~70 µm thickness using 180 grit SiC paper. The samples were then ground through 1200 grit SiC 

paper until all scratches from previous grits were removed. Lastly, the samples were thinned to a 

thickness ranging from 20-32 µm using a 10:10:1 mixture of water, hydrogen peroxide, and hydrofluoric 

(HF) acid, respectively. One sample from each of the conditions was analyzed. 

Mössbauer spectroscopy uses recoilless nuclear resonance fluorescence, also known as the 

Mössbauer effect. The Mössbauer effect occurs when atomic nuclei bound in solids absorb and emit 

incoming gamma rays, which do not lose energy as a result of recoil [63]. The amount of cementite, 

retained austenite, and various transition carbides can be quantified using Mössbauer spectroscopy [64]. 

Mössbauer spectra were collected using a 57Co-Rh source with a g-ray wavelength of 14.4 keV. Data 

collection and peak fitting were conducted by Prof. Don Williamson. 

3.2.3 XRD for Dislocation Density 

X-ray diffraction spectra were obtained by Prof. Don Williamson from the same samples used for 

Mössbauer spectroscopy for the X65 steel. Mössbauer samples were used for XRD measurements as the 

samples had already been exposed to a mixture of water, hydrogen peroxide, and HF acid, which removed 

deformation imparted during sample preparation. Scan times were increased to accommodate the small 

size of the Mössbauer samples. The spectra were obtained using a copper source with a wavelength of 
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1.5406 Å. The scans were conducted from diffraction angles between 40-105° in 0.02° step increments. 

The modified Williamson-Hall analysis process was used to determine the evolution of dislocation 

density upon tempering.  

The diffraction spectra for the X70 steel were obtained from Bakelite mounted dilatometry 

samples etched using the same HF mixture used for the Mössbauer samples. Mounted dilatometry 

samples were used for XRD in the X70 condition because the Mössbauer samples were bent as a result of 

their small surface area and thickness. Two dilatometry samples were mounted in each Bakelite puck, and 

as a result Dr. Williamson reported difficulty in centering the sample of interest in the beam. The effect of 

the sample of interest being off center is not currently understood, but the resulting uncertainty in the 

measurements is discussed in the X70 chapter in the section concerning dislocation density measurement. 

3.2.4 Mechanical Properties 

Samples for tensile and Charpy impact testing were machined from the plate sections as shown in 

Figure 3.6(a) – (c). The tensile specimens were oriented with the tensile axis parallel to the transverse 

direction of the plate. The Charpy specimens were machined with the notch parallel to the plane 

containing the normal and rolling directions (ND-RD). Two sub-size E8 tensile specimens and six Charpy 

specimens were obtained from each heat-treated section.  

Uniaxial tensile tests were conducted at room temperature using a 90 kN (20,000 lb) capacity 

Instru-Met screw driven electromechanical tensile frame at the Colorado School of Mines. The tests were 

performed with a 0.0127 mm×min-1 (0.0005 in×min-1) crosshead speed and a data acquisition rate of 20 Hz. 

Displacement was measured using a 2.54 cm (1-in.) Shepic extensometer for the X65 and X70 AR 

samples and a 2.54 cm (1-in.) MTS extensometer for the X70 tempered samples. 

Instrumented Charpy tests were conducted courtesy of Dan Coughlin at Los Alamos National 

Laboratory.  

Table 3.3 demonstrates the test temperatures and sample conditions that were tested using 

instrumented Charpy. Room temperature tests were conducted for all of the X65 conditions. In addition, 

the AR X65 was also tested at -45°C and -78°C to obtain load-displacement curves from samples 

exhibiting ductile to brittle transition and brittle fracture behavior, respectively. Additional tests were 

unable to be completed due to COVID-19 constraints.  
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(a) 

 
(b) 

 
(c) 

Figure 3.6 Schematics of the machining specifications for the AR and tempered tensile and Charpy 
specimens where (a) demonstrates the orientation of the machined samples relative to the original plate 
directions, (b) is the machining schematic for the round sub size ASTM E8 specimens, and (c) is the 
machining schematic for the Charpy impact specimens. 

 

Table 3.3 Completed Instrumented Charpy Tests by Test Temperature and Tempering Temperature 

 

Test 
Temperature 

X65 
AR 300°C 400°C 500°C 600°C 

20°C ✓ ✓ ✓ ✓ ✓ 
-45°C ✓     

-78°C ✓     

A schematic load-displacement curve obtained from an instrumented Charpy sample that exhibits 

ductile fracture behavior is shown in Figure 3.7, and several important values derived from the 
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instrumented Charpy data are demonstrated. The maximum force (Pmax) and force at general yield (Pgy) are 

analogous, but not directly comparable to, the ultimate tensile strength and yield strength values derived 

from uniaxial tensile data. The force at general yield was calculated by first smoothing the data using 

Origin software courtesy of Allie Glover. The point at which the graph transitions from linear to non-

linear behavior was chosen as Pgy. Fracture initiation and propagation energies were also calculated from 

the instrumented Charpy data. All energies were calculated using the integral of the force displacement 

data. The energy for crack initiation, i.e., the energy for a crack to form at the notch, was assumed to be 

the energy at Pmax, while the energy for crack propagation was calculated by subtracting the crack 

initiation energy from the total energy.  

 

Figure 3.7 Instrumented Charpy testing load-displacement data for the X65 AR sample tested at room 
temperature exhibiting a curve associated with upper shelf behavior. Pmax is the maximum load and Pgy is 
the load at general yield.  

3.2.5 Microstructural and Crack Characterization 

The evolution of the microstructure in the two steels upon tempering was investigated using 

several different characterization techniques including light optical microscopy (LOM), scanning electron 

microscopy (SEM), electron backscatter diffraction (EBSD), transmission Kikuchi diffraction (TKD), 

scanning transmission microscopy (STEM) with bright field (BF) and high angle annular dark field 

(HAADF) detectors, and energy dispersive spectroscopy (EDS). 

3.2.6 Light Optical and Scanning Electron Microscopy 

Samples used to characterize microstructure were cut, mounted, and polished using standard 

metallographic techniques, and then etched with 2 pct nital to reveal the microstructure. The 

microstructures were assessed using LOM, and secondary electron (SE) micrographs were obtained using 

both a JEOL-7000 field-emission scanning electron microscope (FESEM) and a FEI Helios Nanolab dual 

beam FESEM and focused ion beam (FIB). In addition, characterization of the elements present in cracks, 

including inclusions and any elements that segregated during tempering, was achieved using energy 
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dispersive spectroscopy (EDS) using both the JEOL-7000 FESEM and FEI Helios FESEM and FIB. 

3.2.7 Electron Backscatter Diffraction and Transmission Kikuchi Diffraction 

Both electron backscatter diffraction and transmission Kikuchi diffraction were used in the 

current study. EBSD samples were prepared using Bakelite mounted samples prepared using traditional 

metallurgical techniques and finished using vibratory polish in the 0.02 μm colloidal silica suspension. 

EBSD micrographs were used to calculate the area fraction of secondary microconstituent (SM) using 

ImageJ to threshold image quality (IQ) maps, assuming SM would be dark in IQ due to high dislocation 

density. EBSD maps were also used to analyze the location and morphology of austenite. 

Transmission Kikuchi diffraction uses the same detector and EDAX TEAM software as EBSD 

does, but assesses electron transparent samples produced using a dual beam FIB/ SEM. To obtain TKD 

micrographs, electron transparent samples approximately 15 x 15 µm were removed from Bakelite 

mounted and etched (2 pct nital) metallurgical samples using a FEI Helios dual beam FIB/SEM. Samples 

were held for analysis using a PELCO small grid FIB holder in a JEOL JSM-7000F field emission SEM, 

and the accelerating voltage was 30 keV. The sample holder is a small vice that holds the copper grid 

attached to the electron transparent sample. The stage that holds the sample holder is tilted to 70° giving a 

total 20° back tilt of the sample relative to the pole piece. A schematic from Glover of the TKD sample 

set up is shown in Figure 3.8 [65]. The TKD scans were then analyzed using EDAX OIM Analysis 

software. The only data clean-up that was conducted was a nearest neighbor orientation correlation 

applied to all grains with a confidence interval (CI) of less than 0.003 as suggested by Glover [65]. The 

data was analyzed using ferrite and austenite as possible phases with the objective of identifying the 

location and morphology of austenite. Additionally, Kernel average misorientation (KAM) and 

geometrically necessary dislocation (GND) density measurements were used to assess the spatial 

distribution of dislocation density to accompany measurements made using XRD [66]. 

 

Figure 3.8 Schematic of the TKD experimental set-up in the chamber of the JEOL-7000 FESEM from 
Glover [65]. 
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3.2.8 Scanning Transmission Electron Microscopy 

Decomposition of M/A constituents upon tempering in the X65 steel was characterized using 

scanning transmission electron microscopy (STEM) with bright field (BF), high angle annular dark field 

(HAADF) imaging, and STEM EDS. Scanning transmission electron microscopy was used rather than 

traditional transmission electron microscopy (TEM) because STEM mode reduced contrast due to 

thickness and bend contours. Traditional TEM foils were created for the X65 steel by mechanical thinning 

to approximately 100 µm and punched into 3 mm disks. The disks were then electrochemically thinned 

using a twin-jet electropolisher using a 30 pct nitric acid, 70 pct methanol mixture kept at -30 ºC with a 

constant applied voltage of 20 V. In addition, thin films prepared for TKD in the X65 and X70 steels were 

examined using STEM BF, HAADF, and EDS. 

3.2.9 NACE TM0284 HIC Test 

Specimens were machined for HIC testing from the thermo-mechanically processed plates to a 

final dimension of 20 ± 1 mm in the transverse direction, and 100 ± 1 mm in the rolling direction, shown 

schematically in Figure 3.9(a). The samples retained the full as-received thickness in the normal direction, 

which was approximately 12.5 mm. Three samples of these dimensions were machined from each as-

received plate, as shown in Figure 3.9(b). Testing was conducted courtesy of Evraz North America at 

their Research and Development facilities located in Regina, Saskatchewan. The solution used for the 

NACE tests was Solution A, a sodium chloride, acetic acid solution saturated with hydrogen sulfide gas. 

Test specimens were submerged in the aforementioned solution at ambient temperature and pressure for 

96 hours. The standard specifies that several solution variables must be monitored before and after the test 

including pH and H2S content of the test solution. After testing, the charged specimens were sectioned 

every 25 mm along the ND-TD plane to reveal cracks. 

 To quantify the extent of cracking in the tested specimens, the sectioned samples were 

mechanically ground and polished down to a 1 μm final polish and analyzed using light optical 

microscopy (LOM). Cracks were measured at a magnification of 100x in a light optical microscope using 

the procedure in NACE TM0284 [67]. Figure 3.10 shows the parameters used to calculate crack 

sensitivity ratio (CSR), crack length ratio (CLR), and crack thickness ratio (CTR) [67]. The equations for 

CSR, CLR, and CTR are shown in Equations (3.1, (3.2, and (3.3 respectively, where a is crack length, b 

is crack thickness, W is section width, and T is specimen thickness as shown in Figure 3.10.  

 
𝐶𝑆𝑅 =

Σ(𝑎 × 𝑏)

(𝑊 × 𝑇)
× 100% (3.1) 

 
𝐶𝐿𝑅 =

Σ𝑎

𝑊
× 100% (3.2) 

 
𝐶𝑇𝑅 =

Σ𝑏

𝑇
× 100% (3.3) 
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(a) 

 

(b) 

Figure 3.9 Schematics demonstrating (a) the geometry and location of the samples used in the NACE 
Standard TM0284 test with respect to the as-received plate and (b) the sections and sample directions 
analyzed for the crack analysis. 
 

 

Figure 3.10 Schematic representation of the ND-TD plane analyzed for cracking calculations from 
NACE TM0284 [67]. 

3.2.10 Secondary Microconstituent Crack Interaction Analysis 

The NACE TM0284 treated samples were analyzed in order to determine the fraction of M/A 

constituents associated with HIC. After initial sample preparation, the specimens were imaged in the ND-

TD plane using a JEOL®-7000 FESEM. The micrographs were then analyzed using ImageJ software by 

undergraduate research assistant Zoey Huey. Secondary microconstituents were identified to be micron-

scale light-colored regions in contrast to the darker grey ferritic matrix resulting from 2 pct nital etchant. 

Figure 3.11(a) is a secondary electron micrograph of an X65 accelerated cooled sample after NACE 

TM0284 testing and demonstrates a crack section that is bordered by SM. Figure 3.11(b) shows a SM at 

higher magnification where there is a small crack in in the middle of the SM. The percentage of crack 
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length that is next to or through a SM was measured using ImageJ. The total crack length in each 

micrograph was measured. The line length of SM adjacent to or intersecting the crack was also measured 

as shown in the SE micrograph in Figure 3.12, and the ratio of the two measurements was calculated to 

determine the line fraction of SM along the crack length.  

In order to compare the fraction of SM adjacent to cracking, the line fraction of SM constituents 

was also calculated in the as-received samples that were not subjected to the NACE test. Images were 

taken on the FESEM at random locations through thickness, as cracking was distributed across the sample 

thicknesses rather than being concentrated at specific depths, e.g., the centerline. Using ImageJ, random 

lines were drawn in the rolling direction, as most of the cracking was parallel to the rolling direction. The 

total length of these drawn lines was measured, and the line fraction of SM adjacent to or intersected by 

the lines was calculated, as was done with the crack line lengths. The analysis of the interaction of the 

crack with SM in the X65 steel was conducted by undergraduate researcher Zoey Huey. The same SM 

analysis was conducted in the untested AR X70 sample and compared to the SM percentage along crack 

lengths in the HIC tested X70 300 ºC. 

 

 

(a) (b) 
Figure 3.11 Secondary electron micrographs of accelerated cooled X65 steel after NACE TM0284 
testing and etched with 2 pct. nital showing (a) a crack bordered by SM and (b) a higher magnification 
micrograph of a crack through a SM. 
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Figure 3.12 Secondary electron micrograph of accelerated cooled X65 steel NACE TM0284 charged 
and etched with 2 pct nital showing the portion of the crack length measured as adjacent to SM (white 
dashed line). 
 . 
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CHAPTER 4 : X65 ALLOY RESULTS AND DISCUSSION 

This chapter includes results and discussion regarding the X65 steel in the AR condition and 

tempered for 40 minutes at 300, 400, 500 and 600 °C. First, the tempering behavior of the steel is 

discussed with regards to the evolution of hardness (Section 4.1.1), uniaxial tensile properties 

(Section 4.1.1), Charpy impact toughness (Section 4.1.2), phase fraction (Section 4.1.3), microstructural 

evolution (Section 4.1.4), and dislocation density (Section 4.1.6).Then, the HIC performance of the AR 

and tempered conditions is discussed in several sections including the NACE TM0284 results (Section 

4.2.1), chemical analysis within cracks (Section 4.2.3), and effect of secondary  microconstituent on 

cracking (Section 4.2.4). The chapter concludes with a discussion synthesizing Section 4.1 and 4.2 where 

the effect of tempering on HIC is considered. 

4.1 Tempering Behavior of the X65 Steel 

Uniaxial tensile tests, Vickers microhardness, and Charpy impact toughness measurements were 

used to evaluate the evolution in mechanical properties after tempering. Additionally, the evolution in 

phase fractions of austenite and cementite from Mössbauer spectroscopy, dislocation density from XRD, 

and microstructural evolution were all assessed in order to understand changes in mechanical properties 

upon tempering. 

4.1.1 Hardness and Tensile Property Evolution 

The evolution of hardness as a function of tempering temperature is shown in Figure 4.1. 

Tempering increased hardness at all tempering temperatures relative to the as-received condition, and the 

average hardness reaches a maximum upon tempering at 300 °C followed by a small decrease upon 

tempering at 400 °C.  
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Figure 4.1 Vickers hardness as a function of tempering temperatures for the accelerated cooled X65 
steel. The “+” symbols designate one standard deviation from the mean. 

 

Uniaxial tension data of the AR and tempered samples were obtained and representative 

engineering stress strain curves from each condition are shown in Figure 4.2(a) and (b). The mechanical 

properties obtained from the tensile tests are tabulated in Table 4.1 along with Vickers hardness values. 

The 0.2 pct offset yield strength and ultimate tensile strength (UTS) and are plotted in Figure 4.3. The 

as-received condition exhibits the highest UTS, followed by 600, 300, 500, and 400 °C tempering 

conditions. The engineering stress-strain curves in the vicinity of the yield point are shown in Figure 

4.2(b), where it is clear that increasing tempering temperature introduces a more defined yield point 

starting at 400 °C. The appearance of a yield point is explained by the temperature and time available 

during tempering to allow for diffusion of carbon to dislocation cores. In addition, the 0.2 pct offset yield 

strength gradually increase with increasing tempering temperature. The highest ductility is observed in the 

600 °C tempered sample, followed by the 300 °C, 400 °C, and 500 °C tempered samples, with the lowest 

ductility exhibited in the AR sample. However, the ductility values differ by less than 3 pct between the 

conditions. 
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Table 4.1 Mechanical Properties and Vickers Hardness Values for the AR and Tempered X65 Samples 

 

 
0.2 pct offset YS  

MPa (ksi) 
UTS  

MPa (ksi) 
Hardness  

HV 
Total 

Elongation pct 

AR 479 (69.5) 735 (107) 209 26.8 

300 °C 513 (74.4) 650 (94.3) 224 28.8 

400 °C 553 (80.2) 628 (91.0) 214 28.5 

500 °C 544 (78.9) 637 (92.4) 216 27.8 

600 °C  584 (84.7) 668 (96.9) 221 29.2 

 

 

  
(a) (b) 

Figure 4.2 Engineering stress-strain curves of the AR, 300, 400, 500, and 600°C tempered samples 
where (a) is the entire engineering stress-strain curve and (b) is the engineering stress-strain curve near 
the yield point regime. The presence of a yield point is clear starting at 400 °C and becomes sharper with 
increasing tempering temperature, while the AR and 300 °C tempered samples exhibit nominally 
roundhouse yielding behavior.  
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Figure 4.3 Mechanical property values from uniaxial tensile tests as a function of tempering 
temperature. UTS and s0.2 pct offset values were calculated using engineering stress strain data. 
 

4.1.2 Instrumented Charpy Results 

Instrumented Charpy testing was undertaken as a means of understanding if either crack initiation 

or crack propagation energies obtained from force-displacement curves trend well with HIC 

susceptibility. The Charpy impact toughness values from the AR sample tested at various temperatures 

are shown in Figure 4.4(a), where the dotted line is drawn to give an idea of what the DBT curve might 

look like with more data points, although there was not sufficient material available from the 

experimental steel to allow for additional data points. The force-displacement curves obtained by 

instrumented Charpy for the X65 AR condition tested at room temperature, -45 ºC, and -78 ºC are shown 

in Figure 4.4(b). The sample tested at room temperature, shown in black in Figure 4.4(b), has a force-

displacement shape characteristic of a sample tested at or near the upper shelf of the ductile to brittle 

transition (DBT) curve. In contrast, the force-displacement curve that resulted from testing the AR sample 

at -78 ºC is characteristic of the lower shelf. Lastly, the -45 ºC graph has a curve that appears to be 

intermediate between the curves for samples tested in the ductile to brittle regimes. Figure 4.5 shows the 

total energy and energies for crack initiation and propagation for the AR X65 steel tested at 20 ºC, -45 ºC, 

and -78 ºC. The graph of total energy in Figure 4.5 looks very similar to the graph of Charpy impact 

toughness as a function of temperature as expected. There are no calculated energies for crack initiation 

and propagation for the X65 AR sample tested at -78 ºC, because these energies are associated with 

ductile fracture. The calculated energies for crack initiation are approximately the same in the 20 ºC and -

45 ºC X65 AR samples, while the energy for crack propagation decreases at -45 ºC.   
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(a) (b) 
Figure 4.4 Data derived from instrumented Charpy testing where (a) demonstrates Charpy impact 
toughness evolution as a function of test temperatures and (b) demonstrates force-displacement curves 
for the AR sample tested at room temperature (black), -45 ºC (blue) and -78 ºC (red). 
 

 

Figure 4.5 Instrumented Charpy results from the AR X65 steel tested at various temperatures. The total 
energy and energies for crack propagation and crack initiation are plotted. 

 

Macro-photographs of the X65 AR samples tested at 20 ºC, -45 ºC, and -78 ºC are shown in 

Figure 4.6. Figure 4.6(a), (b), and (c) are photographs of the fracture surfaces of the X65 AR samples 

tested at 20 ºC, -45 ºC, and  -78 ºC, respectively, while Figure 4.6(d) and (e) are side views of the -45 ºC 

and the -78 ºC samples.  From these macro-photographs, it should first be noted that the sample tested at 

20 ºC was the only one to completely separate, while the samples tested at -45 ºC and -78 ºC each had a 
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small ligament remaining. Both the 20 and -45 ºC tested samples exhibit shear lips, while the -78 ºC 

specimen does not. In addition, delamination in the form of large parallel tears occurs in the specimen 

tested at -45 ºC. Small parallel features are also present in the sample tested at -78 ºC. 

The X65 tempered samples were all Charpy tested at room temperature (20 ºC), and the force-

displacement curves are shown in Figure 4.7(a). All conditions of the X65 steel exhibited ductile behavior 

at room temperature, as indicated in Figure 4.7(a). Accompanying the graphs in Figure 4.7 are macro-

photographs of fracture surfaces of all conditions in Figure 4.8(a)-(e) and side views of the 300 ºC, 

500 ºC, and 600 ºC tempered samples in Figure 4.9(a)-(c).  First, it should be noted that the 500 and 

600 ºC tempered samples did not clear the sample holding stage of the Charpy tester and therefore, the 

total energy for fracture cannot be determined. The last data point that could be obtained is indicated by 

an “X” in Figure 4.7. The 500 and 600 ºC tempered samples (Figure 4.8(d) and (e) respectively) did not 

fully separate (Figure 4.9(b) and (c), respectively). The hammer of the instrumented Charpy tester at 

LANL was not heavy enough for the high toughness levels of these tempered conditions [68]. The only 

other sample that did not completely separate upon testing was the X65 300 ºC tempered sample (Figure 

4.8(b) and Figure 4.9(a)); this condition had a small ligament remaining like the AR specimens tested at 

low temperature. 

   

(a) (b) (c) 

  

(d) (e) 
Figure 4.6 Macro photographs of the X65 AR sample surfaces ((a)-(c)) and side views ((d) and (e)) from 
the instrumented Charpy tests. Figures (a)-(c) are fractographs of the AR tested at (a) room temperature, 
(b) -45 ºC, and (c) -78 ºC, demonstrating the transition from ductile to brittle behavior.  
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Figure 4.7 Force displacement curves obtained from instrumented Charpy tests conducted at 20 °C of 
X65 AR (black), 300 ºC (blue), 400 ºC (red), 500 ºC (grey), and 600 ºC (grey) tempered samples. 
Samples that did not exit the sample holding area (500 and 600 ºC) are indicated by X symbols for those 
temperatures. 

 

In contrast, the AR and 400 ºC tempered samples were the only conditions to completely separate 

upon impact testing, as shown in Figure 4.8(a) and (c). However, both conditions exhibited ductile 

fracture (Figure 4.8(a) and (c)). Additionally, the force displacement curves of the AR and 400 ºC 

conditions exhibited different shapes. To use terminology from uniaxial tensile testing analogously, the 

AR curve (in black) appears to have “roundhouse” behavior through Fgy, while the 400 ºC tempered 

sample (in red) exhibits a spike in force akin to yield point phenomenon. Both conditions work-harden 

through Fmax but have a different shape at displacements greater than the occurrence of Fmax.  

The energies for crack initiation and propagation and total energy are plotted as a function of 

tempering temperature in Figure 4.10. The total energy curve in Figure 4.10 increases from the AR to the 

300 ºC tempered sample but then decreases upon tempering at 400 ºC. As discussed previously, the 

values for total energy and energy for crack propagation in the 500 and 600 ºC conditions are not valid 

due to the sample not clearing the sample holding area and thus are not displayed; however, it is assumed 

the total energy increases to a higher level at 500 and 600 ºC than the other conditions. 
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(a) (b) (c) 

  
(d) (e) 

Figure 4.8 (a)-(e) Macro photographs of the room temperature instrumented Charpy tested samples from 
the X65 AR, 300, 400, 500, and 600 ºC conditions, respectively. Only the AR and 400 ºC ((a) and (c) 
respectively) separated completely. 
 

   
(a) (b) (c) 

Figure 4.9 Macro photographs of the X65 samples tested at room temperature using the instrumented 
Charpy machine where the samples tempered at (a) 300 ºC, (b) 500 ºC and (c) 600 ºC demonstrate the 
unbroken nature of the samples and ligaments that still attach the two halves. 

 

  Energies for crack initiation and crack propagation have similar trends as that in total energy. 

Unlike the total energy and crack propagation energies, the energy for crack initiation can be compared 
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for all conditions. Compared to the AR condition, the energy for crack initiation increases for the sample 

tempered at 300 ºC and decreases again for the 400 ºC and 500 ºC tempered samples before increasing 

again for sample tempered at 600 ºC. The energy for crack propagation also increases at 300 ºC followed 

by a decrease at 400 ºC. Dips in toughness in the range of 200 – 400 ºC have been observed in higher 

carbon, fully martensitic steels due to “tempered martensite embrittlement” as discussed in Chapter X 

Section 1.3. The dip in toughness shown in Figure 4.10 at 400 ºC could also be from a phenomenon 

similar to tempered martensite embrittlement, which will be discussed further in Section 4.3. 

 

Figure 4.10 Trend in total energy, crack initiation, and crack propagation energies as a function of 
tempering temperature for the X65 steel. 

4.1.3 Phase Fraction Evolution  

Mössbauer spectroscopy data collection and analysis of the as-received and tempered steels was 

conducted courtesy of Don Williamson, and the results are shown in Figure 4.11. In the present work, the 

microstructural evolution in the granular bainitic steel of interest will be discussed in comparison to the 

stages of tempering in fully martensitic steels as outlined by Krauss [69]. Stage I of tempering occurs at 

temperatures up to 200 °C; in medium carbon steels, coherent h carbides form first (<100 °C), while e 

carbides (Fe2.4C) form between 100 and 200 °C. Stage II of tempering involves the decomposition of 

austenite to ferrite and cementite or c Haag carbides and occurs from 200 to 300 °C. Stage III occurs over 

a wide range of temperatures above 300 °C and leads to the formation of ferrite and cementite by the 

dissolution of previously formed transition carbides. Recovery can take place above 400 °C, and 

recrystallization can take place from 600 to 700 °C. Lastly, secondary hardening from precipitation of 

alloy carbides occurs during stage IV of tempering from 500 to 600 °C, particularly in molybdenum 

(Mo), niobium (Nb), vanadium (V), and titanium (Ti) containing steels.  
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The atomic fraction of retained austenite was about 2 pct in the as-received sample and is almost 

completely absent after tempering at 300 °C, as would be expected based on studies of retained austenite 

decomposition of fully martensitic steels consistent with Stage II tempering. Transition carbides were not 

detected using Mössbauer in any of the X65 conditions, which could indicate that Stages I and III of 

tempering in fully martensitic steels are not applicable to tempering in steels with granular bainitic 

microstructures. The amount of magnetic cementite (cementite is separated as magnetic and non-magnetic 

in Mössbauer analysis) increases two-fold from the AR sample upon tempering at 300 °C. It is likely that 

the carbon present in the retained austenite and adjacent martensite was able to form cementite upon 

decomposition of the austenite. The amount of cementite does not increase significantly as a result of the 

400 and 500 °C tempering treatments. However, the fraction of magnetic cementite decreases at 600 °C 

and appears to be transformed to non-magnetic cementite, leaving the total fraction of cementite the same. 

The transition to non-magnetic cementite likely occurred due to the diffusion of Mn into the cementite 

structure [70].  

 

Figure 4.11 Phase amounts in atomic percent from Mössbauer analysis as a function of tempering 
temperature. 

 

Figure 4.12 compares the XRD data from the AR (shown in black), 400 °C (shown in grey), and 

600 °C (shown in red) samples over a small 2q range from 40 to 52°. The AR sample has peaks that 

correlate to g (111) and g (200) lattice planes. These peaks do not appear in the 400 and 600 °C tempered 

samples graphed in Figure 4.12, which is consistent with austenite decomposition observed using 

Mössbauer, as shown in in Figure 4.11. The additional peaks are assumed to be cementite as they do not 

AR 
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correspond to any planes in ferrite. It is interesting to note that the cementite peak near 40° 2q occurs in 

all three samples, while there is a cluster of cementite peaks from 46 to 49° 2q that only appear in the 

400 °C sample. The additional peaks  present only in 400 °C appear in locations similar to the Fe3C(031) 

and Fe3C(112) peaks identified in an X52 steel studied by Jacobs [71].  

 

Figure 4.12 A small portion of the XRD spectra from the AR (black), 400 °C (grey), and 600 °C (red) 
samples demonstrating the decomposition of retained austenite upon tempering and the presence of 
cementite peaks (color image – see PDF copy).  

 

The amount of carbon in solution in retained austenite can be calculated from the Mössbauer data, 

and the trend of carbon in austenite is shown in Figure 4.13. The average carbon in austenite is around 4 

at pct (0.865 wt pct) in the AR condition and increases to ~5 at pct (1.12 wt pct) upon tempering at 

300 °C. Although little retained austenite remains after tempering at 300 °C (0.3 pct from Figure 4.11), 

the small fraction that is left is more highly enriched in carbon and therefore is also more stable.  
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Figure 4.13 The amount of carbon in solution in austenite calculated from Mössbauer spectroscopy. 
Above 300°C, the amount of austenite was too small to determine carbon content. 

 

Both EBSD and TKD were used to characterize the location and morphology of the retained 

austenite measured by Mössbauer spectroscopy. Figure 4.14 is an IQ map obtained from the X65 AR 

steel with red indicating pixels indexed as austenite with greater than 0.1 CI. The dark regions in Figure 

4.14 are assumed to be M/A due to increased dislocation density causing low IQ values. A discussion of 

the ferrite morphology and M/A in the X65 AR steel will be presented in Section 4.1.4.  Aside from one 

relatively large cluster of red pixels in the top right corner of the micrograph, most of the red pixels are 

scattered with a few pixels clustered together at most, as shown in the higher magnification inset in Figure 

4.14. EBSD has relatively large electron interaction volumes, and consequently limited spatial resolution 

due to the dynamical scattering inherent in the production of backscattered Kikuchi patterns. However, 

interaction volumes of electron transparent samples are much smaller and can therefore have greatly 

improved spatial resolution. Figure 4.15(a) and (b) are IQ maps obtained from TKD, where Figure 4.15(a) 

is the entire area scanned using TKD with a white box indicating the region shown in Figure 4.15(b). 

Much like the EBSD map shown in Figure 4.14, Figure 4.15(b) is an IQ map with red overlaid on pixels 

that were indexed as austenite with >0.02 CI. The difference in the threshold CI for the EBSD (>0.1 CI) 

and TKD (>0.02 CI) is due to the fact that TKD produces lower CI data because of the reduced 

interaction volume and more diffuse Kikuchi patterns. Similar to the austenite indexed using EBSD, there 

is only one area near the top of the map with more than one or two red pixels. It is important to note that 

the absence of austenite in EBSD and TKD maps does not necessarily indicate that there is no retained 

austenite in the microstructure. Any scanning Kikuchi diffraction technique has limitations on indexing 

points near grain boundaries or in regions of high dislocation density if Kikuchi patterns from different 
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orientations are superimposed on the detector. Given the limitation of both TKD and EBSD near 

boundaries, it is possible that there is retained austenite present in films within M/A rather than in larger 

identifiable blocks. 

 

Figure 4.14 EBSD IQ map of the X65 AR steel with red pixels indicating austenite indexed with >0.1 CI. 
   

  

(a) (b) 

Figure 4.15 TKD IQ maps of the X65 AR steel where (a) is the entire area obtained with a white box 
indicating the region in (b) which has red pixels overlaid indicating austenite indexed with >0.02 CI. 

4.1.4 Evolution of Microstructure upon Tempering 

The X65 steel was rolled intercritically; accelerated cooling was initiated at 775 °C and the Ar3 

temperature was calculated to be 794 °C. Figure 4.16 is a schematic demonstrating solute enrichment of 

austenite grains as a result of the formation of proeutectoid ferrite during intercritical rolling. The 

enriched austenite grains then transformed to granular bainite, or M/A depending on solute concentration, 

upon accelerated cooling and are accompanied by proeutectoid ferrite grains in the final microstructure. 

Intercritical rolling might have contributed to the presence of deleterious elongated M/A constituents 

along the rolling direction.  The schematic on the left of Figure 4.16 demonstrates solute segregation to an 
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elongated austenite grain surrounded by ferrite grains formed during intercritical rolling. If solute 

segregation reaches high enough levels, the austenite grain would transform to an elongated M/A 

constituent rather than granular bainite. 

Figure 4.16 Schematic demonstrating the evolution of elongated SM in the X65 AR steel based on solute 
segregation from proeutectoid ferrite to the remaining austenite during intercritical rolling prior to 
accelerated cooling. 

 

A light optical micrograph of the AR condition etched with 2 pct nital is shown in Figure 4.17, 

and the tempered conditions are shown in Figure 4.18. The steels were etched with 2 pct nital after 

tempering for 40 minutes at 300 °C (Figure 4.18(a)), 400 °C (Figure 4.18(b)), 500 °C (Figure 4.18(c)), 

and 600 °C (Figure 4.18(d)). Light grey regions in the light optical micrographs are ferrite, while dark 

regions are secondary microconstituents (SM) consisting of M/A, tempered martensite, and/or other 

carbon rich microconstituents such as cementite, particularly in tempered conditions. The AR 

microstructure demonstrates a largely ferritic microstructure with secondary microconstituents 

interspersed. The groupings of SM are indicated by white outlines in Figure 4.18, and the combination of 

SM and ferrite within the enclosed regions is characterized as granular bainite. It is likely that these 

granular bainitic regions developed as a result of segregation of carbon to austenite grains during 

intercritical rolling. As a result, the microstructure of the X65 AR steel can be characterized as containing 

a mixture of proeutectoid ferrite and granular bainite. Upon tempering, it is assumed that the regions that 

will exhibit the most change are the SM, particularly M/A regions. There is no obvious qualitative 

difference using LOM between the as-received accelerated cooled steel (Figure 4.17) and the steel 

tempered for 40 minutes at 300 °C (Figure 4.18(a)). Both steels exhibit regions with a dark etching 

response in LOM that are assumed to be SM, indicated by black arrows in Figure 4.18(a). In Figure 

4.18(b), there may be evidence of some small carbides forming, outlined with white circles, and a 

reduction in dark areas as a result of tempering at 400 °C. A significant decomposition of SM as a result 
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of the tempering treatment at 500 °C is suggested by the reduction in dark regions in Figure 4.18(c) as 

compared to Figure 4.18(a). The tempering treatment at 600 °C, shown in Figure 4.18(d), was effective at 

decomposing the SM, evident from the absence of the dark regions in Figure 4.18(d). Small dark carbides 

are identified in the 600 °C condition indicated by white circles in Figure 4.18(d). The grain size is 

similar in all of the tempered conditions in Figure 4.18. 

 

Figure 4.17 Light optical micrograph of the X65 steel in the AR condition etched with 2 pct nital with 
white outlines indicating regions of granular bainitic containing ferrite and secondary microconstituents.  

 

Two different characteristic morphologies of SM were observed in the X65 AR steel, examples of 

which are shown in SE micrographs etched with 2 pct nital in Figure 4.19. Figure 4.17 indicated what 

appear to be regions of SM outlined in white, and a similar region is shown in Figure 4.19(a). The 

microconstituent morphology within these regions will be referred to as “blocky” due to the low aspect 

ratio exhibited by the microconstituent in these regions. An additional feature of the blocky 

microconstituent is highlighted in Figure 4.19(b), a SE micrograph of the same region in Figure 4.19(a) 

shown at higher magnification. Within the light-colored SM in Figure 4.19(b), one region appears less 

etched than the other. Untempered martensite (UM) often has a relatively unetched appearance after being 

exposed to 2 pct nital etchant, and a region suspected to be UM mixed with interlath austenite is labelled 

as M/A in Figure 4.19(b). These smaller M/A regions within the larger SM do not tend to exceed 2μm in 

size and as such are consistent with the microconstituents characterized to be M/A using EBSD IQ maps 

in Figure 4.14. In contrast to the unetched M/A region, the majority of the microconstituent has a more 

etched appearance, which is interpreted to be consistent with tempered martensite. Auto-tempering of 

martensitic regions directly adjacent to untempered M/A is proposed to be due to differences in austenite 

composition. The second characteristic morphology of the SM is shown in Figure 4.19(c), where the 

microconstituent appears in elongated shapes along the rolling direction with an unetched appearance, and 
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as such will be referred to as elongated M/A. In both microconstituent morphologies, the interface 

between the ferrite and SM appear distinct and continuous in the AR condition, which evolves upon 

tempering. 

  

(a) (b) 

  
(c) (d) 

Figure 4.18 Light optical micrographs of the accelerated cooled steel tempered at (a) 300 °C with SM 
indicated by black arrows, (b) 400 °C with possible carbides circled in white, (c) 500 °C, and (d) 600 °C 
with carbides circled in white. All samples were tempered for 40 minutes and etched with 2 pct nital. 
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(a) (b) 

 
(c) 

Figure 4.19 SE micrographs of the X65 AR steel etched with 2 pct nital demonstrating two different 
characteristic morphologies of SM where (a) demonstrates a blocky microconstituent and (b) is a higher 
magnification micrograph of the region shown in (a) demonstrating the presence of M/A and tempered 
martensite. The elongated M/A morphology is shown in (c). 

 

The area fractions of the SM were calculated using EBSD IQ maps and thresholding using 

ImageJ software. It is assumed that the tempered and untempered martensite within the SM result in 

islands of low IQ due to high dislocation density.  Maps were obtained from both the centerline and 

quarter thickness. Figure 4.20(a) and (b) are IQ maps of the AR X65 steel used for the area fraction 

calculation from the centerline and quarter thickness, respectively, showing that the center thickness 

contained about 10 pct SM(Figure 4.20(a)) and the quarter thickness contained about 14 pct area fraction 

(Figure 4.20(b)). If it is assumed that the phase fraction in atomic pct Fe as measured by Mössbauer 

spectroscopy can be converted directly to volume pct, the volume fraction of austenite within the SM is 2 

pct. Assuming uniform austenite distribution, the fraction of martensite is then between 8 and 12 pct (2 

pct austenite subtracted from 10 – 14 pct SM).  

In literature it is common for the greatest amount of SM to be located at the centerline due to 

segregation of Mn and C during continuous casting. The apparent lack of centerline segregation could be 
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due to the differences in segregation from the ingot casting and reheating rather than traditional 

continuous casting. The increased volume fraction of SM at the quarter thickness could be due to the 

increased cooling rate near the surface of the steel during the accelerated cooling step. Additionally the 

differences in SM fraction through thickness could have an effect on the location of HIC.  

  

(a) (b) 

Figure 4.20 EBSD IQ maps from the X65 AR steel used for calculation of SM area fraction where (a) is 
a micrograph from the centerline and (b) is from the quarter thickness. 
  

Micrographs containing blocky and elongated microconstituents in the 300 °C tempered steel are 

shown in Figure 4.21(a) and (b), respectively. It is clear from Figure 4.21 that the microconstituents have 

decomposed to some extent, as evidenced by the edges of the microconstituents that are no longer clean 

and continuous like those found in the AR steel (Figure 4.19). It is clear that some cementite precipitation 

has occurred both from the SE micrographs in Figure 4.21 and the Mössbauer results shown in Figure 

4.11. However, the raised etching response within the microconstituents indicates that the 

microconstituent decomposition is not complete, as would be expected, likely due to incomplete 

cementite formation. The SE micrograph shown in Figure 4.21(a) indicates that the UM has been at least 

partially decomposed upon tempering at 300 °C, as expected. Lastly, the elongated M/A that has been 

decomposed is shown in Figure 4.21(b) as evidenced by the irregular boundaries between the M/A and 

adjacent ferrite.   
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(a) (b) 

Figure 4.21 SE micrographs of the 300 °C tempered X65 steel etched with 2 pct nital demonstrating 
both (a) blocky and (b) elongated M/A morphologies of secondary microconstituent. 

 

The SM in the samples tempered at 400 °C have markedly different appearances than those in the 

AR and 300 °C samples, as shown in Figure 4.22(a) and (b). White particles assumed to be cementite are 

apparent in Figure 4.22(a) and (b) and appear more often at the boundaries between the ferrite and the 

SM. Identifying regions that could confidently be characterized into the two distinct blocky and elongated 

M/A morphologies is increasingly difficult with increasing tempering temperature, but Figure 4.22(a) is 

an example of a decomposed blocky microconstituent. There are come carbides that have precipitated 

within the microconstituent in Figure 4.22(a) but have mostly precipitated at the interface with the 

adjacent ferrite grains. Similarly, Figure 4.22(b) demonstrates the formation of boundary cementite as a 

result of the decomposition of elongated M/A as indicated by white arrows.  

  
(a) (b) 

Figure 4.22 SE micrographs of the 400 °C tempered X65 steel etched with 2 pct nital demonstrating both 
(a) blocky and (b) elongated M/A morphologies of SM where the arrows indicate boundary cementite. 
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 The difference between the two different microconstituent morphologies, easily discernable in the 

AR condition, is nearly impossible to discern in samples tempered at 500 °C and 600 °C. Figure 4.23(a) 

and (b) are SE micrographs of the 500 °C tempered steel etched with 2 pct nital. Figure 4.23(a) 

demonstrates a prior blocky microconstituent region outlined in white, with some intragranular 

precipitation both within the microconstituent and within the adjacent ferrite grains. Figure 4.23(b) 

demonstrates a ferrite grain in the upper half of the micrograph containing precipitates with sizes on the 

order of 10s to 100s of nanometers in rows, indicated using white arrows. These rows of intragranular 

precipitation are likely from secondary hardening and as such are likely to be Nb, Ti, or V carbides.  

  
(a) (b) 

Figure 4.23 SE micrographs of the 500 °C tempered X65 steel etched with 2 pct nital demonstrating (a) 
precipitation within a blocky microconstituent (outlined in white) and (b) intragranular precipitation in 
ferrite indicated by white arrows. 

 

 Lastly, SE micrographs of the 600 °C tempered X65 steel are shown in Figure 4.24(a) and (b). 

There is a lack of distinct blocky or elongated microconstituents in Figure 4.24(a), which is as expected 

upon tempering at 600 °C. Most of the micrograph consists of dark grey ferrite grains with some small 

white shaded precipitates shown in at higher magnification in Figure 4.24(b). The precipitates appear 

largely at boundaries that might have once been lath boundaries in the prior secondary microconstituents 

and boundaries between the prior M/A and adjacent ferrite. In addition, there is some intragranular 

precipitation as shown in the inset in Figure 4.24(b), although the precipitation does not appear in rows 

like the precipitation that was observed in Figure 4.23(b).  
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(a) 

 
(b) 

Figure 4.24 SE micrographs of the 600 °C tempered X65 steel etched with 2 pct nital demonstrating (a) 
lack of discernable M/A microconstituents and (b) precipitation largely at boundaries with an inset 
demonstrating intragranular precipitation. 

4.1.5 Decomposition of M/A Upon Tempering 

 Figure 4.25(a) and (b) are a BF and HAADF pair of micrographs of the AR steel. Ferritic grains 

constitute larger lighter grey grains, while the dark microconstituents are assumed to be M/A in Figure 

4.25(a) and (b). The M/A microconstituents likely formed during thermomechanical processing from 

austenite regions that became enriched with carbon as the adjacent ferrite grains grew during warm 

rolling, until the martensite start temperature of the M/A microconstituent was reached and the 

microconstituent developed. A STEM BF and HAADF pair taken of the AR condition at a higher 

magnification is shown in Figure 4.25(c) and (d), respectively. An arrow in Figure 4.25(d) points to a 

region of interest that is an unknown microconstituent. The elongated and needle-like microconstituent 

has an orientation approximately 60° to the boundary. An orientation of 60° relative to the boundary is 

commonly observed for cementite microconstituents in bainite. The darker shading of the 
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microconstituent in the HAADF image (Figure 4.25(d)) could indicate that the needle-like 

microconstituent is carbon rich, which would also support the hypothesis that the microconstituent is 

cementite. 

  
(a) (b) 

  
(c) (d) 

Figure 4.25 Bright field and HAADF micrographs from the AR X65 steel at two different 
magnifications where (a) and (b) are BF and HAADF micrographs, while (c) and (d) are higher 
magnification micrographs demonstrating needle-like features in the M/A microconstituent highlighted 
by arrows.  

 

The partial decomposition of the M/A microconstituents upon tempering at 300 ºC is apparent in 

TEM images in Figure 4.26(a)-(d). Figure 4.26(a) and (b) are STEM BF and HAADF micrographs, 

respectively. Much like the decomposition of M/A demonstrated in the SE micrograph in Figure 4.21, the 
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smooth continuous interface between M/A and adjacent ferrite has decomposed into irregular boundaries 

(Figure 4.25(a)-(d)) in the BF and HAADF micrographs after tempering at 300 ºC. Examples of regions 

of M/A microconstituents that have partially decomposed upon tempering are circled in Figure 4.26(a) 

and (b). From the Mössbauer results discussed in Section 4.1.3, most of the retained austenite present in 

the as-received steel decomposed and cementite formed in or near the retained carbon rich regions. In 

addition, any austenite that remained after tempering was enriched with carbon. Figure 4.26(c) and (d) are 

higher magnification BF and HAADF micrographs of a decomposed M/A microconstituent in the 300 ºC 

tempered steel, respectively. Microconstituents that appear dark in HAADF indicate regions that have 

lower atomic numbers, and thus are assumed to be carbon rich in this steel. Carbon rich microconstituents 

appear on or near boundaries and are either a small amount of retained austenite highly enriched with 

carbon or cementite. None of the needle-like features that are apparent in the AR steel (Figure 4.25(a)-(d)) 

are still present after tempering at 300 ºC. Although Mössbauer indicated the formation of cementite, the 

HAADF micrographs do not reveal any potentially deleterious morphologies like grain boundary films or 

needle-like morphologies. The 400 ºC tempered sample had precipitation behavior that was much 

different than the sample tempered at 300 ºC. Figure 4.27(a) and (b) are BF and HAADF micrographs 

that contain what appear to be grain boundary carbides, indicated with arrows. The grain boundary 

microconstituents are inferred to be cementite by the dark color of the boundary microconstituents.  

Upon tempering at 500 ºC, the Mössbauer results indicated that all detectable retained austenite 

had decomposed, and cementite had formed. In addition, the SE micrograph of the 500 ºC in Figure 

4.23(b) demonstrated intragranular precipitation that likely formed from secondary hardening elements. 

Figure 4.28(a)-(d) are STEM micrographs of the samples tempered at 500 ºC. Figure 4.28(a) and (b) are 

BF and HAADF STEM micrographs that demonstrate the decomposition of regions that were previously 

either M/A or TM microconstituents. In the BF micrograph (Figure 4.28(a)), there are small black 

precipitates along what appear to be lath boundaries within a prior SM region, as shown in the inset, and 

the region within the prior SM laths has decreased in contrast likely due to dislocation density reduction. 

The same precipitates that appeared as black in Figure 4.28(a) appear as white particles in HAADF 

(Figure 4.28(b)), indicating that the precipitates likely contain an element that is heavier than iron such as 

molybdenum or niobium. Secondary hardening by the formation of vanadium, niobium, or molybdenum 

carbides is known to occur at temperatures of 500 ºC or above, but no Mo is reported in the X65 steel so 

the light color in the HAADF image could be from Nb. 
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(a) (b) 

  
(c) (d) 

Figure 4.26 Bright field and HAADF micrographs from the X65 steel tempered at 300 ºC at two 
different magnifications where (a) and (b) are BF and HAADF micrographs with circles indicating 
partially decomposed M/A microconstituents, while (c) and (d) are higher magnification micrographs. 
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(a) (b) 

Figure 4.27 Bright field and HAADF micrographs from the X65 steel tempered at 400 ºC where (a) and 
(b) are BF and HAADF micrographs with arrows indicating grain boundary carbides. 
  

 

 

(a) (b) 
Figure 4.28 Bright field and HAADF micrographs from the X65 steel tempered at 500 ºC where (a) and 
(b) are BF and HAADF micrographs demonstrating small precipitates along former SM boundaries. 

 

Figure 4.29 includes SE micrographs (left) and associated IQ/IPF and IQ maps from TKD (right) 

for the X65 AR (Figure 4.29(a)(b)), 300 °C (Figure 4.29(c)(d)), and 400 °C (Figure 4.29(e)(f)) tempered 

samples, where the boxes in the SE micrographs indicate the regions from which the TKD lift-outs were 
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obtained. The SE micrograph from the AR X65 steel (Figure 4.29(a)) demonstrates lighter 

microconstituents that are consistent with the secondary microconstituents already discussed. Within the 

SM, there are some blocky unetched regions that might be indicative of M/A, and regions that exhibit lath 

like structures that might be indicative of the autotempered martensite, much like what was discussed in 

SE micrographs previous. A higher magnification image of a similar region is shown as an inset in Figure 

4.29(a) demonstrating regions of both TM and M/A. The TKD micrographs in Figure 4.29(b) are 

interpreted to support this characterization in that the vast majority of the center of the micrograph has a 

relatively lower dislocation density (assumed from the high IQ map values) and lath like ferrite grains, 

while there are two smaller regions with lower IQ that might contain untempered martensite. However, 

the presence of cementite could not be confirmed by either TKD or EDS (see Appendix). 

The SE micrograph of the 300 °C tempered sample (Figure 4.29(c)) does not have any of the 

unetched blocky regions, characterized as untempered martensite in the AR steel (Figure 4.29(a)). As 

observed by Mössbauer spectroscopy (Figure 4.11) the cementite fraction appeared to plateau upon 

tempering at starting 300 °C and 400 °C. However, because the M/A regions have low IQ, it is difficult to 

discern if and where any precipitation has occurred in the TKD maps (Figure 4.29(b), (d), and (f)) as low 

IQ data points also correlate with low CI values. Unlike in the X65 AR sample though, the STEM EDS 

maps obtained from the X65 300 °C, shown in Figure 4.30, did exhibit one small region enriched in 

carbon indicated by a white box. No other alloying elements were observed in the same region, which 

could indicate that the precipitate is cementite. 

Additional SE micrographs (left) and TKD IQ maps (right) from the X65 500 °C and 600 °C are 

shown in Figure 4.31(a) and (b) and Figure 4.31(c) and (d), respectively. Upon tempering at 500 °C, the 

SE etched micrograph in Figure 4.31(a) has small round white precipitates that are likely carbon rich 

consisting of both cementite and some alloy carbides. The Mössbauer results indicated that cementite had 

formed, and austenite had completely decomposed upon tempering at 500 °C. The IQ map in Figure 

4.31(b) also exhibits small round dark regions, exhibited using white squares in the inset, in similar sizes 

and locations to the SE map in Figure 4.31(a), i.e. in prior SM regions along boundaries that were likely 

former lath boundaries. The IQ map in Figure 4.31(b) also demonstrate that there are more bright (high 

IQ) regions that might have resulted from recovery within the prior SM region.  
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(a) (b) 

 

 
 

(c) (d) 

 
 

(e) (f) 
Figure 4.29 SE micrographs of etched microstructures (left) and IPF and IQ maps (right) from the X65 
(a)(b) AR (c)(d) 300 °C (e)(f) 400 °C samples. 
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Figure 4.30 HAADF (left) and STEM Fe (center) and C (right) EDS micrographs from the X65 300 °C 
tempered sample obtained from the region shown in the white box in Figure 4.29(d). 

 

 The X65 600 °C steel exhibits similar features in the SE etched micrographs (left) and IQ maps 

(right) in Figure 4.31(c) and (d). Small white precipitates are present in the SE etched micrograph in 

Figure 4.31(c) in what is assumed to be a prior SM region. These light precipitates in SE correlated to the 

dark circular spots at boundaries in the IQ map in Figure 4.31(d). There is little to no difference in IQ 

between the large ferrite grains and small grains within the prior SM region in the 600 °C condition 

implying that dislocation recovery has occurred.  

 

 
 

(a) (b) 

 

 
 

(c) (d) 
Figure 4.31 SE micrographs of etched microstructures (left) and IPF and IQ maps (right) from the X65 
(a)(b) 500 °C (c)(d) 600 °C samples. 
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4.1.6 Dislocation Density Using XRD and TKD  

X-ray diffraction spectra were obtained for the AR and tempered conditions of the steel in order 

to quantify the evolution of dislocation density upon tempering. A modified Williamson-Hall approach 

was used. Figure 4.32 demonstrates the evolution of dislocation density upon tempering from the XRD 

measurements. As expected, the dislocation density decreases with increasing tempering temperature.  

 

Figure 4.32 Dislocation density in the X65 accelerated cooled steel as a function of tempering 
temperature as measured using XRD and the Williamson-Hall method 

 

 The same transmission Kikuchi diffraction data sets used to assess M/A decomposition in 

Section 4.1.4 were used to qualitatively evaluate the distribution of dislocation density throughout the 

microstructure. Two different techniques were used: geometrically necessary dislocation (GND) density 

maps and kernel average misorientation (KAM) maps. An important difference between the GND density 

maps and KAM maps is that the GND density maps calculate dislocation density based off of lattice 

curvature calculated directly from the Kikuchi patterns, while the KAM maps use misorientation as a 

surrogate for dislocation density. As follows, the color-coding of the two maps indicates different things; 

red in the GND density maps indicates a pixel with a GND density of approximately 1015 m-2, while a red 

pixel in a KAM map indicates the maximum misorientation of 5º. The maps used in this analysis were 

only indexed for ferrite and austenite and not cementite. In all of the GND and KAM maps, blue is used 

to indicate little to no dislocation density or misorientation (respectively), while red indicates regions with 

the highest amount dislocation density or misorientation (respectively). Figure 4.33(a) is a SE micrograph 
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of the X65 AR steel with a white box indicating the location the TKD lift out was obtained from. Figure 

4.33(b) is an IQ map with color-coded GND density overlaid and white box indicating the region from 

which the Figure 4.33(c) and (d) were obtained. Figure 4.33(c) is an IQ map with GND density overlaid 

and Figure 4.33(d) is an IQ map with KAM overlaid. The purpose of overlaying GND and KAM on top 

of IQ maps is for easier feature identification. Grey regions in the micrographs indicate pixels for which 

GND or KAM could not be calculated due to a lack of orientation indexing at that pixel. The first thing of 

note in Figure 4.33(b) is that there is a ferrite grain in the majority of the micrograph with low GND 

density and regions along the top of the micrograph with higher dislocation density indicated by green. 

The regions higher in dislocation density correlate well with the regions identified as either M/A or TM 

by SE etching prior to the FIB lift-out process shown in Figure 4.33(a).  

 

 

(a) (b) 

 

  
(c) (d) 

Figure 4.33 (a) SE etched micrographs of the AR steel with white box indicating region TKD map was 
removed from. (b)-(d) IQ maps of the X65 AR sample with color overlay associated with (b) and (c) 
GND and (d) KAM, where (b) is the entire TKD sample with a white box indicating the location of (c) 
and (d).  
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A comparison of the GND density map (Figure 4.33(c)) and KAM map (Figure 4.33(d)) reveals 

several differences. The GND density map in Figure 4.33(c) indicates that the highest dislocation density 

is along the boundary between a ferrite grain on the left and a M/A region, as indicated by white arrows. 

It should be noted however, that many of the pixels in the M/A region are grey indicating that a value for 

GND density could not be obtained. In contrast, Figure 4.33(d) has a KAM value for every pixel, and the 

darkest pixels (lowest IQ) are indicated as having the highest KAM value in red. GND density maps have 

better spatial resolution at the expense of the number of indexed pixels without a GND density value, 

while the KAM maps offer values for every pixel with a less direct estimation of dislocation density. 

Overall, both KAM and GND density maps indicate that M/A regions have a higher dislocation density 

than the large ferrite grains observed in the X65 AR steel. In addition, neither indicates that there is 

localized dislocation density in the ferrite grains adjacent to the M/A microconstituents. Thus, the 

reduction in dislocation density upon tempering as measured by XRD likely comes from recovery within 

M/A regions. 

4.2 HIC Behavior of the X65 Steel 

4.2.1 NACE TM0284 Results 

The samples were HIC tested using NACE TM0284 courtesy of Evraz NA and analyzed for crack 

length ratio. Two examples of cracking in the X65 AR steel are shown in Figure 4.34(a) and (b), which 

are secondary electron micrographs of hydrogen induced cracks in the X65 AR steel. Both Figure 4.34(a) 

and (b) are etched with 2 pct nital, resulting in secondary microconstituents appearing light grey in 

contrast to the darker grey of the ferrite matrix. Figure 4.34(a) demonstrates a primary crack that is very 

wide and filled with either an inclusion or Bakelite from the mounting process. Accompanying the 

primary crack is a secondary crack running approximately parallel, an observation that is common in the 

X65 steel. Figure 4.34(b) demonstrates a cracking region that exhibits several parallel thin cracks. In 

addition, Figure 4.34(b) includes a region within the branches of the crack that appear differently than the 

ferrite and SM outside of the crack branches (indicated by the white oval) and could be evidence of a 

region of highly deformed grains. Although it is likely that these elongated grains resulted from warm 

rolling, without an examination of the region before testing, it is impossible to determine that the 

deformation was not  due to the HIC process itself. 

The crack lengths ratios were measured using ImageJ by an undergraduate research assistant, 

Zoey Huey. Figure 4.35 shows the same crack length ratio data plotted against tempering temperature and 

includes the crack length ratio for the untempered, NACE TM0284 X65 sample, labeled as AR. The AR 

sample exhibited the most cracking with 10.8 pct CLR. All tempered conditions resulted in lower CLR 

values than observed in the AR sample. However, the data presented in Figure 4.35 indicate a 
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significantly higher amount of cracking in the samples tempered at 400 °C than the rest of the tempered 

samples, while the least amount of cracking is present in the samples tempered at 500 °C. Error bars in 

Figure 4.35 indicate one standard deviation from the mean of CLR of each sample face analyzed. The 

sample tempered at 400 °C exhibited the highest standard deviation of all of the X65 conditions. Of the 

nine sample faces analyzed, one sample face accounted for 62 pct of the total crack length measured in 

that condition, while 6 out of 9 sample faces demonstrated no cracking. Despite the ubiquitous use of the 

NACE TM0284 prescribed crack analysis by industry to approve steels for sour service [67] , large 

standard deviations are commonly observed. Use of 3-D C-scan technology to assess all cracks through 

thickness, currently only an option in NACE TM0284, facilitates a larger sampling volume for statistical 

analysis [72]. 

  
(a) (b) 

Figure 4.34 SE micrographs of the X65 AR steel HIC tested using the HIC TM0284 test, etched with 2 
pct nital where the light regions are SM, and the darker grey regions are ferrite.  
 

 

Figure 4.35 Crack length ratios (pct) for the X65 AR and tempered conditions testing using NACE 
TM0284 HIC test. 
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In addition to quantifying the amount of cracking, the location of the cracks through thickness in 

the AR steel was measured. Table 4.2 includes the results of the measurements of crack locations through 

thickness. The results show that five out of six, or the majority, of the cracks measured in the AR steel are 

located within 25 pct of the surface, while one of the cracks was observed at the centerline. Cracking is 

often reported to occur predominantly at the centerline, an observation typically attributed to centerline 

segregation and subsequent increased M/A percentage. The X65 steel however, exhibited more M/A at 

the quarter thickness than at the centerline as shown in Figure 4.20(a) and (b), which could explain why 

more cracking was seen within the 25 pct of the thickness closest to the surface.  

 

Table 4.2 Hydrogen Induced Crack Location Through Thickness in the AR X65 Steel 

 

Crack # 1 2 3 4 5 6 

Length (mm) 3.78 2.36 3.85 3.11 5.43 6.46 

Location in 
thickness (mm) 

2.22 0.86 0.86 1.28 2.09 6.35 

Description of 
location 

< 1/4 < 1/4 < 1/4 < 1/4 < 1/4 center 

 

4.2.2 Qualitative Crack Analysis of X65 AR Steel 

In order to understand the influence of microstructure on cracking, a qualitative analysis of the 

cracks in the X65 AR condition was conducted. The cracks in four of these samples were studied and 

characterized using light optical microscopy and SEM on the ND-TD plane. The ND-TD plane was 

chosen as it is the same plane analyzed in the NACE TM0284 crack length analysis. In general, the 

majority of cracks were parallel to the transverse direction of the steel, although there were some cracks 

perpendicular or at a 45° tilt with respect to the transverse direction. One crack was located at the sample 

centerline, while all others were located between the sample surface and a depth of 2.3 mm, with the 

majority of cracking occurring between 0.6 and 2.0 mm from the sample surface. All samples had 

secondary cracks spreading from the tips of the larger, main crack, as seen in SEM image in Figure 4.36. 

These secondary cracks were significantly smaller than the main crack and were only visible at relatively 

high magnifications on the SEM (2,000x or more). 
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Figure 4.36 SE micrograph of the AR X65 steel etched with 2 pct nital after the NACE TM0284 test 
showing secondary cracking at a crack tip. 

 

All samples had sections of stepwise cracking (SWC), parallel sections of cracking separated by 

some perpendicular distance, as shown in Figure 4.37. Almost all of these stepped sections were parallel 

to one another and perpendicular to the transverse direction, but there were a few instances where the 

SWC oriented at a 45° angle with respect to the transverse direction. Some cracks only had a small 

number of steps, while others had a significant amount. The distance between steps varied from about 5 

μm to 100 μm. The sections of the steps parallel to the rolling direction were connected by perpendicular 

sections of cracking ranging in width from very thin secondary cracking to equivalent to the width of the 

main parallel crack. These differences are possibly due to differing stages of crack formation. Most 

instances of SWC were observed at cracks at depths less than quarter thickness. 

 

 

Figure 4.37 SE micrograph of a series of stepwise cracks along the transverse direction in the AR X65 
steel after the NACE TM0284 test. Microstructure etched with 2 pct nital. 
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All samples also had some degree of crack branching within the main body of the crack. For 

example, there were sections with two or more cracks combining within the main crack body, resulting in 

the appearance of material inside of the crack in the two-dimensional plane of the cut sample surface. The 

crack branching is possibly due to extensive SWC. Figure 4.38(a)-(c) are secondary electron micrographs 

of the X65 AR steel that was tested using the NACE TM0284 method. The images show examples of the 

secondary cracking morphology. Extensive crack branching is apparent in some regions such as Figure 

4.38(a) and (b), while other areas exhibit few branches in the form of more discrete steps as shown in 

Figure 4.38(c). Most of these areas of secondary cracking were observed in cracks at a depth of less than 

quarter thickness from the sample surface, although a few instances were observed in the sample with 

centerline cracking. All instances of extensive secondary cracking, as shown in Figure 4.38(a) and (b), 

occurred at a depth less than quarter thickness. 

  
(a) (b) 

 

 
(c) 

Figure 4.38 SE micrographs of the NACE tested X65 AR steel etched with 2 pct nital showing crack 
sections with varying degrees of crack branching, where (a) and (b) demonstrate extensive crack 
branching, and (c) demonstrates small steps surrounding a single fragment. 
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Instances of SWC were observed where two cracks existed in the normal direction, perpendicular 

to the main crack, rather than just one. Figure 4.39 is a secondary electron micrograph of X65 AR steel 

that was charged using the NACE TM0284 method that demonstrates two cracks parallel to the transverse 

direction joining. This crack-joining phenomenon could be responsible for the formation of the observed 

fragments inside the cracks and has been observed in sections of both SWC and more linear cracking.  

 

 
Figure 4.39 SE micrograph of the NACE tested X65 AR steel etched with 2 pct nital, showing two cracks 
parallel to the TD connected by smaller cracks. 

 

There are other examples of irregular cracking behavior that were observed less frequently across 

the four samples studied. For instance, most samples demonstrated cracking largely in the transverse 

direction, but Figure 4.40 is a LOM micrograph from the NACE charged X65 AR steel demonstrating 

cracking in both the transverse and normal direction. However, the crack in the normal direction was 

mostly comprised of very small horizontal sections that run near parallel to the TD. These vertically 

cracked sections may be related to SWC. All areas of cracking in the normal direction were observed at 

depths less than quarter thickness other than some isolated SWC.  

 

 
Figure 4.40 Light optical micrograph of the X65 AR steel etched with 2 pct nital showing a crack that is 
partially parallel the transverse direction and partially parallel to the normal direction. 
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There were also some instances of cracks branching off of the main crack section. Figure 4.41(a) 

and (b) are SE micrographs of the X65 AR steel etched with 2 pct nital after NACE testing. Most of the 

crack branches were small compared to the primary crack, but there was one instance of one main crack 

section splitting into two cracks of similar width, as shown in Figure 4.41(a). It cannot be determined 

whether one crack split into two cracks or two cracks joined into one crack. One sample had a crack tip 

that split into two thinner cracks, as shown in Figure 4.41(b). Two parallel cracks joining to form a larger 

crack is another possible mechanism for the secondary cracking and damage described previously. 

  

(a)  (b) 
Figure 4.41 SE micrographs of the X65 AR steel lightly etched with 2 pct nital after NACE charging 
where (a) is a single crack section splitting into two crack sections of similar width in the normal 
direction and (b) demonstrates a crack tip that splits into two thin parallel cracks. 
 

4.2.3 Chemical Composition of Microconstituents in HIC Cracks 

To characterize the interaction of cracks with inclusions, precipitates, and phosphorous rich 

regions, EDS maps were obtained for the X65 conditions that exhibited cracking upon HIC testing. In 

order to understand if the inclusions observed in cracks could be the result of entrained Bakelite from the 

sample mounting process, EDS scans were collected of the X70 AR steel with the Bakelite mounting 

material adjacent, which can be seen in Figure 4.42. The X70 steel was used based on the assumption that 

the chemistries of the two steels were similar enough for the purposes of comparing to Bakelite. Several 

elements of interest in regard to cracking are mapped in Figure 4.42 including C, P, S, Mo, and O. In 

Figure 4.42, the X70 AR steel is shown on the left half, while the Bakelite is shown on the right half. The 

only two elements observed in higher concentration in Bakelite than in the steel were C and O, which is 

expected from the chemical composition of Bakelite (C6-H6-O.C-H2-O)n. Phosphorous was observed to be 

slightly more concentrated in the steel than in the Bakelite, while sulphur was not detected on either side 

in significant enough amounts to be registered. Lastly, Mo was more concentrated in the X70 steel than in 

the Bakelite. Molybdenum was not reported in the X65 steel chemistry and is therefore not of concern in 
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the X65 EDS maps, but is reported for discussion of the X70 steel in the next chapter. Lastly, detection of 

phosphorous will become important in the proceeding discussions. From Figure 4.42 it is clear that more 

phosphorous was detected in the steel than in the Bakelite, indicating that Bakelite is not a source of 

phosphorous. Additionally, it should be noted that compared to other elements detected such as O, the 

level of phosphorous was low in the X70 steel, which is what would be expected. Lastly, the hand soap 

used to clean the metallurgical specimens between polishing steps  was considered as a possible source of 

phosphorous, though the soap used in the physical metallurgy laboratory does not contain 

phosphates [73]. 

 

Figure 4.42 SE micrograph and associated EDS maps where each micrograph was obtained with the 
X70 AR steel on the left and Bakelite on the right of each micrograph. 

 

Figure 4.43(a) and (b) are SE micrographs and associated EDS maps from cracks produced by the 

NACE TM0284 HIC test in the X65 AR steel. Figure 4.43(a) demonstrates a region of cracking from the 

quarter thickness in which a higher-than-average concentration of phosphorous was observed. The iron 

map in the middle of Figure 4.43(a) is present to indicate where the crack is, dark black regions being 

indicative of a crack, so that the location of phosphorous segregation in relation to the crack might be 

better understood. Additionally, Figure 4.43(c) and (d) are the EDS spectra for the iron rich and 

phosphorus rich regions, respectively. It is clear from Figure 4.43(c) that a phosphorous peak was not 

observed in the iron rich region, while Figure 4.43(d) demonstrates a clear phosphorous peak. The lack of 

a phosphorous peak in uncracked portion of the micrograph compared to the background of phosphorous 

observed in Figure 4.43(a) demonstrates the importance of considering relative counts when viewing EDS 

maps. The EDS maps are also known as counts per second maps (CPS), which are based on the total 

count rate at each pixel [74]. Pixels with higher count rates are brighter and lower count rates are more 
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darkly shaded. In this way, if the ratio between the highest count rate and the background is low, the 

contrast in the image will also be low. The ratio of maximum counts of the Fe peak to background in 

Figure 4.43(b) (~23 times) is much larger than the ratio between the P peak and background in Figure 

4.43(c) (~2 times), which explains the difference in contrast between the two images. It should also be 

noted that EDS maps are relative and qualitative, so background noise in Figure 4.43(c) is not indicative 

of a high background phosphorous count, but rather an indication of the ratio between background and 

maximum peak count for that element. A low maximum count for phosphorous would be expected due to 

the low weight fractions of P in both the X65 and X70 steels. 

 Figure 4.43(d) contains SE etched micrographs and accompanying EDS maps from a different 

region of cracking in the X65 AR steel where different elements are observed within the crack. Typical 

inclusions of concern in pipeline steels are elongated manganese sulfides and, to a lesser extent, 

aluminum oxides. Although no MnS were observed in the X65 steel, there is a concentration of Mo, S, 

and Nb within the same inclusion in Figure 4.43(d). In addition, carbon and nitrogen appear at larger 

concentrations within the crack in Figure 4.43(d).  

 The veracity of the observation of phosphorous in the cracks of X65 AR steel (Figure 4.43) is 

verified by the EDS map of P, which indicates that the Bakelite is not rich in phosphorous. As a result of 

the observations of the composition of Bakelite, any observations of elements aside from C and O are 

likely true reflections of the elements present in cracks. 

SE and EDS micrographs were also obtained for the X65 400 °C tempered sample, two examples 

of which are shown in Figure 4.44(a) and (b). Figure 4.44(a) is a series of SE (left) and associated EDS 

maps (right) from an inclusion along the rolling direction in the X65 400 °C steel. The elements with the 

highest concentrations within the crack, Al, C, and O, are also shown. Due to the presence of both Al and 

O, it is reasonable to assume that these inclusions are alumina. The carbon appears to concentrate in 

regions that do not coincide with the Al and O and could be indicative of carbides.  Figure 4.44(b) is an 

additional example of elements within cracks in the X65 400 °C tempered sample, once again 

demonstrating the presence of Al, C, and O within the cracks. Similarly, the carbon concentrates in 

regions away from the Al, which is again likely indicative of carbide formation. It is most important to 

note, however, that phosphorous was not observed in the X65 400 °C steel.  
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(a) 

  
(b) (c) 

 
(d) 

Figure 4.43 SE micrograph of the X65 AR steel and associated EDS maps from two different regions 
demonstrating (a) presence of P in the crack in some locations with (b) and (c) being spectra from the Fe 
rich region and P rich region, respectively (d) presence of inclusions containing Mo, S, and Nb within 
the crack. 
 

Fe P
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(a) 

 
(b) 

Figure 4.44 SE micrographs and associated EDS maps from the X65 400 °C tempered sample where (a) 
is a small region deemed by be just an inclusion i.e., not a crack and (b) a crack with similar EDS 
elements measured as the inclusion in (a). 
  

4.2.4 Secondary Microconstituent Analysis of HIC Tested X65 Steel 

The area fraction of secondary microconstituents was measured and discussed in Section 4.1.3. A 

similar ratio of the line length of SM encountered along cracks compared to the line fraction of SM 

encountered along random lines drawn in the rolling direction was made by undergraduate researcher 

Zoey Huey. Figure 4.45(a) and (b) are SE micrographs from the AR X65 steel etched with 2 pct nital 

demonstrating a crack propagating at the interface between M/A and ferrite in part (a) and a crack within 

TM in part (b). 

 

  
(a) (b) 

Figure 4.45 SE micrographs of AR X65 steel NACE TM0284 charged and etched with 2 pct. nital 
showing (a) a crack bordered by M/A, and (b) a crack through tempered martensite. Micrographs 
obtained by Zoey Huey. 
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The line fraction of secondary microconstituents along the crack length was analyzed in order to 

compare the amount of SM in the base microstructure to the amount SM adjacent to cracks after the 

NACE TM0284 test. The line fraction was determined through the analysis of secondary electron 

micrographs in the ND-TD plane of the X65 steel samples, lightly etched with 2 pct nital. The percentage 

of cracks that were adjacent to SM regions was then compared to the line fraction of SM in the as-

received samples. Table 4.3 includes the total line length examined, the total line length adjacent to or 

intersecting SM, and percentage of the line length that is adjacent to or intersecting a SM. In the case of 

the NACE TM0284 tested AR X65 samples, the SM line length is the line length along the crack length, 

while the average SM line length for the as-received X65 is along the randomly drawn lines along the 

rolling direction. The percentage of SM regions identified in the as-received microstructure is 15.2 pct, 

which complements area fraction measured with EBSD in Figure 4.20(a) and (b). In contrast, the results 

from the percentage of SM along the total crack length is 25.4 pct. The higher percentage of SM found 

along crack lengths than in the base microstructure in the AR X65 steel is interpreted to indicate that the 

SM contribute to HIC susceptibility. The SE micrographs in Figure 4.45(a) and (b) would also support the 

idea that SM exacerbate cracking, as the cracks in Figure 4.45(a) and (b) are observed more often along or 

in SM than in the surrounding ferrite grains. It should be noted that this analysis did not discern if the 

secondary microconstituent consisted of M/A or TM.  

 

Table 4.3  SM Line Fraction Values 
 

 NACE TM0284 tested X65 As-received X65 

Total line/crack length (μm) 410 741 
Total SM line length (μm) 104 122 

Percentage SM 25.4 15.2 

 

4.3 Discussion 

The X65 steel allowed first for examination of the effect of an accelerated cooling step after 

finish rolling on HIC. The intercritical finish rolling step was conducted to understand the effect of 

increased dislocation density in proeutectoid ferrite. The air cooled X65 steel produced a mixture of 

quasi-polygonal ferrite and pearlite. Upon HIC testing the air-cooled steel exhibited no cracking while the 

accelerated cooled steel exhibited considerable cracking. Tempering was then conducted on the 

accelerated cooled X65 steel to understand the effect of tempering on HIC in intercritically finish rolled 

and accelerated cooled linepipe steel. The results hypothesized for the evolution of HIC behavior upon 

tempering at the outset of this tempering study were that the AR steel would have the greatest amount of 

cracking, and the CLR would subsequently be gradually reduced with increasing tempering temperature. 
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This prediction was based on the hypothesis that the secondary microconstituents were the most 

detrimental aspect of the steel, and that with increasing tempering temperatures the SM would be more 

decomposed. Tempering was expected to gradually reduce dislocation density, decompose retained 

austenite, and form carbides such as cementite and alloy carbides. Because dislocation density has been 

cited to contribute negatively to HIC resistance [37], [40], [75], it was assumed that decreased dislocation 

density would play a role in the projected reduction in cracking upon tempering. The prediction that HIC 

resistance would decrease upon decomposition of retained austenite was based on TRIP steel literature 

that alleges the presence of retained austenite contributes negatively either by acting as a hydrogen 

reservoir or transforming to martensite within the plastic zone of a crack tip [28]. Lastly, it was assumed 

that HIC resistance would be increased as the SM decomposed to form cementite and alloy carbides, with 

increasing precipitation increasing HIC resistance. This hypothesis was based on the idea that precipitates 

could act either as irreversible trap sites to render hydrogen innocuous or as reversible trap sites to slow 

hydrogen diffusion to cracks. However, that some precipitates could form deleterious morphologies such 

as grain boundary films was not considered. It was also assumed that decreased strength would be 

observed with increasing tempering temperature and would be associated with increasing HIC resistance.  

Contrary to what was predicted, HIC resistance did not monotonically increase with increasing 

tempering temperature. Instead, an increase in HIC resistance was observed upon tempering at 300 °C 

followed by a “trough” in HIC resistance upon tempering at 400 °C and increase once again at 500 and 

600 °C. In addition, the hardness and YS increased with tempering temperature also contrary to what was 

predicted. UTS decreased slightly with increasing temperature, and elongation did not trend with either 

YS or UTS. Subsequently, understanding the evolution of microstructural variables corresponding with 

the observed HIC resistance upon tempering became a primary objective. A secondary objective was to 

assess mechanical properties other than strength and hardness, such as Charpy impact toughness, to 

understand if a better prediction of HIC behavior could be obtained than is provided by traditional 

strength measurements.  

Phase fraction data of both cementite and austenite from the Mössbauer analysis are shown as a 

function of CLR in Figure 4.46. Ultimate tensile strength is also plotted as a function of CLR in Figure 

4.46 for comparison to the phase fraction data. The NACE recommended maximum ultimate tensile 

strength for steels for sour service is 800 MPa (116 ksi), so all of the steel samples are under the 

recommended maximum. The highest CLR, UTS, and austenite amount values occur in the AR sample, 

which also contained the smallest amount of cementite. The next highest CLR occurred in the 400 °C 

sample, which also has the lowest UTS of any of the conditions. If UTS and/or hardness reliably 

predicted HIC performance, then CLR should correlate with UTS and hardness. However, Figure 4.46 

indicates that the second highest UTS and second lowest CLR occur in the 600 °C sample, which further 
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reinforces that UTS does not necessarily solely predict HIC susceptibility in the strength ranges tested.  

 The effect of retained austenite on hydrogen embrittlement susceptibility is of interest in many 

different steel systems and has been thought of as a hydrogen trap which can release hydrogen upon 

transforming to martensite under stress or strain near a crack tip. If the presence of retained austenite 

controlled the HIC susceptibility of pipeline steels, then CLR should trend with RA fraction. However, as 

Figure 4.46 shows, almost all of the RA present in the AR sample has decomposed after tempering at 

400 °C, but the value for CLR is still the second highest, indicating the presence of RA is not the only 

controlling factor for HIC susceptibility. However, although retained austenite fraction alone may not 

control HIC resistance, the percentage of RA within SM could play an important role in the HIC 

susceptibility of the AR condition. More specifically, the fact that the AR X65 alloy has approximately 

2 pct RA but 10-14 pct SM means that there is approximately 8-12 pct untempered or tempered 

martensite in the AR steel. Martensite, particularly untempered martensite, is known to exacerbate 

hydrogen embrittlement. In addition, larger area fractions of SM could lead to microstructures more 

susceptible to the formation of deleterious cementite morphologies upon tempering, particularly if the SM 

forms elongated M/A morphologies along the rolling direction. Additionally, it is important to recall from 

Figure 4.20(a) and (b) that the area fraction of SM varied through thickness as evidenced by the 

difference in area fraction of SM measured at the center and quarter thickness (10 and 14 pct 

respectively). This observed change in microstructure through thickness likely had an effect on HIC, as 

the location of the majority of cracks was near the quarter thickness Table 4.2.  

Cementite precipitation could potentially affect HIC in several different ways. First, cementite 

precipitates, given the proper size and distribution, could serve as barriers to dislocation movement which 

could in turn increase strength. However, cementite precipitates as dislocation pile-up sites could also aid 

in nucleation and growth of voids for crack initiation. In the presence of hydrogen, cementite acting as 

reversible hydrogen trap sites could either slow hydrogen permeation, which would decrease HIC, or act 

as hydrogen reservoirs for fast diffusion of hydrogen to advancing crack tips. All of the aforementioned 

ways in which cementite could affect HIC resistance could depend on the amount, morphology, and 

distribution of cementite. Figure 4.46 demonstrates that the total cementite phase fraction (magnetic and 

non-magnetic) stays relatively constant upon tempering, particularly at temperatures at 400 °C and above, 

yet the 400 °C sample has a CLR value nearly four times higher than samples tempered at 500 °C and 

600 °C. The lack of correlation of phase fraction of cementite with HIC indicates that the amount of 

cementite does not affect HIC resistance, at least within the alloy levels explored with the X65 steel. 

However, it is interpreted that the morphology and distribution of cementite contributes to the differences 

in HIC resistance.   

 The carbon necessary for the formation of cementite is located in both the austenite retained to 
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room temperature and in the carbon super saturated martensite found in secondary microconstituents. 

Thus, the morphology and distribution of cementite is ultimately linked with the morphology and 

distribution of the SM. The two characteristic SM morphologies discussed in Section 4.1.4, blocky SM 

and elongated M/A, are of importance to the final distribution of cementite upon tempering. The blockier, 

less elongated morphology are interpreted to be less deleterious than the elongated M/A. Understanding 

the effect of varying fractions of proeutectoid ferrite during intercritical rolling on the morphology of SM 

in traditionally alloyed linepipe steels (i.e., X65) would be of interest in understanding if intercritical 

finish rolling should be avoided as a best practice to increase HIC resistance. 

In addition, the tempering temperature has an effect on the morphology of the decomposed SM 

and subsequent cementite precipitation. Upon tempering at 300 °C, the M/A microconstituent loses the 

distinct linear boundary with the adjacent ferrite and forms a rough non-linear interface that could be 

contributing to the increased HIC susceptibility. It is assumed that the cementite formed at 300 °C was 

intragranular within the SM. The rough interface of the SM would cause a crack moving along the SM 

boundary to take a more tortuous path than if the ferrite/SM boundary remained continuous like that in 

the AR condition. The SM boundary roughness is interpreted to be the reason why very little cracking 

occurred in the 300 °C tempered condition. In contrast, the 400 °C condition forms more boundary 

cementite that appear in more elongated smooth morphologies than in other tempering temperatures such 

as 500 and 600 °C. In the 400 °C condition, elongated M/A microconstituents, decompose into cementite 

precipitates largely at prior M/A boundaries. The reduction in both HIC resistance and Charpy impact 

toughness in the 400 °C is interpreted to occur due to the presence of these elongated smooth boundary 

cementite precipitates.  

 

Figure 4.46 Phase amount (left hand y-axis) of cementite (q) and austenite (g) as a function of crack 
length ratio and UTS (right hand y-axis) as a function of CLR.  
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 The observed trend in HIC susceptibility upon tempering is not readily explainable by the 

evolution of hardness, phase fractions, uniaxial tensile properties, nor the dislocation density measured by 

XRD. The only measured property that correlated with HIC was room temperature Charpy impact 

toughness. A graph of the total impact energy, (as calculated from the instrumented force displacement 

curves), as a function of CLR for the X65 AR and tempered conditions is shown in Figure 4.47. The solid 

symbols in Figure 4.47 indicate valid test values for the X65 AR, 300 °C, and 400 °C samples, while the 

hollow symbols for the 500 °C and 600 °C tempered samples indicate samples that exceeded the capacity 

of the 400 J machine. Therefore the 400 J value for 500 °C and 600 °C is a minimum value chosen to 

graphically represent that those conditions were tougher than any of the other conditions. Figure 4.47 

demonstrates an inverse relationship between CLR and Charpy impact toughness, meaning that samples 

that had the lowest impact toughness exhibited the highest CLR. These results indicate that Charpy 

impact toughness may be a better indicator of potential HIC performance than hardness or uniaxial tensile 

tests in the range of steels tested in this work. 

 

Figure 4.47 Total Charpy impact energy as a function of crack length ratio for the X65 AR and tempered 
conditions where the hollow symbols for the 500 °C and 600 °C are indicative of the fact that those 
conditions exceeded the capacity of the 400 J machine.  

 

 The toughness and HIC trough observed upon tempering at 400 °C could be indicative of a 

phenomenon akin to tempered martensite embrittlement in fully martensitic steels. The tempering study 

by Stevens and Bernstein discussed in Chapter 2 also exhibited a transition from ductile to brittle 

intergranular fracture near 400 °C tempering [20]. However, several aspects of the steel in this study are 

different than fully martensitic steels. Pipeline steel alloys have much less carbon than the steels 

traditionally discussed in TME literature: 0.05 wt pct in the X65 steel compared to ~0.4 wt pct carbon in 
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4340 for example. The lower carbon content leads to an inhomogeneous microstructure consisting of 

largely ferrite with some secondary microconstituents. Further, the SM can contain retained austenite, 

untempered martensite, or tempered martensite. As a result, some of the SM is supersaturated with 

carbon, while other regions of SM have formed some amount of cementite upon cooling. All of these 

differences affect the decomposition of SM and therefore could have an effect on the evolution of a 

toughness trough upon tempering in pipeline steels. However, as discussed previously, it is interpreted 

that secondary microconstituents that form in elongated morphologies along the rolling direction increase 

susceptibility in the AR condition. The elongated M/A morphology has the potential to be deleterious 

upon tempering. In particular, the M/A microconstituents in the 400 °C condition decomposed into 

elongated cementite morphologies along prior M/A boundaries, resulting in lower HIC resistance and 

Charpy impact toughness.   

 Decomposition of retained austenite into cementite is one aspect that contributes to TME in fully 

martensitic alloys as discussed in Chapter 2 Section 2.3, but phosphorous segregation to prior austenite 

grain boundaries contributes to TME as discussed in the studies by Craig and Krauss, and Lynch 

(Chapter 2 Section 2.3) [18], [19]. If phosphorous segregation was due to the tempering procedure, the 

400 °C condition would exhibit segregation in cracks and the AR condition would not. However, 

phosphorous segregation within HIC was observed for the AR condition but not the 400 °C tempered 

condition. As such, phosphorous segregation might indeed be exacerbating cracking, but the segregation 

is likely occurring during casting and TMP rather than during tempering. Typically, when discussing 

phosphorous segregation in regard to tempered martensite embrittlement, segregation of phosphorous is 

typically observed at prior austenite grain boundaries. The boundaries available for phosphorous 

segregation in the X65 steel, however, are largely ferrite grain boundaries, ferrite/inclusion boundaries, 

and ferrite/SM boundaries, which likely changes the potential energy landscape that determines the 

location of phosphorous segregation. A separate study into the effects of microstructural changes through 

thickness in relation to preferential phosphorous segregation would need to be conducted to better 

understand the finding of P in HIC in the X65 AR steel. 

In summary, the X65 alloy allowed for understanding the effect of tempering on HIC in a 

traditionally alloyed granular bainitic steel. First an understanding of the stages of tempering in a granular 

bainitic steel was achieved. In terms of phase fraction evolution, upon tempering at 300 °C retained 

austenite decreased and cementite formed as would be expected based on the stages of tempering in fully 

martensitic steels. Cementite levelled off and retained austenite completely decomposed upon tempering 

at higher tempering temperatures as expected. Additionally, non-magnetic cementite was measured in the 

600 °C condition that is attributed to substitutional diffusion of manganese in the cementite lattice. 

Despite expected phase evolutions upon tempering, strength and hardness were largely maintained with 
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few exceptions. The origin of maintenance of strength and hardness despite increasing tempering 

temperature could have two different possible explanations. One is that SM contribute to strength in the 

AR and lower tempering temperatures and secondary hardening makes up for any strength lost due to the 

decomposition of SM. The other possible explanation is that the presence of SM does not significantly 

contribute to the strength or hardness and therefore the decomposition of SM does not greatly decrease 

strength. Lastly the observation of similar trends in Charpy impact toughness and HIC could indicate that 

toughness is a better predictor of HIC resistance than strength or hardness, and the observation of 

toughness and HIC resistance troughs demonstrate the importance of considering tempered martensite 

embrittlement regimes when tempering linepipe steels. 
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CHAPTER 5 : X70 ALLOY RESULTS AND DISCUSSION 

The X70 alloy was designed with additions of Mo and Si to evaluate the influence of 

microstructural variables such as retained austenite, SM fraction, cementite fraction, and alloy carbides on 

HIC. This chapter includes results and discussion regarding the X70 steel in the AR condition and 

tempered for 40 minutes at 300, 400, 500, 600, and 700 °C. First, the tempering behavior of the steel is 

discussed with respect to the evolution of hardness (Section 5.1.1), uniaxial tensile properties 

(Section 5.1.1), phase fraction (Section 5.1.2), microstructural evolution (Section 0), and dislocation 

density (Section 0). Then, the HIC performance of the AR and tempered conditions is discussed in several 

sections including the NACE TM0284 results (Section 5.2.1), chemical analysis within cracks 

(Section 5.2.2), and effect of secondary microconstituent on cracking (Section 0). The chapter concludes 

with a discussion synthesizing Section 5.1 and 5.2 where the effect of tempering on HIC is considered. 

5.1 Tempering Behavior of the X70 Steel 

The effect of tempering on hardness, tensile properties, phase fraction, and dislocation density for 

the X70 steel is discussed in the following section. The X70 steel was tempered for 40 minutes at 300, 

400, 500, 600, and 700 °C. 

5.1.1 Hardness and Tensile Property Evolution 

The Vickers microhardness results from the X70 steel are shown in Figure 5.1. Compared to the 

X65 alloy, additional tempering temperatures of 200, 550, and 650 °C were added in order to capture the 

evolution of hardness over a larger range of tempering temperatures. The AR sample exhibited the lowest 

hardness of all of the X70 conditions (~ 218 HV). Upon tempering, hardness increased to approximately 

235 HV for the 200, 300, 400, and 500 °C tempering conditions. A further increase in hardness occurred 

starting at 550 °C and peaked for the 600 and 650 °C conditions before decreasing after tempering at 

700 °C. The peak in hardening aligned well with the temperature regime expected for secondary 

hardening, particularly from molybdenum carbides.  
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Figure 5.1 Graph of Vickers hardness as a function of tempering temperature for the X70 steel. The 
lowest hardness appears in the as-received condition, whereas the highest hardness values appear in the 
600 and 650 °C conditions, where secondary hardening, likely due to Mo carbides, is maximized.  

 

 Representative engineering stress strain curves from the AR and tempered X70 steels are shown 

in Figure 5.2(a). The X70 700 °C tempered condition had the lowest work hardening rate, largest yield 

point elongation and lowest UTS of any of the conditions. The remaining X70 conditions were relatively 

similar from a qualitative examination of Figure 5.2(a). Figure 5.2(b) is a graph of the engineering stress 

as a function of crosshead displacement for the yielding portion of the uniaxial tensile tests. Crosshead 

displacement was used for this graph because of discontinuities in the extensometer data at these low 

strains. The AR and 300 °C samples in Figure 5.2(b) exhibited roundhouse yielding, while the 400 and 

500 °C samples had more sharp yielding behavior but did not exhibit as sharp a yield point as the higher 

temperature conditions. Yield point elongation occurred after tempering at 600 °C and 700 °C. 

 The UTS and 0.2 pct offset YS values are graphed as a function of tempering temperature for the 

X70 steel in Figure 5.3. UTS remained stable until a tempering temperature of 700 °C where a drop of 

almost 100 MPa occurred. Similarly, the YS appeared relatively constant at approximately 530 MPa, with 

exceptions for reduction in YS upon tempering at 300 °C and an increase upon tempering at 600 °C. The 

tensile data are tabulated in Table 5.1 and also include uniform elongation values. The lowest uniform 

elongation values were exhibited by the AR and 400 °C samples, while the highest uniform elongation 

values were exhibited by the 300 °C, 500 °C, and 700 °C tempered samples. The 600 °C exhibited the 

highest YS, a high UTS, peak hardness, and high uniform elongation, indicating that 600 °C tempering 

induced the best combination of properties.   
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(a) (b) 

Figure 5.2 Representative uniaxial tensile test data from the X70 steel where (a) demonstrates the full 
engineering stress strain curves for the X65 conditions and (b) demonstrates the YPE behavior using 
engineering stress as a function of crosshead displacement. 
   

 
Figure 5.3 Uniaxial tensile properties of the X70 steel in the AR condition and conditions tempered at 
300, 400, 500, 600, and 700 °C. 
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Table 5.1 Mechanical Properties and Vickers Hardness Values for the AR and Tempered X70 Samples 

 

 0.2 pct offset 
YS (MPa) 

UTS (MPa) 
Hardness  

HV 
Uniform 

Elongation 
Total 

Elongation 

AR 536 ±4.66 682 ±18 219±5.1 0.0873±0.004 0.260±0.000 

300 °C 498 ±1.61 681 ±3.3 236±8.1 0.112±0.004 0.272±0.002 

400 °C 541 ±2.15 666 ±0.3 237±9.7 0.102±0.002 0.271±0.002 

500 °C 525 ±0.39 666 ±2.4 235±6.0 0.107±0.006 0.265±0.020 

600 °C 574 ±4.10 683 ±3.2 258±7.6 0.111±0.004 0.261±0.001 

700 °C 519±4.86 631±3.1 250±9.4 0.118±0.006 0.276±0.016 

5.1.2 Phase Fraction Evolution 

The evolution of phase fraction and carbon in austenite (atomic pct) upon tempering in the X70 

steel as measured by Mössbauer spectroscopy is shown in Figure 5.4(a). Error bars are shown for all 

phases but are so small in most cases that the bars are overlapped by the symbols. Mössbauer was 

conducted courtesy of Dr .Don Williamson at the Colorado School of Mines. The AR steel was measured 

by Mössbauer to have 3.3 at pct Fe retained austenite. Figure 5.4(b) is a graph of the equilibrium phase 

fraction as a function of temperature calculated by Thermo-Calc courtesy of Josh Mueller.  The majority 

of the retained austenite in the AR condition remained upon tempering at 300 °C (2.8 at pct Fe) but 

decreased in the 400 °C and 500 °C conditions, measuring at 1.1 and 0.8 pct, respectively. The only 

sample that did not exhibit measurable levels of RA was tempered at 600 °C; RA in the 700 °C tempered 

sample was greater than that measured in the 400 and 500 °C tempered samples. Presumably, the retained 

austenite decomposed and then reformed given the complete decomposition of RA exhibited by the 

600  °C sample. Figure 5.4(b) indicates that tempering at 700 °C was within the intercritical regime, 

suggesting that the 700 °C condition could contain retained austenite. Mössbauer also determined the 

atomic pct carbon in solution in austenite by mass balance. The AR X70 sample exhibited approximately 

3.4 atomic pct carbon in solution in austenite, which increased upon tempering at 300 °C to 5.1 atomic pct 

carbon. Upon tempering at 400 °C and 500 °C, the atomic pct carbon in austenite decreased to 1.7 and 1 

atomic pct. No values for carbon in solution in austenite were reported for the 600 and 700 °C tempering 

temperatures.  
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(a) (b) 

Figure 5.4 (a) Phase fraction as a function of tempering temperature from Mössbauer spectroscopy. The 
solid circles represent magnetic cementite, while the total cementite fraction with magnetic and non-
magnetic components is summed and graphed as empty circles (b) Equilibrium phase evolution as 
calculated by Thermo-Calc courtesy of Josh Mueller.  

 

Lastly, the evolution of cementite upon tempering, with both magnetic and non-magnetic 

components, is displayed in Figure 5.4(a). There was approximately 0.3 pct cementite in the AR condition 

that decreased to unmeasurable levels in the 300 °C tempered sample before increasing again to 0.4 and 

0.5 pct in the 400 and 500 °C tempered samples. The observed dissolution of cementite upon tempering at 

300 °C  is not expected and is not readily explainable. The 600 °C tempered condition exhibited both 

magnetic and non-magnetic cementite at levels of 0.1 and 0.2 at pct Fe, respectively, which increased to 

0.4 and 0.2 at pct Fe for the magnetic and non-magnetic cementite, respectively, in the 700 °C tempered 

condition.  

5.1.3 Secondary Microconstituent Analysis 

The area fraction of secondary microconstituent was also measured for the X70 steel. Two 

different techniques, EBSD and SE micrographs, were used as discussed in the Experimental Methods 

chapter, and examples of both are shown in Figure 5.5(a) and (b), respectively. The area fraction 

calculation using EBSD  was 4.6 pct SM, while the area fraction measured by SE micrographs was 6.1 

pct. The SM is homogeneously distributed but appears in two different sizes as indicated by red squares 

and a red circle in the threshold image in Figure 5.5(b). The red squares in Figure 5.5(b) indicate small 

SM, while the red circle indicates the larger SM. 
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(a) (b) 

Figure 5.5 Two different methods for obtaining SM area fraction where (a) is an EBSD IQ map of the 
X70 AR steel with the area fraction of SM overlaid and (b) is an example SE image of the etched X70 
AR steel with the accompanying threshold image for SM fraction determination. Red circles and squares 
in the threshold image in (b) indicate two different sizes of SM. 

 

 The location of the retained austenite in the X70 AR steel was assessed using both EBSD and 

TKD. Figure 5.6 includes EBSD IQ maps with red indicating pixels identified as austenite. The IQ map 

on the right includes the entire area scanned with a white box indicating the region from which the inset 

on the left was obtained. Ferrite is light grey and M/A constituents are dark grey or black due to higher 

dislocation density. Figure 5.6 provides evidence that RA exhibits a rounded morphology both on the 

edges of M/A and in isolated islands. Similar to the X65 steel, lath RA within the M/A constituents was 

not observed by EBSD. The difference in SM area fraction measured by the EBSD IQ map and the SE 

etched micrographs is due to the presence of austenite islands. The SM constituent analysis in the etched 

SE micrographs relies on a light etching response in carbon rich regions, such as M/A and RA. Part of the 

reason the EBSD technique produced a lower measured area fraction is because only M/A constituents, 

not RA independent of M/A, was measured, while the SE etched technique measured both M/A and RA 

in the SM fraction. Furthermore, the small size constituent indicated with red squares in the threshold 

images in Figure 5.5(b) is assumed to be mostly RA rather than M/A, while the large constituent indicated 

with a red circle in Figure 5.5(b) is M/A.  

Transmission Kikuchi diffraction IQ maps from the X70 AR steel are shown in Figure 5.7(a) 

and (b). Figure 5.7(a) is an IQ map of the entire area scanned using TKD with a white box indicating the 

region highlighted in Figure 5.7(b), which is an IQ map with pixels indexed as austenite with greater than 

4.6%

6.1%
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0.02 CI shown in red. In Figure 5.7(b), there is a cluster of points indexed as austenite in the bottom right 

corner of the M/A constituent, consistent with the size and shape of the austenite shown in Figure 5.6. 

Single red pixels are also randomly scattered throughout the micrograph, including in the top portion of 

the micrograph above the sample edge. The distribution of CIs in TKD samples shifts by an order of 

magnitude compared to traditional EBSD (i.e., from 0.2 to 0.02 CI). The odds of incorrectly indexed 

points increases with decreasing CI. Therefore, even though a threshold of 0.02 CI removed many 

erroneously indexed points, some have still remained and are present in Figure 5.7(b). The M/A 

constituent in which the austenite appears has low IQ, which is likely indicative of high dislocation 

density relative to the bulk matrix. Both the EBSD and TKD data indicate the RA is present in the form of 

blocky austenite within M/A. 

 

Figure 5.6 EBSD IQ map of the AR X70 steel with austenite indicated by red pixels. 
 

  
(a) (b) 

Figure 5.7 TKD IQ maps of the X70 AR steel where (a) is the entire area obtained with a white box 
indicating the region in (b) which has red pixels overlaid indicating austenite indexed with >0.02 CI. 
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Upon tempering at 300 °C, Mössbauer phase fraction results indicated 2.8 pct of retained 

austenite (Figure 5.4(a)). Image quality TKD micrographs from the X70 300 °C tempered sample are 

shown in Figure 5.8(a) and (b), where Figure 5.8(a) demonstrates the entire area surveyed with TKD with 

a white box indicating the region shown in Figure 5.8(b). Figure 5.8(a) demonstrates austenite both at the 

edges of the M/A (dark) regions and separate from M/A regions as demonstrated in Figure 5.8(b). Much 

like the RA observed in the AR sample, the austenite occurs in two semi-round clusters. TKD maps of the 

samples tempered at higher temperatures did not reveal clear austenite regions like those observed in the 

AR and 300 °C tempered conditions. 

  
(a) (b) 

Figure 5.8 TKD IQ maps with red pixels indicating data points indexed as austenite with >0.02 CI from 
the X70 300 °C tempered samples where (a) is a map of the entire TKD sample and (b) is an IQ map of 
the region indicated by a white box in (a). 

 

According to the Mössbauer phase fraction results, the 700 °C tempered X70 sample exhibited 

retained austenite (Figure 5.4(a)). The location and morphology of the RA was assessed using TKD, and 

an IQ map with pixels identified as austenite indicated by red pixels is shown in Figure 5.9. An island of 

RA is indicated in the image on the left using a white circle, which is shown in higher magnification in 

the micrograph on the right. The RA appears as a small triangular region on the outskirts of an SM and 

adjacent to a ferrite grain. Additionally, the IQ is much lower in the SM compared to the conditions 

tempered at 400, 500, and 600 °C (refer to Appendix C.3), which indicates that fresh martensitic regions 

formed with retained austenite regions adjacent to ferrite grains.  
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Figure 5.9 TKD IQ map with red pixels indicating data points indexed as austenite with >0.02 CI from 
the X70 700 °C tempered sample where (a) is a map of the entire TKD area and (b) is an IQ map of 
containing the austenite region indicated by a white circle in (a). 

 

5.1.4 Evolution of Microstructural Morphology Upon Tempering 

Figure 5.10 is a light optical micrograph of the X70 AR steel etched with 2 pct nital 

demonstrating the light grey ferritic matrix with darker grey secondary microconstituents. The SM are 

fairly homogeneously distributed spatially but range in sizes from small dots to larger ovals in Figure 

5.10. Figure 5.11(a) is a SE micrograph of the as-received X70 steel etched with 2 pct nital. As was 

discussed using EBSD micrographs in Section 5.1.2, the smaller light-shaded regions in Figure 5.11(a), 

indicated using white squares, are assumed to be RA rather than M/A. In contrast, the larger constituents, 

indicated by an oval in Figure 5.11(a), are assumed to be M/A.  

Figure 5.11(b) is a SE micrograph of the 300 °C tempered steel etched with 2 pct nital, 

demonstrating a similar darker grey ferritic matrix and an inset at a higher magnification image of an M/A 

constituent. Similar to the AR condition, both the small RA and the larger M/A constituents have an 

unetched appearance in Figure 5.11(b), indicating very little decomposition of the martensite has occurred 

upon tempering. Mössbauer results indicate that very little austenite was decomposed, and no cementite 

was formed, which supports the observation of untempered martensite in the M/A and remaining RA in 

Figure 5.11(b).  
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Figure 5.10 Light optical micrograph of the X70 AR steel etched with 2 pct nital where light grey is the 
ferrite matrix, and the darker grey small constituents are either M/A or RA depending on size. 

 

 
 

(a) (b) 
Figure 5.11 SE micrographs of the (a) as-received X70 with white circles and squares indicating M/A 
and RA, respectively, and (b) 300 °C tempered sample etched with 2 pct nital. 

 

Figure 5.12(a) and (b) are SE micrographs from samples tempered at 400 and 500 °C, 

respectively, that contain insets demonstrating the decomposition of the M/A constituents upon 

tempering. Unlike the M/A regions in the AR and 300 °C tempered condition, the M/A etches in a way 

that is more consistent with the appearance of tempered martensite in both Figure 5.12(a) and (b). 

However, there are smaller unetched regions that are assumed to be RA in both Figure 5.12(a) and (b). 

The apparent decomposition of the M/A regions aligns well with the decrease in retained austenite and 

increase in cementite found in the Mössbauer results (Figure 5.4(a)), although some austenite remained in 

both conditions.  

300°C
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(a) (b) 
Figure 5.12 Secondary electron micrographs of samples etched with 2 pct nital and tempered at (a) 
400 °C, (b) 500 °C.  

 

Lastly, Figure 5.13(a) and (b) are SE micrographs of etched X70 samples tempered at 600 and 

700 °C, respectively. The M/A regions are completely absent in both the 600 and 700 °C conditions. 

Figure 5.13(a) demonstrates a largely ferritic dark grey matrix with sub-micron sized light colored 

constituents. The Mössbauer spectroscopy results in Figure 5.4(a) indicated that the 600 °C tempered 

sample exhibited the lowest fractions of retained austenite and cementite, while the hardness results in 

Figure 5.1 demonstrated peak secondary hardening took place upon tempering at 600 °C. Therefore, some 

of the carbon in the 600 °C tempered sample is likely consumed by secondary carbides containing Ti, Nb, 

or Mo. In contrast, the 700 °C tempered sample exhibited larger secondary constituents that were not 

present in the 600 °C sample, as indicated by white circles in Figure 5.13(b). Mössbauer results revealed 

that austenite was retained as a result of the 700 °C tempering treatment, as well as the highest amount of 

cementite (including non-magnetic cementite) of all of the X70 conditions. The slightly larger 

constituents indicated with white circles are therefore interpreted to be retained austenite which is 

supported by the TKD micrograph of the 700 °C tempered sample in Figure 5.9. Figure 5.13(b) 

demonstrates smaller light-shaded constituents indicated by white squares that are interpreted to be 

cementite. Additionally, a larger light-shaded constituent is indicated in the right-hand side of Figure 

5.13(b) which is interpreted to be a secondary microconstituent containing untempered martensite. It is 

interpreted to be untempered martensite, possibly alongside retained austenite, because it is much larger 

than the other features identified in the micrograph and is unetched.  

400°C 500°C
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(a) 

  
(b) 

Figure 5.13 Secondary electron micrographs of samples etched with 2 pct nital and tempered at (a) 
600 °C, (b) 700 °C.  
 

Dislocation density in the AR and tempered conditions was measured using XRD courtesy of 

Don Williamson, and the results are displayed in Figure 5.14. Unlike in the X65 steel, the X70 steel did 

not exhibit the expected trend in dislocation density. It was expected that dislocation density would 

decrease with increasing tempering temperature. Instead, results indicated that the dislocation density did 

not vary significantly with tempering temperature. As discussed in Experimental Methods, XRD was 

conducted on dilatometry coupons mounted in Bakelite, resulting in a smaller sample size and possible 

error when obtaining the XRD peaks.  
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Figure 5.14 Dislocation density in the X65 accelerated cooled steel as a function of tempering 
temperature as measured using XRD by Don Williamson and the Williamson-Hall method. 

5.2 HIC Behavior of the X70 Steel 

5.2.1 NACE TM0285 Results 

The X70 AR and tempered steels were HIC tested using the NACE TM0284 standard test 

courtesy of Evraz NA [67]. The evolution of crack length ratio as a function of tempering temperature for 

the X70 steel is shown in Figure 5.15. Although the alloy chemistry of the AR X70 steel was designed to 

maximize cracking in the AR condition, Figure 5.15 demonstrates that the AR steel did not exhibit any 

cracking. In fact, the condition that exhibited the most cracking was the 300 °C tempered steel, with a 

CLR of approximately 13 pct. In addition, the 500 °C condition exhibited just under 3 pct CLR, while the 

400 °C, 600 °C, and 700 °C samples exhibited nearly zero cracking.  

 

Figure 5.15 Crack length ratios (pct) for the X70 AR and tempered conditions testing using the NACE 
TM0284 HIC test. 
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 The location of cracks through thickness in the 300 °C tempered steel was assessed, and the 

results are tabulated in Table 5.2. The majority of the cracks in the 300 °C tempered steel were located 

either at or between the surface and quarter thickness. Only one small 1.5 mm crack was located at the 

center thickness. Examples of cracks observed in the 300 °C condition are shown in Figure 5.16(a) 

and (b), where Figure 5.16(a) is a stereomicrograph of one of the polished HIC tested sample faces of the 

X70 300 °C tempered steel and (b) is a SE micrograph of the 300 °C tempered sample etched with 2 pct 

nital. The stereomicrograph demonstrates three different cracks, two near the quarter thickness and one 

near the centerline. One of the three cracks exhibited step-wise cracking on the macroscale and is 

indicated by a white oval in Figure 5.16(a). The other two cracks were slightly smaller and do not have 

step-wise features on the macro scale. However, similar behavior was also exhibited on the micro-scale, 

as is shown in Figure 5.16(b), which exhibits several cracks with overlapping portions. An additional SE 

micrograph of the etched X70 300 °C is shown in Figure 5.17 and demonstrates an example of crack 

branching and coalescence characteristic of cracking in this condition. The other X70 condition that 

exhibited HIC was tempered at 500 °C. However, as will be discussed in the following section, the entire 

measured crack length in the X70 500 °C condition could be attributed to a large inclusion. As such, the 

morphology of cracking in the X70 500 °C condition will not be considered. 

 

Table 5.2 Hydrogen Induced Crack Location Through Thickness in the X70 Steel Tempered at 300 °C 

 

Crack # 1 2 3 4 5 6 7 8 9 10 

Length 
(mm) 

3.26 1.74 3.83 1.86 2.93 6.38 1.5 3.12 5.55 4.00 

Location 
from top 

(mm) 
3.74 10.6 2.43 2.93 9.07 2.69 5.57 9.83 3.35 3.58 

Description 
of location 

quarter <1/4 <1/4 <1/4 <1/4 <1/4 center <1/4 quarter quarter 
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(a) (b) 

Figure 5.16 (a) Stereomicrograph of one of the HIC tested 300 °C tempered samples demonstrating 
several cracks including one step-wise crack indicated by a white oval and (b) SE micrograph of the 
300 °C tempered steel HIC tested and etched with 2 pct nital demonstrating micro-scale step-wise 
cracking.  
 

 

Figure 5.17 SE etched micrograph of the HIC tested X70 300 °C tempered sample demonstrating crack 
branching and coalescence 

5.2.2 Chemical Composition of Microconstituents in HIC 

An analysis of the chemical composition of cracks in the X70 steel was performed using EDS. 

Figure 5.18 includes SE etched micrographs and accompanying EDS maps of the HIC tested X70 steel 

tempered at 300 °C. The elements displayed in the EDS maps in Figure 5.18 include P, C, O, Ca, and Fe. 

The iron EDS map is included to ease identification of the crack as opposed to the matrix. The two 

elements that appeared at the highest relative concentration within the crack were carbon and 

phosphorous, while oxygen appeared both in the crack and in the surrounding matrix. Bakelite 

entrainment in the crack could have led to the increase in C and O within the crack, but not phosphorous 

(see discussion on Bakelite composition in X65 Chapter 4 Section 4.2.3). In addition, phosphorous 

segregation was not observed using EDS in the X70 500 °C condition, indicating the observation of P in 
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cracks was not ubiquitous. An additional small calcium enriched region was observed near the center of 

the micrograph that corresponds to the dark spot in the center of the SE micrograph. The calcium was 

assumed to be part of an oxide inclusion that charged due to the non-metallic nature, and subsequently left 

a dark contamination spot in the SE micrograph.  

 

Figure 5.18 SE micrograph and accompanying EDS maps from the HIC tested X70 300 °C tempered 
sample demonstrating phosphorous enrichment within the crack. 

 

Figure 5.15 demonstrated that the X70 500 °C tempered sample exhibited approximately 3 pct 

CLR. The CLR is an average of all nine faces of the three samples tested using the NACE TM0284 

method. Of the nine samples, only one 5 mm crack was measured in one of the sample faces in the 500 °C 

condition, and the entire crack length is shown in a SE micrograph in Figure 5.19. Also included in Figure 

5.19 are EDS maps for Si, C, Mn, and Al from one section of the crack demonstrating the dominant 

elements in the inclusion. The presence of this large inclusion is interpreted to have anomalously 

increased the CLR in the X70 500 °C tempered sample. Thus, the crack length measured in the 500 °C 

tempered condition was affected more by the large inclusion than the HIC susceptibility of the 

microstructure. 
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Figure 5.19 SE micrograph and accompanying EDS scans of the only crack observed in the X70 
condition tempered at 500 °C. 
 

5.2.3 Secondary Microconstituent Analysis of HIC Tested X70 Steel 

The effect of SM on cracking was assessed in the X70 steel tempered at 300 °C, as this condition 

had the most cracking that could not be attributed to the presence of a large inclusion like the 500 °C 

condition. The AR condition was used to calculate the line fraction of SM in the untested condition with 

the assumption that the area fractions are the same,  based on the lack of SM decomposition in the SE 

micrograph in Figure 5.11(b). The results of the comparison between SM line fractions in the untested 

AR sample and the HIC tested condition tempered at 300 °C are tabulated in Table 5.3. The line fraction 

of SM in the untested AR condition was about 6 pct, while the fraction of SM along cracks was about 4 

pct. Therefore, it is interpreted that cracks did not preferentially propagate through M/A compared to 

other microstructural features. 

 
Figure 5.20 SE micrograph of the HIC tested X70 condition tempered at 300°C demonstrating an 
example of the type of micrograph used for SM line fraction analysis. 

MnC AlSi
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Table 5.3 SM Line Fraction Analysis of NACE TM0284 Tested X70 300 °C Tempered Steel Compared 
to SM in X70 AR Steel  

 

 
NACE TM0284 Tested 

300 °C Tempered 
As-Received 

Total line/crack length (μm) 7000 895 
Total SM line length (μm) 255 57.9 

Percentage SM 4.37 6.47 
 

5.3 Discussion 

The X70 alloy was designed with additions of Mo and Si to evaluate microstructural factors such 

as retained austenite, M/A fraction, cementite fraction, and alloy carbides on HIC. The amount of Si was 

increased in the X70 steel in comparison to the X65 steel, in hopes of achieving three objectives: (1) 

retain more austenite in the as-received condition that (2) would be retained at higher tempering 

temperatures and (3) delay the formation of cementite to higher tempering temperatures. More austenite 

was indeed retained in the AR condition, which was likely also influenced by increased C and Mn in the 

X70 steel. There was retention of austenite to higher temperatures and a delay of cementite formation to 

higher temperatures as was apparent from the Mössbauer results in Figure 5.4(a); both observations can 

be attributed to the addition of silicon. An additional goal with the alloy chemistry was to examine 

secondary hardening by adding Mo. A peak in hardness was observed upon tempering in the 600 and 

650 °C conditions as shown in Figure 5.1 and is attributed to the formation of molybdenum carbides. No 

cracking was observed in the 600 °C condition. Irreversible trapping at incoherent precipitate interfaces is 

postulated to reduce hydrogen embrittlement susceptibility although literature has not come to a 

consensus in this regard [49], [51]–[53], [76]. In order for irreversible trapping to prevent HIC, the 

amount of hydrogen in the steel would have to be less than the quantity that could be trapped in the 

microstructure. Due to the fact that the steel is constantly supplied with hydrogen for the duration of the 

96 hours of the NACE TM0284 test, it is unlikely that all dissolved hydrogen would become irreversibly 

trapped. In the current case, the condition with peak hardening from Mo carbides is not the only condition 

that displayed HIC resistance, indicating that hydrogen trapping by secondary hardening is not the only 

way in which HIC resistance can be achieved, though possibly contributed to the HIC resistance in the 

highest hardness condition (600 °C).  

The relationship between phase amount and CLR for the X70 steel is shown in Figure 5.21. The 

triangles in Figure 5.21 represent RA and demonstrate that the amount of austenite does not trend with 

CLR; the highest fraction of RA existed in the AR steel, which also exhibited no cracking. Additionally, 
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the highest CLR was exhibited by the condition with the second highest RA. The relationship between the 

fraction of cementite (θmag + θnm) and HIC resistance is demonstrated by solid circles in Figure 5.21. The 

highest CLR (300 °C) was the only condition that exhibited no cementite per Mössbauer spectroscopy. 

Although the second highest CLR occurred in the 500 °C condition, cracking was attributed to an 

abnormally large inclusion.  

With regards to retained austenite, the AR sample exhibited the highest volume fraction and also 

did not exhibit any cracking upon HIC testing, indicating that the presence of RA does not control HIC 

susceptibility. Interestingly, the sample with the worst HIC resistance, the 300 °C tempered sample, 

exhibited slightly less retained austenite that was more highly enriched with carbon than the AR sample 

(Figure 5.4(a)). The more highly carbon enriched austenite in the 300 °C would be assumed to be more 

mechanically stable. Some automotive sheet steel literature proposes that increased susceptibility to 

hydrogen embrittlement is due to mechanical TRIP in the plastic zone of an advancing crack tip and 

subsequent release of hydrogen [77], [78]. If this TRIP induced exacerbation of cracking were a dominant 

mechanism in the X70 steel, the conditions with less stable RA (the AR and 700 °C tempered steels) 

should have exhibited worse HIC susceptibility than the condition with more stabilized RA (the 300 °C 

tempered condition), which is not what was observed. An alternate theory of the effect of RA on 

hydrogen embrittlement is that, due to the higher solubility of hydrogen in austenite, RA could provide a 

trap site for hydrogen, thus reducing HIC susceptibility by reducing the amount of hydrogen available to 

diffuse to crack tips. If the presence of RA reduced HIC susceptibility in this way, both the AR and 

300 °C condition would be HIC resistant, which is not the case.  

 

Figure 5.21 Graph demonstrating the relationship between phase amounts and crack length ratio in the 
X70 steel ,where triangles represent austenite and circles represent the sum of the magnetite and non-
magnetic cementite (θmag + θnm). 
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Figure 5.22(a) and (b) are graphs demonstrating the evolution of HIC resistance as a function of 

(a) hardness, and (b) strength for the X70 steel. Figure 5.22(a) demonstrates that hardness does not 

correlate with HIC resistance; the AR sample had the lowest hardness and exhibited no cracking, but the 

600 and 700 °C tempered conditions exhibited the highest hardness and also exhibited no cracking. A 

sample with median hardness, the 300 °C condition, exhibited the highest CLR, indicating that hardness 

cannot be used to predict HIC resistance in this alloy. The graph of HIC resistance as a function of both 

YS and UTS in Figure 5.22(b) also demonstrates that there is no trend of HIC resistance with strength by 

either definition. More specifically, the lowest YS occurred in the 300 °C tempered steel which also 

displayed the highest CLR, but there is no consistent variation in HIC with YS. Similarly, the sample with 

the highest CLR did not exhibit the highest UTS; in fact, the samples with the highest UTS exhibited no 

cracking. Figure 5.22(a) and (b) demonstrate that neither hardness nor strength are good predictors of HIC 

behavior in the range of conditions investigated. 

  

(a) (b) 

Figure 5.22 Graphs demonstrating the correlation between crack length ratio from HIC testing and (a) 
hardness and (b) YS and UTS for the X70 steel. 

 

 The lack of cracking in the AR X70 steel is assumed to be due to the smaller area fraction of 

secondary microconstituents than was expected. If untempered martensite is the most HIC susceptible 

microstructural constituent, then decreasing area fractions of the detrimental constituent would decrease 

susceptibility. Additionally, the homogeneous distribution and blocky morphology of the SM would 

decompose into less detrimental cementite morphologies than clustered, elongated, thin SM morphologies 

would, as exhibited by the X65 steel. The most HIC susceptible condition (300 °C tempered) contained 

phosphorous in the HIC cracks. Temper-induced phosphorous segregation to prior austenite grain 
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boundaries and subsequent intergranular cracking in hydrogen has been observed in 4340 steel in 

temperature ranges of 300 to 500 °C [19]. This embrittlement is similar to impact toughness troughs 

observed in medium carbon steels upon tempering in similar ranges, also induced by phosphorous 

segregation and/or austenite decomposition to deleterious cementite morphologies.  

  A study conducted by Stevens and Bernstein also examined the effect of tempering on hydrogen 

embrittlement of a pipeline steel as discussed in Chapter 2 Section 2.3 [20]. The study should be recalled 

form the Background section because the lowest threshold intensity value for cracking was observed in 

the 400 °C condition just like what was observed in the X65 condition. In the following, comparisons 

from this study to as-received steels with similar strengths and chemistries from various other literature 

studies is provided. Table 5.4 contains reported average CLR values and associated chemistries, strengths, 

and microstructures from literature. More studies of HE in X70 steels exist than appear in Table 5.4; 

however, these studies used different measurements of hydrogen embrittlement resistance (i.e., not CLR 

values) and are therefore not directly comparable to the NACE tested values in the current study. 

Reported average CLR values in Table 5.4 range from 10 to 80 pct for all of the HIC tested X70 steels 

except one tested by Shi et al. [79]. However, yield and tensile strengths were not reported for the 

majority of the steels.  

 

Table 5.4 Literature Values for Average CLR with Associated Chemistry, Strength, and Microstructure of 
Various X70 Steels 

 

Avg. 
CLR 
(pct.) 

Chemistry 
Strength  
(MPa) Reported Microstructure Reference 

C Mn Mo Si YS UTS 

26 
12 
10 

0.074 1.14 0.1 0.22 - - 
Banded ferrite pearlite 
Equiaxed ferrite granular bainite 
Equiaxed ferrite pearlite 

Saleh et al. [80] 

83 0.08 1.58 - 0.27 - - - Taira et al. [81] 

10 0.05 1.59 0.09 0.3 465 595 Acicular ferrite + M/A Angus [82] 

42 0.025 1.65 0.175 0.26 - - Banding observed 225 HV 
Mohtadi-Bonab 
et al. [83] 

0 0.032 0.81 0.11 0.14 491 563 Quasi-polygonal ferrite + M/A Shi et al. [79] 

0 0.05 1.60 0.15 0.45 536 682 Granular bainite Current study 

 

The studies by Shi et al. [79] and Angus [82] are the only studies in Table 5.4 that contain all of 

the relevant information and as such will be used as a basis for comparison to the current X70 alloy. 

Rankings of YS, UTS, and CLR are shown below, where the X70 steels are named by the primary author 

of the study, e.g., O’Brien X70 denotes the X70 steel from the current study.  Of these three studies, the 
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only X70 steel that exhibited any cracking was the steel examined by Angus. Although the X70 steel used 

in the Angus study exhibited the most cracking, it also ranked the lowest in YS and middle in UTS. The 

Shi et al. X70 steel exhibited the lowest UTS, while still exhibiting HIC resistance. Similar to the current 

study, Shi et al. attributed the observed HIC resistance to M/A morphology; steels in the Shi et al study 

that exhibited HIC resistance also had smaller M/A constituents than the steels that had poor HIC 

resistance [79]. In contrast, the O’Brien X70 steel exhibited the highest strength and exhibited HIC 

resistance. Based on this brief discussion of literature, the X70 steel in this study exhibits superior 

strength to other HIC tested pipeline steels in literature while maintaining HIC resistance. 

YS – Angus < Shi et al. < O’Brien X70 

UTS – Shi et al.  < Angus < O’Brien X70 

CLR – O’Brien X70=Shi et al.  < Angus 

  In summary, the X70 alloy was designed with additional Mo, Mn, and Si to increase strength and 

retain more austenite to higher temperatures. The AR condition unexpectedly exhibited zero CLR and a 

lower volume fraction of SM than the X65 AR condition. The HIC resistance of the AR X70 alloy is 

interpreted to be due to the homogeneously distributed, equiaxed, and relatively low volume fraction of 

secondary microconstituents. Upon tempering, the Si additions proved effective in retaining more 

austenite to higher temperatures, and the Mo additions proved effective in producing a significant 

secondary hardening peak at 600 °C. HIC resistance was observed in all the tempered samples with the 

exceptions of the 300 and 500 °C tempered conditions. The 500 °C X70 condition exhibited only one 

crack that was entirely attributed to an abnormally large inclusion. Much like in the X65 AR condition, 

the X70 300 °C condition exhibited phosphorous in the hydrogen induced cracks, once again indicating 

that if tempering is chosen as the means for producing a high strength HIC resistant steel, the tempered 

martensite embrittlement regime should be avoided. However, the finding with the biggest potential for 

the creation of high strength steels for source service is the lack of cracking in the AR X70 alloy. Future 

work to investigate the effect of  proeutectoid ferrite formed during intercritical rolling combined with 

accelerated cooling is important in understanding the homogeneous distribution and equiaxed 

morphology of the SM in the X70 steel. 
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CHAPTER 6 : COMPARISON OF X65 AND X70 STEELS 

The X65 alloy was used as a basis for the design of the X70 alloy chemistry and TMP, and the 

two alloy chemistries are shown again in Table 6.1 for comparison. The two X65 steels were 

intercritically finish rolled to understand the effect of increased dislocation density in proeutectoid ferrite 

then cooled at two different rates. The air cooled X65 steel produced a mixture of quasi-polygonal ferrite 

and pearlite while the accelerated cooled X65 steel produced a mixture of proeutectoid ferrite and 

granular bainite. Upon HIC testing the air-cooled steel exhibited no cracking while the accelerated cooled 

steel exhibited considerable cracking.  Alloy contents of Ni, Cr, Ti, Nb, Al, N, P, and Cu were kept 

relatively constant in the X70 steel compared to the X65 steel, while alloying elements C, Mn, Si, Mo, 

and V were altered. The increases in Si, Mo, and Mn were made to increase strength by solid solution 

strengthening in the AR condition and were thought to increase SM area fraction. Molybdenum was also 

added to increase SM area fraction and for secondary hardening during high temperature tempering, while 

vanadium was removed to reduce the number of alloying elements available for secondary hardening. The 

X65 alloy has a mixed microstructure of proeutectoid ferrite and granular bainite as a result of intercritical 

finish rolling, while the X70 alloy has a fully granular bainitic microstructure and was used to assess Mo 

and Si additions effect tempering evolutions. Additionally, the X65 AR steel exhibited a variation in SM 

area fraction, and therefore microstructure, through thickness while the X70 AR steel did not, which is 

likely due to the intercritical finish rolling that the X65 steel underwent unlike the X70 steel.  

The changes in hardness as a function of tempering temperature for both the X65 and X70 alloys 

are shown in Figure 6.1. The X65 steel exhibited lower hardness overall, as was expected, although the 

AR conditions of both X65 and X70 are within 10 HV. Hardness increased upon tempering in all 

conditions for both the X65 and X70 steels. Measurements of hardness of the X65 400 °C, 500 °C, and 

600 °C tempered conditions were within one standard deviation of the average hardness of the 300 °C 

condition. A similar hardness plateau was observed in the X70 steel from 200 °C to 500 °C. Upon 

tempering, it is known that the SM decomposes, which would be assumed to decrease hardness. The 

stable hardness upon tempering could either because the SM does not significantly contribute to measured 

hardness, or due to precipitation strengthening upon decomposition of SM to cementite and, at higher 

temperatures, alloy carbides. Unlike the X65 steel, the X70 exhibited a second peak in hardness that 

reached a maximum at 600 °C. Precipitation strengthening due to the Nb or increased Mo content is 

assumed to be the reason the X70 steel exhibited a large secondary hardening peak.  
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Table 6.1 Chemical Composition of X65 and X70 TMP Steel in wt pct (Repeated Here for Convenience) 
 
 
 
 

wt pct V Al N S P Cu Ca 

X65 0.031 0.048 0.0051 0.001 0.009 - 0.0011 
X70 0 0.030 0.005 0.002 0.01 0 0.002 

 

wt pct C Mn Si Ni Cr Ti Mo Nb 

X65 0.0457 1.190 0.263 0.161 0.286 0.019 - 0.049 
X70 0.05 1.60 0.45 0.15 0.3 0.015 0.15 0.050 

 

 

Figure 6.1 Hardness evolution as a function of tempering temperature for both the X65 and X70 steels. 

 

The primary objectives in the design of the X70 steel were to retain more austenite at higher 

temperatures, increase SM fraction, increasing HIC susceptibility in the AR condition, and increase 

strength relative to the X65 steel. The evolution of retained austenite as a function of tempering 

temperature for both the X65 and X70 steels is shown in Figure 6.2(a) and (b), respectively. It is clear 

from Figure 6.2(a) and (b) that the AR X70 steel contained more RA (3.3 pct.) than the AR X65 steel 

(2 pct) likely due to increases in C, Mn, and Si. Additionally, upon tempering at 300 °C, the X65 steel 

contained almost no RA while the X70 steel contained 2.8 pct RA, which is interpreted to be due to the 

increase in Si in the X70 steel retarding austenite decomposition to cementite. Additionally, the 400 °C 

and 500 °C conditions in the X70 contained 1.1 and 0.8 pct RA, respectively, which further supports the 

interpretation that Si helped retain austenite to higher temperatures in the X70 steel. The only condition in 

the X70 steel that did not exhibit RA was the 600 °C tempered sample, as the 700 °C tempered condition 
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contained 1.3 pct RA. ThermoCalc results discussed in Chapter 5 Section 5.1.2 indicated that the 700 °C 

tempering treatment was intercritical. From TKD IQ maps discussed in Figure 5.9, retained austenite was 

demonstrated as well as low IQ regions indicative of untempered martensite. It is interpreted that the SM 

and RA derived from small austenite grains formed during intercritical tempering, which became enriched 

with carbon and manganese and formed SM consisting of untempered martensite and austenite upon 

cooling. Work by Mueller et al. has demonstrated that manganese diffusion can occur to austenite in these 

temperature ranges [84].  

  
(a) (b) 

Figure 6.2 Graphs demonstrating the evolution of retained austenite upon tempering for the (a) X65 
and (b) X70 steels. 

 

To understand if cementite formation was retarded by additions of Si in the X70 steel, cementite 

phase fractions for the X65 and X70 steels are graphed as a function of tempering temperature in Figure 

6.3(a) and (b), respectively. The X65 and X70 steels contained 0.2 pct and 0.3 pct cementite in the as-

received condition, respectively. Upon tempering at 300 °C, the X65 steel formed approximately 0.5 pct 

cementite, which remained relatively constant with increasing tempering temperature if both magnetic 

and non-magnetic cementite are summed. In contrast, no cementite was measured in the 300 °C tempered 

X70 steel, but the steel exhibited ~0.5 pct cementite in both the 400 °C and 500 °C conditions. Non-

magnetic cementite (θnm) was first observed upon tempering at 600 °C in both the X65 and X70 steels; 

however, the X65 steel exhibited 0.3 pct θnm and 0.2 pct θmag in the 600 °C condition, while the X70 steel 

exhibited 0.1 pct θnm and 0.2 pct θmag in the same condition. Overall, less total cementite formed in the 

X70 alloy upon tempering at 600 °C. Given that peak secondary hardening occurred at 600 °C in the X70 

steel but not the X65 steel, it is interpreted that the formation of alloy carbides at 600 °C reduced the 

AR 
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amount of cementite in the X70 steel relative to the X65 steel. Upon tempering at 700 °C, cementite 

phase fractions in the X70 steel were measured to be 0.4 pct θnm and 0.2 pct θmag, indicating that the 

amount of magnetic cementite remained constant from 600 °C but the non-magnetic component 

increased.  

  
(a) (b) 

Figure 6.3 Graphs demonstrating the evolution of cementite for both the (a) X65 and (b) X70 steels, 
where the solid circles demonstrate magnetic cementite phase amounts while hollow circles demonstrate 
totals of magnetic and non-magnetic cementite in conditions that both are present. 

 

Comparisons of the change in carbon in solution in austenite with tempering temperature for the 

X65 and X70 steels are shown in Figure 6.4(a) and (b), respectively. Values for carbon in solution in 

austenite in the X65 steel are only available for the AR and 300 °C conditions as the rest of the tempering 

conditions did not contain enough austenite to be measurable. In contrast, carbon in solution in austenite 

was measured for all conditions through 500 °C in the X70 steel. Carbon in austenite in the AR X65 and 

AR X70 steels was 3.9 and 3.4 atomic pct respectively. The higher amount of carbon in solution in 

austenite observed in the X65 AR condition could be partly due to lower austenite fraction than the X70 

steel, i.e., higher area fraction leads to more dilution in the austenite. Upon tempering at 300 °C the 

austenite contained 5 (X65) and 5.1 (X70) atomic pct carbon, while there was 0.3 and 2.8 pct RA in the 

two steels respectively. Although the amount of carbon in austenite remained the same between the two 

steels, the 300 °C conditions had an order of magnitude difference in volume fraction of RA. Lastly, the 

400 °C and 500 °C tempered X70 conditions exhibited 1.7 and 1 atomic pct carbon, respectively. These 

values for carbon in solution are paired with measurements of 1.1 pct and 0.8 pct RA and ~0.5 pct 

cementite for the 400 °C and 500 °C conditions, respectively, indicating the carbon necessary to form 
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cementite came from both austenite decomposed and carbon diffusion from austenite.  

  
(a) (b) 

Figure 6.4 Graphs of evolution of carbon in solution in austenite as a function of tempering temperature 
for the (a) X65 and (b) X70 steels.  

 

 The trend of uniaxial tensile properties with tempering temperature for both the X65 and X70 

steels is shown in Figure 6.5(a) and (b). The X65 steel exhibited an initial decrease in UTS and then a 

slight increase at higher tempering temperatures. In contrast, the UTS in the X70 steel remained constant 

until the 700 °C tempered condition where a decrease was observed. Yield strength consistently increased 

in the X65 steel but remained relatively constant in the X70 steel. The fact that neither steel exhibited a 

decrease in strength could be due to precipitation strengthening at higher tempering temperatures, even 

though the X70 steel exhibited a higher secondary hardening peak. The X65 steel could have been 

strengthened by the formation of vanadium carbides while the X70 steel was likely hardening by the 

formation of molybdenum carbides at higher tempering temperatures. Interestingly, the AR X65 steel 

exhibited a higher UTS than any of the X70 conditions; additionally, the X70 700 °C condition exhibited 

the lowest UTS of all. Finally, the YS of all X65 conditions was in a similar range as that of the YS in the 

X70 steel conditions. The presence of retained austenite upon tempering at 300 °C  could explain why the 

UTS in the X70 steel did not decrease upon tempering like the X65 steel. 
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(a) (b) 

Figure 6.5 Evolution of YS and UTS as a function of tempering temperature for the (a) X65 and (b) X70 
steels. 

 

The change in crack length ratio as a function of tempering temperature for the X65 and X70 steels 

is shown in Figure 6.6(a) and (b), respectively. The X65 steel exhibited 10.8 pct CLR in the AR 

condition, while no cracks were observed in the AR X70 steel. The presence of phosphorous within the 

cracks of the AR X65 steel is interpreted to have contributed to the high level of cracking observed. 

Additionally, high aspect ratio SM were theorized to increase HIC susceptibility in the AR steel, as cracks 

were measured to interact with secondary microconstituents more often than random lines drawn along 

the rolling direction in the AR X65 steel. The elongated SM were hypothesized to be the result of warm 

working, or intercritical finish rolling, which produced a final microstructure of proeutectoid ferrite, 

elongated SM, and granular bainite as discussed in Chapter 4, Section 4.3. Furthermore, an increased area 

fraction of SM was observed at the quarter thickness, rather than the centerline, in the X65 AR steel. 

Consequently, the majority of cracks upon HIC testing were also found to occur at or near the quarter 

thickness, supporting to hypothesis that HIC occurs more often in regions of higher SM. The lack of 

cracking in the AR X70 steel is attributed to the more equiaxed morphology and homogeneous 

distribution of SM in the X70 steel, assumed to be due to a less extent of warm rolling allowing for a 

homogeneous microstructure of granular bainite. Additionally, secondary microconstituents occurred 

equally as often adjacent to cracks as random lines drawn through the microstructure in the M.S. portion 

of this work concerning a different X70 alloy [4]. Elongated SM were not observed in the M.S. X70 alloy 

either, which supports the interpretation that elongated morphologies of SM are deleterious for HIC 

resistance.  
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Upon tempering at 300 °C, CLR decreased in the X65 steel but increased drastically to ~13 pct 

CLR, the highest of either alloy, in the X70 steel. No SM decomposition was observed in etched SE 

micrographs in the X70 300 °C condition, but similar to the AR X65 condition, phosphorous was 

observed in cracks. Conversely, the SM in the X65 300 °C condition showed visible signs of 

decomposition as evidenced by rough discontinuous SM boundaries in SE micrographs in Chapter 4 

Section 4.1.5. The 400 °C tempered sample was the least HIC resistant of the tempered X65 alloy, while 

the 400 °C condition exhibited no cracking in the X70 steel. The cracking in the X65 400 °C tempered 

sample was attributed to the presence of elongated cementite precipitates along the rolling direction that 

formed as a result of decomposition of the high aspect ratio secondary microconstituents. It should be 

noted that no phosphorous was observed in the cracks of the X65 400 °C condition. Although the X70 

condition tempered at 500 °C exhibited ~3 pct CLR, the crack was attributed to one anomalously large 

inclusion.   

One takeaway from the study of the effect of tempering on HIC in the X65 and X70 steels is that 

traditionally alloyed steels without additional silicon and molybdenum can achieve HIC resistance not 

present in the AR condition by tempering outside of the TME regime. Additionally, tensile strength 

degradation does not accompany tempering like in a fully martensitic steel. One open question, however, 

is the location of phosphorous segregation in the AR and tempered conditions. The FIB thin films used 

for TKD were also used for STEM EDS with one goal being to identify the location of phosphorous. 

Although the STEM EDS analyses of the liftouts are included in Appendix C, the technique was 

unsuccessful in identifying phosphorous segregation. If P was located preferentially around inclusions, 

the lack of observation of phosphorous using STEM EDS could be because inclusions were specifically 

avoided for the lift-outs. If it is the case that P segregates to other microstructural features like SM 

boundaries, a concentrated effort would have to be put forth to carefully design an experiment that could 

locate phosphorous segregation. A study by Clarke et al. demonstrated phosphorous segregated to 

ferrite/cementite interfaces in a 4340 steel tempered at 575 for 2 hours, although similar observations of 

phosphorous concentrations at ferrite/cementite interfaces were not observed using STEM EDS in the 

current study [85].   
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(a) (b) 

Figure 6.6 Evolution of CLR from the NACE TM0284 test as a function of tempering temperature for 
the (a) X65 and (b) X70 steels. 

 

A comparison of the microstructures of the two alloys can be seen in Figure 6.7(a) and (b), which 

are light optical micrographs taken at the same magnification of the X65 and X70 steels etched with 2 pct 

nital. The light grey regions are ferrite, while the dark grey regions are secondary microconstituents. The 

SM in the X65 steel tend to cluster within regions indicated by white outlines in Figure 6.7(a). The 

regions outlined in white in Figure 6.7(a) are interpreted to be granular bainite, which is a mixture of 

ferrite and SM. Secondary microconstituents can contain martensite, austenite, bainite, or degenerate 

pearlite depending on the alloy system and TMP process. Secondary microconstituents in the X65 AR 

steel were classified as having two different morphologies; blocky and elongated. Chapter 4, Section 4.1.4 

includes a discussion regarding the origins of the elongated SM, particularly the intercritical finish rolling 

that was conducted.  

  
(a) (b) 

Figure 6.7  Light optical micrographs of the (a) X65 and (b) X70 steels etched with 2 pct nital.  
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In contrast to the X65 steel, the micrograph of the AR X70 in Figure 6.7(b) X70 contains a 

homogeneous distribution of M/A and austenite as discussed in Chapter 5 Section 5.1.3. The presence of 

islands of austenite was attributed to silicon additions, while the origin of the homogeneous distribution 

of SM has not yet been addressed. The initiation of accelerated cooling was planned to be above 730 °C, 

although the actual temperature was not reported. The calculated Ar3 temperature for the X70 steel was 

752 °C while the Bs temperature was 615 °C. If very little proeutectoid ferrite formed during finish 

rolling, then the homogeneous distribution of SM in the X70 steel could be because the steel was 

accelerated cooled close to the single-phase austenite regime, so nearly the entire microstructure could be 

characterized as granular bainite. Moreover, the secondary constituents in the X70 steel were more 

equiaxed than those found in the X65 alloy. Therefore, initiating accelerated cooling before a critical 

fraction of proeutectoid ferrite forms during finish rolling could result in equiaxed more homogenously 

distributed SM and therefore better HIC resistance. 

 In addition to analyzing the distribution and morphology of SM in the X65 and X70 steel the total 

area fraction of SM was also calculated. The X65 steel in the AR condition exhibited 10 and 14 pct SM at 

the center and quarter thicknesses, respectively, and austenite was assumed to be in a lath morphology. 

Additionally, HIC was observed more often near the quarter thickness than at the centerline in the X65 

steel, unlike what is often observed in literature. The quarter thickness location of HIC cracking was 

likely due to the increased fraction of SM at that location as opposed to the centerline. Therefore the 

effect of through thickness microstructural variation that resulted from warm rolling on HIC would be 

important to fully understand. Although the X70 steel was designed with additional Mo, C, and Mn in 

hopes of increasing SM fraction, the area fraction of SM was ~6 pct in the AR condition. It is postulated 

that the lower volume fraction of SM in the X70 steel than the X65 steel strongly influenced the observed 

HIC resistance in the AR X70 alloy. The lower volume fraction, equiaxed morphology, and homogeneous 

distribution of SM observed in the X70 AR steel could be due to a higher temperature at which 

accelerated cooling initiated, thereby reducing the formation of proeutectoid ferrite below some critical 

threshold. The effect of intercritical, or warm rolling on SM distribution, morphology, and volume 

fraction could be of importance in the quest for higher strength, HIC resistant steels.   
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CHAPTER 7 : SUMMARY AND CONCLUSIONS 

The objective of this study was to understand the effect of microstructural variation achieved 

through tempering, on HIC in accelerated cooled pipeline steels with mixed ferrite and fully granular 

bainitic microstructures. Tempering in these alloy systems has not been widely studied, so understanding 

the stages of tempering in accelerated cooled microstructures was the first sub-objective. The evolution of 

hardness, tensile properties, phase fractions, and microstructural evolution was assessed for both alloys. 

The X65 steel first allowed for understanding the effect of cooling rate after intercritical finish rolling on 

HIC which revealed that air cooled ferrite/pearlite microstructures were HIC resistant while accelerated 

cooled ferrite/granular bainite microstructures were susceptible to HIC. The accelerated cooled X65 steel 

was then also used for understanding tempering reactions in a pipeline steel with a mixed microstructure 

of warm rolled proeutectoid ferrite and granular bainite. In contrast, the X70 steel was used to understand 

the particular effects of retained austenite at higher tempering temperatures and retardation of the 

formation of cementite, along with effects of secondary hardening in a fully granular bainitic steel.  

The evolution of phase fractions with tempering temperature in the X65 steel revealed 

decomposition of austenite and formation of cementite in keeping with the stages of tempering in fully 

martensitic steels. Upon tempering at 300 °C, most of the retained austenite had decomposed to 

cementite, the process of which was completed upon tempering at 400 °C. Traditional martensitic stages 

of tempering involve decomposition of austenite to transition carbides at temperatures below 300 °C that 

then led to the formation of cementite at temperatures including and above 300 °C. Although no transition 

carbides were measured by Mössbauer in the 300 °C X65 sample, the decomposition of austenite and 

formation of cementite at 300 °C is consistent with tempering of martensite. There was a slight increase 

in cementite fraction and complete decomposition of retained austenite upon tempering at 400 °C, 

indicating the completion of austenite decomposition. Significant secondary hardening was not observed 

in the X65 alloy like in the X70 alloy, although secondary hardening could have contributed to the 

retention in hardness observed in the X65 steel.  

Although a consistent decrease in dislocation density was observed with increasing tempering 

temperature, hardness slightly increased upon tempering and remained stable with increasing tempering 

temperature in the X65 steel. The stability in hardness upon tempering, maintained even at the highest 

temperatures, is unique to these low carbon steels. Traditionally, hardness and tensile properties decrease 

with increasing tempering temperature in medium and high carbon steels with martensitic 

microstructures. In the X65 steel, ultimate tensile strength decreased upon tempering at 300 °C and 

remained stable at higher temperatures, while yield strength increased with increasing tempering 
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temperature. The stability of mechanical properties despite increasing tempering temperature could be 

because SM does not contribute significantly to tensile properties and hardness, so decomposition of SM 

does not significantly decrease strength and hardness. Conversely, if SM do contribute to strength and 

hardness, it is possible that precipitation of cementite and alloy carbides at various temperatures make up 

for any decreases in mechanical properties due to the decomposition of SM. Thus, if other properties such 

as toughness and HIC resistance improve with tempering, there is potential to employ tempering in 

pipeline steels without a degradation in strength.  

Instrumented Charpy impact testing was conducted for the X65 steel. The evolution of room 

temperature Charpy impact toughness as a function of tempering temperature revealed an increase in 

toughness upon tempering at 300 °C followed by a trough in impact toughness for the 400 °C condition. 

The X65 microstructures contained both elongated and blocky morphologies of secondary 

microconstituents. Upon tempering at 300 °C, Mössbauer results indicate some cementite had formed and 

SE micrographs indicated that intragranular cementite had formed. In contrast, the 400 °C tempered 

sample exhibited elongated grain boundary cementite in the rolling direction, which likely contributed to 

reduced room temperature impact toughness. Upon tempering at 500 and 600 °C, the cementite had a 

spherical morphology and appeared mostly along boundaries, likely contributing to the observed 

increased toughness.   

HIC testing of the X65 conditions by the submersive NACE TM0284 test demonstrated the same 

relationship between HIC resistance that was displayed by impact toughness as a function of tempering 

temperature; the AR and 400 °C samples both displayed the lowest HIC resistance and impact toughness. 

Cracks in the AR condition contained high concentrations of phosphorous relative to the matrix, but the 

400 °C condition did not indicate the presence of phosphorous in cracks. The SM appeared more often 

along cracks per line length (25 pct) than along randomly drawn lines in the microstructure (15 pct), 

indicating SM might affect HIC propagation in this alloy system. Additionally, cracks appeared most 

often at, or near, the quarter thickness in the X65 steel, which also correlated to a higher area fraction of 

SM. As such it is important to assess microstructural morphology, distribution of SM, area fraction of SM 

through thickness in warm rolled steels. Lastly, observations of phosphorous segregation and elongated 

boundary cementite in the AR and 400 °C conditions, respectively, are interpreted to have contributed to 

the observed troughs in both HIC resistance and impact toughness. 

In contrast, the X70 steel was designed to understand the effects of both secondary hardening and 

silicon additions on tempering and HIC. Secondary hardening was achieved through additions of Mo. The 

Si addition retarded the formation of cementite and austenite decomposition to higher tempering 

temperatures per Mössbauer phase fraction results as was expected. Austenite was present in every X70 
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condition except the 600 °C tempered sample, although some austenite decomposition occurred in every 

tempered condition. Increases in Mo and Mn relative to the X65 steel did not result in an increase in the 

fraction of measured SM as was expected; the AR X65 steel exhibited 10-14 pct SM and the AR X70 

steel exhibited ~6 pct SM. Retained austenite is assumed to have been present in lath morphologies within 

M/A in the X65 steel, while individual RA islands were observed in the X70 steel.  

Additionally, secondary hardening was observed in the X70 steel with maximum hardening effect 

upon tempering at 600 °C. The peak in secondary hardening was attributed to additions of Nb and Mo 

that could form nano-scale carbides. The 600 °C tempered condition exhibited no retained austenite and 

lower amounts of cementite than other high temperature tempering conditions, which is assumed to have 

been the source of carbon for the formation of Mo carbides. Hydrogen trapping at Mo carbides could have 

played a role in the HIC resistance of the high hardness 600 °C condition. This study showed that 

trapping at alloy carbides from secondary hardening is not the only means of improving HIC resistance, 

because many of the X70 conditions both with and without secondary hardening exhibited HIC 

resistance. The YS and UTS did not consistently increase or decrease with increasing temperature with 

the exception of the 700 °C sample, which exhibited a significant decrease in UTS.  

Results from HIC testing of the X70 steel revealed that the AR condition was not susceptible to 

HIC. The HIC resistance of the AR X70 steel was attributed to the lower area fraction and equiaxed 

morphology of secondary microconstituents when compared to the AR X65 steel. The condition 

exhibiting the highest HIC susceptibility was the 300 °C tempered condition. Much like the AR X65 

steel, high phosphorous concentration was observed in the cracks of the X70 300 °C steel. Unlike the X65 

steel, SM was not present more often along cracks than along randomly drawn lines  in the 

microstructure. As such, it is interpreted that SM did not play an important role in HIC propagation. 

Secondary microconstituents in the X70 steel studied in the M.S. portion of this work were also found at 

the same frequency along cracks as in the microstructure, similarly, indicating that SM did not play a 

significant role in HIC in that steel. As a result of the observation of phosphorous segregation in cracks 

(AR X65 and X70 300 °C conditions) and decomposition of retained austenite to elongated boundary 

cementite (X65 400 °C condition), it is interpreted that a phenomenon similar to tempered martensite 

embrittlement is of concern in granular bainitic alloys. Additionally, the starting morphology and 

distribution of the SM is interpreted to play an important role in HIC susceptibility; if the SM are 

elongated along the rolling direction cracks can more easily propagate along them in the AR and are 

predisposed to decompose into deleterious elongated cementite morphologies that exacerbate cracking. 

The results of this study indicate that properties that are traditionally considered to be good 

indicators of HIC performance such as hardness, strength, dislocation density, and phase fraction do not 
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trend with HIC resistance in the alloys examined. Indeed, room temperature Charpy impact toughness, 

interpreted to be in the upper shelf regime in these conditions, was the only property that correlated well 

with HIC resistance in the X65 condition, which could prove to be important in the industrial prediction 

of HIC resistance from easily performed laboratory scale tests conducted in air. Additionally, two 

different pathways for the creation of high strength HIC resistance pipeline steels have been observed as a 

result of this work. The first more immediate option is to temper mixed proeutectoid ferrite and granular 

bainite microstructures outside of the temper embrittlement regime (near 400 °C in the X65 steel) . The 

second pathway is to further investigate the effect of the formation of proeutectoid ferrite on SM phase 

fraction, distribution, and morphology, which were all believed to have influenced the observed HIC 

resistance in the X70 AR steel.  
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CHAPTER 8 : FUTURE WORK 

This chapter serves to present several opportunities for research and development based on the 

current work. Two main observations resulted from this work; (1) that tempering improves HIC resistance 

in accelerated cooled pipeline steels with mixed proeutectoid ferrite and granular bainite morphologies, 

with the exception of samples heat treated in the TME regime, and (2) that the fully granular bainitic X70 

steel (i.e., Mo and Si added) resulted in a high strength HIC resistant steel in the as-received condition 

contrary to expectations of increased HIC susceptibility.  

The first observation, that tempering improves HIC resistance except in the TME regime, should 

first be investigated in commercially produced pipeline steels. Both the X65 and X70 steels in the current 

work were produced by solidification into ingots followed by a reheating and rolling procedure, whereas a 

commercially produced pipeline steel would be produced by continuous casting. Continuous casting 

could affect the formation of hard bands associated with segregation. More severe segregation could lead 

to tempering behavior more akin to the dual phase steels discussed in Chapter 2 (Background) and as a 

result might not maintain mechanical properties upon tempering like the granular bainitic microstructures 

in this study did.  

In addition to testing the effect of tempering in commercially produced steels, TME behavior 

needs to be better understood. In fully martensitic steels it is known that phosphorous segregates to prior 

austenite grain boundaries, however the current work was not able to identify the microstructural features 

at which phosphorous segregated. Additionally, fully characterizing the temperature regime over which 

TME occurs over a range of linepipe alloys would be useful in providing industry with safe temperature 

ranges over which tempering could be conducted. Lastly, work by Euser has shown that rapid tempering 

by induction heating has proven promising in the reduction of TME in medium carbon steels [16]. 

Understanding if rapid tempering could preclude the appearance of HIC and toughness troughs could 

provide useful in two ways. Firstly, induction tempering allows for a wider range of tempering 

temperatures, and secondly, induction tempering could be easier to implement at the end of a TMP line 

than furnace tempering.   

Observations concerning the HIC resistance of the higher strength X70 steel in the as-received 

condition resulted in additional questions regarding the effect of Si and Mo additions and SM morphology 

on HIC cracking. A lower area fraction of SM was observed in the X70 steel than the X65 steel, which 

was unexpected given the increases in Mn, Mo, and C. The observed HIC resistance in the AR X70 steel 

was attributed to the lower SM area fraction that was more equiaxed and homogeneously distributed than 

the X65 AR steel. Understanding the effect of Si on the area fraction, morphology, and distribution of SM 

in granular bainitic pipeline steels could further pursue the notion that changes to SM can affect HIC 
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resistance. An additional pathway for examining the effect of SM morphology on HIC was discussed in 

the text with regard to the X65 steel. The text hypothesized that increased intercritical rolling might be 

contributing to the appearance of elongated SM, so investigating the effect of decreased finish rolling 

temperature on SM morphology could elucidate the hypothesis regarding the production of elongated SM. 
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 APPENDIX A: MICROYIELDING ANALYSIS OF X65 STEEL 

Yield stress is often defined by the 0.2 pct offset method. This value for yield stress is supposed 

to allow for consistent determination of yield stress for engineering purposes but is not necessarily a 

physically meaningful description of the onset of macroscopic dislocation movement. Pipeline steels for 

sour service often have a yield strength of 70 ksi or less as defined by the 0.2 pct offset yield strength. 

The yield strength is kept low because HIC susceptibility is generally considered to increase to 

unacceptable amounts in higher strength materials. This current tempering study demonstrates that at a 

given 0.2 pct offset yield strength, a given alloy can exhibit vastly different HIC values. This variation in 

HIC in a given yield strength range indicates the microstructure plays a role in HIC behavior, and also 

indicates that there might be more relevant mechanical properties to use as metrics for predicting HIC 

susceptibility. Thus, the microyielding behavior was evaluated for the current report as this behavior 

varies between the tempered conditions. Dislocation movement can initiate at stresses much lower than 

the 0.2 pct offset yield strength, especially in regions of the material favorably oriented relative to the 

applied stress, i.e., with a high local shear stress. This regime in which early onset localized dislocation 

movement and multiplication occurs could be of importance in understanding observations of increased 

dislocation densities beneath hydrogen induced fracture surfaces [86]. Probing mechanical properties of 

materials in the elastic-plastic transition regime could provide new insight to the fundamental 

mechanisms of hydrogen induced crack initiation and propagation. In the current report, Kocks-Mecking 

(KM) plots will be used to assess differences in the elastic-plastic transition that occur upon tempering. 

KM plots of the slope of the work hardening rate (ds/de) as a function of true stress are shown in 

Figure A.1(a) and (b) and help to elucidate differences in yielding behavior. Figure A.1(a) is a schematic 

representation of a KM plot that highlights three idealized regimes: (I) elastic, (II) micro-plastic, and 

(III) macroplastic. When the slopes of these three regimes are assumed to be linear, the intersection of 

two regimes can be used to calculate the value of stress at the transitions between the three regimes. The 

stress values at the transition from the elastic to the micro-plastic regimes and the micro-plastic to macro-

plastic regimes are called the microyield stress (smicro) and the yield stress as calculated by the KM 

method (sy-KM). In addition, the traditional 0.2 pct offset yield stress was calculated from the engineering 

stress strain curves and included for comparison.  

It is clear from tensile results of the X65 in Chapter 4 Section 4.1.1 that tempering changes the 

transition from elastic to plastic deformation as yield point elongation becomes apparent around 400 °C, 

and the yield stress increases with tempering temperature. Figure A.1(b) shows representative KM plots 

for the AR and tempered conditions. The first important trend to notice is that the microyield stress smicro 

increases from 172 MPa (25 ksi) for the AR condition to 448 MPa (ksi) for the sample tempered at 
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600 °C. Consequently, the onset of microplasticity more closely matches the 65 ksi yield strength that is 

expected from an X65 grade steel if a tempering heat treatment is conducted. This increase in stress 

necessary to initiate microplasticity could be due to trapping of dislocations by solute interstitial atoms. 

 In addition, the evolution in “sharpness” of the yield point phenomenon seen in the engineering 

stress strain curves in Chapter 4 Section 4.1.1 is also reflected in the KM plots in Figure A.1(b), as the 

difference between smicro and sy-KM in the AR and 600 °C samples decreases an order of magnitude from 

211 MPa (30.6 ksi) to 25.5 MPa (3.7) ksi respectively. The increase in stress necessary to initiate 

microplasticity could play a role in understanding how tempering reduces susceptibility to HIC.  

  

(a) (b) 

Figure A.1 (a) Schematic demonstrating the (I) elastic, (II) micro-plastic, and (III) macro-plastic regimes 
and the smicro , sy-KM  , sy-0.2 pct offset  yield stresses, adapted from Judge et al. [87] and in 
(b) Kocks-Mecking plots of the AR, 300, 400, 500, and 600°C tempered samples strained in uniaxial 
tension. This plot depicts the nature of the transition from microplasticity to traditional 0.2 pct. offset 
yielding values.  

 

In all cases, the yield stress derived from the KM method (sy-KM) is less than the 0.2 pct offset 

yield stress (sy-0.2 pct offset). Figure A.2 includes values for sy-KM, smicro, sy-0.2 pct offset, and ultimate tensile 

strength (UTS) as a function of tempering temperature. UTS decreases from the AR condition to the 

lowest value for the 500 °C, and increases slightly for the 600 °C sample, while all of the measurements 

of yield strength increase upon tempering. Work hardening behavior is often assessed using the ratio of 

the yield stress to the UTS, similar to the trend in yield strength. These strength increases may be related 

to secondary hardening due to the vanadium and niobium additions in the alloy.  
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Table A.1 presents the values for the ratios of smicro and sy-0.2 pct offset to UTS for the AR and 

tempered samples. The ratios of yield stress to UTS increase with tempering, meaning that the yield stress 

gets closer to the UTS values. If the smicro yielding values are used for the yield to UTS ratio, the YS/UTS 

ratios ranges from 0.235 to 0.674, while if the sy-0.2 pct offset values are used the YS/UTS ratios can range 

from 0.652 to 0.874. The important take-away from this comparison is that the YS/UTS ratio, which often 

must be within specification for a given application, can vary drastically depending on whether the 

microyield stress or 0.2 pct offset yield stress are used. As such, if hydrogen is assumed to allow 

dislocation slip and therefore plastic deformation at lower stresses, the microyield stress could be the 

more conservative yielding parameter for industrial practice. Future research into the concept of the effect 

of hydrogen on microyielding would elucidate if microyielding behavior is an important parameter when 

considering HIC resistance. 

 

Figure A.2 Mechanical property values from uniaxial tensile tests as a function of tempering 
temperature. UTS and s0.2 pct offset values were calculated using engineering stress strain data, while smicro 

and sy-KM were calculated from KM data.  
 
 

Table A.1 Ratios of Yielding Stress to Ultimate Tensile Strength in X65 Steel 

 

Sample smicro/UTS s0.2 pct offset/UTS 

AR 0.235 0.652 

300 °C 0.411 0.789 

400 °C 0.567 0.881 

500 °C 0.608 0.854 

600 °C 0.674 0.874 
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 APPENDIX B: DILATOMETRIC STUDY OF THE X70 STEEL USING LINEAR APPROXIMATIONS 

OF NON-LINEAR HEATING AND COOLING RATES 

Linear approximations of the non-linear heating and cooling rates were conducted in order to 

investigate phase evolution upon tempering. The analysis technique used for this linear heating and 

cooling rate study was based on the study by Vieira et al. discussed in Chapter 2 Section 2.1 [9]. The 

linear approximations of the non-linear heating and cooling rates from Chapter 3 Section 3.2.1 are shown 

in Figure B.1. These heat treatments were performed and then repeated again, but the second time without 

the 40-minute hold to obtain baseline linear expansion behavior, much like what was done in the study by 

Vieira et al. discussed in the Chapter 2 Section 2.1 [9].  

 

Figure B.1 Linear approximations of the non-linear heating and cooling rates measured from samples 
heat treated in box furnaces (shown in Chapter 3 Section 3.2.1). The linear heating and cooling curves 
shown here were used to evaluate phase evolution upon tempering. 

 

To further assess phase evolution upon tempering, the change in length during isothermal hold 

and derivative of the difference in change in length with respect to temperature during heating (d(DL1-

DL2)/dT) are shown in Figure B.2(a) and (b), respectively. The highest tempering temperature 700 °C is 

discussed first. It is important to note that the (d(DL1-DL2)/dT) graphs for all tempering temperatures 

exhibited asymptotic behavior as the holding temperature is approached. This asymptotic behavior was 

likely an artifact from the smoothing procedure used while calculating (d(DL1-DL2)/dT). Figure B.2(a) 

shows a small expansion during the isothermal hold at 700 °C, followed by a much larger contraction 

resulting in a net contraction of approximately 0.6 µm. Despite calculating Ac1 to be approximately 

731 °C at the same heating rate used in the 700 °C tempering procedure, the contraction during the 
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isothermal hold is likely indicative of austenite formation. The Ac1 determined through dilatometry did 

not account for hold time effects. Lower heating rates are known to result in lower transformation 

temperatures, and a hold time at the peak temperature would presumably have the same effect. 

The derivative of the difference in change in length with respect to temperature on heating to the 

target tempering temperature is shown in Figure B.2(b). Although inspired by a study by Vieira et al. [9], 

different terminology will be used to discuss graphs like Figure B.2(b) than was used in the Vieira et al. 

study. In this study, the increases or decreases in (d(DL1-DL2)/dT) are not assumed to be directly related to 

expansion or contraction and will not be discussed as such. The heating curve has a similar shape to that 

in the Vieira et al. study [9]. A similar initial trough occurred in Figure B.2(b) from 100 to 250 °C and 

could be due to the partitioning of carbon to austenite as indicated in the Mössbauer data as cementite 

within the M/A regions dissolved and caused a volume contraction. The next region of negative slope 

from 300 to 430 °C is likely the range over which cementite formed, and from 430 to 550 °C cementite 

the increase in the derivative graph could be partially decomposing cementite as molybdenum carbides 

formed. Lastly, the negative slope starting around 550 °C could be due to segregation of Mn to cementite, 

which would be supported by the Mössbauer results indicating an increase in non-magnetic cementite, as 

shown Chapter 5 Section 5.1.4. It should be noted that all observations and interpretations of the (d(DL1-

DL2)/dT) graphs were largely based on the observations made in the Vieira et al. study [9]. 

 
 

(a) (b) 
Figure B.2 Graphs demonstrating evolution of phases during tempering at 700 °C where (a) is the 
change in length during the isothermal hold in the first tempering step and (b) is the derivative of the 
difference in the change in length with respect to temperature.  

 

The same linear dilatometry analysis that was done for the 700 °C sample was done for samples 

tempered at 300, 400, 500, and 600 °C. The 700 °C condition was discussed first to understand phase 
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transformations at the highest temperature with no hold interruptions. Figure B.3(a) is a graph of the 

change in length during the 40-minute hold at 300 °C, and Figure B.3(b) is the derivative of the difference 

in the change in length with respect to time for the heating step of the 300 °C sample. Figure B.3(a) 

demonstrates an increase in length with respect to hold time. The 0.7 µm increase in length was likely due 

to decomposition of retained austenite which can be confirmed by the Mössbauer spectroscopy results 

(Chapter 5 Section 5.1.4). As for the derivative of the difference between the two heating steps, the 

300 °C sample did not exhibit any increases or decreases which likely indicates that no tempering 

reactions of importance occurred upon heating.  

  

(a) (b) 

Figure B.3 Dilatometry graphs of tempering at 300 °C where (a) is the change in length during the 
isothermal hold and (b) is the derivative of the difference in the change in length with respect to 
temperature. 

 

 The data concerning the isothermal hold and heating and cooling behavior during the 400 °C 

tempering treatment are shown in Figure B.4(a) and (b), respectively. Figure B.4(a) demonstrates a net 

increase of 0.5 µm in length during the isothermal hold, where there is a sharp increase in length followed 

by a slight decrease in length.  Figure B.4(b) has an increase in the derivative of the difference in the 

change of length with respect to temperature beginning at around 250 °C up to slightly less than 350 °C, 

which is likely due to austenite decomposition. There is then a sharp decrease much like that seen in the 

700 °C sample, that was associated with the left side of the trough associated with the formation of 

cementite in the Vieira et al. study [9]. However, the cementite reaction might have been incomplete due 

to the absence of the right side of the trough. 

Figure B.5(a) and (b) demonstrate the change in length during the 500 °C isothermal hold, and 
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the derivative of the difference of the change in length with respect temperature, respectively. There was a 

net expansion during the 40-minute hold at 500 °C of about 0.4 µm in Figure B.5(a), which could have 

been due to the formation of cementite. Figure B.5(b) shows an increase in the derivative of the difference 

in change in length with respect to temperature, starting around 250 °C and ending in a global maximum 

around 350 °C, likely associated with the decomposition of austenite. There is then a decrease in the 

graph in Figure B.5(b) with a minimum occurring around 450 °C, likely associated with the formation of 

cementite. 

Figure B.6(a) and (b) contain graphs of the change of length as a function of time during the 

isothermal hold and the derivative of the difference in the change in lengths with respect to temperature 

for the 600 °C sample. Much like the 400 °C sample, the 600 °C sample exhibited a sharp increase in 

length initially during the hold (Figure B.6(a)), then remained relatively constant. Figure B.6(b) had an 

initial increase in d(DL1-DL2)/dT associated with the decomposition of austenite from around 200 to 

300 °C. There was then a decrease, which has been associated with cementite formation from 300 to 

400 °C, followed by an increase around 400 °C in d(DL1-DL2)/dT which has been interpreted to be 

associated with the nucleation and beginning of growth of Mo containing alloy carbides. A peak in d(DL1-

DL2)/dT around 550 °C of 0.005 was shown in the 700 °C sample (Figure B.3(b)) and also conjectured to 

be associated with molybdenum carbide formation and partitioning of manganese to cementite. 

 

  
(a) (b) 

Figure B.4 Graphs demonstrating evolution of phases during tempering at 400 °C where (a) is the 
change in length during the isothermal hold in the first tempering step and (b) is the derivative of the 
difference in the change in length with respect to temperature. 
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(a) (b) 

Figure B.5 Graphs demonstrating evolution of phases during tempering at 500 °C where (a) is the 
change in length during the isothermal hold in the first tempering step and (b) is the derivative of the 
difference in the change in length with respect to temperature. 

 

  
(a) (b) 

Figure B.6 Graphs demonstrating evolution of phases during tempering at 600 °C where (a) is the 
change in length during the isothermal hold in the first tempering step and (b) is the derivative of the 
difference in the change in length with respect to temperature. 
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 APPENDIX C: TRANSMISSION KIKUCHI DIFFRACTION AND SCANNING TRANSMISSION 
MICROSCOPTY INCLUDING ENERGY DISPERSION XX-RAY SPECTROSCOPY FOR THE 

X65 AND X70 STEELS 

This appendix includes data from TKD and STEM EDS that was conducted with the intent of 

understanding the evolution of cementite and alloy carbide precipitation, although the results were not 

entirely successful in achieving these ends.  

C.1 Analysis of Cementite Using TKD and STEM EDS 

TKD was used in an attempt to characterize cementite. The M.S. portion of this work focused on 

the use of EBSD to assess grain boundary susceptibility, but indexing cementite using EBSD proved to be 

challenging [4]. Entire ferrite grains appeared to be rich in cementite according to both phase maps and 

phase boundary maps chosen for ferrite/cementite orientation relationships. An example of this is shown 

in Figure C.1(a) and (b) where Figure C.1(a) is an IPF map with phase boundaries overlaid and (b) is a 

PRIAS top micrograph with regions of cementite indexed in green and boundaries with a 43.6°úú<100> 

misorientation indicated with red. PRIAS micrographs are created using the EBSD detector as a forward 

scatter detector [88]. Using pole-figures, it was determined that the orientation relationship (OR) matched 

well with a Bagaryatskii OR, an OR associated with the formation of cementite in martensite upon 

tempering [89]. As a result, it was desirable to understand if EBSD was indexing small cementite 

precipitates that lie within the large interaction volume or if identification of cementite was erroneous. 

An IQ map from TKD of the X65 AR steel with phases overlaid where green is cementite and red 

is austenite is shown in Figure C.2(a). Cementite, green pixels on top of the greyscale IQ map, largely 

appears at regions of low IQ that can be assumed to be either low angle or high angle boundaries. As 

discussed previously, TKD is not reliable at or near boundaries. In addition to cementite being located at 

boundaries, there are a couple of regions, like the one highlighted in a white box, that appear to be ferrite 

grains with low dislocation density that have a higher concentration of cementite points, much like what 

was seen in the M.S. work concerning the X70 alloy Figure C.1(b). Lastly, there is a concentration of 

green pixels at the bottom middle of the micrograph in Figure C.2(a). Figure C.2(b) is a SE micrograph of 

the entire X65 AR lift-out with a green box indicating the location from which the TKD data in Figure 

C.2(a) was obtained. In the center of Figure C.2(b) is a dark black region indicative of a hole from 

thinning the lift-out. This hole is also located at the bottom center of the TKD micrograph in Figure 

C.2(a) and coincides with a concentration of green pixels. The hole is likely highly deformed from both 

gallium ion implantation and deformation during over-thinning in that region, which would result in 

lower CI and IQ values. The way the EDAX OIM Analysis software assigns phases is by symmetry. If 

the software is asked to assign a value to a pixel, and the user inputs three phases; ferrite (BCC), austenite 
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(FCC), and cementite (orthorhombic), the software will assign the value “cementite” to any point that 

does not appear to have cubic symmetry. As such, any point that could not be confirmed as having cubic 

symmetry would be assigned the phase with the lowest symmetry. The problem with this method of phase 

identification is there is currently no way to tell if the data point truly had low symmetry or was just 

assigned low symmetry due to an error in pattern indexing from two overlapping orientations. 

 

 

 

 

(a) (b) 
Figure C.1 EBSD maps where (a) is an IPF map with 43.6°úú <100> boundaries indicated as black 
outlines and (b) is a PRIAS top micrograph with green data points indexed as cementite and 43.6° úú 
<100> boundaries in red.  
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(a) (b) 
Figure C.2 (a) TKD IQ map of the X65 AR steel with green overlaid on pixels identified as cementite. 
No CI threshold was used in this map (b) SE micrograph of the X65 AR FIB lift-out with a green box 
indicating the region TKD map in (a) was attained from. 

 

 To complement the TKD maps, BF and HAADF STEM micrographs and EDS scans were 

performed on the same lift-outs as were used for TKD. EDS was conducted in the same region outlined in 

a white box in Figure C.2(a), which is shown in Figure C.3(a), and the HAADF and BF micrographs 

obtained from the same region are shown in Figure C.3(b) and (c). Lastly, HAADF and STEM EDS maps 

are shown in Figure C.3(d). The BF and HAADF micrographs shown in Figure C.3(b) and (c), 

respectively, indicate the presence of three possible precipitates; a rectangular precipitate indicated by a 

white triangle, a small round precipitate indicated by a white oval, and a small region within what appears 

to be martensite indicated by a white square. When obtaining the EDS maps, it was assumed that any 

regions indexed as cementite in the TKD maps would hold a higher concentration of carbon if cementite 

was indeed present as TKD had indicated. Carbon enrichment was not observed in the AR condition 

using EDS mapping, so the identification of cementite by TKD cannot be supported by EDS. In addition, 

there were no features identifiable in the BF or HAADF STEM micrographs that would suggest the 

presence of cementite. 

The precipitates indicated by the triangle and oval were not indicated to be cementite by EBSD 

and were in fact indicated to consist of titanium (triangle) consistent with the shape of titanium nitrides, 

and manganese and sulphur for the oval shaped precipitate. Phosphorous was also in the list of elements 

for the software to identify, but none was identified by any of the EDS performed on microstructural 

constituents.  
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(a) 

  
(b) (c) 

 
(d) 

Figure C.3 (a) TKD IQ micrograph with cementite overlaid in blue and austenite in red, (b) STEM BF 
(c) STEM HAADF and (d) associated STEM HAADF and EDS maps of the X65 AR steel from the 
same region as TKD was obtained in Figure C.2(a). 

 

= Austenite

= Cementite
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C.2 TKD X65 AR and Tempered Conditions  

TKD maps were obtained from the X65 AR steel. A SE micrograph of the X65 AR FIB lift-out is 

shown in Figure C.4(a), while the region from which the FIB lift-out was taken is shown in Figure C.4(b) 

which is a SE 2 pct nital etched sample, where the sample lift out region is indicated by a light grey box. 

Figure C.4(c) is an IQ TKD micrograph of the sample region indicated by the green box in Figure C.4(a). 

The region in Figure C.4(b) was chosen as it was assumed to contain M/A constituents. The IQ map 

suggests the presence of martensite, which is implied by the region of high dislocation density at the top 

of the scan that correlates to the raised, light colored region on the etched surface in Figure C.4(b). Figure 

C.4(d) is an inverse pole figure (IPF) where the colors represent the orientation of each pixel. A large 

ferrite grain occupies the majority of the scan area and the martensitic regions start on the edge of the 

large ferrite grain, which is typical in the X65 steel. Large ferrite grains likely formed during intercritical 

rolling, subsequently rejecting solute atoms like carbon and manganese into adjacent austenite grains that 

subsequently transform to granular bainite. 

 
 

(a) (b) 

  
(c) (d) 

Figure C.4 Micrographs of the AR X65 steel: (a) SE micrograph of the FIB lift-out with the scan region 
indicated with a green box, (b) SE micrograph of the region the FIB lift out was removed from, (c) TKD 
IQ map, (d) TKD IPF map 
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Transmission Kikuchi diffraction maps were obtained for the X65 300 ºC tempered steel, and the 

associated micrographs are shown in Figure C.5(a)-(d). A SE micrograph of the FIB lift-out is shown in 

Figure C.5(a), with the TKD scan region indicated with a light green box, while the area from which the 

FIB lift-out was taken is shown by a grey box in Figure C.5(b), which is a SE micrograph etched with 2 

pct nital. Figure C.5(c) is an IQ TKD map that demonstrates regions of martensite near the top of the lift 

out that correspond to the raised light regions in Figure C.5(b). Figure C.5(d) is an IPF map of the same 

region. The multi-colored grains in the bottom half of Figure C.5(d) indicate either deformation from the 

lift-out process or that the lift-out might have been too thick and therefore have a larger interaction 

volume than would give proper indexing.  

 
 

(a) (b) 

  
(c) (d)  

Figure C.5 Micrographs of the 300 ºC tempered X65 steel: (a) SE micrograph of the FIB lift-out with the 
scan region indicated with a green box, (b) SE micrograph of the region the FIB lift out was removed 
from. (c) TKD IQ map. (d) TKD IPF map. 



  141 

TKD maps were obtained from the X65 400 ºC tempered condition as shown in Figure 

C.6(a)-(d). A SE micrograph of the FIB lift out is shown in Figure C.6(a) with the region scanned for 

TKD outlined in green, while Figure C.6(b) is a SE micrograph of the region the FIB lift out was taken 

from, with the lift out area outlined in grey. The region in Figure C.6(b) was chosen for the possibility of 

containing grain boundary cementite based on the light grey raised regions from the etching. Figure 

C.6(c) is an IQ map demonstrating a martensitic region, indicated with an arrow that correlates well to the 

raised region in the etched micrograph, and some round, dark regions indicated with white squares that 

are assumed to be either cementite or an alloy carbide. Figure C.6(d) is an IPF map demonstrating a large 

ferrite grain surrounded by smaller grains with either martensite or grains with small circular carbides.  

 
 

(a) (b) 

  
(c) (d) 

Figure C.6 Micrographs of the 400 ºC tempered X65 steel: (a) SE micrograph of the FIB lift-out with the 
scan region indicated with a green box, (b) SE micrograph of the region the FIB lift out was removed 
from, (c) TKD IQ map, (d) TKD IPF map. 
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The TKD maps and associated SE etched micrograph for the X65 500 ºC tempered sample are 

shown in Figure C.7(a)-(d). The area from which the FIB lift out was taken was chosen to include a 

region of what appeared to be decomposed M/A and is indicated by a grey box in Figure C.7(a), which is 

a SE micrograph of the 500 ºC tempered sample etched with 2 pct nital. Figure C.7(b) is an IQ map from 

the FIB lift out, which confirms the presence of M/A near the top of the lift out, while the majority of the 

sample appears to be ferrite grains. Lastly, Figure C.7(d) contains an IPF map that demonstrates 

multicolored grains once again indicating that the lift-out could have been too thick for maximizing 

spatial resolution. 

 
 

(a) (b) 

 

 

 

(c) 
Figure C.7 Micrographs of the 500 ºC tempered X65 steel where (a) is a SE micrograph of the region the 
FIB lift out was removed from and (b) is a TKD IQ map, (c) a TKD phase map overlaid on IQ, and (d) a 
TKD IPF map. 

 

 TKD micrographs of the X65 600 ºC are shown in Figure C.8(a)-(d). The FIB lift-out is shown in 

Figure C.8(a), a SE micrograph with a green box demonstrating the area scanned for TKD. The region 
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from which the FIB lift out was taken is shown using a grey box in Figure C.8(b), which is a SE 

micrograph of the X65 600 ºC tempered sample etched with 2 pct nital. The region was chosen as it is 

assumed to be a decomposed M/A constituent, and the light grey circular features in Figure C.8(b) are 

assumed to be cementite that has spheroidized upon tempering. Figure C.8(c) is an IQ map that 

demonstrates much fewer dark regions in the M/A constituent than that seen in the AR steel. Image 

quality is often used as a proxy for dislocation density as it is an indication of the extent of lattice 

curvature, measured by the dilation of the Kikuchi bands. The lighter grey regions within the prior M/A 

constituent indicates that recovery has occurred and are indicated by white arrows in Figure C.8(c). In 

addition, the same kind of circular particles seen in the SE etched micrograph are seen in the IQ map and 

are assumed to be mostly cementite. Figure C.8(d) is an IPF map demonstrating the large ferrite grains 

that have been observed in all other conditions 

 

 

(a) (b) 

 
 

(c) (d) 
Figure C.8 Micrographs of the 600 ºC tempered X65 steel: (a) SE micrograph of the FIB lift-out with the 
scan region indicated with a green box, (b) SE micrograph of the region the FIB lift out was removed 
from, (c) TKD IQ map, (d) TKD IPF map with white boxes indicating regions chosen for EDS. 

1 

2 
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C.2.1 Precipitation of X65 Using TKD and STEM EDS 

Several different precipitation reactions could occur upon tempering including cementite and 

alloy carbide precipitation from the presence of Mo, Ti, or V. To examine the chemical composition of 

some of the features seen in TKD micrographs, the same lift-outs used for TKD were used for STEM 

EDS, and the resulting STEM HAADF and EDS maps are shown in Figure C.9.  Figure C.9(a) is a STEM 

HAADF micrograph with accompanying EDS maps from the X65 500 °C tempered sample from the 

entirety of the lift-out. The EDS maps in Figure C.9(a) indicate precipitates with a high enrichment of Ti 

with some N and Nb. Similarly, Figure C.9(b) is a series of STEM HAADF and associated EDS 

micrographs from the X65 600 °C tempered sample with precipitates largely enriched in Ti with some N, 

Nb, and S. Additionally, some light regions rich in Mn can be seen not associated with the titanium 

nitrides. To explore the local Mn enrichment further, Figure C.9(c) is a series of STEM HAADF and EDS 

micrographs from the region in the X65 600 °C lift-out indicated by a white box in Figure C.8(d). There 

are some darkened ovular features in the HAADF image in Figure C.9(c) that correspond to enrichment in 

Mn and a depletion in Fe. Mössbauer results demonstrated a reduction in magnetic cementite and increase 

in non-magnetic cementite indicative of the diffusion of Mn into the cementite lattice (Chapter 4 Section 

4.1.4), so these Mn rich regions might be indicative of the presence of non-magnetic cementite.  
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(a) 

 
(b) 

 
(c) 

Figure C.9 STEM HAADF and EDS maps from (a) X65 500°C, (b) X65 600 °C, and (c) X65 600 °C 
where (b) and (c) are from the regions indicated by white boxes labeled “1” and “2” in Figure C.8(d) 
respectively.   
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C.3 TKD X70 AR and Tempered Conditions 

Lift-outs were created and TKD conducted on the X70 conditions, and the X70 AR conditions is 

shown in Figure C.10(a)-(c). Figure C.10(a) is a SE micrograph of the X70 AR steel etched with 2 pct 

nital and white box indicating the region the lift-out was obtained from. Characterization of retained 

austenite in the X70 AR sample was discussed in Chapter 5 Section 5.1.3. Figure C.10(b) is an IQ map of 

the entire region analyzing using TKD while Figure C.10(c) is an IPF map of the same area. In general, 

the lift-outs were more difficult to obtain from the X70 steels than the X65 steels, and the resulting TKD 

scans tended to have lower CI than the X65 steels, and as such were more difficult to draw conclusions 

from.  

 
 

(a) (b) 

 
(c) 

Figure C.10 Micrographs of the AR X70 steel: (a) SE micrograph of the region the FIB lift out was 
removed from. (c) TKD IQ map. (d) TKD IPF map. 
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(a) (b) 

  
(c) (d) 

Figure C.11 Micrographs of the 300 ºC tempered X70 steel: (a) SE micrograph of the FIB lift-out with 
the scan region indicated with a green box, (b) SE micrograph of the region the FIB lift out was 
removed from. (c) TKD IQ map. (d) TKD IPF map. 

 

  
(a) (b) 

  
(c) (d) 

Figure C.12 Micrographs of the 400 ºC tempered X70 steel: (a) SE micrograph of the FIB lift-out with 
the scan region indicated with a green box, (b) SE micrograph of the region the FIB lift out was removed 
from. (c) TKD IQ map. (d) TKD IPF map. 
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(a) (b) 

  
(c) (d) 

Figure C.13 Micrographs of the 500 ºC tempered X70 steel: (a) SE micrograph of the FIB lift-out with 
the scan region indicated with a green box, (b) SE micrograph of the region the FIB lift out was 
removed from. (c) TKD IQ map. (d) TKD IPF map. 
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(a) (b) 

  
(c) (d) 

Figure C.14 Micrographs of the 600 ºC tempered X70 steel: (a) SE micrograph of the FIB lift-out with 
the scan region indicated with a green box, (b) SE micrograph of the region the FIB lift out was 
removed from. (c) TKD IQ map. (d) TKD IPF map. 
 

  
(a) (b) 

Figure C.15 Micrographs of the 700 ºC tempered X70 steel: (a) TKD IQ map. (d) TKD IPF map. 
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C.3.1 Precipitation of X70 Using TKD and STEM EDS 

The same FIB lift-outs used to obtain TKD maps were also used for STEM EDS. The intent was 

to chemically identify precipitates upon tempering. However, the only precipitates that were observed 

were titanium nitrides large enough to be observed by SEM. Additionally some observations of iron 

depletion and alloy enrichment of regions unidentifiable using STEM BF or DF were observed and are 

included. Because the images obtained for this portion of the study are not well understood and not 

relevant to the arguments made in the main body of the thesis, the results are included here and will not 

be discussed in further detail.  
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(a) 

 
(b) 

 
(c) 

Figure C.16 X70 AR (a) IQ map with white boxes indicating regions on which STEM EDS was 
conducted in (b) and (c) where (b) indicates the presence of a (Nb, S, P) rich region and (c) demonstrates 
a (Nb, Ti, N, S) rich region.  

2 µm

300 nm
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(a) 

 
(b) 

Figure C.17 X70 steel tempered at 300 ºC where (a) IQ map with a white box indicating the region from 
which STEM EDS was conducted in (b) where (b) is translated about the y-axis relative to the IQ map 
and demonstrates  some small linear concentrations of carbon. 
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(a) 

 
(b) 

Figure C.18 X70 steel tempered at 400 ºC where (a) IQ map with a white box indicating the region from 
which STEM EDS was conducted in (b) which demonstrates regions rich in (S, Nb, Ti) and low in Fe 
indicated by white boxes. 
 

 

 

 

 

 

 

400 nm
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(a) 

 
(b) 

 
(c) 

Figure C.19 X70 steel tempered at 500 ºC where (a) is an IQ map with white boxes indicating regions in 
which STEM EDS was conducted in (b) and (c) where (b) indicates the presence of a (Ti, S, Nb, P, N) 
rich regions and (c) demonstrates carbon and Mn rich region. 
 

400 nm

400 nm
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(a) 

 
(b) 

Figure C.20 X70 steel tempered at 600 ºC where (a) IQ map with a white box indicating the region from 
which STEM EDS was conducted in (b) which demonstrates regions rich in Mn and low in Fe. 
 

800 nm
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(a) 

 
(b) 

Figure C.21 X70 steel tempered at 400 ºC where (a) IQ map with a white box indicating the region from 
which STEM EDS was conducted in (b) which demonstrates regions rich in (Fe, Mn, N, C, Cu, O) 
indicated by white ovals and regions rich in (Ti, S, Nb) indicated by boxes. 
 

 

600 nm


