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ABSTRACT 

 

A challenge exists in the automotive industry to develop new, hot-rolled, microalloyed steels offering a 

balance of high tensile strength and superior stretch-flange formability. The steel industry has responded by 

developing ferritic steels strengthened with extensive nanometer-scale precipitation. The single-phase ferritic matrix 

eliminates hard constituents and imparts superior stretch-flange formability, while high strengths are derived from 

nanometer-scale precipitates. In this context, interphase precipitation has regained substantial academic and 

industrial interest. Interphase precipitates repeatedly nucleate at the austenite (γ)/ferrite (α) interface during γ → α 

decomposition resulting in densely packed sheets of precipitates. The precipitation strengthening due to interphase 

precipitation in some recent steel designs has been estimated to be over 300 MPa, which is two or three times higher 

than the precipitation strengthening obtained in more conventional microalloyed steels. This study investigated the 

influence of austenite strain accumulation on γ → α kinetics, microstructural development, and interphase 

precipitation within polygonal ferrite using a low-carbon, titanium-molybdenum microalloyed steel. 

Deformation dilatometry was performed to study γ → α kinetics after different levels of austenite strain 

accumulation and associated microalloy precipitation. Austenite conditioning was performed above and below the 

non-recrystallization temperature (Tnr). Greater austenite strain accumulation resulted in accelerated γ → α kinetics. 

Microalloy precipitation within polygonal ferrite was investigated with transmission electron microscopy (TEM) 

using specimens constructed from regions exhibiting incoherent γ (martensite)/α interfaces with focused ion 

beam (FIB) techniques. Interphase precipitation was observed after both austenite conditioning simulations, where 

relatively slower γ → α kinetics resulted in a finer interphase precipitation sheet spacing compared to faster γ → α 

kinetics. 

Multipass hot torsion testing was performed to study the influence of extensive differences in austenite 

strain accumulation on microstructural development and associated microalloy precipitation. Again, austenite 

conditioning was performed above and below the Tnr. The amount of imposed true strain was between 

approximately 2.76 and 4.97, where three radial positions were investigated. A metallographic technique was used 

to quantify austenite strain accumulation. Austenite conditioning above the Tnr resulted in negligible austenite strain 

accumulation, while austenite conditioning below the Tnr accumulated roughly 0.85 true strain. Extensive austenite 

strain accumulation resulted in enhanced austenite recrystallization and substantial refinement in prior austenite 

grain size. Isothermal holding was performed after austenite conditioning to simulate coiling. Extensive austenite 

strain accumulation was required to achieve fine, homogeneous microstructures of polygonal ferrite desired for the 

application of this steel, avoiding small amounts of hard, secondary phase constituents. Microalloy precipitation was 

investigated with TEM, where specimens were constructed from polygonal ferrite grains that exhibited a near 

<100>α grain normal using FIB techniques so that two of the three possible Baker-Nutting orientation relationship 

variants could be imaged within a given specimen. Interphase precipitation was inferred after transformation 

following austenite conditioning above the Tnr (based on variant selection) and directly observed after 

transformation following austenite conditioning below the Tnr. Greater austenite strain accumulation resulted in a 
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less regular interphase precipitation morphology (i.e. incomplete sheets, localized variations in sheet spacing, and 

relatively few sheets). 

Tested hole-expansion samples of industrially produced material were examined to relate microstructure 

and precipitation behavior with hole-expansion performance. The samples exhibited a variation in hole-expansion 

performance despite being taken from the same respective hot-rolled coil. Fractography, uniaxial tensile testing, and 

multiple microstructural analysis techniques were used to investigate the samples. Differences in microalloy 

precipitation were likely not responsible for the variation in measured hole-expansion performance, while small 

differences in hard, secondary phase constituents and non-metallic inclusions may have contributed to the reported 

variation. 
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CHAPTER ONE 

INTRODUCTION 

 

A challenge exists in the automotive industry to develop new, hot-rolled, microalloyed steels offering a 

balance of high tensile strength and superior stretch-flange formability to reduce vehicle weight without 

compromising safety, performance, or manufacturability [1, 2]. The steel industry has responded by developing 

ferritic steels strengthened with extensive nanometer-scale precipitation [2 – 7]. The single-phase ferritic matrix 

eliminates hard constituents and imparts superior stretch-flange formability, while high yield and tensile strengths 

are derived from nanometer-scale precipitates. Titanium (Ti), niobium (Nb), or vanadium (V) based microalloy 

systems are typically used for such steels, and molybdenum (Mo) is often added to strongly retard the precipitate 

coarsening rate [3, 8 – 12]. In this context, interphase precipitation has regained substantial academic and industrial 

interest.  

Interphase precipitates repeatedly nucleate in association with the movement of the austenite (γ)/ferrite (α) 

interface during γ → α decomposition resulting in densely packed sheets of precipitates [13]. The precipitation 

strengthening due to interphase precipitation in some recent steel designs has been estimated to be over 300 MPa, 

which is two or three times higher than the precipitation strengthening obtained in more conventional microalloyed 

steels [3]. The influence of austenite conditioning during hot rolling on austenite decomposition and interphase 

precipitation behaviors is not well documented and represents the focus of this research. 

 

1.1 Research Objectives 

The objectives for this research are derived from the insufficient understanding of industrially relevant 

thermomechanical processing on microstructural development and associated microalloy precipitation behaviors, 

particularly interphase precipitation. Fulfillment of these objectives will ideally contribute to attainment of 

consistent and attractive product properties including high strength and improved stretch-flange formability of 

relevant microalloyed steels, and thus facilitate the manufacturability of complex automotive components. 

 

The research objectives, using a low-carbon, Ti-Mo microalloyed steel, include the following: 

• Understand the role of austenite strain accumulation on γ → α decomposition kinetics, microstructural 

development, and associated microalloy precipitation behavior after different thermomechanical processing 

conditions. 

• Determine the impact of microalloy precipitation behavior on industrially produced steel exhibiting large 

variations in hole-expansion performance between samples taken from the same hot-rolled coil. 

• Improve the thermomechanical processing of relevant microalloyed steels to allow greater incorporation 

into automotive applications which require superior stretch-flange formability. 
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1.2 Thesis Overview 

Chapter 2 consists of a review of interphase precipitation and other types of precipitation observed in 

relevant microalloyed steels. The sheet-like nature of interphase precipitation as well as the various morphologies 

commonly observed are discussed in detail. Emphasis is placed on the motion of the interphase boundary during 

austenite decomposition, where solute drag effects and pinning effects from precipitates formed at the interphase 

boundary have an important influence on the resulting microalloy precipitation behavior. Published work concerning  

austenite recrystallization and interphase precipitation behaviors of relevant microalloyed steels subjected to 

thermomechanical processing simulations are discussed as well as methods to simulate thermomechanical 

processing on a laboratory scale. The impact of interphase precipitation on mechanical properties is also discussed. 

The experimental methods used in this research are presented in Chapter 3. The experimental alloys are 

presented as well as relevant thermodynamic and kinetic data used to guide thermomechanical processing. The 

methodologies used to simulate thermomechanical processing with a Gleeble® 3500 system are presented in detail: 

double-hit compression, dynamic ISO-Q® (hot compression combined with accelerated cooling), and multipass hot 

torsion testing. Additionally, static and deformation dilatometry methods used to investigate austenite 

decomposition kinetics are discussed. The investigation of tested hole-expansion samples provided by an ASPPRC 

industrial sponsor to relate microstructure and microalloy precipitation behavior with hole-expansion performance is 

also presented. Microscopy techniques used to characterize overall microstructure, ferrite/austenite orientation 

relationship, and microalloy precipitation are described as well. 

Chapter 4 presents the experimental results, which are discussed with the goal of developing 

microstructures and precipitation behaviors that maximize both strength and stretch-flange formability in relevant 

microalloyed steels. The influence of austenite decomposition kinetics on polygonal ferrite formation and 

microalloy precipitation behavior is discussed with respect to austenite strain accumulation before decomposition. 

The amount of austenite strain accumulation during multipass hot torsion testing was quantified using a 

metallographic technique and related to microstructural development and microalloy precipitation behavior. 

Hole-expansion performance differences in similarly processed industrial material are discussed in terms of 

fractography, uniaxial tensile properties, microstructure, and microalloy precipitation behavior.  

The conclusions are presented in Chapter 5 with the aim of better understanding the influence of austenite 

conditioning during hot rolling on microstructural development and microalloy precipitation behavior. 

Thermomechanical processing parameters that appeared to be the most influential are also discussed in terms of 

maximizing stretch-flange formability. The conclusions were used to define potential future work, presented in 

Chapter 6. 
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CHAPTER TWO 

LITERATURE REVIEW 

 

This chapter reviews precipitation in microalloyed steels, focusing particularly on interphase precipitation. 

The structure and morphologies of interphase precipitation are discussed along with the various mechanisms that 

have been proposed to explain them. Emphasis is placed on the motion of the interphase boundary during 

transformation, where solute drag effects and pinning effects from precipitates formed at the interphase boundary 

are discussed. Additionally, microscopy techniques best suited to study interphase precipitation are reviewed. Next, 

austenite recrystallization and interphase precipitation behaviors of microalloyed steels subjected to 

thermomechanical processing simulations are discussed. Double-hit compression and multipass hot torsion testing 

are presented as methods to simulate thermomechanical processing. Finally, the impact of interphase precipitation 

on mechanical properties is discussed in terms of precipitation strengthening contribution and improving 

stretch-flange formability. 

 

2.1 Microalloyed Steel Precipitation Types 

Precipitation reactions in microalloyed steels can be classified into three types: strain-induced precipitation 

in austenite before γ → α decomposition, interphase precipitation in ferrite during γ → α decomposition, and 

precipitation from supersaturated solid solution in ferrite after γ → α decomposition [14].  

 

2.1.1 Strain-Induced Precipitation in Austenite before Decomposition 

Precipitates formed in austenite are associated with increased supersaturation with decreasing temperature. 

However, precipitation in austenite is usually slow unless hot deformation is applied. The introduction of 

dislocations, dislocation cells, and low angle sub-grain boundaries during hot working provides numerous nucleation 

sites, which greatly accelerate precipitation in austenite [14]. Strain-induced precipitates (SIP) formed in austenite 

are vital during controlled rolling practices. These microalloy carbonitrides retard austenite recrystallization kinetics 

during thermomechanical processing (TMP), resulting in austenite pancaking and more refined final 

microstructures. The SIP formed in austenite are relatively coarse in comparison to those that form at lower 

temperature in ferrite and thus provide little precipitation strengthening [15]. Figure 2.1 [16] provides a carbon 

extraction replica viewed with transmission electron microscopy (TEM) illustrating SIP of Nb carbonitrides on prior 

austenite sub-grain boundaries. Microalloy precipitates formed in austenite are related by a “cube-on-cube” 

orientation relationship (OR) with the austenite [17]. Ferrite typically forms according to the Kurdjumov-Sachs 

(K-S) OR with at least one neighboring austenite grain [18]. Therefore, if the precipitate, designated MC, is related 

to ferrite by the K-S OR: 

(110)α // (111)MC 

[111]α // [110]MC 

then this indicates that the precipitate formed in austenite before decomposition [9]. 
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2.1.2 Interphase Precipitation at γ/α Interfaces during Austenite Decomposition 

Interphase precipitates (IP) repeatedly nucleate in association with the moving γ/α interface during the 

γ → α transformation resulting in a relatively uniform distribution of nanometer-scale particles [5]. An example of 

IP is shown in Figure 2.2 [19] of a TEM centered dark field (CDF) image highlighting the high number density of 

particles possible with this type of precipitation. The precipitates are randomly distributed in two dimensions, but in 

the third dimension, they occur as distinct sheets of precipitates [14, 20]. Interphase precipitation has a distinctive 

morphology with precipitates appearing in “rows” when the sheets are viewed in suitable orientations. IP has been 

observed in numerous microalloyed steel systems [5, 8, 13, 21 – 25]. IP is usually observed in proeutectoid ferrite, 

but in medium and high carbon microalloyed steels, precipitates have also been observed with an interphase 

morphology in the ferritic lamellae of pearlite [14, 24]. Further, IP has been observed to form in association with the 

lateral growth of Widmanstätten ferrite, where the IP sheets were closely parallel to the broad faces of the 

Widmanstätten ferrite plates [15, 26]. 

Numerous interphase carbide, nitride, and carbonitride types have been observed in steels such as VC, 

V(C,N), Mo2C, Cr23C6, TiC, (Ti,Mo)C, and Nb(C,N) [8, 9, 18, 27 – 30]. These precipitates typically have a 

NaCl-type crystal structure and obey the Baker-Nutting (B-N) OR with respect to the ferrite matrix [5, 15]: 

(001)α // (001)MC 

[100]α // [110]MC 

In this OR, the lattice misfit is low within the plane of correspondence, i.e. {001}α // {001}MC. However, the lattice 

misfit is high normal to the plane of correspondence, leading to a disk-shaped morphology of precipitates [5, 14]. 

  

 

Figure 2.1     Carbon extraction replica of a Nb microalloyed, low-carbon steel hot rolled 50 pct at 950 °C, held at 

900 °C for 1000 s, and quenched in a brine solution. The micrograph illustrates strain-induced precipitation of Nb 

carbonitrides on prior austenite sub-grain boundaries. Reproduced (modified) with permission from Springer Nature 

Customer Service Centre GmbH: Springer Nature, Metallurgical Transactions A [16]. Copyright 1980. 
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There are three variants of the B-N OR, but in the case of IP, a single variant forms preferentially [5, 15, 

25, 27, 28, 31]. This crystallographic variant selection is an important and particular feature of IP [13, 15]. The 

crystallographic variant selection is given by two alternative explanations. In cases where the ferrite and adjacent 

austenite into which it is growing are related by the K-S OR, the variant will be chosen that makes the close-packed 

planes of all three phases parallel [32]. However, in most cases the ferrite grains accompanied with IP grow with no 

specific OR with respect to the adjacent austenite [5, 13, 32, 33]. Therefore, the variant selection has mainly been 

attributed to the variant whose habit plane has the smallest angle with the γ/α interface, i.e. the most parallel [5, 15, 

32]. Smith and Dunne [15] proposed that kinetic factors associated with solute accumulation and diffusion along the 

γ/α interface play a more important role than interfacial energy considerations in the adoption of a single variant.  

 

2.1.3 Precipitation in Supersaturated Ferrite after Decomposition 

Rapid cooling rates applied to low-carbon steels can effectively suppress the IP reaction while still 

maintaining a substantially ferritic microstructure, and upon reheating and/or holding at a suitable temperature in the 

ferritic regime, precipitates will form within the supersaturated ferrite on dislocations or homogeneously within the 

matrix [14]. Precipitates formed from supersaturated ferrite also obey the B-N OR with respect to the ferrite matrix, 

but in this instance all three variants can be adopted unlike the case for IP [31]. Precipitation from supersaturated 

ferrite results in a random dispersion in the matrix (i.e. random precipitation (RP)) as shown in Figure 2.3 [34] of 

TEM bright field (BF) and corresponding CDF images. The precipitates shown are homogenously dispersed and 

quite fine, thus significant precipitation strengthening can still be expected from such dispersions [35, 36]. There are 

no “sheets” of precipitates characteristic of IP. 

 

Figure 2.2     TEM CDF image of a V-Nb microalloyed, medium-carbon steel hot-rolled with a finishing 

temperature around 950 °C. The micrograph illustrates extensive interphase precipitation within a ferrite region 

where no other precipitate arrays were observed. Reproduced (modified) with permission from Springer Nature 

Customer Service Centre GmbH: Springer Nature, Metallurgical Transactions A [19]. Copyright 1989. 
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2.2 Morphologies of Interphase Precipitation 

The nucleation of microalloy carbonitrides in association with the γ/α interphase boundary during austenite 

decomposition results in the sheet-like nature of IP. A three-dimensional view of a single sheet of IP is presented in 

Figure 2.4 [20], which was obtained via three-dimensional atom probe tomography (APT) analysis. A single row of 

precipitates was selected (Figure 2.4(a)) and then rotated clockwise to obtain a three-dimensional view of the 

precipitate sheet (Figure 2.4(b)). Note that the precipitates appear to be randomly distributed within the IP sheet. As 

the transformation front moves through the austenite, the repeated nucleation of IP results in mostly parallel sheets 

of precipitates (planar or curved) [15, 19, 25, 28]. 

The morphology of IP in different low-carbon microalloyed steels can be summarized into three types [15], 

and an example of each is shown in Figure 2.5. Figure 2.5(a) [5] shows planar sheets with regular sheet spacing 

(designated as planar interphase precipitation (PIP)); Figure 2.5(b) [28] shows curved sheets with regular sheet 

spacing (designated as regular curved interphase precipitation (CIP)); and Figure 2.5(c) [25] shows curved sheets of 

IP with irregular sheet spacing (designated as irregular CIP). A fibrous IP morphology has also been observed in 

some steels, however the relatively sparse levels of alloying typically used in microalloyed steels appear to restrict 

the morphology to the sheet type [14, 15]. Different mechanisms have been proposed for the formation of the 

various IP morphologies, and these will be discussed in detail in Section 2.3.1. Multiple IP morphologies can be 

observed for a given steel and transformation temperature, and IP morphologies can vary within adjacent ferritic 

regions [15, 19, 25]. Local changes in IP morphology have been explained by local changes in the γ/α interface 

structure [25] or velocity [35, 37] during γ → α transformation. 

 

Figure 2.3     TEM (a) BF and (b) corresponding CDF images of a Ti-Mo microalloyed, low-carbon steel 

isothermally transformed at 650 °C for 1700 s. The micrographs illustrate a random dispersion of carbides from 

supersaturated precipitation in ferrite. Reproduced (modified) from [34] with permission from Elsevier. Copyright 

2016. 
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Figure 2.4     Three-dimensional atom maps collected using APT analysis showing the sheet-like morphology of 

interphase precipitation: (a) individual row of precipitates that was selected and (b) rotated to obtain a three-

dimensional view of the precipitate sheet. The red spheres represent C atoms, the yellow spheres represent Ti atoms, 

and the green spheres represent Mo atoms. The APT specimen was prepared from a Ti-Mo microalloyed, low-

carbon steel. Samples were soaked at 1200 °C, deformed 100 pct at 890 °C, and isothermally transformed at 650 °C 

for 60 min. Reproduced (modified) from [20] with permission from Dr. Subrata Mukherjee. 

 

Figure 2.5     TEM micrographs illustrating the various interphase precipitation morphologies in low-carbon, 

microalloyed steels: (a) PIP observed in a Ti-Mo microalloyed steel isothermally transformed at 700 °C for 30 min 

(BF image); (b) regular CIP observed in a V microalloyed steel isothermally transformed at 700 °C for 12 s (CDF 

image); and (c) irregular CIP observed in a Ti-Mo microalloyed steel isothermally transformed at 720 °C for 30 min 
(BF image). Reproduced (modified) from (a) [5] with permission from ISIJ International; Copyright 2014; (b) [28] 

with permission from Elsevier; Copyright 1983; and (c) [25] with permission from Elsevier; Copyright 2011. 
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2.3 Formation of Interphase Precipitates 

During the γ → α transformation, there is a discontinuous decrease in solubility across the γ/α 

interface [38]. Carbon (C) is enriched in the austenite during ferrite formation, which creates a pileup of C solute 

ahead of the moving boundary [38, 39]. Figure 2.6 [39] provides a schematic of the C concentration profile across 

the γ/α interface. Note that the diffusion-controlled migration of the γ/α interface is controlled by the concentration 

gradient of C in the austenite [34, 40, 41]. Nucleation of microalloy carbides is aided by the pileup of C solute at the 

boundary as well as the solute drag of substitutional solutes incorporated by the advancing boundary [38, 42]. 

Further, the driving force for precipitation becomes larger at lower transformation temperatures due to the enhanced 

C content at the γ/α interface (indicated by the Ae3 boundary within the Fe-C phase diagram) as well as the reduced 

solute solubilities [39, 43]. When carbides precipitate, the carbon content of the parent austenite is locally depleted, 

which increases the driving force for further ferrite growth [41]. Zhang et al. [39] used field emission electron probe 

microanalysis to measure γ/α interfacial C content to determine γ/α phase equilibria. The authors suggested that the 

negligible partitioning local equilibrium (NPLE) model best predicted the γ/α phase equilibria instead of the 

paraequilibrium model. According to the NPLE model, a spike of substitutional solute concentration is possible at 

the γ/α interface (i.e. local partitioning of substitutional solute can occur), which could have important implications 

for the driving force for IP and solute drag behavior [39]. 

 

 

 

 

 

 

 

 

 

Figure 2.6     Schematic of the carbon concentration profile across the γ/α interface. Reproduced (modified) 

from [39] with permission from Elsevier. Copyright 2017. 
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2.3.1 Mechanisms of Interphase Precipitation 

There has been disagreement considering where the particles actually nucleate in relation to the γ/α 

interface during IP. Three possibilities have been suggested: precipitates nucleating at the interface, behind the 

interface, or in the austenite ahead of the interface (possibly on preferred sites such as planar defects or 

dislocations) [13]. Despite the disagreement, there seems to be clear evidence that the precipitates nucleate at the γ/α 

interface and grow in the ferrite phase [15, 18, 42], including: 

1. Sheets of precipitates are parallel to the γ/α interfaces. 

2. The direct observation of the interface in high Cr steels has shown that carbide particles nucleate 

on the interface. 

3. The OR of the precipitates with the ferrite matrix follows that of the B-N OR. 

4. The precipitates frequently exhibit only one variant of the OR. 

The nucleation of IP is controlled by the diffusion of strong carbide-forming (substitutional) solute, where 

precipitation occurs at the interphase boundary when a critical solute concentration is obtained [32]. A critical 

assumption when considering the mechanism of IP is whether volume or interfacial diffusion of substitutional solute 

controls precipitate nucleation. If volume diffusion is assumed, pinning of the moving γ/α boundary by IP was 

proposed to be highly improbable [42]. In this case, carbide nucleation would be predicted to occur only at 

interphase boundary portions which have been immobilized by partial coherency, i.e. process develops by nucleation 

on the terraces of ledges [44]. The PIP morphology has long been accepted to be associated with the ledge 

mechanism of partially coherent {110}α // {111}γ interface migration, which assumes that the ferrite and austenite 

phases exhibit a K-S OR [18]. A schematic of the ledge mechanism is provided in Figure 2.7(a) [28]. In this 

mechanism, precipitates nucleate on the immobile terrace plane of the partially coherent interface, and movement of 

the interface occurs by the migration of the mobile lateral ledge. 

Unfortunately, the original ledge mechanism for IP proposed by Honeycombe [18] has some limitations. 

Recent work [8, 25, 45] has provided evidence that the PIP sheet planes can also be associated with incoherent 

interfaces, e.g. {211}α, {111}α, and {210}α. This observation cannot be explained by the original ledge mechanism 

which assumes a habit plane of {110}α // {111}γ. However, Miyamoto et al. [45] attempted to extend the original 

ledge mechanism to explain both the PIP and regular CIP morphologies in association with incoherent γ/α 

interfaces. The authors [45], in conjunction with other researchers [44, 46], argued that incoherent γ/α interfaces are 

composed of closely spaced facets and/or growth-ledges which could contain partially coherent planes with low 

mobility, thus encouraging IP at those regions. When atomic matching of a given γ/α interface plane is much better 

than those of other partially coherent planes, the mobility of that plane is much less than the others. This situation 

leads to the PIP morphology. However, if several partially coherent γ/α interface planes have similar atomic 

matching and thus mobility, then the macroscopic γ/α interface includes several plane orientations. This situation 

leads to the regular CIP morphology, as illustrated in Figure 2.8 [45]. 
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Figure 2.7     Schematic diagrams illustrating (a) the migration of partially coherent {110}α // {111}γ boundaries by 

the ledge mechanism and (b) the migration of incoherent γ/α boundaries (immobilized by copious interphase 

precipitation) by the quasi-ledge mechanism. Reproduced (modified) from [28] with permission from Elsevier. 

Copyright 1983. 



11 

 

Where interfacial diffusion is important, pinning of the moving γ/α interface by precipitation was proposed 

to be possible [32, 35]. In this case, an interface bowing mechanism with or without a complementary quasi-ledge 

mechanism was proposed to explain the regular CIP and irregular CIP morphology, respectively [28]. The curved 

(incoherent) γ/α interface was proposed to be pinned by the nucleation of IP during γ → α transformation, where a 

bulge forms via the bowing mechanism between precipitates sufficiently spaced apart. If copious IP occurs, the 

bulge is free to move only laterally, such that a ledge-like mechanism essentially operates. This “quasi-ledge” 

mechanism results in the regular CIP morphology, and a schematic is provided in Figure 2.7(b) [28]. If there is 

limited IP, diminished particle pinning is suggested to cause a more erratic motion of the interphase boundary 

(i.e. only the bowing mechanism operates) resulting in the irregular CIP morphology [15, 25, 28]. Note that IP can 

occur with an irrational γ/α interface and OR in these mechanisms [28, 45]. However, the common observation of 

planar sheets of IP cannot be explained by the bowing or quasi-ledge mechanisms [45]. 

Studies have shown that interfacial diffusion of substitutional solute likely controls the nucleation of IP 

instead of volume diffusion [32, 43]. The solute diffusion control model was developed by Lagneborg and 

Zajac [32] for V microalloyed steels in which the nucleation of precipitates was assumed to occur at the γ/α 

interface. According to their model, IP was considered as a consequence of the interplay between the growth of the 

V-depleted zone in front of the sheet of IP and the simultaneous motion of the γ/α interface away from the sheet of 

IP. This model showed that volume diffusion (of V) could not explain the observed sheet spacings and a faster 

diffusion process (i.e. interfacial diffusion) must be required to supply the solute for IP to occur [32]. Further, Zhang 

et al. [43] estimated the interfacial diffusion distance of V as a function of transformation temperature in various 

steels and compared it with the lattice diffusion distance of V in ferrite. The authors used APT to measure IP sheet 

spacing and the maximum thickness of polygonal ferrite grains (as a function of isothermal holding time) to estimate 

the average ferrite growth rate. This data was used to calculate the time for precipitation at migrating γ/α interfaces 

(less than 0.5 s) and, assuming γ/α interfacial diffusivity was equivalent to grain boundary diffusivity, the interfacial 

diffusion distance of V. Note that the lattice diffusion distance of V was calculated using the total isothermal holding 

time (60 s). The comparison showed that the interfacial diffusion distance was several times larger than the volume 

diffusion distance in ferrite, indicating that IP formation (of VC) was dominantly controlled by interfacial diffusion 

of V [43]. 

 

 

Figure 2.8     Schematic diagram illustrating how several partially coherent γ/α interface planes with similar mobility 

can result in a macroscopic γ/α interface consisting of several plane orientations. This situation leads to the regular 
CIP morphology. Reproduced (modified) with permission from Springer Nature Customer Service Centre GmbH: 

Springer Nature, Metallurgical and Materials Transactions A [45]. Copyright 2013. 
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2.3.2 γ/α Interface Motion with respect to Interphase Precipitation 

The transformation kinetics, and thus the hardenability of a given steel, exert an important influence on the 

IP phenomenon [40, 47, 48]. Precipitation at an interphase boundary depends on the boundary migration rate and the 

nucleation rate of precipitates at the boundary [37], thus a coupling of these processes is required for IP. 

Figure 2.9 [37] shows a TTT curve that was developed for a Nb microalloyed, low-carbon steel isothermally treated 

and analyzed using traditional TEM techniques. The figure indicates that the time-temperature-transformation (TTT) 

curve for ferrite with IP is “inside” the curve for the proeutectoid ferrite reaction, suggesting that a critical condition 

must be reached during transformation for IP to occur. 

Several factors influence the velocity and mobility of γ/α interfaces, some of which accelerate or decelerate 

their motion [35, 49]. Increased thermodynamic driving forces for γ → α transformation and diffusivities of solutes 

enhance the mobility of interphase boundaries. However, increased solute drag effects and pinning effects from 

precipitates formed at the interface can hinder their mobility. The structure of interphase boundaries [25] as well as 

the arrangement of diffusional growth-ledges [46] can also influence the overall velocity. 

The tendency for IP versus RP is intimately related to the velocity and mobility of the γ/α interface with 

respect to the diffusivity of microalloy elements during austenite decomposition [32, 50, 51]. Assuming a similar 

transformation temperature and thus solute diffusivity, the following comparison can be considered. If the interface 

velocity is relatively slow, diffusing solute can reach the interface as it moves, and IP occurs when a critical solute 

concentration is obtained. However, if the velocity is relatively fast, solute cannot reach the moving interface but 

remains in solid solution. RP can occur later to alleviate the supersaturation of the ferrite matrix. Further, it was 

speculated that the formation of interphase precipitates versus nanoclusters also depends on the interphase boundary 

velocity [34]. If the velocity is slowed sufficiently, then there will be enough time for precipitate nucleation; 

whereas if less time is available, only solute nanoclusters are able to form. 

 

Figure 2.9     TTT curve developed for a Nb microalloyed, low-carbon steel isothermally treated at various 

temperatures for various times. The microstructures indicated were observed using traditional TEM techniques. 

Reproduced (modified) from [37] with permission from Taylor & Francis. Copyright 1984. 



13 

 

The characteristics of IP may also be dependent on the velocity of the interphase boundary. Several reports 

have indicated that the boundary velocity does not affect the size of IP [30, 34, 52] but may affect the sheet spacings 

of IP [32, 34, 35, 53]. The γ/α interface velocity (ν) and IP sheet spacing (λ) can be related using the following 

expression, which was derived using a “superledge” model coupled with a mass balance accounting for the 

evolution of austenite composition [35]: 

ν = �Ccrit

C0

�2

 
D

λ  (2.1) 

where Ccrit is the critical solute content for carbide precipitation, C0 is the bulk solute content, and D is the solute 

interfacial diffusivity. Note that the developed model [35] accounted for the possibility of pinning effects from the 

precipitates formed at the interphase boundary but not the possibility of solute drag effects. In low-carbon steels, it 

can be assumed that Ccrit is approximately equal to C0, so that a slower interface velocity is associated with wider 

sheet spacing. For example, Timokhina et al. [34] studied a Ti-Mo microalloyed, 0.14 wt pct C steel that was 

isothermally transformed at 650 °C for various times. Interphase clusters with sheet spacing of approximately 10 nm 

were observed after 1200 s of isothermal holding, while interphase precipitates with sheet spacing of approximately 

17 nm were observed after 1700 s of isothermal holding. The authors suggested that the formation of interphase 

clusters, and then interphase precipitates, with increasing sheet spacing after longer isothermal holding was indirect 

evidence that the velocity of the interphase boundary was being retarded as the transformation proceeded. Similar 

evidence was provided by Lagneborg and Zajac [32]. However, as bulk carbon content increases, the effect of 

carbon enrichment in austenite on the interface velocity can no longer be neglected [35]. In medium- and high-

carbon steels, substitutional Ccrit is lowered during the progression of γ → α transformation, leading to a large 

reduction in the magnitude of (Ccrit/C0)2. In this case, the sheet spacing becomes finer as the interface velocity 

decreases during transformation. For example, Murakami et al. [53] studied a V microalloyed, 0.43 wt pct C steel 

that was isothermally transformed at 675 °C for various times. The authors observed a refinement of sheet spacing 

with decreasing interface velocity (estimated by measuring the thickness of polygonal ferrite grains as a function of 

isothermal holding time). Similar evidence was provided by Chen et al. [35]. 

An important technological limit that should be considered is the difficulty of developing only one type of 

precipitation within every ferrite grain. Numerous researchers [15, 19, 28, 37, 50, 51, 54] have reported both IP and 

RP types within individual ferrite grains or across small ferritic regions. An example of this is shown in Figure 2.10 

for a Ti-Mo-V microalloyed, low-carbon steel that was cyclically austenitized and isothermally transformed at 

650 °C for 60 min. Additionally, the observation of a precipitate-free zone between the first sheet of IP and the prior 

austenite grain boundary [15, 32, 35] or between two different types of precipitation [19] further indicates the 

difficulty of obtaining a homogeneous distribution of precipitates within ferrite. It was speculated by Sakuma and 

Honeycombe [37] that the non-uniformity in precipitate dispersions could be partially related to local variations in 

the γ/α interface migration rate during γ → α transformation. 
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2.3.3 Solute Drag and Particle Pinning Effects 

Substitutional solute atoms are proposed to interact with the γ/α interface during γ → α transformation; a 

drag force on the γ/α interface is exerted and retards its mobility [34, 40, 42, 56 – 58]. The γ/α interfacial velocity is 

relatively fast during the initial stages of ferrite growth, permitting little solute segregation to the moving 

interface [40, 46, 58]. However, solute segregation becomes significant as the interface slows during the progression 

of γ → α transformation, and the interfacial velocity is determined by the solute drag process [46, 58]. The solute 

drag force was predicted to be greatest for intermediate interfacial velocities [58]. Interface control also influences 

the carbon profile in the austenite. A suggested manifestation of the substitutional solute drag on γ → α 

transformation kinetics is a “kinetic bay” observed in TTT diagrams for Fe-C-X steels (where X is a substitutional 

solute element, e.g. Mo) [40, 41, 56]. Beginning at intermediate temperatures, growth kinetics pass through a 

minimum in the vicinity of the bay, where the γ/α interfaces are proposed to become enriched with the substitutional 

solute and solute drag is at its maximum [40, 41, 56]. The solute drag effect may cause the γ/α interface to slow 

sufficiently during γ → α transformation to facilitate precipitate and/or nanocluster nucleation at the interface [42]. 

Substitutional solutes segregate to the γ/α interface due in large part to the greater excess volume compared 

to the bulk lattice [59]. The elastic strain induced by the substitutional solute in the bulk lattice can be partially 

relieved at the interface where the packing density is reduced [59]. This is particularly significant for relatively large 

solute atoms such as Nb, Mo, and Ti. Substitutional solutes may also segregate to the γ/α interface if their presence 

reduces the interfacial energy. Assuming a dilute solid solution of substitutional solute and constant absolute 

temperature (T), the Gibbs adsorption isotherm is given as [60]: 

 

Figure 2.10     TEM BF image of a Ti-Mo-V microalloyed, low-carbon steel that was cyclically austenitized and 

isothermally transformed at 650 °C for 60 min. The micrograph illustrates an individual ferrite grain displaying a 

mixture of interphase precipitation (IP) and random precipitation (RP) types. Reproduced (modified) from [55] with 

permission from the Advanced Steel Processing and Products Research Center. 
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Γi = − 1

RT
� ∂γ

E

∂lnai

� (2.2) 

where Γi is the moles of species i adsorbed at the interface per unit area, R is the universal gas constant, γE is the 

interfacial energy of the γ/α interface, and ai is the activity of species i. According to Equation 2.2, adsorption of 

solute to the interface is predicted if the change in interfacial energy with respect to the activity of species i is 

negative, i.e. interfacial energy is lowered by the higher concentration of species i near/at the interface. However, 

the γ/α interface is not expected to reach full equilibrium with the adjacent bulk phases during transformation, so 

Equation 2.2 cannot be used to determine the interfacial concentration [41]. Further, the tendency for segregation 

should increase with decreasing temperature for two reasons [40, 56]. First, the contribution of entropy to overall 

free energy will decline at lower temperature. Second, and more importantly, the carbon concentration in austenite at 

the γ/α interface will increase. The enhanced carbon concentration at the interface may play an important role in 

substitutional solute segregation if these elements have a strong influence on the activity of carbon in 

austenite [41, 42]. Additionally, the presence of carbon at the γ/α interface may encourage the co-segregation of 

substitutional solutes [57]. These topics are discussed in more detail below. 

The origins of the solute drag effect have been discussed in terms of a direct or indirect interaction with the 

moving γ/α interface. Cahn [58] defines a force on a boundary whose origin lies in the mutual attraction between 

solute atoms and the boundary and arises from an asymmetric solute distribution. The total force exerted by all the 

solute atoms on a boundary is given by: 

P = −Nv �(C− C0)
dE

dx
dx (2.3) 

where P is the total solute drag force, Nv is the number of atoms per unit volume, C is the solute concentration as a 

function of x, C0 is the bulk solute concentration, E is the binding energy of the solute with the boundary, and x is 

position relative to the boundary. The work of Cahn for solute segregation in grain boundaries [58] has been 

extended to consider solute segregation in γ/α interfaces as well [40, 41, 48, 53, 57]. Equation 2.3 represents a 

well-defined physical force [40]. However, the diffusion of substitutional solute could be too sluggish at 

temperatures of interest for those elements to exert a substantial drag force on γ/α interfaces [41]. Therefore, the 

solute “drag-like” effect was proposed to explain the indirect retardation of γ → α transformation kinetics with the 

addition of particular substitutional solutes [41, 42, 56]. Particular substitutional solutes that are adsorbed by the 

moving γ/α interface lower the activity of C in austenite in contact with the interface, which reduces the activity 

gradient of C driving diffusion during transformation [41, 46]. Substitutional elements that markedly reduce the 

activity of C in austenite should be particularly prone to segregating at γ/α interfaces, where the effectiveness of a 

given addition was proposed to follow according to (highest to lowest) : Mo, chromium (Cr), manganese (Mn), and 

nickel (Ni) [41, 42, 56]. Note that the effects of solute drag on γ → α transformation kinetics are modified through 

IP of carbides containing the substitutional solutes [41]. 

The intensity of the interaction of solutes with an interface is usually quantified through an effective 

binding energy of the solutes to the interface (thermodynamics) and the rate of diffusion of solute atoms across the 

interface (kinetics) [40, 57 – 59]. The latter quantity is not accessible experimentally and is often used as a fitting 
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parameter in solute drag models [57]. Van Landeghem et al. [48] used APT measurements of γ (martensite)/α 

interfacial solute concentration in Fe-C-X ternary alloys to estimate ranges of binding energy for chromium and 

molybdenum with the γ/α interface. The estimated values were consistent with grain boundary binding energies in 

both ferrite and austenite [48]. Therefore, it can be assumed that the binding energies of solutes with austenite or 

ferrite grain boundaries are similar to those with γ/α interfaces [46]. Jin et al. [59] calculated the binding energy for 

various substitutional solutes with ferrite Σ5 tilt grain boundaries using density functional theory modelling. Their 

results showed that there is a strong correlation between binding energy and solute volume, i.e. tendency for 

segregation increases with solute size [59]. Substitutional solute binding energy may also be highly temperature 

dependent, which can explain the observation of a “kinetic bay” in TTT diagrams for Fe-C-X steels at intermediate 

temperatures [40]. 

Evidence for the segregation of C and substitutional solutes (e.g. Mn, Cr, Mo, and V) to γ/α interfaces has 

been recently reported using APT analysis [39, 48, 57]. Figure 2.11(a) [39] shows the concentration profiles of C 

and V across a γ (martensite)/α interface within a V microalloyed, low-carbon steel isothermally transformed at 

650 °C, and Figure 2.11(b) [48] shows the concentration profiles of C and Mo across a γ (martensite)/α interface 

within a Fe-C-Mo ternary alloy that underwent controlled decarburization at 806 °C. Note that both interfaces were 

determined to be incoherent [39, 48]. Strong segregation of C and Mo to the interface is evident, while the 

segregation of V is to a lesser degree. The shape of the substitutional element profile across γ (martensite)/α 

interfaces was reported to vary strongly from one element to another [48]: Mn and Cr exhibited a clear but wide 

segregation peak, Mo exhibited a sharp segregation peak (about twice as “thin” as Mn and Cr peaks), and Ni did not 

exhibit a segregation peak. Further, the length scale of segregation was reported to range between 2 – 5 nm full 

width at half maximum of the segregation peak, which is larger than the values typically assumed for the thickness 

of γ/α interfaces [48]. 

A recent APT study has suggested that there are significant coupled interactions between C and 

substitutional solutes at the γ/α interface, which can influence the tendency of those substitutional elements to 

segregate [57]. Van Landeghem et al. [57] studied the γ (martensite)/α interfacial segregation of Mn in Fe-C-Mn and 

Fe-N-Mn ternary alloys. Moderate Mn segregation to interfaces was observed in the presence of C, but no 

segregation of Mn could be detected in the presence of N. The authors proposed that C/Mn interactions were 

responsible for the tendency of Mn to segregate to the interface [57]. The C/X interactions may be related to the 

strong influence that particular substitutional elements have on the activity of C in austenite [41, 48]. Further, it has 

been suggested that the binding energy of solute elements with a boundary may be strongly influenced by the 

co-segregation of other solute elements [59]. 

Pinning effects from IP on γ/α interface mobility are difficult to assess due to the problem of retaining 

austenite and preserving the interphase boundary during quenching in relevant alloys. However, modelling 

work [35] and TEM analysis of model alloys [28] have been used to show the possibility of such a process. Chen et 

al. [35] used a “superledge” model, assuming interfacial diffusion of V, to demonstrate that Zener particle pinning 

of IP on advancing growth-ledges could strongly retard the overall interface velocity. Further, Ricks and 

Howell [28] observed pinning of the γ/α interface by interfacially nucleated carbides in a Fe-0.2C-10Cr (wt pct) 
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model alloy, where austenite was retained as an inter-lath film at room temperature. The observation of interface 

segments bowing between interfacially nucleated carbides was used as evidence for the bowing and quasi-ledge 

mechanisms. 

 

2.4 Observing Interphase Precipitation 

Due to its three-dimensional morphology, IP can be difficult to accurately observe and characterize. 

Microscopy techniques such as TEM, where the specimen can be viewed in three dimensions, are best suited to 

investigate the sheet-like nature of IP. Indirect techniques such as selected area electron diffraction (SAED) and 

electron backscatter diffraction (EBSD) can also be used to confirm the presence of IP and identify polygonal ferrite 

grains believed most likely to exhibit IP, respectively. 

 

2.4.1 Transmission Electron Microscopy 

Under TEM observation, the row-like characteristics of IP can be best observed when the specimen is tilted 

such that the incident electron beam direction is parallel to the sheet planes on which the carbides precipitated [25]. 

Assuming precipitation occurs on an interface parallel to the (hkl)α plane of the ferrite grain, known as the sheet 

plane, the direction of the incident electron beam [uvw]α must satisfy the Weiss zone law [25]: 

hu + kv + lw = 0 (2.4) 

An example of examining the row-like characteristics of IP by tilting a TEM specimen is shown in 

Figure 2.12 [25]. The TEM specimen was prepared from a Ti-Mo microalloyed, low-carbon steel that was 

isothermally transformed at 700 °C for 30 min. Figure 2.12(a) reveals the row-like characteristics and Figure 2.12(b) 

 

Figure 2.11     Concentration profiles across incoherent γ (martensite)/α interfaces determined using APT analysis 
within (a) V microalloyed, low-carbon steel and (b) Fe-C-Mo ternary alloy. The data suggest C, V, and Mo 

segregation to γ/α interfaces. Data from (a) [39] and (b) [48]. 
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Figure 2.12     Example of examining the row-like characteristics of interphase precipitation by tilting a TEM 

specimen: (a) row-like characteristics with sheet plane oriented close to (112)α and (b) corresponding SAED pattern 

with zone axis [111�]α; (c) row-like characteristics still observable and (d) corresponding CBED pattern obtained by 

tilting to the zone axis [513�]α; (e) row-like characteristics no longer observable and (f) corresponding CBED pattern 

obtained by tilting to the zone axis [331�]α. The TEM specimen was prepared from a Ti-Mo microalloyed, 

low-carbon steel isothermally transformed at 700 °C for 30 min. Reproduced (modified) from [25] with permission 

from Elsevier. Copyright 2011. 
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indicates a sheet plane oriented close to (112)α under the observation zone axis of [111�]α. The zone equation is 

satisfied as (1∙1) + (1∙1) + (2∙1�) = 0. The row-like characteristics are still recognizable (Figure 2.12(c)) if the ferrite 

matrix is rotated by 22° around the (112)α pole. In this case, the zone axis is transferred from [111�]α to [513�]α 

(Figure 2.12(d)), and the zone equation is still satisfied. However, the row-like characteristics cannot be observed 

(Figure 2.12(e)) if instead the ferrite matrix is rotated by 20° around the (110)α pole. In this case, the zone axis is 

transferred from [111�]α to [331�]α (Figure 2.12(f)), and the zone equation is no longer satisfied.  

As mentioned previously, a single variant of the B-N OR is applicable to IP. This crystallographic variant 

selection is particularly important for CDF imaging in TEM as most of the IP within a ferrite grain should thus be 

illuminated with a single reflection. Figure 2.13 [5] shows a schematic diagram of the SAED pattern of ferrite and 

precipitates in the B-N OR with the electron beam direction parallel to [001]α. When the electron beam is chosen to 

be almost parallel to [001]α, two variants (V1 and V2) of the B-N OR among three can be illuminated in DF. The 

third variant has no prominent reflections in or close to this zone axis [15].  

Figure 2.14 [5] shows TEM BF images, CDF images, and corresponding SAED patterns with the electron 

beam almost parallel to [001]α of TiC precipitates within polygonal ferrite. The TEM specimen was prepared from a 

Ti microalloyed, low-carbon steel isothermally transformed at 700 °C for 30 min. The BF images were recorded 

from the same area with slight tilting to generate different diffraction conditions of g*α = 200 (Figure 2.14(a)) and 

g*α = 020 (Figure 2.14(b)). The CDF images were recorded under the diffraction conditions of g*MC-V1 = 200 

(Figure 2.14(c)) and g*MC-V2 = 200 (Figure 2.14(d)). The B-N OR was satisfied for both V1 and V2 as displayed in 

the SAED patterns of (100)α // (100)MC-V1 (Figure 2.14(e)) and (010)α // (100)MC-V2 (Figure 2.14(f)), respectively. 

Clearly, most carbides display V1 while only a few carbides display V2, indicating that the V1 carbides formed 

through IP. Although a single variant dominates during IP, regions of a second variant can also be present. Smith 

and Dunne [15] explained this observation in terms of maintaining a high degree of coherency between the 

 

Figure 2.13     Simulated SAED pattern of precipitates displaying a Baker-Nutting orientation relationship with the 

ferrite matrix (α). Two variants of the orientation relationship (V1 and V2) are indicated. The electron beam 

direction is parallel to [001]α. Data from [5]. 
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precipitates and matrix; local changes in γ/α interface orientation during transformation may cause sections of the 

interface to be more parallel to the second habit plane. Precipitates displaying multiple variants (i.e. no particular 

variant dominates) are expected to form during RP [15], so the observation of a single variant dominating within a 

region of ferrite offers an indirect way of confirming the presence of IP. 

 

 

 

Figure 2.14     TEM images comparing the observation of TiC precipitates displaying two possible variants (V1 and 
V2) of the Baker-Nutting orientation relationship with a region of ferrite (α). The BF images were taken with 
(a) g*α = 200 and (b) g*α = 020. The CDF images were taken with (c) g*MC-V1 = 200 and (d) g*MC-V2 = 200. The 

corresponding SAED patterns displayed (e) V1 and (f) V2 of the orientation relationship. The electron beam was 

almost parallel to [001]α. The TEM specimen was prepared from a Ti microalloyed, low-carbon steel isothermally 

transformed at 700 °C for 30 min. Reproduced (modified) from [5] with permission from ISIJ International. 

Copyright 2014. 
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2.4.2 Local Austenite/Ferrite Orientation Relationship Effects 

It has been reported that IP may be promoted when the local γ/α OR deviates from the K-S OR [33, 39, 45, 

61]. This behavior was attributed to the greater interfacial energy of an interface between γ/α regions with a non-K-S 

OR compared with an interface between γ/α regions with a near-K-S OR [33]. The greater interfacial energy of the 

γ/α interface would result in a lower activation energy barrier to form a critical heterogeneous nucleus at the γ/α 

interface, more segregation of solutes at/near the γ/α interface, and increased interfacial diffusivity of substitutional 

solutes along the γ/α interface. Miyamoto et al. [45, 62] developed a methodology that employs EBSD analysis of 

partially transformed microstructures of ferrite and martensite to assess the γ/α OR. This methodology assumes that 

the martensite holds nearly the K-S OR with its parent austenite; thus, the OR between ferrite and austenite can be 

investigated indirectly by comparing the orientations of ferrite and martensite. An example of applying this 

methodology to assess local γ (martensite)/α OR is provided in detail in Section 3.5.4. This methodology provides a 

way of identifying regions of polygonal ferrite grains believed most likely to exhibit IP [33, 39, 45, 61].  

The influence of local γ (martensite)/α OR on precipitation behavior is illustrated in Figure 2.15 [33]. 

Shown are a series of V atom maps superimposed with 2 at pct V isoconcentration surfaces collected using APT 

analysis of different ferrite regions. The APT specimens were prepared from a V microalloyed, low-carbon steel 

isothermally transformed at 650 °C for 60 s. The local ferrite and neighboring austenite (martensite) OR was 

assessed using the above methodology before APT specimens were prepared, and the deviation angle from the exact 

K-S OR (Δθ) was quantified for each region. The number density of VC carbides was determined to increase as the 

deviation angle increased [33], as illustrated in Figures 2.15(a) – (d). Rows (sheets) of carbides, indicative of IP, 

within a ferrite region that exhibited a relatively large deviation angle are shown in Figure 2.15(d), suggesting that 

local departure from the K-S OR may promote IP. 

 

 

Figure 2.15     Three-dimensional atom maps superimposed with 2 at pct V isoconcentration surfaces collected using 

APT analysis of different ferrite (α) regions exhibiting various deviation angles from the exact K-S OR (Δθ) with 
their neighboring austenite (martensite): (a) Widmanstätten α, Δθ = 0.8°; (b) allotriomorphic α, Δθ = 3.3°; 

(c) allotriomorphic α, Δθ = 16.9°; and (d) allotriomorphic α, Δθ = 19.2°. APT specimens were prepared from a V 

microalloyed, low-carbon steel isothermally transformed at 650 °C for 60 s. Reproduced (modified) from [33] with 

permission from Elsevier. Copyright 2013. 
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2.5 Austenite Recrystallization and Interphase Precipitation Behaviors in Hot Strip Mill Processing 

Hot strip mills (HSM) are a key part of microalloyed steel production. A typical, semi-continuous HSM 

consists of the following units: reheat furnace, roughing stand, transfer table, coilbox, finishing mill, runout table, 

and coiler [63, 64]. The reheat furnace heats the slab to a suitable temperature to start hot rolling. The roughing 

stand is used for major reductions in slab thickness. The transfer table carries the slab, now called the transfer bar, 

from the roughing stand to the finishing mill. A coilbox is sometimes used to wrap the transfer bar into a coil to 

obtain a more uniform temperature profile [63]. The transfer bar is then delivered to the finishing mill, which is used 

for more precise gauge reductions. The emerging strip is water-cooled from coolant headers along the runout table 

and then wrapped into a coil, which slowly cools to room temperature. Important processing steps during HSM 

processing to develop fine, homogeneous microstructures of polygonal ferrite strengthened with fine microalloy 

precipitation are controlled rolling in the finishing mill and accelerated cooling on the runout table (lowers the 

coiling temperature) [4, 65]. 

 

2.5.1 Effects of Rough and Finish Rolling on Austenite Recrystallization Behavior 

Three types of austenite recrystallization behaviors are typical in HSM processing: static recrystallization, 

austenite pancaking (i.e. avoidance of recrystallization), and dynamic/metadynamic recrystallization [66]. The long 

interpass times and high temperatures, above the non-recrystallization temperature (Tnr), during rough rolling allow 

for nearly complete static recrystallization (SRX) to take place between rolling passes. Fine, equiaxed austenite 

grains are produced with negligible strain accumulation through SRX. Finish rolling is typically close to or below 

the Tnr, thus encouraging rapid strain-induced precipitation of microalloy carbonitrides (e.g. Nb [67], Ti [68], and 

V [9] microalloyed steels). These precipitates retard or even prevent the SRX of austenite grains; leading to 

pancaking, greater strain accumulation, and the generation of defects like dislocations and deformation bands. One 

of the major differences between HSM and plate mill rolling schedules is the interpass times, which are much 

shorter in the HSM and range from 0.2 – 5 s [66, 69, 70]. These short interpass times encourage strain accumulation 

and dynamic recrystallization (DRX) [66, 71]. Fine, equiaxed austenite grains with negligible strain accumulation 

are also produced through DRX [72]. 

 

2.5.2 Effects of Thermomechanical Processing on Interphase Precipitation Behavior 

The cooling rates on the runout table and coiling temperature have a major effect on the final 

microstructure and precipitation behavior of microalloyed steels produced via HSM processing [64]. Most of the 

precipitates that contribute to precipitation strengthening will form during the coil cooling process since the γ → α 

transformation typically occurs during this period [23, 64]. Note that accelerated cooling on the runout table is 

required to minimize transformation before coiling. Thus, IP has been extensively investigated under conditions of 

long isothermal holding times to simulate the coil cooling process [5, 8, 13, 25, 30, 31, 34, 61]. During hot rolling, 

SIP in austenite can hardly be avoided, which reduces the potential for precipitation strengthening in the final ferrite. 

However, short interpass times and fast cooling from the finish exit temperature to the coiling temperature can 

minimize precipitation in austenite [35, 73].   
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Detailed TEM and APT analyses have shown that IP are often much less than 10 nm in diameter, and the 

particle size was found to decrease with decreasing isothermal holding temperature [18, 25, 35, 43, 61]. The reduced 

diffusion kinetics at lower temperatures coupled with the increased driving force for nucleation may explain the 

decreased size of IP [14, 43]. Additionally, the IP sheet spacing and distance between precipitates within an IP sheet 

(i.e. inter-carbide spacing) generally decrease with decreasing isothermal holding temperature [14, 18, 23, 25, 27, 

43], as shown in Figure 2.16 [25]. At lower temperatures, the IP mechanism is replaced by RP from the 

supersaturated ferrite matrix after γ → α decomposition [15, 32]. 

The effects of strain and austenite conditioning on subsequent IP have not been extensively investigated in 

the literature and represent one focus area of this research. Hodgson et al. [52] investigated the effects of 

compressive strain at 890 °C on the characteristics of IP after isothermal transformation for a Ti-Mo microalloyed, 

low-carbon steel, and the results are shown in Figure 2.17 [52]. As the amount of strain increased, the number 

density of IP reportedly increased and the IP sheet/inter-carbide spacings were refined. Bae et al. [74] claimed that 

IP hardening of ferrite within a Ti microalloyed, low-carbon steel was enhanced in samples with larger amounts of 

austenite static recrystallization prior to decomposition, but the TEM evidence was not clear. Chen et al. [51] 

reported that IP was mostly observed without deformation while RP was mostly observed with 20 pct deformation at 

900 °C within a Ti-Mo microalloyed, low-carbon steel after isothermal transformation. Mukherjee et al. [30] 

observed partial IP rows (sheets) locally with significant variations in spacing at either end of these partial rows 

within a Ti-Mo microalloyed, low-carbon steel deformed at 890 °C and isothermally transformed. Smith and 

Dunne [15] also observed nonuniformity in planar dispersions of IP, where the sheet structure contained localized 

variations in sheet spacing and orientation, within a V microalloyed, low-carbon steel deformed at 780 °C and 

isothermally transformed. Additionally, the authors [15] observed finer dispersions of IP when the ferrite 

 

Figure 2.16     Effect of isothermal holding temperature on interphase precipitation (IP) characteristics: (a) sheet 

spacing and (b) inter-carbide spacing. TEM specimens were prepared from a Ti-Mo microalloyed, low-carbon steel 

isothermally transformed between 630 – 720 °C for 30 min. Data from [25]. 
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transformed from deformed austenite rather than undeformed austenite at the same temperature. The precipitate 

morphology that forms in the final ferrite was proposed to be influenced by the deformation that the austenite 

experiences before γ → α decomposition due to its effect on the γ/α interface velocity [15, 51, 75]. Further, the 

nature of the γ/α interface, and thus the resulting precipitate dispersions, can be affected by intersections of the 

migrating interface with linear and planar defects in the austenite [15]. 

  Hot-rolled coils produced via HSM processing cool at slow rates and can take in excess of 30 h to cool to 

room temperature [76]. The nanometer-scale carbides in Ti-Mo microalloyed steels have been proven to possess 

excellent thermal stability (i.e. slow coarsening kinetics) due to the Mo addition [5, 21, 25, 68, 77, 78]. The partial 

substitution of Ti by Mo into the TiC lattice was proposed to be thermodynamically unfavorable with respect to the 

formation energy [77] and Gibbs free energy [68]. However, the partial substitutional of Ti by Mo is believed to 

reduce the lattice misfit and interfacial energy between the carbide and matrix phases, thus facilitating the nucleation 

process [68, 77, 78]. Enhanced nucleation kinetics of (Ti,Mo)C carbides result in a greater amount of Ti solute 

consumed during the precipitation process. Since coarsening of the carbides is controlled by the diffusion of Ti 

solute, the lack of Ti solute remaining in the matrix will also reduce the coarsening rate [68, 77]. The reduced 

interfacial energy from boundary segregation and/or partial replacement of Ti by Mo will also reduce the coarsening 

rate according to the ripening theory of Ostwald [14, 68, 77]. Molybdenum enrichment in Ti-rich precipitates was 

reported to decrease with increasing isothermal holding time [68, 78], and considerable amounts of Mo were 

reported to remain in solid solution after extended isothermal holding [30]. Since the presence of Mo is not 

energetically favorable within (Ti,Mo)C carbides, it was proposed that Mo must partition from the carbide to the 

matrix during growth and coarsening (reducing both of these processes) [78]. 

 

Figure 2.17     Effect of compressive strain on interphase precipitation (IP) characteristics: (a) number density and 

(b) sheet spacing/inter-carbide spacing. TEM specimens were prepared from a Ti-Mo microalloyed, low-carbon 

steel. Samples were soaked at 1200 °C, compressed at 890 °C for 0.3 – 1 strain, and isothermally transformed at 

650 °C for 60 min. Data from [52]. 
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2.6 Simulations of Thermomechanical Processing 

Thermomechanical processing of microalloyed steels can be simulated using double-hit compression or 

multipass hot torsion testing. Double-hit compression testing is commonly used to empirically determine Tnr and 

investigate austenite SRX behavior [73, 79, 80]. Multipass hot torsion testing has been employed in numerous hot 

rolling simulations and austenite recrystallization studies for its ability to impose large amounts of strain while 

accurately controlling temperature, interpass time, and strain rate [69, 65, 71, 72, 81 – 88]. Complete TMP schedules 

can be simulated using multipass hot torsion testing, whereas nonuniform deformation during double-hit 

compression testing (i.e. barreling) limits the overall strain that can be imparted. 

 

2.6.1 Double-Hit Compression Testing 

Double-hit compression tests use cylindrical specimens in an axisymmetric compression test. The test 

usually involves reheating to ensure most microalloy precipitates dissolve, cooling to a deformation temperature, 

compressing with a given strain and strain rate, holding for an interpass time, compressing again holding all 

parameters constant, and measuring the fractional softening [79]. The fractional softening is determined by 

comparing the flow curves of the first and second deformation steps, where the shape of the second flow curve is 

influenced by the amount of austenite SRX that has occurred between deformation steps. Complete austenite SRX 

can occur if sufficient interpass time is allowed at a temperature above the Tnr, and the flow curves should be 

identical (approaching 100 pct fractional softening). However, if limited austenite SRX occurs, the second curve 

will be an extrapolation of the first with higher flow stresses at increasing strain (approaching 0 pct fractional 

softening) [80, 89]. Figure 2.18 [79] shows an example of flow curves generated during double-hit compression 

testing of a Nb-V microalloyed, low-carbon steel. Samples were reheated to 1250 °C, cooled to a deformation 

temperature of 1200, 1000, or 750 °C, and compressed twice with a 5 s interpass time. As the deformation 

temperature is lowered towards and below the Tnr, the second flow curve becomes more of an extrapolation of the 

first with greatly increasing flow stresses. The fractional softening was determined to be 100, 16 and 2 pct at 1200, 

1000, and 750 °C, respectively. The decreasing fractional softening illustrates the retardation of austenite SRX at the 

lower temperatures. 

The 5 pct true strain method can be used to determine the fractional softening from double-hit compression 

test data [73, 79, 80, 90]. This method reportedly limits the effect of recovery on fractional softening values [73, 80] 

and was reported to correlate well with recrystallization kinetics measured through metallographic 

observations [90]. The fractional softening (FS) is calculated according to [79]: 

FS = 
σm −  σr

σm −  σ0

 * 100 pct (2.5) 

where σ0 is the true stress of the first deformation step and σr is the true stress of the second deformation step, each 

at their respective 5 pct true strains; σm is the true stress of the flow curve extrapolated from the first deformation 

step at the 5 pct true strain corresponding to the second deformation step. 
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2.6.2 Multipass Hot Torsion Testing 

The conditioning of austenite into pancaked grains during TMP (i.e. controlled rolling) is important for 

final microstructural development in microalloyed steels. Whitley et al. [81] considered the evolution of the 

austenite grain morphology during multipass hot torsion testing (shear deformation), and Figure 2.19 [81] shows a 

schematic overview of the expected austenite morphology at several stages throughout testing. The torsional axis is 

vertical to the page in Figure 2.19. Grains undergo one or both of the following processes at a given time: (i) shear 

deformation, thus becoming more elongated in morphology; and (ii) recrystallization, thus becoming refined and 

equiaxed in nature. Austenite grains are assumed to be initially equiaxed after soaking at high temperatures 

(Figure 2.19(a)), and they become elongated and rotated by the application of shear strain (Figure 2.19(b)) when 

viewed normal to the torsional axis of a cylindrical specimen [81]. If deformation occurs above the Tnr, SRX of the 

austenite is expected given sufficient interpass time (Figure 2.19(c)). However, if deformation occurs below the Tnr, 

pancaking of the austenite is expected and results in flattened and rotated grains with higher aspect ratios 

(Figure 2.19(d)). Austenite grains accommodate strain in this manner until there is sufficient driving force for 

recrystallization in the form of stored strain energy [81]. Strain-free grains can form in the regions of highest stored 

strain energy (e.g. grain boundaries and deformation substructure) (Figure 2.19(e)). 

 

Figure 2.18     Example of flow curves generated during double-hit compression testing of a Nb-V microalloyed, 

low-carbon steel. Samples were reheated to 1250 °C, cooled to a deformation temperature of 1200, 1000, or 750 °C, 

and compressed twice with a 5 s interpass time. Data from [79]. 
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A metallographic technique was developed by Whitley et al. [81] to quantify the shear strain accumulation 

within (prior) austenite microstructures produced via multipass hot torsion testing. In this method, the tested samples 

are sectioned parallel to the torsional axis and metallographically prepared to observe the prior austenite 

microstructures at a particular radial position. In this “tangential” plane cross-section, the inclination angles (θ′) 

reflecting accumulation of imposed shear strain can be measured with respect to the torsional axis and used to 

estimate the amount of shear strain that accumulated during testing (γacc) with the relationship: 

γacc = tan(θ') (2.6) 

Multiple austenite deformation-recrystallization cycles during testing can result in mixed (prior) austenite 

microstructures displaying a distribution of inclination angles [81]. These distributions reflect the local variation in 

strain accumulation that can result during TMP. Figure 2.20 [81] shows an example of this technique applied to a V 

microalloyed, medium-carbon steel that underwent industrial bar rolling simulations. Various microstructural 

features are highlighted with their corresponding inclination angles with respect to the torsional axis: 

(A) Manganese sulfide (MnS) inclusion elongated and initially oriented parallel to the rolling direction. 

Since MnS inclusions do not recrystallize during TMP, γacc represents the total shear strain imposed; 

(B) Highly elongated prior austenite grain with the same inclination angle as (A), suggesting no 

recrystallization during TMP; 

(C) Elongated prior austenite grain with an inclination angle less than (A) and (B), indicating some degree 

of recrystallization during TMP, followed by subsequent deformation. The measured inclination angle 

represents the amount of shear strain that accumulated after the last recrystallization event, assuming an 

 

Figure 2.19     Schematic representation of the expected morphological evolution of austenite grains during 

multipass hot torsion testing (shear deformation). The arrows indicate the progression of morphological changes. 

Austenite grains are (a) initially equiaxed and (b) elongate and rotate from imposed shear strain. Next, austenite 

grains either (c) recrystallize or (d) continue to deform in shear until (e) sufficient driving force is present for partial 

recrystallization. The torsional axis is vertical to the page. Reproduced (modified) with permission from [81], 2015, 

copyright ASTM International, 100 Barr Harbor Drive, West Conshohocken, PA 19428. 
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equiaxed grain morphology after recrystallization; 

(D) Fine, equiaxed prior austenite grains that indicate recrystallization without shear strain accumulation. 

 

2.7 Impact of Interphase Precipitation on Mechanical Properties 

Hot-rolled, ferritic steels strengthened with extensive nano-sized precipitation (including interphase and 

random dispersions) are important in the automotive industry (e.g. chassis and body applications) due to their 

balance of high tensile strength and superior stretch-flange formability [2 – 5, 22]. The single-phase ferritic matrix 

eliminates hard constituents and imparts superior stretch-flange formability, while high yield and tensile strengths 

are derived from the nano-sized precipitates. Industrially produced, these steels can exhibit ultimate tensile strength 

of about 780 MPa and hole-expansion ratio greater than 95 pct [3, 4].  

 

2.7.1 Strengthening Contribution from Interphase Precipitates 

Effective precipitation strengthening of 780 MPa grade ferritic steels usually employs relatively large 

additions of Ti and Mo on the order of 0.1 and 0.2 wt pct, respectively [22]. The Mo addition minimizes coarsening 

and refines the particle sizes during slow cooling of the hot-rolled coil, resulting in higher yield and ultimate tensile 

strengths [5, 22]. The Ashby-Orowan equation was demonstrated to reasonably explain the precipitation 

strengthening contribution from IP [5]. Estimated values of the precipitation strengthening contribution from IP can 

exceed 300 MPa depending on isothermal holding temperature and time [3, 5, 22], which is two or three times 

higher than the precipitation strengthening obtained in more conventional HSLA steels [3]. A modified Orowan 

equation (assuming non-random dispersions) was also used to determine the strengthening contribution from 

IP [25, 35]; the mean spacing of interphase precipitated carbides in the ferrite matrix was calculated using the 

 

Figure 2.20     Light optical micrograph from the tangential plane cross-section of the prior austenite microstructure 

produced via industrial bar rolling simulations on a V microalloyed, medium-carbon steel using multipass hot 

torsion testing. MnS inclusions (A) and some austenite grains (B) accumulate all imposed shear strain without 

recrystallizing. Other austenite grains (C) deform in shear after recrystallizing or (D) recrystallize following the final 

deformation pass. The torsional axis (TA) is vertical to the page, parallel to the reference line indicated. Reproduced 

(modified) with permission from [81], 2015, copyright ASTM International, 100 Barr Harbor Drive, West 

Conshohocken, PA 19428. 



29 

 

analysis of Batte and Honeycombe [91] and Kocks [92]. Using this modified equation, the particle size as well as the 

IP sheet spacing were determined to control hardness (strength) values [35]. Further, assuming a given precipitate 

volume fraction, IP strengthening contributions were estimated to range between 100 and 300 MPa depending on the 

arrangement of precipitates (i.e. sheet and inter-carbide spacings) [35]. Note that both precipitation strengthening 

and grain refinement contribute to the strength of these steels, and a fine ferrite grain size of approximately 4 µm or 

less is typically required to meet strength requirements [3, 4]. 

 

2.7.2 Stretch-Flange Formability Considerations 

Automotive applications including higher strength steels are often subjected to composite forming 

operations such as stretch-flanging, which is widely adopted for producing thin sheet components with a smoothly 

rounded lip for subsequent assembly with other components [7]. Controlled rolling and inclusion-shape control 

reportedly improved the formability of microalloyed hot-rolled steel [1], but failure in sheared-edge stretching is still 

a common limitation due to sensitivity for edge fracture [4]. 

Sheared-edge stretching is normally evaluated through a hole-expansion test, a schematic of which is 

shown in Figure 2.21. In this test, a conical, flat, or spherical expander is pushed against/through the punched-hole 

(with the perimeter of the blank fully restrained) until a through-thickness crack is produced in the sheet [93]. The 

quantitative engineering measure of stretch-flangeability is the hole-expansion ratio (HER) [94]: 

HER = 
Df −D0

D0

 * 100 pct (2.7) 

where D0 is the initial punched-hole diameter and Df is the final expanded-hole diameter. Note that HER values can 

show a large statistical variability [4]. 

Three factors that may have significant influence on hole-expansion performance in sheet steels are 

non-metallic inclusions, the condition of the sheared-edge, and the steel microstructure [95]. Non-metallic 

inclusions, such as elongated MnS, significantly reduce the hole-expansion performance of hot-rolled steels [96]. 

Sheared-edges produced by the punching process are prone to crack propagation originating at sulfides or other hard 

 

Figure 2.21     Schematic illustration of a hole-expansion test including (a) punching and (b) expanding processes. 
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constituents, indicating that the hole-expansion test can be sensitive to the degree of inclusion shape control 

employed in hot-rolled steels [97, 98]. The shape of MnS inclusions can be significantly altered by the addition of 

calcium (Ca) or cerium (Ce). These elements form higher melting point sulfides that are more stable than MnS and 

are not as readily deformable during hot-rolling [99]. As the concentration of the sulfide modifier increases, the 

amount of elongated MnS formed gradually decreases until the elongated sulfides are completely replaced by more 

stable, globular inclusions. 

The details of the sheared-edge and the shear-affected zone (SAZ) are generally considered to have a major 

effect on the stretch-flangeability of sheet steel [100]. The initial contact between the punch and sheet causes plastic 

deformation in the sheet that is described as rollover. Next, the punch makes an impression in the sheet that causes a 

burnished surface, and fracture finally occurs across the remaining ligament of the sheet, leaving a burr at the end of 

the fractured region. The SAZ is a volume of metal that has been subjected to substantial plastic deformation during 

the punching process and extends from the sheared surface into the adjacent metal [93, 100]. The importance of the 

features of the sheared-edge and the SAZ are their effects on reducing the limit strain and promoting microvoid 

nucleation when the sheared-edge is stretched [100, 101]. 

Finally, sheared-edge stretching depends importantly on microstructure homogeneity [7]. A high hardness 

deviation between microstructural phases is detrimental to hole-expansion performance because voids usually 

nucleate at the interfaces between the relatively hard and soft phases [2, 3, 6, 7]. Dual phase (DP) steels have been 

employed in various industrial sectors because of their improved mechanical properties and ease of manufacturing 

as compared with conventional HSLA steel. However, the large deviation in hardness between the ferrite and 

martensite phases results in relatively poor hole-expansion performance for DP steel [3, 7]. Single-phase or 

homogeneous microstructures of either ferrite or bainite have shown promising hole-expansion performance. 

However, the ferritic microstructures usually exhibit lower strengths, while the bainitic microstructures usually 

exhibit lower tensile ductility as compared to conventional DP steels [2, 3]. Therefore, enhanced strengthening 

through IP has the potential to increase the strength of ferritic steels while maintaining superior hole-expansion 

performance, improving the use of these steels in the automotive industry. This concept is embedded in the strategy 

used to develop NANOHITENTM [3]. 

 

2.8 Research Design with respect to Work Previously Published 

Previous research has indicated that γ → α decomposition kinetics (i.e. velocity of the γ/α interface) may 

have an important influence on the morphology of microalloy precipitates in ferrite [32, 34, 37, 50, 53]. 

Additionally, the effects of austenite conditioning and strain accumulation on IP in ferrite during subsequent coil 

cooling have not been extensively investigated in the literature. Some research has indicated that the precipitate 

morphology that forms in the final ferrite may be influenced by the deformation that the austenite experiences before 

γ → α decomposition due to its effect on the γ/α interface velocity [15, 51, 75]. However, most investigations of IP 

did not investigate γ → α decomposition kinetics at all, while some attempted to investigate decomposition kinetics 

(without austenite conditioning) through metallographic measurements [43, 53] or modelling [32, 35, 46]. Both 

methods have limitations. Metallographic measurements require multiple orientations and fields of view to 
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accurately determine the size of ferrite grains formed from austenite, and modelling is dependent on the assumptions 

and variable inputs used to develop the models. Deformation dilatometry is a more suitable method of investigating 

γ → α decomposition kinetics after austenite conditioning since phase transformations can be directly monitored via 

dilation measurements. Deformation dilatometry has not been extensively employed in previous research of IP [51]. 

This work focused on investigating γ → α decomposition kinetics during isothermal holding after different austenite 

conditioning simulations that resulted in different levels of austenite strain accumulation before decomposition via 

deformation dilatometry. The microalloy precipitation behavior within ferrite was investigated with respect to the 

experimentally determined polygonal ferrite transformation rates after austenite conditioning, which has received 

limited attention in the literature [51]. The goal was to better understand the influence of γ → α decomposition 

kinetics after austenite conditioning on the formation of interphase versus random precipitation morphologies.  

Again, the effects of austenite conditioning and strain accumulation on subsequent IP in ferrite have not 

been extensively investigated in the literature. The few studies that have investigated this behavior usually employed 

hot compression testing to simulate thermomechanical processing [30, 51, 52, 74], where the imposed true strain 

during austenite conditioning was less than or equal to 1.0. Note that nonuniform deformation during hot 

compression testing (i.e. barreling) limits the overall strain that can be imparted. However, industrial processing of 

relevant hot-rolled steel sheets usually imposes approximately 2.5 or greater true strain during hot rolling [66, 69, 

70, 72, 102]. Further, differences in interpass times and strain rates between hot compression testing and industrial 

processing should not be ignored. Multipass hot torsion testing is a more suitable method of simulating industrially 

relevant thermomechanical processing because of its ability to impose large amounts of strain while accurately 

controlling temperature, interpass time, and strain rate [81]. Multipass hot torsion testing has been used in numerous 

hot rolling simulations and austenite recrystallization studies [65, 69, 71, 72, 81 – 88], but it has not been employed 

in previous research of IP. This work focused on simulating industrially relevant hot strip mill processing via 

multipass hot torsion testing, where different simulations were performed to produce austenite microstructures with 

extensive differences in strain accumulation before decomposition. The amount of austenite strain accumulation was 

quantified using a metallographic technique, which has not been performed by previous studies [30, 51, 52, 74] on 

the influence of austenite conditioning on interphase precipitation. The goal was to better understand the impact of 

extensive differences in austenite strain accumulation before decomposition on subsequent microalloy precipitation 

behavior within ferrite. Additionally, the impact of extensive differences in austenite strain accumulation before 

decomposition on microstructural development was investigated, with the goal of producing final microstructures 

suitable for demanding stretch-flange formability applications (i.e. predominantly polygonal ferrite with grain size 

of approximately 4 μm or less [3, 4]). 

Previous research has indicated that extensive microalloy precipitation is necessary to achieve strength 

requirements in single-phase microstructures of polygonal ferrite while maintaining superior stretch-flange 

formability [2 – 7]. Interphase precipitation is reportedly preferred since a high number density of fine particles is 

possible with this type of precipitation, although RP can also provide a significant strengthening contribution [35]. 

Previous research has also indicated that homogeneous microstructures with minimal hardness differences between 

constituent phases/grains result in enhanced hole-expansion performance [2, 3, 6, 7,  96]. Further, research has 
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indicated that non-metallic inclusions, such as TiN and elongated MnS, significantly reduce the hole-expansion 

performance of hot-rolled steels by promoting void nucleation and crack propagation originating at these hard 

constituents [95 – 98]. This work focused on investigating tested HER samples (provided by an ASPPRC industrial 

sponsor) that exhibited a large variation in hole-expansion performance despite being taken from the same 

respective hot-rolled coil but at different locations along its width. Possible variations in thermomechanical 

processing history and chemical composition were unintentional. Limited studies in the literature have investigated 

hot-rolled steels with similar processing history and chemical composition that exhibited significant differences in 

hole-expansion performance [96]. The goals were to determine microstructural and microalloy precipitation 

characteristics that resulted in superior hole-expansion performance and to understand and/or explain characteristics 

that may have resulted in the variation in performance. 
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CHAPTER THREE 

EXPERIMENTAL METHODOLOGY 

 

This chapter details the experimental alloys and thermomechanical processing simulations used to evaluate 

the influence of austenite conditioning during hot rolling on microstructural development and microalloy 

precipitation behavior. Various thermomechanical processing simulations were performed with a Gleeble® 3500 

system. Double-hit compression testing was used to investigate the static recrystallization behavior of austenite. 

Dynamic ISO-Q® testing (hot compression combined with accelerated cooling) was used to extend the results of the 

double-hit compression testing and added isothermal holding at various temperatures after austenite conditioning. 

Multipass hot torsion testing was used to simulate industrially relevant hot strip mill processing and investigate the 

effects of extensive differences in austenite strain accumulation on microstructural development and microalloy 

precipitation in ferrite. Additionally, static and deformation dilatometry were used to investigate the influence of 

austenite strain accumulation on γ → α decomposition kinetics. Next, tested hole-expansion samples provided by an 

industrial sponsor were investigated to relate microstructure and microalloy precipitation behavior with 

hole-expansion performance. Finally, microscopy techniques used to characterize overall microstructure, 

ferrite/austenite orientation relationship, and microalloy precipitation are described. 

 

3.1 Experimental Materials 

Experimental materials were received as 6 and/or 16 mm thick, hot-rolled steels from Baoshan Iron & Steel 

Co. (Shanghai, China). Two titanium-molybdenum microalloyed, low-carbon steels were provided, and their 

chemical compositions are shown in Table 3.1. The Ti-Mo* alloy was a variant of the Ti-Mo alloy (original alloy 

received) remaining from the work of Gang Liu, a visiting scholar from Baoshan Iron & Steel Co. [103]. The Ti-Mo 

and Ti-Mo* alloys were expected to have similar austenite recrystallization behaviors due to their similar chemical 

compositions. Table 3.2 provides estimates of particular critical transformation temperatures using empirical 

equations found in the literature and dilatometry. These critical transformation temperatures were used to guide the 

TMP of the experimental alloys. The following empirical equations were used: Schacht for Ar1 [104], Pickering for 

Ar3 [105], Lee #2 for Bs [106], and Borrato for Tnr [107]. The Ac3 and Ms temperatures were determined 

experimentally using dilatometry (refer to Section 3.3). 

 Table 3.1 – Experimental Alloy Compositions 

 

 

wt pct C Mn Si Mo Ti Al N S P Fe 

Ti-Mo 0.053 1.86 0.10 0.24 0.120 0.035 0.0036 0.0024 0.0085 Balance 

Ti-Mo* 0.058 1.89 0.08 0.25 0.125 0.030 0.0028 0.0021 0.0103 Balance 

 Table 3.2 – Critical Transformation Temperature Estimates of the Experimental Alloys 

 

 

 

 

°C Ac3 Ar1 Ar3 Bs Ms Tnr 

Ti-Mo 888 725 871 606 362 995 

Ti-Mo* 877 725 869 602 374 1008 

Reference Experimental [104] [105] [106] Experimental [107] 
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Solutionizing temperatures for relevant compounds in austenite were determined based on solubility 

expressions [108, 109]. The calculations showed that titanium nitride (TiN) remains undissolved during solid-state 

processing, thus all nitrogen (N) was assumed to be removed from solid solution. The evolution of equilibrium 

phases as a function of temperature was predicted with Thermo-Calc® using the TCFE9 database for the Ti-Mo 

alloy (assuming all N was already incorporated into TiN precipitates), and the results are shown in Figure 3.1(a). 

Note that thermodynamic predictions were very similar between the Ti-Mo and Ti-Mo* alloys. The MC equilibrium 

phase represents a mixed microalloy carbide exhibiting the NaCl (B1) crystal structure without the incorporation of 

N. From the determined equilibrium dissolution temperature of MC, a soaking temperature of 1250 °C was selected. 

Thermo-Calc® was also used to predict the equilibrium composition of the MC phase as a function of temperature 

for the Ti-Mo alloy, and the results are shown in Figure 3.1(b). The equilibrium composition was predicted to be 

roughly 0.50 mole fraction C and 0.50 mole fraction (Ti + Mo), where greater incorporation of Mo into the carbide 

was predicted below about 700 °C. However, the maximum predicted Mo mole fraction in the MC phase was only 

about 0.07. A diffusional model for the dissolution of a TiC precipitate in an austenite matrix was developed in 

DICTRA® to help guide the selection of soaking times for the experimental alloys. Please see Appendix A for a 

complete description of the dissolution model. The model calculated that 62 and 178 s at 1250 °C were required for 

complete dissolution of a TiC precipitate with a radius of 50 nm and volume fraction of 10-3 in the Ti-Mo and 

Ti-Mo* alloys, respectively. 

 

 

 

 

Figure 3.1     Evolution of (a) equilibrium phases as a function of temperature and (b) equilibrium composition of 

the MC phase as a function of temperature predicted with Thermo-Calc® using the TCFE9 database for the Ti-Mo 

alloy. It was assumed that all N was already incorporated into TiN precipitates at much higher temperatures (greater 

than 1500 °C). 
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3.2 Gleeble® 3500 Thermomechanical Processing 

Thermomechanical processing simulations were accomplished using a Gleeble® 3500 system. Double-hit 

compression testing was used to: (i) verify the predicted Tnr and investigate the static recrystallization behavior of 

austenite and (ii) develop (prior) austenite microstructures with different levels of strain accumulation. Dynamic 

ISO-Q® testing was used to extend the results of the double-hit compression testing, and added isothermal holding 

at various temperatures after austenite conditioning. Double-hit compression and dynamic ISO-Q® testing were 

both performed in the standard pocket-jaw configuration. Multipass hot torsion testing was used to simulate 

industrially relevant HSM processing histories and investigate the effects of extensive differences in austenite strain 

accumulation on austenite morphology, microstructural development, and microalloy precipitation in ferrite. 

Multipass hot torsion testing was performed with the Hot Torsion Mobile Conversion Unit. 

 

3.2.1 Double-Hit Compression Testing 

Cylindrical samples having a 10 mm diameter and 15 mm length were machined from the Ti-Mo* alloy 

with the rolling direction parallel to their length. The diameter to height ratio was 2:3 to limit the potential for 

buckling during deformation [79]. Figure 3.2 shows a photograph inside the chamber highlighting the double-hit 

compression setup used during testing. Deformation was accomplished with the ISO-TTM anvil assembly that 

consisted of tungsten carbide (WC) platens surrounded by stainless steel sheathing. A single layer of 0.254 mm thick 

graphite foil was used as a lubricant and placed between two layers of 0.254 mm thick Ta foil. The Ta foils acted as 

diffusion barriers between the graphite, WC platens, and sample ends. A thin layer of nickel-based anti-seize 

compound was applied on each surface to ensure that all components stayed in place during setup. These 

Ta/graphite/Ta foil stacks were placed on both sample ends, which were vital to minimize friction and prevent 

melting. The temperature of each sample was monitored using a Type K thermocouple spot welded to its surface. 

Each thermocouple wire was insulated with a small section of ceramic tubing to prevent short-circuiting. The 

temperature along the length of the sample has been reported to vary by less than 15 °C [110]. Testing was 

performed under vacuum (less than 10-3 Torr). Note that the air ram was used to maintain intimate contact between 

the sample and anvils during the compression passes and interpass holding times. The double-hit compression setup 

was first used to verify the predicted Tnr value of approximately 1000 °C and investigate the static recrystallization 

behavior of austenite. Next, the double-hit compression setup was used to develop (prior) austenite microstructures 

with different levels of strain accumulation by simulating High T Deformation (deformation only above the Tnr) and 

Low T Deformation (deformation above and below the Tnr). The 5 pct true strain method was used to determine the 

fractional softening from the double-hit compression test data. 
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Figure 3.3 shows a schematic of the double-hit compression testing schedule used to verify the predicted 

Tnr and investigate the static recrystallization behavior of austenite. Samples were heated at 5 °C·s-1 to a soak 

temperature of 1250 °C and held for 10 min to dissolve microalloy carbides. One sample was water quenched after 

soaking to determine austenite morphology and size. Samples were then cooled at 4 °C·s-1 to a deformation 

temperature of either 1100 or 900 °C. These temperatures were selected to be either above or below the predicted Tnr 

value of approximately 1000 °C to develop equiaxed and pancaked austenite microstructures, respectively. Samples 

were deformed twice using compression passes of -0.20 true strain (strain rate of 1 s-1) with interpass times of 20 s. 

Samples were water quenched to room temperature after the second interpass time. Water quenching was 

accomplished by flooding the Gleeble® 3500 chamber with inert gas, moving the stroke to release the sample, 

opening the chamber door once the vacuum was broken, grabbing the sample with pliers, and immersing the sample 

into a water bath. The process took approximately 10 s with 20 °C·s-1 cooling in the interim, and water quenching 

resulted in a cooling rate of 420 ± 40 °C·s-1. Both the cooling before and during the water quenching are 

schematically represented by the dotted lines in Figure 3.3. After testing, samples were sectioned in half (parallel to 

the compression axis). Microstructural characterization was focused at the center (lengthwise) of the sample, 

approximately where the thermocouples were attached during testing. 

 

Figure 3.2     Photograph of the Gleeble® 3500 chamber highlighting the double-hit compression setup. 
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Figure 3.4 shows a schematic of the double-hit compression testing performed to develop (prior) austenite 

microstructures with different levels of strain accumulation. Samples were heated at 5 °C·s-1 to a soak temperature 

of 1250 °C and held for 5 min to dissolve microalloy carbides. Note that soaking was done for 5 min instead of 

10 min in an attempt to minimize the growth of austenite grains and produce overall finer microstructures. One 

sample was water quenched after soaking to assess austenite morphology and size. Samples were then cooled at 

4 °C·s-1 to a temperature of 1100 °C and deformed -0.2 true strain. Next, samples were either: (i) held at 1100 °C for 

20 s, deformed -0.2 true strain again, held at 1100 °C for an additional 20 s, and finally water quenched; or 

(ii) cooled at 4 °C·s-1 to a temperature of 900 °C, deformed either -0.2 or -0.4 true strain, and finally water 

quenched. All deformation passes were performed at a strain rate of 1 s-1. Again, these temperatures were selected to 

be either above or below the estimated Tnr of approximately 1000 °C to develop equiaxed and pancaked austenite 

microstructures, respectively. Water quenching was accomplished using the same process described above. The 

process took approximately 8 s with 20 °C·s-1 cooling in the interim, and water quenching resulted in an average 

cooling rate of 290 ± 15 °C·s-1. The cooling before and during the water quenching are schematically represented by 

the dotted lines in Figure 3.4. Three prior austenite conditions were developed, designated: High T Deformation, 

Low T Deformation, and Low T (0.6) Deformation. This information is summarized in Table 3.3. It was expected 

that the strain accumulation of the developed prior austenite microstructures would increase in the written order 

above. After testing, samples were sectioned in half (parallel to the compression axis). Microstructural 

characterization was focused at the center (lengthwise) of the sample, approximately where the thermocouples were 

attached during testing. 

 

Figure 3.3     Schematic of the double-hit compression testing performed with the Gleeble® 3500 to verify the 

predicted Tnr and investigate the static recrystallization behavior of austenite. The Ti-Mo* alloy was investigated. 

Deformation occurred at 1100 and 900 °C with interpass times of 20 s. The dotted lines indicate when samples were 

water quenched. 
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Table 3.3 – Summary of Conditions Developed using Compression Testing to Vary the Amount of γ Strain Accumulation 

 

 

 

 

 

Condition Designation Thermomechanical Processing Description Target True Strain 

High T Deformation 
Soaked and deformed twice at 1100 °C 

with 20 s interpass times 
-0.40 

Low T Deformation 
Soaked, deformed at 1100 °C, 50 s cooling 

period, and deformed at 900 °C 
-0.40 

Low T (0.6) Deformation 
Soaked, deformed at 1100 °C, 50 s cooling 

period, and deformed at 900 °C 
-0.60 

 

3.2.2 Dynamic ISO-Q® Testing 

Dynamic ISO-Q® testing was used to extend the results of the previously described double-hit compression 

testing and added isothermal holding at various temperatures after austenite conditioning to transform the austenite 

below Ar1. Dynamic ISO-Q® samples were machined from the Ti-Mo alloy according to the schematic in 

Figure 3.5, where the rolling direction was parallel to their lengths. Accelerated cooling and final quenching were 

accomplished with the 10 mm ISO-Q® quench heads inserted into the hollow ends of the samples to directly quench 

the reduced gauge section from both ends. Argon gas was used as the quenchant for all tests. Figure 3.6 shows a 

photograph inside the chamber highlighting the dynamic ISO-Q® setup used during testing. Deformation was 

accomplished by threading jam nuts onto the machined shoulders of the sample and compressing with the copper 

grips. The temperature of each sample was monitored using a Type K thermocouple spot welded to its surface. Each 

thermocouple wire was insulated with a small section of ceramic tubing to prevent short-circuiting. Testing was 

performed under a protective environment of Ar gas according to the following procedure. First, the Gleeble® 3500 

chamber was cyclically pulled under a rough vacuum (~2.5 Torr) and vented using Ar gas. Next, starting from rough 

vacuum, Ar gas was slowly filled from the bottom of the chamber to produce an environment inside with an oxygen 

 

Figure 3.4     Schematic of the double-hit compression testing performed with the Gleeble® 3500 to develop (prior) 

austenite microstructures with different levels of strain accumulation. The Ti-Mo* alloy was investigated. 

Deformation occurred at 1100 and 900 °C. The dotted lines indicate when samples were water quenched. 
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partial pressure below 30 ppm. The oxygen partial pressure was monitored using a PurgEye® 200 oxygen sensor 

(generously donated by Huntingdon Fusion Techniques®). Finally, the chamber was continuously purged 

throughout testing to maintain an oxygen partial pressure below 30 ppm. This methodology proved successful in 

minimizing decarburization and oxidation of the sample surface. 

 

 

Figure 3.5     Schematic of the dynamic ISO-Q® samples tested with the Gleeble® 3500. Note the machined 

shoulders (where jam nuts are threaded), reduced gauge section, and hollow ends (where the quench heads are 

inserted). 

 

Figure 3.6     Photograph of the Gleeble® 3500 chamber highlighting the dynamic ISO-Q® setup. The ISO-Q® 

quench heads are inserted into the hollow ends of the sample to directly quench the reduced gauge section from both 

ends. 
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Figure 3.7 shows a schematic of the dynamic ISO-Q® testing schedule. The austenite conditioning was 

identical to the TMP described in Figure 3.4 and Table 3.3. However, the Low T (0.6) Deformation condition was 

not included. After austenite conditioning, samples were accelerated cooled at 50 °C·s-1 to an isothermal holding 

temperature of either 615, 650, or 700 °C. The lowest isothermal holding temperature of 615 °C was selected in 

order to be above the estimated Bs temperature of the Ti-Mo alloy (approximately 606 °C). After isothermal holding 

for a predetermined time, samples were quenched as rapidly as possible (65 ± 11 °C·s-1) to room temperature to stop 

any further austenite decomposition. Conditions that were produced via dynamic ISO-Q® testing were identified 

according to their respective austenite conditioning (Table 3.3) and isothermal holding treatment. After testing, the 

reduced gauge sections of the samples were sectioned in half (perpendicular to the compression axis). 

Microstructural characterization was focused within this center (lengthwise) plane, approximately where the 

thermocouples were attached during testing. 

 

3.2.3 Multipass Hot Torsion Testing 

Portions of this section are excerpts from work previously published [111] and are reproduced with 

permission from MDPI. Multipass hot torsion testing was used to simulate HSM processing and investigate the 

effects of extensive strain accumulation on austenite conditioning and subsequent microalloy precipitation in ferrite. 

Sub-sized torsion samples were machined from the Ti-Mo alloy according to the schematic in Figure 3.8, where the 

rolling direction was parallel to their lengths. Figure 3.9 shows a photograph inside the Hot Torsion Mobile 

Conversion Unit chamber, highlighting the setup used during testing. Both ends of the sample were restrained to 

avoid axial strains and keep the reduced gauge length constant during torsion testing. The Gleeble® 3500 was 

programmed to minimize axial stresses by adjusting the stroke arm. Axial stresses did not exceed ±10 MPa during 

testing. Helium gas was used as the quenchant for all tests and was directed from quench heads both in front and 

 

Figure 3.7     Schematic of the dynamic ISO-Q® testing performed with the Gleeble® 3500 to investigate austenite 
decomposition kinetics and associated microalloy precipitation behavior in ferrite. The Ti-Mo alloy was 

investigated. Deformation occurred at 1100 and 900 °C. 
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behind the sample. The torsion motor coupler within the Hot Torsion Mobile Conversion Unit was set for 20° free 

rotation, which allowed rapid acceleration of the torsion motor during deformation as well as a rapid reduction in 

torque on the sample during interpass times. Testing was performed under a protective environment of Ar gas 

according to the previously described procedure. 

The temperature of each sample was monitored at the mid-length of the reduced gauge section using a 

Process Sensors Corporation® Metis Model MQ11 optical pyrometer that was calibrated at 1100 °C prior to testing. 

The pyrometer is not reliable below ~700 °C, so it was used to control temperature during heating, soaking, and 

deformation. An alternative method was required to control temperature during the accelerated cooling and 

isothermal holding steps due to the relatively low temperatures employed [83 – 85]. Attaching a thermocouple to the 

fixed shoulder of the sample, where limited deformation occurs, and accounting for the temperature difference 

between the shoulder and mid-length of the reduced gauge section proved to be an efficient method for controlling 

temperatures below ~700 °C. Thus, a Type K thermocouple was spot welded to the surface of the sample roughly 

0.5 mm away from the fixed shoulder (as shown in Figure 3.9) for testing that included isothermal holding. Each 

thermocouple wire was insulated with a small section of ceramic tubing to prevent short-circuiting. An isothermal 

holding temperature of 650 °C was planned, and preliminary testing showed that an offset value of approximately 

18 °C (i.e. shoulder temperature of 632 °C) was appropriate to account for the temperature difference between the 

shoulder and reduced gauge section. 

 

 

Figure 3.8     Schematic of the sub-sized torsion samples tested with the Gleeble® 3500. Note the reduced gauge 

section and hollow ends. The hollow ends allow for a more consistent cross-sectional area throughout the entire 

sample and improve temperature uniformity during testing. Reproduced from [111] with permission from MDPI. 
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Microstructural gradients within samples undergoing torsion testing benefit from careful selection of a 

specific radial position since imposed shear strain (γ) varies with the radius of the reduced gauge section (r), 

according to: 

γ = 
r φ
L

 = tan(θ) (3.1) 

where φ is the angle of twist (in radians), L is the reduced gauge length of the sample, and θ is the inclination angle 

measured in the “tangential plane” (discussed further below [82, 83, 86]) of prior austenite grains and other 

microstructural features with respect to the torsional axis corresponding to the imposed shear strain in the absence of 

recrystallization or phase transformation. The radial position used in this work to determine deformation parameters 

during HSM processing simulations was the “effective radius”, which is positioned at 72.4 pct of the radial distance 

from the central axis [112]. Barraclough et al. [112] showed that this location well represents the bulk behavior for 

materials having a wide variety of strain rate sensitivities and/or strain hardening behaviors. 

The equations below were used to convert the pass-by-pass shear strains and strain rates into appropriate 

angles of twist and twisting times for simulation purposes, as well as convert the resulting torque to shear stress. The 

angle of twist for each pass was calculated according to: 

φ = 
γ L

0.724 r
 (3.2) 

and the twisting time (t) for each pass was calculated according to: 

t = 
γ
γ̇ (3.3) 

 

Figure 3.9     Photograph of the Gleeble® 3500 Hot Torsion Mobile Conversion Unit chamber highlighting the 

multipass hot torsion setup. The shoulder thermocouple was required to control temperature during accelerated 

cooling and isothermal holding. Reproduced from [111] with permission from MDPI. 
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where γ̇ is the shear strain rate. Barraclough et al. [112] developed an equation to convert torque (Γ) to shear 

stress (τ) at the effective radius, which assumes pure torsion and uniform shear strain along the length of the reduced 

gauge section: 

τ = 
3Γ

2π[(r2)3 − (r1)3]
 (3.4) 

where r2 is the outer surface radius and r1 is the inner surface radius. Finally, the shear stress and strain values were 

converted to equivalent true stress (σ�) and strain (ε̅) values by applying the Von Mises criterion: 

σ� = √3τ  (3.5) 

ε̅ = 
γ√3

 (3.6) 

and used to determine the mean flow stress (MFS) for each pass according to: 

MFS = 
1

ε̅b − ε̅a

 � σ�dε̅

ε̅b

ε̅a

 (3.7) 

where ε̅a and ε̅b are the initial and final equivalent true strains per pass, respectively. The integrals were solved using 

analytical solutions of logarithmic regressions of the data according to: 

� (a1ln(ε̅) + b1)dε̅

ε̅b

ε̅a

 = [(a1ε̅)ln(ε̅)− a1ε̅ + b1ε̅]
ε̅b

ε̅a

 (3.8) 

where a1 and b1 are constants. This approach assumes uniform constitutive mechanical properties of the material 

through the cross-section, which may not apply during hot-deformation. 

Table 3.4 summarizes the multipass hot torsion testing schedule applied to simulate hot-rolled sheet 

production. The testing parameters were developed after consideration of the literature [65, 66, 69, 72] and industrial 

processing [70, 102]. Samples were heated at 5 °C·s-1 to a soaking temperature of 1250 °C and held for 5 min to 

dissolve microalloy carbides. Rough rolling simulations consisted of four identical passes between 1240 and 

1150 °C, each with relatively long interpass times to promote static recrystallization of the austenite. Finish rolling 

simulations consisted of seven passes: either between 1150 and 1000 °C (designated as High T Finish) or between 

1050 and 900 °C (designated as Low T Finish). Note that the High T Finish or Low T Finish simulations include the 

identical rough rolling simulations. These temperature ranges were selected to be above or mostly below the 

estimated Tnr of approximately 1000 °C to develop (prior) austenite microstructures with drastically different strain 

accumulation prior to decomposition. The roughing-to-finishing delays were 30 and 100 s for the High T Finish and 

Low T Finish simulations, respectively. Short interpass times are typical during HSM processing, which promote 

austenite pancaking and possibly dynamic recrystallization of the austenite later during finish rolling [66, 69, 70]. 

Overall, the amounts of true strain imparted during rough and finish rolling simulations were about 1.6 and 2.4, 

respectively, totaling about 4.0. The cooling rate between all passes was kept constant at 5 °C·s-1 to ensure accurate 

temperature control. Additionally, relatively low target shear strain rates were utilized to ensure accuracy of the 

imparted shear strains. After the last finishing pass (F7), samples were either: (i) quenched as rapidly as possible 
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(~43 °C·s-1) to room temperature to investigate the prior austenite grain (PAG) size and morphology, or 

(ii) accelerated cooled at ~30 °C·s-1 to an isothermal holding temperature of 650 °C, held for 30 min, and finally 

quenched as rapidly as possible to room temperature to investigate microstructural development and microalloy 

precipitation in ferrite. 

Table 3.4 – Multipass Hot Torsion Testing Schedule to Simulate High T Finish* and Low T Finish** Processing 
 

Pass 

No. 
Temperature (°C) 

True 

Strain 

Shear 

Strain 

Twist 

Angle (rad) 

Shear Strain 

Rate (s-1) 
Interpass Time (s) 

R1 1240 0.40 0.80 4.42 5 20 

R2 1210 0.40 0.80 4.42 5 20 

R3 1180 0.40 0.80 4.42 5 20 

R4 1150 0.40 0.80 4.42 5 30* or 100** 

F1 1150* or 1050** 0.50 1.00 5.52 10 8 

F2 1110* or 1010** 0.50 1.00 5.52 10 8 

F3 1070* or 970** 0.40 0.80 4.42 10 6 

F4 1040* or 940** 0.40 0.80 4.42 10 4 

F5 1020* or 920** 0.30 0.60 3.31 10 2 

F6 1010* or 910** 0.20 0.40 2.21 10 2 

F7 1000* or 900** 0.10 0.20 1.10 10 Quench or Hold 

Previous research [82, 83, 86] has shown that a tangential cross-section is best for investigating prior 

austenite grain morphologies and quantifying the amount of shear strain that accumulated within the microstructure 

for samples tested via multipass hot torsion. This cross-sectional orientation is presented schematically in 

Figure 3.10. After testing, the reduced gauge section of samples was first sectioned in half (perpendicular to the 

torsional axis) to reveal the “thermal plane”. The thermal plane corresponds to the mid-length of the reduced gauge 

section, approximately where the optical pyrometer was aligned prior to testing. Then, each piece was mounted in 

Bakelite and precision ground to the radial position of interest using measurements of chord length to reveal the 

tangential plane. Chord length (a) is defined as: 

a = 2�r2 − d
2
 (3.9) 

where d is the perpendicular distance from the chord of the circle to its center. This equation can be solved for a 

given d, which is a fraction of r (e.g. 0.724r). Microstructural characterization was focused within the boxed region 

shown schematically in Figure 3.10. 

In addition to the effective radius, two other radial positions were selected to further investigate how strain 

influences austenite conditioning and microstructural development during HSM processing. Recall that shear strain 

varies with the radius of the reduced gauge section according to Equation 3.1. The target shear strain for the HSM 

processing simulations was 8.0 (true strain = 4.0), where the effective radius (0.724 radial position) was used to 

determine the deformation parameters. Radial positions of 0.50 and 0.90 were also selected to represent an extensive 

range of possible shear strain accumulation. The approximate shear strain for the 0.50 radial position is 5.52, which 

might represent processing of thicker gauge material, and the approximate shear strain for the 0.90 radial position is 

9.94, which might represent processing of thinner gauge material. All three radial positions were investigated using 

the tangential orientation for each condition produced via multipass hot torsion testing. 
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3.3 Static and Deformation Dilatometry 

Static dilatometry was accomplished using a TA-Instruments Type 805L dilatometer (performed at 

Colorado School of Mines), and deformation dilatometry was accomplished using a TA-Instruments Type 805D 

dilatometer (performed courtesy of thyssenkrupp Steel Europe AG). Both dilatometers were equipped with 

induction coils for rapid heating as well as fused SiO2 push rods and a linear variable differential transducer (LVDT) 

to measure (axial) dilation of the sample via contact. Axial strain during deformation dilatometry was controlled via 

dilation (i.e. length) measurements. The temperature was monitored using Type S thermocouples spot welded to the 

surface of the sample, and testing was performed in a vacuum environment. Accelerated cooling and quenching 

were accomplished with Ar or He gas (depending on their availability). Cylindrical samples were machined from the 

Ti-Mo alloy, where the rolling direction was parallel to their lengths. The samples had lengths of 10 mm (static 

testing) or 9 mm (deformation testing) and diameters of 4 mm. 

A TTT diagram was constructed to evaluate transformation kinetics in the absence of deformation. Samples 

were heated at 20 °C·s-1 to a soaking temperature of 1115 °C and held for 2 min. The relatively low soaking 

temperature and short soaking time were used to minimize austenite grain growth and promote polygonal ferrite 

formation during isothermal holding. Austenitized samples were cooled at 15 °C·s-1 to an isothermal holding 

temperature of either 550, 600, 625, 650, 675, or 700 °C and held for 60 min. After isothermal holding, samples 

were quenched as rapidly as possible (greater than 55 °C·s-1) to room temperature to stop any further austenite 

decomposition. The cylindrical samples were sectioned in half (lengthwise) after testing. Microstructural 

characterization was focused within this center (lengthwise) plane, approximately where the thermocouples were 

attached during testing. 

 

 

Figure 3.10     Schematic of the tangential orientation (evaluated at some radial position, r*) of samples tested via 

multipass hot torsion. The shaded region represents the tangential plane of interest, and the boxed region represents 

the approximate location of microstructural characterization. Reproduced from [111] with permission from MDPI. 
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Thermomechanical processing used for deformation dilatometry was identical to that used for dynamic 

ISO-Q® testing (refer to Figure 3.7 in Section 3.2.2). Additionally, No-Deformation (static) simulations were 

performed, which followed the same thermal profile as Low T Deformation simulations but without any 

deformation. After austenite conditioning, samples were isothermally transformed at 615, 650, or 700 °C for 

120 min and then quenched as rapidly as possible (97 ± 4 °C·s-1) to room temperature to stop any further austenite 

decomposition. The cylindrical samples were sectioned in half (perpendicular to the compression axis) after testing. 

Microstructural characterization was focused within this center (lengthwise) plane, approximately where the 

thermocouples were attached during testing. 

Critical transformation temperatures (e.g. Ac3 and Ms) were defined by the temperature at which the linear 

thermal expansion or contraction deviated from linearity by 2.5x10-5 engineering strain or greater, e.g. 0.25 μm or 

greater for the 10 mm sample length. The threshold was selected to be about five times the resolution of the 

instrument (approximately 50 nm). This was accomplished by first generating a linear regression of the dilation data 

25 °C or greater away from the corresponding maximum/minimum in the data. Next, the absolute value of the 

difference between the linear regression and dilation data (i.e. absolute difference) was determined and plotted as a 

function of temperature. Finally, the temperature at which the absolute difference was 2.5x10-5 engineering strain or 

greater was defined as the respective critical transformation temperature. Figure 3.11 provides an example of this 

methodology, where the Ac3 critical transformation temperature during heating was estimated to be about 888 °C. 

 

 

 

 

Figure 3.11     Example of the linear extrapolation method used to determine critical transformation temperatures via 

dilatometry: (a) dilation as a function of temperature during heating, where the dotted line represents the linear fit 

equation, and (b) absolute difference as a function of temperature, where the intersection of the data with the dotted 

line defines the Ac3 critical transformation temperature. 
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The ferrite phase fraction as a function of isothermal holding time for each transformation temperature was 

determined according to the following procedure. First, the dilation data during the isothermal hold were adjusted to 

start from zero at the beginning of the isothermal holding period. Next, the data were normalized by the maximum 

(adjusted) dilation value attained during the isothermal hold. Finally, the data were multiplied by the final ferrite 

phase fraction determined via light optical microscopy (LOM) micrographs and an image thresholding procedure 

(refer to Section 3.5.3). The ferrite phase fraction as a function of isothermal holding time data for select conditions 

were fit to the Johnson-Mehl-Avrami-Kolmogorov (JMAK) equation to better understand polygonal ferrite 

transformation kinetics after various austenite conditioning simulations. The JMAK equation is given as: 

ζ = 1− exp(− ktn)   (3.10) 

where ζ is the transformed phase fraction, k is related to the magnitudes of the nucleation and growth rates 

(temperature dependent), t is the isothermal holding time, and n is related to the nucleation conditions and shape of 

the growing nucleus [113]. Note that the nucleation and growth rates are assumed to be constant. An assumed 

integer value for the kinetic parameter n was varied between 1 – 3, and k was determined using a “goal seek” 

function which maximized the coefficient of determination (R2) value for the JMAK fit equation. The combination 

of kinetic parameters n and k that produced the highest R2 value for the JMAK fit equation was used for analysis. 

Figure 3.12 shows an example of fitting the JMAK equation to dilation data collected during isothermal holding. 

 

3.4 Investigation of Tested HER Samples 

Tested HER samples were provided by an ASPPRC industrial sponsor to relate microstructure and 

precipitation behavior with hole-expansion performance. The samples were industrially produced, hot-rolled 

material very similar to NANOHITENTM (low-carbon, ferritic steel with microalloy additions of Ti and Mo) [3] with 

intermediate (I) or high (H) HER values. A total of four samples were provided from two different hot-rolled coils 

 

Figure 3.12     Example of fitting the JMAK equation to dilation data collected during isothermal holding. The solid 

line was determined from the dilation data, and the dotted line is the JMAK equation fit assuming n = 2 and 

k = 3.03x10-6 (R2 = 0.989). 
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(one intermediate and high sample from each). The samples had a nominal thickness of 2 mm and were taken from 

the mid-length of the hot-rolled coils. They were tested according to ISO Standard 16630 [94], with punched holes. 

Table 3.5 provides the measured HER value as well as additional information about each sample. It is important to 

note that samples I1 and H1 (same for I2 and H2) were taken from the same respective hot-rolled coil but at 

different locations along its width. Part of the investigation was to understand and/or explain the large variation in 

hole-expansion performance between samples taken from the same hot-rolled coil. 

Table 3.5 – Provided Information for Tested HER Samples 

 

 

 

 

Sample HER (pct) Location along Width of Coil Coil No. 

Intermediate 
I1 54 Quarter 1 

I2 63 Quarter 2 

High 
H1 97 Quarter 1 

H2 101 Middle 2 

All tested HER samples contained through-thickness cracks parallel to the rolling direction at the 

sheared-edge after hole-expansion testing. Uniaxial tension testing using transverse tensile specimens was 

performed to: (i) compare additional mechanical properties and (ii) compare longitudinal cracking behavior between 

the samples with intermediate and high hole-expansion performance. Sections were cut from the tested HER sample 

blanks according to the schematic illustration given in Figure 3.13, where a vertical bandsaw was used to minimize 

contamination from cooling liquid contacting the fracture surface of the expanded-hole. The two longer sections 

were used to machine ASTM E8 sub-sized tensile specimens [114] via wire electrical discharge machining. The 

smaller section was used for microstructural characterization. Uniaxial tension testing was performed according to 

ASTM E8 standards [114] using an MTS Alliance RT100 electromechanical load frame with a 20 kip load capacity. 

The crosshead displacement rate was 0.381 mm/min (0.015 in/min), producing an engineering strain rate of 

approximately 2.5x10-4 s-1. A 25.4 mm (1 in) Shepic extensometer, calibrated at 7.62 mm (0.3 in), was used to 

collect the displacement data during testing. Two tensile specimens were tested from each HER sample blank. 

 

3.5 Microscopy Techniques 

 Microscopy techniques such as light optical microscopy, scanning electron microscopy, and electron 

backscatter diffraction were used to characterize the overall microstructure of samples produced either through 

laboratory thermomechanical processing simulations or industrial processing. Fractography of tested hole-expansion 

and uniaxial tensile specimens was performed using macro photography and scanning electron microscopy. 

Stereological analysis methods of overall microstructures are described, and these were used to determine grain size, 

grain aspect ratio, inclination angle of microstructural features, constituent phase fraction, and inclusion 

characteristics. Next, an electron backscatter diffraction methodology was utilized to characterize the orientation 

relationship between ferrite and neighboring austenite (martensite) regions. This methodology facilitated the 

identification of specific regions for detailed microalloy precipitation analysis. Finally, transmission electron 

microscopy was used to characterize nanometer-scale precipitation within ferrite. 
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3.5.1 Metallography 

Samples for microscopic evaluation were sectioned, mounted in Bakelite, and prepared using standard 

metallographic procedures. Samples were etched with either a 2 pct nital or modified Béchet–Beaujard 

reagent [79, 110] using intervals of 10 s. The 2 pct nital reagent was used to reveal general microstructural features 

(e.g. ferrite grain boundaries, martensitic laths, and secondary phase constituents). The modified Béchet–Beaujard 

reagent was used to reveal prior austenite grain boundaries and consisted of 200 mL of deionized water, 2.6 g of 

picric acid solids, 8 mL of Teepol (wetting agent), and 2 mL of hydrochloric acid. This reagent was heated to 65 °C 

on a temperature controlled hot plate equipped with a thermocouple feedback and stirred with a magnetic stir rod 

throughout the etching process. After each interval of etching with the modified Béchet–Beaujard reagent, samples 

were immersed in a methanol bath, ultrasonicated, and dried with a heat gun. 

 

3.5.2 Overall Microstructure Characterization 

General imaging of microstructures was accomplished using LOM and scanning electron microscopy 

(SEM), where the micrographs were used to determine average grain size, phase area fraction, inclusion shape, etc. 

LOM was performed with a LECO® Olympus Model PMG3 inverted light microscope with a PAXcam Model 

PX-CM digital camera and PAX-it! image analysis software. SEM was performed with a JEOL® JSM-7000F field 

emission instrument operated at an accelerating voltage of 20 keV and a working distance of 10 mm. Micrographs 

were taken using secondary electron imaging (SEI) mode. Energy dispersive X-ray spectroscopy (EDS) was 

conducted with an EDAX® Octane Pro silicon drift detector and analyzed with the TEAMTM software. 

 

 

Figure 3.13     Schematic illustration showing where uniaxial tensile specimens and coupons for microstructural 

characterization were machined from the tested HER sample blanks. The dashed lines indicate approximate 

locations where sections were cut. 



50 

 

Electron backscatter diffraction analysis was performed with either a JEOL® JSM-7000F field emission 

SEM or Thermo ScientificTM Helios 600i dual-beam SEM/focused ion beam (FIB) instrument. Prior to EBSD 

analysis, samples were metallographically prepared and vibratory polished for at least 4 h using 0.02 μm colloidal 

silica solution. EBSD scans were performed at an accelerating voltage of 20 keV, step size of 0.1 – 0.5 μm, and 

working distance of 15 – 18 mm. EBSD data were collected with an EDAX© Hikari Pro detector using the 

TEAMTM software on both instruments, and the data sets were analyzed with the Orientation Imaging Microscopy 

Analysis© software. EBSD data sets of predominantly polygonal ferrite microstructures were cleaned using the 

following functions: Neighbor Orientation Correction (Level 3, Tolerance 5.0, Minimum Confidence Index (CI) 

0.10); Grain CI Standardization (Tolerance 5.0, Minimum Size 3, Multi Row 1); and Neighbor CI Correlation 

(Minimum CI 0.30, Single Iteration). EBSD data sets of mixed microstructures containing polygonal ferrite and 

martensite were not cleaned. 

Fractography was performed via macro photography and SEM to obtain the best depth-of-field possible. 

Macro photography was performed with a Nikon® D70 digital camera equipped with a Nikon® PB-6 bellows 

focusing attachment, Nikon® SB-800 autofocus flash, and Nikon® 50 mm f/1.4 NIKKOR-S Auto lens. SEM was 

performed with a FEI® Quanta 600i environmental instrument operated at 20 keV and a working distance of 

10 mm. Micrographs were taken using SEI mode. 

 

3.5.3 Stereological Analysis of Microstructure 

Polygonal ferrite grain size was determined with either the concentric circle or linear intercept 

methods [115] utilizing the ImageJ software (open-source). The concentric circle intercept method was used for 

homogeneous microstructures, while the linear intercept method was used for heterogeneous (e.g. banded) 

microstructures in order to measure only the ferrite grain boundaries. Prior austenite grain size was determined with 

the concentric circle intercept method. Note that prior austenitic twins were observed within some prior austenite 

grains, but these were not considered in the prior austenite grain size measurements. The intercepts of the 

circles/lines with the grain boundaries were counted, and the average intercept length was calculated and reported as 

the average grain size. At least 1000 or 500 grain boundary intercepts were counted for each condition using either 

the concentric circle or linear intercept methods, respectively, to determine a representative grain size. 

Aspect ratios of prior austenite grains were determined by measuring the major and minor axes of 

individual grains (assuming an elliptical shape) with the ImageJ software and calculating their ratios. Inclination 

angles of prior austenite grains with respect to the torsional axis were measured with the ImageJ software and used 

to quantify the amount of shear strain that accumulated within the (prior) austenite microstructures using a 

previously described metallographic technique [81] (refer to Section 2.6.2). A total of 100 or more prior austenite 

grains were measured for each condition to determine a representative aspect ratio and inclination angle. 

The ImageJ software was also used to determine the area fraction of constituent phases in mixed 

microstructures using an image thresholding procedure. This procedure was employed because of the distinct 

difference in etching response of the polygonal ferrite (carbon depleted) and secondary phase constituents (carbon 

rich) with 2 pct nital. First, LOM micrographs were thresholded from grayscale images to black-and-white images 
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using a grayscale value range that best captured the secondary phase constituents but without capturing polygonal 

ferrite grain boundaries. After thresholding, pixels in the desired grayscale value range were transformed to white 

pixels (representing the secondary phase constituents), while all other pixels were transformed to black pixels 

(representing polygonal ferrite). Figure 3.14 provides an example of the thresholding process. Finally, the ratios of 

the number of white or black pixels to the total number of pixels were used to determine the secondary phase 

constituent or polygonal ferrite area fractions, respectively. This procedure was repeated at five or more different 

areas of the microstructure for each condition to determine representative area fractions. 

The ImageJ software was also used to quantify the presence of visible inclusions in samples according to 

the following procedure. First, LOM micrographs of as-polished samples were thresholded from grayscale images to 

black-and-white images using a grayscale value range that best captured the observed inclusions but minimized 

interference from imperfections on the polished surface. After thresholding, pixels representing inclusions were 

transformed to white pixels while all other pixels were transformed to black pixels. Finally, the “Analyze Particle” 

function within the software was used to identify and measure the inclusions from the black-and-white image. Note 

that inclusions observed on the edges of images or smaller than 3.0 µm2 were not included in the analysis. 

Figure 3.15 provides an example of the thresholding and “Analyze Particle” processes. This procedure was repeated 

for eight or more different areas of the microstructure for each condition to determine representative values. 

 

3.5.4 Characterizing the Local Austenite (Martensite)/Ferrite Orientation Relationship 

An example of the methodology developed by Miyamoto et al. [45, 62] to assess local ferrite and 

neighboring austenite (martensite) OR is provided below (refer to Section 2.4.2). This methodology provided a 

qualitative way of identifying polygonal ferrite grains believed most likely to exhibit IP [33, 39, 45, 61]. First, body-

centered cubic (BCC) grain orientation and image quality (IQ) maps are collected from a region containing both 

ferrite and martensite. Second, pole figures of {001}BCC are used to compare the orientations of the ferrite grains 

 

Figure 3.14     Example of the image thresholding procedure used to determine the area fraction of constituent 

phases in mixed microstructures: (a) original LOM micrograph, where light etched regions represent ferrite and dark 

etched regions represent secondary phase constituents, and (b) processed image, where black pixels represent 

polygonal ferrite and white pixels represent secondary phase constituents. 
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with the neighboring martensite regions. Because martensite holds nearly the K-S OR with austenite, {001}BCC pole 

figures of martensite exhibit a characteristic pattern related to its austenite parent orientation (hereafter called the 

K-S pattern) based on the 24 possible variants. The characteristic K-S pattern is exemplified in Figure 3.16 [110]. 

Figure 3.16(a) shows the ideal K-S pattern simulated using a Mathematica® 9.0 program for a (001)[010] oriented 

austenite crystal and corresponding martensite. Figure 3.16(b) shows the K-S pattern experimentally obtained via 

EBSD analysis of an individual, large prior austenite grain from an as-quenched, martensitic microstructure of a Nb 

microalloyed, low-carbon steel. If a selected ferrite grain holds a near-K-S OR with the neighboring austenite 

(martensite) region, then the ferrite orientation will coincide with part of the observed K-S pattern. 

Figure 3.17 shows IQ and grain (5° threshold) maps obtained via EBSD analysis of a Ti-Mo-V 

microalloyed, low-carbon steel that was cyclically austenitized and isothermally transformed at 650 °C for 60 min. 

Multiple polygonal ferrite grains are adjacent to regions of austenite that transformed to martensite (α’) upon 

quenching. BCC orientation data were collected from all regions and compared as {001}BCC pole figures. 

Figure 3.18(a) shows the {001}BCC pole figure obtained from the γ2 (α’2) region in Figure 3.17(b), and it resembled 

 

Figure 3.15     Example of the image thresholding and “Analyze Particle” procedure used to quantify the presence of 

inclusions in samples: (a) original LOM micrograph of the as-polished sample, (b) processed image where white 

pixels represent inclusions, and (c) processed image after the “Analyze Particle” function identified and measured 

inclusions. 



53 

 

the K-S pattern quite closely. The orientations of the α1, α3, and α4 grains are overlaid in Figure 3.18(b) for 

comparison. Qualitatively, α1 and α3 exhibited non-K-S ORs, while α4 exhibited a near-K-S OR with respect to the 

adjacent γ2 (α’2) region. Specimens for TEM analysis were constructed from γ (α’)/α regions that exhibited non-K-S 

ORs (i.e. containing incoherent γ/α interfaces) since they were believed most likely to exhibit IP [33, 39, 45, 61]. 

 

 

Figure 3.16     Comparison of {001}BCC pole figures obtained from (a) simulations of all 24 variants of the ideal K-S 

OR for a (001)[010] austenite orientation using a Mathematica® 9.0 program and (b) experimental EBSD analysis 
of an individual, large prior austenite grain from an as-quenched, martensitic microstructure of a low-carbon, Nb 

microalloyed steel. Reproduced (modified) from [110] with permission from Dr. Shane Kennett. 

 

Figure 3.17     (a) IQ map and (b) grain (5° threshold) map obtained via EBSD analysis of a Ti-Mo-V microalloyed, 

low-carbon steel that was cyclically austenitized and isothermally transformed at 650 °C for 60 min. Multiple 

polygonal ferrite grains, adjacent to regions of martensite, were identified to assess local austenite 

(martensite)/ferrite OR. 
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3.5.5 Nanometer-Scale Precipitate Characterization 

 Specimens for TEM analysis were prepared with a Thermo ScientificTM Helios 600i dual-beam SEM/FIB 

instrument using a lift-out methodology [110]. The gallium ion beam was operated at 30 keV and a range of currents 

(80 pA – 21 nA) during platinum deposition, milling, and initial thinning processes. Final thinning to approximately 

100 nm was performed at 2 keV and 0.19 nA. Lift-out specimens avoid significant magnetic effects during TEM 

analysis due to their relatively small volume compared to conventional thin foils. Further, this methodology allowed 

for site-specific analysis of microalloy precipitation.  

Lift-out specimens were constructed at three types of locations: (i) random regions of polygonal ferrite, 

(ii) polygonal ferrite grains that exhibited a near [001]α grain normal, and (iii) regions of polygonal ferrite/austenite 

(martensite) that exhibited a non-K-S OR. For location type (ii), EBSD analysis was conducted prior to specimen 

construction to generate inverse pole figure (IPF) maps of polygonal ferrite regions. Polygonal ferrite grains with a 

near [001]α grain normal were selected, and {001}BCC pole figures were generated to determine the orientations of 

lift-out specimens. This methodology was used to capture polygonal ferrite grains with a near [001]α zone axis, 

which facilitated SAED analysis and CDF imaging of microalloy precipitates exhibiting the B-N OR (refer to 

Section 2.4.1). For location type (iii), EBSD analysis was conducted prior to specimen construction according to the 

methodology described in Section 3.5.4. Location type (iii) was used to capture γ (martensite)/α regions with 

incoherent γ/α interfaces believed most likely to exhibit IP, which facilitated the investigation of IP sheets parallel to 

the interphase boundary. 

Transmission electron microscopy was performed with a Thermo ScientificTM Talos F200X instrument 

equipped with a field emission gun (FEG) operated at 200 keV (performed at Colorado School of Mines) and a 

Thermo ScientificTM Titan Themis instrument equipped with a FEG operated at 300 keV (performed courtesy of 

Dr. Sadegh Yazdi at University of Colorado Boulder). A double tilt specimen holder was used for TEM analysis, 

and all images and diffraction patterns were digitally recorded using a Thermo ScientificTM Ceta 4k x 4k 

CMOS-based camera. The ImageJ software was used to determine size (length), number density, and IP sheet 

 

Figure 3.18     {001}BCC pole figures of (a) only the γ2 (α’2) region and (b) γ2 (α’2) region with the orientations of the 

α1, α3, and α4 grains overlaid for comparison. Note that the regions correspond to those shown in Figure 3.17. 
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spacing (where applicable) of nanometer-scale precipitates using CDF images. At least 100 precipitates were 

measured for each condition to determine a representative size, and at least three different regions were investigated 

for each condition to determine a representative number density. 

 

3.6 Vickers Microhardness 

Samples were metallographically prepared and lightly etched with 2 pct nital prior to Vickers 

microhardness testing in order to relate microhardness to microstructural features. Vickers microhardness testing 

was performed with a LECO® LM110 hardness tester according to ASTM Standard E384 [116]. Different 

indentation loads were used to determine different relative microhardness values. Indentation loads of 100 g were 

used to determine “bulk” microhardness values for constituent phases. Indentation loads of 10 g were used to 

determine microhardness values of the polygonal ferrite matrix, where measurements were focused on the interior of 

individual ferrite grains (away from their surrounding grain boundaries). This type of testing minimizes, but does 

not eliminate, the influence of grain boundary strengthening on microhardness. The microhardness values 

determined for “individual” ferrite grains were used to highlight possible differences in precipitation strengthening 

of the ferrite matrix between conditions. Additionally, indentation loads of 10 g were used to evaluate small regions 

of secondary phase constituents within mostly polygonal ferrite microstructures. Microhardness indent dimensions 

were measured manually using LOM micrographs and the ImageJ software. Microhardness values obtained with 

indentation loads of 10 g were used for comparison only, recognizing that very low indentation loads often lead to 

consistently higher microhardness values [47]. 
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CHAPTER FOUR 

RESULTS AND DISCUSSION 

 

This chapter presents the experimental results, which are discussed with the goal of developing 

microstructures and precipitation behaviors that maximize both strength and stretch-flange formability in 

low-carbon, Ti-Mo microalloyed steels. The influence of austenite decomposition kinetics on polygonal ferrite 

formation and microalloy precipitation behavior is discussed with respect to austenite strain accumulation before 

decomposition. The amount of austenite strain accumulation during multipass hot torsion testing was quantified 

using a metallographic technique and related to microstructural development and microalloy precipitation behavior. 

Finally, hole-expansion performance differences in similarly processed industrial material are discussed in terms of 

fractography, uniaxial tensile properties, microstructure, and microalloy precipitation behavior. The overall goal of 

this work was to better understand the influence of austenite strain accumulation before decomposition on γ → α 

transformation kinetics, microstructural development, and interphase precipitation within polygonal ferrite. 

 

4.1 Influence of Austenite Decomposition Kinetics on Microalloy Precipitation Behavior 

 Austenite decomposition behavior was initially investigated without deformation during isothermal 

holding. Next, (prior) austenite microstructures were developed with different levels of strain accumulation using 

double-hit compression testing. These (prior) austenite microstructures were the focus of subsequent deformation 

dilatometry and dynamic ISO-Q® testing, where equivalent microstructures were developed followed by isothermal 

holding at various temperatures to investigate γ → α kinetics. Finally, the austenite decomposition behavior was 

evaluated and related to microalloy precipitation characteristics. 

 

4.1.1 Austenite Decomposition Behavior without Deformation 

Static dilatometry was performed to understand γ → α transformation behavior during isothermal holding 

without the influence of austenite conditioning. The Ti-Mo alloy was used for these experiments. Since austenite 

conditioning was not performed prior to isothermal transformation, relatively low soaking temperature and short 

soaking time (1115 °C for 2 min) were used to restrict austenite grain growth and promote polygonal ferrite 

formation during austenite decomposition. Most of the Mo was expected to be in austenitic solid solution before 

isothermal holding due to: (i) low equilibrium dissolution temperature of Mo2C in austenite [109] and (ii) low 

solubility of Mo in TiC precipitates. Further, most of the Mn was also expected to be in austenitic solid solution 

before isothermal holding due to: (i) low levels of sulfur (S) and (ii) possible formation of titanium carbosulfides 

(Ti4C2S2), which can form at higher temperatures than MnS. However, the soaking treatment was not expected to 

substantially dissolve existing TiN or fully dissolve TiC precipitates. Isothermal holding was performed between 

550 and 700 °C for 60 min after soaking, and Figure 4.1 provides LOM micrographs of the isothermally transformed 

microstructures after a 2 pct nital etch. During continuous cooling to the isothermal transformation temperature of 

550 °C, mostly granular bainite formed below approximately 590 °C (Figure 4.1(a)). The formation of granular  
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Figure 4.1     LOM micrographs of microstructures produced via isothermal holding at (a) 550 °C, (b) 600 °C, 

(c) 625 °C, (d) 650 °C, (e) 675 °C, and (f) 700 °C for 60 min after soaking at 1115 °C for 2 min. The Ti-Mo alloy 

was investigated. Higher magnification micrographs are shown in (a) and (b), and lower magnification micrographs 

are shown in (c) through (f). The rolling direction is perpendicular to the page. Etched with 2 pct nital. 
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bainite during continuous cooling (rather than isothermal holding) was indicated by a large expansion and rise in 

temperature (i.e. exothermic reaction occurred) below approximately 590 °C. Isothermal transformation between 

600 and 700 °C resulted in mostly polygonal ferrite microstructures, and some martensite formed (from 

untransformed austenite) during the final quench (Figures 4.1(b) – (f)). Note the refinement in polygonal ferrite 

grain size from isothermal holding at 600 °C (Figure 4.1(b), higher magnification micrograph) compared to 

isothermal holding between 625 and 700 °C (Figures 4.1(c) – (f), lower magnification micrographs). The dilation 

data collected during isothermal holding between 600 and 700 °C were used to compare austenite-to-polygonal 

ferrite transformation kinetics with respect to transformation temperature. The dilation data collected during 

isothermal holding at 550 °C were not included in the analysis due to the lack of polygonal ferrite formation. 

Figure 4.2 provides a comparison of the austenite-to-polygonal ferrite transformation kinetics during 

isothermal holding between 600 and 700 °C. Data for the complete isothermal holding period are provided in 

Figure 4.2(a), and data highlighting the early transformation behaviors are provided in Figure 4.2(b). Transformation 

temperature had a clear effect on the early formation of polygonal ferrite. Isothermal holding at 600 °C resulted in 

rapid formation of polygonal ferrite during the initial stages of transformation, where 0.1 ferrite phase fraction was 

obtained after approximately 50 s. Isothermal holding at 625, 675, and 700 °C also resulted in accelerated initial 

formation of polygonal ferrite, where 0.1 ferrite phase fraction was obtained after approximately 130 – 180 s. 

However, the initial formation of polygonal ferrite was highly retarded at an isothermal holding temperature of 

650 °C, where 0.1 ferrite phase fraction was obtained after approximately 350 s. Similar trends in the initial 

formation of polygonal ferrite behavior with respect to transformation temperature were observed during the 

continued formation of ferrite. A ferrite phase fraction of 0.3 was obtained after approximately 200 – 320 s of 

isothermal holding at 600, 675, and 700 °C, and approximately 570 s of isothermal holding at 650 °C was required 

to obtain the same amount of polygonal ferrite. However, the formation of polygonal ferrite from 0.1 to 0.3 ferrite 

phase fraction during isothermal holding at 625 °C was retarded, such that 0.3 ferrite phase fraction was obtained 

after approximately 510 s. The retardation of polygonal ferrite formation kinetics during the early stages of 

isothermal transformation at 625 and 650 °C is discussed below. 

Figure 4.3 shows a TTT diagram constructed from the dilatometry results presented in Figure 4.2. The TTT 

results are not plotted below 600 °C due to the formation of granular bainite below this temperature. Interestingly, a 

“kinetic bay” was observed at about 650 °C for the initiation of γ → α transformation. This behavior has been 

reported previously in Mo-containing steels and was attributed to a substitutional solute drag effect on γ/α interfaces 

becoming relatively large compared to the driving force for polygonal ferrite growth [40, 41, 56] (discussed in 

greater detail in Section 2.3.3). Note that Mn may have a similar substitutional solute drag effect on γ/α interfaces as 

Mo [41, 42, 56], which could be important considering the relatively large amount of Mn within the experimental 

alloys (approximately 1.9 wt pct). An “upper nose” is found at higher transformation temperatures, and the initiation 

of γ → α transformation is retarded at intermediate transformation temperatures. A minimum in the rate of 

polygonal ferrite formation occurred at approximately 625 to 650 °C during the early stages of isothermal 

transformation (i.e. 0 to 0.5 ferrite phase fraction). The observation of a “kinetic bay” during isothermal 

transformation at about 650 °C was interpreted as evidence for a substitutional solute drag effect on γ/α interfaces in  
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Figure 4.2     Comparison of the austenite-to-polygonal ferrite transformation kinetics determined by dilatometry 

after soaking at 1115 °C for 2 min followed by isothermal holding between 600 and 700 °C for 60 min: (a) data for 

the complete isothermal holding period and (b) data highlighting the early transformation behaviors. The Ti-Mo 

alloy was investigated. 

 

Figure 4.3     TTT diagram constructed for the Ti-Mo alloy. Samples were soaked at 1115 °C for 2 min followed by 

isothermal holding between 600 and 700 °C for 60 min. 
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the experimental alloys. Nucleation of interphase precipitates during γ → α transformation is reported to be aided by 

the substitutional solute drag effect due to: (i) the greater concentrations of carbide-forming, substitutional solutes 

(e.g. Mo) available at the γ/α interfaces (incorporated by the advancing interfaces during transformation) and (ii) the 

reduced mobility of the γ/α interfaces [38, 42]. Therefore, specimens constructed for TEM analysis were selected 

from polygonal ferrite microstructures isothermally transformed at 650 °C where the formation of interphase 

precipitation should be promoted. 

 

4.1.2 Developing (Prior) Austenite Microstructures with Different Strain Accumulation 

Double-hit compression testing was performed initially to verify the predicted Tnr value of approximately 

1000 °C and investigate the static recrystallization behavior of austenite. The Ti-Mo* alloy was used for these 

experiments. The soaking treatment (1250 °C for 10 min) was expected to dissolve most of the existing TiC 

precipitates, so most of the Ti, Mo, and C were expected to be in austenitic solid solution before deformation. 

Figure 4.4(a) shows the flow curves obtained at 1100 °C with an interpass time of 20 s. The flow curves were quite 

similar with approximately the same peak flow stress of 105 MPa. The fractional softening was determined to be 

97.5 pct. Figure 4.4(b) shows the flow curves obtained at 900 °C with an interpass time of 20 s. The first flow curve 

rapidly rose to a peak flow stress of 175 MPa, and the second flow curve was close to an extrapolation of the first. 

The fractional softening was determined to be 13.5 pct.  

 Figure 4.5 shows LOM micrographs of the double-hit compression samples etched with a modified 

Béchet–Beaujard reagent. The sample that was only soaked and did not experience any deformation had a very large 

PAG size of 372 ± 97 μm, as shown in Figure 4.5(a), due to the high soaking temperature employed. The prior 

austenite grains were relatively equiaxed with an aspect ratio of 1.3 ± 0.1. Deformation at 1100 °C resulted in major 

refinement of the PAG size to 63 ± 5 μm, as shown in Figure 4.5(b). The prior austenite grains were also relatively 

 

Figure 4.4     Flow curves generated from double-hit compression tests performed at (a) 1100 °C and (b) 900 °C 

with an interpass time of 20 s. The Ti-Mo* alloy was investigated. 
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equiaxed with an aspect ratio of 1.3 ± 0.2. Nearly complete austenite static recrystallization occurred during the 

interpass holds at 1100 °C, which indicated that this temperature was above the Tnr. Deformation at 900 °C resulted 

in a PAG size of 307 ± 55 μm, as shown in Figure 4.5(c). The prior austenite grains were pancaked with an aspect 

ratio ranging between 1.3 – 3.6 and average of 2.3 ± 0.7. Little austenite static recrystallization occurred during the 

interpass holds at 900 °C, which indicated that this temperature was below the Tnr. These results verified that 900 °C 

is below the Tnr for the experimental alloys, which is consistent with the Tnr prediction of approximately 1000 °C. 

Double-hit compression testing was then performed to develop additional (prior) austenite microstructures 

with different levels of strain accumulation. The Ti-Mo* alloy was used for these experiments. The shorter soaking 

time (5 min at 1250 °C) was used in an attempt to minimize austenite grain size and develop overall finer 

microstructures. Most of the Ti, Mo, and C were still expected to be in austenitic solid solution before deformation. 

Table 4.1 summarizes the (prior) austenite conditions that were developed with different levels of strain 

accumulation, and Figure 4.6 shows the flow curves generated from these double-hit compression tests. 

 

 

Figure 4.5     LOM micrographs of the prior austenite microstructures developed via (a) soaking at 1250 °C for 

10 min, (b) double-hit compression at 1100 °C, and (c) double-hit compression at 900 °C. The Ti-Mo* alloy was 

investigated. The compression axis is horizontal to the page. Etched with a modified Béchet–Beaujard reagent. 
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Table 4.1 – Summary of (Prior) Austenite Conditions Developed with Different Strain Accumulation 

 

 

 

 
 

Simulation Designation Thermomechanical Processing Description Actual True Strain 

High T Deformation 
Soaked and deformed twice at 1100 °C 

with 20 s interpass times 
-0.44 

Low T Deformation 
Soaked, deformed at 1100 °C, 50 s cooling 

period, and deformed at 900 °C 
-0.40 

Low T (0.6) Deformation 
Soaked, deformed at 1100 °C, 50 s cooling 

period, and deformed at 900 °C 
-0.63 

 

Total true strain targets of -0.40 (-0.20 first and second deformation pass) and -0.60 (-0.20 first deformation 

pass and -0.40 second deformation pass) were planned for these tests. In order to achieve these targets, however, 

greater true strain per pass needed to be programmed into the Gleeble® 3500 system. Two deformation passes 

of -0.23 true strain (programmed total of -0.46) were used to obtain an actual true strain of approximately -0.40, 

while one deformation pass of -0.23 true strain and another of -0.50 true strain (programmed total of -0.73) were 

used to obtain an actual true strain of approximately -0.60. The flow curves in Figure 4.6 show total applied true 

strains of approximately -0.48, -0.46, and -0.72 for the High T Deformation, Low T Deformation, and Low T (0.6) 

Deformation conditions, respectively. However, the actual true strains are shown in Table 4.1. The programmed true 

strains are controlled by the position of the stroke arm for this type of Gleeble® 3500 testing, so it was speculated 

that slack in the stroke arm or ISO-TTM anvil assemblies may be responsible for the discrepancies with the actual 

true strains determined using the final sample lengths.  

 

 

 

 

 

Figure 4.6     Flow curves generated from double-hit compression tests performed to develop High T Deformation, 

Low T Deformation, and Low T (0.6) Deformation conditions. The Ti-Mo* alloy was investigated. 



63 

 

The two flow curves for the High T Deformation condition were quite similar, with approximately the same 

peak flow stress of ~85 MPa. The fractional softening between 1100 °C deformation passes was determined to be 

100 pct. The flow curves at 1100 °C were similar between all three conditions. The flow curves at 900 °C were also 

similar between Low T Deformation and Low T (0.6) Deformation conditions and did not appear to be 

extrapolations of those at 1100 °C. The fractional softening values between 1100 and 900 °C deformation passes 

were determined to be 79 and 78 pct for the Low T Deformation and Low T (0.6) Deformation conditions, 

respectively. 

Figure 4.7 shows LOM micrographs of the double-hit compression samples etched with a modified 

Béchet–Beaujard reagent. The sample that was only soaked and did not experience any deformation had a very large 

PAG size of 376 ± 86 μm, as shown in Figure 4.7(a), due to the high soaking temperature employed. This value is 

essentially identical to the PAG size after soaking at 1250 °C for 10 min (372 ± 97 μm). This behavior may indicate 

that the (prior) austenite grains reach a nearly stable size during “short” soaking at high temperatures. The prior 

austenite grains were relatively equiaxed with an aspect ratio of 1.3 ± 0.3. Deforming twice at 1100 °C with 20 s 

interpass times resulted in substantial refinement of the PAG size to 42 ± 7 μm, as shown in Figure 4.7(b). The prior 

austenite grains were also relatively equiaxed with an aspect ratio of 1.4 ± 0.3. Nearly complete austenite static 

recrystallization occurred during the interpass holds at 1100 °C, and such a (prior) austenite microstructure should 

be devoid of strain accumulation within the grains. Deforming once at 1100 °C and again at 900 °C also resulted in 

substantial refinement of the PAG size as well as austenite pancaking, as shown in Figures 4.7(c) and (d). Grain 

refinement and austenite pancaking were even greater with increasing true strain from -0.20 to -0.40 at 900 °C. 

Further, microstructural homogeneity appeared to improve with increasing true strain. The PAG sizes were 

determined to be 83 ± 19 and 45 ± 5 μm and the aspect ratios were determined to be 2.3 ± 1.1 and 3.3 ± 1.1 for the 

Low T Deformation and Low T (0.6) Deformation conditions, respectively. Extensive austenite static 

recrystallization occurred during the 50 s cooling period after the 1100 °C deformation pass, and austenite 

pancaking occurred during deformation at 900 °C. The Low T microstructures should have strain accumulated in the 

form of pancaked grain boundaries, dislocations, and other defects. 

This section shows that prior austenite microstructures with a range of strain accumulation were 

successfully developed via double-hit compression testing of the Ti-Mo* alloy. Based on the prior austenite 

morphologies observed and the aspect ratios determined for each condition, strain accumulation increased according 

to: High T Deformation, Low T Deformation, and Low T (0.6) Deformation conditions. These prior austenite 

microstructures were the focus of subsequent deformation dilatometry and dynamic ISO-Q® testing, where 

equivalent microstructures were developed for the Ti-Mo alloy followed by isothermal holding at various 

temperatures and times. Note that the Low T (0.6) Deformation condition was not considered further due to the 

difficulty of collecting accurate dilation data from highly deformed samples (i.e. because of excessive barreling and 

small measuring region). 
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4.1.3 Influence of Austenite Conditioning on Decomposition Behavior 

Isothermal transformations were studied after austenite conditioning using deformation dilatometry to 

investigate microstructural development and austenite decomposition kinetics. The Ti-Mo alloy was used for these 

experiments. The soaking treatment (1250 °C for 5 min) was expected to dissolve most of the existing TiC 

precipitates, so most of the Ti, Mo, C, and Mn were expected to be in austenitic solid solution before austenite 

conditioning. The isothermally transformed microstructures produced via deformation dilatometry are shown in 

Figure 4.8 after a 2 pct nital etch. Samples that underwent the High T Deformation simulation are shown in 

Figures 4.8(a) – (c), and samples that underwent the Low T Deformation simulation are shown in 

Figures 4.8(d) – (f). After austenite conditioning, samples were transformed for 120 min at isothermal holding 

temperatures of: 615 °C (a and d); 650 °C (b and e); and 700 °C (c and f). Table 4.2 summarizes the polygonal 

ferrite area fraction, grain size, and Vickers microhardness that were determined for each condition. Note that  

 

Figure 4.7     LOM micrographs of the prior austenite microstructures developed via (a) soaking at 1250 °C for 

5 min, (b) High T Deformation, (c) Low T Deformation, and (d) Low T (0.6) Deformation simulations. The Ti-Mo* 
alloy was investigated. The compression axis is horizontal to the page. Etched with a modified Béchet–Beaujard 

reagent. 
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Figure 4.8     LOM micrographs of microstructures developed via (a) – (c) High T Deformation and (d) – (f) Low T 

Deformation simulations followed by isothermal holding for 120 min. Isothermal holding temperatures of: (a) and 

(d) 615 °C; (b) and (e) 650 °C; and (c) and (f) 700 °C were used.  The Ti-Mo alloy was investigated. The 

compression axis is perpendicular to the page. Etched with 2 pct nital. 
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indentation loads of 10 g were used to determine microhardness values of the polygonal ferrite matrix. 

Measurements were focused on the interior of individual, relatively large ferrite grains away from their surrounding 

grain boundaries. The 10 g indentations resulted in diagonal lengths of approximately 8 ± 1 μm (maximum of 

approximately 10 μm), and the larger ferrite grains exhibited diameters of approximately 35 ± 10 μm (minimum of 

approximately 20 μm). This type of testing attempts to minimize the influence of grain boundary strengthening on 

microhardness since indentations avoid surrounding grain boundaries. The microhardness values determined for 

“individual” ferrite grains were used to highlight possible differences in precipitation strengthening in the ferrite 

matrix between conditions. The effects of isothermal holding temperature and austenite conditioning on 

microstructural development, precipitation strengthening estimated for polygonal ferrite, and austenite 

decomposition kinetics are discussed below. 

Table 4.2 – Polygonal Ferrite Characteristics of Microstructures Developed using Deformation Dilatometry 

 

 

 

 

 
 

Simulation 

Designation 

Holding 

Temperature (°C) 

Ferrite Area 

Fraction (pct) 

Ferrite Grain 

 Size (µm) 

Ferrite Vickers 

Microhardness (10 g) 

High T 

Deformation 

615 97 ± 3 13 ± 1 390 ± 30 

650 93 ± 1 16 ± 1 340 ± 25 

700 58 ± 3 20 ± 4 210 ± 15 

Low T 

Deformation 

615 98 ± 0.4 8.3 ± 0.7 350 ± 30 

650 95 ± 2 9.4 ± 0.9 330 ± 30 

700 42 ± 4 12 ± 3 195 ± 10 

Isothermal holding temperatures of 615 and 650 °C resulted in mostly polygonal ferrite microstructures 

(Figures 4.8(a), (b), (d) and (e)), whereas 700 °C resulted in mixed microstructures of polygonal ferrite and a 

secondary phase constituent (Figures 4.8(c) and (f)) for a given austenite conditioning simulation. The identity of the 

secondary phase constituent observed within the microstructures isothermally transformed at 700 °C was confirmed 

by comparing its microhardness with the microhardness of a martensitic microstructure produced after soaking at 

1250 °C for 5 min and rapid quenching (98 °C·s-1) to room temperature. The microstructure produced after soaking 

and rapid quenching exhibited a lath-like appearance (Figures 4.9(a) and (b)). The corresponding dilatometry data 

are provided in Figure 4.9(c), where the transformation temperature during quenching was determined to be 

approximately 427 °C. Expansion or contraction at other temperatures was not detected during quenching. The 

microhardness for this microstructure was approximately 340 ± 10 HV (100 g). The microstructure produced after 

soaking and rapid quenching is likely (autotempered) martensite based on its appearance, relatively low 

transformation temperature, and high microhardness. The microhardness for the secondary phase constituent 

observed within the microstructures isothermally transformed at 700 °C was approximately 370 ± 20 and 

330 ± 20 HV (100 g) after High T Deformation and Low T Deformation simulations, respectively. Since the 

microhardness values are similar to the microstructure produced after soaking and rapid quenching, the secondary 

phase constituent is also likely (autotempered) martensite, which formed during the quench after isothermal holding. 

The estimated Ar1 critical transformation temperature was approximately 725 °C (refer to Table 3.2), suggesting that 

insufficient undercooling at 700 °C was responsible for incomplete austenite decomposition after 120 min. The 

holding temperature also had an influence on the average polygonal ferrite grain size for a given austenite 

conditioning simulation, where decreasing holding temperature resulted in polygonal ferrite grain size refinement.  
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Finally, the holding temperature had a strong influence on the microhardness of polygonal ferrite. For a given 

austenite conditioning simulation, the microhardness values increased from roughly 200 to 370 HV (10 g) when 

decreasing the holding temperature from 700 to 615 °C, indicating enhanced precipitation strengthening of 

polygonal ferrite. Holding at the lower temperature resulted in reduced diffusivity of Ti solute (limiting carbide 

growth) and greater undercooling (increasing carbide nucleation rate), contributing to greater precipitation 

strengthening. Additionally, interphase precipitation sheet and inter-carbide spacings are expected to become refined 

when decreasing holding temperature, if interphase precipitation was present [25].  

The Low T Deformation simulation resulted in an overall refinement in average polygonal ferrite grain size 

(roughly 8 – 12 µm) compared to the High T Deformation simulation (roughly 13 – 20 µm), which is likely due to 

the large increase in the number of heterogeneous nucleation sites for polygonal ferrite generated by austenite 

 

Figure 4.9     Martensitic microstructure produced after soaking at 1250 °C for 5 min and rapid quenching 

(98 °C·s-1) to room temperature: (a) Nomarski polarized LOM micrograph, (b) bright field LOM micrograph, and 

(c) corresponding dilatometry data indicating that the transformation temperature during quenching was 

approximately 427 °C. The Ti-Mo alloy was investigated. The Vickers microhardness was approximately 

340 ± 10 HV (100 g). Etched with 2 pct nital. 
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pancaking. Differences in austenite conditioning had only a small effect on the average microhardness of polygonal 

ferrite after isothermal holding at 700 and 650 °C. However, the High T Deformation simulation resulted in a 

greater microhardness compared to the Low T Deformation simulation after isothermal holding at 615 °C. Similar 

microstructures and microhardness values were observed after equivalent thermomechanical processing with 

dynamic ISO-Q® testing. 

A comparison of the γ → α transformation kinetics after High T Deformation, Low T Deformation, and 

No-Deformation simulations are shown in Figure 4.10 for isothermal holding at (a) 615 °C and (b) 650 °C for 

120 min. The dilation data collected during the isothermal hold at 700 °C after the Low T Deformation simulation 

did not exhibit sigmoidal behavior typical of isothermal transformations and were not used in the analysis; i.e. there 

was not sufficient confidence in this dataset to report the influence of austenite conditioning on the isothermal 

transformation kinetics at 700 °C. Note that the final polygonal ferrite phase fractions were determined to be 12 ± 9 

and 84 ± 7 pct after the No-Deformation simulation followed by isothermal holding at 615 and 650 °C, respectively. 

Austenite conditioning prior to decomposition clearly had a large influence on the polygonal ferrite transformation 

kinetics. The pancaking of austenite grains (83 ± 19 µm) and generation of defects during Low T Deformation 

simulations greatly accelerated the decomposition kinetics. Additionally, the refined austenite grains (42 ± 7 µm) 

developed during High T Deformation simulations resulted in enhanced decomposition kinetics. In contrast, the very 

large austenite grains (376 ± 86 µm) developed from No-Deformation simulations resulted in sluggish 

decomposition due to the lack of heterogeneous nucleation sites provided by austenite grain boundaries. The 

isothermal holding temperature also had an influence on the decomposition kinetics. Holding at 650 °C resulted in 

an acceleration of transformation kinetics for all austenite conditioning simulations compared to holding at 615 °C. 

 

 

Figure 4.10     Comparison of the austenite-to-polygonal ferrite transformation kinetics after High T Deformation, 

Low T Deformation, and No-Deformation simulations followed by isothermal holding at (a) 615 °C and (b) 650 °C 

for 120 min. The Ti-Mo alloy was investigated. 
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Table 4.3 summarizes the kinetic parameter k values determined for all conditions using JMAK equation 

fits of the dilation data. A value of n = 2 gave the best results considering all conditions, which may indicate rapid 

site saturation with predominant nucleation at grain edges after saturation of grain corners [117]. Note the large 

differences in the order of magnitude between the k values determined for the different austenite conditioning 

simulations. Low T Deformation simulations had the highest values followed by High T Deformation and 

No-Deformation simulations. The data presented in Figure 4.10 and Table 4.3 indicate that austenite conditioning 

greatly accelerated the decomposition kinetics compared to No-Deformation simulations. 

Table 4.3 – Summary of JMAK Equation Fit for Polygonal Ferrite Transformation Kinetics (n = 2) 

 

 

 

 

 

 

Simulation 

Designation 

Holding 

Temperature (°C) 
k (s-2) R2 

High T 

Deformation 

615 6.85x10-8 0.988 

650 2.61x10-7 0.947 

Low T 

Deformation 

615 3.03x10-6 0.989 

650 3.55x10-6 0.978 

No-

Deformation 

615 2.05x10-9 0.981 

650 3.64 x10-8 0.999 

Figure 4.11 compares the γ → α transformation rate during isothermal holding at 650 °C after High T 

Deformation and Low T Deformation simulations. The transformation rates were estimated from the rate of change 

of the JMAK equation fits to the dilation data. The Low T Deformation simulation resulted in rapid austenite 

decomposition; the transformation rate sharply increased to over 0.14 pct·s-1 and then sharply decreased as 

decomposition progressed. Austenite decomposition was approximately 50 pct complete after 420 s of isothermal 

holding. The High T Deformation simulation resulted in relatively slower austenite decomposition; the 

transformation rate gradually increased to about 0.06 pct·s-1 and then gradually decreased as decomposition 

progressed. Austenite decomposition was approximately 50 pct complete after 1700 s of isothermal holding. It is 

important to note that the number of polygonal ferrite grains nucleated during isothermal holding influenced the 

overall γ → α transformation rates measured via dilatometry, along with the γ/α interface velocity, since 

measurements are based on the macroscopic dilation change of the entire sample. Considering the Low T 

Deformation simulation, the greater number of ferrite grains formed during isothermal holding could have 

transformed at a moderate rate. Therefore, the overall γ → α transformation rate would be accelerated compared to 

the High T Deformation simulation which had a lower number of ferrite grains formed during isothermal holding. 

This results in this section show distinct differences in austenite decomposition behavior between High T 

Deformation and Low T Deformation simulations. The equiaxed (prior) austenite microstructure developed during 

the High T Deformation simulation was essentially without accumulated strain, resulting in relatively slower 

decomposition kinetics. It was hypothesized that the relatively slower decomposition kinetics, and hence slower 

overall γ/α interface velocity, would promote interphase precipitation. The pancaked (prior) austenite microstructure 

developed during the Low T Deformation simulation accumulated at least ~20 pct true strain during austenite 

conditioning, resulting in accelerated decomposition kinetics. It was hypothesized that the accelerated 

decomposition kinetics, and hence faster overall γ/α interface velocity, would suppress interphase precipitation. 
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4.1.4 Microalloy Precipitation Behavior with respect to Austenite Decomposition Kinetics 

The kinetic data presented in the previous section were used to guide subsequent dynamic ISO-Q® testing 

with the Ti-Mo alloy to develop mixed microstructures of polygonal ferrite and martensite for the characterization of 

microalloy precipitation with respect to austenite decomposition kinetics. Mixed microstructures were desired so 

that the OR between ferrite and neighboring austenite (martensite) could be determined. High T Deformation and 

Low T Deformation simulations were performed followed by isothermal holding at 650 °C for 1400 and 300 s, 

respectively, to produce mixed microstructures containing approximately 30 pct of polygonal ferrite. The 

isothermally transformed microstructures are shown in Figure 4.12 after a 2 pct nital etch. FIB lift-outs were 

constructed from γ (α’)/α regions that did not exhibit K-S ORs to investigate microalloy precipitation behavior. 

Figures 4.13 and 4.14 show TEM CDF images of nanometer-scale precipitates within polygonal ferrite, 

relative to the γ (α’)/α interface, after the High T Deformation simulation and isothermal holding at 650 °C for 

1400 s. Note that a single, large grain of polygonal ferrite was investigated. Rows of precipitates appeared 

approximately parallel to the interphase boundary, as shown in Figure 4.13, indicating the presence of interphase 

precipitation within these regions. The precipitates were quite fine (approximately 3.6 ± 1 nm in length) and 

exhibited an interphase precipitation sheet spacing of approximately 15 ± 2 nm. Although interphase precipitation 

was observed within numerous regions, precipitates also exhibited apparent random dispersions in other regions, as 

shown in Figure 4.14. The precipitates were well dispersed and similar in size to the interphase precipitates. 

Interestingly, “streak-like” features were observed within these regions, as highlighted in Figure 4.14(b) by arrows. 

These features appeared to be partial rows of multiple precipitates with a distinct alignment relative to the interphase 

boundary. Due to the similar orientations of the features, it was speculated that they may have formed at the γ/α 

interface. Interphase precipitation exhibits a three-dimensional structure of precipitate sheets which appear as rows 

 

Figure 4.11     Comparison of the estimated austenite to polygonal ferrite transformation rate during isothermal 

holding at 650 °C after High T Deformation and Low T Deformation simulations. The Ti-Mo alloy was 

investigated. 
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when the incident electron beam direction is parallel to the sheet planes [25]. However, if observation is not 

performed closely parallel to the sheet planes, the interphase precipitates appear in a more random dispersion. Thus, 

the features may be present because TEM observations were not performed closely parallel to the sheet planes for 

these particular regions, and it may be misleading to conclude that these are random precipitates. 

 

Figure 4.12     LOM micrographs of microstructures developed via (a) High T Deformation and (b) Low T 

Deformation simulations followed by isothermal holding at 650 °C. Isothermal holding was performed for 

(a) 1400 s and (b) 300 s. The Ti-Mo alloy was investigated. The compression axis is perpendicular to the page. 

Etched with 2 pct nital. 

 

Figure 4.13     TEM CDF images of interphase precipitation within polygonal ferrite, relative to the austenite 

(martensite)/ferrite interface, for a dynamic ISO-Q® sample after the High T Deformation simulation and isothermal 
holding at 650 °C for 1400 s: (a) low magnification and (b) high magnification. The Ti-Mo alloy was investigated. 

Note that two different regions are shown in the images. 
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Figure 4.15 shows TEM CDF images of nanometer-scale precipitates within polygonal ferrite, relative to 

the γ (α’)/α interface, after the Low T Deformation simulation and isothermal holding at 650 °C for 300 s. Note that 

a single, large grain of polygonal ferrite was investigated. Rows of precipitates appeared approximately parallel to 

the interphase boundary, as shown in Figure 4.15(a), indicating the presence of interphase precipitation within this 

region. The precipitates were also quite fine (approximately 4.2 ± 1 nm in length) and exhibited a relatively wider 

spacing between the interphase precipitation sheets (approximately 25 ± 4 nm) in comparison to the High T 

condition shown in Figure 4.13. Again, random precipitation was observed in other regions, as shown in 

Figure 4.15(b), although no “streak-like” features were observed. The random precipitates were also well dispersed 

and similar in size as those observed for interphase precipitation. 

 Interphase precipitation was observed after both High T Deformation and Low T Deformation simulations. 

Recall that the Low T Deformation simulation resulted in faster decomposition kinetics, and hence faster overall γ/α 

interface velocity, compared to the High T Deformation simulation. The observation of interphase precipitation after 

the Low T Deformation simulation was unexpected, though. Multiple studies [15, 32, 35, 36, 43, 50, 51] have 

reported that interphase precipitation should be suppressed (overall) as the γ/α interface velocity is accelerated 

because the carbide-forming, substitutional solutes are unable to reach the moving interphase boundary during 

decomposition. However, the crystallography between the austenite (martensite) and ferrite regions may have 

influenced the formation of interphase precipitation. Since the TEM specimen was constructed from γ (α’)/α regions 

that did not exhibit a K-S OR, the more incoherent nature of the γ (α’)/α interface may have promoted interphase 

precipitation due to the relatively greater interfacial energy [33] despite the accelerated decomposition kinetics. 

 

Figure 4.14     TEM CDF images of nanometer-scale precipitates within polygonal ferrite, relative to the austenite 

(martensite)/ferrite interface, for a dynamic ISO-Q® sample after the High T Deformation simulation and isothermal 

holding at 650 °C for 1400 s: (a) region one and (b) region two. The included arrows in (b) identify features that 

may be associated with interphase precipitation. See text for more details. The Ti-Mo alloy was investigated. 
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Figure 4.16 highlights the differences in interphase precipitation sheet spacing after (a) High T 

Deformation and (b) Low T Deformation simulations followed by isothermal holding at 650 °C. The interphase 

precipitation sheet spacing was approximately 15 ± 2 nm after the High T Deformation simulation, while the 

interphase precipitation sheet spacing was approximately 25 ± 4 nm after the Low T Deformation simulation. It is 

reported that a greater γ/α interface velocity would be associated with narrower sheet spacing for low-carbon 

steels [32, 34, 35], but the opposite was observed in this work. The relatively slower decomposition kinetics, and 

hence slower overall γ/α interface velocity, after the High T Deformation simulation may have allowed for greater 

segregation of carbide-forming, substitutional solutes (e.g. Ti and Mo) to the interphase boundary during 

decomposition. The greater carbide-forming, substitutional solute concentrations at the interphase boundary would 

both enhance solute drag effects and promote the nucleation of interphase precipitates [32, 41, 42, 53, 56, 58], 

resulting in the formation of interphase precipitation with narrower sheet spacing [53]. There were attempts to 

investigate the substitutional solute segregation at γ (α’)/α interfaces in this work with scanning transmission 

electron microscopy (STEM) EDS analysis, but the results were unclear. APT analysis could potentially show 

differences in substitutional solute segregation at γ (α’)/α interfaces from austenite conditioning.  

 

Figure 4.15     TEM CDF images of nanometer-scale precipitates within polygonal ferrite, relative to the austenite 

(martensite)/ferrite interface, for a dynamic ISO-Q® sample after the Low T Deformation simulation and isothermal 

holding at 650 °C for 300 s: (a) interphase precipitation and (b) random precipitation. The Ti-Mo alloy was 

investigated. Note that two different regions are shown in the images. 
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The precipitation strengthening in polygonal ferrite was estimated with Vickers microhardness for High T 

Deformation and Low T Deformation simulations and related to the microalloy precipitation behavior. Indentation 

loads of 10 g were used to determine microhardness values of the polygonal ferrite matrix. Measurements were 

focused on the interior of individual, relatively large ferrite grains away from their surrounding grain boundaries. 

The 10 g indentations resulted in diagonal lengths of approximately 7.7 ± 0.4 μm (maximum of approximately 

9 μm), and the individual, relatively large ferrite grains exhibited diameters of approximately 30 ± 10 μm (minimum 

of approximately 20 μm). The microhardness values determined for “individual” ferrite grains were used to 

highlight possible differences in precipitation strengthening in the ferrite matrix between conditions. The results are 

summarized in Table 4.4 along with microalloy precipitation characteristics determined via stereological analysis. 

High T Deformation and Low T Deformation simulations resulted in an average microhardness of approximately 

310 ± 30 and 325 ± 30 HV (10 g), respectively, where at least 20 polygonal ferrite grains were measured for each 

condition. It was expected that High T Deformation condition might exhibit greater microhardness compared to the 

Low T Deformation condition due to the slightly finer precipitate size (length), narrower interphase precipitation 

sheet spacing, and greater precipitate number density. However, this behavior was not observed and may be related 

to three factors. First, thickness variations in the TEM specimens may have influenced the precipitate number 

density measurements.  Thickness measurements of the specimens were not conducted in this work. That is, the 

results here are number of precipitates per area rather than number of precipitates per volume, considering that 

comparable foil thicknesses were applicable. Second, the precipitate dispersions were not uniform throughout the 

individual, large grains of polygonal ferrite used for analysis, as interphase and/or random precipitation were 

 

Figure 4.16     TEM CDF images of interphase precipitation within polygonal ferrite, relative to the austenite 

(martensite)/ferrite interface, highlighting the differences in sheet spacing for dynamic ISO-Q® samples after 

(a) High T Deformation simulation and isothermal holding at 650 °C for 1400 s and (b) Low T Deformation 

simulation and isothermal holding at 650 °C for 300 s. The dashed lines indicate the approximate positions of the 

interphase precipitation rows. The Ti-Mo alloy was investigated. 
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observed within different regions of the same grain. Thus, polygonal ferrite grains throughout the microstructure 

could exhibit a variety of precipitate dispersions. The non-uniformity in precipitate dispersions could be partially 

related to the influence of austenite conditioning on local variations in the γ/α interface velocity [15, 37, 51, 75] and 

structure [15, 25] during γ → α decomposition. TEM specimens would need to be constructed from multiple 

polygonal ferrite grains within each microstructure to address the non-uniformity in precipitate dispersions more 

thoroughly. Third, random precipitation may result in a comparable, or even greater, contribution to precipitation 

strengthening compared to interphase precipitation [35]. Chen et al. [35] quantitively compared the precipitation 

strengthening contributions of random precipitation and interphase precipitation using the Orowan equation and a 

modified Orowan equation, respectively. Their results demonstrated that if random precipitation could be developed 

with the same number of particles with similar sizes as interphase precipitation, the precipitation strengthening 

contribution from random precipitation could be greater than interphase precipitation [35]. Therefore, extensive 

interphase precipitation within every polygonal ferrite grain of the microstructure may not be necessary to obtain the 

desired strength for relevant low-carbon, microalloyed steels if fine, homogeneously distributed random 

precipitation can be developed. 

Table 4.4 – Nanometer-Scale Precipitate Analysis Results for Compression Samples 

 

 

Simulation 

Designation 

Isothermal Holding 

Parameters 

Length 

(nm) 

IP Sheet 

Spacing (nm) 

Number Density 

(x104 nm-2) 

Ferrite Vickers 

Microhardness (10 g) 

High T Deformation 650 °C, 1400 s 3.6 ± 1 15 ± 2 11 ± 2 310 ± 30 

Low T Deformation 650 °C, 300 s 4.2 ± 1 25 ± 4 8 ± 2 325 ± 30 

Strain-induced precipitates formed in austenite during High T Deformation and Low T Deformation 

simulations were not investigated in this work, but their presence in large amounts was not expected. Precipitation of 

microalloy carbonitrides in austenite is usually slow unless hot deformation is applied close to or below the 

Tnr [9, 14, 67, 68]. The introduction of dislocations, dislocations cells, and low angle sub-grain boundaries during 

controlled rolling provides numerous heterogeneous nucleation sites, which greatly accelerates precipitation in 

austenite [14]. The extensive amount of austenite static recrystallization that occurred during the High T 

Deformation simulation likely resulted in a limited number of heterogeneous nucleation sites, and, thus, limited the 

amount of strain-induced precipitation in austenite for this condition. Although austenite grain pancaking and likely 

generation of defects occurred during the Low T Deformation simulation, the relatively short interpass time of 

approximately 1 s following deformation at 900 °C (below the estimated Tnr) may have limited the extent of strain-

induced precipitation in austenite due to insufficient time for nucleation [68]. Wang et al. [68] studied austenite 

recrystallization and strain-induced precipitation behaviors using double-hit compression testing with a Fe-0.042C-

1.51Mn-0.21Si-0.10Ti-0.20Mo (wt pct) steel. The authors estimated a precipitation start time after 20 pct 

deformation of approximately 3 s at 900 °C for (Ti,Mo)C precipitates in austenite [68]. Therefore, large amounts of 

strain-induced precipitation during the Low T Deformation simulation were considered unlikely. 

 

4.2 Hot Strip Mill Processing Simulations 

Hot strip mill processing simulations were performed using multipass hot torsion testing to study the 

influence of industrially relevant thermomechanical processing schedules on microstructural development and 
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associated microalloy precipitation behaviors. Strain accumulation in the (prior) austenite was investigated and 

quantified using a metallographic technique (refer to Section 2.6.2). Prior austenite morphology and grain size were 

discussed in terms of the amount of strain accumulated during finish rolling simulations. Next, the role of austenite 

strain accumulation before decomposition on microstructural development was investigated in terms of producing 

microstructures suitable for demanding stretch-flange formability applications. Finally, microalloy precipitation 

behavior was examined and related to austenite strain accumulation. Portions of this section are excerpts from work 

previously published [111] and are reproduced with permission from MDPI. 

 

4.2.1 Strain Accumulation in the (Prior) Austenite 

Figure 4.17 shows the MFS as a function of inverse absolute temperature for (a) High T Finish and 

(b) Low T Finish HSM processing simulations. Two linear regressions are included in each figure: the first for the 

roughing stage and the second for the finishing stage (without including the softening regions apparent in the last 

passes). Note that the imparted shear strain was incrementally reduced from the F1 to F7 deformation steps (1.00 to 

0.20) during finish rolling simulations, and strains and strain rates per pass were identical between High T Finish 

and Low T Finish simulations. The imparted shear strain for the F7 deformation step (0.20) was relatively low 

compared to the other finishing deformation steps (0.40 to 1.00), which likely contributed to the drop in the MFS 

observed for the F7 deformation step in both simulations. Mean flow stress is proportional to the area under the 

equivalent true stress-strain curve (refer to Equation 3.7) generated for each deformation step. Since relatively low 

equivalent true strain (converted from shear strain by applying the Von Mises criteria) was applied for the F7 

deformation step, the area under its equivalent true stress-strain curve was relatively low compared to the other 

finishing deformation steps despite an increase in equivalent true stress expected at the lowest temperature. Thus, 

the data obtained from the F7 deformation steps were not considered in the analysis. The MFS continuously 

increased from the F1 to F6 deformation steps for the High T Finish simulation. However, a softening region was 

indicated following the F4 deformation step for the Low T Finish simulation. This softening region was not 

indicated for the High T Finish simulation when subjected to identical strains per pass. The rates at which MFS 

increased with respect to inverse absolute temperature were similar between the two rolling simulations for both the 

roughing and finishing stages. The Low T Finish simulation might have been expected to cause a sharper increase in 

the rate at which MFS changed with respect to inverse absolute temperature relative to the High T Finish simulation 

due to the possible increase in work hardening and strain-induced precipitation via deformation below the 

Tnr [69, 86], but this behavior was not observed. However, the magnitudes of the MFS were greater overall for the 

Low T Finish simulation since lower deformation temperatures were employed. 

The lack of a sharper increase in the rate of change in MFS with respect to inverse absolute temperature for 

the Low T Finish simulation may be related to the finish rolling start (F1) temperature employed [69]. Extensive 

work hardening and strain-induced precipitation likely did not occur during the initial passes since the F1 and F2 

deformation steps were above the estimated Tnr [69]. Additionally, the relatively short interpass times used during 

the subsequent finishing deformation steps (F3 to F7) likely prevented significant amounts of strain-induced 

precipitation [68, 69]. Thus, large amounts of strain accumulation likely did not occur during the F1 and F2 
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deformation steps, and the rate of change in MFS with respect to inverse absolute temperature from F1 to F4 

deformation steps was related to the greater flow stress required to deform the material at lower temperatures. 

However, the softening region indicated after the F4 deformation step may suggest recrystallization of the austenite 

after extensive strain accumulation below the estimated Tnr. Characterization of the prior austenite microstructures 

of samples quenched immediately after the final finishing deformation step (F7) was performed for each simulation 

to relate the observed PAG morphology with the amount of shear strain that accumulated during thermomechanical 

processing. Additionally, a separate sample underwent the Low T Finish simulation but was quenched after the 

fourth finishing deformation step (F4) to investigate the prior austenite microstructure immediately preceding the 

softening region indicated in Figure 4.17(b). 

The prior austenite microstructures developed via multipass hot torsion testing are shown in Figure 4.18 

after etching with a modified Béchet-Beaujard reagent. Samples that underwent the High T Finish simulation are 

shown in Figures 4.18(a) – (c), and samples that underwent the Low T Finish simulation are shown in 

Figures 4.18(d) – (f). Three radial positions are shown for each HSM processing simulation: (a) and (d) mid-radius, 

0.50; (b) and (e) effective radius, 0.724; and (c) and (f) near-surface, 0.90. PAG sizes were significantly refined for 

the Low T Finish simulation (roughly 6 – 9 µm) compared to the High T Finish simulation (roughly 14 – 15 µm). 

Prior austenite grains were mostly equiaxed for the High T Finish simulation, and the (prior) austenite was only 

slightly refined by the additional strain near the surface. However, the Low T Finish simulation resulted in mixed 

(prior) austenite microstructures consisting of larger, pancaked, and aligned grains with smaller, equiaxed grains.  

 

Figure 4.17     Summary of mean flow stress as a function of inverse absolute temperature for (a) High T Finish and 

(b) Low T Finish simulations via multipass hot torsion testing. Two linear regressions are included in each figure: 

the first for the roughing stage (R) and the second for the finishing stage (F), excluding the softening regions. The 

Ti-Mo alloy was investigated. Two replicate tests were performed for each simulation. The error bars represent the 

range of values determined. Reproduced from [111] with permission from MDPI. 
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Figure 4.18     LOM micrographs of the prior austenite microstructures developed via (a) – (c) High T Finish and 

(d) – (f) Low T Finish simulations. The following radial positions are shown: (a) and (d) 0.50; (b) and (e) 0.724; and 

(c) and (f) 0.90. The Ti-Mo alloy was investigated. The torsional axis (TA) is horizontal to the page. Etched with a 

modified Béchet-Beaujard reagent, and prior austenite grain boundaries are highlighted in black. Reproduced from 

[111] with permission from MDPI. 
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The differences in PAG inclination angle between High T Finish and Low T Finish simulations are 

highlighted in Figure 4.19, where higher magnification images are shown for the 0.724 radial position. Prior 

austenite grains were not inclined with respect to the torsional axis (horizontal to the page) for the High T Finish 

simulation (Figure 4.19(a)), but prior austenite grains were inclined with respect to the torsional axis for the Low T 

Finish simulation and exhibited an average inclination angle of approximately 59 ± 10° (Figure 4.19(b)). 

Interestingly, the average PAG inclination angles for the Low T Finish simulation were similar between the 0.5, 

0.724, and 0.9 radial positions investigated: approximately 59 ± 11, 59 ± 10, and 57 ± 9°, respectively. This average 

PAG inclination angle (roughly 60°) corresponds to an accumulation of roughly 1.7 shear strain (0.85 true strain) 

within the microstructure according to Equation 2.6. If no shear strain accumulated during rough rolling simulations, 

a total of 4.8 shear strain could accumulate during finish rolling simulations. Therefore, roughly 36 pct of the total 

shear strain is believed to have accumulated during the Low T Finish simulation, while negligible strain was 

accumulated during the High T Finish simulation.  

Figure 4.20 summarizes the average PAG (a) size and (b) aspect ratio with respect to radial position 

determined for microstructures developed via High T Finish and Low T Finish simulations. Note that as radial 

position increases (towards the surface), the amount of shear strain imposed during torsion testing increases 

according to Equation 3.1. PAG size decreased with increasing radial position for both High T Finish and Low T 

Finish simulations. Radial position had a greater influence on PAG size refinement for the Low T Finish simulation 

compared to the High T Finish simulation. PAG aspect ratios ranged between approximately 1 – 2 and 1 – 3.5 for 

High T Finish and Low T Finish simulations, respectively, considering all radial positions. The large range of PAG 

aspect ratios for the Low T Finish simulation was a result of its mixed nature involving pancaked grains with higher 

aspect ratios and fine, equiaxed grains with lower aspect ratios. The PAG morphology became more equiaxed with 

 

Figure 4.19     Higher magnification LOM micrographs of the prior austenite microstructures developed via (a) High 

T Finish and (b) Low T Finish simulations highlighting differences in morphology. The 0.724 radial position is 
shown in both. The Ti-Mo alloy was investigated. The torsional axis (TA) is horizontal to the page. Dashed lines in 

(b) show the inclination angles (θ′) of various prior austenite grains. Etched with a modified Béchet-Beaujard 

reagent, and prior austenite grain boundaries are highlighted in black. Reproduced from [111] with permission from 

MDPI. 
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increasing radial position, especially for the Low T Finish simulation. The micrographs provided in 

Figures 4.18(d) – (f) and data summarized in Figure 4.20 suggest that greater imposed shear strain results in a 

greater amount of fine, equiaxed prior austenite grains for the Low T Finish simulation. Enhanced austenite 

recrystallization due to high strain accumulation is supported by the more refined and equiaxed morphology of the 

(prior) austenite microstructures with increasing imposed shear strain as well as the softening region indicated in the 

MFS as a function of inverse absolute temperature data during the last passes near the end of the Low T Finish 

simulation. The physical meaning of the softening region is discussed more below. 

A softening region was indicated following the fourth finishing deformation step (F4) in the MFS as a 

function of inverse absolute temperature for the Low T Finish simulation (refer to Figure 4.17(b)). This softening 

region was not indicated for the High T Finish simulation when subjected to identical strains per pass and may 

suggest recrystallization of the austenite after extensive strain accumulation during the last passes near the end of the 

Low T Finish simulation. To confirm this interpretation, a Low T Finish simulation was conducted with quenching 

after the F4 deformation step to investigate the prior austenite microstructure immediately preceding the softening 

region. The prior austenite microstructure developed via the interrupted Low T Finish simulation is shown in 

Figure 4.21 after etching with a modified Béchet–Beaujard reagent. Only the 0.724 radial position is shown. Prior 

austenite grains were mostly pancaked and inclined to the torsional axis, but some fine, equiaxed grains were also 

observed (Figure 4.21(b)). The PAG size was approximately 11 ± 1 µm, which was greater than the PAG size that 

resulted from quenching after the final finishing deformation step (F7). That value was approximately 7.2 ± 0.3 µm 

at the effective radius. The finer and more equiaxed (prior) austenite microstructure obtained after the complete Low 

T Finish simulation compared to quenching after the F4 deformation step suggests that austenite recrystallization 

occurred (whether statically and/or dynamically) due to the additional shear strain that was imparted during the last 

 

Figure 4.20     Prior austenite grain (a) size and (b) aspect ratio with respect to radial position determined for 

microstructures developed via High T Finish and Low T Finish simulations. The Ti-Mo alloy was investigated. The 

error bars represent one standard deviation. Reproduced from [111] with permission from MDPI. 



81 

 

passes of thermomechanical processing. Figure 4.22 shows PAG inclination angle histograms constructed for Low T 

Finish simulations quenched after the (a) F4 deformation step and (b) F7 deformation step. Data were collected at 

the 0.724 radial position. Interestingly, both simulations resulted in similar distributions of inclination angles, and 

the average inclination angles were determined to be 60 ± 8° and 59 ± 10° for interrupted and complete Low T 

Finish simulations, respectively. It is interpreted from these results that the PAG inclination angle (roughly 60°) may 

correspond to a critical amount of shear strain (approximately 1.7) that must accumulate during thermomechanical 

processing before a significant driving force for austenite recrystallization is available. 

A final note is warranted concerning PAG aspect ratios and inclination angles determined for interrupted 

and complete Low T Finish simulations at the effective radius. The PAG aspect ratio was approximately 3 ± 1 for 

the Low T Finish simulation quenched after the F4 deformation step, which was greater than the PAG aspect ratio 

that resulted from quenching after the final finishing deformation step (F7). That value was approximately 2 ± 1. A 

limited number of fine, equiaxed prior austenite grains was observed for the Low T Finish simulation quenched after 

the F4 deformation step (Figure 4.21(b)), such that the reported PAG aspect ratio only represented the pancaked 

prior austenite grains. However, this was not the case for the Low T Finish simulation quenched after the F7 

deformation step, where a mixture of pancaked and fine, equiaxed prior austenite grains was observed 

(Figure 4.19(b)). The reported PAG aspect ratio for the Low T Finish simulation quenched after the F7 deformation 

step represented its mixed nature involving pancaked grains with higher aspect ratios and fine, equiaxed grains with 

lower aspect ratios. The greater PAG aspect ratio determined after the interrupted Low T Finish simulation better 

reflects the expected value (roughly 3.6) that corresponds with the observed PAG inclination angle of roughly 60°. 

Again, enhanced austenite recrystallization due to high strain accumulation is supported by the more refined and 

equiaxed morphology of the (prior) austenite microstructure developed after the complete Low T Finish simulation. 

 

Figure 4.21     LOM micrographs of the prior austenite microstructure developed via the Low T Finish simulation 

and quenched after the fourth finishing deformation step (F4): (a) lower and (b) higher magnification. The 0.724 

radial position is shown in both. The Ti-Mo alloy was investigated. The torsional axis (TA) is horizontal to the page. 

Dashed lines in (b) show the inclination angles (θ′) of various prior austenite grains. Etched with a modified 

Béchet-Beaujard reagent, and prior austenite grain boundaries are highlighted in black. Reproduced from [111] with 

permission from MDPI. 
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4.2.2 Microstructural Development during Isothermal Holding after Deformation 

The polygonal ferrite microstructures developed via multipass hot torsion testing followed by isothermal 

holding at 650 °C for 30 min are shown in Figure 4.23 after a 2 pct nital etch. Samples that underwent the High T 

Finish simulation are shown in Figures 4.23(a) – (c), and samples that underwent the Low T Finish simulation are 

shown in Figures 4.23(d) – (f). Three radial positions are shown for each HSM processing simulation: (a) and 

(d) mid-radius, 0.50; (b) and (e) effective radius, 0.724; and (c) and (f) near-surface, 0.90. Table 4.5 summarizes the 

average polygonal ferrite area fraction, grain size, and Vickers microhardness that were determined for each 

condition.  

Table 4.5 – Polygonal Ferrite Characteristics of Microstructures Developed using Torsion Testing 
 

Simulation 

Designation 

Radial 

Position 

Ferrite Area 

Fraction (pct) 

Ferrite Grain 

Size (µm) 

Ferrite Vickers 

Microhardness (100 g) 

High T 

Finish 

0.50 97.4 5.4 ± 0.3 260 ± 10 

0.724 98.7 5.2 ± 0.3  270 ± 10 

0.90 > 99 6.0 ± 0.4 255 ± 10 

Low T 

Finish 

0.50 98.8 3.2 ± 0.1 280 ± 10 

0.724 > 99 3.1 ± 0.1 285 ± 5 

0.90 > 99 2.7 ± 0.05 245 ± 10 

 

Figure 4.22     Prior austenite grain (PAG) inclination angle histograms for microstructures developed via Low T 
Finish simulations: (a) quenched after the fourth finishing deformation step (F4) and (b) quenched after the final 

finishing deformation step (F7). Data were obtained at the 0.724 radial position for both cases. The Ti-Mo alloy was 

investigated. Reproduced from [111] with permission from MDPI. 
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Figure 4.23     LOM micrographs of the microstructures developed via (a) – (c) High T Finish and (d) – (f) Low T 
Finish simulations followed by isothermal holding at 650 °C for 30 min. The following radial positions are shown: 

(a) and (d) 0.50; (b) and (e) 0.724; and (c) and (f) 0.90. The Ti-Mo alloy was investigated. The torsional axis (TA) is 

horizontal to the page. Etched with 2 pct nital. 
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All radial positions for each HSM processing simulation exhibited a mostly polygonal ferrite 

microstructure (greater than 97 pct), and a small amount of secondary phase constituent was observed in some 

conditions. However, the High T Finish simulation clearly resulted in more secondary phase constituent than the 

Low T Finish simulation. Figure 4.24 provides a representative SEM micrograph of the secondary phase constituent 

observed within the final microstructures developed via both processing simulations. The secondary phase 

constituent exhibited a lath-like appearance and average microhardness of roughly 550 HV (10 g). The secondary 

phase constituent is likely (autotempered) martensite based on its appearance and high microhardness. The greater 

strain accumulation during the Low T Finish simulation compared to the High T Finish simulation resulted in an 

acceleration of austenite decomposition kinetics and less overall undecomposed austenite (martensite). The presence 

of hard, secondary phase constituents negatively impacts stretch-flange formability [6, 7], thus the final 

microstructures developed via the Low T Finish simulation would be more desirable in this regard. 

Polygonal ferrite grain sizes were significantly refined for the Low T Finish simulation (roughly 2.7 to 

3.2 µm) compared to the High T Finish simulation (roughly 5.2 to 6.0 µm). The refinement observed for the Low T 

Finish simulation was due to the increased boundary surface area per grain volume from the austenite pancaking and 

generation of defects, both of which enhance the polygonal ferrite nucleation kinetics during austenite 

decomposition [38, 67, 118, 119]. Polygonal ferrite grain sizes were relatively consistent for all the radial positions 

investigated for the High T Finish simulation, and polygonal ferrite grain sizes were refined as radial position 

increased (towards the surface) for the Low T Finish simulation.  

Finally, microhardness was slightly greater for the Low T Finish simulation (roughly 280 to 

285 HV (100 g)) compared to the High T Finish simulation (roughly 260 to 270 HV (100 g)) considering the 0.5 and 

0.724 radial positions. The greater microhardness for the Low T Finish simulation was due in part to the refined 

grain size. However, microhardness for the 0.90 radial position exhibited a marked decrease for the Low T Finish 

simulation. The greater applied shear strain during thermomechanical processing likely resulted in extensive strain 

 

Figure 4.24     Representative SEM micrograph of the secondary phase constituent observed within the final 

microstructures developed via both High T Finish and Low T Finish simulations followed by isothermal holding at 

650 °C for 30 min. This example is from the final microstructure develop via the Low T Finish simulation. The 

Ti-Mo alloy was investigated. The torsional axis is horizontal to the page. Etched with 2 pct nital. Micrograph was 

taken using secondary electron imaging mode. 



85 

 

accumulation for the 0.90 radial position, such that the γ → α decomposition kinetics were highly accelerated. The 

fast γ/α interface velocity could negatively impact precipitation strengthening in ferrite due to: (i) suppressed 

interphase precipitation since substitutional solute may not reach the moving interphase boundary during 

decomposition [15, 32, 35, 36, 43, 50, 51]; and (ii) wider interphase precipitation sheet spacing (based on results in 

Section 4.1.4) if interphase precipitation could occur. The average microhardness for the High T Finish simulation 

was more consistent considering all radial positions, perhaps due to the negligible strain accumulation during 

thermomechanical processing (consistent for all radial positions) and, thus, more moderate γ → α decomposition 

kinetics. Note that the microhardness values provided in Table 4.5 cannot be compared to those provided in 

Tables 4.2 and 4.4 since 10 g indentation loads were used in the latter; very low indentation loads often lead to 

consistently higher microhardness values [47]. 

EBSD analysis of polygonal ferrite microstructures developed via both processing simulations was 

performed to better observe grain morphology and measure grain diameter distributions. Composite IQ and IPF 

maps for the High T Finish and Low T Finish simulations are shown in Figures 4.25(a) and (b), respectively, for the 

0.724 radial position. These maps provide a clear delineation of polygonal ferrite grains and highlight the substantial 

differences in overall morphology that resulted from the different HSM processing simulations. Interestingly, some 

polygonal ferrite grains within the microstructure developed via the Low T Finish simulation appeared to be inclined 

with respect to the torsional axis (Figure 4.25(b)). Note that this behavior was also observed in Figure 4.23(d) for the 

0.5 radial position. The cause of the polygonal ferrite grain inclination is unclear. However, the finish rolling 

simulation was performed above the Ar3 critical transformation temperature, so warm deformation of the polygonal 

ferrite in the austenite-ferrite phase region was unlikely. Instead, this behavior may be related to the nucleation and 

growth morphology of polygonal ferrite grains during isothermal transformation at austenite grain boundaries 

inclined with respect to the torsional axis. The growth directions of the polygonal ferrite grains could be influenced 

by the directionality of the austenite grain boundaries since diffusional growth is enhanced along grain boundaries. 

That is, it is hypothesized that lengthening of the ferrite allotriomorphs along the inclined austenite grain boundaries 

may be relatively fast, while the thickening of the ferrite grains may be relatively slower [120]. The resulting 

polygonal ferrite grain morphology would thus appear inclined with respect to the torsional axis. 

Figure 4.26 shows ferrite grain diameter histograms constructed for the (a) High T Finish and (b) Low T 

Finish simulations, where data were collected and averaged from four 90 × 90 µm2 regions. The High T Finish 

simulation exhibited a bimodal distribution centered around 2 – 4 and 10 – 20 µm, and the Low T Finish simulation 

exhibited a unimodal distribution centered around 1 – 4 µm. Additionally, the average polygonal ferrite grain 

diameters determined by EBSD analysis were approximately 4.8 ± 0.1 and 2.7 ± 0.1 µm for High T Finish and 

Low T Finish simulations, respectively. These values are similar to the values determined via LOM using the 

concentric circle method for the 0.724 radial position. Overall, these data suggest that extensive austenite strain 

accumulation before decomposition is required to achieve fine, homogeneous microstructures of polygonal ferrite 

and to avoid small amounts of hard, secondary phase constituents. 
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Figure 4.25     Composite IQ and IPF maps obtained with EBSD analysis of the polygonal ferrite microstructures 

developed via (a) High T Finish and (b) Low T Finish simulations followed by isothermal holding at 650 °C for 

30 min. The 0.724 radial position is shown in both. The Ti-Mo alloy was investigated. The torsional axis (TA) is 

horizontal to the page. Reproduced from [111] with permission from MDPI. 

 

Figure 4.26     Ferrite grain diameter histograms obtained with EBSD analysis of the polygonal ferrite 

microstructures developed via (a) High T Finish and (b) Low T Finish simulations followed by isothermal holding at 

650 °C for 30 min. Data were obtained at the 0.724 radial position for both.  The Ti-Mo alloy was investigated. 

Reproduced from [111] with permission from MDPI. 
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The importance of austenite strain accumulation before decomposition to develop fine, homogeneous 

microstructures of polygonal ferrite has been reported previously [65, 121]. The investigators performed continuous 

cooling experiments after different austenite conditioning simulations using low-carbon, microalloyed steels, and 

they noted that austenite strain accumulation was a prerequisite to develop predominantly polygonal ferrite 

microstructures. However, the investigators used compression testing and did not measure austenite strain 

accumulation but rather assumed that all imparted strain under the Tnr was accumulated before decomposition. The 

multipass hot torsion testing performed in this work was able to: (i) simulate more industrially relevant 

thermomechanical processing and (ii) quantify the amount of shear strain that accumulated within the (prior) 

austenite microstructure before decomposition. Such testing offers a better method of relating austenite strain 

accumulation with austenite conditioning and microstructural development behaviors. 

 

4.2.3 Microalloy Precipitation Behavior with respect to Austenite Strain Accumulation 

 The microalloy precipitation behavior within polygonal ferrite was investigated with respect to the presence 

or absence of austenite strain accumulation before decomposition. FIB lift-outs were constructed from polygonal 

ferrite grains that exhibited a near <100>α grain normal so that two of the three possible B-N OR variants could be 

imaged within a given specimen. Recall from Section 2.1 that all three variants of the B-N OR can form during 

random precipitation, while a single B-N OR variant forms preferentially during interphase precipitation [5, 15, 25, 

27, 28, 31]. Thus, the presence of interphase precipitation can be indirectly confirmed within a polygonal ferrite 

region if microalloy precipitates preferentially display a single B-N OR variant. Note that only the 0.724 radial 

position was investigated for both High T Finish and Low T Finish simulations. 

Figure 4.27 shows an SAED pattern with zone axis [001]α for a single, large grain of polygonal ferrite after 

the High T Finish simulation and isothermal holding at 650 °C for 30 min. When the electron beam direction is 

approximately parallel to [001]α, two variants (V1 and V2) of the B-N OR among three can be illuminated with CDF 

imaging. The third variant has no prominent reflections in or close to this zone axis [15]. The V1 and V2 reflections 

were not visible within the SAED pattern, but the objective aperture was placed on their expected locations for CDF 

imaging. Figure 4.28 shows TEM CDF images of nanometer-scale precipitates within polygonal ferrite after the 

High T Finish simulation and isothermal holding at 650 °C for 30 min. Numerous regions were investigated, and 

precipitates predominately displayed V1 while only a few (larger) precipitates displayed V2 (not shown). This 

preference for a single variant of the B-N OR may indirectly indicate the presence of interphase precipitation within 

these regions. The precipitates were quite fine (approximately 2.9 ± 1 nm in length). Additionally, some precipitates 

were interpreted to be associated with dislocations (see arrows in Figure 4.28(b)), which may also indicate the 

presence of random precipitation. 
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Figure 4.27     SAED pattern with zone axis [001]α for a large polygonal ferrite grain within a torsion sample after 

the High T Finish simulation and isothermal holding at 650 °C for 30 min. The Ti-Mo alloy was investigated. The 

approximate locations of expected reflections used for imaging are encircled in red: variant 1 (V1) and variant 2 

(V2) of the Baker-Nutting orientation relationship. 

 

Figure 4.28     TEM CDF images of nanometer-scale precipitates within polygonal ferrite for a torsion sample after 

the High T Finish simulation and isothermal holding at 650 °C for 30 min: (a) region one and (b) region two. The 

Ti-Mo alloy was investigated. Imaging was performed with the V1 reflection of the Baker-Nutting orientation 

relationship. The included arrows in (b) identify precipitates that appear to be associated with dislocations. 
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Figure 4.29 shows an SAED pattern with zone axis [001]α for a single, large grain of polygonal ferrite after 

the Low T Finish simulation and isothermal holding at 650 °C for 30 min. Again, the V1 and V2 reflections were 

not visible within the SAED pattern, but the objective aperture was placed on their expected locations for CDF 

imaging. Figures 4.30 and 4.31 show TEM CDF images of nanometer-scale precipitates within polygonal ferrite 

after the Low T Finish simulation and isothermal holding at 650 °C for 30 min. Numerous regions were 

investigated, and precipitates usually displayed both V1 and V2 orientation relationship variants. A single variant of 

the B-N OR was not preferred, which likely indicates the presence of random precipitation within these regions. The 

precipitates were also quite fine (approximately 3.2 ± 1 nm in length). Interestingly, interphase precipitation was 

clearly observed within one region, as shown in Figure 4.31, where rows of precipitates appeared approximately 

parallel to each other. The sheet spacing was difficult to measure due to the less regular appearance of the interphase 

precipitates (i.e. incomplete rows (sheets), localized variations in sheet spacing, and relatively few rows (sheets) 

were observed), but was estimated to be roughly 17 nm. The presence of random precipitation was also indicated 

(see arrows in Figure 4.31) within this same region. As discussed in Section 4.1.4, the non-uniformity in precipitate 

dispersions could be partially related to the influence of austenite conditioning on local variations in the γ/α interface 

velocity [15, 37, 51, 75] and structure [15, 25] during γ → α decomposition. 

 

 

Figure 4.29     SAED pattern with zone axis [001]α for a large polygonal ferrite grain within a torsion sample after 

the Low T Finish simulation and isothermal holding at 650 °C for 30 min. The Ti-Mo alloy was investigated. The 

approximate locations of expected reflections used for imaging are encircled in red: variant 1 (V1) and variant 2 

(V2) of the Baker-Nutting orientation relationship. 
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Figure 4.30     TEM CDF images of nanometer-scale precipitates within polygonal ferrite for a torsion sample after 

the Low T Finish simulation and isothermal holding at 650 °C for 30 min. The Ti-Mo alloy was investigated. 

Imaging was performed with: (a) V1 reflection and (b) V2 reflection of the Baker-Nutting orientation relationship. 

Note that two different polygonal ferrite regions are shown in the images. 

 

Figure 4.31     TEM CDF image of nanometer-scale precipitates displaying a mixture of interphase precipitation and 

random precipitation morphologies within polygonal ferrite for a torsion sample after the Low T Finish simulation 

and isothermal holding at 650 °C for 30 min. The Ti-Mo alloy was investigated. Imaging was performed with the 

V2 reflection of the Baker-Nutting orientation relationship. The dashed lines indicate the approximate positions of 

the interphase precipitation rows, and the included arrows identify precipitates displaying a random precipitation 

morphology. 
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Interphase precipitation was inferred after the High T Finish simulation (based on variant selection) and 

directly observed after the Low T Finish simulation. Recall that the Low T Finish simulation resulted in an 

accumulation of roughly 1.7 shear strain (0.85 true strain) within the (prior) austenite microstructure before 

decomposition, while the High T Finish simulation resulted in negligible strain accumulation. Deformation 

dilatometry demonstrated that greater strain accumulation resulted in faster γ → α decomposition kinetics (refer to 

Section 4.1.3), thus the decomposition rate after the Low T Finish simulation was expected to be highly accelerated.  

The observation of interphase precipitation after the Low T Finish simulation was thus surprising. Again, multiple 

studies [15, 32, 35, 36, 43, 50, 51] have reported that interphase precipitation should be suppressed (overall) as the 

γ/α interface velocity is accelerated because the carbide-forming, substitutional solutes are unable to reach the 

moving interphase boundary during decomposition. It is important to note that some studies have observed a limited 

amount of interphase precipitation after low temperature austenite conditioning [15, 30, 51, 52, 74]. However, these 

studies typically employed hot compression testing, where a maximum of approximately 1.0 true strain was 

imparted during austenite conditioning [30, 51, 52, 74]. This work employed multipass hot torsion testing, where the 

true strain imparted during austenite conditioning was approximately 4.0 (considering the effective radius). The 

results in this work indicate that interphase precipitation is possible despite extensive austenite strain accumulation 

before decomposition, but the morphology of interphase precipitates may be altered. The interphase precipitation 

morphology after the Low T Finish simulation was less regular, i.e. incomplete rows (sheets), localized variations in 

sheet spacing, and relatively few rows (sheets) were observed. However, the interphase precipitation morphology 

after High T Deformation and Low T Deformation simulations (hot compression testing) was more regular with a 

greater number of rows (sheets) observed. The large difference in applied true strain during austenite conditioning 

between hot compression testing (0.40) and multipass hot torsion testing (4.0) may explain the variations in 

interphase precipitation morphology. Smith and Dunne [15] noted that severe austenite deformation may distort and 

rotate the austenite lattice in a pronounced manner such that extensive areas of interfacial coherency cannot be 

maintained between the austenite and ferrite. Since interphase precipitates likely nucleate on regions of the γ/α 

interface which have been immobilized by “partial coherency” [18, 44 – 46] (refer to Section 2.3.1 for more details), 

variations in interphase precipitation morphology may result as the γ/α interface migrates through the severely 

deformed austenite. While this notion of “partial coherency” perhaps needs further clarification, it is reasonable to 

think that interfacial structure and mobility can vary at different locations or moments during the transformation. 

It is important to note that the nanometer-scale precipitates shown in Figures 4.28, 4.30, and 4.31 did not 

form in austenite before γ → α decomposition. Dark field imaging of precipitates within ferrite was performed with 

reflections associated with variants of the B-N OR, as shown previously in the SAED patterns provided in 

Figures 4.27 and 4.29. Microalloy precipitates related to ferrite by the B-N OR indicate that the precipitates formed 

either: (i) at the γ/α interface and grew in the ferrite phase during γ → α decomposition (i.e. interphase 

precipitation); or (ii) within the ferrite (likely at heterogeneous nucleation sites such as dislocations) to alleviate the 

supersaturation of the matrix after γ → α decomposition (i.e. random precipitation) [9, 13 – 15, 18, 42]. If the 

precipitates formed in austenite before γ → α decomposition, the precipitates would be related to ferrite by the K-S 

OR [9]. Further, rows (sheets) of interphase precipitates do not occur in austenite, so the observation of rows 
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(sheets) of nanometer-scale precipitates in Figure 4.31 indicates that those precipitates nucleated at the γ/α interface 

and grew in the ferrite during γ → α decomposition [15, 18, 42]. 

Possible strain-induced precipitation in austenite during the Low T Finish simulation was investigated with 

TEM using carbon extraction replicas. Note that the analysis was not comprehensive since a limited number of 

particles was observed. Figure 4.32 provides TEM BF micrographs of particles observed on carbon extraction 

replicas constructed from a sample that underwent the Low T Finish simulation followed by quenching after the 

final finishing deformation step (F7). The particles within the carbon extraction replicas exhibited distinct 

“interfaces” with the background carbon film, and their corresponding SAED patterns (not shown) indicated distinct 

reflections. Thus, the particles shown are likely precipitates and not artifacts generated during the construction of 

replicas. The precipitates exhibited globular, spherical, and cuboidal morphologies. Most precipitates were relatively 

coarse (Figure 4.32(a)), and some were relatively fine (Figure 4.32(b)). It is unclear whether the large, globular 

precipitates were undissolved Ti-rich precipitates that formed in the austenite or during thermomechanical 

processing.  Some globular cementite may also be present. The extensive amount of austenite strain accumulation 

that occurred during the Low T Finish simulation may be expected to generate a sufficient number of defects to 

enhance the nucleation of strain-induced precipitates in austenite [9, 14, 67, 68]. However, only a few precipitates 

were observed within the carbon extraction replicas. The small number of relatively large precipitates would result 

in limited Zener pinning of the austenite grain boundaries during recrystallization [122]. Therefore, the observed 

precipitates would have only a small retarding effect on austenite recrystallization kinetics during thermomechanical 

processing. Austenite strain accumulation during the Low T Finish simulation was likely accomplished by limiting 

the amount of austenite static recrystallization that occurred between finishing deformation steps via short interpass 

times (typical of hot strip mill processing). Strain incrementally accumulated in the austenite after each subsequent 

finishing deformation step until sufficient driving force for recrystallization was achieved after the fourth finishing 

deformation step (F4). Possible strain-induced precipitation in austenite during the High T Finish simulation was not 

investigated in this work. The extensive amount of austenite recrystallization that occurred during thermomechanical 

processing was assumed to have limited the number of heterogeneous nucleation sites (e.g. dislocations), thus 

limiting the amount of strain-induced precipitation in austenite for this condition [9, 14, 67, 68]. 

 

4.3 Investigation of Hole Expansion Differences in Similarly Processed Material 

Tested HER samples of industrially processed material were provided by an ASPPRC industrial sponsor to 

relate microstructure and precipitation behavior with hole-expansion performance. The samples exhibited a large 

variation in hole-expansion performance despite being taken from the same respective hot-rolled coil, and part of the 

investigation was to understand and/or explain these variations. Fractography of the expanded-holes was performed 

to investigate through-thickness cracking behavior and other fracture features. Next, uniaxial tensile properties were 

investigated, and fractography of the tensile specimens was performed to investigate longitudinal cracking behavior. 

Finally, the microstructure and microalloy precipitation behavior of the samples were characterized and compared. 
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4.3.1 Fractography of Tested Hole-Expansion Samples 

Fractography was performed on the tested HER samples to initiate the investigation of the large variation in 

hole-expansion performance between samples taken from the same hot-rolled coil. Recall that four samples were 

provided from two different hot-rolled coils (coil 1 and coil 2), where one intermediate (I) and high (H) sample were 

investigated from each. The samples were taken from the mid-length of the hot-rolled coils at different locations 

along their width. Figure 4.33 shows images of the fractured expanded-hole of each sample, where the through-

thickness cracks are encircled. All samples had through-thickness cracks approximately parallel to the rolling 

direction. Transverse tensile specimens were machined from each tested HER sample blank to investigate the 

longitudinal cracking behavior, and the results are discussed in the next section. The observation of longitudinal, 

through-thickness cracks corresponds well to finite element simulations of hole-expansion in steels [123]. The 

simulations suggested that there is a higher probability for macro-cracking parallel to the rolling and transverse 

directions from the center of the expanded-hole. Note that the failure locations predicted by Choi et al. were 

influenced by the input material property anisotropy, which was evaluated using plastic strain ratios measured 

during uniaxial tension testing along different loading directions [123].  

 

Figure 4.32     TEM BF images of possible strain-induced precipitates formed in austenite during Low T Finish 

simulation followed by quenching after the final finishing deformation step: (a) relatively coarse particles and 

(b) relatively fine particles. The Ti-Mo alloy was investigated. The included arrows identify possible strain-induced 

precipitates. Carbon extraction replica. 
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Figure 4.34 shows SEM micrographs of the through-thickness cracks observed in each tested HER sample. 

All through-thickness cracks exhibited a distinct angularity with respect to the expanded-hole, which was estimated 

to be 45 ± 7°. This may indicate shear fracture of the material assuming a pure uniaxial tension stress state at the 

sheared-edge [95], leading to ductile fracture of the through-thickness cracks during their propagation. Figure 4.35 

shows higher magnification images inside the through-thickness cracks for two tested HER samples with 

(a) intermediate and (b) high performance. Microvoid coalescence appeared to be the dominant fracture feature in 

both, again suggesting ductile fracture, and small voids were also observed (indicated by arrows). However, no 

obvious differences could be discerned between the through-thickness cracks of the samples with intermediate and 

high hole-expansion performance. 

 

Figure 4.33     Macro photographs of the fractured expanded-holes of the tested HER samples: (a) I1, (b) I2, (c) H1, 

and (d) H2. Through-thickness cracks are encircled in each image. The rolling direction is horizontal to the page. 
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Figure 4.34     SEM micrographs of the through-thickness cracks in the tested HER samples: (a) I1, (b) I2, (c) H1, 

and (d) H2. The rolling direction is approximately normal to the fracture surface. Micrographs were taken using 

secondary electron imaging mode. 

 

Figure 4.35     SEM micrographs of the fracture behavior inside the through-thickness cracks in the tested HER 

samples: (a) I2 and (b) H2. The included arrows identify small voids. The rolling direction is vertical to the page. 

Micrographs were taken using secondary electron imaging mode. 
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Figure 4.36 shows macro photographs highlighting (a), (b) crack initiation on the outer sheared-edge as 

well as (c), (d) mid-thickness cracking within the sheared-edge. Cracking on the outer sheared-edge was common in 

all samples. These cracks tended to be less than approximately 100 μm wide, propagate approximately 45° towards 

the expanded-hole, and join together (indicated by arrows in Figure 4.36(a)). However, larger cracks (greater than 

approximately 400 μm wide) also initiated on the outer sheared-edge and propagated perpendicular to the 

expanded-hole, almost extending through the thickness of the material (indicated by arrows in Figure 4.36(b)). 

Mid-thickness secondary cracking within the sheared-edge was also common in all samples. Regions exhibiting this 

type of cracking often extended much longer than 1 mm, where the secondary cracks were usually less than 

approximately 50 μm wide and observed to propagate circumferentially along the mid-thickness of the sheet 

(indicated by arrows in Figures 4.36(c) and (d)). 

 

 

 

 

Figure 4.36     Macro photographs highlighting (a), (b) crack initiation on the outer sheared-edge and (c), 

(d) mid-thickness secondary cracking within the sheared-edge. The included arrows identify: (a) small cracks 

initiating at the outer sheared-edge and propagating ~45° towards the expanded-hole; (b) large cracks initiating at 

the outer sheared-edge and propagating perpendicular to the expanded-hole; and (c), (d) secondary cracks within the 

sheared-edge propagating circumferentially along the mid-thickness of the sheet. These examples are from the tested 

HER samples: (a) I2, (b) H2, (c) I1, and (d) H1. The rolling direction is horizontal to the page. 
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Figure 4.37 shows SEM micrographs of the fracture behavior within the fracture zone of the sheared-edge 

for HER samples with (a), (c) intermediate and (b), (d) high performance. Fine dimples (equiaxed and elliptical) 

appeared to be the dominant fracture feature within the fracture zone, as shown in Figures 4.37(a) and (b). Similar 

dimple-rupture fracture features have been associated with ductile cracking [124]. An interactive watershed program 

within the ImageJ software was used to quantitatively compare the dimples within the fracture zone for each tested 

HER sample. However, the size (area) and aspect ratio of the dimples were similar in all the samples and were 

approximately 0.9 ± 0.1 μm2 and 1.8 ± 0.1, respectively. Quasi-cleavage features were also observed within the 

fracture zone, as shown in Figures 4.37(c) and (d). Figure 4.37(c) highlights a relatively large region exhibiting 

quasi-cleavage features that appeared to propagate circumferentially near the mid-thickness of the sheet. Similar 

regions were observed in all samples. Since the stress state at the sheared-edge is approximately uniaxial 

tension [95], the regions near the mid-thickness of the sheet exhibiting quasi-cleavage features may be related to the 

delamination along the center-line observed within all fractured tensile specimens (discussed in more detail in the 

next section). Delamination can be influenced by various microstructural features near the center-line [125 – 128], 

thus the microstructures of the tested HER samples were investigated throughout the thickness of the sheets to check 

for “anomalies” near the center-line that may be related to the quasi-cleavage features and delamination along the 

center-line. The results are discussed in Section 4.3.3. 

 

4.3.2 Comparison of Uniaxial Tensile Properties and Fracture Behavior 

All tested HER samples contained through-thickness cracks at the sheared-edge parallel to the rolling 

direction after hole-expansion testing. Uniaxial tension testing using transverse tensile specimens machined from the 

tested HER sample blanks was performed to: (i) compare additional mechanical properties and (ii) compare 

longitudinal cracking behavior between the samples with intermediate and high hole-expansion performance. 

Figure 4.38 shows representative engineering stress-strain curves for the tested HER samples, and Table 4.6 

summarizes the uniaxial tensile properties. Table 4.6 also provides the HER values for comparison. Samples from 

coil 1 (I1 and H1) exhibited slightly higher yield strength and ultimate tensile strength (UTS), while samples from 

coil 2 (I2 and H2) exhibited slightly higher uniform elongation. All samples exhibited mostly similar uniaxial tensile 

properties overall: yield strength of 750 – 790 MPa, limited strain hardening, UTS of 830 – 875 MPa, and failure 

strain of 16 – 18 pct. However, samples that exhibited high hole-expansion performance exhibited greater 

post-uniform elongation compared to samples that exhibited intermediate hole-expansion performance. The greater 

post-uniform elongation may have delayed final fracture after localized deformation (i.e. necking) was initiated 

during hole-expansion testing. 
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Figure 4.37     SEM micrographs of the fracture behavior within the fracture zone of the sheared-edge in the tested 

HER samples I1: (a) and (c), and H1: (b) and (d). The dotted lines in (c) outline a region exhibiting quasi-cleavage 

features within the fracture zone. Micrographs were taken using secondary electron imaging mode. 
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Table 4.6 – Uniaxial Tensile Properties of Tested HER Samples (Average and Range for Two Replicate Tests) 
 

HER Sample 

Designation 

Yield Stress 

(MPa) 

Ultimate Tensile 

Strength (MPa) 

Failure 

Strain (pct) 

Uniform 

Elongation (pct) 

Post-Uniform 

Elongation (pct) 

HER 

(pct) 

I1 793 ± 3 874 ± 1 16.2 ± 0.2 9.7 ± 0.2 6.5 ± 0.2 54 

H1 766 ± 1 856 ± 1 18.2 ± 0.1 9.2 ± 0.1 9.0 ± 0.1 97 

I2 752 ± 2 830 ± 1 17.7 ± 0.1  10.8 ± 0.2 6.9 ± 0.2 63 

H2 763 ± 2 834 ± 3 17.2 ± 0.2 9.8 ± 0.1 7.4 ± 0.2 101 

Figure 4.39 shows macro photographs of the fracture surfaces of the transverse tensile specimens. 

Delamination along the center-line (parallel to the rolling direction) was observed within all fractured tensile 

specimens. This observation was striking considering that the tensile specimens exhibited suitable ductility, 

predominately polygonal ferrite microstructures with fine grain sizes, and no banding of secondary phase 

constituents near the center-line. The microstructural characterization is explained in greater detail in the next 

section. However, macrosegregation of Mn to the center-line during continuous casting and hot-rolled 

crystallographic texture were considered to potentially be related to the observed delamination. Note that 

macrosegregation of Mn was not evaluated in this work, but it is expected due to the relatively high Mn addition 

(approximately 1.5 wt pct) typically used in similar steels [4, 6, 98, 129]. The hot-rolled crystallographic texture is 

discussed in more detail in the next section. Additionally, smaller longitudinal secondary cracks were observed away 

from the center-line. Most of these cracks were small (less than 100 µm long), but some were quite large (greater 

than 200 µm long), as shown in Figure 4.40(a). Voids also appeared to nucleate at inclusions, as shown in 

Figure 4.40(b). Other investigators have reported that secondary cracks observed away from the center-line nucleate 

at the interfaces between inclusions and the ferrite matrix [98]. The identity, size, and amount of inclusions are 

explained in greater detail in the next section. Finally, shear lips were observed near the outer edges of the tensile 

specimens. 

 

Figure 4.38     Representative engineering stress-strain curves illustrating uniaxial tensile behavior of tensile 

specimens machined from the tested HER sample blanks. The engineering strain rate was approximately 2.5x10-4 s-1. 
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Figure 4.39     Macro photographs of the fracture surfaces of tensile specimens machined from the tested HER 

samples blanks: (a) I1, (b) I2, (c) H1, and (d) H2. The rolling direction is approximately horizontal to the page. 
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Fracture behavior within the transverse tensile specimens is highlighted in Figure 4.41. This example is 

from a tensile specimen machined from the tested HER sample H2, which is the same fracture surface shown in 

Figure 4.39(d) but rotated 180°. The fracture characteristics of the tensile specimens were similar for all tested HER 

samples. Figure 4.41(a) shows the overall fracture surface of the transverse tensile specimen with various fracture 

features highlighted. These features are shown in higher magnification micrographs in Figures 4.41(b) – (e). 

Microvoid coalescence was mostly observed away from the center-line and near the outer edges of the tensile 

specimen (Figure 4.41(b)), indicating mostly ductile behavior. However, voids, short longitudinal secondary cracks, 

and quasi-cleavage “steps” were also observed. Again, voids appeared to nucleate at inclusions (see arrows in 

Figure 4.41(c)), which were mostly surrounded by fine, equiaxed dimples. The fracture behavior near the 

delamination along the center-line appeared to be mostly brittle, where quasi-cleavage steps were the predominant 

fracture feature (see arrows in Figure 4.41(d)). Regions of mixed fracture behavior were also observed, where 

quasi-cleavage steps and fine dimples were both present (see arrows in Figure 4.41(e)). Secondary cracking behavior 

away from the center-line may be related to the numerous voids that were observed, which were typically associated 

with the presence of inclusions. Differences in inclusion size and amount were thus investigated further to determine 

if they were related to the large variation in hole-expansion performance between samples taken from the same 

hot-rolled coil, and the results are discussed in the next section. 

 

Figure 4.40     SEM micrographs of longitudinal secondary cracking away from the center-line within the fracture 

surfaces of tensile specimens machined from the tested HER samples blanks: (a) I1, illustrating a large (greater than 

200 µm long) crack parallel to the rolling direction; and (b) I2, illustrating the nucleation of voids at inclusions. The 

included arrows in (b) identify inclusions associated with voids. The rolling direction is horizontal to the page. 

Micrographs were taken using secondary electron imaging mode. 
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Figure 4.41     SEM micrographs of the fracture surface of a tensile specimen machined from the tested HER sample 

H2 blank: (a) overall fracture surface with regions highlighted and shown in subsequent higher magnification 

micrographs; (b) various fracture features observed away from the center-line and near the outer edges; 

(c) nucleation of voids at inclusions (arrows highlight inclusions); (d) mostly brittle fracture behavior near the 

delamination along the center-line (arrows highlight quasi-cleavage steps); and (e) regions of mixed fracture 

behavior (solid arrows highlight fine dimples and dashed arrows highlight quasi-cleavage steps). The rolling 

direction is horizontal to the page. Micrographs were taken using secondary electron imaging mode. 
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4.3.3 Microstructural and Microalloy Precipitation Characterization 

 The microstructure characterization for the tested HER samples was focused on: (i) identifying inclusions 

and determining average size and amount; (ii) comparing polygonal ferrite microstructures and identifying any 

possible secondary phase constituents; and (iii) evaluating possible microalloy precipitation differences within the 

polygonal ferrite. Microstructural characterization was performed on coupons machined from the tested HER 

sample blanks. Numerous inclusions were observed within the fracture surfaces (expanded-holes and tensile 

specimens), and three major types were identified in all samples: cuboidal TiN, globular Ti4C2S2, and spherical 

Ca-modified MnS. Titanium nitrides form early during the casting process and are highly stable during solid-state 

processing [130]. The TiN inclusions were relatively large, cuboidal, and typically associated with 

aluminum (Al)/magnesium (Mg) oxides, as shown in Figure 4.42. The Al/Mg oxides appeared to act as 

heterogeneous nucleation sites for the TiN inclusions. Titanium carbosulfides also form early during the casting 

process and are highly stable during solid-state processing [131 – 133]. The Ti4C2S2 inclusions were relatively small 

and globular, as shown in Figure 4.43. Note that Ti4C2S2 stoichiometry was assumed for these inclusions [133]. 

Manganese sulfides form later, and Ca additions are used to produce more stable sulfides that are not as readily 

deformable during hot rolling [99]. The Ca-modified MnS inclusions were relatively small, spherical, and not 

elongated parallel to the rolling direction, as shown in Figure 4.44. Note that some Ti incorporation into the Mn/Ca 

sulfides was also observed [133]. 

 

 

Figure 4.42     Example of typical TiN inclusions (nucleated on Al/Mg oxides) observed in the tested HER samples: 
(a) SEM micrograph, where the dotted line indicates approximate position along which an EDS line scan was 

performed, and (b) collected EDS data. The tested HER sample H2 was investigated. The rolling direction is 

horizontal to the page. As-polished surface. Micrograph was taken using secondary electron imaging mode. 
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Figure 4.43     Example of typical Ti4C2S2 inclusions observed in the tested HER samples: (a) SEM micrograph, 

where the dotted line indicates approximate position along which an EDS line scan was performed, and (b) collected 
EDS data. The tested HER sample H1 was investigated. The rolling direction is perpendicular to the page. Etched 

with 2 pct nital. Micrograph was taken using secondary electron imaging mode. 

 

Figure 4.44     Example of typical Ca-modified MnS inclusions observed in the tested HER samples: (a) SEM 

micrograph, where the dotted line indicates approximate position along which an EDS line scan was performed, and 
(b) collected EDS data. The tested HER sample I1 was investigated. The rolling direction is horizontal to the page. 

As-polished surface. Micrograph was taken using secondary electron imaging mode. 
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The average size (area), radius, area fraction, and number density of inclusions within each tested HER 

sample were determined using an image thresholding procedure, and the results are summarized in Table 4.7. Note 

that the equivalent inclusion radius was estimated assuming a circular morphology. Average inclusion size was 

similar between the samples and ranged between 15 – 20 µm2 (about 2.2 – 2.5 µm radius). Histograms of inclusion 

size were constructed to determine if relatively large inclusions near the “tails” of the distributions were related to 

hole-expansion performance, and the histograms are shown in Figure 4.45. All samples exhibited unimodal 

distributions of inclusion size centered around 5 – 15 µm2 (about 1.3 – 2.2 µm radius), and nearly all inclusions were 

less than 100 µm2 (about 5.6 µm radius). The tails of the distributions were evaluated by comparing the largest 5 and 

20 pct of inclusions between the samples, but no relationship with hole-expansion performance was observed. 

Interestingly, samples that exhibited high hole-expansion performance had a reduced average inclusion area fraction 

and number density compared to samples that exhibited intermediate hole-expansion performance. A lower amount 

of inclusions would be expected to diminish void nucleation and longitudinal cracking, thus improving 

hole-expansion performance. However, the differences in average inclusion area fraction and number density were 

small (e.g. sample I2 vs. sample H2): about 13 and 20 pct, respectively. It is not certain whether these small 

differences in inclusion amount are responsible for the large variation in hole-expansion performance between 

samples taken from the same hot-rolled coil. 

Table 4.7 – Inclusion Analysis Results for Tested HER Samples 

 

 

 

 

 

HER Sample 

Designation 

Size 

(µm2) 

Equivalent 

Radius (µm) 

Area Fraction 

(pct) 

Number Density 

(x105 µm-2) 

I1 17 ± 1 2.3 ± 0.6 0.15 ± 0.02 9.1 ± 1.4 

H1 20 ± 1 2.5 ± 0.5 0.11 ± 0.01 5.8 ± 0.6 

I2 15 ± 1 2.2 ± 0.7 0.15 ± 0.02 10.0 ± 1.0 

H2 17 ± 1 2.3 ± 0.6 0.13 ± 0.03 8.0 ± 1.3 

The microstructures of the tested HER samples were investigated with LOM, SEM, EBSD analysis, and 

Vickers microhardness testing to compare polygonal ferrite characteristics and any possible secondary phase 

constituents. Homogeneous microstructures are required for superior hole-expansion performance [3, 6, 7], so 

polygonal ferrite grain size and microhardness were evaluated using three orthogonal orientations for each sample. 

The orientations are presented schematically in Figure 4.46. Additionally, the microstructures were investigated 

throughout the thickness of the sheets to check for “anomalies” near the center-line that may be related to the 

delamination along the center-line observed within all fractured tensile specimens (refer to Figure 4.39). 
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Figure 4.45     Inclusion size (area) histograms obtained with an image thresholding procedure for tested HER 

samples: (a) I1, (b) I2, (c) H1, and (d) H2. Inclusions smaller than 3.0 µm2 were not included. 
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The tested HER samples exhibited predominantly polygonal ferrite microstructures with fine grain size, 

and Figure 4.47 shows representative microstructures for samples I2 and H2 as examples. Polygonal ferrite grain 

size was evaluated utilizing SEM micrographs of all three sample orientations, and the results are shown in 

Figure 4.48(a). Overall, all samples exhibited a similar polygonal ferrite grain size of approximately 1.4 ± 0.1 µm 

considering each sample orientation. Sample H2 exhibited slightly finer grain size of approximately 1.3 ± 0.1 µm. 

These types of polygonal ferrite microstructures are desirable for superior stretch-flange formability [4, 22]. The 

small differences in polygonal ferrite grain size were not expected to be responsible for the large variation in 

hole-expansion performance between samples taken from the same hot-rolled coil. 

The Vickers microhardness of the predominately polygonal ferrite microstructures was evaluated using 

orthogonal traces along the normal, transverse, and rolling directions for each tested HER sample. The traces 

consisted of 3 x 20 arrays of microhardness indents along the direction of interest, where the average and standard 

deviation of three values were determined for each position. No clear trends of microhardness variation along the 

trace directions were observed for any sample. The microhardness of each position was fairly consistent with the 

overall microhardness (i.e. average microhardness considering all positions) determined for the respective trace 

directions. Thus, the overall microhardness for each trace direction was used for comparison between the tested 

HER samples, and the results are shown in Figure 4.48(b). All samples exhibited similar overall microhardness 

considering all the trace directions, and the values ranged between approximately 270 and 280 HV (100 g). The 

overall microhardness was greater along the normal direction compared to the rolling and transverse directions for 

samples I1 and H1, perhaps due to greater deformation and/or cooling on the surfaces of the hot-rolled sheets. The 

overall microhardness for samples I2 and H2 was more consistent considering all the trace directions. These minor 

differences are likely a result of the variations in thermomechanical processing between the separate hot-rolled coils. 

With respect to samples I2 and H2 (taken from the same hot-rolled coil), it is worth noting that the sample that 

exhibited high hole-expansion performance had a higher overall microhardness than the sample that exhibited 

intermediate hole-expansion performance considering all the trace directions. This microhardness difference may be 

related to a difference in microalloy precipitation within the polygonal ferrite and was explored further with TEM 

analysis (discussed later in this section). 

 

Figure 4.46     Schematic illustration of the three sample orientations used to characterize the microstructure of each 

tested HER sample. 
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Figure 4.47     Composite IQ and IPF maps obtained with EBSD analysis of the polygonal ferrite microstructures for 

tested HER samples: (a) I2 and (b) H2. The N-R orientation is shown with the rolling direction horizontal to the 

page. 

  

Figure 4.48     Summary of (a) polygonal ferrite grain size determined with orthogonal sample orientations (refer to 

Figure 4.46) and (b) overall Vickers microhardness determined with orthogonal traces along the normal direction 

(ND), transverse direction (TD), and rolling direction (RD) for each tested HER sample. The error bars represent 

one standard deviation. 
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Delamination can be influenced by microstructural features near the center-line such as banding of 

secondary phase constituents and non-uniform ferrite grain size [125 – 127]. The microstructures of the tested HER 

samples were investigated throughout the thickness of the hot-rolled sheets to check for these features and determine 

if their presence may be related to the delamination along the center-line observed within all fractured tensile 

specimens. Low magnification LOM micrographs were used to observe large areas of the microstructures, and 

microstructural features were compared between samples with intermediate and high hole-expansion performance. 

The through-thickness microstructures of sample I2 are shown in Figures 4.49(a) – (c), and the through-thickness 

microstructures of sample H2 are shown in Figures 4.49(d) – (f). Three locations throughout the thickness of the 

hot-rolled sheet are shown for each sample: (a) and (d) near the top surface; (b) and (e) near the mid-thickness; and 

(c) and (f) near the bottom surface. Overall, the through-thickness microstructures were similar for the tested HER 

samples. The microstructures exhibited predominantly polygonal ferrite microstructures at all through-thickness 

locations. However, the presence of possible secondary phase constituents was suggested by the observation of 

dark-etched regions within the microstructures (indicated by arrows in Figure 4.49). Banding of secondary phase 

constituents near the center-line was not observed, where accelerated cooling after finish rolling may have 

suppressed the formation of microstructural banding [134 – 136]. The possible secondary phase constituents were 

difficult to characterize due to their fine size, thus SEM was used to determine their identity, size, and amount 

(discussed below). Additionally, relatively large polygonal ferrite grains were observed within the microstructures 

(encircled in Figure 4.49). The relatively large polygonal ferrite grains were few in number, dispersed throughout 

the thickness of the sheet, and not localized near the center-line. Therefore, banding of secondary phase constituents 

and large polygonal ferrite grains near the center-line were likely not responsible for delamination during uniaxial 

tension testing. 

The hot-rolled texture of tested HER samples I2 and H2 (N-R orientation) was evaluated and compared 

using Euler orientation plots obtained with EBSD analysis. Note that the texture data correspond to the 

microstructures shown in Figure 4.47. Sections of the orientation distribution function, called Euler orientation plots 

(Bunge notation), are shown in Figures 4.50(a) and (b) for tested HER samples I2 and H2, respectively, considering 

φ2 = 0, 20, 40, 45, 65, and 90°. Both tested HER samples exhibited polygonal ferrite grain orientations near 

{123}<634�>, {168}<211�>, {111}<11�0>, and {112}<11�0>. Additionally, the tested HER sample I2 exhibited 

polygonal ferrite grain orientations near {011}<211�>, while the tested HER sample H2 exhibited polygonal ferrite 

grain orientations near {011}<100> and {001}<100>. 

The delamination along the center-line observed within all fractured tensile specimens (refer to 

Figure 4.39) may be related to the hot-rolled texture. The hot-rolled texture of the predominantly polygonal ferrite 

microstructures likely derived from austenite pancaking during hot rolling below the Tnr [137 – 139]. Lower finish 

rolling temperatures (below the Tnr) can result in sharper textures for the final ferritic microstructures [137, 139]. 

Predominance of {113}<11�0>, {112}<11�0>, {001}<110>, and {001}<100> texture components may promote 

delamination [125, 138 – 140]. Tested HER samples I2 and H2 both exhibited polygonal ferrite grain orientations 

near {112}<11�0>, and tested HER sample H2 also exhibited polygonal ferrite grain orientations near {001}<100>. 

The presence of these ferrite grain orientations may have promoted delamination during uniaxial tension testing. 
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Figure 4.49     Low magnification LOM micrographs showing the through-thickness microstructures of tested HER 

samples (a) – (c) I2 and (d) – (f) H2. Three locations throughout the thickness of the hot-rolled sheet are shown for 

each sample: (a) and (d) near top surface; (b) and (e) near mid-thickness; and (c) and (f) near bottom surface. The 

included arrows identify possible secondary phase constituents, and the included circles identify relatively large 

polygonal ferrite grains. The N-R orientation is shown with the rolling direction horizontal to the page. Etched with 

2 pct nital. 
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Figure 4.50     Euler orientation plots (Bunge notation) obtained with EBSD analysis of predominantly polygonal 

ferrite microstructures showing hot-rolled crystallographic texture of tested HER samples (a) I2 and (b) H2 
considering φ2 = 0, 20, 40, 45, 65, and 90°. The circles show the locations of texture components in Euler 

orientation space. The colors of the circles correspond with the colors of the texture component labels. The 

{112}<11�0> and {001}<100> texture components may promote delamination. 
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Although all tested HER samples exhibited predominately polygonal ferrite microstructures, some 

secondary phase constituents were observed within the samples taken from hot-rolled coil 2 (samples I2 and H2). 

Note that secondary phase constituents were not observed within the samples taken from hot-rolled coil 1 (samples 

I1 and H1). Figure 4.51 provides representative SEM micrographs of the secondary phase constituents within the 

tested HER samples I2 (Figures 4.51(a) and (c)) and H2 (Figures 4.51(b) and (d)). The secondary phase constituents 

within sample I2 were fine cementite (approximately 160 ± 80 nm) and small regions of martensite (approximately 

1.2 ± 0.5 µm). The cementite may be associated with bainite or autotempered martensite due to the multiple variants 

exhibited. However, the secondary phase constituents within sample H2 were only small regions of martensite or 

martensite-austenite (approximately 1.2 ± 0.3 µm), and no cementite was observed. It was speculated that variations 

in cooling rate during coiling were responsible for the observed differences in secondary phase constituents, where 

slower cooling for sample I2 resulted in the constituent containing cementite. Some temperature variation during hot 

rolling may also have influenced the thermomechanical processing response and subsequent transformation 

behavior, along with possible local variations in the alloy concentrations [96]. Note that the nanohardness of 

martensite and cementite are comparable [141 – 155], such that both phases are undesirable for superior 

hole-expansion performance [3, 6, 7, 22, 96, 156 – 159]. Voids usually nucleate at the interfaces of relatively hard 

and soft constituents [3, 6, 7, 157], and the area fraction of secondary phase constituents was estimated using SEM 

micrographs and were determined to be approximately 0.8 ± 0.4 and 0.4 ± 0.2 pct for samples I2 and H2, 

respectively. The greater amount of hard, secondary phase constituent within sample I2 may be related to the large 

variation in hole-expansion performance between the samples. It is also hypothesized that a slower cooling rate for 

sample I2 may have resulted in coarser microalloy precipitates than sample H2, which could influence the variation 

in hole-expansion performance between the samples. Microalloy precipitation behavior within polygonal ferrite was 

evaluated for the tested HER samples I2 and H2 with TEM, and the results are discussed below. 

Figure 4.52 shows TEM CDF images of nanometer-scale precipitates within polygonal ferrite for tested 

HER samples (a) I2 and (b) H2, and Table 4.8 summarizes the results of the nanometer-scale precipitate analysis. 

Note that the microhardness values presented in Table 4.8 were the averages of “bulk” values determined from all 

the trace directions (refer to Figure 4.48(b)). Samples I2 and H2 exhibited similar polygonal ferrite grain size, so 

variations in microhardness values were interpreted as possible differences in precipitation strengthening of the 

polygonal ferrite matrices. The precipitates exhibited an apparent random dispersion within the polygonal ferrite 

matrix and were quite fine (roughly 4 nm in length). Since the variation in secondary phase constituent suggests a 

difference in cooling rate, the observation that the precipitate sizes were similar between samples I2 and H2 may be 

related to the Mo addition. Nanometer-scale precipitates in Ti-Mo microalloyed steels have been proven to possess 

excellent thermal stability (i.e. slow coarsening kinetics) due to the Mo addition [5, 21, 25, 68, 77, 78]. Thus, 

variations in cooling rate during coiling may have a less significant impact on the final sizes of microalloy 

precipitates containing Mo. The precipitate number density between samples I2 and H2 was different, and the 

greater precipitate number density for sample H2 may explain its slightly greater microhardness compared to sample 

I2. However, thickness variations in the TEM specimens may have influenced the precipitate number density 

measurements, but thickness measurements of the specimens were not conducted in this work. That is, the results 
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here are number of precipitates per area rather than number of precipitates per volume. The small differences in 

microalloy precipitation behavior were likely not responsible for the large variation in hole expansion performance 

between the tested HER samples I2 and H2. 

Interestingly, the apparent precipitate number density within the tested HER samples was much lower than 

the precipitate number density observed within the samples that underwent thermomechanical processing 

simulations via hot compression and multipass hot torsion testing (approximately 8x10-4 to 13x10-4 nm-2). 

Recognizing the possible thickness variations in the TEM specimens (e.g. 90 – 110 nm), the large difference in 

precipitate number density is still significant. The lower precipitate number density within the tested HER samples 

may be related to the number of possible OR variants that can form during random versus interphase precipitation. 

All three variants of the B-N OR can form during random precipitation, while a single B-N OR variant forms 

preferentially during interphase precipitation [5, 15, 25, 27, 28, 31]. Only one variant was imaged for the tested HER 

samples. Therefore, the precipitate number density for the tested HER samples may be roughly three times greater 

than the reported values since apparent random precipitation was observed and not interphase precipitation. 

 

Figure 4.51     SEM micrographs of the secondary phase constituents within the tested HER samples I2: (a) and (c), 

and H2: (b) and (d). Lower magnification micrographs are provided in (a) and (b), and higher magnification 

micrographs in (c) and (d). The rolling direction is perpendicular to the page. Etched with 2 pct nital. Micrographs 

were taken using secondary electron imaging mode. 
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Table 4.8 – Nanometer-Scale Precipitate Analysis Results for Tested HER Samples 

 

 

 

 

HER Sample 

Designation 

Length 

(nm) 

Number Density 

(x104 nm-2) 

Overall Ferrite Vickers 

Microhardness (100 g) 

I2 3.6 ± 1 1.6 ± 0.2 272 ± 9 

H2 3.9 ± 1 2.2 ± 0.2 279 ± 8 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 4.52     TEM CDF images of nanometer-scale precipitates within polygonal ferrite for HER samples (a) I2 

and (b) H2. The inserts show the SAED patterns with the reflections used for imaging encircled in red. 
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CHAPTER FIVE 

CONCLUSIONS 

 

The results of this work have provided insights into the influence of austenite strain accumulation before 

γ → α transformation on austenite decomposition kinetics, microstructural development, and interphase precipitation 

within polygonal ferrite for low-carbon, titanium-molybdenum microalloyed steels. The key observations and 

conclusions derived from this work are as follows: 

  

1. A “kinetic bay” was observed within a time-temperature-transformation (TTT) diagram constructed from 

dilatometry data, where the initiation of γ → α transformation was retarded at intermediate transformation 

temperatures of 625 and 650 °C. Substitutional solutes of molybdenum and, to a lesser degree, manganese 

may contribute to a substitutional solute drag effect on γ/α interfaces during isothermal γ → α 

transformation at intermediate temperatures. 

 

2. Enhanced precipitation strengthening in polygonal ferrite occurs at lower transformation temperatures. 

Vickers microhardness values of the polygonal ferrite matrix increased from roughly 200 to 370 HV (10 g) 

when decreasing the holding temperature from 700 to 615 °C 

 

3. Austenite conditioning prior to decomposition accelerates the isothermal γ → α transformation kinetics, 

where greater austenite strain accumulation results in more accelerated decomposition kinetics. Austenite 

conditioning simulations both above and below the non-recrystallization temperature (Tnr) resulted in faster 

decomposition kinetics than simulations without austenite conditioning. Austenite conditioning simulations 

below the Tnr resulted in the fastest decomposition kinetics due to the pancaked (prior) austenite 

microstructures with strain accumulation of at least ~0.2 true strain. Austenite conditioning simulations 

above the Tnr resulted in more moderate decomposition kinetics due to the refined, equiaxed (prior) 

austenite microstructures with negligible strain accumulation. 

 

4. Interphase precipitation within polygonal ferrite is possible during accelerated γ → α transformation, and 

austenite/ferrite crystallography may play a role. Interphase precipitation was observed within a polygonal 

ferrite microstructure developed via austenite conditioning below the Tnr (i.e. with accelerated kinetics). 

The incoherent nature of the γ (martensite)/α interface – the specimen was constructed from an austenite 

(martensite)/ferrite region that did not exhibit the Kurdjumov-Sachs orientation relationship – is presumed 

to have promoted interphase precipitation due to the relatively greater interfacial energy despite the faster 

interface velocity associated with accelerated decomposition kinetics. 
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5. Relatively slower γ → α transformation kinetics resulted in a finer interphase precipitation sheet spacing. 

The interphase precipitation sheet spacing was approximately 15 ± 2 nm after austenite conditioning above 

the Tnr (i.e. with moderate kinetics), while the interphase precipitation sheet spacing was approximately 

25 ± 4 nm after austenite conditioning below the Tnr (i.e. with accelerated kinetics). The relatively slower 

decomposition kinetics, and hence slower overall γ/α interface velocity, may have allowed for greater 

segregation of carbide-forming, substitutional solutes (e.g. titanium and molybdenum) to the interphase 

boundary during decomposition. The greater substitutional solute concentration at the interphase boundary 

would both enhance solute drag effects and promote the nucleation of interphase precipitates resulting in 

the formation of interphase precipitation with narrower sheet spacing. 

 

6. A critical amount of strain in the austenite must accumulate during hot strip mill processing below the Tnr 

before a sufficient driving force for austenite recrystallization is available. Complete and interrupted hot 

strip mill processing simulations with finishing deformation steps below the Tnr both resulted in a similar 

(prior) austenite grain inclination angle of roughly 60°. This inclination angle corresponded to roughly 

1.7 shear strain (0.85 true strain) that is believed to accumulate in the austenite during thermomechanical 

processing before extensive austenite recrystallization occurred.  

 

7. Austenite recrystallization is enhanced due to high austenite strain accumulation during hot strip mill 

processing. Hot strip mill processing simulations with finishing deformation steps below the Tnr resulted in 

an accumulation of roughly 36 pct of the total shear strain imparted during finish rolling, while simulations 

with finishing deformation steps above the Tnr resulted in negligible strain accumulation. Simulations with 

finishing deformation steps below the Tnr resulted in substantial refinement of prior austenite grain size, 

where greater imposed shear strain (increasing radial position towards the surface) resulted in a greater 

amount of fine, equiaxed grains. 

 

8. Extensive austenite strain accumulation before γ → α transformation is required to achieve fine, 

homogeneous microstructures of polygonal ferrite and to avoid small amounts of hard, secondary phase 

constituents. Final microstructures intended for demanding stretch-flange formability applications should 

be produced by finish rolling below the Tnr with short interpass times to accumulate extensive amounts of 

strain in the austenite before decomposition. However, the final finishing deformation step must be above 

the Ar3 temperature to avoid ferrite deformation in the austenite-ferrite phase field.  
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9. The morphology of interphase precipitation may be altered due to extensive austenite strain accumulation 

before γ → α transformation. The interphase precipitation morphology within specimens constructed from 

hot compression samples was more regular with a greater number of rows (sheets) observed. However, the 

interphase precipitation morphology within specimens constructed from multipass hot torsion samples was 

less regular, i.e. incomplete rows (sheets), localized variations in sheet spacing, and relatively few rows 

(sheets) were observed. The large difference in applied true strain during austenite conditioning between 

hot compression testing (0.40) and multipass hot torsion testing (4.0) may explain the variations in 

interphase precipitation morphology. 

 

10. Small differences in the amount of hard, secondary phase constituents and non-metallic inclusions may be 

responsible for the variation in hole-expansion performance observed for industrially produced strip taken 

from the same hot-rolled coil but at different locations along its width. Fracture appearance, polygonal 

ferrite grain size, Vickers microhardness, uniaxial tensile properties, hot-rolled texture, and microalloy 

precipitation behavior were similar between the investigated samples. Samples with intermediate 

hole-expansion performance (~60 pct hole expansion ratio) exhibited greater amounts of both autotempered 

martensite/cementite and non-metallic inclusions (e.g. titanium nitrides, calcium-modified manganese 

sulfides, and titanium carbosulfides) compared to samples with high hole-expansion performance (~100 pct 

hole expansion ratio). The greater amount of hard constituents adjacent to the softer polygonal ferrite may 

have promoted the nucleation of voids during hole-expansion testing. Lowering the levels of nitrogen and 

sulfur within the steel would reduce the amount of non-metallic inclusions formed during the casting 

process. Additionally, lowering the final finishing deformation temperature to just above the Ar3 would 

result in greater austenite strain accumulation before decomposition. Greater austenite strain accumulation 

would accelerate the γ → α transformation kinetics and help avoid the formation of hard, secondary phase 

constituents from untransformed austenite. 
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CHAPTER SIX 

FUTURE WORK 

 

Future work that could be considered to follow this study center around three main areas of interest: 

promoting polygonal ferrite grains that do not exhibit a Kurdjumov-Sachs orientation relationships with their 

surrounding austenite, investigating substitutional solute segregation at γ/α interfaces with respect to austenite strain 

accumulation, and better understanding the influence of different microalloy precipitate morphologies in polygonal 

ferrite on mechanical behaviors: 

 

1. Polygonal ferrite grains that do not exhibit Kurdjumov-Sachs (K-S) orientation relationships (OR) with 

their surrounding austenite are more likely to contain incoherent γ/α interfaces, which have been shown by 

this study and others to promote interphase precipitation. Increasing the amount of polygonal ferrite grains 

that exhibit non-K-S ORs with their surrounding austenite may be beneficial to obtain greater strengths in 

microalloyed steels due to the higher propensity for interphase precipitation. Intragranular polygonal ferrite 

grains typically exhibit non-K-S ORs with their surrounding austenite since they nucleate on non-metallic 

inclusions. Thus, it could be valuable to investigate methods that promote the nucleation of intragranular 

polygonal ferrite grains and characterize the microalloy precipitation behavior within them. Dispersed 

oxides and/or nitrides could be used to promote the nucleation of intragranular polygonal ferrite in a similar 

fashion as acicular ferrite in microalloyed steel weld metals. 

 

2. A substitutional solute drag effect on γ/α interfaces during isothermal γ → α transformation was indicated 

in this study. Additionally, it was speculated that enhanced segregation of carbide-forming, substitutional 

solutes to γ/α interfaces during austenite decomposition may have resulted in finer interphase precipitation 

sheet spacings. There were attempts to investigate the substitutional solute segregation at γ (martensite)/α 

interfaces in this work with scanning transmission electron microscopy energy dispersive X-ray 

spectroscopy analysis, but the results were unclear. Thus, it could be valuable to investigate 

γ (martensite)/α interfaces selected from microstructures that experienced different levels of austenite strain 

accumulation before decomposition with atom probe tomography analysis to better understand the role of 

substitutional solute segregation on transformation kinetics and interphase precipitation behaviors. 

 

3. Different morphologies of microalloy precipitates can form throughout the polygonal ferrite microstructure 

for a given alloy composition and isothermal transformation temperature due to local variations in γ/α 

interface mobility and structure during γ → α decomposition.  Further, the morphology of microalloy 

precipitates can vary greatly within a single polygonal ferrite grain. This study utilized Vickers 

microhardness to estimate the precipitation strengthening in polygonal ferrite matrices. The indentations 

were relatively large, such that multiple microalloy precipitate morphologies within the matrix were likely 
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measured simultaneously. Thus, it could be valuable to perform nanohardness measurements in multiple 

polygonal ferrite grains and investigate the microalloy precipitation behavior immediately adjacent to the 

nanohardness indentations to better correlate mechanical properties with precipitate morphology. 
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APPENDIX A 

DISSOLUTION MODEL FOR TiC IN AUSTENITE 

 

A diffusional model for the dissolution of a TiC precipitate in an austenite matrix was developed in 

DICTRA® to help guide the selection of soaking times for the experimental alloys. 

 

A.1 Description of Dissolution Model 

A schematic of the model geometry is given in Figure A.1. Spherical cells were used in the simulation with 

R1 and R2 representing the radii of the TiC precipitate cell and austenite matrix cell, respectively. If R1 and the 

volume fraction of TiC precipitates (Vf
TiC) are assumed, R2 can be determined with the expression: 

Vf
TiC = 

V1

V2

 = 
(R1)

3

(R2)
3 (A.1) 

where V1 is the volume of the TiC precipitate cell and V2 is the volume of the austenite matrix cell. Thermo-Calc® 

was utilized to estimate the compositions and volume fractions of relevant phases using the TCFE9 database. 

Several assumptions were considered to simplify the model: 

1. Ternary system containing only Fe, C, and Ti. 

2. All N has been removed from solid solution by the formation of TiN precipitates, which are highly 

stable during solid-state processing. Ti removal with TiN precipitation was used to adjust the Ti 

solute content. 

3. Equilibrium amount of Ti4C2S2 (at 1250 °C) formed during the casting process, where the volume 

fraction remained unchanged due to its low solubility in austenite [A.1 – A.3]. Ti and C removal 

with Ti4C2S2 precipitation was used to adjust the Ti and C solute contents. 

4. Precipitates are pure, spherical TiC [A.1, A.4]. Note that larger TiC precipitates tend to be 

polyhedral [A.4]. 

5. Maximum average diameter of strain-induced TiC precipitates is 100 nm for various deformation 

temperatures and holding times [A.1, A.2, A.4]. 

6. Equilibrium amount of TiC (at 900 °C) formed during the hot rolling process, which was 

estimated to be ~10-3. It is unlikely that equilibrium conditions occur during industrial processing, 

but this over approximation should yield more conservative results.  

A mass balance was considered to ensure that the combination of austenite matrix plus TiC precipitate 

matched the assumed alloy composition. The austenite matrix composition was determined from the difference 

between the total alloy Fe, Ti, and C contents and the Ti and C contents removed by the TiC precipitate. The total 

alloy Fe, Ti, and C contents were determined with the assumed volume of the austenite matrix cell, molar volume of 

austenite, and assumed alloy composition. The Ti and C contents removed by the TiC precipitate were determined 

with the assumed volume of the TiC precipitate cell and molar volume of TiC. The molar volume (Vm) of austenite 

and TiC was determined using the following expression: 
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Vm = 
a3

 NA 

z
 (A.2) 

where a is the lattice parameter, NA is the Avogadro constant, and z is the number of atoms per unit cell. The lattice 

parameter (units of nm) of austenite was approximated using the following expression [A.5]: 

a = 0.35519 + 8.1593x10-6(T) + 1.7341x10-3(C) (A.3) 

where T is the absolute temperature (1523 K) and C is the assumed alloy concentration of carbon in wt pct. The 

lattice parameter of TiC (at 298 K) is approximately 0.4330 nm [A.6]. There are 4 atoms per unit cell in both the 

NaCl-type and face centered cubic (FCC) crystal structures. 

Table A.1 provides the compositions of the simplified experimental alloys and phases used as inputs for the 

DICTRA® dissolution model, where the initial Ti and C contents of the austenite matrix have been adjusted to 

account for TiN and Ti4C2S2 precipitation. The temperature and pressure were held constant at 1523 K (1250 °C) 

and 1 atm, respectively. The model calculated that 62 and 178 s were required for complete dissolution of a TiC 

precipitate with a radius of 50 nm and volume fraction of 10-3 in the Ti-Mo and Ti-Mo* alloys, respectively. 

Table A.1 – Composition of Phases Corresponding to Simplified Experimental Alloys 

 

 

Experimental 

Alloy 

Simplified Alloy 

Composition (wt pct) 
TiC Precipitate Initial Austenite Matrix 

Ti-Mo Fe-0.052C-0.101Ti 0.50 XC 0.50 XTi 1.811x10-3 XC 5.588x10-4 XTi Balance XFe 

Ti-Mo* Fe-0.057C-0.109Ti 0.50 XC 0.50 XTi 2.034 x10-3 XC 6.568x10-4 XTi Balance XFe 

 

 

Figure A.1     DICTRA® dissolution model illustration showing a spherical TiC precipitate surrounded by a 

spherical austenite matrix. Relevant phases have been identified with their corresponding crystal structures. The 

radii of the TiC precipitate cell and austenite matrix cell are represented by R1 and R2, respectively. The bold arrow 

indicates the radial direction of the moving interface. 
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APPENDIX B 

GLEEBLE® 3500 QUIKSIM2 PROGRAMS 

 

Gleeble® 3500 simulations were programmed with the “QuikSim2” software, and this section provides the 

programs that were used for double-hit compression, dynamic ISO-Q®, and multipass hot torsion testing. 

 

B.1 Double-Hit Compression Testing Programs 

The programs used for double-hit compression testing are provided below for High T Deformation 

simulation (Figure B.1), Low T Deformation simulation (Figure B.2), and Low T (0.6) Deformation simulation 

(Figure B.3). Refer to Section 3.2.1 for complete descriptions of the thermomechanical processing simulations. 

 

Figure B.1     QuikSim2 program used on the Gleeble® 3500 to perform High T Deformation simulation via 

double-hit compression testing. 
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Figure B.2     QuikSim2 program used on the Gleeble® 3500 to perform Low T Deformation simulation via 

double-hit compression testing. 
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B.2 Dynamic ISO-Q® Testing Programs 

The programs used for dynamic ISO-Q® testing are provided below for High T Deformation simulation 

followed by isothermal holding at 650 °C for 23.3 min (Figure B.4) and Low T Deformation simulation followed by 

isothermal holding at 650 °C for 5 min (Figure B.5). Refer to Section 3.2.2 for complete descriptions of the 

thermomechanical processing simulations. 

 

 

Figure B.3     QuikSim2 program used on the Gleeble® 3500 to perform Low T (0.6) Deformation simulation via 

double-hit compression testing. 
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Figure B.4     QuikSim2 program used on the Gleeble® 3500 to perform High T Deformation simulation followed 

by isothermal holding at 650 °C for 23.3 min via dynamic ISO-Q® testing. 
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B.3 Multipass Hot Torsion Testing Programs 

The programs used for multipass hot torsion testing are provided below for High T Finish simulation 

followed by quenching (Figure B.6), High T Finish simulation followed by isothermal holding at 650 °C for 30 min 

(Figure B.7), Low T Finish simulation followed by quenching (Figure B.8), Low T Finish simulation followed by 

isothermal holding at 650 °C for 30 min (Figure B.9), and interrupted Low T Finish simulation, where the sample 

 

Figure B.5     QuikSim2 program used on the Gleeble® 3500 to perform Low T Deformation simulation followed by 

isothermal holding at 650 °C for 5 min via dynamic ISO-Q® testing. 
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was quenched after the fourth finishing deformation step (F4) (Figure B.10). Refer to Section 3.2.3 for complete 

descriptions of the thermomechanical processing simulations. 

 

 

Figure B.6     QuikSim2 program used on the Gleeble® 3500 to perform High T Finish simulation followed by 

quenching via multipass hot torsion testing. Part 1 of 3. 
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Figure B.6     QuikSim2 program used on the Gleeble® 3500 to perform High T Finish simulation followed by 

quenching via multipass hot torsion testing. Part 2 of 3. 
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Figure B.6     QuikSim2 program used on the Gleeble® 3500 to perform High T Finish simulation followed by 

quenching via multipass hot torsion testing. Part 3 of 3. 
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Figure B.7     QuikSim2 program used on the Gleeble® 3500 to perform High T Finish simulation followed by 

isothermal holding at 650 °C for 30 min via multipass hot torsion testing. Part 1 of 3. 
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Figure B.7     QuikSim2 program used on the Gleeble® 3500 to perform High T Finish simulation followed by 

isothermal holding at 650 °C for 30 min via multipass hot torsion testing. Part 2 of 3. 
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Figure B.7     QuikSim2 program used on the Gleeble® 3500 to perform High T Finish simulation followed by 

isothermal holding at 650 °C for 30 min via multipass hot torsion testing. Part 3 of 3. 
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Figure B.8     QuikSim2 program used on the Gleeble® 3500 to perform Low T Finish simulation followed by 

quenching via multipass hot torsion testing. Part 1 of 3. 
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Figure B.8     QuikSim2 program used on the Gleeble® 3500 to perform Low T Finish simulation followed by 

quenching via multipass hot torsion testing. Part 2 of 3. 
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Figure B.8     QuikSim2 program used on the Gleeble® 3500 to perform Low T Finish simulation followed by 

quenching via multipass hot torsion testing. Part 3 of 3. 
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Figure B.9     QuikSim2 program used on the Gleeble® 3500 to perform Low T Finish simulation followed by 

isothermal holding at 650 °C for 30 min via multipass hot torsion testing. Part 1 of 3. 
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Figure B.9     QuikSim2 program used on the Gleeble® 3500 to perform Low T Finish simulation followed by 

isothermal holding at 650 °C for 30 min via multipass hot torsion testing. Part 2 of 3. 
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Figure B.9     QuikSim2 program used on the Gleeble® 3500 to perform Low T Finish simulation followed by 

isothermal holding at 650 °C for 30 min via multipass hot torsion testing. Part 3 of 3. 
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Figure B.10     QuikSim2 program used on the Gleeble® 3500 to perform interrupted Low T Finish simulation, 

where the sample was quenched after the fourth finishing deformation step (F4). Part 1 of 2. 
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Figure B.10     QuikSim2 program used on the Gleeble® 3500 to perform interrupted Low T Finish simulation, 

where the sample was quenched after the fourth finishing deformation step (F4). Part 2 of 2. 
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APPENDIX C 

COPYRIGHT PERMISSIONS TO REPRODUCE IMAGES FROM LITERATURE 

 

The following provides permissions from publishers and authors to reproduce images from work published 

in literature and dissertation documents. 

 

 

Figure C.1     Copyright permission from Springer Nature to reproduce the image used in Figure 2.1. 
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Figure C.2     Copyright permission from Springer Nature to reproduce the image used in Figure 2.2. 
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Figure C.3     Copyright permission from Elsevier to reproduce the images used in Figure 2.3. 
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Figure C.4     Copyright permission from Dr. Subrata Mukherjee to reproduce the images used in Figure 2.4. 
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Figure C.5     Copyright permission from ISIJ International to reproduce the images used in Figures 2.5(a) and 2.14. 
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Figure C.6     Copyright permission from Elsevier to reproduce the images used in Figures 2.5(b) and 2.7. 
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Figure C.7     Copyright permission from Elsevier to reproduce the images used in Figures 2.5(c) and 2.12. 
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Figure C.8     Copyright permission from Elsevier to reproduce the image used in Figure 2.6. 
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Figure C.9     Copyright permission from Springer Nature to reproduce the image used in Figure 2.8. 
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Figure C.10     Copyright permission from Taylor & Francis to reproduce the image used in Figure 2.9. 

 

Figure C.11     Copyright permission from the Advanced Steel Processing and Products Research Center to 

reproduce the image used in Figure 2.10. 
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Figure C.12     Copyright permission from Elsevier to reproduce the images used in Figure 2.15. 
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Figure C.13     Copyright permission from ASTM International to reproduce the images used in Figures 2.19 

and 2.20. 
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Figure C.14     Copyright permission from MDPI to reproduce excerpts used in Sections 3.2.3 and 4.2 and the 
images used in Figures 3.8, 3.9, 3.10, 4.17, 4.18, 4.19, 4.20, 4.21, 4.22, 4.25, and 4.26. Please refer to 

<https://creativecommons.org/licenses/by/4.0/> for complete details of the open access licensing agreement. 
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Figure C.15     Copyright permission from Dr. Shane Kennett to reproduce the images used in Figure 3.16. 
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