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ABSTRACT 

 

 

A series of four experimental TRIP-aided bainitic ferrite (TBF) sheet steels was used to 

investigate the influence of microstructure (in particular secondary phase austenite) on hydrogen 

absorption and hydrogen embrittlement susceptibility. The TBF steels were designed to have 

similar carbon equivalent values (≈ 0.6) and similar tensile strengths (950-1150 MPa), allowing 

the effects of microstructure to be isolated.  

Quasi-static tensile tests were performed on the TBF steels after various durations of 

electrochemical hydrogen charging in order to characterize susceptibility to hydrogen 

embrittlement. Melt extraction was used to quantify the hydrogen absorbed by each steel during 

hydrogen infusion. The microstructure of each steel was characterized using electron back-

scatter diffraction (EBSD) and x-ray diffraction (XRD). In particular, microstructural attributes 

believed to potentially contribute to hydrogen retention, such as austenite and 

martensite/austenite (MA) constituent volume fractions, grain and phase boundary areas, and 

austenite aspect ratio, were quantified. Variations in these microstructural components were 

compared to observed differences in hydrogen embrittlement susceptibility and hydrogen 

absorption behavior to identify the influence of key microstructural characteristics. Increased 

austenite volume fraction and/or increased austenite phase boundary area were found to have the 

dominant influence on increased hydrogen absorption and hydrogen embrittlement susceptibility. 

Increased austenite aspect ratio was found to have a minor influence. 

 One of the TBF steels and an experimental dual phase (DP) steel were used to investigate 

the effects of secondary phases on hydrogen retention and microcrack initiation and propagation. 

The DP steel was designed to have a microstructure that was very similar to the TBF steel, but 

with untempered martensite as the secondary phase instead of austenite. In this way, the 

influence of the secondary phases could be isolated. Specimens of the TBF and DP steels were 

electrochemically hydrogen charged and aged. Melt extraction was then used to determine the 

remaining concentration of hydrogen after various durations of aging. The TBF steel was found 

to retain hydrogen for longer periods of time than the DP steel, but not indefinitely. This again 

demonstrated that austenite and/or its phase boundary was the primary microstructural feature 
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that stored hydrogen, and that austenite was able to retain hydrogen significantly longer than 

untempered martensite.  

Tensile tests of hydrogen-infused specimens were conducted on the TBF and DP steels 

over a range of strain rates (ε̇ = 10-2, 10-3, 10-4, and 10-5 s-1). Increasing strain rate limits the 

mobility of hydrogen over the duration of the test. The wide range of strain rates thus allowed the 

effects of hydrogen stored within the secondary phase to be observed both with and without 

hydrogen redistribution during deformation. Microcrack populations were quantified after failure 

using FESEM. Microcracks were found to initiate within untempered martensite (in DP steel) 

and strain-induced martensite (in TBF steel) even at the highest strain rate. This implies both 

untempered martensite and austenite store enough hydrogen to induce microcracking without 

additional accumulation during deformation. Additionally, decreasing strain rate was found to 

enhance microcrack initiation and propagation in the TBF steel more so than in the DP steel. 

This is evidence that hydrogen is released during the austenite-to-martensite transformation, 

increasing the diffusible hydrogen within the system and assisting in the nucleation and 

propagation of microcracks.  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 



v 
 

 

TABLE OF CONTENTS 

 

 

ABSTRACT ...…………………………………………………………………………………....iii 

LIST OF FIGURES …………………………………………………………………………….....x 

LIST OF TABLES  ……………………………………………………………………………...xix 

ACKNOWLEDGEMENTS ………………………………………………………………........xxii 

CHAPTER 1 : INTRODUCTION  ………………………………………………………………..1 

CHAPTER 2 : BACKGROUND ……………………………………………………………….....3 

 2.1 TRIP Effect ………………………………………………………………………..3 

  2.1.1 Austenite Stabilization for TRIP …………………………………………..4 

 2.2 TBF Steels ………………………………………………………………………...6 

  2.2.1 TBF Steel Processing ……………………………………………………...7 

 2.3 DP Steels  ………………………………………………………………………….8 

 2.4 Hydrogen Uptake  ………………………………………………………………....9

 2.5 Hydrogen Distribution …………………………………………………………...10 

  2.5.1 Hydrogen Solubility ……………………………………………………..10 

  2.5.2 Hydrogen Traps ……………………………………………….................11 

2.5.3 Hydrogen Diffusivity  …………………………………………................15 

2.5.4 Hydrogen Diffusion and Accumulation ……………………….................16 

 2.6 Hydrogen Embrittlement ………………………………………………………...19 

     2.6.1 Hydrogen Embrittlement Mechanisms …………………………………..20 

     2.6.2 Microstructural Influence on Hydrogen Embrittlement ………………….21 

     2.6.3 Tensile Strength Effects on Hydrogen Embrittlement …………………...23 

     2.6.4 Compositional Effects on Hydrogen Embrittlement ……………………..24 

    2.6.5 Strain Rate Effects on Hydrogen Embrittlement …………………………24 

     2.6.6 Fracture Induced Fracture Surface Morphologies ……………..................25 

 2.7 Electron Backscatter Diffraction  ………………………………………………...27 

 2.8 X-Ray Diffraction ………………………………………………………………..30 

 2.9 Melt Extraction for Hydrogen Content Determination  …………………………..30 



vi 
 

 2.10 Statistical Analysis ……………………………………………………………....30 

CHAPTER 3 : EXPERIMENTAL DESIGN   ……………………………………………………32 

 3.1 Purpose of Project ………………………………………………………………..32 

3.2 Structure of Experiments ………………………………………………………...32 

    3.2.1 Round One: General Microstructural Effects  ……………………………33 

    3.2.2 Round Two: Hydrogen Absorption and Microcrack Initiation in 
Secondary Phases ………………………………………………………..34 

3.3 Analysis Techniques ……………………………………………………………..35 

 3.3.1 Hydrogen Infusion …………………………………………………….....35 

 3.3.2 Hydrogen Analysis ……………………………………………………....37 

 3.3.3 Mechanical Testing  ……………………………………………………...37 

 3.3.4 Analysis Methods for Microstructure and Fracture  ……………………...37 

CHAPTER 4 : EXPERIMENTAL PROCEDURE ………………………………………………38 

 4.1 Materials …………………………………………………………………………38 

     4.1.1 Heat Treatments for TBF and DP Steels  …………………………………39   

 4.2 Electrochemical Hydrogen Charging  …………………………………………....40 

 4.3 Hydrogen Analysis ……………………………………………………………....42 

    4.3.1 Determination of Diffusible Hydrogen Concentration  …………………..42 

     4.3.2 Hydrogen Retention  ……………………………………………………..43 

 4.4 Tensile Testing …………………………………………………………………..43 

 4.5 Microstructural Analysis ………………………………………………………...44 

     4.5.1 Surface Preparation for XRD and EBSD   ………………………………..45 

     4.5.2 X-Ray Diffraction ………………………………………………………..46 

     4.5.3 Electron Backscatter Diffraction  ………………………………………...47 

     4.5.4 Inclusion Population ……………………………………………………..49 

 4.6 Fractography  …………………………………………………………………….49 

     4.6.1 Fracture Surface Morphology ……………………………………………49 

     4.6.2 Macroscale Secondary Cracking  ………………………………………...51 

      4.6.3 Microcrack Analysis ……………………………………………………..51 

CHAPTER 5 : MECHANICAL PROPERTIES …………………………………………………54 

5.1 Plastic Instability and Calculation of Uniform and Post-Uniform Elongation .......54 



vii 
 

5.2 Effects of Microstructural Damage from Electrochemical Hydrogen Infusion ......56 

5.3 Hydrogen Embrittlement Susceptibility of TBF Steels …………..........................58 

 5.3.1 Hydrogen Effects on Yield and Tensile Strength ………………………...59 

5.3.2 Hydrogen Effects on Ductility …………………………………………...60 

5.4 Strain Rate Effects on Ductility of TBF-0.3C-1.4Mn and DP-0.2C-2.0Mn  
Steels …………………………………………………………………………….62 

  5.4.1 Strain Rate Effects on Macroscale Hydrogen Embrittlement  
Susceptibility …………………………………………………………….64 

5.4.2 Local Reduction in Width and Thickness  ………………………………..65 

CHAPTER 6 : HYDROGEN ABSORPTION …………………………………………………...68 

6.1 Irreversibly Trapped Hydrogen Concentration …………………………………..68 

6.2 Total and Diffusible Hydrogen Concentrations ……………………………….....69 

6.3 Comparison of Diffusible Hydrogen Concentrations. …………………………...70 

6.3.1 Hydrogen Absorption Properties of the TBF-0.4C-0.8Mn Steel ………....72 

6.3.2 Hydrogen Absorption Properties of the TBF-0.3C-1.4Mn Steel …………72 

6.3.3 Hydrogen Absorption Properties of the TBF-0.2C-2.0Mn and 
TBF-0.5C-0.2Mn Steels ………………………………………………....74 

6.3.4 Summary of Comparative Hydrogen Absorption Properties …………….74 

CHAPTER 7 : MACROSCALE HYDROGEN EMBRITTLEMENT SUSCEPTIBILITY …......75 

7.1 Hydrogen Absorption Effects on Hydrogen Embrittlement Susceptibility ……....75 

7.2 Influence of Steel Mechanical Properties on Hydrogen Embrittlement  
Susceptibility …………………………………………………………………….76 

CHAPTER 8 : MICROSTRUCTURAL EFFECTS ON HYDROGEN ABSORPTION ………...78 

8.1 The Current Understanding of Microstructural Influence on Hydrogen  
Absorption ……………………………………………………………………….78 

8.2 TBF Steel Microstructural Analysis  ……………………………………………..80 

8.2.1 Constituent Volume Fractions …………………………………………...80 

8.2.2 Grain and Phase Boundary Areas  ………………………………………..85 

8.2.3 Inclusions  ………………………………………………………………..87 

8.2.4 Austenite Morphology …………………………………………………...87 

8.2.5 Secondary Phase Distribution ……………………………………………89 

8.3 Microstructural Influence on Hydrogen Absorption Under Non-Equilibrium 
Conditions ……………………………………………………………………….89 



viii 
 

8.3.1 Hydrogen Absorption into Austenite ………………………………….....90 

8.3.2 Combined Influence of Microstructural Features on Hydrogen  
Absorption ……………………………………………………………….92 

8.3.3 Austenite Morphology Effects on Hydrogen Absorption.  ……………….92 

8.4 Other Possible Factors Influencing Hydrogen Absorption.  ……………………...95 

8.4.1 Compressive Strain Fields as Energy Barriers to Hydrogen Diffusion. .....95 

8.4.2 Internal Structure of MA Constituent. ...…………………………………96 

8.4.3 Dislocation Density of Bainitic Ferrite …………………………………..97 

CHAPTER 9 : MICROSTRUCTRAL EFFECTS ON HYDROGEN RETENTION  …………....98 

 9.1 DP Steel Microstructural Analysis ……………………………………………….98 

9.1.1 Ferrite Morphology of DP-0.2C-2.0Mn Versus TBF-0.3C-1.4Mn ………98 

9.1.2 Austenite in the DP-0.2C-2.0Mn Steel  …………………………………..99 

9.1.3 MA Constituent in the DP-0.2C-2.0Mn Steel …………………………..100 

9.2 Hydrogen Retention in the TBF-0.3C-1.4Mn and DP-0.2C-2.0Mn Steels  ……..102 

9.2.1 Hydrogen Retention in DP-0.2C-2.0Mn Steel ………………………….102 

9.2.2 Hydrogen Retention in TBF-0.3C-1.4Mn Steel ………………………...103 

9.2.3 Comparative Hydrogen Retention of the TBF-0.3C-1.4Mn and  
DP-0.2C-2.0Mn Steels  ………………………………………………....105 

9.3 Secondary Phase Influence on Hydrogen Retention …………………………....106 

9.3.1 Hydrogen Absorption and Retention within Austenite ………………....106 

9.3.2 Austenite as a Reversible Trap ………………………………………….107 

9.3.3 Release of Hydrogen from Secondary Phases ………………………......108 

9.3.4 Hydrogen Release from TRIP …………………………………………..111 

CHAPTER 10 : FRACTOGRAPHY OF TBF STEELS ……………………………………......112 

10.1 LOM of Fracture Surfaces ……………………………………………………...112 

10.2 Fisheye Effects on Macroscale Mechanical Properties ………………………....115 

10.3 X-ray CT Scans of Necking Regions …………………………………………...116 

10.4 FESEM of Fracture Surface ………………………………………………….....118 

10.5 EBSD of Internal Microcracks ……………………………………………….....120 

10.6 Fracture Initiation in Hydrogen-Infused TBF Steels …………………………....122 

10.7 Fracture Propagation in Hydrogen-Infused TBF Steels ………………………...124 

10.8 Microstructural Effects on Macroscale Hydrogen Embrittlement  



ix 
 

Susceptibility …………………………………………………………………...124 

CHAPTER 11 : STRAIN RATE EFFECTS ON MICROCRACK INITIATION AND  
   PROPAGATION ……………………………………………………………..126 

11.1 Microcrack Population in the As-Received Specimens ………………………...126 

11.2 TBF-0.3C-1.4Mn and DP-0.3C-1.4Mn Steel Microcrack Initiation Sites  ……...127 

11.3 TBF-0.3C-1.4Mn Steel Microcrack Population ………………………………...129 

11.3.1 Strain Rate Effects on Microcrack Initiation and Propagation ………….131 

11.3.2 Localized Necking Effects on Microcrack Initiation and Propagation ….132 

11.4 DP-0.2C-2.0Mn Steel Microcrack Population ……………………………….....135 

11.4.1 Strain Rate Effects on Microcrack Initiation and Propagation ………….136 

11.4.2 Localized Necking Effects on Microcrack Initiation and Propagation ….138 

11.5 Comparison of TBF-0.3C-1.4Mn and DP-0.2C-2.0Mn Steel Microcrack 
  Populations ……………………………………………………………………..138 

11.5.1 Secondary Phase Impact on Microcrack Initiation and Growth ………...140 

CHAPTER 12 : HYDROGEN/MICROSTRUCTURE INTERACTION EFFECTS ON  
  MICROCRACK INITIATION AND PROPEGATION  ……………………...142 

12.1 Microcrack Initiation due to Supersaturated Strain-Induced Martensite ……......142 

12.2 Microcrack Initiation within Athermal Martensite ……………………………..143 

12.3 TRIP-Induced Hydrogen Release ………………………………………………144 

CHAPTER 13 : CONCLUSIONS   ……………………………………………………………..148 

CHAPTER 14 : FUTURE WORK ……………………………………………………………...151 

REFERENCES …………………………………………………………………………………153 

APPENDIX A : ALTERNATE ATTEMPTS TO DEVELOP THE DP  
   MICROSTRUCTURE   ………………………………………………………162 

APPENDIX B : ANALYSIS OF POST-UNIFORM ELONGATION …………………………168 

APPENDIX C : TENSILE PROPERTIES  ……………………………………………………..171 

APPENDIX D : STATISTICALLY SIGNIFICANT DIFFERENCES BETWEEN TOTAL 
      HYDROGEN POPULATIONS ……………………………………………...176 

APPENDIX E : LARGE INTERNAL MICROCRACKS FOR ONE DP-0.2C-2.0Mn 
     SPECIMEN  …………………………………………………………………..178 
 

 

 



x 
 

 
LIST OF FIGURES 

 

 

Figure 2.1 Elongation plotted against tensile strength, for several commercially produced 
sheet steels including TRIP steels and 3rd generation AHSS which include TBF 
 steels [Adapted from 6]. …………………………………………………………..4 
 

Figure 2.2 Austenite (γ) stability based on the stress necessary to transform austenite into 
martensite (σ’) at various deformation temperatures relative to the Ms, Ms

σ, and 
  Md temperatures. [Adapted from 9]. …………………………………………….. 6 
 
Figure 2.3 Example microstructures of TBF steels consisting of laths of bainitic ferrite 
  (dark) separated by thick films of retained austenite (light) with laths arranged  

in packets of like orientation called sheaves. Austempered at various  
temperatures (a) 350 ˚C (b) 375 ˚C and (c) 400 ˚C. [Adapted from 12]. …………7 

 
Figure 2.4 Carbon concentration ([C]) across (a) block and (b) film austenite that develops 

during austempering along with the constituents [austenite (γ), ferrite (α) and 
martensite/austenite (MA)] present after cooling to room temperature based on  
the local carbon concentration. Note that MA constituent forms when the  
original austenite is not sufficiently carbon enriched. [C]0 and [C]γ represent  
the bulk carbon concentration and the carbon concentration necessary to  
maintain austenite at room temperature, respectively. [Adapted from 9]. …………8 

 
Figure 2.5 The formation of atomic hydrogen on the surface of cathodically protected  

steel in an acidic environment and the diffusion of the hydrogen into the steel  
or away from the steel surface as diatomic hydrogen gas [7, 16]. ………………...10 

 
Figure 2.6 The binding energy (EB) and activation energy (ET) of a trapping site based on  

the energy state of the hydrogen in an interstitial lattice versus in the trap, and  
the saddle energy (ES). [Adapted from Reference 17]. …………………………...12 

 
Figure 2.7 Model of desorption of hydrogen from traps of different binding energies 
  [Adapted from Reference 36] .…………………………………………………...14 
 
Figure 2.8 Hydrogen diffusion path through ferrite (red) with secondary phase austenite 

(green) obstacles. Diffusivity is greater for systems with larger austenite  
particles due to the decrease in austenite phase boundary area (a). For  
elongated austenite, diffusion is more rapid in the longitudinal, rather than  
in the transverse, direction due to a decrease in tortuosity of the diffusional 
path (b) [19, 21]. …………………………………………………………………17 

 



xi 
 

Figure 2.9 Models of hydrogen accumulation due to (a) the local stress/strain ahead of a 
notch tip, and (b) the gradient in compressive and tensile strains around an  
edge dislocation. [Adapted from 55, 58]. ………………………………………...18 

 
Figure 2.10 Diagram depicting dislocations in the shear band of a crack tip forming a  

pile-up at a grain boundary carbide, the resulting accumulation of hydrogen at  
the interface, and nucleation of a crack due to decohesion at the carbide  
interface. Red, green, and blue dots represent hydrogen within the lattice, at  
the interface, and within the dislocation atmosphere, respectively. [Adapted  
from 46, 63]. ……………………………………………………………………..19 

 
Figure 2.11 Mechanism for (a) HED at a crack tip, in lattice ahead of crack tip, and at  

particle interface and (b) HELP in the vicinity of a ductile crack tip [Adapted 
from 63]. …………………………………………………………………………20 

 
Figure 2.12 Dislocation transport of hydrogen atmospheres at low (a) and intermediate (b) 

strain rates and dislocation breakaway from a hydrogen atmosphere at high  
strain rate [Adapted from 59]. ……………………………………………………25 

 
Figure 2.13 SEM micrograph of two neighboring fisheyes. ………………………………......26 
 
Figure 2.14 Scanning electron micrographs of (a) MVC, (b) intergranular fracture and  

(c) QC in steel [Adapted from 46, 62, 78].  ……………………………………….27 
 
Figure 2.15 Diagram of EBDS data collection system (a) and generated Kikuchi pattern (b)  

[Adapted from 79].  ……………………………………………………………....28 
 
Figure 2.16 An (a) EBSD image quality map, (b) EBSD phase map with ferrite (red) and 

austenite (blue), and (c) EBSD orientation map with (d) the color-coded  
inverse pole figure legend to generate the EBSD orientation map for a duplex 
stainless steel [Adapted from 79]. ………………………………………………..29 

 
Figure 2.17 An EBSD image quality map (left) and a processed EBSD micrograph which 

identifies coincidence site lattice boundaries in different colors according to  
the angle of rotation in a nickel sample [Adapted from 79]. ……………………...29 
 

Figure 3.1 Range of susceptibility to hydrogen delayed fracture in AHSS based on  
the influence of both tensile strength and Ceq. Provided by Kobe Steel. ………….33 

 
Figure 4.1 Schematic of electrochemical hydrogen charging cell. ………………………......41 
 
Figure 4.2 The (a) EBSD ferrite orientation map (black represents austenite), (b) grain  

and phase boundary map where blue, red and green highlight the high angle,  
medium angle, and low angle boundaries respectively, and (c) and image  
quality map for an EBSD scan including two MA islands (outline by white  
dotted lines) (color image – see PDF copy).  ……………………………………..48 



xii 
 

 
 
 
Figure 4.3 Photographs of fracture surfaces of tensile specimens representing  

characteristic fracture morphologies observed. The white arrows and dotted  
black circles highlight fisheyes on the surface and the dotted white lines  
encircle flat areas on the fracture surface. ………………………………………..50 
 

Figure 4.4 Diagram of the sectioning method used for microcrack analysis of tensile 
specimen. ………………………………………………………………………...52 

 
Figure 5.1 Example (a) engineering stress versus strain curves displaying tearing and 

ordinary necking and (b) the measured reduction in area within the neck  
relative to the gauge plotted versus the charging condition for all four TBF  
steels. …………………………………………………………………………….55  

 
Figure 5.2 An image of a tensile end section displaying uneven plastic deformation. ……….56 
 
Figure 5.3 Digital photography of lines of hydrogen blisters oriented in the rolling  

direction of TBF steel specimens. The orientation indicated the blisters were 
caused by hydrogen interaction with inclusion stringers. ………………………...57 

 
Figure 5.4 The engineering stress versus strain curves for tensile tests conducted on 

TBF-0.2C-2.0Mn steel specimens in the as-received condition and after 
30 minutes of hydrogen charging followed by evacuation of diffusible  
hydrogen. .……………………………………………………………………….57 

 
Figure 5.5 The engineering stress versus strain curves for the tensile tests conducted in  

the as received condition and after 20, 30, and 45 minutes of hydrogen  
charging on the (a) TBF-0.2C-2.0Mn, (b) TBF-0.3C-1.4Mn, 
(c) TBF-0.4C-0.8Mn, and (d) TBF-0.5C-0.2Mn steels. Three specimens per  
steel, per condition were tested. ………………………………………………….59 

 
Figure 5.6 The average (a) yield strength and (b) tensile strength for each of the four  

TBF steels in the as-received condition and after 20, 30, and 45 minutes of 
hydrogen charging. Error bars represent the standard deviation. ………………...60 

 
Figure 5.7 The (a) uniform elongation and (b) post-uniform elongation for each of the  

four TBF steels in the as received condition and after 20, 30, and 45 minutes  
of hydrogen charging. Error bars represent the standard deviation. ……………...61 

 
 
 
 
 



xiii 
 

Figure 5.8 Engineering stress versus strain curves for the (a) TBF-0.3C-1.4Mn and 
(b) DP-0.2C-2.0Mn steels tested in the as-received condition, and the 
(c) TBF-0.3C-1.4Mn and (d) DP-0.2C-2.0Mn steels tested in the hydrogen 
charged condition over a range of strain rates (ε̇ = 10-5 to 10-2 s-1). Two  
specimens of DP-0.2C-2.0Mn at ε̇ = 10-2 s-1 were not included due to data 
acquisition failure. ……………………………………………………………….63 

 
Figure 5.9 The reduction in area measurements for the (a) TBF-0.3C-1.4Mn and 

(b) DP-0.2C-2.0Mn steels tested in the as-received condition, and the 
(c) TBF-0.3C-1.4Mn and (d) DP-0.2C-2.0Mn steels tested in the hydrogen 
charged condition over a range of strain rates (ε̇ = 10-5

, 10-4
, 10-3

, and 10-2 s-1). ….64 
 

Figure 5.10 The reduction in width measured for the (a) TBF-0.3C-1.4Mn and 
(b) DP-0.2C-2.0Mn steels and the reduction in thickness measured for the 
(c) TBF-0.3C-1.4Mn and (d) DP-0.2C-2.0Mn steels tested in the hydrogen 

  charged condition over a range of strain rates (ε̇ = 10-5
, 10-4

, 10-3
, and 10-2 s-1).  ….66 

 
Figure 6.1 The average measured HIrr for each of the four TBF steels in the as-received 

condition and after 20, 30, and 45 minutes of hydrogen charging. The error  
bars represent the standard deviation. ……………………………………………69 

 
Figure 6.2 The (a) calculated HDiff for all four TBF steels and charging conditions, and the 

HDiff including uncertainty plotted for the (b) 20-minute, (c) 30-minute, and 
  (d) 45-minute charging conditions.  ……………………………………………...71 

 
Figure 7.1 Diffusible hydrogen content plotted versus (a) the uniform elongation ratio and 

(b) the post-uniform elongation ratio. Elongation ratio is the ratio of the 
  elongation after charging to the elongation without charging. …………………...76 
 
Figure 8.1 EBSD image quality maps for the (a) TBF-0.2C-2.0Mn, (b) TBF-0.3C-1.4Mn, 

(c) TBF-0.4C-0.8Mn, and (d) TBF-0.5C-0.2Mn steels. Darker grey represents 
lower image quality which indicated MA islands, grain boundaries, and phase 
 boundaries. ……………………………………………………………………...81 

 
Figure 8.2 EBSD phase maps overlaid on image quality maps for the  

(a) TBF-0.2C-2.0Mn, (b) TBF-0.3C-1.4Mn, (c) TBF-0.4C-0.8Mn, and  
(d) TBF-0.5C-0.2Mn steels. Austenite (green), ferrite (red), and MA  
constituent (black) are shown. (color image – see PDF copy). …………………..82 

 
Figure 8.3 EBSD orientation maps of austenite for the (a) TBF-0.2C-2.0Mn, 

(b) TBF-0.3C-1.4Mn, (c) TBF-0.4C-0.8Mn, and (d) TBF-0.5C-0.2Mn steels.  
The color represents the orientation of the austenite. Ferrite and MA  
constituent are black. (color image – see PDF copy). ……………………………83 
 
 



xiv 
 

Figure 8.4 EBSD orientation maps of ferrite for the (a) TBF-0.2C-2.0Mn, 
(b) TBF-0.3C-1.4Mn, (c) TBF-0.4C-0.8Mn, and (d) TBF-0.5C-0.2Mn steels.   
The color represents the orientation of the ferrite. Austenite and MA  
constituent are black. (color image – see PDF copy). ……………………………84 

 
Figure 8.5 The austenite volume fraction (measured by XRD and EBSD) and the MA 
  constituent volume fraction for the four TBF steels. ……………………………..86 
 
Figure 8.6 The measured boundary length per unit area (in μm/μm2) for (a) α-HAGB, α/γ 

phase boundary, and α/MA phase boundary and (b) γ-HAGB, γ/MA phase 
  boundary, and inclusion interfacial area. (α = ferrite, and γ = austenite). ………...87 
 
Figure 8.7 The (a) aspect ratio distribution of austenite (displayed with a box and  

whisker plot) and (b) average volume percent austenite for the four TBF steels 
according to size class. Particle size bins of 0.1 μm2 were used.  …………………88 

 
Figure 8.8 Diffusible hydrogen concentration after 20, 30, and 45 minutes of hydrogen 

infusion of the four TBF steels plotted against (a) austenite volume fraction,  
(b) austenite phase boundary area, (c) MA constituent volume fraction, and  
(d) ferrite high-angle grain boundary area. .……………………………………...91 

 
Figure 8.9 The (a) austenite volume fraction (fv(A)), MA constituent volume fraction 

(fv(M)), austenite phase boundary area (A-PBA) and ferrite high angle grain 
boundary (F-HAGB) area and (b) diffusible hydrogen concentration after 20,  
30, and 45 minutes of hydrogen charging for the TBF-0.2C-2.0Mn and  
TBF-0.5C-0.2Mn steels. …………………………………………………………93 

 
Figure 8.10 The (a) austenite volume fraction (fv(A)), MA constituent volume fraction 

(fv(M)), austenite phase boundary area (A-PBA) and ferrite high angle grain 
boundary (F-HAGB) area and (b) diffusible hydrogen concentration after 20,  
30, and 45 minutes of hydrogen charging for the TBF-0.3C-1.4Mn and  
TBF-0.4C-0.8Mn steels. …………………………………………………………94 

 
Figure 9.1 EBSD inverse pole figures of the ferrite population in (a) the DP-0.2C-2.0Mn 

steel and (b) the TBF-0.3C-1.4Mn steel. The black areas are austenite (in  
TBF) and MA constituent (in DP) that were excluded from the ferrite  
orientation analysis (color image – see PDF copy). ……………………………...99 

 
Figure 9.2 XRD scans of the DP-0.2C-2.0Mn steel with the expected austenite (γ) and 

ferrite (α) peaks labeled. The red and blue lines represent scans from two 
  individual specimens (color image – see PDF copy).  …………………………..100 
 
 
 
 



xv 
 

Figure 9.3 EBSD scans were used to generate binary maps of (a) secondary phase 
untempered martensite in the DP-0.2C-2.0Mn steel and (b) secondary phase 
austenite in the TBF-0.3C-1.4Mn. These secondary phase maps were used to 
generate (c) box and whisker plots of individual EBSD scans showing the 
untempered martensite colony size distribution and the austenite particle size 

  distributions of the respective steels. …………………………………………...101 
 
Figure 9.4 Box and whisker plots of the HTotal and HIrr measured for various aging times  

in (a) the DP-0.2C-2.0Mn steel and the high-HInitial TBF-0.3C-1.4Mn steel 
specimens, and (b) the low-HInitial TBF-0.3C-1.4Mn steel specimens. It should  
be noted the whiskers of these plots represent the maximum and minimum 
measurements within the interquartile range (IQR)*1.5 factor range (meaning  
they exclude outliers). …………………………………………………………..103 

 
Figure 9.5 The calculated fraction of HDiff that evacuated during aging for (a) the 

DP-0.2C-2.0Mn steel and the higher initial HTotal TBF-0.3C-1.4Mn steel, and 
(b) the lower initial HTotal TBF-0.3C-1.4Mn steel. The error bars represent the 
uncertainty in the measure HDiff based on the standard deviations of the  
measured HTotal and HIrr populations. …………………………………………...104 

 
Figure 9.6 The diffusion of hydrogen through ferrite to the surface for evacuation and  

the comparative hydrogen release rate of hydrogen from secondary phase 
(a) untempered martensite and (b) austenite during bulk hydrogen evacuation. ..109 

 
Figure 9.7 The expected hydrogen distribution at the austenite/ferrite phase boundary for 

specimens charged using the (a) low-HInitial and (b) high-HInitial charging 
conditions and its effects on the hydrogen exchange rate between austenite  
and ferrite.  ……………………………………………………………………...110 

 
Figure 10.1 The reduction in area measured for each of the (a) TBF-0.2C-2.0Mn, 

(b) TBF-0.3C-1.4Mn, (c) TBF-0.4C-0.8Mn, and (d) TBF-0.5C-0.2Mn steel  
tensile specimens. The fracture surface morphology of each tensile specimen  
is identified with a symbol designated in (e). …………………………………...114 

 
Figure 10.2 The X-ray CT scans of TBF-0.2C-2.0Mn steel specimens after hydrogen  

charging for (a) 30 minutes (displaying disc shaped cavities) and (b) 45  
minutes (displaying disc shaped cavities and edge cracks). …………………….118 

 
Figure 10.3 FESEM micrographs of (a) QC in a fisheye (b) mixed QC/DVC on sheared 
  section and (c) mixed QC/DVC on macroscopically flat section. ………………119 
 
Figure 10.4 LOM of the entire fracture surface of a TBF-0.2C-2.0Mn specimen with two  

large regions of continuous mixed QC/DVC fracture mode (outlined by the  
dotted white line) and fisheyes (outlined by the dotted black line) and an  
FESEM micrograph of the transition from the QC of the fisheye, to DVC 
surrounding it, to the mixed QC/DVC region.  ………………………………….121 



xvi 
 

 
Figure 10.5 Microcracks (outlined in white) from all four of the TBF steels and EBSD  

phase maps of the surrounding microstructure showing MA constituent  
(black), ferrite (red), and austenite (green. All cracks were oriented  
approximately perpendicular to the tensile axis. (color image – see PDF  
copy). .…………………………………………………………………………..122 

 
Figure 11.1 High magnification FESEM micrographs of microcracks in hydrogen-infused 

TBF-0.3C-1.4Mn steel tensile specimens tested at ε̇ = (a) 10-2, (b) 10-3,  
(c) 10-4, and (d) 10-5 s-1. In these micrographs, the slightly darker etch is MA,  
and the lighter etch is ferrite or austenite. White dotted lines mark the edge of  
MA constituent in the vicinity of microcracks. For all micrographs the tensile  
axis is oriented horizontally. …………………………………………………....128 

 
Figure 11.2 High magnification FESEM micrographs of microcracks in hydrogen-infused 

DP-0.2C-2.0Mn steel tensile specimens tested at ε̇ = (a) 10-2, (b) 10-3, (c) 10-5,  
and (d) 10-4 s-1. In these micrographs, the slightly darker etch with more  
surface texture is untempered martensite, and the lighter etch is  
ferrite/tempered martensite. White dotted lines mark the edge of MA  
constituent in the vicinity of microcracks. For all micrographs the tensile  
axis is oriented horizontally. ……………………………………………………129 

 
Figure 11.3 The total number of microcracks plotted versus local reduction in area  

measured for each of the TBF-0.3C-1.4Mn steel hydrogen-infused tensile 
specimen (a) near the fracture surface and (b) behind the fracture surface.  
Data points contained within the dotted ovals are from the uniform gauge  
length while those outside are within the neck. …………………………………130 

 
Figure 11.4 The average length of microcracks plotted versus local reduction in area  

measured for each of the TBF-0.3C-1.4Mn steel hydrogen-infused tensile 
specimen (a) near the fracture surface and (b) behind the fracture surface.  
Points contained within the dotted ovals are from the uniform gauge length  
while those outside are within the neck. ………………………………………...131 

 
Figure 11.5 The through-thickness cross-sections of hydrogen-infused TBF-0.3C-1.4Mn  

steel tensile specimens that exhibited localized necking close to the fracture 
surface. …………………………………………………………………………133 
 

Figure 11.6 The distribution of the (a) total number of cracks, (b) average length of  
cracks, and (c) number of large cracks (>1.0μm) across (d) the through- 
thickness cross-section near the fracture surface for hydrogen-infused 
TBF-0.3C-1.4Mn tensile tests with sheared fracture surfaces conducted at 
ε̇ = 10-2, 10-3, and 10-4 s-1. For each scan, “zero fractional distance from edge” 
represents the scan edge which is closer to the fracture surface. ………………...134 

 
 



xvii 
 

Figure 11.7 The total number of microcracks plotted versus local reduction in area  
measured for each of the DP-0.2C-2.0Mn steel hydrogen-infused tensile  
specimen (a) near the fracture surface and (b) behind the fracture surface. ……..136 

 
Figure 11.8 The average length of microcracks plotted versus local reduction in area  

measured for each of the DP-0.2C-2.0Mn steel hydrogen-infused tensile  
specimen (a) near the fracture surface and (b) behind the fracture surface. ……..137 

 
Figure 11.9 The through-thickness cross-sections of hydrogen-infused TBF-0.3C-1.4Mn  

steel tensile specimens that exhibited localized necking close to the fracture 
  surface. …………………………………………………………………………139 
 
Figure 11.10  The distribution of the (a) total number of cracks and (b) average length of  

cracks, across the through-thickness cross-section (perpendicular to the  
tensile axis) near the fracture surface for hydrogen-infused DP-0.2C-2.0Mn 
tensile tests with sheared fracture surfaces conducted at ε̇ = 10-2, 10-3, and  

10-4 s-1. For each scan, “zero fractional distance from edge” represents the  
side of the scan which is closer to the fracture surface. .…………………………139 

 
Figure 11.11 The (a) total number of microcracks and (b) average length of microcracks  

plotted versus the local reduction in area for each of the hydrogen-infused,  
TBF-0.3C-1.4Mn and DP-0.2C-2.0Mn steel specimens. ……………………….140 

 
Figure 12.1 Microcrack (black oval) extension over time from top (earlier) to bottom  

(later) for (a) strain-induced martensite though ferrite after 
supersaturation-induced release of hydrogen after TRIP and (b) athermal  
martensite into neighboring ferrite of the DP steel. .…………………………….145 

 
Figure A.1 XRD measurements of the austenite volume fractions of the four TBF 

microstructures used for testing in this project and for those same steels after  
a cryogenic treatment to promote austenite to martensite transformation. ……...163 

  
Figure A.2 The temperature and dilation data for the original austempering heat  

treatments used for the (a) 0.2C-2.0Mn, (b) 0.3C-1.4Mn, (c) 0.4C-0.8Mn,  
and (d) 0.5C-0.2Mn steels. The expansion associated with the growth of  
bainitic ferrite during the austempering step is indicated. ………………………164 

 
Figure A.3 XRD measurements of the austenite volume fractions of the short austemper 

(45 second) specimens of the 0.2C-2.0Mn, 0.3C-1.4Mn, and 0.4C-0.8Mn  
alloys. …………………………………………………………………………..165 

 
Figure A.4 XRD measurements of the austenite volume fractions of the 0.2C-2.0Mn  

alloy austempered for various amounts of time at 400˚C and EBSD phase  
maps of the microstructures for two of the austempering times showing  
austenite (green), ferrite (red) and MA constituent (black). (color image –  
see PDF copy).  …………………………………………………………………166 



xviii 
 

 
Figure A.5 Austenite volume fraction versus temperature determined using dilatometry 

(lines) during an intercritical anneal and the resultant untempered martensite 
volume fraction (diamonds) from salt pot intercritical anneals as measured by  
EBSD. …………………………………………………………………………..167 

 
Figure E.1 FESEM micrographs of large internal cracks within the K2-S9-9 specimen  

(tested at ε̇ = 10-2 s-1 after 45 minutes of hydrogen charging). The measured  
dimensions of four of the large cracks are shown. ………………………………178 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 



xix 
 

 
LIST OF TABLES 

 

 

Table 2.1 Reported Binding Energies for Various Hydrogen Traps in Steel. ……………….12 
 
Table 4.1   The Four Steel Chemical Compositions Used for this Project (in wt pct). ………..38 
 
Table 4.2  Mechanical Properties for the TBF and DP Steels used in this Investigation 
  (Without Hydrogen Charging) …………………………………………………...39 
 
Table 4.3  Temperature and Time for the Annealing and Austempering Heat Treatments  

Conducted to Produce the TBF Steels ……………………………………………39 
 
Table 4.4  Time and Temperature for the Austenitizing Anneal and Intercritical Anneal  

Heat Treatments Used to Produce the DP Steel …………………………………..40 
 
Table 5.1 The Average and Standard Deviation of the Yield Strength, Tensile Strength, 

Uniform Elongation, and Post-Uniform Elongation Determined for Each TBF 
 Steel and Charging Condition Tested at ε̇ = 3.3∙10-4 s-1. ………………………...58 

 
Table 6.1 The Average and Standard Deviation Hirr Measured for Each of the Four TBF 

Steel and the Htotal Measured for Each of the TBF Steels in the As-Received  
Condition and After 20, 30, and 45 Minutes of Hydrogen Charging. …………….70 

 
Table 6.2 The Average Hdiff Determined for Each of the Four TBF Steels After 20, 30,  

and 45 Minutes of Hydrogen Charging. The Error Reported is the Uncertainty 
Based on the Standard Deviations in the HIrr and HTotal Measurements. .…………70 

 
Table 10.1 The Number, Average Depth, and Maximum Observed Depth of Edge Cracks 

Detected Using X-ray CT Scans of the Necking Regions of Individual  
Specimens of All Four TBF Steels Tested After 45 Minutes of Hydrogen  
Charging. .………………………………………………………………………117 

 
Table B.1 The Total Post-Uniform Elongation, the Plastic Post-Uniform Elongation,  

and the Elongation due to Tearing Determined for Each of the Individual  
TBF-0.2C-2.0Mn Specimens Tested at ε̇ = 3.3∙10-4 s-1. ………………………...169 

 
Table B.2 The Total Post-Uniform Elongation, the Plastic Post-Uniform Elongation,  

and the Elongation due to Tearing Determined for Each of the Individual  
TBF-0.3C-1.4Mn Specimens Tested at ε̇ = 3.3∙10-4 s-1. ………………………...169 

 
 
Table B.3 The Total Post-Uniform Elongation, the Plastic Post-Uniform Elongation,  



xx 
 

and the Elongation due to Tearing Determined for Each of the Individual  
TBF-0.4C-0.8Mn Specimens Tested at ε̇ = 3.3∙10-4 s-1. ………………………...170 
 

Table B.4 The Total Post-Uniform Elongation, the Plastic Post-Uniform Elongation,  
and the Elongation due to Tearing Determined for Each of the Individual  
TBF-0.5C-0.2Mn Specimens Tested at ε̇ = 3.3∙10-4 s-1. ………………………...170 

 
Table C.1 The Yield Strength, Tensile Strength, Uniform Elongation, and Post-Uniform 

Elongation Determined for Each of the Individual TBF-0.2C-2.0Mn  
Specimens Tested at ε̇ = 3.3∙10-4 s-1. ……………………………………………171 

 
Table C.2 The Yield Strength, Tensile Strength, Uniform Elongation, and Post-Uniform 

Elongation Determined for Each of the Individual TBF-0.3C-1.4Mn  
Specimens Tested at ε̇ = 3.3∙10-4 s-1. ……………………………………………172 

 
Table C.3 The Yield Strength, Tensile Strength, Uniform Elongation, and Post-Uniform 

Elongation Determined for Each of the Individual TBF-0.4C-0.8Mn  
Specimens Tested at ε̇ = 3.3∙10-4 s-1. ……………………………………………172 

 
Table C.4 The Yield Strength, Tensile Strength, Uniform Elongation, and Post-Uniform 

Elongation Determined for Each of the Individual TBF-0.5C-0.2Mn  
Specimens Tested at ε̇ = 3.3∙10-4 s-1. ……………………………………………173 

 
Table C.5 The Yield Strength, Tensile Strength, Uniform Elongation, and Post-Uniform 

Elongation Determined for Each of the Individual TBF-0.3C-1.4Mn  
Specimens Tested at ε̇ = 10-2, 10-3, 10-4, and 10-5 s-1 without Hydrogen  
Charging. ……………………………………………………………………….173 

 
Table C.6 The Yield Strength, Tensile Strength, Uniform Elongation, and Post-Uniform 

Elongation Determined for Each of the Individual TBF-0.3C-1.4Mn  
Specimens Tested at ε̇ = 10-2, 10-3, 10-4, and 10-5 s-1 with Hydrogen Charging. ..174 

 
Table C.7 The Yield Strength, Tensile Strength, Uniform Elongation, and Post-Uniform 

Elongation Determined for Each of the Individual DP-0.2C-2.0Mn Specimens 
  Tested at ε̇ = 10-2, 10-3, 10-4, and 10-5 s-1 without Hydrogen Charging. …..….....174 
 
Table C.8 The Yield Strength, Tensile Strength, Uniform Elongation, and Post-Uniform 

Elongation Determined for Each of the Individual DP-0.2C-2.0Mn  
Specimens Tested at ε̇ = 10-2, 10-3, 10-4, and 10-5 s-1 with Hydrogen Charging. ..175 

 
Table D.1 The Statistically Significant Difference (wt ppm) in the Total Hydrogen 

Concentrations for the Four TBF Steels After 20 Minutes of Hydrogen 
Charging. ……………………………………………….………………………176  

 
Table D.2 The Statistically Significant Difference (wt ppm) in the Total Hydrogen 

Concentrations for the Four TBF Steels After 30 Minutes of Hydrogen  



xxi 
 

Charging. ..……………………………………………….……………………..176 
 
Table D.3 The Statistically Significant Difference (wt ppm) in the Total Hydrogen 

Concentrations for the Four TBF Steels After 45 Minutes of Hydrogen  
Charging. ..……………………………………………….……………………..177 
 

Table D.4 The Statistically Significant Difference (wt ppm) in the Total Hydrogen 
Concentrations Between Various Charging Conditions (0, 20, 30, and 45  
Minutes of Hydrogen Charging) Used for Each of the Four TBF Steels Tested  
at ε̇ = 3.3∙10-4 s-1. ……………………………………………………………….177 
 
 

 
 

 
 
 
 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 



xxii 
 

 

ACKNOWLEDGEMENTS 

 

 

 I would like to thank the Advanced Steel Processing and Products Research 

Center (ASPPRC, an NSF Industry / University Cooperative Research Center at Colorado 

School of Mines) for providing both the financial and academic support needed to complete this 

project. I would also like to thank Kobe Steel in particular for sponsoring this project and 

providing the materials needed to complete it. 

  Additionally, I would like to thank my advisor Dr. John G. Speer for all his advice, 

assistance, and patience with this project. I would also like to acknowledge my committee 

members, especially Dr. Kip O. Findley and Dr. Kester Clarke, for their support. 

 Finally, I would like to express my gratitude to my husband Joe, my family, my friends 

(especially Kathryn, Ethan, and Sarah), and everyone else who helped me get through this 

process while retaining most of my sanity. I love all of you. 

 

 

 

 

 

 

 

 

 

 

 



1 
 

 

CHAPTER 1 

INTRODUCTION 

 

 

In the automotive industry, there is a drive to decrease vehicle weight in order to improve 

fuel efficiency. Third generation advanced high strength steels (AHSS) that exhibit 

TRansformation-Induced Plasticity (TRIP) behavior, have a superior combination of high 

strength and ductility compared to the steels currently utilized for auto bodies. TRIP results in 

good formability with high energy absorption per unit thickness of the steel, allowing safety 

standards to be met using less material and therefore reducing vehicle weight. However, high 

strength steels are known to be more susceptible to hydrogen embrittlement. Third generation 

AHSS that exhibit TRIP behavior may also form untempered martensite during deformation, a 

phase that is known to be highly susceptible to hydrogen embrittlement. Hydrogen embrittlement 

can decrease toughness, making the material potentially less suitable for critical safety 

applications. Hydrogen can be introduced into steels during primary liquid processing, pickling, 

electroplating, welding, or exposure to corrosive environments during processing or in service. 

Therefore, evaluating the level of susceptibility to hydrogen embrittlement of these materials is 

necessary for their large-scale application. 

The interaction of hydrogen with multiphase steel systems to induce hydrogen 

embrittlement is complex and not yet fully understood in the literature. In the scientific 

community, there is a drive to link hydrogen interactions on the microscale to macroscale 

embrittlement.  More extensive characterization of the behavior of hydrogen in steels could 

potentially allow microstructures to be designed with improved resistance to hydrogen 

embrittlement, even at high tensile strength and with the high ductility enabled by TRIP. One 

goal of this study is to evaluate which microstructural features, in these AHSS that undergo 

TRIP, most strongly influence hydrogen absorption, microcrack initiation, and macroscale 

hydrogen embrittlement susceptibility. Another goal is to attempt to determine how hydrogen is 

interacting with the microstructure to induce crack initiation. A deeper understanding this 

interaction could allow microstructure or processing conditions to be tailored to avoid or mitigate 

hydrogen embrittlement, despite the presence of hydrogen. 
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The steel microstructures produced for this project were designed to allow the 

investigation of microstructure effects on hydrogen embrittlement, especially the effects of 

austenite and untempered martensite. A series of four TRIP-aided Bainitic Ferrite (TBF) steels 

were produced along with one Dual-Phase (DP) steel. The TBF steels had similar tensile 

strengths (TS) and carbon equivalency (CEQ) values (factors known to influence hydrogen 

embrittlement susceptibility) despite having variation in microstructure. The similarity in TS and 

CEQ allowed the influence of specific microstructural features, especially austenite, on hydrogen 

embrittlement susceptibility to be more directly observed. The DP steel was designed to have a 

similar microstructure to the TBF steels, but with secondary phase untempered martensite 

instead of austenite. Comparison of hydrogen embrittlement susceptibility of the TBF and DP 

steels highlighted the influence of austenite versus untempered martensite on embrittlement. 

The steels were infused with hydrogen using electrochemical (cathodic) hydrogen 

charging. The hydrogen absorbed was then measured using melt extraction, and the hydrogen 

embrittlement susceptibility was evaluated using quasi-static tensile testing. Electron Backscatter 

Diffraction (EBSD) and X-Ray Diffraction (XRD) were used to quantify the amounts of various 

microstructural features hypothesized to interact with hydrogen, especially the austenite 

population. Variations in these microstructural features were then correlated to variation in 

hydrogen absorption and hydrogen embrittlement susceptibility, elucidating which component in 

these complex systems had the dominant influence. Crack initiation at specific microstructural 

features was investigated using X-Ray Computer Tomography (CT) scans, EBSD, and Scanning 

Electron Microscopy (SEM), providing insight into how hydrogen induces embrittlement in 

these steels. 

Additionally, one of the TBF steels and the DP steel were also infused with hydrogen and 

tensile tested over a range of strain rates (10-5 s-1 through 10-2 s-1). SEM was then used to 

evaluate the microcrack population of these tests. Increasing strain rate decreases hydrogen 

mobility, essentially limiting the amount of hydrogen redistribution during deformation. Testing 

over this wide range of strain rates enabled the observation of crack initiation with and without 

substantial redistribution of hydrogen during testing. In this way, the effects of austenite and 

martensite on hydrogen redistribution and subsequent crack initiation could be observed. 
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CHAPTER 2 

 BACKGROUND 

 

 

 This chapter provides a literature review concerning hydrogen embrittlement in TBF and 

DP steels, microstructural and hydrogen concentration analysis techniques, and statistical 

methods. In particular, the microstructures and processing of the TBF an DP steels will be 

reviewed along with the TRIP effect. The interaction of hydrogen with various microstructural 

features is also covered, along with how these interactions may lead to hydrogen accumulation 

and activation of hydrogen embrittlement mechanisms. The Electron Backscatter 

Diffraction (EBSD) and X-Ray Diffraction (XRD) microstructural analysis techniques are 

covered, along with the hydrogen concentration analysis technique of melt extraction. 

 

2.1 TRIP Effect 

 

 The TRIP effect is an austenite to martensite transition induced by an applied stress or 

strain [1]. For the TRIP effect to occur at room temperature, austenite must be metastable while 

ferrite is thermodynamically stable and martensite has an intermediate stability between ferrite 

and austenite [2]. The austenite to martensite transformation does not depend on diffusion like 

the formation of ferrite; therefore, diffusion kinetics do not control the rate of transformation. An 

applied stress provides the activation energy to bring the system closer to equilibrium with the 

displacive formation of martensite from austenite, but the slow diffusion kinetics of the system 

prevent the formation of equilibrium ferrite [2].  

The TRIP effect is utilized in many steels, including the TBF steels used in this project, 

to enable a combination of both high strength and ductility compared to conventionally 

processed steels, as shown in Figure 2.1. TRIP steels typically consist of secondary phase 

austenite in a matrix of ferrite. These microstructures gradually transform during deformation 

into a system of secondary phase martensite in a matrix of ferrite due to the TRIP effect. 

Martensite is the hardest and strongest phase in heat treated steel [3]. The austenite to martensite 

transformation also has an associated volume expansion, resulting in an increase in dislocation 
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density in any ferrite bordering the transformed region [4]. The formation of martensite and the 

increase in dislocation density caused by the TRIP effect allow for high strength and a significant 

amount of work hardening [3]. The initially high ductility of the austenite and ferrite phases 

allow for high overall ductility of the steel. The locally high work hardening rate caused by 

formation of martensite also allows for enhanced ductility by delaying the onset of necking [5]. 

 

Figure 2.1 Elongation plotted against tensile strength, for several commercially produced 
sheet steels including TRIP steels and 3rd generation AHSS which include TBF 
steels [Adapted from 6]. 

 

2.1.1 Austenite Stabilization for TRIP 

 

 All TRIP steels must contain retained austenite in order for the TRIP effect to be active. 

The retention of austenite at room temperature is accomplished by alloying with austenite 

stabilizing elements, in particular carbon and manganese. These act to lower the martensite start 

temperature (Ms), the temperature below which austenite will begin transforming into martensite 

without an applied force. Lowering the Ms temperature below room temperature allows 

metastable austenite to be retained at room temperature [7]. The Ms temperature can be estimated 

based on the steel composition using Equation 2.1a, where the symbols C, Mn, Ni, Cr, and Mo 

represent the weight percent concentrations of their respective elements [7].  
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 Ms(˚C) = 561- 473C - 33Mn -17Ni -17Cr - 21Mo (2.1) 

 

The stress necessary to induce the austenite to martensite transformation depends on the 

stability of austenite, which can be determined by comparing the Ms temperature to the 

deformation temperature (often room temperature) as shown in Figure 2.2 [8, 9]. Lowering the 

Ms temperature relative to room temperature will result in more stress necessary to induce the 

transformation. If the Ms temperature of retained austenite is just below room temperature, the 

austenite-to-martensite transformation will occur prior to yielding of the austenite. This 

stress-assisted transformation provides little to no enhanced ductility for the steel as the austenite 

does not plastically deform before transforming [9]. To utilize the strain-induced austenite-to-

martensite transformation that enhances ductility, austenite must be stabilized enough that room 

temperature is above the Ms
σ temperature (the temperature at which the plastic deformation of 

austenite and the austenite-to-martensite transformation initiate at the same applied stress). 

Increasing the stability of austenite above the Ms
σ temperature will allow more deformation of 

austenite prior to transformation, and therefore more enhanced ductility. However, austenite can 

also be stabilized enough that room temperature is above the Md temperature (the point at which 

austenite deforms until failure without transforming) [8, 9]. In this instance, no martensite will 

form and there will be no strengthening effects of martensite. Therefore, for the TRIP effect to 

successfully enhance ductility and strength, the austenite must be stabilized to the point that 

deformation temperature falls between the Ms
σ and Md temperatures, with more ductility being 

achievable with deformation temperature closer to the Md
 temperature [9].  

It should be noted that the stabilizing effects of these elements (as will be presented in 

Chapter 4, Table 4.1) are only active if they are dissolved in the austenite phase. Typically, the C 

in steels forms cementite as it cools, removing C from the austenite lattice and preventing it from 

acting as a stabilizer. To inhibit carbide formation in TRIP steels, Si or Al are usually added. 

Both are insoluble in the cementite crystal structure and thus inhibit carbide formation and aid 

stabilization of austenite by enabling C to stay in solution [1].  
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Figure 2.2 Austenite (γ) stability based on the stress necessary to transform austenite into 
martensite (α’) at various deformation temperatures relative to the Ms, Ms

σ, and 
Md temperatures. [Adapted from 9] 

 

2.2 TRIP-Aided Bainitic Ferrite (TBF) Steels 

 

TRIP-Aided Bainitic Ferrite (TBF) steels are a type of AHSS developed from C-Mn-Si 

steel compositions and can contain a variety of possible microstructural constituents. The 

primary structural component of TBF steels is a matrix composed of laths of bainitic ferrite with 

interlath retained austenite. The laths of bainitic ferrite tend to form clusters with like 

orientations called sheaves [10]. General examples of homogeneous bainitic ferrite and austenite 

sheaf microstructures are shown in Figure 2.3 [11]. It is also common to have thicker sheets or 

blocks of retained austenite between sheaves [10].  

Phases in addition to bainitic ferrite and austenite may be present in TBF steels. The most 

common of these phases is martensite, resulting from insufficiently carbon-enriched austenite 

(Ms above room temperature) that transforms upon cooling [12]. The martensite containing 

constituent is often blocky and found in inter-sheaf regions, as blocky austenite is more likely to 

have lower carbon levels than thin film austenite [12]. Some TBF steels also contain regions with 

pearlite or cementite-containing bainite, but the TBF steels used in this study contained only 

bainitic ferrite, austenite, and untempered martensite [12]. 
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(a) (b) (c) 

Figure 2.3 Example microstructures of TBF steels consisting of laths of bainitic ferrite (dark) 
separated by thick films of retained austenite (light) with laths arranged in packets 
of like orientation called sheaves. Austempered at various temperatures (a) 350 ˚C 
(b) 375 ˚C and (c) 400 ˚C. [Adapted from 12]. 

 

2.2.1 TBF Steel Processing 

 

 TBF sheet steels are typically produced by cold rolling sheet into the final desired 

thickness, then applying a two-stage heat treatment to produce the TBF microstructure [13]. The 

first stage of the heat treatment is an intercritical or fully austenitizing anneal to produce the 

desired amount of austenite in the microstructure. The second step is a lower temperature 

austempering step to grow the bainitic ferrite matrix from the austenite. This austemper also 

stabilizes the remaining austenite through C partitioning from the newly formed bainitic ferrite 

into the austenite, as shown in Figure 2.4 [10]. Higher austempering temperatures produce 

coarser bainitic ferrite laths and austenite sheets, as shown in in Figure 2.3, due to the increased 

diffusivity of carbon at higher temperatures and reduced driving force for nucleation.  

Newly formed bainitic ferrite laths are supersaturated with carbon, but do not precipitate 

carbides immediately because of Si alloying additions [8, 10]. As laths grow during the 

austemper (and even after growth is completed) C partitions to the austenite surrounding the lath 

to relieve the supersaturation. This C stabilizes the austenite surrounding the lath, resulting in a 

film of austenite retained at room temperature between laths [10]. The C rejected from all the 

laths in a sheaf can result in blocky forms of retained austenite between sheaves [10].  

It should be noted that C gradients can develop within the retained austenite based on 

processing conditions and proximity to bainitic ferrite, as shown in Figure 2.4 [9]. This C 

concentration gradient can lead to an austenite stability gradient, with austenite in a single steel 

undergoing TRIP over a range of stresses/strains. This stability gradient is more likely in blocky, 
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rather than film, austenite due to the greater diffusion distance for C, as shown in Figure 2.4a 

versus b [9]. The C concentration gradient can also result in untempered martensite in the 

microstructure, as the center of an austenite block may not have enough C to be stable at room 

temperature. These low C regions can transform into Martensite/Austenite (MA) constituent as 

shown in Figure 2.4a, a fine mixture of untempered martensite and austenite. 

 

(a) (b) 

Figure 2.4 Carbon concentration ([C]) across (a) block and (b) film austenite that develops 
during austempering along with the constituents [austenite (γ), ferrite (α) and 
martensite/austenite (MA)] present after cooling to room temperature based on the 
local carbon concentration. Note that MA constituent forms when the original 
austenite is not sufficiently carbon enriched. [C]0 and [C]γ represent the bulk 
carbon concentration and the carbon concentration necessary to maintain austenite 
at room temperature, respectively. [Adapted from 9]. 

 

2.3 DP Steels 

 

 Dual-Phase (DP) steels are a type of AHSS containing a ferritic matrix with secondary 

phase martensite and little to no austenite. They are typically strong and ductile, but not as 

ductile as TBF steels as they do not utilize the TRIP effect. DP steels are produced using an 

intercritical anneal followed by a quench [1]. A ferrite/austenite microstructure forms during the 

anneal. There is some partitioning of C from the ferrite to the austenite, but not to the same 
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degree as occurs during the lower temperature austempering step used to produce the TBF steels. 

As such, the C concentration in the austenite is too low to be stable at room temperature and 

most of the austenite transforms to martensite upon final quenching [1]. 

The DP steel used for this project was produced using the same as-cold-rolled C-Mn-Si 

sheet used to produce one of the TBF microstructures. The DP microstructure is similar to that of 

the TBF steel except with tempered martensite in place of bainitic ferrite and untempered 

martensite in place of austenite. Special processing was developed to promote an acicular 

microstructure, rather than a conventional equiaxed DP microstructure.  Comparison of the 

hydrogen embrittlement behavior of the DP and TBF steels would show the effects of 

untempered martensite alone (in the DP steel) versus the combined effects of austenite, TRIP, 

and strain-induced untempered martensite (in the TBF steels). In this way, the effects of austenite 

and the TRIP effect in the TBF steel could be separated from the effects of the untempered 

martensite. 

 

2.4 Hydrogen Uptake 

 

 Several mechanisms exist to introduce hydrogen into steels. Hydrogen commonly enters 

a steel system during molten processing, from welding, or through exposure to acidic 

environments (during processing or in service). Because of the high solubility of hydrogen in 

liquid steel, it often dissolves in molten steel as a result of moisture in the air or hydrogen 

containing gases [14]. Welding can introduce hydrogen through moisture in the air, fluxes, or 

electrode coatings containing hydrogen contacting the material while it is at elevated 

temperature, similarly to hydrogen entry during molten processing [14]. 

Many processing steps such as pickling, cleaning, and electropolishing involve acids.  

When steel is exposed to acidic environments, especially if it is cathodically charged, hydrogen 

cations can evolve into atomic hydrogen on the surface. Such atoms can either diffuse into the 

bulk, significantly increasing the concentration of hydrogen within the steel, or recombine into 

gaseous H2 and bubble away from the surface, as shown in Figure 2.5 [7, 15, 16]. Compounds 

known as hydrogen recombination poison can decrease the rate of gaseous hydrogen formation, 

thus increasing the number of hydrogen atoms that penetrate into the steel [16] 
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Figure 2.5 The formation of atomic hydrogen on the surface of cathodically protected steel in 
an acidic environment and the diffusion of the hydrogen into the steel or away 
from the steel surface as diatomic hydrogen gas [7, 16]. 

 

2.5 Hydrogen Distribution  

 

 Multiphase steels have microstructural features that simultaneously interact with 

hydrogen and influence its distribution within the microstructure. Current technologies capable 

of detecting and characterizing such distributions often have limited temporal and spacial 

resolution and cannot quantify small concentrations of hydrogen. Consequently, the distribution 

of hydrogen in such complex systems is not fully understood. However, many things are known 

about the behavior of hydrogen in simpler systems that can be used to model the likely 

distribution of hydrogen in complex systems and correlate it to hydrogen embrittlement 

phenomena.  

 

2.5.1 Hydrogen Solubility  

  

The ferrite, martensite, and austenite phases of steel have vastly different solubilities for 

hydrogen. Hydrogen is an interstitial atom in all three of these phases, though ab initio solution 

enthalpy calculations suggest hydrogen prefers octahedral interstitial sites in austenite and 

tetrahedral sites in ferrite and martensite [17]. The solution enthalpy of hydrogen in the austenite 

lattice has been calculated to be lower than that in the ferrite or martensite lattices [17]. 

Consequently, the solubility of hydrogen in austenite is far greater than that in ferrite (reported as 
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between one to three orders of magnitude greater) or martensite (reported as three times to two 

orders of magnitude greater) [18, 19, 20, 21, 22].  

The solution enthalpy of hydrogen in ferrite and martensite has been calculated to be 

similar, with martensite having a marginally lower enthalpy [17]. However, the bulk solubility 

for hydrogen is also affected by the concentration of hydrogen traps. Hydrogen traps are defects 

in the lattice that attract and store hydrogen, such as grain boundaries or dislocations, that result 

in a greater bulk solubility. Therefore, martensite typically has a much greater solubility for 

hydrogen than ferrite due to its high dislocation density, lath interfacial area, and, in some cases, 

carbide interfacial area [18, 23, 24]. 

The solubility of hydrogen in a multiphase steel depends on the combined influence of all 

microstructural features in the system. In general, the greater the volume fraction of phases with 

high hydrogen solubility, like austenite and martensite, the greater the bulk solubility will be. 

Higher concentrations of hydrogen traps also result in greater bulk solubility.   

It is important to note that the solubility of hydrogen within steels is also dependent on 

environment. The equilibrium hydrogen concentration can be much higher for a steel specimen 

in hydrogen rich versus hydrogen poor surroundings [25]. Also, unlike most solutes, hydrogen 

can easily be exchanged with the environment, even at room temperature. This can result in an 

increase or decrease in the hydrogen concentration of a specimen when it is moved to a new 

environment.  

 

2.5.2 Hydrogen Traps  

 

 Hydrogen traps are features of the microstructure that attract and store hydrogen by 

lowering the energy state of hydrogen relative to the interstitial lattice sites, as shown in 

Figure 2.6. The binding energy is a measure of how well a trap will retain hydrogen over time 

due to this lower energy state. Many microstructural features have been reported as hydrogen 

traps on many length scales, including vacancies, dislocations, grain boundaries, phase 

boundaries, inclusion interfacial boundaries, cracks, voids, and secondary phases (including 

retained austenite and MA constituent) [15, 26, 27, 28]. Table 2.1 shows binding energies 

(calculated from thermal desorption analysis and electrochemical hydrogen permeation results) 

for these various traps reported from literature.  
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Figure 2.6 The binding energy (EB) and activation energy (ET) of a trapping site based on the 
energy state of the hydrogen in an interstitial lattice versus in the trap, and the 
saddle energy (ES). [Adapted from Reference 17] 

 
 
Table 2.1 Reported Binding Energies for Various Hydrogen Traps in Steel. 
 

Hydrogen Trap Binding Energy (kJ/mol) Reference 
Dislocation: Strain Fields 
Dislocation: Screw Cores 

Dislocation: General 
Dislocation: Mixed Cores 

0-20 
20-30 
20-47 

59 

[23, 29] 
[29, 30] 

[15, 27, 31, 32] 
[33] 

Grain Boundaries 20-60 [23, 30, 32, 33] 
Austenite 55 [31] 

Ferrite/Austenite Interface 52 [19] 
Vacancies 38 [27] 

Voids 35.2 [15] 
Cracks 200 [32] 

Carbide Interfaces 84 [23, 29] 
Inclusion Interfaces: MnS 

Inclusion Interfaces: Oxides 
72 

47-79 
[15, 23] 

[23] 
 

Dislocations are most often reported as being the weakest traps with binding energies of 

only 20-30 kJ/mol, though some dislocation cores are calculated to have higher binding energies. 

Despite this low binding energy, the large material volume influenced by dislocations makes 

them a large contributor to hydrogen retention [15, 23, 27, 29, 30, 31, 32]. Conversely, the 

binding energy of vacancies has been calculated as 38kJ/mol, though they typically have a 

minimal contribution to hydrogen retention due to their comparatively small total volume [27, 
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34]. Ferrite grain boundaries have a range of reported binding energies from 20-60 kJ/mol. This 

wide range is due to the effects of grain boundary misorientation angle on the energy state of the 

hydrogen. As coherency decreases at higher angles, the energy state for interstitial hydrogen 

decreases, thus increasing the binding energy. This binding energy along with the relatively large 

area of grain boundaries present in most steels makes them a major contributor to hydrogen 

retention [15, 23, 29, 30, 31]. Austenite in a ferrite matrix is reported as a relatively strong trap, 

with a binding energy of approximately 55 kJ/mol [15, 31, 35]. The austenite/ferrite interface is 

also reportedly a strong trap, with a binding energy of 52 kJ/mol [19]. Therefore, austenite can 

be a major contributor to hydrogen retention if present in larger volume fractions and for high 

surface areas. Martensite containing constituents have also been found to act as hydrogen traps, 

due to the high dislocation density and lath boundary interfacial area [24, 26]. Incoherent 

boundaries around inclusions are reported to have very high binding energies, often over 

70 kJ/mol. Inclusions can therefore be contributors to hydrogen retention, though typically less 

so than other constituents since they occupy a comparatively small volume [15, 23, 29]. For this 

project, the potential trapping capacity of high angle grain boundaries, austenite volumes, 

austenite phase boundaries, MA constituent fractions, and inclusion interfacial areas were all 

considered simultaneously, as all these features are present in the TBF steels evaluated. 

Hydrogen traps are typically separated into two categories, reversible and irreversible, 

based on the binding energy of the trap site. Irreversible traps are those with binding energies 

greater than 55-60 kJ/mol. It is generally thought that if the binding energy of a trap is this high, 

it essentially removes hydrogen from the steel, acting as a permanent sink at room 

temperature [15, 30]. Reversible traps have lower binding energies and allow bonded hydrogen 

to leave through thermal excitation at room temperature [15]. This idea of permanent and 

temporary removal of hydrogen (in irreversible and reversible traps, respectively) is 

implemented in many models for predicting hydrogen distributions over time and hydrogen 

embrittlement phenomena. However, in some situations this binary view of trapping is over 

simplistic. In reality, even irreversible traps lose hydrogen over time when moved from a 

hydrogen rich to a hydrogen poor environment, as predicted by the model shown in 

Figure 2.7 [25, 36]. Another way to view how hydrogen traps retain hydrogen is with the concept 

of local equilibrium [25].  
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Figure 2.7 Model of desorption of hydrogen from traps of different binding energies 
[Adapted from Reference 36]. 

 

Local equilibrium does not treat hydrogen traps as features that remove hydrogen from 

the system. Instead, local equilibrium assumes a certain portion of the local hydrogen 

concentration is partitioned into the trap based on its binding energy. Equation 2.2 defines the 

equilibrium constant (K) for hydrogen partitioning between the lattice and trap sites based on 

binding energy of the trap site (EB), temperature (T), and the gas constant (R) [25].  

 K = exp
-EB

RT  (2.2) 

K is also proportional to solute concentration through Equation 2.3, where A and B are 

reactants, C and D are products, e and f are reactant coefficients, and g and h are product 

coefficients of the chemical reaction shown [37]. The reaction to form trapped hydrogen from 

lattice hydrogen is very simple, as shown in Equation 2.4. Therefore, the equilibrium constant 

can be defined as the ratio of hydrogen concentration in lattice (cL) versus trap (cT) sites, as 

shown in Equation 2.4, [25, 37]. 
 

 
K = 

[C]g[D]h[A]e[B]f ,   eA + f B ↔ gC + hD (2.3) 
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K = 

[HT]1[HL]1 = cT

cL
,   1HLattice ↔ 1HTrapped (2.4) 

The local equilibrium approach assumes equilibrium is maintained, thus the ratio of 

trapped to lattice hydrogen is constant. In reality this is not always the case, as diffusion of 

hydrogen may be relatively slow in some situations. However, though kinetics may cause delays, 

the system will always be approaching this equilibrium. If the lattice hydrogen is decreased due 

to hydrogen evacuation from the material, hydrogen will desorb from the trap into the lattice to 

maintain the local equilibrium. Likewise, if more hydrogen enters the material through the 

lattice, more hydrogen will be partitioned into the trap [25]. This is relevant to this project mostly 

because of how it affects our understanding of hydrogen retention within austenite as a 

secondary phase. In the literature, austenite is often considered to be an irreversible trap, 

essentially removing hydrogen from the surrounding microstructure. However, in reality 

austenite does not remove all hydrogen from the rest of the microstructure. Since the equilibrium 

ratio must be maintained, some hydrogen will always be in the ferrite. Additionally, austenite 

will not retain absorbed hydrogen indefinitely, as hydrogen will desorb from the austenite into 

the lattice if the lattice hydrogen decreases [15, 25, 36]. 

 

2.5.3 Hydrogen Diffusivity 

 

 The diffusivity of hydrogen is vastly different between the various phases in steel. 

Hydrogen has the lowest diffusivity in austenite, measured at room temperature at 2∙10-11 to 

2∙10-13 cm2∙s-1 [19, 21, 22, 35, 38, 39, 40, 41, 42, 43, 44]. This lower diffusivity is attributed to 

the higher energy barrier for hydrogen to jump between adjacent interstitial sites in austenite 

relative to those in ferrite and martensite [17]. The saddle energy in Figure 2.6 is representative 

of this energy barrier [17]. The reported ranges of hydrogen diffusivities in bulk ferrite and 

martensite overlap, with diffusivity tending to be faster in ferrite (1∙10-4 to 6∙10-8 cm2∙s-1) than 

martensite (3∙10-6 to 6.7∙10-9 cm2∙s-1) [19, 21, 22, 23, 24, 29, 35, 39, 40, 41, 43, 45, 46, 47, 48]. 

The lower diffusivity of hydrogen in martensite is due to the higher concentration of hydrogen 

traps in martensite, relative to ferrite, which inhibit the movement of the hydrogen.  

 In non-steady state diffusion, hydrogen traps decrease diffusivity, as hydrogen partitions 

into the trap to achieve local equilibrium instead of diffusing further into the material [25]. 
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Typically, stronger traps and/or traps with more numerous sites for hydrogen occupation will 

decrease diffusivity more, as they hold more hydrogen in place. However, it should be noted that 

the rate of hydrogen absorption into volumetrically large traps, such as secondary phase 

austenite, may also be limited by slow internal diffusivity [19, 21]. Thus, large volume traps, 

such as austenite, may have less impact on initial diffusivity than large area traps, such as 

austenite phase boundaries. Therefore, it is likely that smaller particles of austenite will decrease 

diffusivity of hydrogen more than larger particles of austenite (at the same volume fraction) due 

to the increased phase boundary area, as shown in Figure 2.8a.  Certain traps can also decrease 

hydrogen diffusivity by acting as a barrier to hydrogen, forcing the hydrogen to diffuse along a 

more tortuous path [19, 21]. Secondary phase austenite in ferrite causes such tortuosity, as the 

diffusivity through the austenite itself is slow relative to ferrite, resulting in hydrogen atoms 

diffusing around austenite, as shown in Figure 2.8b [19, 21]. 

In steady state diffusion, hydrogen traps have fewer retarding effects on diffusivity and in 

some cases accelerate it. If a trap is saturated with hydrogen (as it would be if steady state were 

achieved), it will not remove hydrogen diffusing passing it in the neighboring lattice. 

Consequently, it will not decrease diffusivity through partitioning of hydrogen, though there still 

may be some influence of tortuosity [19, 21, 25]. Some hydrogen traps, such as grain boundaries, 

can even increase the diffusivity of hydrogen in steady state diffusion. The diffusivity of 

hydrogen along grain boundaries, once saturated, is greater than through the bulk lattice, 

resulting in increased overall hydrogen diffusivity [49]. 

 

2.5.4 Hydrogen Diffusion and Accumulation 

 

 For hydrogen embrittlement to occur, a local hydrogen concentration must exist that is 

high enough to activate hydrogen embrittlement mechanisms (theoretical mechanisms 

concerning how atomic hydrogen interacts with the steel to induce embrittlement). Typically, the 

bulk hydrogen concentration is much lower than the local concentration required to activate such 

mechanisms, meaning hydrogen must accumulate at specific points to initiate embrittlement. 

There are many theorized ways in which hydrogen can accumulate to induce embrittlement. 
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(a) 

(b) 

Figure 2.8 Hydrogen diffusion path through ferrite (red) with secondary phase 
austenite (green) obstacles. Diffusivity is greater for systems with larger austenite 
particles due to the decrease in austenite phase boundary area (a). For elongated 
austenite, diffusion is more rapid in the longitudinal, rather than in the transverse, 
direction due to a decrease in tortuosity of the diffusional path (b) [19, 21].  

 

One well established mechanism for hydrogen accumulation is diffusion of hydrogen 

along elastic strain gradients to points of high, hydrostatic, tensile strain. Such diffusion occurs 

due to relief of compressive strains (associated with hydrogen occupation of interstitial lattice 

positions) by the tensile strain field [17]. Many models, like the one shown in Figure 2.9a, 

suggest that large cracks and notches can also attract hydrogen from a long distance and 

accumulate hydrogen over time due to their far-reaching strain fields [23, 46, 47, 50, 51, 52, 53, 

54, 55, 56, 57]. Following these models, it is also likely hydrogen redistributes in response to 

neck formation in a uniaxial tensile specimen due to the triaxial stresses that develop. The rate of 

hydrogen accumulation at such points is dependent on the bulk diffusivity of hydrogen as well as 

the magnitude of the strain gradient driving the diffusion.  
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(a) (b) 

Figure 2.9 Models of hydrogen accumulation due to (a) the local stress/strain ahead of a 
notch tip, and (b) the gradient in compressive and tensile strains around an edge 
dislocation. [Adapted from 55, 58]. 

 

Hydrogen redistribution in response to strain gradients can also occur over 

microstructurally short distances. Calculations from literature suggest that hydrogen redistributes 

in the local strain fields of dislocations, grain boundaries, and phase interfaces. Figure 2.9b 

shows how hydrogen distributes around an edge dislocation, out of the compressive strain field 

and into the tensile strain field (resulting in a local hydrogen concentration in the tensile region 

that is greater than the bulk concentration) [23, 25, 58, 59].  

 Another mechanism for hydrogen accumulation is the dislocation transport (or 

dislocation sweep) mechanism. Experimental evidence suggests that, under some circumstances, 

the hydrogen atmospheres of dislocations can travel with gliding dislocations. [23, 29, 46, 59, 

60]. Therefore, when dislocations pile-up at obstacles such as inclusions or phase boundaries, the 

hydrogen also piles up, potentially reaching concentrations that activate hydrogen embrittlement 

mechanisms. Figure 2.10 depicts an example of this phenomenon occurring at a carbide interface 

[23, 29, 61, 62, 63]. The mechanism is described in the figure caption. Literature also reports that 

hydrogen redistribution with dislocation glide can occur much more rapidly than lattice diffusion 

of hydrogen [61, 63, 64]. 
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Figure 2.10 Diagram depicting dislocations in the shear band of a crack tip forming a pile-up 
at a grain boundary carbide, the resulting accumulation of hydrogen at the 
interface, and nucleation of a crack due to decohesion at the carbide interface. 
Dots represent hydrogen within the lattice, at the interface, and within the 
dislocation atmosphere. [Adapted from 46, 63]. 

 

 Hydrogen can also accumulate within hydrogen traps. Secondary phases with higher 

solubility for hydrogen, such as austenite and martensite, can accumulate a relatively large 

amount of hydrogen due to the large number of potential occupation sites for hydrogen within 

the volume the phases occupy. However, austenite also has a much lower diffusivity for 

hydrogen than ferrite. Therefore, hydrogen will only accumulate within austenite at room 

temperature if a sufficiently long time is allowed for the system to approach equilibrium [17, 25]. 

Additionally, if the material is in an environment where hydrogen is evacuating from the system, 

the hydrogen accumulated within the austenite is expected to dissipate over time [31, 39]. Due to 

these complicating factors, the non-equilibrium hydrogen distribution between the ferrite and 

secondary austenite phase is difficult to predict but should involve some hydrogen entry and 

storage in austenite. 

 

2.6 Hydrogen Embrittlement  

 

 Hydrogen has many detrimental effects on the macroscopic mechanical properties of 

steels. The most common effect is a degradation in ductility and toughness. Hydrogen can also 

nucleate voids or cracks and increase the rate of crack growth due to applied static, applied 

cyclic, or residual stresses. Additionally, hydrogen can influence the work hardening behavior of 

some steels, causing softening or hardening depending upon the system and situation [15]. There 

are many hypothesized, atomic scale hydrogen embrittlement mechanisms that act to cause these 

macroscopic effects. 
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 Several factors influence if and how hydrogen embrittlement manifests itself in steels, all 

of which revolve around causing the conditions necessary to activate hydrogen embrittlement 

mechanisms on the atomic scale. Activation of these mechanisms is dependent on the local 

hydrogen concentration, microstructural features, and stress state. The microstructure, tensile 

strength, and composition of a steel all influence activation of hydrogen embrittlement 

mechanisms, as do the testing parameters used such as strain rate.   

 

2.6.1 Hydrogen Embrittlement Mechanisms 

 There are a variety of proposed mechanisms of hydrogen embrittlement. Hydrogen-

Enhanced Decohesion (HED) and Hydrogen Enhanced Localized Plasticity (HELP) are two of 

the most widely accepted embrittlement mechanisms. The basic principles of these mechanisms 

are covered here. 

 HED postulates that the electronic interaction of hydrogen and neighboring iron atoms 

results in a decrease in cohesive strength between iron and other adjacent atoms [15, 63, 65]. In 

regions where hydrogen accumulates, such as interfaces or ahead of crack tips, the decrease in 

cohesive strength can lead to tensile separation at relatively low stresses that otherwise would 

have only produced slip [15, 63, 65]. The mechanism of HED is shown in Figure 2.11a. 

 

  
(a) (b) 

Figure 2.11 Mechanism for (a) HED at a crack tip, in lattice ahead of crack tip, and at particle 
interface and (b) HELP in the vicinity of a ductile crack tip [Adapted from 63]. 
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 HELP asserts that hydrogen can enable enhanced dislocation glide and consequently 

microvoid coalescence. This enhanced dislocation mobility is hypothesized to occur because 

hydrogen occupation of the elastic strain field of dislocations effectively shields the dislocations 

from elastic interactions with obstacles to dislocation glide in the lattice [15, 63, 65]. The 

hydrogen in the elastic strain fields of the obstacle that impede dislocations also shield the 

dislocations from elastic interactions. As such, dislocations can glide at lower applied stresses, 

pile up at obstacles, and initiate microvoid coalescence due to hydrogen [15, 63, 65]. There is 

also evidence that HELP can enable nanovoid coalescence and extremely localized shear 

bands [62, 66]. The mechanism of HELP is shown in Figure 2.11b. 

 Many more factors affect hydrogen distribution, crack nucleation, and macroscopic 

embrittlement than could currently be incorporated into a model. As such, the link between these 

atomic scale hydrogen embrittlement mechanisms and macroscale embrittlement is difficult to 

determine. Many models for hydrogen embrittlement attempt to incorporate HED and HELP 

acting cooperatively to induce macroscopic embrittlement. In these scenarios, dislocation glide 

and pile-up allowed by HELP result in hydrogen accumulation at grain boundary carbide 

interfaces in ferrite [46]. Cracks then nucleate at these interfaces via HED due to the buildup of 

hydrogen, as depicted in Figure 2.10. These cracks then grow and connect with the assistance of 

HED and HELP until macroscale fracture is achieved [46]. This type of model is one of the most 

advanced currently predicting macroscale hydrogen embrittlement. However, this model only 

applies to steels that contain carbides at grain boundaries and no other phases than ferrite. It also 

does not incorporate any other embrittlement mechanisms or modes of hydrogen accumulation. 

As such, more advanced modeling will need to be developed before a full understanding of 

hydrogen involvement in macroscale hydrogen embrittlement can be achieved.  

 

2.6.2 Microstructural Influence on Hydrogen Embrittlement 

 

 The distribution of phases and hydrogen traps in a microstructure can have a large 

influence on hydrogen embrittlement susceptibility. Microstructure strongly influences the 

distribution and accumulation of hydrogen due to the varying solubility and diffusivity of 

hydrogen between phases and due to trap population. Some specific microstructural features are 

also more susceptible to cracking due to hydrogen. 
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 Martensite is known to be the most highly susceptible phase to hydrogen embrittlement, 

though tempering has been found to improve its resistance [31, 35, 67]. Most commercial 

martensitic steels are tempered, but microstructures that contain untempered martensite are very 

susceptible to hydrogen embrittlement. This could potentially be problematic for microstructures 

that undergo TRIP, as deformation will result in the formation of untempered, high-carbon 

martensite. Additionally, in some situations the austenite in TRIP steels acts as a hydrogen 

reservoir due to its high solubility for hydrogen [18, 28, 35, 40, 68, 69]. It is postulated in 

literature that this accumulation of hydrogen carries over from the parent austenite into the 

strain-induced martensite and initiates cracking during TRIP [22, 31]. However, it is also 

hypothesized that the low diffusivity of hydrogen in austenite limits absorption of hydrogen, 

meaning in many situations the concentration of hydrogen within austenite will not build up to 

high enough levels to initiate embrittlement [15, 44, 70]. Part of this project aims to explore the 

validity of these hypotheses. 

 It is generally accepted that increasing the number of hydrogen traps, especially strong 

traps, improves the resistance to hydrogen embrittlement. The logic behind this is that hydrogen 

diffusion to and accumulation at points of high hydrostatic stress, that would result in hydrogen 

embrittlement, is prevented or limited due to hydrogen partitioning into traps [15, 26, 40, 53, 71]. 

Since stronger traps partition more hydrogen, they are more effective at preventing 

accumulation. However, if the infusion of hydrogen into a system is so high that traps are 

saturated with hydrogen, leaving a large concentration of hydrogen in the lattice, they become 

ineffective [15, 72]. Additionally, if enough hydrogen is partitioned into the traps, hydrogen 

embrittlement mechanisms may be initiated within or near to the traps. Hydrogen trapped at 

incoherent inclusion is known to induce embrittlement through a process known as blistering. In 

blistering, so much hydrogen accumulates at the incoherent interface that it recombines into 

gaseous diatomic hydrogen, forming a crack (void) containing high-pressure hydrogen gas. 

Blistering is more likely to occur if there is a small number of inclusions, as more hydrogen is 

attracted to a relatively small area [73]. The blisters are often visible on the sample surface. As 

such, partitioning hydrogen to inclusion interfaces is not a preferred hydrogen embrittlement 

mitigation method. However, some traps, like secondary phase austenite or carbides, are 

purposefully incorporated to improve resistance to hydrogen embrittlement [23, 31]. 
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2.6.3 Tensile Strength Effects on Hydrogen Embrittlement 

 

It is widely accepted that increasing tensile strength in steels is correlated to an increase 

in hydrogen embrittlement susceptibility. However, there is some dispute as to whether tensile 

strength alone predicts the relative level of hydrogen embrittlement susceptibility between 

different steel grades [15, 27, 47, 74].  

Some authors postulate that the increased internal stress state allowed by higher strength 

steels is the source of the heightened susceptibility. At higher internal stresses, hydrogen 

accumulation at points of high hydrostatic stress can be accelerated and increased, therefore 

creating the high local hydrogen concentrations necessary to activate hydrogen embrittlement 

mechanisms [47]. The growth of cracks produced by hydrogen can also be accelerated at the 

higher stress intensities that are possible at higher stress levels typical of stronger steels [47]. 

Higher strength steels are also likely to have less plastic blunting of crack tips at a given stress 

level, resulting in enhanced embrittlement due to hydrogen accumulation at the sharp crack 

tip [15]. These stress state effects are common to all steels, suggesting that tensile strength can be 

used as a relevant predictor of hydrogen embrittlement susceptibility. 

However, it is also thought by many that this is an overly simplistic comparison. In the 

conventionally processed steels used in many of the studies that determined the relationship 

between tensile strength and hydrogen embrittlement susceptibility, increased tensile strength 

also correlated with increased martensite volume fraction [15]. Untempered martensite is known 

to be the most hydrogen sensitive phase in steels, suggesting the presence of martensite may 

contribute intrinsically to hydrogen embrittlement susceptibility [15, 74]. Other factors besides 

martensite content have been found to affect hydrogen embrittlement in modern steels. Many 

AHSS contain retained austenite, which can actively absorb hydrogen and limit hydrogen 

accumulation and therefore embrittlement even at high strength levels [74]. Therefore, it may be 

better to use relative strength as an indicator of hydrogen embrittlement susceptibility only 

between steels with similar microstructures and strengthening mechanisms, until the exact 

interaction of hydrogen with the microstructure to induce embrittlement is fully understood [27]. 
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2.6.4 Compositional Effects on Hydrogen Embrittlement 

 

 Steel composition mostly affects hydrogen embrittlement susceptibility through its 

influence on microstructure. A specific steel composition that is more hardenable may be more 

susceptible to hydrogen embrittlement since the microstructure is more likely to contain 

martensite [75]. Composition is often linked to hardenability through the Carbon Equivalency 

Value (CEQ) as shown in Equation 2.5 and Equation 2.6 where concentrations are in weight 

percent [76, 77]. The CEQ is correlated with increased susceptibility to hydrogen embrittlement, 

especially for welded steels [75, 77]. However, the processing history along with the 

composition must be taken into consideration when estimating hydrogen embrittlement 

susceptibility, since a steel with high hardenability is not necessarily always hard.  

 CEQ = C + Mn
6  + Cr+Mo+V

5  + Ni+Cu
15  (2.5) 

 CEQ = C + 
Mn
6 + 

Si
24 (2.6) 

 

2.6.5 Strain Rate Effects on Hydrogen Embrittlement 

 

 It is generally accepted that increasing strain rate decreases the hydrogen embrittlement 

observed in steels at the macroscopic level. Most hypothesized mechanisms for this relationship 

revolve around strain rate effects on hydrogen accumulation and subsequent activation of 

hydrogen embrittlement mechanisms. There are many theorized ways in which strain rate can 

influence hydrogen accumulation and failure.  

  Strain rate has a significant impact on the dislocation velocity, which can influence 

dislocation transport of hydrogen atmospheres. Increasing strain rate results in an increase in 

average dislocation velocity through Equation 2.7 where ε̇ is strain rate, ρdis is dislocation 

density, b is burgers vector, and v is dislocation velocity [8]. At low dislocation velocities, 

dislocations glide with their hydrogen atmospheres still surrounding them, as shown in 

Figure 2.12. The gliding atmospheres allow the shielding effects of hydrogen to remain active 

through HELP, resulting in dislocation pile-up and subsequent hydrogen accumulation at lower 

stresses as shown in Figure 2.10 [46, 59, 63]. As dislocation velocity increases, dislocations 
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begin to pull away from their atmospheres, dragging hydrogen behind them. This dragged 

hydrogen provides little shielding, but may still be transported by dislocations and subsequently 

accumulated at pile-ups [59]. Dislocation velocity can even become high enough that no 

hydrogen is transported by dislocation glide, as shown in Figure 2.12 [59]. As such, increasing 

strain rate correlates with less hydrogen transport and accumulation by dislocation glide, and 

subsequently less macroscopic hydrogen embrittlement.  

 

(a) (b) (c) 

Figure 2.12 Dislocation transport of hydrogen atmospheres at low (a) and intermediate (b) 
strain rates and dislocation breakaway from a hydrogen atmosphere at high strain 
rate [Adapted from 59]. 

 

Additionally, increased strain rate typically means failure is achieved in a shorter amount 

of time. Less time means hydrogen cannot diffuse as far in response to stress/strain fields or 

partition into traps like austenite. As such, less hydrogen accumulation is achieved before failure 

and therefore smaller effects of hydrogen on properties are observed. 

 ε̇ = 
1
2  ρdisbv (2.7) 

 

2.6.6 Hydrogen Induced Fracture Surface Morphologies 

 

Fisheyes are a macroscopic fracture surface feature associated with hydrogen 

embrittlement. Fisheyes are highly reflective, flat circles on fracture surfaces oriented 

perpendicular to the tensile axis [7]. Example fisheyes are shown in Figure 2.13. Fisheyes are a 

common and well characterized phenomenon, formed by a ring of quasi-cleavage (QC) fracture 
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surrounding a large inclusion. These rings of QC occur because of the high local hydrogen 

concentration caused by hydrogen partitioning to the inclusion/matrix interface [7].  

 

Figure 2.13 SEM micrograph of two neighboring fisheyes. 
 

Microvoid coalescence (MVC), intergranular fracture (IGF), and QC are all fracture 

surface morphologies commonly observed with hydrogen embrittlement [7, 18, 24]. Often, 

fracture surfaces will display mixtures of these morphologies. MVC is caused by the nucleation, 

growth, and eventual coalescence of microscale voids, resulting in a fracture surface covered in 

microscale dimples as shown in Figure 2.14a. MVC is common in non-hydrogen embrittled 

material as well and is not strictly associated with any single hydrogen embrittlement 

mechanism. IGF is caused by fracture propagation primarily along grain boundaries, resulting in 

a fracture surface that follows the contours of the grains, as shown in Figure 2.14b. Fracture 

propagation along the grain boundaries can also occur in non-hydrogen embrittled steels and is 

not associated with a specific hydrogen embrittlement mechanism.  

QC fracture is common in hydrogen embrittled steels, with a rather complex formation 

mechanism [7]. QC appears as cleavage fracture, as shown in Figure 2.14c, but does not 

correspond to a specific cleavage plane [78]. Instead, QC is oriented in a plane normal to the 

tensile axis regardless of the orientation of the grains it crosses. Recently reported evidence 

suggests QC may be a form of ductile fracture, caused by nano-void coalescence and extreme 

shear band localization [51, 62, 66, 78]. These voids and shear bands suggest QC is due to 
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hydrogen interaction with dislocations through the hydrogen-enhanced localized plasticity 

(HELP) mechanism.  

 

  
(a) (b) 

 
(c) 

Figure 2.14 Scanning electron micrographs of (a) MVC, (b) intergranular fracture and (c) QC 
in steel [Adapted from 46, 62, 78]. 

 

2.7 Electron Backscatter Diffraction  

 

Electron backscatter diffraction (EBSD) is a material characterization tool capable of 

phase identification and crystallographic orientation determination and mapping, both of which 

were invaluable for this project [79].  The EBSD system operates within a scanning electron 

microscope (SEM), generating micrographs by rastering a beam of electrons across a sample 
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surface and using signals gathered from each point in the scan to generate a pixel. At each point 

in the scan, electrons interact with the planes of atoms within the crystal and diffract. These 

diffracted electrons are intersected by a phosphor screen, the EBSD detector, and form a Kikuchi 

pattern, as shown in Figure 2.15 [79]. This pattern is indicative of the crystal structure and 

crystallographic orientation of the material within the volume of interaction of the electron beam, 

which the EBSD software can analyze. Energy dispersive spectroscopy (EDS) is often used 

along with EBSD to obtain compositional information for each point. 

 

  
(a) (b) 

Figure 2.15 Diagram of EBSD data collection system (a) and generated Kikuchi pattern (b) 
[Adapted from 79]. 

 

The data gathered from each point can be used to generate a variety of images that 

display different information about the system [79]. Orientation maps are a specialization of 

EBSD. Orientation maps use color coded inverse pole figures (or sections of inverse pole 

figures) to represent specific crystallographic directions oriented normal to the sample surface 

with colors on the map as shown in Figure 2.16c and Figure 2.16d [79]. These can give 

information on texture, preferred orientation of one phase within another, phase morphology, and 

grain or sheaf size comparison. The detected grain orientations can also be used to calculate 

grain boundary misorientation angles as shown in Figure 2.17 [79]. 

Another basic type of EBSD map is an image quality (IQ) map as shown in Figure 2.16a. 

IQ is a measure of how well the detected Kikuchi pattern is fit to the pattern for a perfect crystal 
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of the same phase and orientation. More deviation from this ideal pattern is indicative of a high 

concentration of imperfections in the crystal. As such, IQ maps are a good way to detect regions 

of high dislocation density [79]. Phase maps are another type of useful map that can be generated 

from EBSD data. A phase map uses different colors to distinguish between different crystal 

structures in the system, as shown in Figure 2.16b [79]. These allow for measurement of phase 

volume fraction, phase particle size distribution, phase morphology, and phase boundary area, all 

of which are useful for this project. This advanced microstructural characterization technique 

was ideal for trying to understand the link between specific microstructural features and 

hydrogen embrittlement susceptibility.  

 

(a) (b) (c) (d) 

Figure 2.16 An (a) EBSD image quality map, (b) EBSD phase map with ferrite (red) and 
austenite (blue), and (c) EBSD orientation map with (d) the color-coded inverse 
pole figure legend to generate the EBSD orientation map for a duplex stainless 
steel [Adapted from 79]. 

(a) (b) 

Figure 2.17 An EBSD image quality map (left) and a processed EBSD micrograph which 
identifies coincidence site lattice boundaries in different colors according to the 
angle of rotation in a nickel sample [Adapted from 79]. 
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2.8 X-Ray Diffraction  

 

X-ray diffractometry (XRD) is a standard methodology for the measurement of bulk 

austenite volume fraction in steel [80]. XRD directs an approximately monochromatic x-ray 

source onto a sample of material which reflects/diffracts at specific angles related to the crystal 

structure of the sample. The intensity of the reflection is measured by a detector. Peaks in 

intensity appear at specific Bragg angles due to specific reflections within the crystals and the 

amount of each phase within the sample [81]. Peaks will appear at specific angles for ferrite and 

austenite. Martensite in lower carbon systems will have approximately the same reflections as 

ferrite. By comparing the integrated intensities of the peaks, an approximate volume percent of 

austenite can be calculated [82, 83]. XRD is more effective for smaller austenite crystals than 

EBSD. EBSD has a limited resolution due to the relatively large interaction volume required to 

generate Kikuchi patterns for analysis. Therefore, XRD was used to quantify austenite content in 

addition to EBSD to ensure any small austenite particles were also quantified.  

 

2.9 Melt Extraction for Hydrogen Content Determination 
 

Melt extraction may be used to determine the total hydrogen content in a specimen. A 

specimen is first melted in an argon atmosphere. A partial vacuum then extracts all gaseous 

components which are run through a number of reagents to remove contaminants like oxygen. 

The hydrogen content of the final hydrogen/argon mixture is determined by measuring the 

thermal conductivity of gas, which varies with hydrogen content. This method does not 

distinguish between diffusible (reversibly trapped) and irreversibly trapped hydrogen, nor does it 

give any direct insight into where the hydrogen is located in the steel.  

 

2.10 Statistical Analysis 

 

With all data, it is important to conduct some degree of statistical analysis. Typically, 

such analyses consist of comparing the average and standard deviation of populations. However, 

the large degree of scatter associated with measured hydrogen concentration and hydrogen 

embrittlement susceptibility warrant additional statistical analyses. The 95 percent confidence 
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interval (CI) of the mean and the statistically significant difference between means (d0) are more 

suited methods for evaluating differences between overlapping populations with high scatter. 

These analyses will ensure the relative hydrogen levels and susceptibilities measured between 

different steels and charging conditions are real and will possibly help elucidate patterns that 

may be obscured by outliers. 

The CI is a range estimate of the true mean of a population. A specific sample set has an 

average, but the mean of the entire population of possible samples may be different than this 

average, especially if there is a large degree of scatter and/or a small sample size. Therefore, the 

CI is used to define an upper and lower bound that has a 95 percent chance of containing the true 

mean of the population. Equation 2.8 shows how the upper and lower bound are calculated 

assuming a normal distribution for the population [84]. 

The d0 is an estimate of the true difference between sample means. Between any two 

sample sets, there is a difference in the calculated mean value, but again this may not be the 

actual difference in the means of the two populations when considering the influence of scatter. 

Therefore d0 is used to calculate the minimum known difference based on the available sample 

sets. Equation 2.9 shows how the value of d0 is calculated [85]. 

 Upper Bound, Lower Bound= Ẋ∓ tα
2,  n-1*

s√n
 (2.8) 

 tα
2,   nx+ny-2= Ẋ- Ẏ- d0

scombined
1

nx
+ 1

ny

             scombined
2 = 

(nx-1)sx
2 + ny-1 sy

2 
nx + ny-2

 (2.9) 

In these equations, the variables Ẋ and Ẏ are the averages of different sample sets 

(designated X and Y respectively). The variable s is the standard deviation of a sample set (with 

sx, sy, and scombined as the s specific to a given sample set (X or Y) or both sets (combined)). The 

variable n is the sample size (with nx and ny, specific to a given sample set (X or Y)). The 

variables tα/2, n-1 and tα/2, n_x+n_y-2 are test statistics drawn from the Student t-distribution that 

depend on sample size and the desired confidence level (α) [84, 85].  
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CHAPTER 3  

EXPERIMENTAL DESIGN 

 

 

3.1 Purpose of Project 

 

 It is known that increasing tensile strength and CEQ correlate to increased susceptibility to 

hydrogen embrittlement in steels, as shown in Figure 3.1 [15, 27, 47, 74, 75, 77]. Microstructural 

influences on resistance to hydrogen embrittlement are not fully understood, however, due to the 

complexity of the behavior of hydrogen in multiphase systems. In generally, steels that undergo 

TRIP have high strength and relatively high CEQ due to alloying additions for austenite 

stabilization. Therefore, TRIP steels (like the TBF steels used for this project) tend to be 

susceptible to hydrogen embrittlement. The goal of this study was to understand microstructural 

influences on hydrogen embrittlement susceptibility in TBF steels, in particular the effects of 

secondary phase austenite. The TBF steels used for this project were designed to have similar 

tensile strength and CEQ despite significant variation in composition and microstructure. In this 

way, the influences of tensile strength and CEQ were limited, enabling the study to focus on the 

influences of microstructure. Tests were also conducted on a DP steel with a similar 

microstructure to the TBF steels except with secondary-phase untempered-martensite rather than 

austenite. This allowed the effects of secondary-phase martensite versus austenite to be 

examined. A better understanding of such microstructural effects will hopefully enable the 

design of microstructures or processing methods that limit hydrogen embrittlement in TBF steels 

and potentially other types of TRIP steels.   

 

3.2 Design of Experiments 

 

 Two major rounds of experiments were conducted. The first round was intended to 

identify which microstructural features in the TBF steel were primarily responsible for hydrogen 

retention, microcrack initiation, and macroscale hydrogen embrittlement susceptibility. The 
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second round of testing focused on understanding the interaction of hydrogen with austenite and 

martensite and how this interaction influenced microcrack initiation. 

 

Figure 3.1 Range of susceptibility to hydrogen delayed fracture in AHSS based on the 
influence of both tensile strength and Ceq. Provided by Kobe Steel. 

 

3.2.1 Round One: General Microstructural Effects 

 

 In the first round of testing, quasi-static tensile tests were conducted on the four TBF 

steels in the as-received condition and after hydrogen-infusion. The results of these tests showed 

the influence of hydrogen on macroscopic mechanical properties. Three different hydrogen 

infusion conditions were used, allowing three different severities of hydrogen embrittlement to 

be observed.  

 Concurrently, the hydrogen absorbed into each steel was quantified for the same three 

hydrogen-infusion conditions used for tensile testing. Hydrogen absorption measurements 

provided insight into the different propensities of each steel to absorb hydrogen. The hydrogen 

concentrations measured were also used as estimates of the hydrogen present during the tensile 
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tests. These measurements allowed the effects of specific hydrogen concentrations on 

mechanical properties to be investigated. 

 The microstructure of each steel was thoroughly examined. Many microstructural 

features known to act as hydrogen traps (such as austenite, martensite, grain boundaries, phase 

boundaries, and inclusion interfaces) were quantified for each of the TBF steels. The 

morphology of austenite was also examined, as its shape can influence its interaction with 

hydrogen. Differences in the microstructures were then correlated to differences in the hydrogen 

absorption characteristics and the severity of hydrogen embrittlement between the steels. In this 

way, the microstructural features that had the dominant influence on absorption and 

embrittlement could be determined.  

 Additionally, fractography was conducted for the tensile specimens on both the fracture 

surfaces and secondary fracture. Fractography results were used to investigate which 

microstructural features initiated cracking and how fracture propagated across the 

microstructure.  

 

3.2.2 Round Two: Hydrogen Absorption and Microcrack Initiation in Secondary Phases 

 

 A TBF steel and a DP steel with similar microstructures (other than secondary phase) 

were used to investigate the retention of hydrogen in secondary phases over time. Both steels 

were hydrogen infused and then aged for various durations before measuring the remaining 

hydrogen concentration. The decrease in hydrogen concentration over time was used to 

determine the degree to which each steel retained hydrogen. Comparison of the hydrogen 

retention between TBF and DP steel provided insight into how austenite stores and retains 

hydrogen relative to martensite and the rest of the microstructure.  

Additionally, tensile testing was conducted (on the same TBF and DP steels) in the 

hydrogen infused condition over a wide range of strain rates. Fractography was then conducted 

to quantify the microcrack population for each steel and strain rate. Primarily, the number and 

length of microcracks was determined. The positioning of cracks relative to secondary phases 

was also investigated.  

Increasing strain rate results in a decrease in hydrogen mobility during deformation. It is 

the mobility of hydrogen during deformation that is often responsible for hydrogen 
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accumulation, microcrack initiation, and, consequently, macroscopic hydrogen embrittlement 

susceptibility. However, it was hypothesized that hydrogen stored within secondary phases prior 

to deformation might result in microcrack initiation even without hydrogen redistribution during 

deformation.  

The microcrack populations for the high-strain-rate tensile tests represent the hydrogen 

embrittlement effects in situations with limited hydrogen mobility (primarily influenced by the 

hydrogen distribution prior to deformation). The results of the low-strain-rate tensile tests show 

the hydrogen embrittlement effects under conditions with substantial hydrogen mobility 

(significant hydrogen redistribution during deformation). Comparison of the microcrack 

populations at high-strain-rates versus low-strain-rates was expected to provide insight into the 

influences of the initial-hydrogen-distribution versus hydrogen redistribution on microcrack 

initiation. In this way, it could be observed if secondary phase austenite (in the TBF steel) or 

martensite (in the DP steel) accumulated enough hydrogen prior to deformation to initiate cracks 

without further accumulation of hydrogen during deformation. Additionally, the influence of 

hydrogen redistribution on microcrack initiation could be observed.  

 

3.3 Analysis Techniques 

 

The techniques used for hydrogen infusion, hydrogen analysis, mechanical testing, 

microstructural analysis, and fractography are presented here. The reasons for choosing each 

technique are also explained. Laboratory methods for hydrogen embrittlement evaluation often 

mimic specific real-world situations where hydrogen embrittlement can occur, but not others. 

Therefore, an effort is also made to specify the real-world situations that are expected to follow 

the conclusions drawn from a given evaluation method. 

 

3.3.1 Hydrogen Infusion  

 

Electrochemical hydrogen charging was used for hydrogen infusion. All specimens were 

pre-charged with hydrogen prior to the initiation of mechanical testing. Additionally, tests most 

likely involved a non-equilibrium hydrogen distribution, as no effort was made to ensure an 

equilibrium hydrogen concentration was achieved before testing. This set of conditions simulates 
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real-world hydrogen infusion that occurs rapidly in a harsh environment, such as pickling or 

welding during vehicle manufacturing processes for TBF steels. 

Common hydrogen infusion methods in laboratory settings are gaseous hydrogen 

charging [22, 30, 44, 46, 66, 86] and electrochemical hydrogen charging [18, 24, 28, 30, 42, 50, 

62, 68, 87-93]. Gaseous hydrogen charging was not ideal for this study because it is less 

accessible and conducted at elevated temperatures that can cause undesirable changes in 

microstructure. Electrochemical hydrogen charging is quick, comparatively simple to conduct, 

and can produce the hydrogen concentrations desired for this study. Therefore, electrochemical 

hydrogen charging was used to infuse specimens with hydrogen for this project.  

Electrochemical hydrogen charging is commonly conducted during mechanical 

testing (in situ) or prior to mechanical testing (pre-charging). The results of in situ hydrogen 

charging simulate hydrogen embrittlement that occurs in environments where hydrogen can 

continuously enter the material under load. Pre-charging is more similar to hydrogen 

embrittlement that occurs from residual hydrogen picked up during processing. As TBF steels 

are primarily used in automobiles, it was believed that hydrogen embrittlement would be more 

likely during forming processes than in service. This was believed because higher hydrogen 

concentrations are more likely to occur in the production/forming environment (where hydrogen 

can be infused from pickling, welding, etc.) than in the service environment (where hydrogen 

could be infused solely from corrosion). Therefore, pre-charging was selected for use in this 

study. 

Prior to testing, infusion can be conducted long enough to produce an equilibrium 

hydrogen distribution, or testing can be initiated before equilibrium is reached. Many studies 

utilize equilibrium hydrogen concentrations because the hydrogen distribution can be more 

accurately estimated. However, it was believed equilibrium distributions would take a long time 

to achieve in steels that contain austenite. Therefore, equilibrium distributions were not ideal for 

this study, as a large number of specimens were needed for statistical accuracy. Additionally, for 

most forming processes where hydrogen embrittlement may occur (in austenite containing 

steels), a non-equilibrium hydrogen distribution would be expected. As such, non-equilibrium 

hydrogen distributions were used in this study.  
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3.3.2 Hydrogen Analysis 

 

Melt extraction was used to quantify the bulk concentration of hydrogen produced in the 

various microstructures by the charging and infusion procedures. Melt extraction is a simple and 

fast analysis method for bulk hydrogen concentration [18, 30, 62, 94]. Melt extraction was used 

to determine the total, diffusible, and irreversibly trapped hydrogen concentrations within bulk 

specimens as will be explained further in Section 4.3.  

 

3.3.3 Mechanical Testing  

 

Many mechanical testing methods exist for assessing hydrogen embrittlement 

susceptibility: uniaxial tensile testing was used for this project. Uniaxial tensile testing can 

provide valuable information on how fracture initiation and macroscopic mechanical properties 

are affected by hydrogen [95, 96]. This information can enhance our understanding of hydrogen 

embrittlement that occurs during forming processes and, potentially, from residual stresses. 

Uniaxial tensile testing is simple to conduct, allowing a larger number of tests to be conducted 

for improved statistical analyses.  

 

3.3.4 Analysis Methods for Microstructure and Fracture 

 

 Understanding the effects of microstructure on hydrogen embrittlement susceptibility was 

the primary interest of this investigation. Both X-ray diffraction (XRD) and electron backscatter 

diffraction (EBSD) were used to quantify various microstructural features that were believed to 

interact with hydrogen and influence hydrogen embrittlement susceptibility. EBSD and scanning 

electron microscopy (SEM) were used to investigate the microstructure surrounding microcracks 

in the material, believed to be the initiation points for fracture. X-ray computed tomography (CT) 

scans were also used to analyze larger cracks.  
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CHAPTER 4  

EXPERIMENTAL PROCEDURE 

 

 

 This chapter explains the experimental procedures used for hydrogen infusion, hydrogen 

concentration analysis, tensile testing, microstructural analysis and analysis of microstructural 

damage. The processing and heat treatments for the TBF and DP steels used for this project are 

also covered. 

 

4.1 Materials 

 

 Four steel compositions were used in this study, as shown in Table 4.1. These steel 

compositions were provided by Kobe Steel in 1.2 mm thick sheet in both the as-cold-rolled and a 

TBF heat treated condition. The compositions were tailored to have the same CEQ (approximately 

0.6) according to Equation 2.6, in conjunction with significant, systematic variation in carbon 

and manganese content. The TBF steel microstructures (formed from each of the four 

compositions) were designed to have similar tensile strengths, as shown in Table 4.2, despite 

significant variation in composition and microstructure (discussed in Chapter 8). In this way, the 

series of four TBF steels had minimal variation in CEQ and tensile strengths, limiting the 

influence of these factors on hydrogen embrittlement susceptibility. Therefore, any differences in 

hydrogen embrittlement susceptibility between the steels in the series could be attributed to 

microstructural differences. Macroscopic hydrogen embrittlement susceptibility was quantified 

through the reduction in elongation in the presence of hydrogen. The uniform and post-uniform 

elongations for each steel (without hydrogen infusion) are shown in Table 4.2.  

 

Table 4.2   The Four Steel Chemical Compositions Used for this Project (in wt pct) 
Composition C Mn Si Al N S P CEQ 

0.2C-2.0Mn 0.20 2.09 1.39 0.039 0.0060 0.003 0.008 0.61 
0.3C-1.4Mn 0.31 1.40 1.32 0.028 0.0049 0.003 0.007 0.60 
0.4C-0.8Mn 0.41 0.85 1.34 0.017 0.0050 0.003 0.006 0.61 
0.5C-0.2Mn 0.51 0.17 1.35 0.021 0.0043 0.003 0.004 0.59 
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All four compositions of as-cold-rolled sheet were also used in attempts to generate DP 

microstructures, only one of which was employed in the analysis. The DP steel used was 

generated from the 0.2C-2.0Mn composition, and is designated as DP-0.2C-2.0Mn. The 

mechanical properties (without hydrogen infusion) of the DP-0.2C-2.0Mn steel are shown in 

Table 4.2. The development of DP-0.2C-2.0Mn and the attempted development of other DP 

microstructures is outlined in Appendix A. 

 

Table 4.2  Mechanical Properties for the TBF and DP Steels used in this Investigation 
(Without Hydrogen Charging)  

Steel Yield Strength 
(MPa) 

Tensile Strength 
(MPa) 

Uniform 
Elongation (pct) 

Post-Uniform 
Elongation (pct) 

TBF-0.2C-2.0Mn 562 ± 11 964 ± 10 19 ± 1.5 6 ± 0.9 
TBF-0.3C-1.4Mn 716 ± 39 1062 ± 9 16 ± 2.5 7 ± 1.6 
TBF-0.4C-0.8Mn 799 ± 45 1118 ± 23 14 ± 1.9 6 ± 0.4 
TBF-0.5C-0.2Mn 806 ± 6 1066 ± 18 9 ± 0.5 7 ± 0.7 
DP-0.2C-2.0Mn 560 ± 13 882 ± 27 9 ± 1.4 3 ± 0.8 

 

4.1.1 Heat Treatments for TBF and DP Steels 

 

The TBF steel microstructures were generated from as-cold-rolled sheet using two-stage 

heat treatments in salt pots: a high temperature austenitizing anneal, followed by a lower 

temperature austempering step to form the bainitic ferrite microstructure. The temperatures and 

durations of the various heat treatment steps are shown in Table 4.3. All TBF specimens were 

quenched from the annealing temperature directly to the austempering temperature. The 

annealing temperature and austempering time were varied for the different compositions in order 

to produce microstructures with similar tensile strengths (target 1000 MPa).  

 

Table 4.3  Temperature and Time for the Annealing and Austempering Heat Treatments  
Conducted to Produce the TBF Steels  

Steel 
Anneal Austemper  

Temperature 
(℃) 

Time 
(seconds) 

Temperature 
(℃) 

Time 
(seconds) Cooling 

TBF-0.2C-2.0Mn 800 90 400 180 Air Cooled 
TBF-0.3C-1.4Mn 825 90 400 90 Air Cooled 
TBF-0.4C-0.8Mn 850 90 400 90 Air Cooled 
TBF-0.5C-0.2Mn 850 90 400 45 Air Cooled 
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A two-stage heat treatment was also used to generate the DP-0.2C-2.0Mn microstructure, 

as shown in Table 4.4. The purpose of this DP steel was to investigate the effects of hydrogen on 

secondary phase untempered martensite formed athermally (without strain). Hydrogen effects in 

the DP steel were to be compared with hydrogen effects in systems with metastable austenite that 

generated untempered martensite during deformation, like the TBF steels. This comparison was 

meant to elucidate the effects of the transformation itself rather than just the presence of 

untempered martensite. Therefore, the processing of this DP steel was not typical of most DP 

steels, as it was designed to produce a steel that is as similar as possible to the TBF steels 

(acicular rather than equiaxed), but with secondary phase untempered martensite rather than 

austenite.  

The first step of the DP steel heat treatment was a full austenitizing anneal followed by a 

water quench to produce a fully martensitic microstructure. The second step was an intercritical 

anneal, more typical of DP steels, followed by another water quench to form the final DP 

microstructure. The use of a martensitic starting microstructure is atypical for DP steels. It was 

done here to generate an acicular, intercritical microstructure so that the final ferritic matrix of 

the DP steel would be tempered martensite with interlath “fresh” martensite. It was believed that 

tempered martensite would be more similar to the bainitic ferrite matrix of the TBF steels than 

the polygonal ferrite matrix typical of most DP steels. There was also no tempering step used on 

the DP steel to ensure the final microstructure contained untempered martensite just like the 

deformed TBF microstructure.  

 
Table 4.4  Time and Temperature for the Austenitizing Anneal and Intercritical Anneal Heat 

Treatments Used to Produce the DP Steel 

Steel 
Austenitizing Anneal 

Cooling 
Intercritical Anneal 

Cooling Temperature 
(℃) 

Time 
(seconds) 

Temperature 
(℃) 

Time 
(seconds) 

DP-0.2C-2.0Mn 950 300 Water 
Quench 710 300 Water 

Quench 
 

4.2 Electrochemical Hydrogen Charging 

 

 Electrochemical hydrogen charging was used to infuse hydrogen into specimens for both 

tensile testing and chemical analysis. The basic hydrogen charging cell is depicted in Figure 4.1. 
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Specimens, acting as the cathode, were immersed in a charging solution between two anodes. 

Specimens were connected to the circuit by copper wire spot welded to the specimen edge. The 

cathodic potential applied to the specimen promoted the evolution of hydrogen on its surface, 

some of which then diffused into the specimen. The charging solution used in the cell was 

0.5 M H2SO4 with varying concentrations of As2O3 (0 to 0.3 mg·L-1). The As2O3 acts as a 

hydrogen recombination poison, increasing the rate of hydrogen uptake. A constant current 

density of 5 mAmp·cm-2 was applied to the specimens using a Keithley 225 Current Source. 

Graphite was initially used as the anode materials, but later on a Ti mesh coated with Ta-Ir oxide 

was also used. The duration of immersion was varied, from 20 to 60 minutes, depending on the 

hydrogen concentration needed for testing. 

Directly before charging, specimen surfaces were ground with dry, 600 grit, SiC paper. 

The surfaces were then thoroughly cleaned with methanol and lint-free paper just before 

charging. The use of water was avoided in order to prevent oxidation of the surface. This 

consistent, oxide free, surface finish enabled more consistent hydrogen infusion, as hydrogen 

entry is highly dependent on surface condition. Some tensile specimens also had adhesive tape 

applied to their grip and cusp sections prior to charging. This adhesive coating has been shown to 

prevent hydrogen uptake on the surfaces it covers, enabling hydrogen to be infused into only the 

gauge section of select tensile specimens [96].  

 

Figure 4.1 Schematic of electrochemical hydrogen charging cell. 
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4.3 Hydrogen Analysis 

  

 Melt extraction was conducted using a LECO RH-404 Hydrogen Analyzer which melts 

specimens and measures total hydrogen concentration. Tensile specimens were too large to fit 

inside this analyzer, so the hydrogen concentration within the tensile specimens could not be 

determined directly. Instead, small coupons of material (12 x 7 x 1.2 mm) were charged under 

identical conditions to the tensile specimens and analyzed. The hydrogen concentration 

determined for the coupons was used to estimate the hydrogen concentration within the tensile 

specimens during testing. Prior to placement in the analyzer, specimens were thoroughly cleaned 

(using repeated methanol rinses and drying with lint free paper) to ensure no moisture or 

hydrocarbons were present on surfaces, as these could lead to artificially high hydrogen 

measurements. Hydrogen concentration measurements are notorious for having a high degree of 

scatter. As such, at least six testing coupons were used per condition. 

 

4.3.1 Determination of Diffusible Hydrogen Concentration 

  

 Melt extraction cannot directly determine the diffusible hydrogen content, but it can be 

used to indirectly estimate it. Melt extraction measures the total hydrogen concentration within a 

specimen at the time of testing. In a specimen containing both diffusible and irreversibly trapped 

hydrogen, the hydrogen concentration determined by melt extraction is the sum of the two 

hydrogen concentrations. However, diffusible hydrogen can be made to evacuate a specimen 

after charging, leaving only the irreversibly trapped hydrogen behind [97]. The hydrogen 

measured by melt extraction of such evacuated specimens is equivalent to the irreversibly 

trapped hydrogen concentration.  

  In this study, the diffusible hydrogen concentration was determined for all four of the 

TBF steel microstructures after 0, 20, 30, and 45 minutes of hydrogen charging in 0.5 M H2SO4 

with 0.1 mg·L-1 As2O3 and 5.0 mA·cm-2 applied current density. Diffusible hydrogen 

concentration was estimated as the difference between the measured total and irreversibly 

trapped hydrogen concentrations. For each charging condition, twelve coupons were individually 

hydrogen charged. Six of the twelve coupons were analyzed using melt extraction within 

10 minutes of the conclusion of charging, representing the total hydrogen concentration of the 
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tensile specimens charged under the same conditions. The short transfer time ensured hydrogen 

evacuation from the sample before analysis was minimal. The remaining six coupons were 

placed in a glycerin bath heated to 45 ± 5 ˚C for 72 hours to drive out the majority of the 

diffusible hydrogen [97]. After this aging treatment, the coupons were cleaned and analyzed 

using melt extraction. The hydrogen measured from these aged coupons was used to represent 

the irreversibly trapped hydrogen content. The diffusible hydrogen concentration of the tensile 

specimens was then estimated as the difference between the average measured total and 

irreversibly trapped hydrogen concentrations of the testing coupons for each charging condition. 

 

4.3.2 Hydrogen Retention 

 

 An investigation was also conducted to profile the effects of secondary phases on 

retention of hydrogen over time. Two steels were used in this study, the TBF-0.3C-1.4Mn and 

the DP-0.2C-2.0Mn steels. The TBF-0.3C-1.4Mn steel in this study was hydrogen charged for 

both 1.0 hour in charging solution with low arsenic content (<0.1 mg·L-1 As2O3) and 45 minutes 

in charging solution with 0.3 mg·L-1 As2O3. The DP-0.2C-2.0Mn steel was charged for 1.0 hour 

in charging solution with 0.3 mg·L-1 As2O3. A current density of 5.0 mA·cm-2 was used for all 

charging conditions. 

Many charging sets were conducted for each steel and charging condition. For each 

testing set, four coupons were electrochemically hydrogen charged simultaneously. After 

charging, the specimens were removed, cleaned, and dried so that no residual charging solution 

would alter their surfaces during aging while they were not cathodically protected. One of the 

four specimens was analyzed (using melt extraction) immediately after cleaning. The other three 

were aged in open air for between 15 minutes and 24 hours before also being analyzed. In this 

way, the decrease in hydrogen concentration over time was profiled, showing how the secondary 

phase populations affected hydrogen evacuation.  

 

4.4 Tensile Testing 

 

All tensile specimens were machined according to ASTM E8 standard for sub-sized 

tensile specimens and had a sheet thickness of approximately 1.2 mm [98]. Specimens were 
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machined parallel to the rolling direction. An MTS-Alliance screw driven tensile machine with 

an 89kN load cell was used to run all tests. A 25.4 mm gauge length extensometer was used to 

monitor engineering strain. All hydrogen infused tensile specimen tests were initiated within 

10 minutes of the conclusion of charging, to ensure minimal escape of hydrogen before 

deformation began. Two rounds of tensile testing on hydrogen-charged specimens were 

conducted. 

The first set of tensile tests was designed to evaluate the differences in overall hydrogen 

embrittlement susceptibility between the four TBF steels. Each of the four steels was tensile 

tested in the as-received condition and after 20, 30, and 45 minutes of hydrogen charging. Three 

tensile specimens of each TBF steel were tested in each condition. All specimens were charged 

in 0.5 M H2SO4 with 0.1 mg∙L-1 As2O3 using 5 mA∙cm-2 applied current density. All tensile tests 

were conducted at a quasi-static strain rate (ε̇ = 3.3*10-4 s-1). Previous work had shown hydrogen 

embrittlement occured at this strain rate in similar TRIP steels [95, 96]. 

The second set of tensile tests was designed to examine the effects of secondary phases 

and hydrogen distribution on microcrack initiation. The TBF-0.3C-1.4Mn and DP-0.2C-2.0Mn 

steels were hydrogen charged for 45 minutes in 0.5 M H2SO4 with 0.3 mg∙L-1 As2O3 using 

5 mA∙cm-2 applied current density. The two steels were then tensile tested over a range of strain 

rates: ε̇ = 10-5
, 10-4

, 10-3
, and 10-2 s-1. Two specimens of each steel were tested for the slowest 

strain rate, and three specimens of each steel were tested for the other three strain rates. 

 

4.5 Microstructural Analysis 

 

X-Ray diffraction (XRD), electron backscatter diffraction (EBSD), and field emission 

scanning electron microscopy (FESEM) were used to investigate the microstructural differences 

between steels in this study. XRD was used primarily to quantify the austenite volume fraction. 

EBSD was used to quantify high-angle ferrite grain boundary area, as well as the morphology, 

phase boundary area, and volume fractions of austenite, ferrite, and MA constituent. FESEM was 

used to analyze the inclusion population. 
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4.5.1 Surface Preparation for XRD and EBSD  

 

Both XRD and EBSD were used to investigate retained austenite content. Both of these 

methods are surface measurements, meaning they only analyze the material in the surface layer 

and not the bulk volume of material. In some austenite containing steels, mechanical grinding or 

polishing conducted during sample preparation can transform austenite at the surface into 

martensite, artificially lowering the surface austenite volume fraction relative to the bulk. 

Therefore, precautions must be taken to ensure the measured austenite volume fraction by XRD 

and EBSD is representative of the bulk material.  

EBSD specimens are typically prepared by sequentially grinding the surface with 

incrementally finer grits of sand paper, followed by polishing the surface with incrementally 

finer slurries [79]. In this investigation, specimens were ground with 240, 320, and 400 grit SiC 

paper and then polished with 9, 6, 3, 1, 0.5 and 0.05 μm diamond slurries using approximately 

1260 Pa of applied pressure. The incremental progression of grinding and polishing steps is 

meant to remove the damage layer of the previous step, leaving only the shallower damage layer 

caused by the current step. However, the actual removal of the entire damaged layer and any 

possible strain-induced martensite is difficult to confirm. The final step is a vibratory polish in a 

slurry with 0.05 μm particles or finer [79]. In this study, a 1.5-hour vibratory polish in 0.05 or 

0.02 μm silica slurry was used. The vibratory polish includes a chemical attack that should result 

in removal of the final damage layer, but again, this is difficult to confirm. 

The ASTM E975-13 standard for retained austenite analysis in steels outlines the sample 

preparation necessary to analyze austenite volume fraction using XRD [80]. The specimen 

surface must be ground evenly with at least 600 grit SiC paper. The damage layer induced by the 

mechanical polishing must then be removed with a chemical etch prior to scanning to ensure any 

TRIP at the surface does not influence austenite volume fraction measurement [80]. At least two 

of the XRD scans for each of the TBF steels were prepared according to this standard. 

The chemical polish used for XRD surface preparation removes the damage layer with 

more certainty than the incremental grinding and polishing used for EBSD. Unfortunately, this 

solution cannot be used for EBSD specimens to ensure damage layer removal, since EBSD 

requires an extremely fine and even surface finish that is not obtained after chemical thinning. 
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An attempt was made to confirm that the EBSD surface preparation successfully removed 

the damage layer. For each of the four TBF steels, some specimens (already analyzed using XRD 

surface preparation) were prepared using the EBSD surface preparation method and then scanned 

using XRD. The retained austenite volume fractions measured from the EBSD surface 

preparation scans were indistinguishable from the XRD-surface-preparation scans. This 

similarity in measured austenite volume fraction shows that the EBSD preparation method did 

not result in reduced austenite volume fraction at the final surface, meaning the EBSD 

measurements of austenite were representative of the bulk microstructure.  

The ASTM E975-13 standard states that the surface layer does not have to be removed 

chemically for accurate XRD measurement, if it can be confirmed that a polishing method does 

not result in austenite to martensite transformation on the final surface [80]. The comparison of 

the retained austenite content measured from the XRD and EBSD sample preparation methods is 

confirmation that the EBSD surface preparation method did not result in TRIP at the surface. 

Therefore, several XRD scans were also conducted on EBSD specimens for increased scanned 

area, and better statistics on the retained austenite content.  

 

4.5.2 X-Ray Diffraction 

 

XRD was used to quantify the austenite volume fraction for each steel. It should be noted 

that XRD was not used to quantify martensite due to the overlap of martensite and ferrite peaks 

at low carbon concentrations [80, 81, 83]. To ensure that the measured volume fractions 

represented the bulk material accurately, multiple samples per steel and multiple orientations per 

sample were evaluated. For each of the five steels, scans were taken from at least two separate 

samples of sheet material. One sample was taken from the center of the width of the rolled sheet, 

the other from the edge, in order to account for any microstructural gradients that may exist. 

Each sample was also scanned at least twice, both parallel and perpendicular to the rolling 

direction, to prevent any possible texturing from skewing the retained austenite calculations.  

A Phillips X-pert Diffractometer was used for all XRD scans. Scans were conducted with 

both Cr-Kα1 and Cu-Kα1 radiation sources. Cr-Kα1 sources are better for phase quantification 

within steel due to the fluorescence associated with use of the Cu-Kα1 source [80, 81, 83]. Each 

TBF steel had only one scan made using Cr-Kα1, due to equipment availability. Cr-Kα1 scans 



47 
 

were conducted over a 2θ range from 64˚ to 159˚ using a 0.05˚ step size and 1.5 second dwell 

time. This range covered six peaks, the γ111, γ200, and γ220 peaks for austenite and the α110, α200, 

and α211 peaks for ferrite. Scans using the Cu-Kα1 radiation sources were made over the 40˚ to 

101˚ 2θ range using a 0.02˚ step size and a 2.0 second dwell time. This range covered eight 

peaks, the γ111, γ200, γ220, and γ311 peaks for austenite and the α110, α200, α211, and α220 peaks for 

ferrite. The austenite volume fraction was then calculated from these peaks using the Society of 

Automotive Engineers (SAE) standard method [83].  

 

4.5.3 Electron Backscatter Diffraction 

 

EBSD was used for constituent morphology examination, grain and phase boundary 

analysis, and to provide an estimate of constituent volume fractions. At least five individual 

scans were conducted for each of the TBF steels, with a total scan area of over 6,500 μm2 

(containing over 250 individual MA islands and 900 individual austenite particles). Scans were 

conducted on planes both parallel and perpendicular to the rolling direction and at both the 

through thickness center position, and adjacent to the surface. The large scan area and multiple 

scan positions were meant to ensure an accurate and statistically significant sampling of the 

microstructures. However, such extensive sampling of the DP steel microstructure was not 

required. Therefore, only two scans (covering 1,800 μm2) were conducted for the DP steel. 

EBSD scans were conducted within a JEOL-7000F FESEM using EDAX OIM 

processing software. Scans were performed using a 20 kV accelerating voltage, a probe current 

setting of 13 (approximately 92 μAmps), a tilt angle of 70˚, a working distance of 18 mm, and a 

step size of either 70 or 30 nm. EBSD allows for direct identification of the ferrite and austenite 

phases and orientations using diffraction patterns. As such, volume fraction, high angle (greater 

than 15°) grain boundary (HAGB) area, phase boundary area, and the morphology of both ferrite 

and austenite were all determined directly from the phase and orientation identification data 

output by the EBSD analysis software. It should be noted that any thin films of austenite (below 

the resolution of EBSD) were not visible and as such their contribution to austenite volume 

fraction and phase boundary area were not quantified. 

Unlike ferrite and austenite, untempered martensite or MA constituent cannot be 

identified directly by EBSD. Such regions of high dislocation density and interfacial area 
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produce very low-quality diffraction patterns that cannot be accurately indexed (correctly 

identifying phase and orientation) using EBSD. However, in this study identification of these 

constituents was attempted using the image quality data output by EBSD. In both phase and 

orientation maps, regions with no clear phase or orientation were present, as shown in 

Figure 4.2a. These same regions corresponded to areas of low confidence index in image quality 

maps, also as shown in Figure 4.2c. Such regions most likely corresponded to either untempered 

martensite or MA constituent, as they were often adjacent to austenite and could not be properly 

indexed by EBSD (as is expected for MA in this system). Therefore, regions (greater than 

0.05 μm2 in area) of low confidence index with no consistently determined phase or orientation 

were classified as MA constituent, though the internal structure could not directly be observed 

using EBSD. For this analysis, austenite that could be indexed successfully was not counted as 

part of adjacent MA constituent. Also, the HAGB area within the MA constituent, as shown in 

Figure 4.2b, was excluded from bulk HAGB analysis as it was an artifact of the inability to 

accurately determine local crystal orientations. From the EBSD image quality data, the MA 

constituent volume fraction and constituent boundary area were quantified.  

 

(a) (b) (c) 

Figure 4.2 The (a) EBSD ferrite orientation map (black represents austenite), (b) grain and 
phase boundary map where blue, red and green highlight the high angle, medium 
angle, and low angle boundaries respectively, and (c) an image quality map for an 
EBSD scan including two MA islands (outline by white dotted lines) (color image 
– see PDF copy) 
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4.5.4 Inclusion Population 

 

FESEM was used to analyze inclusion content because both oxides and MnS inclusions 

are important hydrogen trapping sites. A total of approximately 44,000 μm2 of area was 

inspected across 30 individual micrographs to quantify inclusion volume fraction and interfacial 

area for each of the four steel compositions. The 30 micrograph areas were randomly selected 

from the through-thickness cross section of the sheet, ranging from the mid-thickness to the near-

surface. A detailed compositional analysis was not conducted on the inclusions, though they 

appeared as elongated MnS and blocky oxides.  

 

4.6 Fractography 

 

Light optical microscopy (LOM), FESEM, EBSD, and X-ray computed tomography (CT) 

were used to investigate the fracture behavior of these steels in the presence of hydrogen. 

Fracture surface morphology was examined using LOM and FESEM. Large secondary cracks 

were examined using CT scans. Small secondary cracks were quantified using FESEM and the 

microstructure surrounding them was analyzed using EBSD. 

 

4.6.1 Fracture Surface Morphology 

 

Characterization of fracture surfaces provided insight into how hydrogen interacts with 

the microstructure to initiate and propagate cracks, ultimately leading to failure. Understanding 

of this interaction may enable microstructures to be modified to improve resistance to hydrogen 

embrittlement. For this study, LOM and FESEM were used to investigate macroscale and 

microscale fracture surface features, respectively.   

LOM was used to characterize the various macroscale fracture surface morphologies 

observed. The fracture surface of each tensile specimen was inspected and classified as one of 

the morphologies shown in Figure 4.3. Particular attention was paid to the presence of fisheyes 

and their position relative to flat and sheared regions of the fracture surface. Fisheyes are already 

a well understood phenomenon and not the primary focus of this study. However, the presence of  
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Figure 4.3 Photographs of fracture surfaces of tensile specimens representing characteristic 
fracture morphologies observed. The white arrows and dotted black circles 
highlight fisheyes on the surface and the dotted white lines encircle flat areas on 
the fracture surface. 
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fisheyes was of interest because it was necessary to deconvolute their influence on fracture and 

mechanical properties from the influence of other microstructural features. 

FESEM was used to characterize the local fracture mode on different fracture surface 

regions identified in LOM. The local fracture was classified as either MVC, QC, intergranular 

fracture, or combination of these types of fracture. The local fracture modes of fisheyes, edge 

cracks, flat regions, and sheared regions were then compared and used to better understand how 

hydrogen was influencing fracture at each of these locations.  

 

4.6.2 Macroscale Secondary Cracking 

 

Large secondary cracks were investigated using CT scanning on select TBF steel 

specimens after tensile testing in the hydrogen free and hydrogen charged conditions. Such 

cracks were of interest because they indicate the position of crack initiation and the conditions 

necessary for microcracks to grow and coalesce. The material in the necking region, within 

5.0 mm from the fracture surface, was examined. The CT scans conducted had a pixel size 

(resolution limit) of 6.7 μm in the X, Y, and Z directions.  

 

4.6.3 Microcrack Analysis 

  

 The quantification and comparison of microcrack populations between various tensile 

tests was a key component of this investigation. For specimens chosen for microcrack analysis, 

the ends of the tensile specimens were removed, as shown in Figure 4.4.  The tensile specimens 

were sectioned perpendicular to the tensile axis 10 mm behind the base of the fracture surface, 

removing both the neck and some of the uniform gauge section. The width and thickness of these 

tensile end sections was measured using calipers at the base of the fracture surface and at 1, 2, 3, 

4, 5, and 10 mm behind the fracture surface. These measurements were used to calculate the 

local reduction in area at the various distances behind the fracture surface. The end sections were 

also imaged using LOM. These images were used to determine the width and thickness, and 

therefore local reduction in area, of the specimens at any point intermediate to the caliper 

measurements taken. The end sections were then sectioned along the approximate center width 
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parallel to the tensile axis, as shown in Figure 4.4. The exposed through-thickness cross sections 

were mounted, polished, and used to examine the microcrack population. 

  The microcrack population of all specimens conducted in the second round of testing was 

measured just behind the fracture surface (at the position with the greatest reduction in area). The 

hydrogen-infused tensile specimens tested at ε̇ = 10-4
 and 10-2 s-1 also had the microcrack 

population quantified at other locations within the neck and in the uniform gauge length. 

Conducting scans at specific reductions in area was intended to allow the effects of local 

stress/strain state on microcrack initiation and growth to be observed.  

 An observation methodology was developed to allow the microcrack population at 

specific reductions in area to be quantified in the FESEM. Microcracks can be very small. 

Increasing the magnification in order to resolve smaller cracks results in a smaller scan area, so 

more scans (and therefore far more instrument time) are required to obtain a statistically 

representative sample of the surface. Inversely, low magnification scans can cover a statistically 

representative amount of surface rapidly, but only the population of larger cracks is quantifiable. 

After much trial and error, a set of scan parameters was developed to balance minimum 

perceivable crack size and analysis time.  

 

Figure 4.4 Diagram of the sectioning method used for microcrack analysis of tensile 
specimens. 
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Scans were conducted across the entire through-thickness cross section of a specimen 

(typically around 1.0 mm thick). The large and continuous scan area ensured an unbiased, 

statistically significant sampling of the microcrack population. Scanning perpendicular to the 

tensile axis was intended to quantify the microcrack population at a specific local reduction in 

area. Micrographs of the surface were only recorded if a microcrack was visible in order to avoid 

unnecessarily large volumes of data collection. A magnification of 4000x (scan width of 30 μm) 

was used. This magnification allowed microcracks as small as 0.2 μm long to be easily 

identified, distinguished from inclusions, and measured. Only high-angle microcracks (within 

30˚ of the normal to the tensile axis) were measured, as hydrogen induced cracks are most often 

perpendicular to the tensile axis. Using these parameters, quantification of the microcrack 

population (≥ 0.2 μm) for a sample area of around 30,000 μm2 took, on average, one hour or less.  

 Higher magnification micrographs were also taken of select microcracks in order to 

examine the surrounding microstructure (the final vibratory polishing step causes a slight etch). 

EBSD scans were also conducted over the surfaces surrounding select microcracks, using the 

same procedures used for EBSD microstructural analysis. In this way, it could be determined if 

microcracks preferentially nucleated or propagated along specific microstructural features.  
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CHAPTER 5 

 MECHANICAL PROPERTIES 

 

 

 Macroscale hydrogen embrittlement susceptibility was quantified through changes in the 

measured tensile mechanical properties. The influences of hydrogen on fracture mode had some 

implications with respect to the mechanical properties calculated from these tests, as discussed in 

this section. The effects of specimen damage caused by the hydrogen infusion process is also 

covered. 

Two studies involving tensile testing were conducted as part of this study. The first was 

designed to investigate the differences in hydrogen embrittlement susceptibility between the four 

TBF steels. This section shows the measured effects of hydrogen on yield strength, tensile 

strength, uniform elongation, and post-uniform elongation for the tensile tests conducted in this 

first study. The second study was conducted on the TBF-0.3C-1.4Mn and DP-0.2C-2.0Mn steels 

and was designed to explore hydrogen microcrack initiation within secondary phases. The 

reduction in area for the specimens tested in this second study are presented here and the 

microcrack behavior is discussed in Chapter 11. 

 

5.1 Plastic Instability and Calculation of Uniform and Post-Uniform Elongation 

 

 Hydrogen infused tensile specimens often displayed some abnormal fracture behavior, as 

shown in Figure 5.1. Fracture was often proceeded by a rapid decrease in flow stress, indicating 

specimens were tearing (ductile crack propagation across the cross section). This tearing 

complicated the determination of mechanical properties that depend upon the onset of plastic 

instability, as it was unclear if plastic instability was achieved in certain specimens.  

 The tensile specimens were examined for the presence of necks to see if plastic 

instability was achieved before tearing initiated. For all four TBF steel specimens tested in the 

first study, the cross-sectional area was measured near the fracture surface (within 1 mm) and in 

the uniform gauge length (between 5 and 10 mm back from the fracture surface). The difference 

in measured area between the uniform-gauge and fracture-surface-adjacent cross-sections was 
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used to determine the reduction in area associated with necking. Even for the most embrittled 

specimens, there was a slight neck present (greater reduction in area adjacent to the fracture 

surface), as shown in Figure 5.1b. This was unexpected, as many embrittled specimens failed at 

elongations less than the uniform elongation of the as-received specimens. 

Closer inspection of the necking regions revealed some uneven plastic deformation. 

Figure 5.2 shows an example specimen where a reduction in width was evident on one side of 

the specimen, but not the other. This uneven deformation implies a crack initiated on one side 

before the onset of plastic instability, but plastic instability occurred in the material that remained 

connected before fracture. As such, it seemed difficult to deconvolute the effects of tearing and 

plastic instability on the measured mechanical properties.  

 

  
(a) (b) 

Figure 5.1 Example (a) engineering stress versus strain curves displaying tearing and 
ordinary necking and (b) the measured reduction in area within the neck relative 
to the gauge plotted versus the charging condition for all four TBF steels. 

 

Since the influence of tearing and plastic instability could not be isolated, some of the 

mechanical property calculations were influenced by tearing. No specimen fractured before 

yielding, so yield strength calculations were unaffected. The tensile strength was defined as the 

maximum engineering stress achieved, even when not achieved at plastic instability. The 

uniform elongation was defined as the deformation that occurred before the tensile strength was 
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reached, again, independent of whether plastic instability was truly achieved. The post-uniform 

elongation was defined as the elongation measured after the tensile strength was achieved, which 

included both plastic deformation and tearing. Appendix B presents in-depth results of the post-

uniform elongation and estimates the contribution of tearing versus plastic deformation. 

 

Figure 5.2 An image of a tensile end section displaying uneven plastic deformation.  
 

5.2 Effects of Microstructural Damage from Electrochemical Hydrogen Infusion  

 

In some cases, electrochemical hydrogen charging can damage specimens prior to 

deformation. Several specimens, from all four TBF steels, displayed blistering. Hydrogen 

blisters, as shown in Figure 5.3, are caused by hydrogen accumulation at inclusion interfaces that 

leads to decohesion of the interfaces and a pocket of H2 gas. Such blisters were evidence that the 

electrochemical hydrogen charging process was resulting in at least some damage to the 

specimens, though volumetrically small. It was likely that hydrogen accumulation and interface 

decohesion was also occurring at inclusions too far from the surface to form visible blisters. 

Tests were conducted in order to determine if the microstructural damage caused by 

electrochemical hydrogen charging was having a significant impact on mechanical properties. A 

set of three tensile specimens of the TBF-0.2C-2.0Mn steel were hydrogen charged for 

30 minutes. The specimens were then aged in open air for 40 days (960 hours), allowing the 
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diffusible hydrogen enough time to evacuate the specimens. The specimens were then tensile 

tested, retaining any damage induced by hydrogen infusion, but absent of diffusible hydrogen. 

Figure 5.4 shows the engineering stress versus strain curves for the charged-and-aged specimens 

and the as-received specimens of TBF-0.2C-2.0Mn. As shown, the residual damage from 

hydrogen charging (or irreversibly trapped hydrogen still present) seemed to have no statistically 

significant impact on the ductility, strength, or work hardening of the specimens. This behavior 

suggests that the hydrogen embrittlement observed in the specimens that were not aged was 

primarily caused by diffusible hydrogen.  

 

Figure 5.3 Digital photography of lines of hydrogen blisters oriented in the rolling direction 
of TBF steel specimens. The orientation indicated the blisters were caused by 
hydrogen interaction with inclusion stringers. 

 

 
Figure 5.4 The engineering stress versus strain curves for tensile tests conducted on 

TBF-0.2C-2.0Mn steel specimens in the as-received condition and after 
30 minutes of hydrogen charging followed by evacuation of diffusible hydrogen. 
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5.3 Hydrogen Embrittlement Susceptibility of TBF Steels 

 

Hydrogen-infused tensile tests were conducted on the four TBF steels under identical 

conditions in order to determine their relative levels of hydrogen embrittlement susceptibility. 

Each of the four steels was tensile tested in the as-received condition and after 20, 30, and 

45 minutes of hydrogen charging. Three tensile specimens of each TBF steel were tested in each 

condition. All specimens were charged in 0.5 M H2SO4 with 0.1 mg∙L-1 As2O3 using 5 mA∙cm-2 

applied current density. All tensile tests were conducted at a quasi-static strain rate 

(ε̇ = 3.3∙10-4 s-1).  

The engineering stress versus strain curves for all as-received and hydrogen-infused 

tensile tests conducted in the first round of testing are shown in Figure 5.5. The average yield 

strength, tensile strength, uniform elongation, and post-uniform elongation for each TBF steel 

and charging condition are shown in Table 5.1. Appendix C displays the mechanical properties 

calculated for every individual specimen tested. 

 
Table 5.1 The Average and Standard Deviation of the Yield Strength, Tensile Strength, 

Uniform Elongation, and Post-Uniform Elongation Determined for Each TBF 
Steel and Charging Condition Tested at ε̇ = 3.3∙10-4 s-1 

Steel 
Charging 

Time 
(minutes) 

Yield 
Strength 
(MPa) 

Tensile 
Strength 
(MPa) 

Uniform 
Elongation 

(pct) 

Post-Uniform 
Elongation 

(pct) 

TBF-0.2C-2.0Mn 

0 562 ± 11 964 ± 3 18.9 ± 2.4 6.9 ± 0.3 
20 566 ± 6 963 ± 3 17.2 ± 0.5 4.2 ± 0.8 
30 560 ± 10 942 ± 10 15.4 ± 1.4 1.2 ± 1.1 
45 565 ± 10 950 ± 12 16.7 ± 3.4 1.4 ± 1.7 

TBF-0.3C-1.4Mn 

0 716 ± 39 1062 ± 5 15.8 ± 3.9 7.1 ± 0.6 
20 692 ± 6 1038 ± 5 16.6 ± 1.0 3.1 ± 1.0 
30 732 ± 24 1048 ± 16 13.0 ± 1.4 2.0 ± 1.2 
45 687 ± 14 1011 ± 11 8.9 ± 1.7 0.4 ± 0.2 

TBF-0.4C-0.8Mn 

0 799 ± 45 1118 ± 24 14.3 ± 1.9 6.5 ± 0.2 
20 771 ± 8 1099 ± 5 12.5 ± 1.5 2.1 ± 0.7 
30 795 ± 16 1100 ± 12 9.3 ± 3.2 0.9 ± 0.5 
45 775 ± 16 1059 ± 22 4.9 ± 1.1 0.2 ± 0.1 

TBF-0.5C-0.2Mn 

0 806 ± 6 1056 ± 18 8.7 ± 0.5 6.7 ± 0.7 
20 793 ± 37 1062 ± 13 8.6 ± 0.7 6.2 ± 0.3 
30 810 ± 13 1061 ± 18 7.6 ± 0.5 5.6 ± 0.4 
45 782 ± 26 1052 ± 17 8.5 ± 0.6 3.1 ± 2.6 
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(a) (b) 

  
(c) (d) 

Figure 5.5 The engineering stress versus strain curves for the tensile tests conducted in the as 
received condition and after 20, 30, and 45 minutes of hydrogen charging on the 
(a) TBF-0.2C-2.0Mn, (b) TBF-0.3C-1.4Mn, (c) TBF-0.4C-0.8Mn, and 
(d) TBF-0.5C-0.2Mn steels. Three specimens per steel, per condition were tested. 

 

5.3.1 Hydrogen Effects on Yield and Tensile Strength 

 

 The average yield and tensile strengths for each TBF steel and test condition are 

displayed in Figure 5.6. Hydrogen charging had a minimal impact on yielding, as there was no 
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discernable or systematic difference in yield stress between the hydrogen free and hydrogen 

charged tensile specimens for all four TBF steels. The yield point elongation observed for the 

TBF-0.5C-0.2Mn steel also did not vary with hydrogen infusion. Hydrogen seemed to have little 

to no effect on work hardening behavior, as increasing hydrogen infusion did not decrease the 

flow stress at any given strain until very close to fracture, when tearing occurred. The tensile 

strength was found to decrease slightly with increasing charging time for the TBF-0.3C-1.4Mn 

and TBF-0.4C-0.8Mn steels. This decrease was attributed to tearing which caused the initiation 

of fracture before the onset of plastic instability in some of the more extreme hydrogen infusion 

conditions. Except for the small decreases in tensile strength, it appears hydrogen infusion had 

little to no effect on the strength or hardening behaviors of these steels under these testing 

conditions. 

 

  
(a) (b) 

Figure 5.6 The average (a) yield strength and (b) tensile strength for each of the four TBF 
steels in the as-received condition and after 20, 30, and 45 minutes of hydrogen 
charging. Error bars represent the standard deviation. 

 

5.3.2 Hydrogen Effects on Ductility 

 

Ductility, unlike strength, was noticeably impacted by hydrogen infusion in all four 

steels. Figure 5.7 shows all the average uniform and post-uniform elongations measured for all 
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four TBF steels in the as-received condition and after 20, 30, and 45 minutes of hydrogen 

charging. The TBF-0.5C-0.2Mn steel showed no decrease in uniform elongation for all charging 

conditions. The TBF-0.2C-2.0Mn steel showed a small decrease in uniform elongation for some, 

but not all, specimens in the 30 and 45-minute charging conditions. The TBF-0.3C-1.4Mn and 

TBF-0.4C-0.8Mn steels also displayed a slight decrease in uniform elongation after 30 minutes 

of hydrogen charging, with a greater decrease in the 45-minute specimens. These reduced 

uniform elongations are indicative of crack initiation prior to the onset of plastic instability. 

 

  
(a) (b) 

Figure 5.7 The (a) uniform elongation and (b) post-uniform elongation for each of the four 
TBF steels in the as-received condition and after 20, 30, and 45 minutes of 
hydrogen charging. Error bars represent the standard deviation. 

 

All four steels displayed a decrease in post-uniform elongation with charging. The 

TBF-0.5C-0.2Mn steel was least impacted, retaining the majority of its post-uniform elongation 

for all but the 45-minute charging condition. In the 45-minute charging condition, there was a 

large degree of variability in the post-uniform elongation observed, with certain 

TBF-0.5C-0.2Mn specimens retaining almost all or almost none of their initial ductility. The 

changes in post-uniform elongation for the remaining three steels were similar. A notable 

decrease in deformation was observed after 20 minutes of charging, with a further decrease 

occurring after thirty minutes for all three steels. After 45 minutes of charging, all 
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TBF-0.3C-1.4Mn and TBF-0.4C-0.8Mn specimens displayed less than 0.6 pct post-uniform 

elongation. Two of the TBF-0.2C-2.0Mn steel specimens also deformed less than 0.6 pct, though 

one specimen retained over 3.3 pct post-uniform elongation, suggesting the TBF-0.2C-2.0Mn 

steel may be marginally less impacted by hydrogen.  

Overall, considering the changes in both uniform and post-uniform elongation for this set 

of testing conditions, it appears that the TBF-0.5C-0.2Mn steel was least susceptible to hydrogen 

embrittlement, the TBF-0.2C-2.0Mn steel had an intermediate level of susceptibility, and the 

TBF-0.3C-1.4Mn and TBF-0.4C-0.8Mn steels were the most susceptible. The TBF-0.3C-1.4Mn 

steel was, potentially, marginally less susceptible than the TBF-0.4C-0.8Mn steel.  

 

5.4 Strain Rate Effects on Ductility of TBF-0.3C-1.4Mn and DP-0.2C-2.0Mn Steels 

 

The second set of tensile tests was designed to examine the effects of secondary phases 

and hydrogen distribution on microcrack initiation. The TBF-0.3C-1.4Mn and DP-0.2C-2.0Mn 

steels were hydrogen charged for 45 minutes in 0.5 M H2SO4 with 0.3 mg∙L-1 As2O3 using 

5 mA∙cm-2 applied current density. The two steels were then tensile tested over a range of strain 

rates: ε̇ = 10-5
, 10-4

, 10-3
, and 10-2 s-1. As-received specimens of both steels were also tensile 

tested at all four of the strain rates as a control. For the 10-4
, 10-3

, and 10-2 s-1 strain rates, at least 

three hydrogen charged specimens per steel were tested for each strain rate. For the 10-5 s-1 strain 

rate, only two hydrogen charged specimens were tested per steel. Two specimens were tested in 

the as-received condition for each strain rate as well. The engineering stress strain curves for the 

as-received and hydrogen charged specimens are shown in Figure 5.8. Appendix C also presents 

the mechanical properties calculated for each of these tensile specimens. 

The primary purpose of these tensile tests was to investigate the microcrack populations, 

not the macroscopic hydrogen embrittlement susceptibility. Therefore, the mechanical properties 

were not reviewed as extensively as those in the first round of testing. The microcrack population 

was measured at several different levels of reduction in area in each sample, allowing the effect 

of local stress states on crack initiation to be examined. The microcrack population quantified at 

a specific reduction in area for each specimen, was compared to the population measured in other 

samples at similar reductions in area. In this way, the effects of strain rate, and through it 

hydrogen redistribution during deformation, were evaluated. The reduction in area for each 
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specimen was measured at the fracture surface and in the material 10 mm behind the fracture 

surface (in 1 mm increments), as shown in Figure 5.9. These measurements allowed for selection 

of the locations to conduct microcrack population measurements. 

 

  
(a) (b) 

  
(c) (d) 

Figure 5.8 Engineering stress versus strain curves for the (a) TBF-0.3C-1.4Mn and 
(b) DP-0.2C-2.0Mn steels tested in the as-received condition, and the 
(c) TBF-0.3C-1.4Mn and (d) DP-0.2C-2.0Mn steels tested in the hydrogen 
charged condition over a range of strain rates (ε̇ = 10-5 to 10-2 s-1). Two specimens 
of DP-0.2C-2.0Mn at ε̇ = 10-2 s-1 were not included due to data acquisition failure. 
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(a) (b) 

  
(c) (d) 

Figure 5.9 The reduction in area measurements for the (a) TBF-0.3C-1.4Mn and 
(b) DP-0.2C-2.0Mn steels tested in the as-received condition, and the 
(c) TBF-0.3C-1.4Mn and (d) DP-0.2C-2.0Mn steels tested in the hydrogen 
charged condition over a range of strain rates (ε̇ = 10-5

, 10-4
, 10-3

, and 10-2 s-1). 
 

5.4.1 Strain Rate Effects on Macroscale Hydrogen Embrittlement Susceptibility 

 

As expected for the as-received specimens, there was no clear influence of strain rate on 

ductility or strength. It is generally accepted that decreasing strain rate correlates with increased 
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susceptibility to hydrogen embrittlement due to the effect of strain rate on the extent of hydrogen 

mobility. Therefore, it would be expected that ductility and strength for the hydrogen infused 

specimens would be greater for specimens tested at higher strain rates. The effects of strain rate 

on macroscopic ductility for these tensile specimens were briefly examined in order to see if this 

trend held true for these steels and testing condition.  

For the TBF-0.3C-1.4Mn steel, the hydrogen-infused specimens tested at the two higher 

strain rates (10-2 and 10-3 s-1) had very similar ductility to each other. Those tested at slower 

strain rates (10-4 and 10-5 s-1) also had overlapping ranges of ductility to each other, but were 

significantly lower than those at the higher strain rates. Therefore, in general, increasing strain 

rate in the TBF-0.3C-1.4Mn steel did correlate with decreased susceptibility to hydrogen 

embrittlement. However, ductility did not shift between each step in strain rate, but only between 

the two higher and two lower strain rates. This suggests there may be a threshold strain rate for 

some crack nucleation or propagation mechanism between the upper and lower strain rates. 

For the DP-0.2C-2.0Mn steel, there was a lot of variation in the elongation observed and 

significant overlap between the data sets. In general, ductility was greater for the 10-2 s-1 strain 

rate data set than the 10-3 s-1 strain rate data set. Additionally, the ductility was greater for the 

10-3 s-1 strain rate data set than the 10-4 s-1 strain rate data set. Therefore, the correlation of 

increasing strain rate with decreasing hydrogen embrittlement susceptibility seems to hold true 

for the DP-0.2C-2.0Mn steel as well. However, the DP-0.2C-2.0Mn specimens tested at the 

slowest strain rate (10-5 s-1) had surprisingly high ductility compared to the other strain rates. 

This unexpected behavior for the slowest strain rate samples may be due to hydrogen evacuation 

from the sample over the course of the test and will be explored more in the discussion section. 

 

5.4.2 Local Reduction in Width and Thickness 

 

 The local width and thickness of the specimens in the vicinity of the fracture surface were 

measured in order to calculate the local reduction in area for the microcrack population analysis. 

However, it was thought it may also be useful to consider the effect of diffuse versus localized 

necking, as these factors influence the local stress state and, potentially, through it the 

microcrack population. Therefore, the local reduction in width and thickness were also calculated 
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in the material within 10 mm of the fracture surface for the hydrogen charged samples. The 

results are shown in Figure 5.10.  

  
(a) (b) 

  
(c) (d) 

Figure 5.10 The reduction in width measured for the (a) TBF-0.3C-1.4Mn and 
(b) DP-0.2C-2.0Mn steels and the reduction in thickness measured for the 
(c) TBF-0.3C-1.4Mn and (d) DP-0.2C-2.0Mn steels tested in the hydrogen 
charged condition over a range of strain rates (ε̇ = 10-5

, 10-4
, 10-3

, and 10-2 s-1). 
 

There were some notable differences in the measured reductions in width versus 

thickness. The transition in width from the uniform gauge through the neck was very smooth, 
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with a consistent increase in reduction as the fracture surface was approached. On the other hand, 

changes in thickness occurred abruptly, and the greatest gradient in thickness often did not occur 

adjacent to the fracture surface. Additionally, in five specimens the greatest reduction in 

thickness was not observed at the fracture surface. These abnormalities in the expected thickness 

measurements may partially be due to the greater percentage uncertainty associated with the 

thickness measurement, as the thickness is far smaller than the width. The possible effects of 

these unexpected thickness changes were considered in the analysis of localized necking effects 

on microcrack population. 
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CHAPTER 6  

HYDROGEN ABSORPTION 

 

 

 Hydrogen analysis was used to characterize the hydrogen absorption and retention 

behaviors of the steels. The total (HTotal), diffusible (HDiff), and irreversibly trapped (HIrr) 

hydrogen concentrations were determined for all four TBF steels in each testing condition used 

in the first round of tensile testing. These results were also used to evaluate how variations in 

microstructure amongst the TBF steels affected hydrogen absorption.  

The HTotal and HIrr were measured for each of the four TBF steels in the as-received 

condition and after 20, 30, and 45 minutes of hydrogen charging. All specimens were charged in 

0.5 M H2SO4 with 0.1 mg∙L-1 As2O3 using 5 mA∙cm-2 applied current density. The difference 

between these two concentrations was used to estimate the HDiff in the tensile specimens tested 

under the same conditions. Differences in the measured hydrogen concentrations, between steels 

tested at the same condition, were also evaluated to determine if any steel had a greater 

propensity to absorb hydrogen than the other steels. Statistical differences were evaluated at the 

95 pct confidence level. 

 

6.1 Irreversibly Trapped Hydrogen Concentration 
 

The irreversibly trapped hydrogen concentration (HIrr) was measured for each TBF steel 

in the as-received condition and all charging conditions. As shown in Figure 6.1, there was a 

slight increase in the average HIrr for each steel after charging, but a great deal of overlap of the 

populations. Statistical analyses were conducted in order to determine if the populations could be 

considered equivalent. It was determined that the statistically significant difference in HIrr 

between the as-received and hydrogen charged specimens of each steel was 0.1 wt ppm 

hydrogen or less for all but one charging condition. The TBF-0.5C-0.2Mn steel, after 45 minutes 

of charging, had a statistically significant difference of 0.3 wt ppm compared to the as-received 

specimens. This greater difference was believed to be due to some high-outlier data, as the 

majority of the data were similar to those observed for the other charging conditions. Due to the 
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minimal changes in HIrr after charging, it was determined that most of the hydrogen infused into 

the specimens remained diffusible with the irreversibly trapped concentrations remaining 

approximately constant. As such, the HIrr used to calculate the diffusible hydrogen concentration 

was treated as a constant for each steel and was based on the combined measured HIrr for the 

as-received and all three charging conditions.  

 

 
Figure 6.1 The average measured HIrr for each of the four TBF steels in the as-received 

condition and after 20, 30, and 45 minutes of hydrogen charging. The error bars 
represent the standard deviation. 

 

6.2 Total and Diffusible Hydrogen Concentrations 

 

The HTotal was measured for each TBF steel in the as-received condition and for all 

charging conditions. These concentrations were used along with the HIrr to calculate the HDiff for 

each steel and charging condition. Table 6.1 shows the HIrr (combined for all charging 

conditions), and the HTotal for each steel in each charging condition. Table 6.2 shows the 

calculated diffusible hydrogen concentration for each steel after 20, 30, and 45 minutes of 

hydrogen charging.  
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Table 6.1 The Average and Standard Deviation Hirr Measured for Each of the Four TBF 
Steel and the Htotal Measured for Each of the TBF Steels in the As-Received 
Condition and After 20, 30, and 45 Minutes of Hydrogen Charging.  

Steel HIrr 
HTotal 

AR 20 min 30 min 45 min 
TBF-0.2C-2.0Mn 0.6 ± 0.3 0.9 ± 0.4 1.1 ± 0.3 2.0 ± 0.4 3.9 ± 0.5 
TBF-0.3C-1.4Mn 0.6 ± 0.3 0.6 ± 0.1 1.2 ± 0.5 2.8 ± 1.0 4.3 ± 0.7 
TBF-0.4C-0.8Mn 0.5 ± 0.2 0.8 ± 0.3 1.8 ± 0.4 3.3 ± 0.5 5.0 ± 0.6 
TBF-0.5C-0.2Mn 0.7 ± 0.4 0.6 ± 0.2 0.8 ± 0.3 2.2 ± 0.6 3.4 ± 0.5 

 

Table 6.2 The Average Hdiff Determined for Each of the Four TBF Steels After 20, 30, and 
45 Minutes of Hydrogen Charging. The Error Reported is the Uncertainty Based 
on the Standard Deviations in the HIrr and HTotal Measurements. 

Steel 20 min 30 min 45 min 
TBF-0.2C-2.0Mn 0.5 ± 0.4 1.4 ± 0.5 3.3 ± 0.6 
TBF-0.3C-1.4Mn 0.6 ± 0.6 2.2 ± 1.0 3.7 ± 0.8 
TBF-0.4C-0.8Mn 1.3 ± 0.5 2.8 ± 0.5 4.5 ± 0.6 
TBF-0.5C-0.2Mn 0.1 ± 0.5 1.5 ± 0.7 2.7 ± 0.6 

 

For each of the four TBF steels, the measured HTotal values for the as-received specimens 

were extremely similar to the HIrr values. A statistical analysis was conducted to see if the two 

populations were distinguishable. The TBF-0.2C-2.0Mn, TBF-0.3C-1.4Mn, and 

TBF-0.5C-0.2Mn steels all had a statistically significant difference of less than 0.1 wt ppm 

between the as-received HTotal and HIrr. The TBF-0.4C-0.8Mn steel had a statistically significant 

difference of only 0.2 wt ppm. Once again, a few high outliers were the mainly responsible for 

this difference, as there was a significant degree of overlap between the populations. Due to 

these very low differences in as-received HTotal and HIrr, it was determined that the as-received 

specimens contained essentially no diffusible hydrogen.  

 

6.3 Comparison of Diffusible Hydrogen Concentrations 

 

There was significant overlap in the HDiff ranges of the four TBF steels for each charging 

condition, as shown in Figure 6.2. Therefore, statistical analyses were conducted to evaluate the 

true differences between the absorption behavior of the four TBF steels. In this way, the relative 

abilities of the steels to absorb hydrogen were determined. Appendix D shows the statistically 

significant difference between populations for each steel and charging condition. 
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(a) (b) 

  
(c) (d) 

Figure 6.2 The (a) calculated HDiff for all four TBF steels and charging conditions, and the 
HDiff including uncertainty plotted for the (b) 20-minute, (c) 30-minute, and 
(d) 45-minute charging conditions.  
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6.3.1 Hydrogen Absorption Properties of the TBF-0.4C-0.8Mn Steel 

 

The TBF-0.4C-0.8Mn steel had the highest average HDiff for all three charging 

conditions. The statistically significant differences in HDiff calculated between the 

TBF-0.4C-0.8Mn and TBF-0.2C-2.0Mn steels were substantial: 0.3, 0.7, and 0.6 wt ppm for the 

20, 30, and 45-minute charging conditions, respectively. The statistically significant differences 

calculated for HDiff between the TBF-0.4C-0.8Mn steel and the TBF-0.5C-0.2Mn steel were even 

greater: 0.6, 0.4, and 1.1 wt ppm for the 20, 30, and 45-minute charging conditions, respectively. 

These differences clearly show that the TBF-0.4C-0.8Mn steel had a greater propensity to absorb 

hydrogen than the TBF-0.2C-2.0Mn or TBF-0.5C-0.2Mn steels. 

The difference in hydrogen absorption behavior between the TBF-0.4C-0.8Mn and 

TBF-0.3C-1.4Mn steels was less easy to discern. The HDiff estimated for the TBF-0.3C-1.4Mn 

steel was consistently second highest, and had a larger range of uncertainty than the other three 

TBF steels for all three charging conditions. Therefore, there was a significant degree of overlap 

between the TBF-0.4C-0.8Mn and TBF-0.3C-1.4Mn steel HDiff populations for each charging 

condition. This large degree of scatter made statistically discerning the true difference between 

the populations difficult. For the 20 and 45-minute charging conditions, there were small 

statistically significant differences of only 0.2 and 0.1 wt ppm, respectively. There was a 

statistically significant difference of even less than 0.1 wt ppm for the 30-minute charging 

condition. However, the TBF-0.4C-0.8Mn steel still consistently had a greater HDiff in all three 

charging conditions. The lower limit of uncertainty of the HDiff in the TBF-0.4C-0.8Mn steel was 

also greater than the average HDiff measured for the TBF-0.3C-1.4Mn steel in all three charging 

conditions. Therefore, there was enough evidence to support a conclusion that the 

TBF-0.4C-0.8Mn steel had a greater propensity to absorb hydrogen than the TBF-0.3C-1.4Mn 

steel, though their behaviors were quite similar.  

 

6.3.2 Hydrogen Absorption Properties of the TBF-0.3C-1.4Mn Steel 

 

The TBF-0.3C-1.4Mn steel had greater HDiff than the TBF-0.2C-2.0Mn and 

TBF-0.5C-0.2Mn steels for all three charging conditions. However, it was unclear if the 
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TBF-0.3C-1.4Mn steel truly had a greater propensity to absorb hydrogen than the other two 

steels, as there was significant overlap in the estimated range of HDiff. 

 There was no statistically significant difference between the three steels after 20 minutes 

of charging. There was also a significant degree of overlap between the populations. These 

similarities suggest that, for short periods of hydrogen infusion using these charging conditions, 

there was no significant difference in hydrogen absorption behavior between the three steels.  

There was substantial evidence that the TBF-0.3C-1.4Mn steel had a truly greater HDiff 

than the TBF-0.5C-0.2Mn steel in the 30 and 45-minute charging conditions. After 30 minutes of 

hydrogen infusion, there was no statistically significant difference in HDiff between the 

TBF-0.5C-0.2Mn and TBF-0.3C-1.4Mn steels. However, the upper limit of uncertainty in HDiff 

for the TBF-0.5C-0.2Mn steel only just included the average HDiff for the TBF-0.3C-1.4Mn steel. 

This suggests the TBF-0.3C-1.4Mn steel had a significantly greater HDiff, though it could not be 

confirmed with statistical significance due to the large range of uncertainty. For the 45-minute 

charging condition, there was a statistically significant difference in HDiff of 0.4 wt ppm between 

the two steels. These findings show that the TBF-0.3C-1.4Mn steel has a greater propensity to 

absorb hydrogen than the TBF-0.5C-0.2Mn steel. They also suggest the TBF-0.3C-1.4Mn steel 

may absorb hydrogen at a greater rate than the TBF-0.5C-0.2Mn steel, as the differences in HDiff 

increase with increasing charging time. 

There is also evidence that the TBF-0.3C-1.4Mn steel had a greater propensity to absorb 

hydrogen than the TBF-0.2C-2.0Mn steel after 30 and 45 minutes of charging. In the 30-minute 

charging condition, there was a statistically significant difference in HDiff of 0.2 wt ppm between 

the TBF-0.3C-1.4Mn and TBF-0.2C-2.0Mn steels. Additionally, the upper limit of uncertainty in 

HDiff for the TBF-0.2C-2.0Mn steel after 30 minutes was lower than the average for the 

TBF-0.3C-1.4Mn steel. In the 45-minute charging condition, there was a sizable gap between the 

calculated HDiff of the two steels, but no statistically significant difference due to the large degree 

of uncertainty in HDiff for the TBF-0.3C-1.4Mn steel. This suggests the TBF-0.3C-1.4Mn steel 

also had a greater propensity to absorb hydrogen than the TBF-0.2C-2.0Mn steel. 
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6.3.3 Hydrogen Absorption Properties of the TBF-0.2C-2.0Mn and TBF-0.5C-0.2Mn Steels 

 

The TBF-0.2C-2.0Mn and TBF-0.5C-0.2Mn steels did not have a significant difference 

in HDiff between the three charging conditions. However, the TBF-0.2C-2.0Mn steel did have a 

somewhat greater HDiff for the 45-minute charging condition. The upper limit of uncertainty in 

HDiff of the TBF-0.5C-0.2Mn steel after 45 minutes of charging did not include the average for 

the TBF-0.2C-2.0Mn steel. Therefore, the TBF-0.2C-2.0Mn steel may have had a slightly greater 

capacity to absorb hydrogen than the TBF-0.5C-0.2Mn steel, though it was not statistically 

proven. 

 

6.3.4 Summary of Comparative Hydrogen Absorption Properties 

 

Overall, it appears the 0.4C-0.8Mn steel had the greatest propensity to absorb hydrogen. 

The 0.3C-1.4Mn steel had the second greatest propensity, though it was statistically difficult to 

confirm due to the wide range of scatter associated with the measurements. The 

TBF-0.2C-2.0Mn and TBF-0.5C-0.2Mn steels had similar hydrogen absorption characteristics, 

though the TBF-0.2C-2.0Mn steel may have had a slight increase in hydrogen absorption for the 

longest charging time tested.  
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CHAPTER 7  

MACROSCALE HYDROGEN EMBRITTLEMENT SUSCEPTIBILITY 

 

 

 Previous sections have reported the changes in mechanical properties due to hydrogen 

charging, as well as the hydrogen absorption associated with each hydrogen charging condition. 

This section discusses the relative hydrogen embrittlement susceptibility of the TBF steels based 

on hydrogen absorption and as-received mechanical properties.  

 

7.1 Hydrogen Absorption Effects on Hydrogen Embrittlement Susceptibility 

 

The observed degradation in ductility aligned closely with the diffusible hydrogen 

concentration. As discussed in Chapters 5 and 6, the TBF-0.4C-0.8Mn steel had the greatest 

degree of hydrogen absorption and greatest decrease in ductility, followed by the 

TBF-0.3C-1.4Mn steel. The TBF-0.5C-0.2Mn and TBF-0.2C-2.0Mn steels absorbed less 

hydrogen and retained more ductility. The differences in hydrogen embrittlement susceptibility 

thus appear rooted in differences in propensity of the microstructure to absorb and retain 

hydrogen.  

Comparison of ductility changes at similar diffusible hydrogen concentrations, as shown 

in Figure 7.1, reveals that differences in diffusible hydrogen concentration explain most, but not 

all differences in observed hydrogen embrittlement susceptibility. Below 2.0 wt ppm diffusible 

hydrogen, the four steels had similar retention of uniform elongation, but above 2.0 wt ppm, the 

TBF-0.3C-1.4Mn and TBF-0.4C-0.8Mn steels showed a greater decrease in ductility than the 

other steels. Post-uniform elongation behaviors of the TBF-0.2C-2.0Mn, TBF-0.3C-1.4Mn, and 

TBF-0.4C-0.8Mn steels were very similar over the range of diffusible hydrogen content tested 

(0-4.5 wt ppm). This similarity also suggests the relative propensity of these steels to absorb 

hydrogen (due to microstructural differences as will be discussed in Chapter 8) had a very strong 

influence on hydrogen embrittlement susceptibility. However, the TBF-0.5C-0.2Mn steel 

retained more of its original ductility than the other steels within this diffusible hydrogen 

concentration range. This result suggests that at similar diffusible hydrogen concentrations, the 



76 
 

TBF-0.5C-0.2Mn steel has superior resistance to hydrogen embrittlement for this set of testing 

conditions. Additionally, the greater uniform elongation at higher hydrogen concentrations for 

the TBF-0.2C-2.0Mn steel suggests it may have an improved resistance to hydrogen 

embrittlement relative to the TBF-0.3C-1.4Mn and TBF-0.4C-0.8Mn steels. Therefore, the 

relative propensity of the TBF steels to absorb hydrogen was not the only factor effecting the 

hydrogen embrittlement susceptibility. 

 

  
(a) (b) 

Figure 7.1 Diffusible hydrogen content plotted versus (a) the uniform elongation ratio and 
(b) the post-uniform elongation ratio. Elongation ratio is the ratio of the 
elongation after charging to the elongation without charging. 

 

7.2 Influence of Steel Mechanical Properties on Hydrogen Embrittlement Susceptibility 

 

The primary interest of this work was to investigate the effects of microstructure on 

hydrogen embrittlement susceptibility. The mechanical properties of steels can potentially 

influence the hydrogen embrittlement susceptibility. The four TBF steels were designed to have 

similar tensile strengths, but variations in tensile strength and ductility were still present. The 

potential effects of these variations in mechanical properties on hydrogen embrittlement were 

explored to ensure they did not obscure the effects of microstructure.  

It is well known that increasing tensile strength causes increasing susceptibility to 

hydrogen embrittlement [14]. The tensile strengths of the TBF-0.3C-1.4Mn and 

TBF-0.5C-0.2Mn steels were approximately equivalent at 1060 MPa, meaning variation in 
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hydrogen embrittlement susceptibility between these two steels was not due to differences in 

tensile strength. The TBF-0.2C-2.0Mn steel had a somewhat lower tensile strength at 960 MPa, 

potentially resulting in improved resistance to hydrogen embrittlement. The TBF-0.4C-0.8Mn 

steel had a greater tensile strength at 1130 MPa, potentially making it more susceptible. 

However, the TBF-0.5C-0.2Mn steel had the greatest resistance to hydrogen embrittlement 

despite having a greater tensile strength than the TBF-0.2C-2.0Mn steel. The TBF-0.4C-0.8Mn 

steel also had a ductility loss that was nearly identical to the TBF-0.3C-1.4Mn steel (for a given 

diffusible hydrogen concentration) despite its greater tensile strength. These relative levels of 

susceptibility imply that variation in tensile strength did not have a dominant effect (at the levels 

applicable to this work) on the hydrogen embrittlement susceptibility. 

Uniform elongation also varied between the steels, decreasing with increasing carbon 

content. At a constant strain rate, greater uniform elongation results in a longer test. Longer tests 

could potentially give hydrogen more time to redistribute internally and promote embrittlement. 

The TBF-0.5C-0.2Mn steel had the lowest uniform elongation and the greatest retention of 

uniform ductility, supporting this hypothesis. However, the TBF-0.2C-2.0Mn steel had the 

greatest uniform elongation and better retention of uniform elongation than the TBF-0.3C-1.4Mn 

and TBF-0.4C-0.8Mn steels. Therefore, there is not a clear effect of variation in uniform 

elongation on the observed susceptibility to hydrogen embrittlement. Additionally, the 

post-uniform elongation was essentially identical between the four TBF steels and therefore 

should not have had any influence on variation in hydrogen embrittlement susceptibility between 

the steels.  

Based on these analyses, it appears that variation in tensile strength or initial ductility 

between the four steels had no clear effect on the hydrogen embrittlement susceptibility. As such, 

differences in hydrogen embrittlement susceptibility can be attributed to differences in hydrogen 

interaction with the microstructure.  

 

 

 

 

 

 



78 
 

 

CHAPTER 8 

 MICROSTRUCTURAL EFFECTS ON HYDROGEN ABSORPTION 

 

 

 A brief review of the current understanding of microstructural influences on hydrogen 

absorption is presented for context. The microstructures of the four TBF steels were examined in 

order to quantify the amounts of various microstructural features with the potential to influence 

bulk hydrogen embrittlement susceptibility through hydrogen absorption or microcrack 

initiation. Differences found between the microstructures were then correlated to differences in 

hydrogen absorption between the TBF steels. These correlations suggested which feature or 

features had the dominant influence on hydrogen absorption. These microstructural results were 

also used to evaluate microstructural effects on fracture initiation and propagation, as discussed 

in Chapters 10 and 11. 

 

8.1 The Current Understanding of Microstructural Influence on Hydrogen Absorption 

 

 Multiphase microstructures, such as the TBF steels used in this study, have many features 

that act as hydrogen traps, including dislocations, grain boundaries, phase boundaries and 

secondary phase austenite [15, 19, 23, 27, 29, 30-33]. Under equilibrium conditions, different 

amounts of hydrogen would be partitioned into the traps based on the binding energy and 

number of potential hydrogen occupancy sites within each trap [25]. Binding energies in 

literature are often measured using thermal desorption analysis or electrochemical hydrogen 

permeation [19, 23, 31]. The reported binding energy of grain boundaries and dislocations in 

literature range from 20 to 60 kJ∙mol-1, though they are more often reported as being weaker 

traps (20-30 kJ∙mol-1) [15, 19, 23, 27, 29, 30-33]. Austenite and the austenite/ferrite phase 

boundary are reported to have higher binding energies for hydrogen, 55 and 52 kJ∙mol-1, 

respectively [19, 31]. Additionally, austenite, as a three-dimensional trap, has a large number of 

interstitial sites capable of holding hydrogen. Therefore, under equilibrium conditions austenite 

and its phase boundary would be expected to have a greater contribution to overall hydrogen 
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retention than dislocations and grain boundaries (depending on its volume fraction), though all 

traps would be expected to hold some hydrogen [25].  

Many advanced techniques have been used to directly measure the higher hydrogen 

concentration within secondary phase austenite relative to the surrounding microstructure under 

equilibrium conditions at room temperature. High energy synchrotron radiation measurements of 

lattice dilation have revealed hydrogen segregation into austenite from a matrix of 

martensite [68]. Secondary ion mass spectroscopy and microautoradiography have mapped 

higher hydrogen concentrations in austenite relative to the surrounding ferrite on 

two-dimensional surfaces [28, 69]. Atom probe tomography with both hydrogen and deuterium 

have directly observed hydrogen segregation into austenite in three-dimensions [18, 35]. As 

such, it is well established that hydrogen is preferentially stored within austenite under 

equilibrium conditions. 

 However, the hydrogen distribution under non-equilibrium conditions is not as well 

understood. Though the austenite phase has a high solubility for hydrogen, it simultaneously has 

a very low diffusivity [17, 19, 21, 22, 35, 38, 39, 40, 41, 42, 43, 44]. As such, it is expected to 

take significantly longer for austenite to become saturated with hydrogen than traps within 

ferrite, such as dislocations and grain boundaries. Additionally, an energy barrier for hydrogen 

entry into austenite or its phase boundary has been reported in quenched and partitioned (Q&P) 

steels, slowing the partitioning of hydrogen into austenite even further [44]. Some studies report 

dislocations within ferrite, rather than austenite, to be the primary source for hydrogen retention 

under non-equilibrium conditions in steels containing secondary phase austenite in a matrix of 

ferrite [44, 70]. As such, the microstructural features that would have the primary contribution to 

hydrogen retention in the TBF steels under non-equilibrium conditions are unclear based on the 

current body of literature. 

 Current methodologies for hydrogen mapping have very limited spacial and temporal 

resolution [100]. Therefore, direct measurement of hydrogen distribution under non-equilibrium 

conditions is not possible using current techniques. In this study, factors that could be measured 

were used to indirectly investigate microstructural influence on hydrogen absorption under 

non-equilibrium conditions. 
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8.2 TBF Steel Microstructural Analysis 

 

 TBF steels used for this study were composed primarily of a matrix of bainitic ferrite 

with secondary phase austenite. MA islands were also present as a secondary constituent. 

Figures 8.1-8.4 show the as-received microstructures of the four TBF steels using EBSD data. 

EBSD, XRD, and FESEM were used to quantify the amounts of the various microstructural 

features in the TBF steels with the potential to influence hydrogen absorption, hydrogen 

retention, or hydrogen embrittlement susceptibility. Figure 8.1 displays image quality maps, used 

to distinguish MA constituent from ferrite. Image quality maps also show grain and phase 

boundaries, but cannot distinguish between the two. Figure 8.2 shows EBSD phase maps 

overlaid on EBSD image quality maps which were used to calculate austenite and MA 

constituent volume fractions and phase boundary areas. XRD was also used to determine 

austenite volume fraction. Figure 8.3 shows EBSD orientation maps for austenite which were 

used to analyze austenite morphology. Austenite orientation maps also provide some insight into 

the differences in prior austenite grain size amongst the four steels, as clusters of austenite 

particles often had the same orientation, suggesting they originated from the same prior austenite 

grain. Figure 8.4 shows the EBSD orientation maps for ferrite which were used to determine the 

high-angle (>15˚) grain boundary (HAGB) area for ferrite. FESEM was used to determine the 

volume fraction and interfacial area of inclusions. Compositional (EDS) analyses were not 

conducted, but both oxide and MnS inclusions were discernable using FESEM micrographs. 

 

8.2.1 Constituent Volume Fractions 

 

The volume fractions of constituents with high solubility for hydrogen relative to ferrite, 

(i.e. austenite and MA islands), were quantified for all four TBF steels as shown in Figure 8.5. 

The volume fraction of austenite was determined using both XRD and EBSD. In the EBSD 

analysis, over 6,000 μm2 were analyzed with over 900 austenite particles and 250 regions of MA 

constituent analyzed for each steel. According to both analysis methods, the austenite volume 

fraction was greatest in the TBF-0.3C-1.4Mn and TBF-0.4C-0.8Mn steels, intermediate in the 

TBF-0.2C-2.0Mn steel, and much less in the TBF-0.5C-0.2Mn steel. However, the absolute 

values of the austenite volume fractions determined by the two methods were quite different.  



81 
 

  
(a) (b) 

  
(c) (d) 

Figure 8.1 EBSD image quality maps for the (a) TBF-0.2C-2.0Mn, (b) TBF-0.3C-1.4Mn, 
(c) TBF-0.4C-0.8Mn, and (d) TBF-0.5C-0.2Mn steels. Darker grey represents 
lower image quality which indicated MA islands, grain boundaries, and phase 
boundaries. 
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(a) (b) 

  
(c) (d) 

Figure 8.2 EBSD phase maps overlaid on image quality maps for the (a) TBF-0.2C-2.0Mn, 
(b) TBF-0.3C-1.4Mn, (c) TBF-0.4C-0.8Mn, and (d) TBF-0.5C-0.2Mn steels. 
Austenite (green), ferrite (red), and MA constituent (black) are shown. (color 
image – see PDF copy). 
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(a) (b) 

  
(c) (d) 

Figure 8.3 EBSD orientation maps of austenite for the (a) TBF-0.2C-2.0Mn, 
(b) TBF-0.3C-1.4Mn, (c) TBF-0.4C-0.8Mn, and (d) TBF-0.5C-0.2Mn steels.  The 
color represents the orientation of the austenite. Ferrite and MA constituent are 
black. (color image – see PDF copy). 
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(a) (b) 

  
(c) (d) 

Figure 8.4 EBSD orientation maps of ferrite for the (a) TBF-0.2C-2.0Mn, 
(b) TBF-0.3C-1.4Mn, (c) TBF-0.4C-0.8Mn, and (d) TBF-0.5C-0.2Mn steels.  The 
color represents the orientation of the ferrite. Austenite and MA constituent are 
black. (color image – see PDF copy). 
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For the TBF-0.3C-1.4Mn, TBF-0.4C-0.8Mn, and TBF-0.5C-0.2Mn steels, the EBSD calculated 

volume fractions were approximately half of those calculated with XRD. For the 

TBF-0.2C-2.0Mn steel, the austenite volume fraction calculated by EBSD was even less than 

half (approximately 0.4) of that determined with XRD. EBSD has been found in other studies to 

identify less retained austenite than other methods, so this difference is not unexpected [99]. 

However, it should be noted that XRD is also more sensitive to small particles than EBSD. 

Therefore, some of the difference may be due to small austenite films or particles (potentially 

within the MA islands) that were quantified using XRD, but not EBSD. Additionally, the 

TBF-0.2C-2.0Mn steel had a proportionally smaller austenite volume fraction than the other 

steels when measured using EBSD versus XRD. This difference between XRD and EBSD 

measurements suggests that a larger fraction of the austenite in the TBF-0.2C-2.0Mn steel may 

be in thin films that cannot be viewed by EBSD.  

The MA island volume fractions were quantified using EBSD image quality maps. The 

amount of MA islands decreased with increasing carbon/decreasing manganese content, with 4.4, 

3.1, 2.6, and 2.4 volume percent MA for the TBF-0.2C-2.0Mn, TBF-0.3C-1.4Mn, 

TBF-0.4C-0.8Mn, and TBF-0.5C-0.2Mn steels, respectively. There was a large degree of 

uncertainty in the MA island volume fraction calculation for the TBF-0.5C-0.2Mn steel, as 

shown by the error bars in Figure 8.5. This uncertainty was associated with the distribution of 

secondary phases, as will be addressed more in section 8.2.5. 

 

8.2.2 Grain and Phase Boundary Areas 

 

EBSD phase maps were used to calculate ferrite/austenite phase boundary area. A 

combination of EBSD phase maps and image quality maps was used to identify and quantify the 

boundaries between austenite and MA constituent, and between ferrite and MA constituent. 

These boundary areas were determined for each steel and are shown in Figure 8.6. The 

ferrite/austenite phase boundary was the most common phase boundary and varied with austenite 

volume fraction (greatest for the TBF-0.3C-1.4Mn and TBF-0.4C-0.8Mn steels, intermediate for 

the TBF-0.2C-2.0Mn steel, and lowest for the TBF-0.5C-0.2Mn steel). The ferrite/MA interfacial 

area was the second most prevalent and varied with MA island volume fraction (decreasing with 

increasing carbon content). The austenite/MA interface was far less common and also varied 
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with austenite volume fraction. It should be recognized that these results do not capture 

boundaries of thin film austenite that are undetected in EBSD. 

 

 
Figure 8.5 The austenite volume fraction (measured by XRD and EBSD) and the MA 

constituent volume fraction for the four TBF steels. 
 

EBSD orientation maps were also used to quantify the ferrite/ferrite and 

austenite/austenite HAGB areas, as shown in Figure 8.6. The ferrite-HAGB were quantified due 

to the potential hydrogen trapping capacity of such boundaries. The variation in ferrite-HAGB 

area between steels was small. The TBF-0.2C-2.0Mn and TBF-0.3C-1.4Mn steels had 

approximately equivalent ferrite-HAGB areas, measured as 0.98 and 0.99 μm/μm2 respectively. 

The TBF-0.4C-0.8Mn and TBF-0.5C-0.2Mn steels both had 0.87 μm/μm2 ferrite-HAGB area, 

only slightly less than the other steels. 

The austenite-HAGB area was also quantified, though such boundaries are not as likely 

to act as hydrogen traps as the ferrite-HAGB as the binding energy of austenite-HAGB is similar 

to that of the austenite lattice [17]. The austenite-HAGBs occurred much less frequently, since 

the austenite grains were mostly dispersed in a matrix of bainitic ferrite. The austenite-HAGB 

area was greatest for the TBF-0.2C-2.0Mn and TBF-0.3C-1.4Mn steels, intermediate for the 

TBF-0.4C-0.8Mn steel, and lowest for the TBF-0.5C-0.2Mn steel.  
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(a) (b) 

Figure 8.6 The measured boundary length per unit area (in μm/μm2) for (a) α-HAGB, α/γ 
phase boundary, and α/MA phase boundary and (b) γ-HAGB, γ/MA phase 
boundary, and inclusion interfacial area. (α = ferrite, and γ = austenite) 

 

8.2.3 Inclusions 

 

The inclusion populations were analyzed for the four TBF steels using FESEM. The 

TBF-0.2C-2.0Mn, TBF-0.3C-1.4Mn, and TBF-0.4C-0.8Mn steels had very similar 

concentrations of inclusions (oxides and MnS), with 390 ± 133, 396 ± 149, and 405 ± 112 

inclusions/mm2 respectively. However, the 0.5C-0.2Mn steel had a much smaller inclusion 

population of 202 ± 80 inclusions/mm2. The inclusion interfacial areas were quantified from the 

FESEM inspection as well, due to the trapping capacity of such incoherent interfaces. As shown 

in Figure 8.6b, the inclusion interfacial area was the least common interface. The 

TBF-0.2C-2.0Mn, TBF-0.3C-1.4Mn, and TBF-0.4C-0.8Mn steels had very similar inclusion 

interfacial areas, while the TBF-0.5C-0.2Mn had notably less. 

 

8.2.4 Austenite Morphology 

 

EBSD inspection of the TBF microstructures showed significant variation in austenite 

morphology. It was expected that the hydrogen in the TBF steels did not reach an equilibrium 

distribution. This was expected because a plateau hydrogen concentration had not been reached 
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within 45 minutes (charging for 1 and 2 hours continued to increase the bulk hydrogen 

concentration). Austenite has a high solubility for hydrogen, so it was expected to act as a 

hydrogen trap. However, hydrogen also has a low diffusivity in austenite (circa 10-12 cm2∙s-1) 

limiting the rate of hydrogen infusion into austenite. Grains with smaller size or larger aspect 

ratio have increased surface area to volume ratios, and thus may have a greater contribution to 

hydrogen retention.  

The distributions of measured austenite aspect ratio for the four TBF steels are shown in 

Figure 8.7a. The austenite particles in the TBF-0.5C-0.2Mn steel were the most elongated 

(highest aspect ratio) of the four steels for all particle sizes. The TBF-0.2C-2.0Mn steel had the 

most equiaxed (lowest aspect ratio) austenite particles. The aspect ratio distributions of the 

TBF-0.3C-1.4Mn and TBF-0.4C-0.8Mn steel austenite particles were indistinguishable from 

each other and intermediate to the other two steels.  

 

  
(a) (b) 

Figure 8.7 The (a) aspect ratio distribution of austenite (displayed with a box and whisker 
plot) and (b) average volume percent austenite for the four TBF steels according 
to size class. Particle size bins of 0.1 μm2 were used. 

 

The particle size distributions measured for the four TBF steels are shown in Figure 8.7b. 

For the larger particles (greater than 0.3 μm2) the TBF-0.3C-1.4Mn and TBF-0.4C-0.8Mn steels 

had nearly identical distributions. Likewise, the distribution of larger particles for the 
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TBF-0.2C-2.0Mn and TBF-0.5C-0.2Mn steels were nearly identical to each other, though their 

volume fractions were significantly less than those of the TBF-0.3C-1.4Mn and 

TBF-0.4C-0.8Mn steels. For smaller particles (less than 0.3 μm2) the TBF-0.3C-1.4Mn steels had 

the highest volume fraction. The TBF-0.2C-2.0M and TBF-0.4C-0.8Mn steels had subjectively 

similar distributions of small particles. TBF-0.3C-1.4Mn steel had a slightly greater population 

of small austenite particles than the TBF-0.2C-2.0M and TBF-0.4C-0.8Mn steels. The 

TBF-0.5C-0.2Mn steel had a significantly lower volume fraction of small austenite particles than 

the other three TBF steels. 

 

8.2.5 Secondary Phase Distribution 

 

For the TBF-0.2C-2.0Mn, TBF-0.3C-1.4Mn, and TBF-0.4C-0.8Mn steels, secondary 

phase austenite and MA were very evenly distributed across the microstructure. On the other 

hand, the TBF-0.5C-0.2Mn steel had packets of bainitic ferrite that contained secondary phases 

and packets with no secondary phases, as shown in Figures 8.2d and 8.3d. This difference was 

important to note due to the effect it may have on fracture initiation and propagation. 

Additionally, the large degree of uncertainty in the MA volume fraction was due to some 

analysis areas containing MA constituent while others did not.  

 

8.3 Microstructural Influence on Hydrogen Absorption Under Non-Equilibrium Conditions 

 

Microstructural features known to act as hydrogen traps under equilibrium conditions, 

such as austenite, MA constituent, high angle grain boundary area and phase boundary areas, 

were quantified for each of the TBF microstructures. The bulk hydrogen absorption 

characteristics were determined for each of the TBF steels under non-equilibrium conditions, due 

to the short duration of charging (less than one hour). Variations in microstructure were then 

correlated to differences in hydrogen absorption capacity between the TBF steels. In this way, 

the microstructural feature or features having the dominant influence on hydrogen absorption for 

relatively short (non-equilibrium) infusion times could be determined. It should be noted that 

dislocation density of the bainitic ferrite matrix was not determined as part of this study, as 
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dislocation density was likely similar between the four TBF steels, as will be discussed in 

Section 8.4.3.  

 

8.3.1 Hydrogen Absorption into Austenite  

 

The experiments conducted for this project have clearly suggested that austenite absorbs 

hydrogen in these TBF steels even with limited time allowed for hydrogen absorption. Figure 8.8 

shows the measured diffusible hydrogen concentration after 20, 30, and 45 minutes of hydrogen 

charging plotted versus various microstructural differences between the TBF steels. Of all the 

microstructural features quantified, increasing austenite volume fraction and austenite phase 

boundary area were the only features that correlated with increased propensity to absorb and 

retain hydrogen. This correlation of hydrogen absorption with austenite population, rather than 

grain boundary area or MA constituent volume fraction is evidence that austenite in these TBF 

steels acts as the primary reservoir for hydrogen, even for the non-equilibrium conditions 

investigated. The results of the hydrogen retention study, as discussed in sections 9.2 and 9.3, 

also provided evidence that austenite was the primary reservoir for hydrogen within these steels. 

The fact that austenite effectively trapped hydrogen in these TBF steels, but not some 

other AHSS steels in other studies [44, 70], may provide insight into how hydrogen interacts 

with the microstructure as a whole, to enter austenite. The studies previously discussed that 

found dislocations, rather than austenite, to primarily store hydrogen were conducted in a 

pre-strained TRIP steel (that retained austenite after pre-straining) and a Q&P steel [44, 70]. The 

ferrite matrix of the pre-strained TRIP steel and the tempered martensite matrix of the Q&P steel 

would be expected to have higher dislocation density than the undeformed bainitic ferrite matrix 

of the TBF steels. As such, it is possible that a higher dislocation density in the matrix delays 

entry of hydrogen into secondary phase austenite, as hydrogen is first trapped by defects in 

ferrite before reaching the austenite surface. For the TBF steels used in this study, the dislocation 

density in the matrix may have been low enough that either the dislocations were quickly 

saturated with hydrogen or the hydrogen could easily circumvent the dislocations, allowing 

hydrogen to reach and enter austenite. Though the TBF steels had a high dislocation density 

within the islands of MA constituent, these dislocations were not dispersed in the matrix and able 

to “screen” the austenite outside of the MA constituent from hydrogen. Based on this, it is 
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hypothesized that hydrogen traps dispersed in the ferritic or martensitic matrix can delay 

hydrogen absorption into austenite, but lowering the density of these defects decreases the time 

required for austenite to contribute to hydrogen absorption. 

 

  
(a) (b) 

  
(c) (d) 

Figure 8.8 Diffusible hydrogen concentration after 20, 30, and 45 minutes of hydrogen 
infusion of the four TBF steels plotted against (a) austenite volume fraction, (b) 
austenite phase boundary area, (c) MA constituent volume fraction, and (d) ferrite 
high-angle grain boundary area. 
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8.3.2 Combined Influence of Microstructural Features on Hydrogen Absorption  

 

Though austenite volume fraction and austenite/ferrite phase boundary area both correlated with 

hydrogen absorption, the total hydrogen absorption of the TBF steels should be related to all 

hydrogen traps present in the steel. The TBF-0.3C-1.4Mn and TBF-0.4C-0.8Mn microstructures 

had a greater total volume fractions of high hydrogen solubility constituents (austenite and MA) 

and phase boundary areas than the TBF-0.2C-2.0Mn and TBF-0.5C-0.2Mn steels, and were 

found to have correspondingly greater propensities to absorb hydrogen. However, under 

equilibrium conditions the TBF-0.2C-2.0Mn steel would be expected to have higher solubility 

for hydrogen than the TBF-0.5C-0.2Mn steel, given it had greater amounts of all four of the 

major hydrogen traps evaluated, as shown in Figure 8.9a. However, these two steels had very 

similar hydrogen absorption behavior for 20-minute and 30-minute charging conditions, as 

shown in Figure 8.9b. Additionally, the TBF-0.3C-1.4Mn and TBF-0.4C-0.8Mn steels had very 

similar amounts of all hydrogen traps quantified, but consistently different hydrogen absorption 

behavior, as shown in Figure 8.10. The TBF-0.3C-1.4Mn steel exhibited slightly greater amounts 

of all traps quantified, yet the TBF-0.4C-0.8Mn steel consistently displayed greater hydrogen 

absorption. 

The differences in hydrogen absorption behavior between steels could not be traced 

solely to differences in bulk solubility of hydrogen at equilibrium expected from the 

microstructural features quantified. Therefore, either a factor that was not quantified or other 

effects of the microstructure on the kinetics of hydrogen absorption were having an influence. It 

was hypothesized that austenite morphology could have a significant effect on the kinetics of 

hydrogen absorption. 

 

8.3.3 Austenite Morphology Effects on Hydrogen Absorption 

 

Austenite has a low diffusivity for hydrogen relative to ferrite and martensite. Therefore, 

hydrogen is expected to first diffuse quickly through the bainitic ferrite matrix, then diffuse 

slowly into austenite from the phase boundary. Crystals of austenite with greater surface area to 

volume ratios would therefore be expected to become enriched with hydrogen more rapidly and 

consequently contribute more to hydrogen retention for shorter charging times. Some models 
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concerning hydrogen diffusion through duplex stainless steels incorporate these crystal size 

effects in the predictions of bulk hydrogen diffusion, as hydrogen partitioned into austenite 

essentially stops diffusing through bulk material [21]. Permeation experiments on duplex 

stainless steels have found elongation of austenite particles to decrease bulk diffusivity [19]. This 

decreased diffusivity was attributed to hydrogen partitioning to the austenite/ferrite interface and 

the increased tortuosity of the diffusion path through ferrite [19]. Diffusion into austenite from 

the interface may have also contributed to decreased bulk diffusion over time. As such, the 

crystal size and aspect ratio distributions were calculated for the austenite particles in each of the 

four steels, as shown in Figure 8.7. The smaller size and high aspect ratio particles have greater 

surface area to volume ratios, making them likely to absorb hydrogen more quickly. 

 

  
(a) (b) 

Figure 8.9 The (a) austenite volume fraction (fv(A)), MA constituent volume fraction 
(fv(M)), austenite phase boundary area (A-PBA) and ferrite high angle grain 
boundary (F-HAGB) area and (b) diffusible hydrogen concentration after 20, 30, 
and 45 minutes of hydrogen charging for the TBF-0.2C-2.0Mn and 
TBF-0.5C-0.2Mn steels. 

 

The analysis suggests that the austenite aspect ratio has an influence on the absorption 

rate of hydrogen. The TBF-0.2C-2.0Mn steel was expected to have a greater equilibrium 

solubility for hydrogen than the TBF-0.5C-0.2Mn steel, as it contained greater volume fractions 
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of hydrogen traps (austenite, MA, grain and phase boundaries), yet the two steels had similar 

hydrogen absorption rates. The TBF-0.5C-0.2Mn steel had significantly greater austenite aspect 

ratios than the TBF-0.2C-2.0Mn steel for all particle size categories. It is interpreted that the 

greater elongation of the austenite particles in the TBF-0.5C-0.2Mn steel may be responsible for 

its greater than expected amount of hydrogen absorption relative to the TBF-0.2C-2.0Mn steel.  

 

  
(a) (b) 

Figure 8.10 The (a) austenite volume fraction (fv(A)), MA constituent volume fraction 
(fv(M)), austenite phase boundary area (A-PBA) and ferrite high angle grain 
boundary (F-HAGB) area and (b) diffusible hydrogen concentration after 20, 30, 
and 45 minutes of hydrogen charging for the TBF-0.3C-1.4Mn and 
TBF-0.4C-0.8Mn steels. 

 

Analysis of the austenite particle size does not indicate that smaller austenite particles 

resulted in more rapid absorption of hydrogen. Figure 7.4 showed the austenite particle size 

distributions for the four TBF steels. The TBF-0.4C-0.8Mn steel had a greater hydrogen 

concentration than the TBF-0.3C-1.4Mn steel, yet the TBF-0.3C-1.4Mn steel had more austenite 

particles of a size less than 0.4 μm2. The TBF-0.2C-2.0Mn steels had significantly more austenite 

particles less than 0.4 μm2 than the TBF-0.5C-0.2Mn steel, yet the two steels had similar 

hydrogen absorption behavior. This suggests finer austenite particles were not responsible for 

speeding the kinetics of hydrogen absorption.  
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8.4 Other Possible Factors Influencing Hydrogen Absorption 

 

Overall, analyses of microstructures and hydrogen absorption behavior revealed that 

variation in the characteristics of the austenite population were primarily responsible for the 

differences in hydrogen absorption behavior between the TBF steels. Increasing austenite 

volume fraction and austenite phase boundary area in general resulted in an increased diffusible 

hydrogen concentration for a given charging condition. The results also suggest increased 

austenite aspect ratio caused more rapid absorption of hydrogen into austenite.  

However, all differences in the hydrogen absorption behavior were not explained by the 

analyses conducted. The greater hydrogen absorption in the TBF-0.4C-0.8Mn steel relative to the 

TBF-0.3C-1.4Mn steel was not explained by any of the microstructural effects considered with 

respect to hydrogen solubility or absorption kinetics. Additionally, smaller austenite particles did 

not result in increased hydrogen absorption as might be expected. As such, influences on 

hydrogen absorption in these TBF steels are not completely understood. This section discusses 

possible factors that could have affected hydrogen absorption that were not quantified as part of 

this study.  

 

8.4.1 Compressive Strain Fields as Energy Barriers to Hydrogen Diffusion 

 

As previously mentioned, a study on hydrogen trapping within Q&P steel found an 

activation barrier for hydrogen to be trapped by the austenite/martensite interface [44]. This 

energy barrier was identified by comparing two charging conditions. In one, hydrogen was 

infused at high temperature (400-600˚C) and was found to partition into austenite/onto the 

austenite phase boundary. In the other, hydrogen was infused at room temperature and no 

partitioning to the austenite or the austenite phase boundary was detected. It was concluded that 

an activation barrier existed that required higher temperature to overcome [44]. No explanation 

was given as to what the energy barrier physically represented [44]. It is known that compressive 

strain fields repel hydrogen while tensile strain fields attract hydrogen [58]. It is possible that if 

austenite had a compressive stress surrounding it, based on its thermal-processing history, 

hydrogen would be repelled by the compressive field, and thus would be less likely to be 

enriched in the austenite. A compressive strain, including at the austenite/ferrite interface, in 
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TBF steels may exist due to the volume expansion associated with the formation of bainitic 

ferrite. 

The literature review conducted for this project did not uncover any studies concerning 

the effects of stress/strain field surrounding microstructural features (larger than dislocations) on 

hydrogen distribution within a microstructure. This lack of literature was surprising, as 

stress/strain fields are known to have significant influence on hydrogen distribution on the 

macroscale [55]. Effects of microscale stress/strain fields on hydrogen distribution were not 

quantified for this study, but may have affected hydrogen absorption behavior. For instance, if 

austenite particles size influenced the surrounding compressive strain field, it may result in 

different sized particles having different contributions to hydrogen absorption. However, this 

hypothesized mechanism is not “provable” from the results of the project. It may, however, be 

worthwhile to investigate further the effects of local stress/strain fields on hydrogen distributions 

in multiphase systems. 

 

8.4.2 Internal Structure of MA Constituent 

 

 The analysis conducted for this study treated MA constituent as though the entire MA 

region was a trap, since the internal structure of the MA constituent was not quantified. 

However, trapping within MA constituent is due to a variety of different internal traps such as 

dislocations, lath boundaries, and potentially thin films of austenite. Any systematic difference in 

the internal structure of MA constituent between the TBF steels could result in different 

contributions of MA constituent to hydrogen retention.  

The TBF-0.3C-1.4Mn steel had greater amounts of all the hydrogen traps that were 

quantified than the TBF-0.4C-0.8Mn steel, yet the TBF-0.4C-0.8Mn steel consistently absorbed 

more hydrogen. It is possible that differences in the internal structure of MA constituent between 

the two steels could cause this effect. Both steels were austempered for 90 seconds at 400˚C to 

allow carbon partitioning and subsequent austenite stabilization. Perhaps the higher carbon 

content of the TBF-0.4C-0.8Mn steel may have resulted in a greater austenite film fraction 

within the MA constituent and therefore more austenite phase boundary and hydrogen retention. 

However, the internal structure of the MA constituent in these two steels was not quantified and 
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the reason for the greater propensity to absorb hydrogen in the TBF-0.4C-0.8Mn steel, relative to 

the TBF-0.3C-1.4Mn steel, has not been determined.  

 

8.4.3 Dislocation Density of Bainitic Ferrite 

 

 Dislocations are known to act as hydrogen traps, but the dislocation density of the 

bainitic ferrite matrix was not determined as part of this study. The four TBF steels were all 

processed under similar conditions (annealed after cold rolling and austempered at 400˚C with 

no deformation prior to hydrogen infusion). As such, the dislocation density of the four steels 

would be expected to be similar, as the bainitic ferrite was formed at the same temperature for 

each steel [10]. If any systematic difference in dislocation density within bainitic ferrite existed 

between the four TBF steels, it could have influenced hydrogen absorption behavior. However, 

based on the similarity of the processing conditions for the four steels, any differences in 

dislocation density would likely be small, and therefore their influence on bulk hydrogen 

absorption and retention minimal.  
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CHAPTER 9 

 MICROSTRUCTRAL EFFECTS ON HYDROGEN RETENTION 

 

 

 The DP-0.2C-2.0Mn steel microstructure was also characterized, though less extensively 

than the TBF steels. The purpose of the DP-0.2C-2.0Mn steel was to be as similar as possible to 

the TBF-0.3C-1.4Mn steel, except with secondary phase comprised of untempered martensite 

instead of austenite. Analyses were conducted on the DP-0.2C-2.0Mn steel, including 

examination of the volume fraction and morphology of austenite, martensite, and ferrite, to 

ensure that the microstructure was suited for its purpose. Comparison of the hydrogen retention 

behavior of the TBF-0.3C-1.4Mn and DP-0.2C-2.0Mn steels was then used to isolate the 

interaction of hydrogen with austenite versus untempered martensite. 

 

9.1 DP Steel Microstructural Analysis 

  

 The DP-0.2C-2.0Mn steel microstructure was designed to be as similar as possible to the 

TBF-0.3C-1.4Mn steel microstructure, except with secondary phase untempered martensite 

instead of austenite. This structure allowed microcrack initiation in untempered martensite, 

without the influence of any hydrogen stored within the parent austenite, to be observed. XRD 

and EBSD scans were used to ensure there was minimal austenite. EBSD scans were used to 

determine the volume fraction and morphology of untempered martensite, to ensure it was 

similar to that of the austenite in the TBF-0.3C-1.4Mn steel. EBSD scans were also used to 

ensure the ferrite matrices were similar.  

 

9.1.1 Ferrite Morphology of DP-0.2C-2.0Mn versus TBF-0.3C-1.4Mn 

 

The ferrite matrix of the TBF-0.3C-1.4Mn steel was bainitic ferrite while that of the 

DP-0.2C-2.0Mn steel was tempered martensite (with few to no carbides due to the silicon 

content). As shown in Figure 9.1, EBSD orientation maps were used to qualitatively investigate 

the ferrite grain size, aspect ratio, and packet size. There did not appear to be any significant 
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differences in the morphology of the ferrite between the two steels, despite the differing 

processing paths used to produce them. As such, it was assumed that hydrogen would behave 

similarly within them.  

 

  
(a) (b) 

Figure 9.1 EBSD inverse pole figures of the ferrite population in (a) the DP-0.2C-2.0Mn 
steel and (b) the TBF-0.3C-1.4Mn steel. The black areas are austenite (in TBF) 
and MA constituent (in DP) that were excluded from the ferrite orientation 
analysis (color image – see PDF copy). 

 

9.1.2 Austenite in the DP-0.2C-2.0Mn Steel 

 

It was desired that the DP-0.2C-2.0Mn steel had minimal amounts of austenite, so the 

effects of only the athermal, untempered martensite could be observed. XRD scans were used to 

determine the volume fraction of austenite. As shown in Figure 9.2, the four expected ferrite 

peaks were present in the XRD scan, but only one minuscule potential austenite peak of the four 

expected austenite peaks. Based on these peaks, it was calculated that the DP-0.2C-2.0Mn steel 

had approximately 0.3 vol pct austenite based on the observed γ111 peak intensity. It should be 

noted that XRD volume fraction calculations are only semi-quantitative at low volume fractions 

due to the effects of background noise. However, from these scans it can be shown that there is a 

very minimal amount of austenite in the DP-0.2C-2.0Mn, as desired. 
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Figure 9.2 XRD scans of the DP-0.2C-2.0Mn steel with the expected austenite (γ) and 
ferrite (α) peaks labeled. The two lines represent scans from two individual 
specimens. 

 

9.1.3 MA Constituent in the DP-0.2C-2.0Mn Steel 

 

EBSD scans were used to quantify the volume fraction of untempered martensite as well 

as to evaluate the martensite colony size and morphology in the DP-0.2C-2.0Mn steel, as shown 

in Figure 9.3. Here a colony simply refers to a discrete area of untempered martensite surrounded 

by ferrite, rather than a packet of laths. This analysis was conducted to ensure the distribution of 

untempered martensite in the DP-0.2C-2.0Mn steel was similar to the strain-induced martensite 

that would be present in the TBF-0.3C-1.4Mn steel during deformation. 

The volume fraction of martensite was measured as 13.9 ± 4.2 vol pct. This was similar 

to the 13.1 vol pct of austenite measured for the TBF-0.3C-1.4Mn by XRD, but greater than 

7.1 vol pct of austenite determined by EBSD. Figure 9.3a and b shows the untempered 

martensite colony and austenite particle morphologies for the DP-0.2C-2.0Mn and 

TBF-0.3C-1.4Mn steels, respectively. Qualitatively, the morphologies were very similar. 
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(a) (b) 

(c) 

Figure 9.3 EBSD scans were used to generate binary maps of (a) secondary phase 
untempered martensite in the DP-0.2C-2.0Mn steel and (b) secondary phase 
austenite in the TBF-0.3C-1.4Mn. These secondary phase maps were used to 
generate (c) box and whisker plots of individual EBSD scans showing the 
untempered martensite colony size distribution and the austenite particle size 
distributions of the respective steels. 

 

The size distributions of the secondary phases for the two steels are shown in Figure 9.3c. 

The austenite particle and martensite island size distribution for the DP-0.2C-2.0Mn and 

TBF-0.3C-1.4Mn steels were very similar, with the martensite colonies potentially being slightly 

larger on average than the austenite particles. Based on all these analyses, the secondary phase 

content of the DP-0.2C-2.0Mn and TBF-0.3C-1.4Mn steels were considered similar enough for 
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the purpose of this project, to compare the hydrogen related effects of martensite versus 

metastable austenite. 

 

9.2 Hydrogen Retention in the TBF-0.3C-1.4Mn and DP-0.2C-2.0Mn Steels 

 

 The TBF-0.3C-1.4Mn and DP-0.2C-2.0Mn steels were used to explore the effects of 

secondary phase austenite and martensite on hydrogen retention in steels. The two steels were 

engineered to have very similar microstructures, differing only in the secondary phase. In this 

way, differences in hydrogen retention behavior could be attributed to the differences in 

secondary phase content.  

To characterize hydrogen retention, specimens were first hydrogen infused. The 

DP-0.2C-2.0Mn steel was hydrogen infused using only one set of charging conditions, producing 

a relatively high initial HTotal of 2.8 ± 0.8 wt ppm. The TBF-0.3C-1.4Mn steel was hydrogen 

infused using two sets of charging conditions. One set (high-HInitial) produced a starting HTotal of 

2.9 ± 0.4 wt ppm, very similar to the starting condition for the DP-0.2C-2.0Mn steel. The other 

set (low-HInitial) of charging conditions produced a lower initial HTotal of 2.2 ± 0.5 wt ppm.  

  After hydrogen infusion, specimens of the TBF-0.3C-1.4Mn and DP-0.2C-2.0Mn steels 

were aged in open air for different lengths of time, varying from 0-500 minutes. This aging time 

allowed some of the diffusible hydrogen to evacuate the sample. After aging, the HTotal was 

measured for each specimen, allowing the evacuation of hydrogen over time to be quantified. 

The HIrr was also determined for both steels. The measured HTotal and HIrr for the 

DP-0.2C-2.0Mn and TBF-0.3C-1.4Mn are shown in Figure 9.4. The HTotal and HIrr measurements 

were also used to calculate the decrease in HDiff over time, as shown in Figure 9.5.  

  

9.2.1 Hydrogen Retention in DP-0.2C-2.0Mn Steel 

 

 Hydrogen was found to evacuate from the DP-0.2C-2.0Mn steel more rapidly. As shown 

in Figure 9.5a, the DP-0.2C-2.0Mn steel lost around 50 pct of its initial HDiff in the first 

30 minutes of aging. The HDiff continued to decreased after 60 and 90 minutes of aging, though 

the rate of evacuation had decreased. In general, it is known that evacuation rates decrease with 

decreasing HDiff, so this behavior was not unexpected. After 90 minutes of aging, the calculated 
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reduction in HDiff was 85 pct with the range of uncertainty including 100 pct removal of 

diffusible hydrogen. There was no statistically significant difference between the HTotal at 

90 minutes of aging and the HIrr. Additionally, as shown in Figure 9.4a, the interquartile range of 

the HTotal in the 90-minute aged condition fell completely within the range of measured HIrr. 

Based on this evidence, it appears the DP-0.2C-2.0Mn steel was depleted of diffusible hydrogen 

after aging for approximately 90 minutes.  

 

  
(a) (b) 

Figure 9.4 Box and whisker plots of the HTotal and HIrr measured for various aging times in 
(a) the DP-0.2C-2.0Mn steel and the high-HInitial TBF-0.3C-1.4Mn steel 
specimens, and (b) the low-HInitial TBF-0.3C-1.4Mn steel specimens. It should be 
noted the whiskers of these plots represent the maximum and minimum 
measurements within the interquartile range (IQR)*1.5 factor range (meaning 
they exclude outliers). 

 

9.2.2 Hydrogen Retention in TBF-0.3C-1.4Mn Steel 

 

The TBF-0.3C-1.4Mn steel retained HDiff for a relatively long period of time, but not 

indefinitely. For the TBF-0.3C-1.4Mn steel low-HInitial dataset, there was little change in HDiff 

after 180 minutes of aging. As shown in Figure 9.4b, the interquartile ranges for all aging sets 

between 0 and 180 minutes overlapped. The calculated fraction of HDiff evacuated was also 

relatively low within this aging range, including 0 pct loss of HDiff in the range of uncertainty for 
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every aging time. The TBF-0.3C-1.4Mn steel high-HInitial dataset similarly displayed significant 

retention of hydrogen over time, retaining more than 50 pct of its HDiff after 90 minutes of aging. 

This prolonged retention of hydrogen was attributed to austenite (or its phase boundary) acting as 

a strong trap for hydrogen and limiting the rate of evacuation.  

 

  
(a) (b) 

Figure 9.5 The calculated fraction of HDiff that evacuated during aging for (a) the 
DP-0.2C-2.0Mn steel and the higher initial HTotal TBF-0.3C-1.4Mn steel, and 
(b) the lower initial HTotal TBF-0.3C-1.4Mn steel. The error bars represent the 
uncertainty in the measure HDiff based on the standard deviations of the measured 
HTotal and HIrr populations. 

 

However, austenite in these steels did not act as an irreversible trap. Select specimens of 

the TBF-0.3C-1.4Mn steel low-HInitial dataset were aged for over 8 hours (500 minutes). After 

this aging time, approximately 87 pct of the HDiff had been evacuated and the range of 

uncertainty in the measurement included 100 pct removal of diffusible hydrogen. There was also 

no statistically significant difference between the 500-minute aged dataset and the HIrr. This 

evidence shows that the TBF-0.3C-1.4Mn steel loses most of its diffusible hydrogen over this 

time frame. 

There were also some interesting differences in the hydrogen retention characteristics 

observed for the low-HInitial and high-HInitial datasets. For the low-HInitial dataset, the starting HDiff 
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did not noticeably decrease for the first 180 minutes of aging. The high-HInitial dataset on the 

other hand had noticeable evacuation of hydrogen for relatively short aging times. The HDiff 

decreased by approximately 25 pct within the first 30 minutes of aging. Between 30 and 

60 minutes of aging, the HDiff decreased by another 25 pct. However, between 60 and 90 minutes 

there was little evacuation of hydrogen, despite there being significant amounts of diffusible 

hydrogen remaining in the system. It should be noted that the level of HDiff in the high-HInitial 

dataset where hydrogen stopped evacuating as rapidly is approximately equivalent to the starting 

HDiff in the low-HInital dataset.   

These differences in hydrogen evacuation rate are likely due to differences in the starting 

hydrogen distribution caused by the two sets of charging parameters. The high-HInitial specimens 

were charged for a shorter amount of time, but in an environment with more As2O3 and therefore 

a higher hydrogen concentration at the surface during charging. The greater surface 

concentration of hydrogen presumably resulted in higher equilibrium HDiff within the ferrite 

matrix of the steel and at the austenite/ferrite phase boundary. Hydrogen within ferrite would be 

able to evacuate more readily than hydrogen in austenite, due to the high diffusivity of hydrogen 

within ferrite. As such, the greater initial evacuation rate of hydrogen from the high-HInitial, 

relative to the low-HInitial, specimens could be due to a larger fraction of hydrogen within ferrite 

and therefore the hydrogen is able to evacuate rapidly. Additionally, the shorter charging time 

could have resulted in a smaller penetration depth of hydrogen into austenite, as the diffusivity of 

hydrogen in austenite is low. If the high-HInitial specimens did have a shallower penetration depth 

of hydrogen into austenite, relative to the low-HInitial specimens, hydrogen would be able to 

evacuate more readily from the austenite within the high-HInitial specimens as the diffusion 

distance to the austenite/ferrite phase boundary would be shorter. Consequently, the greater 

initial decrease in HDiff observed in the high-HInitial relative to the low-HDiff specimens could also 

be influenced by more rapid escape of hydrogen from the austenite into the ferrite. 

 

9.2.3 Comparative Hydrogen Retention of the TBF-0.3C-1.4Mn and DP-0.2C-2.0Mn Steels 

 

 Based on the data collected, the TBF-0.3C-1.4Mn steel clearly has enhanced retention of 

hydrogen relative to the DP-0.2C-2.0Mn steel. The HTotal measured for the DP-0.2C-2.0Mn steel 

and high-HInitial TBF-0.3C-1.4Mn steel datasets were approximately equivalent before aging. 
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There was no statistically significant difference between the two populations. However, after 30, 

60, and 90 minutes of aging the HTotal measurements had clearly diverged, with the 

TBF-0.3C-1.4Mn steel showing far higher HTotal. Though there was some overlap of the 

measured HTotal populations, the interquartile ranges of the two steels did not overlap for any of 

the three aging conditions. Additionally, the DP-0.2C-2.0Mn steel was essentially depleted of 

HDiff after only 90 minutes of aging, while the low-HInitial TBF-0.3C-1.4Mn steel dataset was not 

depleted of HDiff until aged over 180 minutes. These results showed that the TBF-0.3C-1.4Mn 

steel retained hydrogen more readily than the DP-0.2C-2.0Mn steel. Consequently, it can be 

concluded that austenite resulted in superior retention of hydrogen relative to martensite, as the 

secondary phases were the primary difference between the two steels.  

  

9.3 Secondary Phase Influence on Hydrogen Retention 

 

 The TBF-0.3C-1.4Mn steel was found to retain more hydrogen over time than the 

DP-0.2C-2.0Mn steel. As the primary difference between these two steels was the secondary 

constituent, the enhanced retention of hydrogen within the TBF-0.3C-1.4Mn steel could be 

directly attributed to the austenite. Retention of hydrogen within austenite was not indefinite, as 

aging for eight hours lowered the diffusible hydrogen concentration in the TBF-0.3C-1.4Mn steel 

to approximately zero. Additionally, two different starting hydrogen distributions were used in 

the TBF-0.3C-1.4Mn steel, and there were some notable differences in the hydrogen evacuation 

between the two conditions. This section discusses how these findings influence understanding 

of the evolution of hydrogen distribution over time during hydrogen evacuation, and potentially 

during deformation. 

 

9.3.1 Hydrogen Absorption and Retention within Austenite  

 

As discussed in Chapter 8, analysis of the absorption behavior of the TBF steels strongly 

indicated that austenite was the primary reservoir for hydrogen in these systems. Comparison of 

the hydrogen retention behavior between the TBF-0.3C-1.4Mn and DP-0.2C-2.0Mn steels also 

indicates that austenite stores hydrogen. The two steels had very similar ferrite matrices and 

secondary phase volume fraction, size, morphology, and distribution. The primary difference 
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between the two steels was austenite versus untempered martensite as the secondary phase. As 

the hydrogen retained within the TBF-0.3C-1.4Mn steel was significantly greater than that of the 

DP-0.2C-2.0Mn steel, it is likely that a significant fraction of the hydrogen was taken up by 

austenite or by the austenite/ferrite phase boundary.  

Small differences between the matrix microstructures of the TBF-0.3C-1.4Mn and 

DP-0.2C-2.0Mn steels were unlikely to have caused the differences in retention capacity 

observed. It is possible the bainitic ferrite matrix of the TBF-0.3C-1.4Mn steel and the tempered 

martensite matrix of the DP-0.2C-2.0Mn steel had different dislocation densities, as the number 

of dislocations was not quantified for either steel. However, the large volume fraction of 

untempered martensite in the DP-0.2C-2.0Mn steel would make the bulk dislocation density 

greater for that steel. As such, the enhanced retention of hydrogen within the TBF-0.3C-1.4Mn 

steel cannot be attributed to a higher dislocation density within the matrix, as the trapping 

capacity of dislocations within the untempered martensite of the DP-0.2C-2.0Mn steel would 

likely have exceeded the influences of the matrix. 

 

9.3.2 Austenite as a Reversible Trap 

 

 Many sources in the literature treat austenite as an irreversible trap, meaning any 

hydrogen absorbed by austenite remains there indefinitely [15, 35, 53]. Other sources treat 

austenite as a strong trap but acknowledge it does not permanently hold hydrogen [31,36]. 

Analysis of the absorption behavior of the TBF steels strongly indicated that austenite was the 

primary reservoir for hydrogen in these systems. The comparative hydrogen retention between 

the TBF-0.3C-1.4Mn and DP-0.2C-2.0Mn steels also indicated that hydrogen was stored within 

austenite. However, an eight-hour aging condition was found to deplete the TBF-0.3C-1.4Mn 

steel of the majority of hydrogen. Therefore, the results of hydrogen retention experiments 

conducted for this study show that austenite within these TBF steels is not an irreversible trap.  

 It should be noted that charging conditions used in this study did not produce an 

equilibrium distribution of hydrogen within the austenite, as an equilibrium distribution would be 

expected to take significantly longer to evacuate. An equilibrium hydrogen concentration within 

austenite would be expected to have penetrated deeper into the austenite, and therefore take 

significantly longer to evacuate. Additionally, differences between the matrix microstructures 
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surrounding austenite in these TBF steels versus other steels could alter the kinetics of hydrogen 

removal from austenite, potentially making the evacuation of hydrogen take significantly longer. 

 

9.3.3 Release of Hydrogen from Secondary Phases 

 

 Several models of hydrogen distribution within microstructures revolve around the 

concept of local equilibrium. Local equilibrium assumes a given fraction of the total hydrogen 

content will be partitioned into a trap while the rest of the hydrogen will remain within the 

lattice. The fraction of hydrogen within the traps depends upon binding energy of the trap and 

the number of potential hydrogen occupancy sites [25, 36]. The austenite phase has a high 

binding energy and a high number of occupancy sites for hydrogen. The high dislocation density 

within untempered martensite results in it also having a high number of occupancy sites for 

hydrogen, though a lower binding energy than austenite. Under local equilibrium conditions both 

austenite and untempered martensite act as reservoirs for hydrogen when dispersed within a 

matrix of ferrite. However, in a ferrite/untempered martensite system, the lower binding energy 

of dislocations suggests that a larger concentration of hydrogen should be maintained within the 

ferrite than in a ferrite/austenite system. 

 Hydrogen can readily evacuate from the surface of steel at room temperature. The 

majority of hydrogen evacuation for these steels is expected to occur through the ferrite as ferrite 

is the matrix material and has a diffusivity for hydrogen that is much greater than that for 

austenite and untempered martensite [19, 21-24, 29, 35, 38-48]. The rate of hydrogen diffusion 

to the surface can be affected by the tortuosity of the diffusion path [19, 21]. The tortuosity of the 

diffusion path through ferrite is expected to be similar for the TBF-0.3C-1.4Mn and 

DP-0.2C-2.0Mn steels, due to the similarity in morphology and distribution of the secondary 

phases. However, the diffusivity of hydrogen through untempered martensite is also much 

greater than that of austenite [19, 21-24, 29, 35, 38-48]. As such, hydrogen diffusion through 

untempered martensite would be expected to contribute more to bulk evacuation of hydrogen 

than diffusion through austenite, though still significantly less than the diffusion through ferrite. 

As the majority of hydrogen will evacuate through ferrite, hydrogen must escape from the 

secondary phases and re-enter the ferrite that had been depleted of hydrogen (due to evacuation) 

to maintain local equilibrium. As such, the rate limiting step for hydrogen evacuation may be 
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release of hydrogen from the traps. Figure 9.6 depicts the release of hydrogen from secondary 

phase austenite and martensite at different rates, and how this could influence the bulk 

evacuation of hydrogen. 

As previously stated, hydrogen evacuated more quickly from the DP-0.2C-2.0Mn steel 

than the TBF-0.3C-1.4Mn steel. This higher evacuation rate could indicate that release of 

hydrogen from the dislocations or lath boundaries within untempered martensite was more rapid 

than that from austenite or its phase boundary. The greater evacuation rate is in line with the 

concept of local equilibrium used in modeling, as the lower binding energy of dislocations 

(relative to austenite) resulted in a higher hydrogen concentration maintained within the ferrite 

which is then able to evacuate through the ferrite. 

 

  
(a) (b) 

Figure 9.6 The diffusion of hydrogen through ferrite to the surface for evacuation and the 
comparative hydrogen release rate of hydrogen from secondary phase 
(a) untempered martensite and (b) austenite during bulk hydrogen evacuation. 

  

It is also possible that the more rapid exchange of hydrogen between untempered 

martensite and ferrite (relative to between austenite and ferrite), contributed to the more rapid 

hydrogen evacuation from the DP-0.2C-2.0Mn steel. Dislocations have a relatively large 

interaction volume over which to exchange hydrogen, but bulk austenite must exchange 

hydrogen through its phase boundary. As such, release of hydrogen from austenite is expected to 
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be dependent on the fraction of hydrogen trapped at or near the austenite/ferrite phase boundary, 

as hydrogen within the bulk austenite would first need to diffuse to the interface. 

The difference in hydrogen evacuation rate between the low-HInitial and high-HInitial 

charging conditions in the TBF-0.3C-1.4Mn steel may be indicative of how the hydrogen 

distribution in austenite can influence the release rate of hydrogen from austenite and the bulk 

evacuation of hydrogen from the microstructure. As discussed in section 9.2.2, hydrogen may 

have penetrated further into the austenite of the low-HInitial specimens due to the longer charging 

time used, as depicted in Figure 9.7. Additionally, the high-HInitial specimens may have had a 

higher hydrogen concentration at the austenite/ferrite interface due to the higher concentration of 

hydrogen at the surface during charging, also depicted in Figure 9.7. A greater concentration of 

hydrogen near the austenite/ferrite interface could allow more rapid release of hydrogen from 

austenite. This more rapid release of hydrogen may have contributed to the greater initial rate of 

hydrogen evacuation observed for the high-HInitial specimens relative to the low-HInitial 

specimens. However, experiments would need to be conducted with more systematic variation in 

infusion time, and using the same charging environments, before the penetration depth effect on 

hydrogen retention could be more thoroughly understood. 

 

  
(a) (b) 

Figure 9.7 The expected hydrogen distribution at the austenite/ferrite phase boundary for 
specimens charged using the (a) low-HInitial and (b) high-HInitial charging 
conditions and its effects on the hydrogen exchange rate between austenite and 
ferrite. 
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9.3.4 Hydrogen Release from TRIP 

 

The higher hydrogen concentration maintained in ferrite in systems with secondary phase 

untempered martensite, rather than austenite, has important implications regarding the TRIP 

effect. The transformation of austenite into strain-induced martensite may cause an 

accompanying increase in the hydrogen concentration within neighboring ferrite, as the binding 

energy for hydrogen in the newly formed martensite is less than that of the parent austenite. If 

the hydrogen concentration in the austenite at the time of transformation is greater than the 

equilibrium concentration of hydrogen within martensite, hydrogen would evacuate the 

supersaturated martensite. The hydrogen within ferrite may then be free to diffuse elsewhere into 

the system and participate in the activation of hydrogen embrittlement mechanisms. However, if 

untransformed austenite is still present in the system, it may also absorb released hydrogen 

before it can redistribute to influence hydrogen embrittlement. Based on the literature reviewed 

for this project, it is unclear whether hydrogen released from the austenite-to-martensite 

transformation impacts macroscale hydrogen embrittlement. The influence of this hydrogen 

release effect, based on the findings of the experiments conducted for this study, are discussed 

more in Chapter 12. 
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CHAPTER 10  

FRACTOGRAPHY OF TBF STEELS 

 

 

Each of the four TBF steels were tensile tested at a quasi-static strain rate 

(ε̇ = 3.3∙10-4 s-1) in the as-received condition and after 20, 30, and 45 minutes of hydrogen 

charging. All specimens were charged in 0.5 M H2SO4 with 0.1 mg∙L-1 As2O3 using 5 mA∙cm-2 

applied current density. Three specimens of each TBF steel were tested in each condition. This 

chapter presents the fractography results for these tensile specimens and discusses the impact of 

the results on our understanding of how hydrogen interacts with the microstructure to induce 

embrittlement. LOM was used to examine all fracture surfaces and separate them into categories 

with similar characteristics. The effects of these fracture characteristics on mechanical properties 

were also examined. FESEM was used to investigate the microscale fracture mode (microvoid 

coalescence (MVC), quasi-cleavage (QC), etc.) of various surface features on all specimens. 

X-ray CT scans were used to investigate the large secondary cracks in select specimens. EBSD 

was use to examine the microstructure surrounding microscale secondary cracks.  

 

10.1 LOM of Fracture Surfaces 

 

 Significant variation in fracture surface morphology was observed for the fractured 

specimens from the hydrogen-infused tensile tests conducted. It is believed these variations may 

be indicative of different fracture initiation and propagation modes which may influence the 

observed mechanical properties. Therefore, LOM was used to examine the fracture surfaces of 

the TBF steel tensile specimens. Particular attention was paid to the presence of fisheyes and the 

fracture surface surrounding them, as fisheyes are known fracture initiation sources.  

Seven fracture morphology categories, as shown in Figure 4.3, were developed based on 

certain common relationships between fisheyes, fracture perpendicular to the tensile axis, and 

shearing. Figure 10.1 reports the fracture morphology determined for each tensile specimen 

along with the charging condition and reduction in area measured for the specimen. Two of the 

categories, the cup and cone and fully sheared morphologies, are common forms of ductile 
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fracture. All the as-received specimens examined for the four TBF steels displayed this ductile 

fracture, with one TBF-0.5C-0.2Mn specimen shearing and all the others having cup and cone 

fracture. All other fracture surface categories contained fisheyes and various amounts of flat 

fracture surrounding the fisheyes. Larger areas of flat fracture surrounding fisheyes were 

believed to be associated with a more severe impact of hydrogen on fracture.  

The TBF-0.5C-0.2Mn steel, which had retained the most elongation, also showed the 

fewest fractographic signs of hydrogen related fracture. For the 20-minute charging condition, 

the fracture surfaces were indistinguishable from the as-received specimens. After 30 and 

45 minutes of hydrogen charging, some specimens still showed minimal evidence of hydrogen 

embrittlement, having fully sheared fracture surfaces or sheared surfaces with only small, 

solitary fisheyes. The other specimens showed intermediate levels of hydrogen influence on 

fracture, with local flat areas surrounding fisheyes. The TBF-0.2C-2.0Mn, TBF-0.3C-1.4Mn and 

TBF-0.4C-0.8Mn steels all showed significantly more alteration of their fracture surfaces due to 

hydrogen infusion. 

The TBF-0.3C-1.4Mn and TBF-0.4C-0.8Mn steels showed similar fracture surfaces for 

all but the longest charging time (45 minutes). After 20 minutes of charging, both steels included 

a mixture of specimens with either minimal or intermediate amounts of hydrogen effects. After 

30 minutes of charging, all specimens showed an intermediate level hydrogen influence, 

displaying fisheyes surrounded by local flat areas. After 45 minutes of charging, both steels 

showed more severe changes in fracture due to hydrogen, though with different morphologies. 

Two of the TBF-0.3C-1.4Mn steel, 45-minute specimens displayed large flat areas attached to 

fisheyes that extended across the center of the cross sections. The other TBF-0.3C-1.4Mn steel 

45-minute specimen still had intermediate levels of hydrogen effect. All three of the 45-minute 

TBF-0.4C-0.8Mn steel specimens exhibited flat fracture across the majority of the fracture 

surface, the most severe condition observed in the hydrogen charged specimens. 

 The TBF-0.2C-2.0Mn steel displayed significantly different fracture surface 

morphologies from the other steels. One specimen in the 20-minute charging condition did not 

display any macroscale signs of hydrogen effects on the fracture mode. All other specimens 

tested after 20, 30, and 45 minutes of hydrogen charging had fisheyes with large flat areas 

extending into the central region of the cross-section. Some specimens had fisheyes and flat 

regions on more than one plane of fracture.  



114 
 

  
(a) (b) 

  
(c) (d) 

(e) 

Figure 10.1 The reduction in area measured for each of the (a) TBF-0.2C-2.0Mn, 
(b) TBF-0.3C-1.4Mn, (c) TBF-0.4C-0.8Mn, and (d) TBF-0.5C-0.2Mn steel tensile 
specimens. The fracture surface morphology of each tensile specimen is identified 
with a symbol designated in (e). 
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10.2 Fisheye Effects on Macroscale Mechanical Properties 

 

The primary interest of this project was to understand the influence of various TBF 

microstructural components, such as austenite and martensite, on hydrogen embrittlement 

susceptibility. However, the inclusions present were clearly also having an effect, as evidenced 

by the fisheyes. It was considered that the influence of microstructure on hydrogen embrittlement 

susceptibility would still be discernable if the inclusions were uniformly distributed amongst all 

specimens and thus influencing all specimens similarly. However, the material used for this 

project was made in lab heats and had large inclusions randomly distributed throughout the 

material. As such, certain specimens contained large inclusions while others did not, resulting in 

some specimens having fisheyes on the fracture surface while others did not. The reduction in 

ductility observed in the hydrogen charged samples was highly variable, even for the same steel 

and charging condition. It was a concern that differences in the large inclusion population 

between specimens were responsible for this variation in observed properties. Therefore, an 

investigation was conducted to see if the presence of macroscopically visible fisheyes (associated 

with large inclusions) correlated strongly with reduction in ductility. 

 For each charging condition, the fracture surface morphology of each specimen was 

compared to the observed reduction in area, as shown in Figure 10.1. This comparison was done 

to determine whether any fracture surface morphology consistently had lower ductility than the 

others. The entire fracture surface morphology, rather than just the number or area of fisheyes, 

was compared, as it was believed the relative position of the fisheyes to one another affected the 

stress state experienced in the neck, resulting in the varying morphology. Potentially, these stress 

state effects also influence the observed ductility. Therefore, the morphologies of the fracture 

surfaces were compared as they may correlate to different stress states and therefore different 

ductilities.  

 Overall, the presence of fisheyes with only one attached flat area (either local or central) 

did not appear to consistently diminish the reduction in area for a particular specimen condition. 

The 20-minute charging condition of the TBF-0.2C-2.0Mn, TBF-0.3C-1.4Mn, and 

TBF-0.4C-0.8Mn steels, and the 30-minute and 45-minute charging conditions in the 

TBF-0.5C-0.2Mn steel, had a mixture of sheared specimens with few to no fisheyes and 

specimens with fisheyes and flat regions. The 20-minute charging sets of the TBF-0.3C-1.4Mn 
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and TBF-0.4C-0.8Mn steels had more ductility in the mostly sheared specimens than the 

specimens with fisheyes and flat regions. The 30-minute charging set of the TBF-0.5C-0.2Mn 

steel also showed more ductility in the mostly sheared specimen. However, the 20-minute 

charging set of the TBF-0.2C-2.0Mn steel and the 45-minute charging set of the 

TBF-0.5C-0.2Mn steel had sheared specimens with less ductility than specimens with fisheyes 

and flat areas. Also, the range of ductility observed for the 20-minute charging sets of the 

TBF-0.4C-0.8Mn steel and the 30-minute charging set of the TBF-0.5C-0.2Mn steel did not 

exceed the spread observed in the as-received specimens for each steel. The overlapping range of 

ductility of shear specimens and specimens with fisheyes and flat areas implies that the presence 

of fisheyes and their effects on cross-sectional area had no noticeable impact on observed 

ductility. 

 The only morphology that consistently had lower ductility (for a particular specimen 

condition) was the fracture surface with multiple fisheyes and multiple flat regions. The 

20-minute and 30-minute charging sets for the TBF-0.2C-2.0Mn steel had this morphology and 

those specimens were less ductile than the others in their data sets. However, this fracture surface 

morphology was also only displayed by three specimens and only in one steel. Also, in the 

20-minute charging condition, the ductility of the specimen with multiple flat areas was still 

similar to that of the sheared specimen. Overall, it appears this fracture morphology may have 

resulted in less observed ductility, but the limited number of observations should be recognized. 

 In summary, it appears the presence of large inclusions that cause fisheye fracture on the 

surface were not the controlling factor in observed macroscale ductility. Sheared specimens 

(with few to no fisheyes) had similar ductilities to those with fisheyes and the flat regions they 

initiated. Therefore, differences in other microstructural features between the steels can be 

correlated to the variation in observed susceptibility to hydrogen embrittlement. 

 

10.3 X-ray CT Scans of Necking Regions 

 

CT scans were conducted on one of the as-received specimens and one of the 45-minute 

hydrogen charged specimens for each TBF steel, as well as one of the TBF-0.2C-2.0Mn 

30-minute charged specimens that exhibited interesting fracture. The material within 5 mm of the 

fracture surface was evaluated in order to observe any secondary cracks in the necking region. 
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The as-received specimens examined had small amounts of voids (elongated in the rolling 

direction) in the region, but no evidence of secondary cracking.  

Edge cracks were found for all four TBF steels in the 45-minute charging condition. 

Some edge cracks are shown in Figure 10.2. The number, average depth, and maximum depth of 

the edge cracks is reported in Table 10.1. The TBF-0.5C-0.2Mn steel had fewer edge cracks than 

the others, which is not unexpected as it had the least amount of macroscale hydrogen 

embrittlement. The TBF-0.3C-1.4Mn and TBF-0.4C-0.8Mn steels, which were the most 

susceptible to hydrogen embrittlement according to the mechanical property results, displayed 

larger average and maximum observed crack depths.  

 

Table 10.1 The Number, Average Depth, and Maximum Observed Depth of Edge Cracks 
Detected Using X-ray CT Scans of the Necking Regions of Individual Specimens 
of All Four TBF Steels Tested After 45 Minutes of Hydrogen Charging. 

Specimen Number of Cracks Average Crack 
Depth (μm) 

Maximum Crack 
Depth (μm) 

TBF-0.2C-2.0Mn-45minute 18 30 ± 8 52 
TBF-0.3C-1.4Mn-45minute 11 42 ± 24 95 
TBF-0.4C-0.8Mn-45minute 22 46 ± 18 88 
TBF-0.5C-0.2Mn-45minute 5 32 ± 5 41 

 

Disc shaped cavities, indicative of fisheyes, were also found in all four steels. The 

30-minute and 45-minute TBF-0.2C-2.0Mn specimens had lines of these disc shaped cavities 

aligned parallel to the rolling direction (indicative of oxide stringers) that intersected the surface 

and are shown in Figure 6.1. In the other three steels, single, isolated fisheyes were observed. It 

should be noted that such lines of fisheye cavities were not unique to the TBF-0.2C-2.0Mn steel, 

as specimens of the other three steels (that were not X-ray CT scanned) displayed similar 

features aligned with the rolling direction that could be observed optically. The size of the disc 

shaped cavities did not exceed the diameter of the fisheyes observed on the surface, nor did any 

cracks (visible to the CT scan) extend asymmetrically from them. This implies the flat areas 

surrounding some fisheyes on the fracture surface were not also secondary cracks and occurred 

only during the final propagation of fracture across the fracture surface. 
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(a) (b) 

Figure 10.2 The X-ray CT scans of TBF-0.2C-2.0Mn steel specimens after hydrogen charging 
for (a) 30 minutes (displaying disc shaped cavities) and (b) 45 minutes (displaying 
disc shaped cavities and edge cracks) 

 

10.4 FESEM of Fracture Surface 

 

 FESEM was used to examine the fracture surface of each of the four TBF steels tensile 

specimens tested in the as-received condition and after 20, 30, and 45 minutes of hydrogen 

charging. Various features on the fracture surfaces were examined to determine the local mode 

of fracture. In particular, the prevalence of microvoid coalescence (MVC) and quasi-cleavage 

(QC) fracture was determined. Intergranular fracture was not observed on any specimen. 

Collection of such information provides insight into the initiation and propagation of cracks, 

leading to fracture.  

 The fracture surfaces of all the as-received tensile specimens displayed MVC exclusively, 

on both the sheared regions and the central flat regions. The fracture surfaces of all fisheyes and 

edge cracks were exclusively QC. FESEM inspection also showed that the macroscopically 

visible fisheyes corresponded to large inclusions, though small inclusions were also encircled by 

QC. The remainder of the fracture surface of the hydrogen infused tensile specimens consisted of 

regions of mixed QC/MVC and others of pure MVC. The coverage area and positioning of these 

mixed QC/MVC zones varied slightly between the steels. Examples of these various 

morphologies are shown in Figure 10.3. 
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(a) (b) 

 
(c) 

Figure 10.3 FESEM micrographs of (a) QC in a fisheye (b) mixed QC/MVC on sheared 
section and (c) mixed QC/MVC on macroscopically flat section. 

 

Quantification of the area coverage of the QC/MVC versus MVC regions was not 

conducted, due to the large fracture surface area and high magnification needed to distinguish 

QC. However, enough area of the surface was examined to get a relative sense of area coverage 
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between the TBF steels. The TBF-0.5C-0.2Mn steel displayed the least area coverage of mixed 

QC/MVC, with small patches present only in the 45-minute charging condition. The 

TBF-0.2C-2.0Mn, TBF-0.3C-2.0Mn, and TBF-0.4C-0.8Mn steels all displayed more mixed 

QC/MVC area coverage. For these three steels, small areas containing mixed QC/MVC were 

present even in the 20-minute charging condition. All three steels had significantly more area 

coverage of mixed QC/MVC regions in the 30-minute and 45-minute charging conditions, with 

the TBF-0.2C-2.0Mn steel qualitatively having more coverage. 

QC fracture seemed to be “randomly” distributed across the fracture surface. Areas of 

mixed QC/MVC were found sporadically on both macroscopically flat and sheared regions. The 

areas of mixed QC/MVC that occurred on sheared sections had patches of QC (perpendicular to 

the tensile axis) arranged in a step terrace separated by regions of angled MVC, as shown in 

Figure 10.3b. The QC/MVC areas on the macroscopically flat regions were not so flat on the 

microscale. QC patches (each perpendicular to the tensile axis) occurred on various planes and 

were connected by sheared MVC, shown in Figure 10.3c. Other sections of the macroscopically 

flat and sheared fracture surface were exclusively MVC. The presence of both mixed QC/MVC 

and pure MVC on both the flat and sheared sections of the fracture surface implied that, despite 

differences in macroscopic appearance, there was no clear difference in fracture mode between 

the flat or sheared areas of the surface. 

It should be noted that the TBF-0.2C-2.0Mn steel had much larger, continuous regions of 

mixed QC/MVC fracture on its flat sections than the other steels. Another interesting observation 

is that these large QC/MVC regions did not extend all the way to the edge of the fisheyes that 

shared the same plane. Figure 10.4 shows one such instance of MVC surrounding the QC of a 

fisheye, separating it from the large mixed QC/MVC region occupying the majority of the flat 

area attached to it.  

 

10.5 EBSD of Internal Microcracks 

 

The cross-sections of select tensile specimens of the four TBF steels (in the as-received 

and 45-minute charged condition) were inspected for internal microcracks after testing. The 

microstructure surrounding the microcracks was examined using EBSD in order to determine if a 

specific microstructural feature was responsible for crack initiation. In the as-received condition 
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after testing, voids were observed in MA constituent or at the MA/ferrite interface, but no 

secondary cracks were found. After hydrogen charging, microcracks were observed in all four of 

the TBF steels, all nearly perpendicular to the tensile axis. Example microcracks on EBSD phase 

maps are shown in Figure 10.5. A total of 19 microcracks were scanned using EBSD (at least 4 

for each TBF steel), all of which traversed MA constituent in the final microstructure. The 12 

smaller cracks were contained completely within MA or along its boundary, implying that the 

cracks initiated in MA constituent (presumably within the untempered martensite). It was not 

determined if microcracks nucleated preferentially within athermal or strain-induced martensite. 

Some microcracks also intersected the specimen surface, but still crossed MA constituent in the 

vicinity of the surface. 

 

Figure 10.4 LOM of the entire fracture surface of a TBF-0.2C-2.0Mn specimen with two large 
regions of continuous mixed QC/MVC fracture mode (outlined by the dotted 
white line) and fisheyes (outlined by the dotted black line) and an FESEM 
micrograph of the transition from the QC of the fisheye, to MVC surrounding it, 
to the mixed QC/MVC region.  
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Figure 10.5 Microcracks (outlined in white) from all four of the TBF steels and EBSD phase 
maps of the surrounding microstructure showing MA constituent (black), ferrite 
(red), and austenite (green. All cracks were oriented approximately perpendicular 
to the tensile axis. (color image – see PDF copy). 

 

10.6 Fracture Initiation in Hydrogen-Infused TBF Steels 

 

 Fracture surface features are often used to study the initiation and propagation of fracture. 

Secondary cracks can also be used to show which microstructural features are responsible for 

crack initiation. Based on the data collected concerning fracture surface features and secondary 

cracking, there appear to be at least two independent fracture initiation points, inclusions and 

MA constituent. 

 Inclusions are a well-known fracture initiation point in hydrogen charged steels. The QC 

fractures radiating out from inclusions on the fracture surfaces of fisheyes in this study, as shown 

in Figures 10.3a and 10.4, are indicative of fracture spreading out with the inclusion as its source. 

The disc-like cavities found by CT scans, as shown in Figure 10.2, are also indicative of 

inclusions initiating fracture. Such discs were of similar shape to the fisheyes present on the 

surface. Multiple discs were often aligned with each other in the rolling direction, suggesting 

they were associated with inclusion stringers and that several inclusions within the stringers 

nucleated cracks (similar to those of the fisheyes on the fracture surface) independently.  
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Untempered martensite is known to be the phase with the most hydrogen embrittlement 

susceptibility in steels. EBSD scans revealed secondary microcracks present within MA 

constituent in the final microstructure, as shown in Figure 10.5, indicating that either athermal 

martensite or strain-induced martensite had initiated cracking. These hydrogen-induced 

microcracks were approximately perpendicular to the tensile axis, similar to the small patches of 

QC found on the fracture surface that were not associated with inclusions. This perpendicularity 

suggests that martensite was responsible for nucleating the QC sections of fracture on the surface 

and that these QC patches were fracture initiation sites. The fact that QC patches separated by 

MVC were often in different planes along the tensile axis, as shown in Figure 10.3c, also 

suggests that fracture initiated at those positions rather than just propagating through the area 

CT scans also showed secondary cracks at specimen edges (often radiating from the 

corners as shown in Figure 10.2), suggesting cracks also initiated at these corners. It is possible 

these edge cracks were nucleated by martensite in the vicinity of the surface, as some 

microcracks did occur at the surface. The specimen corners would likely have higher local 

hydrogen concentrations than the bulk material, as hydrogen was infused from both surfaces. 

Microcracks near the corners may have extended into these larger edge cracks due to the higher 

local hydrogen concentration. However, EBSD scans to investigate the microstructure around 

microcracks was conducted near the center width of the tensile specimens, so the relationship of 

edge cracks with microstructure was not investigated directly.  

The stress state necessary to initiate cracks at either inclusions or martensite was not 

expressly investigated. Qualitatively, there seemed to be more microcracks and disc-shaped 

cavities closer to the fracture surface, implying the increased tensile stress within the neck, and 

potentially also the triaxial stress state, resulted in more crack initiation. Presumably the large 

flat regions of mixed QC/MVC (as occurred in the TBF-0.2C-2.0Mn and TBF-0.4C-0.8Mn 

steels) correspond to a combination of hydrogen concentration and stress states that triggered 

crack nucleation rapidly. However, a more in depth understanding of the internal stress state of 

the neck would be needed to understand this behavior more deeply. It may also be that fracture in 

martensite is dependent upon the stress necessary to cause TRIP of the austenite, thus increasing 

the martensite volume fraction available to be embrittled and initiate cracks.  

Overall, it can be stated with certainty that inclusions and martensite were the primary 

initiation sources for fracture in all four of the hydrogen infused TBF steels. Edges and corners 
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of specimens were also sources for fracture, though the microstructural component responsible 

for crack nucleation in these areas was not determined.  

 

10.7 Fracture Propagation in Hydrogen-Infused TBF Steels 

 

 The path of fracture propagation between the crack initiation sources was not clearly 

defined based on the investigations conducted. It appeared that MVC was the mode of fracture 

propagation, as it connected the QC regions, believed to be initiation sources, together. Beyond 

this it is unclear from where the crack spread or how it spread across the surface. It was 

hypothesized that the flat regions of the fracture that contained mixed QC/MVC may have 

formed first. However, the investigation of secondary cracking did not observe any areas similar 

to the macroscopically flat fracture (extension or connection of microcracks or fisheye cracks 

with MVC), so it could not be confirmed which areas form first. The only thing that can be stated 

with certainty is that QC fracture occurred first, and then these regions were connected by MVC 

spreading from one or more of the initiation sources.  

 

10.8 Microstructural Effects on Macroscale Hydrogen Embrittlement Susceptibility 

 

The influence of hydrogen on macroscopic mechanical properties is rooted in its effects 

on the initiation and propagation of fracture on the microscale. Inclusion interfaces, athermal 

martensite, and strain-induced martensite were all found to initiate microcracks in these TBF 

steels. Microcracks act as initiation points for voids or quasi-cleavage, resulting in reduced 

macroscale ductility [78]. The TBF-0.5C-0.2Mn steel had lower volume fractions of inclusions, 

MA constituent, and austenite (and consequently strain-induced martensite) than the other three 

TBF steels and was found to have superior retention of ductility, even at similar bulk hydrogen 

concentrations. A lower number of microcrack initiation sources was most likely responsible for 

the enhanced resistance to hydrogen embrittlement susceptibility observed in the 

TBF-0.5C-0.2Mn steel. Additionally, the TBF-0.5C-0.2Mn steel had an uneven distribution of 

secondary phases, as shown in Figure 8.5. The greater spacing of secondary phase also 

potentially improved ductility by making it more difficult to link microcracks to form the 

macroscopic fracture surface. A study by Ronevich similarly associated increased metastable 
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austenite volume fraction to increased susceptibility to hydrogen embrittlement in TRIP780 

(higher austenite) and TRIP980 (lower austenite) steels, due to the increased presence of 

(untempered) martensite from transformation during deformation [101]. 
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CHAPTER 11 

 STRAIN RATE EFFECTS ON MICROCRACK INITIATION AND PROPAGATION 

 

 

 The TBF-0.3C-1.4Mn and DP-0.2C-2.0Mn steels were tensile tested over a wide range of 

strain rates in the as-received condition and in one hydrogen-infused condition in order to 

investigate the influence of strain rate on hydrogen-induced microcrack initiation. The 

hydrogen-infused samples were charged for 45 minutes in 0.5M H2SO4 with 0.3mg∙L-1 As2O3 

and an applied current density of 0.5 mA∙cm-2. Tensile tests were conducted at 

ε̇ = 10-2, 10-3, 10-4, and 10-5 s-1, with at least two specimens tested for each steel at each strain 

rate in both the as-received and hydrogen-infused conditions. The microcrack populations were 

then quantified for every specimen at the most extreme reduction in area (directly behind the 

fracture surface). For the hydrogen-infused specimens tested at ε̇ = 10-2 and 10-4 s-1, the 

microcrack population was also quantified further from the fracture surface (at smaller local 

reductions in area). 

In general, the hydrogen embrittlement susceptibility of steels decreases with increasing 

strain rate. This is because faster deformation results in less hydrogen mobility, and consequently 

less hydrogen accumulation and subsequent embrittlement. Differences in microcrack population 

between higher and lower strain rates provided insight into how hydrogen redistribution 

influences microcrack initiation and propagation. In this study, the number of microcracks was 

used to compare crack initiation behavior, and microcrack length distribution was used to 

understand differences in crack growth rates. Additionally, the distribution of microcracks across 

the through-thickness cross-section was evaluated to understand the possible influences of 

localized necking on microcrack initiation. 

 

11.1 Microcrack Population in the As-Received Specimens 

 

 Tensile tests were conducted on both the TBF-0.3C-1.4Mn and DP-0.2C-2.0Mn steels in 

the as-received condition (without hydrogen infusion) at ε̇ = 10-2, 10-3, 10-4, and 10-5 s-1. The 

as-received specimens had many voids and shear cracks (≈ 45˚ to the tensile axis), but few to no 
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high angle cracks (≥ 60˚ from the tensile axis), for all four strain rates tested. The absence of 

high angle cracks in the as-received specimens shows that the high angle cracks present in the 

hydrogen-infused specimens were induced by hydrogen. 

 

11.2 TBF-0.3C-1.4Mn and DP-0.3C-1.4Mn Steel Microcrack Initiation Sites 

 

 From literature review, it is known that untempered martensite is the most susceptible 

phase to hydrogen embrittlement susceptibility in steels. EBSD analysis conducted on 

microcracks in the quasi-static strain rate specimens found microcracks to initiate within or at the 

boundary of MA constituent. As such, untempered martensite was expected to be the main crack 

initiation source for both the TBF-0.3C-1.4Mn and DP-0.3C-1.4Mn steels tested at 

ε̇ = 10-2, 10-3, 10-4, and 10-5 s-1.  

EBSD analysis was not conducted on any microcracks from the ε̇ = 10-2, 10-3, 10-4, 

or 10-5 s-1 specimens. However, the final polishing step resulted in a slight etch, revealing grain 

and lath boundaries. At high magnification, the internal lath structure of the MA constituent 

could be partially resolved, allowing it to be distinguished from the surrounding ferrite and/or 

austenite. The majority of the FESEM microcrack investigation was conducted at only 4000x 

magnification, not high enough to easily distinguish martensite from the other phases. However, 

high magnification micrographs were taken of select microcracks in order to determine the 

microstructural features at which the cracks originated.  

Figure 11.1 shows some of the high magnification micrographs of microcracks within the 

TBF-0.3C-1.4Mn steel at ε̇ = 10-2, 10-3, 10-4, and 10-5 s-1. In the hydrogen-infused specimens, all 

microcracks examined at high magnification were found to either cross or run along the 

boundary of the darker etched phase with internal lath structure (the MA constituent). Many 

specimens had microcracks contained entirely within the MA constituent. Other microcracks, 

like those shown in Figure 11.1a and d, had a noticeable decrease in width when crossing from 

the MA constituent into adjacent ferrite, implying the cracks originated in the MA and later 

extended into the ferrite. All this evidence implies that such microcracks did originate within the 

MA constituent or at its boundary, as expected.  
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(a) (b) 

(c) (d) 

Figure 11.1 High magnification FESEM micrographs of microcracks in hydrogen-infused 
TBF-0.3C-1.4Mn steel tensile specimens tested at ε̇ = (a) 10-2, (b) 10-3, (c) 10-4, 
and (d) 10-5 s-1. In these micrographs, the slightly darker etch is MA, and the 
lighter etch is ferrite or austenite. White dotted lines mark the edge of MA 
constituent in the vicinity of microcracks. For all micrographs the tensile axis is 
oriented horizontally. 

 

Figure 11.2 shows some of the high magnification micrographs of microcracks within the 

DP-0.2C-2.0Mn steel at ε̇ = 10-2, 10-3, 10-4, and 10-5 s-1. Once again, all microcracks examined at 

high magnification were found to either cross or run along the boundary of the darker etched 

phase with internal lath structure (untempered martensite). Crack positions suggest that such 

microcracks did originate within the untempered martensite or at its boundary, as expected.  
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(a) (b) (c) 

 
(d) 

Figure 11.2 High magnification FESEM micrographs of microcracks in hydrogen-infused 
DP-0.2C-2.0Mn steel tensile specimens tested at ε̇ = (a) 10-2, (b) 10-3, (c) 10-5, and 
(d) 10-4 s-1. In these micrographs, the slightly darker etch with more surface 
texture is untempered martensite, and the lighter etch is ferrite/tempered 
martensite. White dotted lines mark the edge of MA constituent in the vicinity of 
microcracks. For all micrographs the tensile axis is oriented horizontally. 

 

11.3 TBF-0.3C-1.4Mn Steel Microcrack Population 

 

The microcrack populations were quantified (including total number and length 

measurements of cracks) for every specimen directly behind the fracture surface. The microcrack 

populations for specimens tested at ε̇ = 10-2 and 10-4 s-1 were also measured at various distances 

behind the fracture surface. The microcrack populations were compared based on the local 

reduction in area. Along with mechanisms influencing the general behavior of ferritic steels, the 

local stress/strain state influences microcrack initiation by inducing the austenite-to-martensite 
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transformation and activating hydrogen embrittlement mechanisms. The local stress state can 

also influence crack propagation through its effects on the stress/strain state at the crack tip and 

hydrogen diffusion. Therefore, to truly compare the propensity of this steel to nucleate and grow 

microcracks at differing strain rates, the local stress/strain state must be considered. In this 

section, the local reduction in area and the deformation within the localized neck are considered 

while comparing the microcrack populations between specimens. 

Figures 11.3 and 11.4 show the number of microcracks and the average length of 

microcracks, respectively, versus the local reduction in area for each analysis. It should be noted 

that, for many specimens, the maximum reduction in area was not measured at the fracture 

surface. The data points from scans conducted adjacent to the fracture surface are separated from 

those taken further back in the sample due to the effects of localized necking near the fracture 

surface. 

 

  
(a) (b) 

Figure 11.3 The total number of microcracks plotted versus local reduction in area measured 
for each of the TBF-0.3C-1.4Mn steel hydrogen-infused tensile specimen (a) near 
the fracture surface and (b) behind the fracture surface. Data points contained 
within the dotted ovals are from the uniform gauge length while those outside are 
within the neck.  
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(a) (b) 

Figure 11.4 The average length of microcracks plotted versus local reduction in area measured 
for each of the TBF-0.3C-1.4Mn steel hydrogen-infused tensile specimen (a) near 
the fracture surface and (b) behind the fracture surface. Points contained within 
the dotted ovals are from the uniform gauge length while those outside are within 
the neck. 

 

It should be noted that the slowest strain rate specimens (ε̇ = 10-5 s-1) were shown in 

figures, but not included in the analysis due to the high degree of scatter associate with the 

microcrack measurements. Slow strain rate tests took between 1.5-2 hours to complete. The 

greater duration of the tests may have been enough time for significant amounts of hydrogen 

evacuation from the surface to occur. Therefore, the lower average crack size and number of 

microcracks for this strain rate may partially be due to a lower total hydrogen concentration at 

the time of failure. 

 

11.3.1 Strain Rate Effects on Microcrack Initiation and Propagation 

 

Considering the local reduction in area, it appears from the number and length of cracks 

in Figures 11.3 and 11.4, the highest strain rate (ε̇ = 10-2 s-1) specimens may have a lower 

propensity to initiate and grow microcracks than the two intermediate strain rates (ε̇ = 10-3 and 

10-4 s-1). The measured range of reduction in area (RA) for the ε̇ = 10-2 and 10-3 s-1 specimens 

overlapped between 12 and 20 pct RA, meaning they could be directly compared. Within this 
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range, the ε̇ = 10-3 s-1 specimens consistently had a greater average crack length, implying the 

conditions for crack propagation were more favorable at the slower strain rate. The total number 

of microcracks was, on average, also greater in the ε̇ = 10-3 s-1 specimens than the ε̇ = 10-2 s-1 

specimens, implying the slower strain rate may have also had a slightly greater propensity to 

nucleate cracks, though there was overlap between the two ranges.  

The ε̇ = 10-2 and 10-4 s-1 specimens did not have overlapping ranges for reductions in area 

near the fracture surface. However, the ε̇ = 10-4 s-1 specimens had similar numbers of 

microcracks to the ε̇ = 10-2 s-1 specimens despite significantly less local reduction in area, 

indicating there was a greater propensity to nucleate microcracks at the slower strain rate 

(ε̇ = 10-4 s-1). For the measurements taken further from the fracture surface, there was overlap 

from 7.5 to 10 pct RA, allowing the ε̇ = 10-2 and 10-4 s-1 specimens to be directly compared. 

Withing this range, the ε̇ = 10-4 s-1 specimens clearly had a higher number of microcracks than 

the ε̇ = 10-2 s-1 specimens, suggesting again that the slower strain rate was associated with a 

greater propensity to nucleate microcracks. Additionally, the average crack length within this 

range was also greater for the ε̇ = 10-4 s-1 specimens, suggesting the slower strain rate may be 

better for crack propagation as well. 

These results indicate that the observed hydrogen embrittlement effects in these steels 

were sensitive to strain rate. These strain rate effects imply the enhanced mobility of hydrogen 

due to decreasing strain rate played a significant role in microcrack initiation and propagation 

and ultimately failure. However, significant microcracking was still observed in the high strain 

rate (ε̇ = 10-2 s-1) specimens despite the very short duration of the test (< 14 s) and therefore 

minimal opportunity for hydrogen redistribution. The implications of this behavior on our 

understanding of the interaction of hydrogen with microstructure to induce failure will be 

discussed in Chapter 12. 

 

11.3.2 Localized Necking Effects on Microcrack Initiation and Propagation 

 

The microcrack populations of the ε̇ = 10-2 and 10-4 s-1 specimens were evaluated 

adjacent to the fracture surface and at various distances behind the fracture surface. It was 

noticed that the number of microcracks near the fracture surface was significantly higher than 

behind, even if there was only a small difference in reduction in area. It was evident from many 
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of the through-thickness cross-sections that a significant amount of localized necking occurred, 

as shown in Figure 11.5. It is typical for plane strain conditions to develop within localized necks 

due to the constraint of the material outside the neck [102, 103]. However, the material is not as 

constrained near the surface, resulting in local plane stress conditions that allows a higher degree 

of strain in the width direction near the surface. It was believed this local ductility may influence 

the microcrack population. Therefore, the effects of localized necking on microcrack initiation 

and propagation were evaluated.  

  

  
Figure 11.5 The through-thickness cross-sections of hydrogen-infused TBF-0.3C-1.4Mn steel 

tensile specimens that exhibited localized necking close to the fracture surface. 
 

The distribution of microcrack across the thickness of the specimens was evaluated. The 

microcrack analysis scans had been conducted perpendicular to the tensile axis while the fracture 

surfaces of sheared specimens were at an angle. Therefore, one side of the scan was at the edge 

near the fracture surface (presumably where localized necking was greater) but passed through 

material with progressively less local deformation as it moved away from the edge, as shown in 

Figure 11.6d. The distribution of cracks across the through-thickness cross-section for all 

specimens with sheared fracture surfaces is shown in Figure 11.6a. For all three strain rates, there 

was a clear decrease in the number of microcracks moving from the edge (nearest to the fracture 

surface) towards the center-thickness of the specimens. Additionally, there was another increase 

in the number of microcracks moving from the mid-thickness to the far edge, though much  
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(a) (b) 

  
(c) (d) 

Figure 11.6 The distribution of the (a) total number of cracks, (b) average length of cracks, 
and (c) number of large cracks (>1.0μm) across (d) the through-thickness 
cross-section near the fracture surface for hydrogen-infused TBF-0.3C-1.4Mn 
tensile tests with sheared fracture surfaces conducted at ε̇ = 10-2, 10-3, and 10-4 s-1. 
For each scan, “zero fractional distance from edge” represents the scan edge 
which is closer to the fracture surface. 
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smaller. The greater number of microcracks near the surfaces suggests the increased plasticity 

near the surface within the localized neck resulted in additional nucleation of microcracks, 

though proximity to the fracture surface resulted in an even larger increase in microcrack 

initiation. 

 The length of the microcracks relative to the distance from the edge within the localized 

neck was also evaluated. Figure 11.6b shows the average crack length plotted versus position. 

For the ε̇ = 10-2 and 10-4 s-1 specimens, there was only a slight decrease in average crack length 

moving from the edge closest to the fracture surface towards the mid-thickness. The greater 

average crack length near the surface provided some confirmation that localized necking resulted 

in increased crack propagation. The ε̇ = 10-3 s-1 specimens showed no clear change in average 

crack length across the specimen. The distribution of large cracks (>1.0 μm) was also determined 

and is shown in Figure 11.6c. The distribution of these larger cracks was very similar to that of 

the total number of cracks, with peaks close to the edges where strain within the localized 

necking should be greatest. The greater number of large cracks near the surface is a better 

indication that the local stress/strain conditions induced crack propagation. Based on this 

investigation, it is likely the increased strain in the surface material of the localized neck 

enhanced propagation of cracks already present at the time of its formation, and nucleated 

additional cracks. 

 

11.4 DP-0.2C-2.0Mn Steel Microcrack Population 

 

It should be noted that one of the ε̇ = 10-2 s-1 specimens was omitted from microcrack 

analysis due to the presence of a large line of blisters. These large cracks were from 30 to 

130 μm in length. The microcrack population measured for this cross-section was less than a 

tenth of the population of the other specimens tested at ε̇ = 10-2 s-1. It was therefore believed the 

large oxides responsible for the large secondary cracks altered either the distribution of hydrogen 

or the stress state in the surrounding microstructure and therefore the microcrack population. 

Appendix E shows the large secondary cracks and the microcrack population for this specimen. 

The microcrack populations were quantified (including total number and length 

measurements of cracks) for every DP-0.2C-2.0Mn specimen directly behind the fracture 

surface. The microcrack populations for specimens tested at ε̇ = 10-2 and 10-4 s-1 were also 
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measured at both 1.0 mm and 6.0 mm behind the fracture surface, within the neck and uniform 

gauge sections, respectively. The microcrack populations were compared based on the local 

reduction in area, as hydrogen induced microcrack initiation is dependent on both the local 

concentration of hydrogen and the local stress/strain state. Figures 11.7 and 11.8 show the local 

reduction in area for each of the total-microcrack and average-microcrack-length measurements. 

 

  
(a) (b) 

Figure 11.7 The total number of microcracks plotted versus local reduction in area measured 
for each of the DP-0.2C-2.0Mn steel hydrogen-infused tensile specimen (a) near 
the fracture surface and (b) behind the fracture surface.  

 

11.4.1 Strain Rate Effects on Microcrack Initiation and Propagation 

 

Based on the analysis conducted, there does not appear to be a clear influence of strain 

rate on hydrogen-induced microcrack initiation or propagation in the DP-0.2C-2.0Mn steel for 

the experimental conditions used. The measurements of the ε̇ = 10-3, 10-4, and 10-5 s-1 specimens 

adjacent to the fracture surface overlapped between 7.5 and 20 pct RA. Within that range, there 

was a wide spread of the total number of measured cracks (≈ 200-450) that did not seem to 

increase with increasing strain rate. The ε̇ = 10-3 s-1 specimens had, on average, more 

microcracks, but the large degree of uncertainty and overlap between the populations made 

determining any true differences between the populations difficult. The ε̇ = 10-2 s-1 specimens 
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had more RA adjacent to the fracture surface than the specimens tested at other strain rates. 

Despite this, the measured numbers of microcracks near the fracture surface in the ε̇ = 10-2 s-1 

specimens were similar to those measured for the ε̇ = 10-3, 10-4, and 10-5 s-1 specimens. There 

was also very little variation in the average crack length (less than 0.15 μm difference), between 

the ε̇ = 10-3 s-1, ε̇ = 10-2 s-1, and ε̇ = 10-4 s-1 specimens. This similarity in microcrack population 

implies that decreasing strain rates, and the increased time for hydrogen redistribution, does not 

promote significantly more microcrack initiation or propagation in the DP-0.2C-2.0Mn steel. 

 

  
(a) (b) 

Figure 11.8 The average length of microcracks plotted versus local reduction in area measured 
for each of the DP-0.2C-2.0Mn steel hydrogen-infused tensile specimens (a) near 
the fracture surface and (b) behind the fracture surface.  

 

 Comparison of the ε̇ = 10-2 and 10-4 s-1 specimens further from the fracture surface did 

not reveal any significant differences between the microcrack populations at the two strain rates. 

The total number and average length of microcracks for the ε̇ = 10-2 s-1 specimens at around 

19 pct RA were greater, but overlapping with those of the ε̇ = 10-4 s-1 specimens at around 16 pct 

RA. For 5 to 15 pct reduction in area the total number of microcracks and average crack size for 

the two strain rates was overlapping and very similar. Thus, from the data collected there is no 

discernable difference in the microcrack population away from the fracture surface between the 

ε̇ = 10-2 and 10-4 s-1 specimens. 
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These results show the hydrogen effects in the DP-0.2C-2.0Mn steel were not very 

sensitive to strain rate. Additionally, large microcrack populations were observed in the high 

strain rate (ε̇ = 10-2 s-1) specimens despite the very short duration of the test (< 16 s) and 

therefore minimal opportunity for hydrogen redistribution. The results imply the enhanced 

mobility of hydrogen due to decreasing strain rate was not primarily responsible for microcrack 

initiation or propagation. The implications of this behavior on our understanding of the 

interaction of hydrogen with microstructure to induce failure will be discussed in Chapter 12. 

 

11.4.2 Localized Necking Effects on Microcrack Initiation and Propagation 

 

It was evident from many of the through-thickness cross-sections that the 

DP-0.2C-2.0Mn specimens also had localized necking, as shown in Figure 11.9. However, the 

differences in the microcrack populations near to versus away from the fracture surface were not 

as different as those for the TBF-0.3C-1.4Mn steel. Figure 11.10 shows the distribution of the 

total number of cracks and average crack length across the through-thickness cross-section near 

the fracture surface of all hydrogen-infused DP-0.2C-2.0Mn steel specimens with sheared 

fracture surfaces. As shown, there was no clear change in the number or length of cracks 

between the surface and central region of the specimens. As such, the stress/strain conditions 

within the localized neck appeared to have less of an impact on microcrack population in the 

DP-0.2C-2.0Mn steel than the TBF-0.3C-1.4Mn steel. 

 

11.5 Comparison of TBF-0.3C-1.4Mn and DP-0.2C-2.0Mn Steel Microcrack Populations 

 

  Differences in microcrack population between the TBF-0.3C-1.4Mn and DP-0.2C-2.0Mn 

steels are indicative of how hydrogen interacts with secondary phase austenite versus 

untempered martensite to induce failure. Figure 11.11 shows the total number of microcracks 

and the average length of microcracks plotted against the local reduction in area for the 

hydrogen-infused TBF-0.3C-1.4Mn and DP-0.2C-2.0Mn steels tested at all four strain rates. 

Though there is a small amount of overlap between the populations, it is clear that the 

DP-0.2C-2.0Mn steel had a much larger population of cracks, but that the cracks in the 

TBF-0.3C-1.4Mn steel averaged a greater length. 
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Figure 11.9 The through-thickness cross-sections of hydrogen-infused TBF-0.3C-1.4Mn steel 

tensile specimens that exhibited localized necking close to the fracture surface. 
 

  
(a) (b) 

Figure 11.10 The distribution of the (a) total number of cracks and (b) average length of cracks, 
across the through-thickness cross-section (perpendicular to the tensile axis) near 
the fracture surface for hydrogen-infused DP-0.2C-2.0Mn tensile tests with 
sheared fracture surfaces conducted at ε̇ = 10-2, 10-3, and 10-4 s-1. For each scan, 
“zero fractional distance from edge” represents the side of the scan which is 
closer to the fracture surface. 
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(a) (b) 

Figure 11.11 The (a) total number of microcracks and (b) average length of microcracks plotted 
versus the local reduction in area for each of the hydrogen-infused, 
TBF-0.3C-1.4Mn and DP-0.2C-2.0Mn steel specimens. 

 

11.5.1 Secondary Phase Impact on Microcrack Initiation and Growth 

 

 The larger number of microcracks within the DP-0.2C-2.0Mn relative to the 

TBF-0.3C-1.4Mn steel is evidence that untempered martensite promoted microcrack initiation. 

Within the TBF-0.3C-1.4Mn steel, austenite transformed into untempered martensite during 

deformation. However, EBSD of microcracks near the fracture surface, as shown in Figure 10.5, 

shows austenite remaining in the TBF steel after fracture, meaning austenite was not fully 

transformed during deformation. As such, the DP-0.2C-2.0Mn steel consistently had a greater 

number of microcrack initiation sites in the form of untempered martensite colonies, and 

therefore had a greater number of microcracks. Therefore, in TBF steels the correlation of 

increasing hydrogen embrittlement susceptibility with austenite volume fraction is due to more 

TRIP and formation of untempered martensite due to the austenite.  
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The greater crack length in the TBF-0.3C-1.4Mn steel, relative to the DP-0.2C-2.0Mn 

steel, may have been due to the greater hydrogen concentrations present in austenite relative to 

untempered martensite. Austenite in known to be a stronger hydrogen trap than untempered 

martensite. Discussion in Chapter 9 also hypothesized that austenite in the TBF-0.3C-1.4Mn 

steel can store and retain hydrogen more readily than the untempered martensite in the 

DP-0.2C-2.0Mn steel. Therefore, it is likely that the microcracks nucleated in strain-induced 

martensite had a higher hydrogen concentration in their immediate environment and were 

therefore able to propagate more readily. Chapter 12 explores further the possibility of enhanced 

crack propagation due to TRIP-release of hydrogen more extensively.  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 



142 
 

 

CHAPTER 12 

 HYDROGEN/MICROSTRUCTURE INTERACTION EFFECTS ON  

MICROCRACK INITIATION AND PROPAGATION 

 

 

 Tensile testing of hydrogen-infused TBF-0.3C-1.4Mn and DP-0.2C-2.0Mn steel 

specimens was conducted over a wide range of strain rates (ε̇ = 10-2-10-5 s-1) in order to 

investigate the effects of hydrogen redistribution on microcrack initiation and propagation. 

Decreasing strain rate results in decreased mobility of hydrogen during the course of the test, as 

there is less time for hydrogen to diffuse. This section discusses how the changes in 

microcracking behavior with strain rate inform our understanding of hydrogen distribution 

between the matrix and secondary phases during deformation. 

 

12.1 Microcrack Initiation due to Supersaturated Strain-Induced Martensite 

 

 The initial microcrack investigation conducted on the TBF steels tested at a quasi-static 

strain rate (ε̇ = 3.3∙10-4 s-1) revealed that microcracks initiated within MA constituent (as shown 

in Figure 10.5), but not how hydrogen interacted with the microstructure to cause these cracks. 

Hydrogen absorption and microstructural analyses, presented in Chapters 8, found that austenite 

preferentially stored hydrogen and had the dominant influence on the bulk hydrogen 

concentration within the TBF steel. Typically, hydrogen accumulation to induce hydrogen 

embrittlement mechanisms is caused by dislocation sweep or diffusion up strain gradients to 

points of high hydrostatic stress [8, 17, 23, 46, 47, 51-57, 59, 63]. It is hypothesized that 

strain-induced martensite could inherit the high hydrogen concentration from parent austenite 

and be embrittled without any hydrogen redistribution during deformation. However, it is also 

possible that hydrogen could be removed from austenite (potentially after TRIP) and 

redistributed to induce embrittlement. The data collected concerning strain rate effects on 

microcrack initiation (over a wider range of strain rates ε̇ = 10-2 - 10-5 s-1) helped answer this 

question. 
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The high strain rate tensile tests (ε̇ = 10-2 s-1) for the TBF-0.3C-1.4Mn steel had 

significant amounts of microcracking, as discussed in section 11.3, despite the very limited time 

for hydrogen redistribution. Microcrack initiation at high strain rates indicates that the hydrogen 

distribution prior to deformation was already sufficient to activate hydrogen embrittlement 

mechanisms. In the TBF-0.3C-1.4Mn steel, the majority of hydrogen was determined to reside 

within the austenite, as discussed in sections 8.3.1 and 9.3.1. The microcracks within MA 

constituent of the TBF-0.3C-1.4Mn steel therefore suggested that the hydrogen stored within 

parent austenite can induce microcracking within strain-induced martensite.   

However, microcracking of the TBF-0.3C-1.4Mn steel became more severe with 

decreasing strain rate, as discussed in section 11.3. At ε̇ = 10-3 s-1, relative to ε̇ = 10-2 s-1, there 

was an increase in both the total number of microcracks and the average crack length for similar 

reductions in area. For the ε̇ = 10-4 s-1 specimens, microcracks were found to initiate more 

frequently at lower reductions in area compared to the ε̇ = 10-2 s-1 specimens. This increased 

microcrack initiation and propagation indicates that hydrogen redistribution during deformation 

was also having a significant impact in the microcracking behavior. As such, 

supersaturation-induced microcracking was not solely responsible for hydrogen embrittlement in 

the TBF steels.  

 

12.2 Microcrack Initiation within Athermal Martensite 

 

It was hypothesized initially that athermal martensite in TBF steels may not be a source 

for microcrack initiation, as it did not inherit a high internal hydrogen concentration from parent 

austenite like strain-induced martensite. However, the microcracking in the DP-0.2C-2.0Mn steel 

tested at the highest strain rate (ε̇ = 10-2 s-1) indicates that untempered martensite can accumulate 

enough hydrogen to nucleate internal microcracks without the influence of parent austenite or 

hydrogen redistribution during deformation. As such, it is likely that athermal martensite within 

TBF steels is also capable of microcrack initiation.  

However, the majority of microcracks within TBF steel are still expected to initiate 

preferentially within strain-induced martensite (if TRIP has occurred). The austenite and 

martensite within TBF steels compete for hydrogen. As austenite is the stronger trap, the 

hydrogen concentration within austenite is expected to be greater than that of athermal 
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martensite. Consequently, strain-induced martensite is expected to consistently have a greater 

hydrogen concentration and nucleate more cracks than athermal martensite.  

 

12.3 TRIP-Induced Hydrogen Release 

 

As discussed in section 9.3, the DP-0.2C-2.0Mn steel was expected to consistently have a 

higher hydrogen concentration within the ferrite than the TBF-0.3C-1.4Mn steel due to the 

greater binding energy of hydrogen in austenite present in the TRIP steel. As TRIP occurs during 

deformation in TBF-0.3C-1.4Mn steel, the hydrogen concentration within ferrite was expected to 

increase due to the decreasing austenite and increasing martensite volume fractions. It should be 

noted that not all austenite in the TBF-0.3C-1.4Mn steel transforms during deformation. 

Therefore, the diffusible hydrogen concentration within the ferrite of the TBF-0.3C-1.4Mn steel 

was expected to remain less than that of the DP-0.2C-2.0Mn steel due to the continued presence 

and greater hydrogen trapping capacity of austenite. Higher hydrogen concentration within 

ferrite is expected to result in a greater strain rate sensitivity, as there is more time for hydrogen 

to redistribute, accumulate, and activate hydrogen embrittlement mechanisms elsewhere in the 

system. Therefore, the DP-0.2C-2.0Mn steel was expected to have a greater strain rate sensitivity 

than the TBF-0.3C-1.4Mn steel.  

However, the TBF-0.3C-1.4Mn steel was found to be more strain rate sensitive than the 

DP-0.2C-2.0Mn steel. As discussed in section 11.3, there was a significant increase in the 

propensity to initiate microcracks with decreasing strain rate for the TBF-0.3C-1.4Mn steel. The 

DP-0.2C-2.0Mn steel had no clear trend between strain rate and microcrack initiation or 

propagation, indicating that the TBF-0.3C-1.4Mn steel had a greater diffusible hydrogen 

concentration within ferrite.  

It was then hypothesized that the greater strain rate sensitivity of the TBF-0.3C-1.4Mn steel was 

due to a significant release of hydrogen into ferrite after TRIP, as shown in Figure 12.1. 

Austenite is expected to have a greater hydrogen concentration than untempered martensite due 

to the greater binding energy of hydrogen in austenite. Therefore, strain-induced martensite 

would have a higher initial hydrogen concentration than athermal martensite in the DP steel. A 

greater hydrogen concentration within martensite would result in a greater hydrogen 

concentration within surrounding ferrite, as hydrogen partitions between traps and the matrix 



145 
 

lattice [25]. It is also possible the strain-induced martensite was supersaturated with hydrogen, 

resulting in an immediate release of hydrogen upon transformation. The hydrogen released into 

ferrite would be able to assist in microcrack growth through the ferrite. The released hydrogen 

could also be absorbed into untransformed austenite particles or martensite that was not saturated 

with hydrogen. The resulting increase in hydrogen concentration would in turn increase the 

probability of microcrack initiation if/when these austenite regions transform later. 

 Analysis of the microcrack length supported this supersaturation-induced, 

hydrogen-release hypothesis. As discussed in section 11.5, the TBF-0.3C-1.4Mn steel 

consistently had a greater average crack length than the DP-0.2C-2.0Mn steel. As the size and 

morphology of the austenite particles in the TBF-0.3C-1.4Mn steel and the untempered 

martensite colonies in the DP-0.2C-2.0Mn steel were similar, the greater length of the 

TBF-0.3C-1.4Mn steel microcracks was due to more extension of cracks into the surrounding 

ferrite. Qualitatively, microcracks in the TBF-0.3C-1.4Mn steel appeared to extend into the 

surrounding ferrite more often than microcracks in the DP-0.2C-2.0Mn steel. Figure 12.1 depicts 

how hydrogen release due to TRIP could result in enhanced microcrack propagation through 

ferrite. A microcrack that passes the martensite/ferrite interface into the ferrite requires hydrogen 

from within the ferrite to accumulate at the crack tip in order to continue propagating. Hydrogen 

release, after TRIP has occurred, would result in a greater hydrogen concentration in the adjacent 

ferrite, ready to assist in crack growth. Hydrogen released from other austenite-to-martensite 

transformations in the vicinity (that did not nucleate microcracks) could also increase local 

hydrogen concentration. As such, the greater propensity for crack extension in the 

TBF-0.3C-1.4Mn steel, relative to the DP-0.2C-2.0Mn steel, could be explained by hydrogen 

release after TRIP.  

Microcracks in the TBF-0.3C-1.4Mn steel were found to extend into ferrite even at 

ε̇ = 10-2 s-1, as shown in Figure 8.6a. Extension of a microcrack into ferrite under this condition 

suggests a high local hydrogen concentration existed in the ferrite directly adjacent to the 

strain-induced martensite. At this high strain rate, there was very limited time for hydrogen to 

redistribute in the ferritic matrix to accumulate at the crack tip. It is therefore likely that 

hydrogen was expelled from the strain-induced martensite soon after transformation and was 

available to assist in crack propagation with limited redistribution required. 
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TBF Steel DP Steel 

  
(a) (b) 

Figure 12.1 Microcrack (black oval) extension over time from top (earlier) to bottom (later) 
for (a) strain-induced martensite though ferrite after supersaturation-induced 
release of hydrogen after TRIP and (b) athermal martensite into neighboring 
ferrite of the DP steel. 

 

Analysis of the microcrack distribution also supported this supersaturation-induced, 

hydrogen-release hypothesis. As described in section 11.3, strains near the surface within the 

localized neck of the TBF-0.3C-1.4Mn specimens were found to cause enhanced microcrack 

initiation and propagation while those in the DP-0.2C-2.0Mn steel were found to have virtually 

no effect on the microcrack population. The localized strain in these areas likely initiated a large 

amount of austenite-to-martensite transformation very close to the time of fracture. As the 
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DP-0.2C-2.0Mn steel did not have enhanced propagation of microcracks in these areas, it was 

not the local stress/strain state that caused the microcrack extension within the TBF-0.3C-1.4Mn 

steel. It is likely that the large amount of local TRIP resulted in an increase in the local diffusible 

hydrogen concentration within ferrite, which then enhanced crack propagation and potentially 

also initiation. 
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CHAPTER 13 

CONCLUSIONS 

 

 

 There is a drive in the scientific community to better understand how hydrogen behavior 

on the microscale results in macroscale hydrogen embrittlement susceptibility in steels. The 

quantitative assessments of microstructural effects and fracture initiation conducted in this study 

were atypical for hydrogen embrittlement investigations in the literature, and therefore provided 

new insight into the interaction of hydrogen with the microstructure to cause embrittlement. In 

particular, understanding of how hydrogen is stored and released from secondary phase austenite 

and martensite under non-equilibrium conditions, and how this hydrogen initiates and propagates 

cracks during deformation, has been increased. Based on the analyses conducted, the following 

conclusions concerning hydrogen interaction with the microstructure and macroscale hydrogen 

embrittlement susceptibility have been made. 

 

1. Macroscopic hydrogen embrittlement in TBF steels was manifested as decreased tensile 

ductility and quasi-cleavage fracture. The yield stress and flow stress of the TBF steels 

were not influenced by the presence of hydrogen, indicating hydrogen had a limited 

impact on dislocation glide. Both uniform and post-uniform elongations were reduced, 

though post-uniform elongation was impacted to a greater extent. These ductility changes 

showed that hydrogen embrittlement mechanisms were able to initiate under uniaxial 

stress/strain conditions and were enhanced by tri-axial stresses in the neck. 

 

2. Microstructural variation within TBF steels was found to have a significant impact on 

hydrogen embrittlement susceptibility. All four TBF steels examined in this work had 

similar tensile strengths and carbon equivalency values, therefore differences in hydrogen 

embrittlement susceptibility were directly attributed to differences in microstructure. 

Microstructure influenced embrittlement through its effects on hydrogen absorption and 

fracture initiation. 
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3. Of all microstructural features quantified, austenite had the greatest influence on 

hydrogen absorption and retention within the TBF steels. Increased austenite volume 

fraction and austenite/ferrite phase boundary area correlated with increased absorption of 

hydrogen for a given set of charging conditions. Increased aspect ratio of austenite was 

found to correlate with even more rapid absorption of hydrogen. Austenite was concluded 

to be the primary reservoir for hydrogen and allowed retention of hydrogen for extended 

periods of time relative to the ferritic matrix and secondary phase untempered martensite. 

The ability of austenite to retain hydrogen may have increased with increasing charging 

time, due to more time allowed for hydrogen penetration into the bulk austenite. 

 
4.  Secondary cracks were found to initiate at inclusions and untempered martensite. The 

evidence suggests both athermal and strain-induced martensite were capable of initiating 

hydrogen cracks. The fracture surfaces of hydrogen-infused specimens consisted of areas 

of continuous quasi-cleavage fracture (fisheyes), areas of mixed quasi-cleavage fracture 

and ductile void coalescence, and areas of only ductile void coalescence. The cracks 

surrounding inclusions were similar in size and morphology to the fisheyes on the 

fracture surface. The orientation of the microcracks initiated at untempered martensite 

was similar to the quasi-cleavage facets within the mixed regions of the fracture surfaces. 

The similarity in morphologies indicates that inclusions and untempered martensite were 

the initiation points for fracture and that ductile void coalescence propagated fracture 

between these initiation points and across the fracture surface. 

 
5. Hydrogen embrittlement susceptibility correlated most strongly with the propensity of 

each microstructure to absorb hydrogen. TBF steels with more austenite had a greater 

propensity to absorb hydrogen and therefore a greater hydrogen embrittlement 

susceptibility. When compared at similar diffusible hydrogen levels, the 

TBF-0.2C-2.0Mn, TBF-0.3C-1.4Mn, and TBF-0.4C-0.8Mn steels had very similar 

reductions in uniform and post-uniform elongations, indicating that the difference in 

hydrogen absorption behavior was the primary source of differences in hydrogen 

embrittlement susceptibility. 
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6. The TBF-0.5C-0.2Mn steel had the greatest resistance to hydrogen embrittlement when 

compared to the other TBF steels at similar diffusible hydrogen contents. The 

TBF-0.5C-0.2Mn steel also had fewer inclusions and lower volume fractions of MA 

constituent and austenite than the other TBF steels. This enhanced resistance was 

potentially due to less untempered martensite and fewer inclusions available to act as 

initiation sources for microcracks. 

 
7. Microcracks were found to initiate at the highest strain rate tested (ε̇ = 10-2 s-1) within 

both the TBF-0.3C-1.4Mn and DP-0.2C-2.0Mn steels, indicating that the hydrogen 

distribution prior to deformation involved local hydrogen concentrations high enough to 

activate hydrogen embrittlement mechanisms with limited redistribution of hydrogen 

during deformation. Therefore, the hydrogen concentration within both MA constituent 

and parent austenite was high enough to induce hydrogen embrittlement in athermal (in 

DP) and strain-induced (in TBF) martensite, respectively.  

 
8. Hydrogen embrittlement susceptibility was found to increase with decreasing strain rate 

for the TBF-0.3C-1.4Mn steel, indicating that hydrogen redistribution during 

deformation affected microcrack initiation and/or propagation in the TBF steels. 

 

9. The hydrogen effects within the TBF-0.3C-1.4Mn steel were found to be more strain rate 

sensitive than those within the DP-0.2C-2.0Mn steel. The greater strain rate sensitivity 

indicates the TBF-0.3C-1.4Mn steel had greater amounts of diffusible hydrogen within 

the ferritic matrix to redistribute and initiate hydrogen embrittlement, despite the greater 

trapping capacity of austenite. The greater hydrogen concentration is evidence that the 

transformation of austenite into strain-induced martensite has an accompanying release 

of diffusible hydrogen into the ferritic matrix which enhances microcrack initiation and/or 

propagation. 
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CHAPTER 14 

FUTURE WORK 

 

 

As discussed in Chapters 7 and 9, austenite volume fraction and/or the austenite/ferrite 

phase boundary area were found to be the primary reservoirs for hydrogen and control bulk 

hydrogen concentrations within the TBF microstructure. Analysis suggests increasing austenite 

particle aspect ratio results in more rapid hydrogen absorption due to greater interfacial area to 

volume ratio, though no evidence was found suggesting smaller versus larger austenite particles 

effected absorption. However, within the four TBF steels used for testing, austenite volume 

fraction, austenite size distribution, and austenite aspect ratio varied simultaneously, potentially 

obscuring some of the influences of austenite morphology on absorption. Future work could 

focus on analyzing hydrogen absorption characteristics between steels with similar austenite 

volume fractions and aspect ratios, but variation in austenite particle size or vice versa. Such a 

study could provide a clearer understanding of how these factors influence hydrogen absorption 

under non-equilibrium conditions. Such studies could also potentially determine the influence of 

absorption of hydrogen into the bulk austenite lattice versus adsorption of hydrogen onto the 

austenite/ferrite phase boundary. 

 Additionally, as discussed in Chapters 7 and 9, hydrogen retention over time was found 

to be influenced by the intensity and duration of charging, presumably due to the influence of 

these factors on hydrogen distribution within the austenite. A more systematic investigation of 

the effects charging duration (or charging intensity) on hydrogen retention would provide more 

conclusive proof of hydrogen distribution effects on hydrogen release. Future work could include 

a hydrogen retention study where specimens were hydrogen infused in the same environment for 

different durations of time to observe how increased time for hydrogen penetration into austenite 

affected hydrogen evacuation. If enough data was gathered, a model of hydrogen infusion and 

evacuation from austenite over time could be generated. Concurrently, specimens of steels with 

and without secondary phase austenite could be charged at different intensities (increased As2O3 

concentration or applied current density) to observe whether increased hydrogen concentration 

within the ferritic matrix affects the rate of hydrogen infusion into austenite and, consequently, 
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the evacuation rates. Charging at elevated temperatures, where equilibration of hydrogen 

concentration within austenite is promoted more rapidly, could also be helpful to observe 

penetration depth effects on hydrogen retention over time.  

 The tensile tests conducted at high, intermediate, and low strain rates on the 

TBF-0.3C-1.4Mn and DP-0.2C-2.0Mn steels revealed that hydrogen stored within austenite and 

untempered martensite, respectively, could reach concentrations high enough to induce 

embrittlement even at high strain rates. These tests also showed that hydrogen released due to 

TRIP had a significant impact on microcrack initiation and propagation. However, these tests 

were conducted at relatively high hydrogen concentrations. Similar experiments at lower bulk 

hydrogen concentrations could provide valuable information on the threshold hydrogen 

concentrations needed to cause these effects. High strain rate tensile tests at incrementally lower 

bulk hydrogen concentrations may locate a threshold at which supersaturation-based cracking in 

stain-induced martensite does not occur. Concurrently, lowering hydrogen concentration within 

austenite may also result in no hydrogen release from TRIP, as the strain-induced martensite 

could accommodate the lower available hydrogen concentration. Additionally, tests could be 

conducted using different charging conditions to observe how hydrogen distribution within 

austenite affected microcrack initiation. For example, short but intense hydrogen charging prior 

to tensile tests could result in a high hydrogen concentration near the austenite/ferrite phase 

boundary even if the bulk hydrogen concentration is relatively low. In this situation, 

supersaturation-based cracking and/or TRIP-induced hydrogen release may still occur because 

the strain-induced martensite formed near the interface was supersaturated, even if the majority 

was not.  
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APPENDIX A 

 ALTERNATE ATTEMPTS TO DEVELOP THE DP MICROSTRUCTURE 

 

 

 The DP steel used in this project was developed to be microstructurally similar to the 

TBF-0.3C-1.4Mn steel, except with secondary phase untempered martensite instead of austenite. 

A few different heat treatments were attempted to form an acceptable microstructure for this 

purpose. Cryogenic heat treatments were attempted on the TBF steels to attempt to transform the 

austenite directly into untempered martensite. Additionally, the TBF heat treatments were altered 

to have shortened austempers to try and form the bainitic ferrite matrix with limited partitioning 

of carbon and consequently limited austenite stabilization. When these strategies were 

unsuccessful, dilatometry was used to develop a DP approach, by determining the austenite 

volume fraction at various annealing temperatures. This information was then used to determine 

the salt pot temperatures used to make the DP-0.2C-2.0Mn steel used for testing. However, the 

microstructures formed by the dilatometry trials were significantly different from those formed 

in the salt pots. This section presents the results of these attempted heat treatments.  

 A cryogenic treatment was conducted on the four TBF steels in an attempt to transform 

the majority of the austenite within the TBF microstructures into untempered martensite. 

Specimens were immersed in liquid nitrogen for one hour, more than enough time to ensure the 

samples had reached 77 K. XRD was then used to determine the austenite volume fraction 

remaining in the specimens, as shown in Figure A.1. For the TBF-0.2C-2.0Mn, 

TBF-0.3C-1.4Mn, and TBF-0.4C-0.8Mn steels there was little to no measurable change in 

austenite volume fraction after the cryogenic treatment. For the TBF-0.5C-0.2Mn steel the 

austenite volume fraction did noticeably decrease, but was still non-zero. As such, the cryogenic 

heat treatment did not successfully generate the desired microstructure. 

 TBF-type heat treatments with shortened austempering steps were also attempted to form 

the desired DP microstructure. As discussed in section 2.1.1, the austempering step acts to 

nucleate and grow bainitic ferrite and partition carbon from the newly formed bainitic ferrite into 

the remaining austenite, stabilizing it. It was thought that perhaps a shortened austemper could be 
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long enough to nucleate and grow the bainitic ferrite without partitioning enough carbon to 

stabilize the remaining austenite. 

 

 

Figure A.1 XRD measurements of the austenite volume fractions of the four TBF 
microstructures used for testing in this project and for those same steels after a 
cryogenic treatment to promote austenite to martensite transformation. 

 

Dilatometry trials were used to observe the phase transformation (from austenite to 

bainitic ferrite) during the austemper used to generate the original four TBF steels, as shown in 

Figure A.2. The austenite-to-ferrite transformation has an accompanying volume expansion, and 

can therefore be observed using dilatometry. For all four steels, the rate of volume expansion 

noticeably decreased between 40 and 45 seconds of austempering at 400˚C, suggesting the 

transformation had greatly slowed or stopped after austempering that long. Additionally, the 

power input to the induction coil to maintain temperature leveled out after 45 seconds, also 

suggesting the phase transformation had stopped.  

As-cold-rolled specimens of the 0.2C-2.0Mn, 0.3C-1.4Mn, and 0.4C-0.8Mn alloys were 

annealed then austempered for 45 seconds at 400˚C, in the hope of developing microstructure 

with minimal retained austenite. XRD was then used to quantify the remaining volume fraction 

of austenite, as shown in Figure A.3. Initially, it was determined by XRD that the 45 second 

austemper 0.2C-2.0Mn, 0.3C-1.4Mn, and 0.4C-0.8Mn steels has 0.6, 4.3, and 10.5 vol pct 
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austenite, respectively. EBSD scans of the 45 second austemper 0.2C-2.0Mn steel, as shown in 

Figure A.4, showed a ferrite matrix similar to the TBF-0.2C-2.0Mn steel with MA constituent, 

but no discernable austenite. These XRD and EBSD results suggested the short austemper 

0.2C-2.0Mn steel would have been acceptable to use as an austenite free analog of the 

TBF-0.3C-1.4Mn steel. 

 

  
(a) (b) 

  
(c) (d) 

Figure A.2 The temperature and dilation data for the original austempering heat treatments 
used for the (a) 0.2C-2.0Mn, (b) 0.3C-1.4Mn, (c) 0.4C-0.8Mn, and (d) 0.5C-
0.2Mn steels. The expansion associated with the growth of bainitic ferrite during 
the austempering step is indicated.  
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Figure A.3 XRD measurements of the austenite volume fractions of the short austemper 
(45 second) specimens of the 0.2C-2.0Mn, 0.3C-1.4Mn, and 0.4C-0.8Mn alloys. 

 

However, it was later determined that there was a decarburization layer in the 45 second 

austemper 0.2C-2.0Mn steel specimens, and that the actual austenite volume fraction (as 

measured by XRD) at the mid-thickness was 5.5 vol pct. The EBSD scan had not been taken 

from the decarburization layer, yet showed only MA constituent, implying the MA constituent 

had a significant amount of internal austenite that could not be measured via EBSD. As such, the 

45 second austemper 0.2C-2.0Mn steel was not suitable to act as the DP steel needed for this 

study. The austenite content of the short austemper 0.3C-1.4Mn, and 0.4C-0.8Mn steels may also 

have been influenced by decarburization, though this was not confirmed.  

  Annealing with shorter austempers (at 400˚C) was also attempted on the as-cold-rolled 

0.2C-2.0Mn alloy to try and decrease austenite stabilization further while still inducing the 

bainitic ferrite transformation. XRD was used to measure austenite content (and care was taken 

that no decarburization layer influenced measurements), as shown in Figure A.4. It was found 

that any austemper that induced the formation of bainitic ferrite concurrently had more retained 

austenite than was desirable for the DP microstructure in this study. As such, shortening 

austempering time was found not to be a suitable method for producing the desired DP 

microstructure.  
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Figure A.4 XRD measurements of the austenite volume fractions of the 0.2C-2.0Mn alloy 
austempered for various amounts of time at 400˚C and EBSD phase maps of the 
microstructures for two of the austempering times showing austenite (green), 
ferrite (red) and MA constituent (black). (color image – see PDF copy). 

 

After the cryogenic treatments and shortened austempers did not work, it was determined 

that more typical DP heat treatment (involving an intercritical anneal and a quench) would be a 

better method of attaining the desired microstructure. The ASTM A1033-18 standard outlines a 

method for identifying the Ac1 and Ac3 temperatures, as well as estimating the equilibrium 

austenite volume fraction at intermediate temperatures, using dilatometry [104]. This method 

was used to profile the austenite volume fraction associated with various intercritical annealing 

temperatures in the 0.2C-2.0Mn alloy, as shown in Figure A.5. It was determined that an anneal 

at 745˚C would generate approximately 10 vol pct austenite that would form approximately 

10 vol pct martensite upon quenching.  

However, when this anneal and quench was replicated in the salt pots, there was nearly 

50 vol pct martensite according to EBSD analysis of the microstructure. Incrementally lower 

intercritical annealing temperatures were attempted in the salt pot, producing lower and lower 
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final martensite volume fractions, as shown in Figure A.5. Finally, an intercritical anneal at 

710˚C produced the desired 10-15 vol pct secondary phase martensite. The 710˚C temperature 

was used to produce the final DP-0.2C-2.0Mn steel used in this investigation, as discussed in 

Chapter 4.  

This deviation in the austenite volume fraction produced by intercritical anneals in the 

dilatometer versus the salt pots is important to note. The dilatometer uses a single thermocouple 

to control the temperature. If thermal gradients exist across the specimen, the temperatures 

reported by the dilatometer is not the true temperature associated with the observed expansions. 

Larger specimens (like those used for this investigation) may be more likely to develop such 

gradients. As such, caution should be taken in choosing the dimensions of dilatometry 

specimens, and measuring the temperature at more than one position so any gradients in 

temperature are known.  

 

 

Figure A.5 Austenite volume fraction versus temperature determined using dilatometry 
(lines) during an intercritical anneal and the resultant untempered martensite 
volume fraction (diamonds) from salt pot intercritical anneals as measured by 
EBSD. 
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APPENDIX B  

ANALYSIS OF POST-UNIFORM ELONGATION 

 

 

 A discussed in Chapter 5, a large number of the hydrogen-infused tensile specimens 

fractured due to tearing, where cracks propagated across the cross section to cause failure rather 

than plastic deformation leading to failure. However, there was still a significant degree of 

plastic deformation, as even the most embrittled specimens had measurable necks (reductions in 

cross sectional area at the fracture surface compared to the uniform gauge). The post-uniform 

elongation measurements discussed so far in this study were a combination of the elongation 

during plastic deformation and tearing.  

This section attempts to deconvolute the influence of tearing versus plastic deformation 

on elongation measurements. The flow stress of the hydrogen-infused tensile specimens did not 

deviate from that of the uncharged specimens until very close to fracture, presumably deviating 

due to the decrease in cross sectional area due to tearing. The stress versus strain curves of the 

hydrogen-infused specimens were visually inspected alongside hydrogen-free stress versus strain 

curves to determine where the flow stress began to noticeably deviate. The deformation in the 

hydrogen-infused samples that occurred at a lower flow stress than the hydrogen-free specimens 

was considered to be predominantly due to tearing. Deformation at a similar flow stress to the 

hydrogen-free specimens was considered to be primarily due to plastic deformation. The total 

post-uniform elongation was then split into two components, plastic post-uniform elongation and 

tearing elongation, based on the strain at which the flow stress of the hydrogen-infused 

specimens deviated from those of the hydrogen-free specimens. Tables B.1, B.2, B.3, and B.4 

display the total post-uniform elongation, the plastic post-uniform elongation, and the elongation 

due to tearing for all the TBF-0.2C-2.0Mn, TBF-0.3C-1.4Mn, TBF-0.4C-0.8Mn, and 

TBF-0.5C-0.2Mn, steel hydrogen-infused specimens. 

However, it could not be determined with certainty that all of the elongation in the 

calculated “tearing elongation” was solely due to tearing and not a combination of tearing and 

plastic deformation. As such, the total post-uniform elongation was used for all comparisons 

conducted between steels and charging conditions in the main body of the thesis. The plastic 
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post-uniform elongations calculated in this section represent a minimum estimate for the actual 

plastic deformation experienced after the ultimate tensile strength was reached.  

 

Table B.1 The Total Post-Uniform Elongation, the Plastic Post-Uniform Elongation, and the 
Elongation due to Tearing Determined for Each of the Individual 
TBF-0.2C-2.0Mn Specimens Tested at ε̇ = 3.3∙10-4 s-1. 

Charging 
Time 

(minutes) 

Sample 
ID 

Total Post-Uniform 
Elongation (pct) 

Plastic Post-Uniform 
Elongation (pct) 

Elongation due to 
Tearing (pct) 

20 
K2-4 5.11 4.54 0.57 
K2-9 3.53 3.32 0.21 

K2-14 4.00 3.91 0.09 

30 
K2-2 2.52 2.33 0.19 
K2-7 0.76 0.67 0.09 

K2-12 0.42 0.28 0.14 

45 
K2-5 3.35 3.22 0.13 

K2-10 0.50 0.39 0.11 
K2-15 0.35 0.24 0.11 

 

Table B.2 The Total Post-Uniform Elongation, the Plastic Post-Uniform Elongation, and the 
Elongation due to Tearing Determined for Each of the Individual 
TBF-0.3C-1.4Mn Specimens Tested at ε̇ = 3.3∙10-4 s-1. 

Charging 
Time 

(minutes) 

Sample 
ID 

Total Post-Uniform 
Elongation (pct) 

Plastic Post-Uniform 
Elongation (pct) 

Elongation due to 
Tearing (pct) 

20 
K3-4 2.37 2.07 0.30 
K3-9 4.22 4.14 0.08 

K3-14 2.79 2.63 0.16 

30 
K3-3 2.10 1.75 0.35 
K3-8 0.67 0.57 0.10 

K3-13 3.12 1.35 1.77 

45 
K3-5 0.34 0.11 0.23 

K3-10 0.54 0.16 0.38 
K3-15 0.17 0.07 0.10 
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Table B.3 The Total Post-Uniform Elongation, the Plastic Post-Uniform Elongation, and the 
Elongation due to Tearing Determined for Each of the Individual 
TBF-0.4C-0.8Mn Specimens Tested at ε̇ = 3.3∙10-4 s-1. 

Charging 
Time 

(minutes) 

Sample 
ID 

Total Post-Uniform 
Elongation (pct) 

Plastic Post-Uniform 
Elongation (pct) 

Elongation due to 
Tearing (pct) 

20 
K4-4 2.63 2.53 0.10 
K4-9 2.43 1.11 1.32 

K4-14 1.35 1.10 0.25 

30 
K4-3 0.29 0.19 0.10 
K4-7 1.21 1.04 0.17 

K4-13 1.24 1.07 0.17 

45 
K4-5 0.18 0.14 0.04 

K4-10 0.25 0.08 0.17 
K4-15 0.11 0.03 0.08 

 

 Table B.4 The Total Post-Uniform Elongation, the Plastic Post-Uniform Elongation, and the 
Elongation due to Tearing Determined for Each of the Individual 
TBF-0.5C-0.2Mn Specimens Tested at ε̇ = 3.3∙10-4 s-1. 

Charging 
Time 

(minutes) 

Sample 
ID 

Total Post-Uniform 
Elongation (pct) 

Plastic Post-Uniform 
Elongation (pct) 

Elongation due to 
Tearing (pct) 

20 
K5-4 6.42 6.42 0.00 
K5-9 6.45 6.45 0.00 

K5-14 5.86 5.86 0.00 

30 
K5-3 5.91 5.91 0.00 
K5-7 5.66 5.66 0.00 

K5-13 5.11 5.11 0.00 

45 
K5-5 3.19 2.01 1.18 

K5-10 5.64 5.61 0.03 
K5-15 0.35 0.28 0.07 
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APPENDIX C  

TENSILE PROPERTIES 

 

 

 The main body of the thesis primarily discussed tensile properties in terms of averages 

and standard deviations. However, there was often a large degree of scatter in the properties for 

replicate specimens tested under identical conditions. This section presents the yield strength, 

tensile strength, uniform elongation, and post-uniform elongation calculated for individual 

tensile specimens. This section includes the quasi-static strain rate (ε̇ = 3.3∙10-4 s-1) tensile tests 

conducted on the TBF-0.2C-2.0Mn, TBF-0.3C-1.4Mn, TBF-0.4C-0.8Mn, and TBF-0.2C-2.0Mn 

in the as-received condition and after 20, 30, and 45 minutes of hydrogen charging. Additionally, 

the tensile properties of the TBF-0.3C-1.4Mn and DP-0.2C-2.0Mn steels tested at in the 

as-received and hydrogen charged condition at ε̇ = 10-2, 10-3, 10-4, and 10-5 s-1 are presented. 

 

Table C.1 The Yield Strength, Tensile Strength, Uniform Elongation, and Post-Uniform 
Elongation Determined for Each of the Individual TBF-0.2C-2.0Mn Specimens 
Tested at ε̇ = 3.3∙10-4 s-1. 

Charging 
Time 

(minutes) 

Sample 
ID 

Yield 
Strength 
(MPa) 

Tensile 
Strength 
(MPa) 

Uniform 
Elongation 

(pct) 

Post-Uniform 
Elongation 

(pct) 

0 
K2-1 574 963 16.4 6.9 
K2-6 553 962 21.1 7.3 
K2-11 560 968 19.2 6.6 

20 
K2-4 573 966 17.0 5.1 
K2-9 561 962 17.8 3.5 

K2-14 565 960 16.8 4.0 

30 
K2-2 572 953 17.1 2.5 
K2-7 555 940 14.3 0.8 

K2-12 553 934 15.0 0.4 

45 
K2-5 555 957 20.2 3.4 

K2-10 564 937 13.4 0.5 
K2-15 575 957 16.5 0.4 
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Table C.2 The Yield Strength, Tensile Strength, Uniform Elongation, and Post-Uniform 
Elongation Determined for Each of the Individual TBF-0.3C-1.4Mn Specimens 
Tested at ε̇ = 3.3∙10-4 s-1. 

Charging 
Time 

(minutes) 

Sample 
ID 

Yield 
Strength 
(MPa) 

Tensile 
Strength 
(MPa) 

Uniform 
Elongation 

(pct) 

Post-Uniform 
Elongation 

(pct) 

0 
K3-1 761 1060 11.3 7.7 
K3-7 689 1058 18.1 7.0 

K3-12 698 1067 18.0 6.5 

20 
K3-4 691 1033 16.1 2.4 
K3-9 687 1039 17.8 4.2 

K3-14 699 1043 16.0 2.8 

30 
K3-3 758 1057 11.6 2.1 
K3-8 710 1030 13.1 0.7 

K3-13 729 1058 14.3 3.1 

45 
K3-5 676 998 7.6 0.3 

K3-10 683 1015 10.8 0.5 
K3-15 703 1019 8.4 0.2 

 

 

Table C.3 The Yield Strength, Tensile Strength, Uniform Elongation, and Post-Uniform 
Elongation Determined for Each of the Individual TBF-0.4C-0.8Mn Specimens 
Tested at ε̇ = 3.3∙10-4 s-1. 

Charging 
Time 

(minutes) 

Sample 
ID 

Yield 
Strength 
(MPa) 

Tensile 
Strength 
(MPa) 

Uniform 
Elongation 

(pct) 

Post-Uniform 
Elongation 

(pct) 

0 
K4-1 850 1146 12.4 6.4 
K4-6 782 1104 14.3 6.5 
K4-11 765 1105 16.2 6.7 

20 
K4-4 770 1100 13.5 2.6 
K4-9 764 1094 13.2 2.4 

K4-14 780 1104 10.8 1.4 

30 
K4-3 809 1095 6.2 0.3 
K4-7 778 1092 12.5 1.2 

K4-13 797 1114 9.3 1.2 

45 
K4-5 793 1078 5.1 0.2 

K4-10 762 1065 5.7 0.3 
K4-15 770 1035 3.7 0.1 
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Table C.4 The Yield Strength, Tensile Strength, Uniform Elongation, and Post-Uniform 
Elongation Determined for Each of the Individual TBF-0.5C-0.2Mn Specimens 
Tested at ε̇ = 3.3∙10-4 s-1. 

Charging 
Time 

(minutes) 

Sample 
ID 

Yield 
Strength 
(MPa) 

Tensile 
Strength 
(MPa) 

Uniform 
Elongation 

(pct) 

Post-Uniform 
Elongation 

(pct) 

0 
K5L2-5 800 1034 8.2 6.9 

K5-6 805 1066 8.8 7.4 
K5-11 811 1067 9.1 6.0 

20 
K5-4 789 1052 9.3 6.4 
K5-9 832 1076 8.5 6.5 

K5-14 758 1057 7.9 5.9 

30 
K5-3 814 1071 7.7 5.9 
K5-7 821 1040 7.0 5.7 

K5-13 795 1072 8.0 5.1 

45 
K5-5 787 1045 9.0 3.2 

K5-10 806 1039 7.8 5.6 
K5-15 754 1071 8.7 0.4 

 

Table C.5 The Yield Strength, Tensile Strength, Uniform Elongation, and Post-Uniform 
Elongation Determined for Each of the Individual TBF-0.3C-1.4Mn Specimens 
Tested at ε̇ = 10-2, 10-3, 10-4, and 10-5 s-1 without Hydrogen Charging. 

Strain Rate  
(s-1) Sample ID 

Yield 
Strength 
(MPa) 

Tensile 
Strength 
(MPa) 

Uniform 
Elongation 

(pct) 

Post-Uniform 
Elongation 

(pct) 

10-2 K3-S4-5 586 1011 17.1 6.1 
K3-S4-14 607 997 18.8 6.5 

10-3 K3-S4-4 649 1062 18.9 6.5 
K3-S4-15 585 1014 21.4 8.6 

10-4 K3-S4-2 662 1080 17.6 6.0 
K3-S4-13 581 1010 21.7 5.3 

10-5 
K3-L2-2 725 1067 17.2 5.0 
K3-S2-14 779 1093 14.2 5.4 
K3-S2-2 827 1027 16.3 5.1 
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Table C.6 The Yield Strength, Tensile Strength, Uniform Elongation, and Post-Uniform 
Elongation Determined for Each of the Individual TBF-0.3C-1.4Mn Specimens 
Tested at ε̇ = 10-2, 10-3, 10-4, and 10-5 s-1 with Hydrogen Charging. 

Strain Rate  
(s-1) Sample ID 

Yield 
Strength 
(MPa) 

Tensile 
Strength 
(MPa) 

Uniform 
Elongation 

(pct) 

Post-Uniform 
Elongation 

(pct) 

10-2 
K3_S3_5 869 1040 7.4 0.3 
K3_S3_4 843 1054 7.8 1.0 
K3_S3_7 843 1048 9.3 1.8 

10-3 
K3_S1_8 750 1031 8.4 0.5 

K3_S1_10 731 1030 8.9 1.3 
K3_S1_13 740 1038 9.3 1.0 

10-4 

K3-S1-7 725 962 3.3 0.1 
K3-S1-9 727 979 3.9 0.2 

K3-S1-12 733 944 2.5 0.2 
K3-S3-6 802 998 4.6 0.8 

10-5 K3-S1-11 719 994 5.2 1.28 
K3-S1-14 744 994 3.2 0.4 

 
Table C.7 The Yield Strength, Tensile Strength, Uniform Elongation, and Post-Uniform 

Elongation Determined for Each of the Individual DP-0.2C-2.0Mn Specimens 
Tested at ε̇ = 10-2, 10-3, 10-4, and 10-5 s-1 without Hydrogen Charging. 

Strain Rate 
(s-1) Sample ID 

Yield 
Strength 
(MPa) 

Tensile 
Strength 
(MPa) 

Uniform 
Elongation 

(pct) 

Post-Uniform 
Elongation 

(pct) 

10-2 K2-S8-11 574 900 Extensometer Malfunction 
K2-S9-11 569 870 9.9 4.3 

10-3 K2-S8-10 568 910 9.8 2.8 
K2-S9-12 557 861 9.0 3.6 

10-4 K2-S8-8 564 910 9.7 3.1 
K2-S8-9 569 906 10.6 3.5 

10-5 K2-S9-13 542 858 7.8 2.1 
K2-S9-14 540 843 8.3 2.3 
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Table C.8 The Yield Strength, Tensile Strength, Uniform Elongation, and Post-Uniform 
Elongation Determined for Each of the Individual DP-0.2C-2.0Mn Specimens 
Tested at ε̇ = 10-2, 10-3, 10-4, and 10-5 s-1 with Hydrogen Charging. 

Strain Rate  
(s-1) Sample ID 

Yield 
Strength 
(MPa) 

Tensile 
Strength 
(MPa) 

Uniform 
Elongation 

(pct) 

Post-Uniform 
Elongation 

(pct) 

10-2 
K2-S8-6 645 923 Extensometer Malfunction 
K2-S9-2 596 898 7.1 1.1 
K2-S9-9 586 863 8.0 1.9 

10-3 
K2-S7-15 592 924 9.2 1.3 
K2-S8-1 597 927 8.6 0.3 
K2-S8-4 607 913 5.7 0.0 

10-4 
K2-S7-13 587 867 6.5 0.4 
K2-S8-2 593 881 5.7 0.1 
K2-S8-5 603 907 3.9 0.0 

10-5 K2-S7-16 564 885 8.0 0.4 
K2-S9-10 563 848 7.4 3.8 
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APPENDIX D 

 STATISTICALLY SIGNIFICANT DIFFERENCES BETWEEN  

TOTAL HYDROGEN POPULATIONS 

 

 

 Due to the high degree of scatter within the measured total hydrogen concentrations, 

there was a significant degree of overlap between populations. The statistically significant 

difference was calculated between various populations to ensure the perceived differences in 

hydrogen absorption between the TBF steels and conditions were valid. The method of 

calculating the statistically significant difference was explained in section 2.10. If two 

populations had a statistically significant difference of less than 0.1 wt ppm, there was 

considered to be no measurable difference (NMD) between the two populations. Tables D.1, D.2, 

and D.3 show the statistically significant differences between the total hydrogen concentrations 

of the four TBF steels measured after 20, 30, and 45 minutes of hydrogen charging, respectively. 

Table D.4 shows the statistically significant differences of the hydrogen concentrations between 

charging conditions (20 versus 30 versus 45 minutes) for each of the four TBF steels. 

 

Table D.1 The Statistically Significant Difference (wt ppm) in the Total Hydrogen 
Concentrations for the Four TBF Steels After 20 Minutes of Hydrogen Charging.  

Steel Statistically Significant Difference 
TBF-0.2C-2.0Mn TBF-0.3C-1.4Mn TBF-0.4C-0.8Mn TBF-0.5C-0.2Mn 

TBF-0.2C-2.0Mn x NMD 0.3 NMD 
TBF-0.3C-1.4Mn NMD x 0.2 NMD 
TBF-0.4C-0.8Mn 0.3 0.2 x 0.6 
TBF-0.5C-0.2Mn NMD NMD 0.6 x 

 

Table D.2 The Statistically Significant Difference (wt ppm) in the Total Hydrogen 
Concentrations for the Four TBF Steels After 30 Minutes of Hydrogen Charging. 

Steel Statistically Significant Difference 
TBF-0.2C-2.0Mn TBF-0.3C-1.4Mn TBF-0.4C-0.8Mn TBF-0.5C-0.2Mn 

TBF-0.2C-2.0Mn x 0.1 0.7 NMD 
TBF-0.3C-1.4Mn 0.1 x NMD NMD 
TBF-0.4C-0.8Mn 0.7 NMD x 0.4 
TBF-0.5C-0.2Mn NMD NMD 0.4 x 
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Table D.3 The Statistically Significant Difference (wt ppm) in the Total Hydrogen 
Concentrations for the Four TBF Steels After 45 Minutes of Hydrogen Charging. 

Steel Statistically Significant Difference 
TBF-0.2C-2.0Mn TBF-0.3C-1.4Mn TBF-0.4C-0.8Mn TBF-0.5C-0.2Mn 

TBF-0.2C-2.0Mn x NMD 0.6 NMD 
TBF-0.3C-1.4Mn NMD x 0.1 0.3 
TBF-0.4C-0.8Mn 0.6 0.1 x 1.1 
TBF-0.5C-0.2Mn NMD 0.3 1.1 x 

 

Table D.4 The Statistically Significant Difference (wt ppm) in the Total Hydrogen 
Concentrations Between Various Charging Conditions (0, 20, 30, and 45 Minutes 
of Hydrogen Charging) Used for Each of the Four TBF Steels Tested at 
ε̇ = 3.3∙10-4 s-1.  

Steel Statistically Significant Difference 
0 to 20 minutes 20 to 30 minutes 30 to 45minutes 

TBF-0.2C-2.0Mn NMD 0.5 1.3 
TBF-0.3C-1.4Mn 0.1 0.9 0.6 
TBF-0.4C-0.8Mn 0.5 0.9 1.2 
TBF-0.5C-0.2Mn NMD 0.8 0.5 
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APPENDIX E 

 LARGE INTERNAL MICROCRACKS FOR  

ONE DP-0.2C-2.0Mn SPECIMEN  

 

 

 One of the DP-0.2C-2.0Mn steel specimens tested at ε̇ = 10-2 s-1 was not included in the 

microcrack analysis because of the presence on large internal cracks/blisters, as shown in 

FESEM micrographs in Figure E.1.  

 

Figure E.1 FESEM micrographs of large internal cracks within the K2-S9-9 specimen (tested 
at ε̇ = 10-2 s-1 after 45 minutes of hydrogen charging). The measured dimensions 
of four of the large cracks are shown. 

 

The sectioning used to reveal the through-thickness cross section pushed material into the 

cavities of the blisters, so they do not appear as voids, but are distinguishable by the outline at 

the boundary between the material folded within the cavity and the rest of the material. This 
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specimen, designated as K2-S9-9, had only 34 microcracks (averaging 0.53 μm in length) 

adjacent to the fracture surface while the other two specimens tested under identical conditions 

had 304 and 388 microcracks (averaging 0.52 and 0.67 μm in length, respectively). It was 

thought the presence of these large cracks interfered with the local stress/strain condition or the 

local hydrogen distribution to result in this small number of microcracks.  

 
 


