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ABSTRACT 

Conventional tempering of steel, utilizing times on the scale of minutes to hours, has been widely 

studied within the literature, and provides background understanding of time and temperature effects on 

microstructural and mechanical response. However, the tempering response associated with rapid 

tempering (on the scale of seconds) has not been widely studied and is not as well understood. Rapid 

tempering, through processes such as induction heating, is attractive due to the opportunity for decreased 

processing times, increased energy efficiency, and site specific heat treatments. Thus, the goal of the 

present work is to gain understanding of the microstructural evolution and toughness behavior associated 

with rapid tempering of 4340 and 300-M steel. Rapid tempering is specifically investigated within a 

tempering regime associated with the phenomenon known as tempered martensite embrittlement (TME), 

as significant improvements in strength-toughness properties might be helpful via rapid tempering within 

this regime. 

 The rapid tempering response of two medium carbon high strength steels, 4340 (low silicon) and 

300-M (high silicon), were investigated using short (1, 10, and 100 s) and conventional (3600 s) 

tempering times. All properties were evaluated at a constant hardness in an effort to isolate the effect of 

rapid tempering from the overall degree of tempering. Mossbauer effect spectroscopy (MES) was used to 

assess microstructural evolution associated with retained austenite, cementite, and transition carbides as a 

function of tempering. Retained austenite carbon partitioning was also monitored via MES. Cementite 

size and dislocation recovery were evaluated as a function of tempering using electron microscopy and 

x-ray diffraction, respectively. The effect of rapid tempering on mechanical properties was analyzed 

through tensile and Charpy impact testing. 

 When tempered to an equivalent hardness, rapid tempering systematically retained greater 

amounts of austenite compared to conventional conditions. All other evaluated microstructural changes 

including cementite content and size, transition carbide precipitation and dissolution, and dislocation 

recovery remained consistent between rapid and conventional tempering conditions at a given hardness. 

Rapid tempering generally improved strength-toughness properties across hardness conditions in both 

4340 and 300-M, and resulted in different behavior in the two steels with respect to TME depending on 

retained austenite stability. Suppressing retained austenite decomposition via rapid tempering resulted in 

reduced embrittlement (TME) when the remaining retained austenite was chemically/mechanically stable. 

In contrast, no change in embrittlement was observed in conditions associated with high levels of retained 

austenite preservation upon tempering, but in which the remaining austenite was relatively unstable. Thus, 

the suppression of TME is possible via rapid tempering, where the prevention of both retained austenite 

decomposition and retained austenite carbon depletion are important. In addition, transition carbide 
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formation was found to be suppressed with the addition of silicon (4340 à 300-M), a new observed 

phenomenon that results in higher levels of carbon in solution at low tempering temperatures. 
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CHAPTER 1  

INTRODUCTION AND BACKGROUND 

 Tempering is a widely used thermal process in which as-quenched, martensitic steel is heated to 

increase ductility and toughness, although at the expense of strength 1. Conventional tempering, with 

holding times on the scale of minutes to hours, has been the subject of numerous studies that have led to a 

well-established knowledge of the sequence of phase transformations and microstructural evolution 

associated with the progression of tempering 1–4. Through understanding of the relationship between time, 

temperature, microstructural development, and mechanical properties, appropriate tempering treatments 

can be designed to achieve target properties. However, the tempering response at short times (on the scale 

of seconds) has been the subject of far fewer studies and is not as well understood 5–9. Rapid tempering 

via induction or laser heating has the potential to decrease processing times, lower manufacturing costs, 

and impart location-specific heat treatments for bulk components. Additionally, understanding of 

microstructural development associated with rapid tempering could be applied to some aspects of welding 

and joining processes. 

 Through sufficient understanding of the microstructural and mechanical response upon 

conventional tempering, a range of strength and ductility/toughness combinations can be achieved by 

altering tempering time and temperature. Typically, strength decreases and ductility/toughness increases 

with higher temperatures and longer times. However, a phenomenon known as tempered martensite 

embrittlement (TME) results in a decrease in room temperature impact energy with increasing tempering 

temperature within the regime associated with retained austenite decomposition, or the second stage of 

tempering. While TME is often associated with retained austenite decomposition to ferrite and cementite 
10–12, cementite coarsening 13–15 and the mechanical transformation of retained austenite to fresh 

martensite 11 have also been proposed as controlling or contributing mechanisms of TME. The presence 

of TME limits achievable strength-toughness combinations, particularly for high hardness applications. 

 It is important to understand the microstructural evolution and corresponding mechanical 

response associated with rapid tempering if such methods are to be viable for industrial application. 

Furthermore, exploring the effect of rapid tempering on mechanical properties within the TME regime 

has the potential to further the understanding of TME mechanisms, and possibly improve 

strength-toughness combinations for high hardness applications.   

1.1 Summary of Previous Findings 

 This PhD thesis builds directly upon the author’s Master’s of Science (MS) research 16; therefore, 

this section is used to summarize the MS findings and give context for the driving questions of the PhD. 
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The MS project focused on the effect of rapid tempering on the mechanical properties and fracture of 

4340 steel within the tempered martensite embrittlement (TME) regime. Rapid (1, 10, and 100 s) and 

conventional (3600 s) tempering times were evaluated with the intent of comparing mechanical properties 

across a wide range of tempering time conditions at a constant hardness. For a conventional tempering 

time of 3600 s, tempering temperatures of 200, 250, 300, 350, and 400 ºC were chosen for evaluation due 

to the appearance of TME in 4340 within this regime. The remainder of the tempering matrix was 

designed such that a consistent tempered hardness was achieved across the explored tempering times of 1, 

10, 100, and 3600 s for a given tempering condition. The Hollomon-Jaffe tempering parameter was 

utilized to guide selection of appropriate tempering temperatures needed to accomplish a constant 

tempered hardness across the various time conditions. The resultant tempering matrix used in the MS 

work is displayed in Table 1.1, along with corresponding tempering parameter values and processing 

methods. Hardness was evaluated to confirm that the time-temperature combinations produced equivalent 

tempered hardness values for a given tempering parameter, with results displayed in Figure 1.1. As shown 

here, all time conditions exhibit a reasonably consistent hardness at a given tempering parameter.  

Table 1.1 – MS 4340 Tempering Matrix 

Time (s) Temperature (ºC) 
Heat Treatment 

Method 
3600 200 250 300 350 400 Salt Pots 

100 241 295 350 404 458 

Gleeble 10 271 329 386 444 501 

1 305 366 427 489 550 

Approximate 
Tempering 
Parameter 

9000 10000 11000 12000 13000 
 

  
The decomposition of retained austenite was monitored using X-ray diffraction (XRD). 

Figure 1.2 displays the retained austenite results as a function of tempering parameter for all explored 

time conditions. As expected, retained austenite content decreases with increasing degree of tempering for 

all time conditions; this decrease in retained austenite content is presumably associated with the 

decomposition of austenite into ferrite and cementite. The systematic trends with respect to tempering 

time in Figure 1.2 suggest that retained austenite decomposes to a lesser extent under rapid tempering 

conditions compared to more conventional conditions at a constant tempered hardness. The error 

associated with XRD determination of retained austenite content results in significant overlap of 

uncertainties, as depicted in Figure 1.2(b), presenting some difficulties in conclusively determining trends 

with respect to retained austenite within the MS work.  
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Figure 1.1 Vickers hardness as a function of tempering parameter for all time conditions of the 4340 
alloy studied in the MS research 16. 

Impact testing was conducted to gauge the toughness response of 4340 to rapid tempering, 

including both room temperature and ductile-to-brittle transition temperature (DBTT). Room temperature 

impact toughness results are shown in Figure 1.3(a). After conventional (3600 s) tempering, the 

characteristic toughness trough associated with TME is observed between 200 and 400 ºC. With more 

rapid tempering, toughness increased and the TME trough depth decreased. Corresponding DBTT results 

are presented in Figure 1.3(b), where lower transition temperatures are associated with improved 

toughness. Here, a similar trend to the room temperature results is observed with respect to tempering 

time, toughness, and TME severity. Transition temperature was measured using a 15 ft-lb index (CV15), 

where the transition temperature corresponds to the testing temperature associated with an impact 

toughness of 15 ft-lbs. 

Microstructural results indicated a retardation in austenite decomposition with shorter tempering 

times, while a corresponding diminishment of the TME trough and overall increase in room temperature 

toughness was observed with shorter tempering times. The hypothesized explanation in the MS work 

emphasized the relationship between the observed austenite decomposition and toughness behavior. As 

TME is associated with the decomposition of retained austenite to interlath cementite, it is believed that 

the supression of retained austenite decomposition with short times has a significant effect on cementite 

nucleation and growth in a manner that serves to diminish TME. In the MS thesis, it was recognized that 

cementite content, size, and morphology discrepancies between tempering time conditions may greatly 

affect toughness response, although no investigation of cementite characteristics was conducted. 
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                                         (a)                                                                                    (b) 

Figure 1.2 Retained austenite content as a function of tempering parameter shown (a) without and 
(b) with associated measurement error for all time conditions of 4340. Data collected 
using x-ray diffraction 16. 

       

                                         (a)                                                                                    (b) 

Figure 1.3 (a) Impact energy and (b) transition temperature as a function of tempering parameter for 
all time conditions of 4340 explored within the MS work 16. 
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1.2 PhD Research Questions 

The MS work indicated a suppression of retained austenite decomposition with short times compared 

to conventional conditions at an equivalent tempered hardness. This reduction in retained austenite 

decomposition was accompanied by an improvement in the strength-toughness relationship. Stemming 

from these results, an overarching opportunity drove the PhD work: can the microstructural evolution 

associated with short-time tempering be understood such that novel processing routes may be developed 

to produce microstructures otherwise unattainable via conventional quenching and tempering? Three 

specific research questions were developed to address this overarching theme: 

1. Does the sequence of phase transformations associated with conventional tempering change 

under rapid tempering conditions? 

2. Are cementite size and morphology dominant contributors to the improvement in toughness 

properties associated with rapidly tempered conditions? 

3. Can rapid tempering introduce new opportunities for austenite stabilization? 

1.2.1 Research Question 1: Sequence of Phase Transformations 

 Conventional tempering is typically described in the context of three stages that are associated 

with specific phase transformations. The three fundamental stages of tempering in carbon steels are often 

identified as 17: 

• Stage I: The formation of transition carbides, epsilon or eta, and the lowering of the carbon 

content of the matrix martensite to approximately 0.25 wt pct; 

• Stage II: The transformation of retained austenite to ferrite and cementite; 

• Stage III: The replacement of transition carbides and low-carbon martensite by cementite and 

ferrite. 

 The reaction kinetics of the tempering stages are dependent on the diffusion of specific species, 

where stages I, II, and III are dependent on the diffusion of carbon in martensite 18,19, carbon in austenite 
18,20, and iron self- or pipe-diffusion 21, respectively. 

 Thomas et al. 
22 evaluated time-temperature equivalence, where characteristic diffusion distance 

was utilized to “equate” time and temperature for different tempering operations. Characteristic diffusion 

distance is represented as:  

x$=	 2𝐷𝑡                                                                      (1.1) 

where t is time and D is diffusivity given by the equation: 

D	=		𝐷+𝑒
-./01                                                                (1.2) 
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where D
o 

is the pre-exponential frequency factor, Q is the activation energy for diffusion, R is the 

universal gas constant, and T is the absolute temperature. The activation energy and pre-exponential 

factor depend on the controlling species associated with each tempering stage. Figure 1.4 depicts 

calculated “iso-tempering curves” and associated tempering stages, where it was suggested that several 

tempering stages may operate simultaneously, or even out of regular order, when short times are 

considered 22. 

 

Figure 1.4 Calculated iso-tempering curves illustrating stages I, II, and III. Curves were calculated 
by Thomas et al.

22, where characteristic diffusion distance is used to equate time and 
temperature. Darker shaded regions represent conditions where multiple stages may be 
active. Reproduced with permission of the publisher. 

The re-ordering/overlap behavior suggested by Thomas et al. has not been experimentally 

investigated, and the phase evolution associated with rapid tempering is generally not well understood or 

widely researched. Furthermore, the retained austenite decomposition results in the MS work suggest 

differences in phase evolution across tempering times, even when tempering to an equivalent degree. 

Investigating the sequence of reactions associated with short-time tempering should increase the 

understanding of tempering kinetics and has the potential to present new opportunities to achieve unique 

microstructures. Given this, studying the sequence of phase transformations associated with rapid 

tempering is a main objective of the current work. Investigating the sequence of phase transformations 

here is accomplished by assessing the evolution of transition carbide, retained austenite, and cementite 

phase fractions with changes in tempering time and temperature. Specifically, phase contents associated 

with increasing temperatures at constant times of 1, 10, 100, and 3600 s are determined via Mössbauer 
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spectroscopy. Time conditions are compared within an equivalent tempered hardness regime to ensure 

comparisons are made at an equivalent degree of tempering.  

1.2.2 Research Question 2: Size and Morphology of Cementite 

 The MS results indicated a marked improvement in toughness with rapidly tempered conditions 

compared to those conventionally tempered to an equivalent hardness. The overall improvement in 

toughness for rapid conditions was accompanied by a decrease in the severity of TME, as the depth of the 

toughness trough is reduced with shorter tempering times. TME is often associated with the 

decomposition of retained austenite to interlath films of brittle cementite 11,23, where cementite acts as 

preferred crack initiation and propagation sites. The decreased susceptibility of short-time conditions to 

TME is accompanied by less decomposition of retained austenite (Figure 1.2). This correlation seems to 

corroborate the hypothesis that TME is caused by austenite decomposition into ferrite and interlath 

cementite during tempering. However, some investigators 13–15 have attributed TME to cementite 

coarsening, rather than the decomposition of retained austenite. 

 Cementite nucleation and growth behavior are believed to change with faster heating rates and 

shorter tempering times 5–9. The combination of rapid heating rates and short holding times during 

tempering has been suggested to improve impact toughness via cementite refinement for high temperature 

(500-700 °C) tempering conditions 6,9. Due to the apparent limitation of carbon diffusion and dislocation 

annihilation during rapid heating and tempering, more finely dispersed, globular cementite particles have 

been reported in association with rapid tempering compared to conventional tempering 5,7,8,24. 

 Given the suggested effects of rapid tempering on cementite size and morphology, as well as the 

proposed role of cementite coarsening in the manifestation of TME, the contribution of cementite 

characteristics to observed toughness behavior after rapid tempering is of key interest. Investigating 

cementite size and morphology of rapid and conventional conditions may increase the understanding of 

mechanisms controlling tempered martensite embrittlement, reveal the effect of rapid tempering within 

the TME regime on cementite morphology and growth, and present opportunities to isolate mechanisms 

that control the mechanical behavior. 

1.2.3 Research Question 3: Austenite Stabilization via Rapid Tempering 

Through x-ray diffraction, shorter tempering times were found to retain more austenite upon 

tempering compared to longer times tempered to the same degree (hardness), although some uncertainty 

was noted (Figure 1.2(b)). The mechanism by which retained austenite is “stabilized” during rapid 

tempering was not investigated in the MS thesis, although superior toughness properties associated with 

rapid tempering were linked to this microstructural phenomenon. While austenite retention and stability 



 8 

are prevalent topics in transformation-induced plasticity (TRIP) 25–29 and quenched and partitioned (Q&P) 

steels 30–34, much less focus is dedicated to austenite characteristics in quenched and tempered (Q&T) 

steels. Austenite characteristics of Q&T steels have been studied to understand the effect of undercooling 

and alloying on austenite retention upon quenching 35,36, the kinetics of retained austenite decomposition 

during conventional tempering 37,38, and the role of mechanical and thermal austenite decomposition on 

TME 10–12. The current work aims to determine the effect of rapid tempering on retained austenite stability 

and retention in Q&T steels. Austenite behavior during Q&P and TRIP processing was used as a guide in 

predicting potential alloying effects on austenite retention during rapid tempering. 

 Quenching and partitioning is a multi-step processing route that involves quenching to a 

temperature between the martensite start (Ms) and martensite finish (Mf) temperatures, followed by a 

partitioning step that involves heating to a temperature greater than (two-step) or equal to (one-step) the 

quench temperature 30,31,39–42. The partial martensitic transformation associated with Q&P processing is 

utilized to achieve a microstructure of martensite with an appreciable amount of retained austenite. The 

partitioning step is then used to promote carbon diffusion from supersaturated martensite to austenite, 

with the purpose of stabilizing retained austenite. 

 Given the importance of solute carbon available for partitioning and subsequent austenite 

stabilization, alloys subjected to Q&P processing often contain silicon or aluminum to suppress 

competing reactions that tie up carbon, such as cementite precipitation. Figure 1.5 shows the proposed 
43,44 dual C-curve behavior associated with transition carbide and cementite precipitation, as well as the 

suggested 39,45,46 C-curve shift due to silicon additions. The transition carbide C-curve behavior 

represented in Figure 1.5 is less clear, and the exact effect of Si on transition carbide kinetics is still under 

debate. Assuming Si affects cementite and transition carbide precipitation as depicted in Figure 1.5, 

tempering at short times above the transition carbide solvus may provide the opportunity for retained 

austenite carbon enrichment by increasing available free carbon through the dissolution of transition 

carbides and simultaneous suppression of cementite precipitation. As mentioned, the transition carbide 

behavior represented in Figure 1.5 is not firmly established in literature, and is also yet to be examined 

under short-time, quench and temper processing conditions. The current work strives to characterize the 

effect of silicon on the time-temperature-decomposition behavior of retained austenite when subjected to 

short-time tempering. In addition, efforts will be made to understand the underlying mechanism by which 

austenite is preserved under rapid tempering conditions, and the role that retained austenite plays in the 

manifestation of TME. The investigation of silicon’s effect on retained austenite preservation and 

stabilization under rapid tempering conditions has the potential to enable novel processing routes to 

promote retained austenite preservation in Q&T microstructures. The effect of silicon on the 
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microstructural and mechanical characteristics associated with conventional and rapid tempering is thus 

investigated using 300-M, a high silicon version of 4340. 

 

Figure 1.5 Proposed time-temperature-precipitation of transition carbide and cementite under low 
and high silicon conditions 39. Reproduced with permission of the publisher. 

1.3 Thesis Overview 

The posed research questions are investigated by assessing the microstructural development and 

mechanical behavior associated with rapid and conventional tempering of two alloys: 4340 and 300-M. 

The low silicon steel, 4340, was partially investigated in the MS work and the findings were used to 

inform the direction of the present work. The three research questions are directly addressed by (1) 

measuring the fraction of relevant phases after both rapid and conventional tempering; (2) analyzing the 

effect of rapid tempering on cementite size and morphology; and (3) investigating the influence of silicon 

(300-M) on retained austenite decomposition under conventional and rapid tempering conditions. Along 

with addressing these specific research questions, the present work strives to generally increase 

understanding of the microstructural development associated with rapid tempering, and how the 

microstructural characteristics of rapidly tempered conditions affect toughness performance. Considering 

these general and specific objectives, an overview of each thesis chapter is presented.  

A literature review of relevant topics including mechanical and microstructural evolution during 

conventional tempering, time-temperature equivalence associated with tempering, mechanisms of 

tempered martensite embrittlement, and effect of silicon on tempering is presented in Chapter 2. The 

discussed literature is meant to give context for the current work and provide the fundamental basis on 
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which the PhD project was developed. Additional background is provided throughout the thesis when 

discussion warrants input from existing literature. 

The experimental methods and tempering treatment procedures are outlined in Chapters 3 and 4, 

respectively. The experimental methods provide information regarding material composition, machining, 

heat treatment, mechanical testing, and characterization. Given the complexity of the rapid tempering 

treatments, Chapter 4 provides an in-depth overview of the design and execution of rapid tempering using 

a Gleeble® 3500. 

The effect of rapid tempering on the microstructural behavior of 4340 is presented and discussed 

in Chapter 5. These results include transition carbide content, cementite content, cementite size and 

morphology, retained austenite content, retained austenite carbon content, and dislocation density trends 

as a function of tempering temperature and time. The 4340 microstructural results are presented first to 

serve as a basis for understanding the effect of rapid tempering on microstructural evolution, and are the 

foundation for discussing the 300-M results in Chapter 6. Chapter 6 presents and discusses the 

microstructural results of 300-M in the context of Chapter 5, where the effect of silicon on rapid and 

conventional tempering is emphasized.  

Tensile strength and impact toughness of all 4340 and 300-M time conditions are presented in 

Chapter 7. The prior discussion of microstructural characteristics associated with 4340 and 300-M in 

Chapters 5 and 6, respectively, serves as a foundation for understanding microstructure-property 

relationships in Chapter 7. The discussion of the role of cementite size and morphology on toughness 

behavior is presented in Chapter 7, as well as the relationship between retained austenite decomposition, 

cementite formation, and TME. Mechanisms responsible for TME under various tempering time 

conditions of 4340 and 300-M are proposed. 

The results and conclusions of the present study are presented in Chapter 8, while future work 

recommendations are addressed in Chapter 9. Future work includes recommended areas for research 

based on specific results and explanations presented within the current work, and which may help to 

solidify the underlying mechanisms responsible for certain observed behaviors. 
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CHAPTER 2  

LITERATURE REVIEW 

2.1 Rapid and Conventional Tempering 

 The microstructural and mechanical property changes associated with various time and 

temperature regimes have been widely studied in conventionally tempered conditions (minutes to hours). 

Conversely, the evolution of microstructure and properties has not been extensively explored for 

tempering times on the scale of seconds. The following sub-sections outline the known characteristics 

associated with both conventional and rapid tempering per the available literature. In addition, the 

practice of relating tempering processes featuring different times and temperatures is addressed in the 

context of conventional and rapid tempering.  

2.1.1 Conventional Tempering Stages 

 The three fundamental stages of early tempering in carbon steels are identified as 17,47–50: 

• Stage I: The formation of transition carbides, epsilon (or eta) carbide, and the lowering of the 

carbon content of the matrix martensite to about 0.25 wt pct; 

• Stage II: The transformation of retained austenite to ferrite and cementite; 

• Stage III: The replacement of transition carbides and low-carbon martensite by cementite and 

ferrite. 

These stages occur at varying temperature regimes that may overlap, depending on tempering times and 

alloying. The temperature ranges generally accepted for the three stages are 100-250 ºC, 200-300 ºC, and 

250-350 ºC for stages I, II, and III, respectively 1. These temperature ranges are associated with a 

tempering time of 1 h.  

 The first stage of tempering is often preceded by carbon clustering, and carbon segregation to 

dislocations and boundaries 1,51–53. During the first stage of tempering (assuming the as-quenched 

martensite C level is greater than 0.25 wt pct), transition carbides nucleate and grow, resulting in the 

partial relief of carbon supersaturation and diminished martensite tetragonality. During this process, the 

martensite carbon content decreases to approximately 0.25 wt pct C. Transition carbides take the form of 

epsilon and eta carbide. Epsilon carbide possesses a hexagonal structure and a stoichiometry of Fe2.4C 
47,54, while the eta carbide is orthorhombic with a stoichiometry of Fe2C 55. Epsilon and eta carbide have 

similar structures and are consequently difficult to distinguish from one another, even when utilizing 

advanced techniques such as electron diffraction 56. The kinetics of the first stage of tempering are 

connected to the diffusion of carbon through the martensite matrix 47. 

  



 12 

 During the second stage of tempering, retained austenite decomposes to ferrite and cementite, 

where the kinetics are thought to be controlled by carbon diffusion in austenite 57. An example of the 

morphology of interlath cementite formed from retained austenite is shown in Figure 2.1, where cementite 

precipitates as discontinuous platelets on interlath boundaries previously occupied by retained austenite 

films. 

 

                                         (a)                                                                                    (b) 

Figure 2.1 (a) Bright field and (b) dark field micrographs demonstrating the cementite morphology 
associated with the decomposition of interlath retained austenite in a 2 Mn alloy 
tempered at 400 °C for an hour 12. Reproduced with permission from the publisher. 

 The third stage of tempering involves the replacement of transition carbides and low carbon 

martensite with cementite and ferrite. Hägg carbide, a monoclinic carbide with a stoichiometry of Fe5C2, 

has occasionally been observed as a precursor to the precipitation of cementite 58–60. When Hägg (𝜒) 

forms, the carbide precipitation sequence associated with tempering is 𝛼+ à 𝛼4 + 𝜂	(𝜀) à 𝛼9 + 𝜒 à 𝛼: 

+ 𝜃, where 𝜒-carbide appears within the temperature range of 250 - 350 °C. The activation energy 

associated with the third stage of tempering is similar to that of iron self-diffusion in ferrite 61. As 

tempering temperatures increase into the range of 500-650 ˚C, secondary hardening can occur through the 

formation of alloy carbides 62, and recovery and recrystallization mechanisms dominate. 
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2.1.2 Mechanical Properties Associated with Conventional Tempering 

 Tempering is utilized to improve toughness and ductility relative to the initial, as-quenched 

martensite. With increasing tempering time or temperature, ductility and toughness typically increase, 

while strength and hardness decrease. Figure 2.2 illustrates the tensile property response to increasing 

tempering temperature in a 4340 steel, where an improvement in ductility is observed at the expense of 

strength. The high strength/hardness of as-quenched martensite is attributed to carbon supersaturation, 

high dislocation density, and a small effective grain size 63,64. Upon low temperature tempering (150 - 

200 ºC), ultimate tensile strength decreases due to the coarsening of transition carbides, a corresponding 

reduction in carbon supersaturation of the martensite matrix, and the recovery of high densities of as-

quenched dislocations. Yield strength may initially increase upon low temperature tempering due to the 

reduction in unpinned, mobile dislocations through recovery, carbon pinning, and transition carbide 

precipitation mechanisms. At high tempering temperatures, yield and tensile strength values converge due 

to reduced strain hardening associated with lower dislocation densities and the precipitation and 

coarsening of cementite. These microstructural phenomena effectively increase the mean free path for 

dislocation movement and therefore support sustained plastic deformation at relatively low stresses 17. 

With the exception of tempering regimes associated with embrittlement phenomena, ductility and 

toughness increase with tempering. Many of the mechanisms associated with decreased strength are 

related to improved ductility and toughness. Embrittlement due to tempering is further discussed in 

section 2.2.  

 

Figure 2.2 Mechanical property changes associated with increasing tempering temperature of a 4340 
steel tempered for 1 hr 63. Reproduced with permission from the publisher. 
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2.1.3 Time-Temperature Equivalence 

 In order to effectively predict the mechanical performance of Q&T steels, the connection between 

processing, structure, and properties must be understood. An early and practical effort to understand the 

effect of processing parameters (i.e. time and temperature) on the tempered microstructure was conducted 

by Hollomon and Jaffe. In their study, time and temperature were related to tempered hardness, where 

tempered hardness was considered the most accessible measurement to track tempering progression. 

Their work resulted in a widely-used metric known as the Hollomon-Jaffe (H-J) tempering parameter that 

is expressed as: 

𝐻𝑎𝑟𝑑𝑛𝑒𝑠𝑠	 = 	𝑓[𝑇 𝑙𝑜𝑔𝑡	 + 	𝑐 ]                                               (2.1) 

𝑇𝑒𝑚𝑝𝑒𝑟𝑖𝑛𝑔	𝑃𝑎𝑟𝑎𝑚𝑒𝑡𝑒𝑟	 = 	𝑇(𝑙𝑜𝑔𝑡	 + 	𝑐)	                                      (2.2) 

where T is absolute temperature, t is time, and c is a constant related to the steel used. While this method 

is widely used to represent time-temperature equivalence, there has been some speculation regarding the 

constant c. Additional information and analysis concerning the impact of the c-value was presented in 

Appendix A of the MS thesis 16. 

 Several adaptations of the H-J tempering parameter have been explored within the literature in an 

effort to more accurately relate tempering time and temperature. Grange et al. 65,66 investigated the effect 

of composition on tempered hardness predictions according to the H-J tempering parameter, and 

subsequently incorporated correction terms to account for the effect of alloying on softening rate. 

Additional changes were made to the H-J tempering parameter by Semiatin et al. through the 

development of a non-isothermal representation of Equation 2.2: 

			𝑇O 𝑐 + 𝑙𝑜𝑔∆𝑡O = 𝑇∗(𝑐 + 𝑙𝑜𝑔∆𝑡∗)                                               (2.3) 

where c is the c-value, T* and t* are the temperature and time, respectively, of the equivalent isothermal 

tempering cycle, and Ti and ti are the incremental temperature and time associated with the non-isothermal 

tempering cycle. T* is typically equivalent to the peak temperature of the non-isothermal cycle. The time 

of the equivalent isothermal cycle, t*, can be determined by solving for ∆𝑡∗ at each increment of the cycle 

and then summing all ∆𝑡∗ values. Figure 2.3 graphically displays the method of equating a non-isothermal 

tempering cycle to an isothermal cycle. 
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Figure 2.3 Transformation of non-isothermal cycle to “equivalent” isothermal cycle 67. Reproduced 
with permission from the publisher. 

 More recently, Thomas et al. reevaluated the applicability of using the H-J tempering parameter 

and proposed a method of assessing time-temperature relations through the use of characteristic diffusion 

distance [22]. The reevaluation of Hollomon and Jaffe’s work was prompted by a significant 

contradiction in the derivation and practical application of the tempering parameter equation. In the 

tempering parameter derivation, a constant c-value is required. However, significant variations in c-values 

are present in many studies, including Hollomon and Jaffe’s original paper [19–21]. Therefore, it was 

proposed that the tempering parameter may not be the most fundamentally appropriate method of 

evaluating time-temperature equivalence, and the use of the characteristic diffusion distance proved to be 

a viable alternative for relating time and temperature. The characteristic diffusion distance is represented 

as: 

𝑥$ ≅ 2𝐷𝑡                                                                       (2.4) 

where t is time and D is diffusivity given by the equation: 

𝐷 = 	𝐷+𝑒
-
T

UV                                                                     (2.5) 

where Do is the pre-exponential frequency factor, Q is the activation energy for diffusion, R is the 

universal gas constant, and T is the absolute temperature. The activation energy and pre-exponential 

factor depend on the type of diffusion that occurs in each tempering stage. Thomas et al. constructed iso-

tempering curves using the appropriate characteristic diffusion distance associated with each tempering 

stage. These iso-tempering curves suggested the possibility of several tempering stages operating 

simultaneously, or even out of regular order, under short-time conditions (Figure 1.4). 
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2.1.4 Applicability of the Tempering Parameter to Rapid Tempering 

 The H-J tempering parameter is reliably used to equate time and temperature under conventional 

tempering conditions; however, the effectiveness of the H-J parameter in the context of rapid tempering 

has been shown to vary depending on processing conditions. Many investigators 7,67,68 have found that the 

H-J tempering parameter, or some variation thereof, can be used to accurately capture changes in 

hardness across both conventional and rapid tempering conditions. Semiatin et al. and Revilla et al. 

utilized induction heating to evaluate rapid tempering and the relationship between tempered hardness 

and a non-isothermal version of the tempering parameter. Both studies indicated that an equivalent 

tempered hardness was achieved at a given tempering parameter for tempering times ranging from 2 - 

1260 s, and that a non-isothermal tempering parameter can be effectively used to equate tempering 

processes of both rapid and conventional tempering times. 

 Others 5,9 have found that the H-J parameter does not accurately capture changes in tempered 

hardness for certain rapid tempering conditions. Furuhara et al.
5 showed that multiple variations of the H-

J tempering parameter do not accurately predict equivalent hardness values associated with rapid 

tempering treatments with a 0 s hold time. In these tempering treatments, the specimen was rapidly heated 

to the desired temperature, followed by an immediate quench. In the same study, other tempering 

treatments with short hold times (> 0 s) were shown to be accurately described by the tempering 

parameter; therefore, only the 0 s treatments deviated from the expected tempering parameter-hardness 

relationship. Furuhara et al. suggested that the H-J tempering parameter is not appropriate for describing 

tempering during heating due to changes in the rate controlling mechanism during heating. Vieweg et al. 
9 

also evaluated rapid tempering conditions and found significant variations in tempering parameter for a 

given tempered hardness. The reason for the observed deviation was suggested to be consistent with the 

theory of Furuhara et al., despite a 2 s hold time utilized by Vieweg et al. 

2.1.5 Microstructural Evolution and Mechanical Properties Associated with Rapid Tempering 

 The effect of rapid heating rates and short holding times on dislocation recovery and cementite 

growth kinetics has been the primary focus of several studies 5–9. The results of these studies indicate a 

correlation between rapid tempering and cementite size refinement. The mechanism by which this 

refinement occurs is commonly suggested to be the suppression of dislocation recovery at short times, 

where a higher dislocation density is associated with more nucleation sites and potentially higher 

nucleation rates leading to finer, more dispersed particles.  

 Furuhara et al. 5 proposed an additional mechanism by which cementite could be refined via rapid 

tempering by relating time-temperature cementite precipitation (TTP) kinetics to heating rate 5. Figure 

2.4(a) is a schematic of a TTP diagram and illustrates the suggested effect of heating rate on the 
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temperature at which cementite nucleation occurs. Figure 2.4(b) displays cementite nucleation rates in 

relation to temperature for both high-angle grain boundary nucleation and screw dislocation nucleation 

calculated by Furuhara et al. 
5, where it is assumed that the nucleation kinetics are limited by the volume 

diffusion of carbon. The dislocation density utilized to calculate nucleation rate associated with screw 

dislocations was not adjusted as a function of temperature to account for recovery effects. As depicted in 

Figure 2.4(a), the temperature at which cementite precipitation begins is expected to increase with more 

rapid heating rates. Within the temperature range of 300 to 500 °C, an increase in temperature is 

accompanied by an increase in grain boundary nucleation rate (Figure 2.4(b)), presumably leading to 

refined cementite precipitates. Through this relationship, Furuhara et al. suggested that more rapid heating 

can lead to finer cementite particles. However, the analysis presented by the authors, indicating that 

higher nucleation temperatures lead to a higher nucleation rate, is only valid for a specific range of 

tempering temperatures. For tempering temperatures of 200 to 300 °C or above 500 °C, increasing the 

temperature at which nucleation occurs leads to a decrease in nucleation rate. 

 

(a)                                                                               (b) 

Figure 2.4 (a) Time-temperature-transformation diagram illustrating the effect of heating rate on the 
start temperature of cementite precipitation and (b) temperature versus nucleation rate at 
dislocations and nucleation rate at grain boundaries. It is assumed that the kinetics are 
limited by the volume diffusion of carbon through ferrite 5. Reproduced with permission 
from the publisher.  

 Mechanical property studies associated with rapid tempering are largely limited to tempered 

hardness and impact toughness evaluation. Rapid tempering is linked with improvements in toughness, 

whether assumed 5,7 or measured 6,8,9, where improved toughness is commonly attributed to cementite 
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refinement associated with rapid tempering. In addition to assessing the applicability of the tempering 

parameter under short-time conditions, tempered hardness is important in comparing characteristics of 

conventional and rapid tempering conditions at an equivalent degree of tempering. In order to best 

separate the effects of rapid tempering from degree of tempering, rapid and conventional tempering 

should perhaps be compared at an equivalent degree of tempering (equivalent tempered hardness). It is 

noted that some key studies 5,7 do not consistently compare rapid and conventional tempering at a 

constant tempered hardness.  

2.2 Tempered Martensite Embrittlement 

 Tempered martensite embrittlement (TME) is a phenomenon characterized by a reduction in room 

temperature toughness of steels tempered within the regime associated with the second stage of tempering 
17, where the depth of the toughness trough is often used to characterize the severity of embrittlement. 

Figure 2.5 shows the appearance of TME in 4340 steel between 200 and 400 ºC from a study by 

Materkowski and Krauss 69. It is generally accepted that cementite and retained austenite play central 

roles in the manifestation of TME; however, there is some complexity regarding the specific mechanisms 

by which cementite and retained austenite contribute to TME. Discussions within the literature regarding 

the role of cementite and retained austenite with respect to TME typically focus on austenite 

decomposition, austenite stability, cementite precipitation, and cementite coarsening. 

 

 

Figure 2.5 Example of TME trough in 4340 tempered at various temperatures for 1 hr. Adapted 
from 69.  
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 Horn and Ritchie 11 related many of the mechanisms discussed throughout the literature to arrive 

at a comprehensive theory involving the manifestation of TME. Upon quenching from austenitization, 

some amount of interlath austenite is retained, contingent on alloying and processing conditions. During 

the second stage of tempering, retained austenite decomposes to ferrite and interlath cementite. The 

interlath cementite then acts as an embrittling agent by providing preferred crack initiation sites and 

propagation pathways. As decomposition proceeds, the remaining retained austenite is depleted of carbon 

as it is being incorporated into cementite; thereby reducing mechanical stability of the remaining 

austenite. During deformation/fracture, retained austenite remaining within the microstructure may 

mechanically transform to fresh martensite due to mechanical instability. The newly transformed 

martensite, adjacent to the existing cementite films, may then augment any existing embrittlement. 

Therefore, according to this theory, TME is primarily dependent on the formation of interlath cementite 

during the second stage of tempering 10–12,70, and may be exacerbated by the mechanical decomposition of 

retained austenite during deformation 11. Kwon and Kim 70 also emphasized the role of matrix toughness 

in the manifestation of TME. Their results indicated that TME is caused by the decomposition of retained 

austenite to interlath cementite; however, matrix toughness must be such that interlath cementite is an 

effective embrittling agent in order for TME to manifest. If matrix toughness is sufficiently high, cracks 

may initiate within interlath cementite, but further propagation will be inhibited. Other investigators 13–15 

attribute TME to the coarsening of inter/intralath cementite, rather than the decomposition of retained 

austenite. In this scenario, inter/intralath cementite reaches some critical size at which brittle fracture is 

promoted. 

Impurity segregation has been classified as a secondary contributor to TME, rather than the 

primary mechanism of embrittlement. Materkowski and Krauss studied the effect of phosphorus on the 

toughness and TME behavior of 4340 steel 69. Their work showed that the addition of phosphorus 

uniformly decreases toughness, while TME severity is relatively unaffected, as depicted in Figure 2.6. 

While the temperature regime and severity of TME are unaffected by phosphorus content, the resulting 

fracture behavior differs significantly between the two conditions. The low (0.003 wt pct) and high 

(0.03 wt pct) P conditions exhibit translath and intergranular fracture, respectively, within the TME 

regime. Fractographs associated with low and high P conditions with the TME regime are shown in 

Figure 2.7. TME associated with the low P condition was attributed to interlath retained austenite 

transformation to cementite, the common mechanism connected to TME. Due to observed intergranular 

fracture of the high P condition, the authors concluded phosphorus segregation to grain boundaries during 

austenitization plays a key role in the resulting embrittlement, as segregation is known to decrease 

boundary surface energy and promote brittle fracture. However, segregation could not be the main 

mechanism since the as-quenched condition also exhibited extensive segregation, but TME was not 
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observed until tempering to 200 ºC. Therefore, Materkowski and Krauss concluded that TME in the high 

P condition is due to the combined effect of grain boundary cementite precipitation and impurity 

segregation. Here, TME is contingent on boundary cementite formation, yet the fracture mode 

(intergranular) is observed due to phosphorus segregation during austenitization. 

 

 

Figure 2.6 Difference in toughness response due to variations in phosphorus content of a 4340 steel 
69. Reproduced with permission from the publisher. 

      

                                         (a)                                                                                    (b) 

Figure 2.7 Fractographs showing (a) intergranular and (b) cleavage fracture associated with a 0.03 
and 0.003 wt pct. P 4340 alloy, respectively, tempered at 350 °C for 1 h 69. Reproduced 
with permission from the publisher. 

2.3 Effect of Silicon on Tempering 

 Silicon retards the progression of tempering through several known mechanisms. The specific 

effects of silicon on carbide precipitation, dislocation recovery, and mechanical properties are discussed 
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in the following sub-sections.   

2.3.1 Carbide Precipitation  

 Silicon retards the precipitation of cementite, consequently increasing the tempering temperature 

at which tempering stages II and III occur 71–77. Silicon is negligibly soluble in cementite, thus inspiring 

two possible mechanisms by which silicon inhibits cementite precipitation. One mechanism, presented by 

Owen 72, involves the rejection of silicon from cementite, and the subsequent build-up of silicon atoms at 

the transformation interface. For precipitation to continue, silicon must diffuse away from the advancing 

interface while carbon simultaneously diffuses toward the growing cementite particle. The added 

requirement of substitutional diffusion thus increases the activation energy and increases the tempering 

temperatures required for cementite precipitation to occur. In addition, silicon increases the activity of 

carbon 78,79; consequently, carbon diffusion to the precipitate is slowed due to the accompanying decrease 

in driving force. Miyamoto et al. 80,81 observed Si partitioning in association with early stage (450 ºC for 

1200 s) cementite growth in a Fe-0.6C-2Si steel and believed the mechanism for delaying cementite 

growth to be consistent with Owen’s explanation in the context of the alloy studied.  

 In a study utilizing atom probe field ion microscopy, Babu et al. 82,83 did not observe silicon 

redistribution during the early-stages of cementite precipitation; therefore, an alternative mechanism by 

which silicon retards cementite precipitation was suggested. Through the paraequilibrium nucleation of 

cementite, where diffusion is restricted to interstitial atoms, silicon is trapped within the cementite lattice. 

This trapping of silicon lowers the free energy change associated with the reaction and thus retards 

nucleation and growth. The presence of paraequilibrium cementite has also been confirmed by Thomson 

and Miller 84–86, and Clarke et al. 87. In the study conducted by Miyamoto et al. 80, where paraequilibrium 

cementite was not observed, the authors acknowledged that other studies have observed paraequilibrium 

cementite growth. Miyamoto et al. suggested that the discrepancy in observations could be the result of 

differing alloying additions, where studies that observed paraequilibrium cementite contained alloying 

elements known to stabilize cementite, such as Mn, Cr, and Mo. While Clarke et al. observed 

paraequilibrium cementite formation at the onset of precipitation, silicon partitioning was observed upon 

further tempering, also consistent with observations of Babu et al 
82,83. Therefore, both the precipitation of 

paraequilibrium cementite, as well as the silicon build-up mechanism proposed by Owen, may play a role 

in the suppression of cementite. 

 Kozeschnik and Bhadeshia 76 studied the influence of silicon on the precipitation of cementite in 

both ferrite and (retained) austenite through thermodynamic modeling. They suggested that silicon is 

ineffective in delaying the precipitation of cementite in highly carbon supersaturated ferrite, as the driving 

force for precipitation is large even for para-equilibrium precipitation. It was thus proposed that the 
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commonly observed delay in cementite precipitation with silicon additions is due to the combination of 

silicon insolubility in cementite and low effective carbon supersaturation in ferrite (martensite) due to 

carbon trapping associated with high dislocation densities. Paraequilibrium cementite precipitation from 

(presumably within) austenite was also investigated, and was found to be significantly suppressed by the 

addition of silicon. For some medium temperature conditions, paraequilibrium precipitation of cementite 

within austenite was predicted to be completely repressed. Therefore, for the precipitation of cementite 

from austenite, either sufficiently low or high temperatures are required for precipitation to occur. Low 

temperatures are associated with sufficient driving force for paraequilibrium precipitation, while high 

temperatures enable significant silicon diffusion to promote equilibrium cementite precipitation. 

 While the effect of silicon on cementite precipitation has been the focus of many studies, the 

effect of silicon on transition carbide precipitation is not as well understood. In general, it is observed that 

silicon delays the transformation of transition carbides to cementite during the third stage of tempering 71–

77; consequently, transition carbides are retained to higher temperatures for longer times. Early studies 88,89 

hypothesized that the growth of cementite may be delayed in the presence of silicon due to the 

stabilization of transition carbides via silicon enrichment. However, subsequent studies 74,81 utilizing atom 

probe field ion microscopy did not detected enrichment or significant redistribution of silicon in 

𝜀-carbide, while others 90 have observed a significant depletion of silicon in 𝜀-carbide after tempering. To 

better understand the effect of silicon on 𝜀-carbide precipitation from a fundamental standpoint, Jang et 

al. 91 performed first-principle calculations to assess the role of silicon on the thermodynamics of 

𝜀-carbide precipitation. The authors found that the formation energy of 𝜀-carbide significantly increased 

in the presence of silicon, even more so than in the case of cementite. Justification for the observation of 

transition carbides preceding the appearance of cementite in the presence of silicon was thus related to 

reduced coherency strains between the transition carbide and martensite matrix. Overall, the literature 

does not indicate any direct effect of silicon on transition carbides that would promote retention to higher 

temperatures (and longer times). Rather, as cementite precipitation inherently promotes transition carbide 

dissolution, the retention of transition carbides to higher temperatures may simply be the result of 

suppressed cementite precipitation through silicon additions. 

 The kinetics of transition carbide and cementite precipitation have been suggested 43,44 to follow 

dual C-curve behavior. In addition, it has been proposed 39,44,92 that silicon shifts the curve associated with 

cementite more prominently than the transition carbide curve (Figure 1.5). The effect of silicon on 

transition carbide and cementite kinetics thus would increase the opportunity for transition carbide 

reversion at temperatures above the associated solvus. The proposed C-curve behavior is still under 

debate and has not been experimentally confirmed. 
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2.3.2 Dislocation Recovery 

 Silicon has been shown to delay not only carbide precipitation, but also dislocation recovery 

during tempering 93–95. Hobbs et al. 93 discussed the possibility of Si delaying recovery via Si 

atom-dislocation interactions, where the interaction energy must be overcome to achieve dislocation 

climb. Similarly, Klemm-Toole 95 considered the effect of stress-field interactions between Si atoms and 

dislocations on the recovery of medium carbon bar steels. Klemm-Toole utilized a recovery model 

proposed by Nes 96 to assess the role of solute pinning on dislocation recovery, where the rate of 

climb/glide is limited by the diffusion rate of the solute atom in question. Experimental work by 

Klemm-Toole revealed that increased Si (0.7 vs 1.6 wt pct) significantly suppressed dislocation recovery 

after tempering at 500 ºC for 1 h, but had little effect after tempering at 650 ºC for 1 h. The model 

predicted slower recovery at 500 ºC with an increase in silicon, consistent with the experimental results. 

On the other hand, the model predicted rapid recovery at 650 ºC, with no significant dislocation density 

difference between high and low silicon conditions. While the experimental data did not show silicon to 

have an effect on dislocation recovery after tempering at 650 ºC, the degree of recovery predicted by the 

model was much greater than observed experimentally. Consequently, Klemm-Toole concluded that 

dislocation recovery was partially inhibited in both high and low silicon conditions at 650 °C, but by 

mechanisms other than solute pinning. The available literature suggests that Si delays dislocation 

recovery primarily through a solute pinning-type mechanism, where silicon is thought to significantly 

delay dislocation recovery within temperature regimes where Si diffusion is minimal. At temperatures 

where relatively rapid Si diffusion is possible, the suppressive effect of Si on recovery may be diminished 

according to Klemm-Toole. 

2.3.3 Mechanical Properties 

 Silicon has been found to increase both hardness and strength in Q&T microstructures. Kim et al. 

studied the effect of silicon on microstructure-property relationships in tempered martensite, where the 

influence of silicon on solid solution, precipitation, grain size, and forest dislocation strengthening was 

evaluated with tensile testing, TEM, EBSD, and synchrotron XRD, in addition to plasticity modelling 94. 

While silicon was found to enhance the degree of solid solution strengthening, the bulk of silicon’s 

contribution to strength was attributed to an increase in dislocation forest hardening through the 

suppression of dislocation recovery. The assessment of silicon’s effect on tempered hardness was studied 

by Klemm-Toole 95 using a similar strength/hardness model to that of Kim et al. In contrast to Kim et al., 

the Klemm-Toole study concluded that the majority of hardening due to silicon is associated with solid 

solution strengthening rather than dislocation hardening.  
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2.4 Mössbauer Spectroscopy 

 Mössbauer effect spectroscopy (MES) is used in the current study to determine retained austenite, 

cementite, and transition carbide phase fraction as a function of tempering. MES is a technique that 

involves the recoil-free absorption and emission of gamma rays in solids, where measurement of the 

absorbed gamma rays can reveal chemical, structural, and magnetic properties of the material. Due to the 

conservation of momentum, recoil occurs during absorption or emission of gamma rays of free nuclei; 

therefore, some energy is lost to recoil in the process of absorption and emission. However, within a solid 

matrix, recoilless interactions can be achieved and all gamma-ray energy transferred during emission and 

absorption 97,98. This recoilless interaction is the basis of the Mössbauer effect. 

 In MES, the source is oscillated back and forth in order to create a variety of gamma ray 

frequencies. These gamma rays pass through the absorber (sample) and are sensed by a detector on the 

other side. An absorption “peak” is observed when the transition energy of the emitting and absorbing 

nuclei are identical (full absorption). The energy of the emitted gamma ray from a moving source, EV, can 

be expressed as: 

𝐸X = 	𝐸+ 1 +
𝑣
𝑐                                                                  (2.6) 

where EO is the gamma ray energy emitted from a stationary source, v is the velocity of the oscillating 

source, and c is the speed of light. Again, a peak is observed when EV is equal to the difference of the 

ground and excited states of the absorber, Ea 
99.  

 The most common Mössbauer source isotope is 57Fe. Since the Mössbauer effect is observed 

when the emitting and absorbing transition energies are the same, MES equipped with a 57Fe source only 

interacts with Fe atoms. Figure 2.8 depicts an MES peak associated with an identical source and absorber, 

where a singular peak occurs at 0 mm/s (source velocity). The energy levels of the absorber can be 

modified by the atom’s environment via three principal interactions: 

• Isomer Shift: Occurs due to differences in the s-electron environment between the source and the 

absorber. These differences produce a shift in the resonance energy of the transition, which 

results in an overall shift of the spectrum. 

• Quadrupole Splitting: Non-spherical charge distributions produce a nuclear quadrupole moment. 

In the presence of a non-symmetrical electrical field, a split in the nuclear energy levels of the 

excited state is produced. 

• Magnetic Splitting: In the presence of a magnetic field, the nuclear spin moment undergoes a 

dipolar interaction. This causes the splitting of nuclear levels with a spin of 𝑙 into excited 

substates with spins of (2	𝑙 +1) 97,98, and results in the splitting of both the ground and excited 

states to arrive at six total possible energy transitions.  
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Figure 2.8 Mössbauer spectrum associated with an identical emitter and absorber 97. Reproduced by 
permission of The Royal Society of Chemistry. 

 The quadrupole and magnetic splitting effects discussed above are illustrated in Figure 2.9. Iron 

atom resonance associated with ferrite (martensite), retained austenite, cementite, and transition carbides 

exhibit distinct isomer shift, quadrupole splitting, and magnetic splitting behavior. Consequently, unique 

spectra can be correlated to each phase, and phase fractions can be extracted by analyzing the intensities 

associated with the appropriate spectra. In addition to phase fraction, information about the local atomic 

surroundings can be extracted. For example, magnetic and quadrupole splitting are significantly affected 

by the presence of a carbon nearest neighbor (nn) or next nearest neighbor (nnn) with respect to Fe. 

Therefore, the carbon content of austenite can be accurately assessed. Determining the nn and nnn 

behavior in the martensite is much more complex given its magnetic nature, and is difficult to determine 

reliably in steels with significant alloying. 

             

(a)                                                                                (b) 

Figure 2.9 Example of neutron energy transitions associated with (a) magnetic and (b) quadrupole 
splitting 97. 𝑙 represents the angular momentum quantum number, while 𝑚[ is associated 
with excited substates. Reproduced by permission of The Royal Society of Chemistry. 
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CHAPTER 3  

EXPERIMENTAL METHODS 

 The experimental methods associated with the processing, testing, and characterization of the 

research materials, 4340 and 300-M, are presented here. Both alloys were subjected to the processing 

pathway illustrated in  

Figure 3.1. Prior to heat treatment, tensile and Charpy blanks were machined from the provided material. 

Once heat treated, blanks were machined to the final testing geometry or reserved for microstructural 

characterization. The practice of heat treating specimens in the blank form was adopted to allow for 

distortion and decarburization removal during final machining. Specific blank geometries used for 

microstructural analysis of rapidly tempered 4340 and 300-M are further discussed in section 4.5.2. 

 While both 4340 and 300-M are the focus of the current study, the machining, heat treating, and 

mechanical testing of 4340 was carried out as part of the MS work 16. To ensure the current document 

contains all relevant experimental information, critical procedures associated with the processing and 

testing of 4340 are also included here. Some of the adopted experimental methods differ between 4340 

and 300-M. When present, these differences are emphasized within the text. 

3.1 Experimental Material 

 The MS work focused on characterizing the effect of rapid tempering on the mechanical behavior 

of 4340, with a particular emphasis on impact toughness. The 4340 alloy was chosen due to its known 

susceptibility to TME 69,100, as well as its commercial availability and relevance to the proposing sponsor. 

As discussed in section 1.2.3, the coupled effect of silicon and rapid tempering on microstructural 

development and mechanical properties was identified as an area of interest for the PhD work. Therefore, 

a high silicon version of 4340, known as 300-M, was chosen to investigate the effect of silicon on the 

microstructural evolution during rapid and conventional tempering conditions. 

Table 3.1 – Chemical Composition of Research Materials (wt pct) 

wt pct C Mn Si Ni Cr Mo Ti 
4340 0.41* 0.71 0.25 1.76 0.75 0.26 - 

300-M 0.42* 0.72 1.58 1.93 0.80 0.40 0.003 
  

wt pct Nb V Al S P Cu Sn 
4340 0.005 0.047 0.008 0.001 0.009 0.14 - 

300-M - 0.08 0.038 0.001 0.006 0.12 0.009 
   * Carbon analysis using LECO combustion analysis resulted in measured carbon values of 
                                                        0.47 and 0.46 wt pct for 4340 and 300-M, respectively. 
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 The chemical compositions of the 4340 and 300-M alloys used in the current study are displayed 

in Table 3.1. Two carbon contents are indicated for each alloy in Table 3.1, showing both the 

concentrations reported by the manufacturer and the values measured by the author using LECO 

combustion analysis. The carbon contents of 0.47 and 0.46 wt pct for 4340 and 300-M, respectively, were 

used in all ThermoCalc simulations and carbon balance calculations. The 4340 alloy was produced by 

ArcelorMittal USA, provided by Los Alamos National Laboratory, and received in the form of 12.7 mm 

(0.5 in) plate. The 300-M alloy was produced and provided by TimkenSteel. The 300-M was produced by 

electric arc furnace melting, vacuum ladle refining, and bottom pouring into 711 mm (28 in) square 

ingots. Bars were received in the form of two 15.2 x 22.2 cm (6 x 8.75 in) diameter cylindrical billets in 

the hot-rolled condition. 

 

Figure 3.1 Illustration of material processing procedure for 4340 and 300-M material. 
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Table 3.1 – Chemical Composition of Research Materials (wt pct) 

wt pct C Mn Si Ni Cr Mo Ti 
4340 0.41* 0.71 0.25 1.76 0.75 0.26 - 

300-M 0.42* 0.72 1.58 1.93 0.80 0.40 0.003 
  

wt pct Nb V Al S P Cu Sn 
4340 0.005 0.047 0.008 0.001 0.009 0.14 - 

300-M - 0.08 0.038 0.001 0.006 0.12 0.009 
   * Carbon analysis using LECO combustion analysis resulted in measured carbon values of 
                                                        0.47 and 0.46 wt pct for 4340 and 300-M, respectively. 
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3.2 Design and Machining of Blanks 

 Prior to heat treatment, the received material was machined into one of three blank geometries 

depending on the alloy and intended use: (1) 4340/300-M Charpy blanks, (2) 4340 tensile blanks, or (3) 

300-M tensile blanks. Each blank geometry was designed to be similar to the final testing geometry, and 

to accommodate Gleeble® heat treating. Charpy blank geometry was relatively consistent across both 

alloys, while the tensile blank geometries associated with 4340 and 300-M differ significantly due to use 

of different final tensile specimen designs. Tensile specimen geometry and design are discussed in 

sections 3.4.2 and 4.4, respectively. 

 Figure 3.2 indicates the Charpy blank geometry adopted for both alloys. The length of the blank 

was designed to accommodate sufficient grip contact (27-30 mm/side) and adequate free span (30mm) 

during Gleeble® heat treating, as illustrated in Figure 3.3. One millimeter was added to the thickness and 

width of the final Charpy specimen geometry (10 mm) to ensure that any surface effects that arose during 

heat treatment would be removed during final machining. Due to material constraints, a length of 85 mm 

was used for the 300-M Charpy blanks, as opposed to the 90 mm long 4340 blanks. For the 4340 alloy, 

longitudinal blanks were obtained at the plate mid-thickness. Longitudinal samples corresponding to 

300-M were machined from an outer and inner diameter, where the outer diameter was first reduced by 

removing 6.35 mm (0.25 in) from the surface of the bar. Spacing between the inner and outer diameters, 

as well as between adjacent samples, was minimized according to machining capabilities. Charpy blank 

orientation with respect to the original 300-M material is illustrated in Figure 3.4. 

 

Figure 3.2 Geometry of 4340 Charpy blank. Utilized 300-M Charpy blank geometry featured a 
length of 85 mm to maximize blank extraction from source material. Drawing not to 
scale. 
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Figure 3.3 Depiction of grip contact and free span lengths in the context of the Gleeble® 3500 
fixturing setup.  

 

Figure 3.4 Orientation of 300-M Charpy blanks with respect to original material. Dimensions shown 
in inches (mm). 

 Cylindrical tensile blanks associated with 4340 were machined with the geometry outlined in 

Figure 3.5. The 4340 tensile blanks were machined longitudinally with respect to the original plate rolling 

direction and centered with respect to plate thickness. The length of the blanks was designed to 

accommodate a 100 mm free span, as well as 30 mm on each side for gripping in the Gleeble® 3500. A 

2 mm through-hole was added to allow for simplified handling during salt pot hardening and tempering. 

For specimens tempered in the Gleeble® 3500, the end including the through-hole was removed prior to 

tempering to arrive at a specimen length of 160 mm. The 300-M tensile blank geometry is outlined in 

Figure 3.6. Similar to the 4340 tensile blanks, the length of the 300-M blanks was designed to allow a 
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100 mm free span and 30 mm grip length on each end, arriving at a total specimen length of 160 mm. The 

rectangular cross section of 300-M tensile blanks was adopted for more efficient use of available material, 

and for simplified machining and testing, as discussed in section 3.4.2. The transverse tensile blank 

orientation with respect to the original 300-M billet is shown in Figure 3.7. 

 

Figure 3.5 Cylindrical tensile blank geometry associated with 4340 alloy, drawing not to scale. 

 

Figure 3.6 Tensile blank geometry associated with 300-M alloy, all dimensions in mm. 

 

Figure 3.7 Location of transverse 300-M tensile blanks with respect to original material, where a 
stack of four tensile blanks are associated with each location. Dimensions shown in mm 
(inches). 
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3.3 Heat Treatment 

 All specimens were austenitized at 845 °C (4340) or 870 °C (300-M) for 1 h and quenched into 

room temperature, agitated oil to form a martensitic structure. An austenitization temperature of 845 °C 

was chosen for 4340 to remain consistent with recommended industrial heat treatment practices 101, 

resulting in an estimated grain size of 22 - 30 µm according to literature 101. Later, 870 °C was selected 

for 300-M to produce a similar grain size (~20 µm100), as well as to be consistent with suggested industry 

austenitization temperatures 101. The temperature of the quench oil was monitored and cooled, so as not to 

exceed 30 ºC. Conventional (3600 s) tempers were performed in a nitrate salt bath (4340) or box furnace 

(300-M), followed by water quenching. Rapid (1, 10, and 100 s) tempering conditions involved heating in 

a Gleeble® 3500 at a rate of 420-1000 ˚C/s followed by quenching with helium. Chapter 4 covers the 

development and execution of the tempering treatments in depth. 

3.4 Mechanical Testing 

 The methods adopted for Vickers microhardness, tensile, and Charpy impact testing are outlined 

in the following sub-sections. 

3.4.1 Vickers Microhardness 

 Microhardness measurements were performed on as-quenched, conventionally tempered, and 

short-time tempered specimens associated with the 4340 and 300-M alloys. Measurements were 

conducted using an automatic LECO AMH55 (300-M) and a manual LECO MHT200 (4340) 

microindentation hardness tester with a 500 g-f load and 10 s dwell time. Samples were prepared via 

mounting and polishing to a 1 µm finish. The cross-sections of the as-quenched and conventionally 

tempered specimens were analyzed using a 10 X 10 (300-M) and 5 X 5 (4340) grid of Vickers 

microhardness indents. A minimum of 1 µm of the exposed surface was removed in order to eliminate 

hardness effects due to decarburization. One sample per condition was tested for hardness; therefore, all 

displayed standard deviation error bars correspond to the multiple measurements taken per condition. 

 Since a temperature gradient, and therefore hardness gradient, is present in all Gleeble® tempered 

samples (discussed further in section 4.4), accurate positioning of indentations with respect to the 

thermocouple location was crucial. In order to achieve the correct indentation position, the following 

procedure was adopted for all short-time tempered conditions. The 4340 and 300-M 90 mm Charpy 

blanks were first sectioned to a length of approximately 10 mm by removing ~40 mm from each end. The 

distance from the two ends to the thermocouple position was then measured according to the following 

procedure. For each Gleeble® tempered specimen, three measurements were made from edges 1 and 2 

(arbitrarily named) to the furthest edge of the furthest thermocouple (TC) weld (welds were occasionally 
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imperfectly aligned), per Figure 3.8. The three measurements from edge to TC location were averaged to 

arrive at two length measurements per condition, a measurement from “edge 1” to TC and “edge 2” to 

TC. Due to the diameter of the TC spot welds, summing the two length measurements results in a length 

longer than the total length of the specimen. The total length of the specimen was measured three times, 

averaged, and used to determine the distance from each edge to the centerline of the TC welds via  

𝑋]^_`	4	a+	1b	b`ca`d[Oc` = 	𝑋]^_`	4	a+	1b −	
fghij	k	lm	Vnofghij	p	lm	Vn -		fVmlqr	sjtilu

9
    (3.1) 

𝑋]^_`	9	a+	1b	b`ca`d[Oc` = 	𝑋]^_`	9	a+	1b −	
fghij	k	lm	Vnofghij	p	lm	Vn -		fVmlqr	sjtilu

9
    (3.2) 

where 

𝑋]^_`	4	a+	1b	b`ca`d[Oc` +	𝑋]^_`	9	a+	1b	b`ca`d[Oc` = 	𝑋1+av[	w`c_ax                         (3.3) 

Edges 1 and 2 were tracked during mounting and polishing procedures. After mounting and polishing, ten 

(4340) to forty (300-M) Vickers microhardness indentations were made along the centerline of the TC 

welds, as depicted in Figure 3.9. In this manner, the distances determined in Equations 3.1 and 3.2 were 

utilized to ensure hardness measurements were conducted at the location associated with the monitored 

and desired heat treatment (TC centerline). 

 

Figure 3.8 Illustration of measurements from the ends of the specimen to thermocouple (TC) 
position. 
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Figure 3.9 Illustration of the use of Equation 3.1 to determine the appropriate hardness indentation 
position after mounting. 

3.4.2 Tensile Testing 

 Uniaxial tensile testing of 4340 was conducted on an MTS 22-kip hydraulic frame equipped with 

vee-wedge grips, while testing of 300-M was carried out on a screw-driven, MTS Alliance frame. 

Different tensile frames were utilized for the two alloys due to differences in tensile specimen geometry. 

The 4340 tensile geometry was designed during the MS work 16, and is shown in Figure 3.10. A variation 

of this geometry featuring a shorter gauge section (20 mm) was used for the conventional tempering 

conditions of 4340 due to machining errors, although the utilized extensometer was consistent across 

tempering times. The geometry presented in Figure 3.10 proved difficult and expensive to machine. In 

addition, high hardness in the grip section and high tensile strengths resulted in significant slipping within 

the grips. Therefore, the hydraulic tensile frame was used for the testing of 4340, as a higher grip pressure 

is achievable compared to the available screw-driven frame. To better utilize available material and avoid 

similar gripping and machining issues, the 300-M tensile specimen design was revised to include a flat 

geometry with pinned ends. The adopted 300-M tensile geometry is shown in Figure 3.11. More 

information on the design process of the 4340 and 300-M tensile geometries is discussed in section 4.4. 
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Figure 3.10 Tensile specimen geometry associated with all 4340 rapid tempering conditions (1, 10, 
100 s). Dimensions in mm. Conventional tempering conditions featured a reduced cross-
section length of 20 mm. 

 

Figure 3.11 300-M tensile specimen geometry with all dimensions and tolerances shown in mm.  

 For both 4340 and 300-M, a 10 mm extensometer was used to measure displacement with an 

engineering strain rate of 0.015 mm/mm/min. If the extensometer reached its limit of 15 pct, the program 

was paused and the extensometer reset. Ultimate tensile strength (UTS) was taken to be the highest stress 

value, while yield strength (YS) was calculated using the 0.2 % offset method.  

3.4.3 Charpy Impact Testing 

 Room temperature Charpy testing was conducted in accordance with ASTM E23 102.  

Figure 3.12 shows the standard Charpy specimen geometry used in the current study. Samples were taken 

in the longitudinal-transverse orientation with respect to the original 4340 plate, as depicted in 

Figure 3.13. For 300-M samples, the Charpy specimen notch was machined on the face of the blank 

closest to the outer diameter. It should be noted that the utilized Charpy tester registered 3 ft-lbs when 

released in the absence of a specimen during the testing of the 300-M alloy. All impact energy values in 

the study are presented as-measured. 

 

Figure 3.12 Charpy specimen geometry associated with 4340 and 300-M alloy. 
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Figure 3.13 Illustration of Charpy specimen orientation with respect to original plate and rolling 
direction of 4340. Not to scale. 

3.5 Characterization 

3.5.1 X-Ray Diffraction – Dislocation Density 

 X-ray diffraction (XRD) was utilized to estimate dislocation density of the 4340 and 300-M 

time-temperature conditions. XRD samples were prepared by sectioning tempered tensile (4340) or 

Charpy (300-M) blanks per Figure 3.14. The appropriate face was lightly ground using a progression of 

250, 320, 400, and 600 grit metallographic paper. Samples were subsequently thinned in a solution of 10 

parts deionized water, 10 parts hydrogen peroxide, and 1 part hydrofluoric acid for 15 to 30 minutes to 

remove the damage layer associated with grinding. A thickness reduction of at least 0.005 in (0.127 mm) 

was achieved as per ASTM standard E975 103. XRD measurements for dislocation density determination 

were obtained using nickel-filtered copper radiation and a Phillips X-pert diffractometer instrumented 

with an X’celerator detector. With operating conditions of 45 kV and 40 mA, samples were scanned over 

a 2𝜃 range of 40 to 130° with a step size of 0.03 - 0.05° and a 150 - 200 s dwell time. Each sample (for a 

single time-temperature condition) was run four times to increase accuracy of the measurements. Two 

measurements were conducted at the same orientation, and then the sample was rotated 90° for an 

additional two measurements. 

Figure 3.14 Illustration of blank sectioning for XRD examination. Sectioning of 300-M samples was 
conducted in a consistent manner, although on rectangular Charpy blanks. 
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 Peak broadening was analyzed by measuring the full-width half-maxima (FWHM) of the six 

ferrite/martensite peaks ({110}, {200}, {211}, {220}, {310}, {222}) for each tempering condition. 

Instrumental peak broadening was determined using a silicon standard and was subtracted from the 

ferrite/martensite FWHM values. Peaks were fit using the “Profit” package available in PANalytical 

HighScore. This peak fitting package utilizes a Voigt profile (mixture of Gaussian and Lorentzian 

distributions) to fit the XRD peaks. 

 Peak broadening was analyzed using a modified Williamson-Hall approach 104,105 to determine 

dislocation density. This approach attributes all peak broadening to dislocations and assumes strain from 

internal stresses, texture, and other sources to be negligible. The parameters ΔK and K were used to 

determine dislocation density, where 𝛥K can be defined as both 

ΔK =
|.~

�
+ 𝑏𝑀

�

9
𝜌(𝐾𝐶vX_)

4/9                                                    (3.4) 

ΔK = cos 2𝜃 2 ∗ 𝐹𝑊𝐻𝑀 𝜆                                                      (3.5) 

where D is crystallite size, b is Burgers vector, M is a dimensionless constant known as the dislocation 

distribution parameter and was taken to be 1.4 105, 𝜌 is the dislocation density, 2𝜃 describes the position of 

the peak, 𝜆 is the wavelength of the incident beam, and Cavg is the average dislocation contrast factor 

defined as 

𝐶vX_ = 𝐶x�[(1 − 𝑞𝐻
9)                                                            (3.6) 

Chkl is the average contrast factor corresponding to the hkl reflection, q is a parameter discussed below 

that depends on the edge or screw nature of the dislocation, and H2 is represented as 

𝐻9 = 	
xp[po	xp�po	[p�p

(xpo	�po	[p)p
                                                              (3.7)  

The parameter K is defined as 

K =
9∗���	(9� 9)

�
                                                                    (3.8) 

 The average hkl contrast factor, Chkl, was determined by considering the dislocation contrast 

factor for the individual hkl reflections, Chkli, corresponding to pure edge and screw dislocations, as well 

as considering the fraction of edge and screw dislocations within the material. Chkli was determined by 

considering pure edge and screw dislocations, and using the elastic parameters of the material (C11, C12, 

and C44), where 

Cx�[O 	 = aO 1 − exp
-�

��
+	𝑐O𝐴 +	𝑑O                                               (3.9) 

The parameters ai, bi, ci, and di are given by the elastic constants of the material and were obtained from 

Ungar et al. 104.  The ai, bi, ci, and di parameter supplied by Ungar et al. are associated with screw and 
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edge dislocations in a BCC iron lattice. Therefore, elastic constants (C11, C12, and C44) associated with 

ferrite 106, rather than martensite, were used in the current study to remain consistent with the BCC 

parameters provided by Ungar et al. Changing between ferrite and martensite elastic constants results in a 

uniform shift in the dislocation density results and does not alter any of the trends or relative 

relationships. Values of the utilized parameters and constants are provided in Table 3.2. The elastic 

anisotropy parameter, A, is given by  

A	 =
9b��

bkk-	bkp
                                                                     (3.10) 

From Equation 3.10, A was determined to be approximately 2.4. 

 Once Chkli was determined for pure edge and screw dislocations, the fraction of screw and edge 

dislocations was considered in order to calculate q and the average hkl contrast factor, Chkl. The process 

for calculating these two parameters is further outlined in the study by HajyAkbary et al. 
105. The values 

determined for the fraction of edge dislocations ranged from 0.1 to 0.55, with the majority of conditions 

exhibiting a fraction of 0.2. Equation 3.5 was then utilized to determine Cavg for each evaluated hkl peak. 

With values for 𝛥K, K, and Cavg, Equation 3.3 was utilized to determine dislocation density, where 

dislocation density is related to the slope of the linear relationship between 𝛥K and (𝐾𝐶vX_)
4/9. 

Table 3.2 – Constants Used in the Modified Williamson-Hall Approach 
 

Ferrite Elastic Constant 106 
Pure Edge Dislocation Parameter 

for Calculation of Cx�[O 
104 

Pure Screw Dislocation 
Parameter for Calculation of 

Cx�[O 
104 

C11 230 ai 1.669 ai 0.174 
C12 130 bi 21.124 bi 1.9522 
C44 116 ci 0 ci 0.0293 
- - di 0.0757 di 0.0662 

3.5.2 X-Ray Diffraction – Retained Austenite Volume Fraction 

 X-ray diffraction (XRD) specimens from tensile samples were prepared by sectioning according 

to Figure 3.14, and lightly grinding the appropriate face with a progression of 250, 320, 400, and 600 grit 

sand paper. Samples were subsequently thinned in a solution of 10 parts deionized water, 10 parts 

hydrogen peroxide, and 1 part hydrofluoric acid to achieve a thickness reduction of at least 0.005 in 

(0.127 mm) as per ASTM standard E975 103. Retained austenite volume fractions were determined using 

graphite monochromated copper radiation and a Siemens D500 diffractometer with operating conditions 

of 40 kV and 20 mA. The Siemens diffractometer was instrumented with a scintillation detector and 1° 

slit. Four ferrite/martensite peaks ({110}, {200}, {211}, {220}) and four austenite peaks ({111}, {200}, 
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{220}, {311}) were compared to determine the amount of retained austenite. Samples were scanned over 

a 2q range of 40 to 105°, with a step size of 0.02° and 18 s dwell time. The sample was continuously 

rotated during data collection in order to account for texture effects. 

 Peaks were fit utilizing the peak fitting software available through PANalytical HighScore. The 

Cu K-a2 wavelength was removed from the spectra to simplify later analyses. Peak fitting was then 

performed with “Profit” available in HighScore, which utilizes a Voigt profile (mixture of Gaussian and 

Lorentzian distributions). The full-width-half-max and height of the identified peaks were used to 

determine the experimental intensity of each peak. Retained austenite percentages were calculated in 

accordance with the SAE method 107 using the equation 
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                                                             (3.11) 

where V is the volume fraction, n is the number of peaks associated with the phase in question, I is the 

intensity, and R is the theoretical intensity. 

3.5.3 Cementite Size and Morphology - Microscopy 

Scanning electron microscopy (SEM) was used to assess cementite characteristics of 4340 and 

300-M. Samples were prepared by sectioning, mounting, grinding, polishing to a 0.05 µm finish, and 

lightly etching with 0.1 pct nital. Rapidly tempered specimens were sectioned from blanks according to 

Figure 3.14. A JEOL 7000 field emission scanning electron microscope (FESEM) and FEI Helios 

Nanolab 600i focused ion beam (FIB) SEM were utilized to collect micrographs for cementite analysis. 

The JEOL FESEM and FEI SEM were operated at an accelerating voltage of 20/30 kV and 2 kV, 

respectively, and a working distance of 10 mm and ~5 mm, respectively.  

Scanning transmission electron microscopy (STEM) was used to further investigate cementite 

characteristics of specific 4340 and 300-M tempering conditions. Samples were prepared using an FEI 

Helios Nanolab 600i FIB to create FIB lift-outs for analysis. The lift-outs were extracted from the same 

samples used for SEM cementite characterization. Samples were mounted in ConductoMountTM to 

minimize electron charging and beam drift during creation of the lift-out. STEM was carried out on an 

FEI Talos F200X TEM/STEM and FEI Tecnai F30 with operating voltages of 200 and 300 kV, 

respectively. 
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3.5.4 Cementite Size and Morphology – Particle Analysis 

 Cementite size and morphology were determined by analyzing scanning electron micrographs 

using ImageJ. Micrographs were first converted to black and white using the threshold feature in ImageJ, 

and de-speckled to remove noise. The threshold feature was unable to capture small, low contrast 

cementite particles, while avoiding the oversaturation of larger, brighter particles. Consequently, manual 

post-processing was necessary to appropriately separate close, oversaturated cementite particles and to 

verify the thresholding process. Figure 3.15 illustrates the procedure and need for manual post-processing. 

Six fields of view were analyzed per condition, resulting in a range of ~2,500 – 4,500 particles analyzed 

for each condition using SEM. 

 

Figure 3.15 SEM images of cementite particles showing the progression from an original image to a 
binary manual post-processed image. Enlarged areas of overall micrographs are shown to 
emphasize particle separation performed in association with manual processing. 

 A similar process was adopted for analyzing cementite size using scanning transmission electron 

microscopy (STEM) to that of the discussed SEM procedure. For STEM micrographs, the contrast was 

such that an automatic thresholding procedure was not successful in identifying cementite precipitates. 
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Therefore, a manual approach was adopted, in which individual cementite precipitates were shaded prior 

to the application of a binary threshold. Figure 3.16 compares two sets of automatically and manually 

processed STEM micrographs and illustrates the need for manual processing. Five to eight fields of view 

were examined per condition, resulting in ~200 – 500 particles examined using STEM. 

 

Figure 3.16 Two sets of bright field STEM micrographs showing differences in automatic and manual 
processes to obtain binary image. Manual processing was used on all STEM micrographs. 

The particle analyzer feature in ImageJ was used to characterize cementite particle size and 

morphology of the binary images produced by the thresholding process. Particle size is expressed as 

equivalent diameter (d), and was calculated from particle area (A), where 

𝑑 = 	
¥�

�
                                                                   (3.12) 

Aspect ratio (𝜓�) is used to describe particle morphology, and was calculated using the minimum and 

maximum Feret diameters output by the particle analyzer plugin as follows 

𝜓� =
§¨j©jl,«�t

§¨j©jl,«q¬
                                                               (3.13) 
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3.5.5 Mössbauer Spectroscopy 

 Samples prepared for Mössbauer spectroscopy were taken from the other half of tensile/Charpy 

blanks used for XRD measurements, where initial sectioning was consistent with Figure 3.14, and 

additional sectioning was performed in accordance with Figure 3.17, in order to provide multiple samples 

for a single condition in the event that a sample was destroyed during the preparation process. The section 

closest to the location of the thermocouple, labeled as 1 in Figure 3.17, was used preferentially and 

samples 2 and 3 used sequentially, if necessary. Samples were prepared via mechanical grinding to a 

thickness of approximately 80 𝜇m. Subsequent thinning was performed using a solution of 10 parts 

deionized water, 10 parts hydrogen peroxide, and 1 part hydrofluoric acid to achieve a final thickness 

between 15 and 40	𝜇m. A detailed list of instructions for appropriately preparing Mössbauer spectroscopy 

specimens is included in Appendix A. 

 

Figure 3.17 Illustration of sectioning procedure for Mössbauer spectroscopy. Dots represent the spot 
welds of the thermocouple used to control the temperature profile within the Gleeble. 

Using WinNormos V3.0 and IGOR Pro V6.3 software, each Mössbauer spectrum was fit with 

multiple sub-spectra associated with resonance from martensite/ferrite (𝛼), retained austenite (𝛾0), 

cementite (𝜃), and transition carbides (𝜂¯ and 𝜂c¯) by optimizing the 𝜒9-fitting parameter. Achieved 

fitting parameters ranged from ~1.2 – 2.4. Instructions for collecting and fitting Mössbauer spectra on the 

Colorado School of Mines spectrometer are included in Appendices B and C, respectively. The transition 

carbide sub-spectra were fit to account for both stoichiometric and non-stoichiometric transition carbides, 

represented as 𝜂¯ and 𝜂c¯, respectively 108. Due to the similarity of Mössbauer parameters associated with 

epsilon (𝜀) and eta (𝜂) transition carbides, it is difficult to clearly distinguish between the two using only 

MES 109; it should be noted that the use of “𝜂¯” and “𝜂c¯” in the current study is not meant to exclude the 

potential presence of 𝜀-carbide within the explored microstructures. Cementite sub-spectra were fit 

considering both magnetic (𝜃°) and non-magnetic (𝜃c°) cementite. Cementite is typically magnetic, but 

can transition to become non-magnetic in the presence of significant alloy enrichment. 

5 mm

3

2

1
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 Following appropriate fitting of the overall spectrum with sub-spectra representing 𝛼, 𝛾, 𝜂¯,	𝜂c¯, 

𝜃°, and 𝜃c° the resonance area values for each constituent were converted to Fe atomic fractions. This 

was achieved by first applying a thickness correction consistent with the methodology outlined by Pierce 

et al. 
108, followed by recoilless fraction corrections based on the fraction of Fe sites associated with the 

effective thickness and recoilless fractions of 𝛼, 𝛾, 𝜂, 108 and 𝜃 110, respectively. Precision error associated 

with each phase was calculated based on statistical and repeatability analyses. Statistical errors associated 

with fitting were calculated using the IGOR Pro software, while reproducibility was determined by 

periodically rescanning specimens. More in-depth descriptions of the Mössbauer fitting and calculation 

procedures adopted for the current study are outlined elsewhere 108,110,111.  

 Some conclusions in the current study are based on the detected presence of certain phases using 

Mössbauer spectroscopy; therefore, the detection limits associated with MES are important to understand. 

The detection limit of MES for a secondary phase in a mixed phase microstructure is determined by the 

counting statistics, amount of Fe interacting with the beam, and signal resolvability of the weak phase 

compared to the dominant phase. The baseline (off-resonance) counts for the examined samples were 

typically around 2x106, yielding a statistical uncertainty in each data point of approximately 0.07 pct. 

Assuming peaks are consistently detectable at intensities twice as large as the scatter (0.14 pct), the 

amount of Fe needed to cause such a drop in intensity can be calculated by assuming a reasonable peak 

width, which in this instance is about 0.014 mg/cm2 108. Taking into account the total Fe interacting with 

the beam for the average sample thickness, this corresponds to approximately 0.1 at. pct Fe and represents 

the assumed detection limit of all 𝛾 measurements. The 𝜂 and 𝜃 subspectra appear as sextets due to their 

magnetic nature; however, only two of the six peaks are well resolved from the dominant 

ferrite/martensite sextet. Therefore, the required amount of Fe interacting with the beam is approximately 

three times that for austenite, or 0.042 mg/cm2. Depending on the assumed peak width, the detection 

limits of 𝜂 and 𝜃 are estimated to be 0.2 – 0.3 at. pct Fe.  

 Error associated with Mössbauer spectroscopy was determined by combining statistical 

uncertainty and fitting error. Statistical uncertainty values were calculated in the same manner as the 

detection limits previously described. Fitting error was found by systematically varying a key fitting 

parameter, hyperfine magnetic field (Bhf), and determining the resulting variation in phase fraction 

determination. The effect of varying Bhf is only relevant for the 𝜂 and 𝜃 spectra, as 𝛾 is non-magnetic. 

Due to the similarity in Bhf values of θ and ηs, significant overlap of the sub-spectra occurs; therefore, the 

Fe fraction is highly sensitive to Bhf when both phases are present. For conditions in which 𝜂 and 𝜃 

carbides are not simultaneously present, Bhf was determined by the fitting software based on goodness of 

fit [Bhf(θ) = 18.3 T, Bhf(ηs) = 17.3 T]. Bhf values were found to vary across all conditions by ± 0.1 T and 

± 0.2 T for 𝜃 and 𝜂, respectively. These uncertainty values were then used as the basis for assessing the 
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effect of Bhf values on resulting phase content. The Bhf analysis was conducted on the 4340 alloy and 

assumed to be applicable to 300-M. Table 3.3 lists the statistical uncertainty, error associated with 

variations of Bhf, and total error (in atomic pct. Fe) for each phase and appropriate combinations of 

phases. Total error was calculated by summing the uncertainties associated with statistical and Bhf 

parameters via a root sum squared approach. Besides Bhf, other fitting parameters were not considered as 

a source of uncertainty since their values typically remain constant for a given phase.  

Table 3.3 – Error Associated with Mössbauer Spectroscopy Measurements 

 

Alloy Measured Constituent 
Statistical 

Uncertainty 

Average Change 
from Bhf (θ) 
Variation** 

Average 
Change from 

Bhf (η) 
Variation** 

Total 
Error 

4340 

γ ± 0.1 % n/a n/a ± 0.1 % 
η (only η present) ± 0.36 %* n/a ± 0.33 % ± 0.48 % 
η ( η and θ present) ± 0.36 %* ± 0.24 % ± 0.33 % ± 0.54 % 
θ ( η and θ present) ± 0.3 % ± 0.28 % ± 0.25 % ± 0.48 % 
θ (only	θ	present) ± 0.3 % ± 0.28 % n/a ± 0.41 % 

300-M 

γ ± 0.1 % n/a n/a ± 0.1 % 
η (only η present) ± 0.43 %* n/a ± 0.33 % ± 0.54 % 

η ( η and θ´ present) ± 0.43 %* ± 0.24 % ± 0.33 % ± 0.59 % 
θ´ ( η and θ´  present) ± 0.3 % ± 0.28 % ± 0.25 % ± 0.48 % 
θ´  (only θ´ present) ± 0.3 % ± 0.28 % n/a ± 0.41 % 

θ´ + θ�´ (only θ present) ± 0.43 %* ± 0.28 % n/a ± 0.51 % 
*Sum of 𝜂¯ and 𝜂c¯ or 𝜃° and 𝜃c° statistical error 
**Values determined from 4340 alloy 

 

The carbon concentration associated with retained austenite was calculated from the fraction of 

Fe sites in retained austenite containing no carbon nearest neighbors (r(0)), represented as: 

  𝑟 0 = 	 1 − 	
fn

4-	fn

¶
                                     (3.14) 

where XC is atomic fraction of carbon in austenite. Conditions with an austenite content below ~0.5 at pct 

could not be reliably analyzed to extract carbon concentration in retained austenite, therefore a 

represented carbon content of 0 indicates an associated austenite amount below the 0.5 pct threshold. The 

carbon consumed by transition carbide and cementite precipitation was also determined via Mössbauer 

spectroscopy by utilizing the Fe atomic fractions (F), stoichiometry (Y), and atomic fraction of 

substitutional alloying elements estimated within each phase (a):  

                 𝐶	𝑖𝑛	𝐶𝑎𝑟𝑏𝑖𝑑𝑒𝑠 = 	
·

¸(4-v)
                                        (3.15) 

where Y = 2 for stoichiometric transition carbide and Y = 3 for cementite and non-stoichiometric 

transition carbide. The atomic fraction of alloying elements in 4340 and 300-M were taken as 0.04 and 
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0.069, respectively. The fraction of carbon in martensite was estimated by subtracting the total fraction of 

carbon in retained austenite, cementite, and transition carbides from unity.  
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CHAPTER 4  

DESIGN AND EXECUTION OF TEMPERING TREATMENTS 

 This chapter covers the development of the tempering matrices associated with 4340 and 300-M, 

as well as the methods for accurately executing the designed tempering treatments. Four time conditions 

were chosen for the current study: 1, 10, 100, and 3600 s. The 3600 s conditions represent a conventional 

tempering time; while 1, 10, and 100 s are included to assess the effects of rapid tempering.  

4.1 Selection of Tempering Temperatures for Conventional Conditions 

 The effect of rapid tempering on mechanical properties and microstructural development within 

the TME regime is the focus of the current work. Therefore, conventional time-temperature combinations 

were chosen to coincide with the TME regime, and rapid tempering treatments subsequently designed 

using the conventional treatments as a baseline. The determination of appropriate conventional 

time-temperature combinations is discussed in the present section, while the design of rapid tempering 

conditions is addressed in sections 4.2 and 4.3. 

 The temperature regimes associated with TME in 4340 and 300-M are relatively well 

documented within the literature 11,69. TME typically manifests between 200 and 400 ºC in 4340, while a 

higher temperature regime of 350 to 500 ºC is associated with TME in 300-M. Preliminary Charpy impact 

tests of the conventional 4340 and 300-M conditions were conducted to ensure the chosen tempering 

conditions coincided with the appearance of TME in the utilized research material. Figure 4.1 shows the 

toughness results of the 3600 s conditions of 4340 and 300-M. From these results, temperature regimes 

associated with the appearance of TME were identified as 200 – 400 ºC and 350 – 550 ºC for 4340 and 

300-M, respectively. The resultant conventional tempering matrices for 4340 and 300-M are displayed in 

Table 4.1. 
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Figure 4.1 Impact energy of 4340 and 300-M as a function of tempering temperature for a tempering 
time of 3600 s. Two samples were tested for each condition, therefore a single point for 
any one condition implies that the two samples yielded identical results. 

Table 4.1 – 4340 and 300-M 3600 s Tempering Temperatures 

Alloy Temperature (ºC) 

4340 200 250 300 350 400 

300-M 350 400 450 500 550 
 

4.2 Time-Temperature Equivalence - The Hollomon-Jaffe Tempering Parameter 

 A key aspect of the current study involves the comparison of rapid and conventional tempering 

conditions at an equivalent degree of tempering. Therefore, an effective method for measuring degree of 

tempering, as well as determining appropriate time-temperature combinations to achieve equivalent 

tempers, is essential. Here, the Hollomon-Jaffe tempering parameter (see section 2.1.3) is used as the 

method for establishing time-temperature equivalence, as it is one of the most commonly used approaches 

in industry. A c-value of 16 is used in the current study for both 4340 and 300-M112,113. According to this 

relationship, time-temperature conditions that achieve an equivalent tempered hardness, represented by a 

constant tempering parameter, are considered to be tempered to an equivalent degree. For each 

conventional time-temperature combination in Table 4.1, Equation 2.2 was used to calculate appropriate 

tempering temperatures for rapid conditions. These calculations were achieved by utilizing the TPs of the 

conventional tempering conditions and solving for T in Equation 2.2.  
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4.3 4340 and 300-M Tempering Matrices 

 The Hollomon-Jaffe (H-J) tempering parameter was used to determine preliminary 

time-temperature combinations for 4340 and 300-M, as shown in Table 4.2. The applicability of the 

tempering parameter calculations was assessed by performing the appropriate heat treatments (Table 4.2) 

and examining the tempered hardness of each condition. According to the H-J TP methodology, 

conditions are equivalently tempered if a constant tempered hardness is achieved for a given tempering 

parameter. Figure 4.2(a) displays the results associated with the 4340 conditions, where the 

time-temperature combination calculated using the H-J TP produce nearly equivalent hardness values for 

a given tempering parameter, indicating an achieved equivalent degree of tempering. Therefore, the 4340 

time-temperature combinations determined using the H-J TP were used for the remainder of the study. 

Figure 4.2(b) shows hardness as a function of tempering parameter for the 300-M alloy. Unlike 4340, 

significant hardness variation is observed at a given tempering parameter, particularly within the TP range 

of 13,000 – 15,000. See Appendix D for an analysis on the effect of the chosen c-value on the 300-M 

tempering parameter-hardness relationship. 

Table 4.2 – Preliminary Tempering Matrices of 4340 and 300-M Based on the H-J TP 

Alloy Time (s) Temperature (ºC) 

4340 

3600 200 250 300 350 400 - - - 
100 241 295 350 404 458 - - - 
10 271 329 386 444 501 - - - 
1 305 366 427 489 550 - - - 

300-M 

3600 - - - 350 400 450 500 550 
100 - - - 404 458 513 567 621 
10 - - - 444 501 559 616 674 
1 - - - 489 550 611 672 733 

 
TP 

(Approximate) 
9,000 10,000 11,000 12,000 13,000 14,000 15,000 16,000 

 

Based on the hardness data in Figure 4.2(b), additional tempering temperatures (Appendix E) 

were investigated for tempering times of 1, 10, and 100 s with the intention of arriving at the same 

tempered hardness value as the five 3600 s base conditions of 300-M. The 3600 s tempering temperatures 

of 350, 400, 450, 500, and 550 ºC correspond to tempered hardness values of approximately 615, 590, 

540, 515, and 490 HV, respectively. Using the data in Figure 4.2(b), appropriate temperatures for the 

rapid tempering conditions were estimated via linear interpolation. Figure 4.3 displays the results of this 

effort, where hardness is represented as a function of tempering temperature for all explored time 

conditions. Groups of time-temperature combinations that exhibit reasonably consistent tempered 

hardness values are highlighted and related to the equivalent 3600 s tempering temperature. 
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(a)                                                                                (b) 

Figure 4.2 Vickers microhardness as a function of tempering parameter (c = 16) for (a) 4340 and (b) 
300-M. Represented error corresponds to a 95 pct confidence interval. Error (95 pct CI) 
of the 300-M measurements is consistent with the size of the utilized data symbols. 

 

Figure 4.3 Vickers microhardness as a function of tempering temperature associated with 300-M. 
Represented error corresponds to a 95 pct confidence interval. 

Table 4.3 displays the “equivalent” time-temperature combinations of 4340 and 300-M in each 

column chosen based on equivalent hardness, along with the range of average hardness values across all 

time conditions and method by which these temperatures were determined. These time-temperature 
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conditions serve as the tempering matrices for the mechanical and microstructural testing of 4340 and 

300-M. As denoted in Table 4.3, there is some variation in achieved hardness across tempering times for a 

given “equivalent” hardness. The majority of the results in the present study are thus represented as a 

function of the measured hardness corresponding to each time-temperature condition. Any significant 

mechanical or microstructural changes associated with slight variations in tempered hardness values 

should thus be apparent. A complete list of the tempered hardness values associated with each 

time-temperature combination is provided in Appendix E. There are some instances in the current work 

where time-temperature combinations outside of the tempering conditions presented in Table 4.3 are 

explored. In these cases, the specific conditions, as well as the purpose for investigation, are addressed 

within sections associated with the corresponding results. 

Table 4.3 – 4340 and 300-M Tempering Matrices 

Alloy Method Time (s) Temperature (ºC) 

4340 
H-J 

Tempering 
Parameter 

3600 200 250 300 350 400 

100 241 295 350 404 458 

10 271 329 386 444 501 

1 305 366 427 489 550 

Range of 
Average 

Hardness (HV) 
624-657 582-593 538-548 507-527 461-489 

300-M 
Hardness 

Study 

3600 350 400 450 500 550 

100 404 434 517 544 567 

10 441 462 519 555 612 

1 434 486 538 575 619 
Range of 
Average 

Hardness (HV) 
611-619 586-595 526-538 508-514 492-500 

  

4.4 Thermal Gradient in the Gleeble® 3500 (300-M) – Tensile Specimen Design 

 When heating in a Gleeble® 3500, a thermal gradient develops along the length of the sample 

and results in a non-uniformly tempered specimen. An example of a characteristic Gleeble® temperature 

profile is presented in Figure 4.4, where the desired temperature is achieved at the control thermocouple 

location and temperature decreases closer to the gripped ends due to cooling of the grips. Characterization 

and consideration of this thermal gradient is crucial to ensure the examined material is appropriately heat 

treated, as material close to the gripped section is not tempered to the same degree as the material 

monitored by the control thermocouple. In the present study, characterization of the thermal gradient 

associated with 4340 and 300-M tensile blanks was conducted to establish the length of the uniformly 
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tempered region. The length of the uniformly tempered region was then used to inform an appropriate 

extensometer gage length. The thermal gradient associated with the Charpy blanks was not investigated, 

however care was taken to machine the notch and perform microstructural analysis at the location of the 

control thermocouple. The local properties at the notch should not be affected by non-uniform tempering 

far from the notch. 

 

Figure 4.4 Example of thermal gradient along the length of a sample heated to 455 ºC in a Gleeble®.  

 In order to achieve a more uniformly tempered specimen, the thermal gradient can be minimized 

by altering certain aspects of the experimental configuration. Jaw(grip)-type, peak temperature, specimen 

diameter, and free span can all be adjusted to influence the thermal gradient. Typically, the thermal 

gradient decreases with decreasing peak temperature and increasing free span (distance between 

Gleeble® grips), while stainless steel jaws produce a less pronounced thermal gradient than copper jaws 

(for steel samples). Thermal profile characterization tests were conducted using stainless steel jaws, a free 

span of 100 mm, and blank diameters/thicknesses consistent with those presented in section 3.2. The 

thermal gradient associated with the 4340 tensile blanks was characterized in the MS work 16, and the 

temperature was found to vary by only a few degrees within a gage section of 10 mm, or 5 mm distance 

away from the control thermocouple in each direction. By calculating the expected change in hardness 

associate with such a temperature deviation, the temperature variation within 10 mm was deemed 

acceptable. Therefore, a 10 mm extensometer was used for all 4340 tensile testing. The thermal gradient 

associated with the 300-M tensile blank geometry is characterized here to ensure a 10 mm extensometer 
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was also appropriate for testing of the final 300-M tensile specimens. 

 Initial testing of 4340 in the MS work indicated that the 1 and 10 s tempers did not provide 

enough dwell time for the thermal gradient to fully manifest, as the thermal gradient is a product of heat 

transfer from the sample to the water-cooled grips. Resultantly, the temperature along the length of the 1 

and 10 s samples only differed by a few degrees, and the 100 s temper was chosen to define the thermal 

gradient. Since higher temperatures generally produce a more severe thermal gradient across the sample, 

the highest temperature associated with the 100 s temper of 300-M, 567 ºC, was chosen for 

characterization. Figure 4.5 shows the temperature profiles associated with the control thermocouple and 

a thermocouple located 5 mm from the control for the 300-M tensile blank geometry. Interestingly, the 

5 mm TC initially exhibits a thermal overshoot not observed in the control TC profile. Overall, the 

temperature does not fluctuate more than 2 °C throughout the 100 s test. Additionally, assuming no 

thermal overshoot and an equivalent amount of heat dissipation, the 5 mm location temperature would not 

deviate more than 3 °C (sum of 2 and 1 °C deviations) from the control thermocouple temperature. A 

thermal fluctuation of 3 °C within the 10 mm extensometer region is considered acceptable based on 

expected hardness deviations associated with a variation of 3 °C. 

 

 

Figure 4.5 Thermal profiles associated with the control thermocouple (TC) and a location 5 mm 
away from the control TC for the 100 s – 567 °C condition of 300-M. The 5 mm TC 
represents expected thermal fluctuations within a 10 mm extensometer range.  
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4.5 Execution of Rapid Tempering Treatments Using a Gleeble® 3500 

 The 1, 10, and 100 s conditions were tempered using a Gleeble® 3500 in the standard pocket jaw 

configuration. After the majority of heat treatments were completed, the Gleeble® at the Colorado School 

of Mines underwent an upgrade to incorporate the “Gleeble® Touch Control” (GTC) console. The 

installation of this unit was accompanied by software changes that significantly altered the interaction 

between the programmed and experimentally achieved thermal profiles, particularly with respect to 

heating rate and appropriate PID settings. A value of 1.5 was used for both the partial (P) and integral (I) 

settings associated with the non-GTC console; while a small subset of samples were heat treated using the 

GTC, and settings of 0.002 and 0.05 were utilized for P and I, respectively. A transformer setting of 3 – 4 

was utilized to avoid maximizing the “PowerAngle” or “HeatPower” (GTC). 

 The rapid heating rates and short holding times associated with the tempering treatments 

performed using the Gleeble® required careful consideration of the relationship between the programmed 

thermal profile and the achieved, experimental profile. The following sub-sections address specific issues 

encountered during the execution of the rapid tempering treatments, and the resultant methods adopted to 

achieve satisfactory results. 

4.5.1 Thermal Overshoot Correction 

 Due to the high heating rates utilized in the current study, significant thermal overshoot was often 

observed during Gleeble® tempering. In order to avoid such overshoots, manual adjustments were made 

to the programmed temperature profiles. The Gleeble® Users Training handbook 114 suggests a method 

outlined in Figure 4.6, where the magnitude of the thermal overshoot, ΔT, is subtracted from the desired 

temperature and the system is programmed to hold for approximately 1/3 of the time of the overshoot. 

This method was used to correct the thermal overshoots observed in the 10 and 100 s tempering 

treatments. Figure 4.7 compares the results of two programs, where one is adjusted to account for 

overshoot while the other is not. The unadjusted program, set to isothermally hold at 600 °C, exhibits an 

overshoot of approximately 10 °C and does not reach the desired temperature by the end of the treatment. 

By using the recommended method for eliminating overshoot, the adjusted program achieves an actual 

thermal profile much closer to the desired isothermal hold. As a note, the thermal profiles shown in 

Figure 4.7 are associated with a “dummy” heat treatment, and therefore were not subjected to the 

programmed quench shown at ~14.5 s. For the overshoot associated with the 1 s treatments, ΔT was 

subtracted from the entire programmed temperature hold. 
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Figure 4.6 Illustration of technique outlined in the Gleeble® Users Training handbook for correcting 
thermal overshoot 114. 

 

 

Figure 4.7 Comparison of the original versus the adjusted thermal profile for a 10 s, 600 °C 
tempering treatment, showing programmed and measured thermal profiles. 
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4.5.2 Heating Rate 

 Rapid tempering treatments were designed with the intent of varying tempering time, while 

keeping heating rate constant. However, precise control of rapid heating rates in the Gleeble® proved to 

be difficult, resulting in a heating rate variation of 420 – 1000 ºC/s across all tempered conditions of 4340 

and 300-M. The remainder of this section describes the conditions leading to the observed variation in 

heating rate, as well as the hypothesized effects on the study’s results. 

 Short-time tempers (1, 10, 100 s) associated with 4340 were programmed with a heating rate of 

1200 - 1400 °C/s. These values were chosen with the intent that the Gleeble® would reach the highest 

achievable heating rate, assumed to be significantly lower than the programmed rate but consistent across 

specimen geometries. The heat treatment of 4340 Charpy blanks in the MS work resulted in an 

unanticipated variation in heating rate (700 – 1000 ºC/s) that seemed to be dependent on the hold 

temperature, where heating rate increased with higher holding temperatures. A detailed explanation as to 

why this variation was observed in the 4340 Charpy blanks is presented in Appendix C of the MS thesis 
115. In contrast, the heating rate of the 4340 tensile blanks remained relatively consistent (600 – 650 ºC/s) 

across all tempering temperatures. The 4340 tensile blanks were thought to achieve a lower heating rate 

than the Charpy blanks due to the extended free span (100 mm vs 30 mm) of the tensile blanks. Through 

additional testing in the MS work, it was shown that Charpy impact energy did not significantly vary 

between rapid conditions with a heating rate of 650 ºC/s versus 1000 ºC/s. Thus, the variation in heating 

rate was not considered when interpreting the mechanical property and microstructural results of 4340 

within the MS thesis, and will not be considered in the current study. 

 To avoid similar variations during the rapid tempering of 300-M, the programmed heating rate 

was altered to the consistently achievable heating rate (650 ºC/s) of the 4340 tensile blanks. It was 

thought that this heating rate would be attainable for the Charpy and tensile blanks of 300-M, as the free 

span of both respective geometries is consistent with those used in the 4340 treatments. All 300-M 

Charpy blanks were tempered with an experimental heating rate of 650 ºC/s; however, the highest 

achievable heating rate associated with the 300-M tensile blanks was 420 ºC/s. The failure of the 300-M 

tensile blanks to reach a heating rate of 650 ºC/s, despite a free span length consistent with the 4340 

tensile blanks, is thought to be associated with other differences in geometry (see Figure 3.5 and 

Figure 3.6). The 300-M tensile blank geometry features a larger surface area to volume ratio and a smaller 

cross-sectional area compared to the 4340 geometry. These two characteristics have the potential to 

reduce heating rate through heat dissipation and decreased resistance. 

 Table 4.4 displays the heating rates of the rapidly tempered conditions associated with the Charpy 

and tensile blank geometries of 4340 and 300-M (tests associated with old controller). As denoted, 

microstructural analysis including XRD, carbide analysis, and Mössbauer spectroscopy were performed 
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on samples of 4340 and 300-M exposed to a consistent heating rate (~650 ºC/s). Due to the constant 

heating rate of specimens subjected to microstructural analysis, variations in heating rate across rapidly 

tempered conditions is not considered in the discussion of microstructural evolution. 

Table 4.4 – Achieved Heating Rates Associated with 4340 and 300-M Blank Geometries 

Alloy Blank Geometry 
Achieved Heating 

Rate (ºC/s) 
Experimental Use 

4340 

Charpy 650 - 1000 Charpy Impact Testing 

Tensile (Round) ~650 

Tensile Testing 
Mössbauer Spectroscopy  

XRD 
SEM 
TEM 

300-M 
Charpy ~650 

Charpy Impact Testing 
Mössbauer Spectroscopy 

SEM 
XRD 
TEM 

Tensile (Flat) ~420 Tensile Testing (Interrupted and Continuous) 

  

4.5.3 Non-Isothermal Tempering Parameter 

 An adapted Hollomon-Jaffe tempering parameter, introduced by Semiatin et al. 67, was used to 

quantitatively evaluate differences in the experimental and ideal thermal profiles achieved during rapid 

tempering, such as those shown in Figure 4.8. The method introduced by Semiatin et al. accounts for 

non-isothermal tempering that occurs during heating and cooling, and allows for a quantitative evaluation 

of slight differences in achieved vs. target temperature and time. The non-isothermal formulation of the 

tempering parameter is: 

	𝑇𝑃	 = 	𝑇O 𝑐 + 𝑙𝑜𝑔∆𝑡O = 𝑇∗(𝑐 + 𝑙𝑜𝑔∆𝑡∗)                                               (4.1) 
 
where c is the c-value, Ti represents the incremental temperature of the experimental (non-isothermal) 

thermal cycle and ∆ti the time step over which the experimental temperature is evaluated. By setting T* 

equal to the desired treatment temperature (e.g. 305 ºC in Figure 4.8), ∆𝑡∗could be determined for each 

time-temperature data point collected during tempering. Summing ∆𝑡∗ over the entire tempering cycle 

thus resulted in an “equivalent isothermal tempering time” (EITt) associated with each experimental heat 

treatment. The EITt was used to ensure acceptable accuracy of rapid heat treatments was achieved. This is 

further discussed in section Error! Reference source not found..  
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(a)                                                                                  (b) 

Figure 4.8 Comparison of ideal and experimental thermal profiles during Gleeble® tempering at the 
(a) full temperature and time scale, as well as the (b) high temperature regime. 

4.5.4 Accounting for Time Delay 

 Preliminary Gleeble® heat treatments revealed a delay, typically less than 0.5 s, between the 

programmed and actual start of heating. While a delay of this time would typically be inconsequential, the 

short time conditions of the present thermal treatments required that the delay be considered. In order to 

account for the observed delays, the hold time was simply extended to offset the time lost during the 

delay. Figure 4.9 depicts the described extension of the treatment hold time and the effect on the 

equivalent isothermal tempering time. The issue of this delay was only taken into account and considered 

relevant for the 1 and 10 s tempers. 

4.5.5 Monitoring Achieved Tempering Treatments and Establishing Acceptable Error (300-M) 

 Time-temperature profiles of all rapid tempering treatments were recorded and monitored to 

ensure the target equivalent isothermal tempering times (1, 10, 100 s) were achieved. For all 4340 heat 

treatments, this process was completed as part of the MS work, and the methodology/criteria for doing so 

is presented in section 3.3.4 of the MS thesis. Monitoring of the 300-M rapid heat treatments is covered 

here, as well as the procedure for establishing an acceptable error associated with heat treating. While 1, 

10, and 100 s are the target equivalent isothermal tempering times, some amount of deviation was 

expected during actual heat treating. Therefore, error limits were established prior to the execution of 

rapid tempering treatments to provide criteria for acceptable and unacceptable EITt deviations. It should 

be noted that despite the difficulties encountered with the H-J TP in establishing a tempering matrix for 
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300-M, the non-isothermal tempering parameter was used to monitor treatments and develop an 

acceptable error criterion. 

Figure 4.9 Illustration of the time delay associated with rapid tempering treatments in the Gleeble® 
and the adopted method to correcting for the time delay, where EITt is the equivalent 
isothermal tempering time.  

Acceptable error was defined as any deviation in actual tempering time or temperature that would 

not result in a calculated change in hardness greater than the average hardness measurement error 

(± 2.7 HV, 95 pct confidence interval). The EITt range that adheres to this criterion was calculated for 

each rapid time-temperature combination by assessing the predicted tempering temperatures associated 

with a change in hardness of ± 2.7 HV. Figure 4.10 shows an example of the determination of acceptable 

tempering deviations utilizing the ± 2.7 HV confidence interval criterion. The entire 300-M, 1 s tempering 

temperature-hardness curve is represented in Figure 4.10 (a) to illustrate the linear interpolation utilized in 

the procedure. Figure 4.10 (b) represents the “region of interest” denoted in Figure 4.10 (a) and uses the 

1 s - 486 °C condition to illustrate the process for determining acceptable temperature error. As depicted 

in Figure 4.10 (b), the acceptable temperature range corresponding to ± 2.7 HV and assuming a tempering 

time of 1 s was determined to be 480.5 - 488.5 °C based on linear interpolation. These tempering 

temperatures were then converted to EITts by utilizing the non-isothermal tempering parameter and 

assuming an ideal temperature of 486 °C (in this example). The resulting acceptable EITt range 

associated with 1 s – 486 °C condition is thus 0.8 – 1.36 s.  

Using this process, acceptable EITt ranges were determined for each rapid time-temperature 

combination of 300-M. In general, the window of acceptable error depends on the relationship between 
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tempering temperature and hardness, where a smaller range of acceptable error is associated with regimes 

where small changes in temperature result in appreciable hardness change. The upper and lower EITt 

limits for each tempering condition of 300-M are shown in Figure 4.11 along with the experimentally 

achieved EITts. Any samples that fell outside of the limits were discarded, and a new sample heat treated 

to represent the desired tempering condition. 

 

      

(a)                                                                                     (b) 

Figure 4.10 (a) Region of interest associated with (b) depiction of method for determining acceptable 
time/temperature deviations during rapid tempering. 
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                                       (b)                                                                                     (c) 

Figure 4.11 Experimental equivalent isothermal tempering times (solid circles) for (a) 1 s, (b) 10 s, 
and (c) 100 s tempering treatments of 300-M. Upper and lower acceptable time 
deviations are denoted with open circles along with solid lines. The dashed lines 
represent the target times.  

 

 

                                                                                      (a) 
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CHAPTER 5  

EFFECT OF RAPID TEMPERING ON MICROSTRUCTURAL DEVELOPMENT OF 4340 STEEL 

5.1 Results 

The microstructural development results associated with rapid and conventional tempering of 

4340 are presented in this chapter. This includes results pertaining to retained austenite decomposition 

and carbon content, transition carbide precipitation and dissolution, cementite precipitation and growth, 

and dislocation recovery. 

5.1.1 Retained Austenite Decomposition and Carbon Content 

 Mössbauer spectroscopy was utilized to quantify retained austenite phase fraction of all 4340 

tempering conditions. Figure 5.1 displays retained austenite content as a function of tempered hardness 

for the 1, 10, 100, and 3600 s conditions, where shorter tempering times generally exhibit higher levels of 

retained austenite at a given hardness. From approximately 650 to 550 HV, all tempering times show a 

decrease in retained austenite content with increased tempering (decreased hardness), indicating the 

decomposition of retained austenite. From 550 to 500 HV, retained austenite content remains relatively 

constant for a given tempering time, and shorter tempering times consistently exhibit higher levels of 

retained austenite. The 3600 s condition exhibits complete decomposition by 550 HV (300 °C). There is a 

small, yet significant and consistent increase in retained austenite from approximately 500 to 450 HV for 

all short-time conditions. 

 

Figure 5.1 Retained austenite content as a function of Vickers hardness for 1, 10, 100, and 3600 s 
time conditions of 4340. Hardness is shown on a decreasing scale, representing the 
progress of tempering. 
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 Figure 5.2 shows the carbon concentration of the retained austenite as a function of tempered 

hardness associated with all tempering conditions of 4340. The as-quenched condition exhibits a carbon 

concentration consistent with the bulk carbon content of the alloy, indicating no carbon enrichment of 

retained austenite during the quenching process. With initial tempering, all conditions indicate a small 

increase in retained austenite carbon concentration to ~0.6 - 0.85 wt pct. C. As tempering continues to 

higher temperatures (lower hardness), the carbon concentration of the retained austenite remains 

relatively consistent. The conditions associated with a carbon concentration of zero either contain no 

remaining retained austenite, or too little to accurately measure carbon concentration via Mössbauer 

spectroscopy. 

 

Figure 5.2 Carbon concentration of retained austenite (wt pct.) as a function of tempered hardness 
for as-quenched (AQ) and 1, 10, 100, and 3600 s tempered conditions of 4340. Hardness 
is shown on a decreasing scale, representing the progress of tempering.  

5.1.2 Carbide Precipitation and Growth 

Transition carbide and cementite fractions were determined via Mössbauer spectroscopy and are 

displayed in Figure 5.3 as a function of hardness. The as-quenched carbide fractions are not shown, but 

correspond to 2.71 and 0 at pct Fe for transition carbides and cementite, respectively. The detection of 

transition carbides in the as-quenched condition indicates significant autotempering during quenching 

from austenite. Tempering results in a slight initial increase in transition carbide content followed by 

gradual dissolution associated with stage III of tempering. As transition carbide content is decreasing, 

cementite content correspondingly increases with tempering. The final phase fraction of ~6.55 wt pct 

cementite is close to the calculated equilibrium value of ~7 wt pct (Appendix F). With the exception of 
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the 100 s condition at 550 HV, there is no systematic or significant difference in carbide content between 

time conditions at a constant tempered hardness. 

 

      

(a)                                                                               (b) 

Figure 5.3 (a) Transition carbide and (b) cementite content as a function of Vickers hardness for 1, 
10, 100, and 3600 s time conditions of 4340. Hardness is represented on a decreasing 
scale. 

 Scanning electron microscopy (SEM) and scanning transmission electron microscopy (STEM) 

were utilized to compare cementite size and morphology characteristics between the 1 and 3600 s 

conditions of 4340. To avoid confusion due to the presence of both transition carbide and cementite, 

hardness conditions lower than 550 HV were chosen for examination due to the sole presence of 

cementite. Figure 5.4 shows the cementite size results determined using SEM as a function of tempered 

hardness for the investigated conditions, where cementite size is represented as an average equivalent 

diameter. Equivalent diameter was calculated by measuring the area of individual precipitates and 

converting this to a diameter assuming a circular particle (section 3.5.4). As tempering increases, the 1 

and 3600 s conditions both exhibit an increase in diameter, reflecting Ostwald ripening. At lower 

hardness conditions (~525-475 HV), the 3600 s condition is associated with slightly larger (2-3 nm) 

cementite precipitates compared to the rapid tempering condition of 1 s. Representative micrographs of 

examined conditions corresponding to hardness values of ~547 and 475 HV in Figure 5.4 are shown in 

Figure 5.5.  
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Figure 5.4 Average equivalent cementite diameter (nm) from SEM micrographs as a function of 
Vickers hardness for 1, 10, 100, and 3600 s time conditions of 4340. Represented error is 
associated with the standard deviation of ~2500-4500 measurements per condition. 
Measurements were taken using an SEM. Hardness is represented on a decreasing scale. 

Figure 5.6 shows the cementite size distributions associated with each average value represented 

in Figure 5.4, where the distributions are observed to follow a log-normal type distribution. Differences 

between the distributions are difficult to visually detect, likely due to the small changes in average 

diameter size. Calculated averages are displayed as vertical lines for each represented distribution. Due to 

the resolution limitations of an SEM, it was expected that some small precipitates would not be captured 

by the SEM analysis process. Therefore, STEM was utilized to examine smaller fields of view and 

characterize the size distribution associated with precipitates not easily captured via SEM imaging. 

Figure 5.7 shows a comparison of the size distributions collected by STEM and SEM imaging techniques. 

The represented distributions are associated with the 546 and 548 HV hardness conditions of the 1 and 

3600 s tempering times, respectively. The size distributions from STEM indicate collection of a 

significantly finer size distribution compared to the SEM data. This is indicative of the higher resolution 

capabilities of STEM, as well as the significantly higher magnifications utilized in connection with this 

technique. Importantly, the size trends observed with respect to the 1 and 3600 s conditions at this 

hardness are preserved between the two techniques. Thus, the overall trends observed using SEM imaging 

techniques (Figure 5.4) are likely representative of the full cementite population despite the inability to 

capture the finest precipitates. 
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Figure 5.8 displays average aspect ratio of the measured precipitates as a function of tempered 

hardness, where an aspect ratio of 1 represents perfect circularity (sphericity). Both time conditions 

exhibit a slight increase in aspect ratio with increased tempering over the examined hardness range, 

consistent with spheroidization during tempering. Significant and systematic difference between the 1 and 

3600 s time conditions are not identified with respect to aspect ratio. 

 

    

    (a)                                                                            (b) 

 

     

   (c)                                                                              (d) 

Figure 5.5 SEM micrographs showing carbide precipitation behavior associated with 4340 
conditions of (a) 3600 s at 300 °C, (b) 3600 s at 400 °C, (c) 1 s at 427 °C, and (d) 1 s at 
550 °C. Micrographs correspond to average cementite diameter measurements shown in 
Figure 5.4 at ~547 and ~475 HV. 

 

3600 s – 300 °C

548 HV

3600 s – 400 °C

489 HV

1 s – 427 °C

546 HV

1 s – 550 °C

546 HV
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Figure 5.6 Cementite size distributions associated with select 1 and 3600 s conditions of 4340 
associated with the average equivalent diameters shown in Figure 5.4. Measurements 
associated with SEM micrographs. 

          

   (a)                                                                            (b) 

Figure 5.7 Comparison of cementite size distributions determined via STEM and SEM associated 
with the (a) 3600 s, 300 ºC and (b) 1 s, 427 ºC tempering conditions of 4340. Averages 
associated with STEM and SEM methodologies are also displayed. 

STEM

15.3 nm

STEM

15.9 nm
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Figure 5.8 Aspect ratio as a function of Vickers hardness for select conditions associated with 1 
(circles) and 3600 s (triangles) tempering times of 4340. 

5.1.3 Dislocation Recovery 

Figure 5.9(a) displays dislocation density for 4340 as a function of tempered hardness. In general, 

dislocation density decreases with decreasing hardness (increased tempering) due to dislocation recovery 

mechanisms, and all time conditions follow a similar trend line. Dislocation density is not found to vary 

as a function of tempering time at a given hardness. The Williamson-Hall method used in the current 

study attributes all peak broadening to strain caused by dislocations; however, strain can also be the result 

of carbon supersaturation and resultant tetragonality of the matrix. While most martensite/ferrite peak 

widths are affected by strains induced by both dislocations and carbon supersaturation, the {222} peak is 

insensitive to changes in tetragonality 111 (see Appendix G). To confirm the trends in Figure 5.9(a) are not 

influenced by changes in tetragonality, the {222} peak widths associated with all tempering conditions 

are compared as a function of hardness in Figure 5.9(b). The {222} peak widths show similar behavior to 

the dislocation density data, where a systematic and significant difference is not identified between time 

conditions at a given hardness. The comparison of the {222} ferrite peak widths suggests that the 

modified Williamson-Hall measurements accurately represented changes in dislocation density with 

tempering. 
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(a)                                                                                (b) 

Figure 5.9 (a) Dislocation density and (b) {222} ferrite peak width as a function of Vickers hardness 
for 1, 10, 100, and 3600 s time conditions of 4340. Error represents the standard 
deviation associated with 4 measurements of a single sample. Hardness is represented on 
a decreasing scale. 

5.2 Discussion 

The presented 4340 results are discussed in the context of existing literature and cover the topics 

of retained austenite decomposition kinetics, carbon partitioning during tempering, the effect of rapid 

tempering on carbide precipitation, and the sequence of phase transformations at short tempering times. 

This chapter includes discussion pertinent to all three research questions posed in Chapter 1, and 

emphasizes some new observations. 

5.2.1 C-Curve Kinetics and Retained Austenite Decomposition 

 The retained austenite data in Figure 5.1 were converted to percent retained austenite decomposed 

using the as-quenched retained austenite content (6.2 at pct Fe) as the starting condition. A 

“time-temperature-decomposition” (TTD) diagram was constructed by representing the extent of 

decomposition in time-temperature space, as presented in Figure 5.10. As represented by the overlaid 

dashed lines, the behavior resembles a traditional time-temperature-transformation (TTT) C-curve. For 

tempering times of 1, 10, and 100 s, there are specific regimes (above the “C-curves”) where an increase 

in tempering temperature results in a reduction in the amount of austenite decomposition.  
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Figure 5.10 Time-temperature-decomposition diagram associated with retained austenite 
decomposition of 4340. Dashed lines represent a given extent of austenite decomposition. 

 In a conventional TTT diagram for austenite decomposition, diffusional transformations exhibit 

C-curve behavior due to the balance between thermodynamic driving force and diffusion 116. At high 

transformation temperatures, there is sufficient thermal energy to aid rapid diffusion, while low 

thermodynamic driving force limits the kinetics of the transformation. Within this high temperature 

regime, growth is fast but little nucleation occurs. Conversely, at low temperatures, there is sufficient 

driving force for transformation, but kinetics are limited by diffusion. The combination of high driving 

force and limited diffusion leads to high nucleation rates and low growth rates within this low temperature 

regime. Due to the balance between driving force and diffusion, the reaction proceeds most rapidly at 

intermediate transformation temperatures. The decomposition behavior shown in Figure 5.10 can be 

explained similarly to that of conventional TTT curves. At relatively low tempering temperatures (< 350 

 °C), retained austenite decomposition kinetics are limited by diffusion. For conventional tempering 

conditions, retained austenite decomposition kinetics have been closely tied to carbon mobility in 

austenite 18,20. However, as tempering temperature increases above 350 °C, the extent of decomposition 

does not consistently increase for all tempering times, as might be expected if the reaction were solely 

dependent on diffusion. The slow kinetics observed after short times at relatively high tempering 

temperatures may therefore be the result of low thermodynamic driving force for ferrite and cementite 

precipitation from austenite. This behavior has not previously been observed, as other rapid tempering 

studies have not focused on retained austenite decomposition. 
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Thus far, the systematic increase in retained austenite content at high temperatures/tempering 

parameters (12,000 to 13,000 TP in Figure 5.11(a)) has been assumed to be the result of a reduction in 

retained austenite decomposition, rather than retained austenite growth. To examine the retained austenite 

behavior more closely and clarify the mechanism associated with an increase in retained austenite content 

with tempering, isothermal tempering treatments were designed to capture the tempering parameter 

regime (11,000 to 13,000 TP) associated with the increase in retained austenite content across all rapid 

tempering conditions, as highlighted in Figure 5.11(a). A fixed tempering temperature was specifically 

chosen, as the isothermal results can be analyzed assuming sequential behavior. Typically, 

microstructural evolution is assessed at a given temperature as a function of time. In this way, the 

behavior is known to be sequential, where the microstructure passes through each prior (shorter time) 

state before reaching the final (longer time) state. The present heat treatments examine microstructural 

development as a function of temperature at a constant time, where the microstructure does not 

necessarily pass through each lower temperature condition prior to reaching the higher temperature 

condition. Therefore, the isochronal results are not necessarily sequential with respect to temperature. 

Different mechanisms potentially involving austenite growth or reduced decomposition may be possible. 

The question of austenite growth versus reduction in decomposition was thus probed by examining the 

sequential behavior of retained austenite via isothermal heat treatments. The additional isothermal heat 

treatment parameters used for this study are outlined in Table 5.1. Figure 5.11(b) shows the retained 

austenite results associated with the isothermal tempering treatments. Unlike the isochronal treatments, no 

increase in retained austenite content is observed in the transition from 12,000 to 13,000 TP by increasing 

time at a fixed temperature. Therefore, the retained austenite increase associated with rapid tempering 

within this regime is believed to be the result of a reduction in decomposition, rather than retained 

austenite growth (following an initial reduction in austenite).  

It should be noted that the retained austenite measurements utilized in the present work do not 

distinguish between decreases in retained austenite associated with thermal (γ à α + θ) and athermal 

(γ à α’) decomposition. The presented discussion assumes all observed decreases in retained austenite 

content are the result of thermal decomposition; however, the possibility of athermal decomposition upon 

quenching from tempering is acknowledged. The possibility of retained austenite transforming to 

martensite upon cooling is discussed in subsequent sections in the context of carbon partitioning and yield 

strength. However, due to the consistency of the decomposition behavior with C-curve kinetics, it is 

thought that thermal decomposition dominates the experimental trends observed with respect to retained 

austenite decomposition in 4340. 

By monitoring retained austenite content as a function of tempering, retained austenite has been 

observed to decompose in a manner consistent with C-curve kinetics at short times and high temperatures. 
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This behavior is believed to be the result of reduced driving force for austenite transformation to ferrite 

and cementite. The C-curve behavior of retained austenite upon tempering provides an opportunity for 

alloying and tempering modifications with the intent of preserving more retained austenite during 

tempering processes.  

 

         

                                      (a)                                                                                        (b) 

Figure 5.11 Retained austenite content as a function of tempering parameter for the 4340 time 
conditions highlighting the (a) tempering parameter regime for which isothermal 
treatments (450 °C) were chosen and the (b) corresponding isothermal results 
(overlayed). 

Table 5.1 – 4340 Isothermal Tempering Treatments 

Alloy Time (s) Temperature (ºC) Tempering Parameter 

4340 
0.3 

450 
11,200 

7 12,180 
160 13,160 

  

5.2.2 Carbon Partitioning during Tempering  

Figure 5.12 shows retained austenite carbon concentration (Cγ) and phase fraction as a function of 

tempering temperature for the 1 and 10 s conditions of 4340. As retained austenite content decreases 

through decomposition, the remaining austenite is consistently enriched by ~0.2 - 0.4 wt pct C relative to 

the as-quenched condition. It is noted that while the 100 and 3600 s conditions are not shown in 

Figure 5.12, the same relationship is observed between austenite decomposition and enrichment in 
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conditions where carbon concentration was measurable via Mössbauer spectroscopy (see Figure 5.1 and 

Figure 5.2). Potential effects of retained austenite decomposition and other processes upon tempering are 

discussed below in the context of the observed Cγ behavior. 

 

 

Figure 5.12 Retained austenite content and carbon concentration as a function of tempering 
temperature for the 1 and 10 s conditions of 4340. 

 Thermal decomposition of retained austenite during tempering is associated with the formation of 

cementite and ferrite. If decomposition is assumed to proceed in accordance with the observations of 

Bhadeshia and Edmonds 117, cementite nucleates at the ferrite-austenite interface and subsequently grows 

into austenite. The ferrite-austenite boundary then pulls away from the precipitates and migrates further 

into austenite (ferrite growth). This process repeats until austenite is consumed. At different stages in the 

decomposition process, various effects on retained austenite carbon concentration are possible. At the 

onset of cementite precipitation, prior to significant ferrite-austenite boundary migration, carbon depletion 

of the retained austenite is probable due to the incorporation of carbon into cementite. In contrast, if both 

cementite precipitation and ferrite growth occur “simultaneously”, no change in the retained austenite 

carbon concentration may be required. The present results indicate an initial increase in Cγ upon 

tempering, followed by a relatively consistent retained austenite carbon concentration with further 

tempering. After the initial enrichment of retained austenite, a steady Cγ value could be associated with 

the decomposition of retained austenite into near-equilibrium phase fractions of cementite and ferrite. 

However, a steady austenite carbon concentration could also be associated with depletion and enrichment 

of retained austenite that ultimately results in no net change. Thus, the effect of retained austenite 
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decomposition during tempering cannot be clearly correlated with the carbon partitioning behavior in 

4340. Specific mechanisms by which carbon can be partitioned into retained austenite during/after 

tempering are discussed in the following paragraphs. 

In addition to the effects of retained austenite decomposition on Cγ, other mechanisms can 

influence retained austenite carbon concentration. Considering the behavior exhibited in Figure 5.12, 

where Cγ increases after tempering, some process must occur that promotes retained austenite carbon 

enrichment. Carbon enrichment of retained austenite during tempering (or partitioning in Q&P steels) is 

commonly observed in association with carbon diffusion from supersaturated ferrite (martensite) into 

austenite, in which the driving force for partitioning stems from the much higher activity of carbon in 

ferrite compared to austenite 30. Thus, in the context of the behavior shown in Figure 5.12, it is possible 

that supersaturated ferrite (martensite) acts as a carbon source for retained austenite enrichment. At high 

tempering temperatures, where carbide precipitation is substantial and solubility of carbon in ferrite is 

increased, less carbon partitioning from ferrite into retained austenite might be expected. While carbon 

enrichment of retained austenite is likely reduced at higher tempering temperatures, the associated 

decrease in retained austenite content (size) due to decomposition is such that less carbon would be 

required to maintain a consistent austenite concentration level. 

Assuming retained austenite decomposes to cementite (and ferrite) during tempering, local 

reductions in carbon concentration may form close to the austenite-cementite interface 118,119. Upon 

quenching from the tempering temperature, these low-carbon, de-stabilized regions may then transform to 

fresh martensite. Podder and Bhadeshia observed this phenomenon through in situ x-ray diffraction 

measurements of retained austenite during and after the tempering of a bainitic steel 119. In the Podder 

study, increased retained austenite carbon concentration levels were observed in association with the 

transformation of retained austenite to martensite upon quenching after tempering. This observation was 

attributed to carbon partitioning from supersaturated fresh martensite to retained austenite during 

quenching, although the general loss of low-carbon austenite to martensite (without cementite formation) 

could inherently lead to higher bulk Cγ levels, even without carbon partitioning. Thus, the enrichment of 

retained austenite in the present study could also be related to martensite formation from low-carbon 

retained austenite upon quenching from tempering. 

In summary, the retained austenite carbon concentration of 4340 was found to be similar 

throughout the explored tempering regime, in which all time/temperature conditions were enriched by 

~0.2 - 0.4 wt pct C relative to the as-quenched condition. Potential effects of retained austenite 

decomposition on Cγ were discussed, as well as mechanisms that can lead to retained austenite carbon 

enrichment. Due to the possibility of multiple mechanisms operating simultaneously, it was difficult to 

identify the specific combination of processes that lead to the observed behavior in Figure 5.12. 
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Importantly, the present results indicate that tempering of 4340 leads to enrichment of retained austenite, 

independent of tempering processes such as cementite precipitation and retained austenite decomposition. 

5.2.3 Effect of Rapid Tempering on Cementite Precipitation and Coarsening 

A TTP diagram of cementite precipitation in 4340 is shown in Figure 5.13 (see Appendix F for 

details of its construction). Here, it is clear that elevated temperatures are required at shorter times in 

order to achieve an equivalent degree of precipitation to longer time conditions. Unlike the TTD diagram 

for retained austenite, there is no observed C-curve behavior in association with cementite precipitation. 

Precipitation of cementite within supersaturated martensite/ferrite is known to have a much higher driving 

force than cementite precipitation associated with the decomposition of retained austenite 76. Therefore, it 

is reasonable that the cementite TTP diagram does not exhibit C-curve behavior within this temperature 

regime. 

 

Figure 5.13 Extent of cementite precipitation as a function of tempering time and temperature. 
Cementite precipitation percentages calculated as a function of the predicted equilibrium 
cementite content at each temperature (Appendix F). 

The cementite and retained austenite results indicate consistent cementite content at a constant 

hardness, yet varying degrees of retained austenite decomposition. Assuming retained austenite 

decomposes to cementite (and ferrite) upon tempering, the change in retained austenite decomposition 

without an accompanying change in cementite content suggests a potential difference in the mechanism or 

location of cementite precipitation between rapid and conventional conditions. Since there is less retained 

austenite decomposition associated with short-time tempering, it is thought that these conditions may 
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contain a lower fraction of interlath cementite relative to conventionally tempered conditions. 

Within the literature, rapid heating rates and short holding times are observed to promote 

cementite refinement at temperatures between 500 and 700 °C 5–9. The theories proposed to explain the 

refinement of cementite with more rapid tempering primarily focus on the effect of heating rate on 

resultant nucleation rate. It is pertinent to recognize that property changes discussed in the rapid 

tempering literature are not always normalized by degree of tempering (hardness). Therefore, there is 

perhaps some confusion in attributing microstructural observations to rapid heating due to differing 

degrees of tempering versus phenomena specific to short times. For example, the limitation of dislocation 

recovery via rapid heating, thus resulting in more nucleation sites, is a prominently cited mechanism for 

promoting cementite refinement. Reduction in dislocation recovery has been observed in the literature in 

association with more rapid heating rates; however, these observations are typically made with respect to 

variations in heating rate at a constant tempering time and/or temperature 5,7. Thus, in these cases, the 

mechanism by which dislocation recovery is reduced with more rapid heating is most likely associated 

with a lesser degree of overall tempering. This is supported by analyzing dislocation density 

measurements reported in the pioneering work of Furuhara et al. as a function of tempered hardness, as 

shown in Figure 5.14. Here, rapid and slow heated specimens are found to adhere to similar dislocation 

recovery kinetics when degree of tempering (i.e. hardness) is considered. The dislocation density results 

of the present study (Figure 5.9) also exhibit this behavior. Therefore, when comparing rapid and 

conventional tempering conditions at a constant hardness, the proposed dislocation recovery mechanism 

for promoting fine cementite may not play an important role. 

Within the literature 5,8,9, rapid tempering at an equivalent hardness has been found to lead to 

relatively high levels of cementite refinement (10 – 17 nm) compared to the present study (2 – 3 nm). 

Furthermore, the 2 – 3 nm refinement observed in the current work is not clearly significant when 

standard deviation in measurements and resolution of the utilized technique are considered. The 

discrepancy in the effect of rapid tempering on cementite size between the results of the present study and 

the literature is therefore addressed here. In addition to the dislocation recovery mechanism previously 

discussed, Furuhara et al. also suggested that faster heating rates may lead to finer precipitates through a 

change in the cementite precipitation start temperature. As heating rate increases, the start of cementite 

precipitation is expected to occur at higher temperatures 7,121,122, as illustrated in Figure 5.15(a). This 

increase in cementite start temperature may then result in a corresponding increase in the nucleation rate 

at grain boundaries, as indicated in Figure 5.15(b). This theory supports the refinement of cementite via 

rapid tempering, but only in association with grain boundary cementite nucleation in which the cementite 

start temperature is between 300 and 500 °C. Examining the time-temperature-precipitation behavior of 

cementite in the present study (Figure 5.13), early cementite precipitation (20 pct of equilibrium) is found 
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to correspond to temperatures of 250 and 325 °C for tempering times of 3600 and 1 s, respectively. Thus, 

the rapid tempering conditions in the present study may not promote an increase in nucleation rate, and 

corresponding refinement in cementite, due to the temperature regime (< 250 - 325 °C) associated with 

the start of cementite precipitation. 

 

 

Figure 5.14 Dislocation density data from 5 represented as a function of tempered hardness for 
conditions associated with heating rates of 2, 100, and 1000 °C/s. Tempering treatments 
were performed at 550 and 650 °C with effective hold times of 0 s. The represented error 
is associated with the most conservative (smallest) error shown in 5 with respect to 
dislocation density. Dislocation density measurements were performed via 
line-intersection analysis 120 of TEM micrographs. Data from 5 used with permission from 
publisher J-Stage. 

Consistent behavior was observed with respect to carbide nucleation and growth, and dislocation 

recovery between conventional and rapid tempering conditions tempered to an equivalent hardness. The 

dislocation recovery mechanism for promoting cementite refinement with rapid tempering was shown to 

not be applicable for conditions compared at an equivalent tempered hardness. The cementite start 

temperature regime is believed to play a key role in the observation of cementite refinement upon rapid 

tempering. 
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     (a)                                                                            (b) 

Figure 5.15 (a) Illustration of the effect of heating rate on the temperature at which cementite 
precipitation begins. (b) Nucleation rate as a function of cementite start temperature 
associated with dislocations (Js

*
dis) and grain boundaries (Js

*
GB) of a Fe-0.35C (wt pct) 

alloy 5. Two heating rate scenarios are outlined in accordance with the cementite start 
temperature theory of refined cementite due to rapid tempering. Figures reproduced with 
permission from publisher J-Stage. 

5.2.4 Sequence of Phase Evolution in the Context of Classical Tempering Stages 

Tempering is typically described with respect to three primary tempering stages that involve the: 

(1) formation of transition carbides and lowering of the martensite carbon content, (2) decomposition of 

retained austenite into ferrite and cementite, and (3) replacement of transition carbides and low-carbon 

martensite by cementite and ferrite. These stages occur within temperature regimes corresponding to 100 

- 250 ºC, 200 - 300 ºC, and 250 - 350 ºC at 1 h for stages I, II, and III, respectively 17. 

Figure 5.16 displays phase fraction of retained austenite (𝛾0),	𝜂, and 𝜃 of the 1 and 3600 s 

conditions as a function of tempered hardness and outlines the regimes for stages II and III based on the 

following criteria. Stage II, the decomposition of retained austenite to ferrite and cementite, is considered 

active for any tempering condition in which the austenite fraction is decreasing in comparison to the 

as-quenched condition (~6 atomic pct). The completion of stage II is indicated in Figure 5.16 when 

retained austenite is no longer detected via Mössbauer spectroscopy (section 2.4). Stage III, the 

replacement of transition carbides and low-carbon martensite by cementite and ferrite, is clearly 

(a)
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underway (solid lines) in the region where cementite content significantly increases with increasing 

tempering parameter. The horizontal dashed lines in Figure 5.16 indicate regions where no transition 

carbides are detected, but the increase in average cementite fraction is insignificant due to overlap in 

measurement error. The increase in average cementite content within these regions is acknowledged. 

However, due to associated measurement error, these regimes are not as clearly identified as stage III. 

The implications of Figure 5.16 are discussed below considering both the short (solid) and extended 

(dashed) stage III classifications. It should be noted that the 10 and 100 s conditions are not presented; 

however, their tempering stage behaviors are consistent with the 1 s condition. 

The decomposition of retained austenite to ferrite and cementite (stage II) is typically observed 

before, or in conjunction with, the replacement of transition carbides by cementite (stage III) 2,17. This 

behavior is reflected by the 3600 s condition, where retained austenite decomposition and cementite 

precipitation completely overlap between tempered hardness values of 525 – 600 HV, after which stage 

III is the only active tempering stage. Considering only the regions associated with significant increases in 

cementite (solid lines), stage III tempering apparently completes prior to the end of stage II at short 

tempering times. Compared to the conventional condition, this results in a “re-ordering” of the classical 

tempering stages. If stage III is considered to extend through the horizontal dashed-line regions, in which 

a small additional amount of cementite precipitation may occur, then short-time conditions of 4340 

exhibit increased tempering stage overlap compared to conventional tempering. Therefore, depending on 

the interpretation of the completion of stage III, short-time tempering of 4340 is accompanied by either a 

re-ordering of tempering stages, or an increase in tempering stage overlap. For either case, the important 

conclusion is that short-time tempering significantly alters the relationship between tempering stages II 

and III. 

The expectation of increased tempering stage overlap at short tempering times was proposed by 

Thomas et al. 
22. Thomas et al. developed iso-tempering curves based on the characteristic diffusion 

distances associated with each tempering stage, where the kinetics of stages I, II, and III are dependent on 

the diffusion of carbon in ferrite 18,19, carbon in austenite 18,20, and iron self- or pipe-diffusion 21, 

respectively. Their results indicated more overlap of tempering stages at short tempering times, as well as 

the potential for re-ordering of tempering stages with decreasing tempering time. The results of the 

present study show an increase in tempering stage overlap or stage re-ordering with shorter tempering 

times, although the underlying mechanisms are believed to be slightly more complex than that proposed 

by Thomas et al. In the present work, the change in tempering stage behavior associated with rapid 

tempering and high temperatures is primarily the result of the prolongation of stage II (decomposition of 

retained austenite). As discussed in section 5.2.1, the suppression of retained austenite decomposition at 

short times (and high temperatures) is believed to be related to reduced driving force for austenite 
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transformation into ferrite and cementite. In contrast, Thomas et al. only considers the role of diffusion in 

predicting tempering stage re-ordering/overlap at short times. Conventionally, microstructural evolution 

associated with tempering is largely discussed in the context of diffusion and related rate controlling 

species, particularly with respect to tempering stage progression. While diffusion characteristics 

undeniably influence microstructural changes on tempering, the present work also emphasizes the 

importance of considering driving force effects under rapid tempering conditions. 

 

 

Figure 5.16 Phase evolution associated with transition carbides (η), retained austenite (γR), and 
cementite (θ) as a function of tempered hardness for 1 and 3600 s time conditions of 
4340. 
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CHAPTER 6  

EFFECT OF SILICON ON MICROSTRUCTURAL DEVELOPMENT DURING CONVENTIONAL 

AND RAPID TEMPERING 

6.1 Results 

The microstructure results pertaining to carbide precipitation, retained austenite decomposition, 

partitioning of carbon, and dislocation recovery of the 300-M alloy are presented in the current chapter. 

Results are presented and discussed with a particular emphasis on the effect of silicon on the 

microstructural development during rapid and conventional tempering. Therefore, when appropriate, the 

microstructural behavior of 300-M is directly compared to the low silicon, 4340 results. 

6.1.1 Transition Carbide Precipitation and Dissolution 

Figure 6.1 shows transition carbide content as a function of hardness for all time conditions of the 

300-M alloy. Within the explored regime, transition carbide content is found to be consistent within error 

across time conditions for a given hardness, similar to the transition carbide behavior observed in 4340 

(Figure 5.3(a)). As tempering increases (hardness decreases), the expected dissolution of transition 

carbides is observed, consistent with the third stage of tempering. A larger range of temperature 

conditions was explored for the 3600 and 1 s conditions of 300-M in order to also include a comparison 

of transition carbide behavior to 4340 within the same temperature regime. As shown in Figure 6.2, both 

time conditions exhibit a reduction in transition carbide content with increased silicon, a behavior that has 

not been previously reported. In addition, and consistent with the literature, silicon is shown to increase 

the temperature at which transition carbides remain within the microstructure for both the 3600 and 1 s 

conditions. 

6.1.2 Retained Austenite Decomposition and Carbon Content 

Figure 6.3 displays the retained austenite decomposition behavior of 4340 and 300-M as a 

function of hardness for tempering times of 3600, 100, 10, and 1 s. With increased tempering, retained 

austenite decomposes to varying degrees depending on the tempering time and alloy. Retained austenite 

decomposition is suppressed with shorter tempering times at higher temperatures for both 4340 and 

300-M. Moreover, the addition of silicon imparts a somewhat greater retardation of retained austenite 

decomposition with shorter tempering times compared to 4340 at an equivalent tempered hardness. 

Figure 6.4 displays the carbon concentration of retained austenite associated with all time conditions of 

300-M and 4340 as a function of tempered hardness. The as-quenched (AQ) conditions of 4340 and 

300-M exhibit a carbon concentration consistent with the bulk carbon content of both alloys. Upon initial 
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tempering, retained austenite is enriched in carbon in both 4340 and 300-M, although to different extents. 

While 300-M reaches a concentration of ~1.2 wt pct, 4340 only enriches to ~0.8 wt pct within the same 

hardness regime. As tempering progresses further, 4340 exhibits a relatively constant carbon content of 

~0.6 - 0.85 wt pct in retained austenite, while 300-M undergoes a substantial decrease in retained 

austenite carbon concentration from ~1.2 to ~0.4 wt pct. 

 

 

Figure 6.1 Transition carbide content as a function of tempered hardness for all tempering time 
conditions of 300-M. Hardness is represented as a decreasing scale. 

                                    (a)                                                                                   (b) 

Figure 6.2 Transition carbide content as a function of tempering temperature for the (a) 1 s and (b) 
3600 s conditions of 4340 and 300-M. 
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Figure 6.3 Retained austenite content (at pct Fe) as a function of tempered hardness for all time 
conditions of 4340 and 300-M. Hardness is represented on a decreasing scale. 
Represented error is associated with the uncertainty of the measurement technique, 
Mössbauer spectroscopy.  

Figure 6.4 Carbon concentration of retained austenite (Cγ, wt pct) as a function of tempered hardness 
for all time conditions of 4340 and 300-M. Hardness is represented on a decreasing scale. 
Error bars are not included in order to facilitate clear identification of trends, although 
average measurement error is ± 0.15 wt pct. 
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6.1.3 Cementite Precipitation and Growth 

Cementite content as a function of tempered hardness is displayed in Figure 6.5 for all time 

conditions of 300-M. Similar to 4340, no clear variation in cementite content is observed between time 

conditions at a given hardness. Figure 6.6 compares the 1 and 3600 s cementite precipitation behavior of 

4340 and 300-M as a function of temperature. The time-temperature conditions shown in Figure 6.6 

feature additional, lower temperature conditions compared to Figure 6.5 and Table 4.3. In general, the 

addition of silicon delays the precipitation of cementite to higher temperatures for both rapid and 

conventional conditions. However, this behavior is not consistently observed at low tempering 

temperatures, where the initial precipitation of cementite occurs at a lower tempering temperature 

(200 °C) in the high silicon, 3600 s condition. With the addition of silicon, the emergence of staged 

cementite precipitation is observed, where a small initial increase in cementite content at low 

temperatures is followed by a regime in which cementite content is relatively stable. Only at higher 

tempering temperatures does cementite precipitation resume at a rate relatively consistent with that of 

4340. 

 

Figure 6.5 Cementite content as a function of tempered hardness for all tempering conditions of 
300-M, where hardness is represented on a decreasing scale. Cementite content 
measurements were conducted using Mössbauer spectroscopy. 
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(a)                                                                                    (b) 

Figure 6.6 Cementite content as a function of tempering temperature for the (a) 1 s and (b) 3600 s 
conditions of 4340 and 300-M. Cementite content measurements were conducted using 
Mössbauer spectroscopy. 

Figure 6.7 shows the cementite size and morphology results determined using SEM for both 4340 

and 300-M as a function of tempered hardness. Compared to 4340 cementite size, all explored 300-M 

conditions are associated with a refinement in cementite. Additionally, with increasing tempering 

temperature (decreasing hardness), no clear increase in cementite size is observed in the 300-M alloy. 

Similar to 4340, aspect ratio trends associated with 300-M are difficult to differentiate due to uncertainty. 

Generally, aspect ratio of cementite remains relatively consistent across alloys and tempering times within 

the explored tempering regime. Figure 6.8 displays the 300-M cementite size distributions associated with 

the represented average values in Figure 6.7 determined via SEM analysis. The distributions are found to 

adhere to a log-normal distribution type, and exhibit similar behavior across tempering conditions. 

Compared with 4340, 300-M exhibits a narrower distribution in cementite size, as shown in Figure 6.9, 

while the peaks of the 4340 and 300-M distributions consistently appear between 20 and 40 nm. 

Representative micrographs associated with hardness conditions of ~535 and ~490 HV in Figure 6.7 are 

shown in Figure 6.10. As expected based on the average size and morphology results, little difference 

between 300-M conditions is visually detectable. However, the more fine and uniform distribution of 

cementite precipitates in 300-M compared to 4340 is clearly apparent in comparing micrographs of 

300-M and 4340 (Figure 5.5). 
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(a)                                                                                (b) 

Figure 6.7 (a) Average equivalent cementite diameter and (b) aspect ratio of cementite as a function 
of tempered hardness for select 1 and 3600 s conditions of 4340 and 300-M. 
Measurements conducted using an SEM. 

 

Figure 6.8 Cementite size distributions associated with select 1 and 3600 s conditions of 300-M 
associated with the average equivalent diameters shown in Figure 6.7. Measurements 
conducted using an SEM. 
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As with 4340, STEM imaging was utilized to examine select conditions of 300-M in order to 

assess any trends in cementite size not captured via SEM. Figure 6.11 shows a comparison of the size 

distributions collected by STEM and SEM imaging techniques, where the represented distributions are 

associated with the (similar) 532 and 538 HV hardness conditions of the 1 and 3600 s tempering times, 

respectively. Similar to 4340, the size distributions collected using STEM show a finer cementite size 

compared to the SEM data. Despite the overall smaller average size determined via STEM, the trends 

across tempering times and alloys are preserved. For a given alloy, STEM indicates no significant 

difference in cementite size across tempering times at a given hardness, while the 300-M alloy exhibits 

refined cementite compared to 4340 in both the SEM and STEM data. 

 

          

(a)                                                                                  (b) 

Figure 6.9 Comparison of 4340 and 300-M SEM cementite size distributions associated with the 
examined high hardness conditions of (a) 1 and (b) 3600 s tempering times. 
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                              (a)                                                                 (b) 

   

      (c)                                                                (d) 

Figure 6.10 SEM micrographs showing carbide precipitation behavior associated with 300-M 
conditions of (a) 3600 s at 450 °C, (b) 3600 s at 550 °C, (c) 1 s at 538 °C, and (d) 1 s at 
619 °C. Micrographs correspond to average cementite diameter measurements shown in 
Figure 6.7 at ~535 and ~490 HV. 

          

(a)                                                                      (b) 

Figure 6.11 Comparison of cementite size distributions determined via STEM and SEM associated 
with the (a) 3600 s, 450 °C and (b) 1 s, 538 °C tempering conditions of 300-M. 

3600 s – 450 °C

538 HV

3600 s – 550 °C

492 HV
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6.1.4 Dislocation Recovery 

Dislocation densities associated with the 1 and 3600 s tempering conditions of both 300-M and 

4340 are displayed in Figure 6.12 as a function of tempered hardness. Overall, dislocation density 

decreases with tempering due to dislocation recovery mechanisms. Across both alloys and time 

conditions, there is no significant or systematic difference in dislocation density at a given hardness. 

Since 300-M is tempered at higher temperatures to achieve the same hardness values as 4340, the results 

in Figure 6.12 indicate that dislocation recovery is retarded with the addition of silicon, as has been 

observed within the literature 95,123. This effect is more clearly illustrated in Figure 6.13, where higher 

temperatures are required to achieve the same degree of dislocation recovery in the higher silicon alloy 

(300-M). 

 

Figure 6.12 Dislocation density as a function of decreasing tempered hardness for the 1 and 3600 
s conditions of 4340 and 300-M. Represented error is associated with the standard 
deviation of the four measurements collected. 
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Figure 6.13 Dislocation density as a function of tempering temperature for the 3600 s condition of 
4340 and 300-M. Represented error is associated with the standard deviation of the four 
measurements collected. 

6.2 Discussion 

The presented results are discussed in the context of silicon’s effect on carbide precipitation, 

retained austenite decomposition, carbon partitioning, and dislocation recovery during tempering.  

6.2.1 Effect of Silicon on Carbide Precipitation Sequence, Kinetics, and Coarsening under 

Conventional and Rapid Tempering Conditions 

Silicon suppresses cementite precipitation due to its insolubility within cementite 72,75,82,83. In the 

presence of silicon, cementite precipitation proceeds either through (local) equilibrium or paraequilibrium 

conditions. For cementite precipitation under equilibrium conditions, sufficient thermal energy for silicon 

diffusion must be present. Otherwise, no substitutional diffusion occurs and the reaction continues under 

paraequilibrium conditions, in which only carbon experiences long-range diffusion 83. Either circumstance 

results in the suppression of cementite precipitation due to an increase in activation energy (equilibrium) 

or a decrease in driving force (paraequilibrium). Following the nucleation event, growth of cementite 

encounters similar obstacles.  

Clarke et al. 87 studied the partitioning of alloying elements during tempering of 4340, and 

observed two stages of cementite nucleation and growth in the context of silicon parititioning, confirming 

earlier observations of Babu et al. 83. In these studies, early (low temperature) cementite precipitation 
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occurred under paraequilibrium conditions 82–86, while nucleation/growth at higher temperatures was 

accompanied by the partitioning of substitutional alloying elements such as silicon. As illustrated in 

Figure 6.6, 300-M exhibits two identifiable stages with respect to cementite precipitation: initial 

precipitation of cementite with little to no progression at low temperatures (200 – 350 °C), followed by a 

substantial increase in cementite content at higher temperatures (> 350 °C). It is considered that these 

regimes may be connected to the two silicon parititioning stages observed in previous studies 83,87. 

Assuming this relationship, the initial increase in cementite content is realized through a smaller amount 

of para-cementite precipitation, while the second stage, associated with a significant increase in 

cementite, is dependent on the diffusion of silicon away from the advancing interface/nucleation site and 

can only occur once the extent of silicon diffusion is substantial. Figure 6.14 shows the 3600 s cementite 

content results as a function of the characteristic diffusion distance of silicon in ferrite (see Appendix H). 

Time-temperature combinations from the literature 83,87,90,124 were used to calculate corresponding 

characteristic diffusion distances associated with various levels of silicon partitioning with respect to 

cementite, and are also displayed in Figure 6.14. The diffusion regime associated with the transition from 

no silicon partitioning to extensive partitioning correlates well with the marked increase in cementite 

content, suggesting a potential relationship between the two processes. 

 

Figure 6.14 Cementite content as a function of silicon characteristic diffusion distance on a log scale. 
Diffusion distances calculated from time-temperature data within the literature are 
displayed in association with various levels of silicon partitioning with respect to 
cementite 83,87,90,124. Data from the literature are displayed at various points along the 
y-axis for visual clarity, and are not associated with specific cementite content values. 

- [Miyamoto et al, Clarke et al,

Babu et al, Caballero et al]
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To further probe the relationship between silicon partitioning and cementite precipitation, the 

hyperfine magnetic field of cementite detected via Mössbauer spectroscopy was assessed. The magnetism 

of cementite is sensitive to impurity levels due to the differing magnetic properties between Fe and other 

alloying elements such as Mn. It is well documented that the hyperfine magnetic field decreases with 

increased Mn impurity levels of cementite 125. Thus, measurement of the hyperfine magnetic field can 

provide qualitative information with respect to the alloy enrichment of cementite. Here, silicon depletion 

of cementite is of primary interest, rather than enrichment of alloying additions such as Mn and Cr. 

However, the kinetic regime in which alloy enrichment of cementite occurs has also been found to 

correlate with silicon depletion 87,90,126. Therefore, it is assumed that silicon depletion would be observed 

within the same time-temperature regime associated with cementite alloy (Mn) enrichment. Figure 6.15 

compares cementite content of the 300-M, 3600 s conditions to the corresponding hyperfine magnetic 

field as a function of tempering temperature. A significant reduction in magnetic field, indicating alloy 

enrichment of cementite, is observed to correspond with the temperature regime in which significant 

cementite precipitation occurs. The results suggest that alloy partitioning substantially increases between 

400 and 450 °C tempering for 3600 s. While the magnetic field results are tied to Mn enrichment of 

cementite, previous observations suggest that silicon partitioning would also be expected within the 

kinetic regime associated with Mn enrichment 87,90,126. Thus, Figure 6.15 is thought to further support the 

relationship between silicon partitioning and increased cementite precipitation. 

 

 

Figure 6.15 Cementite content and hyperfine magnetic field of cementite as a function of tempering 
temperature. Represented cementite content is associated with both θnm and θm, while the 
hyperfine magnetic field is only associated with magnetic cementite. 
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While the silicon diffusion mechanism for staged growth is supported by literature and the 

present data, an alternative explanation is possible. One shortcoming of Mössbauer spectroscopy involves 

the difficulty in distinguishing between cementite and Hägg (𝜒) carbide spectra. Hägg carbide is a 

monoclinic, transitional carbide with a stoichiometry of Fe5C2 that has occasionally been observed as a 

precursor to the precipitation of cementite 58–60. When Hägg forms, the carbide precipitation sequence 

associated with tempering is 𝛼+ à 𝛼4 + 𝜂 à 𝛼9 + 𝜒 à 𝛼: + 𝜃, where 𝜒-carbide appears within the 

temperature range of 250 - 350 °C. Ma et al. 60 conducted a detailed studied of the 𝜒-carbide in a pure 

Fe-C alloy using Mössbauer spectroscopy and transmission electron microscopy (TEM). The average 

Mössbauer parameters for the Hägg carbide proved to be quite similar to those of cementite. Thus, the 

ability to distinguish these carbides in more complex alloys such as 4340 and 300-M using Mössbauer 

spectroscopy is difficult and unreliable. Since 𝜒-carbide and cementite are difficult to distinguish through 

the utilized technique, it is possible that the “cementite” detected within the first precipitation regime (200 

- 350 °C, 3600 s) was in fact Hägg carbide, or a mixture of cementite and Hägg. 

Figure 6.16 shows the 3600 s cementite content results in addition to temperatures reportedly 

associated with the observation of Hägg, Hägg + cementite, and cementite carbides from the literature 
60,127–129. The data represented in light grey are associated with reactions observed during continuous 

heating 127,128 and calculations conducted assuming equilibrium 129. The dark grey literature data points are 

perhaps the most comparable to the current results, given the displayed temperatures are associated with a 

tempering time of 3600 s 60. The temperature regime in which Hägg carbide is observed within the 

literature corresponds well with the first precipitation regime of the detected “cementite”. Additionally, 

the temperatures associated with the transition from Hägg carbide to cementite correlate with the 

temperature regime in which a significant increase in cementite content is observed. Limited studies exist 

on Hägg carbide, much less the effect of silicon on the prevalence of Hägg. The present results do not 

necessarily imply that increases in silicon promote the presence of Hägg carbide; rather, it is possible that 

silicon does not delay the precipitation of Hägg carbide to the same extent as cementite precipitation, 

resulting in a distinct separation of the two precipitation processes that otherwise closely overlap. The 

emergence of staged precipitation with increased silicon is proposed to be the result of silicon diffusion-

limited cementite growth or the presence of Hägg carbide. Further experimentation is required to confirm 

one proposed theory over the other.  
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Figure 6.16 Cementite content as a function of tempering temperature. Temperatures associated with 
the observation of Hägg, Hägg + Cementite, and Cementite within the literature are also 
shown 60,127–129. Data from the literature are displayed at various points along the y-axis 
for visual clarity, and are not associated with specific cementite content values. 

 In addition to staged growth, increased silicon leads to a decrease in the extent of transition 

carbide precipitation and the promotion of early cementite (or Hägg) formation, as exhibited in Figure 6.2 

and Figure 6.6(b), respectively. The relationship between silicon and cementite precipitation has been 

widely studied, while the effect of silicon on transition carbide precipitation is not as well understood. In 

general, silicon has been found to delay the replacement of transition carbides by cementite during the 

third stage of tempering 71–74,80,88,89. Consequently, transition carbides are retained to high temperatures for 

longer times, consistent with observations in the present study (Figure 6.2). However, to the author’s 

knowledge, no previous studies have observed the corresponding decrease in transition carbide content 

associated with increased silicon levels. The absence of this observation within the literature is 

presumably due in part to the difficulty in quantifying transition carbide content via traditional methods 

such as XRD or TEM. However, due to the recent work of Pierce et al. 
108, relatively accurate 

quantification of transition carbide content is possible using Mossbauer spectroscopy, which is utilized in 

the present study. A decrease in the extent of transition carbide precipitation indicates some suppression 

of transition carbide formation, despite its prolonged presence at elevated temperatures. 

Recently, through first principle calculations, Jang et al. 91 found that the presence of silicon 

within the transition carbide structure is even more thermodynamically unfavorable than within 

cementite. This finding seemed to contradict experimental observations in which transition carbides 

- [Naraghi et al, Okada and Arata, Ohmori]

- [Ma et al] - 3600 s
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precede cementite precipitation, even in high silicon steels. This inconsistency was reconciled by 

examining the orientation relationship between transition carbide (epsilon) and the martensite matrix, and 

showing that the carbide-matrix coherency is improved with increased silicon. Thus, the observed 

nucleation of transition carbides in the presence of silicon was justified through an improvement in lattice 

coherency, although no quantitative analysis was performed to understand the effect of this misfit energy 

on the overall formation energy. Therefore, the unfavorable thermodynamic conditions associated with 

the presence of silicon in transition carbides 91 provides a fundamental basis for the behavior observed in 

Figure 6.2, where the extent of transition carbide precipitation is reduced with increased silicon.  

Due to the suppression of transition carbide precipitation, 300-M possesses a higher concentration 

of carbon in the as-quenched martensite compared to 4340, as shown in Table 6.1. Therefore, the early 

(200 °C) precipitation of cementite (or Hägg) in 300-M may be driven by the larger amount of carbon in 

solution, resulting from reduced transition carbide formation. The lower fraction of transition carbide 

precipitation associated with the as-quenched condition of 300-M has been attributed to transition carbide 

suppression due to silicon additions. However, the effect of any changes in martensite start temperature, 

and consequently autotempering, on the extent of carbide precipitation in the as-quenched conditions of 

4340 and 300-M must also be considered. During quenching from austenite, martensite formation initiates 

at a specific temperature known as the martensite start (Ms) temperature. Martensite that forms near the 

Ms temperature may undergo significant tempering by the time cooling to room temperature is achieved, a 

process known as autotempering. Higher Ms temperatures typically promote a greater degree of 

autotempering, where Ms temperatures are primarily a function of alloy content. The Andrews linear 

equation 36 was used to calculated expected Ms temperatures associated with 4340 and 300-M, and 

resulted in 272 and 257 °C, respectively. While 300-M is associated with a lower Ms temperature, a 

difference of ~15 °C perhaps would not be expected to result in carbide precipitation differences to the 

extent exhibited in Table 6.1. Furthermore, subsequent tempering of as-quenched 300-M resulted in little 

to no increase in transition carbide content (Figure 6.2). This behavior suggests that the relatively low 

transition carbide content in the as-quenched 300-M condition is primarily a function of carbide 

precipitation suppression rather than reduced autotempering associated with a lower Ms. 

Table 6.1 – Fraction of Bulk Carbon in Martensite for AQ and 200 °C Tempering Conditions 

 

Temper Alloy 
Fraction of Bulk 
C in Martensite 

Transition Carbides 
(at pct Fe) 

Cementite (at pct Fe) 

AQ 
4340 0.36 ± 0.15 2.71 ± 0.48 0 

300-M 0.55 ± 0.15 1.70 ± 0.54 0 

200 °C 
4340 0.13 ± 0.15 3.58 ± 0.48 0 

300-M 0.40 ± 0.15 1.30 ± 0.59 1.20 ± 0.53 
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 Thus far, discussion has focused on new observations related to silicon effects on carbide 

precipitation behavior of conventional tempering times, although many of the phenomena discussed are 

also observed in the rapid tempering conditions. Figure 6.17 shows a TTP diagram of cementite for the 

4340 and 300-M alloys, where the precipitation behavior across time and temperature is characterized. 

The represented percentages are associated with the fraction of cementite precipitated relative to the 

equilibrium cementite fraction (Appendix F). As expected, the addition of silicon significantly increases 

the temperature required for an equivalent degree of precipitation (at a given tempering time) to that of 

the lower silicon condition. It is noted that the lowest precipitation amount (20 pct) shown in Figure 6.17 

corresponds to the end of the plateaued region in Figure 6.6; therefore, the TTP curves do not capture the 

early stage precipitation behavior previously discussed. The cementite precipitation behavior shown in 

Figure 6.17 is further discussed in section 6.2.2 in relation to retained austenite decomposition. 

In the context of rapid tempering, the cementite coarsening behavior of 300-M was found to be 

similar to 4340 in that cementite size does not vary significantly across tempering times for a given 

hardness. The lack of cementite refinement with more rapid tempering of 300-M is thought to be 

consistent with the potential explanations previously discussed in section 5.2.3. The addition of silicon 

resulted in cementite refinement, as well as reduced coarsening with increased temperature. The 

cementite refinement and slowed coarsening associated with increased silicon levels are related to the 

general effect of silicon on cementite precipitation. The present discussion assumes initial 

paraequilibrium precipitation of cementite followed by the rejection of silicon at higher temperatures. 

Upon significant silicon rejection from cementite, a silicon spike is expected at the cementite-ferrite 

interface, thus subsequent growth is dependent on the speed at which the silicon front diffuses away from 

the migrating interface. In this way, the addition of silicon is expected to slow the growth of cementite 

and result in finer precipitates. 
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Figure 6.17 TTP diagram of cementite precipitation associated with 4340 and 300-M alloys. 
Percentages are associated with the fraction of cementite precipitated relative to the 
calculated equilibrium cementite content using ThermoCalc.  

A recent study took this theory a step further by examining the coupled effect of Si and Mn 

alloying on the coarsening kinetics of cementite during tempering 126. It was found that silicon’s delay of 

cementite growth provides an opportunity for manganese enrichment early in the growth process. 

Manganese decreases the carbon activity differential between coarsening and dissolving particles, thereby 

reducing the driving force for coarsening. Therefore, the reduction in cementite size and coarsening 

progression with the addition of silicon is thought to be primarily due to required silicon diffusion for 

further growth, but may also be aided by the coupled effects of silicon and manganese on cementite 

precipitation. 

6.2.2 Retained Austenite Decomposition Kinetics 

Figure 6.18 (a) illustrates the effect of silicon on retained austenite decomposition as a function of 

both tempering time and temperature. The methodology for generating these curves was presented in 

Appendix F. The TTD curves of 300-M are shifted to significantly higher tempering temperatures 

compared to 4340, although only the lower portion of the expected C-curve is visible. Silicon is known to 

shift the 𝛾 à 𝛼 + 𝜃 transformation to higher temperatures, indicative of its role as a ferrite stabilizer 130. 

Since austenite decomposition is thought to be suppressed under low driving force conditions at high 

temperatures, and the transformation temperature is increased with silicon, it is expected that C-curve 

behavior might not become apparent until higher temperatures in 300-M compared to 4340. It may be that 
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the temperature regime explored here is not high enough to reveal C-curve behavior in 300-M. 

Silicon is associated with a delay in retained austenite decomposition to ferrite and cementite, 

where higher temperatures and longer times are required for the transformation to occur 71,72,89,117. 

Figure 6.18(b) shows the extent of cementite precipitation within the same time-temperature regime as 

Figure 6.18 (a), where the equilibrium cementite values associated with 4340 and 300-M were estimated 

using ThermoCalc ® (see Appendix F). Here, it is apparent that both cementite precipitation and retained 

austenite decomposition are indeed pushed to higher temperatures and longer times with the addition of 

silicon (4340 à 300-M); however, silicon does not delay these reactions to the same extent. For example, 

the times and temperatures required for 70 pct completion of cementite precipitation are associated with 

75 - 85 and 25 - 50 pct austenite decomposed for 4340 and 300-M, respectively. Ultimately, the addition 

of silicon delays the 𝛾 à 𝛼 + 𝜃 transformation to a much greater degree than the 𝛼′ à 𝛼 + 𝜃 reaction. 

Potential explanations for this behavior are discussed below. 

As discussed in the previous section, silicon delays cementite precipitation due to a reduction in 

driving force (paraequilibrium) and/or an increase in activation energy (equilibrium) for precipitation. In 

the present study, the addition of silicon delays retained austenite decomposition to a greater extent than 

cementite precipitation within ferrite. Thus, it is expected that silicon decreases the driving force and/or 

increases the activation energy for cementite precipitation more substantially with respect to austenite 

compared to ferrite. It is noted that during retained austenite decomposition, cementite is not expected to 

nucleate within austenite, but rather at the austenite-ferrite boundary. However, as austenite 

decomposition proceeds, cementite growth into austenite is expected, thus there is a driving force for the 

formation of cementite “in” austenite. 

Through thermodynamic modeling, Kozeschnik and Bhadeshia 76 showed that the addition of 

silicon reduces the driving force for paraequilibrium cementite precipitation in austenite more 

substantially than within ferrite. This disproportionate effect of silicon on the driving force for 

paraequilibrium cementite precipitation in austenite and ferrite may thus drive the behavior observed in 

Figure 6.18, where silicon suppresses the 𝛾 à 𝛼 + 𝜃 reaction to a greater extent than 𝛼′ à 𝛼 + 𝜃. 

Alternatively, the effect of silicon on the activation energy for cementite precipitation under equilibrium 

conditions is considered. Under equilibrium conditions, the addition of silicon suppresses cementite 

growth due to the added requirement of silicon diffusion ahead of the growing interface. As substitutional 

diffusion is typically slower in austenite compared to ferrite 131,132, the necessity for silicon diffusion 

during cementite growth may more significantly suppress cementite formation in austenite compared to 

ferrite. 
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      (a)                                                                                (b) 

Figure 6.18 Time-temperature diagrams associated with (a) retained austenite decomposition and (b) 
cementite precipitation of 4340 and 300-M. Cementite precipitation percentages 
calculated as a function of the predicted equilibrium cementite content at each 
temperature (Appendix F) 

6.2.3 Carbon Partitioning Behavior 

Prior to addressing the potential mechanisms associated with observed partitioning behavior, the 

role of carbon enrichment on retained austenite stability after tempering is discussed. As proposed in 

previous sections, the reduction in the extent of retained austenite decomposition associated with short 

times and high temperatures is thought to be the result of limited driving force for the thermal 

transformation of retained austenite to ferrite and cementite. This reduction in driving force slows the 

transformation of retained austenite to ferrite and cementite, but does not act to stabilize retained austenite 

against decomposition to fresh martensite upon quenching. Rather, the stabilization of retained austenite 

with respect to martensite transformation is influenced primarily by austenite carbon content, as well as 

some other factors such as austenite size. Thermal processing associated with Q&P and TRIP steels is 

designed to promote the partitioning of carbon into austenite, as high carbon concentrations are crucial for 

stabilizing significant amounts of retained austenite to room temperature. In contrast, the present 

conditions feature a full quench to room temperature prior to tempering; therefore, only retained austenite 

carbon depletion (relative to the as-quenched condition) is pertinent to the γ à α' transformation on final 

quenching in the present Q&T heat treatments. The retained austenite preservation mechanism associated 

with rapid tempering differs significantly from the austenite stabilization approach used in Q&P and TRIP 

steel processing. While the primary concern of Q&P processing is to stabilize austenite against martensite 

transformation upon final quenching, rapid tempering preserves austenite by primarily suppressing 
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decomposition to ferrite and cementite. This is not to imply that carbon partitioning is not relevant in the 

present microstructures, as retained austenite stability can have significant effects on mechanical 

behavior, as will be discussed in the following chapter. 

Figure 6.19 displays retained austenite carbon concentration (Cγ) associated with all time 

conditions of 300-M. To show the complete behavior of the 1 and 3600 s conditions as a function of 

temperature, lower temperature conditions are included in Figure 6.19, while only the time-temperature 

combinations associated with Table 4.3 are shown for the 10 and 100 s conditions. As temperature 

increases, the isochronal conditions go through retained austenite carbon enrichment followed by carbon 

depletion at higher temperatures, where high temperature concentrations level out near or slightly below 

the bulk carbon concentration of the alloy. Isothermal data in Figure 6.19 indicate similar behavior as a 

function of tempering time, where temperature regimes associated with retained austenite carbon 

enrichment (200 – 350 °C), carbon depletion (400 – 500 °C), and carbon stability (> 550 °C) are observed 

as a function of time. Potential explanations for the retained austenite carbon concentration behavior of 

300-M are discussed below. 

 

Figure 6.19 Carbon concentration of retained austenite as a function of tempering temperature for all 
time conditions of 300-M. The dashed line represents the bulk carbon concentration of 
the alloy. Error bars are not included in order to facilitate clear identification of trends, 
although average measurement error is ± 0.15 wt pct. 

By limiting microstructural processes that tie up carbon, such as carbide precipitation, marked 

enrichment of retained austenite can be achieved via the partitioning of carbon from supersaturated ferrite 

to austenite during tempering 30,133. Failure to sufficiently suppress carbide precipitation can lead to lower 

levels of retained austenite carbon enrichment due to the limited amount of free carbon and reduced 
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driving force for partitioning. In the current study, a peak Cγ of ~1.2 wt pct is reached in 300-M, 

compared to ~0.8 wt pct in 4340. This variation in peak retained austenite carbon enrichment between 

300-M and 4340 is thought to be related to differences in carbide precipitation, thus affecting the 

availability of carbon for partitioning. Table 6.2 compares 4340 and 300-M, and the total amount of 

carbon tied up in carbides after tempering between ~350 - 440 °C for 1 s. These tempering conditions are 

compared as they are associated with peak retained austenite carbon concentrations in both 4340 and 

300-M. As shown in Table 6.2, the total amount of carbon in cementite and transition carbides is 

significantly higher in 4340 compared to 300-M. Within this temperature regime, the reduction in total 

amount of carbon in carbides in 300-M is primarily the result of cementite suppression due to increased 

silicon content (300-M). Thus, the higher levels of carbon enrichment achieved in 300-M are attributed to 

greater availability of free carbon due to the suppression of cementite precipitation. 

As discussed in section 5.2.2, retained austenite decomposition can be accompanied by carbon 

depletion of retained austenite due to the formation of cementite 118,119,134,135. While 4340 indicated 

consistent Cγ levels during austenite decomposition (section 5.2.2), 300-M exhibits a strong relationship 

between retained austenite carbon concentration, austenite decomposition, and cementite precipitation, as 

shown in Figure 6.20. For both the 1 and 3600 s conditions of 300-M, the initiation of retained austenite 

carbon depletion occurs in conjunction with the onset of marked cementite precipitation and retained 

austenite decomposition. Thus, retained austenite decomposition involving the formation of cementite is 

thought to drive the observed reduction in Cγ at higher tempering temperatures of 300-M. 

Table 6.2 –Total Carbon in Carbides for Low Temperature Conditions of 4340 and 300-M 

 

Time 
(s) 

Temperature 
(°C) 

Alloy 
Total C in Carbides 

(θ + η, wt pct) 
Fraction of Total C 

in Carbides 
γR Carbon 

Concentration (wt pct) 

1 
366 4340 0.41 0.87 0.85 ± 0.13 
355 300-M 0.29 0.62 1.1 ± 0.12 

1 
427 4340 0.42 0.89 0.81 ± 0.22 
434 300-M 0.27 0.60 1.2 ± 0.19 

  Carbon partitioning with respect to retained austenite has been discussed in light of the 300-M 

results. Higher peak Cγ values associated with 300-M compared to 4340 are thought to be the result of 

cementite suppression and consequently elevated levels of free carbon available for partitioning. After 

initial Cγ enrichment in 300-M, further tempering results in a depletion of retained austenite carbon 

concentration. The temperature regime associated with retained austenite carbon depletion corresponds 

with significant retained austenite decomposition and cementite precipitation. Thus, the reduction in Cγ of 

300-M at high temperatures is believed to be associated with cementite precipitation related to retained 

austenite decomposition, in which the formation of cementite operates as a carbon sink.  
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(a)                                                                                    (b) 

Figure 6.20 Carbon concentration of retained austenite compared to (a) retained austenite content and 
(b) total carbon in cementite as a function of tempering temperature for the 1 and 3600 s 
conditions of 300-M. 

6.2.4 Dislocation Recovery 

As shown in Figure 6.13, the addition of silicon delays dislocation recovery to higher 

temperatures for a given time condition. Similar findings have been reported within the literature 123, and 

are typically attributed to solute-pinning mechanisms. While 300-M is associated with suppressed 

dislocation recovery with respect to temperature, the extent of recovery is found to be consistent across 

tempering times of 4340 and 300-M for a given tempered hardness. As discussed in section 5.2.3, the 

dislocation recovery behavior between conventional and rapid tempering conditions is pertinent with 

respect to some mechanisms proposed within the literature to explain observed refinement in cementite 

with more rapid tempering. Furuhara et al. 5 attributed the refinement of cementite with more rapid 

tempering to the corresponding suppression of dislocation recovery at shorter tempering times. This 

supposed suppression of dislocation recovery thus results in a higher density of nucleation sites and 

promotes cementite refinement. However, both 4340 and 300-M exhibit a consistent dislocation density 

across tempering times tempered to an equivalent degree (hardness). Thus, the dislocation recovery 

mechanism for carbide refinement with rapid tempering is thought to be inapplicable in the present work 

where conditions are compared at an equivalent hardness. 
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CHAPTER 7  

EFFECT OF RAPID TEMPERING ON STRENGTH AND TOUGHNESS OF 4340 AND 300-M  

7.1 Results 

Tensile and impact toughness results of conventionally and rapidly tempered 4340 and 300-M are 

presented in this chapter.  

7.1.1 Tensile Properties 

Yield strength (σ0.2) associated with 4340 and 300-M is displayed in Figure 7.1 as a function of 

hardness. Consistent σ0.2 values are largely observed across tempering time conditions for a given alloy, 

with increased differences at lower hardness values. Figure 7.2 directly compares yield strength of 4340 

and 300-M as a function of tempered hardness. Here, it is found that the yield strength behavior varies 

significantly when comparing 4340 and 300-M within a consistent hardness regime. At high hardness 

values, yield strength reductions with tempering are generally more subtle in the 4340 alloy, whereas 

300-M exhibits a relatively consistent, linear decrease in yield strength with decreasing hardness, albeit 

from a higher initial value. Above ~580 HV, 300-M shows significantly higher yield stress values 

compared to 4340, and lower values below ~580 HV. Figure 7.3 displays ultimate tensile strength (σUTS) 

of 300-M and 4340 as a function of tempered hardness. For both alloys, hardness and σUTS are found to 

follow a linear relationship. As depicted in Figure 7.4, σUTS values are relatively consistent across 4340 

and 300-M at a given hardness, although there is a slightly reduced strength associated with 300-M. 

Stress strain curves are presented in Appendix I. 

7.1.2 Room Temperature Impact Toughness of Conventionally and Rapidly Tempered 4340 and 

300-M 

The 4340 and 300-M impact toughness results are shown separately in Figure 7.5, and are 

compared in Figure 7.6 as a function of tempered hardness. Both alloys exhibit a differentiation in 

toughness with respect to tempering time, where shorter tempering times are associated with improved 

impact toughness. However, there are significant differences in other aspects of the alloys’ toughness 

behavior. A noticeable alteration in the relationship between tempering time and TME severity is 

observed between 4340 and 300-M. The TME trough depth decreases with decreasing tempering time in 

4340, while 300-M does not exhibit a clear relationship between tempering time and TME severity, since 

a similar trough depth is present for all 300-M tempering conditions examined. While TME behavior 

differs between 4340 and 300-M, there is a commonality in the tempered hardness at which conditions 
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exhibit a local minimum in toughness. The majority of 4340 and 300-M conditions display a dip in 

toughness or a delayed increase in toughness at a hardness level between ~500 and 550 HV.  

 

    

        (a)                                                                      (b) 

Figure 7.1 Yield strength (0.2 pct offset) of all (a) 4340 and (b) 300-M time conditions as a function 
of decreasing hardness. Error bars represent the standard deviation associate with 2 - 5 
tensile tests. Conditions without error bars were tested only once due to material or 
testing constraints. 

 

Figure 7.2 Comparison of yield strength (0.2 pct offset) for 4340 and 300-M time conditions as a 
function of decreasing hardness. Error (standard deviation) is not shown to maintain 
clarity of trends, but is depicted in Figure 7.1. 
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      (a)                                                                                   (b) 

Figure 7.3 Ultimate tensile strength of all (a) 4340 and (b) 300-M time conditions as a function of 
decreasing hardness. Error bars represent the standard deviation associate with 2 - 5 
tensile tests. Conditions without error bars were tested only once due to material or 
testing constraints. 

 

Figure 7.4 Comparison of ultimate tensile strength of 4340 and 300-M time conditions as a function 
of decreasing hardness. Error (standard deviation) is not shown to maintain clarity of 
trends, but is represented in Figure 7.3. 
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                                       (a)                                                                                   (b) 

Figure 7.5 Room temperature impact toughness of 1, 10, 100, and 3600 s time conditions of (a) 4340 
and (b) 300-M as a function of tempered hardness. Represented error is associated with 
the standard deviation of two tests. Data with no error bars correspond to conditions for 
which the two tests yielded identical results. 

 

 

Figure 7.6 Room temperature impact toughness of 1, 10, 100, and 3600 s time conditions of 4340 
and 300-M as a function of tempered hardness. Represented data are the average of two 
tests. Error (standard deviation) is not shown to maintain clarity of trends, but is 
represented in Figure 7.5. 

3600 s
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7.2 Discussion 

The tensile and impact toughness results associated with rapid and conventional tempering of 

4340 and 300-M are discussed in light of the microstructural characteristics presented in Chapters 5 

and 6. The effects of rapid tempering and silicon on tempered martensite embrittlement are specifically 

emphasized, and mechanisms are proposed to explain the observed behavior. Discussion related to the 

second research question is included in section 7.2.2. 

7.2.1 Tensile Behavior of 4340 and 300-M 

 Strength and hardness are often found to follow the relationship 

H = xσ             (7.1) 

where σ is uniaxial flow stress [MPa], H is hardness [kg/mm2], and x is an elastic constraint factor that is 

approximately 3 for materials that do not appreciably strain harden 136–138. The appropriate flow stress for 

Equation 7.1 depends on the plastic strain imparted by the utilized indenter tip geometry, and thus varies 

based on the hardness testing technique. In the case of Vickers hardness, a flow stress corresponding to a 

plastic strain of 0.08 is considered appropriate 139. Thus, the observed variation of σ0.2 at a given hardness, 

shown in Figure 7.2, is likely due to low flow stresses associated with the 0.2 % offset method. A linear 

relationship between hardness and strength is, however, observed with respect to the σUTS results across 

time and alloy conditions, presumably due to the much higher strains (~0.03-0.06) associated with σUTS.  

 Plastic deformation, including initial yielding, is dependent on the movement of dislocations 

through the material matrix. Dislocation motion can be impeded by the introduction of solutes, 

precipitates, boundaries, and/or other dislocations. Therefore, microstructural factors that contribute to a 

material’s yield strength are typically understood in the context of solute additions, precipitate volume 

fraction and size, grain/sub-grain size, and dislocation density. In addition, when considering a two-phase 

material, the contributions of each phase to the overall strength must be considered. Thus, the yielding 

behavior of a material is the product of numerous microstructural mechanisms that may be simultaneously 

operating. With this complexity in mind, the σ0.2 results presented in Figure 7.2 are discussed in the 

context of microstructural observations made in Chapters 5 and 6. Yield strength differences as a function 

of alloying serve as the focus of the present discussion, while variation in yield strength across tempering 

times for a given alloy are not specifically addressed due to a lack of consistent, systematic behavior.  

 The relationship between yielding and retained austenite in martensitic steels can vary based on 

the mechanical stability, morphology, location, phase fraction, and size of retained austenite 140–142. 

Retained austenite in the present study is expected to reside at interlath locations with a film-like 

morphology for all conditions; however, the mechanical stability, phase fraction, and size of retained 

austenite vary across time and alloy conditions. In some studies, large amounts of retained austenite have 
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been found to decrease bulk yield strength, presumably due to the initial yielding of austenite at low 

stresses 141,142. As shown in section Error! Reference source not found., retained austenite content is 

greater in conditions associated with more rapid tempering and higher silicon (Figure 6.3). Thus, lower 

yield strengths associated with 300-M between 480 – 580 HV may be connected to greater amounts of 

retained austenite in these conditions. However, retained austenite fractions in the present study are 

relatively low, and would not necessarily be expected to produce bulk yield strength changes on the order 

of 300 MPa. Furthermore, no systematic difference in σ0.2 is observed with respect to tempering time in 

300-M at low hardness values, as might be expected if yielding were dominated by retained austenite 

content. Therefore, retained austenite fraction may play a role in the observed yielding behavior, but is 

not thought to be the controlling mechanism. 

 The effect of precipitate characteristics on yield strength can be represented by the 

Orowan-Ashby equation: 

∆𝜎» = 	
|.¼:½¾�¿k/p

f
ln

f

9�
      (7.2) 

where ∆𝜎» is the change in yield stress, G is the shear modulus [MPa], b is the Burgers vector [mm], f is 

the volume fraction of particles, and X is the diameter of the particles [mm] 143. From Equation 7.2, 

increasing precipitate volume fraction and decreasing precipitate size both result in an increase in yield 

strength. At lower hardness values, where cementite precipitation dominates in 4340 and 300-M, 

cementite sizes associated with 300-M were refined compared to 4340. Assuming a consistent volume 

fraction at a given hardness, smaller precipitates would be expected to increase yield strength relative to 

larger precipitates. Given 300-M exhibits lower σ0.2 values within this hardness regime, cementite size 

differences are not thought to lead to the observed behavior in Figure 7.2. The influence of transition 

carbides on the observed yield behavior at high hardness values is less clear due to the lack of carbide size 

information in this tempering regime coupled with the variation in transition carbide fraction across 

alloys. 

 In section 6.1.4, dislocation density at a given tempered hardness was shown to be consistent 

across tempering times of 4340 and 300-M. However, measurement of the general dislocation density 

does not provide information pertaining to the population of mobile dislocations. Thus, while 4340 and 

300-M exhibit similar dislocation densities at a given hardness, significant variations in the 

mobile/immobile dislocation densities may exist. Initial mobile dislocation density is primarily affected 

by solute pinning and dislocation recovery, and can have marked effects on resultant yield strength 144. As 

yielding is dependent on dislocation motion, a larger population of mobile dislocations can promote 

yielding at lower stresses. At high hardness values, where 300-M exhibits higher yield strengths 

compared to 4340, a significant difference in the total carbon in solution exists, as depicted in Figure 7.7. 
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Increased carbon in solution associated with 300-M provides greater opportunity for dislocation pinning, 

which may contribute to higher yield strength values within this regime. However, yield point elongation 

is not observed in 300-M for high hardness conditions (see Appendix I), perhaps indicating that strong 

solute pinning is not present in 300-M in this regime. Alternatively, higher levels of carbon in solution in 

300-M could contribute to higher yield stresses through a general increase in solid solution strengthening 

relative to 4340. 

 At low hardness values, the yield strength of 300-M is consistently lower than 4340, potentially 

implying a greater population of mobile dislocations. Unlike the high hardness conditions, the amount of 

solute carbon is relatively consistent across 4340 and 300-M within the lower hardness regime, as shown 

in Figure 7.7. Furthermore, dislocation density and cementite volume fraction are also consistent between 

4340 and 300-M within this hardness regime. However, as discussed previously, a difference in the 

mobile/immobile dislocation density between the two alloys is possible. A higher mobile dislocation 

density in 300-M may be possible via a greater amount of retained austenite transformation to martensite 

upon quenching, thus promoting a lower yield strength. The potential for retained austenite 

transformation to martensite is greater when retained austenite carbon concentration is low, as is exhibited 

in high hardness conditions of 300-M (Figure 6.4). 

 Differences in yield strength behavior between 4340 and 300-M were discussed in the context of 

retained austenite content, precipitate characteristics, solid solution strengthening, and mobile dislocation 

density. A definitive link between the microstructure and yield strength results could not be identified 

based on the present information, although potential microstructural contributions were discussed and 

hypothesized. Differences in the mobile dislocation density and/or solid solution strengthening between 

4340 and 300-M are the most plausible contributors to the observed differences in yielding behavior 

between the two alloys. Nevertheless, due to the complexity of yielding behavior in martensitic 

microstructures, further work is needed to isolate the underlying mechanisms leading to the difference in 

σ0.2 between 4340 and 300-M at a given hardness. 
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Figure 7.7 Total carbon in solution as a function of tempered hardness for 1 and 3600 s conditions of 
4340 and 300-M. Dashed line represents the transition from 300-M exhibiting a higher 
yield strength compared to 4340 (high hardness) to a lower yield strength (low hardness). 

7.2.2 Role of Cementite Size and Morphology in Improving Toughness via Rapid Tempering 

At an equivalent tempered hardness, rapid tempering has been shown to improve impact 

toughness in both 4340 and 300-M (Figure 7.6). Within the literature, rapid tempering is correlated to 

improved impact toughness due to an associated refinement in cementite 6,9. However, as discussed in 

section 6.1.3, no significant difference in cementite size (for a given alloy) was observed across tempering 

times at a given hardness in the present study. Table 7.1 shows pertinent data for comparing impact 

energy to associated cementite size and morphology. Cementite characteristics were investigated in 

conditions that exhibited significantly different impact toughness behavior, and in which cementite was 

known to be the only carbide present (based on Mössbauer spectroscopy). For a given hardness condition, 

average cementite content, size, and morphology do not meaningfully vary across time conditions in a 

manner that would be expected to significantly affect impact toughness. Therefore, cementite size and 

morphology are not thought to play a role in the observed improvement in toughness associated with 300-

M and 4340. However, it should be noted that the present measurements represent averages of cementite 

characteristics associated with each tempering condition. Differences in cementite characteristics at 

specific sites within the microstructure, such as interlath boundaries, could significantly affect toughness 

performance, and may not be captured within the averaged results. 
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Table 7.1 – Average Properties of Conditions for Cementite Size and Morphology Characterization 

 

Alloy 
Time 

(s) 
Temperature 

(˚C) 
Hardness 

(HV) 

RT 
Impact 
Energy 
(ft-lbs) 

Cementite 
Content 

(at pct Fe)* 

SEM 
Cementite 

Size 
(nm)** 

SEM 
Cementite 

Aspect Ratio 
(min/max)** 

4340 

1 427 546 22.5 6.1 ± 0.4 41.5 ± 1 0.56 ± 0.02 
3600 300 548 17 5.3 ± 0.4 39.6 ± 1.2 0.58 ± 0.02 

1 489 515 26.5 5.3 ± 0.4 44	± 1 0.59 ± 0.02 
3600 350 527 18 5.6 ± 0.4 46 ± 1.4 0.55 ± 0.02 

1 550 461 32 5.5 ± 0.4 47.5 ± 1  0.59 ± 0.02 
3600 400 489 18.5 5.9 ± 0.4 50.4 ± 1.7 0.6 ± 0.02 

300-M 

1 538 532 20 4.6 ± 0.4 32.5 ± 0.6 0.58	± 0.01 
3600 450 538 16 5.1 ± 0.4 31 ± 0.5 0.61	± 0.01 

1 575 508 20 5.1 ± 0.4 31.5 ± 0.6 0.59	± 0.01 
3600 500 514 16 4.9 ± 0.5 34 ± 0.6 0.62	± 0.01 

1 619 493 20 5.2 ± 0.4 31.5 ± 0.7 0.59	± 0.01 
3600 550 492 20 5.2 ± 0.5 32 ± 0.5 0.61	± 0.01 

*Error associated with method outlined in section 3.5.5 
**Error associated with 95 pct confidence interval 

7.2.3 Retained Austenite and Tempered Martensite Embrittlement 

 Within the literature, TME is associated with several proposed mechanisms including retained 

austenite decomposition to ferrite and cementite 10,11,69, cementite coarsening 13,14, and the mechanical 

transformation of retained austenite to fresh martensite 11. Many 10,11,69 attribute TME to retained austenite 

decomposition into interlath cementite (and ferrite), in which cementite acts as an embrittling agent by 

providing preferred crack initiation sites and propagation pathways. Others 13,14 emphasize the role of 

inter- and/or intra-lath cementite coarsening, in which precipitates are assumed to reach some critical 

particle size such that fracture is promoted. Finally, Horn and Ritchie 11 proposed that both the thermal 

and mechanical decomposition of retained austenite contribute to TME, as the transformation of interlath 

retained austenite to cementite or fresh martensite both result in the presence of a brittle constituent at lath 

boundaries. Although not studying TME specifically, Tomita and Okawa 145 also attributed brittle 

behavior in a 300-M alloy to the mechanical transformation of unstable retained austenite during 

deformation. 

 In the author’s MS work, rapid tempering was found to improve impact toughness in 4340, 

specifically through the reduction of TME severity. X-ray diffraction measurements suggested that 

decomposition of retained austenite is suppressed during rapid tempering. Therefore, reduced TME 

severity with more rapid tempering was hypothesized to be associated with the corresponding suppression 

of retained austenite decomposition to interlath cementite. However, XRD uncertainties were such that 

the retained austenite decomposition behavior as a function of tempering time could not be definitively 
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identified. Through more accurate retained austenite quantification by Mössbauer spectroscopy 

(Figure 5.1), the present study confirms the suggested relationship between retained austenite 

decomposition and TME severity in 4340. Thus, TME severity associated with 4340 is thought to be 

reduced with more rapid tempering (at an equivalent degree of tempering) via the suppression of retained 

austenite decomposition, whereby less interlath cementite is available to act as an embrittling agent. This 

conclusion supports the often-observed connection between retained austenite decomposition and TME 
10–12,69,70. Thus, it might be expected that a greater preservation of retained austenite during tempering may 

always diminish embrittlement associated with TME. However, this was not observed with respect to 

300-M, as will be discussed. 

 Figure 7.8 shows the maximum decrease in toughness (absorbed energy at 25 ºC) associated with 

all time conditions of 300-M and 4340, where a larger decrease in absorbed energy is associated with 

more distinctive TME behavior. The maximum decrease in toughness refers to the greatest difference in 

absorbed energy between tempering temperatures before and during the appearance of TME for a given 

tempering time. In addition, the percent of retained austenite decomposed between the maximum and 

minimum toughness conditions for each tempering time is displayed. For example, 98 percent of the 

retained austenite present in the maximum toughness condition associated with 3600 s of 4340 has 

decomposed once the minimum toughness conditions is reached. The conventional 4340 condition 

exhibits moderate TME “severity”, with a maximum decrease in absorbed energy of 3 ft-lbs. As 

tempering time decreases (within an equivalent tempered hardness regime), retained austenite 

decomposition is suppressed and TME “severity” diminishes. Compared to 4340, the conventional 

tempering condition of 300-M is associated with a deeper TME trough, with a maximum decrease in 

absorbed energy of 7 ft-lbs. Moreover, 300-M exhibits even more retained austenite retention with rapid 

tempering and higher overall toughness, yet no accompanying “improvement” in TME behavior. 

Therefore, TME does not seem to be controlled by the same mechanisms in 4340 and 300-M. 
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Figure 7.8 Comparison of TME severity between 4340 and 300-M tempering conditions represented 
as the maximum decrease in toughness (bars) with increased tempering. Corresponding 
retained austenite decomposition levels (lines) are displayed with respect to the 
maximum and minimum toughness conditions used in determining the maximum 
decrease in toughness. 

 In a study that focused on the TME behavior of 4340 and 300-M, Horn and Ritchie suggested that 

TME “severity” is controlled by both the thermal and mechanical decomposition of retained austenite. 

Given the high thermal stability of retained austenite in rapid tempering conditions of 300-M, yet the 

distinctive appearance of TME, it is proposed that TME in 300-M may be associated with both the 

thermal and mechanical transformation of retained austenite. If 300-M is controlled by the thermal and 

mechanical transformation of retained austenite, conditions that do and do not exhibit TME should show a 

marked difference in retained austenite content and/or carbon concentration (stability) of retained 

austenite. Figure 7.9 displays retained austenite carbon concentration and impact energy as a function of 

temperature for the 300-M, 1 s tempering condition. A marked decrease in toughness (TME) is observed 

between the 486 and 538 C tempering conditions. This clear decrease in toughness is accompanied by a 

significant decrease in retained austenite carbon concentration, while retained austenite content remains 

relatively constant. Other microstructural changes that occur between these tempering conditions include 

the replacement of transition carbides by cementite and the near completion of cementite precipitation. 

From the results in Figure 7.9, the observed TME in the 1 s condition of 300-M seems to be associated 

with a substantial decrease in retained austenite stability, with relatively little thermal decomposition of 



 112 

retained austenite occurring. While 300-M exhibits a marked decrease in retained austenite stability in 

conjunction with the appearance of TME, 4340 does not show a similar relationship due to the 

consistency of Cγ across tempering conditions. Rather, the appearance of TME in 4340 is more strongly 

connected to a large reduction in retained austenite amount and an accompanying increase in cementite 

precipitation. 

 

Figure 7.9 Impact energy and carbon concentration of retained austenite shown as a function of 
tempering temperature for the 300-M, 1 s conditions. Tempering temperatures associated 
with the appearance of TME are highlighted, and associated retained austenite contents 
shown. 

While a lower retained austenite carbon concentration is typically associated with lower 

mechanical stability, other factors such as austenite morphology and size, and surrounding matrix 

properties can affect austenite stability 33,146. Therefore, interrupted tensile tests were performed on the 

486 and 538 °C treatments to directly evaluate retained austenite stability and to test the proposed theory. 

Based on the carbon content results in Figure 7.9, it is expected that retained austenite associated with the 

538 °C condition would be significantly less stable than the 486 °C condition. Three strain levels (0.008, 

0.02, 0.04) were chosen to evaluate the degree of retained austenite transformation. The 0.008 strain 

condition is within the elastic regime, while both 0.02 and 0.04 strains correspond to plastic deformation. 

Separate samples were used for each strain condition. Figure 7.10 shows retained austenite content as a 

function of engineering strain for the 486 and 538 °C tempering conditions. As strain increases, there is a 

general decrease in retained austenite content for both tempering treatments, although the response is 

much greater for the 538 °C condition. At 4 pct strain, 63 pct of the retained austenite has transformed in 

𝛾
R
:	5.3 vol pct 

𝛾
R	
:	4.9 vol pct

486 °C 

538 °C 
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the 538 °C condition, compared to only 15 pct in the 486 °C condition. These results confirm that the 

difference in retained austenite carbon content between the two conditions significantly alters the 

mechanical stability upon deformation. 

The TME behavior associated with various tempering conditions of 300-M and 4340 has been 

discussed in the context of retained austenite characteristics. It is proposed that the severity of TME in 

4340 is primarily controlled by the thermal decomposition of retained austenite to interlath cementite. The 

suppression of retained austenite decomposition with rapid tempering at an equivalent hardness thus 

reduces the severity of TME, as the remaining austenite is relatively stable (~0.8 wt pct C). In contrast, 

TME severity of 300-M is believed to be a function of both the thermal and mechanical transformation of 

retained austenite. While more rapid tempering times result in greater preservation of retained austenite, 

the remaining austenite is relatively unstable due to reduced carbon concentration levels. The mechanical 

instability of retained austenite promotes the TRIP effect early in the deformation process and results in 

brittle, fresh martensite adjacent to existing cementite laths, thus influencing TME.  

 

 

Figure 7.10 Retained austenite content as a function of engineering strain for 300-M tempering 
conditions of 486 and 538 °C (1 s). Retained austenite content is in units of volume 
percent and was determined via x-ray diffraction (section 3.5.2). 

7.2.4 Cementite and Tempered Martensite Embrittlement 

The previous section discussed the connection between retained austenite and TME in the studied 

conditions. Embedded within this discussion is the role of cementite in the manifestation of TME, as 

retained austenite decomposition invariably implies the formation of cementite from decomposing 
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austenite. However, the present section more specifically highlights the relationship between cementite 

precipitation, austenite characteristics, and TME in the present results. The effect of short-time tempering 

on TME severity has been shown to significantly differ between 300-M and 4340. Though, as highlighted 

in Figure 7.11(a), a local toughness minima is identified between ~500 and 550 HV across all time 

conditions of both alloys. These toughness minima represent TME, and might suggest a microstructural 

commonality that negatively affects toughness within the designated hardness regime. Figure 7.11(b) 

displays cementite content as a function of tempered hardness for all conditions of 300-M and 4340. The 

hardness regime associated with the local toughness minima (TME) is highlighted, and is shown to be 

associated with the completion or near-completion of cementite precipitation in all conditions. 

Significant precipitation of cementite is associated with specific retained austenite characteristics 

in 4340 and 300-M that are thought to be associated with TME, thus leading to the behavior observed in 

Figure 7.11. In 4340, retained austenite decomposition and cementite precipitation processes directly 

overlap. Thus, the completion of cementite precipitation corresponds to significant levels of retained 

austenite decomposition, resulting in the appearance of TME. As discussed in the previous section, the 

depth of the associated toughness trough corresponds to the extent to which retained austenite 

decomposes upon tempering. In 300-M, two processes are significant with respect to the relationship 

between cementite precipitation and retained austenite characteristics: retained austenite decomposition 

and carbon enrichment/depletion of austenite. Similar to 4340, some amount of retained austenite 

decomposition occurs upon tempering of 300-M, presumably resulting in cementite formation at interlath 

boundaries. However, in addition, cementite precipitation in 300-M was found to correlate with the 

carbon depletion of retained austenite. Thus, the formation of cementite in 300-M is associated with both 

the thermal decomposition and chemical/mechanical de-stabilization of retained austenite. As both of 

these factors are thought to contribute to the appearance of TME in 300-M, it is reasonable that local 

toughness minima correspond to the completion of cementite precipitation in 300-M as well as 4340. 

While proposed TME mechanisms have largely been discussed in the context of retained austenite 

behavior, it is noted here that the precipitation of cementite ultimately drives the retained austenite 

characteristics that lead to TME.  



 115 

     

  (a)                                                                                    (b) 

Figure 7.11 (a) Highlight of local toughness minima (shaded points) across various time conditions of 
4340 and 300-M. (b) Cementite content as a function of tempered hardness depicting the 
corresponding hardness regime to local toughness minima in (a). 

7.2.5 Potential Contributions of Phosphorus Segregation to Observed TME Behavior 

Phosphorus segregation during austenitization is not reported to exacerbate or cause TME, 

although it has been shown to change the fracture mode associated with embrittled conditions 69,147. In the 

presence of significant phosphorus, conditions associated with TME exhibit intergranular fracture rather 

than intragranular cleavage fracture. Intergranular fracture is common in these circumstances as (prior) 

grain boundaries are weakened from the combination of cementite precipitation and impurity segregation, 

where impurity segregation is associated with diffusion to grain boundaries during austenitization (Prior 

austenite boundaries retain important structural significance in martensite microstructures because 

martensite growth does not occur across austenite boundaries.). The phosphorus segregation is, therefore, 

present in the as-quenched condition as well as tempered conditions. During tempering, cementite 

precipitates at numerous locations, including boundaries enriched with impurities, and resultantly 

introduces preferred crack propagation pathways. Figure 7.12 shows fractographs associated with 

conditions that exhibit TME in the studied 4340 and 300-M alloys. Intergranular fracture is not found to 

be the dominant fracture mode for either alloy; therefore, phosphorus segregation to prior austenite grain 

boundaries (PAGBs) is not thought to play a role in the reduced toughness associated with tempered 

conditions in the present study. 

3600 s
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(a)                                                                                (b) 

Figure 7.12 Fracture surfaces of conditions associated with TME in (a) 4340 and (b) 300-M. Specific 
conditions are (a) 3600 s – 300 ºC, 548 HV and (b) 3600 s – 400 ºC, 590 HV. 

Clarke et al. observed phosphorus segregation during tempering, where phosphorus was shown to 

segregate to ferrite-cementite boundaries after tempering at 575 °C for 2 hrs in a 4340 steel. Since 

impurity segregation decreases boundary surface energy 148, it is believed that phosphorus segregation to 

ferrite-cementite boundaries could lead to a higher susceptibility of brittle fracture at these interfaces. 

Extensive phosphorus segregation requires sufficient time and/or thermal energy to occur, and 

phosphorus partitioning was not observed at temperatures below 575 °C in the Clarke study. The 

temperature regime associated with phosphorus segregation to ferrite-cementite boundaries may be 

important in the context of the present results given the difference in toughness behavior observed 

between 4340 and 300-M. Compared to 4340, higher temperatures were utilized in the study of 300-M to 

appropriately capture the TME regime, as well as to examine an equivalent hardness range to that of 

4340. Due to the higher temperature regime associated with 300-M, it is arguable that these conditions 

should be associated with a greater degree of phosphorus segregation compared to 4340. Thus, the 

toughness trough maintained at all tempering time conditions of 300-M might be hypothesized to be 

associated with phosphorus segregation to ferrite-cementite interfaces. In this scenario, shorter tempering 

times undergo little retained austenite decomposition, resulting in a small fraction (or size) of cementite 

precipitates at lath boundaries. However, at high temperatures, phosphorus segregates to cementite 

boundaries and exacerbates the embrittling effect of the small amount of interlath cementite. Therefore, 

while rapid tempering of 300-M promotes the preservation of retained austenite and limits interlath 

cementite formation, the segregation of phosphorus may weaken lath boundaries such that the full benefit 

of restricting interlath cementite precipitation is not realized through improved toughness. 
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7.2.6 Summary of Proposed Mechanisms of Tempered Martensite Embrittlement with Respect to 

Conventional and Rapid Tempering Conditions 

Tempered martensite embrittlement in both 4340 and 300-M is proposed to involve the formation 

of a constituent on lath boundaries that promotes brittle fracture. In 4340, this constituent is believed to be 

primarily cementite formed from the decomposition of interlath retained austenite during tempering. The 

suppression of retained austenite decomposition via rapid tempering thus diminishes the severity of TME. 

In 300-M, interlath cementite precipitates during tempering and contributes to embrittlement much like 

4340; however, in addition, formation of fresh martensite during deformation is believed to contribute to 

TME. Therefore, while the preservation of retained austenite is critical in avoiding TME, the stability of 

the remaining retained austenite is also important. Increasing the thermal and mechanical stability of 

retained austenite is ultimately dependent on suppressing the precipitation of cementite. Table 7.2 

summarizes the proposed microstructural contributions that lead to TME in 300-M and 4340, considering 

rapid and conventional tempering. Embrittlement of 300-M may be further exacerbated by the potential 

segregation of phosphorus to ferrite-cementite boundaries. Phosphorus segregation in 300-M is thought to 

be more probable due to the higher utilized tempering temperatures compared to 4340, but has not been 

confirmed in the present study. Further experimentation is required to understand the role of phosphorus 

segregation on the observed properties. 

Table 7.2 – Assessment of Microstructural and Mechanical Property Behaviors within the TME Regime 

Condition Alloy 
Preservation 

of 𝛾R 

Mechanical 
Stability of 

𝛾R 

TME 
Severity 

Embrittling 
Agent(s) 

𝛾R Behavior during 
Deformation 

Conventional 

4340 None n/a Medium 
Interlath 

Cementite 
n/a 

300-M 
Medium-

High 
Low High 

Interlath 
Cementite 

+ 
Fresh 

Martensite 

Transforms to fresh 
martensite early in 

deformation process 

Rapid 

4340 
Medium-

Low 
High Low 

Interlath 
Cementite 

Accommodates 
deformation, may 
transform to fresh 
martensite later in 

deformation process 

300-M High Low High 

Interlath 
Cementite 

+ 
Fresh 

Martensite 

Transforms to fresh 
martensite early in 

deformation process 
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7.2.7 Other Comments on Toughness Behavior of 4340 and 300-M 

 The discussion thus far has focused primarily on the effects of silicon and rapid tempering on 

observed TME behavior. However, there are other aspects of the toughness properties that warrant 

acknowledgement, particularly with respect to 300-M. In 4340, the overall improvement in toughness 

with more rapid tempering is closely linked to the diminishment of the TME toughness “trough”. In 

contrast, rapid tempering does not reduce the TME trough depth in 300-M; yet, a general improvement in 

impact energy is still observed with more rapid tempering. Thus, while TME is not avoided, 

strength-toughness improvements are nevertheless achieved through rapid tempering of 300-M, 

particularly at high hardness conditions. Table 7.3 compares the high hardness conditions of the 3600 and 

1 s tempering times of 300-M, where a distinct improvement in impact toughness is observed with more 

rapid tempering. Explored microstructural characteristics are also shown in Table 7.3, where it is apparent 

that the rapid and conventional conditions exhibit similar retained austenite, cementite, and transition 

carbide behavior despite marked differences in performance. The results presented in Table 7.3 indicate 

there may be mechanisms that contribute to observed improvements in impact toughness with rapid 

tempering that are not clearly apparent through the present microstructural characterization. Analysis of 

transition carbide size and more detailed observation of retained austenite decomposition characteristics 

may provide additional insight.  

 

Table 7.3 – Properties Associated with High-Hardness Rapid and Conventional Tempering Conditions 
 

Alloy Time (s) Temperature (˚C) Hardness (HV) RT Impact Energy (ft-lbs) 

300-M 

1 434 619 27 
3600 350 615 22 

1 486 595 27 
3600 400 590 17.5 

Retained 
Austenite Content 

(at pct Fe) 
Cγ (wt pct) 

Cementite Content 
(at pct Fe) 

Transition 
Carbide Content  

(at pct Fe) 
5.9 ± 0.1 1.2 ± 0.2 1.2 ± 0.5 1.7	± 0.6 
5.2 ± 0.1 1.2 ± 0.1 1.4 ± 0.5 1.2	± 0.6 
5.4 ± 0.1 1 ± 0.2 2.5 ± 0.5 1.4	± 0.6 

4.95 ± 0.1 0.9 ± 0.1 2.3 ± 0.5 1.5	± 0.6 
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CHAPTER 8  

SUMMARY AND CONCLUSIONS 

 The effect of rapid tempering on microstructural development and toughness within the tempered 

martensite embrittlement regime was studied in 4340 and 300-M. The present work specifically 

investigated: (1) the sequence of phase transformations associated with rapid tempering, (2) the role of 

cementite size and morphology in improving impact toughness through rapid tempering, and (3) the 

potential for austenite preservation during tempering. In addition to these research objectives, TME 

mechanisms in 300-M and 4340 were explored in association with rapid and conventional tempering, and 

the general effect of silicon on tempering was assessed using Mossbauer spectroscopy. 

The microstructural behavior associated with rapid and conventional tempering conditions of 

4340 was presented and discussed in Chapter 5. Discussion focused on the effect of rapid tempering on 

retained austenite decomposition kinetics, carbon partitioning, cementite nucleation and growth, 

dislocation recovery, and the sequence of phase evolution with respect to the classical tempering stages. 

Chapter 6 presented the microstructural results of 300-M in the context of Chapter 5, where the effect of 

silicon on rapid and conventional tempering was explored. The effect of silicon on tempering behavior 

was assessed with respect to carbide precipitation and dissolution, retained austenite decomposition, 

cementite coarsening, and dislocation recovery. Tensile strength and impact toughness of 4340 and 

300-M conditions were presented in Chapter 7. The role of cementite size and morphology on toughness 

behavior was discussed in Chapter 7, as well as the relationship between retained austenite 

decomposition, cementite formation, and TME. Mechanisms responsible for TME under various 

tempering time conditions of 4340 and 300-M were proposed and supported by microstructural results. 

This chapter summarizes the key findings of the present study, and highlights some new observations. 

Rapid tempering results in less retained austenite decomposition (i.e. more austenite retention) 

upon tempering compared to conventional conditions at a constant hardness. All other microstructural 

characteristics including transition carbide precipitation and dissolution, cementite precipitation and 

coarsening, retained austenite carbon enrichment, and dislocation recovery remain largely similar across 

rapid and conventional tempering conditions at a constant hardness (and alloy). Retained austenite 

decomposition kinetics exhibit interesting C-curve behavior in 4340, where short times and high 

temperatures suppress the decomposition of retained austenite. This effect is believed to be due to a 

reduction in driving force for the 𝛾 → 	𝜃 + 	𝛼 reaction. With the suppression of retained austenite 

decomposition through rapid tempering, stage II tempering persists to higher temperatures compared to 

conventional tempering conditions. The prolongation of stage II associated with rapid tempering alters the 

relationship between stages II and III of tempering, where both increased stage overlap and stage 
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reordering are possible. The effect of rapid tempering on retained austenite decomposition, and 

consequently the order/overlap of the classical tempering stages, has not been observed prior to the 

current work. Due to the suppression of retained austenite decomposition, rapid tempering enables the 

production of mixed-microstructures that include tempered martensite and higher levels of retained 

austenite compared to conventional tempering.  

The addition of silicon suppresses the extent to which transition carbide precipitation occurs upon 

tempering, and correspondingly increases the amount of carbon in solution in martensite at low 

temperatures. Transition carbide precipitation is thought to be suppressed with silicon additions due to 

higher paraequilibrium formation energies, similar to silicon’s effect on cementite nucleation. This new 

observation may have important implications for processes in which the suppression of transition carbides 

is desired, such as in Q&P steels. As reported by others, silicon additions also resulted here in the 

persistence of transition carbides to higher temperatures. The suppression of transition carbide 

precipitation, as well as persistence to higher temperatures, are observed in both rapid and conventional 

tempering conditions.  

Increasing silicon content from 0.25 to 1.58 wt pct results in the appearance of two regimes 

associated with cementite precipitation in both rapid and conventional tempering conditions as a function 

of temperature. The first stage consists of a small initial increase in cementite content at low temperatures, 

followed by a regime in which little additional precipitation occurs with increasing temperature. The 

second regime exhibits a significant increase in cementite content with increasing temperature, which 

levels off near the equilibrium fraction of cementite. Transition from the first to second regime is 

suggested to be the result of either silicon diffusion controlled precipitation, or the presence of Hägg 

carbide. In the latter case, the first and second stages would be associated with the precipitation of Hägg 

carbide and cementite, respectively. In the case of silicon diffusion controlled precipitation, the first stage 

is indicative of a small amount of paraequilibrium cementite precipitation. The second stage is thought to 

be observed when the mobility of silicon is significant, which allows for silicon diffusion out of cementite 

and away from the growing interface. 

Silicon delays the decomposition of retained austenite, resulting in the preservation of retained 

austenite to higher temperatures. The coupled effect of rapid tempering and silicon results in significant 

retained austenite conservation upon tempering, where appreciable levels of martensite tempering can be 

achieved with corresponding retained austenite decomposition levels of only 35 pct (1 s at ~619 °C). 

Significant retained austenite preservation and martensite tempering are simultaneously achievable, 

particularly with rapid tempering, in the high silicon (300-M) alloy due to the greater suppression of the 

𝛾 à 𝛼 + 𝜃 reaction compared to 𝛼Â à 𝛼 + 𝜃. Consistent with the literature, cementite precipitation at 

higher temperatures is thought to be suppressed by silicon due to an increase in activation energy 
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associated with the requirement of silicon diffusion away from the growing interface. As silicon mobility 

is typically much lower in austenite compared to ferrite, the stronger suppression of austenite 

decomposition compared to cementite precipitation in ferrite may be associated with differences in silicon 

diffusion away from the growing cementite interface.   

Retained austenite carbon enrichment is similar across tempering time conditions for a given 

hardness and alloy, yet varies significantly between 4340 (low Si) and 300-M (high Si). In 4340, retained 

austenite carbon concentration initially increases with tempering and then remains relatively consistent 

(~0.6-0.85 wt pct C) throughout further tempering and retained austenite decomposition. In contrast, 300-

M exhibits initial retained austenite carbon enrichment, followed by carbon depletion at higher tempering 

temperatures. The depletion of retained austenite in 300-M occurs in conjunction with the onset of 

marked cementite precipitation and retained austenite decomposition, and is therefore thought to be 

connected to the formation of cementite during austenite decomposition. The peak Cγ levels in 4340 and 

300-M are ~0.85 and 1.2 wt pct C, respectively, where higher levels of retained austenite enrichment in 

300-M correlate to increased carbon in solution through the suppression of cementite. Specific 

mechanisms leading to the nearly constant carbon concentration of retained austenite throughout 

tempering of 4340 are not fully understood. 

Impact energy improves at a given hardness in both 4340 and 300-M via rapid tempering. In 

4340, the “TME toughness trough” depth is reduced through rapid tempering, where improvements in 

impact toughness with shorter tempering times (at an equivalent hardness) are linked to the suppression of 

retained austenite decomposition into interlath cementite. Retained austenite decomposition is suppressed 

to an even greater extent through the rapid tempering of 300-M; however, similar diminishments in the 

TME toughness trough are not observed as a function of tempering time. Through interrupted tensile 

tests, it was determined that 300-M conditions that exhibit TME are associated with mechanically 

unstable retained austenite due to low carbon concentration. During mechanical deformation, unstable 

retained austenite mechanically transforms early in the deformation process, resulting in fresh martensite 

adjacent to interlath cementite. Thus, due to the low stability of remaining austenite, rapid tempering does 

not reduce the TME trough depth in 300-M; although, a general improvement in impact energy is still 

observed with more rapid tempering. Therefore, in order to effectively suppress TME, the prevention of 

retained austenite decomposition and retained austenite carbon depletion are both important. The 

mechanisms driving the general improvements associated with rapid tempering at high-hardness 

conditions of 300-M are not fully understood and require further probing, as is discussed in the 

subsequent chapter. 

At a constant hardness, a small reduction (2-3 nm) in cementite size is observed in association 

with rapid tempering conditions of 4340, with no accompanying change in cementite morphology. In 
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300-M, no appreciable change in cementite size or morphology is observed as a function of tempering 

time at a given hardness. Due to little to no change in cementite characteristics at a given hardness, 

cementite size and morphology do not appear to play a key role in the observed toughness improvements 

associated with rapid tempering for the investigated alloys and time-temperature regimes. 

In summary, rapid tempering can be used to produce microstructures containing tempered 

martensite and appreciable amounts of retained austenite. Comparatively, conventional tempering times 

are associated with greater retained austenite decomposition levels at an equivalent degree of (martensite 

matrix) tempering. Within the tempered martensite embrittlement regime, the preservation and 

chemical/mechanical stabilization of retained austenite lead to enhanced strength-toughness properties. 

Thus, rapid tempering provides the opportunity to simultaneously decrease processing times and improve 

strength-toughness performance within the TME regime, although improved understanding of the retained 

austenite carbon partitioning behavior is needed. 
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CHAPTER 9  

FUTURE WORK 

 This chapter presents several opportunities to build on the present work, increase understanding 

of observed phenomena, and clarify the applicability of rapid tempering in industry. 

 The present study explored the decomposition behavior of retained austenite upon rapid and 

conventional tempering, and discussed resulting behaviors under the main assumption that loss of 

retained austenite could be attributed to thermal decomposition during tempering. However, retained 

austenite transformation to fresh martensite during the final quench after tempering is possible. The 

discussion of several observed phenomena (e.g. yield strength and carbon partitioning) mentioned the 

possibility for retained austenite transformation to martensite, although no study was conducted to assess 

the extent to which this transformation occurs in the investigated conditions. Understanding the extent of 

martensite formation that occurs during quenching of the studied conditions would clarify/confirm the 

retained austenite thermal decomposition kinetics proposed in the current work. Furthermore, any 

contribution of the austenite to martensite transformation on other observed phenomena would be 

revealed. 

 Mechanisms thought to contribute to the staged precipitation of cementite in the presence of 

silicon were primarily discussed and supported in the context of data available within the literature. 

Investigating the 300-M conditions associated with the end of the first stage of precipitation (3600 s at 

350 ºC) and beginning of the second (3600 s at 450 ºC) would ideally reveal the primary mechanism 

responsible for the observed behavior by distinguishing the role of silicon partitioning and Hägg carbide. 

Atom probe tomography and/or STEM energy dispersive spectroscopy (EDS) is recommended for 

examining the silicon partitioning behavior associated with the indicated conditions. To distinguish if 

Hägg carbide is present in the explored conditions, advanced transmission electron microscopy (TEM) is 

required. 

 The potential role of phosphorus segregation to ferrite-cementite boundaries on the observed 

300-M TME behavior was acknowledged within the present work; however, further investigation is 

required to truly understand whether and how phosphorus segregation during tempering affects 

embrittlement. The literature focuses on phosphorus segregation to grain boundaries during 

austenitization, and how this phenomenon may affect fracture behavior after tempering. However, few if 

any studies have specifically investigated the fracture effects of phosphorus segregation to ferrite-

cementite boundaries during tempering. Careful consideration would be required in order to effectively 

suppress phosphorus segregation to grain boundaries during austenitization, and provide a clear study on 

the effect of segregation to ferrite-cementite boundaries during tempering. Otherwise, grain boundary 
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segregation of phosphorus may obscure the effect of ferrite-cementite boundary segregation on 

embrittlement. 

 Hypotheses rooted in observed microstructural characteristics were provided to explain the TME 

behavior associated with rapid and conventional tempering conditions of 300-M and 4340. However, 

further work is required to fully understand the impact toughness improvements realized through rapid 

tempering, particularly with respect to high hardness conditions of 300-M. It is recommended that a more 

in-depth analysis of the microstructures associated with the ~590 HV conditions of 300-M be pursued. 

Specifically, investigating the carbide characteristics associated with these conditions may be helpful, as 

microstructures containing both 𝜂 and 𝜃 were not assessed in the TEM portion of the present study with 

respect to carbide size and morphology. 

 Through bulk retained austenite measurements using Mössbauer spectroscopy, significant 

differences in retained austenite decomposition behavior were observed between rapid and conventional 

tempering. However, direct observation of retained austenite decomposition via TEM was not 

accomplished, and may reveal more specific changes in decomposition behavior at a microscopic level. 

Specifically, differences between rapid and conventional tempering regarding the amount and size of 

interlath cementite due to retained austenite decomposition should be explored. While no significant 

differences in average cementite size and morphology were detected, directly observing the 𝛾 à 𝛼 + 𝜃 

transformation after tempering would reveal any systematic differences in cementite precipitation 

associated with austenite decomposition between tempering time conditions. Differences in cementite 

characteristics at specific sites within the microstructure, such as interlath boundaries, should be pursued 

as they may not be captured within the averaged results presented in the present study, and may 

significantly influence mechanical behavior. 

 The retained austenite carbon partitioning behavior of 4340 and 300-M was significantly different 

between the two alloys, although no systematic trend was observed as a function of tempering time at a 

constant hardness (for a given alloy). The carbon enrichment of retained austenite markedly influenced 

resulting toughness behavior, and is equally important for suppressing TME as the preservation of 

retained austenite upon tempering. The mechanisms responsible for the observed carbon partitioning 

behavior are not fully understood in the present study and require further investigation.   

 Finally, improved strength-toughness properties and decreased processing times via rapid 

tempering may be of industrial interest, particularly for high-hardness applications. Industrial processes 

would likely incorporate induction heating to achieve thermal cycles like those explored in the present 

study. For rapid tempering to be industrially viable, studies addressing technical challenges associated 

with induction heating and rapid tempering in an industrial setting are required. Such challenges may 

include, but are not limited to, optimized induction heating parameters for a variety of product 
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dimensions, application of rapid tempering to various product geometries, and incorporation of induction 

heating into existing processing lines.  
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APPENDIX A  

GUIDE TO PREPARING SPECIMENS FOR MÖSSBAUER SPECTROSCOPY 

A guide for preparing Mossbauer spectroscopy samples is presented in Table A.1. 

Table A.1 – Experimental Procedure for Preparation of Mossbauer Spectroscopy Specimens 

 

 

 

 

 

Step Description 
Equipment/Supplies 

Needed 

1: Sample 
sectioning 

Section sample as thin as possible, typically aiming 
for ~1 mm thickness. Make sure the sample has at 
least a 10 mm2 cross-sectional area, as sufficient 
cross-sectional area is crucial for the chemical 
thinning step. 

• MSX or slow speed 
saw* 

• Micrometer 
measurement device 

2: Mechanical 
thinning 

Mount sample onto aluminum stub with crystal bond 
and grind sample down to a thickness of ~120 - 180 
microns using a grinding wheel. If exposure to 
elevated temperatures is of concern for your sample, 
attempt to minimize time sample is in contact with 
hot crystal bond (i.e. be prepared to quickly quench 
sample + aluminum stub after sample has been 
adhered to stub with crystal bond). If exposure to 
temperature is of extreme concern, can attempt to use 
super glue to adhere sample. Use bubble level to 
ensure sample is thinned uniformly. Use a 
progression of 180 à 240 grit paper. Do not attempt 
to grind sample thinner than ~120 microns, as this 
may result in damage to the sample. 

• Crystal bond 
• Hot plate* 
• Aluminum stub 
• Tweezers 
• Bubble level 
• Grinding wheel* 
• 180 – 240 grit 

paper* 

After achieving a sample thickness of 120 – 180 
microns, remove the sample from the aluminum stub 
with an acetone bath and ultrasonicator. Attach the 
sample to one side of the tape. The other side of the 
tape can be attached to either your finger or an eraser, 
I found a finger to work the best but be careful of 
accidentally grinding skin. Grind sample (using 
finger or eraser as pressure) on 320 grit paper until a 
thickness of ~80 microns is achieved. Use 600 and 
1200 grit to achieve a good surface finish prior to 
moving onto step 3. 

• Acetone* 
• Ultrasonicator* 
• Tweezers 
• Double sided tape 
• Eraser (optional) 
• 320 – 1200 grit paper* 
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Table A.1 Continued 

3: Chemical 
thinning 

This step is essential for removing the damage layer 
on your sample and achieving an appropriate 
thickness for MES. If retained austenite is not present 
in the microstructure, mechanically thinning to the 
final thickness is acceptable and should not affect the 
MES results with respect to carbide phase fraction. 
Typically, specific training is needed to handle HF; 
therefore, ensure training has been completed before 
performing this step. Create a solution of 10 parts DI 
water, 10 parts hydrogen peroxide, and 1 part 
hydrofluoric acid. A total volume of ~84 mL is 
typically sufficient if using a 100 mL beaker as it is 
necessary that the solution level is not too far below 
the top of the beaker. To avoid creating large 
volumes of the HF solution, it is not recommended to 
use a beaker larger than 100 mL. Prepare two beakers 
of DI water to use for rinsing. Place sample in the net 
and submerge both in the HF solution. The sample 
should produce bubbles as it is thinning. Watch the 
sample and remove immediately if a pinhole forms. If 
the cross-sectional area decreases by more than 1/3 
during thinning, the sample should be removed. 
Typically, ~2-5 minutes is required for the chemical 
thinning to be sufficient, aiming for a final thickness 
between 20-40 microns. Remove the sample and net 
after thinning and immediately submerge into one of 
the DI water beakers. After rinsing sufficiently, 
remove sample and net and submerge into the second 
DI water beaker and rinse. Remove sample and net 
and use a squirt bottle over an empty beaker for the 
final rinse step. Remove sample from hood and 
perform an additional rinse before handling. If 
sample is not thin enough, repeat chemical thinning 
until desired thickness is achieved. 

• Tweezers 
• Membrane boxes 

(sample storage) 
• Appropriate PPE for 

handling HF* 
• DI water* 
• Hydrofluoric acid 

(HF)* 
• Hydrogen peroxide* 
• Net* 
• Plastic beakers* 
• DI water squirt bottle* 
 
*Available in the 
physical metallurgy lab 
(PML) if performing 
sample prep at CSM 
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APPENDIX B  

GUIDE TO COLLECTING A MÖSSBAUER SPECTRUM (CSM) 

Instructions for operating the Colorado School of Mines Mössbauer spectrometer, provided by Dr. Don 

Williamson. 

 

• Mount sample [be sure to have your film badge and/or finger badge on] 
A. Remove Pb shield with handles. 
B. Cover detector with L-shaped Pb shield. 
C. Select collimator (1/16” to 7/16”) and: 

1. Either mount sample directly on collimator via tape and then mount collimator in place with 
more tape or, 

2. Mount collimator in place with tape and then mount sample over collimator hole with tape. 
D. Remove Pb detector cover. 
E. Replace Pb shield with handles. 

• Set up PHA (Pulse Height analysis) settings 
a. Start up CMCA window and click middle device. 
b. In Data Acquisition block, click “Settings”. 
c. Select “PHA” and in widows block select “single” (do not change hysteresis setting). 
d. In Window 1 block choose “from” level at 100 mV and “to” level at 9000 mV. 
e. Click “OK” (may need to “Clear Memory” if data already shows on plot). 
f. In Data Acquisition block click “Start” and collect the PHA spectrum for 1 or 2 minutes, 

then click “Stop”. 
g. Use Slider on the graph to help select voltage settings for the 1.8 keV Kr escape peak and 

for the 14.4 keV gamma peak. (typically about 0.2 – 0.55v and 2.7-3.55v, respectively). 
h. In Data Acquisition block, click “Settings” and then click “Multi”. 
i. Insert the desired windows voltages (based on step 7 above) in the Window 1 and 

Window 2 blocks. 
j. Select “MCS[Window]” and click “OK”. 

• Acquire Mössbauer spectrum. 
1. Select velocity scale with potentiometer on the Mossbauer Driving Unit (MR-260) (typically 

1.40 for regular velocity spectrum or 0.35 for low velocity spectrum – magnifying glass 
useful for accurate setting). 

2. In “Spectrum” block, click on “Clear Memory” and verify. 
3. In Data Acquisition block, click “Start”. 
4. Record start time and other relevant info in Log Book. 
5. When spectrum appears of adequate quality, click “Stop” and record stop time in the Log 

Book. Keep track of accurate total time so count rate can be calculated. 
6. In File Menu, click “Save as…” and save file in appropriate folder as mdate-scan hours (e.g. 

m121519-24h). If more than 1 scan in 24 h, use a,b,c (e.g. m121519a-10h and m121519b-
20h). 
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APPENDIX C  

GUIDE TO MÖSSBAUER SPECTRA FITTING (CSM) 

Instructions for fitting Mössbauer spectra using software available at the Colorado School of Mines, 

provided by Dr. Don Williamson. 

 

1. Start WinNormos for Igor from desktop icon (Basic Normos fit”). 
2. If using an existing Experiment go to step 3; if creating a new Experiment (e.g., for a new 

sample), go to step 6. 
3. Click “File”, “Open Experiment”. Click on “Recent Places”, double click “Wissel Data”. 
4. Select the appropriate Experiment and double click. Click on “Read-in File”, “Get File”. 
5. Find “Wissel Data”, select “All Files (*.*). 
6. Select desired WS5 file and open. 
7. Change Velocity Scale to “Linear (Triangle)”, then “Accept”. 
8. For a calibration via pure Fe spectrum set Vmax to appropriate or approximate value: ~10.9, 

~7.1 or ~1.7 mm/s for 2.14, 1.40 or 0.35 Velocity settings, respectively. 
9. Click “OK”, then click “Fold”. 
10. If doing a calibration, select a sextet and adjust Vmax until Bhf = 32.961 T for 2.14 and 1.40 

velocity setting. For the 0.35 velocity setting, select a doublet and adjust Vmax until 
quadrupole splitting = 1.699 mm/s (inner two line of Fe spectrum). This fit establishes Vmax 
and the isomer shift offset for fitting other spectra based on this calibration. 

11. If not doing a calibration fit, insert the “Isomer Shift Offset” in the box based on the Fe 
calibration already done. 

12. If setting up a new type of fit go to step 15; if using an existing type of fit go to step 25. 
13. Click “Site-Para” and choose number of subspectra “NSUB”. 
14. Choose current subspectrum number. 
15. Choose type of subspectrum “Sub. Type” (single line, doublet, sextet). 
16. Check appropriate variables to fit (e.g., for sextet, area ARE, line width WID, isomer shift 

ISO, magnetic field BHF, area ratio line 1 to 3 A13, area ratio line 2 to 3 A23, width ratio 
line 1 to 3 W13, width ratio 2 to 3 W23). 

17. Choose other subspectrum numbers and choose “Sub. Type” and check appropriate variables. 
18. Click “Do Zero Fit” to see if chosen numbers look reasonable. Adjust as needed. 
19. If zero fit looks reasonable, click “Do Fit”. 
20. Study error trace in plot and Chi-2 to decide if fit acceptable. 
21. Change fit variables or NSUB to improve fit. 
22. If fit satisfactory, save Experiment or save Experiment as if new (Click “File”, “Save 

Experiment as”). 
23. To use an existing fit model click on Site-Para and click on “Load Fit Model” and select 

appropriate model. Will need to correct site 1 parameters to reasonable values and check “fit” 
boxes (this is a glitch in the program!). Then retunr to step 20. 

24. Before clicking “Print Report” or “Save Report”, be sure to save Experiment. The print 
command sends results to default printer (Epson, just behind the PC)). 
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25. Finally, close the window and do NOT save experiment after printing or save site report since 
the file will be corrupted (another glitch in the program!). 
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APPENDIX D  

C-VALUE ASSESSMENT (300-M) 

The Hollomon-Jaffe (H-J) tempering parameter (TP) has long been used to empirically relate 

time and temperature during tempering of steel alloys, where relative hardness serves as the basis of the 

relationship 112. Since the introduction of the tempering parameter, it has been successfully applied to a 

wide variety of alloyed steels for a large range of time-temperature combinations 24,65–68,112,113. 

Adjustments to the original formulation allow for the incorporation of non-isothermal tempering into the 

overall tempering parameter 67. Through the use of this non-isothermal tempering parameter, several 

studies have indicated the applicability of the H-J TP to short tempering times on the scale of seconds 
6,7,67,68. However, Furuhara 5 et al. indicated a significant deviation in the hardness-tempering parameter 

relationship for conditions with rapid heating rates and a 0 s hold time (heating to a specific temperature 

followed by immediate cooling).  

The present study used the H-J TP with the intention of determining time-temperature 

combinations that yield an equivalent tempered hardness. The TP is represented as: 

𝑇𝑃 = 𝑇(𝑙𝑜𝑔𝑡 + 𝑐)     (D.1) 

where T is absolute temperature [K], t is time [s], and c is a constant dependent on the utilized steel. In the 

present study, a c-value of 16 was used for both 4340 and 300-M, resulting in the time-temperature 

combinations shown in Table D.1. Hollomon and Jaffe suggested the use of a c-value of 16 for steels 

containing 0.25 – 0.4 wt pct C. Furthermore, an assessment by Murphy and Woodhead indicated an 

average c-value of 15.9 for a 0.4 wt pct steel. For these reasons, 16 was chosen for the c-value in the 

present study, with time represented in seconds. Figure D.1 displays the hardness results associated 4340 

and 300-M as a function of the H-J TP. For 4340, time-temperature combinations exhibit an equivalent 

hardness at a constant tempering parameter, indicating the H-J TP was successful in equating time and 

temperature to produce an equivalent tempered hardness. This is true across all tempering times of 4340, 

including rapid tempering conditions. In contrast, 300-M shows significant and systematic variations in 

hardness at a given tempering parameter. 
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Table D.1  – Time-Temperature Combinations Determined using the Tempering Parameter (c = 16) 

Alloy Time (s) Temperature (ºC) 

4340 

3600 200 250 300 350 400 
100 241 295 350 404 458 
10 271 329 386 444 501 
1 305 366 427 489 550 

Tempering 
Parameter (c = 16) 

9,000 10,000 11,000 12,000 13,000 

300-M 

3600 350 400 450 500 550 
100 404 458 513 567 621 
10 444 501 559 616 674 
1 489 550 611 672 733 

Tempering 
Parameter (c = 16) 

12,000 13,000 14,000 15,000 16,000 

  
 

       

(a)                                                                                  (b) 

Figure D.1 Vickers microhardness as a function of tempering parameter (c = 16) for (a) 4340 and (b) 
300-M. Represented error corresponds to a 95 pct confidence interval. Error (95 pct CI) 
of the 300-M measurements is consistent with the size of the utilized data symbols.  

 Given the impact of the c-value on the calculated TP, an assessment was conducted to understand 

the effect of the c-value employed on the tempering parameter-tempered hardness relationship for 300-M. 

This assessment is intended to determine if the selection of the c-value resulted in the observed failure of 

the H-J TP to predict appropriate tempering temperatures in the 300-M alloy. To do this, the experimental 

temperatures known to produce an equivalent hardness in 300-M (Table 4.3) are compared to 

temperatures calculated using the H-J TP and a “best fit” c-value. The best fit c-value (28.8) was 

determined by minimizing the difference between the calculated (H-J TP) and experimental temperatures 
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(hardness study) using a least sum of squares (LSS) approach. Figure D.2 shows the variation in the LSS 

as a function of c-value, where 28.8 represents the minimum in the difference between experiment 

tempering temperatures known to produce an equivalent hardness and the calculated tempering 

temperatures determined using the H-J TP (utilizing the indicated c-value). Figure D.3 shows how 

minimizing the LSS affects the relationship between the calculated and experimental tempering 

temperatures, where the dashed lines represent a 1:1 ratio. 

 

Figure D.2 Least sum of squares associated with the calculated (H-J TP) and experimental 
(Table 4.3) tempering temperatures of 300-M represented as a function of the utilized 
c-value. 

 

Figure D.3 Comparison of tempering temperatures calculated using the Hollomon-Jaffe tempering 
parameter and c-values of 16, 20, and 28.8 to tempering temperatures known to produce 
an equivalent hardness through the experimental tempering study. The dashed line 
represents a 1:1 ratio.  
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Figure D.4 shows the relationship between hardness and tempering parameter in 300-M using 

c-values of 16 and 28.8. The data shown in Figure D.4(a) are the same as that shown in Figure D.1, where 

the x-axis scale has been adjusted to correspond to Figure D.4(b). When utilizing a c-value of 16, 

hardness varies at a constant TP up to ~50 HV (~13,000 TP), and longer tempering times systematically 

correspond to higher hardness values. In contrast, the largest deviation in hardness at a constant TP 

corresponds to ~23 HV (~24,000 TP) when utilizing c = 28.8, and no systematic variation as a function of 

tempering time is observed. In comparison, 4340 exhibits a hardness variation of up to ~30 HV at a 

constant TP. Thus, utilizing a c-value of 16 and 28.8 for 4340 and 300-M, respectively, results in similar 

success of predicting time-temperature combination to produce an equivalent tempered hardness using the 

H-J TP. 

Assuming the selection of a better c-value, the H-J TP is thought to appropriately predict 

tempering temperatures to produce an equivalent tempered hardness across conventional and rapid 

tempering times of 300-M. The importance of the constant c in accurately predicting suitable 

time-temperature combinations indicates the necessity of utilizing an optimal c-value for the alloy of 

interest. Unfortunately, this requires prior knowledge of the softening behavior of the utilized alloy across 

varying times and temperatures. The present study focused on a singular conventional tempering time and 

multiple rapid tempering conditions. To clearly determine how robust the H-J TP is with respect to 

relating rapid and conventional tempering times, a study including multiple conventional and rapid 

tempering times is recommended. 

  

(a)                                                                                (b) 

Figure D.4 Vickers hardness of 300-M as a function of tempering parameter utilizing a c-value of (a) 
16 and (b) 28.  
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APPENDIX E  

TIME-TEMPERATURE-HARDNESS DATA 

The hardness measurements associated with all explored time-temperature conditions in 300-M 

and 4340 are presented in Table E.1. Displayed hardness values are the average of all measurements 

collected for a given alloy and condition. The number of measurements associated with the as-quenched 

and tempered conditions of 4340 were 25 and 15, respectively. The number of measurements associated 

with the as-quenched and tempered conditions of 300-M were 100 and 40, respectively. The lower 

standard deviations associated with 300-M are thus associated with the larger sample sizes. 

 

Table E.1 – Tabulated Hardness Measurements of 4340 and 300-M 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Alloy Time (s) Temperature (oC) Hardness (HV) Standard Deviation (HV) 

4340 

AQ AQ 640 36 
3600 200 657 11 
3600 250 593 9 
3600 300 548 11 
3600 350 527 11 
3600 400 489 8 
100 241 624 20 
100 295 582 8 
100 350 541 6 
100 404 516 11 
100 458 473 7 
10 271 651 15 
10 329 587 12 
10 386 538 7 
10 444 507 9 
10 501 473 6 
1 305 652 12 
1 366 585 11 
1 427 546 12 
1 489 515 7 
1 550 461 7 
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Table E.1 Continued 

 AQ AQ 653 8 

300-M 

3600 200 651 7 
3600 250 641 10 
3600 300 632 7 
3600 350 615 7 
3600 400 590 8 
3600 450 538 9 
3600 500 514 9 
3600 550 492 11 
100 241 660 7 
100 295 647 9 
100 350 640 8 
100 404 613 7 
100 434 594 7 
100 458 571 5 
100 504 519 11 
100 517 530 8 
100 544 509 9 
100 567 500 10 
100 621 483 12 
10 271 650 9 
10 328 639 8 
10 384 625 6 
10 441 611 9 
10 462 586 10 
10 502 557 7 
10 519 531 10 
10 555 512 8 
10 612 495 10 
10 673 477 8 
1 303 643 7 
1 368 637 6 
1 418 623 9 
1 434 619 8 
1 486 595 7 
1 538 532 9 
1 559 525 12 
1 575 508 10 
1 619 493 13 
1 654 488 10 
1 728 480 8 
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APPENDIX F  

TTD AND TTP DIAGRAM GENERATION VIA INTERPOLATION 

The time-temperature-decomposition and time-temperature-precipitation diagrams associated with 

sections 5.2.3 and 6.2.2 were generated through interpolation of the Mossbauer spectroscopy data, rather 

than through direct representation of percent transformations, as was the approach in section 5.2.1. The 

direct representation of data would be preferred, as there is much less associated uncertainty; however, 

the interpolation method was adopted in order to facilitate easier interpretation of the TTD/TTP diagrams. 

Figure F.1(a) shows the original retained austenite MES data collected for the 4340 alloy, while Figure 

F.1(b) represents percent retained austenite decomposed as a function of tempering temperature. The 

percentage of retained austenite decomposed was calculated relative to the as-quenched condition (6.2 at 

pct Fe), and the TTD diagram generated by relating specific times and temperatures to a certain level of 

decomposition. Figure F.2 depicts this process for the 4340 retained austenite decomposition data, where 

the chosen levels of decomposition correspond to what is represented in the TTD diagram in section 

6.2.2. The same approach was used in determining the TTD diagram for the 300-M alloy.  

A similar methodology was used in creating the cementite TTP diagrams in sections 5.2.3 and 6.2.1. 

The primary difference lies in the conversion of the original phase fraction data to the extent of 

transformation data (Figure F.1(b)). For cementite precipitation, equilibrium cementite phase fractions as 

a function of temperature were calculated using ThermoCalc for both the 4340 and 300-M alloys. The 

results are shown in Figure F.3, where simplified versions of 4340 (Fe-0.47C) and 300-M (Fe-0.46C) 

were used in the calculations. Thus, the percent cementite precipitated was calculated with respect to the 

appropriate equilibrium fraction for the tempering temperature of interest. Since ThermoCalc provides an 

equilibrium fraction in terms of wt pct, the MES data were converted from at pct Fe to wt pct prior to 

calculating the extent of transformation. 
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(a)                                                                                       (b) 

Figure F.1 (a) Retained austenite content as a function of tempered hardness (Figure 5.1) and (b) 
percent retained austenite decomposed as a function of tempering temperature for all 
4340 time conditions. 

 

Figure F.2 Illustration of method used to extract time-temperature data corresponding to specific 
levels of transformation. 
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Figure F.3 Equilibrium amount of cementite (wt pct) calculated for 4340 (Fe-0.47C) and 300-M (Fe-
0.46C) alloys. Results used in the determination of percent cementite transformed in 
Figure 5.13 and Figure 6.18(b). 
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APPENDIX G  

EFFECT OF TETRAGONALITY ON X-RAY DIFFRACTION PEAK WIDTH 

X-ray diffraction spectra reflect changes in matrix strain due to the relationship between 

interplanar spacing (dhkl) and the Bragg angle (θ) 149: 

2𝑑x�[𝑠𝑖𝑛 𝜃 = 𝑛𝜆     (G.1) 

where n is a positive integer and λ is the wavelength of the diffracted beam. Changes in strain result in 

corresponding changes in the interplanar spacing and the Bragg angle at which coherent interference is 

observed. Uniform strain results in a shift of the diffraction peak, while non-uniform strain leads to peak 

broadening due to an associated distribution in interplanar spacings for a given family of planes. 

 The theoretical peak broadening characteristics associated with tetragonality of the ferrite matrix 

induced by carbon supersaturation are assessed. In the present study, peak broadening is attributed to 

corresponding changes in dislocation density using the modified Williamson-Hall approach. The present 

analysis is conducted to demonstrate the theoretical insensitivity of the {222} ferrite peak to changes in 

tetragonality; therefore, allowing for the comparison of overall dislocation density trends to the {222} 

peak broadening. This assessment is conducted assuming a uniform distribution of tetragonality 

throughout the ferrite matrix, and is only applicable under this assumption.  

Lattice parameter data from 150 were used to calculate corresponding changes in interplanar 

spacing associated with 0 and 0.4 wt pct C steel alloys using the equation: 

4

^u¢r
=

(xpo�p)

vp
+

[p

$p
             (G.2) 

where a and c are the lattice parameters associated with a tetragonal unit cell, and h, k, and l are Miller 

indices of the plane in question. XRD measurements were conducted using Cu radiation (λ = 1.54 nm), 

and ferrite peaks associated with the {110}, {200}, {211}, {220}, {310}, and {222} planes were analyzed 

for peak broadening. Figure G.1 shows the expected 2θ peak positions of each plane family according to 

Equations G.1 and G.2 for a carbon content of 0 wt pct. No peak broadening is expected, as indicated by 

the singular 2θ values associated with each plane family. Increasing the carbon content to 0.4 wt pct 

results in changes to the a and c lattice parameters due to increased tetragonality imparted by the 

supersaturation of carbon in ferrite. As shown in Figure G.1, increasing carbon content results in peak 

broadening of all plane families with the exception of {222}. The broadening behavior due to 

tetragonality is associated with the various permutations of the plane families, in which different 

permutations (e.g. (200) vs (002)) result in different interplanar spacings. However, since {hhh} type 

families of planes have only a singular permutation, the {222} ferrite peak is not affected by changes in 

tetragonality (assuming uniform tetragonality). 
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Figure G.1 Predicted XRD 2θ values associated with relevant ferrite planes and carbon contents of 0 
and 0.4 wt pct. The prediction of multiple 2θ values for a given family of planes implies 
peak broadening as a result of tetragonality. 
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APPENDIX H  

CHARACTERISTIC DIFFUSION DISTANCE OF SILICON 

The characteristic diffusion distance of silicon was calculated using 

	 𝑥$−	 2𝐷𝑡	 (H.1) 

where t is time and D is diffusivity given by the equation 

	 𝐷 = 	𝐷+𝑒
-

.
01 	 (H.2) 

where Do is the pre-exponential frequency factor, Q is the activation energy for diffusion, R is the 

universal gas constant, and T is the absolute temperature. The activation energy and pre-exponential 

frequency factor associated with silicon diffusion in ferrite were taken to be 200 kJ/mol and 0.44 cm2/sec 

according to Batz et al. 
151. 
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APPENDIX I  

TENSILE CURVES AND YIELDING BEHAVIOR 

 Tensile stress-strain curves associated with specific hardness conditions of 4340 and 300-M are 

displayed in Figures I.1 and I.2. Stress-strain data are shown up to 4 pct strain for clearer observation of 

yielding behavior. In 4340, increased tempering results in yield point elongation associated with longer 

tempering times, while shorter times indicate more roundhouse yielding behavior. In 300-M, the shape of 

the stress-strain curves are much more uniform across tempering time conditions as tempering progresses. 

Conventional and rapid tempering conditions exhibit more roundhouse-like behavior in 300-M compared 

to 4340. 

 

                                                     (a)                                                                  (b) 

 

        (c) 

Figure I.1 Stress-strain curves associated with 4340 tensile tests corresponding to (a) 590, (b) 520, 
and (c) 480 HV hardness conditions. Specific time-temperature combinations associated 
with each hardness condition are (a) 1 s – 366 ºC and 3600 s – 250 ºC; (b) 1 s – 489 ºC, 
10 s – 444 ºC, 100 s – 404 ºC, and 3600 s – 350 ºC; and (c) 1 s – 550 ºC and 3600 s – 
400 ºC. 
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      (a)                                                                 (b) 

 

      (c)                                                                (d) 

Figure I.2 Stress-strain curves associated with 300-M tensile tests corresponding to (a) 615, (b) 590, 
(c) 530, and (d) 495 HV hardness conditions. Specific time-temperature combinations 
associated with each hardness condition are (a) 1 s – 434 ºC and 3600 s – 350 ºC; (b) 1 s 
– 486 ºC and 3600 s – 400 ºC; (c) 1 s – 538 ºC and 3600 s – 450 ºC; and 1 s – 619 ºC and 
3600 s – 550 ºC 

 Figure I.3 shows a comparison of the 3600 s yielding behavior of 4340 and 300-M for a tempered 

hardness condition of ~520 – 530 HV. The 4340 condition exhibits a higher yield stress due to YPE, 

although the two conditions show similar ultimate tensile strengths (Figure 7.4). Figure I.4 shows the 

stress-strain behavior of the 1 s, 300-M conditions in which the mechanical stability of retained austenite 

was explored in section 7.2.3. The difference between measured YS and UTS values were evaluated to 

give an indication of strain hardening behavior, in which a larger difference in the YS and UTS values 

implies a greater degree of strain hardening. The 486 and 538 °C conditions are associated with a 

difference of 228 and 251 MPa, respectively, between UTS and YS. 
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Figure I.3 Comparison of stress-strain curves associated with 3600 s conditions of 300-M and 4340 
tempered to a hardness range of 520 – 530 HV. The 4340 and 300-M conditions are 
associated with tempering temperatures of 350 and 500 ºC, respectively. 

 

 

Figure I.4 Comparison of stress-strain curves associated with the 1 s conditions of 300-M in which 
the mechanical stability of retained austenite was explored using interrupted tensile 
testing (section 7.2.3). The post-uniform stress-strain behavior is not shown due to 
fracture occurring outside of the utilized extensometer in both conditions. 
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APPENDIX J  

FRACTURE SURFACES OF 300-M 

 In the MS work, fracture surfaces of 4340 were quantitatively analyzed both macro- and 

microscopically via percent shear fracture and brittle point fraction measurements, respectively. Through 

this quantitative analysis, more severe TME behavior (longer times) was found to coincide with the 

presence of more brittle fracture features. Quantitative analysis of the fracture surfaces of 300-M was not 

pursued, although distinct difference were visually identifiable in the fracture behavior between rapid and 

conventional tempering conditions. As an example, Figure J.1 shows the 3600 and 1 s conditions 

associated with a hardness of ~530 HV. A tempered hardness of ~530 HV coincides with the presence of 

TME in both 3600 and 1 s, yet different overall room temperature toughness behavior, as highlighted in 

Figure J.2. The 3600 s condition exhibits larger and more numerous areas of cleavage fracture compared 

to the 1 s condition. As indicated in Figures J.1 and J.2, greater prevalence of brittle fracture (3600 s) 

corresponds to lower overall toughness. 

 

 

(a) 

1 s - 538 °C
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(b) 

Figure J.1 Comparison of fracture surfaces of (a) 1 and (b) 3600 s conditions of 300-M associated 
with a tempered hardness of ~530 HV. 

 

 

Figure J.2 Impact toughness of the 1 and 3600 s conditions of 300-M indicating the ~530 HV 
condition associated with the displayed fracture surfaces in Figure J.1. 

 

3600 s - 450 °C


