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ABSTRACT 

Multi-principal-component alloys (MPCAs) represent an emerging material class.  These 

alloys have garnered substantial attention for their tendencies to retain solid solution crystal 

structures at high temperatures, and to potentially experience sluggish diffusion.  To date, the 

study of MPCAs has been focused on their development as structural or refractory materials.  

However, the same proposed characteristics of MPCAs render them an attractive class for the 

advent of novel fillers and interlayers used for dissimilar or advanced metallurgical joining.       

 To accelerate the development of MPCA fillers, a comprehensive down-selection 

approach was developed. This approach employed a three-part process, first targeting 

appropriate phase selection, then solidification temperature range, and finally assessing filler-

substrate interactions. Previous work has demonstrated the feasibility of an MPCA with the 

nominal composition Mn35Fe5Co20Ni20Cu20 as a filler for brazing Ni-base Alloy 600 at 1200°C. 

Examining the MnFeCoNiCu system using the down-selection model revealed that further 

compositional optimization is possible to decrease the brazing temperature by approximately 

50°C.   

 The solidification mechanism in Mn35Fe5Co20Ni20Cu20 filler was investigated using in-

situ synchrotron radiography and diffraction methods and postmortem characterizations.  

Diffraction data on laser-melted pure filler revealed that Fe- and Co-rich FCC dendrites emerge 

from the melt slightly before Mn- and Cu-rich FCC interdendritic material solidifies.  Dendrites 

occupy approximately 30% of the filler volume at the termination of solidification, before 

coarsening upon cooling to a volume fraction above 50%.  These compositions do not represent 

two phases in equilibrium, as the filler can be readily homogenized through heat treatment at 

950°C.  Brazing experiments revealed similar dendritic solidification in columnar grains in joints 

with a fixed clearance.  Joints where the clearance was not fixed displayed an equiaxed filler 

grain morphology with Cu and Mn concentrated at the centerline.  Mn was found to diffuse into 

the Ni-base substrate nearly 100 times slower than its reported diffusion rate in a binary couple 

with Ni.  Preliminary results from in-situ synchrotron experiments on a complete braze setup 

showed that substantial but incomplete solidification occurs during isothermal holding.  

Isothermal solidification is driven by element partitioning within the filler, rather than 

interdiffusion with the substrate. 
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CHAPTER ONE  

INTRODUCTION 

 The capabilities to form high-quality metallurgical joints in advanced engineering 

material systems, and to join dissimilar materials, remain challenging areas at the forefront of 

current research in metallurgy and materials science.  For instance, optimization of joining and 

repair procedures for Ni-base superalloys is essential to make efficient use of available resources 

in the high-temperature turbines industry.  A limited degree of success in this area has been 

achieved with active braze alloys [1-6] for repair applications.  These alloys typically contain a 

reactive constituent, such as titanium (less than 5 wt. %), to enhance wetting on a variety of 

substrate materials.  However, they are also typically high in noble metals, and thus possess an 

inherently high raw material cost.  In superalloy joining, less expensive Ni-base fillers have been 

designed for use in transient liquid phase (TLP) bonding, but it has been extremely difficult to 

eliminate detrimental phases caused by melting point depressants [7-9]. As another example of 

challenges in metallurgical joining, in the automotive and aerospace sectors, there is an 

increasing demand for lightweighting assemblies to improve fuel economy and performance.  

Such a demand often requires taking simultaneous advantage of the lightweight properties of Al 

or Ti-base alloy systems, and the structural performance of traditional high-strength ferrous 

alloys.  In many assemblies, creating a sound dissimilar metallurgical joint is the only acceptable 

means of doing so.  For these applications, the filler material must be selected such that it serves 

as a sufficient diffusion barrier between the substrates, and exhibits matching mechanical 

properties to the base materials.  Developing a class of filler materials that satisfy these 

characteristics has been a challenge in metallurgical engineering.  

 The emerging new class of multi-principal component alloys (MPCAs) holds promise for 

filler material development.  This field was pioneered 15 – 20 years ago by J.W. Yeh and B. 

Cantor, who published initial work indicating the propensity of MPCAs to form simple solid 

solution phases at high temperatures, and possibly to experience sluggish diffusion 

characteristics [10, 11].  Both of these attributes make these alloys quite attractive for filler 

applications.  While many recent papers have qualified Yeh and Cantor’s initial assertions, and 

often questioned their universality, there can be no question that the vast composition space 

offered by MPCAs presents enormous flexibility and room for exploration of candidate fillers.   
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 In 2017, a former graduate student in this research group, M. Gao, demonstrated the 

feasibility of using an MPCA in the MnFeCoNiCu system to successfully braze Ni-base 

superalloy 600, and reported outstanding joint mechanical properties [12].   Brazing is a good 

demonstration process for filler development because it can be considered a minimally invasive 

means of repair for components damaged in service. Brazing involves flowing only a small 

amount of molten filler into a gap between two solid substrate pieces, at temperatures greater 

than 450°C, but below the melting point of the substrate material [13].  Gao’s work represented a 

promising first step in the aforementioned exploration of candidate fillers. However, a more 

systematic and comprehensive approach to filler alloy design is necessary if the development of 

MPCAs for joining applications is to be expanded.  Additionally, a fundamental understanding 

of the solidification mechanisms and phase behavior of the MPCA filler is essential if the 

previous work is to serve as a springboard for the design of other candidate alloys.   

  This work aims to satisfy each of these needs.  A new, comprehensive approach to filler 

alloy design is presented, offering high-throughput capabilities to rapidly screen a large number 

of candidate MPCA compositions before performing any experimental tests.  Gao’s brazing 

process is also examined in this work at a more fundamental level, through the use of in-situ 

synchrotron radiation experiments and corresponding postmortem metallurgical characterization.  

Among the phenomena investigated are the phase equilibria of Gao’s filler, its direct 

solidification behavior, the effect of subtle compositional alterations on joint performance, and 

configurational variables, such as joint clearance control, that affect the microstructural evolution 

in brazes. 
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CHAPTER TWO  

LITERATURE REVIEW 

 This chapter presents a review of existing literature pertinent to the development of 

MPCAs for brazing applications.  The first two sections outline the challenges presented in 

joining advanced and dissimilar engineering materials, as well as the existing filler materials that 

have been developed for brazing.  These sections highlight the niche that MPCAs have the 

potential to fill.  Section 2.3 discusses the fundamental solidification mechanisms of transient 

liquid phase (TLP) bonding, which shares some similarities with the solidification of the MPCA 

filler in this study.   

 Section 2.4 turns toward the fundamental core principles governing the design of 

MPCAs.  Section 2.5 outlines general studies of solidification in MPCA systems, as the 

development of this aspect of research is crucial to understanding behavior in brazing.  Section 

2.6 focuses on studies of phase equilibria in the MnFeCoNiCu alloy system, which is the system 

employed for the experimental work in this study, and thus helps inform subsequent chapters.  

Finally, Section 2.7 summarizes the previous studies in our research group demonstrating the 

effectiveness of using MPCAs in brazing applications.       

 

2.1 Challenges in Joining Superalloys and Dissimilar Materials 

 

2.1.1 General Challenges  

 Traditional joining processes present a host of difficulties in joining either superalloys or 

dissimilar materials.  When it comes to welding Ni-base superalloys, many are susceptible to a 

variety of cracking mechanisms, depending on the metallurgy of the specific alloy in question.  

Among the reported mechanisms for defect formation are solidification cracking, directly 

resulting from the welding procedure [14]; heat-affected zone liquation cracking, caused by grain 

boundary precipitation of a low melting point phase [15, 16]; and strain-age cracking, caused by 

the relaxation of residual stresses imposed during welding [17, 18].  Various mitigation strategies 

have been proposed, and some degree of success has been reported for joining certain 

superalloys with minimal defect formation using a pulsed laser welding technique [19].  

Although processes such as furnace brazing offer opportunities for more careful process control, 
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they also present challenges in joining superalloys.  As detailed in Section 2.3, it can be difficult 

to avoid the formation of detrimental phases when brazing Ni-base substrates with conventional 

fillers.  Gao’s work [12], detailed in Section 2.7, demonstrated the feasibility of using an alloy in 

the MnFeCoNiCu system to successfully braze Ni-base superalloy 600 while eliminating the 

formation of brittle intermetallic compounds, and reported outstanding joint mechanical 

properties.    

In the realm of dissimilar joining, certain dissimilar systems can be metallurgically 

bonded using traditional welding processes.  However, many that are of engineering interest, 

such as Al-Fe and Ti-Fe, are incompatible to weld.  Brittle intermetallic phases readily form in 

these binary systems, and can be difficult to mitigate in any fusion-based joining process, no 

matter what control techniques are employed [20].   Developing novel methods (e.g. vaporizing 

foil actuator welding) for controlled collision welding has been a promising area of recent 

progress in mitigating the formation of these detrimental phases [21, 22].  However, these novel 

processes can be difficult to integrate into lines of production.  The advent of MPCA interlayers 

inhibiting diffusion between substrates could help make dissimilar joining a reality using more 

conventional manufacturing methods.     

  

2.1.2 Ni-base Alloy 600 Base Material 

Table 2.1: Composition of Inconel® 600 [23] 

Element Manufacturer Composition Limits (wt. %) 
Ni 72.0 min. 
Cr 14.0 - 17.0 
Fe 6.0 – 10.0 
C 0.15 max. 

Mn 1.00 max. 
S 0.015 max. 
Si 0.50 max. 
Cu 0.50 max.  

 

The Ni-base superalloy primarily investigated in this work is Inconel® 600, with the 

composition given in Table 2.1. Inconel® is a registered trademark of the Special Metals 

Corporation.  References made to “Alloy 600” in this work refer to this superalloy.   As detailed 

in Section 2.7, this alloy was selected for filler prototyping because of its relatively high melting 

point among Ni-base superalloys, which lends greater flexibility to the melting range of designed 
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filler candidates.  It also possesses primarily simple constituent phases in its microstructure, and 

it is a commonly used Ni-base superalloy.   Alloy 600 is a solid-solution strengthened Ni-Cr-Fe 

FCC alloy that contains no ’ (Ni3Al; Ni3Ti) or ’’ (Ni3Nb; Ni3V) precipitates in its matrix [23].  

It does contain TiC and TiN precipitates that cannot be manipulated through heat treatment, and 

it can experience sensitization through the grain-boundary precipitation of chromium carbides at 

temperatures between 540°C and 960°C [23].  Per the manufacturer information [23], Alloy 600 

has good weldability compared to many advanced or dissimilar engineering materials, largely 

due to its simple microstructure.  Nevertheless, the development of better techniques for brazing 

this alloy is important in the arena of minimally invasive component repair.      

 

2.2 Conventional Braze Fillers  

Brazing represents a process from which to effectively prototype filler alloy 

development.  It is also an interesting application for joining Alloy 600 in its own right.  Brazing 

provides a minimally invasive alternative for repairing components damaged during service, with 

an imposed thermal cycle that is uniform over the entire joint [24].  As such, knowledge of 

current filler alloys used in brazing, which could potentially be displaced from their current 

applications by the design of MPCA fillers, is paramount to the overall scope of this work. 

Two broad categories of filler materials exist for brazing Ni-base superalloys: (1) noble-

metal based fillers and (2) Ni-base fillers with melting point depressants.  As discussed below, 

many of these have also proven useful for dissimilar joining applications.     

 

2.2.1: Noble-Metal Based Fillers 

Gold-based alloys have traditionally been considered good candidates for brazing 

advanced materials due to their outstanding ductility, reasonable melting range, and tendency not 

to react with substrate materials to form detrimental phases.  A 1975 overview on brazing Ni-

base superalloys indicates that 82Au-18Ni was the premier filler material for brazing Inconel 718 

45 years ago [25].  This report details achievable shear strengths as high as approximately 600 

MPa using this filler, but at a substantial monetary cost incurred from the inclusion of gold as the 

base element.   

In the decades since, the cost of Au-based fillers has led researchers to explore relatively 

less expensive silver-based filler alloys.  This economic motive led to the development of several 
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silver-based active brazing alloys which are now sold and distributed by Morgan Advanced 

Materials, the parent company of Wesgo.  These alloys generally contain minor additions of 

titanium (less than 5 wt.%) to promote wetting on otherwise high-surface-energy substrate 

materials [26-28].  Among the most popular are alloys with the trade names Cusil ABA®, 

Ticusil®, and Incusil ABA®, which are marketed by the manufacturer as being able to join a 

wide variety of challenging metal and ceramic substrates [26-28].  In these trade names, ABA is 

an abbreviation for active brazing alloy.     

Many publications report brazing superalloys and dissimilar materials using these three 

fillers, with varying degrees of success.  Zaharinie et al. employed Cusil ABA to join Alloy 600 

and achieved a maximum shear strength of 223 MPa at a brazing temperature of 865°C [1].  Two 

additional publications from the same group indicate that Cusil ABA is a viable filler for joining 

Inconel 600 to sapphire using furnace brazing, but that a variety of detrimental intermetallic 

phases form when the same process is attempted with a laser [2, 3].  Shiue et al. experimented 

with both Cusil ABA and Ticusil as fillers for joining Alloy 600 to NiTi shape memory alloys.  

They achieved shear strengths in excess of 300 MPa for both, despite their report that three 

distinct ordered intermetallic phases formed during brazing [4].  The use of Incusil ABA in 

brazing superalloys is less common.   However, Incusil ABA is one of the leading candidates for 

dissimilar brazing of Ti alloys to ferrous materials, which is an application relevant to future 

investigations of MPCAs.  Elrefaey and Tillmann found that the formation of brittle ordered Fe-

Ti compounds could be avoided with this filler at a brazing temperature of 750°C, but the shear 

strength of the joints was limited to 113 MPa [5].          

Compositional deviations from the active brazing alloys distributed by Morgan Advanced 

Materials have also been successfully employed to join superalloys.  In 2014, Khorram et al. 

demonstrated the feasibility of laser brazing Inconel 718 with a silver-based filler alloy of 

composition 57% Ag, 22% Cu, 16.5% Zn 4.5% Sn [6].  They reported a tensile strength of 338 

MPa when the joint clearance was limited to 20 microns, but only 190 MPa at a joint clearance 

of 50 microns. 

The estimated raw material cost for each of the alloys discussed in this section is 

provided in Table 2.2 on the following page, in comparison to the MPCA investigated in this 

study.  Although silver-based alloys represent a marked improvement over 82Au-18Ni, these 

alloys are still far more expensive than the MPCA, for which Co is the most expensive element. 
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Table 2.2 Compositions and estimated raw material costs for noble-metal filler alloys in 
comparison to the MPCA in this study [6, 12, 26, 27, 29].  

Filler Alloy 

Approx. Composition (wt. %) Est. Raw 
Material 
Cost in 

2018 ($/kg) 
Au Ag Mn Fe Co Ni Cu Ti Zn Sn In 

82Au – 18Ni 82 - - - - 18 - - - - - $ 31,316.63 
Cusil ABA® - 63 - - - - 35 2 - - - $ 293.20 

Ticusil ® - 69 - - - - 27 4 - - - $ 320.52 
Incusil ABA® - 59 - - - - 27 1 - - 13 $ 318.62 

Khorram’s 
Alloy 

- 57 - - - - 22 - 16.5 4.5 - $ 266.00 

M. Gao 
MPCA 

- - 33 5 20 20 22 - - - - $ 15.72 

 

2.2.2 Ni-Base Fillers 

 The second category of existing filler materials for joining superalloys is Ni-base fillers.  

These are generally less costly than noble-metal based fillers, but tend to pose problems with 

regard to the phases they form during brazing.    Since a brazing filler must melt fully at the 

holding temperature, while the substrate must remain entirely solid, alloying additions are 

necessary to depress the melting temperature of Ni-base fillers, which would otherwise melt at 

similar temperatures as Ni-base substrates.  Boron, silicon, and/or phosphorus typically fill the 

role of melting point depressants.  To depress the melting point sufficiently, these elements must 

be present in quantities (typically 2 – 5 wt. %) such that the formation of undesirable, brittle 

boride and silicide phases is difficult to avoid.       

 Among the most common commercial Ni-base fillers are the BNi series, as designated in 

AWS standard A5.8 for the specification of filler metals [30].  In 1995, Tung et al. published a 

study detailing the microstructural evolution of pure Ni joints brazed using BNi-4 (Ni-1.5Fe-

1.85B-3.5Si) [31].  As shown in Figure 2.1, postmortem microstructural characterization on the 

joints revealed the presence of bulky nickel borides (marked R by the authors), as well as both 

binary and ternary eutectics of the nickel matrix with boride and silicide phases (marked N and 

X, respectively).  While the authors were able to manipulate the eutectic morphology by altering 

the cooling rate during brazing, they could do little to avoid the precipitation of the boride and 

silicide phases.  While they did not perform mechanical testing, they speculate that these phases 

would be detrimental to the mechanical properties.  The extent of the detrimental phases 
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displayed in Figure 2.1 highlights the problem to be addressed by MPCA fillers.  As discussed in 

Section 2.4, MPCAs are thought to possess entropy-stabilized solid solution phases, and some 

MPCAs have been shown to possess sluggish diffusion characteristics of their constituent 

elements.  These two properties can combine to be effective in minimizing the formation of 

intermetallic phases.    

 

Figure 2.1 [31] Distribution of constituent phases in a joint of pure Ni brazed with BNi-4 filler. 
The label R indicates bulky nickel boride phases.  The labels N and X respectively show binary 
and ternary eutectics of the nickel matrix with boride and silicide phases. 
  

BNi-2, BNi-3, and other nickel-base fillers most typically appear in the literature as 

alloys used in transient liquid phase (TLP) bonding of superalloys.  This process, also referred to 

as isothermal brazing or diffusion brazing, is explained in detail in Section 2.3.1.  Case studies 

employing nickel-base fillers are discussed in Section 2.3.2.  

 

2.3 Transient Liquid Phase Bonding  

 

2.3.1 Fundamental Principles  

Many of the Ni-base brazing fillers used to join superalloys are designed to employ the 

process of TLP bonding.  To understand the extent to which the brazing procedure in this work is 

comparable to TLP bonding, a brief overview of the fundamental principles governing this 

process is necessary.  A 2004 review paper on TLP bonding by W.F. Gale and D.A. Butts 

provides much of the information necessary to establish this initial understanding [32].  

Additional information is taken from a 1991 paper modelling brazing processes using interlayers 

by S. Liu et al. [33].  
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Figure 2.2 [32] Schematic of the stages in an ideal TLP bonding process using a eutectic filler, 
taken from Gale and Butts.  (a) initial condition when the furnace reaches the holding 
temperature; (b) substrate dissolution; (c) isothermal solidification; (d) completion of isothermal 
solidification; (e) solid state homogenization; (f) final condition   
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The core principle governing TLP bonding is that fillers designed appropriately can 

experience complete solidification during an isothermal hold. This solidification occurs through 

compositional changes that result from the diffusional exchange of particular elements with the 

solid parent material.  Holding beyond the time required for complete isothermal solidification 

can cause subsequent homogenization, and result in a joint with constituent phases and 

compositional distribution nearly indistinguishable from that of the parent material.  Figure 2.2 

on page 9, originally developed in [34] and modified in  [32], provides a schematic illustration of 

the stages in an ideal TLP bonding process using a binary eutectic filler.  Fillers used in practice, 

such as the BNi series, typically contain more than two constituent elements, so the phase 

diagrams are more complicated than those shown in Figure 2.2.  However, commercial fillers 

usually rely on a single major melting point depressant, which can be considered analogous to 

species “B” in the figure.   

In Figure 2.2(a), the assembly is brought to the bonding temperature, which is above the 

melting point of the filler material.  Partial dissolution of the substrate then commences, 

enlarging the molten pool and enriching its composition with the primary substrate element, as 

shown in Figure 2.2(b).  Liu et al. refer to this stage as “progressive liquation of the base metal” 

and note that it is convection-controlled [33].  Gale and Butts note that the composition of the 

adjacent solid should theoretically be brought to the composition on the solidus curve at the 

bonding temperature, creating local solid-liquid equilibrium [32].  As noted in section 2.3.2, this 

often fails to occur in practice, and accounts for deviations from ideal TLP behavior.  Once the 

liquid phase becomes saturated in the primary substrate element, isothermal solidification 

commences, as shown in Figure 2.2(c).  Isothermal solidification is controlled by the solid-state 

diffusion of the melting point depressant in the filler material into the substrate, which brings the 

local melting temperature above the isothermal hold.  As the assembly continues to be held at the 

bonding temperature, isothermal solidification completes. The composition gradient at the 

interface can be subsequently homogenized either partially or fully, as shown in Figure 2.2(d-f).  

Gale and Butts note that conventional TLP models assume this procedure occurs purely 

sequentially, since the reactions usually occur at high temperatures and over an extended period 

of time. Thus, the models neglect to predict the possible formation of secondary phases at the 

bonding temperature resulting from occurrence of the stages in parallel [32].  The authors also 

note that the time to the onset of isothermal solidification is almost always on the order of a few 
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minutes for TLP processes.  However, as the rate of solidification is governed by the solid-state 

diffusion rate of an element into a particular substrate, the time to complete isothermal 

solidification can very drastically [32, 33].   

Although it is typically more time-consuming than conventional brazing processes, ideal 

TLP bonding carries numerous potential advantages.  If near-complete homogenization of the 

filler-material interface is achieved, the result may be a microstructure and composition nearly 

indistinguishable from that of the parent material, which is extremely rare for any type of joining 

process.  It is more tolerant to the presence of oxides on faying surfaces than traditional brazing 

processes [32].  In theory, it should also impede the formation of potentially detrimental phases 

[32].  However, in practice, deviations from ideal TLP behavior can make this difficult to 

achieve.  

  
2.3.2 Case Studies of TLP Bonding for Joining Superalloys  

TLP bonding has been extensively investigated for joining superalloys using Ni-base 

fillers, as a potential way to mitigate the formation of detrimental borides or silicides through the 

rapid diffusion of boron or silicon into the base material during isothermal holding.  This goal 

has never fully been realized, despite the independent efforts of several researchers, most 

prominently W.F. Gale.  In 1996, Gale and Orel attempted to use BNi-3 filler to perform 

dissimilar TLP bonding of NiAl to commercially pure Ni [7].  They reported the presence of a 

nearly continuous layer of Ni3B along the commercially pure Ni substrate that formed after the 

filler melted.  The boride layer remained stable during and after isothermal solidification.  Gale 

and Wallach reported the precipitation of this Ni3B layer to result from a failure to establish local 

equilibrium at the solid-liquid interface prior to the onset of isothermal solidification, which can 

be considered a deviation from ideal TLP bonding [8, 9].  In Gale and Orel’s study, a eutectic 

mixture of -Ni and Ni3B was present nearer the NiAl substrate side.  A schematic of the 

microstructure is given in Figure 2.3(a).  Interestingly, Gale and Orel also reported that the 

solidified filler exhibited epitaxy from only the pure Ni substrate, which they claim was the 

result of faster boron diffusivity in Ni than NiAl.  This dependency of the grain growth behavior 

upon diffusion into the substrate highlights an important consideration for the development of 

MPCA fillers for dissimilar joining applications.  It offers proof that the interdiffusion behavior 
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between MPCA elements and each dissimilar substrate must be thoroughly investigated to 

predict microstructural evolution. 

 

 

Figure 2.3 Summary of literature displaying the inability to eliminate boride and silicide phases 
through the use of TLP bonding with nickel-base filler alloys. (a) Schematic of the 
microstructure of a Ni-NiAl joint performed using TLP bonding with BNi-3 filler material [7]. 
(b) Microstructure of an Inconel 625 joint TLP-bonded with BNi-2 filler material [35].  (c) SEM 
micrographs of a GTD-111 superalloy joint TLP-bonded with the commercial Ni-base filler 
MBF30 [36].  (d) Overlaid element map highlighting the boride phases present in similar joints 
of commercially pure Ni using BNi2 [37]. 
   

  In 2007, Arafin et al. published a study detailing the use of TLP bonding to join Inconel 

alloys 625 and 718 using BNi-2 filler material [35].  These authors varied the brazing 

temperature, holding time, and joint clearance, but universally produced joints containing a 

dense arrangement of boride precipitates, displayed in Figure 2.3(b).  They propose this to be the 

result of diffused boron from the BNi-2 filler locally exceeding the solubility limit in the solid 

base material near the joint interface.  One year later, Pouranveri et al. experimented with 
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varying the holding temperature when using the commercial filler MBF30 to braze superalloy 

GTD-111 [36]. By elevating the bonding temperature to 1180°C, these authors nearly eliminated 

all boride precipitates in the diffusion-affected zone, but retained significant Cr-rich borides at 

the joint centerline, visible in Figure 2.3(c).   Finally, in 2013, Ruiz-Vargas et al. confirmed that 

a “coarse and stable” Ni3B layer, similar to that discussed by Gale and Orel, forms when using 

TLP bonding to produce similar joints of commercially pure Ni using BNi2 as the filler [37].  

Their findings are illustrated by the element mapping data shown in Figure 2.3(d).   

The data in Figure 2.3 demonstrates that using boron-containing fillers in TLP-bonding 

fails to eliminate the types of intermetallic phases reported in Figure 2.1.  The long isothermal 

holding times required in each of these studies may be partially responsible for allowing such 

extensive intermetallic precipitation.  This shortcoming of TLP bonding further underscores the 

need to explore new filler classes, such as MPCAs, to successfully mitigate detrimental phase 

formation. 

   

2.4 Multi-Principal-Component Alloys – Fundamental Principles  

 As indicated in Chapter 1, there are several reasons why MPCAs may appear attractive to 

address the current shortcomings in filler materials for superalloy bonding presented above.  This 

section provides a brief overview of the proposed fundamental effects associated with MPCAs, 

and why some could be potentially advantageous for filler applications. 

 Yeh [11] and Cantor [10] independently pioneered the field of MPCAs in the early 

2000s.  In his work, Yeh presented the theory that the configurational entropy of an alloy system 

should increase with the number of alloying elements, and that this provides a stabilizing effect 

of simple solid solution phases in multi-principal component systems.  A study critiquing this 

idea is presented in Section 2.6.  Cantor’s work seemingly corroborated this theory, as he 

developed an equiatomic CrMnFeCoNi alloy that exhibited a single FCC phase and excellent 

mechanical properties.  This alloy was rapidly established as the major prototypical MPCA, 

serving as a springboard for several works investigating the origins of the promising mechanical 

behavior of the overall material class [38-42].  

 After several more years of research, Yeh et al. outlined four core effects that these 

researchers believe to govern the behavior of the majority of MPCA systems, which are 

summarized primarily in two publications [43, 44].  A brief overview follows below.  
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2.4.1 High Entropy Effect 

 As originally posited by Yeh et al. [11], the high-entropy concept associated with 

MPCAs states that their inherent configurational entropy should help preferentially stabilize 

disordered solid solution phases.  As discussed in [44], the overall thermodynamic favorability of 

a phase is governed by its Gibbs free energy of mixing, given by 

 ∆𝐺𝑚𝑖𝑥 = ∆𝐻𝑚𝑖𝑥 − 𝑇∆𝑆𝑚𝑖𝑥 (2.1) 

Hmix represents the enthalpy of mixing, T represents the absolute temperature, and Smix 

represents the configurational entropy.  The preferred equilibrium phase at a given temperature 

should be the one that minimizes Gmix.  Yeh argues that the configurational entropy of a single 

disordered solid solution increases with the number of constituent elements.  This type of phase 

should therefore be preferred in MPCAs over phase separation or the formation of ordered 

phases, both of which represent lower-entropy configurations.  Furthermore, Yeh argues that the 

high-entropy effect should become more pronounced at high temperatures, where the entropy 

term becomes increasingly dominant in the Gibbs free energy equation.     

Critics of Yeh’s theory have argued that configurational entropy is just one of several 

contributions to the overall entropy of a given alloy composition, and thus increasing the number 

of constituent elements is not guaranteed to always promote the stability of disordered phases.  

The most prominent dissenting study was published by Otto et al. [45] and is discussed in 

Section 2.6.  To the extent that it holds true, the high-entropy effect is desirable for the advent of 

MPCA fillers, since it predicts that the formation of ordered intermetallic compounds would be 

inhibited during brazing or other high-temperature joining processes.    

 

2.4.2 Sluggish Diffusion Effect 

 Yeh et al. have proposed that MPCAs generally exhibit greater fluctuation in potential 

energy between specific lattice sites, due to the fact that the combination of atoms neighboring a 

particular site can vary tremendously throughout the lattice [44].  This is not the case for 

conventional alloys.  It is suggested that this potential energy fluctuation can cause certain atoms 

to become “trapped” at low lattice potential sites, which in turn slows the diffusion kinetics 

throughout the entire alloy.    
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Of the four core effects proposed by Yeh et al., sluggish diffusion is the one that has 

drawn the most significant debate in the literature.  This debate largely arises from the significant 

complexity in studying multi-component materials diffusion kinetics.  In 2013, Tsai et al. 

published a study claiming to be the first to witness sluggish diffusion kinetics in Cantor’s alloy 

system first-hand [40].  They also proposed a quasi-chemical model to quantitatively analyze the 

potential at a particular lattice site in an MPCA, and thus shed light on the mechanisms dictating 

these kinetics. However, in 2018, Jin et al. published work indicating that the inclusion of 

specific elements in an MPCA system can negate and even reverse the sluggish diffusion effect 

[46].  These authors studied the diffusivity of Ni in a variety of alloy systems ranging from 

binary to quinary, and found that, while increasing the number of alloying elements usually 

slowed Ni diffusion, the inclusion of Pd enhanced it.  The diffusivity of Ni in NiCoFeCrPd was 

greater than that in NiCoFeCr and NiCoCr [46].  This finding called into significant question the 

universality of the sluggish diffusion effect, leading many researchers to suspect that it may only 

be an inherent property of particular MPCA systems.   

To the extent that it is true, this effect would also be beneficial to the development of 

filler alloys.  It is generally desirable to limit the interdiffusion of atoms from the substrate 

materials. This is particularly true in Fe-to-Ti or Fe-to-Al dissimilar joining applications, to 

avoid the formation of ordered intermetallic phases, which typically form readily in these 

dissimilar couples.   

It is worth noting that the sluggish diffusion effect is only in play when the filler is in the 

solid state.  Slow diffusion of elements into the solid substrate can mitigate changes to the 

substrate composition near the filler.  This differs drastically from TLP bonding with a boron-

containing filler, as boron diffuses with significant penetration into the substrate via an 

interstitial mechanism.  Additionally, sluggish diffusion is in play in fillers that undergo partial 

isothermal solidification, as will be shown is the case with the prototype MPCA in this work (see 

Chapter 7).  This property can also limit any diffusion that occurs after complete solidification 

during cooling, while the brazing assembly is still at an elevated temperature.     
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2.4.3 Severe Lattice Distortion  

 Yeh et al. first reported evidence for the severe lattice distortion effect in 2007, when 

they reported a decrease in the peak intensity of diffracted x-rays with an increasing number of 

constituent elements in MPCA systems, without the application of any extrinsic strain [47].  The 

authors proposed that this phenomenon was the result of a severely distorted lattice, caused by 

the atomic size mismatch between neighboring atoms, schematically illustrated in Figure 2.4 

[47].  The authors reported that this “loss of crystalline perfection” significantly reduces the peak 

intensity and causes peak broadening during x-ray diffraction (XRD), as shown in the figure.  

  

 

Figure 2.4 [47] Schematic illustration of (a) a perfect crystalline lattice and (b) a severely 
distorted lattice typical of MPCAs, and its impact upon x-ray diffraction behavior  
 

More recent work has suggested that the lattice distortion effect results in excellent solid 

solution strengthening behavior, particularly at high temperatures, where a single-phase structure 

with a distorted lattice is proposed to remain stable [48].  This property is once again desirable 

for the advent of MPCA fillers, as it can help produce high-strength joints.  The high-

temperature stability is particularly favorable for joining superalloys, which are often in high-

temperature service.       
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2.4.4 Cocktail Effect 

 The cocktail effect is a term coined by Yeh et al. to describe the observation that the 

mechanical and thermodynamic properties of a solid-solution MPCA phase trend toward the 

weighted averages of the properties of its constituent elements [44].  Senkov et al. have 

discussed that this is advantageous in the development of refractory MPCAs, since the inclusion 

of high-melting-point elements such as Mo, Ta, and W elevates the overall melting temperature 

[48]. 

 The reverse of the logic imposed by Senkov et al. can be used to design MPCAs with 

relatively low melting points, through the inclusion of low-melting-point elements, subject to the 

definitional constraints on MPCA compositions.  As will be discussed in Chapter 3, these 

constraints require that each element be present in atomic concentrations between 5-35%.  The 

cocktail effect is important when designing filler materials for brazing, whose melting points 

must be depressed sufficiently below the solidus temperature of the substrate(s) to allow the 

selection of a brazing temperature.  The cocktail effect is not necessarily beneficial or 

detrimental to the development of MPCA fillers, but it is an important consideration during 

design.      

 

2.5 General Studies of Phase Evolution in Solidifying MPCAs  

 Understanding the solidification behavior of any brazing filler material is crucial to 

characterize its performance.  Given the extensive variability among the alloying elements that 

can be included in MPCAs, the solidification behavior has the potential to vary widely, and must 

be investigated with respect to specific alloy systems.  With this in mind, this section provides an 

overview of the existing studies on phase evolution in solidifying MPCAs that are deemed to be 

the most relevant to this work.  The filler material employed in the experimental work in this 

study is Mn35Fe5Co20Ni20Cu20.  The process for selecting this MPCA, as well as additional 

avenues of optimization, are discussed in Chapter 3.  Cu is identified in several literature reports 

as an element often responsible for phase-separation in as-solidified MPCA microstructures.  

This finding is one of many that challenges Yeh’s assertion that the high-entropy effect 

universally causes single-phase solid solutions to be the favorable microstructure in MPCAs. The 

phase separation caused by Cu is usually reported to be the result of the positive binary Hmix 

between Cu and other common MPCA constituent elements [49-51].  A simulation approach 
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using density functional theory (DFT) is currently ongoing within this research group to more 

accurately describe the energetics of Cu-segregation.     

By controlling the extent of undercooling in different melts of equiatomic CrFeCoNiCu, 

Wang et al. showed that a Cu-rich composition occupies the interdendritic space of solidified 

microstructures at undercooling values less than 223K, and that complete liquid-phase separation 

occurs when undercooling surpasses this critical value [50].  The separated Cu-rich phase tends 

to gravitationally settle at the bottom of melt pools, and dissolves more Ni than any of the other 

elements in this MPCA system.  This behavior is illustrated by the scanning electron micrograph 

shown in Figure 2.5(a) [50].  Wu et al. investigated the effects of compositional alterations on 

the phase separation behavior within the same MPCA system, under a consistent degree of 

undercooling [51].  These authors found that depletion of Fe or Ni relative to equiatomic 

CrFeCoNiCu led to the nucleation of spherical clusters of a Cu-rich second phase from the 

initially homogenous liquid.  An example of one such cluster is shown in Figure 2.5(b) [51].  In 

contrast, enrichment of Fe or Ni in the system resulted in typical dendritic solidification behavior 

without liquid-phase separation.  The dendritic microstructure contained a combination of Cu- 

and Cr-rich precipitates in the interdendritic regions.  In qualifying Wu’s study, N. Liu et al. 

reported that liquid-phase separation can be achieved for Fe-enriched compositions in severely 

undercooled melts [49].  The degree of undercooling required increases with increasing Fe-

content.         

 Cu-containing alloy systems other than CrFeCoNiCu have been studied as well.  Wu et 

al. also investigated the effect of Cu-content on liquid phase separation in the CoCrCuxFeMoNi 

system [52].  The variable x represents the ratio of the atomic concentration of Cu to that of the 

other constituent elements.  They reported that liquid-phase separation occurred when the value 

of x was greater than or equal to 0.5, as evidenced by spherical clusters of a Cu-rich phase, as 

shown in Figure 2.5(c) [52].  In a different line of research, Guo et al. have reported evidence of 

spinodal decomposition of the BCC phase following solidification in Al2.2CrCuFeNi2, but Al is 

thought to play a more significant role in this phase behavior than Cu [53].  

 As the filler in this work contains Cu, it is important to understand the propensity of this 

element to cause deviations from the ideal MPCA behavior discussed in Section 2.4.  

Additionally, while the works discussed here represent only a portion of the studies on MPCA 

solidification in general, essentially all of the research done to date in this arena has centered 
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upon ex-situ metallographic characterizations to qualify the solidification behavior.  Literature 

reporting the solidification behavior of an MPCA witnessed in-situ is virtually nonexistent.  

Chapter 5 of this work presents such an in-situ study.   

 

 

Figure 2.5 Summary of literature evidence for phase separation in Cu-containing MPCA 
systems.  (a) Scanning electron micrograph showing the liquid phase separation in a 
CrFeCoNiCu melt undercooled to 223K [50].  HEF refers to the bulk MPCA phase.  (b) Example 
of a Cu-rich spherical cluster exhibited by CrFe0.5CoNiCu [51].  (c) A similar Cu-rich sphere, 
which indicates liquid phase separation, in CoCrCu0.8FeMoNi [52]. The labeled red circles are 
for references made in the source publication, and do not indicate anything here. 
 

2.6 Phase Equilibria in the MnFeCoNiCu System 

   While no literature exists that discusses the phase behavior of the specific composition 

Mn35Fe5Co20Ni20Cu20, several papers [54-60] address the phase equilibria of other alloys in the 

MnFeCoNiCu system.  Equiatomic MnFeCoNiCu is presented in [54-60] as a “Cantor-variant” 

type alloy, deviating from the widely studied equiatomic CrMnFeCoNi system originally 

investigated by Cantor et al. [10] by only one element (Cr replaced with Cu).  In 2013, Otto et al. 

[45] published groundbreaking work studying a variety of equiatomic Cantor-variant type 

MPCA systems, largely debunking J.W. Yeh’s originally published theory of the high-entropy 

effect [11].  Otto et al. found that Cantor’s alloy system is relatively unique in its propensity to 
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exist as a single disordered FCC phase, as illustrated in the XRD result provided in Figure 2.6.  

These XRD scans were performed on cast Cantor-variant alloys that had been subjected to a heat 

treatment of either 1050°C or 850°C for 3 days, followed by quenching, in an attempt to bring 

out the stable phases.  The authors concluded that the constituent elements of an MPCA play an 

important role in the thermodynamically stable phases, and thus that disordered solid solution 

phases cannot be guaranteed simply by virtue of an alloy containing at least five constituent 

elements.  For this reason, the term “high-entropy alloys” is avoided in this work, in favor of the 

more appropriate MPCAs.  Otto’s publication sparked a new research avenue targeting the 

design of segregated and multiphase MPCAs as engineering materials, with promising results 

detailed in [61, 62].   

 

 

Figure 2.6 [45]  XRD results from several equiatomic Cantor-variant MPCA alloy systems after 
subjection to an annealing treatment, showing variability in the stable phases.  The Cu-
containing alloy displays two FCC phases in equilibrium 
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 The only Cu-containing system studied by Otto et al. is CrMnFeCoCu, with Cu replacing 

Ni in Cantor’s alloy.  The authors reported the stability of a Cu-rich secondary FCC phase after 

annealing this system, containing as much as 74 at % Cu, with Mn constituting the majority of 

the balance [45].  This phase separation, as is typical in the literature, is attributed to positive 

deviations in Gibbs free energy relative to an ideal FCC solid solution, caused by the high 

positive enthalpy of mixing of Cu with the other constituents [45].  This result further indicates 

that Cu is often responsible for phase separation in MPCAs.  

 This conclusion was corroborated for the MnFeCoNiCu system by the majority of the 

findings in [54-60], although the separation behavior was typically milder than that reported for 

CrMnFeCoCu.  All papers reported that as-cast equiatomic material displayed compositional 

segregation, with Fe- and Co-rich FCC dendrites and Mn- and Cu-rich FCC interdendritic 

material [54-60]. This segregation behavior was confirmed by microstructural characterization 

and energy-dispersive spectroscopy (EDS), and often visible as splitting of FCC peaks in XRD 

data.  Many of these papers describe these segregations as the presence of “two FCC phases” 

somewhat loosely, without rigorously demonstrating the temperature ranges in which a two-

phase equilibrium exists.  Homogenization treatments at 950°C [60], 1000°C [54, 56, 57, 63], or 

1050°C [55] for various times followed by water quenching usually produced a compositionally 

uniform single FCC phase.  This result indicates that a solutionizing temperature window exists 

for this alloy above 950°C.  A dissenting publication [59] reports that a second Cu-rich FCC 

phase remained stable after homogenization at 1100°C.  Phase behavior at lower temperatures 

and at non-equiatomic compositions is discussed below with respect to individual publications, 

which display some degree of variability in the results.  Table 2.3 on the following page 

summarizes the findings. 

 Sonkusare et al. [57], and MacDonald et al. [54] report slightly different phase equilibria 

for equiatomic MnFeCoNiCu below the solutionizing temperature.  Sonkusare used in-situ XRD 

data taken at a variety of temperatures, shown in Figure 2.7(a), to conclude that a metastable 

FCC phase in the homogenized condition decomposes to a BCC phase and a second FCC phase 

as the temperature is elevated [57] in subsequent aging treatments.  The BCC phase was Fe- and 

Co-rich and appeared in XRD scans between 650-950°C.  These authors also employed atom 

probe tomography (APT) to show that nm-scale nanoclusters that are predominantly Cu exist 

even in the homogenized alloy [57].  This result indicates that a small amount of phase 
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separation of a Cu-rich phase may be the equilibrium phase behavior even under homogenization 

conditions.  

MacDonald et al. qualified some of these assertions through ex-situ XRD and TEM 

studies for samples subjected to a variety of heat treatments [54].  Their pertinent XRD data is 

shown in Figure 2.7(b-c) for heat treatments in the range of 0.5 – 24 hours in duration. These 

authors claim that the Fe- and Co-rich precipitates are actually a B2 ordered phase and are stable 

from 600-800°C.  These precipitates were determined through mechanical testing to be a viable 

strengthening phase [54].  The authors show that Cu-segregation within the matrix leads to the 

formation of a second Cu-rich FCC phase, which is only stable below temperatures of 900°C.  

This phase separation is indicated by the peak splitting observed in the diffraction patterns at 24 

hour heat treatments, where an equilibrium between the two FCC phases had likely been 

achieved.  They did not detect the presence of Cu-nanoclusters in homogenized material, but did 

not perform APT to verify their absence. 

 

Table 2.3: Summary of published phase behavior for the MnFeCoNiCu system. 

Composition Lead Author Phases  

(Temp Range - °C) 

Characterization 

Methods 

MnFeCoNiCu 

Tazuddin [60] Single FCC (950+) XRD 

Takeuchi [59] 
Dual FCC (up to 

1100) 
XRD 

Sonkusare [57] 

- FCC (< 950) 
- (Fe, Co) rich BCC 
precipitates (650-

950) 
- Other FCC (950+) 
-Cu nanoclusters (all 

temps) 

In-situ XRD, APT 

MacDonald [54] 

- FCC (all temp) 
- (Fe, Co) rich 

ordered B2 
precipitates (600-

800) 
- Second Cu-rich 

FCC (< 900) 

XRD, TEM 

Mn5Fe35Co30Ni5Cu25 Tazuddin [60] 
2 FCC (950+) 

BCC – 28% (950+) 
XRD 

MnFeCoNiCu1.71 Shim [56] 
2 FCC (all 

temperatures) 
XRD, TEM 
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   In studies on non-equiatomic compositions, Tazuddin et al. showed that increasing Fe 

and Co at the expense of Mn and Ni can result in large volume fractions of BCC phase [60].  

Shim et al. conducted a thorough study comparing a Cu-rich composition with the equiatomic 

alloy [56].  The Cu-rich composition, MnFeCoNiCu1.71, was found to retain a dual-FCC structure 

after homogenization, and display much more obvious evidence of nanoscale atomic segregation 

than the equiatomic alloy, as determined through TEM [56].   

    

 

Figure 2.7 Summary of XRD data taken on equiatomic MnFeCoNiCu.  (a) In-situ data taken at 
the temperatures displayed [57].  (b - c) Ex-situ XRD scans taken after homogenization and post-
deformation annealing at (b) 600°C and (c) 800°C for various times [54] 
 

No direct reports of phase equilibria for Mn35Fe5Co20Ni20Cu20 are available in literature.  

An abbreviated study was undertaken in the course of this work to attempt to ascertain the effects 
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of Mn-enrichment at the expense of Fe on the phase equilibria of this MPCA.  Results are 

reported in Section 5.1. 

 

2.7 Use of MPCAs as Braze Fillers 

Existing literature discussing the use of MPCAs as brazing fillers is limited to a handful 

of papers.  All of them pertain to Ni-base superalloys as the class of substrate material being 

joined.  In 2016, Zhang et al. published the first study reporting successful development of an 

MPCA for a brazing application [64].  These authors employed an equiatomic CrFeCoNiCu 

MPCA to braze a ZrB2-based ceramic to Ni-base superalloy GH99, using a dual-interlayer filler 

consisting of the MPCA and a pure Ti foil.  The Ti interlayer was necessary to act as a diffusion 

barrier between Zr from the ceramic and Ni in the MPCA, which would otherwise react to form 

Ni-rich intermetallic phases in the joint.  Brazing parameters were optimized to a temperature of 

1180°C and a time of 60 min, producing joints with a shear strength of 71 MPa [64].  The 

authors note that the temperature window for optimal brazing is relatively narrow.  As evidenced 

by Figure 2.8, increasing the hold temperature to 1220°C dramatically increases the fraction of 

Ni-rich intermetallics and brittle borides that form in the system. The mechanical properties 

deteriorate accordingly.  Boron is introduced to the joint from the ceramic substrate.  

      

 
Figure 2.8 [64] Microstructure of joints of a ZrB2-based ceramic (labeled ZSC) to Ni-base 
superalloy GH99 brazed with a Ti/CrFeCoNiCu composite interlayer for 60 min at (a) 1180°C 
and (b) 1220°C. 
 

 Within the past year, Tillman et al. published a study employing the same MPCA alloy 

system with an addition of Ga for direct brazing of Ni-base superalloy Mar-M 247 [65].  Ga was 
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added as a melting point depressant.  These authors reportedly achieved a shear strength of 388 

MPa for joints brazed at a temperature of 1270°C using the equiatomic CrFeCoNiCuGa filler 

[65].  While this work may appear promising, the deliberate inclusion of Ga in a filler material 

would likely not be met with much enthusiasm in industry, given its reputation for causing a host 

of liquid-metal embrittlement (LME) issues in a variety of alloy systems [66, 67].  Furthermore, 

the reported brazing temperature of 1270°C is too high for viable brazing of alloys such as 

Inconel 718.  This underscores the necessity to probe off-equiatomic composition spaces in 

MPCA systems, to search for compositions with sufficiently low melting points to render the 

addition of melting point depressants unnecessary.  A comprehensive approach for this screening 

is the focus of Chapter 3.           

 The only non-Ga-containing MPCA reported for the direct brazing of Ni-base superalloys 

is Mn35Fe5Co20Ni20Cu20, originally developed at Colorado School of Mines by Gao and Yu [12, 

68].  In 2017, Bridges et al. (including Gao and Yu as coauthors) were the first to publish results 

indicating that this was a viable alloy for laser brazing Inconel 718 [69].  These findings showed 

that a shear strength of approximately 225 MPa could be achieved by brazing at a laser power of 

400 W.  EDS mapping revealed the presence of Cr-rich intermetallic compounds at all brazing 

temperatures, but the effect of these upon mechanical properties is only loosely discussed.  

Microstructural evaluations of the brazed joints in this study are surface level, and a discussion 

regarding the compositional effects upon microhardness maps taken across the joint interface is 

largely speculative.    

 In his master’s dissertation [12] and a later publication [68], M. Gao provided 

significantly more detail regarding the feasibility and optimization of furnace brazing Alloy 600 

using his MPCA filler.  Gao selected Inconel 600 as the base material for testing his filler 

because its higher solidus temperature than Inconel 718 (1354°C [23] instead of 1260°C [29]) 

offered greater flexibility for the MPCA melting range when selecting a prototype composition.  

Additionally, Alloy 600 is a solid-solution strengthened alloy, so concerns regarding the 

interactions of the filler with ’ or ’’ precipitates found in Inconel 718 could be set aside for the 

initial feasibility study.  Much of the work in the remainder of this study builds upon the work 

performed by Gao.   

 Figure 2.9 illustrates Gao’s key findings.  The brazing temperature was first optimized by 

examination of the filler spreading morphology upon Alloy 600 at different holding 
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temperatures, as shown in Figure 2.9(a).  1200°C was selected as the temperature that displayed 

low-angle wetting behavior without overspreading.  The isothermal holding time was then 

optimized by performing a series of shear tests on joints brazed at different hold times.  The 

shear strength is shown as a function of brazing time in Figure 2.9(b).  At 90 min, a peak strength 

of 530 MPa was achieved.  This value is notably greater than the 225 MPa reported by Bridges 

for laser brazing of Inconel 718, which is attributable in part to the better process control and 

lower thermal gradients imposed by furnace brazing.  It is also 137% greater than the shear 

strength reported for Alloy 600 brazed with Cusil ABA [1], indicating the promise of the MPCA 

as a candidate filler.  

 Gao performed microstructural characterization to attempt to explain the trends in shear 

strength shown in Figure 2.9(b).  EDS maps collected over joints brazed for 30, 90, and 120 min 

are shown in Figure 2.9(c).  These indicate that a segregated region rich in Cu, Mn, and Ni is 

present near the joint centerline regardless of the brazing time.  Considering these are the lowest-

melting point elements, and accounting for the reported segregation behavior in the 

MnFeCoNiCu system described in Section 2.6, Gao et al. speculate that this region is likely the 

last to solidify [68].  The extent of solidification during the isothermal holding phase, and thus 

the resemblance of the MPCA brazing process to TLP bonding (Section 2.3), are important 

questions raised by his work.  Coarse particles rich in Cr and Mn are identifiable in the EDS map 

in the joint brazed for 120 min only.  Gao et al. claim these are responsible for the degradation in 

strength at brazing times beyond 90 min [68].  These are thought to correspond to the Cr-rich 

intermetallic phase identified by Bridges et al. [69], and will be examined in more detail from a 

CALPHAD approach in Section 3.3, as well as an experimental approach in Chapter 7.      

Gao’s work represents an important first step in the advent of MPCA fillers, but much 

about his brazing process remains to be characterized.  The phase equilibria in his specific filler 

composition, the mechanisms leading to the final as-solidified microstructure, and the extent of 

isothermal solidification are all important questions left open by his work.  Additionally, a 

discussion of the diffusion behavior in Gao’s filler is necessary to understand the extent to which 

this alloy takes advantage of sluggish diffusion characteristics.  Most importantly, to transition to 

the development of MPCA fillers for other applications, a comprehensive down-selection 

approach is required to systematically identify good off-equiatomic candidates.  The items are all 

addressed in the remainder of this study. 
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Figure 2.9 [68] (a) Spreading morphology of Gao’s MPCA filler upon Inconel 600 as a function 
of brazing temperature.  (b) Shear strength of joints brazed using this filler at 1200°C as a 
function of brazing time. (c) EDS maps displaying the segregation behavior within the filler 
material as a function of brazing time. 
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CHAPTER THREE  

IMPROVEMENT OF MODELLING APPROACHES TO SELECT  

MPCA CANDIDATES FOR BRAZING 

Narrowing the candidate pool of MPCAs acceptable for brazing is a significant task that 

must be approached systematically.  Previous work [12, 68, 69] has relied largely upon pseudo-

binary CALPHAD approximations to qualitatively assess off-equiatomic compositions within a 

particular MPCA system for viability as braze fillers.  Such a process is grounded in a trial-and-

error methodology and is inherently incomplete.  When constructing any pseudo-binary phase 

diagram, three of the five constituent elements in a given MPCA are required to remain fixed, 

and thus all the compositional degrees of freedom cannot be simultaneously probed.  

The pseudo-binary CALPHAD down-selection approach has yielded promising results in the use 

of Mn35Fe5Co20Ni20Cu20 for brazing Alloy 600 [12, 68].   However, more sophisticated means of 

down-selection show that this alloy is still not compositionally optimized to the fullest possible 

extent, as will be proven in Section 3.2.  Additionally, to transition to joining other types of 

advanced and/or dissimilar materials, a comprehensive screening approach must be established 

for successful MPCA filler design.  Ideally, this approach should allow the investigator to cast a 

very wide net when establishing the initial candidate pool, and thus take advantage of the vast 

compositional design space offered by MPCAs.   

The initial portion of this work was dedicated to developing this type of comprehensive 

down-selection approach.  To this end, a three-part process was established.  Part I employed a 

parameter-based filtration series modelled after the work of Tazuddin et al. [60].  This portion of 

down-selection was designed to screen many distinct MPCA systems simultaneously, selecting 

those which fit the desired parametric requirements across the broadest range of specific 

compositions.  Part II was subsequently designed to screen the compositions within a particular 

MPCA system, selecting those which were predicted to display the most desirable solidification 

behavior for brazing.  Desirable attributes of the solidification behavior were a relatively low 

melting point and narrow solidification temperature range.  Part II made use of TC-Python, the 

novel Python-interfaced module for performing high-throughput calculations in ThermoCalc.  

Lastly, Part III was designed to predict filler-substrate interactions for a relatively small number 
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of compositions down-selected from Parts I and II, through the construction of isopleth phase 

diagrams in ThermoCalc.     

 

3.1 Part I: Parameter-Based Screening Approach  

 The process for Part I of the down-selection approach is schematically illustrated in 

Figure 3.1.  The left-hand portion of this figure outlines the process for establishing a wide net of 

trial compositions for the original candidate pool, which is subsequently culled using a series of 

filtration steps illustrated in the right-hand portion.   

 

 
Figure 3.1 Schematic illustration of the parameter-based screening approach used to down-select 
multiple MPCA systems simultaneously.  

 
 The construction of the composition space began by selecting nine transition metal 

elements, and constructing all of the quinary systems that could be formed from these elements.  

For clarification, a system is taken to mean a unique combination of elements from which 

specific MPCA compositions can be subsequently selected.  The combinatorics resulted in 126 
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unique quinary systems (9C5).  To establish the composition space within each system, the 

definition of high-entropy alloys originally published by Yeh et al. [11] determined the range of 

admissible compositions for a given alloy system.  Yeh’s definition imposes the condition that 

each element be present in atomic concentration between 5% and 35%.  Additionally, a 

uniqueness condition was required to limit the number of candidate compositions to a set that 

could be screened in a reasonable amount of computation time.  To this end, compositions 

differing from one another by a minimum of 1 at. % in any constituent element were defined as 

unique.  Hence, within each distinct quinary system, the atomic concentration of each of the five 

elements was allowed to vary from 5% to 35% in increments of 1%.  Imposing the condition that 

the atomic concentrations were required to sum to 100%, this variation produced an initial set in 

excess of 550,000 compositions for a given alloy system.   

 Filtration code was written in MATLAB, designed to initially construct this composition 

space for all quinary systems that could be constructed from a set of input elements.  For this 

work, only quinary systems were explored, although the code could be expanded to allow for the 

inclusion of systems with any number of elements.  Elements were input along with data on their 

atomic radius, taken from [70], and their valence electron concentration (VEC).  Data for the 

enthalpy of mixing (Hmix) for each binary pair, used in Equation 3.4 to calculate the overall 

mixing enthalpy, were taken from [71]. 

All compositions for each of the 126 systems were then checked to see whether they 

satisfied the parameter-based criteria outlined in Table 3.1.  As shown in the final two columns, 

these criteria were taken from the literature cited, and the appropriate ranges for each criterion 

were limited to what was reported in literature to be favorable for a single-phase FCC crystal 

structure. This target phase behavior was selected with the intent to match the microstructure of 

Alloy 600, the braze substrate employed in this work.  However, the same process could be 

employed with altered filtration criteria to target either BCC or mixed-phase microstructures, if 

desired.  At each filtration step, compositions that failed to meet the associated criterion were 

discarded by removing them from the enumeration of possible compositions in MATLAB.  The 

filtration steps were ordered based on trial and error, with the most restrictive steps generally put 

first so as to cull the composition space as efficiently as possible.  The equations referenced in 

Table 3.1 are given on the following page below the table.  Refer to the list of symbols in the 

front matter for a definition of each variable.     
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Table 3.1 Summary of filtration criteria employed in parameter-based filtration targeting a 
single-phase FCC microstructure 

Order of 

Filtration 
Criterion Name 

Equation to 

Calculate Criterion 

Requirement 

to Pass Filter 
Rationale 

1 
Atomic Size 
Mismatch 

Equation 3.1 δ < 6.0 % 
Criterion for simple 

solid solution 
formation in [72] 

2 
Valence Election 

Concentration 
(VEC) 

Equation 3.2 VEC > 8.0 
Criterion for FCC 
phase formation in 

[73] 

3 
Configurational 

Entropy 
Equation 3.3 

Smix in range  
12.0-17.5 
J/mol*K 

Criterion for single-
phase stability in 

[72] 

4 Enthalpy of Mixing Equation 3.4 

Hmix in 
range 

-15 to +5 
kJ/mol 

Criterion for 
disordered solid 
solution phases 

only [72] 
 
 𝛿 =  √∑ 𝑐𝑖 ∗ (1 − 𝑟𝑖�̅� )2𝑛

𝑖=1  (3.1) 

 𝑉𝐸𝐶 =  ∑ 𝑐𝑖(𝑣𝑒𝑐)𝑖𝑛
𝑖=1  (3.2) 

 ∆𝑆𝑚𝑖𝑥 = 𝑅 ∗ ∑ 𝑐𝑖ln (𝑐𝑖)𝑛
𝑖=1  (3.3) 

 ∆𝐻𝑚𝑖𝑥 = 4 ∗ ∑ (∆𝐻𝑚𝑖𝑥)𝑖𝑗𝑐𝑖𝑐𝑗𝑛
𝑖=1,𝑖≠𝑗  (3.4) 

           

Table 3.2 on the following page summarizes an example subset of results from Part I of 

the down-selection, run with nine input elements: Al, Ti, V, Cr, Mn, Fe, Co, Ni, and Cu (shown 

in Figure 3.1).  As noted, starting with nine elements gives 126 (9C5) possible quinary systems.  

Take the TiMnCoNiCu element combination as an example of down-selection within a particular 

system.  Following the appropriate row of Table 3.2, one can see that 56.7% of the initial 

composition pool is eliminated on the filter for atomic size mismatch, as defined in Table 3.1.  

Subsequent filtration steps for valence electron concentration, entropy of mixing, and enthalpy of 
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mixing respectively eliminate an additional 2.1%, 3.4%, and 0.03% of the original pool.  This 

leaves 37.8% of the pool that successfully passes all stages of filtration, defining the “overall 

pass rate” given in the second column of the table.  For the selected elements, the down-selection 

code eliminates 49 of the 126 systems altogether.  For these 49 systems, all of the compositions 

in the established space are eliminated at one of the four filtration steps.   

 

Table 3.2 Passing rate results of selected alloy systems with all allowable concentrations 
obtained from Part I of down-selection approach using nine input elements. 

Alloy System  

Overall 

Pass 

Rate 

(%) 

Notes 

Percentage Eliminated from Criteria (%) 

Atomic size 

mismatch 
VEC 

Configurational 

Entropy 

Enthalpy 

of 

Mixing 

AlVCrFeCu 0.002 
Lowest 
overall 
nonzero 

19.5 80.3 0.18 0.03 

AlFeCoNiCu 54.8 
Highest Al-
containing 

35.3 5.8 4.0 0.002 

TiMnCoNiCu 37.8 
Highest Ti-
containing 

56.7 2.1 3.4 0.03 

CrMnCoNiCu 86.4 
Second 
highest 
overall 

0.0 6.8 6.6 0.21 

MnFeCoNiCu 86.7 
Highest 
overall 

0.0 0.0 7.8 5.5 

 

In addition to eliminating certain systems, the filtration procedure provides insight 

regarding which of the remaining systems hold promise for filler alloy development.    

Generally, the alloy systems with a high overall pass rate were considered to be good systems to 

begin probing further in Parts II and III, since systems with high pass rates offered the widest 

compositional range in which to search for low melting point compositions.  Furthermore, 

systems with a high pass rate can be considered less sensitive to deviations from nominal 

compositions.  Such deviations may occur during fabrication, and are likely to occur to some 

extent as a result of interdiffusion with the substrate during brazing.  The MnFeCoNiCu system, 

from which the brazing candidate in this study is selected, has the highest overall pass rate for 

the code run with the aforementioned nine input elements.        
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3.2 Part II: High-Throughput Scheil Solidification Simulations 

 Within a selected alloy system, some of the most important criteria for establishing the 

viability of a particular composition as a braze filler are the liquidus temperature and 

solidification temperature range.  It is essential that the filler liquidus temperature be kept 

sufficiently below the solidus of the substrate material that a brazing temperature can be selected, 

at which the filler completely melts and the substrate remains entirely solid.  Narrowing the 

solidification range is also considered desirable in the development of filler alloys, as it reduces 

the likelihood of solidification cracking [14], and offers more uniform flow characteristics.   

As discussed, pseudo-binary phase diagrams can offer insight into how compositional 

alterations can influence these aspects of solidification behavior, but only while altering atomic 

concentrations of each element two at a time.  To rigorously optimize an MPCA composition, a 

high-throughput means of comparing the predicted solidification behavior while altering the 

atomic concentration of all the elements is required.  To this end, the Scheil solidification 

module of ThermoCalc was implemented en masse through the TC-Python interface, constituting 

Part II of down-selection. The Scheil module provides the fastest and simplest means of 

comparing the solidification behavior for pure filler candidates as composition is varied.   

ThermoCalc’s TCHEA3 database for MPCAs was used to conduct all of the Scheil 

simulations, which were set to initiate at a solid phase fraction of 10% and terminate at a solid 

phase fraction of 90%.  These limits were selected because it was found that avoiding 

calculations near the immediate onset and termination of solidification greatly reduced the 

simulation failure rate, allowing for en masse implementation to proceed more smoothly.  A 

valid qualitative comparison among the input compositions could still be performed by taking 

the temperature at 10% solid fraction as an approximation of the liquidus, and the temperature at 

90% solid fraction as the approximate solidus.  

All TC-Python screening was performed on the MnFeCoNiCu system as a proof-of-

concept, with selected results provided in Figure 3.2.  Only compositions that successfully 

passed all stages of screening from Part I were used as inputs for Part II.  Figure 3.2(a) illustrates 

a sample set of 50 solidification curves that is representative of the full variability of the 

solidification behavior within the MnFeCoNiCu alloy system.  Curves that represent viable 

candidates for brazing Alloy 600 (solidus temperature 1354°C [23]) are those that lie entirely to 

the left of the vertical line drawn at 1250°C, as this provides a temperature buffer of 100°C for 
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brazing temperature selection.  Compositions that solidify as a single phase are easily identifiable 

as those that display no sharp discontinuity in their solidification curves, as the discontinuity is 

usually a signature of latent heat release during a phase transformation.      

 

 

Figure 3.2 Selected results from en masse Scheil solidification simulations performed on the 
MnFeCoNiCu system as proof-of-concept for Part II of the down-selection approach.  (a) 50 
compositions output from Part I representing the full variability of the solidification behavior in 
the system. (b) 5 selected compositions output from Part I, restricted to 35 at. % Mn and 5 at. % 
Fe, representing a more refined optimization study.  (c) Histogram of the approximate liquidus 
temperatures for all 280 compositions from Part I with the same Mn and Fe restrictions. 
 

Figure 3.2(b-c) display results from a more refined optimization study on 280 

compositions that maintain the same Mn and Fe concentrations as Mn35Fe5Co20Ni20Cu20, but 

allow the Co, Ni, and Cu content to vary.  To avoid clutter, the curves from five selected 

compositions are shown in Figure 3.2(b), while the full dataset is represented by a histogram of 

approximate liquidus temperatures in Figure 3.2(c).  The histogram accentuates the value of 

these en masse simulations over a pseudo-binary phase diagram.  There is almost 100°C of 

variation in the liquidus temperature, which goes completely undetected in a pseudo-binary 
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diagram that only varies the concentrations of Fe and Mn.  Among the 280 compositions, 48% 

are predicted to have lower liquidus temperatures than Mn35Fe5Co20Ni20Cu20, and 51% are 

calculated to have a narrower solidification temperature range.   In Figure 3.2(b), the curve 

corresponding to Mn35Fe5Co20Ni20Cu20 is indicated.  The lowest liquidus temperature is 

exhibited by Mn35Fe5Co11Ni21Cu28, and the narrowest range is exhibited by 

Mn35Fe5Co11Ni28Cu21, both indicated in the figure.  As Mn35Fe5Co11Ni28Cu21 also possesses a 

lower liquidus temperature than Mn35Fe5Co20Ni20Cu20, either of these could be a promising 

candidate for brazing Alloy 600 at a lower temperature than that reported in [12, 68].  This 

analysis illustrates the value of the high-throughput simulation approach in Part II, as it enables 

this type of refined compositional optimization that cannot be rigorously performed with a 

pseudo-binary CALPHAD approach.  Performing a similar analysis without restricting the ratio 

of Mn/Fe content would be necessary to rigorously optimize the composition within this system.         

 

3.3 Part III: Predictions of Filler-Substrate Interactions  

It is important to note that while Part II of the down-selection approach can greatly 

inform the process of designing candidate filler alloys, it is not intended to be the final step in 

numerical investigations before experimental work is undertaken.  Modelling the predicted 

crystal structures of candidate fillers as they interact with the substrate material during brazing is 

absolutely essential.  The phases that form upon solidification of pure filler material may be 

substantially different from those that form when the material is in contact with the substrate, 

particularly if the substrate contains highly reactive elements.  This is the stage of numerical 

investigation at which the use of individual CALPHAD diagrams is most appropriate, to study 

the expected behavior of particular compositions selected after both Parts I and II of down-

selection, and their interactions with the substrate.   

A relatively simple approach that can be undertaken to model filler-substrate interactions 

is the construction of an isopleth in ThermoCalc CALPHAD software.  This type of phase 

diagram holds the ratios between certain element concentrations constant, while allowing a 

single element concentration to vary.  Such a diagram can be used to model the phase behavior 

when an initial filler composition becomes increasingly infused with elements that are present in 

higher concentrations in the substrate material being brazed.   
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Two examples of isopleths are shown in Figure 3.3 on page 38 for Mn35Fe5Co20Ni20Cu20, 

the MPCA filler composition developed by M. Gao for brazing Alloy 600.  The primary 

substrate elements that diffuse into the MPCA filler region from this substrate are Ni and Cr (see 

Inconel 600 composition data provided in Section 2.1).   Figure 3.3(a) holds the relative ratio of 

Mn:Fe:Co:Cu constant while allowing the total Ni concentration to increase from the pure 

MPCA value of 20 at. %, which lies at the left side of the diagram.  As shown, diffused Ni from 

the substrate has a mild impact upon the equilibrium thermodynamics of the MPCA system, as 

the only solid phase expected to form remains a single disordered FCC solid solution.  However, 

increasing the Ni concentration to 40 at. % is predicted to cause a 50 – 60 °C increase in both the 

solidus and liquidus temperature of the alloy.  The liquidus is elevated to 1200°C, which was the 

optimum brazing temperature reported by Gao, and the temperature employed for all ex-situ 

brazing experiments in this study.  This effect upon the melting temperature range has important 

ramifications in the classification of this brazing process as a near-TLP bonding procedure, 

which is discussed in Section 7.3.1.  

The original MPCA filler contains no Cr prior to brazing, so Figure 3.3(b) models the 

phase behavior upon increasing the Cr content from 0 at. %, while holding the ratio of all the 

original elements in the MPCA constant.  Unlike an increase in Ni content, the introduction of Cr 

dramatically alters the phase equilibria within the system.  Above temperatures of 700°C and 

below the solidus line, a second FCC solid solution phase is predicted to form as the Cr content 

increases beyond roughly 5 at. %, with the specific solvus composition dependent upon the 

temperature.   As the Cr content is elevated above 10-15 at. %, a BCC solid solution is predicted 

to form as well.  Below 700°C, the diagram predicts parallel behavior in the solid solution 

phases, but an ordered phase dubbed sigma is also predicted to be stable, even at very low Cr 

content.  This phase is analogous to the sigma-phase that readily forms in stainless steels at a Cr-

content greater than 20 wt.%, and has been reported in many other ferrous and non-ferrous alloy 

systems of transition metals [74].   ThermoCalc predicts sigma-phase to be rich in Cr and Co, but 

Shyu and Chuang have reported it to have the composition CrMn in certain alloy systems [75], 

similar to the intermetallic compounds reported by M. Gao [68] after extended brazing times.    

Considering that the concentration of Cr in the substrate alloy is only around 15 at %, it is 

quite unlikely that enough diffused Cr would ever be present in the MPCA filler to promote the 

stability of a BCC phase.  This is especially true seeing as Cr diffusion occurs concurrently with 
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dilution of the MPCA in Ni, which is present in the substrate at a substantially larger 

concentration.  No BCC phases were observed in the study reported by Gao [68].  However, the 

diffusion of enough Cr to promote the formation of sigma phase is a very real possibility. Gao 

reported the evolution of apparent Cr-Mn intermetallic phases in the MPCA filler, which 

appeared after an isothermal hold time of 120 min, and proved detrimental to the mechanical 

properties of the joints.  This phase almost certainly corresponds to sigma in Figure 3.3(b).   

This analysis illustrates the importance of conducting a filler-substrate interactions study 

computationally before beginning experimental work when designing new MPCA fillers.  It is 

essential that the formation of non-solid-solution phases be thoroughly considered as a 

possibility when MPCA fillers are polluted with elements from the brazing substrate, even if the 

pure fillers are predicted to form only solid solutions.  Isopleths have some limitations in the 

filler-substrate interactions study, as a change in the concentration of only one element can be 

modeled at a time.  Furthermore, they only allow the calculation of equilibrium phases, which is 

most applicable to slow-cooled furnace brazing setups, and often less applicable to other joining 

techniques.  However, they serve as an inexpensive computational tool that can provide valuable 

information.  The diffusion of elements out of the MPCA filler into the substrate should also be 

considered using this methodology, if the composition gradients in the system are such that 

diffusion of an element occurs in this direction.  

Together, Parts I, II, and III constitute a more thoroughly exhaustive approach toward 

MPCA braze filler design than what has been reported in most literature studies.  While 

comprehensive, these computational techniques also allow for rapid screening, as they can also 

be implemented over a matter of hours if the target characteristics of the filler material are well 

thought out.  There is room for cautious optimism that this set of techniques can serve as a 

baseline for designing MPCA fillers for more complicated joining challenges, such as dissimilar 

substrate systems. 

 



38 
 

 

Figure 3.3 Isopleths predicting phase behavior upon diffusion of (a) Ni and (b) Cr into 
Mn35Fe5Co20Ni20Cu20 MPCA brazing filler. 
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CHAPTER FOUR  

EXPERIMENTAL METHODS 

 The remaining portion of this work is dedicated to the development of experimental 

characterization techniques for the study of MPCA braze fillers.  This chapter outlines the 

experimental procedures that were undertaken to study Mn35Fe5Co20Ni20Cu20 as a filler for 

joining Alloy 600, building upon the feasibility study performed by M. Gao [12, 68].      

 

4.1 Filler Material Fabrication and Processing 

 A total of seven MPCA buttons were cast and processed for this study, and these were 

compared with excess material produced by M. Gao [12, 68].  The sections below outline the 

procedure for casting the material, conducting a bulk compositional analysis, and pre-forming 

the material into appropriate geometries for brazing filler delivery, in a process modelled after 

[12].    

 

4.1.1 Arc Melting from Constituent Elements 

MPCA filler material was arc-melted directly from irregular pieces of its pure, 

constituent elements.  Atomic percentages of each element were converted to weight 

percentages, and the appropriate masses of each element were prepared to the nearest 0.01g by 

cutting and grinding available pieces.  Co, as the most expensive element, typically served as the 

mass basis for each button, so that minimal amounts of Co were wasted through cutting and 

grinding.  Mn pieces were typically received from the distributor in an oxidized condition, so 

they were cleaned by rinsing in 10% hydrochloric acid solution for approximately 60 seconds, 

followed by cleaning with deionized water and ethanol and drying with a hot air gun.     

The melting was performed using an airtight arc-melting chamber affixed above a water-

cooled copper hearth, employing a tungsten electrode as the heat source.  The chamber was 

evacuated using a roughing pump and backfilled with ultra-high purity (UHP) argon three times 

prior to each melt. A piece of scrap titanium was melted and held molten for approximately 20 to 

30 seconds prior to each melt, to attempt to bind any oxygen remaining in the chamber and thus 

minimize oxide formation in the MPCA filler material.  
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Table 4.1 illustrates the typical series of melts required to fabricate a single MPCA 

button.  Fe, Co and Ni are easy to control in the arc melting setup due to their low vapor pressure 

(Table 4.2), so these were typically combined first in a single step. Cu was then generally added 

in an additional step.  After these stages, the button was weighed, to check for any mass gain that 

may have resulted from Fe oxidation.  Minimal mass gain was usually detected.  Due to the 

extremely high volatility of Mn relative to the other elements (Table 4.2), it was typically added 

to the button last in a series of steps, until the total target mass was approximately what was 

calculated to be necessary.  This method assumed that Mn was the only element that needed to 

be supplemented after the other four (Fe, Co, Ni, and Cu) were combined in a single button, 

which is fairly accurate, owing to its high vapor pressure. Note that the vapor pressure of Mn 

calculated in Table 4.2 indicates that as a pure element, Mn would be boiling at the temperature 

it likely experiences during arc melting.  However, this assumption and relatively low-precision 

methods of measuring masses during fabrication led to some compositional variation among all 

of the filler material buttons that were produced.  The technique employed to analyze the bulk 

composition of every button that was produced, as well as the presence of any Al or Si 

impurities, is outlined in Section 4.1.2.  The results of the compositional analysis and the 

implications of compositional disparity among the cast buttons are discussed in Section 6.2.    

 

Table 4.1 Example record kept during arc-melting a single button, illustrating the purpose of 
each melt and the mass of the button before and after. 

Melt # 
Start Wt. 

(g) 
Purpose 

Target Wt. 

(g) 

Final 

Combined 

Wt. (g) 

Final – 

Target (g) 

1 0.00 Mix Fe, Co, Ni 6.85 6.81 -0.04 
2 6.81 Add 3.29g Cu 10.10 10.09, Split -0.01 
3 10.09 Rejoin Buttons 10.09 10.08 -0.01 
4 10.08 Add 4.99g Mn 15.07 14.33 -0.74 
5 14.33 Add 0.74g Mn 15.07 15.14 +0.07 

6, 7, 8 15.14 Flip and re-melt 15.07 15.07 +0.00 
 

As shown in Table 4.1, all buttons were flipped and re-melted three times after all of the 

constituent elements had been added, to ensure bulk compositional homogeneity within each 

individual button.  Occasionally, a button would unintentionally be split into two separate molten 

pools during melting.  When this occurred, an extra melt step was required to rejoin the pieces 

into a single button (e.g. melt #3 in Table 4.1).  When adding Mn, approximately 20% more than 



41 
 

the target amount to be added was placed into the chamber.  This was done to pre-emptively 

account for heavy mass loss that was experienced before Mn was stabilized in the MPCA button.  

Sometimes, mass data taken after each melt necessitated additional Mn.  Slight overshoot (e.g. 

melt #5) was typically corrected by vaporization in subsequent flipping/re-melting steps, which 

could be controlled to an extent by varying the time at which the button was held molten.       

 
Table 4.2 Vapor pressure [76] of each constituent element of the MPCA filler material at 2000K, 
a temperature reasonably experienced during arc melting fabrication.   

Element Vapor Pressure (torr), 2000K 

Mn 760 
Fe 0.276 
Co 0.120 
Ni 0.146 
Cu 3.33 

 

4.1.2 Compositional Analysis 

 Bulk compositional analysis for each arc-melted button was performed by analysis of x-

ray fluorescence (XRF) using a SciAps X-200 handheld XRF analyzer.  Per the manufacturer’s 

information [77], this device employs a Rh anode at an operating potential of 40kV to generate 

x-rays.  All the elements expected to be present in the MPCA are listed in the device’s standard 

program package for alloy analysis [77].  XRF was chosen because it was an inexpensive and 

readily available technique that could provide accuracy on the order of 1 at. %.  Optical-emission 

spectrometry was considered as an alternative which could have provided higher accuracy.  

However, this was ultimately not pursued because the non-conventional alloy system would have 

required use of the expensive inductively-coupled plasma technique, and third-party professional 

metallurgical characterization services.   

 Whole or nearly-whole buttons were used for the XRF measurement.  The flattest face of 

each button was ground using 240 grit SiC abrasive paper until all visible oxide was removed.  

The XRF device was then positioned so that the clean face of the button covered the entirety of 

the window at which x-rays are emitted.  Once the position was set, the program for alloy 

analysis was employed, giving results in wt. %.  Results for every button produced for this study 

and the material provided by Gao are given in Section 6.2.       
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4.1.3 Cold Rolling 

 The primary means of forming MPCA filler into pre-formed foils for brazing filler 

delivery was through cold rolling.  Slivers of MPCA approximately 2 mm thick were cut from 

as-cast buttons using an MSX saw with an alumina abrasive blade, to serve as foil precursors.  

All visible oxide remaining from the casting process was carefully removed from the slivers with 

240 grit SiC grinding paper.  With the exception of a small number of slivers used for the 

equilibrium phase behavior study outlined in Sections 4.2 and 5.1, these slivers were not 

annealed prior to cold rolling.  Annealing was omitted to minimize the complexity of the brazing 

consumable production process, under the rationale that extreme deformation in the pre-form 

foils would be irrelevant after the filler material melted during brazing.  

    

 

Figure 4.1 Images depicting the MPCA filler at each stage of fabrication and processing. (a) 
Constituent element pieces prior to arc-melting.  (b) Arc melted as-cast button.  (c) As-cast cut 
sliver serving as a foil precursor to be cold rolled.  (d) Strip of rolled material.  (e) Pre-formed 
foil ready for use in a brazing assembly.   
   

Rolling was performed incrementally on a Stanat CX-100 rolling mill at a reduction of 

50.8 microns (0.002 in) per pass, using a mineral oil as lubricant.  Rolling was conducted to a 

final approximate thickness of either 100, 300, or 500 microns, with the original intent to assess 

the effect of foil thickness upon the braze.  The non-annealed specimens intended for use as 

braze consumables displayed mild edge cracking when rolled.  After rolling, the regions along 

the edges were carefully trimmed away using handheld shears to ensure a uniform and 
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continuous pre-form.  Using the same shears, foils were cut to areal dimensions matching what 

was necessary for the brazing configuration (details provided in Section 4.4).  Using regions near 

the center of the strip of rolled material helped minimize the variability in thickness introduced 

by rolling.   Figure 4.1 provides an image of the MPCA material at each stage of fabrication and 

processing prior to placing the material in the assembled braze configuration. 

For the annealed specimens used for the equilibrium study, the reduction was 127 

microns (0.005 in) per pass, as these displayed a much lower propensity to crack.  Employing the 

methodology of MacDonald et al. [54] (see Section 4.2 for details), these were each rolled to a 

total reduction in thickness of 60%. 

 

4.2 Equilibrium Phase Behavior Characterization 

 An abbreviated study of the equilibrium phase behavior of Mn35Fe5Co20Ni20Cu20 was 

conducted as a baseline for understanding the solidification behavior of the pure filler material, 

independent of the substrate.  This study was modelled after literature reports conducting similar 

investigations on other alloys in the MnFeCoNiCu MPCA system [54, 55, 57, 59, 60].  For 

details of these findings, see Section 2.7.   

 Several slivers from a MPCA cast button were subject to a homogenization heat 

treatment at 950°C for 4 hours.  The most common homogenization temperature for equiatomic 

MnFeCoNiCu found in literature was 1000°C, but MacDonald et al found that the 

homogenization temperature window extended down to 900°C [54].  Hence, 950°C was selected, 

considering that Mn35Fe5Co20Ni20Cu20 has a substantially lower melting temperature (by about 

200°C) than the equiatomic composition, and desiring not to approach the reported solidus 

temperature of 1080°C [68].  Homogenization was conducted in a Carbolite CWF-1200 open-air 

box furnace, so specimens were encapsulated in quartz under vacuum prior to the heat treatment 

to prevent oxidation.  At the conclusion of the heat treatment, specimens were water-quenched 

by submerging the quartz tube and shattering it using pliers.       

 After homogenization, an un-deformed MPCA piece and a cold-rolled piece were set 

aside and prepared for analysis by XRD using the metallographic preparation procedure outlined 

in Section 4.6.  The remaining pieces were cold rolled to a reduction of 60%, re-encapsulated in 

quartz, and subjected to post-deformation aging treatments.  The aging treatments were 

conducted at either 450°C, 650°C, or 850°C for 2 hours to attempt to capture the equilibrium 
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phase behavior at these temperatures.  The same water quenching procedure was performed on 

the aged specimens, after which they were prepared for analysis by XRD.   

 XRD was performed on a PANalytical PW3040 x-ray diffractometer using Cu-K 

radiation.  Scans were run on a 2 Bragg angle range of 20 – 100°, at a scan step size of 0.0021° 

and a step dwell time of 3.2s.  Background and K-2 radiation were stripped from the scan data 

using PANalytical Xpert High Score analysis software.  These XRD results are presented in 

Section 5.1 and were used to inform the in-situ solidification XRD data collected using the 

procedure discussed in the next section.      

 

4.3 In-Situ Solidification Characterization via Synchrotron Radiation 

 To study the solidification behavior of the pure MPCA filler material, in-situ 

synchrotron-generated XRD experiments were conducted at APS beamline 1-ID-E.  The 

experiment setup is illustrated schematically in Figure 4.2.  Results from these experiments are 

presented in Chapter 5.   

 

 

Figure 4.2 (a) Schematic representation of the MPCA specimen used for the in-situ solidification 
experiments.  (b) Schematic representation of the configuration of the diffraction experiment.    
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 The primary MPCA specimen for this experiment was cold rolled to a final thickness of 

500 microns using the procedure outlined in Section 4.1.3 and then cut to the dimensions 

depicted in Figure 4.2 using handheld shears.  The initial MPCA sliver used as a foil precursor 

had a thickness of approximately 2 mm.  Hence, cold rolling to 500 microns produced a 75% 

reduction in thickness, which resulted in a highly refined grain size.  This grain refinement was 

desirable, as it increased the diffracting grain population and allowed for high diffracted signal 

from the specimen prior to the in-situ experiment.  Limiting the specimen thickness to 500 

microns was an additional means of assuring high signal, as significant beam attenuation by the 

specimen was avoided. 

As illustrated in Figure 4.2, a portion of the specimen was melted by linearly scanning a 

laser across the top ledge.  The laser parameters were optimized through a trial and error process 

to produce a controlled melt pool with a depth between 200 and 400 microns.  The stereo-

micrograph in Figure 4.3 illustrates a view of all the melt pools that were created in the process 

of optimizing the laser parameters, looking at the front face of the specimen.  Pools 1-3 were 

used only for the purpose of optimizing the laser parameters, and were not employed for the in-

situ experiments.  The optimized laser parameters were determined to be a laser travel speed of 

50 mm/s for a total scan distance of 2 mm, a power setting of 104W, and a sample defocus 

distance of 3.5 mm.  Pool 4 was used for in-situ x-ray radiographic imaging, and pools 5-8 were 

used for in-situ diffraction.   A microstructural characterization of a melt pool is provided in 

Section 5.2.  

 

 
Figure 4.3 Stereo-micrograph depicting the solidified laser melt pools along the edge of the 
specimen after the conclusion of all of the in-situ experiments.  The laser travel pathway is 
indicated.  RD, TD, and ND refer to the rolling direction, transverse direction, and normal 
direction during rolling.      
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During the continuous data-collection time period encompassing laser-melting and 

subsequent cooling, the melt pools were simultaneously bombarded with a monochromatic 

incident x-ray beam with an energy of approximately 55 keV.  The beam monochromator 

employed two (111) Si single crystals.   The incident beam was directed normal to the specimen 

face depicted in Figure 4.3 and positioned either 100, 200, or 400 microns below the top edge of 

the specimen.  Positioning was performed using the specimen edge that existed prior to melting 

as reference.  Slits on the beam were employed such that the incident beam’s rectangular 

dimensions were approximately 100 microns horizontally and 40 microns vertically.  As shown 

in Figure 4.2, a far-field Debye-Scherrer diffraction detector was set at a distance of 685 mm 

beyond the specimen.  This distance was sufficiently near to capture 2 Bragg angles in the 

range of 0-13.5°, corresponding with a 2 range of 0-108.6° for traditional Cu-K radiation.  

The highest-index FCC peak observable in this configuration was the (222) peak.  For the in-situ 

experiments, the detector frame rate was set to the maximum possible value of 250 Hz (4 ms 

frame-time) so as to capture the rapidly transient behavior during solidification.  Detector 

exposure was limited to 1 ms for these experiments.  In-situ data was collected for a minimum 

duration of 3 seconds after the laser scan was complete.  Static-sample diffraction scans were 

also performed both before and after each laser-melting experiment, using a longer detector 

exposure time of 100 ms.  The raw Debye-ring images output from the detector were converted 

to conventional one-dimensional diffraction patterns by azimuthal integration using the fit2D 

software developed at Argonne National Laboratory (details in Section 5.3).  The precise 

configurational parameters used to perform this integration were calculated by analyzing a 

pattern from a known standard of cerium oxide.             

 

4.4 Vacuum Furnace Brazing 

 Specimens of Alloy 600 brazed using the MPCA filler were prepared via vacuum furnace 

brazing for postmortem characterization.  The original intent in preparing these specimens was to 

assess the effect of MPCA pre-formed foil thickness on joint mechanical properties.  However, 

in the process of optimizing the braze configuration to produce identical replicate specimens for 

this study, the configuration was observed to have a significant effect upon the filler material 

microstructure.  The process of this discovery is outlined in Section 4.4.2.  The investigation of 

filler thickness effects on mechanical properties was set aside in favor of a more fundamental 
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assessment of the effects of configurational variables on the MPCA filler upon brazed joint 

morphologies.  Results of this study are provided in Chapter 6.    

 

4.4.1 Furnace Operation 

 All brazing of specimens for postmortem characterization was conducted in a graphite-

lined vacuum furnace chamber evacuated to a pressure of approximately 2 x 10-5 torr using a 

diffusion pump backed by a mechanical pump.  Heating was provided within the chamber by a 

pair of graphite electrodes.  The quality of the vacuum was checked using an ion gauge prior to 

beginning the heating cycle in every experiment.  Temperature was controlled using an Omega 

PID controller wired to an N-type thermocouple probe that was positioned within the vacuum 

chamber just above the specimen location.  The heating cycle for all brazes was the optimized 

one reported in [12, 68], which employed a 90 minute isothermal hold at 1200°C.  The heating 

ramp rate was controlled at 15 °C/min using the PID, which translated to a heating time of 79 

min starting from room temperature.  A furnace cool was employed for all specimens by simply 

cutting power to the furnace at the termination of the holding period.  The initial cooling rate was 

on the order of 1 °C/s, and the duration of the cooling process was typically 4 hours.  Cooling 

data is presented in Section 6.4.  The vacuum chamber was vented with air and the specimens 

were removed only when the temperature reading inside the chamber had fallen below 45 °C.     

 

4.4.2 Braze Specimen Assemblies  

 Braze specimens were initially designed with the intent of performing mechanical testing 

to assess filler thickness effects.  A lap-joint specimen was designed to test in shear using an 

axial load mechanical testing frame, and a butt-joint specimen was designed for shear testing 

using a torsion testing setup. The lap-joint specimen was designed to possess a second braze in 

the assembly for the purpose of microstructural characterization.  CAD renderings and 

dimensioned drawings of the designed specimens are provided in Figure 4.4.  In all CAD 

renderings and schematics in this chapter, blue represents the Alloy 600 substrate, and red 

represents the MPCA filler.  The red filler pieces are thin in these CAD renderings, so the color 

is difficult to detect.      
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Figure 4.4 Dimensioned drawings and CAD renderings of (a) the lap joint and (b) the butt joint 
braze specimens. Dimensions in mm.  
  
   To hold specimens rigidly in place while in the furnace and optimize alignment, a fused 

silica mold tray was fabricated using an investment casting process.  The tray was designed in 

SolidWorks as shown in Figure 4.5(a), capable of holding up to six lap-joint specimens (Figure 

4.4(a)) and two butt-joint specimens (Figure 4.4(b)) at once.  A negative of the tray was 

produced in SolidWorks using the “cavity” feature, and was saved as an .stl file.  This file was 

then printed in poly lactic acid (PLA) on a Lulzbot polymer 3D printer.  A PLA wall and 

cylindrical handle were affixed to the back of the negative piece using super glue (assembly 

shown in Figure 4.5(b).  The negative was then repetitively dipped in a silica-polymer liquid 

slurry and subsequently coated in silica sand.  A minimum of three hours drying time was 

allotted between the applications of each coating.  Two coatings of fine silica sand were applied 

to preserve the detail of the negative piece, followed by four coatings of coarse sand to give the 

tray strength.  Subsequently, the tray was dipped for a final time in the slurry only, to generate a 

smooth surface finish.  A natural-gas fired furnace was then employed to burn away all of the 

PLA pieces, and the remaining silica structure was fired in a kiln at 1800°F for 12 hours.  The 

final fused silica tray is shown in Figure 4.5(c).   
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Figure 4.5 (a) Dimensioned SolidWorks design for the fused silica tray, dimensions in mm.  (b) 
Assembled PLA negative piece used for dipping in silica slurry and coating in sand.  (c) Final 
fused silica tray 
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Only lap joints were fabricated using the fused silica tray.  The butt joint specimen will 

be used in future work to develop torsion testing, such that the shear strength of the filler can be 

tested in a pure shear environment.  Alloy 600 pieces were cut from a ¼ in thick plate purchased 

from Special Metals, Inc. using a water-jet cutter.  Mill finishes were ground off of faying 

surfaces using SiC grinding paper to a final surface finish of 600 grit.  Surface finish was 

consistent for all brazes.  Pre-formed filler material with a thickness of 100, 300, or 500 microns 

was prepared using the procedures outlined in Section 4.1 and placed at the appropriate locations 

in the assembly as shown in Figure 4.4.  Generally, the position of the filler relative to the 

substrate pieces was maintained by the rigidity of the fused silica mold.  The button of origin for 

each piece of foil was tracked, so that the effect of composition (measured through XRF) upon 

filler behavior could be evaluated (results in Section 6.2).  The assemblies were then heated in 

the fused silica tray using the procedure in Section 4.4.1. 

 

 

Figure 4.6 Micrographs comparing the filler grain morphology in (a) compressed-filler and (b) 
fixed-gap-width configurations.  The starting thickness of the preformed foil was 500 microns 
for both specimens.  Both micrographs are taken viewing the original preform foil in its 
thickness dimension.  The large cavity in (b) is the result of insufficient filler material to occupy 
the full gap.   

 

 Multiple brazing tests using the fused silica mold resulted in brazed joints with reduced 

thickness compared to the original filler foil thickness.  Particularly, preformed foils with a 

thickness of 300 or 500 microns resulted in joints with a substantially thinner filler region.  This 

phenomenon occurred because the configuration depicted in Figure 4.4(a) allowed the weight of 

the upper substrate piece to compress the molten filler and squeeze it out of the joint gap.  This 
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configuration is dubbed the compressed-filler setup.  Thicker pre-formed foils merely resulted in 

more squeezed-out filler in the final braze.  One specimen whose upper substrate piece was 

inhibited from moving by the walls of the fused silica tray exhibited a substantially larger filler 

thickness and different grain morphology from the other specimens.  These grain morphologies 

can be compared in Figure 4.6. 

 The observation of this discrepancy in grain morphology led to the direct assessment of 

the effect of configurational pressure on the filler upon the brazed joints.  The fused silica tray 

was abandoned at this point in favor of a setup in which the joint clearance could be more 

carefully controlled.  To restrict the movement of the assembly components in the absence of the 

mold, heavy spare pieces of Ni-base substrate were used as “walls” to keep the assembly aligned.  

This setup is illustrated in Figure 4.7(a), and is dubbed the fixed-gap-width configuration.  Figure 

4.7(b) displays a modified version of the compressed filler configuration that did not involve the 

use of the fused silica tray.  Results from these two finalized configurations are analyzed in 

Section 6.3.  

 

 

Figure 4.7 Schematic of final brazing assembly configurations for postmortem characterization.  
(a) Fixed-gap-width configuration.  (b) Compressed-filler configuration.           
 

4.5 In-Situ Full Braze Experiments  

 Another visit to APS beamline 1-ID-E was undertaken, focusing on collecting 

radiographic imaging and XRD data on full Alloy 600 brazing configurations, heated in-situ.  

Designing the setup for this experiment constituted a significant and challenging portion of the 

work for this thesis.  Two distinct brazing configurations were designed to mimic both the fixed-
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gap-width and the compressed-filler configurations described in Section 4.4.  It was necessary to 

employ a specimen whose thickness was limited to approximately 1-2 mm in the region of 

interest (ROI), to allow sufficient x-ray penetration for the experiment.  This requirement led to 

challenges with respect to uniform heating behavior, as thinned portions of the specimens acted 

as heat fins and led to undesirable temperature gradients.  The heating environment was also 

required to differ drastically from the vacuum furnace chamber described in Section 4.4.  An 

induction heating coil with sufficient spacing between the turns to shoot the incident x-ray beam 

was used as the heat source.  The optimization processes for both specimen design and the 

heating environment are described below.            

 

4.5.1 Original Specimen Design 

For simplicity, the fixed-gap-width braze specimen is dubbed specimen A, and the 

compressed-filler specimen is dubbed specimen B.  Figure 4.8 on the following page displays the 

original design of these two specimens, as well as stereo-micrographs showing the results of a 

trial braze with these designs using the standard vacuum furnace heating environment. 

As shown, specimen A was designed to have a 1.5 mm thick ROI with a 300 micron 

vertical groove cut into it using wire electrical discharge machining (EDM) and filled with 

MPCA.  This design was intended to place no mechanical stress upon the filler, allowing it to 

melt and fill the groove by capillary action.  For both specimens A and B, regions outside the 

ROI were designed to have dimensions that would allow the specimen to fit with minimal room 

to spare inside a 12.7 mm inner diameter quartz tube, for the purpose of environmental control. 

Copies of specimen A were produced by milling the thinned ROI into a large piece of 

Alloy 600.  Grooves were cut into the machined portion of the workpiece at the appropriate 

spacing using wire-EDM, creating multiple copies of the specimen attached to one another.  

Finally, this workpiece was separated widthwise into individual specimens using an MSX saw.  

For both specimens A and B, all milling was performed with a Bridgeport manual mill operating 

at a speed of 1200 rpm and using a ¼ in four-flute uncoated carbide end mill.  MPCA filler was 

cold rolled to 300 microns by the procedure in Section 4.1.3.  Slivers of foil were ground to the 

appropriate dimensions using needle-nose pliers to grip, and then press-fit into the EDM groove 

in the Alloy 600 specimen.   
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Figure 4.8 (a-b) Sketches of the top view dimensions of specimens A and B.  (c-d) CAD 
renderings of the assembled specimens inside a quartz tube for environmental control.  (e) 
Photograph of fully assembled specimens prior to a heating trial in the standard vacuum furnace 
environment.  (f-i) Stereo-micrographs of the specimen ROI taken (f-g) before and (h-i) after the 
heating trial. 
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Specimen B was designed to mimic the unsupported “sandwich” structure depicted in 

Figure 4.7(b), and was more complex than specimen A.  To ensure a stress condition consistent 

with that employed in ex-situ vacuum furnace brazing, a 6.5 mm thick piece of Alloy 600 was 

positioned on top of the assembly, above a filler foil and a second Inconel piece of the same 

cross section.  As shown in Figure 4.8(b), this cross section was designed to have a 1.5 mm thick 

ROI where the incident x-ray beam would be applied.  The top piece of the assembly was 

intended to be able to freely move downward and compress the filler upon melting of the MPCA.  

Two steel pins were employed to keep the entire assembly rotationally aligned.  The pins were 

sprayed with boron-nitride high temperature lubricant to ensure that friction did not impede the 

motion of the top piece.  This was deemed acceptable, as the pins were located sufficiently far 

from the ROI for boron-nitride contamination to be of minimal concern. 

Copies of specimen B were produced by a combination of milling, cutting, drilling pin 

holes, and grinding faying surfaces with 600 grit SiC paper.  Pin holes were drilled through 

Inconel using a two-flute 1/16 in uncoated carbide drill bit and a Bridgeport manual mill.  The 

holes were drilled through MPCA foil using the same drill bit in a handheld drill.        

 After specimens were fabricated, an initial brazing test was conducted at 1200°C for 90 

minutes using the standard vacuum brazing procedure.  Results are depicted in the stereo-

micrographs in Figure 4.8(f-i).  As depicted, the MPCA filler successfully brazed the specimens 

in this heating test, although the portion of the filler extending past the substrate in specimen A 

(top of the figure) remained unmelted due to heat fin effects.  Further characterization discussed 

in Chapter 7 confirmed that the filler grain morphologies in these specimen geometries 

correlated well with those from their corresponding specimens described in Section 4.4.       

 

4.5.2 Modified Specimen Designs and Heating Environment Optimization 

 Mock heating tests using an induction coil similar to the one employed at APS 

demonstrated that the original specimen geometries were flawed in their ability to experience 

uniform heating.  The thinning of the ROI produced a high surface-area/volume ratio that led to a 

significant heat fin effect, which was exacerbated by heat transfer through convection under 

flowing argon gas through an unsealed quartz tube (the oxidation delay mechanism used at the 

beamline).  This fin effect led to an unacceptably large temperature gradient down the length of 

the ROI, which was detectable when observing the brightness of the specimens with the naked 
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eye, as shown in Figure 4.9(a-b).  As depicted, the lack of uniformity in heating was apparently 

worse for specimen A than specimen B.  For specimen A, the temperature gradient was loosely 

quantifiable by using a K-type thermocouple probe to measure the temperature at the positions 

on the specimen depicted in Figure 4.9(c).  The data in Figure 4.9(d) show that an approximate 

temperature difference of 270°C existed between the base of the heat fin and the tip in specimen 

A, after the system had come to steady state.  For the original specimen A, this meant that the 

filler could not be successfully melted in the ROI without melting the Inconel substrate at the 

base of the fin, regardless of what settings were employed on the induction heating unit.  Hence, 

modifications to the geometry of specimen A were essential.   

 

 
Figure 4.9 (a) Photograph of specimen A during a mock heating test with the induction unit.  (b) 
Specimen B under the same conditions. (c) CAD rendering of unmodified specimen A 
illustrating the points at which the temperature was measured in a mock heating trial.  (d) 
Temperature data displaying the severity of the thermal gradient after the system had come to 
steady state in specimen A.    
 

 The final modified specimen A geometry is depicted in a CAD rendering in Figure 

4.10(a).  The modification was performed by severing the ROI from the specimen, rotating it 

90°, and placing it inside a cylindrical graphite heating sleeve, with 3mm windows drilled 
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through the cylindrical wall, to allow entry of the incident beam and exit of the transmitted and 

diffracted beams.  A CAD rendering of the graphite sleeve is shown in Figure 4.10(b). The use of 

graphite required that the heating environment be reconfigured to be under vacuum in a sealed 

quartz tube, to avoid burning the graphite sleeve in any oxygen that entered the tube, as would 

have been likely in the flowing Ar setup.  The graphite sleeve is believed to have eliminated 

thermal gradients in specimen A.  Data reported in Chapter 7 is for specimens of the modified 

geometry. 

 

 
Figure 4.10 (a) Final modification to specimen A used at the beamline.  (b) CAD rendering of 
the graphite sleeve employed to heat this specimen.         
   

 As shown in the photographs in Figures 4.9 (a) and (b), specimen B demonstrated a 

smaller thermal gradient in its ROI, since the heat fin in this geometry was not as long. Specimen 

B was taken to the beamline in its unmodified state.  However, a thermal gradient was still 

present in specimen B, which rendered a significant portion of the data collected on this 

geometry unusable.  Details regarding this are provided in Chapter 7.  All experiments run on 

specimen B were conducted under flowing Ar gas in an unsealed tube.  The large bottom piece 

of the assembly was held snug by wrapping it in fiberglass insulation, and press-fitting the 

insulation into the quartz tube.           
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4.5.3 Experiment Setup on the Beamline 

During the experiments, temperature was monitored with an infrared thermal camera.  

Temperature readings were found to be reasonably accurate for specimen A encased in the 

graphite sleeve due to the near-black-body radiation emitted by the graphite.  This assessment of 

accuracy was based upon the fact that a specimen that was heated to a temperature reading of 

1055°C did not experience any melting of the MPCA, while a specimen that was heated to a 

reading of 1160°C experienced complete melting.  These temperature readings are consistent 

with the MPCA melting range reported in [68] for the same filler alloy.  Specimen B, with no 

graphite sleeve, produced temperature readings on the IR camera with inaccuracies in excess of 

200 – 300 °C, since the camera could not accommodate for the discrepancy between the 

emissivity of Alloy 600 and a black body.     

Diffraction data was collected using a similar setup to that shown in Figure 4.2(b), except 

that the sample-to-detector distance was 850 mm and the energy of the monochromatic beam 

was 71.676 keV.  This configuration allowed data to be collected across a 2 range of 0-16°, 

corresponding to a range of greater than 0-180° in traditional Cu-K radiation.  The highest-

index FCC peak that could be detected was (420) using this setup.  In contrast to the laser-

melting MPCA experiment, the diffracting grains in the full braze setup were large (0.5 – 1 mm) 

and relatively few.  As such, beam attenuation using Pb shielding was required to ensure that the 

detector was not over-saturated at the locations where diffracted beams made contact.  

Radiography data was also collected using a Retiga 4000DC tomography detector, positioned 

approximately 20 cm beyond the specimen.   

 

4.5.4 Data Collection 

Since the tomography detector blocked diffracted beams from reaching the far-field 

detector, radiography and diffraction data could not be collected simultaneously.  Radiography 

data was collected continuously at a frame rate of 1 Hz during heating of each specimen, to 

monitor the process and determine the appropriate settings for the induction furnace to mimic a 

heating ramp time of 79 min and a holding temperature of 1200°C.  The IR camera data also 

helped inform the selection of the induction parameters, although as discussed, this data was only 

reliable for specimen A.        
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 After MPCA melting was observed in radiographic imaging, the detector was switched to 

the diffraction setup and the beam was reduced to have rectangular dimensions of either 50 or 

100 microns horizontally, and 30 microns vertically.  A set of 21 diffraction patterns was then 

taken at the isothermal holding temperature, which was slightly different for each specimen and 

is reported along with the results in Chapter 7.  Using the motorized stage, the specimen was 

moved 30 microns vertically between the capture of each pattern.  This translation of the 

specimen gave a spatial diffraction “scan”, with patterns collected at each of the beam positions 

displayed in Figure 4.11(a-b) on the following page, which overlays each beam position on a 

radiography frame.  The 21 patterns covered a range of 600 microns, centered at the original 

centerline of the MPCA material prior to melting.  Using stage motors, the specimen was rotated 

5° in either direction about a vertical axis while diffraction data was collected at each position.  

This procedure ensured that enough grains met the Bragg condition so as to produce observable 

diffraction.  This rotation made careful alignment of the assembly prior to each experiment 

essential, as misalignments in the assembly could have caused the quartz tube housing the 

specimen (see Figure 4.9(a-b)) to contact the induction coil upon rotating and shatter. Each entire 

scan encompassing 21 individual patterns was run programmatically and took approximately 10 

minutes.  

The appropriate beam attenuation settings were tested by trial and error while a sample of 

specimen A was being isothermally held at its maximum temperature.  The temperature profile 

curve for this specimen is shown in Figure 4.11(c).  Other specimens displayed a shorter 

isothermal hold time because the attenuation settings only needed to be tested once.  Some 

specimens were cooled incrementally by progressively lowering the power to the induction 

heating unit.  After the specimen had come to steady-state at each cooling step, the radiography 

detector was inserted, and the position of the specimen was adjusted to account for thermal drift 

using radiography images as a guide.  The diffraction detector was then reinserted and a full 

spatial diffraction scan was run at steady state for each cooling step.  This process produced the 

step-wise cooling curve displayed in Figure 4.11(c).  A final diffraction scan was run on the 

specimen after it was fully cooled.  As shown in Figure 4.11(c), this process produced a thermal 

cycle 2-3 times as long as the 90 min holding cycle described in Section 4.4.1.       

 



59 
 

 

Figure 4.11 (a-b) Beam positions for every pattern taken during a spatial diffraction scan, 
overlaid on a radiography frame.  (c) Example temperature profile for a specimen with a 
complete spatial diffraction scan taken at each step of incremental cooling.  The temperature 
profile represents the camera reading for the graphite sleeve encasing the specimen.   

 

Other specimens had in-situ data collected during isothermal holding. This procedure 

constituted an attempt to ascertain whether any filler solidification took place during the 

isothermal hold, as occurs during TLP bonding.  This data was arguably more useful than the 

data taken during step-wise cooling.  Step-wise cooling caused a discrepancy in the thermal 

cycle that made it difficult to draw valid comparisons with postmortem observations of vacuum 

furnace braze specimens.  Due to time constraints on the beamline and the necessity for setup 

optimization, no in-situ isothermal hold specimen underwent a thermal history that precisely 

matched the vacuum furnace thermal cycle.  Refer to Appendix A for a tabulated experiment log 

of the specimens investigated during this visit to APS.        
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4.5.5 Takeaways for Future Experiment 

The challenges in collecting data for an in-situ full brazing experiment brought to light 

the following experimental design considerations that will be essential during a future visit to 

APS:   

1. Both specimen A and specimen B must be encased in a graphite heating sleeve.  This 

helps ensure even heating and allows accurate temperature readings to be taken from the 

IR thermal camera.  Specimen B will need a new geometry.  New mock heating trials 

must be performed to ensure that brazes matching the results of standard vacuum furnace 

brazing can be achieved.    

2. A series of diffraction scans should be conducted during isothermal holding, to 

investigate the occurrence of isothermal solidification. This procedure must be done in a 

thermal cycle that matches what is employed in ex-situ vacuum brazing.  Scanning during 

a step-wise cooling process does not sufficiently simulate the vacuum furnace brazing 

process.  

 

4.6 Metallographic Preparation Procedure 

 Pure MPCA specimens and specimens cut from Alloy 600 brazes were prepared for 

metallographic characterization using a similar procedure.  Both types of specimens were 

mounted in bakelite using a Leco PR-32 32 mm hot mounting press.  Mounted specimens were 

then ground using 240, 320, 400, 600, and 1200 grit SiC abrasive paper.  Grinding was generally 

performed by hand at a linear grinding station, though occasionally a motorized wheel 

configuration was employed.   

 All specimens were polished by hand on a motorized wheel using 6 micron and 1 

microns diamond slurries at a wheel speed between 300 – 400 rpm.  3 micron slurry was omitted.  

The 6 micron polishing step was always performed using a Leco UltraSilk synthetic polishing 

pad, for a time of 60 – 90 seconds when the polishing pads were relatively new, and 2 – 3 

minutes when the pads had been used more heavily.  UltraSilk pads were found to lose 

effectiveness after 8 – 10 specimens and were therefore discarded and replaced at this interval.  

The 1 micron step was performed using a Leco Imperial cloth pad for 4 minutes.  At least 25 – 

30 specimens could be polished using a single Imperial 1 micron pad.   
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  Braze specimens could usually be imaged optically after the 1 micron polishing step with 

sufficient contrast to see grain boundaries in the filler material and near the filler-substrate 

interface.  All optical imaging was performed on a Leco Olympus PMG3 microscope, affixed 

with a PaxCam digital camera interface.  An example of such an as-polished micrograph is 

provided in Figure 4.12(a).  Pure MPCA specimens prepared for the XRD analysis outlined in 

Section 4.2 underwent no further metallographic preparation.         

 

Figure 4.12 Selected optical images demonstrating the results of the metallographic preparation 
procedure.  (a) Brazed specimen in the as-polished condition, in which the filler morphology is 
clearly visible, along with some porosity accumulation at the upper substrate surface.  (b) As-cast 
MPCA specimen, etched with undiluted aqua regia for 10s.   
 

Both braze specimens and pure MPCA specimens that were destined for SEM analysis 

were subjected to an additional vibratory polishing step employing either 0.04 or 0.05 micron 

colloidal silica as the polishing medium.  This step was performed on a Buehler VibroMet 2 

vibratory polisher, operating at 50% amplitude and using a Leco Imperial pad for 8 – 10 hours.   

   Certain MPCA specimens not used for brazing were etched for optical microscopy.  

Etching was performed using undiluted aqua regia, a mixture of hydrochloric and nitric acids in a 

volumetric ratio of 3:1.  This etchant was swabbed over specimens using a saturated cotton ball 

for 10 seconds, after which the etchant remaining on the surface was quickly rinsed away with 

deionized water.  An example optical image of an etched as-cast MPCA specimen is provided in 

Figure 4.12(b).    
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4.7 Scanning Electron Microscopy  

 Characterization of braze specimens and MPCA specimens was conducted by energy 

dispersive x-ray spectroscopy (EDS) and electron backscatter diffraction (EBSD) using a JEOL-

7000 field emission scanning electron microscope (SEM).  Usually, EDS mapping and EBSD 

data collection were performed simultaneously using the capabilities of the texture and element 

analysis microscopy (TEAM) software developed by EDAX.  EDS line scans or point analysis 

were performed separately.  Further analysis of the EBSD data was performed in the orientation 

imaging microscopy OIM-Analysis software also developed by EDAX.  

 Simultaneous EDS and EBSD data collection was performed at a working distance of 18 

mm with the specimen tilted to an angle of 70°.  As both the Alloy 600 and MPCA materials 

should have been entirely FCC, the software was set to only index patterns to an FCC phase so 

as to avoid mis-indexing any low-confidence points.  Confidence index (CI) values were 

typically above 0.1 for over 90% of the indexed points.  The EBSD camera was optimized for 

rapid data collection using the “optimize fast” function in the TEAM software.  Usually, the 

camera settings were further adjusted manually to ensure that points were indexed at a rate of at 

least 20 – 30 patterns per second, by lowering the camera exposure and increasing the gain.  CI 

values were checked at several locations throughout the scan region while performing manual 

camera optimization, to ensure that the majority of values remained above 0.1.  Step size was 

varied depending on the area of the region being analyzed.  Typically, a step size value was 

selected that would allow data collection to complete in a time of 45 – 60 minutes.  The step size 

used for every EBSD scan displayed in this document is included with the results. 
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CHAPTER FIVE  

IN-SITU SOLIDIFICATION STUDY OF LASER-MELTED PURE FILLER MATERIAL 

  

This chapter outlines the results from the experiments which have their procedures 

described in Sections 4.2 and 4.3.  These experiments are grouped because they relate to studies 

of the pure MPCA filler material and do not involve the Alloy 600 substrate.  Section 5.1 

discusses the results of the equilibrium phase behavior investigation.  Subsequent sections 

describe the results of the in-situ solidification study conducted at APS beamline 1-ID-E.    

 

5.1 Equilibrium Phase Behavior 

Figure 5.1 displays the XRD results from the as-cast, homogenized, cold rolled, and post-

deformation-aged MPCA specimens.  All patterns only display peaks that can be indexed to an 

FCC phase.  To allow comparisons to be made to synchrotron data, which employs a different 

wavelength of radiation, results are plotted against the wavelength-independent reciprocal lattice 

vector q, defined by:  

 𝑞 =  2𝜋𝑑  (5.1) 

 

where d is the atomic interplanar spacing.  Note that as 2 is also a measure of reciprocal space, 

plots against q also place low-index peaks on the left hand side.     

  Figures 5.1(a-b) demonstrate the effect of cold rolling on as-cast and homogenized 

material.  The evolution of similar rolling texture is observable in both.  In Figure 5.1(a), the un-

rolled as-cast material displays asymmetrical FCC peaks, as shown by the call-out of the (200) 

peak.  While not as severe as the peak splitting behavior reported by MacDonald et al. [54], the 

broader slope on the left-hand side of the peak is indicative of the presence of a Mn- and Cu-rich 

FCC segregation.  This will be proven conclusively in Section 5.3.  By comparing the blue 

spectra in Figures 5.1(a) and (b), it can be seen that homogenization results in substantially 

narrower and more symmetrical peaks.  Additionally, SEM observation revealed that the 

homogenization treatment produced equiaxed grains, and EDS line scans taken across grain 

boundaries showed minimal evidence of segregation.  These results indicate that the 

homogenization treatment at 950°C for 4h was effective in solutionizing the MPCA to a much 
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more uniform composition, as predicted by MacDonald for the MnFeCoNiCu equiatomic system 

[54].  As shown in Figure 5.1(b), cold rolling the homogenized material broadens the peaks 

again, through the introduction of dislocations that strain the lattice.          

 

Figure 5.1 XRD patterns collected using Cu-K radiation for MPCA.  (a) Comparison of as-cast 
condition to the as-cast, cold rolled condition. (b) Comparison of samples homogenized at 950°C 
for 4h before and after cold rolling. (c) Comparison of samples homogenized, cold rolled to 60% 
reduction, and aged for 2h at 450°C, 650°C, and 850°C followed by water quenching.  All 
patterns account for the presence of K1 and K2 radiation. 
   

Figure 5.1(c) compares the XRD patterns for the homogenized-cold-rolled and the post-

deformation-aged specimens at 450, 650, and 850°C for 2h.  As shown, the relative intensities of 

the low-index peaks are different at the different aging conditions.  While the patterns at 450°C 

and 650°C are clearly textured, the pattern taken at 850°C matches the diffracted intensities of a 

randomly oriented powder pattern.  This demonstrates loss of rolling texture at the 850°C 

condition, indicating that complete recrystallization occurred during the 2h hold at this 
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temperature.  None of the peaks at any of the heat treatment conditions display appreciable 

deviation from Gaussian symmetry.  This result is in stark contrast to the peak broadening and 

separation behavior of equiatomic MnFeCoNiCu displayed at 600°C-2h and 800°C-2h, as shown 

in Figure 2.7(b-c) [54].  Thus, it can be concluded that the Mn35Fe5Co20Ni20Cu20 MPCA 

composition provides a more stable single FCC phase than the equiatomic composition across a 

broad range of temperatures after a homogenization treatment.  This attribute of the filler 

satisfies the design objective achieved through the process outlined in Chapter 3.  The 

compositional segregation discussed in the following sections can therefore be considered to be a 

non-equilibrium thermodynamic condition.  Due to the absence of a two-phase equilibrium, the 

term “phase” is avoided altogether when referring to dendrites and interdendritic material.         

 

5.2 Postmortem Microstructural Characterization of Laser-Melted Specimens 

 Figure 5.2 displays etched optical and SEM micrographs of the laser-melted MPCA 

specimen at varying magnifications.  These images illustrate the dendritic microstructure of the 

re-solidified MPCA material, as well as the solidification substructure remaining in the cold 

rolled material from the arc-casting procedure.  Note that, as indicated in Section 4.1.3, the 

original arc-cast material was not homogenized prior to cold rolling, which is why the 

solidification substructure remains visible.   

 

Figure 5.2 (a-b) Etched optical micrographs of the laser-melted specimen displaying (a) the full 
extent of the melt pool and (b) a higher magnification at which the dendritic microstructure 
begins to become apparent.  (c) Etched SEM image clearly showing the dendrites (light color) 
and interdendritic material (dark color).  The secondary dendrite arm spacing is periodic at 
approximately 0.8 microns.        
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Figure 5.3 demonstrates the results of simultaneous EDS and EBSD scans performed on 

the laser-melted specimen at low magnification.  The scan area consisted of a portion of the melt 

pool and the adjacent un-melted cold rolled material, with the boundary between these regions 

clearly evident.  The EBSD result demonstrates refined grains (on the order of 5 microns) in the 

un-melted rolled material that produced high XRD signal at the APS beamline prior to being 

melted.  As shown, the re-solidified grains are columnar in nature and are substantially larger, on 

the order of 50 microns.  This enlargement led to a much smaller population of diffracting grains 

in the re-solidified material, which is in agreement with the lower-signal diffraction data 

displayed for this region, discussed in Section 5.3.  At this magnification, the compositional 

gradients associated with the dendrites displayed in Figure 5.2 are not resolvable with EDS area 

mapping.  Element segregation originating from the coarser dendritic microstructure produced in 

the original arc-casting progress is visible in the un-melted material, though the dendrites are not 

well defined because of the deformation introduced through cold rolling.  This segregation 

corresponds with the solidification substructure visible in Figure 5.2(a).  As evidenced by Figure 

5.3, this preexisting substructure appeared to have minimal effect upon the structure of the 

solidified laser-melted material.    

 

 
Figure 5.3 (a) EBSD inverse pole figure map of the laser melt pool and cold rolled material 
below it taken at a step size of 1 micron.  (b-f) EDS element maps on the same region of the 
specimen for Mn, Fe, Co, Ni, and Cu, respectively.        
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 The higher magnification EDS line scan data shown in Figure 5.4 provides a qualitative 

assessment of the segregation behavior.  As shown in Figure 5.4(a), the line scan was taken 

transversely to a series of secondary dendrite arms.  Figure 5.4(b) qualitatively shows that the 

relative concentrations of each element fluctuate at an average period of 0.8 microns, 

corresponding to the secondary dendrite arm spacing (SDAS).  The scale of this fluctuation was 

too fine for a reasonable quantitative composition estimate to be performed with EDS.  However, 

the fluctuations in Figure 5.4(b) clearly show that Fe and Co segregate to the dendrites (lighter 

material), while Cu and Mn segregate preferentially to the interdendritic space.  Ni cannot be 

conclusively determined to segregate to either region from this data.  The segregation behavior 

precisely matches that described in [54-60] for the MnFeCoNiCu system.  It is also in reasonable 

agreement with the previous segregation data for this filler material in brazed joints reported by 

Gao [12, 68].    

 

 
Figure 5.4 (a) Selected area of SEM micrograph displaying the series of secondary dendrite arms 
in the laser-melted material over which an EDS line scan was taken.  (b) Qualitative 
concentration profile of each element in the MPCA determined from the line scan.  
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 The influence of cooling rate on SDAS in MPCA systems is not as well understood as it 

is in conventional alloys.  The morphological evolution of secondary dendrite arms is governed 

by solute restriction effects, as solute ejected from solidifying dendrites into the remaining liquid 

typically restricts lateral dendritic growth.  Solute effects are more easily quantifiable in 

conventional alloys, which typically possess relatively small concentrations of elements acting as 

solutes.   Reports such as that by Nagase et al. [78] on SDAS/cooling rate relationships in 

MPCAs are often limited to a specific composition.  A more encompassing approach was 

proposed by Patel et al. [79] in a study on Ni-base superalloy 718.  As this superalloy possesses a 

disordered FCC structure as its primary phase, it was deemed appropriate to adapt Patel’s 

approach to apply to the FCC MPCA in this study.  This approach employs the following 

equation: 

 𝑆𝐷𝐴𝑆 = 𝐶 (∆𝑇𝐺𝑅)1/3
 (5.2) 

ΔT represents the solidification temperature range, GR represents the cooling rate, and C is a 

constant reported to be approximately 10 for alloy 718 [79].  Taking this as an appropriate 

estimate for C, the calculated cooling rate for the MPCA is 1.1 x 105 °C/s, based on the 

observable SDAS in Figure 5.4.  This value is on par with the range of cooling rates typically 

observed in laser-melting processes [80].  This value is important to consider when examining 

the strengths and weaknesses of the analytical moving-heat-source approach used to model the 

autogenous laser weld in Section 5.5.   

 

5.3. Evolution of the Diffraction Pattern 

 Figure 5.5 shows visual representations of the diffraction data taken before, during, and 

after the in-situ experiment.  All data in this figure was taken with the x-ray beam centered 100 

microns below the original top ledge of the specimen (refer to geometry in Figure 4.2)   Figure 

5.5(a) shows the Debye rings produced by diffraction of the cold-rolled material prior to the laser 

scan.  The refined grains in the cold rolled material produce continuous Debye rings, as the grain 

population is sufficient for Bragg diffraction to occur in all directions.  However, it is noteworthy 

that this is not a perfect powder pattern, as texture from cold rolling produces concentrated 

diffraction poles clearly visible as bright spots in the Debye rings.  This observation qualitatively 

agrees with the development of texture from rolling displayed in Figure 5.1.  In Figure 5.5(b), 
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taken after complete cooling of the laser-melted specimen, the rings are substantially more 

incomplete.  This discontinuous nature is a signature of a reduced diffracting grain population, 

resulting from the presence of much larger columnar grains after melting, as shown by the EBSD 

result in Figure 5.3.  

 Figures 5.5(a-b) both display the range over which azimuthal integration of these two-

dimensional diffraction patterns was performed, shown as a red overlay.  A relatively narrow 

azimuthal range of ± 30° from the vertical was selected.  This range was selected to avoid 

convolution of directionally disparate thermal constraint effects caused by the high aspect-ratio 

sample geometry shown in Figure 4.2.  The results of this integration over each in-situ 

diffraction frame are displayed visually over time in Figure 5.5(c), with brightness corresponding 

to diffracted intensity.  Intensity was normalized to the maximum value at each frame to produce 

this graphic.  To avoid confusion with the typical Bragg diffraction angles measured using a 

conventional Cu-K radiation XRD setup, the results are plotted against the wavelength-

independent reciprocal lattice vector q, defined in equation 5.1.  

 In Figure 5.5(c), the brief existence of the liquid phase is clearly visible as the time 

window beginning approximately 0.1s after the initiation of the laser scan in which the 

diffraction data does not index to a crystalline structure.  Both before and after this period, only 

FCC peaks appear in the data.  Rapid cooling is evident during the 0.1s immediately following 

solidification, during which the diffraction peaks return to the approximate positions they 

occupied prior to melting.  This initial 0.1s of cooling is the primary focus of the in-situ 

investigation in the remainder of this chapter.  Note that most of the diffraction bands appear 

narrower after re-solidification than in the initial rolled material.  This observation can be 

attributed to a lower dislocation density in the re-melted material, and the presence of more 

severely segregated dendrites and interdendritic material, as will be discussed.      
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Figure 5.5 Diffraction data taken at an incident beam depth of 100 microns.  (a-b) 100 ms exposure 
raw diffraction patterns from (a) rolled material before the laser scan and (b) fully re-melted and 
cooled material after the laser scan.  The range of azimuth used for pattern integration is shown as 
a red overlay.  (c) In-situ evolution of integrated diffraction patterns displayed visually for the first 
2 seconds of cooling. 
 

Figure 5.6 displays the evolution of the integrated one-dimensional (1D) diffraction 

pattern in the first 100 ms after the onset of solidification.  This evolution gives a more complete 

picture of the solidification mechanism and informs the development of the segregated dendritic 

microstructure shown in Figure 5.4.  The reference time (0 ms) is taken as the latest frame 

displaying a fully amorphous diffraction pattern, corresponding to a time just prior to the onset of 

solidification at the location of the incident beam.  Subsequent patterns are displayed at an 

interval of 4 ms, corresponding to the frame time of the detector, up to a total time of 20 ms.  

Selected patterns follow at the time values indicated.    
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Figure 5.6 Evolution of the integrated one-dimensional diffraction patterns at high temporal 
resolution during solidification.  Data displayed are for a beam depth of 100 microns.  (a) Full 
spectrum and (b) close-up view of the (200) peak.   
 

As clearly shown by the expanded view of the (200) FCC peak in Figure 5.6(b), 

solidification begins in the first 8ms as a symmetrical diffraction peak emerges from the 

amorphous structure.  At the 12ms frame, there is some evidence of asymmetry beginning to 

evolve in the diffraction peak.  By 16ms, a distinct, broad shoulder has emerged on the left side 

of the peak, indicating the presence of a distinct, new composition of the FCC phase.  This new 

composition possesses a larger average lattice parameter and broader distribution of lattice 

parameters than the main peak.  This shoulder broadens further, reaching its maximum 

detachment from the main peak between 28 and 44 ms, before its severity is moderated 

somewhat in subsequent patterns displayed at 60ms and 100ms.  

The emergence of the main peak followed by the shoulder peak after a delay corresponds 

with what is to be expected from dendritic solidification, followed by the solidification of 

interdendritic material with a different composition.  Only the dendrite appears to exist as 

solidified material in the 4-12 ms time window, with interdendritic solidification commencing at 

16 ms.  The two peaks can be proven to correspond respectively to the dendritic and 

interdendritic material by an analysis of the peak positions as the specimen approaches room 

temperature.   
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Figure 5.7 (a) Evolution of the FCC lattice parameter for each composition during cooling as 
determined from the centers of the (200) peaks.  Data is plotted against the theoretical room 
temperature lattice parameter based on a hard-sphere atomic model and as-cast dendrite 
composition data. (b) Example set of diffraction data that was fit using two Pearson VII peak 
functions.  Black circles represent original data from the detector.  
 

This data is shown in Figure 5.7(a), with the peak position converted to FCC lattice 

parameter.  As shown in Figure 5.7(b), this figure was constructed by fitting two Pearson VII 

peak functions to the (200) data in each in-situ diffraction pattern, and taking the center of each 

function as the peak position.  Pearson VII was chosen over the pseudo-Voigt function because it 
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was found to be more robust at successfully resolving the closely overlapping FCC peaks.  This 

method allowed the center of each peak to be estimated, even when it lies between two of the 

original data points from the diffraction detector, which are shown as black circles in Figure 

5.7(b).  The spacing between the original data points was limited by the pixel resolution of the 

diffraction detector at the beamline.  The accuracy of the calculated peak center could be easily 

verified by visually inspecting the fitted curves.  Particular diffraction patterns that did not 

produce high quality fits are excluded from Figure 5.7(a).  

The dashed lines in Figure 5.7(a) represent theoretical room temperature lattice 

parameters calculated using a simple hard-sphere model with atomic radii data taken from [70] 

and dendrite/interdendritic compositions approximated from the data reported for as-cast 

material in [68].  These composition data are given in Table 5.1 on page 71.   The process for 

determining this theoretical value for a known MPCA composition is outlined below. 

Consider a single face-diagonal of an FCC unit cell, as shown by the dashed line in 

Figure 5.8.  This diagonal comprises three atoms in positions labeled A, B, and C.  Since there 

are five elements in the MPCA system, the atoms in positions A, B, and C can each be one of 

five types, giving 125 total possible arrangements of the three atoms along the diagonal.  The 

probability of a given arrangement i is then calculated using the equation 

 𝑃𝑖  =  𝑋𝐴𝑖 ∗  𝑋𝐵𝑖 ∗  𝑋𝐶𝑖 (5.3) 

where the Xi values represent the compositional atomic fraction of the type of atom in a specific 

position for that arrangement.  Assuming the atomic radius is an appropriate measure of the 

spatial distribution of the atoms in the three positions, the corresponding length of the face-

diagonal for arrangement i is then    

 𝑙𝑖 = 𝑟𝐴𝑖 + 2𝑟𝐵𝑖 + 𝑟𝐶𝑖 (5.4) 

where the ri are the atomic radii of the atoms in question.  If a local MPCA composition is 

known, the average FCC lattice parameter can then be calculated by its simple geometrical 

relation to the average face-diagonal, for any face in any unit cell.   This average is given by 

Equation 5.5. 

 𝑎𝑎𝑣𝑔 = ( ∑ 𝑃𝑖125𝑖=1 ∗ 𝑙𝑖)√2  (5.5) 
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Figure 5.8 Illustration of the process for calculating the theoretical FCC lattice parameter of a 
given MPCA composition.  Hard-sphere rendering of the FCC crystal structure taken from [81].         
 

 The agreement between the theoretical lattice parameters and the experimental data as the 

specimen approaches room temperature is sufficient to proceed with confidence in the assertion 

that the main peak corresponds to dendrites, and the shoulder peak corresponds to interdendritic 

material.  The experimental data measured from the laser-melted specimen is shown to display a 

somewhat wider disparity between the lattice parameters of dendrites and interdendritic regions 

than the predicted theoretical values for the as-cast microstructure.  It was necessary to use the 

as-cast material to provide the EDS composition estimates detailed in Table 5.1, because the 

dendrites in the laser-melted specimen were too fine to resolve in any semi-quantitative 

assessment.  Even for the coarser as-cast dendrites, the EDS is not the most quantitatively 

accurate technique for estimating composition, but it was chosen because it was readily 

available.  

 

Table 5.1 [68] Approximate compositions of the dendritic and interdendritic material in as-cast 
MPCA, alongside the as-designed composition.  

Element (at. %) Designed As-Cast Dendritic 
As-cast 

Interdendritic 

Fe 5 6.8 3.5 

Co 20 24.2 14.4 
Ni 20 20.8 19.8 

Mn 35 33.5 36.5 

Cu 20 14.7 26.1 
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The wider disparity in lattice parameters for the laser-melted specimen can be explained 

by the fact that, in the as-cast material, the cooling rate would have been substantially slower 

(typically 10-100 °C/s as opposed to 103-106 °C/s for laser melting) [80].  This slower cooling 

rate would have given more time for solid-state diffusion to moderate the compositional disparity 

between the two materials.  Cu and Mn diffusion from the interdendritic material to the dendrites 

increases the dendrite lattice parameter.  This analysis explains why the dashed blue line in 

Figure 5.7(a), representing the as-cast material, is higher than the curve for laser-melted material.  

As detailed more thoroughly in Section 5.5, the dendrites are shown to coarsen in volume during 

cooling.  Hence, they accumulate more overall compositional change than the interdendritic 

material, which experiences a volume fraction decrease to accommodate this change.  This 

explains why the lattice parameter for the interdendritic material exhibits better matching in 

Figure 5.7(a), independent of cooling rate. 

 
Table 5.2 Calculated temperature-averaged thermal expansion coefficients alongside pertinent 
literature values.   
 

Mn35Fe5Co20Ni20Cu20 

Dendritic 

Mn35Fe5Co20Ni20Cu20 

Interdendritic 

Cantor’s Alloy 
(CrMnFeCoNi) 

[82] 

Ni-Base 

Alloy 

600 [23] 

Temp. 

Averaged 

Linear CTE 

x 10-6 (°C)-1 

23.4 21.8 21.4 14.9 

    

An estimate of temperature-averaged coefficients of thermal expansion (CTEs) for both 

dendrite and interdendritic material can also be obtained from Figure 5.7(a).  This calculation 

was done by taking the emergence of the shoulder peak to correspond roughly to the solidus 

temperature of the material and assuming bulk thermal expansion is directly proportional to a 

change in FCC lattice parameter.  Table 5.2 displays the calculated results alongside pertinent 

values taken from the literature cited in the table.  The measured CTE for the dendritic 

composition is 7% higher than that of the interdendritic composition.  It is noteworthy that each 

of the measured CTE values from the Cantor-variant MPCA filler material is comparable with 

the CTE of Cantor’s equiatomic MPCA [82].  Most importantly, the dendritic and interdendritic 

material have respective CTE values 57% and 46% greater than the temperature-averaged value 

for Alloy 600 [23].  During cooling of a brazed specimen, this mismatch places tensile stress 
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upon the filler material near the substrate interface, which has important ramifications that will 

be discussed more thoroughly in Chapter 6.     

While the Pearson VII or pseudo-Voigt fits could reliably identify the x-axis positions of 

both the main (dendrite) peak and the shoulder (interdendritic) peak, these techniques were 

inconsistent in resolving the relative width, area, and intensity of the two peaks.  This was 

particularly true in in the highly-transient period corresponding to the first 0.1s following the 

onset of solidification, which is the most critical portion of the in-situ data being assessed.  As 

shown in Figure 5.7(b), even the best Pearson VII fits did not perfectly match the experimental 

data from the diffraction detector.  This fitting technique relies purely upon a mathematical peak 

function, and does not consider the factors affecting the diffraction pattern from a scientific point 

of view.  This shortcoming necessitated the use of a more scientifically oriented Rietveld 

refinement technique to perform a quantitative analysis on the two peaks during solidification.      

 

5.4 Modelling Procedure for Rietveld Refinement 

 The Rietveld refinement is a technique originally developed in [83] to quantitatively 

assess the presence of multiple phases in a single material, while simultaneously accounting for 

many other variables that influence diffraction patterns.  It employs a least-squares fitting 

methodology to simultaneously optimize multiple variables.   

A leading software package for performing Rietveld refinements is GSAS-II [84], which 

allows the user to incrementally refine selected variables associated with a number of input 

structures.  By providing an initial approximation of the atomic structure(s) alongside 

experimental diffraction data, the user can employ GSAS-II to optimize selected variables by 

running the least-squares fitting analysis.  This approach is designed to minimize the difference 

between the theoretical diffraction pattern calculated from the input structures and the 

experimentally observed pattern.  The assessed variables can be numerous.  A few examples 

include unit cell lattice parameters, preferred orientation, lattice site occupancy of a particular 

atom, average lattice strain, and relative fractions of each structure input to the refinement.    

For materials displaying short range atomic order, such as many ceramics, the Rietveld 

refinement can be used to rigorously solve the atomic structure.  For disordered metallic solid 

solution phases, which lack a perfectly repetitive unit cell, the results are less concrete, but can 

still offer insight regarding the relative amounts of certain input structures.  Limited existing 
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literature, if any, discusses the use of a Rietveld technique to quantitatively resolve closely 

overlapping XRD peaks exhibited by MPCAs, despite the fact that this phenomenon has been 

observed in multiple reports [54, 57, 59].  A novel technique, outlined in the following sections, 

was therefore developed using GSAS-II to meet this challenge.             

 

5.4.1 Generation of Imitation Structures  

 No structure model can be designed for input into GSAS-II that does not possess some 

degree of short-range order, unless a computationally prohibitive number (thousands) of atoms is 

used.  This limitation is acceptable, as the intent of this Rietveld approach was not to rigorously 

solve the atomic structure, but rather compute the relative fractions of dendrite and interdendritic 

material during the in-situ XRD pattern evolution.  As such, it was determined that a set of so-

called imitation structures could serve as appropriate models for extracting this variable from the 

Rietveld refinement, provided that the imitation structures could generate high-quality fits to the 

experimental diffraction dataset.  This process required the refinement of several other variables 

to account for experimental deviations from a powder pattern, as described in Section 5.4.2.          

The imitation structures selected were 2 × 2 × 2 FCC supercells, containing two FCC 

unit cells in each dimension.  These structures possessed 63 distinct lattice sites (for clarification, 

this is different from the number of whole atoms contained within the supercell).  Each lattice 

site was populated with an atom of one of the constituent elements of the MPCA.  The number of 

each type of atom in a supercell was determined by normalizing composition data to the 

appropriate number of atomic sites.  The 2 × 2 × 2 supercell was selected because it was the 

simplest structure that contained a sufficient number of atomic sites to accurately model the 

compositions.  To account for the lattice distortion effect of MPCAs [47], as well as the fact that 

the imitation structures were not designed to represent a single FCC unit cell, no symmetry 

constraints were imposed upon the imitation structures.  Rather, the lattice parameters were 

allowed to vary independently as in a triclinic structure.  This methodology therefore also carries 

the assumption that the material surrounding each imitation structure provides no constraint 

effect, which may not be the reality, but necessary for the refinement to proceed.  

 Two distinct supercell compositions were designed, corresponding to the dendritic and 

interdendritic regions of the MPCA given in Table 5.1.  Because the dendritic structure in the 

laser-melted material was too fine to resolve compositions using EDS, composition data for the 
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coarser dendritic structure of the as-cast MPCA, reported in [68], were once again used as in 

Section 5.3.    

 While the compositions of the dendritic and interdenritic imitation structures were held 

constant, the atomic arrangements were allowed to vary, as they would among 2 × 2 × 2 

supercells in a true disordered solid solution.  All possible permutations of the 63 atoms in each 

supercell were constructed in MATLAB, and then a random permutation was selected and 

written to an associated crystal information file (.cif).  This permutation testing was done 44 

times for both the dendritic and interdendritic imitations structures, until a permutation was 

found that gave high quality fits to the diffraction data.  

  

 
Figure 5.9 Two randomized atomic arrangements for a 2 × 2 × 2 FCC supercell generated for 
the (a) dendritic and (b) interdendritic MPCA composition.  Estimated composition data for the 
as-cast microstructure [68] were used only to determine the appropriate number of each element 
in the supercells. 
 

Graphical renderings of two atomic arrangements for both the dendritic and interdendritic 

compositions are shown in Figure 5.9.  For the sake of simplicity, each dendritic imitation 

structure file remained paired with a designated partner interdendritic imitation structure file. As 

such, a total of 44 distinct structure pairs were input into GSAS-II.  These structure pairs were 
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then assessed to determine which produced the highest quality fits to the experimental diffraction 

data when subject to a self-consistent Rietveld refinement procedure.  The development of this 

procedure is described in Section 5.4.2, and the means for selecting the most appropriate 

imitation structures is described in Section 5.4.3.        

 
5.4.2 Establishing the Refinement Procedure 

 The process for performing the Rietveld refinements was guided by tutorials provided by 

Argonne National Laboratory and the guidelines provided in [85].  First, the instrument 

parameters were determined for input into GSAS-II by performing a peak analysis on the pattern 

generated from the cerium oxide calibration standard.  This is the typical procedure used to 

calibrate instrument parameters, even when the specimen of interest possesses a metallic solid 

solution crystal structure.  These were held consistent no matter what experimental data or 

imitation structures were input to the refinement.  At the beginning of each refinement, one of 

three experimental patterns taken either before, during, or after the in-situ experiment was loaded 

into GSAS-II for analysis against a set of imitation structures.  The 100 ms exposure patterns 

were used for the “before” and “after” conditions.  The diffraction frame taken 60 ms after the 

onset of solidification was used as an example of- in-situ data.  After loading the diffraction 

pattern, a pair of imitation structures were loaded and coupled to the pattern.     

Parameters were then added to the refinement suite sequentially, allowing the software to 

perform a refinement prior to the addition of each new parameter.   Table 5.3 outlines the 

refinement parameter sequence.  Figure 5.10 on the following page displays the progression of 

the calculated XRD pattern, plotted against the experimental peak from the fully cooled 

specimen after the experiment, as additional variables were added to the refinement. 

A refinement of the background was performed as a prerequisite step.  Preferred 

orientation was selected for refinement early in the sequence because the large deviations from a 

powder pattern following re-solidification made this absolutely essential.  Microstrain was 

included in the parameter suite to attempt to account for peak broadening not due to the 

compositional disparity between dendrites and interdendritic material.  A refined dendrite 

fraction was the desired data output from this analysis.  This parameter was included before the 

refinement of the unit cell because refining the unit cell first frequently led to simulation failure.  

It is important to note that parameters from all previous steps remain included at any given row 
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of Table 5.3, so dendrite fraction was refined once again in conjunction with the unit cell 

refinement at the termination of the sequence. 

 

Table 5.3 Sequence of refinements performed in Rietveld analysis 

Refinement  

Sequence # 

Parameter 

Added 

Number of 

Refinement 

Cycles 

Typical 

Rw
(1)

  

Prior (%) 

Typical 

Rw
(1)

  

After (%) 

Notes 

1 Background 3 100 93 3 Coefficients 

2 
Preferred 

Orientation 
3 93 18 

8 Coefficients, 
Spherical Harmonics 

3 Microstrain 3 18 10 

Accounts for peak 
broadening not 
attributable to 

composition disparity 

4 
Dendrite 
Fraction 

3 10 8 

Constrained such that 
dendrite + 

interdendritic adds to 
100% 

5 Unit Cell 6 8 1 - 2 
Triclinic lattice 

parameters refined 
(1) Rw refers to the weighted profile residual statistic. 
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Figure 5.10 Progression of the calculated XRD pattern (green line), plotted against postmortem 
experimental data (dark blue circles), as parameters were progressively added to the Rietveld 
refinement suite.  The light blue line represents the raw difference between these patterns.  The 
black line represents the difference normalized by the local standard deviation in the data.  Note 
the changing scale associated with the black line.   
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5.4.3 Comparison of Imitation Structures 

 B. H. Toby, a developer of GSAS-II, comments that comparing the weighted profile 

residual statistic (Rw), which is output by the software, is the only valid means of directly 

comparing the quality of different refinements [86].  This comparison is typically made when 

rigorously solving the structure of a material, but can be extended to the case of approximating 

the structure of a disordered FCC phase.  Refinement data were amassed for the complete set of 

44 pairs of imitation structures generated as described in Section 5.4.1, for each of the three 

experimental patterns described in Section 5.4.2.  The structure serial numbers and Rw statistic 

for each refinement are tabulated in Appendix B.  Data are sorted by fit quality as ranked by the 

value of Rw.    

 As shown by the tabulated data in Appendix B, a single set of imitation structures 

produced the highest quality fit for each of the three experimental patterns used for the 

refinement (before, during, and after solidification).  This set was therefore selected to conduct a 

Rietveld refinement on all of the in-situ diffraction frames.  Again, the intent here is not to 

inform any kind of atomistic modelling using the structures generated. The quality of fit is more 

likely a function of the refined lattice parameters of the imitation structures than a function of the 

relative positions of the atoms.  This is the case because all the constituent atoms in the MPCA 

have similar diffracting intensities. While the relative atomic positions represent a genuine aspect 

of the structure, the refined lattice parameters are purely artificial.  Thus, this can be considered a 

purely engineering approach by which to analyze the evolution of the dendritic fraction among 

solidified material, which is discussed in the following section.     

 

5.5 Dendrite Fraction Evolution 

 As shown in Table 5.3, performing the established Rietveld refinement procedure on a 

single diffraction frame allows the dendrite fraction to be estimated from the refined parameters.  

Replicating this procedure on many in-situ diffraction frames allows the dendrite fraction 

evolution during solidification and cooling to be calculated.   Figure 5.11 on page 84 displays the 

calculated dendrite fraction evolution using this methodology.  The dendrite fraction within the 

solidified material is displayed at selected diffraction frames as black square markers.  Note that 

the points corresponding to 8 and 12 ms were not constructed from GSAS-II results, but rather 

from the visual observation that a shoulder peak had not yet formed at these times in Figure 5.6.  
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All points at and beyond 16 ms correspond to the output from GSAS-II.  Note that the points 

only correspond to the dendrite fraction within the solid phase and do not take into account the 

phase fraction of liquid at any given time.  Etched optical micrographs with a threshold applied 

to estimate the area fraction of dendrites (white phase) are shown for ex-situ starting and ending 

conditions, with the estimated values depicted on the plot as red stars.  As time advanced beyond 

100 ms, the calculated dendrite fraction from Rietveld refinements on in-situ diffraction patterns 

approaches the estimated value from the optical micrograph of the laser-melted material.  This 

match supplies additional evidence that the imitation structure approach used for the refinements 

is valid.   

As indicated, the data in Figure 5.11 can be divided into four distinct time stages, 

numbered for convenience.  Stage 1 represents the initial phase of solidification, up to about 12 

ms in cooling, where only dendrites exist alongside the liquid phase in the solidifying melt pool.  

This stage is before the shoulder peak has evolved in Figure 5.6, and therefore before any 

interdendritic material has solidified.  In Stage 2, some of the interdendritic material solidifies, 

bringing the fraction of dendrites in the solidified material down to approximately 50%.  In Stage 

3, for a duration of approximately 12 ms, the dendrite fraction in the solidified material plateaus 

in the range of 50 – 55%, prior to bottoming out sharply at approximately 30% at the onset of 

Stage 4.  The plateau is seemingly indicative of a period of partial and preferential re-melting of 

the interdendritic material, which keeps the dendrite fraction in the solid material high for a time 

before full solidification is complete at t = 32 ms.  This re-melting is illustrated schematically in 

Figure 5.11 by the two black arrows going between the liquid phase and the solid interdendritic 

material.   
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Figure 5.11 Evolution of dendrite fraction within solidified material determined from Rietveld refinements on in-situ data, plotted as 
black markers.  Thresholded etched-optical micrographs display ex-situ metallographic quantifications of dendrite fraction.  
Schematics illustrate the proposed behavior during each phase of cooling.        
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To understand why this preferential re-melting occurred, it is important to understand the 

timing of the laser scan relative to the data in Figure 5.11.  As shown in Figure 4.2, the total 

distance traveled by the laser during the scan was only 2mm, after which point the laser was 

turned off.  The incident beam was centered in the pathway of the laser.  The steady-state 

thermal profile at the instant before the laser was turned off can be estimated from the three-

dimensional Rosenthal equation for a moving heat source [87]: 

 
 2𝜋(𝑇 − 𝑇0)𝑘𝑅𝑑𝑎 ∗ 𝑃 = 𝑒𝑥𝑝 (−𝑣(𝑅𝑑 − 𝑥)2𝛼 ) (5.6) 

  
T is the location-specific temperature, T0 is the starting temperature, k is the thermal conductivity, 

Rd is the radial distance from the laser heat source, x is the distance from the laser in the direction 

of travel, a is the material absorption coefficient, P is the total laser power, v is the laser velocity, 

and  is the material thermal diffusivity. Thermal diffusivity is given by: 

 

 𝛼 =  𝑘𝜌𝑐𝑝 (5.7) 

Where k is the material thermal conductivity,  is the density, and cp is the specific heat capacity.  

Typical values of these material properties for MPCAs were taken as k = 12 W/mK [88] and cp = 

444 J/kgK [89], while an estimate of 8 g/cm3 was used for the density.     

Under these assumptions, all variables in Equation 5.6 are known with the exception of 

the absorption coefficient.  Using the experimental diffraction data to calibrate the size of the 

melt pool predicted by the Rosenthal analysis, it was determined that the absorption coefficient 

was approximately 0.70.  This value gave a melt pool of the correct size and depth to match the 

observed durations of amorphous diffraction patterns at all beam depths when the melt pool 

moves at the velocity of the laser.  The resulting thermal profile using this coefficient value is 

illustrated in Figure 5.12, with the incident beam size and positions shown over time relative to a 

fixed profile.  Note that in reality, the beam position was fixed, and the molten material moved, 

but the reverse reference frame is plotted for convenience. As is the case throughout this study, 

the reference time is taken as the last diffraction frame before re-solidified material appears in 

the diffraction pattern at a beam depth of 100 microns. The first two contours in the thermal 

profile correspond to the known liquidus temperature of 1150°C, and an adjusted non-

equilibrium solidus temperature of 960°C based on a Scheil solidification simulation.   
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Figure 5.12 Calculated thermal profile from Rosenthal’s three-dimensional equation for a moving 
heat source. Relative incident x-ray beam positions are displayed for the time prior to the 
termination of laser travel.  The reference time is the final diffraction pattern before the onset of 
re-solidification.  
 

As indicated, the left-most beam position corresponds to the termination of the laser scan, 

which occurred 8 ms after the onset of solidification and represents the final instant at which the 

assumptions behind the Rosenthal equation hold.  Non-steady-state behavior ensues, including 

solidification of the large volume of material inside the 1150°C contour in Figure 5.12.  The heat 

transfer during this period is too complex to assess with a simple analytic model.  However, the 

proximity of the beam to the large volume of solidifying material suggests that the resultant 

latent heat release expanded the size of the partially solidified zone, and ultimately caused the re-

melting behavior that occurs in Stage 3.  The Fe- and Co-rich dendrites have a melting point 

substantially higher than the Cu- and Mn-rich interdendritic material.  Therefore, the dendrites 

experience significantly less re-melting than the interdendritic material.  The total volume 

fraction of dendrites within the solid increases slightly at the beginning of Stage 3 as some of the 

interdendritic material returns to the liquid state.  The time-delay to complete solidification lasts 

until the effects of the latent heat release are dissipated.       

During Stage 4, solid state interdiffusion between the dendrites and interdendritic 

material causes a gradual coarsening of the dendrites up to the final steady-state value of 

approximately 54% volume fraction.  One piece of evidence supporting this is the narrower 

disparity in lattice parameter for as-cast material than laser-melted material, discussed in Section 
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5.3.  This indicates that dendrite coarsening can occur through the same diffusion process that 

moderates the compositional disparity between dendrites and interdendritic material while the 

temperature remains high.     

To further assess the reasonability of the solid-state dendrite coarsening due to diffusion 

proposed to occur in Stage 4, a simulation was performed using the diffusion module (DICTRA) 

in ThermoCalc software.  A single half-dendrite was modelled adjacent to half of an 

interdendritic interval, with the approximate overall size of the system as 400 nm.  The rationale 

for this setup is illustrated on the SEM micrograph used to approximate the dendrite arm spacing, 

depicted again for convenience in Figure 5.13(a).  An exponential temperature decay profile 

constructed using the initial cooling rate determined by the analysis of SDAS was input into the 

simulation, with the timing adjusted such that the solidus temperature corresponded to the onset 

of Stage 4 in Figure 5.11.  The diffusion simulation was terminated at a total cooling time of 200 

ms.  Due to the difficulties in determining the real-time composition profiles of the dendritic and 

interdendritic regions, initial composition profiles were assumed to be the dendrite and 

interdendritic composition data reported for as-cast material in [68]. Both the composition profile 

inputs to the diffusion model and the results are depicted in Figure 5.13(b). 

 
Figure 5.13 (a) SEM image of laser-melted material displaying the rationale for the diffusion 
simulation setup. (b) Diffusion simulation results assuming the approximate solidus temperature 
corresponds with the minimum dendrite fraction in Fig. 5.11.  Solid lines show the initial 
composition profile.  Dashed lines show the simulation results following 200 ms of cooling 
under exponential temperature decay.   
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The results indicate that the diffusion distance was small enough for significant 

interdiffusion to occur between the two solidified compositions during cooling.  The model 

indicates that Mn diffusion into the dendrite was the fastest, despite the relatively mild initial 

composition gradient input.  As Mn and Cu are the largest-radii elements in the MPCA system 

[70], the influx of these elements into the dendrites would have served to increase their volume 

fraction, while sacrificing the volume fraction of the interdendritic region.  This should also 

elevate the average lattice parameter of the dendrite.  Though refined lattice parameters were 

reported by the Rietveld software, it was difficult to deconvolve changes in lattice parameter 

resulting from compositional changes with those resulting the temperature change during 

cooling.   

Dendrite coarsening resulting from migration of the compositional interface through 

diffusion could have increased the dendrite volume fraction as well.  The results in Figure 5.13 

demonstrate that diffusional boundary migration on the order of 10 nm could have occurred 

during cooling.  Boundary migration on the order of 100 nm would have been necessary to 

account for the 25% increase in dendrite fraction observed in Figure 5.11.  The final dendrite 

fraction is in good agreement with the estimate provided by an etched optical micrograph, as 

discussed previously.  Further in-situ experimentation using high energy radiography could assist 

to more accurately quantify the dendrite coarsening behavior.   
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CHAPTER SIX 

IMPACT OF COMPOSITION AND BRAZING VARIABLES UPON OBSERVED 

POSTMORTEM MICROSTRUCTURE 

Since the solidification behavior of the pure MPCA filler has now been qualified, this 

chapter examines the ex-situ characterization of specimens brazed in the vacuum furnace using 

the procedures outlined in Section 4.4.  As discussed in Section 2.7, this brazing procedure had 

already been optimized by Gao [12, 68].  However, in preparing for the in-situ investigation 

presented in Chapter 7, several vacuum-furnace brazing trials were conducted, and new 

observations of the brazing behavior were made that warrant discussion.  The chapter opens with 

an analysis of the diffusion behavior between the substrate and the filler, detailed in Section 6.1.  

This assessment was done through new analysis of Gao’s existing data to address the question of 

sluggish diffusion.  Section 6.2 examines the impact that compositional alterations introduced 

through inconsistencies in MPCA fabrication can have upon the filler performance and defect 

formation.  Section 6.3 explores in detail the different microstructures resulting from the fixed-

gap-width configuration and the compressed-filler configuration.  Section 6.4 presents an 

analysis of the mechanisms at play in forming these microstructures.  

 

6.1 Kinetic Analysis on Filler-Substrate Interdiffusion  

The question of sluggish diffusion must be addressed for Mn35Fe5Co20Ni20Cu20.  Sluggish 

diffusion is the property of MPCAs most contested in the literature, as detailed in Section 2.4.  

An approach to this was undertaken by fitting a quasi-binary diffusion profile to the composition 

profiles across the filler-substrate interface, determined through Gao’s EDS line-scan [12, 68].  

The fits for Mn, Co, and Cu are displayed alongside Gao’s EDS data in Figure 6.1.  These 

elements were chosen because they all diffused from the filler to the substrate, whereas Ni 

diffused in the reverse direction, and Fe displayed minimal initial concentration gradient. 
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Figure 6.1 [68] Experimental composition data for Mn, Co, and Cu (colored markers) taken from 
EDS across the filler-substrate interface in a specimen brazed using Gao’s optimized process.  
The black dashed lines represent quasi-binary curves fit using the displayed diffusion 
coefficients and the methodology described in Equations 6.1-6.3.  

   

The experimental quasi-binary diffusion coefficients were then back-calculated from the 

fits for Mn, Co, and Cu into the substrate, which was modelled as pure Ni.  This calculation was 

done using a method similar to that of Sauer and Freise, detailed in [90], which has also been 

employed by the both Tsai [40] and Jin [46] in their efforts to understand sluggish diffusion 

(Section 2.4.2).  In this method, the following equations are used to calculate the apparent 

diffusion coefficient (�̃�) as a function of composition along the interfacial profile: �̃�(𝐶∗) =  12𝑡(𝑑𝐶/𝑑𝑧)𝑧∗  [(1 − 𝑌) ∫ (𝐶 − 𝐶−)𝑑𝑧 + 𝑌 ∫ (𝐶+ − 𝐶)𝑑𝑧∞
𝑧∗

𝑧∗
−∞ ] 

 

(6.1) 

𝑌 = 𝐶∗ − 𝐶−𝐶+ − 𝐶− (6.2) 

In these equations, C is the variable concentration, C* represents the specific 

concentration at a given point z* along the curve, C+ and C- are the concentrations at either 
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terminus, and t is the total diffusion time.  Using the Sauer-Freise methodology [90], the average 

diffusion coefficient, �̅̃�, is calculated from: 

�̅̃� =  ∫ �̃�𝑑𝐶𝐶+𝐶−∫ 𝑑𝐶𝐶+𝐶−  (6.3) 

The diffusion coefficients were calculated under the assumption that all diffusion 

occurred during the isothermal holding period at 1200°C. These values were then compared to 

the temperature-specific diffusion coefficients for each of these elements alone into pure Ni, 

which were calculated from data reported in [91].  The results are detailed in Table 6.1.   

As shown in the table, the experimental diffusion coefficients for the three elements 

bound by the MPCA are all on the order of 10-14 m2/s, while Mn, the fastest diffuser, is reported 

to diffuse into Ni at a rate roughly 100 times greater in the absence of the other elements in the 

MPCA.  Thus, while Mn is still the fastest diffuser from the MPCA into the Ni-base substrate 

experimentally, its solid-state diffusion is significantly impeded by the presence of the other 

elements in the MPCA.  The diffusion can be considered solid-state because, as discussed in 

Chapter 7, material near the filler-substrate interface solidifies early in the isothermal holding 

process.  The diffusion behavior of Mn is taken as evidence of sluggish diffusion in this filler 

material.   

    

Table 6.1 [68]  Experimentally measured diffusion distances and calculated experimental 
diffusion coefficients for Mn, Cu, and Co into Alloy 600 matrix, compared with pertinent 
literature values for a true binary system 

Element 

Distance between 

diffusion fronts 

(microns) 

Calculated Sauer-

Freise D range 

at 1200°C 

Reported D 

range at 

1200°C  [91] 

Reported 

activation energy 

(Q) for diffusion 

in Ni [91] 

30 

min 

90 

min 

120 

min 
(*10-14 m2/s) (*10-14 m2/s) (kJ/mol) 

Mn 328 376 406 5.2 - 5.7 179 - 357 210 

Cu 305 317 342 2.7 - 3.2 6.8 – 13.6 250 

Co 305 323 345 3.0 - 3.5 1.3 – 2.6 270 
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6.2 Effects of Compositional Disparity in Filler upon Joint Porosity 

 Table 6.2 presents the results of the XRF analysis made using the procedure outlined in 

Section 4.1.2.  The reported compositions for all of the buttons produced for this work, as well as 

the filler material provided by M. Gao, are converted to at. % and compared.  The possible error 

reported by the SciAps X-200 was highest for Mn, but never exceeded a value of 1.2 at. %.  For 

all of the other elements, the error never exceeded 0.35 at. %.  XRF as a technique generally 

improves in accuracy with the atomic number of the element, so these reported error values may 

be somewhat optimistic for the relatively light metallic elements of this MPCA system.  

Nevertheless, the accuracy is sufficient for qualitative comparisons to be made from button to 

button.    

 As shown in Table 6.2, the XRF analysis detected the presence of both Al and Si as 

impurity elements in every button.  The presence of these elements is easily explained by the 

procedures used to prepare the constituent element pieces for arc melting, which involved both 

cutting with an alumina abrasive blade and grinding with SiC paper.  Although the constituent 

element pieces were thoroughly cleaned prior to arc melting, the XRF analysis indicates that it 

can be quite difficult to eliminate these impurities altogether.  However, no significant Al- or Si-

bearing secondary phases were detected through EBSD and EDS in either pure MPCA or brazed 

specimens. Hence, the presence of these elements in the filler was determined to be of negligible 

significance. 

 

Table 6.2 Comparison of the compositions measured by XRF for every MPCA button produced 
for this work, as well as the material provided by M. Gao.    

Fabricator, 
Button Ser. No. 

Mn 
(at. %) 

Fe 
(at. %) 

Co 
(at. %) 

Ni 
(at. %) 

Cu 
(at. %) 

Si 
(at. %) 

Al 
(at. %) 

Design Intent  35.0 5.0 20.0 20.0 20.0 0.0 0.0 
Schneiderman, Button #1 34.0 3.2 18.2 19.6 24.1 0.5 0.4 
Schneiderman, Button #2 34.6 3.3 19.0 20.2 22.4 0.2 0.2 
Schneiderman, Button #3 35.2 3.2 18.4 19.9 22.5 0.4 0.3 
Schneiderman, Button #4 35.4 3.2 18.9 19.8 21.8 0.2 0.6 
Schneiderman, Button #5 36.5 3.1 18.4 19.7 21.8 0.1 0.3 
Schneiderman, Button #6 35.3 3.3 18.9 20.2 21.9 0.1 0.4 
Schneiderman, Button #7 36.9 3.5 19.5 19.6 19.8 0.5 0.3 
Gao, Button #1 44.9 2.5 18.8 17.2 15.6 0.8 0.3 
Gao, Button #2 45.9 1.6 17.2 18.0 16.7 0.3 0.3 
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 Upon comparing the buttons generated in this work with Gao’s material, one can see a 

marked difference in the Mn-content.  The XRF analysis indicates that Gao’s material contained 

approximately 45 at. % Mn, a 10 at. % increase relative to the nominal design intent.  The high 

Mn-content diluted the remaining elements, which are approximately present in the appropriate 

relative ratios to one another, with the exception of an apparently low Fe-content.  However, 

given that the reported Fe-content was low for all the measured compositions, it is possible that 

this is attributable to systematic error in the XRF measurement.  The other buttons produced for 

this work matched the design intent much more closely, with the Mn-content never deviating 

from the target value by more than 2 at. %.  As Mn is by far the most difficult element to control 

when arc melting the MPCA from its constituent elements, it is unsurprising that the 

concentration of this element would vary the most widely among buttons fabricated by different 

individuals.   

     

 

Figure 6.2 (a) Optical micrograph montages comparing the pore morphology in joints brazed 
using the high-Mn filler, and the filler near the nominal composition.  (b-c) Thresholded 
reconstruction of a synchrotron computed tomography scan run on a joint brazed using the high 
Mn-filler.  (b) Top view, looking at the plane occupied by the filler.  (c) Side view demonstrating 
the porosity through the thickness of the braze.  
 

The disparity in Mn-content had a significant effect upon the propensity of the filler to 

form defects during brazing.  As illustrated in Figure 6.2(a), joints brazed using Gao’s high Mn-

content filler consistently displayed a different morphology of pores than joints brazed using 
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filler originating from any of the other buttons.  While joints brazed with Gao’s filler did 

generally display porosity, the pores were limited in size and discontinuous in nature.  In 

contrast, joints brazed using the filler material that more closely matched the nominal 

specification displayed a higher propensity to form a continuous network of large pores along or 

near the joint centerline.  This difference in pore morphology was a consistent trend for joints 

brazed using the two different filler compositions under the same conditions. 

A single computed tomography scan was run at APS on a specimen brazed with the high-

Mn filler by Michelle Gilbert, another former graduate student in this research group, using 

Gao’s optimized brazing procedure.  A thresholded three-dimensional reconstruction of the 

results is shown in Figure 6.2(b-c).  The threshold was applied at a saturation of 10%.  

Unsurprisingly, this result indicates a similar pore morphology to what is displayed in the optical 

micrograph using the high-Mn filler, with a fine, discontinuous network observable.  As the 

tomography reconstruction is based only upon the gray value of its constituent stack images, it is 

difficult to distinguish pores from any second-phase particles that may be present, which may 

have affected the x-ray signal similarly.  Nevertheless, given that Gao reported no precipitation 

of Cr-Mn sigma phase until after the optimal brazing time, it is likely that porosity accounts for 

the majority of what is shown.  Therefore, the tomography reconstruction indicates that some 

level of porosity was likely present in Gao’s brazed joints, which should be noted when 

considering his reported mechanical properties.  Alternatively, deterioration of the vacuum 

furnace environment by contamination from excessive use could potentially cause joints brazed 

more recently to demonstrate more porosity than when Gao was performing his research.  In 

particular, owing the high volatility of manganese, Mn and MnO vapors can evolve and deposit 

on surfaces within the vacuum furnace, causing contamination of the vacuum in subsequent 

furnace runs.  Furnace contamination is known to be responsible for surface oxide formation 

during heating, which results in deviations from ideal wetting behavior for most fillers and can 

increase porosity [92].  MnO was not visible by inspection on the outer surfaces of braze 

substrates, but deposition of this vapor was observed on other surfaces in the furnace, indicating 

that oxidation of faying surfaces was a possibility.  

Speculation aside, there is little question that Gao’s high-Mn filler produced a more 

favorable pore morphology than the nominal filler composition, indicative of better flow 

behavior.  Gao’s EDS data on his brazed joints indicated that the composition of the filler after 
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brazing was near the nominal composition [68].  Taken together, these two pieces of evidence 

suggest that the inclusion of extra Mn in the as-fabricated filler may be necessary to account for 

Mn loss that occurs during brazing due to its high volatility.  The appropriate, as-designed 

composition is then generated in-situ during brazing, and behaves approximately as expected.  

All subsequent characterization was performed on joints brazed using the high-Mn filler.       

 

6.3 Effect of Brazing Configuration upon Grain Morphology 

 Figure 6.3 directly compares EBSD inverse pole figure maps and EDS element maps of 

joints brazed using Gao’s high-Mn filler in the fixed-gap-width configuration and the 

compressed-filler configuration.  The fixed-gap-width configuration shown in Figure 6.3(a) 

represents a sample where the joint clearance was exaggerated to 1 mm, to provide starker 

contrast with the compressed-filler morphology.  The joint clearance was controlled using the 

method outlined in Figure 4.7. All joints brazed in the fixed-gap-width configuration using a 

smaller joint clearance displayed similar morphological and partitioning behavior to what is 

shown in Figure 6.3(a), albeit on a smaller scale. 

 

Figure 6.3 Comparison of postmortem EBSD inverse pole figure and EDS element maps for 
joints brazed using Gao’s optimized vacuum furnace brazing process.  (a) Fixed-gap-width 
configuration, with joint clearance exaggerated to 1 mm, EBSD step size 6 microns.  (b) 
Compressed-filler configuration, EBSD step size 5 microns.      

   

Figure 6.3(a) shows that in the absence of any extrinsic stress and “squeeze” effect, the 

re-solidified filler displays dendritic solidification behavior similar to that presented in the 
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Section 5.2.  Grains are columnar in nature, and once again, a single orientation may pervade 

multiple primary dendrites.  Mn and Cu once again segregate to interdendritic space, and Fe and 

Co to the dendrites.  Ni displays little preference for either.  The relatively diffuse Mn 

segregation may indicate that a degree of re-homogenization occurred while the solid filler was 

still exposed to high temperatures during cooling.  It is noteworthy that enough Cr has diffused 

into the filler during the brazing process for it to display a strong preference to segregate to 

dendrites, alongside Fe and Co.  In spite of this, the EBSD patterns index to an FCC phase with 

high confidence index across the entirety of the joint, and no Cr-Mn rich zones are detected in 

the EDS data.  This result corroborates Gao’s finding that this MPCA composition displays some 

degree of tolerance to Cr-diffusion without forming large precipitates of the detrimental Cr-rich 

sigma phase, in spite of the equilibrium behavior predicted by Figure 3.3.  As will be shown in 

Chapter 7, this tolerance is dependent upon the careful process control offered by vacuum 

furnace brazing. 

Another feature of joints brazes in the fixed-gap-width configuration is the occasional 

exhibition of epitaxial growth across the filler-substrate interface, as illustrated by the circled 

grain in Figure 6.3(a).  This growth behavior indicates that there is a sufficient lattice parameter 

match in the FCC phases displayed by the filler and substrate for epitaxy to occur.  However, the 

fact that epitaxy is only observed in a handful of grains requires explanation.  Figure 6.4 shows 

EBSD data from another fixed-gap-width specimen with the joint clearance controlled to 300 

microns.  In this specimen, several of the grains in the filler display a very similar orientation to 

one of the large substrate grains, but there is a layer of fine grains lining the immediate filler-

substrate interface in between.  One factor thought to be responsible for the formation of this 

layer of refined grains is dynamic recrystallization (DRX) during cooling, induced by thermal 

expansion mismatch at the material interface.  This phenomenon is discussed in detail in Section 

6.4.1.  This indicates that epitaxial growth during solidification may be more common than 

postmortem EBSD examination suggests.  However, during cooling, interfacial recrystallization 

may occur, producing the type of “interrupted” epitaxy observed in Figure 6.4.   
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Figure 6.4 EBSD inverse pole figure map of a specimen brazed in the fixed-gap-width 
configuration, with joint clearance controlled to 300 microns.  Step size 3 microns.  The black 
dashed lines represent the locations of the filler-substrate interfaces, determined through EDS.        
 

Figure 6.3(b) indicates that a dramatically different morphology is achieved by allowing 

the substrate to weigh freely upon the molten filler, providing a “squeeze” effect.  As shown, 

finer, equiaxed grains are present in the re-solidified filler, with no dendritic substructure visible 

in the EDS maps.  This change in morphology is attributable the weight-induced compressive 

pressure and centerward liquid flow generated from the squeeze effect.  This causes changes in 

gap width and the volume of molten filler occupying the gap.  The element segregation behavior 

is similar, with Mn and Cu co-segregating, while Fe, Co, and diffused Cr segregate to the 

alternative regions.  Figure 6.5 provides an overlaid view of the inverse pole figure and Cu-

distribution maps for the same specimen.  By examining this, one can see that the Cu- and Mn-

rich segregation lines the grain boundaries in this filler morphology, particularly those near the 

joint centerline.  This observation indicates that the equiaxed grains solidified by rejecting Cu 

and Mn as low-melting point “solutes”, pushing these elements to grain boundaries.  The extent 

of solidification that occurred during the isothermal holding period is investigated in Section 

7.3.1.  The concentration of the low-melting point elements along the joint centerline likely 

indicates some directional advancement of solidification inward from the substrate surfaces.  

However, epitaxial growth from the substrate was almost never observed postmortem by EBSD.  

Rather, as shown in Figures 6.3(b) and 6.5, the typical grain morphology in compressed-filler 

joints consisted of highly refined equiaxed grains near the filler-substrate interfaces, and 
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relatively coarse equiaxed grains populating the interior of the filler.  This observation is further 

indicative that the grain morphology of near-interfacial grains may have been affected after 

solidification by DRX and anneal twinning in the FCC filler material.  These phenomena are the 

focus of Section 6.4.      

 

Figure 6.5 Overlaid view of the inverse pole figure and Cu-element maps for a compressed-filer 
braze specimen.  EBSD step size 5 microns.     
  

6.4 Phenomena Influencing the Observed Grain Morphologies 

 

6.4.1 Dynamic Recrystallization (DRX) 

 DRX is a recrystallization mechanism that takes place during straining of materials at 

temperatures above roughly 0.5Tm, where Tm refers to the absolute melting temperature [93].  It 

has been proposed in the previous section that this is the mechanism responsible for the 

formation of a layer of refined grains lining the substrate-filler interfaces in both types of braze 

configurations.  A mathematical approach to determining the plausibility of DRX as the 

operating mechanism is presented below.  

    In the brazing experiment, the source of strain at the interface is the disparity in thermal 

contraction behavior between filler and substrate as the specimen is cooled.  The calculated 

temperature-averaged coefficients of thermal expansion (CTEs) for both the dendrites and 

interdendritic material of the MPCA filler are given in Table 5.2 and compared to that of Alloy 

600.  The bulk CTE for the MPCA is assumed to be the average of the dendrites and 

interdendritic material, which is roughly 50% higher than that of Alloy 600.  Assuming that 
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thermal expansion mismatch produces strain in only the direction perpendicular to the substrate-

filler interface (Figure 6.6a), and the bulk CTEs are unaffected by diffusion at the interface, the 

strain imposed by the mismatch can be calculated by  

 𝜀 =  ∆𝛼(𝑇𝑠 − 𝑇) (6.4) 

      ∆𝛼 is the difference in linear thermal expansion coefficient, Ts is the solidus temperature 

of the filler, and T is any arbitrary temperature experienced during cooling.  This equation 

assumes that the solidus temperature corresponds with the onset of straining, since strain could 

be accommodated by the liquid phase existing at higher temperatures.  The strain rate as a 

function of temperature can be calculated by replacing T in Equation 6.4 with its time-derivative.  

The specimens brazed in the vacuum furnace underwent slow furnace cooling (data in Figure 

6.6b), so the strain rate caused by thermal expansion mismatch was slow, on the order of 10-5 s-1 

at the onset of cooling, and 10-6 s-1 near 500°C (Figure 6.6c). 

 

 
Figure 6.6 (a) Schematics illustrating the tensile strain imposed at the filler-substrate interface by 
thermal expansion mismatch.  (b) Temperature vs. time data during cooling in the vacuum 
furnace, beginning at the filler solidus temperature.  (c) Calculated strain rate vs temperature for 
strain imposed by thermal expansion mismatch during cooling.    
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 Wu et al. have investigated the tensile flow behavior of Alloy 600 at elevated 

temperatures by performing hot-tensile experiments on a Gleeble thermal simulator [94].  Figure 

6.7 illustrates their flow curve data while independently varying strain rate and temperature.  No 

such data exists for the MPCA, so the Alloy 600 data must serve as an approximation for the 

behavior at the filler-substrate interface for the purpose of this study.  As Wu et al. discuss, the 

material experiences negligible strain hardening at high temperatures and low strain rates [94].  

This behavior is attributed to a dynamic equilibrium between typical strain hardening behavior 

and softening caused by DRX.  High temperatures increase the rate of DRX, and low strain rates 

minimize the dislocations that are generated through straining before DRX and dynamic 

recovery occur.  

 

Figure 6.7 [94] Alloy 600 stress-strain curves at elevated temperatures.  (a) Constant strain rate 
of 10-3 s-1 and variable temperature.  (b) Constant temperature of 900°C and variable strain rate.  
 

 As shown in Figure 6.7, strain hardening in Alloy 600 is minimal for a strain rate of 10-3 

s-1 at temperatures above 900°C.  The strain rates experienced by the braze interface are at least 

two orders of magnitude lower than this across the full range of temperatures during furnace 

cooling.  Hence, it is reasonable to assume negligible strain hardening at the braze interface 

down to a temperature of 850°C, or perhaps lower.  Under this assumption, one can use the peak 

stress of the material flow curve at a given temperature and strain rate as an approximation of the 

stress required for the onset of DRX.  The peak stress can be calculated for a given strain rate 

and temperature using the constitutive equation for Inconel 600, determined by Wu et al. [94]: 
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 𝜀̇ = 4.5 ∗ 1014[sinh(0.005𝜎𝑝)]exp (−385000𝑅 ∗ 𝑇(𝐾) ) (6.5) 

 This equation was determined through linear fitting of the logarithm of the Zener-

Holloman parameter.  In this equation, 𝜀̇ represents the strain rate, 𝜎𝑝 is the peak stress, R is the 

gas constant, and T(K) represents the absolute temperature.  Using equation 6.5 and the strain-

rate curve in Figure 6.6(b), the evolution of the peak stress as cooling progresses was calculated.  

Assuming a sufficient dislocation density to drive recrystallization, all that remains necessary to 

prove that DRX occurred at the interface during cooling is to show that the strain imposed by 

thermal expansion mismatch was sufficient to induce a stress of 𝜎𝑝 in a certain temperature 

range.  A map of the imposed uniaxial tensile stress as a function of temperature and strain was 

generated for temperatures above 850°C by interpolating over the literature data in Figure 6.7(a).  

Although this data corresponds to a strain rate of 10-3 s-1, Figure 6.7(b) shows that the tensile 

behavior at low strains is roughly independent of strain rate, so long as the strain rate is below 

0.1 s-1.    

The interpolated map of imposed stresses is shown in Figure 6.8(a).  The pink line 

represents the temperature/strain conditions experienced at the interface during cooling.  Figure 

6.8(b) compares the imposed stress data along this line (red curve) with the 𝜎𝑝 required for the 

onset of DRX (blue curve), as calculated using Equation 6.5.  The data is extrapolated to a 

temperature of 650°C.  As shown, a relatively narrow temperature window between 825-925°C 

exists where the imposed stress approaches 𝜎𝑝.  Although the imposed stress never exceeds 𝜎𝑝, it 

is important to note that the constitutive equation used to calculate 𝜎𝑝 was derived for Inconel 

600, and may not accurately describe a diffuse Inconel/MPCA interface.  Furthermore, Rossard 

et al. have proposed that the critical strain required to induce DRX is only 83% of the strain 

corresponding to 𝜎𝑝 in the flow curve [95].  Critical stress would correlate similarly, as the 

stress-strain curve is in the elastic regime for much of the period prior to 𝜎𝑝.  Applying this 

correction would bring the 𝜎𝑝 curve below the imposed stress curve for the range of 825-925°C.              
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Figure 6.8 (a) Map of imposed stresses in Alloy 600 as a function of temperature and strain, 
interpolated from [94], with a schematic showing the locations of the imposed stress within the 
joint.  The pink line indicates the conditions of the braze specimens during cooling.  (b) 
Comparison of imposed interfacial stress from thermal expansion mismatch to 𝜎𝑝 required for 
the onset of DRX, calculated from Equation 6.5.   
 

Although this analysis carries inherent assumptions, it is reasonable to conclude that 

DRX is a plausible mechanism for producing grain refinement at the filler-substrate interface 

during cooling.  The majority of DRX likely occurs in the temperature window of 825-925°C.  

The relative narrowness of this window can explain the fine grains observed in the postmortem 

EBSD data.  As the specimen cools to 500°C within 15 min after exiting this temperature 

window, subsequent grain growth is likely minimal. 

 
6.4.2 Twinning Behavior 

 It is well known that FCC crystal systems are susceptible to the formation of annealing 

twins, which primarily display a 60° rotation from their parent grains about the 〈111〉 plane 

normal [96, 97].  The orientation imaging and microscopy software by EDAX can use EBSD 

data to map which grain boundaries match the misorientation condition for primary FCC 

twinning.  In Figure 6.9, these results are displayed for the MPCA filler region of the specimens 

presented in Figures 6.4 and 6.5.  As shown, the compressed filler configuration displays a 

markedly higher occurrence of twinning than the fixed-gap-width specimen, and twin boundaries 

are concentrated in the layer of fine grains lining the filler-substrate interface.  Though this 

interface is somewhat diffuse, these fine grains usually display a composition closer to the 

MPCA filler than the Ni-base substrate.       
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 Allameh et al. have examined in detail the occurrence of annealing twins at dissimilar 

FCC interfaces [98].  When monitoring the in-situ evolution of annealing twins in Ag particles 

upon a monocrystalline Ni substrate, they concluded that the formation of these twins was almost 

exclusively driven by the minimization of interfacial energy in their experiment.  While this 

experiment represents a substantial deviation from the conditions experienced by the brazed 

specimens in Figure 6.9, Allameh et al. note that the same concept may be applicable to the 

formation of annealing twins at polycrystalline material interfaces [98].  This finding offers some 

insights regarding a possible mechanism behind the twinning formation mechanism.  

       

 

 
Figure 6.9 (a-b) Grain boundary misorientation distributions in filler grains, determined from 
EBSD data, for (a) fixed-gap-width and (b) compressed filler braze specimens.  The y-axis scale 
is the fraction among distinct grain boundary lines.  (c-d) Map of the proposed twin boundaries 
for the corresponding specimens, cropped to display only the filler grains.    
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A couple of explanations exist for the disparity in twin boundary density between the two 

configurations.  Differences in the weight-induced stress upon the solidifying filler could impact 

twinning.  As shown in Figure 4.7, the fixed-gap-width specimen experiences no compressive 

stress upon the filler, while the weight of the substrate exerts 1.56 kPa in the compressed-filler 

setup.  While this is a very low value of compressive stress, it could possibly impact the 

annealing behavior immediately below the melting temperature range of the filler.  Alternatively, 

differences in the local thermal history during cooling resulting from the discrepancy in filler 

thickness after the “squeeze” effect could play a role.  Further experimentation would likely be 

required to determine the extent to which compressive stress and filler thickness play a role in 

twin formation. 

In summary, post-solidification DRX is observed near the filler-substrate interfaces in 

both the fixed-gap-width and compressed-filler configurations, as this is a means to 

accommodate the local stresses imposed by thermal-contraction mismatch during cooling. 

Anneal twinning at the interface is more frequently observed in the compressed-filler 

configuration. This is a mechanism to lower the interfacial energy at the dissimilar material 

boundary.  Anneal twinning may have also accommodated weight-induced stresses in the 

compressed-filler configuration.              

 

6.5 Importance of Joint Setup in Brazing   

Gao’s tensile-shear tests that offered results demonstrating high shear strength were 

conducted on specimens fabricated in the compressed-filler condition [12].  While no mechanical 

tests were conducted to compare this performance with that of fixed-gap-width brazes, it is 

reasonable to expect that the compressed-filler morphology would offer better mechanical 

performance.  The equiaxed, relatively finer grains offered by the compressed-filler morphology 

should give these joints higher strength and more isotropic properties.  The drastic difference in 

joint microstructure produced by alterations to the brazing configuration indicates that this 

variable is at least as important as the initial pre-form thickness when designing a process by 

which to join advanced or dissimilar materials using MPCA fillers.   
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CHAPTER SEVEN:  

RESULTS FROM IN-SITU CHARACTERIZATION OF FULL BRAZING PROCESS VIA 

SYNCHROTRON RADIATION 

This chapter presents the results of the experiments monitoring the full brazing process 

in-situ at APS beamline 1-ID-E, as discussed in Section 4.5.  As detailed in Appendix A, the 

experiment setup was altered substantially from specimen to specimen, in an effort to optimize 

the heating environment for the collection of in-situ data.  As such another visit to APS is 

planned to carry out experiments that more closely match the vacuum brazing behavior outlined 

in [12, 68] and Chapter 6 of this work.  Nevertheless, the results of two specimens, one each of 

the fixed-gap-width configuration (specimen A) and the compressed-filler configuration 

(specimen B) are presented here.  The two specimens selected are “AR3G” and “B4”, as 

designated in Appendix A.  These specimens were selected because they both had diffraction 

data collected during isothermal holding.  Neither displayed extensive vacation of the brazing 

gap (i.e. “leak-out”) by the molten filler, or any inadvertent melting of the Alloy 600 substrate.  

A postmortem characterization of each of these specimens conducted through optical and 

electron microscopy revealed the presence of some defects.  However, for both, the filler was 

determined to have melted and formed a nearly continuous braze interface in the region where 

the incident beam contacted the sample.  The in-situ investigation of the full brazing process had 

two primary goals: 

(1) Determine the extent to which dynamic recrystallization and anneal twinning impacts 

the final morphology of the braze. 

(2) Determine the extent of solidification that occurs during isothermal holding, and 

make comparisons to conventional TLP bonding.  

The results here offer significant insights with respect to both, as will be discussed in Section 

7.3.  As indicated in Chapter 6, all of the results in this chapter pertain to the filler material with 

a relatively high concentration of Mn.  This was the case to minimize the effect of porosity on 

the quality of the radiography and diffraction data.   

 

 

 



106 
 

7.1 Fixed Gap Width Results (Specimen AR3G) - 90 Minute Isothermal Hold 

 Specimen AR3G was heated at a fairly uniform rate for 28 min to a temperature of 

1160°C.  Figure 7.1 shows the thermal history of the specimen.  This temperature data was 

measured accurately by the infrared camera, since the specimen was encased in a graphite 

heating sleeve that radiated as a near-perfect black body.  This method of temperature 

measurement does carry the assumption that the specimen was in thermal equilibrium with the 

graphite.  No convective cooling was in play, because this experiment was conducted in a 

vacuum to avoid burning the graphite.  The specimen was fully encased in the sleeve, receiving 

uniform heat transfer through radiation and conduction from the heated graphite.  Hence, the 

assumption of thermal equilibrium between the specimen and the sleeve is reasonable.   

 

 

Figure 7.1 Thermal history of specimen AR3G 

 

The heating process was monitored through radiography.  Select radiographic images are 

displayed during heating and holding in Figure 7.2. Observation of the onset of melting in the 

filler at approximately 1150°C correlated fairly well with the reported melting temperature range 

of the filler [12, 68].  As shown, a bubble of liquid filler was first visible at 28 min of heating, at 

a temperature of approximately 1160°C, held in place in the wire-EDM groove by capillary 

action.  To avoid repeating previous failed experiments in which the base material had 

inadvertently been melted, the power to the induction system was not increased after the bubble 

became visible in this radiography frame.  The specimen was monitored radiographically for the 

first 13 min of holding (41 min overall), during which the bubble grew slightly and migrated.  
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The migration was not as significant as shown in Figure 7.2, because the specimen was also 

moved mechanically between 28 min and 41 min, to attempt to bring the region with the molten 

filler closer to the center of the beam pathway to perform the diffraction scan.  Freedom for 

mechanical movement was highly restricted by the limited clearance (approximately 1 mm) 

between the quartz tube providing environmental control and the surrounding induction coil.  

The radiography frame displayed at 41 min represented the nearest to a centered condition that 

could be achieved without shattering the quartz tube against the coil, which was critical to avoid. 

 

 

Figure 7.2 Selected radiography frames for the fixed-gap-width specimen AR3G during heating 
and isothermal holding.  The onset of melting is shown in the 28 min frame.  As indicated, the 
imaging system was offline between 41 min and 110 min while diffraction attenuation trials were 
conducted.   
              

 As indicated, the radiography imaging system was taken offline for approximately 70 

minutes of isothermal holding to conduct beam attenuation trials so that diffraction data could be 

collected without damaging the beamline detector.  Imaging and diffraction data can never be 

collected simultaneously at beamline 1-ID-E.  Specimen AR3G was the first specimen employed 

for hot diffraction data collection, so a number of attenuation trials had to be run to determine the 

appropriate settings, which required about 70 minutes overall.  Grain growth in the Alloy 600 

substrate near the braze made this particularly challenging, as grains on the order of 200 microns 

caused diffracting beams to be heavily concentrated in just a few locations.  This concentration 

of the diffracted beams is illustrated by the example raw detector frame from the substrate shown 
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in Figure 7.3.  Striking the appropriate balance between limiting these concentrated beams to 

below the detector saturation, and simultaneously retaining enough signal to collect a useful 

diffraction pattern, required significant trial and error.  Attenuation settings were chosen to err on 

the side of caution with regard to detector burnout.  To compensate for this, a +/- 5° rotation of 

the specimen was employed to increase the diffracting grain population, and thus the number of 

diffracted beams that could be used to build the pattern. 

 

 
Figure 7.3 Example raw diffraction detector frame taken from Alloy 600 substrate near the braze 
interface during isothermal holding.       
 

 As shown in the final two radiography frames depicted in Figure 7.2, the sample 

underwent substantial changes during the period in which imaging was offline for attenuation 

testing.  By 110 min into the experiment, corresponding to approximately 80 min of isothermal 

hold time, the liquid bubble was no longer clearly visible, and the filler-substrate interface was 

no longer a well-defined line.  These observations indicate that much of the previously molten 

filler had undergone isothermal solidification, and that some liquation of the substrate had 

occurred.  Evidence of this liquation, which is thought to primarily stem from poor 

environmental control in the beamline setup, is more clearly visible in the postmortem 
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micrograph in Figure 7.4.   The cause of the re-solidification is not entirely clear, but it is worth 

noting that the isothermal hold temperature was 1160°C, as opposed to 1200°C used in 

conventional vacuum brazing.  Hence, a TLP-type re-solidification could probably have been 

induced more easily at this temperature, only 10°C above the reported filler liquidus.  The bright 

region near the center of the frame may have indicated the presence of some liquid filler still 

existing in the brazing seam.  Diffraction data was employed to better understand the extent of 

solidification that had occurred at this point. 

 As indicated in Figure 7.1, the diffraction dataset presented in this analysis was taken at 

after approximately 85 to 95 min of isothermal hold time (115 – 125 min of total time).  As 

detailed in Figure 4.11 and Section 4.5.4, a complete spatial scan of 21 diffraction frames was 

taken across the interface at this time.  The diffraction dataset is best analyzed in conjunction 

with postmortem micrographs and EDS/EBSD data.  Figure 7.4 below and Figure 7.5 on the 

following page provide these for specimen AR3G.  

 

 

Figure 7.4 Postmortem as-polished optical micrograph montage of specimen AR3G.  The red 
rectangle indicates the location of the SEM data in Figure 7.5. 
 

The postmortem data alone can offer much information about the brazing process for this 

specimen.  By comparing these figures with the micrographs presented for vacuum-furnace-

brazed specimens in Chapter 6, one can see that the relatively lower quality of the environmental 

control and the extended heating time experienced at APS had a profound negative impact on the 

quality of the braze.  Figure 7.4 shows a morphology consistent with complete melting of the 

filler material, and some liquation of the substrate, particularly on the interface at the bottom of 

the figure.  However, the isothermal holding temperature was too low for optimal wetting 
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behavior, as evidenced by the fact that the filler was not drawn by capillarity into the empty 

portion of the wire-EDM groove at the right-hand side of the figure.  A host of features not 

typically seen in vacuum brazing are visible in the melted filler region of Figure 7.4.  By 

examining the EDS element maps in Figure 7.5, one can see that the brittle Cr-Mn rich tetragonal 

sigma phase lines all of these features.  This phase was first reported by M. Gao as having 

formed in vacuum-brazed specimens after a hold time of 120 min.  Its formation is also predicted 

under certain equilibrium conditions in this study through the CALPHAD isopleth approach as 

detailed in Section 3.3.   

 

 

Figure 7.5 Postmortem combined EBSD inverse pole figure and EDS element maps of the ROI 
of specimen AR3G, with annotations.    
 

Chromium also lines the grain boundaries of the Alloy 600 substrate in the absence of 

manganese.  The manufacturer information states that Alloy 600 is subject to chromium carbide 

precipitation along grain boundaries at temperatures between 540°C and 960°C [23].  As shown 
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in Figure 7.1, this specimen was held at a temperature below 960°C for at least 30 minutes prior 

to relatively rapid cooling.  Hence, the high Cr content along substrate grain boundaries is 

believed to correlate with these carbide precipitates.  Another important item of note is that this 

specimen apparently lacks the Cu-Mn rich segregation along filler grain boundaries initially 

reported by Gao, and discussed in Chapter 6 of this work.  Since the filler experienced extended 

heating time below 1080°C following re-solidification, this suggests that the material can 

possibly be re-homogenized to a uniform composition by post-braze heat treatment below the 

filler solidus.  This is similar to the homogenization behavior of the pure filler reported in 

Section 5.1.  Further study is ongoing to determine whether this is possible in vacuum-brazed 

specimens without precipitation of the sigma phase, and whether it is desirable.  Interestingly, 

there does appear to be preferential Cu segregation to the lower portion of the filler region, 

similar to the behavior reported by Wang et al. and detailed in Figure 2.5 [50].  While no clear 

phase boundary exists, this could be indicative of some liquid-phase partitioning.  Lastly, as 

indicated by the circled grains in the EBSD data in Figure 7.5, certain filler grains exhibit clear 

epitaxial growth from the substrate, but this behavior is by no means universal.                  

For combined analysis of postmortem micrographs alongside the in-situ diffraction data, 

the approximate size and locations of the incident 50 x 30 micron beam during the diffraction 

scan set were labeled on the EBSD map and EDS element overlay.  These were determined by 

using fiducial markers to locate the region of the sample that would have been exposed to the 

beam.  The position was finely adjusted by examining the diffraction scans in which the peaks 

clearly shifted from Alloy 600 to the MPCA filler, and correlating these locations with the 

substrate-filler interface.  Only the 18 most relevant diffraction scan positions are labeled on 

these images.   

Figure 7.6 presents four selected in-situ diffraction patterns alongside their corresponding 

locations.  The colored bands overlaid on the patterns display the full range of positions where 

FCC peaks could potentially lie for either the base material or the MPCA filler, based on 

observations made across all the in-situ diffraction data.  The precise position within the bands 

occupied by each FCC peak corresponds to a particular lattice parameter, which is governed by 

both temperature and composition.  The lattice parameter corresponds to color as displayed.  To 

identify whether an FCC peak corresponded to the Alloy 600 base material or the MPCA 

composition, the ex-situ room temperature diffraction patterns presented in Figure 7.7 were used 
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as a reference.  These patterns were taken from base material and filler material in a vacuum-

brazed specimen (specimen B-VF in Appendix A).  Figure 7.7 shows that the cold Alloy 600 

possesses a lattice parameter of 3.55 angstroms, while the cold filler possesses an average lattice 

parameter of about 3.63 angstroms.  This latter value is in reasonable agreement with the data in 

Figure 5.7(a).  The separation between these two peaks is sufficient that they remain clearly 

identifiable at high temperatures.  In the in-situ patterns, both peaks are shifted leftward relative 

to the room temperature data by a lattice-parameter interval of about 0.1 angstroms, due to 

thermal expansion.  Nevertheless, the spacing between the two peaks remains roughly the same 

at the holding temperature, so the ex-situ data can be used to identify the two materials in the in-

situ diffraction patterns.   

In Figure 7.6, sigma-phase (Mn-Cr) peaks were identified using appropriate 

modifications of the data of J.W. Elmer et al. [99], which were reported for the development of 

sigma phase in duplex stainless steel, witnessed in-situ through synchrotron diffraction.  Elmer 

reported the measured d-spacing for every room temperature diffraction peak observable with his 

detector produced by sigma phase against their tetragonal Miller indices.  

Two corrections were applied to the data to account for temperature and composition.  A 

figure published by Elmer et al. [99] indicates that heating the material from room temperature to 

800°C produced an increase in sigma-phase d-spacing of approximately 1.5% due to thermal 

expansion.  This thermal expansion was extrapolated to 1200°C, which was the approximate 

isothermal hold temperature, and thus a correction factor of 2.25% was applied.  As the sigma 

phase studied by Elmer would have been primarily Fe-Cr, a compositional correction was 

applied to account for the substitution of Mn for Fe in sigma, since the EDS maps in Figure 7.5 

indicate that the sigma particles were predominantly Mn-Cr.  An additional increase of 4.4% was 

therefore applied, which accounts for 50% of the reported atomic radius difference between Mn 

and Fe, assuming that the other 50% would be attributable to Cr and thus remain unchanged.  

The corrected values were used to index the proposed sigma-phase peaks in Figure 7.6.  A 

couple of minor peaks that do not index to the sigma phase are also occasionally visible in some 

of the diffraction patterns.  Though not rigorously investigated, these likely correspond to either 

chromium-carbide phases or oxides that formed due to relatively poor environmental control in 

the in-situ heating setup.  A discussion of the data presented in this section is provided in Section 

7.3.
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Figure 7.6 (a) EBSD and (b) EDS maps displaying the approximate size and position of the incident beam during the diffraction scan 
at 1160°C for specimen AR3G.  (c-f) Selected in-situ diffraction patterns at the locations highlighted. (c) Alloy 600 base material.  (d) 
Near the filler-substrate interface. (e) Location of sigma-lined defect, displaying the largest observed sigma peak. (f) Typical low-
signal pattern from within the filler material. 
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Figure 7.7 Ex-situ synchrotron diffraction patterns collected on a specimen joined using the 
standard vacuum brazing procedure (1200°C, 90 min hold) prior to arrival at APS.  (a) Alloy 600 
base material far away from the joint interface.  (b) MPCA filler material near the joint 
centerline.    
 

.     
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7.2 Compressed Filler Results (Specimen B4) - 20 Minute Isothermal Hold  

 Temperature data was not collected for specimen B4.  This specimen was not encased in 

graphite, so the data provided by the infrared camera would not have been accurate regardless.  

The only means of identifying that the filler melting temperature had been achieved during the 

heating process was by monitoring the condition of the specimen through radiography.  Select 

imaging frames during the heating and holding process are provided in Figure 7.8.  The power to 

the induction heating unit was held constant after complete melting of the filler material had 

been observed.  Melting occurred after 88 – 89 min of heating.  The specimen was then held 

isothermally for approximately 10 min prior to performing one set of diffraction scans at the 

holding temperature.  The duration of the diffraction scan set was approximately 10 min, so the 

total isothermal hold time for the specimen was roughly 20 min.  As shown in the final two 

radiography frames presented, the specimen position was adjusted so that the joint interface was 

approximately centered in the frame prior to beginning the diffraction scan.  

 Figure 7.8 indicates that the specimen B geometry was partially successful in recreating 

the compressed filler specimen condition.  The upper substrate piece displayed sufficient 

mobility along the pins to compress the molten filler and squeeze it out of the brazing gap to an 

extent.  This mobility is evidenced by the substantial reduction in the thickness of the filler 

material displayed between the 0 min and 89 min frames.   

Figure 7.9(a) shows the location of the incident beam on stereo-micrographs of the 

specimen taken before the experiment.  As indicated, the incident beam was near the edge of the 

thick portion of the specimen, which produced the shadowing effect visible at the left-hand edge 

of the radiography frame at 98 min in Figure 7.8.  Figure 7.9(b) displays optical macrographs of 

the full joint interface, viewed from the rear.  The approximate location of the beam during the 

diffraction scan is indicated.   
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Figure 7.8 Selected radiography frames for the compressed filler specimen B4 during heating and isothermal holding.  As indicated, 
the specimen position was adjusted at 98 min, to bring the braze interface into the center of the diffraction scan.   
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Figure 7.9 (a) CAD rendering and stereo-micrographs of specimen B4 indicating the position and 
direction of the incident beam.  (b) Annotated postmortem optical micrograph montage of the 
joint interface, viewed from the specimen rear. 
 

Figure 7.9 illustrates first-hand the lack of uniform heating discussed in Section 4.5.2.  As 

shown, the thick portion of the specimen experienced significant overheating and local melting 

of the substrate material, causing the large void visible on the right-hand side of the image.  In 

contrast, the portion of the specimen near the end of the thin fin was substantially too cold, as 

evidenced by the visible lack of melting in the filler material.  The beam location appears to have 

achieved at least partial filler melting, as evidenced by the lack of a clear boundary between filler 

and substrate at the bottom interface.  Nevertheless, the lack of filler melting at the fin tip made it 

such that this specimen did not entirely match a compressed-filler condition, as the portion of the 

filler that remained solid continued to support the upper substrate piece.           
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Figure 7.10 Postmortem combined EBSD inverse pole figure and EDS element maps of the ROI 
of specimen B4.    
 

Figure 7.10 presents the postmortem EBSD and EDS data for specimen B4.  As shown, 

roughly the bottom half of the filler material at this location clearly possesses the Cu- and Mn-

rich grain boundary segregation typical of vacuum-brazed specimens.  As usual, Fe and Co are 

depleted along these grain boundaries.  The EBSD data demonstrates relatively fine, equiaxed 

grains in this region where melting occurred, similar to what is seen for the compressed-filler 

configuration in Chapter 6.  In contrast, the upper portion of the filler material did not undergo 

complete melting.  This is evidenced by both the lack of grain boundary segregation and the 

large grains in this region, which only experienced grain growth in the solid state. 

A discontinuous layer of Cr-Mn sigma-phase precipitates is visible in the filler material 

approximately 50 microns below the upper filler-substrate interface.  The presence of these 

precipitates is somewhat surprising, given that the isothermal hold time for this specimen was 
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only 20 min, and M. Gao reported no sigma phase to form in vacuum-brazed specimens until 

after a holding time of 90 min had been surpassed [68].  One possible explanation for this is that 

the lack of complete melting of the filler created a capillary gap that remained along the filler-

substrate interface and served as a facilitated diffusion pathway for Cr and Mn.  This explanation 

is plausible, seeing as the sigma-phase layer seems to extend from the gap between the unmelted 

filler and the substrate in Figure 7.9(b).  Absolutely no sigma-phase peaks are detectable in the 

ex-situ diffraction pattern for the MPCA filler in a 90 min vacuum-brazed specimen in Figure 

7.7(b).  This disparity in the propensity to form sigma phase indicates that the formation of sigma 

phase after 20 min in specimen B4 is an artifact of relatively poor environmental control for the 

in-situ experiment.  

Figure 7.11 on the following page presents four selected in-situ diffraction patterns from 

specimen B alongside their corresponding locations.  The process for determining the locations 

and indexing the peaks was similar to that outlined in Section 7.1. 

 

7.3 Discussion 

At this level of analysis, the in-situ data offers little beyond what postmortem EBSD 

analysis shows when it comes to comparing the fixed-gap-width and compressed-filler specimen 

geometries.  Diffraction data cannot provide complete information about filler grain 

morphologies, since only a subset of the grain population diffracts.  Imaging data was not of 

sufficient quality to witness the formation of individual grains in the molten filler.  An analysis 

of peak broadening could potentially provide some information about the stress state in particular 

grains, but as discussed in Section 5.4, it would be difficult to deconvolve this from the 

compositional gradients present across the joint interface.   

However, the in-situ diffraction data can offer significant insight regarding the extent of 

solidification that occurs during isothermal holding, and the formation of the sigma phase.  The 

imaging data can also offer some insight regarding recrystallization behavior.  Each of these is 

discussed in the following sections. 
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Figure 7.11 (a) EBSD and (b) EDS maps displaying the approximate size and position of the incident beam during the isothermal hold 
diffraction scan for specimen B4.  (c-f) Selected in-situ diffraction patterns at the locations highlighted. (c) Alloy 600 base material.  
(d) Near the upper filler-substrate boundary. (e) Region of the MPCA filler displaying the most Cu-Mn grain boundary segregation, 
indicated by the green arrow in the diffraction pattern. (f) Near the lower filler-substrate boundary.  
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7.3.1 Extent of Isothermal Solidification 

 In specimen AR3G, the diffracted intensity was limited for most of the patterns collected 

from the filler.  Nearly all the patterns taken across the region occupied by the large pink-colored 

grain in the EBSD of Figure 7.6 displayed very low diffraction peaks, similar to what is shown in 

Figure 7.6(f).  As discussed, only a subset of the grain population diffracts, so the absence of 

signal in this region could likely be the result of the orientation of the particular grains being 

sampled.  As the thickness of the specimen was only 1 mm, and the grain shown in Figure 7.6 is 

on the order of 300 microns, it is likely that the incident beam was only sampling approximately 

3 grains for these diffraction scans.  This number is sufficiently small that none of the grains may 

have met a Bragg condition.  Hence, the lack of diffracted signal in specimen AR3G is not 

necessarily indicative of the absence of a solid phase in these locations during the isothermal 

hold.  

Specimen B4 offers better insight into the extent of isothermal solidification because the 

diffracted beams are all sampling a larger grain population, as evidenced by the EBSD data.  In 

the region where the filler material successfully melted, as discussed in Section 7.2, the 

diffraction scans consistently display significant FCC peaks above the background, similar to 

what is shown in Figure 7.11(e).  The presence of these peaks indicates that for this specimen, 

substantial isothermal solidification occurred during the 20 min holding time.  As indicated in 

Section 3.3, isothermal solidification can be driven by diffusion of Ni from the substrate into the 

filler.  However, during the short holding period experienced by specimen B4, it is more likely 

that the mechanism responsible for the majority of isothermal solidification was ejection of Cu 

and Mn, the low-melting-point elements.   

A key question is whether the Cu-Mn grain boundary segregation solidified during the 

isothermal hold.  As this segregation contains the lowest-melting-point elements, it should 

represent the latest material to solidify.  To examine this, one must look for evidence of 

shoulder-peak formation in the diffraction patterns, similar to the behavior that is the focus of 

Chapter 5.  In Figure 7.11(e), a shoulder peak is visible on the right-hand side of the (111) and 

(220) peaks, indicated by the red arrows.  A shoulder is also visible on the left-hand side of the 

(311) peak, shown by the green arrow. 

It is important to determine whether these shoulders correspond to segregation within the 

MPCA, or rather if they are just an effect of combined diffraction of the substrate and filler.  The 
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braze interface was slightly angled through the thickness of the specimen, so a few near-

interfacial patterns displayed complete peak separation, similar to what is shown in the (111) 

peak of Figure 7.11(f).  This separation is definitively caused by combined diffraction of the two 

materials, and tends to be far more severe than the shoulder behavior in Figure 7.11(e).  Thus, 

this phenomenon can be differentiated from MPCA segregation.  The (311) diffraction behavior 

in Figure 7.11(f) provides conclusive evidence of segregation in an MPCA peak existing 

independently of a minor peak corresponding to the bulk Alloy 600  phase.  Further evidence 

that segregation can be detected in the full braze setup is the presence of shoulder peaks in the 

ex-situ vacuum brazed filler pattern in Figure 7.7(b).    

Unlike the laser-melted specimen presented in Chapter 5, the scale of the segregation in 

the brazed joint is large enough that a single 50 x 30 micron incident beam window is not 

representative of the bulk segregation behavior.  Each peak in the patterns shown in Figure 7.11 

almost certainly is produced by a single diffracting grain.  This small grain population accounts 

for the fact that the shoulder peak and the main peak sometimes display mismatched intensities.  

If a particular diffracting grain contains a relatively large volume fraction of Cu-Mn rich 

segregation, then the segregation manifests itself as the main peak, with a shoulder on the right-

hand side corresponding to the major MPCA composition.  A hard-sphere approximation of the 

lattice parameters using the same process outlined in Chapter 5 was performed using Gao’s 

quantitative composition data for the segregated regions of a brazed joint [68]. This analysis 

confirmed that the Cu-Mn rich segregation has a larger lattice parameter, and thus should always 

correspond to the left-hand peak, regardless of the relative intensities.  Hence, the shoulder in the 

(311) peak indicated by the green arrow corresponds to the Cu-Mn segregation.  The shoulders 

indicated by the red arrows correspond to the bulk MPCA composition.    

The presence of segregated peaks during the isothermal hold indicates that at least some 

Cu-Mn rich segregation had solidified by the time of the diffraction scan.  However, two pieces 

of evidence point toward some liquid phase coexisting as well.  One is the presence of an 

amorphous hump in the pattern background near the (111) peak in Figure 7.11(e).  As discussed 

by Cullity and Stock, this type of hump is usually indicative of the presence of a liquid phase 

[100].  The hump is decidedly absent in the pattern in Figure 7.11(d).  Recall that Figure 7.11(d) 

represents a location where it has been proposed that the filler never melted.  A second piece of 

evidence is the relative narrowness of the diffraction peaks relative to those in the fully cooled 
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condition, taken from Figure 7.7(b). An example comparison is displayed in the superimposition 

in Figure 7.12.  The broadening of the peak in the fully cooled condition likely indicates (1) a 

higher dislocation density in the cooled sample, and (2) the presence of additional Cu-Mn 

segregation that was not yet solidified in the in-situ pattern.  It is difficult to determine how much 

of the broadening effect is attributable to the solidification of additional Cu-Mn segregated FCC 

phase.          

 

 
Figure 7.12 Superimposed (220) diffraction peaks taken from the ex-situ fully cooled pattern and 
the in-situ isothermally held pattern, for the sake of comparing peak breadth.  The peak positions 
are adjusted to account for thermal expansion.      

  

Upon comparing the isothermal solidification behavior here with the TLP bonding 

process outlined in Section 2.3, one can note certain similarities and differences.  Isothermal 

solidification certainly occurred to an extent during the hold time, but there is evidence that some 

liquid phase was still present after 20 min of holding.  It is also likely that the hold temperature 

was below the typical 1200°C, so further experimentation is required to determine the extent of 

isothermal solidification with a more optimized heating setup that can better mimic vacuum 

brazing at a well-defined temperature. 

Ideal TLP bonding relies on compositional changes through substrate liquation and the 

diffusion of the melting point depressants into the base material to initiate isothermal 
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solidification and eventually lead to a homogenous composition.  Some liquation of the substrate 

(as visible in figure 7.4) likely occurred, causing a change in melting point. However, diffusion 

of the melting point depressants Cu and Mn into the Inconel substrate was likely minimal during 

the 20 min isothermal hold.  As outlined in Section 6.1, this diffusion has been shown to be 

sluggish.  Instead of penetrating the substrate, these elements enrich the remaining liquid during 

isothermal solidification, and eventually solidify as a segregated composition along grain 

boundaries, leaving the final composition across the joint interface far from homogenous.  

Hence, the brazing procedure here can be considered to employ partial isothermal solidification, 

but also possess stark differences with conventional TLP bonding.   

 

7.3.2 Formation of Sigma Phase   

Minor sigma phase peaks are present in almost every in-situ diffraction pattern taken 

across the joint interface.  The highest-intensity sigma peaks for each specimen are closely 

aligned with the locations where the phase is visible in the postmortem EDS data, although these 

peaks are substantially lower intensity for specimen B4 than specimen AR3G.  The presence of 

these peaks indicates that the sigma phase had formed at these locations by the time the in-situ 

diffraction scans were taken.  The presence of minor peaks in many of the other patterns 

indicates that there were likely also small sigma phase precipitates dispersed throughout the 

partially molten filler and the near-interfacial substrate.  

 As discussed in Section 7.1, even minor peaks are entirely absent from the ex-situ pattern 

in Figure 7.7(b) from a vacuum-brazed specimen with a similar geometry.  This discrepancy 

suggests that the early formation of sigma phase as evidenced in Figure 7.10 is almost assuredly 

an artifact of the poor match between the induction heating environment employed at APS and 

the furnace used in vacuum brazing.   

There are at least three possible mechanisms for enhanced sigma phase formation in the 

induction heating setup.  One is that poor temperature control and fin-induced thermal gradients 

caused certain regions of the material to be overheated, which enhanced Cr and Mn diffusion.  

Given the evidence of only partial melting in specimen B4 in Figure 7.10, and the known holding 

temperature of 1160°C for specimen AR3G, this is the least likely of the mechanisms in the 

region of interest of these two specimens.  A second mechanism, as discussed in Section 7.2, is 

that the capillary gap between substrate and unmelted filler material provided a pathway for 
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facilitated diffusion.  This mechanism is plausible for specimen B4.  A third mechanism is that 

magnetic stirring, provided by induction, occurred in the Fe-containing molten filler, and 

produced eddy currents that enhanced substrate liquation.  This liquation could have 

substantially elevated the Cr-content of the molten pool relative to what is experienced in 

vacuum brazing, and enhanced sigma precipitation.  Given the extent of substrate liquation 

observable in Figure 7.4, this is a plausible reason for enhanced sigma formation in specimen 

AR3G.   

 

7.3.3 Recrystallization Behavior  

 Evidence of recrystallization is present in the imaging data in Figures 7.2 and 7.8.  

Rotation of specific grains is visible as dark patches in most of the elevated temperature 

radiography frames.  The dark contrast occurs due to diffraction extinction as a particular grain 

rotates into a Bragg condition.  Most often, the grain rotation is most obvious in the substrate 

material, but smaller grains can occasionally be observed to undergo this rotation in the partially 

re-solidified filler material, as in the 92 min frame of Figure 7.8.  This observation indicates that 

imaging data taken during cooling could be used to verify the occurrence of dynamic 

recrystallization as proposed in Section 6.4.1.   This data will be collected in a future in-situ 

experiment, and can further inform whether dynamic recrystallization is a plausible mechanism 

responsible for the formation of refined grains lining the substrate-filler interface, as discussed in 

Chapter 6.   
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CHAPTER EIGHT 

CONCLUSIONS  

A comprehensive modelling and down-selection procedure was developed to aid in the 

design of MPCA fillers for a variety of joining applications.  The MATLAB code employed for 

system down-selection indicated that MnFeCoNiCu is a robust system in which to explore 

single-phase FCC filler materials, such as that employed to join Alloy 600.  Note that the 

Mn35Fe5Co20Ni20Cu20 composition can be further adjusted and optimized to the fullest possible 

extent for low temperature brazing applications by en masse Scheil solidification simulations. A 

CALPHAD study of substrate-filler interactions indicated that small amounts of Cr diffusion 

from Alloy 600 into the MPCA can lead to precipitation of the sigma phase.   

Experimental work on Mn35Fe5Co20Ni20Cu20 yielded a variety of important findings. A 

study on the equilibrium phase behavior indicated that a single FCC phase is more stable across a 

broad temperature range for this MPCA composition than the equiatomic composition in the 

same system.  Hence, the Fe- and Co-rich dendrites and the Mn- and Cu-rich interdendritic 

compositions that form during non-equilibrium solidification can be considered two 

compositional manifestations of the same FCC phase.  This phase can be homogenized to a 

uniform composition through heat treatment at 950°C.   

The in-situ diffraction patterns taken on laser-melting and re-solidification of the pure 

MPCA filler were able to track the evolution of dendritic and interdendritic compositions in real 

time.  Accounting for the non-steady state behavior of the laser scan employed in this 

experiment, the quantitative peak analysis in GSAS-II showed that dendrites account for as little 

as 30-35% of the material volume immediately after complete solidification.  Subsequent 

dendrite coarsening through solid-state diffusion while the material cools brings the total volume 

fraction of the dendrites above 50%.  Diffusion also moderates the compositional disparity 

between dendrites and the surrounding material.  This diffusion is further indicative of the ease 

with which this composition can be homogenized.  

Compositional comparisons between the filler produced for this study and that provided 

by Gao revealed that small deviations from the as-designed composition can have significant 

effects on the porosity of brazed joints.  In particular, a slightly higher-than-prescribed Mn 

content can be beneficial in reducing porosity for joints brazed at 1200°C.  This behavior may be 
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attributable to the higher-Mn alloy having a lower melting temperature, a narrower solidification 

range, and better flow ability.   

The effect of brazing configuration on the filler grain morphology was investigated.  It 

was found that fixing the gap width between the substrate pieces led to columnar filler grains that 

sometimes displayed epitaxial growth from the substrate surface.  In contrast, allowing the filler 

to be compressed and “squeezed out” of the joint gap resulted in the formation of equiaxed filler 

grains.  For both configurations, refined grains near the substrate-filler interface are thought to be 

produced by dynamic recrystallization, with anneal twinning occurring more heavily in the 

compressed-filler setup.  The compressed-filler configuration also led to concentration of Cu and 

Mn along the joint centerline, rather than all the grain boundaries.     

Preliminary in-situ synchrotron data on the full brazing process helped reveal the 

solidification mechanism during brazing using this MPCA filler.  Taken holistically alongside 

postmortem EDS analysis, the data indicates that incomplete isothermal solidification occurs 

during the holding stage of the brazing process.  In contrast to conventional TLP bonding, this 

solidification is not primarily driven by diffusion of melting point depressants into the substrate, 

but rather the partitioning of elements within the MPCA filler.              
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CHAPTER NINE 

FUTURE WORK 

 At least five avenues for future work in association with this study are quickly 

identifiable.  Firstly, while the Mn35Fe5Co20Ni20Cu20 MPCA has proven viable for brazing Alloy 

600 that subsequently remains at room temperature, no investigation of this filler’s performance 

has been conducted on Alloy 600 in its typical high-temperature service conditions.  A heat 

treatment study must be conducted to determine the propensity for this filler to form the sigma 

phase at service conditions.  This experiment pathway is essential to determine the extent to 

which this filler material is marketable for joining and repair of Alloy 600.  

 Secondly, additional in-situ brazing experiments at conditions more closely resembling 

traditional vacuum brazing are required to more completely understand the true isothermal 

solidification behavior of this filler.  Further experiment optimization and an additional visit to 

APS are planned.  

 Thirdly, the impact of the Cu-Mn grain boundary segregation upon joint mechanical 

properties must be studied.  This can be determined both through micro-scale digital image 

correlation and through mechanical testing on joints having undergone a post-brazing heat 

treatment to homogenize the filler, should this prove feasible.  The post-braze heat treatment 

must be designed to avoid the precipitation of sigma phase.  

   The atomic scale characterization of the MPCA segregation behavior is also an 

important set of future experimental work that must be conducted.  As has been done in literature 

for certain MPCAs, high-resolution TEM imaging and STEM-EDS can be used to observe the 

nanoscale segregation behavior.  These characterizations can also assist to reveal how sigma 

phase precipitates in brazed joints interact with the FCC matrix. 

 Finally, and arguably most importantly, the improved MPCA candidate selection 

procedure presented in Chapter 3 of this work must be applied to select candidate fillers for other 

joining challenges.  Work has already been conducted in the Center for Welding, Joining, and 

Coatings research using this procedure to successfully select an interlayer for mitigation of liquid 

metal embrittlement when joining galvannealed high-strength steels through resistance spot 

welding.  Plans for future work in the research center turn toward the development of potential 

fillers for titanium-steel dissimilar joining challenges. 
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APPENDIX A: EXPERIMENT LOG FOR THE IN-SITU FULL BRAZE SPECIMENS ANALYZED AT APS  

 
Table A.1: Tabulated in-situ brazing experiment log.   

Name 

Holding 

Mechanism 

Environ-

ment 

Temper-

ature 

Data? 

Heat-

ing 

Time 

(min) 

Holding 

Temp 

(°C) 

Holding 

Time 

(min) 

Diffraction 

Data 

Imaging 

Data Notes/Issues 

AR5 
Fixed 
Gap 

Ni-Piece/ 
Fiberglass 

Flowing 
Ar 

Inaccurate 72 

Cam. 
Reading 

1160 
(likely 
much 
hotter) 

17.5 

Two spatial 
scans while hot.  

One at 995C 
temp reading 

during heating 
(actual = 

hotter), one at 
1160C temp 

reading 

On heating 
and cooling, 
except for 

periods 
when 

diffraction 
data 

collected 

Wrote down in 
notebook that 
you can see 
evidence of 

segregation in 
the on-heating 
imaging data. 

AR3G 
Fixed 
Gap 

Graphite 
Rough 
Vac. 

Accurate 27 1160 

101 hold 
+ 153 
during 
step-
wise 

cooling 

1. Some 
diffraction 

patterns taken 
on MPCA and 

Inconel in 
unheated 
condition                              

2. Multiple 
spatial scans* 
on stepwise 

cooling  

On Heating.  
A few 

frames prior 
to each diff. 

scan on 
cooling 

Used the 
holding period 
to test proper 
attenuation 

conditions. Hot 
for a long time.  

Micrographs 
significant 
cracking in 

filler. 

AR2G 
Fixed 
Gap 

Graphite 
Rough 
Vac. 

Accurate 31 1135 98 None Full Process 

Hiccup on 
cooling where 
the heater got 

turned off 
inadvertently.  
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Table A.1 Continued 

Name 

Holding 

Mechanism 

Environ-

ment 

Temper-

ature 

Data? 

Heat-

ing 

Time 

(min) 

Holding 

Temp 

(°C) 

Holding 

Time 

(min) 

Diffraction 

Data 

Imaging 

Data Notes/Issues 

AR4G 
Fixed 
Gap 

Graphite 
Rough 
Vac. 

Accurate 10 1060 2 

One spatial 
scan* taken 

after complete 
cooling 

Full 
Process 

Last-ditch effort 
to collect data in 
final 30 minutes 
of beam time.  
Filler melting 
not achieved.  

Diffraction data 
can potentially 
inform solid-

state 
recrystallization 

 

B-VF 
Comp. 
Filler 

N/A 
High 

Vacuum 
N/A 79  1200  90  

Postmortem on 
MPCA and base 
material.  Exact 

position 
unknown 

None 

Brazed in the 
vac. furnace at 
CSM before 

going to APS. 
 

B1 
Comp. 
Filler 

Fiberglass in 
Tube 

Flowing 
Ar 

Inaccurate 75 

Cam. 
Reading 

1050.  
Filler 

Melted 
@ cam. 
Reading 
of 900 

5 None 
Full 

Process 

Filler melted, but 
part of Ni-

substrate piece 
did also, causing 

the sample to 
fatally move out 
of field of view. 
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Table A.1 Continued 

Name 

Holding 

Mechanism 

Environ-

ment 

Temper-

ature 

Data? 

Heat-

ing 

Time 

(min) 

Holding 

Temp 

(°C) 

Holding 

Time 

(min) 

Diffraction 

Data 

Imaging 

Data Notes/Issues 

B3 
Fiberglass in 

Tube 
Flowing 

Ar 
Inaccurate 83 

Cam 
Reading 

790.  
Filler 

Melted 
@ cam 
reading 

757 

84 

One spatial 
scan* taken 

after complete 
cooling 

Full Process 

Good imaging 
data until a 

portion of Ni-
melted and 
flowed into 

beam pathway.  
This makes 
postmortem 

diffraction data 
unusable. 

B4 
Fiberglass in 

Tube 
Flowing 

Ar 
MISSING 88 Unknown 

10 hold 
+ 10 

during 
scan 

One spatial 
scan* while 

HOT after 10 
min of hot 
holding.  

Position known. 

On-heating, 
10 min 
holding 

Apparently a 
relatively 
successful 
braze at the 

beam position 
for the one 
diffraction 

scan.  No Ni 
melting near 

the beam 
position.  

B5 
Fiberglass in 

Tube 
Flowing 

Ar 
Inaccurate 46 

Cam. 
Reading 

935 

25 hold 
+ 165 
during 
step-
wise 

cooling 

Multiple spatial 
scans* on 
stepwise 
cooling  

On Heating.  
A few 

frames prior 
to each diff. 

scan on 
cooling 

Large hole in 
specimen at 

beam position 
from filler 
leak, data 
unusable 
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Table A.1 Continued 

Name 

Holding 

Mechanism 

Environ-

ment 

Temper-

ature 

Data? 

Heat-

ing 

Time 

(min) 

Holding 

Temp 

(°C) 

Holding 

Time 

(min) 

Diffraction 

Data 

Imaging 

Data Notes/Issues 

B6 
Fiberglass in 

Tube 
Flowing 

Ar 
Inaccurate 

38 
(1st) 
50 

(2nd) 
See 

Notes 

Cam. 
Reading 
900 (1st) 

Cam 
Reading 

1040 
(2nd) See 

Notes 

0 (1st)                
17 hold 

+ 90 
during 
step-
wise 

cooling 
(2nd) 

Multiple spatial 
scans* on 
stepwise 

cooling after 
second heating, 

see notes. 

On Heating.  
A few 

frames prior 
to each diff. 

scan on 
cooling 

Intended as an 
attempt to 

repeat B5 with 
usable data.  

Sample ejected 
from 

environmental 
tube due to 

accidental Ar 
pressure 
buildup 

immediately 
after filler 
melting 

observed in 
imaging.  

Reheating was 
performed but 
similar melting 

behavior not 
observed.  

Diffraction 
taken on 
second 
cooling. 
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APPENDIX B: RESULTS FROM TESTING THE IMITATION STRUCTURES FOR 

RIETVELD REFINMENT IN GSAS-II 

Table B.1: Ranking of the imitation structure files in refinements of three diffraction patterns 

 

Rw (%) Structure Rank Rw (%) Structure Rank Rw (%) Structure Rank

A27 B27 0.37 1 2.10 1 1.62 1
A38 B38 0.67 2 5.20 15 6.27 7
A3 B3 0.75 3 8.62 26 10.63 24
A43 B43 0.84 4 12.67 33 8.37 17
A40 B40 0.87 5 4.41 10 11.94 28
A24 B24 1.04 6 9.43 31 17.47 33
A4 B4 1.11 7 FAIL 44 11.64 27

A21 B21 1.50 8 33.53 43 2.63 2
A5 B5 1.51 9 2.54 2 4.05 3
A32 B32 1.52 10 6.98 23 22.82 35
A31 B31 1.61 11 3.17 5 4.64 4
A6 B6 1.65 12 2.58 3 8.84 18
A25 B25 1.70 13 9.39 30 17.93 34
A45 B45 1.78 14 4.47 11 8.11 16
A14 B14 1.81 15 3.30 6 5.28 6
A44 B44 1.93 16 4.74 13 6.51 8
A26 B26 1.98 17 2.93 4 10.60 23
A2 B2 2.08 18 3.81 8 7.32 11
A16 B16 2.10 19 3.87 9 7.67 13
A12 B12 2.11 20 5.40 16 6.60 9
A19 B19 2.21 21 5.71 19 9.81 21
A1 B1 2.24 22 7.18 24 9.27 19
A15 B15 2.33 23 3.75 7 4.88 5
A18 B18 2.54 24 9.19 28 10.51 22
A30 B30 2.70 25 6.19 20 6.63 10
A23 B23 2.71 26 10.46 32 15.95 31
A35 B35 2.95 27 7.97 25 12.38 29
A11 B11 3.20 28 5.66 18 7.88 15
A10 B10 3.53 29 19.62 39 32.99 38
A33 B33 3.81 30 5.59 17 10.75 25
A7 B7 3.82 31 4.63 12 7.59 12
A36 B36 3.82 32 27.85 42 43.06 41
A13 B13 3.89 33 17.33 38 31.20 37
A42 B42 4.06 34 4.99 14 39.42 40
A29 B29 4.25 35 9.10 27 9.46 20
A22 B22 4.61 36 13.99 35 29.18 36
A37 B37 5.08 37 15.77 37 44.86 43
A34 B34 5.10 38 23.07 40 16.99 32
A20 B20 5.50 39 6.61 22 10.79 26
A39 B39 5.65 40 6.25 21 13.62 30
A8 B8 6.50 41 13.77 34 37.70 39
A41 B41 9.14 42 9.24 29 7.75 14
A28 B28 11.99 43 15.21 36 43.37 42
A9 B9 25.51 44 25.36 41 97.49 44

Cold Rolled Diff. PatternStructure File 

Serial No. 

In-Situ Diff. Pattern Postmortem Diff. Pattern


