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ABSTRACT 

On the international space station, low-stress high cycle rotary bearings housed in the 

water recycling system require high wear resistance during fatigue cycling and good corrosion 

resistance. Moreover, these components experience high stress levels during transportation to 

space. To mitigate accumulation of plastic strain, loads need to be distributed to a larger contact 

area, while maintaining a high level of resistance to rolling/sliding fatigue damage. High 

hardness, high compressive elastic strength, and good corrosion resistance, cavitation erosion 

resistance, nonmagnetic behavior make Ni-rich NiTiHf alloys optimum candidates for tooling, 

wear, and specialized bearing applications. Moreover, low effective modulus of these alloys 

allows them to elastically accommodate large amounts of deformation by distributing loads to a 

larger contact area, thereby mitigating plastic strain accumulation, while maintaining a high level 

of resistance to rolling/sliding fatigue damage. Conventional superelastic binary Ni-Ti alloys are 

known to experience high hardness and high residual stresses upon rapid quenching, resulting in 

cracking and machining distortion, whereas secondary precipitates can over-coarsen if cooled 

slowly, thereby reducing the material hardness. 

This dissertation is designed to elucidate the effects of hafnium additions in Ni-rich 

NiTiHf alloys, by varying the nickel contents by 50.3 – 56.0 at. % and hafnium contents by 1.0 – 

8.0 at. %, and optimizing heat treatments in order to tune structure-property relationships. The 

structure of a newly discovered cubic precipitate phase in Ni56Ti36Hf8 alloy was characterized 

using transmission electron microscopy (TEM). The tribological performance and underlying 

deformation mechanisms in Ni55Ti45, Ni54Ti45Hf1 and Ni56Ti36Hf8 alloys were studied 

using rolling contact fatigue (RCF) testing and TEM. The Ni56Ti36Hf8 alloy, which is 
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strengthened by the unique precipitate microstructure, exhibited a notable increase in RCF 

performance and less sub-surface damage compared to Ni55Ti45 and Ni54Ti45Hf1 alloys. 

Chapter 1 is a comprehensive review on Ni-rich NiTi-alloys that discusses fundamentals 

on mechanical behavior, transformations, precipitation and strengthening mechanisms 

specifically for NiTi and NiTiHf alloy compositions that are suited to tribological applications. 

Subsequent sections provide in-depth information on ternary alloying and design considerations 

for rolling contact fatigue performance and space-age applicability to elucidate the optimum 

NiTi alloy for functional bearing use. Chapter 2 provides information on common materials 

processing practices in NiTi and NiTiHf alloy development. Moreover, several electron 

microscopy techniques that are used throughout this study and details regarding the preparation 

of TEM samples are discussed.  

Chapter 3 explores the effects of heat treatments on the microstructures and hardness of 

both Ni56Ti41Hf3 and Ni56Ti36Hf8 (atomic %) alloys. Their suitability for tribological applications 

was evaluated using a combination of transformation electron microscopy techniques, ab initio 

density functional theory calculations, and Vicker’s hardness testing. Chapter 4 utilizes 

transmission electron microscopy and ab intio density functional theory techniques to 

characterize a new cubic phase in the Ni56Ti36Hf8 alloy which is more precisely identified to be 

New phase with symmetry of the Pm3"m space group and a lattice parameter a = 8.816 Å. In this 

structure, nickel atoms preferentially segregate to the perimeter lattice sites of the 54-atom unit 

cell. 

Chapter 5 investigates the rolling contact fatigue performance and subsurface 

deformation of Ni56Ti36Hf8 alloy compared with 1st generation Ni54Ti45Hf1 alloy and baseline 
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Ni55Ti45 alloy. FIB samples were extracted from the surface of RCF rod specimens after varied 

levels of deformation during 3 ball-on-rod RCF tests. Chapter 6 screens tribological performance 

of several 2nd generation NiTiHf alloys in comparison to 1st generation Ni54Ti45Hf1 alloy and 

baseline Ni55Ti45 alloy. Screening tests include Vickers micro-hardness, rolling contact fatigue, 

monotonic compression and cyclic compression. Moreover, the peak-hardened microstructures 

of the RCF tested alloys were captured, tying underlying microstructural mechanisms to 

properties and performance. 

The dissertation is concluded in Chapter 7 where the evaluation of performance and 

connections to microstructure are summarized. Chapter 7 also addresses open areas of research 

as well as a general outlook on the class of NiTiHf alloys and future applications that can benefit 

from the fundamental work on this material system. 
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CHAPTER ONE    

INTRODUCTION 

1.1 Motivation 

Unique shape-memory and superelastic performances have been the catalyst for research 

in the binary NiTi system. Of particular interest to tribology applications are the superelastic 

nature and high strength of Ni-rich NiTi alloys. Nickel-rich compositions of NiTi were initially 

investigated as a possible alloy for dampening components in armor [1]. Furthermore, the Ni-

rich system looks promising for use as a high-performance tool-grade alloy that additionally 

possesses optimum properties for bearing applications. Superior denting damage resistance 

afforded by superelasticity, corrosion resistance, and high hardenability required for wear 

resistance hold the promise of developing alloys to replace high performance tool steels and 

cobalt-based bearing alloys. Very few advancements have been made on alloy development for 

bearing applications in the past 30 years and most of the research has been focused on high 

performance tool steel [2,3]. Use of novel alloys will potentially change the composition of many 

bearings for a wide variety of applications outside of the aerospace industry. In the most recent 

progress, ternary alloy additions have been made to NiTi to create alloys with still better 

properties. One primary application suited to NiTi-based bearing alloys is for a low-stress high 

cycle rotary bearing housed in the water recycling system on the International Space Station. 

Design considerations for this component include high wear resistance during fatigue cycling 

and the ability to elastically accommodate high stress levels while being transported to space. 

Moreover, corrosion resistance is of great importance for extending the life-span of the bearings 

as they are exposed to acidic aqueous solutions that can easily corrode a typical high-
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performance steel bearing. This chapter outlines and summarizes the steps taken to develop low 

hafnium NiTiHf alloys for bearing applications.  

1.2 Background: Introduction to Ni-Ti alloys 

Shape memory alloys (SMAs) are receiving ever-increasing demand because of their 

unique functional properties, namely shape memory effect and superelasticity. As a consequence 

of these unique properties, shape memory alloys are being used in a wide variety of fields such 

as biomedical, automotive, and aeronautical applications. The most commonly used SMAs are 

binary nickel-titanium (NiTi) alloys, which can exhibit a wide range of desired functional 

properties. In addition to notable deformation toughness, nickel-rich NiTi alloys exhibit high 

resistance to corrosion attack which make them well suited to harsh industrial settings. This 

chapter is directed at elucidating the fundamental deformation processes, strengthening 

mechanisms, and transformation behaviors that are characteristic of Ni-rich NiTi. Once these are 

discussed, the opportunities for employing both binary and ternary SMAs in bearing and other 

tribological applications are presented. Finally, a brief discussion on the applications for novel 

space age bearing development and their potential in tribology is included to convey current and 

future motives to gaining a comprehensive understanding of bearing-grade NiTi-alloys. 

1.2.1. Martensitic and deformation behavior of binary NiTi alloys 

The shape memory effect and superelastic behavior in NiTi alloys are due to the 

martensitic phase transformation that originates from the change in temperature or applied stress. 

During each of these diffusionless transformations, the structure changes from high-symmetry 

austenite with a cubic B2 structure to low-symmetry monoclinic B19´ [4]. When the material is 

cooled down, a direct transformation occurs from high-temperature austenite phase to low-
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temperature self-accommodated martensite phase, where the martensite begins to form at the 

martensite start temperature (Ms) [5]. If a mechanical load is applied to the self-accommodated 

martensite, some favorable martensite variants grow at the expense of others, and detwinned 

martensite forms. The detwinning process results in a macroscopic shape change, where the 

material remains in the deformed configuration upon releasing the load. Reversible 

transformation occurs when the SMA is heated, which allows the oriented martensite (stressed) 

to transform back to self-accommodated martensite (unstressed) and subsequently the austenite 

phase. The cubic austenite phase begins to form at an austenite start temperature (As). This phase 

transformation in SMAs allows the material to “remember” the original atomic arrangement 

prior to deformation [5] (this is known as the shape memory effect).  

 
Figure 1.1 Schematic illustration of shape memory behaviors: (a) Pseudo-elasticity which is 
shown via large inelastic strains during loading and are recovered during unloading. This is due 
to reversible stress-induced martensitic (SIM) transformation. (b) Shape-memory effect (SME) 
where inelastic strains are induced during the loading step where self-accommodated martensite 
transforms to oriented martensite (black curve). Upon heating, oriented martensite transforms to 
austenite (red curve). Stress-free cooling from austenite to martensite generates self-
accommodated martensite (blue curve) [6]. 
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Superelastic behavior (also referred to as pseudo-elasticity) of SMAs is due to a similar 

martensite transformation under applied stress; therefore, the material must be in the temperature 

range of thermally stable austenite. As shown schematically in Figure 1.1(a), first, the cubic B2 

austenite phase undergoes elastic deformation. Once the critical stress for martensitic 

transformation is reached, it is energetically favorable to form stress-induced martensite (SIM) 

phase, creating a stress plateau in the stress–strain curve. Once the plateau stress is reached, the 

stress remains relatively constant with increased strain until the material becomes fully 

martensitic. Similar to its ability to demonstrate the shape memory effect (SME), the superelastic 

material has the capability to further elastically deform via oriented martensite (stressed) until 

peak strain is reached. Upon unloading, the martensite relaxes elastically. This continues until 

the “lower” plateau is reached and reverse transformation back to austenite is initiated. For the 

duration of the lower plateau, oriented martensite transforms back to austenite until the material 

completely returns to the austenite phase. Finally, the material is fully unloaded whereby the 

remaining strain is recovered elastically. NiTi SMAs can undergo a significant deformation 

during loading (up to 3% strain in compression) with full recovery of its shape upon unloading if 

no plasticity has occurred due to overloading. 

Shaw et al. [7] reported that upon loading of NiTi alloys, there is a slight increase in 

temperature caused by the interactions between transformation fronts, which corresponds to an 

activation barrier requiring higher stresses for nucleation of the martensite [7]. Moreover, the 

characterized response of polycrystalline NiTi alloys to stress is very similar to Lüders band 

formation during plastic deformation in steels. The distinct difference is related to the 

recoverable strain while unloading the NiTi alloys [7]. During unloading of NiTi alloy, the bulk 

structure relaxes, causing the two opposing fronts at the ends of the sample to homogenously 
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transform back to austenite. When the two fronts convene in the middle of the specimen, there is 

a jump in stress that corresponds to a simultaneous transfer in latent heat, which is indicated by 

measurable temperature change. This allowed for observation of stress-induced forward and 

reverse transformation from austenite to martensite [7]. 

The mechanical behavior of NiTi alloys has been investigated and is shown to change 

dramatically when the composition is altered. Specifically, maximum hardness only develops for 

Ni-rich compositions of 54 – 56 at.% NiTi. The stress-strain response of this alloy range is 

significantly different than the superelastic stress-strain characteristics of near-equiatomic NiTi 

[8,9]. Figure 1.2 compares three composition ranges (50 – 51 at.% Ni) in blue, (51 – 54 at.% Ni) 

in gray and (54 – 56 at.%) in red. The curves in blue and gray show the compressive stress strain 

response with the distinct hysteresis that is indicative of superelastic behavior. The martensite 

start stresses are at 800 MPa and 650 MPa respectively, with a drastic decrease in hysteresis and 

reduction in plastic strain due to small increases in nickel content. Compared to the compositions 

of lower nickel content, the 54 – 56 at.% Ni composition range produced significantly higher 

stresses, comparable strains, and little to no plasticity upon unloading. The material reached a 

maximum stress of 2500 MPa and ~2.4% strain with very little hysteresis in the material [9]. 

Since loading conditions for bearing components are primarily compression and shear, the 54 – 

56 at. % Ni becomes the primary focus of the subsequent sections throughout this comprehensive 

review. 
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Figure 1.2 Compressive stress–strain behavior outlining SIM transformations in (blue) 
superelastic NiTi alloy compositions (50 – 51 at.% NiTi) [10], (gray) strain glass compositions 
(51 – 54 at.% NiTi) [11] and (red) ultra-hard compositions (54 – 56 at.% NiTi) [9]. 

 

1.2.2. Microstructure effects in binary NiTi 

To avoid plastic deformation during superelastic experiments in NiTi alloys, different 

techniques have been used to strengthen the NiTi matrix such as precipitation strengthening 

[9,12–21] , work hardening [8,22,23] and grain size strengthening [24,25]. 

1.2.2.1. Precipitation effects 

Introducing the appropriate secondary phase particles throughout the B2 matrix can 

significantly improve the strength of the material by impeding dislocation movements [14,17]. 

Diffusional nucleation and growth of small precipitates can be thermally activated in NiTi alloys. 

In the case of slightly Ni-rich NiTi, the B2 phase is stable at high temperatures, however, at 
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lower temperatures, secondary nickel-rich particles form in the B2 matrix. In order to understand 

the phases that exist in NiTi alloys, a complete NiTi binary phase diagram (first developed by 

Massalski et al. [13]) is presented in Figure 1.3. The important composition and temperature 

range of NiTi alloys has been modified to include metastable phases and is presented in inset of 

the figure [26]. The most important area of the phase diagram is located at the composition range 

of 50 – 57 at. % Ni and temperature range of 350 – 550ºC where metastable Ni4Ti3 phase forms 

within the B2 matrix as shown in Figure 1.3. However, the change in morphology of the Ni4Ti3 

precipitates with increased nickel content it is not clearly defined. Moreover, it is shown that at 

slightly Ni-rich compositions, the fine coherent nature of metastable Ni4Ti3 precipitates prevents 

them from being sheared by dislocations and strain hardening occurs throughout the structure 

[12]. 

 
Figure 1.3 Binary phase diagram of Ni-Ti. Additional information is provided in the inset (50 – 
57 at. % Ni) where phase equilibrium information between B2 austenite phase and Ni4Ti3 phases 
has been added [13,26]. 
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The effect of aging time and temperature is very important in controlling what secondary 

phases will form in the matrix and to what extent they form. At high enough temperatures (above 

300ºC) nickel atoms that are in excess are sufficiently mobile to allow for phase separation. This 

kinetic process causes a reduction in the nickel content in the matrix, thereby making the B2 

stable at matrix compositions closer to equiatomic NiTi. To further understand the diffusional 

nucleation and growth of these secondary phases as a time dependent process, a time-

temperature-transformation (TTT) diagram, included for 52 at. % Ni as indicated by Figure 1.4, 

was developed experimentally by Nishida et al. [18]. Under slightly nickel-rich compositions, 

the three secondary phases have the ability to form where rapidly cooling the material from 

solutionizing temperatures will nucleate Ni4Ti3 before Ni3Ti2 and Ni3Ti can form. Rapid 

quenching from solutionizing temperatures exclusively nucleates the Ni4Ti3 phase by missing the 

“noses” of the unwanted Ni3Ti2 and Ni3Ti that preferentially form under slower cooling [18]. In 

order to improve the interaction between secondary phases and the matrix, it has been found that 

additional low temperature (below 400ºC) aging can prevent heterogeneous nucleation of 

precipitates [15] and allows the Ni4Ti3 to coarsen [9]. It is known that the Ni4Ti3 precipitates tend 

to be lens shaped due to lattice mismatch difference along various directions surrounding 

precipitates [27] under low-temperature aging conditions. In order to provide strength, the finely 

dispersed Ni4Ti3 induces high elastic strain fields at the interface between precipitate and matrix. 

Dislocation motion is halted significantly by this precipitate strengthening mechanism. The 

dispersion of the precipitates is highly dependent on the aging time where, for example, a longer 

aging process yields more widely spaced precipitates [15]. Preventing over-aging of Ni4Ti3 

precipitates allows them to remain finely dispersed and coherent with the matrix, enhancing the 

strain fields generated by them and creating strong interaction with matrix dislocations. 
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Figure 1.4 Time-temperature-transformation (TTT) diagram describing precipitation behavior 
with respect to aging time in Ni52Ti48 (at.%) alloy [18]. 

 

Martensitic transformations were investigated by Stroz et al. [19] under various aging 

treatments varying from 400 – 700ºC of 51 at. % NiTi. It was found that changing aging 

conditions produce Ni4Ti3 precipitates and the distribution of this phase has a significant impact 

both on strength and transformation temperatures between austenite and martensite. In samples 

aged at 400ºC and 500ºC, the production of Ni-rich Ni4Ti3 precipitates can deplete the Ni content 

in the matrix surrounding the precipitates and increase the martensite start temperature as a 

consequence [18,19]. At 600 and 700ºC aging temperatures, these precipitates did not form and 

consequently, the matrix was not depleted of Ni content [19]. Therefore, low-temperature aging 

has a greater effect on increasing stress induced transformations in Ni-rich NiTi alloys. 
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1.2.2.2. Work hardening and grain size strengthening 

Another method for improving the strength of NiTi alloys is through work hardening. 

Miyazaki et al. [8] determined that by cold rolling the material (50.2 at.% Ni) approximately 

30% and annealed at 300ºC, nearly double the tensile strength could be achieved compared to a 

simple solution treatment [23]. Moreover, the hysteresis was much more prominent due to 

superelastic transformations and once unloaded, exhibited little to no retained plasticity. A study 

by Miller et al. [28] discussed the effect of cold working and subsequent aging of near-

equiatomic NiTi and the effects they had on martensitic transformations. By increasing cold 

working prior to transformation, this increased the transformation strains in addition to the yield 

stress during cyclic loaded and unloading. Aging samples while inducing cyclic loading can raise 

the stress required for martensite formation. Residual strain in the form of martensite bands have 

been known to form as a result of assisted slip deformation processes [28] and, consequently, the 

hysteresis is reduced as a result of increasing stress cycling. This explains work hardening as a 

function of stress cycling at elevated temperature and brings attention to the need for pre-cycling 

NiTi materials to reduce the effect of cycling deformation while the material is in service [8]. 

Grain size plays an important role in material strength as generally known by the Hall 

Petch relationship. Changes in grain size also explain the discrepancy of elastic moduli in B2 

NiTi, which can vary from 20 – 108 GPa [24]. Reduction in grain size can provide benefits for 

material strength and fatigue properties and NiTi alloys are no exception to this concept. A 

recent study by Xiao et al. [25] claims that maintaining grain sizes at moderate levels can have a 

significant impact on the yield strength and fatigue performance. When the grain size is reduced 

to below 14 µm, the material converts from a heterogeneous deformation mode to homogeneous 

deformation [25]. As a result, cyclic behavior is improved when the grain size is below 14µm. 
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Research by Mei et al. [24] conducted nanoindentation tests on NiTi with grain sizes varying 

from 6 – 100nm. It was found that an 85 GPa elastic modulus could be achieved at an optimized 

grain diameter ~6nm. A suppression in stress induced martensite formation in smaller grains 

attributed to the steady increase in material strength [24]. 

1.2.2.3. Compositional effects 

Shape memory effect and superelasticity are highly dependent on the composition of the 

NiTi alloys because of the effect of nickel content on the transformation temperatures [16]. It is 

not possible to have a titanium rich Ni-Ti system because excess titanium is not soluble after 50 

at. % is reached. Therefore, the behavior of Ti-rich systems is fundamentally the same as a 50 at. 

% Ni system [16]. As a result, the Ms temperature remains approximately constant for 

compositions below 50 at. % Nickel as shown in Figure 1.5 [16]; however, above this threshold, 

the transition temperature steadily decreases with the increase of Ni content. It is known that a 

change in 1 at. % composition can alter the transformation temperatures by more than 100 ºC. 

Moreover, the formation of nickel-rich precipitates can significantly alter the composition of the 

surrounding matrix and results in Ni deficiency around precipitates. Therefore, the Ms 

temperature and As temperatures generally increase with increasing precipitation [18]. As a 

result, the transformation temperatures can be finely tuned by aging treatment. Precipitation of 

nickel-rich secondary phases, discussed in 1.3.2.1, is shown to have a significant influence on the 

matrix composition [14,15,18]. In addition to precipitates, Frenzel et al. [29] investigated the 

influence of carbon, on the transformation temperatures and found that with increasing carbon 

content, the transformation temperatures decrease. This is explained by the formation of TiC(O) 

particles that alter the local Ni/Ti ratios within the matrix.  
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Figure 1.5 Influence of the nominal Ni concentration (at. %) on the martensitic transformation 
temperature (K) in binary NiTi. Above is the comparison between the Ms (xNi) relationship in the 
work by Frenzel et al. [16] compared to work by Tang et al. [30]. 

 

With the presence of Ni4Ti3 precipitates within binary NiTi alloy, a multistage 

transformation is likely to occur from austenite to martensite. Carroll et al. [31] researched the 

presence of an intermediate R-phase formation indicated by differential scanning calorimetry 

measurements. Similar to the Ms and Mf temperatures indicating the start and end of the 

martensitic transformation to B19’, R-phase formation begins at Rs and finishes at Rf. Through 

DSC, it is concluded that R-phase starts to form from B2 phase upon cooling and a complete 

transformation is made before B19’ starts to form [31]. Upon re-heating, there is no R-phase step 

as the B19’ transforms directly back to B2. It is shown that the presence of Ni4Ti3 particles can 

significantly affect the formation and growth of B19’ bands whereas the R-phase formation is 

not affected [31]. The presence of a multi-step phase transformation is due to two specific 

contributions. The first being the formation of Ni4Ti3 particles which depletes the matrix of Ni 

locally [32]. The second is due to a discrepancy in nucleation barriers between the R-phase 

which requires 1% shear strain for transformation and the B19’ phase with requires 10% shear 
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strain [33]. Since the Ni4Ti3 precipitates are coherent with the matrix, local stress fields 

surrounding the precipitates increase the strain required for B19’ martensitic transformations to 

occur. As a result, R-phase transformations are more likely to intermediately form and multi-step 

transformations can occur [33]. 

When nickel content reaches levels of 54-56 at.% Ni, the morphology of Ni4Ti3 

precipitates have the tendency to directionally coarsen under cyclic loading and behave quite 

differently than the common fine Ni4Ti3 lenticular shape [9,12] [27]. Figure 1.6 clearly shows 

high volume fraction of coarse Ni4Ti3 precipitates in the Ni55Ti45 alloy after repeated tensile (b) 

and compressive (f) loading. Finally, at compositions above 57 at.% Ni (63 wt.%) and aging 

temperatures above 550ºC, more nickel-rich phases such as equilibrium Ni3Ti and Ni3Ti2 phases 

are likely to form [13]. It is concluded that when Ni compositions become 57 at.% or higher, the 

material loses a significant amount of hardness and rather to precipitation of these Ni3Ti2 and 

Ni3Ti phases is preferred, making them inviable for tribology [12,13]. 

The viable composition range for NiTi alloys in cyclic tension-compression above 1000 

MPa is realized when the Ni content enriches between 54 – 56 at.% Ni and finely dispersed 

Ni4Ti3 can preferentially form on the order of 70 nm at 55 at.% Ni [9]. Under compression, the 

material was loaded up to 2500 MPa for up to 50 cycles and after unloading no stress induced 

martensite was detected indicating a fully reversible transformation [9]. Tension and 

compression tests revealed that Ni4Ti3 coarsening was occurring and even Ni3Ti was present 

decorating grain boundaries in the tensile samples. The coarsened and highly directional nature 

of the Ni4Ti3 precipitates in Ni55Ti45 alloy after both tensile and compressive cycling can be 

viewed in Figure 1.6 [9]. Unlike ultrafine Ni4Ti3 precipitates that are ideally grown in NiTi 

materials to perform well under uniaxial loading, the coalesced Ni4Ti3 structure observed in these 
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fatigue cycled samples make them susceptible to further plastic deformation [34]. Although it is 

not fully understood to what extent this coarsening behavior may effect tribological performance, 

it has been shown that ternary alloy additions can form nano-precipitates which were effective in 

preventing Ni4Ti3 over-coarsening [17].  

 
Figure 1.6 Bright-field TEM micrographs showing directional growth and coalescence of Ni4Ti3 
precipitates of Ni55Ti45 alloy post-cycled at room temperature in (a) uniaxial tension and  
(b) uniaxial compression [9]. 

 

1.2.2.4. Inclusions 

Impurities are a common issue in the microstructure of alloyed materials since they act as 

local stress concentration sites and therefore cracks initiate, which affect the mechanical 

properties of materials.  In NiTi alloys titanium has high affinity to impurities such as carbon and 

oxygen. As a result, different inclusions in the form of as oxides (TiO), carbides (TiC) and 

intermetallic phases (Ti4Ni2Ox) can be formed, which are detrimental to the strength and fracture 

toughness of the alloy [35].  During NiTi alloy processing, there are small quantities of carbon 
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originating from graphite crucibles and remnant oxygen from atmospheric exposure that 

infiltrate the material and form impurities. Carbides form under conditions where at a fixed 

temperature and composition, two solid phases (B2 matrix and Ti(C,O) carbides) solidify from a 

homogeneous liquid phase [35]. The carbide particles tend to be very small (< 5µm diameter) 

and remain isolated in nature, however under cold drawing conditions, oxides have been 

observed to line up in the drawing direction to form a “stringer-like” pattern of multiple broken 

oxide particles in an elongated fashion [36]. This is most likely due to the cold-drawing 

processes where cracks are likely to initiate at their respective locations [35]. In some of the TiC 

inclusions, a substitution can be made for oxygen in the place of carbon due to their similar 

atomic size [36]. Therefore, carbides in NiTi alloys are often denoted by Ti(C, O) given there is a 

possibility of having carbon or substitutional oxygen in the inclusion. An important aspect of 

TiC formation is that it tends to deplete surrounding regions of titanium which effectively lowers 

the martensite start temperature locally due to an increased Ni : Ti ratio. Moreover, small 

carbides and oxides tend to act as vacant locations because of their brittle nature. Intermetallic 

Ti4Ni2Ox has the tendency to grow larger than carbides [37]. During solidification, intermetallic 

oxides form when a liquid phase and solid phase (B2 matrix) facilitate the nucleation of a second 

solid phase (intermetallic Ti4Ni2Ox) upon cooling [36]. Due to their size, they act as larger voids 

within microstructure and therefore are more harmful to the material than Ti(C, O). Overall, it is 

important to note that Ti4Ni2Ox intermetallic oxides are more susceptible to fracture compared 

with carbides that can form, since average micro-crack lengths at oxides were approximately ten 

times larger than of those that were located at carbides [35]. This is explained by the fact that 

oxides tend to be larger and that carbides are known to be more cohesive to the surrounding 

matrix, providing higher surface stresses that promote crack closure [35]. Therefore, it can be 
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concluded that oxides are more effective crack initiation sites than carbides and should be 

avoided. Due to the problems that tend to arise when inclusions are present, processing plays a 

pivotal role in reducing their presence and optimizing material performance. To fabricate 

material of the highest purity possible, the environment in which NiTi alloys are refined must be 

carefully isolated from sources of carbon and oxygen in order to prevent significant quantities 

Ti(C, O) and Ti4Ni2Ox from forming. 

In order to test the correlation between failure and material purity, various classical 

methods of testing fracture toughness have been implemented. Some work has been done by 

Stanford et al. [38] to characterize the types of failure that can occur by implementing classical 

testing such as Charpy notch testing and micro-indentation to several different processed Ni55Ti45 

specimens. During tribological testing, the fatigue loading cycles put compressive and shear 

stresses on the material and the Ni55Ti45 alloy performs surprisingly well under these loading 

conditions. However, there is the possibility that some microstates can become loaded in tension 

and as a result, the material can fail at lower stresses than what is expected and failure may 

initiate around defects and voids [39]. The main initiation sites that cause systematic failure are 

somewhat unknown, but these sites can include “soft” precipitates and voids. Some less common 

impurity particles that are observed include titanium carbides with some interstitial oxygen 

content, and intermetallic defects such as Ti4Ni2O [40]. 

1.3 Background: Tooling and wear-limited applications of NiTi alloys 

Superelastic intermetallic materials such as Ni55Ti45 have a unique set of attributes for 

bearing applications that are not exhibited by steel and ceramics bearings [34]. These include 

corrosion resistance, high strain compatibility and great resistance to static indentation under 
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compressive loading conditions [41]. In the NiTi system, Ni-rich alloys in the range of 54 – 56 

Ni (at. %) utilizes both superelastic characteristics of NiTi and ultra-hard properties needed for 

tribological sustainability. Although, the tribological behavior of NiTi alloys has received less 

attention in literature, there is consistent progress on fatigue driven wear behavior in NiTi that 

began with Buehler’s original findings in 1963. This section reviews the evolution of NiTi alloys 

designed for tribology that is supported by their corrosion resistance, dry-sliding and oil-

lubricated wear behavior, dent damage tolerance and rolling contact fatigue performance. 

W. J. Buehler [1], at the Naval Ordinance Laboratory, was the first to investigate the 

unusual nature of the NiTi system (and coined the name “Nitinol”) while searching for an ideal 

material for use as a nose cone on rockets in 1963. He recognized at this early stage that dramatic 

changes in properties could result from small changes in composition of binary NiTi alloys. 

Nickel-rich compositions were initially investigated as a possible alloy for damping components 

in armor. Furthermore, the Ni-rich system looked promising for use as a high-performance tool-

grade alloy that additionally possessed optimum properties for bearing applications. 

Unfortunately, these findings were not investigated further until decades later [1]. 

Buehler’s conjecture was expanded because a simple thermal treatment of NiTi alloy 

could produce hardness values comparable to that of hardened tool steel. Due to lack of suitable 

electron microscopy techniques to resolve the fine precipitates in NiTi alloys, it was presumed 

that during the rapid quenching process of Ni55Ti45 that increased the hardness so substantially, 

fine precipitates must be homogenously dispersed throughout the matrix. His initial theory 

suggested that the equilibrium phase of Ni3Ti was the cause for the hardness increase; 

furthermore, Buehler’s findings allowed more possible industrially minded applications for this 

new material such as non-magnetic tool material, naval rocket nose-cones and low stress high 
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cycle bearings [1]. Designing tools with nickel-rich NiTi was a priority for the Navy since the 

work could be done on magneto-sensitive weapons systems without interference from 

ferromagnetic tools. It was commonly assumed at that time that tool-grade steels and ultra-hard 

ceramics were ideal candidates for bearing applications. However, NiTi has the additional 

benefit of superior corrosion resistance and high thermal conductivity which could extend the 

lifespan of the bearing component [1].  

Ample corrosion resistance and biomedical compatibility of Nitinol combined with shape 

memory actuation and superelastic response led to extension of NiTi applications mostly in 

medical device manufacturing. Nitinol’s mechanical attributes enable the medical components to 

withstand fatigue loading conditions and to return to original form when unloaded. Once NiTi 

was assimilated with superior dent resistance, however, the application range widened to more 

industrially minded opportunities. For decades, the direction of NiTi research and application 

was focused mainly on shape memory effect and superelastic behavior for biomedical 

applications, diminishing bearing research until early in the 21st century. However when NiTi 

was found to possess good resistance to corrosion in oil environments, these industrial 

applications and research became relevant again [42]. 

1.3.1. Corrosion resistance 

NiTi has vast potential as a biomaterial, which can be used in the human body because of 

its resistance to corrosion so long as the passive layer on the surface is not compromised. The 

NiTi system can be considered, as with titanium alloys, in the development of artificial implants 

where superelastic characteristics are desired due to their sufficient biocompatibility [43]. Nitinol 

is capable of forming a stable titanium oxide layer preventing further active corrosion attack [44] 
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and avoid releasing nickel into the human body [44]. In order to measure the level of corrosion 

resistance, NiTi has been extensively tested in the areas of passivity, potentiodynamic 

polarization, and scratch damage in various media [45,46].  Trepanier et al. [45] studied effect of 

prior surface finishing on corrosion resistance using anodic polarization testing. It was concluded 

that forming a thin titanium oxide layer on the material surface was necessary to prevent active 

corrosion of the material, however it can still be susceptible to localized corrosion in the form of 

pitting and crevice corrosion due to surface roughness and the presence of impurities on the 

surface [45]. Trigwell et al. [46] reported that even after mechanically polishing of NiTi alloy 

surfaces, the material is still prone to corrosion attack at the locations of intermetallic inclusions 

on the surface [46]. An additional chemical etching step after mechanical polishing greatly 

improved the uniformity of the TiO2 surface on NiTi, which significantly decreases the potential 

for localized attack. Rondelli et al. [47] has also reported the important conditions in equiatomic 

NiTi alloys that may initiate local surface corrosion such as critical pitting temperature and 

critical crevice temperature. It is reported that the pitting corrosion resistance of NiTi is quite 

high, even higher than stainless steel. However, when the passive layer is damaged, there can be 

a noticeable drop in corrosion resistance [47]. Qin et al. [48] compared the corrosion resistance 

of solution treated, as-cast and aged Ni55Ti45 alloy specimens with 316 stainless steel. The 

solution heat treatment showed significantly less secondary phase (Ni3Ti) precipitation compared 

to the as-cast material [49] resulting in much higher corrosion resistance compared with as-cast 

samples, which had about the same corrosion resistance to that of the 316-stainless steel. 

However, the Ni55Ti45 alloy exhibited a slight decline in corrosion resistance from solution heat 

treated state to aging treatment presumably due to an increased fraction of precipitates. As a 

good rule of thumb, the larger the difference between corrosion potentials between matrix and 
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secondary phases, the faster the corrosion rate [49]. Due to the lower compositional difference 

between Ni4Ti3/B2 matrix compared with Ni3Ti/B2 matrix, the corrosion potential of Ni4Ti3/B2 

matrix is reduced [49]. Corrosion resistance as a function of inclusion size and distribution in 

Nitinol has shown that inclusion size has more influence on the corrosion resistance compared 

with their distribution [50]. These findings corroborate the assumption that large inclusions act as 

pores which are more susceptible to crevice corrosion [50]. 

1.3.2. Wear behavior 

Superelastic NiTi alloys have the capability of “self-healing” after deformation by 

accommodating strains through martensitic transformation. This behavior can improve the wear 

resistance of the material. Most of the experimental tests in the literature on the influence of 

superelasticity on wear resistance is mainly conducted by scratch tests [51] and sliding tests [52]. 

Cheng et al. [51] performed the scratch testing by sliding of steel bearing balls on Ni50.8Ti49.2 

alloy surfaces. An important result of this test is that once reheated past the austenite start 

temperature, the scratch depth in the sample returned to near-level surface with minimal remnant 

deformation. The results of the test can be seen in Figure 1.7. 

 
Figure 1.7 Self-Healing of a scratch scar in Ni50.8Ti49.2 shape memory alloy [51]. Upon re-heating 
after the scratch test was performed, the scratch depth recovered to near-level surface. 
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Different studies by tribologists have included baseline comparisons on the wear 

behavior of NiTi alloys with more well-known high-performance steels. One report examined 

the feasibility of NiTi alloys over conventional ferritic alloys in tribology applications [52]. 

Clayton et al. [52] performed a dry-sliding tribology setup with compressed air focused on 

regions of contact to minimize temperature fluctuations that could alter the wear behavior of 

NiTi. It was found that by reducing the test temperature, martensite could more readily form 

under lower stress levels. It is generally known that the work hardening of the material allows it 

to withstand large applied stresses without generating much plastic deformation [8,53]. The need 

for "pre-straining" to obtain these work-hardened attributes is supported by Clayton et al. [52] 

who reported the tangential and normal force ratio (common loading parameters in rolling 

contact fatigue) as a function of the ratio of sliding/rolling contact that took place. Results from 

this test can be viewed in Figure 1.8. During cyclic loading and unloading, the NiTi-alloy 

behaved differently than the steel by showing signs of significant hardening after the first 2500 

cycles. Therefore, pre-straining was needed to harden the surface during early stages of wear 

deformation which leads to longer fatigue life. 

By examining Figure 1.8, it is apparent that NiTi has high wear resistance when in 

contact with steel in rolling/sliding tests. In addition, NiTi has very high wear resistance when 

two NiTi parts are in contact with each other [52]. It is typically thought that higher hardness 

combined with lower the T/N ratio corresponds to greater wear resistance. However, Clayton 

[52] showed that although NiTi has a lower hardness than the steel, it showed much better wear 

resistance in dry sliding/rolling conditions as depicted in Figure 1.8. In order to understand this 

behavior in detail, the volume loss of material (higher volume loss ~ more wear) on the 

contacting surfaces is recorded for different slide/roll ratios, giving an accurate comparison of 
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wear resistance between steel and NiTi. Figure 1.9 depicts wear rates of NiTi in contact with 

BS11 steel, showing the wear rate of NiTi declining steadily after 40% sliding/rolling is reached. 

This is different from the steel which steadily degrades with an increase of sliding/rolling ratio 

[48]. From this, one can conclude that simply making a material as hard as possible is not 

necessarily the optimum path to making a material more wear resistant in tribological testing 

[54]. The combination of superelastic stress-strain response for elastic recovery coupled with a 

high hardness makes NiTi alloy an outstanding candidate for the bearing design especially at 

higher temperatures. 

 
Figure 1.8 Tangential/normal force ratio vs. slide/roll ratio describing wear rate of unlubricated 
NiTi on steel (triangle), unlubricated NiTi on NiTi (circle), unlubricated, and water lubricated 
NiTi on steel (square). Lower the T/N ratio, results in better sliding wear resistance. The 
unlubricated NiTi on NiTi had a slightly better resistance to sliding wear compared to the NiTi 
on steel, however the water-lubrication results in much lower sliding wear compared to either 
unlubricated condition [52]. 
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Figure 1.9 Wear rate (volume loss per distance) vs. slide/roll ratio (%) for NiTi alloy contacting 
BS11 high carbon rail steel [52]. The NiTi / BS11 samples perform similarly at low slide-roll 
ratios. After ~35%, the wear rate to the BS11 increases and the wear rate of the NiTi decreases. 

 

Dry sliding experiments were further performed by Arciniegas et al. [55] comparing five 

different compositions of NiTi alloys (49 – 51 at.% Ni). The results supported Buehler’s initial 

findings as the Ni-rich alloys were more wear resistant under dry sliding conditions due to finely 

distributed Ni4Ti3 precipitation effectively halting plasticity. Martensitic transformation under 

loading conditions also played an important role in the experiment. The behavior was influenced 

by the width of the martensite bands, which, as discussed previously, can be controlled based on 

the size and distribution of the Ni4Ti3 precipitates [12]. Martensite could heterogeneously 

nucleate at the locations of the precipitates, but the width of the bands was subsequently reduced 

because of smaller interparticle distances between precipitates [55].  

Thermal effects and heating of the specimen during dry sliding can be very detrimental to 

the wear behavior of the material. Li et al. [56] tested NiTi under dry sliding and water cooled 

conditions. It was determined that high friction forces between dry sliding bodies without 

cooling cause the temperature to increase substantially, thereby preventing martensite from 
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forming. The results of Li indicated that although water did not act as a lubricant or decrease the 

coefficient of friction between sliding bodies, the sliding wear resistance was significantly 

improved. This was due to the water acting as a coolant, which keeps the material at relatively 

low temperatures where stress induced martensite could still form. This study shows the 

usefulness of adding a lubricant between NiTi components not only to lower the coefficient of 

friction, but to additionally moderate the operation temperatures, ensuring superelastic 

deformation via martensitic transformation. 

In order to improve the wear behavior of NiTi alloys, some form of interface is required 

to act as a buffer between contacting NiTi surfaces to effectively reduce the overall coefficient of 

friction during tribology experiments [57]. In addition to aqueous solutions and bodily fluids, 

NiTi alloys exhibit good corrosion resistance in oil-based environments [42]. Typically, alloys 

containing high amounts of titanium do not perform well under sliding, even under oil 

lubrication. This is because in direct contact, titanium has the tendency to transfer material from 

its surface to the other contacting surface, resulting in contamination of the wear track and high 

friction. As a result, very little work has been performed on oil-lubricated wear behavior of NiTi 

alloys. However, the tribological studies performed by Dellacorte et al. [58] show promising 

behavior that requires further work to be done on NiTi alloys in oil-environments. In fact, the 

coefficient of friction remained at a consistent stable level, which prevented galling failure on the 

surface. It was reported that the components could stay well lubricated for extended periods of 

time and the oil did not need to be rapidly consumed during testing. Explaining the observations 

of this test, the bonding within the B2 structure of NiTi is highly directional and therefore much 

stronger than other metallic titanium alloys. As a result, oil is not degraded by the material and 

transfer of mass between contacting surfaces is hindered. Therefore, the material can perform in 
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a similar fashion to ceramics in tribological systems [42,59]. These attributes allow for further 

advancement of research on Ni55Ti45 alloy for industrially minded applications and has caught 

the attention of the aerospace industry. Oil-lubricated testing of Ni55Ti45 alloys enables 

components to achieve longer life spans compared to previous studies on dry sliding [59]. Thus, 

these alloys can also be used in application related to oil lubricated tribology. 

Zeng et al. [60–62] determined that sliding speed and load play an important role in the 

lubrication behavior of the Ni55Ti45 alloy. Moreover, the oil acts as a coating between two 

interfaces during rolling contact and can actively prevent surface wear on the ball bearings and 

the raceway. Sliding contact and rolling contact tests are effective in determining the effect of oil 

lubrication. For these tests, a bearing ball is in sliding contact with a plate and covered in castor 

oil. Predictably, the castor oil had a high viscosity, the beginning of the test had a slightly higher 

coefficient of friction compared to later testing times. This decrease in coefficient of friction 

accounts for the time required for the oil to break bonds and create a stable interface between the 

two metallic interfaces. Once a proper lubricant was achieved, the wear of the parts was 

mitigated, being directly proportional to the coefficient of friction (CoF) [60]. 

Sliding contact tests were conducted by Yan et al. [63] on binary NiTi alloy using 

alumina counter balls sliding on test material for up to 1000 cycles at variable applied loads. 

Since there is a temperature effect on the material due to friction sliding, the critical stress 

increased in relation to the Claysius-Clapeyron equation. At low loading (under 100mN) the 

coefficient of friction predictably remained low suggesting there is one deformation mechanism 

for the stress range. When the loading was increased, however, there was a difference in the CoF 

which implies that other deformation mechanisms were activated for the higher stress levels [63]. 

The findings produced from this study included the increase of plastic strain accumulation when 
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the material was loaded past the yield stress of the stress-induced martensite [63]. 

Superlubricity is an ideal sliding/rolling state where friction between two contacting 

components reduces to near zero [62]. In the case of NiTi alloys lubricated with castor oil, a 

combination of dry lubrication and liquid lubrication models must be considered to explain the 

exceptional superlubricity behavior. Generally, there must be a non-negligible quantity of 

hydrogen or OH- molecules and, therefore, tribochemistry plays an important role in Ni-rich 

NiTi superlubrication with castor oil [62]. Ni has a lower activation energy than titanium atoms 

in the system and are allowed to travel and oxidize on the contact surface. At the same time, the 

castor oil becomes positively charged due to local triboformed reactions in between contacting 

parts causing a weak interaction at the interface. These repulsive electrostatic forces between the 

oil and NiTi surface allow the CoF to reduce significantly and produce the superlubricity 

behavior that has drawn attention from industrial and aerospace communities [62]. Moreover, 

these highly viscous oil lubricants can readily form long fatty acid chains, which have a 

relatively high load capacity. Therefore, castor oil and jet oil allows for highly stable lubricity, 

consistent flow and low quantity of oil within the Hertzian contact zone. 

1.3.3. Static indentation load capacity 

Ni-rich NiTi alloys exhibit high hardness that is necessary for tribological applications 

and their superelastic nature and low elastic modulus allows for high indentation static load 

capacity [64]. Prior to performing RCF screening, an alloy must be capable in resisting plastic 

deformation due to static indentation loading. This test involves a bearing ball pressed into the 

race-way of the bearing. If an unrecoverable indent of 5x10-5 times the diameter of the bearing 

ball is achieved after unloading, the load required to make this indent is known as the static 
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indentation load capacity of the material. Static indentation load tests were conducted by 

Dellacorte et al. [64] using a Brinell test rig on both a simplified ball-plate geometry and a more 

authentic ball-on-concave raceway design. The latter allows for higher conformity between the 

bearing ball and race material by placing high static loads on points of contact. In case of rolling 

contact fatigue performance, this location of contact between both components is of the most 

interest. The loading indentation results were very similar in both geometries, reasoning that 

Hertzian contact stress relations between a ball bearing and flat plate can be utilized in more 

true-to-life tribological test set-ups [64]. When a sphere is pressed into a flat plate, the contact 

surface increases as described by Hertzian contact stress relations between two converging parts. 

Vibrational effects resulting from transportation of components to space can severely 

damage a bearing prior to installing the components. In order to surpass these issues, a bearing 

material must also be resistant to plasticity caused by such vibrations [65]. When compared to 

high performance steel using a Brinell test rig, the pre-stressed Ni55Ti45 alloy accommodated 

approximately twice the static load capacity [64] and is an optimum candidate compared with 

traditional tool-grade steel alloys [41,42,64]. By applying secondary processing techniques after 

solution annealing heat treatment of Ni55Ti45, hardness values of 58 – 62 HRC can be achieved. 

Moreover, a moderate elastic modulus in a bearing material (~100 GPa) allows components to 

deform elastically, accommodating up to 3% strain. During cyclic compression testing, however, 

a measurable quantity of plastic deformation is observed after the first cycle. This is 

characteristic of NiTi alloys that require pre-stressing before the material can be put in service. 

After pre-stressing, relatively small measured hysteresis can be attributed to internal damping 

within the material which is desirable when tribological components are exposed to high 

compressive loading as in transportation to space and vibrations during service. During a study 
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by Nasehi et al. [66] involving Ni55Ti45 alloy, hot worked specimens contained coarse Ni4Ti3 

precipitates, and low temperature aging produced fine Ni4Ti3 precipitates. In contrast, samples 

aged at 700°C contained a plate-like Ni3Ti phase [66]. The higher-temperature aging treatment 

had the greatest amount of onset plastic deformation, while the lower-temperature aging 

treatment had the highest hardness and lowest amount of plasticity due to formation of 

metastable Ni4Ti3 precipitates [12]. It was concluded that the amount of plastic deformation 

within the material significantly affected the accumulation of wear on the material surface and 

work hardening resulted in more wear on the sample surface. 

Testing of dent/damage tolerance of cobalt alloy, high-performance steel and Ni55Ti45 

alloy was conducted by Dellacorte et al. [41] in order to simulate the large compressive loading 

effects exhibited on bearing components in extreme stress environments. Dent/damage tolerance 

was measured by pressing a bearing ball into a flat plate (bearing raceway material) and 

recording the load required for the plate to plastically deform. Considering that the launch loads 

can vary from 3–9 times Earth's gravitational pull, even high-performance steel bearings are 

susceptible to damage from these high critical stresses [41]. Plastic deformation during launch 

poses a serious problem with regard to the lifespan of the bearing components, as even slight 

deformation can prompt uneven wearing, stress concentrations, and larger amounts of friction in 

the affected areas which leads to periodic maintenance and replacement of the bearing raceway. 

During this examination, which is depicted in Figure 1.10, Stellite 6B (cobalt alloy) plates were 

compared with 440C and M50 high-performance steels. Ni55Ti45 alloy plates were also tested in 

the same manner. Silicon nitride bearing balls (red) and NiTi bearing balls (blue) were used to 

press into the different plates. Compared to the 112 and 331 lbf. required to indent the 440C and 

M50 steel plates, respectively, the cobalt alloy performed poorly, deforming at a mere 22 lbf. In 
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contrast, the NiTi performed very well at 1214 lbf required to plastically deform the plate. The 

dent resistance observed in the NiTi was even higher than the high-performance steel bearings, 

and, taking into account the corrosion resistance of the NiTi alloy, it proved to be the more 

damage tolerant bearing material candidate when compared to the cobalt [64]. 

 
Figure 1.10 Dent/damage tolerance of Ni55Ti45 compared with cobalt-based Stellite alloy, 440C 
steel, and M50 steel. Under conditions using silicon nitride bearing balls (red) and Ni55Ti45 
bearing balls (blue), the NiTi outperformed the other candidates by resisting plastic deformation 
at higher loading conditions [67]. 

 

1.3.4. Rolling contact fatigue behavior 

Tribological research on NiTi alloys has been furthered by Christopher Dellacorte at 

NASA Glenn Research Center with a primary focus on rolling contact fatigue (RCF) 

performance using oil lubrication [41,58,67]. Indeed, Buehler’s initial investigations of NiTi [1] 

utilized oil lubrication as well, and this condition was comprehensively explored by Dellacorte, 

who recognized that far better wear behavior can be achieved when oil lubricant is applied, 
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which substantially provides a thin medium between contact points of the bearing balls and 

raceway. General advancements and useful background information on RCF experimentation 

and mechanisms are presented in a review article by A.V. Olver [68]. It is known that RCF 

conditions, the state of stress in nonconformal contacting bodies is derived from Hertzian contact 

theory in which a combination of compressive and shear stresses contributes to subsurface 

deformation [69,70]. Over the course of a single stress cycle, the position of the two contacting 

bodies and corresponding loading conditions are constantly changing [2,69]. RCF occurs in a 

localized region close to the contact surface and when a certain number of cycles is reached, 

accumulation of plastic deformation precedes eventual fatigue failure in the form of spalling, 

thereby halting the life of the component [2,68,71]. From a microstructure standpoint, localized 

plastic deformation can develop into shear bands and eventually lead to crack formation, 

however, little is known of crack initiation under multiaxial fatigue conditions. The critical plane 

approach is one explanation for why, instead of finding fatigue cracks perpendicular to the 

surface, they are often found inclined to the surface [3]. Information on crack plane orientation, 

fatigue life to crack initiation (low cycle fatigue and ratchetting), and position of damage can be 

predicted for certain geometries [3]. Moreover, bearing components need to be manufactured at 

high levels of precision to prevent misalignment and stress concentration sites from faulty 

machining [59]. Therefore, dimensional and microstructural stability is necessary during the 

processing step. However, RCF life prediction models such as a total life approach assume an 

initially defect-free and homogeneous microstructure and do not typically consider the behavior 

of the material under complex contact loads. Furthermore, there is limited development of 

models that include small cracks and defects prior to fatigue testing. To produce components that 

are suitable for tribology, specific material parameters must be considered in the material 
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selection process such as high hardness, high compressive and shear strength, low density and 

high thermal conductivity [59]. 

The primary materials that are currently used in bearing components are high 

performance tool steel such as 440C, M50 and 52100 [72] because of its ability to arrest fatigue 

crack growth through plastic deformation. In steel bearing components, fatigue crack growth due 

to over-rolling conditions often begins with the initiation of a surface crack, leading to transient 

crack growth and finally fast crack growth that leads to failure [3]. Moreover, shear bands can 

form in steel within the deformed sub-surface called white etching areas (WEAs) and are 

associated with cracking due to the highly localized deformation between rubbing of fatigue 

crack faces [73–75]. Within WEAs, the microstructure is altered and, through continued cycling 

and accumulation of shear-driven plastic deformation, is shown to cause grain refinement within 

the WEAs which leads to nanocrystalline grain formation and eventual amorphization [76]. 

Therefore, WEA formation has been acknowledged as one of the primary failure modes in RCF 

steels. 

Similar heavy deformation through refinement of the crystal structure and eventual 

amorphization that is reported in steels under RCF has been documented in binary NiTi alloys 

which were subjected to severe plastic deformation (SPD) [77–80,80–82]. Moreover, a recent 

high resolution TEM (HRTEM) analysis on Ni51.5Ti48.5 alloy subjected to sliding wear testing at 

1056 MPa Hertzian contact stress levels revealed a layer of heavy amorphization at the wear 

surface followed by a region that also contained B2 and B19' structured nanocrystalline grains 

and randomly distributed amorphous bands [83]. The nanocrystalline grains contained a high 

density of dislocations. These findings suggest that nanocrystalline grain formation is a result of 

grain fragmentation caused by severe strains during repeated sliding wear testing [83]. Repeated 
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cyclic stresses applied to fragmented B2 and B19' crystal packets breaks them down to finer 

particles with a higher density of dislocations, eventually leading to complete amorphization 

[83]. Amorphization is localized to narrow bands, originating from increased dislocation density 

along preferred slip planes resulting from heavy deformation [78,81]. Furthermore, it has been 

hypothesized that amorphization can be assisted by the formation stress-induced martensite 

(SIM) where transformation induced dislocations act as sites for dislocation multiplication [83–

85]. 

1.4 Exploring ternary alloying for advanced bearing materials 

1.4.1. Low-level Hf ternary alloying in Ni-Ti for tribology 

More recently, adding other elements to substitute for nickel and titanium is found to 

significantly increase the transformation temperature [17]. Gold, platinum, and palladium have 

all been explored as substitutional atoms for nickel that significantly increase the martensite start 

temperature compared to binary systems. These rare elements are costly additions, typically 

reserved for high-temperature applications in aerospace. By contrast, hafnium and zirconium are 

more cost-effective options that can be used as substitute atoms in titanium locations within the 

system. Hornbuckle et al. [17,26] noted these ternary additions have many structural and kinetic 

benefits, which result in added strength. The transformation kinetics vary greatly with the 

addition of hafnium and can be tailored to accommodate common structure applications. 

Hafnium content has a substantial effect on retarding the nucleation and growth of equilibrium 

phases during rapid quenching from solution temperature. One possible effect of hafnium in low 

levels as a strengthener is its ability to substitute for Ti in the Ni4Ti3 unit cell. Given that hafnium 

has a larger atomic number and more electrons orbiting the nucleus, it acts as a slow diffuser, 

which helps to hinder the growth of the Ni4Ti3 phase. If, due to the presence of hafnium, the size 
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of the Ni4Ti3 phase can be maintained in the form of fine precipitates, therein lies a plausible 

explanation for why high strengths can be satisfied in the ternary system even after furnace 

cooling [17]. 

Exploration of time-temperature-transformation aspects of the ternary alloy system is 

necessary to fully understand its scope of applications. There have been some recent 

advancements in identifying new phases that form at the nanoscale level with appropriate 

thermal treatment. Although this is a relatively new direction of study, noteworthy results have 

been achieved and further investigated following long-term aging conditions. A hafnium rich 

“H-phase” has been discovered, which has positive effects on the strength of the ternary system 

[17]. Remarkably, the recorded hardness values are comparable to those of rapid-quench binary 

nickel titanium. Without the need for rapid cooling, ternary alloys are predicted to have mitigated 

residual stress levels throughout the structure. Previous research on ternary hafnium additions in 

NiTi have been at the macro-alloy scale (~15 at. %), with the objective to elucidate the effect of 

secondary precipitation on the shape memory and superelastic effects on the nickel-rich-type 

alloys [17]. One benefit to this approach includes a thermal treatment that eliminates the need for 

rapid quenching and, moreover, prevents the potential for premature cracking in bearing parts 

before they are put in service. An added benefit of the superelastic nature of NiTiHf is that the 

alloy can accommodate compression and torsional strain. However, few compositions and 

thermal treatments have been explored that indicate that the H-phase is present in the nickel-rich 

system. This nanoscale phase was present in 15 at.% Hf concentrations, but few investigations 

have been made regarding the ternary system containing lower amounts of hafnium.  
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Figure 1.11 Ni54Ti45Hf1 alloy aged at 400 °C/24hr: (a) Bright-field image, (b) HAADF-STEM 
image, (c) SAED taken // (111), and (d) SAED taken // (001). The presence of the B2, Ni4Ti3 
precipitates, and H-phase precipitation (denoted by arrows), were all confirmed [17]. 

 

1.4.2. Ni-Ti and Ni-Ti-Hf alloy bearings designed for aerospace applications 

Some of these ternary alloys have been characterized at select compositions, such as 

Ni54Ti45Hf1 alloy shown in Figure 1.11. Image (a) uses bright-field (BF) TEM and (b) 

corresponding HAADF-STEM image of the same area to show nano-precipitation that is present 

in the ternary alloy system. (c) and (d) are additional SAED patterns taken on the (01-1) and 

(110) zone axes. Arrows point to the dark spots that indicate the presence of H-phase within the 

Ni54Ti45Hf1 alloy composition. However, in this composition, there are not enough H-phase 
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precipitates to overcome a decline in strength and hardness occurs as a result of the over-

coarsened Ni4Ti3 [26]. These preliminary findings support the need to investigate different 

NiTiHf alloy compositions, allowing for better tailor-ability and a greater range of applications. 

Moreover, further study is necessary to identify all phases that can potentially form and to 

determine their stability with respect to composition and temperature. 

NiTi and NiTiHf alloys have drawn more attention for space-age bearing applications due 

to their excellent superelastic behavior and high hardness [41,58,64,67], which helps to minimize 

plastic deformation during takeoff conditions endured in a rocket launch. Testing the 

dent/damage tolerance of various material candidates (Figure 1.10) best simulate the effects of 

excess loading of these bearings during the rocket launch sequence. More recently, NASA has 

expressed great interest in developing a NiTi based alloy for a rotating centrifuge bearing that is 

a major moving component to the water recycling system in the International Space Station. The 

bearings are subject to warm, wet acidic urine environments and low to medium contact stress 

levels [86]. Moreover, particulates in the brine solution cause contamination of components that 

may be susceptible to erosion/corrosion attack. It is imperative that the bearing have a lifespan of 

10–20 years without needing replacement. Therefore, combined high-cycle fatigue performance, 

resistance to environmental degradation, damage tolerance and tribological wear resistance are 

important attributes, which makes Ni-rich NiTi alloys worth developing for niche bearing 

applications. A bearing assembly schematic of a rotating centrifuge bearing containing NiTi-

based alloys can be seen in Figure 1.12 with the NiTi alloy components highlighted by arrows. 

One major difference to note between binary and ternary systems is the effect of pre-

stressing on the part, as explained in Section 1.3.3. For example, Ni55Ti45 needs to be pre-

stressed prior to use to reduce plasticity before machining, which is crucial for retaining part 
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geometry to ensure maximized lifespans. Nevertheless, 1st generation Ni54Ti45Hf1 alloy has been 

shown to have almost no plasticity under single-cycle loading and, therefore, does not require 

cyclic pre-stressing. Furthermore, NiTiHf alloys can still attain bearing-grade hardness and 

damage tolerance without being constrained to a specific thermal treatment of solution anneal 

followed by rapid quench. This significantly reduces the possibility for a bearing component to 

fail during transport and while in service. These considerations are important to space endeavors 

where optimizing these constraints is decisive to saving energy and time and to reducing 

component size. The added benefit of corrosion resistance would also help drive innovation for 

space-related applications that have yet to be discovered. 

 
Figure 1.12 Assembly model of International Space Station water distillation system. NiTi 
tribological component includes a rotating centrifuge bearing [58,87]. 
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1.5 Conclusions 

Table 1.1 Tribological performance of binary Ni-Ti alloys under variable compositions and 
processing techniques. 

Tribology 

method 
Alloys Studied Performance Best performer 

Optimum 

Processing 

Type 

References 

Dry sliding 
wear 

resistance 

Ni49Ti51,	

Ni55Ti45	
Less	Ni4Ti3	è	less	wear	

resistance	
Ni55Ti45 

Powder	Met	+	

HIP	

VIM/VAR 
[48,51,52,55,56,66,88] 

–––––– Ni50.8Ti49.2	

recoverable	strain	=				5.3	–	
13.0%	

Up	to	75%	scratch	depth	

recovery	

 
Powder	Met	+	

HIP	

VIM/VAR	

 

–––––– Ni55Ti45	
Superelastic	stress	strain	

response	+	elastic	recovery	  
Powder	Met	+	

HIP	

VIM/VAR	

 

Lubricated 
wear 

resistance 
Ni55Ti45	

CoF = 0.054-0.15 
Wear resistance = 62 − 3701	cycles/µg 

Ni55Ti45 
Powder	Met	+	

HIP	
[42,57,58,89,90] 

Coatings CrN:Ni50.8Ti49.2	

Reduces elastic strain in NiTi 
substrate. Plastic deformation 
in coating hinders recovery 

CrN:Ni50.8Ti49.2 
CVD	on	NiTi	

surface	
[51,54,57,91] 

–––––– CrN:Ni50.8Ti49.2:Al	
Lower CoF and hardness than 

CrN:Cr:Al	
	

CVD	on	NiTi	

surface	
 

–––––– CrN:Cr:Al	

Higher hardness than 
CrN:Ni50.8Ti49.2:Al.	

Greater	amount	of	wear	than	with	

SMA	interlayer 

	
CVD	on	NiTi	

surface	
 

Rolling 
Contact 
Fatigue 

Ni55Ti45	
Young’s	Modulus	=	95GPa	

Hertzian	contact	stress	=				0.7	–	

2.5GPa	
Ni55Ti45 

Powder	Met	+	

HIP	
[42,52,58,59,61,62,67,92] 

Dent Damage 
Tolerance Ni50.8Ti49.2	

Thermally	activated	recovery	

Superelastic	recovery	 	

Powder	Met	+	

HIP	

VIM/VAR	

[39,41,64,66] 

–––––– Ni55Ti45	

Hardness	=	58-62HRC	

Wear	resistance	=		
:;;<=;.>?@A →:;;<=;.CD@A	

Pre-stressed	

Ni55Ti45	(300	

kg/0.18µm)	

Powder	Met	+	

HIP	

VIM/VAR	

 

 

The development of NiTi-based alloys for space-age bearing applications combines many 

fields of study and brings a complexity to the problems that still exist. Since it is difficult to 

know how one concept affects another under RCF, it is imperative that a more general view of 

binary NiTi, superelasticity and wear behavior be understood before advancements can be made 

in perfecting the alloy. This review of NiTi-based alloys discussed existing information on 

structural mechanics, microstructure evolution and material character that is important to 

consider when choosing a specific alloy for tribology. Attributes that make NiTi suited for wear 

resistance and tribology were addressed. A few important take-away remarks and the direction of 
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study are both summarized in Table 1.1 and considered for the remainder of the conclusions 

section.  

• Precipitation Effects: Recent studies have supported initial findings that the Ni-rich NiTi 

alloy system can be processed to harness both superelastic characteristics and high 

hardness that are ideal in tribology applications. Finely distributed Ni4Ti3 phase helps to 

strengthen the microstructure of NiTi by hindering dislocation movement. This is obtained 

from a solution heat treatment and rapid quench. This addition of nano-precipitation 

throughout the microstructure effectively produces better wear resistance. Studies have 

shown hafnium-rich H-phase is yet a better strengthener compared to Ni4Ti3. It is still 

unknown how H-phase and Ni4Ti3 interact on a nano-scale and whether contributions in 

strength from both phases is beneficial to macroscopic wear behavior. 

• Shape-memory and superelasticity: NiTi-based alloys can accommodate large amounts of 

strain without producing irreversible damage to the system. This is due to their superelastic 

character that is unique to near-equiatomic NiTi systems. Ni50.8Ti49.2 is measured to have a 

recoverable strain of 5.3-13.0% and scratch depth recovery of up to 75% upon re-heating. 

The utility of this thermally activated recovery for a tribological setting is still relatively 

unknown. More connections need to be made between macroscopic stress-strain behavior 

and microstructural observations to determine their usefulness as a bearing material. 

• Surface wear behavior of Ni-rich NiTi is significantly mitigated when it is oil lubricated. 

The added benefits of corrosion resistance and damage tolerance makes the system ideal 

for specialized aerospace and industrial applications. It is important to observe and 

maintain proper operating conditions of the bearing component to ensure that irreversible 

damage to the coatings does not negatively affect the SMA substrate. 
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• Dent damage tolerance: Determining a material’s resistance to plastic deformation under 

static compressive loading conditions is an important parameter to consider for the 

longevity of a bearing. Since geometry is a huge factor in maintaining even wear on a 

bearing component, studies have been conducted on several different bearing candidate 

materials where a bearing ball is pressed into a plate to simulate the contact between 

bearing components. The pre-stressed Ni55Ti45 performed better than cobalt-based alloys 

and high-performance steels with a hardness range of 58-62 HRC and required 300kg to 

produce 0.18µm dent diameter. The impressive resistance to compressive damage will 

allow Ni-rich NiTi alloys to be tailored to many other structural and industrial applications 

that have been previously reserved for more traditional ferrous alloys. The range of 

applications has yet to be fully defined. 

• Oil lubricated RCF behavior: NiTi, unlike most titanium-based alloys, performs well under 

oil-lubricated sliding contact, with a coefficient of friction running at a range of 0.054 - 

0.15. The best performing alloy was Ni55Ti45 which wears at up to 3071 cycles/µg of 

removed material. In addition, rolling contact fatigue testing reveals that the Ni55Ti45 alloy 

can be run at compressive Hertzian contact stresses of 0.7 – 2.5 GPa. RCF performance and 

underlying damage mechanisms such as the formation of WEAs around fatigue cracks has 

been studied for tool steels, however there is little to no reporting on sub-surface 

microstructure degradation in NiTi-alloy components under similar RCF loading 

conditions. Some issues with Ni55Ti45 includes the effect of heat treatment in order to 

obtain high hardness required for wear resistance. By rapidly quenching the material, 

residual stress can cause premature failure in the form of cracking along the wear track. 

Research is currently motivated to determine the effect of ternary alloying in order to 
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obtain comparable hardness without the need for a problematic quenching process. Adding 

small quantities of hafnium has been shown to slow diffusional effects in NiTi and reduce 

the necessary undercooling in order to mitigate negative quenching effects on the 

microstructure. Fundamental thermodynamic and kinetics-based research is needed in order 

to take advantage of the benefits of ternary alloying for tribology.  



 41 

 

CHAPTER TWO                 

PROCESSING AND METHODS 

2.1 Processing of Ni-Ti alloys 

As discussed in the previous section, the processing of NiTi alloys is a critical step to 

obtain proper functional and mechanical properties in the final product. Therefore, different 

processing techniques are used to alter the performance of NiTi alloys to fit a variety of 

applications. This section contains three subsections highlighting the most common processing 

methods under vacuum conditions that are necessary to produce high quality NiTi-alloys. such as 

vacuum induction melting (VIM) [93], a combination of vacuum induction melting followed by 

vacuum arc re-melting (VIM/VAR) [67,94], and hot isostatic pressing (HIP) of elemental and 

pre-alloyed powder metals [95]. Other common techniques such as electron beam melting, 

plasma melting and cold skull melting are not discussed here due to high cost of final products 

[93]. 

2.1.1. Vacuum induction melting (VIM) method 

Vacuum induction melting, has been used to purify metals from their raw materials for 

close to a century. E.F. Northrup was the first to build an induction furnace within a vacuum 

environment in 1920 [96]. By 1923, Germany became a key player in the advancement of main-

stream VIM processing by founding the Heraeus vacuum melting facility in 1923 [96]. Since 

then, the furnaces have changed slightly, but the process has remained the unchanged. Simply, 

the raw materials are completely melted in a graphite or other ceramic crucible by induction 

heating coils in a chamber that is under vacuum [93]. Once the alloy is fully melted in the 

crucible, the induction field stirs the molten material to ensure proper mixing. The molten metal 
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is then poured into a steel mould coated in Y2O3 where it can cool and solidify [97]. A VIM 

setup is depicted in Figure 2.1(a) with major components labeled. The general benefit of VIM 

processing is that by completely melting the material, good chemical homogeneity results 

throughout the ingot. In addition, the process is cost efficient and ideally suited to small batches 

[97]. Two unavoidable effects of VIM processing are the production of voids in the material 

from remnant gases in the vacuum environment and carbon contamination from the graphite 

crucible. Since compositional control is critical in processing of NiTi alloys, VIM is typically 

followed by an additional VAR step which is discussed in section 2.1.2. in order to further purify 

the NiTi alloy [98]. According to work done by Otubo et al. [98], the use of low-porosity 

graphite and a large crucible geometry in VIM technique can reduce carbon contamination by 

half. The size of the cylindrical ingot produced in Otubo ‘s work was 19mm in diameter and 

180mm in length [98]. It is equally important to use highly pure raw materials in order to reduce 

the amount of oxygen contamination in the melt. Formation of titanium oxides increases the 

local Ni content at the oxide-matrix interface which decreases the martensitic transformation 

temperature locally [16,29] and subsequently affects the superelastic behavior of the nickel-rich 

NiTi system. 

Frenzel et al. [97], [99] altered the traditional VIM process to prevent carbide formation 

by utilizing the graphite crucible. In their process, nickel pellets are placed in direct contact to 

the crucible surrounding the titanium rods, which acts as a buffer preventing the titanium-

graphite interaction during melting. An additional step in the process to reduce the amount of 

carbon contamination within the melt ingot is by cladding the graphite crucible with titanium 

before melting. This allows formation of a protective TiC layer to prevent the diffusion of carbon 

into center of the ingot. Similarly, Nayan et al. [100] was able to produce low-carbon ingots 
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using a modified VIM process. Their process included an innovative charging sequence that 

created a thin layer of TiC between the molten material and the graphite crucible. The presence 

of a TiC layer helps reduce the transfer of carbon from the graphite crucible to the ingot [100]. 

The first use of a new graphite crucible can still transfer carbon from the crucible surface to the 

ingot, however, subsequent uses of the crucible result in much less carbon transfer. Overall, if 

molten titanium in contact with a graphite crucible can be avoided, desired low-carbon ingots 

can be achieved [100]. 

A study by Zhang et al. [101] investigated VIM processing of ternary alloys such as 

NiTiHf and NiTiZr to produce homogeneous microstructures. Due to their higher melting 

temperature, Hf and Zr alloys remained a solid phase even when the Ni and Ti melted. However, 

the Hf and Zr eventually dissolved into the rest of the melt. Therefore, holding time of VIM 

process for ternary alloys is longer than the binary NiTi alloys [101]. The investigation of the 

microstructure showed that the impurity levels did not substantially change compared to binary 

alloy compositions. In the NiTiHf system, since Hf has a higher melting point compared to Ni 

and Ti, large scale Hf-rich heterogeneities formed during solidification. In order to improve the 

chemical homogeneity of the system, the heterogeneities discussed can be removed by 

solutionizing heat treatment methods. Zhang et al. [101] observed that NiTiZr was more prone to 

cracking during the rapid cooling process compared to the NiTiHf system [101]. Further 

investigation is necessary to ascertain why Zr-based NiTi-alloys experience more extensive 

cracking during solidification. 
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2.1.2. Vacuum induction/vacuum arc re-melting (VIM/VAR) method 

As described in section 2.1.1. NiTi alloy ingots produced by VIM processing can contain 

undesirable features, mainly in the form of pores and large impurities that can be very 

detrimental to the fatigue performance of NiTi alloys. In order to further minimize formation of 

the inclusions, vacuum arc re-melting (VAR) is commonly implemented to refine the VIM 

processed ingots [93]. The VAR process is depicted in Figure 2.1(b) with labels for important 

module. The VIM ingot takes the role of a consumable electrode that is surrounded by a water-

cooled copper crucible. At the base of the crucible, there is a small quantity of the same material 

that is to be re-melted. An electrical arc sends a current between the consumable electrode and 

the re-melt at the base of the crucible which in turn generates a significant amount of heat. Once 

the electrode is sufficiently heated, the material closest to the crucible base begins to melt and 

add to the pool of liquid at the base of the crucible. The advantage of this process is that it 

generally forms very pure ingots since no graphite crucible is needed [93]. During the melting 

steps, trapped gases can be released which help with the removal of voids and oxygen. The 

solidification rate of the collection pool can be finely controlled. As a result, the microstructure 

can be controlled, however it is difficult to remove carbon and oxygen that has already been 

introduced into the ingot material from the VIM process [102]. When the molten collection pool 

begins to solidify from water-cooled crucible, a frozen skull is produced preventing 

contamination between the crucible and the ingot. That is why combining both VIM and VAR 

techniques produces a valuable commercially pure ingot. The VIM can first generate a 

homogeneous ingot and then re-melting the ingot using VAR can help remove some of the 

impurities via diffusional processes from the finished ingot [102]. Typically for titanium-based 

alloys, multiple iterations of VAR are used to remove as many impurities as possible. The end 
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product is known as a VIM/VAR ingot which combines the best aspects of each method to 

produce high commercial purity that is ideal for fatigue applications [93]. 

 
Figure 2.1 (a) Vacuum Induction Melting (VIM) set-up. Material is heated in a graphite crucible 
by induction coils in vacuum environment to produce a highly homogeneous ingot. (b) Vacuum 
Arc Re-melting (VAR) set-up. VIM ingot is connected to a power source in vacuum 
environment to act as a consumable electrode. When a current is run through the ingot, the 
material melts at the bottom of the ingot and is allowed to solidify at the base of a water-cooled 
crucible. 

 

Typically, inclusions found after VIM/VAR processing are 1-5µm globular carbides and 

mixed carbide/intermetallics [35]. The small size of these inclusions corresponded with a low 

quantity of voids since voids are mainly observed adjacent to the large inclusions [103]. 

Therefore, VIM/VAR is an optimum processing technique that solves many processing issues 

associated with NiTi alloys. 

2.1.3. Powder metallurgy (PM) method 

The pre-processing of NiTi alloys is an integral method for improving the performance of 

the alloy in a variety of fatigue applications. Due to oxides and carbides that readily form in the 
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presence of titanium, the strength and life expectancy of the material is dramatically improved by 

mitigating the growth of these undesired phases. Additionally, poor workability associated with 

castings increased the viability of more expensive powder metal (PM) processing to harness the 

positive benefits on the microstructure and net shape production [104]. One benefit of the PM 

technique is that this reduces the negative effects of phase segregation in the alloy. The PM 

ingots are typically isotropic in nature, which is desirable when machining intricate geometries 

from the base material, as the parts do not have preferential loading orientations when they are in 

use. Effectively, PM processing can avoid contamination problems associated with ingot 

metallurgy, while still retaining hardness levels that can be obtained from ingot processing [105]. 

It is important to note that because of the low elastic modulus of NiTi, there are inherent 

differences in the manufacturing process compared with hardened tool steel [58]. Rolling contact 

fatigue bar samples are susceptible to failures due to inclusions and impurities just underneath 

the wear track surface [58,105]. Therefore, using highest purity powder ingredients is very 

important to producing high wear resistant bearing parts. In order to do this, titanium powders 

are contained in titanium to reduce the amount of carbon that is naturally collected. 

Typically elemental powders or pre-alloy powders are formed via casting processes and 

then gas-atomized [104,106–108]. Prior to gas atomization, elemental nickel and titanium pellets 

are formed into ingots via vacuum induction melting. After solidification, the oxidized surface 

layers are removed from the ingot to minimize impurity content in the finished powder [109]. 

Ingots are then melted via induction and a high pressure inert gas disperses the molten NiTi 

resulting in highly pure powder that can be stored in vacuum sealed stainless steel casings [109]. 

Various processes that utilize elemental powders have been attempted to produce optimized NiTi 

materials. Such processes include combustion sintering and shock synthesis which are common 
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rapid solidification techniques [110][111]. However, microstructural problems such as high 

porosity and dimensional issues can arise from such methods that are undesirable for fatigue 

performance [112]. In order to reduce these microstructural defects and improve homogeneity, 

hot isostatic pressing (HIP) has been incorporated as a solution to problems that can arise with 

PM [95]. Figure 2.2 shows a schematic illustration of a simple hot isostatic pressing machine that 

simultaneously heats the powders to near-melting temperature and compresses them from all 

directions via inert argon gas pressurization. This allows for the removal of porosity in the ingot 

while maintaining the same net shape [95]. Steps taken to reduce the presence of impurity 

elements and coarse particles before heating can significantly improve the cohesion of particle 

boundaries and improve homogeneity [104]. HIP does not require consumables or polymer 

binders that can contaminate the ingot. This significantly reduces the presence of microstructural 

impurities that are more common during casting processes such as metal injection moulding 

(MIM). The resulting components are therefore less susceptible to issues with the presence of 

voids that did not annihilate during the process [104]. Continued work is being performed to 

reduce these voids such as “hybrid” processing by incorporating more than one processing 

technique to producing an ingot. This will help to mitigate the possibility of material failure and 

ensure highest material density possible by reducing the presence of pores and inclusions [113]. 

Zhang et al. [114] published work on a two-step process where powder NiTi was sintered at a 

temperature below eutectic and then re-heated to temperatures about the eutectic. This process 

was shown to be very effective in producing a homogeneous structure by partially melting the 

powder, however the rapid process prevented total melting from occurring and maintaining a 

high density. McNeese et al. [95] found that in addition to multistep HIP, using finer powders in 

the process could significantly improve the homogeneity of the material, resulting in enhanced 
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mechanical behavior in tension and in compression during cyclic loading conditions. Advantages 

of the HIP technique include minimal machining and secondary processing after pressing to 

produce simple (cylindrical) geometry parts that are ready for use. 

 
Figure 2.2 Schematic description of a hot isostatic pressing (HIP) machine [115]. Powder metals 
are compacted heated in a pressurized an inert gas environment. Heating to eutectic temperatures 
allows for compaction and sintering of powder metal while reducing the formation of porosity 
and inclusions. 

 

2.2 Electron microscopy techniques 

2.2.1. Imaging in TEM 

TEM is a common technique of microscopy, which allows for observation of the internal 

microstructure of materials and nano-scale crystal defects such as dislocations, stacking faults, 
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twins, voids and grain boundaries. The following sections provide an overview on electron 

imaging and diffraction processes that are relevant for the work throughout this document. TEM 

abides by the same fundamental rules as light microscopy, however an electron beam and 

magnetic lenses are used to generate a projected image. Parts of the TEM include an electron 

gun, condenser lens system, a stage and an imaging system. Electrons are generated via an 

electron gun (several hundred kV) and condensed using a condenser lens system which forms a 

small spot on the sample. The electron beam interacts with the specimen in such a way as to 

produce a projected image that captures the internal structure. The resolution of the microscope 

determines the size of features that can be observed in the material and, by using an electron 

beam with a much smaller wavelength than light, the distance between two distinguishable 

points is significantly reduced. This is defined via the Raleigh criterion [116] which states that 

the resolution is proportional to the wavelength of the probe. Thus, the theoretical resolution of 

0.1 nm (1 Å) can be obtained via TEM imaging which allows for the observation of individual 

columns of atoms in a given crystal. 

Conventional TEM mode uses two condenser lenses which illuminate the specimen with 

a parallel beam as can be seen in Figure 2.3. The C1 lens generates an image of the gun 

crossover and the C2 lens and upper objective lens (C3 lens) are focused in order to produce an 

image at the front focal plane. This allows the incident beam of electrons that interacts with the 

specimen to become parallel. When electrons are transmitted through the sample and exit the 

opposing surface, they are collected by an objective lens below the sample which can be used to 

create both an image in the imaging plane (real space) and a diffraction pattern in the back focal 

plane (reciprocal space) as shown in Figure 2.3. 
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Figure 2.3 (a) Schematic illustration of a parallel beam in TEM (a) The basic principle of 
formation of a parallel beam in TEM using C1 and C2 lenses (b) Practical situation in TEM for 
creating the parallel beam on the specimen using three condenser lenses [116]. 

 

2.2.2. Electron specimen interaction 

Electrons strongly interact with the atoms within the sample which generates a scattering 

event. Elastic scattering can occur if no energy is lost between electrons and atoms, however if 

energy is lost during scattering, this is called inelastic scattering. Secondary scattering events 

may occur when excited electrons come in contact with other atoms further into the specimen 

and this tends to occur more frequently in thicker specimens. Electron scattering is an important 

principle that is used in conventional TEM imaging, diffraction imaging and HRTEM imaging. 



 51 

Image contrast is generated through the change in the electron wave amplitude change and phase 

change that results from scattering. Diffraction contrast, however, is only based on changes in 

amplitude contrast. Diffraction contrast is based on the principles outlined by W. L. Bragg who 

analyzed the lattice spacing in a crystal using an X-ray beam. A schematic of the Bragg 

description of diffraction is shown in Figure 2.4. The incident plane wave with a specific 

wavelength interacts with atoms and generates a characteristic reflection at a given angle q. Due 

to the change in distance for electrons to scatter from two successive planes, this generates a 

phase difference in neighboring reflections (AB + BC) which causes constructive interference 

except for when the travel distance between reflections (d-spacing) equals an entire number of 

wavelengths. Therefore, when the Bragg condition is satisfied, the intensity reaches a maximum 

which directly corresponds to d-spacing in reciprocal space. These same principles outlined for 

X-ray diffraction (XRD) can be directly applied to electron diffraction (ED). 

ED is a useful method for investigating the structure of the material by identifying the 

symmetry, orientation and atomic spacing for a given phase. A diffraction pattern (DP) forms at 

the back focal plane of the objective lens when the Bragg law is satisfied by the incident beam 

for a specific family of planes which appears as a reflection in the DP. Moreover, the distance 

between the central spot (non-diffracted beam) and a diffracted spot is the inverse of the 

interplanar distances within an illuminate region of the specimen. To index the diffraction 

pattern, the distance and angle compared to the central spot can be determined which can be 

converted to real space in a properly calibrated microscope. In this way, the crystal structure can 

be characterized via different diffraction patterns taken from multiple orientations. These 

patterns are collected using a selected-area aperture and are called selected-area diffraction 

(SAD) or selected-area electron diffraction (SAED) patterns. 
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Figure 2.4 Schematic illustration of the reflection of an electron beam at an atomic plane based 
on Bragg's Law. Plane wave (wavelength l) is incident at an angle q to atomic planes of spacing 
d. The path difference between reflected waves is described as AB + BC [116]. 

 

2.2.3. Bright field and dark field imaging 

Two standard imaging modes within a TEM are called bright field (BF) and dark field 

(DF) imaging. For both imaging conditions an objective aperture is inserted into the back focal 

plane of the objective lens. From this, the central spot can be isolated by the objective aperture 

causing the background of the image to become illuminated and crystalline regions that 

correspond to the blocked diffraction spots to become dark (BF). Conversely, in (DF) diffracted 

spots may become isolated, blocking the central spot which illuminates diffracted regions and 

darkens the background. A similar approach to DF-TEM imaging through centered dark field 

(CDF) technique requires tilting the beam to center the diffracted spot while keeping the 

objective aperture fixed rather than adjusting the position of the objective aperture to align with 

the diffracted spot. A schematic illustration of the BF technique (Figure 2.5(a)) DF technique 

(Figure 2.5(b)) and CDF technique (Figure 2.5(c)) is provided. 
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Figure 2.5 Schematic illustration showing the formation of (a) a BF image by selecting the 
central beam using an objective aperture (b) a DF image by moving the objective aperture to the 
diffracted spot to be selected and (c) a CDF image by tilting the electron beam in a way that the 
selected scattered beam remains on the optic axis [116].  

 

2.2.4. High resolution TEM (HRTEM) 

HRTEM is a method in which atomic structure can be directly imaged in crystalline 

materials. Such an image can be formed by the interference of all electrons passing the objective 

aperture and relies on different phases (phase contrast) upon exiting the specimen. Interpretation 

of the projected image can become difficult when an additional phase shift or an "aberration" 

takes place between the sample and the viewing screen. Therefore, an "aberration corrected" 

microscope is ideal for this technique. The microscope used throughout this research is not 

aberration corrected, so a larger objective aperture was centered around the central beam in 
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SAED mode to select 1st order g reflections, as shown in Figure 2.6. By leaving the objective 

aperture inserted during HR-TEM imaging, some phase contrast was sacrificed to prevent a loss 

in resolution from aberrations.  

 
Figure 2.6 Schematic illustration showing the formation of an HR-TEM image by selecting the 
central beam and all 1st order g reflections using a larger objective aperture. This allows for 
minimizing the loss in resolution from aberrations while imaging. 

 

In an interference pattern, only the amplitudes of interfering beams are recorded but the 

phases of the waves are not. Therefore, the contrast transfer function (CTF) can be used to 

convert the phase of the interacted electron waves with sample to an image of the amplitude in 

the image plane. This function is dependent on spherical aberrations and defocus; however, these 

can be balanced through the use of Scherzer defocus. It is in this condition that all electron waves 
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exiting the sample have a similar phase and therefore, by adjusting the defocus value and 

objective aperture to cut off high index spots that fall beyond the Scherzer plateau, atomic 

resolution may be obtained. Important structural information can be extracted from HRTEM 

images via Fast Fourier Transform (FFT) patterns taken from a ROI in the image. Similar to a 

diffraction pattern, the FFT represents a 2D slice of the reciprocal space. Moreover, an FFT 

pattern can be indexed to determine the symmetry and orientation of an individual nanoscale 

precipitate which is impossible to do using a SAED due to size limitations. 

2.2.5. Dislocation density calculation 

Dislocation density calculations were performed via analysis of HRTEM images. For a 

given microstructure, B2 matrix regions are selected using the ROI selection tool in Gatan 

Digital Micrograph. The selected ROI (dashed white box) from a sample image is seen in Figure 

2.7(a). An FFT is generated from the ROI and a masking tool is applied on each g vector 

(reflections that correspond to single {011}B2 plane). Once masked, an inverse FFT (IFFT) is 

generated that only shows {011}B2 planes oriented in a single direction. The masking process is 

repeated for the two other {011}B2 planes until 3 unique IFFTs are collected from the same 

region. The 3 IFFTs generated from the ROI in Figure 2.7(a) are shown in Figure 2.7(b-d). Extra 

half planes are clearly visible, which indicates the location and distribution of dislocation cores 

present in ROI. These are manually counted in order to determine the number of dislocations for 

a given ROI. It is important to note that a dislocation core may appear in the same location on 

different IFFTs. These dislocations should be counted as one, since it is known that a dislocation 

can appear on different planes. Once the number of dislocations are counted from all three 

IFFTs, this number is divided by the area of the ROI to obtain the dislocation density. This 

process is repeated for 10 or more ROIs using different HRTEM images taken from the same 
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specimen to obtain an average dislocation density within the material. Although the values 

obtained are an approximation, this allows different microstructures to be compared based on the 

relative change in dislocation density. 

 
Figure 2.7 Dislocation density calculation method using (a) selected B2 structure region of 
interest (ROI) from white dashed box and (b–d) inverse FFTs (IFFTs) taken by masking 
individual 1st order {011}B2 vectors. Dislocation cores are visible as extra half planes. 

 

2.2.6. Energy dispersive X-ray spectroscopy (EDS) 

When an electron beam contacts an atom, electrons will become excited within an inner 

shell and jump to an outer shell. In order for the electron to return to its position within a lower 

energy shell, it releases a specific quantity of energy in the form of X-rays. These X-rays may be 

measured by a detector in the form of an electronic count. The accumulation of energy counts 

enables the generation of a spectrum that is characteristic of a given element. The location of a 
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peak that is generated from millions of counts can identify a specific element within the material 

and the net intensity of the peak can determine the concentration of the element [116]. Therefore, 

qualitative and quantitative analysis of elements and phases can be obtained in a given ROI. 

2.2.7. High-resolution high-angle annular dark field scanning TEM (HR-HAADF-STEM) 

In principle, the STEM mode is implemented by converging the beam to a focused point 

at a certain working distance from the detector. By adjusting the sample distance with this 

focused beam, the STEM can act as a probe to raster across the sample surface and build up an 

image. In this condition, the beam maintains parallel to the optical axis and mimics parallel beam 

condition while it scans [116]. The magnification of the image is controlled by the beam 

dimensions or the size of the probe on the specimen which is different than in TEM mode where 

lenses are used to magnify the projected image [116]. The same method is used in any scanning-

beam instrument, such as a scanning electron microscope (SEM) or scanning tunneling 

microscope (STM). This method is especially useful for resolving fine features or when dealing 

with a thick specimen as the images are not affected by aberrations in the imaging lenses. 

Aberrations in the probe, however, may affect the image, therefore and aberration correctors are 

useful for minimizing this effect. In order to resolve changes in z-contrast, several different 

detectors may be used. As depicted in the schematic illustration in Figure 2.8, the BF detector 

utilizes the smallest scattering angles which captures direct-beam electrons, however z-contrast 

is better viewed with annular dark field (ADF) detectors which captures electrons at higher 

scattering angles [116]. The detector that is used throughout this work is a high-angle ADF 

(HAADF) detector which capture electrons scattered at even higher angles. This is advantageous 

because Rutherford-scattering effects are maximized and the diffraction (Z-contrast) effects are 

normalized [116]. 
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Figure 2.8 Schematic of HAADF-STEM set-up showing the incident beam condensed into a 
probe on the specimen surface. Scattered electrons are detected via several detector types that are 
located at different scattering angles. The HAADF detectors are used to obtain highest Z-contrast 
while imaging in STEM mode [116]. 

 

2.3 TEM sample preparation 

Sample preparation is a very important step for TEM analysis in order for accurate and 

consistent analysis. The ROI within the sample should be electron transparent and therefore, the 

thickness of TEM samples must be 30–50 nm for proper HRTEM analysis. In addition, the 

sample must be thick enough at the edges in order to effectively handle the material without 

damaging the imaging region. A common method of TEM sample preparation from bulk 

material is by thinning non-deformed specimens to 100 µm using 1200 grit SiC paper and 

punching out 3 mm disk samples. Moreover, the disc samples are thinned to desired imaging 

thickness via electrolytic polishing (for conductive materials). In this condition, a voltage and 

current is applied to the sample which ensures anodic dissolution of the samples, promoting a 
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polished surface rather than etching or pitting. A twin-jet set-up is used to pump electrolyte 

solution to both sides of the sample which allows for consistent material removal. Finally, an 

optical system is used to detect sample thickness and is helpful in determining when a hole has 

been produced in the center of the sample which corresponds to a properly thinned region around 

the hole. These 30 – 100 nm regions surrounding the electropolished hole are thin enough for 

HRTEM imaging analysis and are where the majority of microstructure analysis is performed. 

This method of sample preparation is effective due to the relatively large size of observable 

microstructure that can span several grains and is preferred for undeformed samples. In order to 

properly analyze the subsurface deformation in RCF sample rods, however, SEM/FIB dual-beam 

set-up was used as a preparation method prior to TEM imaging. This technique has its own 

advantages as the surface of the specimen can be protected prior to sectioning and a micron-sized 

sample can be prepared from any surface on the RCF rod samples. 

2.3.0. Focused ion beam (FIB) 

Recently, more attention has been placed on small scale materials such as nanocrystalline 

materials, nanoparticles, thin films, etc. Thus, there has been widespread interest in the FIB 

technique on sample preparation for TEM. Common FIB set-ups combine the FIB column with a 

SEM column, which is known as a dual-beam FIB–SEM. Importantly, this versatile instrument 

can perform high-resolution imaging and flexible micromachining. The ion beam and the 

electron beam are aligned systematically to converge on the same region of interest at a 52° 

angle. When in ion mode at a low current, a finely focused ion beam can also be used for 

imaging similar to a SEM. This beam is produced by a large negative potential between an 

extraction electrode and a liquid metal ion source (Ga-based). Due to a low melting temperature 

(30 ̊C) and vapor pressure, Ga is commonly used in FIB. The Ga+ ions interact with the surface 
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of the sample and secondary electrons are emitted from the surface of the specimen. These 

signals are collected by a detector to generate an image in ion mode [117]. Additional uses for 

the ion beam include sputtering on the sample surface and sample thinning when using higher 

currents. When the ion momentum becomes greater than that of the atoms on the sample surface, 

the atoms will be removed from the surface. Modern FIB-SEM machines, such as the one used in 

this study, also include a gas-injection system (GIS) in order to deposit Pt layers. An Omniprobe 

is a valuable addition for removing micro-scale samples from cutting surfaces and re-attaching to 

TEM or APT supports [117]. 

In this study, TEM specimens were taken from the RCF rod sample surface, as shown in 

Figure 2.9(a) using conventional FIB sectioning techniques where FIB lift-out samples were 

generated by digging trenches on either side of the ROI and cutting using the ion beam to free 

the sample material from the bulk specimen (Figure 2.9(b)). Typical lift-out samples are 10 µm 

long, 1.5 µm thick and contain microstructure from 5-10 µm into the sample surface. An 

Omniprobe needle was used to transport the lift-out specimens from the bulk material to a TEM 

or APT holder where they were re-attached via small welds of deposited Pt (Figure 2.9(c–d)). 

Prior to sectioning and thinning of FIB foil specimens, the deformation surfaces of interest were 

preserved by electron-beam (lower energy) Pt layer and Ga+ ion-beam (higher energy) Pt layer 

(Figure 2.9(e)). Low accelerating voltage and low beam current (5 kV/24 pA) was used for final 

thinning to prevent any possible surface amorphization during TEM foil and APT sample 

preparation. The FIB sample preparation for this thesis was performed on a FEI Helios FIB/SEM 

which was equipped with a GIS containing a Pt source and Omniprobe for sample transportation.  
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Figure 2.9 (a) Rolling contact fatigue superpolished rod specimen in (b) Regular cross-section to 
dig trenches on both sides of specimen. Pt deposited layer visible which protects surface of 
specimen during sectioning and thinning. (c) Sectioned FIB foil extracted from surface using 
Omni-probe needle and (d) re-attached to FIB sample holder. Omni-probe needle is disconnected 
from FIB foil prior to thinning. (e) BF-TEM micrograph of properly thinned FIB foil extracted 
from RCF sample surface including preserved deformation surface, thin layer of protective Pt 
deposited using electron-beam (lower energy) and thicker layer of protective Pt deposited using 
Ga+ ion-beam (higher energy). 

 

2.4 Rolling contact fatigue (RCF) testing 

A three ball-on-rod RCF test rig developed by the Ball and Roller Bearing Group of 

Federal-Mogul corporation was used for the rolling contact fatigue testing and data collection 

and a more in-depth description of the setup/ functionality of the machine is provided by Glover 

[118]. The NiTi and NiTiHf rod specimens were tested in contact with 3 polished steel bearing 
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balls, which are evenly spaced by a bronze retainer, while being rotated at 3,600 rpm. An oil drip 

system provides constant lubrication to the contacting surfaces and a piezioelectric accelerometer 

is used to monitor surface damage, such as a pit or spall formation on the wear track. Collet 

spacers of different thicknesses were used in order to maximize the number of wear tracks and 

fatigue experiments that could be conducted on a single rod. Although the steel bearing balls and 

races were replaced after every test, they did not fail prior to rod failure because they were 

exposed to ~1/3 cycles of the rods. The contact stresses placed on the RCF rods were generally 

higher than that typically experienced by rotary bearings, so as to accelerate the failure and allow 

for comparisons to be made between materials in a shortened time period. This method is 

reasonable for obtaining information on bearing life and has been mainly used for conventional 

bearing materials such as steels and ceramics. To date however, there is very little quantitative 

RCF data on NiTi and NiTiHf alloys and therefore it can be difficult to fully interpret the limited 

RCF results in this current study [34]. The multiaxial stress state between two contacting bodies, 

in this case a sphere contacting a cylinder, is complex and is best explained by Hertzian contact 

theory [2,69]. First, the contacting geometry and materials must be defined to determine the 

Hertzian stress. 

The relation between the applied load between the contacting surface of two bodies (I and 

II) and their maximal Hertzian contact stress is determined by their principle curvature 𝜌	 = 	1/𝑟 

along two directions perpendicular to one another as shown in Figure 2.10 [69,70]. Moreover, 

the geometrical parameter 𝐹H is determined via the contacting geometry, defined by both the 

curvature sum and the curvature difference between contacting bodies A and B, which are 

defined by Equation 2.1: 
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			𝐴 = ∑𝜌4 L1 + 𝐹H 	N,			𝐵 = 	∑ 𝜌4 L1 − 𝐹H 	N (2.1) 

From here, Equation 2.2 uses the ellipicity parameter 𝜅 = 𝑎/𝑏 to calculate the 

geometrical parameter 𝐹H: 

			𝐹H = 𝐵/𝐴 − 1𝐵/𝐴 + 1 = (𝜅> + 1)ℇ(𝜅) − 2ℱ(𝜅)(𝜅> − 1)ℇ(𝜅)  (2.2) 

where ℱ and ℇ are complete elliptic integrals. The elastic modulus of the contacting 

materials and their Poisson's ratio are used to determine the approximate modulus of elasticity 

E* for both contacting materials, shown in Equation 2.3: 

			 1𝐸∗ = 1 − 𝜈Y>𝐸Y + 1− 𝜈YY>𝐸YY  (2.3) 

Once the value of 𝜅 with respect to 𝐹H is determined, the dimensions of the contact area, 

the displacement and the maximal stress can be calculated. The dimensions of the contact ellipse 

and mutual approach of centers of both bodies (Equations 2.4 – 2.6) are determined using the 

contact load Q, the geometrical parameters A and B, and the approximate elastic modulus E*: 

			𝑎	 = 	 𝑎∗ Z 3𝑄𝑎(𝐴 + 𝐵)𝐸∗\
C:
 (2.4) 

	𝑏	 = 	 𝑏∗ Z 3𝑄𝑎(𝐴 + 𝐵)𝐸∗\
C:
 

(2.5) 

	𝛿	 = 	 𝛿∗ Z 3𝑄2𝐸∗\
>: (𝐴 + 𝐵)C:2  

(2.6) 
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The maximal stress s located at geometric center of the contact ellipse is given in 

Equation 2.7 and the load-displacement relationship is determined via Equation 2.8: 

			𝜎 = 32 𝑄𝜋𝑎𝑏 (2.7) 

			𝑄 = `2a>3 𝐸∗
(𝛿∗):>(𝐴 + 𝐵)C>b 𝛿

:> (2.8) 

In this model, the numerical solution of the equation utilizes the ellipticity parameter 𝜅 in 

terms of the geometrical parameter and has been replaced by the explicit function of B/A values 

up to 13,576 whereby mean square relative error does not exceed 2.66 ppm. Therefore, the 

accuracy of this model has been significantly improved compare to previous reported models and 

can be used in the place of numerical tables provided in handbooks [69,70]. 

The footprint method is implemented for determining the spring load applied from the 

contacting balls to the RCF rod on a three ball-on-rod tester [92,118]. In this case, aluminum 

alloy shaft is a good choice for measuring the force as it will more easily plastically deform in 

the contact region under applied load. A contact ellipse vs. load curve is produced where a single 

ball is in contact with the aluminum shaft, both of which are fixed in place by a steel jig. The 

contact dimensions for several different applied loads are determined along the length of the 

aluminum shaft and are used as a reference for calibrating the three ball-rod test heads. These 

can be made into an indent diameter vs. applied force calibration curve for reference as shown in 

Figure 2.11. 
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Figure 2.10 Contact problem definition: bodies I and II in contact planes of principal curvatures, 
geometric parameters, and contact load Q [69,70]. 

 

 
Figure 2.11 Calibration curve for three ball-rod test head calibration. Elliptical indent diameter 
(µm) vs. applied force (N). 
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In the ball-rod test head, three steel bearing balls are radially loaded against the shaft by 

two tapered bearing cups which are held in place by the compression springs. When the bolts are 

tightened between the two housings, the gap between the upper and lower housing is removed 

and the precise load is placed on the  aluminum shaft [92,118]. After this, the load is released 

and the shaft is removed and there will be three indents on the surface from where the load was 

placed. A uniaxial load frame can be used to load the components more rapidly than manually 

tightening the bolts to speed up this calibration step. The shape of contact between bearing balls 

and rod is elliptical, and with the footprint technique, the contact ellipse dimensions are 

measured to determine the load between rolling elements and raceway. These indents are directly 

compared with the contact dimension curve to determine the precise load transferred by the 

springs. While it is important to know the precise load and contact stress at the contacting ball-

rod surfaces, it is even more important to ensure that the load on all four test heads are the same. 

Therefore, it is important to occasionally re-calibrate the test heads after long-term tests to make 

sure that none of the compression springs have loosened and check that the spring retainer plate 

is concentric with the lower cup housing after every test [92,118]. A schematic illustration of the 

three ball-rod RCF test set-up is shown in Figure 2.12. 

It is important to note that in RCF, the maximum normal loading stresses do not occur at 

the same time as the maximum shear loading stresses. Moreover, while the shear stresses may 

reverse loading direction, the normal stresses remain in compression [2]. A step-wise loading 

method was adopted for this study, where initially, lowest practical stress levels were initially 

tested (~1.7 GPa) and then gradually increased to maximum obtained stress levels (~2.4 GPa). 

Some tests that failed after a short time since the test started (< 5 × 10d cycles) were deemed to 

fail presumably due to improper test set-up, excessive vibrations from instability between the 
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isolation platform and the test head and other defects in the consumable parts that need 

replacement. As a result, the test data for those pre-mature failure experiments was not included. 

Once the RCF cycles reached a certain level (> 5 × 10d cycles) where semi-stable elastic 

response was achieved, the lifespan of the tests were included in the reported RCF data. A run-

out condition was determined at 1.7 × 10D cycles (~800 h) of test time where, if no spall was 

detected by acceptable vibration in the accelerometer, the tests were manually halted and the life 

is considered infinite. However, in the case where wear track damaged achieved notable levels so 

as to cause enough vibrations for the accelerometer to detect, the test was automatically 

suspended and the failure stress / time was recorded. Enough failure test data points for a given 

specimen allowed for the determination of the relative stress capability limit. 

 
Figure 2.12 Schematic of three ball-on-rod rolling contact fatigue set-up. 
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2.5 Uniaxial compression testing 

Monotonic tests were performed using a 125 kN capacity MTS Landmark servo-

hydraulic load frame to compress cylindrical (2mm diameter x 4mm length) specimens taken 

from the same extrusions used to make the RCF rods via electrical discharge machining (EDM). 

NiTiHf specimens that were sectioned from the extrusions (vacuum encapsulated in quartz tube 

under Ar) were solution-annealed at 1050 ºC for 0.5 h and water quenched, followed by aging at 

varied temperatures and times that correspond to the peak-aged conditions. Samples from each 

composition were compressed under displacement-controlled conditions until failure (brittle 

fracture / along the plane of maximum shear / sample squeezed out of the platens) was reached. 

Their force-displacement response over the course of the test was collected and, in addition, 

digital image correlation (DIC) was implemented to collect accurate strain information. The 

platen surfaces were coated with lubricant to prevent friction-related failure. Using the same 

experimental set-up as in the monotonic loading experiment, displacement-controlled loading 

experiments were performed on cylindrical specimens where they were loaded to just past the 

point of yielding (taken from monotonic loading) before unloading. This was repeated for 5 

cycles for each sample. 
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CHAPTER THREE                    

HEAT TREATMENT – MICROSTRUCTURE – HARDNESS RELATIONSHIPS OF NEW 

NI-RICH NI-TI-HF ALLOYS DEVELOPED FOR TRIBOLOGICAL APPLICATIONS 

3.1 Abstract 

The effects of heat treatments on the microstructure and hardness of new Ni56Ti41Hf3 and 

Ni56Ti36Hf8 (atomic %) alloys were studied to evaluate their suitability for tribological 

applications. A potent solid-solution strengthening effect due to Hf atoms is observed in the 

solution annealed (SA) Ni56Ti36Hf8 alloy (716 HV), resulting in a comparable hardness to the 

Ni56Ti41Hf3 alloy containing 54 vol.% of Ni4Ti3 precipitates (707 HV). In the Ni56Ti41Hf3 alloy, 

the maximum hardness (752 HV), achieved after aging at 300°C for 12 h, is attributed to dense, 

coherent precipitation of Ni4Ti3 phase. Unlike the lenticular morphology usually observed in 

binary NiTi alloys, a “blocky” Ni4Ti3 morphology is formed in Ni56Ti36Hf3 due to a small lattice 

mismatch in the direction normal to the habit plane at the precipitate/matrix interface allowing 

them to grow readily in directions normal and parallel to the habit plane. The maximum hardness 

of Ni56Ti36Hf8 (769 HV) was obtained after applying an intermediate aging step (300°C for 12 h) 

followed by normal aging (550 °C for 4 h). This two-step aging treatment induces dense 

nanoscale H-phase and cubic New phase precipitates, which resulted in the highest hardness (769 

HV) in this study. The preference of Ni4Ti3 precipitation in Ni56Ti41Hf3 alloy versus cubic New 

phase precipitation in Ni56Ti36Hf8 is attributed to the differences in the Ni:Ti ratio of the alloys. 

3.2 Introduction 

High-hardness, binary nickel titanium (NiTi) compositions, in the range of 54 – 56 at.% 

Ni, have attractive attributes for tooling, wear, and tribological applications that are equal to and 
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even beyond the capabilities of steel and ceramic bearing materials [34,42,52,58,119,120]. 

Unique features of these alloys include corrosion resistance, cavitation erosion resistance, 

nonmagnetic behavior and high hardness, while being less dense and more resistant to denting 

damage compared to tool steels [3,7,8]. Recent reports on these alloys show excellent 

tribological properties under oil-lubricated rolling and sliding contact applications [42,60,122]. 

Moreover, combined high hardness and low effective modulus of these alloys allows them to 

elastically accommodate large amounts of deformation by distributing loads to a larger contact 

area, thereby mitigating plastic strain accumulation, while maintaining comparable 

rolling/sliding performance to high performance steels [3-5,11]. Therefore, very Ni-rich NiTi 

alloys are drawing attention for advanced structural applications such as bearing materials for the 

water recycling system and environmental control system in the International Space Station [58]. 

High hardness in nickel-rich binary NiTi alloys is mainly attributed to nanoscale Ni4Ti3 

precipitates [16,18,26,123,124] and anti-site defects from excess Ni atoms that lie on Ti 

sublattice positions within the matrix [125,126]. Moreover, coherency strain fields surrounding 

the Ni4Ti3 precipitates within the matrix can further enhance the hardness [13,19,20]. While 

coherency strains around Ni4Ti3 precipitates in 54 – 56 at.% Ni-containing NiTi alloys have not 

been reported, Tirry et al. [128] measured up to 2% coherency strains around Ni4Ti3 precipitates 

in a Ni51Ti49 alloy. Ni4Ti3 precipitates readily form in very Ni-rich NiTi [18,26] due to similar 

stoichiometry with the alloy (~57 at.%) and a strong driving force for precipitation and growth of 

Ni4Ti3 resulting from the difference in free energy between the supersaturated NiTi matrix phase 

and the equilibrium B2 NiTi matrix containing the Ni4Ti3 phase [124]. Therefore, Ni4Ti3 will 

rapidly precipitate during cooling from solid-solution temperatures, making it nearly impossible 

to suppress the precipitation in bulk samples using typical quenching processes [13,14]. Solution 
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treating Ni-rich binary NiTi alloys in the single phase B2 region is key to maximizing the 

hardness of these alloys [16].  Additionally, Hornbuckle et al. [26] reported that in Ni-rich 

compositions (52 – 56 at.% Ni), additional aging (400 ºC for 1 – 10 h) promotes the over-

coarsening and decomposition of Ni4Ti3 into incoherent Ni3Ti2 and Ni3Ti phases, which are 

reported to be sources for crack initiation / failure [26]. Recent reports suggest that adding large 

ternary solute atoms to NiTi alloys such as Nb, Mo, and Hf slows the precipitation kinetics 

[17,27,129] and therefore, slows or even prevents Ni4Ti3 over-coarsening and/or decomposition 

into undesirable phases during multi-step aging treatments.   

Benefits of ternary alloying for tribological NiTi-alloys were first reported by Dellacorte 

et al. [34] who observed improved strength and wear resistance by substituting 1 at.% Hf by Ni 

(Ni54Ti45Hf1 vs. Ni55Ti45). The vacuum induction melted (VIM) and solution hardened (1000ºC 

(2 h)WQ) Ni54Ti45Hf1 alloy microstructure was more uniform and free of visible flaws compared 

to the more meticulously prepared powder metallurgy (PM) processed Ni55Ti45 samples, which 

resulted in as good or better rolling contact field (RCF) performance and fewer sporadic failures 

[34]. Moreover, Khanlari et al. [130] reported that Ni54Ti45Hf1 performed better than Ni55Ti45 

during oil lubricated reciprocating sliding wear tests and, in particular, exhibited better resistance 

to subsurface crack initiation. However, the connection between microstructure and tribological 

performance was not fully addressed. Furthered exploration of NiTiHf tribological alloys by 

Hornbuckle et al. [17] examined the influence of subtle changes in Hf content (1 – 4 at. %) in Ni 

rich (52 – 56 at. %) NiTi alloys on hardness. It was reported that the Hf-containing alloys 

exhibited higher hardness compared to corresponding binary NiTi alloys with the same Ni 

content [17]. Bearing level hardness (679 HV) was achieved in Ni56Ti40Hf4 (highest Hf content 

in their study) when the alloy was solution annealed and aged at 400 ºC for up to 300 h [17]. The 
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increase of hardness is attributed to formation of both Ni4Ti3 and H-phase precipitates [21] 

combined with a Hf solid-solution strengthening effect due to its larger atomic size [131]. H-

phase precipitation was initially observed in high Hf (>15 at. %) NiTiHf alloys [132] and 

recently Amin-Ahmadi et al. [133] reported coherency strain fields up to 2.5% within the B2 

matrix around H-phase precipitates in a Ni50.3Ti41.7Hf8 alloy, which can further enhance the alloy 

hardness. Therefore, co-existence of various hardening precipitate phases in very Ni-rich NiTiHf 

alloys suggests that specific process-structure-property relationships likely differ for binary NiTi 

and Ni-rich NiTiHf alloys.  

A recent report by Amin-Ahmadi et al. [134] showed that in low Hf (< 9 at.%) 

Ni50.3Ti40.7+xHf9-x alloys, traditional heat treatment (i.e. solution treatment followed by aging at 

550 ºC) leads to heterogeneous nucleation of H-phase precipitates along grain boundaries 

resulting in poor mechanical performance. However, adding an intermediate pre-aging step (300 

ºC for 12 h) followed by final aging at 550 ºC leads to homogenous nucleation and consequently, 

a dense distribution of H-phase within the matrix that improved functional properties in the 

material [134]. The effect of this type of pre-aging step on very Ni rich NiTiHf alloys for 

tribology applications is unknown. Moreover, the few NiTiHf tribological alloy compositions 

investigated only contain low levels of Hf (up to 4 at.% [17]). Therefore, in this study, a new 

alloy composition, Ni56Ti36Hf8 (at.%)), was subjected to variable heat treatments and compared 

with a Ni56Ti41Hf3 alloy to elucidate the role of composition and microstructure on hardening 

behavior. 
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3.3 Methods 

3.3.1. Materials Processing 

The Ni56Ti41Hf3 and Ni56Ti36Hf8 (at.%) alloys (aim compositions) were vacuum-

induction-melted (VIM) using a graphite crucible and cast into an ingot 30 mm in diameter and 

600 mm long. The ingot was homogenized at 1050 °C for 24 h, then sealed inside a mild steel 

can and hot-extruded into 11.5 mm diameter rods at 1000 °C. Chemical analysis of the extruded 

rod, by inductively coupled plasma atomic-emission spectroscopy, indicated that the measured 

composition was within experimental error of the aim composition. Samples sectioned from the 

extruded rods were vacuum encapsulated in quartz tubes under Ar and solution-annealed at 1050 

ºC for 0.5 h and water quenched, followed by pre-aging at 300 ºC for 12 h, then final aging at 

550 ºC for 4 h. Other test samples were directly aged at 550 ºC for 4 h after the solution 

annealing step (without pre-aging). Both types of heat treatments are schematically illustrated in 

Figure 3.1(a). Vickers hardness testing via a LECO LM series digital microindentation hardness 

tester was conducted on all samples after being polished through 1200 grit SiC paper. Ten 

indents were performed at random locations and the average value and corresponding standard 

deviation are reported. Indents were made at least 5 indent lengths away from each other to 

prevent inconsistent results due to work hardening around the indents.  

3.3.2. Transmission Electron Microscopy 

Conventional bright-field transmission electron microscopy (BF-TEM), selected area 

electron diffraction (SAED), high-resolution TEM (HRTEM) and high resolution high-angle 

annular dark-field scanning TEM (HR HAADF STEM) were performed using a FEI Talos TEM 

(FEG, 200 kV) and a FEI Titan 80-300 with electron-probe Cs-correction operated at 300 kV. 
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The TEM foils were prepared by thinning specimens to 100 µm using 1200 grit SiC paper and 

punching out 3 mm disk samples. Each sample was then electro-polished in an electrolyte 

solution of 30% HNO3 and 70% methanol (by volume) at around -35 ºC using a current of 20 

mA at 10 V. To measure the size of various precipitates and their inter-particle distance (the 

edge-to-edge distance between precipitates), several HRTEM images were taken from various 

regions. This measurement was repeated for more than 100 precipitates on each sample and 

average precipitate size, average inter-particle distance and their corresponding standard 

deviation is reported. Note that the inter-particle distances were measured from 2D HRTEM 

images. Since these measurements can be influenced by the thickness of the TEM foil, the 

regions with similar thickness were chosen. To quantify the strain fields in HRTEM images, the 

geometrical phase analysis (GPA) technique was used. GPA is an image-processing technique 

sensitive to small displacements of the lattice fringes in HRTEM images [135]. A Gaussian 

selection window was used in the GPA analysis with a diameter such that the spatial resolution 

of strain determination was 2 nm. 

3.3.3.  X-ray Diffraction 

Lattice parameters of the B2 phase and Ni4Ti3 precipitates in the Ni56Ti41Hf3 alloy were 

experimentally measured via high-energy wide-angle x-ray scattering (WAXS) experiments, 

which were carried out using high energy synchrotron x-rays (E = 80.72 keV) on the 1-ID 

beamline operated by the Materials and Physics Engineering group (MPE) of the X-ray Science 

Division (XSD) at the Advanced Photon Source (APS), Argonne National Laboratory (ANL). 

Cylindrical samples (2mm(d) x 4mm(l)) were sectioned from the extruded ingot described in 

section 2.1. The samples (vacuum encapsulated in a quartz tube under Ar) were solution-

annealed at 1050 ºC for 0.5 h and water quenched, followed by pre-aging at 300 ºC for 12 h, and 
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final aging at 550 ºC for 4 h. The beam was vertically focused using refractive lenses to ~ 1.5 µm 

(full width half maximum) while the horizontal size was defined to 100 µm using slits. A 2048 × 

2048 area detector (GE Angio) with 200 × 200 µm2 pixels was placed 2250 mm downstream 

from the sample. Each detector exposure consisted of ten summed 1 s snap shots, which were 

corrected for detector dark-field current. A Cerium Oxide powder was used to calibrate the 

detector distance and tilt angles. In order to extract lattice parameter information, Rietveld 

refinement data processing [136] was implemented using GSAS-2 software package [137]. 

3.4 Results 

3.4.1.  Micro-hardness measurement of Ni-rich NiTiHf alloys 

Figure 3.1(a) shows the thermal treatment schedules indicating temperatures and times of 

the 2-step and 3-step heat treatments performed on both NiTiHf alloys. The corresponding 

average Vickers micro-hardness values after each of the individual steps for these two treatments 

are presented in Figure 3.1(b). Conventional aging of the Ni56Ti41Hf3 alloy (550 ºC for 4 h) 

results in a slight decrease in hardness (to 682 HV) compared to the solution annealed material 

(707 HV), while the pre-aging treatment (300 ºC for 12 h), by itself, results in the maximum 

hardness observed for the alloy (752 HV). Pre-aging of this alloy followed by conventional aging 

reduced the hardness back to the solution-annealed level. Aging of the Ni56Ti36Hf8 alloy at either 

550 ºC for 4 h (700 HV) or 300 ºC for 12 h (705) had a relatively small but negative effect on 

hardness compared to the solution annealed condition (716 HV). In this case the maximum 

hardness was observed after pre-aging followed by aging at 550 ºC for 4 h (769 HV). But using 

this 3-step process and extending the aging time at 550 ºC from 4 h to 12 h resulted in a decrease 

in hardness back to the solution annealed level. 
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Figure 3.1 (a) Schematic illustration of the sequence of heat treatment steps applied to the 
Ni56Ti36Hf8 and Ni56Ti41Hf3 alloys and (b) corresponding average hardness values.  Solution 
annealing step at 1050 °C for 0.5 h is abbreviated as “SA”. Note, the lines connecting the data 
points are for visualization purposes. 

 

3.4.2. Microstructural investigation of Ni-rich NiTiHf alloys 

The microstructure of both alloys after each of the heat treatment steps was examined in 

detail in order to correlate the hardness variations observed in Section 3.4.1 with microstructural 

changes in the systems. Table 3.1 summarizes the precipitate size and dimensions in the 

Ni56Ti41Hf3 and Ni56Ti36Hf8 alloys after applying the different heat treatment steps. The 

corresponding hardness value for each bulk sample is also presented in Table 3.1. The following 

subsections describe the microstructures specific to each heat treatment, and its impact on the 

hardness of the two Ni-rich NiTiHf alloys. 
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Table 3.1 Precipitate properties for the Ni56Ti41Hf3 and Ni56Ti36Hf8 alloys after application of the 
various heat treatment steps (length (L), width (W), inter-particle distance (D) and area fraction 
(A %) are included for each precipitate phase observed). All precipitate dimensions are reported 
in nanometers (nm) and the hardness values are for the bulk alloy. 

 
 

3.4.2.1. Solution annealing 

Figure 3.2(a) shows a BF-TEM micrograph of Ni56Ti41Hf3 after solution annealing (SA) 

at 1050 °C for 0.5 h, followed by a water quench. The corresponding SAED pattern is also 

shown in the bottom left inset. The main spots in the SAED pattern belong to the B2 cubic 

austenite structure and the super reflections along 1/7<321>B2, indicated by dashed lines, 

originated from two different variants of Ni4Ti3 precipitates. Figure 3.2(b) shows a HRTEM 

micrograph taken along [111]B2 // [111]R zone axis (R refers to the rhombohedral structure of 

Ni4Ti3 precipitates).The morphology of a monolithic Ni4Ti3 precipitate surrounded by B2 matrix 

is outlined with a dashed line, and the corresponding fast Fourier transform (FFT) pattern is 

shown in the bottom left inset. The precipitates have “equiaxed” morphology, which is different 

from the reported lenticular morphology for Ni4Ti3 precipitates in binary NiTi [5, 14, 27,]. The 
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average size of these Ni4Ti3 precipitates is 51 ± 18 nm (length and width) and their average inter-

particle distance is 26 ± 9 nm. 

 
Figure 3.2 (a) Conventional BF-TEM micrograph of Ni56Ti41Hf3 after solution annealing at 1050 
°C for 0.5 h followed by a water quench. The corresponding SAED pattern in the bottom left 
inset, taken along [111]B2 zone axis, shows the super reflections originated from two variants of 
Ni4Ti3 precipitates. (b) HRTEM micrograph taken along ([111]e/	/[111]f>)  showing a 
monolithic Ni4Ti3 precipitate within the B2 matrix. 

 

The microstructure of Ni56Ti36Hf8 after solution annealing at 1050 °C for 0.5 h, followed 

by a water quench is presented in Figure 3.3. Based on the BF-TEM micrograph, Figure 3.3(a), 

there is no indication of any precipitates within the matrix; however, the SAED pattern taken 

from the lower grain shows faint super reflections along 1/3<110> (indicated by white 

arrowheads). These super reflections originate from H-phase precipitation [140,141]. The low 

intensity of super reflections in the SAED pattern suggest a low volume fraction and/or very 

small precipitate size. Figure 3.3(b) shows a HRTEM image taken along [111]B2, which shows a 

single H-phase precipitate confirmed by the FFT pattern (inset in Figure 3.3(b)).  The FFT 
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pattern shows faint super reflections that originate from the H-phase precipitate (indicated by 

black arrowheads). Together these results indicate that extremely fine H-phase precipitates, 2-5 

nm in diameter, are formed randomly throughout the matrix in the Ni56Ti36Hf8 alloy after water 

quenching from the solution annealing temperature. 

 
Figure 3.3 (a) BF-TEM micrograph of Ni56Ti36Hf8 after solution annealing at 1050 °C for 0.5 h 
followed by a water quench. The corresponding SAED pattern in the bottom left inset shows 
weak super reflections along 1/3<011> (indicated by arrowheads), which originate from 3 
different variants of H-phase precipitates. (b) HRTEM micrograph taken along [111]B2 showing a 
small H-phase precipitate. The super reflections due to the H-phase precipitate are indicated by 
arrowheads in the FFT pattern. 

 

3.4.2.2. Solution annealing and aging at 550 ºC for 4 h 

The microstructure of Ni56Ti41Hf3 after solution annealing and subsequent aging at 550 

ºC for 4 h is presented in Figure 3.4. It is obvious from the BF micrograph (Figure 3.4(a)) and its 

corresponding SAED pattern (inset) that the microstructure has a “blocky” or mosaic 

morphology consisting of Ni4Ti3 precipitates within a B2 matrix. The average Ni4Ti3 precipitate 

length and inter-particle distance is 109 ± 33 nm and 92 ± 24 nm, respectively. Figure 3.4(b) is a 
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HRTEM micrograph of a blocky Ni4Ti3 precipitate surrounded by the B2 matrix. It is important 

to note that the precipitate is comprised of two coalesced Ni4Ti3 variants with a boundary 

between them. The corresponding FFT pattern ([111]e/	/[111]f>) shown in the inset of Figure 

3.4(b) was taken from the boundary region (indicated by white dashed box in Figure 3.4(b)) and 

clearly indicates a twin relationship between the two Ni4Ti3 variants. The twin plane is indexed 

as (1"54")e. Figure 3.4(c) shows the local g- map taken using g = (1"01)e and g =(1"01)e from the 

two variants of Ni4Ti3, (indicated on the FFT pattern in Figure 3.4(b) by a white circle). 

 
Figure 3.4 (a) BF-TEM micrograph and corresponding SAED pattern (inset) of Ni56Ti41Hf3 after 
solution annealing and aging at 550 ºC for 4 h showing the blocky morphology of Ni4Ti3 

precipitates within the B2 matrix. (b) HRTEM micrograph taken along [111]R zone axis showing 
coalesced Ni4Ti3 precipitates involving two variants. Corresponding FFT pattern (inset) taken 
from the region indicated by the dashed box shows the twin relation (white dashed line) between 
two variants along the boundary. (c) Local g-map using g = (1"01)e and g =(1"01)e (indicated by 
white circle on the FFT pattern) was taken from the region indicated by the dashed box in (b). 
The misfit dislocations along the boundary are shown as hot spots. (d) Enlarged IFFT filtered 
image of the interface showing individual structural units of the ∑ = 	7 CSL type interface. 

 

The arrangement of misfit dislocations (shown as hot spots in Figure 3.4(c)) confirms the 

curved shape of the boundary. The curved nature of the twin interface in Ni4Ti3 has been also 

reported by Tadaki et al. [142] in binary NiTi alloys and is attributed to the formation of a twin 
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relation using equivalent {154}R type planes [142]. Therefore, the boundary typically lies on 

multiple unique planes that falls in the same family, effectively changing in direction and 

causing a curvature along the interface. Inverse FFT filtering was also performed on a part of the 

interface to identify the atomic arrangement along the interface and is shown in Figure 3.4(d). 

The magnified interface is outlined by its repetitive structural units (white patterns) showing the 

arrangement and symmetry of atoms along the boundary that is shared between the two crystals. 

The coincident site lattice (CSL) boundary was detected along the interface with a 22º 

misorientation angle along the [111]R axis which is consistent with the misorientation angle for 

∑ = 	7 type boundary along [001]HCP // [111]R axis [143,144]. 

Figure 3.5 depicts the microstructure of Ni56Ti36Hf8 after aging of the solution annealed 

material at 550 ºC for 4 h. The BF-TEM image and corresponding SAED pattern (inset) in 

Figure 3.5(a) show the presence of nano-scale H-phase precipitates within the bulk of the B2 

matrix. The precipitates are ellipsoidal in shape with average dimensions of 21 ± 6 nm (length) 

and 8 ± 2 nm (width); the inter-particle distance was 17 ± 6 nm. The microstructure of the same 

alloy after solution annealing showed only a very small fraction of very fine H-phase precipitates 

(Figure 3.3(b)). Aging at 550 ºC for 4 h resulted in additional nucleation and growth of the 

precipitates, thus much more intense super reflections along 1/3<011> were observed in the 

SAED pattern. The HRTEM image in Figure 3.5(b) shows a single ellipsoidal H-phase 

precipitate surrounded by B2 matrix, which has a similar morphology to that generally reported 

for H-phase in NiTiHf alloys [132,133,140,141]. No Ni4Ti3 precipitates were observed in this 

sample. 
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Figure 3.5 (a) BF-TEM micrograph of Ni56Ti36Hf8 after being solution annealed and aged at 550 
ºC for 4 h. The corresponding SAED pattern (inset) was taken along the [111]B2 zone from the 
region indicated by the white circle and contains super reflections (white arrowheads) originating 
from H-phase precipitates. (b) HRTEM micrograph taken along [111]B2 showing an H-phase 
precipitate surrounded by B2 matrix. 

 

While the majority of the microstructure consists of a dense homogeneous distribution 

(49% area fraction) of nano-scale H-phase precipitates in a B2 matrix, Figure 3.5(a) also reveals 

the presence of a heterogeneously nucleated phase in the vicinity of HfO2 particles. Electron 

Dispersive Spectroscopy (EDS) analysis on these precipitates showed that they are comprised of 

65 ± 4 at.% Ni and 35 ± 2 at.% Ti which is close in composition to “New phase” (see Chapter 4). 

The size of these precipitates is 648 ± 277 nm (length), 191 ± 37 nm (width) and they are spaced 

673 ± 271 nm apart. These precipitates appear to have mostly nucleated heterogeneously around 

the larger HfO2 particles probably due to Hf depletion and/or stress concentration around HfO2 

particles. It is known that such large heterogeneous precipitates lose their coherency and 

subsequently their effectiveness at halting stress-related deformation [138], and can also become 

the sources for fatigue, wear failure and localized corrosion [9].  
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3.4.2.3. Solution annealing and pre-aging treatment at 300 ºC for 12 h 

 
Figure 3.6 Conventional BF-TEM micrographs and corresponding SAED patterns after solution 
annealing and pre-aging at 300 ºC for 12 h of (a) the Ni56Ti41Hf3 alloy showing multi-variant 
equiaxed Ni4Ti3 precipitates and (b) the Ni56Ti36Hf8 alloy showing faint super reflections along 
1/3<110> from a low density of fine H-phase precipitates. The top right inset shows an SAED 
pattern tilted off [111]B2 zone, revealing diffuse reflections corresponding to Hf and Ni 
clustering. 

 

To understand the role of the pre-aging treatment, the microstructure of the Ni56Ti36Hf8 

and Ni56Ti41Hf3 alloys after pre-aging at 300 ºC for 12 h was studied. Figure 3.6(a) is a BF-TEM 

micrograph and corresponding SAED pattern (inset) of Ni56Ti41Hf3 after pre-aging and confirms 

widespread precipitation of equiaxed Ni4Ti3 phase. The size of the blocky Ni4Ti3 precipitates is 

81 ± 15 nm (length and width) and their interparticle distance is 34 ± 19. The significant 

diffraction contrast surrounding the precipitates in the BF-image is due to the coherency strain 

fields around the precipitates. A BF-TEM micrograph of the Ni56Ti36Hf8 alloy after pre-aging 

(Figure 3.6(b)) shows no clear precipitation within the grain. However, the corresponding SAED 

pattern (bottom left inset) shows faint spots corresponding to occasional (< 5 nm) H-phase 
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precipitates similar to what was observed in the solution annealed and quenched condition 

(Figure 3.3). An additional SAED pattern provided in the upper right inset was taken slightly off 

the [111]B2 zone axis showing diffuse intensity patterns. The diffuse intensities appear more 

clearly in the higher index tilted zone axis in the form of line shapes with a periodic symmetry 

around the bright B2 reflections. In this case, the faint super reflections from H-phase 

precipitates are also observed in the pattern (top right inset). The diffuse intensities with periodic 

character in reciprocal space indicate the existence of short-range order in the real-space lattice 

as a precursor to widespread formation of precipitates. Such diffuse intensities have been 

reported in binary Ni50.6Ti49.4 by Pourbabak et al. [146] after low-temperature aging and were 

attributed to the existence of micro-domains in the form of clusters of Ni atoms as precursors to 

formation of Ni4Ti3 nano-precipitates [146]. Recently, B. Amin-Ahmadi et al. [134] reported 

diffuse intensity after low temperature aging of Ni50.3Ti41.2Hf8.5 due to Hf and/or Ni atom clusters 

formed after low-temperature aging as a precursor to H-phase precipitation. Using a similar 

characterization approach, one can confirm that the diffuse intensities observed in SAED pattern 

from Ni56Ti36Hf8 after the pre-aging step, also correspond to Ni and Hf clustering prior to 

secondary precipitate nucleation. 

3.4.2.4. Solution annealing, pre-aging at 300 ºC for 12 h, and aging at 550 ºC for 4h 

Figure 3.7 is representative of the microstructure of Ni56Ti41Hf3 after a three-step heat 

treatment consisting of solution annealing, pre-aging at 300 ºC for 12 h, and aging at 550 ºC for 

4 h. The BF-TEM micrograph (Figure 3.7(a)) and corresponding SAED pattern (inset) shows a 

blocky microstructure consisting of larger Ni4Ti3, and small, occasional H-phase and recently 

reported "New phase" (see Chapter 4), which has a cubic structure with space group pm3"m (No. 

221) and a lattice parameter a = 8.816 Å [145]. There is significantly less strain contrast 
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surrounding the Ni4Ti3 precipitates in this BF-TEM image compared with the pre-aged condition 

of the same alloy (Figure 3.6(a)). This is attributed to relaxation of the coherency strains as the 

precipitates coarsen during aging at 550 ºC. [16,35]. In particular, this alloy consists of blocky 

Ni4Ti3 precipitates of approximately 138 ± 41 nm × 94 ± 23 nm in size. 

 
Figure 3.7 (a) Conventional BF-TEM micrograph and corresponding SAED pattern (inset) from 
the Ni56Ti41Hf3 alloy after solution annealing, pre-aging at 300 ºC for 12 h and aging at 550 ºC 
for 4 h. A set of super reflections from the Ni4Ti3 precipitates are indicated by a white dashed 
line, super reflections along 1/3<110> common between H-phase and New phase precipitates 
and super-reflections unique to cubic New phase precipitates (indicated by white boxes) are also 
observed. (b) HRTEM micrograph taken along [111]B2 zone axis shows a monolithic H-phase 
precipitate surrounded by B2 matrix. Super reflections in the FFT pattern originating from the H-
phase precipitate are indicated by arrowheads. (c) HRTEM micrograph taken along [111]B2 zone 
and corresponding FFT pattern confirm the existence of a New phase precipitate surrounded by 
B2 matrix. A larger Ni4Ti3 precipitate is observed at the bottom of the micrograph. 
 

HRTEM analysis (Figure 3.7(b)) showed that the H-phase precipitates are ellipsoidal in 

shape, and formed within the B2 channels positioned between Ni4Ti3 precipitates, similar to 

previous observations by Hornbuckle et al. [21] for a Ni56Ti40Hf4 alloy.  The average size of the 

H-phase was 28 ± 4 nm (length) and 13 ± 2 nm (width) and the inter-particle distance along the 

channels was 104 ± 13 nm. The HRTEM micrograph in Figure 3.7(c) shows a small New phase 

precipitate bordered by B2 matrix and a much larger Ni4Ti3 precipitate. This rare occurrence of 

cubic New phase precipitation in the Ni56Ti41Hf3 alloy is confirmed via the corresponding FFT 
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pattern (inset), which is consistent with the reported cubic structure of this phase by Mills et al. 

[145]. 

 
Figure 3.8 (a) BF-TEM micrograph of Ni56Ti36Hf8 after the three-step heat treat (solution 
annealed, pre-aged and aged at 550 ºC for 4 h) showing a mottled microstructure. Large 
heterogeneous New phase islands were also detected in this sample. SAED patterns along (b) 
[001]B2 and (c) [111]B2 zone axis taken from the region indicated by the white circle shows the 
existence of H-phase (white arrows) and New phase (white squares). (d) HR HAADF STEM 
micrograph taken along [001]B2 zone axis and corresponding FFT (inset) reveals dense nano-
precipitation of H-phase (white arrows) and New phase (white squares) with narrow B2 matrix 
channels. 

 

The microstructure of the Ni56Ti36Hf8 alloy after the three-step heat treatment is shown in 

Figure 3.8. It is obvious from BF-TEM micrograph (Figure 3.8(a)) and corresponding SAED 

patterns (Figure 3.8(b,c)) taken from the region indicated by the white circle in Figure 3.8(a)) 

that the mottled-like morphology is much finer than the blocky structure shown in Figure 3.7(a) 

for the Ni56Ti41Hf3 alloy. The microstructure consists primarily of a very dense distribution of 

nano-sized H-phase and New phase precipitates. However, large heterogeneous New phase 

islands were observed, usually in the vicinity of HfO2 oxide particles. Figure 3.8(b and c) are 

SAED patterns taken along [001]B2 and [111]B2 confirming the presence of H-phase and New 

phase precipitates within the B2 matrix. A high-resolution HAADF STEM micrograph taken 
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along the [001]B2 zone and corresponding FFT pattern presented in Figure 3.8(d), clearly shows 

the dense distribution of H-phase and presence of New phase nano-precipitates within B2 

channels. The average size of the ellipsoidal H-phase precipitates is 23 ± 5 nm (length) and 12 ± 

3 nm (width) and the inter-particle distance is 7 ± 2 nm. The average size of the New phase 

precipitates is 18 ± 4 nm (length) and 16 ± 5 nm (width), which mainly formed between H-phase 

precipitates. The size of the remaining B2 channels was approximately 8 ± 3 nm.  

3.4.2.5. Solution annealing, pre-aging at 300 ºC for 12 h and aging at 550 ºC for 13h 

 
Figure 3.9 (a) BF-TEM micrograph of the Ni56Ti36Hf8 alloy after a three-step heat treat (solution 
annealed, pre-aged and aged at 550 ºC for 13 h) showing a mottled microstructure. The SAED 
pattern along [001]B2 zone axis (inset) taken from the region indicated by white circle shows the 
existence of H-phase (white arrows) and New phase (white squares). (b) HR-TEM micrograph 
taken along [001]B2 zone axis and corresponding FFT (inset) reveals dense nano-precipitation of 
H-phase and small New phase with narrow channels of B2 matrix. 
 

A three-step heat treatment with an extended age at 550ºC of 13 h was applied to the 

Ni56Ti36Hf8 alloy and the resulting microstructure is shown in Figure 3.9(a). The mottled 3-phase 

microstructure containing New phase and H-phase precipitates with narrow channels of B2 
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matrix is very similar to the microstructure observed in Figure 3.8, except that the H-phase 

precipitates appear to have coarsened and doubled in size (Table 3.1) while the New phase 

precipitates are roughly the same size (Figure 3.9(b)). These observations would explain the very 

prominent H-phase reflections and nearly invisible superlattice reflections for New phase in the 

SAED pattern (Figure 3.9(a)). The average size of the ellipsoidal H-phase precipitates is 40 ± 8 

nm (length) and 21 ± 6 nm (width) and the inter-particle distance is 14 ± 4 nm. The average size 

of the New phase precipitates is 20 ± 4 nm (length) and 17 ± 3 nm (width), which mainly formed 

between H-phase precipitates. The average size of B2 channels equals to 15 ± 5 nm. 

3.4.2.6. Ni4Ti3 precipitate / B2 matrix coherency in Ni56Ti41Hf3 alloy 

Figure 3.10 shows HR-TEM micrographs (a)–(c) and corresponding GPA maps (d)–(f) 

(eyy strain component) of Ni56Ti41Hf3 alloy samples. After solution annealing with a water 

quench (SAWQ), fine Ni4Ti3 precipitates (51 ± 18 nm) appear to be fully coherent with the B2 

matrix. To accommodate the lattice mismatch, the surrounding matrix is strained up to 1% 

(regions indicated by white arrows in Figure 3.10(d)), which extends 3.1 ± 2 nm away from the 

precipitate–matrix interface. Some of the larger (50 – 80 nm) Ni4Ti3 precipitates that were 

inspected contain visible misfit dislocations. When the material is pre-aged at 300ºC (12 h) 

(Figure 3.10(b)), the size of the precipitates increases (81 ± 15 nm) and the strain fields extend as 

far as 10 ± 3 nm away from the precipitate–matrix interface (indicated by white arrows in Figure 

3.10(e)). The upper 2/3 of the interface highlighted in Figure 3.10(e) is coherent; however, the 

lower part of the interface is beginning to lose coherency by forming misfit dislocations. The 

distance between these misfit dislocations was approximately 6.2 ± 2 nm (misfit dislocations are 

shown by white arrowheads in Figure 3.10(e)). Further aging at 550ºC for 4 h (3-step heat 

treatment) (Figure 3.10(c)), results in additional coarsening of the precipitates (138 ± 41 nm) and  
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further loss in coherency (Figure 3.10(f)), with misfit dislocations (shown by white triangles in 

Figure 3.10(f)) spaced about 3.3 ± 1 nm apart along the interface. When the material is direct 

aged (SAWQ + 550ºC (4 h)), the precipitates exhibit a loss in coherency (similar to the 3-step heat 

treatment), with misfit dislocations spaced approximately 5.2 ± 2 nm apart along the precipitate–

matrix interface. 

 
Figure 3.10 HR-TEM micrographs taken along the [111]B2 zone axis showing Ni4Ti3 / matrix 
interfaces in the Ni56Ti41Hf3 alloy after: (a) SAWQ, (b) SAWQ + 300ºC (12 h) (c) SAWQ + 300ºC 
(12 h) + 550ºC (4 h). (d)–(f) Corresponding GPA maps of the boxed regions in (a)-(c), 
respectively, showing the magnitude of the eyy strain component. White arrowheads indicate 
misfit dislocations along the interface. 
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3.5 Discussion 

3.5.1. Strengthening mechanisms in Ni56Ti41Hf3 and Ni56Ti36Hf8 

During the SA of the Ni56Ti41Hf3 alloy, Ni is supersaturated in the matrix, but because of 

the retrograde solvus, the excess solubility for Ni in the matrix decreases with decreasing 

temperature and the driving force for precipitation increases to the point where in binary alloys it 

is not possible to prevent precipitation, even with a rapid quench [13,14]. This excess Ni is 

removed from the matrix through formation of the metastable Ni4Ti3 phase. Similarly, in the 

Ni56Ti41Hf3 alloy, Ni4Ti3 is formed even during the water quench. The high hardness (707 HV) of 

the alloy in the SA condition is heavily dependent on the nano-scale size (51 nm) of mostly 

coherent and equiaxed Ni4Ti3 precipitates with 54% area fraction. When Ni56Ti41Hf3 alloy is 

aged at 550 ºC for 4 h, the Ni4Ti3 precipitate size increases 214% in length and 171% in width 

compared with the SA condition and the area fraction of Ni4Ti3 increases to 61%. The 

combination of over-coarsened blocky Ni4Ti3 precipitates and subsequent loss in coherency 

strains within the B2 matrix (as evidenced by reduced strain contrast surrounding the precipitates 

in Figure 3.4(b) and formation of misfit dislocations along the relaxed interface) leads to drop in 

hardness to 682 HV compared with the SA condition (707 HV). However, pre-aging the 

Ni56Ti41Hf3 alloy at 300 ºC for 12 h after the SA condition (Figure 3.6) resulted in an increase in 

hardness to 752 HV. This increase in hardness can be explained by the controlled increase in size 

of the equiaxed semi-coherent Ni4Ti3 precipitates (81 nm), which achieve a maximum fraction in 

this condition (71% area fraction). Furthermore, the coherency strains have expanded more into 

the surrounding matrix (up to 10 nm), which further increases the hardness, even though part of 

the interface loses its coherency (Figure 3.10(e)). Qualitatively, high strain contrast in the form 

of darker matrix regions in BF micrograph of Figure 3.6(a) implies that most of the interface is 
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still mostly coherent. Applying a final aging step at 550 ºC for 4 h, after pre-aging, resulted in a 

decrease in hardness to 710 HV mainly due to over coarsening of the Ni4Ti3 precipitates (138 nm 

length × 94 nm width), and a much greater loss in coherency, and a decrease in their area 

fraction to 63%. 

The Ni56Ti36Hf8 alloy in the SA condition (Figure 3.3) is comprised of almost entirely B2 

matrix with the exception of a few H-phase precipitates, suggesting that nearly all Hf and Ni is 

still in solid solution. Interestingly, the hardness of SA Ni56Ti36Hf8 (716 HV) is comparable to 

the hardness of SA Ni56Ti41Hf3 alloy (707 HV) containing 51% Ni4Ti3 precipitate phase, which 

suggests that Hf solid-solution hardening and/or clustering of Hf and Ni atoms, plays an 

important role in enhancing the hardness of this particular alloy.  

The hardness decreased to 700 HV after aging the Ni56Ti36Hf8 alloy at 550 ºC for 4 h 

compared with 716 HV for SA condition. The majority of the microstructure in the aged alloy 

(Figure 3.5) contains fine homogenous H-phase precipitates (49% area fraction) in addition to 

rare large island precipitates (cubic New phase). H-phase precipitates are rich in Ni and Hf 

[132,140,147], therefore, their formation depletes excess Hf and Ni from the matrix [123], thus 

the effect of solid-solution strengthening decreases. In addition to formation of the nano-sized H-

phase precipitates (49% area fraction) with 21 ± 6 nm (length), 8 ± 2 nm (width), the hardness 

slightly declined by 2.2% from the SA condition, which implies that H-phase precipitation 

hardening failed to compensate for the drop in hardness due to the loss in solid-solution 

hardening effect. 

Applying a pre-aging step at 300 ºC for 12 h to the Ni56Ti36Hf8 alloy (Figure 3.6(b)) 

resulted in no significant changes to the microstructure compared to the SA condition (Figure 
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3.3) implying that 300 ºC for 12 h did not generate the required energy to activate widespread 

nucleation and/or precipitate growth. Consequently, the hardness (705 HV) did not change much 

compared to the solution annealed condition (716 HV), suggesting that solid solution hardening 

remains dominant. The broader impact of the pre-aging step on Ni56Ti36Hf8 alloy hardness is 

realized only after additional aging step at 550 ºC for 4 h (Figure 3.8) when both H-phase and 

New phase precipitates nucleate from Ni-rich micro-domains resulting in superior hardness (769 

HV). In the 3-step heat treated Ni56Ti36Hf8 alloy, widespread nucleation and hindered growth of 

the dense homogenous precipitates (54% H-phase area fraction and 33% New phase area 

fraction) restricts the remaining B2 matrix to ultra-narrow (1 – 5 nm) channels and thus the 

lowest observed fraction of available matrix (23% area fraction) of any condition in this study. 

Therefore, the hardness reached 769 HV, a 7.4% and 9% increase compared to the SA and pre-

aged conditions, respectively. In contrast, in the Ni56Ti41Hf3 alloy, there was only rare New 

phase precipitate that nucleated adjacent to the Ni4Ti3.  

Comparing maximum hardness for the two alloys, the highest hardness observed in the 

Ni56Ti41Hf3 alloy corresponded to high volume fraction (71%) of relatively coarse Ni4Ti3 phase, 

which occurred in the SA plus aged condition. The maximum hardness in the Ni56Ti36Hf8 alloy 

occurred with a mixed microstructure of H-phase and New phase that interacted to keep both 

phases relatively fine and together resulted in a volume fraction of ~87% coherent strengthening 

phase. The strengthening effect of H-phase is well documented [133,148,149]. The coherency 

strains associated with the cube-cube orientation relationship between the B2 matrix and the 

New phase precipitates likely harden the material by constraining the matrix, similarly to that of 

the Ni4Ti3 [150], making it an effective strengthening phase as well. Together, the two phases 

interact, preventing either from coarsening too much during the 550 ºC / 4 h age, resulting in an 
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extremely high total volume fraction of fine coherent strengthening phase. 

By further aging the Ni56Ti36Hf8 alloy at 550 ºC for 13 h, New phase, H-phase and B2 

matrix are preserved (Figure 3.9) compared to 550ºC for 4 h (Figure 3.8). However, the H-phase 

precipitates coarsen, resulting in increased fraction (61 % area fraction) and the B2 channels 

broaden at the expense of New phase (19 % from 33 % area fraction) which leads to a decrease 

in the hardness (718 HV). 

3.5.2. Ni56Ti41Hf3 coarsening behavior 

As discussed in section 3.5.1. the size, distribution, and coherency strain fields of Ni4Ti3 

precipitates play an important role in the overall hardness of NiTi-based alloys. It is known that 

the Ni4Ti3 precipitates in binary NiTi tend to be lenticular in shape due to lattice mismatch 

differences with the matrix [27]. The lattice mismatch surrounding coherent Ni4Ti3 precipitates is 

quantified by measuring the orientation correspondence between rhombohedral (Ni4Ti3) and 

cubic (matrix) unit cells. The habit plane of the Ni4Ti3 precipitate is {111}B2 and the orientation 

relationship is (001)R//(111)B2, [010]R//[2"1"3]B2 [142,151]. Therefore, the lattice parameter of the 

B2 (aB2) and the unit diagonal dimension of the of the rhombohedral unit cell (√3𝑐k) are in close 

agreement with one other (cR = [111]B2) [5, 27]. Given the lattice parameter of the rhombohedral 

structured Ni4Ti3 unit cell (cR = 6.70 Å [142]) and B2 austenite unit cell (aB2 = 3.01 Å [142]) in 

binary NiTi, the precipitate / matrix correspondence is calculated for a specified direction via dot 

product and the matrix tensor for the Ni4Ti3 unit cell. The error described in Equation 3.1 

quantifies the lattice mismatch between the unit diagonal rhombohedral unit cell and the edge 

length of the B2 unit cell along direction normal to the habit plane: 
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			NinTi:	//	B2	lattice	mismatch = √3ce −	√3af>√3 ∗ af> ∗ 100 (3.1) 

Lattice mismatch calculation along the direction normal to the habit plane shows 2.9% 

contraction in the precipitate with respect to the matrix [128,152] which causes the most 

suppressed direction of growth for Ni4Ti3. Conversely, the directions in the habit plane (normal 

to the direction with largest mismatch) contain a precipitate/matrix mismatch of 0.5% [142] and, 

therefore, much less strain [139]. This explains why in the directions of the habit plane, the 

precipitate dimensions are much larger than in the habit plane normal direction (lens-shaped) 

[27,139]. Therefore, the aspect ratio of the Ni4Ti3 precipitates reported in Ni-rich binary NiTi 

alloy compositions is 5 – 10.5 [138,142,153].  

However, the aspect ratio of Ni4Ti3 precipitates in this study is 1 – 1.5. Moreover, the 

similarities in shape and aspect ratio of two different variants that are visible from the [111]B2 

zone suggests that the precipitates grow in an equiaxed shape in 3 dimensions. To explain the 

morphology change of the precipitate to equiaxed morphology in the Ni56Ti41Hf3 alloy as a result 

of the lattice mismatch in the direction normal to the habit plane (Equation 3.1), experimental 

lattice parameters were collected via high-energy wide-angle x-ray scattering (WAXS) method. 

Using the measured lattice parameter of the Ni4Ti3 is a = 6.72 Å, 𝛼 = 113.86º and the B2 lattice 

parameter is a = 2.97 Å, the lattice mismatch in the direction normal to the habit plane is 1.1% 

(Equation 2). This notable decrease (from 2.9%) leads to growth of precipitates along directions 

normal to habit plane in addition to the habit plane direction and explains the equiaxed 

morphology of the Ni4Ti3 (Figure 3.2) that is rather unique to very Ni-rich (52 – 56 at. % Ni) 

ternary NiTi-X alloys [15,27].  
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3.5.3. Effect of bulk composition on precipitate type 

Clearly, the observed microstructural differences between Ni56Ti41Hf3 and Ni56Ti36Hf8 

alloys highlight a radical change in preference from the formation of Ni4Ti3 to H-phase and New 

phase when the alloy Hf content is increased by just 5 at.%. In the Ni56Ti41Hf3 alloy, the Ni4Ti3 

precipitates form preferentially over other phases due to similarities in Ni / Ti stoichiometric 

ratio. The ratio of the Ni4Ti3 is 1.33, which is similar to the alloy Ni / Ti ratio of 1.37. 

Hornbuckle et. al [17] used a lever rule approximation to predict the quantity of Ni4Ti3 

precipitation that forms in a NiTiHf ternary alloy by assuming that Hf and Ti atoms are 

interchangeable. In contrast to Hornbuckle’s findings, the present results indicate that the Ni / Ti 

ratio plays a more important role in preferentially forming non-Hf containing precipitates. 

Supporting this hypothesis, the same behavior is seen for the Ni56Ti36Hf8 alloy where preferential 

formation of New phase (Ni / Ti ratio = 1.45) is influenced by the Ni / Ti ratio of the alloy (Ni / 

Ti ratio = 1.55). However, the New phase does not form directly after SA presumably due to the 

higher Hf content that slows the diffusion kinetics in the system [17,154,155]. After the pre-

aging step when the system is allowed enough time at elevated temperature for extensive Ni 

clustering (Figure 3.6) and due to the Ni / Ti ratio, the New phase can preferentially form over 

the Ni4Ti3 phase during the 3-step HT. When the New phase precipitated homogenously in the 

Ni56Ti36Hf8 alloy, there were no signs of Ni4Ti3 formation as an intermediate step which suggests 

the New phase nucleated / grew directly from B2 matrix during the 550 ºC (4 h) aging step. 

However, it is not clear if Ni4Ti3 possibly formed for a short period during the 550 ºC aging step 

before fully transforming to New phase after the 4 h hold. The formation of orthorhombic Ni3Ti2 

from Ni4Ti3 and NiTi has been documented by Nishida et al. [18], but it is unclear that the same 

progression of phase transformations applies to cubic New phase. 
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3.6 Conclusions 

We reported the development of new NiTiHf alloys and new heat treatment procedures 

that lead to high hardness suitable for tribological applications. Overarching structure-property 

mechanisms in this material were discussed to explain how existence of various precipitates such 

as Ni4Ti3, New phase and H-phase within B2 matrix enhances hardness. The main findings can 

be summarized as follows. 

• Blocky Ni4Ti3 precipitation is the dominant hardening mechanism in the Ni56Ti41Hf3 alloy. 

The Ni56Ti41Hf3 alloy is more responsive to aging times and temperatures than Ni56Ti36Hf8 

due to higher Hf decreasing overall diffusion kinetics in the latter. Therefore, the highest 

hardness for Ni56Ti41Hf3 alloy was observed after pre-aging (SAWQ + 300 ºC/ 12 h) where 

the microstructure possessed the greatest coherency strains surrounding the precipitates and 

the fraction of Ni4Ti3 was maximized. Aging at higher temperature (550ºC/4 h) lead to a 

reduction in the hardness due to over-coarsening of the Ni4Ti3 and loss of coherency. 

• In Ni56Ti41Hf3, the blocky shape of the Ni4Ti3 is due to reduced lattice mismatch between 

the B2 matrix and the Ni4Ti3 precipitate along the direction normal to the habit plane, 

allowing the precipitate phase to grow equally in directions normal and parallel to the habit 

plane. 

• A Ni/Hf solid-solution effect or clustering of these atoms plays an important role in the 

hardness of the SA Ni56Ti36Hf8 alloy, which achieved a comparable hardness to the Ni4Ti3 

precipitate strengthened SA Ni56Ti41Hf3 alloy.  

• The highest hardness was achieved in the Ni56Ti36Hf8 alloy after applying an intermediate 

ageing step (300°C for 12 h) followed by normal aging (550 °C for 4 h). This alloy 

contained a high volume fraction of intermixed New phase and H-phase. Together these 
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two phases resulted in nearly 87% fine, coherent, precipitate phases in a B2 matrix that 

consisted of only fine nanometer sized channels. Preferential formation of Ni4Ti3 and New 

phase precipitates for Ni56Ti41Hf3 and Ni56Ti36Hf8 alloys, respectively, is assumed to be due 

to similarities in Ni/Ti stoichiometric ratio of the alloy, but is still somewhat of an open 

question. 
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CHAPTER FOUR          

IDENTIFICATION OF A NEW PRECIPITATE PHASE WITHIN NICKEL-RICH,     

NICKEL-TITANIUM-BASED ALLOYS 

4.1 Abstract 

Usually, H-phase and/or Ni4Ti3 nanoprecipitates are observed in NiTiHf alloys. In this 

work, a precipitate phase consistent with recent reports of a phase found within NiTi and NiTiNb 

alloys called “cubic Ni3Ti2” is documented to also form within a Ni56Ti36Hf8 alloy upon aging. 

Electron dispersive X-ray spectroscopy (EDX) via high-angle annular dark field scanning 

transmission electron microscopy (HAADF-STEM) shows that the approximate composition of 

this phase is approximately 3Ni: 2Ti. Small (≤ 20 nm) precipitate sizes challenged the ability to 

study the crystallography of this new phase in isolation of H-phase and B2 austenite phases, 

which were also present in this aged condition. Still, using selected area electron diffraction, the 

phase was determined to have the symmetry of one of the primitive subgroups of the m3m parent 

phase, i.e., Pm3"m, P23, Pm3, P43m or P432. Furthermore, atomic resolution HAADF-STEM 

revealed that nickel atoms preferentially segregate to the perimeter lattice sites of a 54-atom 

motif. The only known crystal structure consistent with both observations is the B2 CsCl crystal 

structure arranged in a supercell composed of 4 x 4 x 4 unit cells. These results suggest that this 

new phase is of a new crystal structure with preferential ordering of nickel similar to the ordering 

of iron in the Austenite cF108 structure that belongs to space group 225. However, in this new 

phase, the lattice sites are arranged in a BCC motif instead of FCC to satisfy the symmetry 

observed in the electron diffraction patterns. The exact site occupancy and ordering of the atoms 

could not be definitively determined, especially considering the possibility of partial ordering 

and/or disordering. DFT calculations support the probability that this phase is of partially-
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ordered structure. 

4.2 Introduction 

A primary mechanism to strengthen binary NiTi alloys is precipitation of a coherent 

rhombohedral Ni4Ti3 phase [18,26,156] with up to ~ 2% coherency strains [128]. Furthermore, in 

nickel-rich shape memory alloys (~ 50.3 to 52 at.% Ni), Ni4Ti3 precipitation provides a means to 

promote and engineer actuation and superelastic performances. Without precipitation 

strengthening, the inherent yield strength is about the same as operational transformation stresses 

and as a result plasticity occurs simultaneous with the martensitic transformation, limiting 

functional performance [157,158]. Additionally, Ni4Ti3 precipitates can tune the martensitic 

transformation temperatures via their impact on the Ni content of the matrix [7-9], and via their 

distribution and coherency strains which is contributed to Clausius-Clapeyron nature of the 

martensitic transformations [159,160]. 

In higher nickel-rich compositions (52 – 56 at.% Ni), it has been reported that slow 

cooling and additional aging promotes over-coarsening, and eventual decomposition of Ni4Ti3 

into incoherent Ni3Ti2 and Ni3Ti phases [18], which are detrimental to hardness [26]. Nishida et 

al. determined that aging of Ni52Ti48 (at.%) at temperatures below 680 ºC results in precipitation 

of an orthorhombic (space group = Bbmm) Ni3Ti2 phase with lattice parameters a = 4.398 Å, b = 

4.370 Å and c = 13.544 Å [18,161]. Aging above 680 ºC initially precipitates tetragonal (space 

group = I4/mmm) Ni3Ti2 with lattice parameters a = 3.095 Å and c = 13.585 Å [18,161]. 

However, in either case, prolonged aging will result in the equilibrium Ni3Ti phase. 

Han et al. [162] reported a third Ni3Ti2 phase with a cubic structure in NiTi using a 

combination of SAED and EDX analysis in TEM, where the precipitates had a much larger 
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lattice parameter (~8.87 Å) than the B2 matrix. Expanding on these initial observations, Karlik et 

al. [150] reported the cubic Ni3Ti2 precipitates in Ni52Ti48 alloy which had a cube-to-cube Ni3Ti2 

precipitate-matrix correspondence ([111]P // [111]B2, (11"0)P // (11"0)B2), with the precipitate 

having a lattice parameter (a = 8.74 Å). It was suggested that this Ni3Ti2 morphology was 

metastable and transformed from Ni4Ti3 as an intermediate step to high-temperature tetragonal 

Ni3Ti2 [150]. Since these initial reports, the formation of “cubic Ni3Ti2” was also identified as a 

minor constituent in aged Ni55Ti45 and ternary NiTi45-xNbx (at.%) alloys, with Ni4Ti3 still being 

the majority precipitate phase [27]. High resolution TEM (HRTEM) analysis indicated that the 

“cubic Ni3Ti2” precipitates in this alloy were coherent with the matrix [27]. While two 

independent experimental observations have been reported, the symmetry, atomic configuration, 

prevalence, and stability of “cubic Ni3Ti2” are yet to be determined. 

In this work, precipitates consistent with the previously reported “cubic Ni3Ti2” phase in 

NiTi [13] and NiTiNb [14] alloys are observed within a ternary NiTiHf alloy upon aging. This is 

the first report of “Ni3Ti2” phase in a NiTiHf alloy; H-phase [132–134] and Ni4Ti3 [17] 

precipitates are more commonly reported. Using TEM techniques together with ab initio density 

functional theory (DFT) calculations, the phase is proposed to be a partially ordered cubic "New 

phase" rather than a third morphology of Ni3Ti2, as has previously been suggested. 

4.3 Methods 

The Ni56Ti36Hf8 (at.%) alloy (target composition) was vacuum-induction-melted (VIM) 

using a graphite crucible. The cast ingot (30 mm diameter) was homogenized at 1050 °C for 24 h 

and then hot-extruded into an 11.5 mm diameter rod at 1000 °C. Chemical analysis of extruded 

rod, by inductively coupled plasma atomic-emission spectroscopy, indicated that the measured 
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composition was within experimental error of the aim composition. A sample sectioned from the 

extrusion (vacuum encapsulated in quartz tube under Ar) was solution-annealed at 1050 ºC for 

0.5 h and water quenched, followed by pre-aging at 300 ºC for 12 h, then final aging at 550 ºC 

for 4 h.  

TEM foils were prepared by electropolishing 3 mm disks in an electrolyte solution of 

30% HNO3 in 70% methanol (by volume) at -35 ºC using a current of 20 mA at 10 V. 

Conventional bright field (BF) and HRTEM of NiTiHf samples were carried out using a FEI 

Talos TEM (FEG, 200 kV). High resolution high-angle annular dark field scanning TEM (HR 

HAADF STEM) was performed using a FEI Titan 80-300 with electron-probe Cs-correction 

operated at 300 kV. CrystalMaker software [163] was used to simulate diffraction patterns.  

Ab initio DFT calculations were performed with the Vienna Ab initio Simulation 

Package (VASP) [164,165] using the projected augmented wave (PAW) method [166] with the 

Perdew-Burke-Ernzerhof (PBE) functional [167] and ultrasoft potentials [168]. The exchange-

correlation interaction was treated in the framework of generalized gradient approximation. The 

Brillouin zone was sampled using Monkhorst-Pack generated sets of K-points [169]. A plane 

wave cutoff of 400 eV was used as the energy convergence criterion. K-point meshes of 9×9×9 

were estimated to be sufficient to a self-consistent field convergence criterion of 1×10-5 eV.  

4.4 Results and Discussion 

A BF-TEM micrograph (Figure 4.1(a)) and corresponding SAED patterns taken along 

[001]B2, [111]B2 and [011]B2 zones (Figure 4.1(b–d)) help reveal the microstructure of the 

Ni56Ti36Hf8 alloy after the 3-step heat treatment. The microstructure is mottled (Figure 4.1(a)), 

and the SAED patterns (Figure 4.1(b–d)) consist of B2 fundamental reflections, H-phase 
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superlattice reflections (indicated by white arrows) and extra diffractions spots (indicated by red 

arrows in the SAEDs and by red circles in the schematics (Figure 4.1(e–f)). These reflections do 

not correspond to H-phase. HRTEM micrographs taken along the [001]B2, [111]B2 and [011]B2 

zones (Figure 4.2(a–c)) and corresponding FFT patterns (Figure 4.2(d–f)) are consistent with the 

diffracted spot arrangements from the new precipitates extracted from the SAED patterns (Figure 

4.1(e–f)). The average size of these new precipitates is 18 ± 4 nm (length) and 16 ± 5 nm 

(width), which mainly formed between H-phase precipitates. H-phase precipitates [134] and the 

unidentified precipitates both produce 
C: 〈110〉f>	type superlattice reflections (Figure 4.1(c)), 

however the 
C: 〈100〉f>	type superlattice reflections (indicated in Figure 4.1(c) with red arrows) 

are unique to the New phase.  

Since these additional precipitates are too small to use convergent beam electron 

diffraction [170,171] to determine their point and space groups or to accurately perform energy-

dispersive X-ray spectroscopy (EDX) to measure their compositions, the following approach was 

taken. First, it is noted that the extra reflections in the 3 major zones from the B2 phase are 

consistently in the 1/3 hkl positions relative to the primitive B2 phase (all reflections present). 

Second, there are no extra reflections or extinctions in any of these zones. Given these diffraction 

patterns, this phase belongs to one of the primitive subgroups of the m3m parent phase: Pm3m, 

P23, Pm3, P43m or P432. Since the matrix is B2 which has the Pm3m space group, then the 

space group of the precipitates must be primitive and cubic as well given that, if it were non-

cubic or some other non-primitive cubic structure, there would be extinctions in one or more of 

these patterns. Thus, it is concluded that the space group of the precipitates is most likely Pm3m 

with a lattice parameter of approximately 3 times that of the B2 parent phase.  
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Figure 4.1 (a) A conventional BF-TEM micrograph of Ni56Ti36Hf8, solution annealed at 1050 ºC 
for 0.5 h, pre-aged at 300 ºC for 12 h and aged at 550 ºC for 4 h, shows a mottled microstructure 
consisting of a mixture of nano-scale precipitates in a B2 matrix. SAED patterns taken along (b) 
[001]B2, (c) [111]B2 and (d) [001]B2 zones show the coexistence of B2-phase (selected reflections 
are indexed), H-phase (unique superlattice reflections are indicated with white arrows), and new 
phase (unique superlattice reflections indicated with red arrows), the remaining superlattice 
reflections are common between H-phase and the new phase. (e)–(f) Schematics of diffraction 
spot arrangements from the new phase (red) in correspondence with B2 matrix spots (green) 
taken along [001]B2, [111]B2 and [011]B2 zones. 

 

The FFT patterns taken directly from single precipitates (Figure 4.2(d–f)) match the 

SAED schematics (Figure 4.1(e–f)) for each of the zones and show the expected cube-cube 

relationship with the B2 matrix. This phase is consistent with the “cubic Ni3Ti2” diffraction 

patterns first reported in binary NiTi by Han et al. [162] and in Ni52Ti48 alloy by Karlik et al. 

[150]. The diffracted spots in the SAED patterns (Figure 4.1(b–d)) are indexed accordingly and 

presented on the FFT patterns of Figure 4.2(d–f). Using the SAED patterns, the measured lattice 

constant for the New phase is ~8.87 Å.   
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Figure 4.2 HRTEM micrographs of the Ni56Ti36Hf8 alloy after 3-step heat treatment taken along 
the (a) [001]B2, (c) [111]B2 and (c) [011]B2 zones clearly show the nano-scale H-phase and new 
precipitates surrounded by narrow B2 channels. (d)–(f) Corresponding FFT patterns from the 
new precipitates show the similar spot arrangement to SAED patterns of Figure 4.1.  

 

To gain further information about this new phase, atomic resolution HAADF-STEM of 

the precipitate phase along [001] axis was performed. These data revealed a square grid-like 

supercell with the edges brighter than the internal atoms (Figure 4.3(a,b)). Fast Fourier transform 

(FFT) (inset of Figure 4.3(a)) is consistent with the SAED pattern in Figure 4.1(b). The 

magnified portion of the HAADF-STEM image used in Figure 4.3(b) was chosen from the center 

of the precipitate to minimize overlap between the precipitate atoms and the matrix. In STEM 

imaging, intensity is proportional to atomic number (I ∝ ZC.} [116]), thus columns of atoms with 

a higher atomic number, more Ni in this case, are observed along the perimeter of the large 

primitive cell while mixtures of Ni and Ti atoms must occupy the interior lattice sites. The 
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measured supercell size in HR HAADF STEM image (Figure 4.3(a,b)) is consistent with the 

lattice constant (~8.87 Å) measured from SAED pattern (Figure 4.1(b)), which confirms the 

cubic structure.  

 
Figure 4.3 (a) Atomic resolution HAADF-STEM image along [001]B2 of the new precipitate 
within the B2 matrix. Corresponding FFT (inset) taken from the region indicated by white square 
shows the reflections corresponding to cubic precipitate. (b) An overlay of the projected New 
phase structure model along the [001]~ zone axis upon a magnified view of the white boxed 
region of the HR HAADF STEM image (a) explains the square Z-contrast unit cell observed in 
the HAADF-STEM (see text). Simulated diffraction patterns along (c) [001]~ and (d) [111]~ 
zones using the DFT model of the proposed structure (Fig. 3, Table 1) agree with experimental 
SAED patterns presented in Fig. 1(b–d). 
 

The approximate composition of the new phase is Ni60(Ti,Hf)40 was obtained via energy 

dispersive X-ray spectroscopy technique in high-resolution STEM mode (HRSTEM-EDX). 

Atom-probe tomography (APT) is currently being conducted on this specific alloy composition 

in order to achieve a more accurate compositional measurement for the new phase. This 
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composition is very close to Ni3Ti2 and matches the Ni/Ti ratio was reported for "cubic Ni3Ti2" 

phase [150,162]. The compositional information that was reported for that phase was determined 

via EDX analysis on grown precipitates [150,162]. Therefore, 3Ni: 2Ti ratio was taken into 

consideration when developing the atomic models that are presented in the subsequent sections 

of this study. 

To check the stability of proposed space of new precipitate, large unit cells that could 

approximate the lattice parameters observed for this phase were developed and relaxed using 

DFT calculation. Based on the reported B2 lattice parameter (~3 Å), the lattice constant of new 

precipitate is almost three time the B2 phase. Furthermore, considering the projected supercell 

along [001] axis from HR HAADF STEM image (Figure 4.3(a,b)), only body centered cubic 

(BCC) arrangement of the atoms would make the new precipitate super cell. Since the atomic 

positions in the supercell cannot be extracted from SAED patterns, we assumed the same atomic 

arrangement using the B2 structure as parent phase for making supercell for DFT calculation. 

Therefore, it included a 3×3×3 body centered cubic (BCC) cells consisting of 32 Ni and 22 Ti 

atoms occupying BCC lattice sites. Based on HR HAADF STEM image, Ni preferentially 

occupies the 19 perimeter lattice sites. Therefore, the cell was made in which all 19 perimeter 

sites were occupied by Ni, while the remaining 35 “internal” lattice sites were populated with 22 

Ti and the remaining 13 Ni atoms (Figure 4.4). These 35 sites can either be ordered or 

disordered. If these 35 sites are fully disordered, ignoring symmetry results in 1,476,337,800 

possible configurations, 
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			W = Z3513\ = � Z12n� \Z 8n�\ Z 8n�\Z6n�\ Z 1n�\���������������C:���C>,	���D,	���D,	���d,	���C
 

(4.1) 

 

where the interior lattice sites described by Wyckoff positions j, g, g, f, and a have 

multiplicities of 12, 8, 8, 6 and 1, respectively. This full enumeration does not account for 

configurations that are equivalent under 𝑃𝑚3"𝑚 symmetry operations. While a full enumeration 

of these symmetry operations in a single unit cell is possible,  

			W = � Z12n� \ + Z 8n�\ + Z 8n�\ + Z6n�\ + Z 1n�\���������������C:���C>,	���D,	���D,	���d,	���C
 

(4.2) 

provides a lower bound in the number of symmetrically distinct configurations, that is, 

each combination of n�, n�, n�, n�, and n� occurs only once. When accounting for symmetry, this 

lower bound drops the number of possible configurations to 308,957. The actual number of 

possibilities will lie between these two values, which are used to bound configurational entropy 

contributions to stabilizing disorder at room temperature below. 

First, the internal energy of the ordered Pm3"m configuration (Figure 4.4) and of 35 

partially ordered crystal structures were calculated using DFT. As expected, at 0K, considering 

only enthalpy, the partially ordered structures exhibit a range of energies, the lowest of which is 

approximately 50 meV higher than the ordered alloy (Figure 4.5), indicating that the ordered 

𝑃𝑚3"𝑚 configuration is a more stable “ground state”. Moreover, the lattice size was varied 

between 8.1 Å and 9.4 Å (small perturbations from the measured lattice parameter a = 8.87 Å) as 

the cells were relaxed to check the stability of each cell and find the lattice constant. The most 
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stable of these cells was the one with lattice parameter of a = 8.816 Å. 

 
Figure 4.4 Ordered 𝑝𝑚3"𝑚 structure before and after relaxation. 

 

Finally, to consider the likelihood of ordered vs. disordered configurations of the 

occupancies of the interior lattice sites, it was assumed that the structures have comparable 

vibrational and electronic contributions to the entropy, resulting in a rigid shift in the Gibbs free 

energy calculations in Figure 4.5. No elastic energy resulting from expansion or contraction of 

the partially disordered lattice is included in the free energy calculations. Under these 

assumptions, the enthalpic difference and configurational entropy will account for the difference 

in the Gibbs free energy between the ordered and partially disordered structure. Under these 

assumptions, the configurational entropy S was calculated using S = kf lnW, where kf is 

Boltzmann’s constant, and W is the number of equivalent microstates (atomic configurations 

bounded above). From this equation, the partially disordered structure is entropically stabilized 

by 325–542 meV at 298 K. Lacking configurational degrees of freedom, the configurational 

entropy of the ordered structure is zero. Therefore, the partially disordered structure is 275–490 

meV lower in energy than the ordered Pm3"m configuration, using the lower bound and upper 

bound in the number of microstates calculated in Equations (4.1) and (4.2), respectively. The 

Gibbs free energy, excluding vibrational and electronic entropy contributions are shown in 

Figure 4.5. 
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Under these conditions, it is proposed that the precipitate phase is a partially ordered, 

cubic New phase with preferential occupancy of the perimeter lattice sites by Ni atoms, and 

disordered occupancy of the internal lattice sites by the Ti and remaining Ni atoms (N.S.I.D. 

structure). The complete description of the structure model suggested by these calculations is 

presented in Table 4.1. The simulated SAED patterns using the atomic positions and Pm3"m 

space group (Table 4.1) along [001]~	(Figure 4.3(c)) and [111]~ (Figure 4.3d)) zone axes match 

experimental SAED patterns (Figure 4.1(b–d)). 

Table 4.1 Structure of the proposed partially ordered 54-atom unit cell for the New phase. 
Atoms ID M W Lattice Site Positions Occupancy 

    x y z  
1 Ni1 1 a 0.000 0.000 0.000 1 
2 Ni2 6 e 0.333 0.000 0.000 1 
3 Ni3 12 i 0.000 0.333 0.333 1 
4a Ni4 12 j 0.500 0.167 0.167 .371 
4b Ti1 12 j 0.500 0.167 0.167 .629 
5a Ni5 1 b 0.500 0.500 0.500 .371 
5b Ti2 1 b 0.500 0.500 0.500 .629 
6a Ni6 8 g 0.167 0.167 0.167 .371 
6b Ti3 8 g 0.167 0.167 0.167 .629 
7a Ni7 8 g 0.333 0.333 0.333 .371 
7b Ti4 8 g 0.333 0.333 0.333 .629 
8a Ni8 6 f 0.167 0.500 0.500 .371 
8b Ti5 6 f 0.167 0.500 0.500 .629 

Space group = Pm3"m (No. 221), a = 8.816 Å 
 

Still, further work is needed to determine the exact extent of ordering within the unit cell. 

All of these pieces of evidence considered, there is definitely a strong preference for Ni 

occupying the perimeter sites, agreeing with the DFT calculation (Figure 4.5) which clearly 

shows the perimeter sites are all occupied by Ni (N.S.I.O. structure) is more stable than one 

where they are randomly occupied or ordered occupancies with a 2:3 ratio of Ti to Ni atoms 

(H.O. structure). However, they could be 80% or 90% occupied by Ni, or ranges in between. 

More advanced computational techniques considering vibrational entropy are needed to examine 
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partial ordering and occupancy of these perimeter sites, and the effects that may have on the 

interior lattice site occupancies. 

 
Figure 4.5 Effect of configurational entropy on enthalpy of: (blue) pm3"m nickel segregated, 
interior disordered (N.S.I.D) structure at 0 K. (green) pm3"m nickel segregated, interior 
disordered (N.S.I.D) structure at 298 K. (purple) pm3"m nickel segregated, interior ordered 
(N.S.I.O) structure. (red) homogenously ordered (H.O.) structure. 

 

4.5 Conclusions 

In summary, the New phase precipitate phase determined here within an aged Ni56Ti36Hf8 

alloy using experimental TEM analyses and density functional theory calculations is completely 

consistent with similar to recent reports of Ni-rich binary NiTi [150,162] and ternary NiTiNb 

[27] alloys. HAADF-STEM-EDX analysis shows that the approximate composition of this phase 

is approximately 3Ni: 2Ti. Still, using selected area electron diffraction, the phase was 

determined to have the symmetry of one of the primitive subgroups of the m3m parent phase, 

i.e., Pm3"m, P23, Pm3, P43m or P432. Hence, we propose that indeed previous reports of “cubic 

Ni3Ti2” precipitates are also cubic structured phase belonging to the pm3"m (No. 221) space 

group, having a cube– to – cube lattice correspondence with the B2 austenite matrix and a 
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complex partially ordered, 54 atom unit cell with nickel atoms segregating to the boundaries and 

a mixture of Ti and Ni atoms in the unit cell interior. These results suggest that New phase is of a 

unique crystal structure with preferential ordering of nickel similar to the ordering of iron in the 

Austenite cF108 structure that belongs to space group 225. The exact site occupancy and 

ordering of the atoms could not be definitively determined, especially considering the possibility 

of partial ordering and/or disordering, however, DFT calculations support the probability that 

this phase is of partially-ordered structure. The DFT-relaxed lattice parameter is a = 8.816 Å, 

which is slightly smaller than experimental measurement (8.87 Å) because DFT calculations 

were carried at 0 K instead of room temperature. The lattice parameter could also vary in 

different alloys and experimentally, as suggested by previous reports [150], due to potential 

differences in stoichiometry. More importantly, unlike Ni3Ti and orthorhombic and tetragonal 

Ni3Ti2 phases, which have been reported to be detrimental to strength and hardness, a concurrent 

report to this work shows this cubic "New phase" can be used to enhance mechanical properties 

[172], analogous to the benefits of Ni4Ti3 precipitation in NiTi-based alloys and H-phase 

precipitation in NiTiHf-based alloys, perhaps even more effectively. 

 

  



 112 

 

CHAPTER FIVE                                                        

DEFORMATION MECHANISMS IN NICKEL-RICH NI-TI-HF ALLOYS                     

UNDER ROLLING CONTACT FATIGUE 

5.1 Abstract 

The tribological performance and underlying deformation mechanism of Ni55Ti45, 

Ni54Ti45Hf1 and Ni56Ti36Hf8 alloys was studied using rolling contact fatigue (RCF) testing and 

transmission electron microscopy (TEM). TEM results of all superpolished RCF rods prepared 

using Focus ion beam, show significant amount of damage close to the surface. Moreover, TEM 

results after RCF cycling show that the damage is mainly localized by formation of deformation 

bands propagating several microns into the sample. These bands form via dislocation slip on 

multiple slip systems within B2 matrix and/or within transformed B19´ martensite phase under 

applied contact stress. Further cycling enables localization of dislocation slip within the 

deformation bands which leads to shearing and dissolving the precipitates. Tangled dislocations 

after further cycles leads to formation of nanocrystalline grains and eventually amorphization 

within deformation bands. The Ni56Ti36Hf8 alloy exhibited a notable increase in RCF 

performance and smaller damaged region (1.5 µm) compared to Ni55Ti45 and Ni54Ti45Hf1 alloys 

(over 7 µm). This is attributed to formation of narrow deformation bands (< 11 nm) without 

dissolving the precipitates which is related to low fraction of B2 matrix (≤ 13 %). These bands 

are restricted to narrow channels surrounded by dense New phase and H-phase precipitates. 

However, broad deformation bands accompanied by shearing/dissolving the Ni4Ti3 precipitates 

are observed in Ni55Ti45 and Ni54Ti45Hf1 alloys due to high area fractions of B2 matrix (49 %). 
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5.2 Introduction 

Ultra-hard binary nickel titanium (NiTi) alloys in the range of 52 – 56 at.% Ni content 

have ideal attributes for tooling, wear, and tribological applications that are equal to and even 

surpass the capabilities of tool steels and ceramic bearing materials [34,42,52,58,119,120]. 

Unique features of these alloys include corrosion resistance, nonmagnetic and high hardness, 

while having lower density compared to tool steels [1,121]. Ni-rich NiTi alloys can be tailored to 

have a combined high hardness and low effective modulus which accommodates large amounts 

of strain with little permanent deformation. This enables the material to resist denting damage 

and achieve comparable rolling/sliding performance to tool steels [22,38,52]. Furthermore, NiTi 

alloys can be lubricated, unlike Ti alloys, and have an even lower friction coefficient than tool 

steels under oil lubrication conditions [42,60,122]. Therefore, very Ni-rich NiTi alloys are 

drawing attention for tribological applications such as rotating centrifuge bearings in the water 

recycling system and the environmental control system in the International Space Station [58]. 

Recently, it has been shown that Hf additions can further enhance tribological performance via 

solution strengthening in NiTi alloys due to its larger atomic radius [131] and precipitation 

strengthening component via H-phase precipitation [132,133,147].  

Ni55Ti45 and 1st generation Ni54Ti45Hf1 alloys were the first NiTi-alloy compositions 

tailored for tribological applications, initially developed by Dellacorte et al. [34,58]. The 

microstructure of Ni55Ti45 alloy after fatigue tests has been studied by Benafan et al. [9] where 

the samples were loaded to ~1.5 GPa in tension and ~ 2.5 GPa in compression for 50 cycles. 

Although the material was able to withstand high cyclic stresses, it is subject to Ni4Ti3 precipitate 

over-coarsening/coalescence and the precipitation of unwanted Ni3Ti phase along grain 

boundaries after cyclic deformation which can lead to fatigue degradation, wear failure and 
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localized corrosion. Furthermore, Casalena et al. [173] studied the microstructure of Ni54Ti45Hf1 

alloy after 10 cycles loading to ~ 2 GPa in compression mode. They reported the presence of fine 

laths of retained B19' martensite which was determined to be the primary source of unrecovered 

strain in the cycled material. The existence of retained martensite at room temperature is 

attributed to the presence of interfacial dislocations which accommodate the elastic 

incompatibility between the single-variant martensite and B2 matrix [173].  

Recently, Khanlari et al. [130] reported that the Ni54Ti45Hf1 alloy exhibited a slightly 

higher wear resistance as compared to Ni55Ti45 alloy. During the dry-sliding testing, more 

subsurface cracks were observed for the Ni55Ti45 alloy compared with Ni54Ti45Hf1 alloy [130]. 

This enhanced fatigue and wear behavior is attributed to the effect of Hf on improving the 

microstructural homogeneity and, specifically the prevention of Ni3Ti precipitates [130]. In order 

to more accurately simulate the complex wear effects that these materials exhibit while in 

service, rolling contact fatigue (RCF) testing is conducted [34]. Under RCF testing, Ni55Ti45 

alloy experienced erratic fatigue life and spalling failures began to occur at high Hertzian contact 

stress levels (~ 1.7 GPa) [34,69]. The Ni54Ti45Hf1 alloy matched or exceeded the performance of 

the Ni55Ti45 alloy which was connected to fewer inclusions [34]. However, no in depth 

microstructural characterization after RCF tests was for very Ni rich Ni55Ti45 and 1st generation 

Ni54Ti45Hf1 alloys. 

A recent high resolution TEM (HRTEM) analysis on a Ni51.5Ti48.5 alloy without 

secondary precipitates subjected to sliding wear testing at ~ 1 GPa Hertzian contact stress levels 

revealed a layer of amorphization at the wear surface followed by a region that also contained 

nano-crystalline of B2 and B19' phases and randomly distributed amorphous bands [83]. The 

nano-crystalline grains contained a high density of dislocations. These findings suggest that the 
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nano-crystalline structure was the result of grain fragmentation caused by severe strains during 

repeated sliding wear testing [83]. Repeated cyclic stresses applied to fragmented B2 and B19' 

crystal packets breaks them down to finer particles with a higher density of dislocations, 

eventually leading to complete amorphization [83]. This mechanism was proposed for the 

microstructure without any precipitates and the effect of secondary precipitates on sub-surface 

deformation mechanisms during tribological tests in NiTi alloys is not yet understood. in The 

amorphization and nano-crystalline structure was also reported in binary NiTi alloys which were 

subjected to severe plastic deformation (SPD) [77–80,80–82]. Amorphization is localized to 

narrow bands, originating from increased dislocation density along preferred slip planes resulting 

from heavy deformation [78,81]. Furthermore, amorphization can be assisted by the formation 

stress-induced martensite (SIM) where transformation induced dislocations act as sites for 

dislocation multiplication [83–85]. Local amorphization has been also observed in 

Ni50.3Ti41.2Hf8.5 alloy [174] around edges of the cracks where high concentration of Ni was 

reported. It was hypothesized that glassy state around crack tip results from "Ni doping effect" 

that destroys long-range strain order. Ni diffusion and amorphization are connected by local 

stress concentrations ahead of the crack tip. 

In this study, the deformation mechanisms in NiTi-based alloys is connected to different 

levels of sub-surface damage from RCF tests including 1) superpolished, 2) RCF runout and 3) 

RCF spalled conditions. This work will be conducted via FIB lift-out from the surface of each 

sample and TEM is used to evaluate the deformed microstructures to unravel the deformation 

mechanism under cyclic wear. We aim to compare the deformation behavior after RCF test of 

baseline Ni55Ti45 and 1st generation Ni54Ti45Hf1 alloys and then compare it with the newly 

developed 2nd generation Ni56Ti36Hf8 alloy [145,172] where alloy hardness was greatly enhanced 
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by novel cubic New phase precipitation. Finally, we demonstrate the need for a holistic structure-

property knowledge to better understand RCF performance that is not fully understood for 

bearing-grade NiTi and NiTiHf alloys. 

5.3 Methods 

5.3.1 Materials and processing 

The Ni54Ti45Hf1 and Ni56Ti36Hf8 alloys (target compositions) were vacuum-induction-

melted (VIM) using a cold crucible technique and cast into an ingot 30 mm in diameter and 600 

mm long. The ingot was homogenized at 1050 °C for 24 h, then sealed inside a mild steel can 

and hot-extruded into 9.5 mm (3/8-in.) diameter rods at 1000 °C. Chemical analysis of the 

extruded rod, by inductively coupled plasma atomic-emission spectroscopy, indicated that the 

measured composition was within experimental error of the aim composition. Extruded rods 

were coarse machined to near final dimensions (3–10 µm average surface roughness (Ra)) and 

heat treated to achieve peak hardness. The Ni56Ti36Hf8 alloy was solution annealed at 1050 ºC for 

0.5 h followed by rapid water quench (SAWQ). From there it was pre-aged at 300 ºC for 12 h 

followed by aging at 550 ºC for 4 h. Ni54Ti45Hf1 alloy was SAWQ (1050ºC for 0.5 h) and then 

aged at 400ºC for 0.5 h. The baseline Ni55Ti45 alloy was manufactured via a high temperature 

proprietary powder metallurgy process in which the pre-alloyed NiTi powder was hot isostatic 

pressed at temperature above 1000 ºC into large cylindrical ingots, homogenized above eutectic 

temperature (~942 ºC) and machined into rods after cooling [106,107,175–178]. Chemical 

analysis of the extruded rod, by inductively coupled plasma atomic-emission spectroscopy, 

indicated that the measured composition was within experimental error of the aim composition. 

The Ni55Ti45 alloy rods (vacuum encapsulated in quartz tube under Ar) were SAWQ (1050 ºC for 

0.5 h) followed by aging at 400 ºC for 1 h. These heat treatments for three alloys in this study are 
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selected based on the peak-aging conditions designed to achieve highest hardness and are 

specified in more detail in Chapter 6. Finally, RCF rods samples were “superpolished”, an 

abrasion technique in which asperity tips are mechanically removed, to attain a roughness 

comparable to a bearing raceway, typically better than 0.05 µm Ra [34]. The Ra value is the 

arithmetic mean of vertical surface deviations and is the universal roughness parameter for 

general quality control [71]. 

5.3.2 Rolling contact fatigue (RCF) testing 

A three ball-on-rod RCF test rig described in section 2.4 was used for the rolling contact 

fatigue testing and data collection and a more in-depth description of the setup/ functionality of 

the machine is provided by Glover [118]. The NiTi and NiTiHf rod specimens were tested in 

contact with 3 polished steel bearing balls, which are evenly spaced by a bronze retainer, while 

being rotated at 3,600 rpm. The balls used in the rolling contact fatigue study were grade-ten, 

standard 12.7 mm diameter bearing balls made from hardened (HRC58062) AISI 52100 type 

tool steel [34]. Oil drip feed lubrication was provided through the duration of the test at a steady 

rate of 8-10 drops per minute using Mil-J-7808-J turbine oil. The primary advantage of oil 

lubrication is to provide separation between contacting balls and rods, while effectively 

removing debris, regulating temperature and preventing corrosion throughout the duration of the 

test [71]. A piezioelectric accelerometer is used to monitor surface damage, such as a pit or spall 

formation on the wear track. The contact stresses placed on the RCF rods were generally higher 

than that typically experienced by rotary bearings, so as to accelerate the failure and allow for 

comparisons to be made between materials in a shortened time period. This method is reasonable 

for obtaining information on bearing life and has been mainly used for conventional bearing 

materials such as steels and ceramics. It is important to note that in RCF, the maximum normal 
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loading stresses do not occur at the same time as the maximum shear loading stresses. In 

addition, while the shear stresses may reverse loading direction, the normal stresses remain in 

compression [2]. The multiaxial stress state between two contacting bodies, in this case a sphere 

contacting a cylinder, is complex and can be best explained by Hertzian contact theory [2,69]. To 

date, however, there is very little quantitative RCF data on NiTi and NiTiHf alloys. 

A step-wise loading method was adopted for this study, where initially, lowest practical 

stress levels were initially tested (~1.7 GPa) and then gradually increased to maximum obtained 

stress levels (~2.4 GPa). Some tests that failed after a short time since the test started (< 5 × 10d 

cycles) were deemed to fail presumably due to improper test set-up, excessive vibrations from 

instability between the isolation platform and the test head and other defects in the consumable 

parts that need replacement and this data was not included. Once the RCF cycles reached a 

certain level (> 5 × 10d cycles) where semi-stable elastic response was achieved, the lifespan of 

the tests were included in the reported RCF data. In the case where wear track damage achieved 

notable levels so as to cause enough vibrations for the accelerometer to detect, the test was 

automatically suspended and the failure stress/test time was recorded. A run-out condition was 

determined at 1.7 × 10D cycles (~800 h) of test time where, if no spall was detected by 

acceptable vibration in the accelerometer, the tests were manually halted and the life is 

considered infinite. Enough failure test data points for a given specimen allowed for the 

determination of the relative stress capability limit. 

5.3.3 Compression / Tension Testing 

Monotonic tests were performed using a 125 kN capacity MTS Landmark servo-

hydraulic load frame to compress cylindrical (2mm diameter x 4mm length) specimens taken 
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from the same extrusions used to make the RCF rods via electrical discharge machining (EDM). 

NiTiHf specimens that were sectioned from the extrusions (vacuum encapsulated in quartz tube 

under Ar) were solution-annealed at 1050 ºC for 0.5 h and water quenched, followed by aging at 

varied temperatures and times that correspond to the peak-aged conditions, which are reported in 

Section 5.3.1. Samples from each composition were compressed under displacement-controlled 

conditions until failure (brittle fracture / along the plane of maximum shear / sample squeezed 

out of platens) was reached. Their force-displacement response over the course of the test was 

collected and, in addition, digital image correlation (DIC) was implemented to collect accurate 

strain information. 

5.3.4 Electron microscopy and characterization 

Conventional bright field (BF), dark field (DF), selected area electron diffraction (SAED) 

and high-resolution transmission electron microscopy (HRTEM) was conducted on NiTi and 

NiTiHf samples before and after RCF test were carried out using a FEI Talos TEM (FEG, 200 

kV). Cross-sectional TEM foils were prepared via focused ion beam (FIB) using “lift-out” 

technique from the rod surface (Figure 5.1(a)). A protective Pt layer was deposited on the surface 

using the electron beam (lower energy) and the ion beam (higher energy) before FIB milling. 

This prevents the surface layer from being damaged by the incident Ga+ ions during sectioning 

and thinning. These protective layers are shown in BF-micrograph of Figure 5.1 (b). Ion beams 

of 30 kV per 3 nA and 30 kV per 0.3 nA were used for sample-cutting and early-stage milling, 

with a probe size of 81 and 33 nm, respectively. For the final step, an ion beam of 5 kV per 14 

pA was employed as final cleaning step. Three conditions were chosen to study including (i) 

RCF rod superpolished surface (Figure 5.1(c)), (ii) RCF runout (1.7 × 10D	cycles) surface 

(Figure 5.1(d)), and (iii) RCF spalled surface (Figure 5.1(e)) where material was removed from 
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the wear track. The dislocation density was measured by counting extra half planes in HRTEM 

images. For better visualization of the extra half planes, a mask was applied on each g-vector and 

the corresponding Inverse Fast Fourier Transform (IFFT) was generated showing one family of 

planes. This procedure was used for all main spots present in the FFT pattern. Thus, the 

dislocation density was calculated based on the number of extra half planes presented in all IFFT 

images. 

 
Figure 5.1 (a) RCF rod. (b) BF-TEM micrograph of the TEM foil prepared by FIB “lift-out” 
from the rod surface indicating preserved deformation surface and two Pt protective layers 
deposited using electron-beam (lower energy) and Ga+ ion-beam (higher energy). (c) 
Superpolished rod surface (d) RCF runout surface after 1.7x108 cycles. (e) RCF spalled surface 
of test that failed prior to 1.7x108 cycles.  

 

Dislocation density within austenite B2 matrix was measured by counting extra half 

planes on inverse fast Fourier transform (IFFT) images generated from HRTEM images using 

masks applied on each g vector. The accuracy of the dislocation density measurements was 

calculated by determining the allowed spread of the selected region in the HRTEM image which did 

not change the number of dislocations. 
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Differential scanning calorimetry (DSC) tests were performed using a TA Instruments 

Q100 V9.9 with heating and cooling rates of 10°C/min and temperature range between −180 °C 

and 150 °C, however no martensitic transformation was detected even with liquid nitrogen 

cooling down to -180 °C. 

5.4 Results 

5.4.1. Monotonic tensile–compressive behavior of NiTi and NiTiHf alloys 

Monotonic compression experiments were conducted on cylindrical specimens where 

they yielded and eventually failed by fracture. The compressive stress obtained from the 

experimental load was plotted against the true strain (Figure 5.2(a)). The stress-strain behavior of 

the peak-aged Ni56Ti36Hf8 alloy (769 HV) is compared with the 1st generation Ni54Ti45Hf1 [173] 

alloy (677 HV) and baseline Ni55Ti45 [9] alloy (688 HV). The Ni56Ti36Hf8 alloy exhibits superior 

uniaxial compression behavior, achieved 3.6 GPa compressive stress and ~4.2% compressive 

strain before failure (fractured into several pieces). The baseline Ni55Ti45 alloy [9] yielded at ~2.7 

GPa and exhibited compressive failure strain of 3.2 % until the sample buckled. The 1st 

generation Ni54Ti45Hf1 alloy exhibited superelastic behavior, achieving maximum compressive 

stress of ~2.8 GPa and 8.8% compressive strain prior to fracture (clean 45º shear). Under 

monotonic tensile loading (Figure 5.2(b)), the Ni55Ti45 alloy [9] achieved a tensile strength of 1.6 

GPa prior to fracturing at 2.3 % elongation to failure. The Ni54Ti45Hf1 alloy exhibited a 

superelastic response in tension, similar to its compressive response, reaching a maximum tensile 

stress of 1.1 GPa and fracturing at 3.1 % elongation to failure. The tensile behavior of the 

Ni56Ti36Hf8 alloy is missing in this study and will be obtained through future testing. It has been 

shown that the compressive and tensile failure stresses and strains of these three alloys varies 

significantly. 
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Figure 5.2 Stress-strain behavior in (a) uniaxial compression and (b) uniaxial tension of 
Ni56Ti36Hf8 (purple) Ni54Ti45Hf1 (green) and Ni55Ti45 (red) [9] alloys. Cylindrical samples (2mm 
diameter, 4mm length) were subjected to monotonic compressive loading until yielding and 
eventual failure (fracture) occurred. 

 

5.4.2. RCF performance of NiTi and NiTiHf alloys 

The RCF results are shown in Figure 5.3. The Ni56Ti36Hf8 alloy (purple), compared to the 

baseline Ni55Ti45 alloy (red) and the 1st generation Ni54Ti45Hf1 alloy (green), exhibits a 

measurable increase in contact stress limit which corresponds to high hardness (769 HV) and 

superior compressive stress-strain behavior. Due to higher elastic modulus of the Ni56Ti36Hf8 

alloy (133 GPa) compared with the Ni55Ti45 (98 GPa) and Ni54Ti45Hf1 (80 GPa) alloys, the 

contact between the bearing ball and rod is more concentrated. The contact load limit of the 

Ni56Ti36Hf8 alloy (190 – 200 N) is comparable to the Ni55Ti45 (180 – 190 N) and Ni54Ti45Hf1 

(180 –190 N) alloys. However, the corresponding contact stress limit of the Ni56Ti36Hf8 alloy 

(2.3 – 2.4 GPa) is notably higher than the stress limit (1.9 – 2.0 GPa) exhibited for Ni55Ti45 and 

Ni54Ti45Hf1 alloys. Therefore, it is shown that the RCF Hertzian contact stress levels subject to 

change with respect to elastic modulus and hardness, however these alloys with different 

mechanical properties performed to similar RCF contact load limits. 
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Figure 5.3 Rolling contact fatigue results of Ni55Ti45 (red), Ni54Ti45Hf1 (green) alloy and 
Ni56Ti36Hf8 (purple) alloys displaying contact load (GPa) vs. cycles to failure (log10) on the 
lower plot and Hertzian contact stress (GPa) vs. cycles to failure (log10) on the upper plot. 
Vertical dashed black line indicates runout condition where tests that did not fail after 1.7×108 
cycles, were stopped. Tests that failed prior to the runout condition are indicated by “×”.  
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5.4.3. Quantification of NiTi and NiTiHf under variable RCF conditions 

Table 5.1 summarizes the dislocation density, precipitation free zone, deformation bands 

(width and spacing) and depth of each deformation region i.e. nanocrystalline region, amorphous 

region and total damaged region close to the surface of Ni55Ti45, Ni54Ti45Hf1 and Ni56Ti36Hf8 

rods in superpolished, runout and spalled conditions. 

Table 5.1 Statistical measurements of Ni55Ti45, Ni54Ti45Hf1 and Ni56Ti36Hf8 alloys at the surface 
of superpolish, RCF runout and RCF spalled conditions. Measurements are presented in nano-
meters unless otherwise specified. 

 
Dislocation 

Density 
(1016/m2) 

Precipitate 
free zone 

Deformation 
band width 

Deformation 
band spacing 

Amorphous 
region 

Nanocrystalline 
grain region 

Damaged 
region 

Superpolish 
Ni55Ti45 

6.2 ± 0.3 400 43 ± 24 221 ± 114 0 200 2 µm 

Superpolish 
Ni54Ti45Hf1 

3.6 ± 0.3 350 21 ± 8 64 ± 12 0 0 1 µm 

Superpolish 
Ni56Ti36Hf8 

4.1 ± 0.3 0 9 ± 3 178 ± 86 0 0 300 nm 

RCF runout 
Ni55Ti45 

11.9 ± 0.2 800 63 ± 37 153 ± 97 100 100 – 800 3 µm 

RCF runout 
Ni54Ti45Hf1 

6.7 ± 0.2 250 85 ± 20 422 ± 232 50 50 – 100 3.5 µm 

RCF runout 
Ni56Ti36Hf8 

7.7 ± 0.2 0 10 ± 3 102 ± 36 0 0 500 nm 

RCF spalled 
Ni55Ti45 

13.1 ± 0.2 4500 92 ± 34 112 ± 75 300 300 – 6000 > 6 µm 

RCF spalled 
Ni54Ti45Hf1 

9.9 ± 0.2 > 2000 79 ± 53 93 ± 46 300 300 – 2500 > 7 µm 

RCF spalled 
Ni56Ti36Hf8 

9.2 ± 0.2 400 10 ± 5 64 ± 18 100 100 – 500 1.5 µm 

 

5.4.4. Microstructure evolution of NiTi and NiTiHf alloys under RCF 

5.4.4.1. Microstructure evolution of baseline Ni55Ti45 alloy under different RCF conditions 

The microstructure of Ni55Ti45 taken from center of the rod (electropolished specimen) is 

shown in BF-TEM micrograph of Figure 6.4(a), which contains 49 % B2 matrix and the rest of 

the microstructure is mainly occupied by multiple variants of Ni4Ti3 precipitates. The average 

precipitate size is 31 ± 6 nm and the average inter-particle distance is 25 ± 5 nm. Furthermore, 
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some incoherent Ni3Ti precipitates (average size of 1.3 µm) and Ti2Ni(O) oxides (average size of 

0.8 µm) were also observed mainly along grain boundaries, which have been correlated to 

decreased strength/hardness and are likely sources of fatigue/wear failure [9].  

Figure 5.4 depicts the microstructure of superpolished Ni55Ti45 sample close to the 

surface of rod. It is surprising that this microstructure contains significant levels of damage after 

superpolishing which implies that the steps taken to prepare the RCF rod surface induced 

deformation. BF-TEM image (Figure 5.4(a)) shows deformation bands with average width of 43 

± 24 nm with an average spacing of 221 ± 114 nm up to 2 µm into the specimen. This distance (2 

µm) is referred as “damaged region” throughout this study. Magnified BF-TEM micrograph of 

Figure 5.4(b) shows higher density of deformation bands close to the surface. SAED patterns 

taken from several regions with a diameter of approximately 200 nm (indicated by white circles 

in Figure 5.4(b)) are presented in Figure 5.4(I–III). The SAED pattern taken from the surface 

(Figure 5.4(I)) contains the diffuse and spot ring pattern which corresponds to the existence of 

amorphous phase and B2 nanocrystalline grains, respectively. No Ni4Ti3 reflections were 

observed within the selected region. HRTEM micrograph and corresponding diffuse ring in FFT 

pattern taken from a deformation band (Figure 5.4(c,d)) confirms that the bands are amorphous. 

However, most of the bands extending farther into the interior of the sample are crystalline. 

HRTEM of Figure 5.4(c) shows that the interface of the deformation band lies along (110)B2 

plane. The SAED pattern taken 200 – 400 nm from the surface (Figure 5.4(II)) shows the weak 

diffuse ring pattern, less spot ring pattern and transition to spot pattern of [012]B2 zone, implying 

existence of much less amorphous phase and nanocrystalline grains within the selected zone. 

Weak superlattice reflections along 
C} 〈321〉 confirm the existence of Ni4Ti3 precipitates at 200 – 

400 nm from the surface. The measured dislocation density of the B2 matrix close to the surface 
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is 6.2 ± 0.3 × 1016 /m2. The SAED pattern taken 400 – 600 nm from the surface (Figure 5.4(III)) 

contains clear spot patterns including B2 reflections of [012]B2 zone and super lattice reflections 

of a single variant of Ni4Ti3 indicating it is originated from a single grain.  

 
Figure 5.4 (a) BF-TEM micrograph of superpolished Ni55Ti45. (b) Magnified BF-TEM 
micrograph of the region indicated by white box in (a) showing narrow deformation bands (white 
arrows). SAED pattern taken from (I) surface (< 200 nm) showing diffuse and spot ring patterns 
that correspond to amorphous phase and nanocrystalline grains with B2 structure. Schematic 
overlay includes indexed B2 structure diffraction rings. (II) 200 – 400 nm from surface showing 
weak diffuse and spot ring pattern implying transition to spot pattern of [012]B2 zone containing 
weak Ni4Ti3 superlattice reflections. (III) 400 – 600 nm from surface showing clear spot pattern 
of a single grain taken along [012]B2 zone including superlattice reflections of Ni4Ti3 along C} 〈321〉. (c) HRTEM micrograph of a deformation band close to surface with interface that lies 

on (110)B2 plane (orientation confirmed by FFT (inset)) and (d) corresponding FFT showing the 
amorphous structure. 

 

BF-TEM micrograph close to the surface of the Ni55Ti45 after runout condition (Figure 

5.5(a)) shows deformation bands. The average width of amorphous deformation bands is 63 ± 37 
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nm and average spacing is 153 ± 97. The damaged region after 1.7×108 cycles (runout condition) 

is increased to 3 µm. SAED patterns taken from different locations (shown by white circles in 

magnified BF-TEM micrograph of Figure 5.5(b)) are presented in Figure 5.5(I,II). SAED pattern 

close to the surface shows spot pattern of a single grain along [013]B2 zone (Figure 5.5(I)) and a 

diffuse ring pattern originated from the amorphous bands. Weak random superlattice reflections 

in this pattern can be attributed to very low volume fraction of Ni4Ti3 precipitates. 

 
Figure 5.5 (a,b) Low and high magnification BF-TEM of Ni55Ti45 RCF runout condition showing 
deformation bands (white arrows) up to 3 µm from the surface. Magnified BF-TEM micrograph 
taken from the region indicated by white box in (a). SAED pattern taken from the surface (I) 
showing clear spot pattern of a single grain along the [013]B2 zone, diffuse ring and weak 
random superlattice reflections. SAED pattern taken 800 nm from the surface shows a spot 
pattern taken along [013]B2 zone (II) including intense superlattice reflections originated from 
two variants of Ni4Ti3 precipitates (white arrowheads) and a weak diffuse ring (amorphous 
bands). 

 

This SAED pattern does not change up to 800 nm into the sample. However, the SAED 

pattern taken 800 nm from the surface (Figure 5.5(II)) shows sharp spot patterns of [013]B2 zone 

axis including bright superlattice reflections originated from two variants of Ni4Ti3 precipitates 
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(white arrowheads). Moreover, weak diffuse ring pattern suggests the existence of random 

amorphous bands. Similar to superpolished condition, HRTEM study confirms amorphous 

structure of deformation bands (not presented); the measured dislocation density of the B2 

matrix close to the surface was increased to 11 ± 0.2 × 1016 /m2 compared to the superpolished 

condition. 

The BF-TEM micrograph of spalled Ni55Ti45 alloy is shown in Figure 5.6(a). SAED 

pattern taken from the surface (Figure 5.6(I)) contains diffuse (amorphous phase) and spot ring 

patterns originated from nanocrystalline grains of B2 and B19' structure. A part of diffuse ring 

(indicated by dashed circle in Figure 5.6(I)) was used to form DF-TEM micrograph shown in 

Figure 5.6(b). It is apparent that most of the microstructure on spalled surface up to 3 µm is 

mainly amorphous, however some dark crystalline grains were also present in this region. 

Moreover, it is clear from DF-TEM micrograph that the deformation bands far into the sample 

are amorphous. The damaged region extends over 6 µm into the sample (limitation of FIB 

sample size). The average width of amorphous deformation bands is 92 ± 34 nm and average 

spacing is 112 ± 75 nm. Magnified BF-TEM micrograph (Figure 5.6(c)) taken from the region 

indicated by the white box in Figure 5.6(a) and SAED pattern taken close to the surface (Figure 

5.6(I)) shows that the structure is mostly amorphous 300 nm into the sample, however, random 

nanocrystalline grains are also visible in this region. A high density of deformation bands is also 

indicated by white arrows into the sample. The SAED pattern taken 2.1 – 2.6 µm from the 

surface (Figure 5.6(II)) contains a weak diffuse ring and intense spot ring patterns, implying less 

amorphous phase and more B2 and B19' nanocrystalline grains within the selected region. No 

Ni4Ti3 precipitates are detected up to 4.5 µm into sample. The HRTEM micrograph and 

corresponding FFT shown in Figure 5.6(c) taken close to the surface identifies a B19' martensite 
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nanocrystalline grain. SAED pattern (Figure 5.6(III)) taken 4.1 – 4.5 µm from the surface shows 

an intense spot pattern taken along the [1"11]f> zone containing weak diffuse ring pattern and 

Ni4Ti3 superlattice reflections. This confirms the existence of a single crystalline grain, however, 

amorphization is confined to dispersed deformation bands. Dislocation density of the B2 matrix 

has increased to 1.3 ± 0.02 × 1017 /m2 in in this condition. Since the microstructure was heavily 

distorted throughout the region where HRTEM was taken, measurements were taken directly 

from B2 structure nanocrystalline grains.  

 
Figure 5.6 (a) BF-TEM and (b) corresponding DF-TEM micrograph of Ni55Ti45 spalled sample. 
DF micrograph was formed using the part of ring pattern shown by dashed circle on SAED 
pattern of (I). Magnified BF-TEM image taken from the region indicated by the white box in (a) 
contains high density of deformation bands (white arrows). SAED pattern taken from the surface 
(I) contains a diffuse and spot ring patterns that correspond to amorphization and B2/B19' 
nanocrystalline grains. SAED pattern taken 2.1 – 2.5 µm from surface (II) contains weak diffuse 
and sharp spot ring patterns which suggests less amorphization. No precipitation was observed 
up to 4.5 µm into the sample. SAED pattern taken 4.1 – 4.5 µm from the surface (III) shows spot 
pattern of a single grain along [1"11]f> zone containing Ni4Ti3 superlattice reflections. (c) 
HRTEM micrograph and corresponding FFT pattern (inset) taken close to the surface shows 
B19' structure nanocrystalline grain. 
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5.4.4.2. Microstructure evolution of 1st generation Ni54Ti45Hf1 alloy under different RCF 

conditions 

The microstructure of Ni54Ti45Hf1 taken from center of the rod (electropolished 

specimen) is shown in BF-TEM micrograph of Figure 6.4(b), which contains 49 % B2 matrix 

and the rest of the microstructure is mainly occupied by multiple variants of Ni4Ti3 precipitates. 

The average precipitate size is 27 ± 9 nm and their inter-particle distance is 19 ± 6 nm. There are 

no indications of large Ni3Ti inclusions which were observed at Ni55Ti45 alloy. 

The superpolished Ni54Ti45Hf1 alloy microstructure close to the surface in Figure 5.7, 

shows a similar damaged microstructure to the baseline Ni55Ti45 alloy. Low and high 

magnification BF-TEM micrographs (Figure 5.7 (a,b)) show deformation bands (average width 

of 21 ± 8 nm) with an average spacing of 64 ± 12 nm within the damaged region that extends 1 

µm into the sample. The SAED pattern taken at the surface (Figure 5.7 (I)) shows spot pattern of 

a single grain along [011]B2 zone and contains a diffuse ring pattern originated from amorphous 

bands. No Ni4Ti3 precipitates are observed up to 350 nm in the sample. The HRTEM image 

(Figure 5.7 (c)) and corresponding FFT (inset) taken close to the surface shows a broad 

amorphous deformation band which contains some random B2 nanocrystalline grains. The 

interface of deformation band is zig-zagged which lies on (110)B2 and (1"01")f> planes. The 

dislocation density of the B2 matrix close to the surface is 3.6 ± 0.3 × 1016 /m2. SAED pattern 

taken 250 – 450 nm from the surface along the [011]B2 zone (Figure 5.7 (II)) contains weak 

diffuse ring pattern and Ni4Ti3 superlattice reflections indicating that fewer amorphous bands are 

present at this depth compared with the region (I) close to the surface. 
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Figure 5.7 (a,b) Low and high magnification BF-TEM micrographs of Ni54Ti45Hf1 superpolished 
sample show deformation bands (white arrows) close to the surface. SAED pattern taken close to 
the surface indicated by white circle in (b), shows spot pattern of a single grain along [011]B2 
zone (I) and contains a diffuse ring corresponding to amorphous bands. Precipitates are not 
observed up to 350 nm into the sample. SAED pattern taken 350 – 550 nm from the surface 
along [011]B2 zone (II) contains a weak diffuse ring pattern and Ni4Ti3 superlattice reflections 
corresponding to retained Ni4Ti3 precipitates. (c) HRTEM micrograph and corresponding FFT 
(inset) taken close to the surface shows an amorphous deformation band that contains B2 
structure nanocrystalline (Nc) grains. The zig-zagged interface of deformation band lies on 
(110)B2 and (1"01")f> planes. 
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The microstructure of Ni54Ti45Hf1 RCF close to the surface after runout condition is 

shown in BF-TEM micrograph of Figure 5.8(a). The average width of bands is increased to 85 ± 

20 nm and the average band spacing is 422 ± 232 nm. The deformation bands propagate 3.5 µm 

(damaged region) into the sample and appear to terminate at the grain boundary (white dashed 

line in Figure 5.8(a)).  

 
Figure 5.8 (a) BF-TEM of Ni54Ti45Hf1 RCF runout sample shows broad deformation bands 
(white arrows) propagating from the wear surface. (b) Magnified BF-TEM image indicated by 
the white box in (a) and corresponding SAED pattern (I), which contains weak diffuse and sharp 
spot ring patterns, shows 200 nm amorphous surface layer containing B2 nanocrystalline grains. 
No precipitates are observed up to 250 nm into the sample. SAED pattern taken 250 – 450 nm 
from the surface (II) shows clear spot pattern of a single grain along [012]B2 zone containing 
superlattice reflections (white arrowheads) corresponding to two variants of Ni4Ti3 precipitates. 

 

The magnified BF-TEM micrograph (Figure 5.8(b)) taken from the white box in Figure 

5.8(a) and corresponding SAED pattern taken from the surface (Figure 5.8(I)), which contains 

diffuse and spot ring patterns, indicates the dense amorphous bands from the superpolished 

condition have been replaced by a mixed amorphous and B2 nanocrystalline grain surface layer 

extending up to 200 nm into the sample. However, from Figure 5.8(b) approximately 50 nm 

layer on the surface can be distinguished as amorphous layer. No Ni4Ti3 precipitates are 
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observed up to 250 nm into the sample. SAED pattern taken 250 – 450 nm from the surface 

(Figure 5.8(II)) shows spot pattern of a single grain along the [012]B2 zone and contains 

superlattice reflections from two variants of Ni4Ti3 (white arrowheads). The dislocation density 

of the B2 matrix close to the surface has increased to 6.7 ± 0.2 × 1016/m2 compared with the 

superpolished condition. 

The BF-TEM micrograph of the RCF spalled Ni54Ti45Hf1 alloy (Figure 5.9(a)) contains a 

similar microstructure to the spalled condition of the Ni55Ti45 alloy. Deformation bands (79 ± 53 

nm) have an average spacing of 93 ± 46 nm within the damaged region that extends over 7 µm 

into the sample (limitation of FIB sample size). Magnified BF-TEM micrograph (Figure 5.9(b)) 

shows deformation band density is higher close to the surface; however, further into the sample 

(1.5 – 7 µm) the bands are more dispersed. The SAED pattern taken at the surface (Figure 5.9(I)) 

contains a diffuse ring pattern indicating the existence of nearly fully amorphous layer that 

extends approximately 200 nm from the surface. The SAED pattern taken 800 nm – 1 µm from 

the surface (Figure 5.9(II)) contains diffuse and spot ring patterns corresponding to amorphous 

phase and B2/ B19' nanocrystalline grains, respectively. The SAED pattern taken 1.6 – 1.8 µm 

from the surface shows weak diffuse ring and intense spot pattern along [1"11]f> zone (Figure 

5.9(III)) without Ni4Ti3 superlattice reflections. Dislocation density of the B2 matrix has 

increased to 9.9 ± 0.2 × 1016 /m2 in in this condition. Since the microstructure was heavily 

distorted throughout the region where HRTEM was taken, measurements were taken directly 

from B2 structure nanocrystalline grains. 
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Figure 5.9 (a) BF-TEM of Ni54Ti45Hf1 spalled sample showing deformation bands extending 
over 7 µm into the sample. SAED patterns taken from various regions (I–III) shown in magnified 
BF-TEM micrograph in (b). SAED pattern taken at surface (I) shows diffuse ring pattern 
indicating mostly amorphous phase. SAED pattern taken 800 nm – 1 µm from surface (II) 
contains diffuse and spot ring patterns corresponding to amorphous phase and B2/B19' 
nanocrystalline grains, respectively. SAED pattern taken 1.6 µm from surface (III) shows spot 
pattern of a single grain along [1"11]f> zone and weak diffuse ring corresponding to dispersed 
amorphous bands. No Ni4Ti3 precipitates are observed throughout the FIB sample. 

 

5.4.4.3. Microstructure evolution of 2nd generation Ni56Ti36Hf8 alloy under different RCF 

conditions 

The unique mottled microstructure of Ni56Ti36Hf8 taken from center of the rod 

(electropolished specimen) is shown in BF-TEM micrograph of Figure 6.4(f). The microstructure 

consists of nano-scale H-phase and New phase precipitates with narrow B2 channels. The 

average size of the ellipsoidal H-phase precipitates is 23 ± 5 nm (length) and 12 ± 3 nm (width). 
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The average size of the New phase precipitates is 18 ± 4 nm (length) and 16 ± 5 nm (width) 

which mainly formed between H-phase precipitates. The average size of B2 channels is 8 ± 3 

nm. High hardness (769 HV) connected to this specific microstructure is a result of novel 

thermal processing treatment as reported by Mills et al. [172] where the unique cubic structured 

New phase has been recently characterized [145]. 

The microstructure of Ni56Ti36Hf8 specimen close to the surface after superpolishing is 

shown in Figure 5.10. Low and high magnification BF-TEM micrographs (Figure 5.10(a,b)) 

show narrow deformation bands with an average width of 9 ± 3 nm (indicated by white arrows) 

with an average spacing of 178 ± 86 nm. The damaged region extends 300 nm into the sample. 

The SAED pattern taken from region I in Figure 5.10(a) shows spot pattern of a single grain 

along the [001]B2 zone (Figure 5.10(I)) including superlattice reflections originated from H-phase 

and New phase precipitates. A weak diffuse ring pattern in this pattern indicates existence of 

amorphous bands. HRTEM image (Figure 5.10(c)) and corresponding FFT (inset) taken close to 

the surface shows an amorphous deformation band (2 – 4 nm wide) surrounded by crystalline 

precipitates. However, most of the deformation bands that extend into the interior of the sample 

are crystalline. Compared to the superpolished Ni55Ti45 (Figure 5.4) and Ni54Ti45Hf1 (Figure 5.7) 

alloys, dense precipitation is observed directly at the superpolished surface for Ni56Ti36Hf8 alloy. 

The average size of the New phase precipitates is 17 ± 3 nm size. The average size of H-phase 

precipitates is 25 ± 7 nm (length), 15 ± 2 nm (width). The average width of narrow B2 channels 

is 9 ± 2 nm and the measured dislocation density within these channels is 4.1 ± 0.3 × 1016/m2. 
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Figure 5.10 (a,b) Low and high magnification BF-TEM micrographs of Ni56Ti36Hf8 
superpolished condition show narrow deformation bands (white arrows) extending 300 nm into 
the sample. SAED pattern taken at the surface (I) shows spot pattern of a single grain along 
[001]B2 zone, weak diffuse ring pattern (amorphous bands), and intense H-phase/New phase 
superlattice reflections. (c) HRTEM image and corresponding FFT (inset) indicates an 
amorphous deformation band with interface lying on (1"10)f> plane. 

 

The microstructure of the RCF runout Ni56Ti36Hf8 alloy is displayed in BF-TEM 

micrographs of (Figure 5.11(a,b)). The magnified BF-TEM micrograph (Figure 5.11(b)) taken 

from the region of the white box in Figure 5.11(a) shows narrow deformation bands, which are 

indicated by white arrows. The average width of deformation bands is 10 ± 3 nm, their average 

spacing is 102 ± 36 nm and the damaged region of this sample is 500 nm. SAED pattern taken at 

the surface (Figure 5.11(I)) shows spot pattern of a single grain along [1"11]f> zone, a diffuse 

ring pattern (indicating amorphous bands) and weak superlattice reflections from H-phase and 

New phase precipitates at the surface. 
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Figure 5.11 (a) BF-TEM of Ni56Ti36Hf8 RCF runout sample. (b) Magnified BF-TEM micrograph 
taken from the white box in (a) shows narrow deformation bands (white arrows) within the 
region less than 500 nm from the surface. SAED pattern taken at the surface (I) contains intense 
spot pattern corresponding to a single grain along [1"11]f> zone, diffuse ring originated from 
amorphous bands and weak superlattice reflections from H-phase and New phase precipitates. 
SAED pattern taken 300 – 500 nm from the surface along [1"11]f> zone (II) contains weak 
diffuse ring from fewer amorphous bands and intense H-phase and New phase superlattice 
reflections within B2 matrix. (c) HRTEM micrograph taken close to the surface shows a narrow 
amorphous deformation band with an interface that lies on (011")f> plane. 

 

HRTEM micrograph in Figure 5.11(c) shows a narrow (2 – 4 nm wide) amorphous 

deformation band close to the surface with an interface that lies along (011")�> plane. The SAED 

pattern taken 300 – 500 nm from the surface is shown in Figure 5.11(II). This pattern contains a 

weak diffuse ring originated from fewer amorphous bands and intense spot pattern along 

[1"11]f> zone of H-phase and New phase superlattice reflections in B2 matrix. The dislocation 

density within the narrow (11 ± 5 nm) B2 channels close to the surface has increased to 7.7 ± 0.2 

× 1016 /m2. The average size of H-phase precipitate increased to 43 ± 17 nm (length) and 28 ± 8 
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nm (width), however no obvious change in the B2 channel size and New phase precipitate size 

was observed compared to the superpolished condition. This implies that the H-phase 

precipitates tend to coalesce under deformation. 

 
Figure 5.12 (a,b) Low and high magnification BF-TEM micrographs Ni56Ti36Hf8 spalled sample 
showing deformed region (1.5 µm) containing narrow deformation bands (white arrows). SAED 
pattern taken at the surface (I) contains a diffuse and spot ring patterns corresponding to 
amorphous phase and B2/B19' nanocrystalline grains. SAED pattern taken 200 – 400 nm from 
surface (II) contains more spot ring patterns indicating more B2 and B19' nanocrystalline grains. 
Additional reflections indicated by white arrowheads correspond to precipitation. SAED pattern 
taken 700 – 900 nm from surface (III) shows spot pattern of a single grain along [1"11]f> zone, 
weak diffuse ring and H-phase/New phase superlattice reflections. This corresponds to 3-phase 
crystalline structure containing fewer amorphous deformation bands. (c) HRTEM micrograph 
taken at the surface and corresponding FFT (inset) confirms fully amorphous structure. (d) 
HRTEM micrograph taken in the primarily crystalline region (III) and corresponding FFT (inset) 
shows an amorphous deformation band with an interface that lies along (110)B2 plane.  

 

The microstructure of the RCF spalled Ni56Ti36Hf8 alloy is displayed in the BF-TEM 

micrographs of Figure 5.12(a,b). It is apparent that the damaged region in this sample is 1.5 µm 



 139 

which is smaller than the damaged region for spalled Ni55Ti45 (Figure 5.6(a)) and spalled 

Ni54Ti45Hf1 (Figure 5.9(a)). Narrow deformation bands within the damaged region have an 

average width of 10 ± 5 nm which are spaced 64 ± 18 nm apart. The SAED pattern taken at the 

surface (Figure 5.12(I)) contains a diffuse ring and spot ring patterns corresponding to 

amorphous phase and B2/B19' nanocrystalline grains. The amorphous surface layer is confirmed 

by the maze-like pattern in the HRTEM micrograph (Figure 5.12(c)) and corresponding FFT 

pattern (inset). This amorphous later extends up to 100 nm into the sample. SAED pattern taken 

200 – 400 nm from the surface (Figure 5.12(II)) contains a diffuse ring and intense B2/B19' spot 

ring patterns which indicates that a larger portion of the region is comprised of nanocrystalline 

grains. There are additional superlattice reflections (white arrowheads) corresponding to 

precipitation in this region. SAED pattern taken 700 – 900 nm from the surface (Figure 5.12(III)) 

shows spot pattern of a single grain along the [1"11]f> zone, a weak diffuse ring corresponding to 

fewer amorphous bands and H-phase/New phase superlattice reflections. The HRTEM 

micrograph taken from the same region (Figure 5.12(d)) and corresponding FFT (inset) shows a 

narrow amorphous band with an interface that lies along (011)B2 plane. The dislocation density 

within B2 channels close to the surface has increased to 9.2 ± 0.2 × 1016 /m2, however there may 

be variability in this value since the volume fraction of B2 in this region has reduced. 

5.5 Discussion 

In spite of fully amorphous layer at the surface of the sample under the bearing ball, the 

RCF deformation has led to formation of nanocrystalline grains and eventually amorphous 

deformation bands. HRTEM study showed that the interface of deformation bands lies on the 

{011}B2 planes which excludes the nature of deformation bands as deformation twins within B2 

since these twins commonly form on the {114}B2 or {112}B2 planes [84,155]. One of the possible 
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mechanisms for deformation band formation is the dislocation slip in B2 matrix. When the 

compressive stress during RCF test exceeds the yield strength of the samples, local plastic 

deformation in the form of dislocation slip occurs, oriented along preferred slip systems. {011}B2 

is a common plane in B2 dislocation slip [179] which is consistent with the deformation band 

interface with B2 matrix (Figure 5.4, Figure 5.5). Moreover, zig-zag nature of the interface of 

deformation band shown in HRTEM of Figure 5.7(c), implies the activation of multiple {011}B2 

planes under RCF loading. The repetitive contact stress during RCF, increases the dislocation 

slip inside the deformation bands and, consequently, the Ni4Ti3 precipitates are sheared by 

gliding dislocations along multiple slip systems and eventually dissolve into the matrix. When 

cyclic deformation proceeds under fully reversed fatigue condition, strengthening precipitates 

that are positioned in the slip bands are sheared by leading dislocations, whereby trailing 

dislocations in the same slip plane shear the precipitates again. Since Ni4Ti3 precipitates in NiTi 

alloys are harder than matrix with higher elastic modulus [138], a small change of atomic 

spacing and arrangement of precipitates by dislocation shearing can increase the free energy of 

precipitates several times more than that of NiTi matrix. The process is repeated during each 

cycle, which reduces the size of particles to the point where they are unable to resist dislocation 

movement. Moreover, the preferred pathways for dislocation movement are more well 

established during continued deformation and consequently, the pressure within the precipitates 

increases due to releasing of surface tension, leading to increase of the free energy of 

precipitates. When the accumulated free energy of Ni4Ti3 precipitates is larger than that of 

matrix, the sheared precipitates start to dissolve into the matrix [180]. This process results in the 

formation of precipitate-free deformation bands. Further cycling and dislocation accumulation 

allows dislocation cells to form within the deformation bands which leads to B2 nanocrystalline 
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grain formation (Figure 5.4, Figure 5.6, Figure 5.8, Figure 5.9, Figure 5.12). The mechanism for 

dislocation cell formation has been proposed by Zhang et al. [181] where dislocations of the 

same sign oriented on crossing slip planes form narrow channels which become walls of 

individual dislocation cells within the larger grains. Consequentially, the coarse grain is divided 

into a large number of sub-grains with a low-angle of misorientation [181]. Under further 

cycling, dislocation density is increased in the cell walls which creates grain boundaries and the 

sub-grains are refined to nanocrystalline grains with a high-angle misorientation [81,182]. 

Eventually, extra plastic strain destroys the periodicity of the atomic arrangement in the 

nanocrystalline grains and causes amorphization [181]. Moreover, some of the amorphous 

deformation bands observed contain remnant nanocrystalline grains which indicates this 

crystalline to amorphous transition is still occurring. The proposed mechanism is schematically 

shown in Figure 5.13. 

The other deformation mechanism can be related to the formation of martensite under 

high contact stress and subsequent plastic deformation of the martensite phase. The B19' 

nanocrystalline grains were detected in several conditions (Figure 5.6, Figure 5.8, Figure 5.9. 

Figure 5.12), furthermore {011}B2 can also generate a compatible interface for B19' martensitic 

formation [5,85] which further support this deformation mechanism. However, due to high Ni 

content of these alloys, no martensitic transformation was detected in DSC tests down to -150 ºC 

and theoretically no stress-induced martensitic transformation is expected for these alloys [183]. 

Casalena et al. [173] estimated the Ms temperature for Ni54Ti45Hf1 alloy to be -250 ºC. However, 

they also detected the retained martensite after cyclic deformation in compression mode. It is 

suggested that the Ms temperature can be increased to even room temperature under applied 

stress which is explained through Clausius-Clapeyron (dσ/dT	 = 	~3.5	MPa/ºC [173]). 
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Furthermore, the coherency strain field and Ni depleted zones around Ni-rich precipitates can 

also help the martensite formation [133,159,184].  

Martensitic transformations are often accompanied by the formation of interfacial 

dislocations along the B2/B19' interface which accommodate the elastic strain between 

martensite and austenite [85]. The interfacial dislocations can assist in further nucleation of 

dislocations within the martensite [83,85,185]. Similar to B2 slip mechanism, under further 

cycling, the high dislocation density in the martensite can cause shearing and dissolution of 

precipitates as outlined in the previous section (Figure 5.13). Eventually, heavy dislocation 

accumulation within the martensite can cause dislocation cell formation and generation of 

nanocrystalline grains prior to complete amorphization. The existence of retained martensite at 

room temperature (much higher than austenite finish temperature) is correlated to internal 

constraint originated from high dislocation density [155]. Based on the microstructure 

degradation that is exhibited in these NiTi and NiTiHf alloys under RCF, it is likely that B2 

dislocation slip coupled with martensitic transformation are the two primary mechanisms for 

dislocation accumulation that leads to nanocrystalline grain formation and amorphization. The 

dislocation-driven process for martensite band formation, precipitate shearing/dissolution, 

nanocrystalline grain and amorphous band formation is shown in the schematic illustration in 

Figure 5.13. 

Deformation band formation via dislocation accumulation by either proposed B2 slip 

and/or martensitic transformation mechanisms is correlated to the amount of available B2 matrix. 

For example, in the undeformed Ni55Ti45 alloy specimen, there is 49 % area fraction of B2 matrix 

and the Ni4Ti3 precipitates (31 ± 6 nm) have an average interparticle distance of 25 ± 5 nm. 

Similarly, in the Ni54Ti45Hf1 alloy there is 46 % area fraction of B2 matrix and the precipitates 
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(27 ± 9 nm) have an average interparticle distance of 19 ± 6 nm. 

 
Figure 5.13 Schematic diagram outlining the proposed mechanism of deformation band 
formation in NiTi-based alloys containing (a) homogenous precipitates via (b) dislocation 
accumulation through B2 slip and/or B19' martensite transformation band formation, (c) 
precipitate shearing and dissolution, and (d) amorphization. 

 

Differently, in the Ni56Ti36Hf8 alloy, a high density of H-phase and New phase 

precipitates generates a compact structure with narrow B2 channels (8 ± 3 nm wide) that are 

randomly distributed (13 % area fraction). Since slip and/or martensitic transformation is 

initiated within the B2 matrix, larger fraction of available of B2 within the Ni55Ti45 and 

Ni54Ti45Hf1 alloys causes the formation of wider bands that surround the Ni4Ti3 precipitates 

which eventually leads to shear and dissolving of precipitates and eventual amorphization of 

bands as proposed in Figure 5.13. However, low density of B2 in Ni56Ti36Hf8 alloy constrains the 

deformation bands to these narrow matrix channels and since the band widths in this alloy are 

smaller than the average precipitate size (H-phase precipitates are 23 ± 5 nm (length) × 12 ± 3 

nm (width) and New phase precipitates are 18 ± 4 nm (length) × 16 ± 5 nm (width)), shear and 

dissolution of the precipitates is not expected. The differences in deformation band formation for 

the Ni56Ti36Hf8 alloy compared to Ni55Ti45 and Ni54Ti45Hf1 alloys is depicted in the schematic 

illustration (Figure A.12) located in Appendix A. It is clear from the intense diffuse ring patterns 

observed in Figure 5.6 and Figure 5.9, the spalled Ni55Ti45 and Ni54Ti45Hf1 alloys contain a 
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significant amount of amorphization. However, in the spalled Ni56Ti36Hf8 alloy (Figure 5.12), the 

weak diffuse and intense spot ring patterns indicate that most of the nanocrystalline grains within 

the deformed region have not transitioned to amorphous phase. The narrow amorphous layer 

formation in the spalled sample for Ni56Ti36Hf8 alloy (Figure 5.12), with the assumption that the 

precipitates are still present at the surface of the sample combined with low fraction of B2, is not 

fully understood at this level. The proposed mechanism for deformation mainly explains the 

deformation band structure; however, complex deformation mode under the bearing ball can 

directly induce amorphous structure which is similar to amorphization observed around a crack 

tip in Ni50.3Ti41.2Hf8.5 alloy [174]. Moreover, the smaller width of the amorphous layer of the 

spalled Ni56Ti36Hf8 alloy, even at higher contact stress levels compared with the other two alloys, 

can be attributed to the lower fraction of B2 matrix and dense precipitates. Therefore, 

Ni56Ti36Hf8 alloy which contains the novel 3-phase microstructure is optimized for RCF 

performance. However, it is known that inclusions, microstructural flaws and voids can cause 

sporadic failures under RCF which limits performance [34]. Processing innovations for alloy 

purification may help to prevent erratic fatigue life and increase the threshold stress capabilities 

of these alloys under RCF conditions. 

5.6 Conclusions 

Precipitation strengthened Ni55Ti45, Ni54Ti45Hf1 and Ni56Ti36Hf8 alloys have been studied 

using a combination of mechanical testing, rolling contact fatigue testing and electron 

microscopy methods. The ultra-hard Ni56Ti36Hf8 alloy exhibited the highest compressive yield 

stress and a 20 – 30 % increase in RCF contact stress limit compared to the baseline Ni55Ti45 and 

1st generation Ni54Ti45Hf1 alloys. Under RCF, Hertzian contact stresses induce deformation that 

is localized at the surface so it is difficult to make a direct correlation between RCF performance 



 145 

and bulk microstructure. Therefore, samples were taken directly from the surface of RCF rods 

via FIB lift-out and analyzed using TEM. The microstructure close to the surface in all of the 

samples contains deformation in the form of amorphous phase, nanocrystalline grains and 

precipitate free zones which are governed by the formation of deformation bands. All of these 

features which were used to track the level of damage exhibited between conditions. The main 

findings are presented as follows: 

• It is surprising that a significant amount of damage was detected in the superpolished 

conditions. This shows that the pre-processing steps during RCF rod fabrication can induce 

deformation into the sample surface and significantly alter the microstructure close to the 

surface before RCF testing. It is apparent that the Ni55Ti45 and Ni54Ti45Hf1 alloys are more 

susceptible to deformation after this step and the damaged regions extended 2 µm and 1µm 

into the specimens, respectively. Moreover, these two alloys contained precipitate free 

regions combined with a high density of deformation bands close to the surface both of 

which were not observed in the Ni56Ti36Hf8 alloy coinciding with a smaller damaged region 

(300 nm). 

• The RCF runout (1.7 × 10D cycles) specimens showed increased damage compared to the 

superpolished condition. The Ni55Ti45 and Ni54Ti45Hf1 alloys both contained damaged 

regions that extended further (~ 3.5 µm) into the specimen and higher density of 

deformation bands were observed. Both alloys show the expansion of the 

amorphous/nanocrystalline grain region and precipitate free zone into the sample. On the 

other hand, the Ni56Ti36Hf8 alloy did not exhibit significant microstructural changes 

compared to the superpolished condition where precipitates did not dissolve close to the 

surface and the damaged region (500 nm) increased slightly. 
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• In the RCF spalled Ni55Ti45 and Ni54Ti45Hf1 alloys, the damaged regions have extended 

over 6 µm and 7 µm into the sample, respectively. The regions close to the surface, have 

become nearly fully amorphous and the dislocation density increased. In the spalled 

Ni56Ti36Hf8 sample, however, damaged regions extended to 1.5 µm. Most of the 

nanocrystalline grains that formed close to the surface had not yet transitioned to 

amorphous phase which indicates that this particular microstructure is more stable even 

under higher stress levels. 

• The mechanism for deformation band and nanocrystalline grain formation is attributed to 

dislocation slip within B2 matrix and/or within transformed B19´ martensite phase under 

applied contact stress. Further cycling activates multiple slip systems within deformation 

band, which eventually leads to shear and dissolution of precipitates. Additional dislocation 

entanglement and refinement into dislocation cells leads to nanocrystalline grain formation 

and finally amorphization. 

• The fraction of B2 matrix within each alloy contributes to the level of damage during RCF 

testing. In the superpolished Ni55Ti45 and Ni54Ti45Hf1 alloys which contained larger area 

fractions of B2, the broad deformation bands involving the precipitates formed. These 

precipitates more readily sheared and dissolved within the bands via dislocation slip. 

However, in Ni56Ti36Hf8 alloy the deformation bands are restricted to only B2 regions due 

to the lower fraction of narrow B2 channels and dense precipitation. Therefore, no 

precipitate free zone was observed. 
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CHAPTER SIX             

MACROSCOPIC PERFORMANCE AND MICROSTRUCTURE OF NI-RICH NI-TI-HF 

ALLOYS DESIGNED FOR TRIBOLOGY APPLICATIONS 

6.1 Abstract 

The tribology performance of 2nd generation Ni-rich NiTiHf alloys was studied to 

evaluate their suitability for tribology applications using a combination of Vickers micro-

hardness, 3 ball-on-rod rolling contact fatigue (RCF), monotonic compression, cyclic 

compression and conventional transmission electron microscopy techniques. It is shown that 

hardness and RCF performance is greatly enhanced with increased Ni content combined with 

novel 3-step heat treatment that increases the precipitation hardening contribution. Specifically, 

Ni56Ti36Hf8 alloy exhibited the best properties due to the existence of unique cubic new phase 

precipitation. Moreover, Ni54Ti45Hf1 alloy exhibited stress induced martensitic transformation 

which resulted in the highest ductility under compressive loading. 

6.2 Introduction 

Ultra-hard binary nickel titanium (NiTi) alloys in the range of 52 – 56 at.% Ni content 

have ideal attributes for tooling, wear, and tribology applications that are equal to and even 

surpass the capabilities of tool steels and ceramic bearing materials [34,42,52,58,119,120]. 

Unique features of these alloys include corrosion resistance, nonmagnetic and high hardness, 

while having lower density compared to tool steels [1,121]. Recent investigations from NASA 

Glenn Research Center have shown that Ni-rich NiTi alloys can be tailored to have a combined 

high hardness and low effective modulus which accommodates large amounts of strain with little 

permanent deformation. This allows the material to resist denting damage and achieve 
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comparable rolling/sliding performance to tool steels [22,38,52]. Furthermore, NiTi alloys can be 

lubricated, unlike Ti alloys [42,60,122], and have an even lower friction coefficient than tool 

steels under oil lubrication conditions [72] [42]. Compared with steel on steel contacting which 

typically show signs of galling and significant material transfer that often results in self-

destructive seizure, contacting Ni55Ti45 – steel components did not exhibit significant surface 

deterioration [42].  

The tribology performances of Ni-rich binary NiTi alloys is attributed to high hardness 

(500 – 700 HV) [186] and high compressive strength (up to 2.5 GPa in Ni55Ti45) [9] that 

originates from nanoscale Ni4Ti3 precipitation (hard phase) [16,18,26,123] and anti-site defects 

from excess Ni atoms that lie on Ti sublattice positions within the matrix [125,126]. The lower 

symmetry of Ni4Ti3 and coherent interface with the matrix induce local coherency strains (up to 

2% in Ni51Ti49 [128]) which further enhance the hardness [128]. Therefore, very Ni-rich NiTi 

alloys are drawing attention for tribology applications such as rotating centrifuge bearings in the 

water recycling system and the environmental control system in the International Space Station 

[58]. A conventional test to study the behavior of bearing-grade alloys [3,34,68] is the rolling 

contact fatigue (RCF). Under RCF testing, Ni55Ti45 alloy experienced erratic fatigue life and 

spall failures began to occur at modest Hertzian contact stress levels (≥ 1.7 GPa) [34,69]. 

In very Ni-rich NiTi alloys Ni4Ti3 precipitates readily form even during cooling from 

solution annealing temperatures [18,26] due to similar stoichiometry of precipitates with the 

alloy (~57 at.% Ni content for Ni4Ti3 precipitate). It is nearly impossible to suppress the 

precipitation in bulk samples using typical quenching processes [3,17]. Additional heat treatment 

after solution treatment is essential to enhance the desired mechanical properties for Ni-rich NiTi 

alloys [124]. Hornbuckle et al. [26] reported that in Ni-rich compositions (52 – 56 at.% Ni), 
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additional aging (400 ºC for 1 – 10 h) promotes the over-coarsening and decomposition of Ni4Ti3 

into incoherent Ni3Ti2 and Ni3Ti phases [26], which are detrimental to hardness [26].  

Recently, adding Hf to NiTi alloys has shown to slow the precipitation kinetics [123,187] 

and, even in low quantities (< 10 at.%), helps to prevent rapid Ni4Ti3 over-coarsening and/or 

decomposition [16,17]. Moreover, Hf provides solution strengthening due to its larger atomic 

radius [131] and precipitation strengthening component via H-phase precipitation which was 

initially observed in high Hf (> 15 at. %) NiTiHf high temperature shape memory alloys 

[140,147,188,190–196]. The 1st generation NiTiHf alloy composition tailored for tribological 

applications was the Ni54Ti45Hf1 alloy which was initially developed by Dellacorte et al. [34,58] 

using vacuum induction melting (VIM). The alloy after solution annealing treatment (1000ºC for 

2 h (water quenched)) contained a more uniform microstructure free of microscale inclusions 

compared to the more meticulously prepared powder metallurgy (PM) processed Ni55Ti45 

samples which resulted in as good or better RCF performance and fewer sporadic failures [34]. 

 Casalena et al. [173] produced Ni54Ti45Hf1 alloy using both PM and VIM processing 

techniques [34] and reported fully recoverable 4 % pseudoelastic response for samples of each 

processing type via uniaxial compression experiments. Moreover, the Ni54Ti45Hf1 alloy achieved 

compressive stress levels of ~2.5 GPa and 40 % increase in toughness compared to the baseline 

Ni55Ti45 alloy. Recently, reciprocating sliding wear tests and scratch tests under oil lubricated 

conditions were performed by Khanlari et al. [130] on the Ni54Ti45Hf1 alloy and compared to 

Ni55Ti45 alloy. The oil lubricated Ni54Ti45Hf1 exhibited better wear behavior and resistance to 

subsurface crack initiation and propagation compared to the Ni55Ti45 alloy. 
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In addition to baseline Ni55Ti45 and 1st generation Ni54Ti45Hf1 alloys, Hornbuckle et al. 

[17] also explored 2nd generation NiTiHf bearing alloy compositions (52 – 56 at. % Ni and 1 – 4 

at. % Hf) by connecting heat treatment to microstructure and hardness. They observed highest 

hardness (679.3 ± 2.8 HV) in the Ni56Ti40Hf4 (highest Hf content they studied) alloy after 

solution annealing and aging at 400 ºC for up to 300 h [17]. However, no further connection to 

tribological performance was made. More recent investigations on 2nd generation NiTiHf bearing 

alloys by Mills et al. [172] showed that further increase of Hf content (Ni56Ti36Hf8) resulted in 

highest hardness (769 ± 7 HV)  reported for tribological NiTiHf alloys. Such high hardness is 

due to homogenous H-phase and cubic New phase [145] precipitation within B2 matrix. We also 

observed that applying low-temperature pre-aging heat treatment (SAwq + 300ºC (12 h)) on 

Ni56Ti41Hf3 alloy resulted in 10% increase in hardness (750 HV) [172] compared to the peak 

hardness reported in [17] for Ni56Ti40Hf4 alloy. Following these recent breakthroughs in alloy 

and heat treatment development, this article reports the mechanical performance and 

corresponding microstructure of different 2nd generation NiTiHf bearing alloy compositions in 

their peak-aged conditions. 

6.3 Methods 

6.3.1. Materials Processing 

The NiTiHf alloys were vacuum-induction-melted (VIM) using a cold crucible technique 

and cast into the ingots of 30 mm in diameter and 600 mm in length. The ingots were 

homogenized at 1050 °C for 24 h, then sealed inside a mild steel can and hot-extruded into 11.5 

mm diameter rods at 1000 °C. Chemical analysis of the extruded rod, by inductively coupled 

plasma atomic-emission spectroscopy, indicated that the measured composition was within 

experimental error of the aim composition. 2nd generation NiTiHf alloys that were sectioned 
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from the extrusions (vacuum encapsulated in quartz tube under Ar) were solution-annealed at 

1050 ºC for 0.5 h and water quenched (SAWQ). Samples from each composition were also 

solution-annealed followed by air-cooling to elucidate the change in properties with respect to 

cooling rate. The remaining SAWQ NiTiHf alloys were pre-aged at 300 ºC for 12 h and air-

cooled, then individual samples were final aged at 400 ºC and 550 ºC for 0, 0.5, 1, 1.5 and 4 h, 

respectively, and air-cooled. The results of the 9 unique heat treatments are discussed in section 

6.4.1. The 1st generation Ni54Ti45Hf1 alloy was pre-processed following the same steps as the 2nd 

generation NiTiHf alloys, except that after SAWQ, it was aged at 400 ºC for 0.5 h and air-cooled.  

The baseline Ni55Ti45 alloy was manufactured via a high temperature proprietary powder 

metallurgy process in which the pre-alloyed NiTi powder was hot isostatic pressed at 

temperature above 1000 ºC into large cylindrical ingots, homogenized above eutectic 

temperature (~942 ºC) and machined into rods after cooling  [106,107,175–178]. Chemical 

analysis of the extruded rod, by inductively coupled plasma atomic-emission spectroscopy, 

indicated that the measured composition was within experimental error of the aim composition. 

The Ni55Ti45 alloy rods (vacuum encapsulated in quartz tube under Ar) were solution-annealed at 

1050 ºC for 0.5 h and water quenched followed by aging at 400 ºC for 1 h. 

6.3.2. Micro-hardness testing 

Vickers hardness testing via a LECO LM series digital micro-indentation hardness tester 

was conducted on all samples after being polished to 1200 grit SiC paper. 10 indents were 

performed at random locations on the polished sample surface and the average hardness values 

and corresponding standard deviations were reported. Indents were made at least 5 indent 

dimensions away from each other to prevent inconsistent data collection due to the work 
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hardening around indents. 

6.3.3. Compression testing 

Monotonic tests were performed using a 125 kN capacity MTS Landmark servo-

hydraulic load frame to compress cylindrical (2mm diameter x 4mm length) specimens taken 

from the same extrusions used to make the RCF rods via electrical discharge machining (EDM). 

NiTiHf specimens that were sectioned from the extrusions (vacuum encapsulated in quartz tube 

under Ar) were solution-annealed at 1050 ºC for 0.5 h and water quenched, followed by aging at 

varied temperatures and times that correspond to the peak-aged conditions, which are reported 

for each composition in Table 6.1. Samples from each composition were compressed under 

displacement-controlled conditions until failure (brittle fracture / along the plane of maximum 

shear / sample squeezed out of platens) was reached. Their force-displacement response over the 

course of the test was collected and, in addition, digital image correlation (DIC) was 

implemented to collect accurate strain information. Using the same experimental set-up as in the 

monotonic loading experiment, displacement-controlled loading experiments were performed on 

cylindrical specimens where they were loaded to just past the point of yielding (taken from 

monotonic loading) before unloading. This was repeated for 5 cycles for each sample. 

6.3.4. Rolling contact fatigue testing 

A three ball-on-rod rolling contact fatigue (RCF) test rig built by Delta research 

corporation was used for the rolling contact fatigue testing and data collection. Testing was 

performed to evaluate the longevity of these alloys under complex RCF conditions, simulating 

the types of loading and fatigue conditions that bearing components experience while in service. 

The NiTi and NiTiHf rods were tested in contact with three polished steel bearing balls rotated at 
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3,600 rpm. The balls used in the rolling contact fatigue study were grade-ten, standard 12.7 mm 

diameter bearing balls made from hardened (HRC58062) AISI 52100 type tool steel. Oil drip 

feed lubrication was provided through the duration of the test at a steady rate of 8-10 drops per 

minute using Mil-J-7808-J turbine oil and a piezoelectric accelerometer was used to monitor 

surface damage, such as a pit or spall formation on the wear track. Although the steel bearing 

balls and races were replaced after every test, they did not fail prior to rod failure because they 

were exposed to ~1/3 cycles of the rods. The contact stresses placed on the RCF rods were 

generally higher than that typically experienced by rotary bearings, so as to accelerate the failure 

and allow for comparisons to be made between materials in a shortened time period. A step-wise 

loading method was adopted for this study, where initially, lowest practical stress levels were 

initially tested (~1.7 GPa) and then gradually increased in increments of 100 MPa to maximum 

obtained stress levels (~2.4 GPa). A run-out condition was determined at 1.7 × 10D cycles (~800 

h) of test time where, if no spall was detected by acceptable vibration in the accelerometer, the 

tests were manually halted and the life is considered infinite. However, in the case where wear 

track damaged reached notable levels so as to cause enough vibrations for the accelerometer to 

detect, the test was automatically suspended and the failure stress / time was recorded. 

6.3.5. Transmission electron microscopy 

Conventional bright-field TEM (BF-TEM), selected area electron diffraction (SAED) and 

high-resolution TEM (HRTEM) was performed using a FEI Talos TEM (FEG, 200 kV). The 

TEM foils were prepared by thinning non-deformed specimens to 100 µm using 1200 grit SiC 

paper and punching out 3 mm disk samples.  
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Ni50.3Ti46.7Hf3, Ni56Ti36Hf8 and Ni56Ti41Hf3 alloys were electro-polished in an electrolyte 

solution of 30% HNO3 in 70% methanol (by volume) at around -35 ºC using a current of 20 mA 

at 10 V. Ni55Ti45, Ni54Ti45Hf1 and Ni56Ti41Hf3 alloys were electro-polished in an electrolyte 

solution of 20% H2SO4 in 80% methanol (by volume) at around -13 ºC using a current of 15 mA 

at 8 V. To measure the size of various precipitates and their inter-particle distance (the distance 

of a single precipitate from its closest precipitate), several HRTEM images taken from various 

regions, were used. This measurement was repeated for more than 100 precipitates on each 

sample and average precipitate size, average inter-particle distance and their corresponding 

standard deviation is reported. Note that the inter-particle distances were measured from 2D 

HRTEM images. Since these measurements can be influenced by the thickness of the TEM foil, 

the regions with similar thickness were chosen. 

6.4 Results and discussion 

6.4.1. Effect of composition and thermal treatment on Ni-Ti-Hf alloy hardness 

 
Figure 6.1 Target composition space of Ni-rich NiTiHf alloys developed for tribological 
applications which are compared against Ni55Ti45 and Ni54Ti45Hf1 baseline alloys. 
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Binary Ni55Ti45 and 1st generation Ni54Ti45Hf1 alloys are used as a baseline comparison to 

the family of 2nd generation NiTiHf alloys. The specified composition space of NiTiHf alloys 

(50.3 – 56 at.% Ni, 3 – 8 at.% Hf) that are considered in this study are shown in Figure 6.1. 

Applying intermediate pre-aging step (300 ºC (12 h)) has shown to produce more homogenous 

distribution of precipitates and better mechanical properties in biomedical-grade Ni50.3Ti41.7Hf8 

alloy [134], so the 2nd generation NiTiHf alloy compositions were subject to a 3-step heat 

treatment which includes the pre-aging step. The 4 boundary compositions (50.3, 56 at.% Ni and 

3, 8 at.% Hf content) underwent different heat treatments (specified along the x-axis in Figure 

6.2) where the peak-aged condition (highest hardness) was determined for these compositions 

and also applied for neighboring alloy compositions of each boundary composition. 

 
Figure 6.2 Vickers micro-hardness values of 2nd generation NiTiHf alloys after applying various 
heat treatments on 4 boundary compositions of figure 1. Peak-aged conditions (highest hardness) 
are circled. 
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The peak-aged conditions and corresponding hardness for 2nd generation alloys are 

presented in Table 6.1 and are compared with Ni55Ti45 and Ni54Ti45Hf1 alloys which were 

processed using conventional 2-step heat treatment procedures  [17,26,173]. It is clear that 

increasing the Ni content (from 50.3 – 56 at.% Ni) results in  hardness improvement and this 

change is more prevalent in the 8 at.% Hf alloys (130 HV increase). For fixed Ni content, when 

the Hf content is increased from 3 to 8 at.%, there is a subtle increase in hardness (10 HV). The 

50.3 at.% Ni alloys are an exception to these trends where the Ni50.3Ti41.7Hf8 alloy has a lower 

hardness than the Ni50.3Ti46.7Hf3 alloy. This is explained by the exclusive H-phase precipitation 

that forms in Ni50.3Ti41.7Hf8 alloy [134] whereas the Ni50.3Ti46.7Hf3 contains both H-phase and 

Ni4Ti3 precipitation (see section 6.4.3.). 

Table 6.1 Hardness values of NiTi and NiTiHf alloys under peak-aged treatments 

Composition (at. %) Heat treatment Hardness (HV) 

Ni56Ti36Hf8 SAWQ + 300ºC (12 h) + 550ºC (4 h) 769 

Ni54Ti38Hf8 SAWQ + 300ºC (12 h) + 550ºC (4 h) 742 

Ni52Ti40Hf8 SAWQ + 300ºC (12 h) + 400ºC (4 h) 712 

Ni50.3Ti41.7Hf8 SAWQ + 300ºC (12 h) + 400ºC (4 h) 639 

Ni56Ti41Hf3 SAWQ + 300ºC (12 h) 752 

Ni54Ti43Hf3 SAWQ + 300ºC (12 h) 735 

Ni52Ti45Hf3 SAWQ + 300ºC (12 h) + 400ºC (1.5 h) 705 

Ni50.3Ti46.7Hf3 SAWQ + 300ºC (12 h) + 400ºC (1.5 h) 692 

Ni54Ti45Hf1 SAWQ + 400ºC (.5 h) 677 

Ni55Ti45 SAWQ + 400ºC (1 h) 688 

 

6.4.2. Rolling contact fatigue performance of peak hardened Ni-Ti-Hf alloys 

RCF testing was performed on 6 different alloys in their peak-aged conditions (Table 6.1) 

and the contact stress vs. cycles to failure for each alloy is presented in Figure 6.3. The baseline 

Ni55Ti45 alloy (blue) was initially tested and compared with the 1st generation Ni54Ti45Hf1 alloy 
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(red), both of which exhibited failures at a threshold contact stress level of 1.9 – 2.0 GPa which 

is in alignment with their similar hardness (677 and 688 HV). Ni50.3Ti46.7Hf3 has the lowest Ni 

and Hf levels of the 2nd generation alloys and has comparable hardness (692 HV) with Ni55Ti45 

and Ni54Ti45Hf1. This alloy performed well at modest stress levels (~1.7 GPa) but it began 

experiencing failures at ~1.9 GPa (180 – 190 N) similar to the baseline Ni55Ti45 and 1st 

generation Ni54Ti45Hf1 alloys. RCF performance evaluation of the high Ni and Hf compositions 

(54 – 56 at. % Ni, 3 – 8 at. % Hf) was conducted for Ni54Ti43Hf3, Ni56Ti41Hf3, and Ni56Ti36Hf8 

alloys and, clearly their increased hardness (735–769 HV) results in a notable (20 – 30%) 

increase in RCF performance. These compositions began to fail at similar load limits (190 N), 

however the corresponding contact stresses were notably higher (2.3 GPa) which corresponds to 

higher elastic modulus of these alloy conditions. The Ni56Ti36Hf8 and Ni56Ti41Hf3 alloys still 

exhibited runouts at ~2.4 GPa where the wear track surfaces were free of spalling damage (see 

Figure A.10 in Appendix A). Furthermore, many of the tests on the very hard (above 700 HV) 

NiTiHf alloys still achieved long life-spans ~107 cycles at 2.3 GPa, even though they were not 

deemed runouts (< 	1.7 × 10D cycles). This type of failure after extensive cycles is a result of 

over-rolling (fatigue failure) where a spall forms on the wear track surface (see Figure A.11 in 

Appendix A). Comparatively, the lower hardness alloys (below 700 HV) tended to fail after a 

relatively short life (< 	5 × 10d cycles) when tested at higher stress levels (≥ 2.1 GPa). It is clear 

that hardness plays an important role in the longevity of RCF tests and that by implementing 

novel peak-aging heat treatment (section 6.4.1) oil-lubricated RCF performance is enhanced. 
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Figure 6.3 RCF test results of Ni-rich NiTiHf alloys at peak-aged conditions (Table 1) indicating 
Contact load (GPa) vs. cycles to failure (log10) on the lower plot and Hertzian contact stress 
(GPa) vs. cycles to failure (log10) on the upper plot. Vertical dashed black line indicates runout 
condition where tests that did not fail for the specific duration were manually shut off. Runout 
conditions are labeled to the right of the line (arrows). Tests that failed prior to the runout 
condition are shown to the left of the dotted line. 
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6.4.3. Microstructures of peak hardened Ni-Ti-Hf alloys 

Figure 6.4 shows BF-TEM micrographs of 6 alloys at the peak-aged conditions (Table 

6.1) before deformation. Binary Ni55Ti45 contains 51 % area fraction of nano-scale Ni4Ti3 

precipitates (31 ± 6 nm) within B2 matrix (Figure 6.4(a)) which is the most important 

precipitation hardening component in Ni-rich NiTi-based alloys [9,26]. The baseline alloy also 

contains large (~1.3 µm) Ni3Ti phase (detected by spot EDX in TEM mode) which typically 

form on grain boundaries. Ti2Ni(O) oxides (~800 nm) were also observed in this alloy. These 

phases are detrimental to strength and fatigue performance [9,26,197]. The 1st generation 

Ni54Ti45Hf1 alloy achieved a similar hardness to the baseline alloy as well as similar RCF 

performance. The microstructure contains 54 % area fraction of nano-scale Ni4Ti3 precipitates 

(27 ± 9 nm) within the matrix (Figure 6.4(b)) which has not changed much compared to the 

baseline alloy. Unlike the baseline alloy, however, the 1 at. % Hf addition prevented the 

formation of heterogeneous Ni3Ti phase after aging [17]. The peak-aged Ni50.3Ti46.7Hf3 alloy 

shows a slightly higher hardness (692 HV) compared with the baseline and 1st generation alloys. 

Despite the lower Ni content in this alloy, the slight increase in hardness is attributed to dense 

precipitation (Figure 6.4(c)) of 37 % area fraction of Ni4Ti3 (25 ± 8 nm) precipitates and 22 % 

area fraction of H-phase precipitates (32 ± 13 nm (l), 14 ± 5 nm (w)) with a low area fraction of 

B2 matrix (41 %) compared with the baseline and 1st generation alloys. 

When the Ni content is increased in Ni54Ti43Hf3 alloy, both the hardness (735 HV) and 

RCF performance is improved compared with the previous three alloys. It is clear from Figure 

6.4(d), this behavior is attributed to the high density (67 %) of Ni4Ti3 precipitates (74 ± 11 nm). 

It is worth mentioning the change in Ni4Ti3 morphology from the common lens-shaped in binary 

NiTi alloys to equiaxed-shaped is related to reduced lattice mismatch between the precipitates 
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and the matrix [172] in the direction normal to the habit plane which results in growth in both 

directions (normal and parallel to habit plane) [27,139,172]. When the Ni-content is increased in 

the Ni56Ti41Hf3 alloy (Figure 6.4(e)), the hardness further increases to 752 HV and the RCF 

performance is improved (runout at 2.1 GPa). This improvement is attributed to higher fraction 

(71 %) of equiaxed Ni4Ti3 precipitates (81 ± 15 nm).  

Moreover, low-temperature pre-aging has shown to be more effective over conventional 

higher temperature heat treatments (400–700ºC) for the Ni54Ti43Hf3 and Ni56Ti41Hf3 alloys 

resulting in controlled Ni4Ti3 precipitate growth [26,154]. The Ni56Ti36Hf8 alloy (Figure 6.4(f)) 

achieved the highest hardness and consequently showed the best RCF performance of all 

examined alloys. Changes in Hf and Ni alloy content combined with 3-step aging treatment 

allows for a unique microstructure containing 33 % area fraction of dense New phase (16 ± 5 nm 

(l), 11 ± 7 nm (w)) combined with 61 % area fraction of H-phase (23 ± 5 nm (l), 12 ± 3 nm (w)) 

precipitates results in the lowest fraction of B2 matrix (13 %) constraining this softer phase to 

narrow (5 nm) channels. The novel cubic structured "New phase" precipitates has been the focus 

of recent investigation (see Chapter 4) by Mills et al. [145]. Moreover, the calculated hardness of 

New phase is shown to be higher than B2 and H-phase which explains the high alloy hardness 

and ideal properties for wear-resistant bearing components. Additional contribution to the 

hardness in all of the alloys is connected to solid-solution strengthening component from excess 

Ni and Hf atoms within the matrix [198]. Table 6.2 summarizes the statistical measurements 

made for the 6 alloy microstructures, such as precipitate size (nm) and area fraction (%). 
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Figure 6.4 (a) Baseline NiTi alloy contains nano-scale Ni4Ti3 and heterogeneous Ni3Ti and 
Ti2Ni(O). (b) 1st generation Ni54Ti45Hf1 alloy containing nano-scale Ni4Ti3. (c) Ni50.3Ti46.7Hf3 
alloy containing nano-scale Ni4Ti3 and H-phase. (d) Ni54Ti43Hf3 alloy containing equiaxed 
Ni4Ti3. (e) Ni56Ti41Hf3 alloy containing equiaxed Ni4Ti3. (f) Ni56Ti36Hf8 alloy containing nano-
scale New phase and H-phase. Rare larger New phase islands are also present. 
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Table 6.2 Statistical measurements of peak-aged NiTi and NiTiHf alloys  

Composition 
Ni4Ti3 

size (nm) 
Ni4Ti3 

fraction (%) 
H-phase 
size (nm) 

H-phase 
fraction (%) 

New 
phase size 

(nm) 

New phase 
fraction (%) 

Ni55Ti45 31 ± 6 51 – – – – – – – – 

Ni54Ti45Hf1 27 ± 9 54 – – – – – – – – 

Ni50.3Ti46.7Hf3 25 ± 8 37 
32 ± 13 (l), 
14 ± 5 (w) 

22 – – – – 

Ni54Ti43Hf3 74 ± 11 67 – – – – – – – – 

Ni56Ti41Hf3 81 ± 15 71 – – – – – – – – 

Ni56Ti36Hf8 – – – – 
23 ± 5 (l), 
12 ± 3 (w) 

61 
16 ± 5 (l), 
11 ± 7 (w) 

33 

 

6.4.4. Monotonic / cyclic compressive behavior of peak hardened Ni-Ti-Hf alloys 

Several alloy compositions were selected for uniaxial compression testing in their peak-

aged conditions. The monotonic stress-strain curves of the Ni56Ti36Hf8 (purple), Ni56Ti41Hf3 

(yellow), Ni52Ti40Hf8 (blue) and baseline Ni55Ti45 alloy (gray) [9] (see Fig. 6.5) all appear to 

exhibit a typical elastic-plastic response where austenite phase elastically deforms until reaching 

a yield stress. The baseline Ni55Ti45 alloy (gray) [9] is shown to yield at ~2.7 GPa and exhibits 

compressive failure by fracture at a strain of 3.1 %. The limited failure strain in this alloy is most 

logically explained by the presence of the heterogeneous Ni3Ti precipitates lining the grain 

boundaries which embrittle the material [9]. Ni56Ti36Hf8 alloy, which is the hardest alloy 

condition, exhibits the highest yield stress of 3.4 GPa prior to fracture (sample fragmented into 

several pieces) at 3.6 GPa. This alloy obtained a 0.7 GPa increase in yield strength compared to 

the baseline Ni55Ti45 alloy which is attributed to the presence of the nano-scale New phase and 

H-Phase precipitation throughout the material. This strength increase, together with the 31% 

increase in compressive failure strain (~4.2%) suggest that the nano-scale H-phase and New 

phase precipitates enhance the properties, though greater solid-solution strengthening due to the 

Hf additions are also expected to have an effect. The Ni56Ti41Hf3 alloy exhibits a yield strength 
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of 2.9 GPa prior to failing by fracture (along the plane of maximum shear) at 3.1 GPa. Increased 

strength compared to the baseline Ni55Ti45 alloy coincides with the increased fraction of Ni4Ti3 

precipitates in the material and it also exhibits a 44 % relative increase in compressive failure 

strain (~4.6% strain). The Ni52Ti40Hf8 alloy displays a very similar yield strength (~2.7 GPa) to 

the baseline Ni55Ti45 alloy and the sample eventually fractured (sample fragmented into several 

pieces) at ~2.9 GPa. However, the elongation to failure was much greater at  ~7.1% strain. The 

high failure strain (222 % higher than Ni55Ti45) exhibited remains to be understood through 

additional microstructural investigation of the peak-aged Ni52Ti40Hf8 alloy. 

The Ni54Ti45Hf1 alloy (red) exhibited a unique response relative to the other materials – 

superelasticity was observed prior to yield. The ultimate compressive stress at failure is similar 

to the baseline Ni55Ti45 alloy (~3.0 GPa) however the compressive failure strain is greatly 

enhanced to ~9 % strain. The reason for the high failure strain (281 % higher than Ni55Ti45) has 

been reported in the same alloy and peak-aged condition by Casalena et al. [173] where the 

material exhibited a martensitic transformation at low stress (prior to the austenite yield stress). 

The explanation for the low critical stress for martensitic transformation was due to the 

microstructure, which contains a large fraction of Ni4Ti3 precipitates, drives the Ni content from 

54 at.% Ni to ~50 at.% Ni which effectively increases the Ms temperature and consequently 

decreases the critical stress for transformation below that of the austenite yield stress [173]. More 

applied stress results in continuous martensitic transformation until the saturation limit is reached 

(end of the martensite stress plateau). From this point, more applied stress results in plastic 

deformation until the sample fractured (the pieces were not recovered).  
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Figure 6.5 Compressive behavior of Ni-rich NiTiHf alloys loaded in until failure. Monotonic 
stress strain curves of Ni56Ti36Hf8 (purple), Ni56Ti41Hf3 (yellow), Ni52Ti40Hf8 (blue), Ni54Ti45Hf1 
(red), Ni55Ti45 (dashed gray). 

 

 
Figure 6.6 Cyclic compressive behavior of Ni-rich NiTiHf alloys. 5-cycle stress strain curves of 
Ni56Ti36Hf8 (purple), Ni56Ti41Hf3 (yellow), Ni52Ti40Hf8 (blue), Ni54Ti45Hf1 (red), Ni55Ti45 (gray). 

 

To phenomenologically assess whether or not stress-induced martensite transformation 

plays a role in the inelastic responses of the alloys, samples were cycled 5 times using a stress 
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level above the elastic limit but below the ultimate stress. The superelastic Ni54Ti45Hf1 cyclic 

compression response was previously reported by Casalena et al. [173] who observed ~4% strain 

and little to no hysteresis via SIM transformation. The Ni55Ti45 cyclic compression response 

previously reported by Benafan et al. [9] who observed typical elastic-plastic behavior (up to 

1.5% strain) prior to buckling. The Ni52Ti40Hf8 alloy (blue) exhibited also exhibited usual elastic-

plastic cyclic behavior. The Ni56Ti41Hf3 alloy (yellow), however, exhibited rather unusual cyclic 

compression behavior. During initial unloading of the sample, additional strain accumulated; 

analogously, during initial re-loading in cycles 2-5, strain continued to recover before 

accumulating again. This anomalous behavior can be macroscopically described as an amazing 

Bauschinger effect [199,200], which is most likely due to complex interactions between stress-

induced martensite, precipitates, and dislocations. Further investigations are warranted to 

understand the mechanisms behind this mechanical behavior, and also why this alloy with more 

nickel and less hafnium, both of which should make transformation temperatures lower, appears 

to exhibit some influence of phase transformation where the Ni52Ti40Hf8 alloy did not. It is 

possible that phase transformation does not play a role in promoting this Bauschinger effect. 

Finally, it is noted that repeated attempts were made to cyclically load the Ni56Ti36Hf8 alloy 

(purple) beyond the 3.4 GPa elastic limit, however the samples fractured during the first cycle in 

a similar manner to the monotonic loading experiment, thus we cannot currently assess if the 

inelastic deformation observed during monotonic deformation is traditional plasticity or a 

combination of plasticity and stress-induced phase transformation.  

6.5 Conclusions 

The family of Ni-rich NiTiHf alloys containing low levels of Hf and novel thermal 

treatments were studied for their tribology and mechanical performances and compared to 
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baseline Ni55Ti45 and 1st generation Ni54Ti45Hf1 bearing alloys via a combination of mechanical 

testing, RCF testing, and electron microscopy methods. This approach to development of 

tribological-grade NiTiHf alloys has major implications on a variety of applications such as 

bearings, gears, wear surfaces, coatings, and high rate impact components where hardness, 

fatigue and wear resistance is crucial. Moreover, the wide range of properties that were exhibited 

during mechanical testing reveals the versatile nature of the NiTiHf alloy space and its potential 

impact on other application spaces beyond tribology. The main findings can be summarized as 

follows: 

• Hardness in NiTiHf alloys is greatly enhanced with increased Ni content. Moreover, novel 

3-step heat treatment which implements 300ºC pre-aging allows a high fraction of 

precipitates to form which results in higher hardness and better RCF performance. The 

harder alloys exhibited long life-spans (~107 cycles) at 2.2 – 2.4 GPa before failing due to 

high-cycle fatigue. The softer alloys exhibited significantly shorter life-spans when tested 

at these higher stress levels. 

• Very Ni-rich NiTiHf alloys (54 – 56 at.% Ni) exhibited best properties trading 

superelasticity for high hardness. In particular, the Ni56Ti36Hf8 alloy exhibited the highest 

hardness of any tested alloy which corresponds to enhanced RCF stress limits. The 

microstructure of the Ni56Ti36Hf8 alloy containing unique cubic New phase precipitates 

which maximized the strength and toughness of the material. Therefore, superior 

tribological performance can be achieved via this new precipitation pathway, which is 

highly dependent on heat treatment and alloy selection, to extend the lifespan of 

components. 
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• The Ni54Ti45Hf1 alloy exhibited stress induced martensitic tranformation when subjected to 

both monotonic and cyclic compression testing. The critical stress for martensitic 

transformation was achieved prior to reaching the austenite yield stress and as a result, the 

material achieved the highest elongation to failure (~9 %) of the alloys studied. 

• The anomalous behavior exhibited in the Ni56Ti41Hf3 alloy during cyclic compression 

testing can be macroscopically connected to a Bauschinger effect, which is most likely due 

to complex interactions between stress-induced martensite, precipitates, and dislocations. 

Further investigation is necessary to characterize the underlying mechanisms behind this 

behavior. 
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CHAPTER SEVEN         

SUMMARY AND FUTURE OUTLOOK 

The work presented in the dissertation identifies the versatility of the NiTiHf alloy 

system for use in space age tribology applications that require materials with ultra-hard and wear 

properties to withstand extreme environments. This insight contributes to the understanding of 

complex microstructure-property, and processing relationships in this family of alloys. The 

systematic approach to alloy selection/optimization combined with in-depth characterization will 

allow future NiTiHf alloy components such as bearings, gears and wear surfaces to be built with 

a greater understanding on fundamental precipitation kinetics, structures of those phases and the 

deformation mechanisms that govern RCF damage and surface wear. Moreover, applying novel 

alloys and processing techniques to the well-established field of tribological research opens up 

new avenues of research to improve other tribological-grade alloys. There is a significant body 

of work on NiTi-based shape memory alloys, however, the relatively dormant field of NiTi based 

alloys for ultra-hard tooling and wear applications has great potential to affect a variety of 

applications and fields of materials engineering such as additive manufacturing and development 

of graded microstructures where surface wear is of importance. 

• Chapter 3 reported the microstructure evolution of two NiTiHf alloys and its effect on 

micro-hardness. It had been hypothesized that H-phase precipitation can also provide 

superior hardness to alloys compared to Ni4Ti3, resulting in superior wear performance in 

rolling contact fatigue (RCF). It was revealed that H-phase can provide strength similarly 

to Ni4Ti3, however by itself, the H-phase does not provide the same hardness levels as 

Ni4Ti3. Rather, the interaction between New phase and H-phase provides the hardest 
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microstructure. Moreover, it is confirmed that when Hf content is increased to 8 at.%, 

Ni4Ti3 is not observed. Novel pre-aging step allows for New phase and H-phase to 

preferentially form which resulted in the hardest alloy with best RCF capabilities in the 

study. The transition point has been more closely identified between Ni4Ti3 preference is 

between 3 and 8 at.% Hf content for 56 at.% Ni alloys. This transition point between Ni4Ti3 

and H-phase can be more accurately assessed via high-energy X-ray techniques such as 

wide-angle X-ray scattering, a more efficient method of identifying phases and their phase 

fractions, respectively. These contributions to understanding of precipitation kinetics will 

assist in development of a time-temperature-transformation (TTT) diagram for the ternary 

NiTiHf alloy system. Finally, implementing the low temperature age significantly 

improved the hardness in both alloys. This finding is a great step towards more ideal heat 

treatments in these alloys and further investigation of novel multi-step heat treatments may 

unlock enhanced properties. 

• It has been proposed that high elastic coherency strain fields surrounding fine Ni4Ti3 

precipitates hinder dislocation movement in the matrix phase which is a plausible 

explanation for the hardening behavior in NiTi-based alloys. Through direct analysis of 

Ni4Ti3 / B2 interfaces in Chapter 3, it is determined that precipitates maintain full 

coherency after solution annealing followed by rapid quenching. These findings would 

benefit from the use of advanced characterization techniques in order to better capture the 

strains surrounding these unique precipitates. Additional aging steps allow these 

precipitates to coarsen and transitioning to semi-coherent and then fully incoherent, 

corresponding with a decline in hardness and strength. However, it has been shown that for 

shear-able precipitates, maximizing the depth of the strain fields that surround the 
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precipitates leads to increase in strength and hardness. Moreover, it has been shown that the 

addition of Hf can help slow rapid Ni4Ti3 over-coarsening and affect the morphology of 

precipitates. 

• New phase was only previously observed and described as cubic structured Ni3Ti2 phase. 

Therefore, the work conducted in Chapter 4 sheds light on the structure, atomic positions 

and stoichiometry of this unique precipitate phase. Chapter 3 discusses the effect of New 

phase as precipitation hardener that will help future NiTi-based alloy development to 

properly identify this phase, understand the fundamentals behind the changes to 

precipitation kinetics and its contributions to material strength/hardness. More can still be 

determined for New phase effects on other mechanical properties and continued work may 

focus on the behavior of a variety of NiTiHf alloy compositions that contain New phase. 

• Chapter 5 is the first study to report the sub-surface damage and underlying deformation 

mechanisms of precipitation strengthened NiTi-based alloys under complex RCF 

conditions. Direct comparison between the sub-surface microstructures under different 

levels of damage has shown to be a natural approach to ascertain the evolution of damage, 

and to identify alloy compositions and their respective microstructures that are more 

effective in minimizing such damage. This approach can be implemented for other alloy 

systems and components such as bearings, gears, and surfaces where fatigue wear 

resistance is of premium concern. Moreover, it has been hypothesized that the stress 

capabilities of the alloys tested could be enhanced through further purification of these 

materials which necessitates future development in alloy processing. Future work may 

include direct in-situ fatigue testing of samples extracted from the surface in order for a 

direct comparison to be made between the behavior of the surface microstructure and the 
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bulk material. Finally, this study motivates a resurgence in alloy development for the well-

established engineering field of tribology.  

• Chapter 6 studied the family of Ni-rich NiTiHf alloys containing low levels of Hf via novel 

thermal treatments and evaluation of their tribology and mechanical performances 

compared to baseline Ni55Ti45 and 1st generation Ni54Ti45Hf1 bearing alloys. Major changes 

to behavior can result from a variety of precipitation pathways which complements the 

previous structure-property study conducted in Chapter 3.  It was shown through head 

treatment vs. hardness evaluation that the standard thermal aging conditions (400 – 700 ºC) 

for NiTi SMAs (50 – 52 at. %) do not produce the best properties for very Ni-rich alloys 

(54 – 56 at. %). Moreover, the remarkable capabilities exhibited in these advanced ternary 

alloys shows that continued work is necessary to understand the underlying complex 

microstructures and underlying deformation mechanisms behind their behavior. 

As the greater NiTiHf alloy system continues to be developed and applied to a wider 

range of applications, some of which have yet to be discovered, this fundamental research in 

very Ni-rich NiTiHf alloys will provide a platform from which to expand the processing 

capability, and performance threshold of NiTiHf alloys designed for tribological components. 

The impact of this work will contribute to accelerating the development of these advanced 

ternary alloys to withstand extreme environments, and extend the lifespan of components where 

fatigue and wear resistance is paramount. 
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APPENDIX A 

The following figures correspond to analysis conducted NiTiHf alloys throughout the 

course of this thesis that was not specifically included as figures in the previous chapters. 

 
Figure A.1 Scanning electron micrographs (secondary electron imaging mode) of PM processed 
Ni54Ti45Hf1 alloy (a,b) as received powder metal and (c,d) after solution anneal followed by air-
cooling. HfO2 (white) oxides and small pores (black) are seen decorating grain boundaries. Laths 
are seen within the grain interior which are presumably Ni4Ti3 precipitates. Rare large elongated 
pore is observed in (b). 
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Figure A.2 Scanning electron micrographs (secondary electron imaging mode) of VIM processed 
Ni56Ti36Hf8 alloy (a,c) after solution anneal followed by water quench, (b,d) after solution anneal 
and water quench followed by pre-aging at 300ºC (12 h). HfO2 (white) oxides are seen 
decorating grain boundaries. No noticeable features are observed within the grain interior. 
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Figure A.3 Scanning electron micrographs (secondary electron imaging mode) of VIM processed 
Ni56Ti41Hf3 alloy (a,c) after solution anneal followed by water quench, (b,d) after solution anneal 
and water quench followed by pre-aging at 300ºC (12 h). HfO2 (white) oxides are seen 
decorating grain boundaries and small TiC(O) carbides (black) are randomly distributed 
throughout the material. No noticeable features are observed within the grain interior. 
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Figure A.4 Scanning electron micrographs (secondary electron imaging mode) of VIM processed 
Ni50.3Ti46.7Hf3 alloy (a,c) after solution anneal followed by water quench, (b,d) after solution 
anneal and water quench followed by pre-aging at 300ºC (12 h). Small TiC(O) carbides (black) 
are randomly distributed throughout the material and no noticeable features are observed within 
the grain interior. 
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Figure A.5 Scanning electron micrographs via secondary electron imaging (SEI) mode of VIM 
processed Ni50.3Ti41.7Hf8 alloy (a,c) after solution anneal followed by water quench, (b,d) after 
solution anneal and water quench followed by pre-aging at 300ºC (12 h). HfO2 (white) oxides are 
seen decorating grain boundaries and small pores (black) are randomly distributed throughout the 
material. No noticeable features are observed within the grain interior. 
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Figure A.6 Energy Dispersive Spectroscopy (EDS) spectrum collected in SEM-SEI mode of Hf-
rich HfO2 oxide (white) within Ni54Ti45Hf1 alloy. 

 

 
Figure A.7 EDS spectrum collected in SEM-SEI mode of Ti-rich TiC(O) carbide (black) within 
Ni56Ti41Hf3 alloy. 

 

 
Figure A.8 EDS spectrum collected in SEM-SEI mode of a rare pore (black) within Ni56Ti41Hf3 
alloy. 
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Figure A.9 SEM analysis using EBSD-OIM technique was conducted on a cross-section of an 
RCF tested Ni54Ti45Hf1 alloy rod to determine microscopic changes to the microstructure at the 
spalled edge compared to the bulk in the rod center. EBSD-OIM scan taken from the (a) center 
of RCF rod (bulk) and (b) spalled edge of RCF rod (surface) are shown. Orientation color legend 
(inset of (a)) corresponds to orientation of grains shown in (a) and (b). Bimodal distribution of 
grains is observed. Average grain size is 36 ± 33 µm at the center of the rod and 37 ± 25 µm at 
the edge of the rod. There is no observed texture that exists in either the center of the rod or the 
edge. Grain boundary misorientation map (c) shows the positions of the grain boundaries and, 
specifically shows very few low angle (5 – 15º) grain boundaries in green and predominantly 
high angle (≥15º) grain boundaries in blue. Furthermore, no sub-surface cracking is observed at 
the spalled edge. 

 

 
Figure A.10 Scanning electron micrographs (secondary electron imaging mode) of Ni54Ti45Hf1 
alloy wear track produced by rolling contact fatigue runout condition (> 1.7 × 10D cycles). 
Wavy oscillating indentation pattern running along the center of the wear track (highest contact 
stress). This is may be a result of a defect in the surface of the contacting bearing ball. 
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Figure A.11 Scanning electron micrographs (secondary electron imaging mode) of Ni54Ti45Hf1 
alloy spall formation from failed rolling contact fatigue wear track (< 1.7 × 10D cycles). (a,c) 
Images taken from the center of spall show narrow beach marks that propagate away from a 
possible spall initiation site. (b,c) Images taken at the spall edge show visible facets running 
perpendicular to one another that indicate a mix of intergranular and intragranular fracture. 

 

 
Figure A.12 Schematic for deformation band formation in (a) Ni55Ti45 and Ni54Ti45Hf1 alloys 
compared to (b) Ni56Ti36Hf8 alloy. Deformation bands in (a) form and grow within larger 
fraction of available B2 matrix which leads to shearing / dissolving Ni4Ti3 precipitates. 
Deformation bands in (b) are constrained to narrow B2 matrix channels and are unable to shear / 
dissolve H-phase and new phase precipitates. 



 199 

 
Figure A.13 Design space of heat treatments conducted on NiTiHf samples (post solution 
annealing and water quench) at various temperatures (450 – 800 ºC) times (0.1 – 10 h). Samples 
are 2mm (diameter) by 4mm (length) and are being used to develop a time-temperature-
transformation (TTT) diagram for several NiTiHf compositions. 

 

 
Figure A.14 Schematic illustration of high energy small-angle x-ray scattering (SAXS) and 
wide-angle x-ray scattering (WAXS) technique conducted on heat treated NiTiHf specimens at 
the Advanced Photon Source (APS) located in Argonne National Laboratory in Illinois, USA. 
Image of APS sample wheel can hold 48 samples and is used for rapid data collection which will 
be used for time-temperature-transformation (TTT) diagram development of several NiTiHf 
compositions. 
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Figure A.15 X-ray computed tomography (XCT) measurement taken from an extruded NiTiHf 
alloy compression cylinder (2mm diameter by 4mm length) that can reveal density changes 
throughout the bulk material. These changes in density are shown in clusters (c,d) which indicate 
possible location/distribution of voids and other defects in the sample. Note, minimum spatial 
resolution of the measurement is 5 µm. 

 


