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ABSTRACT 
 

High temperature aluminum alloys can possess a desirable combination of specific 

strength, corrosion resistance, electrical and thermal conductivity, and creep resistance at 

temperatures in excess of 300 °C. However, the selection of commercial high temperature 

aluminum alloys is quite limited due to material cost and/or challenges in solidification 

processing of the highest performance alloys. 

In the present work, the high temperature aluminum alloy 8009 (Al-4.4Fe-0.6V-1.8Si, 

at.%) was modified to create alloys containing face-centered cubic Al (FCC-Al) and the α-phase 

intermetallic, and remove the deleterious h-phase intermetallic. The crystal structures of the 

competing h and α-phase intermetallics in 8009 and related alloys were characterized using 

powder diffraction. The differences in atomic structure of the two phases were used to predict 

alloy modifications that promote the α-phase and mitigate h-phase formation. Atomistic and 

thermodynamic modeling were used to determine novel FCC-Al + α-phase alloy compositions. 

Various compositions of Al-(Co-Fe-Mn-Cr-V-Mo)-Si FCC-Al + α-phase alloys were 

experimentally investigated to verify the modeling results. The alloy Al-4.4Fe-0.2V-0.4Mo-2.3Si 

(at.%) was identified as a promising dispersoid-strengthened FCC-Al + α-phase alloy and the Al-

Fe-Mn-Cr-Si alloy system was chosen as a model system for studying the FCC-Al + α-phase 

eutectic solidification behavior and assessing its mechanical properties.  

The solidification behavior of Al-Fe-Mn-Cr-Si alloys was investigated using chill casting 

and autogenous welding. Microstructure-processing maps were generated from these 

experiments. Mechanical properties were assessed using microhardness, compression, and in situ 

tensile testing. Al-Fe-Mn-Cr-Si FCC-Al + α-phase eutectic alloys were found to have 

mechanical properties that meet or exceed those of most existing, conventionally-processed high 

temperature Al alloys at temperatures up to 370 °C. Additionally, these alloys can be processed 

under conditions similar to conventional processing routes like strip casting and die casting, as 

well as additive manufacturing. Because of their enhanced microstructural stability relative to 

most commercial high-temperature Al alloys, FCC-Al + α-phase eutectic alloys are a promising 

new class of aluminum alloys
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CHAPTER 1 

INTRODUCTION 

 

Aluminum alloys have found application in many industries, due to an attractive 

combination of strength, low density, and corrosion resistance. However, one area in which 

aluminum alloys have consistently underperformed is at elevated temperatures, particularly at 

temperatures above about 250 °C [1.1, 1.2]. This is largely due to the nature of the strengthening 

mechanisms present in conventionally processed aluminum alloys. Precipitation strengthening is 

the dominant strengthening mechanism in high strength aluminum alloys, but the precipitates 

present in these alloys generally contain elements with high diffusivity in the aluminum matrix 

[1.1, 1.2]. Because of this, most precipitation-strengthened aluminum alloys have poor 

microstructural stability at temperatures in excess of 250 °C [1.2].  

Although most high-strength aluminum alloys utilize strengthening mechanisms that 

perform poorly at elevated temperatures, there are some alloys with high performance at elevated 

temperatures. The Al-Fe-V-Si alloy 8009 has high strength over a wide range of operating 

temperatures [1.3]. It is produced using rapid solidification, however. After consolidation and 

thermo-mechanical processing steps, this processing route results in a final cost more 

comparable to titanium alloys than other aluminum alloys. As such, there is a strong motivation 

to identify alloys or processing routes that can retain the superior performance of 8009 at 

reduced cost. This would result in cost and/or weight savings and help to improve the efficiency 

and economy of weight-critical systems that experience service temperatures on the order of 200 °C to 400 °C. 

1.1 Outline 

A brief description of the contents of each chapter in this document is provided below.  

Chapter 2 describes the state-of-the-art in high-temperature structural aluminum alloys. 

Several promising current areas of research in the field are also detailed. The rationale for the 

present work is given. Theory regarding the crystallography, electronic structure calculations, 

and solidification described in this work is also discussed. Finally, the main research questions of 

this work are presented. 
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Chapter 3 details the structural determination of the h-phase intermetallic that forms in 

8009. The importance of the h-phase crystal structure is described from the crystallographic and 

metallurgical perspective.  

Chapter 4 describes the structural determination of the α-phase intermetallic in Al-Mn-Si 

alloys. A hybrid experimental-computational structure determination method is employed to go 

beyond the spatial resolution of existing experimental methods. The importance of the structure 

for ab initio calculations is described. 

Chapter 5 validates the crystal structure of the AlGe monoclinic phase in Al-Ge alloys 

using the techniques described in chapters 3 and 4. This helps to demonstrate the validity of 

these techniques for a simpler crystal structure. 

Chapter 6 details work done to verify the that the α-phase intermetallic is actually 

isomorphic over a wide range of compositions. Al-Mn-Si, Al-Fe-Mn-Si, Al-Fe-Cr-Si, and Al-Fe-

V-Si compositions were examined. Al-Mn-Si and Al-Fe-Mn-Si were examined for comparison 

to the literature. 

Chapter 7 describes the computational methods used in this work to design Al + α-phase 

eutectic alloys and α-phase dispersoid-strengthened alloys from first principles. Advantages, 

drawbacks, and optimal application of the method are described in the context of Al-Fe-Mn-Cr-

Si alloys. A variety of α-phase compositions are also presented to verify the accuracy of the 

method. 

Chapter 8 shows the microstructures of two modified 8009 compositions designed to 

mitigate h-phase formation and promote α-phase formation using the results from chapters 6 and 

7. The microstructures of the modified alloys are characterized. 

Chapter 9 describes the microstructure and mechanical properties of Al-Fe-Mn-Cr-Si Al 

+ α-phase eutectic alloys as a function of composition. Room temperature and elevated 

temperature testing was performed to evaluate the micro-scale and bulk mechanical properties of 

the alloy. Microstructural stability at elevated temperatures was also investigated. 

Chapter 10 describes the solidification behavior of Al-Fe-Mn-Cr-Si Al + α-phase alloys 

as a function of composition and processing conditions. Alloys were investigated using a 
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combination of chill casting and autogenous tungsten inert gas (TIG) welding solidification 

experiments. Solidification velocity and cooling rate were systematically varied to identify their 

importance in as-cast microstructures.  

Chapter 11 summarizes the results of this work and describes how the results obtained 

address the research questions in this chapter. Chapter 12 describes potential areas for future 

research based on the findings from this project. The appendices include additional information 

on the determination of cooling rate in chill castings, the welding and chill casting experiments, 

and the calculation of electronic densities of states. 
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CHAPTER 2 

BACKGROUND 

 

This chapter reviews the literature on high temperature aluminum alloys and provides a 

review of some of the theory relevant to this project. An introduction to high temperature Al 

alloys is provided, followed by a review of the state-of-the-art and several current areas of 

research. Then, a review of structure determination from powder diffraction data is provided. An 

introduction to the electronic structure of metals as it pertains to this work is then given. Finally, 

a brief review of eutectic solidification is described.  

2.1 High Temperature Aluminum Alloys 

Before discussing any existing alloys, the theory behind them, or current directions in 

high temperature Al alloy research, it is critical to address the question of what constitutes a high 

temperature Al alloy and why they matter. Unlike many other high temperature engineering 

alloys, high temperature Al alloys are designed for use at relatively low temperatures, about 200 °C to 400 °C [2.1,2.2]. These temperatures, though, represent homologous temperatures of about 

50 to 70% of the melting point of elemental aluminum. For reference, a Ni superalloy at 70% of 

the elemental melting point of Ni would be at a temperature of about 940 °C. Microstructural 

stability is generally a function of homologous temperatures, so it is important to keep in mind 

that even though the absolute temperatures are relatively low, the homologous temperatures 

targeted for high temperature aluminum alloys are as high as most other high temperature alloys. 

High temperature Al alloys, even though they face the technical barriers that other high 

temperature alloys do, cannot be used at temperatures that are high in absolute terms. Therefore, 

they tend to find fairly specialized applications. Al alloys do have several benefits. They tend to 

be low cost, have low densities, and possess good corrosion resistance [2.2]. Additionally, they 

have above average electrical and thermal conductivity. These traits have made high temperature 

Al alloys particularly desirable for lightweight engine components [2.1], although there are many 

specialized applications where some combination of these or other properties make Al alloys 

desirable. 
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2.2 State-of-the-Art in High-Temperature Structural Aluminum Alloys 

Currently, commercially available high temperature Al alloys tend to fall into three broad 

categories, with one of them being far more prevalent than the others. 

The first class of commercial high temperature Al alloys can broadly be described as 

alloys strengthened by Cu-rich precipitates. This includes Hiduminium alloys like RR-350 and 

their derivatives such as 2618 [2.1-2.4], which are commonly considered as the best 

conventionally processed high temperature Al alloys in terms of their strength and 

microstructural stability at elevated temperatures. Although new iterations of this class of alloys 

like NASA 398 [2.4] have been developed over the years, many of the key innovations were 

made in the early and mid-20th century for this class of alloys [2.1]. As such, while performance 

enhancement of this class of alloys is possible, it is not thought to be a promising candidate for 

breakthrough improvements [2.1]. As the current standard, any novel high temperature, 

conventionally-processed Al alloy would have to meet or exceed the performance of this class of 

alloys. The properties of NASA 398, 2618, and RR-350 are shown in Figure 2.1 as a function of 

temperature. These alloys show fairly representative properties for conventionally-processed  

high temperature Al alloys. 

Although each of the individual alloys in this class differs somewhat in how it reaches its 

properties, the alloys are all strengthened by Al-Cu precipitates. For elevated temperature 

applications, the precipitate of most interest is the metastable, semicoherent θ’ precipitate [2.5]. 

In Al-Cu alloys, the θ’ precipitate will eventually transform to the equilibrium, incoherent θ 

phase. The θ’ precipitate, though, is known to reject solute to the Al-θ’ interface, as illustrated in 

Figure 2.2 [2.6]. This rejection of solute, in combination with proper alloying, can lead to 

sluggish coarsening of the θ’ precipitate and slow transformation kinetics to the equilibrium θ 

phase and enable retention of high performance at elevated temperatures [2.5].  

 

The second class of commercial high temperature Al alloys can be described as 

strengthened by low volume fractions of thermally stable precipitates and dispersoids. Unlike Al-

Cu alloys, the defining feature of dispersoids and thermally stable precipitates is not 

composition, but stability and processing routes. With the exception of a few rare-earth elements 

like Er [2.7], these alloys utilize early transition metal elements like Sc and Zr to form L12 Al3X-
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type precipitates resistant to coarsening [2.8], or transition metals like Fe and Mn to form 

dispersoids as shown in Figure 2.3 [2.9]. However, this feature is also a liability due to the 

peritectic and shallow eutectic reactions common to these elements in Al-rich alloys [2.7]. Most 

of the elements with low diffusivities (≤~10-21 m2*s-1 at 400 °C) in Al at high temperatures have 

peritectic binary phase diagrams with Al and steep liquidus curves on the Al-rich side of the 

phase diagram [2.7]. This prevents the use of high volume fractions of precipitates containing 

these elements and limits the strength of the alloys. Although the strength is limited, alloys in 

this class have shown promise for their creep resistance and potential to retain high conductivity 

[2.10]. Additionally, the combination of alloying concepts from this class of alloys with those 

from Al-Cu alloys has resulted in enhanced properties overall [2.4]. Examples of some of the 

precipitates/dispersoids that are used in these alloys are Al3Zr, α-Al12(Fe,Mn)3Si2, and Al6Mn 

[2.7, 2.9]. 

 
Figure 2.1—Yield strength vs. temperature for selected Al alloys after extended holds at 
temperature. 8009 possesses much higher strengths than Al-Cu alloys in temperatures of about 
200-300 °C. 2618, NASA 398, and RR-350 are representative of the upper end of properties 
for conventionally-processed alloys. 
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Figure 2.2—Images of Ag segregation to the Al-θ’ interface taken from [2.6]. The images in a) 
and b) were taken using HAADF-STEM, so the intensity contrast in c) and d) is largely from 
the presence of Ag at the interface due to its high Z contrast with Al and Cu. Although Ag 
itself does not have a particularly low diffusivity in the Al matrix [2.6], the segregation of Ag 
to the interface highlights how elements with low diffusivities in the Al matrix can segregate 
to θ’ precipitate boundaries and slow coarsening kinetics. 
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Finally, the third major class of commercial high-temperature Al alloys is rapidly 

solidified, dispersion-strengthened alloys. These include both 8019, an Al-Fe-Ce alloy, and 8009, 

an Al-Fe-V-Si alloy. Of these, 8009 is generally considered to have superior performance [2.11, 

2.12], and will be described in further detail. Developed in the 1980’s [2.11], 8009 is relatively 

recent, especially compared to derivatives of Hiduminium alloys [2.1]. It is strengthened by a 

fine dispersion of the quaternary α-Al(Fe,V)Si intermetallic phase in the Al matrix, as shown in 

Figure 2.4 [2.13]. Because of the presence of V in the primary α-phase, the alloy is 

microstructurally stable at temperatures in excess of 400 °C [2.7, 2.11]. However, in order to 

produce the fine dispersoids of α-phase, rapid solidification cooling rates on the order of 105-106 

K/s are typically required. This makes 8009 a prohibitively expensive alloy for most 

applications, despite its superior mechanical properties. 8009 has a room temperature yield 

strength almost twice that of Al-Cu alloys designed for similar temperature ranges, so there is 

currently a wide gap between low cost, high temperature alloys and the highest performance Al 

alloy commercially available. This is illustrated in Figure 2.1. 

2.3 Current Areas of Research 

Before describing the nature of the alloy development in this work, it is worth describing 

a few active areas of research in high temperature Al alloys. Topics relevant to the three classes 

Figure 2.3—TEM image of dispersoids in alloy 3003 and the corresponding size distribution 
of dispersoids after annealing for 24 hr at 375 °C, taken from [2.9]. The dispersoids form due 
to the supersaturation of Mn and Si in solid solution for the as-cast alloy. 
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previously described will be discussed in addition to some more novel approaches to Al alloy 

design. 

 

 

There has been continuing work on Al-Cu alloys into the present. Of particular note, 

several research groups have begun to utilize integrated computational materials science and 

engineering (ICME) approaches to characterize existing Al-Cu high temperature alloys and 

develop enhanced versions of these alloys [2.5, 2.14]. While work in this area is certainly 

promising and will likely lead to enhanced performance, it does not fundamentally change the 

strengthening mechanism from existing alloys. 

Work on utilizing the mechanisms of thermally stable dispersoids and precipitates is not 

limited to any one or two systems, but for the purposes of discussion two active areas of research 

will be discussed. One promising avenue of research is Al alloys with coherent Al3X precipitates 

modeled on γ-γ’ Ni-base superalloys [2.7]. However, the most effective element for forming 

these precipitates is Sc, which is prohibitively expensive [2.7]. Even with Sc additions, the 

Figure 2.4—Bright field TEM images of dispersoids in 8009, taken from [2.13]. The ideal 
microstructure of 8009 is similar to that shown, consisting of fine, roughly spherical α-
Al(Fe,V)Si intermetallic dispersoids in an Al matrix. This image was taken from an extruded 
bar of 8009. 
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volume fraction of Al3X precipitates is not as high as in γ-γ’ Ni-base superalloys so the 

strengthening effect achieved is not as high [2.7]. Work has been done to retain the benefits of 

coherent Al3X precipitates with reduced Sc levels [2.15], but the strength of these alloys has not 

been particularly high relative to Al-Cu alloys. In 3xxx series alloys, α-phase and Al6Mn-type 

dispersoids are known to precipitate out of the matrix at elevated temperatures [2.9]. Additions 

of alloying elements like Mo have been shown to improve microstructural stability at elevated 

temperatures in these alloys [2.16]. The strength derived from these dispersoids is relatively low, 

though. It seems that from a purely mechanical perspective, precipitates and dispersoids of this 

type are best pursued as complementary strengthening mechanisms. 

The research actively being pursued for 8009 and related alloys is somewhat different in 

nature than the two groups of alloys just described. Unlike those types of alloys, 8009 already 

possesses superior mechanical properties. As such, the challenge for 8009 lies in improved 

processability and increasing the number of applications for which it is economically viable. One 

particularly active area of research right now is additive manufacturing (AM). 8009 has been 

demonstrated to be a viable choice for selective laser melting (SLM) AM [2.17]. 8009 also 

possesses an inherent advantage over many other Al alloys for AM because of its exceptional 

microstructural stability, leading to reduced coarsening from thermal cycling. The topic of 8009 

modifications for AM applications is discussed in Chapter 8. 

Finally, there has been substantial work in developing eutectic-strengthened high 

temperature alloys. This area of research has largely been frustrated by the lack of suitable 

eutectics, but work is being performed in Ce-containing alloys [2.18, 2.19], Fe-containing alloys 

[2.20], and Ni-containing alloys [2.21]. An Al-Ce-Mg alloy is shown in Figure 2.5 [2.18]. 

Despite the amount of work in this area, the level of strengthening achieved has generally not 

matched that of Al-Cu alloys. 

In the present work, eutectic strengthening and dispersoid strengthening approaches to 

alloy development are investigated in alloy systems closely related to 8009. For lower cost, 

conventionally processed alloys, the Al + α-phase eutectic found in 8009 [2.13] is investigated. 

For high performance applications, modifications with the potential to enhance the homogeneity 

and thermodynamic stability of 8009 are investigated. 
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Figure 2.5—Backscatter SEM images of an Al-8Ce-0.4Mg alloy, taken from [2.18]. The 
eutectic microstructure is analogous to an Al-Si alloy, but has superior microstructural 
stability due to the lower solubility and diffusivity of Ce in the Al matrix [2.7]. The eutectic 
constituent can also have a refined microstructure with an interlamellar spacing under 1 μm. 

 

2.4 Structure Determination from Powder Diffraction 

A substantial portion of this project was applying powder diffraction techniques to 

perform accurate structure determination on large unit cell intermetallics from multiphase 

patterns. In this work, structure determination is generally used to mean solving the “phase 

problem,” where the amplitudes of reflections are known but their phase is unknown. To 

generate an accurate crystal structure model, both the phase and amplitude must be known. This 

crystallographic work motivates much of the alloying explored in this project, but is somewhat 

distinct from the metallurgy of the problem. 

Perhaps the most important technique used in this work is charge flipping [2.22-2.24]. 

While charge flipping is relatively simple in application, the choice to use this particular 

technique arose out of a thorough review of the literature on structure determination. The 

ultimate goal in this work was to modify 8009, so a technique was needed that could accurately 

characterize the crystal structure of the h-phase. While transmission electron microscopy (TEM) 
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techniques are widely used in the literature [2.25], they have much lower resolution and worse 

statistics than x-ray or neutron crystallography. Ezersky et al. had proposed a model of the h-

phase [2.26], but it was based on the assumption that its structure was similar to α-Al(Fe,V)Si in 

8009, and by extension α-Al(Fe,Mn)Si [2.27, 2.28]. This assumption, while it helps to propose a 

model, removes most metallurgically interesting information from the solution. The strong-

reflections approach [2.29, 2.30] suffers from the same issues.  

For x-ray and neutron crystallography, three widely used techniques were identified as 

promising candidates for solving the h-phase crystal structure from powder diffraction data. 

These were direct methods [2.31], charge flipping [2.23, 2.24], and global minimization [2.31]. 

While all three have strengths and weaknesses, it was found that with existing software, charge 

flipping was easiest to adapt to complex metallic powder patterns. Additionally, charge flipping 

on powder diffraction patterns has been used to solve the crystal structures of several highly 

complicated zeolites [2.32, 2.33]. These structures were solved from multi-phase powder 

patterns with minimal external information, and are arguably even more complicated than that of 

the h-phase [2.26]. Because of the proven ability of the technique to solve related problems and 

availability of the tools required to apply the technique, it was chosen for this work. 

Charge flipping is an interesting method, because there are few assumptions [2.23, 2.24]. 

Given that the goal of structure determination was to find differences between two closely 

related structures, the reduced assumptions in the technique made it particularly attractive. 

Charge flipping can essentially be described in the following steps [2.22-2.24]: 

1) Reflection intensities and full-width half maxima are extracted from an indexed powder 

pattern.  

2) Estimated composition is combined with the information from step 1 to generate the input. 

3) Phases are randomly assigned to each reflection amplitude and used to generate a charge 

density map. 

4) Negative charge densities below a threshold positive value have the signs of their charge 

density “flipped” to be positive. 
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5) A Fourier transform is applied to the new charge density map to obtain new phases and 

amplitudes for each reflection. 

6) The experimentally observed amplitude is used in place of the amplitude from the Fourier 

transform, creating a new set of guesses for the phases of each experimentally observed 

reflection. 

7) The new set of amplitudes and phases are used to generate a charge density map. 

8) Steps 4 through 7 are repeated until a successful structure determination is made or the 

algorithm reaches a pre-set limit of iterations, typically on the order of one to ten thousand 

iterations. 

Once a structure has been determined, it can be refined using Rietveld refinement to reach a 

highly accurate representation of the atomic structure. Rietveld refinement is a least-squares 

optimization technique used to fit crystallographic and instrument parameters to experimentally 

observed powder patterns. Unlike charge flipping, Rietveld refinement cannot be used to 

generate a crystal structure model in most cases, but it is particularly well-suited to describing 

the fine structure of the phase. This was exploited to identify the likely Al/Si ordering in α-

AlMnSi in Chapter 4, which has been the subject of some debate [2.27, 2.28, 2.34-2.36]. 

Finally, the maximum entropy method (MEM) [2.37] can be used as a complementary 

technique to Rietveld refinement to help identify non-spherical charge density and reduce the 

number of assumptions required to generate a crystal structure model. In Chapter 4, the MEM 

method has been used in a novel way to try to differentiate between Al and Si sites by exploiting 

the reduced number of assumptions required compared to Rietveld refinement. Chapters 4 and 5 

both use its ability to generate non-spherical charge density to illustrate possible bonding 

interactions in α-AlMnSi and AlGe from experimental considerations. 

2.5 Electronic Structure of Metals 

Electronic structure of metals is a broad topic that cannot possibly be given justice in the 

background section of this work. As such, only a few specific topics directly related to the work 

done in this project will be discussed. These are: 1) electronic density of states (DOS), 2) Hume-

Rothery compounds, 3) band energy levels, and 4) interpretation of bonding interactions from 

the electronic DOS. 
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The electronic DOS can be described as a plot of the number of possible energy states 

within a given range of energies, giving an energy density of possible states in a compound 

[2.38]. A good description of how a DOS can be conceptually derived from bonding between 

atoms can be found in the work of Hoffmann [2.39]. Although the electronic DOS is not 

frequently mentioned in the context of phase stability in the metallurgical literature, it is 

intrinsically linked to bonding and, from there, phase stability. This relationship is particularly 

pronounced in metallic compounds known as Hume-Rothery phases [2.40]. 

Hume-Rothery phases have historically been defined by the importance of valence 

electrons per atom in determining the phase stability [2.40]. Since their stability is believed to 

largely be electronic in nature, the electronic DOS is naturally suited to describing their stability. 

Where thermodynamics is an empirical description of phase stability, the electronic DOS is a 

physics-based measure of stability for Hume-Rothery phases. Additionally, the electronic DOS 

can be calculated with reasonable accuracy ab initio, even with substantial errors in the 

description of the crystal structure. This is described in further detail in Chapter 7. 

An important concept in Chapter 7 is that of d-band energy levels for transition metals 

and how they interact with the s and p-bands of Al and Si. The relative d-band energy levels of 

different transition metals are described in the literature [2.39, 2.41, 2.42]. A description of how 

differences in band energy levels affect bonding can be found from many sources, but a good 

description is provided by Hoffmann [2.39]. In essence, the relative energy levels of different 

bands matter because the bonding interaction between two atoms is partially a function between 

the energy levels in the unbonded state [2.43]. This means that transition metal elements with 

different d-band energy levels will interact differently if the energy levels of the s and p-bands of 

Al and Si are fixed. 

Finally, the relationship between bonding and the electronic DOS plot will briefly be 

described. In Hume-Rothery phases, the bonding interaction is represented as a pseudo-gap in 

the electronic DOS [2.40]. In metallic compounds, a true band gap cannot, by definition, form. 

The presence of a pseudogap means that a “stable” electron count is somewhat arbitrary 

compared to a true band gap since a pseudogap has some energy range over which a phase could 

reasonably be considered to have a “stable” electron count. A practical discussion of how to deal 

with this feature of the electronic DOS is included in Chapter 7. 
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2.6 Eutectic Solidification 

The theory of eutectic solidification is described in some detail in Chapters 7, 9, and 10. 

However, since it is critical to this project, the theory will be described here as well. 

Eutectic solidification is a critical part of processing metallic alloys. Binary eutectics can 

be broadly separated into three different types: between two non-faceted phases, between a 

faceted phase and a non-faceted phase, and between two faceted phases. The difference between 

these types of alloys is described in detail by Kurz and Fisher [2.44]. In the present work, the 

eutectic between a non-faceted phase and a faceted phase is of primary interest as Al is a non-

faceted phase and the α intermetallic exhibits the solidification behavior of a faceted phase. 

The equilibrium solidification behavior of a eutectic can easily be discerned from a phase 

diagram, but non-equilibrium behavior is considerably more complicated. Kurz and Fisher have 

described, in detail, many important aspects of nonequilibrium eutectic solidification [2.44]. 

However, the focus of this work is considerably narrower than that of a generic eutectic between 

a faceted phase and a non-faceted phase. All compositions considered in this work are 

hypereutectic, i.e., on the faceted side of the eutectic and, while many of the alloys exhibit 

pseudo-binary solidification behavior, their actual solidification behavior is quite complicated. 

Two aspects of eutectic solidification that will be described here are the coupled zone and 

pseudo-binary eutectics in ternary or higher alloys. 

The coupled zone can be described as a region in parameter space where the two phases 

in a eutectic are able to grow at the same velocity. In a eutectic between a faceted phase and non-

faceted phase, the coupled zone has an asymmetric shape [2.44]. At low undercoolings relative 

to the eutectic temperature, the coupled zone is quite wide in composition space. As 

undercoolings increase, the composition range of the coupled zone initially decreases. 

Eventually, the coupled zone begins to skew towards the faceted phase at high undercoolings. 

This is schematically illustrated in Figure 2.6. This behavior has several important implications. 

First, the undercooling relative to the equilibrium liquidus that is required for coupled growth 

increases as solute concentration increases. Second, at lower solute concentrations, it is easier to 

bypass the coupled zone altogether and end up forming the primary non-faceted phase. Finally, 

because the coupled zone is skewed towards the faceted phase, it is possible to achieve coupled 

growth at highly hypereutectic compositions if the undercooling is high enough. 
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In complex alloys like those examined in this work, often several reactions occur before 

the end of solidification. For example, in complex Al-Fe-Mn-Si alloys, intermetallic eutectics 

have been observed to solidify first, only to be followed by Al and then the Al-Si eutectic [2.45]. 

Although not exactly the same as the alloys studied in this work, the case of Al-Fe-Mn-Si alloys 

illustrates how several reactions can occur during solidification. This sort of solidification 

behavior can prevent formation of monolithic regions of Al + α-phase eutectic. In order to 

prevent this, careful balancing of stoichiometry and an understanding of the temperature-

dependent composition of the phases involved is critical. 

2.7 Research Questions 

Given the motivation to identify novel high temperature Al structural alloys that can be 

produced at lower costs, the following research questions were investigated:  

Figure 2.6—Schematic illustration of the coupled zone for a eutectic between a non-faceted 
(NF) and faceted (F) phase [2.44]. The metastable α liquidus and coupled zone are 
superimposed on the equilibrium phase diagram. 
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• How can first principles methods be applied to 8009 to identify successful alloying 

strategies?  

• Can ab initio structure determination successfully be performed on complex metallic 

powders? 

• Is the Al + α-phase microeutectic in 8009 a viable alternative to dispersion-strengthened 

8009? If so, how can it be promoted? 

• Do Al + α-phase eutectic alloys have the potential to outperform commercial high 

temperature Al alloys? If so, why? 

• What are the critical solidification conditions required for Al + α-phase eutectic alloys? 

How does this impact potential applications? 

• Can modifications to 8009 be proposed on the basis of the methods developed for Al-α 

eutectic alloys? 
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CHAPTER 3 

DETERMINATION OF THE CRYSTAL STRUCTURE OF h-Al40(Fe,V)9Si IN CHILL 

CASTINGS OF 8009 USING CHARGE FLIPPING WITH HISTOGRAM MATCHING FROM 

POWDER DIFFRACTION DATA 

 

A combination of methods including charge flipping, convergent beam electron 

diffraction and both x-ray and neutron diffraction were used to solve the structures of the 

complex metastable intermetallics that form in Al-Fe-V-Si alloys solidified at intermediate or 

rapid cooling rates. In particular, the structure of the quasicrystalline approximant Al40(Fe,V)9Si 

(P6/mmm, a=2.522 nm, c=1.256 nm), or “h-phase”, was solved using these techniques. It is 

shown that such solutions, while complex, can help to determine alloy design strategies for 

nonequilibrium phases. 

3.1 Introduction 

Structural aluminum alloys have the desirable properties of low density, high specific 

strength, good oxidation and corrosion resistance, and low cost. As such, they have already 

found application in the automotive and aerospace industries, including turbocharger impellers, 

engine pistons, heat exchangers, and airframe components. One area in which conventional 

aluminum alloys have historically underperformed relative to other metallic structural alloys is at 

homologous temperatures from about 0.5 Tm to about 0.75 Tm (200 °C to 425 °C) [3.1, 3.2]. 

Although significant effort has been directed toward finding affordable alloys with acceptable 

mechanical properties in this temperature range, there has been only limited success. Structural 

aluminum alloys are typically strengthened with elements that have a combination of high 

solubility and high diffusivity—the opposite of what is needed for high temperature alloys. Alloy 

systems that do possess good high temperature mechanical properties, like RS8009 and RS8019, 

are difficult to produce in bulk, as they require processing by rapid solidification. As a result, 

they are prohibitively expensive. 

One of the more promising research areas for high temperature structural aluminum 

alloys has been Al-transition metal ™ alloys, due to their typically low solubility and diffusivity 

in aluminum [3.1]. This, in turn, leads to stable microstructures at high homologous 
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temperatures. Research in this field has been slowed in part by the difficulty in accurately 

describing the many competing and complex metastable intermetallic phase crystal structures. 

Many crystal structures of complex Al-TM intermetallics that cannot be solved by single crystal 

x-ray diffraction have been solved using a combination of high-resolution transmission electron 

microscopy (HRTEM) and electron diffraction [3.3-3.5]. Such structure solutions are heavily 

reliant on assumptions based on the crystal structures of related phases. This is due to the 

dynamical effects present in HRTEM and electron diffraction, which make accurate phase and 

intensity extraction challenging [3.6]. While useful for building preliminary models of a 

structure, the reliance on external information to build structure models can obscure some of the 

fine details that are crucial to describing the differences between structurally-related intermetallic 

phases.  

Successful crystal structure determinations from powder diffraction data have been made 

in other fields, perhaps most notably in zeolites [3.7]. The method of crystal structure 

determination described by Baerlocher et al. [3.7] was intended to be a general method but, to 

the authors’ knowledge, it has not yet been applied to complex intermetallics. One feature of 

intermetallics that can make them resistant to structural solutions is the lack of well-defined local 

structural characteristics and frequent presence of statistically-occupied sites. Statistically-

occupied sites are randomly occupied by several different potential elements or a vacancy within 

a given unit cell with a known probability. Unlike many minerals and molecular compounds, 

bond angles in intermetallics are often unable to be determined a priori, since metals tend to be 

close-packed structures and there are several ways this can be achieved. This impacts the 

accuracy of attempts to “fill in” incomplete structures. 

One commercial system where structure determination is a problem is the aluminum 

alloy 8009. 8009 is a dispersoid-strengthened powder metallurgy alloy developed for high 

temperature structural applications. It is alloyed with Fe, V, and Si. The V and Fe assist with 

thermal stability of the microstructure, and the Si assists with the formation of the desired 

intermetallic dispersoid α-phase. Two quaternary icosahedral approximant phases have been 

reported to form in this system—a beneficial α-phase and a less desirable h-phase [3.8, 3.9]. 

During rapid solidification, the α-phase forms as fine dispersoids that give RS8009 its 

mechanical strength, whereas the h-phase forms as coarse particles that could compromise the 
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mechanical properties by (1) preventing the formation of the finer α-phase dispersoids and (2) 

acting as crack nucleation sites, due to its brittle nature. While the α-phase is reported to be 

isomorphic to the well-characterized α-Al-(Fe,Mn)-Si phase [3.10], the h-phase has not been 

studied extensively. 

Single crystal x-ray diffraction is not practical for determining the crystal structure of the 

h-phase, since it has complex growth behavior and may be metastable [8]. As such, the crystal 

structure of the h-phase was originally determined by extrapolating from the crystal structure of 

the α-phase [3.11]. This approach necessarily obscures the differences between these phases. 

Additionally, the occupancy of the individual transition metal sites in the h-phase by either Fe or 

V was not described in the structural solution of the h-phase [3.11]. The first goal of this study 

was to determine if, by performing an ab initio crystal structure determination coupled with a 

refinement of the transition metal site occupancies, new information could be obtained that could 

lead to insight for useful alloying modifications to select between the α-phase and the h-phase. 

The second was to demonstrate the usefulness of charge flipping from powder diffraction data as 

a structure determination technique for complex intermetallic crystal structures. 

3.2 Methods 

3.2.1 Material Preparation 

The RS8009 alloy was provided by Honeywell in bar form. The bar was sectioned into 

10-20 g pieces. These pieces were then melted by induction using an Ambrell EASYHEAT 

system in air and cast into a wedge-shaped copper chill mold 1 cm in thickness with an angle of 

25°. The regions containing h-phase in the as-cast wedges were mechanically isolated from the 

rest of the wedge. These regions were then sectioned into thin slices and the Al matrix was 

dissolved using a solution of iodine, tartaric acid, and methanol, as described by Guzowski et al. 

[3.12] The h-phase was extracted from the solution using vacuum filtration with a 5 𝜇m pore size 

polycarbonate membrane filter from Millipore. The resulting powder was ground using an agate 

mortar and pestle to reduce the particle size and remove the as-cast dendritic morphology of the 

h-phase particles in the as-filtered condition. 

3.2.2 Experimental (Synchrotron) 

Synchrotron x-ray diffraction data was collected at Sector 11-BM at the Advanced 

Photon Source at Argonne National Laboratory through the mail-in program. The powder was 
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placed in a 0.5 mm diameter Kapton capillary provided by Sector 11-BM for the diffraction 

experiment and was sealed using epoxy. The capillary was rotated at ambient temperature during 

data collection. The wavelength of the radiation was 0.414167 Ȧ. 

3.2.3 Experimental (Neutron) 

Neutron diffraction data was collected at POWGEN at the Spallation Neutron Source at 

Oak Ridge National Laboratory. The powder was placed in a 6 mm diameter vanadium can 

provided by POWGEN for the diffraction experiment. Data was collected at ambient 

temperature. 

3.2.4 Experimental (Electron Probe Microanalysis, EPMA) 

An as-cast wedge of alloy 8009 produced using the same methods as the samples from 

which powder was extracted was sectioned and mounted in Bakelite. The surface was ground to 

a 1200 grit finish using silicon carbide metallographic abrasive paper, polished using 3 μm and 1 μm diamond slurries, and then polished using a Buehler Vibromet 2 vibratory polisher with 

colloidal silica. A JEOL JXA-8230 electron microprobe was used to collect compositional 

information from h-phase dendrites; Al, Fe, V, and Si contents were measured. The composition 

reported is an average of 8 measurements. The software package Probe for EPMA was used to 

quantify the results and obtain the composition and the experimental error. High purity elemental 

standards were used for the quantification. 

3.2.5 Structure Determination 

Structure determination was performed using the charge flipping algorithm Superflip 

[3.13] with histogram matching. The intensities were obtained from a Pawley intensity extraction 

on the powder x-ray diffraction (PXRD) dataset using the program GSAS-II [3.14]. For the 

intensity extraction, the background and peaks for the α-phase and Si, both of which were 

present as impurities, were fit using Rietveld refinement to model the part of the pattern that was 

not from diffraction of the h-phase. The indexed h-phase peaks were fit after the contribution of 

the α-phase and Si was estimated. The intensity was estimated for each h-phase reflection. The 

crystal structure of the α-phase was used to construct the histogram, due to its similar 

composition and structure compared to the h-phase. After determination of a suitable charge 

density map, the program EDMA [3.15] was used to extract atomic positions from the charge 

density map and build a model of the structure for the P1 space group. Once the model was 
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constructed using EDMA, the program FOX [3.16] was used to impose P6/mmm symmetry on 

the h-phase and detect which atomic positions overlapped. Overlapped atoms were deleted to 

build the initial model of the h-phase in P6/mmm symmetry. 

3.2.6 Rietveld Refinement 

A full refinement was performed on the h-phase and α-phase structural models, while 

only the lattice parameter and phase fraction of Si were refined since it has a well-defined crystal 

structure. The first step was refining atomic coordinates against the PXRD pattern, since it was 

less important to distinguish between Fe/V, and the dataset had higher angular resolution. The 

coordinates of the transition metal sites were refined first, followed by aluminum site refinement. 

This was repeated until convergence was achieved. Once the atomic coordinates were refined, 

the transition metal site occupancies by Fe and V were refined with the PND pattern, with 

constraints on the ratio of Fe:V within the overall crystal structure, as determined by EPMA. 

Once convergence was reached, the coordinates and occupancies of the transition metal sites 

were refined for both datasets simultaneously, until convergence was reached. The Uiso values of 

the transition metal and aluminum sites were refined separately, against both datasets, until 

convergence was reached. Finally, all parameters were simultaneously refined until convergence 

was reached. 

3.3 Results 

3.3.1 Structure Determination 

Structure determination from powder diffraction, according to the method described by 

Baerlocher et al. [3.17], essentially has three steps: 1) intensity extraction from powder 

diffraction data, 2) charge flipping using extracted intensities to generate charge density maps, 

and 3) determination of atomic positions from charge density maps. All three of these steps were 

performed using the PXRD dataset instead of the PND dataset, due to its higher angular 

resolution. The powder preparation is described in the methods section. Of these steps, the first 

two are by far the hardest and most closely linked. Determination of atomic positions from the 

charge density map is generally straightforward. As such, special attention will be given to 

describing the first two steps.  

The intensity extraction was performed using Pawley intensity extraction on the peaks 

from the h-phase. However, the peaks first had to each be indexed correctly and assigned the 
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correct intensities. Since the space group of the h-phase (P6/mmm) was known from convergent 

beam electron diffraction (CBED) [3.8] and electron diffraction had identified several strong 

peaks [3.11], it was simple to index the h-phase peaks. It became apparent, however, that there 

were strong impurity peaks present in the powder pattern from at least one other phase. These 

were indexed successfully as α-phase peaks and Si peaks. The elemental Si is shown in Figure 

3.1. Since the crystal structure of the α-phase and Si are well-characterized, these additional 

peaks could be accurately identified. This enabled the portion of the pattern from the h-phase to 

be assigned properly—an essential step for successful Pawley intensity extraction. After 

completing the Pawley intensity extraction, the resulting Rwp was 7.033% for the pattern shown 

in Figure 3.2. The extracted intensities and full width half maxima (FWHM) from the h-phase 

peaks were used as input for charge flipping [3.17]. As such, this R-value approximates the 

“best” solution of a structural solution from charge flipping and Rietveld refinement. 

Although a structural solution could be obtained from charge flipping using the space 

group P6/mmm, it was found that without histogram matching, the algorithm would not 

converge. When histogram matching was used to partition overlapped intensities [3.17], the 

charge flipping algorithm converged. The crystal structure of the 𝛼-phase was used to generate 

an appropriate histogram since it is similar in composition and structure to the h-phase. With 

histogram matching, the algorithm converged and produced interpretable charge density maps. 

One such map is shown in Figure 3.3. 

The process of intensity extraction and charge flipping to generate charge density maps 

was repeated several times using different cutoffs for minimum d-spacings to verify that the 

structure determined was actually correct. Although some minor differences were present 

between different iterations of this process, the atom positions were readily interpretable, with a 

few exceptions described below. Once an interpretable charge density map was generated, the 

atomic positions were extracted and a model of the h-phase crystal structure was constructed that 

distinguished between (Fe+V) and (Al+Si) atomic positions. 
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Figure 3.1— Elemental composition maps of a) Al b) Si c) V and d) Fe from EPMA are 
shown for the vicinity of an h-phase dendrite. Brighter regions indicate higher concentrations 
of each element. Elemental Si can be identified in the bottom right of b) due to the lack of 
signal from Al, Fe, and V and the high intensity of the Si signal. 
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3.3.2 Refinement 

There were two goals for the Rietveld refinement: 1) to obtain accurate atomic positions 

and 2) to determine the occupancy of each site by Al, Fe, or V. Si has a similar scattering factor 

to Al in PXRD and scattering length to Al in PND, so it is not easy to refine the Al/Si site 

occupancies without external compositional information [3.18, 3.19]. It was important to 

perform a dual refinement since Fe and V only have a small difference in scattering factor in 

PXRD but a large difference in scattering length in PND [3.18], enabling accurate refinement of 

the Fe/V occupancies in the crystal structure. 

 

Figure 3.2—The a) low angle and b) high angle regions of the PXRD pattern used for Pawley 
intensity extraction are shown. a) and b) are on different scales to better highlight the 
differences between the observed and calculated patterns. Peak positions are shown below the 
patterns for each phase identified. It can be seen that most of the difference between the 
observed and calculated patterns can be attributed to peak fitting, not unexplained peaks. All 
Si peaks are shown, but only some of the intense α and h-phase peaks are shown for clarity. 
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Figure 3.3— Charge density map from charge flipping. Most atomic positions are clearly 
resolved, and Al and TM sites can be distinguished. The TM sites have a larger radius in the 
map due to their higher scattering factor. The final model of the structure is shown in the upper 
right for comparison. Light/dark blue atoms represent Al/Si sites and orange/red atoms 
represent TM sites in the inlay. The proposed Si site is shown in dark blue in bottom right. The 
position of the cluster of atoms shown at bottom right in the unit cell is shown by the circled 
region. 
 

Figure 3.4— The a) low angle and b) high angle regions of the PXRD pattern after refinement 
are shown. a) and b) are on different scales to better highlight the differences between the 
observed and calculated patterns. All Si peaks are shown, but only some of the intense α and 
h-phase peaks are shown, for clarity.  
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The atomic coordinates of the h-phase were refined first. The transition metal site 

occupancies by Fe and V were then refined using the PND pattern and by imposing constraints 

on the composition based on electron microprobe analysis (EPMA) results obtained 

independently. This constraint only affected the ratio of Fe to V, not the total number of 

transition metal atoms in the unit cell. Finally, the isotropic thermal displacement (Uiso) values of 

all atoms in the h-phase were refined against both datasets until convergence was reached.  

For the PXRD pattern shown in Figure 3.4, Rwp=9.952% and RF=4.544%. For the PND 

pattern shown in Figure 3.5, Rwp=3.928% and RF=3.325%. These are consistent with a successful 

crystal structure determination from powder diffraction [3.20]. Additionally, there are no major 

unexplained intensities in the powder patterns. The final crystal structure is listed in Table 3.1. 

Images of the crystal structure highlighting Mackay icosahedra and “glue” regions are shown in 

Figure 3.6. Individual atoms can be seen in Figure 3.3 alongside the charge density map. The 

structure can be described as consisting of filled double Mackay (DM) icosahedra connected by 

two distinct “glue” regions. These “glue” regions are present at the points of highest symmetry in 

 
Figure 3.5—The a) low angle and b) high angle regions of the PND pattern after refinement 
are shown. a) and b) are on different scales to better highlight the differences between the 
observed and calculated patterns. All Si peaks are shown, but only some of the intense α and 
h-phase peaks are shown, for clarity. 



 

30 
 

the structure and serve to connect the DM icosahedra to one another. Due to the three-fold and 

six-fold symmetry of these sites, the DM icosahedra cannot occupy these locations from 

geometric considerations. One of the “glue” regions has high Fe content relative to its V content, 

and the other region has high V content relative to its Fe content. In the DM icosahedra, the 

transition metal sites are statistically occupied such that they are close to the overall composition 

of the h-phase. 

 

Table 3.1—Atomic coordinates determined from PXRD charge flipping and  
PXRD/PND refinement 

Atom Type x y z Occupancy Uiso Multiplicity 

Fe1 Fe 0.72379(24) 0.44752 0.80123(22) 1 0.001 12 
Fe2 Fe 0.16918(8) 0.83082 0.68124(30) 1 0.018 12 
Fe3 Fe 0.1004(5) 0.20098 0 1 0.012 6 
Fe4 Fe 0.10534(19) 0.70721(20) 0 0.850379 0.024 12 
Fe5 Fe 0.44453(7) 0.55547 0.17705(25) 0.862089 0.007 12 
Fe6 Fe 0.80844(25) 0 0.5 0.349473 0.007 6 
Fe7 Fe 0.80768(19) 0.50435(22) 0.5 0.65222 0.029 12 
Fe8 Fe 0 0.65857(19) 0.3062(4) 0.903409 0.052 12 
Fe9 Fe 0.66667 0.33337 0.5 1 0.092 2 
Fe10 Fe 0 0 0.8732(10) 0.278 0.059 2 
V4 V 0.10534(19) 0.70721(20) 0 0.149621 0.024 12 
V5 V 0.44453(7) 0.55547 0.17705(25) 0.137911 0.007 12 
V6 V 0.80844(25) 0 0.5 0.650527 0.007 6 
V7 V 0.80768(19) 0.50435(22) 0.5 0.34778 0.029 12 
V8 V 0 0.65857(19) 0.3062(4) 0.0965907 0.052 12 
V10 V 0 0 0.8732(10) 0.722 0.059 2 
V11 V 0 0 0.5 1 0.217* 1 
Al1 Al 0.58644(27) 0 0.6086(5) 1 0.002 12 
Al2 Al 0.6865(4) 0.68654 0.5 1 0.005 6 
Al3 Al 0.84118(21) 0.84118 0.6933(6) 1 0.001** 12 
Al4 Al 0.5 0.5 0.8852(7) 1 0.005 6 
Al5 Al 0.4991(4) 0.1055(4) 0.5 1 0.02 12 
Al6 Al 0.0623(3) 0.53109 0.6709(6) 1 0.023 12 
Al7 Al 0.70604(21) 0.29396 0 1 0.001** 6 
Al8 Al 0.28838(30) 0.08268(30) 0 1 0.002 12 
Al9 Al 0.86988(27) 0.93496 0.8175(5) 1 0.001 12 

Al10 Al 0.6994(4) 0 0.1183(7) 1 0.05 12 
Al11 Al 0.81259(28) 0.81259 0.1124(5) 1 0.011 12 
Al12 Al 0.2526(3) 0.12624 0.1880(6) 1 0.018 12 
Al13 Al 0.36452(21) 0.24537(21) 0.1832(4) 1 0.009 24 
Al14 Al 0.06376(21) 0.62600(20) 0.1951(4) 1 0.009 24 
Al15 Al 0.50993(22) 0.69051(21) 0.1138(4) 1 0.008 24 
Al16 Al 0.28772(16) 0.71228 0.3885(5) 1 0.004 12 
Al17 Al 0.60641(23) 0.39359 0.5 1 0.001** 6 
Al18 Al 0.52821(20) 0.35593(22) 0.6903(4) 1 0.008 24 
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Table 3.1 Continued 
Atom Type x y z Occupancy Uiso Multiplicity 

Al19 Al 0.29309(25) 0.89214(24) 0.3835(4) 1 0.01 24 
Al20 Al 0.54352(28) 0.77166 0.3063(6) 1 0.006 12 
Al21 Al 0.5 0 0.5 1 0.001** 3 
Al22 Al 0.1981(5) 0.09903 0.3831(8) 1 0.05 12 
Al23 Al 0.66663 0.33337 0.7915(12) 1 0.032 4 
Al24 Al 0.0931(4) 0 0 1 0.004 6 
Al25 Al 0.4062(14) 0 0 1 0.269 6 
Al26 Al 0.6104(7) 0.22083 0.8691(5) 1 0.017 12 
Al27 Al 0.5065(4) 0.1015(4) 0 1 0.026 12 
Al28 Al 0.1027(4) 0 0.5 1 0.021 6 
Al29 Al 0.4017(5) 0.2009 0.5 1 0.023 6 
Al30 Al 0.3941(4) 0.19698 0 1 0.001** 6 
Al31 Al 0.2775(10) 0.0815(10) 0.5 0.333 0.019 12 
Al32 Al 0.2831(4) 0.0675(3) 0.3683(6) 0.667 0.015 24 
Al33 Al 0.0663(5) 0.03316 0.3314(10) 0.5 0.01 12 
Si1 Si 0.2692(6) 0.0424(6) 0.2982(10) 0.333 0.01 24 

*Uiso value of V11 is high due to uncertainty in structure determination for this position and 
low multiplicity of the site.  
**Uiso values of some Al atoms were fixed to 0.001 due to convergence to very small negative 
numbers. 

 

 

 

3.3.3 Structure Confirmation 

In order to confirm the model of the h-phase determined from charge flipping and 

Rietveld refinement, EPMA was performed to determine a more accurate composition of the h-

phase than what has been reported in the literature using TEM energy dispersive spectroscopy 

Figure 3.6—Arrangement of TM atom positions for the h-phase structure (Al/Si are omitted 
for clarity). Shown in a) are the Mackay icosahedra (blue) and nearest-neighbor polyhedra of 
the “glue” regions (red and orange). Shown in b) are the double Mackay icosahedra (blue), the 
second nearest-neighbor polyhedra of the V-rich “glue” regions (red), and the nearest-neighbor 
polyhedra of the Fe-rich “glue” regions (orange). 
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(EDS). The difference between the two compositions determined by EDS and EPMA is large 

enough to suggest a solubility range for the h-phase [3.11]. This inference is based on the large 

change in Si content of the phase, consistent with the behavior of the α-phase intermetallic over 

its solubility range [3.21, 3.22]. It is possible the overall TM content of the h-phase was 

underestimated by Ezersky et al., due to interactions with the Al matrix. The crystal structure 

was confirmed by comparing the (Al+Si) and (Fe+V) contents of the h-phase measured from 

EPMA with the structure determined from the PXRD/PND diffraction experiments. Combining 

Al and Si was necessary given the difficulty in distinguishing Al and Si from diffraction alone, 

and the combination of Fe and V was done to better compare the present work with that of 

Ezersky et al. and to verify the structure without introducing bias from imposition of a fixed 

Fe:V ratio previously in the solution using the same EPMA data. The results of the EPMA 

experiment are summarized in Table 3.2 where it can be seen that the experimentally-measured 

composition and the composition predicted from the diffraction results agree to within the 

experimental error of the method(s). 

Table 3.2—The composition of the h-phase from different sources.  
Al Fe V Si 

Composition (at%) from 

EPMA 

79.4 15.7 3.2 1.7 

Standard Deviation (at%) for 

EPMA 

0.14 0.12 0.03 0.02 

Ezersky et al. (at%) [3.11] 

 

77.4 14.8 (Fe+V) n/a 6.9 

Refined Crystal Structure 

(at%) 

81.4 
(Al+Si) 

18.6 (Fe+V) n/a n/a 

Al/Si and Fe/V are considered together for the purposes of structure validation and 
comparison since Al/Si and Fe/V are almost indistinguishable in electron diffraction. 
Additionally, the reported Si content by Ezerksy et al. [3.11] is significantly higher than 
that found by EPMA in this study. 

 

It was found that the measured composition of the h-phase from EPMA differed 

significantly from the reported h-phase composition [3.11]. As shown in Table 3.2, the most 

notable difference between the two compositions is the Si content. The Si content determined in 

this work is approximately equal to the nominal Si content of 8009, whereas prior work indicated 

that the h-phase was enhanced in Si relative to the bulk composition of 8009. The implications of 

this finding are discussed in further detail below. 
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3.4 Discussion 

During the course of the structure determination and refinement, several atomic positions 

proved difficult to describe. These atoms were V11, Al31, Al32, Al33, and Si1. These atomic 

positions were not present in all charge density maps, but showed up in many of them. 

Additionally, they are necessary to fully describe the structure, as there would otherwise be too 

much empty space in what should be a relatively close-packed structure. The atom V11 refined 

with an exceptionally high Uiso value, which is potentially indicative of a partial occupation of 

the site. However, since the site has a multiplicity of 1 and the unit cell contains about 472 

atoms, it was determined that trying to refine the site occupancy may result in unphysical values, 

due to the small contribution to the experimental pattern. As such, the unphysical Uiso value was 

kept in order to retain an occupancy of 100% for V11. The actual occupancy of V11 could be 

significantly less than 100%. The atoms Al31, Al32, and Si1 were determined to be statistically 

occupied in a related manner. Smearing of the charge density maps was observed between the 

Al32 and Si1 sites, and Al31 is too close to Al32 to be occupied at the same time. All of this 

together strongly suggests statistically occupied sites. Based on the description of Si site 

occupancies in the hexagonal α-AlFeSi crystal structure, it was determined that one of the sites 

in the smeared charge density between the Al32 and Si1 sites likely corresponded to Si, and the 

other corresponded to Al [3.18]. By incorporating EPMA data, the site with lower charge density 

was assigned to Si and the site with higher charge density was assigned to Al. This was done 

because the combined occupancy of the Al32 and Si1 sites is 24 atoms per unit cell and the 

composition of the h-phase determined from EPMA has about 8 Si atoms per unit cell. Finally, 

the Al33 site did not show up clearly in all charge density maps; in those it did, it was unusually 

weak and clearly had spacings between atoms that were too short to be physical. If described as 

occupied only half the time, however, it is possible for this atom to occupy the site. In fact, if the 

Al33 atoms were not present, the structure would be unusually open. As such, it was determined 

that the site Al33 was present, but statistically occupied. The occupancy was fixed at 0.5 to 

prevent it from refining to unphysical values. 

Based on the literature available for the α-phase crystal structure, several important 

structural differences between the α-phase and h-phase can be identified. Notably, the DM 

icosahedra in the h-phase have an Al atom at their center, while those of the α-phase are empty at 

their center [3.10]. This is indicative of a metallic to covalent bonding conversion (MCBC) 
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between the h-phase and α-phase, as has been shown between the α-phase and Al12TM-type 

structures [3.24]. Additionally, the model of the α-phase proposed by Simensen and Bjørneklett 

suggests that Si is responsible for the stabilization of the empty DM icosahedra [3.25]. Taken 

together, this suggests that the presence of filled DM icosahedra in the h-phase crystal structure 

is a result of lower Si content than in the α-phase. The lower Si content may contribute to a lack 

of stability of the empty icosahedral cluster at the core of the DM icosahedra, although further 

work is needed to verify this. This difference between the h-phase and α-phase suggests a path to 

preferentially selecting one over the other, and is possible from the new model of the h-phase 

determined from PXRD/PND. The old model of the h-phase reported empty DM icosahedra 

[3.26], likely due to the empty DM icosahedra present in the α-phase.  

In previous work, it was found that the lattice parameters of the h-phase changed upon 

heat treatment in Al-Fe-V-Si alloys [3.27]. Since 8009, which was examined by Ezersky et al. 

[3.11], is subjected to high temperatures during consolidation, this may explain some of the 

differences found in this work and that of Ezersky et al. Also, the addition of Si to Al-Fe-V-Si 

alloys was found to dramatically reduce the amount of h-phase in chill castings relative to the 

results reported here [3.27]. This supports the idea of Si helping to stabilize the empty Mackay 

icosahedra. 

The h-phase also appears to have segregation of transition metal atoms within the unit 

cell, with Fe and V atoms preferentially going to different “glue” regions in the crystal 

structure—the Fe atoms to the one on the threefold axis and the V atoms to the one on the sixfold 

axis, as illustrated in Figure 3.6. The “glue” region with six-fold symmetry is shown in red and 

the “glue” region with three-fold symmetry is shown in orange. The DM icosahedra don’t appear 

to strongly select for either Fe or V—their statistical occupancy is near the ratio of Fe:V in the 

bulk 8009 alloy. In addition to the importance of Si to the crystal structure, the segregation of V 

to the sixfold axis suggests that V is important to the formation of the h-phase in a way that it 

isn’t to the α-phase, in which all TM sites are part of the DM icosahedra. This implies that, by 

replacing some V with other transition metals, it may be possible to deselect the h-phase, since 

the V appears to be stabilizing the h-phase by segregating to the “glue” regions on the sixfold 

axis; the α-phase can form without V.  
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Accurate determination of the crystal structure has led to new insight into how to select 

the α-phase and deselect the less-desirable h-phase. Details of the occupancy of the transition 

metal sites only became clear after the inclusion of a PND dataset. This knowledge has been 

used to reduce the incidence of the h-phase and to promote the α-phase in chill castings of Al-Fe-

Mo-V-Si alloys [3.28]. 

It should be noted that, while compositional differences alone can be used to select 

alloying strategies, the h-phase and α-phase can have similar compositions. Since they form 

under nonequilibrium conditions in 8009, thermodynamic approaches are also of limited 

usefulness for phase selection. First principles methods, either semi-quantitative, like density 

functional theory, or qualitative, as described in this paper, are often more helpful when the most 

stable phase is not what forms, as is the case in chill cast or rapidly solidified 8009. It is expected 

that with the growing importance of phase selection in nonequilibrium systems during processes 

like additive manufacturing, the ability to accurately determine metastable crystal structures will 

increase in importance. 

Historically, the ability to accurately describe complex intermetallic crystal structures has 

been limited by the ability to prepare single crystal specimens for diffraction experiments. Here 

it has been shown that a detailed crystal structure determination can be performed using multi-

phase powder diffraction data. This represents a typical powder sample for most metastable 

intermetallics, because they often form in competition with other phases. The value of the 

method described for structural determination has been demonstrated for the case of selecting α-

phase over h-phase by describing structural differences that were not apparent from previous 

work on the h-phase crystal structure [3.11]. The use of a powder diffraction dataset also enables 

a statistical description of the structure, which represents an advantage of powder diffraction 

over TEM-only methods. Finally, it has been shown that models of complex intermetallics 

determined by extrapolating from other structures should be accepted as idealized models until 

proven with a technique that makes minimal assumptions about the crystal structure. 
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CHAPTER 4 

EXPERIMENTAL AND COMPUTATIONAL RE-EVALUATION OF SILICON ORDERING 

IN α-Al12Mn3Si2 

 

In the present study, we determined a detailed model of the α-Al12Mn3Si2 intermetallic 

phase, accounting for local clustering of Si, in addition to the statistical distribution of Al and Si 

atoms on different Wyckoff positions. Synchrotron x-ray powder diffraction was used to collect 

a high intensity powder pattern. Rietveld refinement and the maximum entropy method (MEM) 

were used to refine the structure. Density functional theory (DFT) calculations were performed 

on several trial structures of α-Al12Mn3Si2, consistent with the powder diffraction study, to 

determine the likely local clustering of Si within the Mackay icosahedra located at the origin and 

center of the unit cell. The structure found in this study for the α-Al12Mn3Si2 intermetallic phase 

elaborates on previous models and describes the arrangement of atoms within a single unit cell. 

4.1 Introduction 

The Pm-3 α-Al12Mn3Si2 intermetallic phase [4.1] has a crystal structure that is found in 

many Al engineering alloys, and is closely related to the Im-3 Al12(Fe,Mn)3Si2 intermetallic 

phase [4.2] found in many of the same alloys. Isomorphs of these two crystal structures can be 

present as a dispersoid in wrought [4.3], rapidly solidified [4.4], and additively manufactured 

[4.5] Al alloys, as well as Fe-bearing phases in die cast [4.6] and conventionally cast [4.7] Al 

alloys. Due to its prevalence in many engineering alloys and the growing role of computational 

materials design, understanding the crystal structure of the α-phase (both Im-3 and Pm-3) is of 

significant relevance to enable accurate modeling studies for future Al alloy development. 

The existing models of α-Al12Mn3Si2 in the literature [4.1, 4.8, 4.9] detail much of the 

arrangement of atoms in the structure, but either do not address [4.1], or disagree on the 

statistical distribution of Al and Si atoms [4.8, 4.9] within the crystal structure. Additionally, few 

researchers have investigated the importance of local clustering of Si atoms within the Mackay 

icosahedra [4.10]. This is problematic when performing ab initio atomistic modeling, as the 

position and occupancy of each atomic position in a crystal structure need to be well-defined. 
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This study aims to fill in the gaps in the literature to improve future ab initio modeling of the α-

Al12Mn3Si2 phase. 

The Im-3 α-Al12(Fe,Mn)3Si2 structure is of potentially greater importance, as it has been 

shown to be stable over a range of compositions without Mn [4.11] that are of significant 

importance for structural Al alloys designed for elevated temperature applications. Yet, this 

structure is significantly more challenging to study. This is due to the presence of partially 

occupied Wyckoff positions in its crystal structure and the statistical distribution of transition 

metals on the transition metal sublattice. This work helps to clarify the structure of the Pm-3 α-

Al12Mn3Si2 intermetallic, and also aims to enable future, similarly detailed work on the Im-3 α-

Al12(Fe,Mn)3Si2 intermetallic and its isomorphs. 

4.2 Methods 

The α-Al12Mn3Si2 was prepared by non-consumable arc melting high-purity metals 

together under a high-purity Ar atmosphere (99.999%). The nominal composition is shown in 

Table 4.1. The chamber was evacuated to 1 torr and back-filled three times to ensure it had low 

contamination from the atmosphere. A titanium getter was melted to remove any remaining 

oxygen prior to melting the sample. The purities of the metals used are as follows: Al (99.99%), 

Mn (99.9%), and Si (99.9999%). After alloying in the arc melter, the Al-Mn-Si alloy was heat 

treated at 500 °C for 400 hours in air to homogenize the sample. The composition of the 

homogenized sample was measured with wavelength dispersive spectroscopy (WDS) and is 

shown in Table 4.1. 

A JEOL JXA-8230 electron microprobe was used to collect compositional information 

on the α-Al12Mn3Si2 phase. Calibration was performed using high purity elemental metal 

standards. The compositions reported were determined from analyses that resulted in 98.5 to 

101.5 wt% total mass. 

After homogenization, the sample was ground into a powder using an agate mortar and 

pestle. Trace Al was removed using a solution of tartaric acid, iodine, and methanol [4.12]. The 

solution was separated from the powder by vacuum filtration using a 5 μm pore size 

polycarbonate membrane film. After the powder was prepared, it was loaded into a 1 mm 

diameter Kapton capillary and sealed using epoxy. Powder diffraction was performed at ambient 
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temperature at Sector 11-BM at the Advanced Photon Source (APS) at Argonne National Lab. A 

rotating capillary geometry was used and the wavelength of the radiation was 0.412658 Ȧ.  

Table 4.1—Composition of homogenized α-Al12Mn3Si2 (at%) determined from wavelength 
dispersive spectroscopy. 

 Al Mn Si 

Nominal 69.6 17.4 13.0 

WDS 69.4 ± 0.2 17.8 ± 0.1 12.8 ± 0.2 

 

 

Rietveld refinement was performed using the program GSAS-II [4.13]. The reported 

structure of the α-Al12Mn3Si2 phase [4.1] was used to model the crystal structure during the 

refinement. Once the Rietveld refinement was complete, the program Dysnomia [4.14] was used 

to perform a MEM analysis on the refined crystal structure. 

Ab initio calculations were performed using the Vienna Ab-initio Simulation Package 

(VASP) (version 5.4.4) [4.15-4.19] with projector augmented wave (PAW) potentials [4.20, 

4.21]. Exchange and correlation was described by the PBE parametrization in the generalized 

gradient approximation [4.22]. A plane energy cut off of 400 eV was used, and cell shape, 

volume, and atom coordinates were relaxed. The Brillouin zone was sampled with a 4x4x4 

Monkhorst pack grid. Tetrahedron method of smearing was used to determine the total energy 

[4.22]. The calculation determining the total energy of the model proposed by Simensen and 

Bjørneklett [4.10] used 60 k-points and a cut off energy of 340 eV. 

4.3 Results and Discussion 

Figure 4.1 shows the powder X-ray diffraction (PXRD) pattern obtained from APS. It can 

be seen that the diffraction pattern is not single phase, and the weight fraction of the individual 

phases is shown in Table 4.2. The pattern is not single phase, because 93 wt% of the pattern 

comes from α-Al12Mn3Si2; the other 7 wt% comes from well-defined phases, but the α-

Al12Mn3Si2 peaks can be fit quite accurately. This is a pre-requisite for accurate MEM analysis, 

which contributes substantially to the conclusions of this work. The Rwp for the PXRD pattern is 

9.914%, the RF for α-Al12Mn3Si2 is 4.005%, and the RF2 for α-Al12Mn3Si2 is 3.619%. The Rwp 

value could have been improved by refinement of atomic parameters for Al9Mn3Si, but since the 
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phase fraction of Al9Mn3Si is low, this could potentially lead to non-physical refinement results 

and was not attempted. These R-values are consistent with an accurate refinement of α-

Al12Mn3Si2 [4.23]. 

 

 

 

Table 4.2—Phase fractions (wt%) of different phases present in the PXRD pattern determined 
by Rietveld refinement. 

Phase Phase Fraction (wt%) α-Al12Mn3Si2 92.7 

Al9Mn3Si 7.1 
Si 0.2 

 

 

Figure 4.1—Refined PXRD pattern showing a) the low angle and b) the high angle ranges. a) 
and b) are not on the same scale in order to better show the features of the powder pattern. The 
observed pattern is on top, the calculated pattern from Rietveld refinement is in the center, and 
the difference between the two is shown on the bottom. All Si peaks are shown, but only the 
100 of the most intense Al9Mn3Si and α peaks are shown for clarity. 
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Although the R-values are quite low in this refinement, there is an important detail about 

how the α-Al12Mn3Si2 structure was refined. Since the goal of the refinement was to determine 

statistical occupation of Wyckoff positions by Al and Si atoms, the approach described by 

Tibballs, Davis, and Parker was used [4.8] to determine which atomic sites contained Si and 

what the probability these sites actually contained Si was. In this approach, all Al sites are 

modeled as potential Al/Si sites and are allowed to have their occupancy go above (or below) 1 

during refinement. If the occupancy goes above 1 during refinement, it indicates full or partial 

occupancy by Si. Due to the small scattering factor difference between Al and Si and 

convolution between occupancy effects and thermal displacement effects, Rietveld refinement 

alone was not considered to be conclusive evidence of site occupancy by Si. The sites identified 

as likely to contain Si from Rietveld refinement are shown in Table 4.3. The criterion for 

identification was refinement of the Al site to an occupancy above 1. 

In order to confirm the sites identified by Rietveld refinement, MEM analysis was 

performed on the extract Fobs from the Rietveld refinement. This analysis was split into two 

parts. First, all Fhkl,obs were used in the analysis to identify the Al/Si sites with highest core 

density. Second, the first 60 Fhkl,obs were used to examine non-spherical charge density in the 

structure in an attempt to identify if Si sites can be identified by higher non-spherical charge 

density in their vicinity. The restriction of the reflections included for the non-spherical analysis 

is due to the bias from the spherical model used for structure factor extraction from Rietveld 

refinement when α-Al12Mn3Si2 peaks overlap [4.24]. Higher non-spherical charge density can be 

interpreted to indicate less metallic-type bonding [4.25]. If the combined MEM analysis agrees 

with the Si sites identified by Rietveld refinement, it is a strong indicator that the Si sites 

determined from the Rietveld refinement are real. Examples of how including different sets of 

reflections affects how the charge density isosurfaces appear are shown in Figure 4.2. It can be 

seen from Figure 4.2c that the use of all reflections introduces artifacts at low values of charge 

density important for examining bonding, and the use of only 60 reflections results in poor 

definition of atomic information like position and site occupancy. 

The Al/Si sites with the highest core density that were determined from the full reflection 

list MEM analysis are shown in Table 4.3, along with a ranking of the spherical core charge 

density from the full reflection list and non-spherical charge density from the restricted reflection 
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list. It should be noted that the non-spherical electron charge density is not quantitative, but is 

intended to capture the maximum amount of information possible from the experimental data, 

without introducing artifacts due to the choice of a spherical atomic model during Rietveld 

refinement. The sites that appear most likely to contain Si from the MEM analysis can be seen to 

match up with the sites that were identified to contain Si from the Rietveld refinement. Although 

Al2 refined above 100% occupancy, the combined Rietveld/MEM analysis does not strongly 

suggest substantial occupancy by Si atoms. As such, it appears that Al3, Al4, and Al9/Si1 are the 

most likely sites to contain Si, given the experimental data available. 

Table 4.3—Rietveld/MEM analysis of Al/Si site occupancy 

Atom x y z Refined Al 
Occupancy 

Core 
Density 
Rank 

Non-
Spherical 
Density 
Rank 

Al2 0.12472(17) 0.50000 0.50000 1.009 4 4 

Al3 0.16548(12) 0.10181(12) 0.00000 1.016 1 2 

Al4 0.33613(12) 0.40034(12) 0.50000 1.035 3 1 
Al9/Si1 0.29005(14) 0.00000 0.50000 1.052 2 3 

 

Again, using the method described by Tibballs, Davis, and Parker [4.8], it is possible to 

determine the actual occupancy of Si atoms on each site by choosing an occupancy of Al/Si sites 

to normalize to an occupancy of 1, and then determining from the difference in scattering factor 

between Al and Si what the occupancy of each site by Si is. This can be confirmed by comparing 

the total number of Si atoms to the experimentally measured composition of α-Al12Mn3Si2 from 

WDS. The crystal structure is described in Table 4.4. It can be seen that the Al/Si statistical 

occupancies found in this study agree with the work of Sugiyama, Kaji, and Hiraga [4.9]. 

Although the Al/Si statistical occupancies are different than those found by Tibballs, Davis, and 

Parker [4.8], the sites identified are the same, and it is possible that different processing 

conditions lead to different crystal structures. 

At this point, it is worth spending some time describing how the Si atoms are distributed 

in the α-Al12Mn3Si2 crystal structure with respect to its different structural subunits. As 

originally described by Sugiyama, Kaji, and Hiraga [4.9], most of the Si resides within the empty 

Al/Si icosahedral clusters centered on (0,0,0) and (½,½,½). The cluster centered on (0,0,0) 



 

44 
 

contains roughly half of the Si as the cluster centered on (½,½,½). This may be due to the 

presence of a fully occupied Si site adjacent to the Mn icosahedral cluster that is centered on 

(0,0,0), since this Si site is not adjacent to the Mn icosahedral cluster centered on (½,½,½), 

although the mechanism for this behavior is not understood. 

 

 

Now that a suitable model of the statistical occupancies of Al/Si sites by Si has been 

identified for α-Al12Mn3Si2, the more challenging question of how Si atoms are distributed 

within the Al/Si icosahedral clusters needs to be addressed. To date, the authors are aware of 

only one study that has attempted to explain this behavior [4.10]. A variety of non-equivalent 

ways of arranging Si and Al atoms within the Al/Si icosahedral clusters centered on (0,0,0) and 

(½,½,½) can be chosen. To evaluate the validity of different choices of Si clustering within these 

icosahedra, DFT calculations were performed on different models of the crystal structure 

accounting for Si clustering. Images of the arrangement of Si and Al atoms in the different 

Figure 4.2—Charge density isosurfaces from the MEM analysis. a) The resulting isosurface 
from choosing a high charge density threshold value incorporating all reflections and b) the 
same, but incorporating only the first 60 reflections. c) The resulting isosurface from choosing 
a low charge density threshold value, incorporating all reflections and d) the same, but 
incorporating only the first 60 reflections. 
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models evaluated is shown in Figure 4.3, along with the relative total energies calculated 

compared to the most “stable” arrangement of Si and Al atoms for a given icosahedron.  

It can be seen that for both icosahedral clusters, the minority constituent (Al or Si) 

appears to favor being well-distributed, as opposed to clustering together. Although different 

arrangements of atoms within each icosahedral cluster were evaluated, the effect of the 

arrangement of atoms in the cluster centered on (0,0,0) on the cluster centered on (½,½,½) was 

not evaluated and supercells were not used, due to the rapid increase in computational power 

required.  

 

Table 4.4—Crystal data and refined structural parameters for α-Al12Mn3Si2. Uiso is a thermal 
parameter. 

Site Multiplicity Atom Occupancy** x y z Uiso α-Al12Mn3Si2, Pm3̅, a=12.6556 Ȧ 

Mn1 12 Mn 1 0.32660(6) 0.19795(6) 0.00000 0.00716(18) 

Mn2 12 Mn 1 0.17883(6) 0.30731(6) 0.50000 0.00710(18) 

Al1 6 Al 1 0.36707(16) 0.00000 0.00000 0.0053(6) 

Al2 6 Al 1 0.12472(17) 0.50000 0.50000 0.0093(5) 

Al3 12 Al 0.667 0.16548(12) 0.10181(12) 0.00000 0.0064(3) 

Al4 12 Al 0.333 0.33613(12) 0.40034(12) 0.50000 0.0066(3) 

Al5 12 Al 1 0.33095(11) 0.40193(13) 0.00000 0.0077(4) 
Al6 12 Al 1 0.12425(12) 0.11745(12) 0.50000 0.0094(4) 

Al7 24 Al 1 0.11831(7) 0.18869(9) 0.29925(8) 0.0070(3) 

Al8 24 Al 1 0.39108(8) 0.31305(9) 0.19572(8) 0.0080(3) 
Si1* 6 Si 1 0.29005(14) 0.00000 0.50000 

 

Si2* 12 Si 0.667 0.33613(12) 0.40034(12) 0.50000 
 

Si3* 12 Si 0.333 0.16548(12) 0.10181(12) 0.00000 
 

*Si atoms were refined as Al to determine approximate occupancy so Uiso is not given. Uiso is 
shown for the corresponding Al atoms, however. 
**Occupancy of all sites was taken to be 1 unless the site was refined as statistically occupied 
by Al and Si due to convolution of thermal effects (Uiso) and site occupancy. 
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Table 4.5—Calculated total energy for models shown in Figure 4.3 (4.3a through 4.3e) and the 
model reported by Simensen and Bjørneklett [4.10]. 

Model Total Energy (eV) 

4.3a) -708.97 

4.3b) -709.006 

4.3c) -708.965 

4.3d) -708.95 

4.3e) -708.97 

Simensen and 
Bjørneklett [4.10] 

1386.265 

 

 

The only paper the authors are aware of that has previously evaluated local ordering 

tendencies of Si in α-Al12Mn3Si2 [4.10] used the Si occupancies reported by Tibballs, Davis, and 

Figure 4.3—Al/Si clusters centered on (0,0,0) (top) and (½,½,½) (bottom) with the relative 
stability as measured by the calculated total energy of α-Al12Mn3Si2 of each cluster shown. 
The effects of choosing one type of cluster centered on (0,0,0) on the stability of the cluster 
centered on (½,½,½) was not evaluated due to computational complexity. As such, only 5 
models were evaluated in total and are distinguished by their letters. c) is shown twice because 
both the cluster centered on (0,0,0) and the cluster centered on (½,½,½) are shown for that 
particular model. 
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Parker [4.8], which do not agree with the Si site occupancies found in this study or by Sugiyama, 

Kaji, and Hiraga [4.9]. DFT calculations performed on the model proposed by Tibballs, Davis, 

and Parker [4.8] actually found a positive total energy as shown in Table 4.5, suggesting that the 

correct choice of the number of Si atoms within the icosahedral clusters centered on (0,0,0) and 

(½,½,½) is critical to accurately modeling α-Al12Mn3Si2. Additionally, Table 4.5 shows that 

while local clustering of Si atoms is clearly important for high accuracy modeling of α-

Al12Mn3Si2, the correct placement of Si atoms in the crystal structure is a more important choice 

by orders of magnitude.  

4.4 Conclusions 

The present work re-evaluated the crystal structure of α-Al12Mn3Si2 experimentally using 

synchrotron PXRD and computationally using DFT. Rietveld refinement and MEM analysis 

showed that Si occupancies of the icosahedral clusters centered on (0,0,0) and (½,½,½) are not 

equal. DFT calculations demonstrated the importance of correct Si atom placement within the 

crystal structure. It was found that the correct choice of the number of Si atoms within the Al/Si 

icosahedral clusters had a large effect on the stability of the structure, and local Si ordering had a 

small, but noticeable effect. The findings from this study should enable future high accuracy 

modeling of α-Al12Mn3Si2 for computational alloy design. 
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CHAPTER 5 

SYNTHESIS AND CHARACTERIZATION OF METASTABLE AlGe 

 

The crystal structure of the metastable phase AlGe (P21/c, a=4.281 Ȧ, b=5.819 Ȧ, 

c=7.911 Ȧ, β=121.7°) has been confirmed by charge flipping using powder diffraction data. It is 

shown that mostly single phase m-AlGe powder can be produced by dissolving the Al in an α-Al 

+ m-AlGe metastable eutectic sample. The decomposition temperature was re-evaluated and 

found to be ~25 °C higher than previously reported at about 300 °C; this is believed to be related 

to the absence of any β-Ge phase in the material. 

5.1 Introduction 

The Al-Ge system has been studied for a variety of applications, including soldering and 

brazing alloys in the past [5.1], but recent work has focused on potential energy applications 

[5.2] and in situ solidification studies [5.3]. The Al-Ge binary system has been identified as an 

attractive material for in situ solidification studies, due to the high scattering contrast between Al 

and Ge. The Al-Ge phase diagram is a simple eutectic phase diagram [5.4] with very similar 

behavior to the common eutectic Al-Si. Additionally, a wide range of metastable phases can also 

form in the system [5.5].  

Rapid heat extraction from a metallic alloy melt kinetically inhibits nucleation, such that 

high undercoolings may be reached and metastable phase formation may occur. Metastable 

phases can lead to novel mechanical or functional behaviors, which may be significantly 

different to those attainable with equilibrium structures. Al-Ge is an ideal binary alloy system for 

studying entropy of fusion effects that are so important during solidification in eutectics between 

faceted and non-faceted phases [5.6]. A rich landscape of metastable (monoclinic, rhombohedral, 

orthorhombic, and hexagonal) phases and highly altered solubility limits have been found for 

these alloys, especially after rapid solidification [5.5]. 

Although Al-Ge is a promising candidate for understanding faceted crystal growth during 

conventional and rapid solidification, characterization of its metastable phases is necessary to 

fully understand the proposed phase transitions and pathways [5.5]. 
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For energy applications, it is the metastable phases that are of greatest interest in this 

system, due to a possible combination of relatively low thermal conductivity and narrow band 

gap [5.2, 5.7]. The two most accessible metastable phases appear to be the monoclinic AlGe 

phase and the rhombohedral Al6Ge5 phase, according to Laoui and Kaufman [5.5]. Of these two 

phases, the rhombohedral phase has been synthesized in bulk in a relatively pure form [5.8], 

which has enabled characterization of its electronic and thermal properties. The monoclinic 

phase, however, has not yet been produced in a pure form, and its properties have only been 

assessed computationally [5.2]. 

In the present study, a mostly single-phase sample of monoclinic AlGe (m-phase) was 

prepared for the first time, and its crystal structure and decomposition temperature were 

characterized experimentally. This study demonstrates a viable pathway for producing pure 

monoclinic AlGe and characterizes the monoclinic phase, such that it can be accounted for by in 

situ solidification studies. 

5.2 Experimental Procedures 

The Al-Ge alloy was prepared in an arc melter backfilled with ultra-high purity Argon 

(99.999%). High purity elemental Al (99.99%) and Ge (99.99%) were mixed to make an Al-

33Ge (at %) alloy. This is right at the eutectic point proposed by Laoui and Kaufman for the 

metastable Al-m eutectic [5.5]. The alloy was remelted using induction heating in air, held at 

temperatures between 625 and 650 °C, and then cast into a copper wedge mold with a thickness 

of 1 cm and an angle of 25°. The tip of the casting (up to 3mm in thickness), was removed from 

the rest of the casting. The tip was then ground using an agate mortar and pestle. The Al in the 

eutectic was dissolved using a mixture of iodine, tartaric acid, and methanol [5.9], and the 

monoclinic AlGe was separated from the solution using vacuum filtration. The resulting powder 

was estimated to have a weight fraction of 93% monoclinic AlGe, with trace Al6Ge5 and Al, 

based on the powder diffraction patterns. 

Powder diffraction patterns were obtained using a 1 mm diameter thin wall glass 

capillary with a rotating capillary stage on a Panalytical Empyrean instrument using both Cu and 

Mo x-ray tubes. Differential scanning calorimetry (DSC) was conducted in a Setaram Setsys 

instrument with a heating rate of 20 K/min with alumina crucibles. Sintering of AlGe was 

attempted using a uniaxial induction hot-press. Initial trials were performed at 200 °C and 60 
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MPa. Sintering aides were prepared using Sn granules (Alfa, 99.99%) and Mg ribbons (Alfa, 

99.9%). 

  

 

5.3 Results and Discussion 

Historically, one of the main barriers to characterizing the crystal structure and 

decomposition temperature of the m-phase is that it is metastable and difficult to produce with a 

high volume fraction. By making an Al-33Ge (at%) alloy, the authors were able to develop a 

technique capable of making a high volume fraction powder of m-phase. Instead of trying to 

rapidly undercool an alloy with a composition near Al-50Ge (at%) to maximize the amount of 

primary m-phase, the authors tried to maximize the amount of Al + m-phase eutectic. Al-33Ge 

seems to be a near-optimal composition for this approach, based on the work of Laoui and 

Kaufman [5.5]. The eutectic produced in this work is shown in Figure 5.1. Once the eutectic was 

isolated, all that was left was to dissolve the Al and filter out the m-phase from solution. This 

process was able to produce reasonably high volume fraction powders of m-phase suitable for 

further characterization. It is expected that with further refinement, this process could be used to 

achieve significantly higher volume fractions than in the present study. An attempt was made to 

consolidate the m-phase powder to measure transport properties using conventional sintering, 

unaided and with a variety of Sn-Mg alloys as sintering aides, but it was ultimately unsuccessful. 

 

Figure 5.1—SEM backscatter images showing a) the tip of the casting where the region of 
mostly Al + m-phase eutectic transitions into other solidification modes and b) a higher 
magnification image showing the Al + m-phase eutectic. 
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Figure 5.2 shows the refinement results for the powder patterns using Cu and Mo tubes. 

The model of m-phase used for the refinement was obtained by performing a Pawley intensity 

extraction using GSAS-II [5.10] on the Cu tube powder diffraction pattern and the charge 

flipping algorithm Superflip with histogram matching [5.11] to determine the atomic positions 

from the extracted intensities. The Cu pattern was used, due to the presence of the 011 reflection 

and the ability to better distinguish overlapped peaks compared to the Mo tube pattern. For the 

Cu tube pattern, Rwp=5.881% and RF,AlGe=4.459%, with a weight fraction of 93.0% m-phase; for 

the Mo tube pattern, Rwp=2.788% and RF,AlGe=2.265%, with a weight fraction of 93.7% m-phase. 

Since Rwp<10% and RF,AlGe<5% for both patterns and the majority phase is the m-phase, 

suggesting the model of the m-phase determined from charge flipping is correct [5.12]. 

Additionally, there are no unindexed peaks in the diffraction pattern and only small differences 

between the observed and calculated intensities for indexed peaks. The main issue was the need 

to use an absorption correction factor to account for the attenuation of the beam by the sample in 

Figure 5.2—The powder x-ray diffraction patterns using a) a Cu tube and b) a Mo tube are 
shown above. The observed experimental pattern is on top, the calculated pattern is in the 
middle, and the difference is on the bottom. All Al peaks are indicated, as well as the 30 most 
intense m-phase peaks and 10 most intense Al6Ge5 peaks. Due to severe peak overlap, all of 
the m-phase and Al6Ge5 peaks are not shown. 
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both patterns. Additionally, in the Cu pattern the two most intense peaks had difficult shapes to 

fit, which contributed to the difference between the observed and calculated patterns. 

Although the crystal structure of the m-phase has been determined by Viennois et al. 

[5.2], the model for the crystal structure they used was determined from density functional theory 

(DFT) simulations instead of experiments [5.13]. As such, the model presented in this work, 

which was determined ab initio from powder diffraction data from the present study and space 

group information from previous work [5.14], is important because it was determined 

exclusively from experimental work. This is an important validation of the previous model of the 

m-phase, especially since the refinement of the previous model was done on a sample with a 

relatively low weight fraction of m-phase [5.2]. Although the RF,AlGe value obtained by Viennois 

et al was 6.93%, which is quite good, a lower RF,AlGe indicates a better fit [5.12]. The difference 

in RF,AlGe is possibly due to differences in weight fraction of the m-phase, and the use of a 

spinning capillary geometry in the present work, which tends to reduce texture effects. 

 

Table 5.1—Refined atomic coordinates of the m-phase using standardized lattice parameters. 

Atom X y z Occupancy Uiso Multiplicity 

Al1 0.2447(4) 0.6015(3) 0.1815(3) 1.0 0.005800 4 
Ge1 0.07327(13) 0.14633(9) 0.13451(11) 1.0 0.001750 4 

 

The refined atomic coordinates of the m-phase are shown in Table 5.1. The lattice 

parameters are a=4.28 Ȧ, b=5.82 Ȧ, c=7.91 Ȧ, and β=121.73°, based on dual refinement of the 

Cu and Mo patterns, although a standard was not used for the lattice parameters. The choice of 

unit cell in this work is different from the existing convention for the phase [5.2, 5.14], but the 

unit cell described is equivalent. The new convention was chosen to reduce a and β and was 

determined using VESTA [5.14]. The choice of lattice parameters for the unit cell does not affect 

the space group or number of atoms in the unit cell—it just makes the unit cell slightly less 

elongated in this case. After examination of the previously-reported m-phase crystal structure 

[5.2] and the crystal structure in the present work, they were found to be equivalent. Using the 

previous convention, the lattice parameters of the m-phase from this study would be a=6.73 Ȧ, 

b=5.82 Ȧ, c=8.04 Ȧ, and β=147.8°. The proposed bonding arrangement of the m-phase is shown 

in Figure 5.3. The bonds in the ball-and-stick models in Figures 5.3a and 5.3c were determined 
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based on the maximum entropy method (MEM)/Rietveld charge density maps in Figures 5.3b 

and 5.3d. The directional charge density between the atomic nuclei from the MEM analysis is 

indicative of charge density from bonding. The program Dysnomia was used for the MEM 

analysis [5.15]. In order to maximize the non-spherical charge density information from the 

MEM analysis, only low angle reflections were used [5.17]. This choice, along with the use of a 

spinning capillary diffraction geometry to reduce texture effects, helped to enhance the bonding 

information in the charge density from the MEM analysis. 

 

Examination of the MEM results in Figures 5.3b and 5.3d shows that the bonding 

arrangement in the m-phase can be described as layers of buckled hexagonal rings with strong 

Al-Ge bonds that have Ge-Ge interlayer bonds. This fits neatly into the framework of covalent 

bonding with valence electrons—Al has 3 valence electrons and has 3 strong bonds with Ge, as 

can be seen from Figures 5.3c and 5.3d. The Ge atoms have 4 valence electrons and 3 strong 

bonds with Al, as well as 1 strong bond with Ge that links the hexagonal Al-Ge ring layers 

together, as can be seen from Figures 5.3a and 5.3b. This accounts for 4 valence electrons in Ge. 

Figure 5.3—The proposed bonds in the monoclinic AlGe phase are shown in a) and c) using a 
ball-and-stick model of the refined crystal structure. Using the MEM/Rietveld method for the 
Cu powder diffraction pattern, the low angle reflections were used to construct charge 
densities for the AlGe monoclinic phase shown in b) and d). 
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Figure 5.4 shows the differential scanning calorimetry (DSC) heating curves 

corresponding to the powder used in the diffraction experiment. Two conditions were examined: 

the as-cast state of the powder after dissolution and the state of the powder after re-melting and 

slow cooling in the DSC. By including the reference, “equilibrium” curve that was slow cooled, 

it is possible to determine what contribution the AlGe and Al6Ge5 phases have on the pattern. It 

can be seen that around 300 °C, the m-phase and Al6Ge5 phases decompose exothermically. 

Between 400 and 500 °C, the sample melts and has a strong endothermic peak. The exothermic 

peak above the melting point in the “metastable” as-cast condition is attributed to a reaction with 

the atmosphere in the DSC furnace due to the use of a nitrogen purge gas. This is because the 

mass increased for the sample during the exothermic peak and the peak did not reappear on the 

subsequent “equilibrium” heating curve. 

Interestingly, these DSC results disagree with previous literature on the stability of the m-

phase and Al6Ge5 [5.1, 5.2]. It is reported that the decomposition of the metastable phases is 

complete by 275 °C [5.1, 5.2], but in the sample examined in this study the phases did not appear 

Figure 5.4—DSC heating curves for the metastable synthesized Al-Ge powder consisting of 
m-phase, Al6Ge5, and Al, as well as the “equilibrium” heating curve consisting of Al and Ge. 
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to decompose at all below 275 °C. Although the small weight fraction of Al6Ge5 may make its 

decomposition harder to observe, this would not be the case for the m-phase since it makes up 

over 90% of the powder sample by weight. It is difficult to tell exactly why the change in 

decomposition temperature occurred based on the current knowledge of the system, but it is 

possible that the change is due to the initial condition of the sample. Previously, samples 

containing Al6Ge5 and the m-phase also contained the β-Ge phase [5.1, 5.2]. It is possible that 

the decomposition temperature is lowered when β-Ge is present, since new Ge can be formed 

growing on existing Ge, as opposed to having to nucleate an entirely new phase. 

5.4 Conclusions 

A new synthesis method has been demonstrated for producing high volume fraction m-phase 

powders. The m-phase crystal structure and stability have also been characterized. The following 

conclusions can be drawn: 

1. Mostly m-phase powder can be produced by the dissolution of the Al phase in the Al + 

m-phase eutectic. 

2. The previously-proposed crystal structure of the m-phase has been confirmed based 

exclusively on experimental data. 

3. The decomposition temperature of the m-phase was found to be about 300 °C, about 25 °C higher than previously reported and is believed to be related to the absences of any β-

Ge in the DSC samples. 
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CHAPTER 6 

DETERMINATION OF THE INTERMETALLIC α-PHASE CRYSTAL STRUCTURE IN 

ALUMINUM ALLOYS SOLIDIFIED AT RAPID COOLING RATES 

Reproduced with permission from Light Metals 2019. Copyright 2019 The Minerals, Metals & 

Materials Society. 

Joseph Jankowski*1, Michael Kaufman 2, Amy Clarke 3, Krish Krishnamurthy 4, Paul Wilson 5 

6.1 Abstract 

Al-Fe-V-Si and Al-Fe-Cr-Si quaternary alloys were produced by arc melting and chill 

casting, and the crystal structures of the α-phase intermetallics (Pm-3 or Im-3, a=1.25-1.27 nm) 

that formed are compared with those in the well-characterized Al-Mn-Si and Al-Fe-Mn-Si 

systems produced by arc melting. The crystal structures were refined using synchrotron x-ray 

powder diffraction, and compositions were determined using electron probe microanalysis 

(EPMA). It was shown that the Al-Fe-Cr-Si, Al-Fe-V-Si, and Al-Fe-Mn-Si systems appear to 

have the same α-phase structures after heat treatment at 500 °C. Additionally, a new α-phase 

with low Si content was observed in the Al-Fe-V-Si alloys in the as-cast condition. 

6.2 Introduction 

The cubic icosahedral approximant α-phase is known to form over a wide variety of Al-

transition metal-Si compositions, with the full breadth of its possible compositions still unknown. 

Some of the known Al-rich systems in which the α-phase forms include: Al-Cu-Fe-Si, Al-Fe-
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Mn-Si, Al-Mn-Si, Al-Fe-V-Si, Al-Fe-Cr-Si, and Al-Re-Si [6.1-6.5]. Additionally, it is unknown 

if the crystal structure of the α-phase is the same in rapidly cooled samples as those solidified 

under near-equilibrium conditions or heat treated for extended periods of time. Although only a 

few of these compositions have had their crystal structures uniquely determined, there ar 

e already at least 3 different α-phase crystal structures reported in the literature [6.2, 6.3, 

6.6]. The differences between these structures appear to be subtle, with only a few atoms in the 

~140 atom unit cell changing, but they suggest that the conditions of formation for each are not 

fully understood. The stability of these phases is commonly understood in the context of the 

Hume-Rothery stabilization mechanism [6.7, 6.8], but a variety of α-phase crystal structures can 

form—all with similar valence electron counts. This suggests that the reason different phases 

form may be due to factors beyond just the valence electron count.  

This range of α-phase crystal structures has interesting crystallography and is also 

technologically important. The α-phase can serve as a strengthening dispersoid in RS8009, an 

Al-Fe-V-Si high temperature Al alloy produced by rapid solidification processing [6.4], or as a 

detrimental constituent phase that incorporates transition metal impurities in cast Al alloys [6.9]. 

It has also been investigated as a potential thermoelectric material, due to its low thermal 

conductivity [6.10]. For such a technologically-relevant intermetallic, the details of its crystal 

structure are not well understood. If the varying structures have different properties, it is 

important to correctly identify which structure is present in the alloys and conditions of interest. 

This study seeks to validate and improve knowledge of the α-phase crystal structure in 

the Al-Mn-Si and Al-Fe-Mn-Si systems. Additionally, the structures of the α-phase in Al-Fe-V-

Si and Al-Fe-Cr-Si alloys, which were assumed to be isomorphic to α-AlMnSi or α-

Al(Fe,Mn)Si, are re-examined using EPMA and synchrotron x-ray powder diffraction. Minor B 

additions were made to the Al-Fe-V-Si and Al-Fe-Cr-Si alloys since B additions were found to 

promote nucleation of the primary α-phase during solidification of some alloys. A higher number 

density of primary α-phase particles promotes a compact morphology, reducing the risk of 

texture in the powder diffraction pattern from large 𝛼-phase dendrite arms. 
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6.3 Methods 

Alloys with the nominal compositions shown in Table 6.1 were prepared by non-

consumable arc melting high-purity metals together under a high-purity Ar atmosphere 

(99.999%). The chamber was evacuated to 1 torr and back-filled three times to ensure it had low 

contamination from the atmosphere. A titanium getter was melted to remove any remaining 

oxygen prior to melting the samples. Samples containing B were made using a master alloy of 

nominal composition Al-10B (at%). The purities of each of the metals used are as follows: Al 

(99.99%), Fe (99.97%), Mn (99.9%), Cr (99%), V (99.7%), and Si (99.9999%). After alloying in 

the arc melter, the Al-Fe-V-Si and Al-Fe-Cr-Si compositions were remelted in air using 

induction heating in a graphite crucible. A soda lime glass flux was used to mechanically remove 

the oxide layer during casting. The flux was added after the sample had melted and formed a 

thick oxide layer. The melt was held at 850 °C for 5 minutes prior to casting. During this time, 

the flux bonds with the oxide layer. During casting, the oxide layer is removed as the flux floats 

to the bottom of the crucible. A high casting temperature (850 °C) was necessary to reduce 

primary phase formation in the crucible. The melt was poured into a chill mold made of copper 

with a wedge-shaped cavity that had a width of 1 cm and an angle of 25 °. 

Table 6.1—Nominal compositions (at%) of alloys examined  
Al Si  Fe  Mn  Cr  V  B  

AlMnSi 69.6 13 
 

17.4 
   

Al(Fe,Mn)Si 73.3 9.3 11.7 5.7 
   

Low-V 

casting 

92.9 3.5 3.0 
  

0.5 0.1 

High-V 

casting 

92.9 3.5 2.8 
  

0.7 0.1 

Low-Cr 

casting 

92.9 3.5 2.4 
 

1.1 
 

0.1 

High-Cr 

casting 

92.9 3.5 2.0 
 

1.5 
 

0.1 

 

 

After producing arc-melted buttons of Al-Mn-Si and Al-Fe-Mn-Si, they were heat treated 

at 500 °C for 400 h. Since these alloys were made at the nominal α-phase composition and the 

diffusivity of Fe, Si, and Mn in the Al matrix is reasonable [6.11], an extended heat treatment 

transformed the majority of the sample into α-phase. For each Al-Fe-Cr-Si and Al-Fe-V-Si 

composition, one wedge was heat treated at 500 °C for 50 h to promote diffusion of Si. The 
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diffusivity of Cr and V in the Al matrix is too low for effective homogenization heat treatments 

at this temperature. The Al-Mn-Si and Al-Fe-Mn-Si compositions were ground into a powder 

using an agate mortar and pestle after homogenization. The Al-Fe-V-Si and Al-Fe-Cr-Si alloys 

were not produced at the nominal α-phase compositions because the low diffusivity of Cr and V 

in the Al matrix would prevent full transformation of the as-cast microstructure during heat 

treatment [6.11]. As such, they required further processing. It was necessary to first dissolve the 

Al matrix using a solution of tartaric acid, iodine, and methanol [6.12], followed by vacuum 

filtration using a 5 μm pore size polycarbonate membrane film to separate the solution from the 

powder. This solution was chosen for its relatively low corrosiveness to minimize the loss of 

minority phases during the dissolution process. The resulting powder was then ground using an 

agate mortar and pestle. 

After the powders were prepared, they were loaded into 1 mm diameter Kapton 

capillaries and sealed using epoxy. Powder diffraction was performed at ambient temperature at 

beamline 11-BM at the Advanced Photon Source at Argonne National Lab. A rotating capillary 

geometry was used and the wavelength of the radiation was 0.412658 Ȧ. 

Rietveld refinement was performed using the program GSAS-II [6.13]. The crystal 

structures of α-AlMnSi [6.3] and α-Al(Fe,Mn)Si [6.2] were used to model the α-phase during the 

refinement. Once the Rietveld refinement was complete, the program Dysnomia [6.14] was used 

to perform a MEM analysis on the refined crystal structures.  

A JEOL JXA-8230 electron microprobe was used to collect compositional information 

from α-phase particles. Calibration was performed using high purity elemental metal standards. 

The compositions reported were determined from analyses that resulted in 98.5 to 101.5 wt% 

total mass, unless otherwise noted. 

6.4 Results 

The compositions of the α-phase determined from microprobe are shown in Table 6.2. 

Note that for the low-V samples and the Al-Fe-Mn-Si sample, there were issues obtaining 

accurate compositional measurements. For the low-V samples, this may be due to the presence of 

B in the α-phase based on consistent undercounting, i.e., the average total weight percent was 

96.3, compared to values between 98.5 and 101.5 for other samples. For Al-Fe-Mn-Si, the issue 
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may have been charging of the sample. Measured Fe and Mn values were highly variable (about 

1.3 at% standard deviation for each) and many analyses had extremely low total weight percent. 

Interestingly, the high-V Al-Fe-V-Si sample appears to have more transition metal atoms in the α-phase than all of the other samples in the as-cast condition, but not in the heat-treated 

condition. Additionally, the Si content appears to be separated into several distinct ranges for the 

samples—it is possible this corresponds to a change in the arrangement of atoms in the crystal 

structure as well. Altogether, there appear to be three distinct ranges of Si content, and only two 

of these correspond well to those reported in the literature for α-AlMnSi and α-Al(Fe,Mn)Si 

[6.15]. These ranges will be described in detail later. 

Table 6.2—Compositions of α-phase (at%) determined from EPMA  
Al  Si  Fe  Mn  Cr  V  

α-AlMnSi 69.4 12.8 
 

17.8 
  

α-Al(Fe,Mn)Si* 73 8.7 12.5 5.8 
  

Low-V α-Al(Fe,V)Si as-cast† 79 3.5 13.9 
  

3.6 

Low-V α-Al(Fe,V)Si as-cast† 76.6 6.7 13.8 
  

2.9 

High-V α-Al(Fe,V)Si as-cast 78.6 3.2 13.9 
  

4.3 

Low-Cr α-Al(Fe,Cr)Si as-cast 74.9 7.8 11.2 
 

6.1 
 

High-Cr α-Al(Fe,Cr)Si as-

cast 

75.2 7.6 9.6 
 

7.6 
 

Low-V α-Al(Fe,V)Si heat-

treated‡ 

71.4 11.1 14.5 
  

3 

High-V α-Al(Fe,V)Si heat-

treated 

71 11.6 13.4 
  

4 

Low-Cr α-Al(Fe,Cr)Si heat-

treated 

70.5 12 11.2 
 

6.3 
 

High-Cr α-Al(Fe,Cr)Si heat-

treated 

70.3 12.4 9.5 
 

7.8 
 

 

*Taken from a single point, may not be representative 

†Taken from a single point, low overall counts, and chance the measurement was not entirely 
from one phase 

‡Taken from 3 points, high variability between measurements 
 

The R values and α-phase lattice parameters from the Rietveld refinements for each of 

the samples examined using synchrotron x-ray powder diffraction are shown in Table 6.3. The 

phases present and phase fractions in the powder samples are shown in Table 6.4. An example 

refinement is shown in Figure 6.1. Although the refinements of α-AlMnSi and α-Al(Fe,Cr)Si 

were relatively straightforward, the refinements of α-Al(Fe,Mn)Si and α-Al(Fe,V)Si were 
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challenging. For α-Al(Fe,Mn)Si, there appeared to be an unknown phase in the powder with a 

relatively high phase fraction, supporting claims of an unknown phase from prior work [6.8]. 

The intensities of the unknown phase peaks were high enough to throw results from the MEM 

analysis into question, preventing analysis of the pattern beyond Rietveld refinement. For α-

Al(Fe,V)Si samples, there appeared to be several α-phase lattice parameters present, which was 

unexpected. This is in addition to what seemed to be a change in lattice parameters between 

primary α-phase particles and interdendritic α-phase. An example microstructure is shown in 

Figure 6.2 for reference. Interdendritic α-phase peaks were identified based on phase fraction, 

lattice parameter, and peak broadening due to crystallite size. Specifically, phases with lattice 

parameters close to 1.256 nm and exhibiting high levels of peak broadening due to crystallite 

size were identified as most likely to be the interdendritic/eutectic α-phase constituent. 1.256 nm 

was chosen since it is representative of an Fe-rich α-phase lattice parameter in the Al-Fe-Mn-Si 

system. Significant peak broadening is expected in the diffraction peaks, since the thickness of 

the interdendritic/eutectic α-phase constituent is on the order of 100 nm. 

Table 6.3—R values and lattice parameters from Rietveld refinement  
R Values Lattice Parameters  

Rwp RF,α RF,α’ 
* 

RF,α’’ 
** 

aα 

(nm)† 

aα’ 
(nm)* 

aα’’ 
(nm)** 

AlMnSi 9.91% 4.01% 
  

1.266 
  

Al(Fe,Mn)Si 18.61% 5.79% 
  

1.258 
  

Low-V as-cast 7.98% ~2.5% 3.35% 2.64% 1.265 1.252 1.257 

Low-V heat-

treated 

8.78% 1.95% 2.25% 2.31% 1.257 1.261 1.254 

High-V as-cast 8.07% 1.99% 
 

1.81% 1.253 
 

1.256 

Low-Cr as-cast 9.82% 3.56% 6.66% 6.77% 1.266 1.253 1.258 

Low-Cr heat-

treated 

12.73% 2.39% 
 

4.61% 1.262 
 

1.255 

High-Cr as-

cast†† 

8.66% 2.36% 
 

3.07% 1.269 <1.259 1.259 

 

*α’ refers to a second α-phase compositionally and structurally distinct in the primary particles 
from the majority phase 
**α’’ refers to interdendritic/eutectic α-phase 
†α-phase in multiphase samples defined as majority α-phase constituent 
††α’ lattice parameter not accurately determined 
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Table 6.4—Phase fraction (wt%) from Rietveld refinement 
 Al Si Al9Fe2S

i2 [16] 

Al9Mn3

Si [17] 

Al10

V 

[18] 

h 

[19

] 

α α' 
* 

α'' ** unknow

n 

present 

AlMnSi 
 

0.2 
 

7.1 
  

92.7 
   

Al(Fe,Mn)

Si 

1.8 0.1 
    

98.1 
  

yes 

Low-V as-

cast 

4.5 6.0 
   

9.1 29.3 30.
2 

20.8 
 

Low-V 

heat-

treated 

6.2 3.6 14.4 
  

4.9 46.5 11.
1 

13.2 
 

High-V as-

cast 

19.
3 

2.3 3.3 
 

0.9 11.
2 

34.6 
 

28.4 
 

Low-Cr 

as-cast 

 
8.8 

    
57.6 8.7 24.8 yes† 

Low-Cr 

heat-

treated 

5.9 3.0 3.7 
   

76.9 
 

10.0 yes† 

High-Cr 

as-cast 

9.1 3.5 
    

63.2 
 

24.3†
† 

yes† 

 

*α’ refers to a second α-phase compositionally and structurally distinct in the primary particles 
from the majority phase 
**α’’ refers to interdendritic/eutectic α-phase,  
†Present only in small quantities 
††α’’ includes contribution from α’ due to difficulties fitting the pattern 
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Figure 6.3 shows the most intense α-phase peaks from the as-cast low-V Al-Fe-V-Si 

sample. The split peaks appear to correspond to three distinct α-phases: two in the primary 

particles and one that seems to be present as an interdendritic/eutectic constituent. Wavelength 

dispersive spectroscopy (WDS) maps of the primary particles in the sample are shown in Figure 

6.4. It can be seen that, in addition to distinct peaks in the diffraction pattern, there also appear to 

be α-phases with distinct solidification behavior, with the low-Si phase solidifying before the 

high-Si phase. 

Figure 6.1—Example Rietveld refinement. The pattern shown here is from the as-cast high-V 
composition powder. The 2θ range with the most intense α-phase peaks is expanded to show 
detail. The experimental pattern is the dark blue crosses, the calculated pattern is the dark 
green line, and the difference is the light blue line beneath the pattern. Peak positions for all 
phases are identified by the legend at the top right of the figure. 
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Figure 6.2—Example as-cast microstructure from wedge castings. Bright particles are primary α-phase, the dark background is the Al matrix, and the bright constituent in the matrix is 
mostly α-phase. 
 

 
Figure 6.3—Three of the most intense peaks in the as-cast low-V composition powder pattern. 
Peak splitting is apparent, as well as coring in the α-phase with the highest lattice parameter 
(farthest left peak). 
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Figure 6.4—WDS maps of the as-cast low-V alloy. Shown are a) the Al map, b) the Si map, c) 
the Fe map, and d) the V map. From the Si map, it is apparent that there is a distinct change in 
Si content between the “core” α-phase and “edge” α-phase in the primary particles that 
appears to manifest as α-phases with different lattice parameters, as seen in Figure 3. 
 

 

6.5 Discussion 

The present results indicate that there are three distinct ranges of Si content for the α-

phases that formed in the various Al-TM-Si compositions examined. While two of them, “group 

A” (11-13 at% Si) and “group B” (7-8 at% Si), appear consistent with the reported structures of α-AlMnSi and α-Al(Fe,Mn)Si, “group C” (3-4 at% Si) appears to result in a slightly different 

distribution of atoms in the complex crystal structure. The details of these groups will be 

discussed further in the context of specific compositions. 

The first composition examined was α-AlMnSi, which was used as one of two reference 

compositions. This composition has been extensively characterized in the literature and falls 

under group A in Si content with around 13 at% Si. The Pm-3 space group of α-AlMnSi was 

apparent from the diffraction pattern of this composition, due to the presence of the simple cubic 

reflections. However, group A more generally describes Pm-3 or Im-3 space groups with high Si 

content. Group A would essentially be the equilibrium Mn-rich α-phase compositions consistent 

with the Al-Fe-Mn-Si quaternary system [6.15]. 
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The other reference composition was α-Al(Fe,Mn)Si. This, like α-AlMnSi, is a relatively 

well-characterized crystal structure. Unfortunately, the presence of an unknown phase in the 

powder sample and difficulties during microprobe analysis prevented full characterization of the α-phase that was actually produced. Based on the literature, and the compositional analysis from 

microprobe performed in this work, the Fe-rich compositions of α-Al(Fe,Mn)Si would be in 

group B based on Si content. This represents the lower end of Si content possible for the reported 

crystal structure of α-Al(Fe,Mn)Si [6.15]. Along with the Al-Mn-Si reference composition, the 

Al-Fe-Mn-Si composition provided a baseline for comparing results in the Al-Fe-V-Si and Al-

Fe-Cr-Si systems to the well-characterized α-AlMnSi and α-Al(Fe,Mn)Si phases. Group A and 

group B are used to describe the α-phases found in the Al-Fe-V-Si and Al-Fe-Cr-Si systems in 

terms of either the Mn-rich or Fe-rich Al-Fe-Mn-Si quaternary system, respectively. 

Next, the Al-Fe-Cr-Si compositions were examined. High-Cr and low-Cr samples, each 

in the as-cast and heat-treated condition, were characterized with EPMA and synchrotron x-ray 

powder diffraction, although the high-Cr heat-treated condition was not examined with 

synchrotron x-ray powder diffraction due to beamtime constraints. In the as-cast condition, both 

the low-Cr and high-Cr samples appear to be in group B, based on the microprobe analysis of Si 

content. The main difference between the as-cast low-Cr and high-Cr conditions was the change 

in lattice parameter from 1.266 nm in the low-Cr condition to 1.269 nm in the high-Cr condition.  

Based on Rietveld and MEM analysis of both as-cast samples, it seems that some of the 

Si is in the icosahedral clusters. However, it was uncertain if all of the Si concentrated in these 

sites, or just some of it. This was due to discrepancies between the MEM analyses and the 

Rietveld refinement. Both Rietveld refinement and the MEM analysis suggested that the 

structure was consistent with that of α-Al(Fe,Mn)Si, though. A final note is that three distinct 

lattice parameters were observed in the as-cast condition for both compositions, although the 

lattice parameters for the high-Cr composition were difficult to distinguish. It is possible that 

there is a minority constituent present in the primary particles that was missed with EPMA due to 

its spatial resolution limitations, along the lines of the behavior observed in the low-V as-cast 

condition. 

Of the heat-treated conditions of Al-Fe-Cr-Si, only the low-Cr composition was 

examined using synchrotron x-ray diffraction. From the diffraction pattern, the α-phase appears 
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to have the space group Im-3, despite having a high Si content consistent with group A. The Si 

content seemed to concentrate in the icosahedral clusters, although it was not clear where the 

extra Si in the heat-treated condition was going in the structure compared to the as-cast 

condition. Additionally, the crystal structure of the low-Cr α-phase was consistent with α-

Al(Fe,Mn)Si from Rietveld refinement and MEM analysis. Interestingly, while the Si content of 

the low-Cr composition is consistent with the α-Al(Fe,Mn)Si structure in both the as-cast and 

heat-treated conditions, it appears to have either a wide solubility range for Si for a given 

transition metal content or two distinct phases in the as-cast and heat-treated conditions. The 

high-Cr composition in the heat-treated condition had a Si content approaching that of α-

AlMnSi, although no synchrotron x-ray data is available to see if this caused a transition from 

the Im-3 space group to the Pm-3 space group.  

From the Al-Fe-Cr-Si results, an interesting possibility arises. If the compositions 

observed actually possess the same crystal structure, the Si content in the as-cast condition may 

be a “floor” concentration for the phase, based on equilibrium with a Si-rich liquid. The heat-

treated condition may be a “ceiling,” based on stability in the solid state. This would, however, 

be difficult to prove conclusively. 

Finally, the Al-Fe-V-Si compositions were examined. Although some conclusions were 

able to be drawn, the diffraction patterns and microprobe results for this system were complex. 

For the low-V composition, the total weight percent calculated during microprobe analysis was 

consistently low by about 2 wt%. It is unclear why this happened, although substitution of the B 

into the α-phase structure may be a possible cause. Additionally, the synchrotron x-ray 

diffraction pattern of the as-cast low-V composition contained α-phase peaks with difficult 

shapes to fit and several different lattice parameters of the α-phase in the same pattern. Figure 

6.4 illustrates the spatial arrangement of these α-phases in the microstructure. The low-Si α-

phase appears to be present at the core of the low-V composition primary particles, and to be the 

only primary α-phase particles in the as-cast high-V composition. 

Based on the information available, some conclusions were able to be drawn about the 

as-cast conditions. First, it seems likely that the low-Si α-phase, belonging to group C, was 

present in both the low-V and high-V compositions, although a group B α-phase also appeared to 

be present in the low-V as-cast condition. Based on microprobe analysis of the high-V as-cast 
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condition, the transition metal content is too high in the group C α-phase for either the α-AlMnSi 

or α-Al(Fe,Mn)Si crystal structures [6.15]. Instead, it seems possible that it may have some of 

the features of the cubic approximant in the Al-Cu-Fe-Si system [6.6]. Specifically, the transition 

metal content of the group C α-phase is high enough that there appears to be one extra transition 

metal atom per unit cell, potentially located at the center of the icosahedral cluster centered on 

the origin of the unit cell. No attempt was made to validate this prediction from diffraction data, 

since the intensity of the diffraction peaks was not high enough to distinguish the Pm-3 and Im-3 

space groups for that composition. For the low-V composition, the group B α-phase seemed 

consistent with the as-cast Al-Fe-Cr-Si compositions. The identification of a group B α-phase in 

the low-V alloy primary particles, in addition to the group C α-phase, was made based on the 

presence of an additional α-phase peak when compared to the diffraction pattern of the high-V 

composition, from the WDS map shown in Figure 6.4, and from the many point analyses 

performed. 

In the heat-treated conditions, both V compositions had transition metal and Si contents 

consistent with the crystal structures reported for the α-AlMnSi and α-Al(Fe,Mn)Si phases 

[6.15]. This is also more consistent with the reported compositions of α-phase dispersoids in 

8009 [6.4]. Although the composition of dispersoids in 8009 has been characterized previously, 

the present work suggests that these characterizations may have missed the importance of the as-

cast compositions. While the processing conditions in the present work are not identical to rapid 

solidification, there is an α-phase with an unreported composition and solidification behavior 

present in the low-V and high-V compositions. This suggests that the picture of dispersoids in 

8009 may not be complete without characterizing their as-cast and consolidated compositions, 

due to the elevated temperatures required during the consolidation process. A change in lattice 

parameters observed for the h-phase in the present study between the as-cast and heat-treated 

condition may also explain the difference in Si content observed by Jankowski et al. [6.19] and 

Ezersky et al. [6.20] Like the α-phase, the h-phase may solidify with a different Si content, and 

potentially crystal structure as well, compared to the h-phase present in the consolidated 

condition. The group C α-phase appeared to solidify with a Si content equal to the bulk Si 

content, similar to the behavior of the h-phase observed by Jankowski et al. [6.19] 
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6.6 Conclusions 

A range of compositions of the cubic icosahedral approximant α-phase were produced 

under different conditions to examine the possible α-phase crystal structures for Al-rich 

compositions of technological importance. Although much of what was found was consistent 

with the literature of the α-phase, α-Al(Fe,V)Si was found to possess a previously unreported 

crystal structure in the as-cast condition. In the heat-treated condition, all compositions appeared 

to possess crystal structures consistent with α-Al(Fe,Mn)Si, suggesting that the 

thermodynamically stable α-phase crystal structures are the same between the Al-Mn-Si, Al-Fe-

Mn-Si, Al-Fe-V-Si, and Al-Fe-Cr-Si systems.  
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CHAPTER 7 

ASSESSING PHASE STABILITY IN METALLIC COMPOUNDS TO DEVELOP NOVEL 

HIGH TEMPERATURE ALUMINUM ALLOYS THAT CONTAIN THE INTERMETALLIC α-PHASE 

 

In this study, a method of assessing phase stability using the electronic density of states 

(DOS) in metallic compounds was applied to the complex intermetallic α-Al76-xX17Si7+x (α-

phase) to identify compositions that would contain the Al + α-phase eutectic microstructure. The 

Al + α-phase eutectic is desirable because of its fine length scale and microstructural stability at 

elevated temperatures. The method accurately predicted which elements were likely to have 

substantial solubility in the α-phase, which was confirmed from wavelength dispersive 

spectroscopy (WDS) on a variety of α-phase compositions. Thermodynamic simulations were 

performed to optimize the composition of Al + α-phase alloys for eutectic formation, and 

resultant microstructures were characterized with x-ray diffraction (XRD) and WDS. The results 

show this method is promising for identifying novel and/or optimized compositions of complex 

metallic compounds, enabling the design of engineering alloys utilizing these compounds. 

7.1 Introduction 

Aluminum alloys have found application in many industries due to an attractive 

combination of strength, low density, and corrosion resistance. However, one area in which 

aluminum alloys have consistently underperformed is at elevated temperatures, particularly at 

temperatures above about 250 °C [7.1, 7.2]. This is largely due to the nature of the strengthening 

mechanisms present in conventionally processed aluminum alloys. Precipitation strengthening is 

the dominant strengthening mechanism in high strength aluminum alloys, but the precipitates 

present in these alloys generally contain elements with high diffusivities in the aluminum matrix 

[7.1, 7.2]. Because of this, most precipitation-strengthened aluminum alloys have poor 

microstructural stability at temperatures in excess of 250 °C [7.2].  

Dispersoid-strengthened alloys like 8009, however, possess excellent mechanical 

properties and microstructural stability at temperatures above 300 °C [7.3]. However, 8009 and 

similar alloys require rapid solidification processing to form desired distributions of fine 
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dispersoids. Because 8009 has good microstructural stability at elevated temperatures, it is a 

promising system to investigate for adaptation to lower cost processing routes. Although 

investigations into 8009 solidified at low cooling rates (1-20 K/s) did not yield similarly high 

strength microstructures [7.4], it was found that when 8009 is cooled at intermediate cooling 

rates on the order of 1,000 K/s, a lamellar microeutectic microstructure could be formed between 

aluminum and the intermetallic α-Al13(Fe,V)3Si2 [7.5]. This microeutectic was reported to have a 

Vickers microhardness and elevated temperature microstructural stability comparable to 8009 

[7.5]. An effective method of producing this microstructure in 8009 at cooling rates less than 

1000 K/s has not been found at the 8009 composition, however, due to the presence of the 

competing h-phase intermetallic [7.5, 7.6]. The h-phase intermetallic solidifies in competition 

with the Al + α-phase eutectic and can prevent it from forming [7.5]. 

Because of the challenge presented by the h-phase, alloy modifications capable of 

promoting the formation of the microeutectic at lower cooling rates are necessary. In order to 

promote the Al + α-phase microeutectic constituent through alloy modification, an understanding 

of the stability of the α-phase as a function of composition is required. The α-phase intermetallic, 

although it forms over a wide variety of compositions [7.7], has a poorly characterized crystal 

structure and composition outside of Al-Fe-Mn-Si quaternary alloys. The problems of crystal 

structure and composition have been addressed in prior works [7.7-7.13], although clearly 

substantial work remains. 

A methodology of predicting phase stability of the α-phase intermetallic using density 

functional theory (DFT) was developed to better understand the full scope of possible Al + α-

phase alloys outside of 8009. Thermodynamic calculations and differential scanning calorimetry 

(DSC) were performed to optimize the composition of the alloy for processability, once the 

scope of possible compositions was defined. Four alloys were produced at different compositions 

that satisfied the criteria developed for promoting the microeutectic in Al-α alloys and their 

microstructures were characterized. 

7.2 Methods 

7.2.1 Experimental 

Alloys with the nominal compositions shown in Table 7.1 were prepared by non-

consumable arc melting high-purity metals together under a high-purity Ar atmosphere 
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(99.999%). The chamber was evacuated to 1 torr and back-filled three times to ensure it had low 

contamination from the atmosphere. A titanium getter was melted to remove any remaining 

oxygen prior to melting the samples. Samples containing B were made using a master alloy of 

nominal composition Al-10B (at%) and samples containing Mo were made using a master alloy 

of nominal composition Al-10Mo (wt%). The purities of each of the metals used were as 

follows: Al (99.99%), Fe (99.97%), Mn (99.9%), Cr (99%), V (99.7%), Co (99.9%), Mg (99%) 

and Si (99.9999%). After alloying in the arc melter, all compositions in this work were remelted 

in air using induction heating in a graphite crucible. A soda lime glass flux was used to remove 

the oxide layer during casting. The flux was added after the sample had melted and formed a 

thick oxide layer. During this time, the flux bonds with the oxide layer. During casting, the oxide 

layer is removed as the flux floats to the bottom of the crucible. A high casting temperature was 

necessary to reduce primary phase formation in the crucible. A superheat of at least 50 °C with 

respect to the calculated equilibrium liquidus was chosen. The melt was poured into a chill mold 

made of copper with a wedge-shaped cavity with a width of 1 cm and an angle of 25° for alloys 

V1, V2, Cr1, Cr2, RS1, and RS2. For alloys Mg1, Mg2, Mg3, 35, 40, 45, and 50 the melt was 

poured into a stepped cylindrical copper chill mold that has the cavity dimensions shown in 

Figure 7.1. The cylindrical mold used vacuum suction to assist in filling the mold. A casting of 

alloy 35 was heat treated for 100 hours at 370 °C in air to evaluate microstructural stability at 

elevated temperatures. 

Alloys Cr1, Cr2, V1, and V2 were heat treated at 500 °C for 50 h to promote diffusion of 

Si. The diffusivity of Cr and V in the Al matrix is too low for effective homogenization heat 

treatments at this temperature [7.1]. A JEOL JXA-8230 electron microprobe was used to collect 

compositional information from α-phase particles. Calibration was performed using high purity 

elemental metal standards. The compositions reported were determined from analyses that 

resulted in 98.5 to 101.5 wt% total mass. 

Differential scanning calorimetry (DSC) measurements were made using a Setaram 

Setsys system. Heating and cooling rates of 20 K/min were used for all samples examined. 

Sample masses were between 200 and 300 mg. XRD was performed on a Panalytical X’Pert Pro 

MRD with Cu Kα radiation on alloys 35, 40, 45, and 50. The top 5 mm of the 4 mm diameter 

section, as defined in Figure 7.1, and the bottom 5 mm of the 6 mm diameter section of the  
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Table 7.1—α-Phase composition as a function of alloy composition and processing history. 

Alloy 
Number 

Alloy Composition (at%) 𝛂 (at%) Method of 
preparation 

V1 Al-3.0Fe-0.5V-3.5Si-0.1B Al-14.5Fe-3.0V-11.1Si [7.13] Chill casting, 
50 hr 500 °C 

V2 Al-2.8Fe-0.7V-3.5Si-0.1B Al-13.4Fe-4.0V-11.6Si [7.13] Chill casting, 
50 hr 500 °C 

Cr1 Al-2.4Fe-1.1Cr-3.5Si-0.1B Al-11.2Fe-6.3Cr-12.0Si [7.13] Chill casting, 
50 hr 500 °C 

Cr2 Al-2.0Fe-1.5Cr-3.5Si-0.1B Al-9.5Fe-7.8Cr-12.4Si [7.13] Chill casting, 
50 hr 500 °C 

Cr1 Al-2.4Fe-1.1Cr-3.5Si-0.1B Al-7.8Si-11.2Fe-6.1Cr [7.13] Chill casting 

Cr2 Al-2.0Fe-1.5Cr-3.5Si-0.1B Al-7.6Si-9.6Fe-7.6Cr [7.13] Chill casting 

Mg1 Al-1.0Fe-1.0Mn-0.1Co-
0.3Cr-0.1V-1.1Si-1.0Mg 

Al-7.3Si-2.4Cr-0.8V-0.4Co-6.9Fe-
7.2Mn 

Chill casting 

Mg1 Al-1.0Fe-1.0Mn-0.1Co-
0.3Cr-0.1V-1.1Si-1.0Mg 

Al-6.1Si-3.0Cr-1.4V-0.3Co-6.6Fe-
6.6Mn 

Chill casting 

Mg2 Al-1.0Fe-1.0Mn-0.3Cr-0.1V-
1.1Si-1.0Mg 

Al-6.5Si-2.6Cr-1.1V-6.5Fe-7.1Mn Chill casting 

Mg2 Al-1.0Fe-1.0Mn-0.3Cr-0.1V-
1.1Si-1.0Mg 

Al-7.3Si-2.4Cr-0.9V-6.9Fe-7.4Mn Chill casting 

Mg3 Al-1.0Fe-1.0Mn-0.3Cr-1.1Si-
1.0Mg 

Al-5.5Si-3.6Cr-6.9Fe-6.9Mn Chill casting 

RS1 Al-4.4Fe-0.4Mo-0.2V-2.3Si Al-15.3Fe-1.7Mo-0.8V-4.3Si Chill casting 

RS2 Al—2.2Fe-2.2Mn-0.4Mo-
0.2V-2.3Si 

Al-7.6Fe-7.7Mn-1.7Mo-0.9V-4.5Si Chill casting 

35 Al-1.5Fe-1.5Mn-0.4Cr-1.6Si Al-7.6Fe-8.0Mn-2.2Cr-5.2Si Chill casting 

35 Al-1.5Fe-1.5Mn-0.4Cr-1.6Si Al-7.5Fe-7.9Mn-2.4Cr-6.4Si Chill casting, 
100 hr 370 °C 

40 Al-1.8Fe-1.8Mn-0.5Cr-1.8Si Al-7.4Fe-7.8Mn-2.3Cr-4.8Si Chill casting 

45 Al-2.0Fe-2.0Mn-0.6Cr-2.1Si Al-7.5Fe-7.6Mn-2.3Cr-5.7Si Chill casting 

50 Al-2.2Fe-2.2Mn-0.7Cr-2.3Si Al-7.3Fe-7.5Mn-2.7Cr-4.3Si Chill casting 
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Figure 7.1—Schematic drawing illustrating the geometry of the stepped cylindrical copper 
chill mold. 

 

 

castings were examined in order to obtain signal from a variety of microstructures in the castings 

to check for the presence of Al, α, and any other phases. The irradiated region consisted mostly 

of the core of both sections. XRD data was analyzed using GSAS-II [7.14] to identify which 

phases were present. SEM imaging was performed using an FEI Quanta 600i Environmental 

SEM and a JEOL 7000 field emission SEM. 

7.2.2 Computational 

Ab-initio computational calculations were performed using the Vienna Ab-initio 

Simulation Package (VASP) (version 5.4.4) [7.15-7.19] with projector augmented wave (PAW) 

potentials [7.20, 7.21]. Exchange and correlation were described by the PBE parametrization in 

the generalized gradient approximation [7.22]. Cell shape, volume, and atom coordinates were 

relaxed. Tetrahedron method of smearing was used to determine the total energy [7.22]. For all 

calculations, except those performed for the most recent model of the α-phase [7.23], The 

calculations used 60 k-points and a cut off energy of 340 eV. For the most recent model of the α-
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phase [7.23], the Brillouin zone was sampled with a 4x4x4 Monkhorst pack grid and a cut off 

energy of 400 eV was used.  

Thermodynamic simulations were performed using Thermo-Calc [7.24] with the TCAL6 

Al-alloys version 6 database.  

7.3 Results and Discussion 

7.3.1 DFT Modeling of 𝛂-Phase Intermetallic 

To deal with the uncertainties present in the crystal structure and composition of the α-

phase, and lack of thermodynamic databases outside of Al-Fe-Mn-Si quaternary alloys for the α-

phase [7.24], phase stability was assessed using the electronic density of states (DOS). This is 

possible based on the knowledge that an intermetallic compound is “stable” if the Fermi level 

resides within the pseudogap [7.25]. Essentially, the pseudogap is a manifestation of bonding 

interactions in metallic compounds. Al-transition metal (TM) and Al-TM-Si compounds that are 

Al-rich have long been considered to be electron-stabilized phases [7.25], so using the metric of 

the Fermi level position as an indicator of phase stability is grounded in existing literature on 

such compounds. If Al-TM and Al-TM-Si phases were predominantly stabilized by features 

outside of the electronic structure, such a metric would have less value. Compared to calculations 

like total energy or charge density, calculating an electronic density of states is both less 

sensitive to errors in the model crystal structure and is computationally cheaper. The lowered 

computational requirements arise from reductions in the number of calculations required to 

assess phase stability. Both of these features are critical for this application, due to the large size 

of the unit cell of the α-phase (138 atoms) [7.7], the presence of statistically occupied sites [7.9, 

7.10], and difficulties in describing the exact nature of the crystal structure [7.11].  

Figure 7.2 illustrates how the DOS can be more robust than calculating energies of 

formation in the case of a poorly defined crystal structure. Figure 7.2a was generated by 

calculating the DOS for the thermodynamically stable α-AlMnSi crystal structure based on the 

most detailed characterization available in the literature [7.11]. The calculation did not yield a 

negative energy of formation for the thermodynamically stable phase, indicating an error in the 

description of the crystal structure. At the time, this was addressed by adjusting the occupancies 

of two of the Al/Si Wyckoff positions. This yielded a negative energy of formation and a deep, 

narrow pseudogap, as shown in Figure 7.2b. Recent work [7.23] has indicated that this 
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adjustment is not necessarily physical, although a comparison of Figures 7.2b and 7.2c shows 

that the choice of a more physical crystal structure has little effect on the position of the Fermi 

level relative to the pseudogap. However, it does move the Fermi level into the approximate 

minimum of the pseudogap and results in a slightly shallower, wider pseudogap. In summary, 

Figure 7.2 demonstrates that the position of the Fermi level relative to the pseudogap can be 

relatively insensitive to small errors in the description of the crystal structure. 

 

 

Before describing the application of this method further, it is worth describing some of 

the assumptions made in this work. First, it is assumed that the details of the Al/Si arrangement 

in the α-phase do not significantly affect the position of the Fermi level relative to the 

pseudogap. Second, it is assumed that the transition metal content of the α-phase dictates its 

stability through electron count. Finally, it is assumed that the Si content of the α-phase changes 

as a function of the transition metal content. Although the second and third assumptions are more 

difficult to validate than the first, the authors’ prior work has shown that transition metal content 

may be more important than the exact Si content of the α-phase, especially in the as-cast 

condition [7.13]. Existing work on α-Al(Fe,Mn)Si also suggests that the Si content can be 

described as being dependent on the transition metal content [7.7, 7.11]. 

With the understanding that the DOS can be used as an indicator of phase stability for the α-phase intermetallic, it was critical to identify a practical technique to utilize it for high-

throughput calculations. This was done by first calculating the DOS for the reference, 

Figure 7.2—Total electronic DOS of α-AlMnSi for a) the model proposed by Simensen and 
Bjørneklett [7.11] b) the modified model used in this work and c) a proposed, more physical 
model based on synchrotron x-ray powder diffraction [7.23] and the work of Sugiyama, Kaji, 
and Hiraga [7.10]. The zero energy level is defined as the Fermi energy, and is illustrated by 
dashed lines. 
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thermodynamically stable α-AlMnSi crystal structure, based on the most detailed 

characterization available in the literature [7.11]. For the purposes of this work, the structure 

represented in Figure 7.2b was used, as the model used for Figure 7.2c was not available at the 

time the calculations were performed. 

 

 

Once the DOS in Figure 7.2b was calculated, the energy of the Fermi level was defined 

relative to the energy level of the minimum value of the DOS in the pseudogap. This was 

considered to be the “stable” position of the Fermi level. This defines a reference energy level 

for a “stable” Fermi level. Once the α-AlMnSi DOS was calculated, theoretical α-AlXSi DOS 

were calculated, where X is a transition metal. The area under the curve of the DOS was 

calculated from the Fermi level of the theoretical α-AlXSi to the reference “stable” position of 

the Fermi level within the pseudogap, as shown in Figure 7.3. This area is defined as negative if 

the theoretical Fermi level is below the reference position and positive if the theoretical Fermi 

Figure 7.3—The DOS is shown in the immediate vicinity of the Fermi level for a) α-AlMnSi, 
b) theoretical α-AlCrSi, and c) theoretical α-AlFeSi. The dashed line is the reference energy, 
and the dotted line is the Fermi energy. The area under the curve between them is defined as 
the number of “missing” electrons for b) and the number of “excess” electrons for c). For a), 
there is no shaded area because the Fermi level of α-AlMnSi is used to define the reference 
energy level relative to the pseudogap minimum. 
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level is above the reference position. The area corresponds to units of electrons, with negative 

meaning more electrons are required for phase stability and positive meaning fewer electrons are 

required for phase stability. The results of the calculations performed in this work are shown in 

Table 7.2. In addition to the results generated using the method described, the number of 

electrons calculated using the minimum of the pseudogap instead of an arbitrary position relative 

to the minimum of the pseudogap is shown in Table 7.2. This demonstrates how the results 

change with an alternative reference level. It can be seen that the change is small, typically about 

10%. Perhaps unsurprisingly, the results in Table 7.2 can be replicated by a simple count of 

valence electrons from the periodic table with the exception of Ni and Cu. Without additional 

considerations, this method is a computationally expensive version of electron counting. 

Table 7.2—Summary of calculations to determine valence electron count for each element. 

𝜶-AlXSi 
ternary phase  

Excess or deficient 
electrons per 

transition metal atom 
(reference position) 

Excess or deficient 
electrons per 

transition metal atom 
(pseudogap minimum) 

Expected from valence 
electron count 

Ti -3.27 -2.88 -3 

V -2.20 -1.89 -2 

Nb -2.05 -1.83 -2 

Cr -1.23 -0.96 -1 

Mo -1.03 -0.80 -1 

Mn 0 0.19 0 

Fe 0.93 1.13 1 

Co 1.90 2.23 2 

Ni 3.23 3.48 3 

Cu 4.62 4.83 4 

 

Although the method described so far can define when the Fermi level will rest in the 

pseudogap, this is a poor predictor of stability on its own. This is particularly important when 

considering the case of the electron counts of Co and Ni in Table 7.1. Initially, these elements 

appear to be capable of replacing Fe in the α-phase, based on their positive electron counts. 
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However, the d-band energies of Co and Ni are substantially different from Fe [7.26, 7.27]. This 

leads to a shallower pseudogap in the theoretical α-phase containing Co and Ni on the transition 

metal sublattice. This is shown in Figure 7.4a for the theoretical α-AlCoSi phase. Although 

slightly shallower, the difference is not large. When considering a mixture of Co and elements 

that are electron deficient in the α-phase, the shallow pseudogap becomes more pronounced. 

Figures 7.4b and 7.4c show the DOS for a theoretical α-Al(Fe,Cr)Si structure and a theoretical α-

Al(Co,Cr)Si structure, respectively. Both have a 1:1 ratio of Fe/Co to Cr atoms. In both systems, 

the pseudogap is almost entirely determined by the Al and Si partial DOS. This is driven by the 

interaction of Al and Si with the transition metals in the α-phase, suggesting the substitution of 

Co for Fe weakens the interaction between the d-bands and the s and p-bands of Al and Si. The 

reduced interaction may be due in part to the low d-band energy of Co. Unlike the d-band of Fe 

in Figure 7.4b, the d-band of Co in Figure 7.4c is less dispersed and concentrated at lower energy 

levels, suggesting lower levels of interaction [7.28]. This suggests that Co, on a fundamental 

level, cannot fully replace Fe in the α-Al(X,Cr)Si quaternary phase. The presence of and depth of 

the pseudogap matters because it is a proxy for the bonding interaction between atoms in a 

compound [7.28]. The d-bands of Fe and Mn are at an appropriate energy level to interact with 

the s and p-bands of Al and Si. This result does not mean that Co has no solubility in the α-

phase, just that its solubility would likely be limited by more than just electron counting would 

suggest. This is evidenced by the presence of Co in some α-phase compositions measured with 

WDS in this work (Table 7.1). Ni and Cu, since they have lower d-band energies [7.26, 7.27], are 

expected to exhibit the same behavior as Co. 

Once the rules for interpreting the DOS to predict α-phase stability have been 

established, the next challenge is to predict new α-phase compositions and to experimentally 

validate these predictions. Although a large amount of information is available on the α-

Al(Fe,Mn)Si phase composition and crystal structure [7.7], little is available for quaternary 

compositions containing elements other than Mn. If the electron count of the α-Al(Fe,Mn)Si 

phase is considered as the range of stable electron counts, a region in composition space that can 

be considered “stable” can be determined, as shown in Figure 7.5. Figure 7.5 makes a 

conservative estimate of the region of phase stability by estimating it as being between 100% of 

the transition metal content being Mn and 25% of the transition metal content being Mn. Of 

course, the α-AlMnSi phase is known to have a different crystal structure [7.8] than α-
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Al(Fe,Mn)Si [7.9]. However, the main difference between the phases, outside of a change in 

transition metal content, is small changes to the Al and Si placement, with most Wyckoff 

positions remaining unchanged. This leads back to the results shown in Figure 7.2. Because this 

is exactly the sort of change the DOS can be relatively insensitive to, we propose the DOS can 

reasonably predict the “stable” transition metal content of both Im-3 and Pm-3 α-AlXSi, where 

X is some combination of transition metals. It is important to note that a “stable” composition for 

an Fe-rich α-phase may not satisfy the criterion that the Fermi level is within the calculated 

pseudogap for the Pm-3 prototype α-phase crystal structure, but still obeys the electron counting 

and d-band energy rules identified for the α-AlMnSi phase. 

 

 

Although there is some literature on the composition of the α-phase outside of Al-Fe-Mn-

Si alloys [7.12, 7.13], few papers have examined its composition quantitatively. As such, several 

alloys were made in the course of this work to evaluate the validity of the DFT calculations 

made. The measured compositions of the α-phase and method of preparation are shown in Table 

7.1. In all cases, the rules described successfully predicted novel compositions of the α-phase. 

The compositions shown in Table 7.1 are all plotted in Figure 7.5. Although the composition 

range of “stability” is quite wide, it is promising that so many compositions satisfy a 

straightforward criterion with predictive power. It should be noted that more elements are shown 

in Table 7.2 than are present in Table 7.1 and Figure 7.5. This is because these elements were not 

Figure 7.4—Total and partial electronic DOS for a) a theoretical α-AlCoSi phase b) a 
theoretical α-Al(Fe,Cr)Si phase with a 1:1 Fe to Cr ratio and c) a theoretical α-Al(Co,Cr)Si 
phase with a 1:1 Co to Cr ratio. In order to better illustrate the bonding behavior, the d-bands 
of transition metals and the combined s and p-bands of Al and Si are shown for each phase. 
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evaluated as part of the scope of this work, due to the vast number of potential compositions that 

arise when these elements are considered and their potential lack of solubility. It should also be 

noted that Cu may occupy different Wyckoff positions in the α-phase from the other transition 

metals in Table 7.1 due to its low d-band energy [7.26, 7.27, 7.29]. If a transition metal occupies 

a different sublattice than it does in α-AlMnSi, the assumptions of this paper would begin to 

break down. 

 

 

Although the method described is similar to a simpler scheme of electron counting, it has 

several advantages. First, the calculation of electronic DOS for theoretical phases can indicate at 

what compositions that phase may be possible to form, even if there is no thermodynamic 

reference composition. Second, the electronic DOS indicates which elements are likely to exhibit 

high levels of solubility in a phase without thermodynamic considerations. The combination of 

Figure 7.5—Region of phase stability determined from electron counting. Compositions 
determined using WDS from Table 7.2 are plotted to illustrate the effectiveness of the approach 
used. Elements like Co are not expected to be fully soluble in the α-phase like Fe. Note that Si 
content has been ignored as it has not been found to be as strongly linked to the ability to form 
the α-phase as the transition metal ratios. 
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these two features enables for both a quantitative composition prediction and qualitative 

understanding of what drives phase stability for electron-stabilized metallic compounds. 

Now that a theoretical and experimental basis is in place for the synthesis of possible α-

phase compositions, the next step is to identify alloys with improved processability over 8009 

that retain thermal stability and strength. 

7.3.2 Alloy Compositions and Down Selection 

Having defined a large composition space for the α-phase, this translates to a large 

possible composition space of eutectic Al + α-phase alloys. With this freedom in choice of 

composition, the challenge is to select a desirable alloy from many possible compositions. This 

choice represents a significant advantage over being limited to minor modifications to the 

baseline 8009 alloy, which would typically be the strategy for a problem like this. 

The considerations used in this work to down select to a final alloy system were 

processability, as determined by the equilibrium liquidus temperature, the phases present, and the 

thermal stability of the microstructure. Arbitrary criteria can be used for the down selection 

based on what is important for the alloy system of interest. The equilibrium liquidus was 

determined both computationally using Thermo-Calc [7.24] and experimentally using differential 

scanning calorimetry (DSC). Thermal stability was estimated by the presence of a significant 

concentration of elements with low diffusivity in the Al matrix [7.1], which was experimentally 

verified through heat treatment. 

In 8009, the main alloying element is Fe. Because of this, the liquidus temperature of 

8009 is quite high, at approximately 850 °C, due to the equilibrium Al13Fe4 phase that can form 

at low cooling rates [7.4]. A strategy to lower the liquidus temperature and retain the same 

transition metal content is to substitute Mn for some of the Fe. It is well known that the α-phase 

can accommodate high levels of Mn (up to 100% of transition metal sites) from the literature 

[7.7, 7.11], so a 1:1 ratio of Fe to Mn was chosen. This is because this ratio is near the point 

where the primary phase may transition from Al13Fe4 to the α-phase, according to Thermo-Calc 

and as shown in Figure 7.6. This transition should theoretically correspond to the minimum 

equilibrium liquidus temperature achievable for a given alloy. It should be noted that the α-phase 

in Thermo-Calc is defined as a quaternary phase, so attempts to do thermodynamic modeling on 
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the α-phase require that the Al-Fe-Mn-Si quaternary alloy be used as a proxy for other alloys. 

Higher Mn levels could have been added to further depress the liquidus, but based on the DFT 

modeling, the Fe content influences the solubility of electron deficient elements like V in the α-

phase. This is critical because these are the slow-diffusing elements that confer exceptional 

microstructural stability to the α-phase at elevated temperatures. 

 

There are a variety of early transition metals with low diffusivity in the Al matrix [7.1], 

but Cr and V are of particular interest. This is due to greater ease of processing from their lower 

melting points and shallower liquidus curves in their respective binary phase diagrams [7.1, 7.30] 

compared to elements like Mo and Nb [7.1, 7.31]. Additionally, using Cr or V instead of heavier 

Figure 7.6—Al-Fe-Mn-Si isopleth to illustrate the expected equilibrium of the alloys 35, 40, 
45, and 50. Since Cr is a minor addition and soluble in many of the phases, the shape of the 
diagram is not expected to change dramatically. The Fe:Mn ratio is defined as 1:1, since that is 
the ratio used in alloys 35 through 50. Al13Fe4 is still expected to solidify first, but the 
difference in temperature between the Al13Fe4 liquidus and α − phase liquidus is small. 
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transition metals is expected to slightly reduce the density of the alloy. While Fe and Mn make 

up the bulk of the transition metal content of the alloy, it is important to have an element with 

low diffusivity in the Al matrix in the α-phase to obtain microstructural stability at elevated 

temperatures. While V has lower diffusivity than Cr in the Al matrix [7.1], and as such is 

expected to confer a higher level of microstructural stability, it is also known to cause the 

detrimental h-phase to form in quaternary Al-Fe-V-Si alloys and may contribute to less desirable 

primary α-phase particle morphologies [7.5, 7.6, 7.13]. Cr does not have these problems [7.13], 

so it was chosen as an addition to the alloys studied in this work to simplify the microstructure, 

while retaining sufficient microstructural stability at elevated temperatures. 

The final alloys chosen in this work were Al-Fe-Mn-Cr-Si, with the compositions shown 

in Table 7.3. The Fe:Cr ratio was chosen based on the DFT modeling described, the Fe:Mn ratio 

was chosen from thermodynamic modeling, and the Si content was chosen from previous work 

on the as-cast composition of the α-phase [7.13]. It is worth mentioning that the composition 

selection process only describes the relative levels of Fe, Mn, Cr, and Si, not their absolute 

concentrations in the final alloy. All of the compositions in Table 7.3 satisfy the criteria used for 

down selection, but their microstructures differed substantially. The alloy numbers 35, 40, 45, 

and 50 refer to the total transition metal concentrations of the alloys. 

Table 7.3—Nominal compositions of alloys 35, 40, 45, and 50. 

Alloy Al (at%) Fe (at%) Mn (at%) Cr (at%) Si (at%) 

35 95.0 1.5 1.5 0.4 1.6 

40 94.1 1.8 1.8 0.5 1.8 

45 93.4 2.0 2.0 0.6 2.1 

50 92.6 2.2 2.2 0.7 2.3 

 

In order to verify that the alloys selected actually had a lowered equilibrium liquidus 

compared to 8009, the liquidus temperatures of alloys 35, 40, 45, and 50 were measured using 

DSC. The measurements are shown in Figure 7.7, alongside 8009 as a baseline. As can be seen, 
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even though alloy 50 has almost the same level of transition metal elements as 8009, its 

equilibrium liquidus is about 50 °C lower from the alloying addition of Mn, which depresses the 

Al13Fe4 liquidus. These results confirm that the depression of the Al13Fe4 liquidus predicted from 

Thermo-Calc actually occurs in these alloys, and validates the choice to replace part of the Fe 

content of the alloy with Mn. 

 

 

7.3.3 Characterization of As-Cast Microstructures 

While the microstructures of alloys 35, 40, 45, and 50 were different, the microstructures 

predominantly consisted of Al and the α-phase in the 4 mm and 6 mm diameter sections of the 

chill castings. This will be shown by describing the microstructures that formed in each alloy in 

chill castings and showing that the microstructure is generally dominated by Al and α-phase.  

Before beginning a discussion of the microstructures that were formed in the castings, it 

is important to provide a context about what kinds of microstructures can form in faceted-non-

faceted (f-nf) eutectic alloys when on the faceted side of the eutectic (hypereutectic with respect 

Figure 7.7—DSC measurements of liquidus temperatures in the baseline 8009 alloy and alloys 
35 through 50. It can be seen that the equilibrium liquidus temperature is significantly 
decreased by the substitution of Mn for part of the Fe in the α-phase. 
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to aluminum). Under equilibrium conditions, a hypereutectic f-nf alloy is expected to solidify 

with primary faceted phase. During many solidification processing routes, like die casting, 

additive manufacturing, welding, and strip casting, non-equilibrium microstructures can easily 

form. Under these conditions, the microstructure tends to be driven by the solidification velocity 

of individual phases as a function of undercooling (relative to the liquidus of each phase) and the 

kinetics of nucleation and growth for the faceted phase [7.32].  

Considering only the maximum solidification velocity of the two phases that are 

solidifying as a function of undercooling, a region of coupled growth can be determined [7.32]. 

When undercoolings reach a high enough level, the coupled growth will transition to primary 

non-faceted phase, due to higher solidification velocities of the non-faceted phase at very high 

undercoolings. Thermo-Calc simulations on the Al-Fe-Mn-Si alloy system can estimate a 

minimum undercooling for coupled growth from the projected Al liquidus. Figure 7.8 shows a 

Thermo-Calc simulation of the eutectic between Al and the α-phase in Al-Fe-Mn-Si alloys that 

has solute elements balanced to show an isopleth between Al and the α-phase. By approximating 

the Al liquidus as a straight line, it can be extended to hypereutectic compositions. The 

temperature of the Al liquidus at a given alloy composition represents the minimum 

undercooling (with respect to the α-phase liquidus) at which coupled growth is possible. In 

reality, the undercooling required would be slightly higher than this estimate [7.32], but it should 

be relatively accurate as a lower bound. This highlights one of the reasons to select an alloy with 

a lower equilibrium liquidus temperature: while the Al liquidus is not expected to change much 

as a function of transition metal ratio, the difference between the hold temperature of the melt 

and the onset of coupled growth can be reduced significantly. 

Three main types of microstructure were found in the chill castings. These were primary α-phase, Al + α-phase eutectic colonies, and primary Al with interdendritic Al + α-phase 

eutectic or α-phase. The first of these, primary α-phase, is illustrated in Figure 7.9a. While the 

morphology of the α-phase particles changed in different alloys and castings, the particles tended 

to form at low cooling rates and at the center of the castings. The compositions of the particles 

determined by WDS are shown in Table 7.2 for each of the alloys. The microstructure of the Al 

+ α-phase eutectic colonies is shown in Figure 7.9b for alloy 35 and Figure 7.9c for alloy 50. It 

can be seen that the eutectic transitions from rod-like morphology in alloy 35 to a more lamellar-
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type eutectic in alloy 50, as the concentration of transition metals increases. Primary Al 

microstructures in alloy 35 and alloy 50 are shown in Figures 7.9d and 7.9e, respectively. It can 

be seen that in alloy 35, the interdendritic region contains Al + α-phase microeutectic and in 

alloy 50, the interdendritic region appears to consist of mostly the intermetallic phase. Finally, 

Figure 7.9f shows the primary Al microstructure in alloy 35 after a heat treatment of 100 hours at 

370 °C. It can be seen that there is no notable coarsening visible in the Al + α-phase 

microeutectic. 

 

 

 

 

Figure 7.8—Isopleth between Al and the α-phase calculated in the Al-Fe-Mn-Si alloys system 
with a Fe:Mn ratio of 1:1. Although not expected to be quantitatively accurate for alloys 35 
through 50, it schematically illustrates the expected behavior of the Al + α-phase metastable 
eutectic. The projected Al liquidus is shown along with the Al liquidus and α-phase liquidus. 
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Figure 7.9—Representative microstructures found in chill castings of alloys 35 through 50. 
Images were taken using backscattered electron imaging. a) shows primary α-phase 
intermetallic particles from the core of a 6 mm diameter section of alloy 50, b) shows an Al + α-phase eutectic colony in alloy 35 from the 6 mm diameter section. The α-phase is the bright 
phase and takes a rod-like morphology. c) shows an Al + α-phase eutectic colony in alloy 50 
from near the edge of the 4 mm diameter section. The α-phase is the bright phase in the colony 
and takes on a lamellar or rod-like morphology. d) shows primary Al solidification in alloy 35 
near the center of the 4 mm diameter section. The Al dendrites solidify prior to the 
interdendritic Al +α-phase eutectic. e) shows primary Al solidification in alloy 50 near the 
edge of the 4 mm diameter section. Unlike in alloy 35, the interdendritic regions appear to 
have near-continuous α-phase. The α-phase is the brighter, minority constituent. f) shows the 
primary Al microstructure in alloy 35 after 100 hours exposure at 370 °C. The α-phase is the 
bright phase. No notable coarsening appears to have happened after 100 hours at 370 °C. 
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Having seen all three of the expected microstructures, the final verification that the alloy 

did indeed produce an Al + α-phase microstructure is shown in Figure 7.10, which shows XRD 

patterns from alloys 35 to 50 from the centerlines of the 4 mm and 6 mm diameter chill castings. 

It can be seen that all major peaks present can be identified either as Al or an α-phase doublet 

[7.13]. The change in the shape of the α-phase doublet is believed to be caused by higher 

amounts of primary α-phase as the transition metal concentration increases.  

A more detailed description of the microstructures formed, their solidification conditions, 

microstructural stability, and mechanical properties will be addressed in future work. 

7.4 Conclusions 

The authors have developed and applied a technique for phase stability assessment to 

develop Al-α alloys with compositions significantly different from the baseline alloy of 8009. 

This method is expected to have applications in a wide variety of metallic compounds. The 

following conclusions can be drawn: 

Figure 7.10—XRD on alloys 35 through 50. The intense α-phase peaks have been numbered 1 
through 7. The indices of these reflections are: 1) {413} and {510} 2) {602} 3) {613} 4) 
{835} 5) {530} 6) {600} and 7) {532}. Doublets arise from the different compositions of the α-phase that form under different solidification conditions [7.13]. The pattern was taken from 
the center of the 4 mm and 6 mm diameter sections of the castings. 
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1. For metallic compounds with partially characterized crystal structures and/or substantial 

structural complexity, the electronic density of states can be used to predict possible 

compositions where a compound would be stable, in the absence of thermodynamic data.  

2.  A range of possible compositions for the α-phase have been determined from DFT, and Al + α-phase alloys were successfully produced based upon these predictions. 

3. The Al + α-phase microeutectic has been produced in Al-Fe-Mn-Cr-Si alloys that differ 

substantially in composition from 8009, where this microeutectic has been observed 

previously, suggesting it is possible to form this type of microstructure if the α-phase forms 

and the alloy has an appropriate concentration of solute elements to form Al and α-phase. 

7.5 References 

[7.1] K.E. Knipling, D.C. Dunand, and D.N. Seidman. “Criteria for developing castable, creep-
resistant aluminum-based alloys,” Z. Metallkd. 97 (2006) 246-265 

[7.2] ASM International, ASM Handbook Vol. 2. ASM International, 1990, pp. 62-177 

[7.3] M.A. Phillips and S.R. Thompson, The Mechanical Property Data Base from an Air 
Force/Industry Cooperative Test Program on High Temperature Aluminum Alloys. Air 
Force Materiel Command, 1994 

[7.4] K.L. Sahoo, C.S. Sivaramakrishnan, and A.K. Chakrabarti. “Solidification Characteristics 
of the al-8.3Fe-0.8V-0.9Si Alloy,” Met. Trans. 31A (2000) 1599-1610 

[7.5] R. Marshall, Characterization of Novel Microstructures in Al-Fe-V-Si and Al-Fe-V-Si-Y 
Alloys Processed at Intermediate Cooling Rates. Colorado School of Mines, Master’s 
Thesis, 2016 

[7.6] H.J. Koh, W.J. Park, and N.J. Kim. “Identification of Metastable Phases in Strip-cast and 
Spray-cast Al-Fe-V-Si Alloys,” JIM Materials Transactions 39 (1998) 982-988 

[7.7] J.E. Tibballs, R.L. Davis, and B.A. Parker. “Al-Si substitution in α-phase AlMnSi,” 
Journal of Materials Science 24 (1989) 2177-2182. 

[7.8] M. Cooper and K. Robinson. “The Crystal Structure of the Ternary Alloy α(AlMnSi),” 
Acta Cryst. 20 (1966) 614-617. 

[7.9] M. Cooper. “The crystal structure of the ternary alloy α(AlFeSi),” 23 (1967) 1106-1107 

[7.10] K. Sugiyama, N. Kaji, and K. Hiraga. “Re-Refinement of α-(AlMnSi),” Acta Cryst. C54 
(1998) 445-447. 

[7.11] C.J. Simensen and A. Bjørneklett. “A model for α-Al(Mn,Fe)Si crystals,” In: A.P. 
Ratvik, (Ed.) Light Metals 2017. The Minerals, Metals, & Materials Society, 2017, pp. 
197-203. 



 

95 
 

[7.12] M.A. Rodriguez and D.J. Skinner. “Compositional analysis of the cubic silicide 
intermetallics in dispersion strengthened Al-Fe-V-Si alloys,” Journal of Materials Science 
Letters 9 (1990) 1292-1293 

[7.13] J. Jankowski et al. “Determination of the Intermetallic α-Phase Crystal Structure in 
Aluminum Alloys Solidified at Rapid Cooling Rates,” In: C. Chesonis, (Ed.) Light 
Metals 2019. The Minerals, Metals, & Materials Society, 2019, pp. 121-127. 

[7.14] B.H. Toby and R.B. Von Dreele. “GSAS-II: the genesis of a modern open-source all 
purpose crystallography software package,” J. Appl. Cryst. 46 (2013) 544-549. 

[7.15] G. Kresse and J. Hafner. “Ab initio molecular dynamics for liquid metals,” Physical 
Review B 47 (1993) 558. 

[7.16] G. Kresse and J. Hafner. “Ab initio molecular dynamics simulation of the liquid-metal—
amourphous-semiconductor transition in germanium,” Physical Review B 49 (1994) 
14251. 

[7.17] G. Kresse and J. Furthmüller. “Efficiency of ab-initio total energy calculations for metals 
and semiconductors using a plane-wave basis set,” Computational Materials Science 6 
(1996) 15-50. 

[7.18] G. Kresse and J. Furthmüller. “Efficient iterative schemes for ab initio total-energy 
calculations using a plane-wave basis set,” Physical Review B 54 (1996) 11169. 

[7.19] P.E. Blöchl. “Projector augmented-wave method,” Physical Review B 50 (1994) 17953. 

[7.20] G. Kresse and D. Joubert. “From ultrasoft pseudopotentials to the projector augmented-
wave method,” Physical Review B 50 (1994) 17953. 

[7.21] J.P. Perdew, K. Burke, and M. Ernzerhof. “Generalized gradient approximation made 
simple,” Physical Review Letters 77 (1996) 3865. 

[7.22] P.E. Blöchl, O. Jepsen, and O.K. Andersen. “Improved tetrahedron method for Brillouin-
zone integrations,” Physical Review B 49 (1994) 16223. 

[7.23] J. Jankowski et al. (2019) In Preparation 

[7.24] J.O. Andersson, T. Helander, L. Höglund, P.F. Shi, and B. Sundman. “Thermo-Calc and 
DICTRA, Computational tools for materials science,” Calphad 26 (2002) 273-312 

[7.25] G.T. Laissardière, D. Nguyen-Manh, and D. Mayou. “Electronic structure of complex 
Hume-Rothery phases and quasicrystals in transition metal aluminides,” Progress in 
Materials Science 50 (2005) 679-788 

[7.26] O.K. Andersen in “The Electronic Structure of Complex Systems,” P. Phariseau and 
W.M. Temmerman, (Eds.). Plenum Press, New York, 1984 

[7.27] O.K. Andersen in “Highlights of Condensed Matter Physics,” F. Bassani, F. Fumi, and 
M.P. Tossi (Eds.). North-Holland, New York, 1985 

[7.28] R. Hoffmann, Solids and Surfaces: A Chemist’s View of Bonding in Extended 
Structures. Wiley-VCH Inc., 1988 

[7.29] T. Takeuchi et al. “Atomic structure of the Al-Cu-Fe-Si 1/1-cubic approximant,” 
Materials Science and Engineering 294-296 (2000) 340-344 



 

96 
 

[7.30] T.B. Massalski, H. Okamoto, P.R. Subramanian, and L. Kacprzak, (Eds.). Binary Alloy 
Phase Diagrams 2nd ed. ASM International, Materials Park, OH, 1990 

[7.31] N. Saunders. “The Al-Mo System (Aluminum-Molybdenum),” Journal of Phase 
Equilibria 18 (1997) 370-378 

[7.32] W. Kurz and D.J. Fisher. “Dendrite growth in eutectic alloys: the coupled zone,” 
International Metals Reviews 24 (1879) 177-204



 

97 
 

 

CHAPTER 8 

DEVELOPMENT AND CHARACTERIZATION OF MODIFIED 8009 ALLOYS DESIGNED 

TO PREVENT DELETERIOUS h-PHASE INTERMETALLIC FORMATION AND 

PROMOTE α-PHASE STABILITY 

 

In this study, two modified compositions of 8009 were investigated for their ability to 

remove the deleterious h-Al40(Fe,V)9Si (h-phase) intermetallic and promote α-Al13(Fe,V)3Si2 (α-

phase) stability in chill castings. The compositions of the alloys were developed based on 

differences between the crystallography of the α and h-phases. The alloys were characterized 

with scanning electron microscopy (SEM), wavelength dispersive spectroscopy (WDS), and x-

ray diffraction (XRD). It was found that the modified compositions removed the deleterious h-

phase intermetallic and promoted the formation of the desirable α-phase intermetallic. Modified 

versions of 8009, similar to the ones developed in this work, have promise for improving the 

microstructural consistency and mechanical performance of these alloys across a broader range 

of processing conditions than the rapid solidification typically used for 8009. 

8.1 Introduction 

Aluminum alloys have found application in many industries, due to an attractive 

combination of strength, low density, and corrosion resistance. However, one area in which 

aluminum alloys have consistently underperformed is at elevated temperatures, particularly at 

temperatures above about 250 °C [8.1, 8.2]. Some alloys have been developed that constitute an 

exception to this rule, like the Al-Fe-V-Si alloy 8009, which possesses excellent strength at 

elevated temperatures [8.3]. Historically, 8009 has been prohibitively expensive to use in many 

applications, due to the rapid solidification processing route required [8.4]. With the advent of 

additive manufacturing, particularly selective laser melting (SLM), as an effective processing 

method to produce near-net shape parts with cooling rates on the order of 105 K/s [8.5], 8009 has 

the potential to be applied to many new applications [8.6]. 

8009, however, suffers from several issues during the additive manufacturing process 

[8.6]. In order to better describe the fundamental nature of these issues, a brief review of the 

8009 alloy is required. 8009 is, when properly processed, a dispersoid-strengthened alloy 
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consisting of nanoscale, spherical α-phase dispersoids in an Al matrix [8.7]. As such, the 

formation of phases other than the α-phase such as the h-phase [8.8] or Al13Fe4 [8.9], can be 

deleterious to the mechanical properties of 8009. Additive manufacturing has the advantage of 

being able to produce a full part of 8009 instead of powder or ribbons, but can also introduce 

variable solidification conditions and severe thermal cycling [8.5]. 

While SLM has rapid cooling rates, the h-phase can form in 8009 even at rapid cooling 

rates [8.8]. The h-phase is deleterious, because it forms as coarse intermetallics instead of 

nanoscale dispersoids. Although the h-phase and α-phase are both structurally and 

compositionally closely related [8.10-8.17], recent work has developed a detailed model of the h-

phase crystal structure that describes key differences between it and the α-phase [8.18]. These 

differences can now be used to propose compositional modifications for 8009 to preferentially 

select for the α-phase over the h-phase. This may be especially important for additive 

manufacturing, due to increased variability of solidification conditions during processing 

compared to methods like planar flow casting [8.5]. 

Another issue that arises during additive manufacturing is the thermal cycling of previous 

layers as new layers are added [8.5]. Because the α-phase is not thermodynamically stable at 

elevated temperatures, it can transform into other phases on thermal cycling. While this is less of 

an issue than the presence of significant amounts of h-phase, it can result in complex 

microstructures and potentially reduced strengthening efficiency.  

In this work, two modified versions of 8009 designed to mitigate these two issues in 8009 

are studied in chill castings, a lower bound of the solidification processing conditions likely to be 

encountered during manufacturing processes, and these results are compared to chill cast 8009, 

highlighting how alloy modifications have the potential to open up possible processing windows. 

The compositions of the alloys in this work are shown in Table 8.1. While the present work 

investigated chill castings, the results, particularly the phase selection between the α-phase and 

h-phase, are applicable to additive manufacturing and rapid solidification processing routes as 

well. The selection criteria for the compositions will be discussed later in this chapter. 
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Table 8.1—Nominal compositions of alloys studied in this work. 

Alloy Al 

(at%) 

Fe 

(at%) 

V (at%) Si (at%) Mo 

(at%) 

Mn 

(at%) 

8009 Bal. 4.4 0.6 1.8 n/a n/a 

RS1 Bal. 4.4 0.2 2.3 0.4 n/a 

RS2 Bal. 2.2 0.2 2.3 0.4 2.2 

 

 

8.2 Methods 

RS1 and RS2 were prepared by non-consumable arc melting high-purity metals together 

under a high-purity Ar atmosphere (99.999%). The chamber was evacuated to 1 torr and back-

filled three times to ensure it had low contamination from the atmosphere. A titanium getter was 

melted to remove any remaining oxygen prior to melting the samples. Samples containing Mo 

were made using a master alloy of nominal composition Al-10Mo (wt%). The purities of each of 

the metals used are as follows: Al (99.99%), Fe (99.97%), Mn (99.9%), V (99.7%), and Si 

(99.9999%). After alloying in the arc melter, RS1 and RS2 were remelted in air using induction 

heating in a graphite crucible. The 8009 alloy was provided by Honeywell as a bar with 

approximately 3.75’’ diameter. The bar was sectioned into 10-20 g pieces and these pieces were 

melted by induction in air in a graphite crucible. A soda lime glass flux was used to mechanically 

remove the oxide layer during casting of all of the alloys. The flux was added after the sample 

had melted and formed a thick oxide layer. During this time, the flux bonds with the oxide layer. 

During casting, the oxide layer is removed as the flux floats to the bottom of the crucible. A 

casting temperature of 1050 °C was used to reduce primary phase formation in the crucible. The 

melt was poured into a Cu chill mold made of copper with a wedge-shaped cavity with a width 

of 1 cm and an angle of 25°. The geometry of the mold is illustrated schematically in Figure 8.1. 

Four castings of each alloy were made to ensure that process variability did not impact the 

conclusions of the study. 
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SEM imaging was performed using an FEI Quanta 600i Environmental SEM. A JEOL 

JXA-8230 electron microprobe was used to collect compositional information from α-phase 

particles. Calibration was performed using high purity elemental metal standards. The 

compositions reported were determined from analyses that resulted in 98.5 to 101.5 wt% total 

mass. XRD was performed on a Panalytical X’Pert Pro MRD with Cu Kα radiation. XRD data 

was analyzed using GSAS-II [8.19] to identify which phases were present. 

Thermodynamic simulations were performed using Thermo-Calc [8.20] with the TCAL6 

Al-alloys version 6 database.  

8.3 Results 

Representative microstructures of the castings are shown in Figure 8.2. Figure 8.2a shows 

that, in 8009, primary particles nucleate in relatively high densities in thin sections of the casting 

and, in thicker sections, form irregular dendritic morphologies. Previous work [8.21] has shown  

Figure 8.1—Schematic illustration of the Cu chill mold used in this work. a) shows a side view 
of the mold cavity and b) shows a top-down view of the mold cavity. The sand underneath the 
mold was used to capture excess liquid metal. 
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that under the chill casting conditions used in this work the h-phase dominates the microstructure 

[8.21]. This was verified in Figure 8.3a where an XRD scan on the bulk of the chill casting, with 

thickness between about 2 mm and 10 mm, showed that the majority of the bright intermetallic 

particles present in thicker sections of 8009 are h-phase. Example particle morphologies are 

shown in Figure 8.2a. The WDS analysis of particles in 8009 castings is shown in Table 8.2. The 

measured transition metal content is too high to be consistent with the α-phase, suggesting the 

Figure 8.2—From top to bottom, each column shows a low mag image of the tip of a chill 
casting, a high magnification image from the tip showing fine dispersoids from near the tip, 
and representative images of the microstructure from regions examined with XRD. a) shows 
these images from 8009, b) shows them from RS1, and c) shows them from RS2. All images 
were taken using backscattered electron imaging. Bright phases are intermetallics and the dark 
phase is the Al matrix. 
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presence of h-phase in the primary particles [8.18]. This means that for 8009, solidification 

favors the formation of h-phase over the α-phase under the conditions examined by XRD and 

WDS. The solidification conditions at which the microstructure transitions from primarily α-

phase, as in rapid solidification, to primarily h-phase, as found in the present work, is not clear 

from this study. 

Figure 8.2b shows that, in RS1, primary particles appear to be able to nucleate about as 

well as in 8009 in thin sections of the casting, and that a compact particle morphology appears to 

be maintained in thicker sections. XRD analysis on thicker sections (2 to 10 mm thickness) of 

the casting in Figure 8.3b showed only Al and α-phase. This means that, within the limits of 

detection, the h-phase was not present in RS1, while the basic microstructure of 8009 in thin 

sections was maintained. WDS analysis from Table 8.2 corroborates the XRD analysis to prove 

that the particles present in thicker section are still α-phase. While 8009 transitions to 

solidification dominated by h-phase at intermediate cooling rates, RS1 does not. RS1 also retains 

the same microstructure as 8009 at high cooling rates. 

Finally, Figure 8.2c shows that the microstructure of RS2 is different from that of 8009. 

In thin sections of the casting, the primary intermetallic particles appear to be somewhat coarser. 

Particle morphology is distinctly dendritic and less compact than in RS1 in thicker sections. 

XRD analysis from Figure 8.3c shows that the primary particles are still α-phase. WDS analysis 

in Table 8.2 is also consistent with the α-phase, confirming that the microstructure is dominated 

by Al and the α-phase, with no detectable h-phase present. Although RS2 does not appear to 

have issues with the h-phase being present, the as-cast microstructure appears to differ from 

8009 in thin sections.  

8.4 Discussion 

Before diving into a discussion of the results, the rationale behind the alloy selection will 

be discussed. As mentioned in the previously, the goal of the alloys was 1) to mitigate h-phase 

formation and 2) to promote α-phase stability. RS1 was chosen for minimal deviation from 8009, 

while still mitigating h-phase, and RS2 was chosen to mitigate h-phase formation and promote α-

phase stability. 



 

103 
 

 

 

Table 8.2—Composition of primary particles measured by WDS 

Alloy Al 

(at%) 

Fe 

(at%) 

V (at%) Si (at%) Mo 

(at%) 

Mn 

(at%) 

8009 79.3± 0.4 

15.7± 0.3 

3.2± 0.2 

1.8± 0.1 

n/a n/a 

RS1 77.8± 0.2 

15.3± 0.1 

0.8± 0.1 

4.3± 0.2 

1.7± 0.1 

n/a 

RS2 77.6± 0.5 

7.6± 0.2 

0.90± 0.05 

4.5± 0.4 

1.65± 0.05 

7.7± 0.1 

 

Figure 8.3—XRD patterns for a) 8009 b) RS1, and c) RS2. All patterns were taken from 
sections of the castings with thicknesses between about 2mm and 10 mm. a) through c) show 
the observed experimental pattern, the calculated pattern from Rietveld refinement, and the 
difference between the two. a) shows all Al peaks in the pattern and the 15 most intense α and 
h-phase peaks. b) and c) show all Al and α-phase peaks. There are two α-peaks in b) and c) 
due to the presence of primary and interdendritic α-phase [8.16]. 
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For RS1, it is worth clarifying what “minimal deviation” means and why the specific 

changes made were expected to mitigate the h-phase. The h-phase crystal structure has been 

described in detail in prior work [8.18], and two particularly interesting features of the crystal 

structure were defined. First, in the “glue” regions of the crystal structure, strong segregation of 

V and Fe exists, indicating the presence of sites that prefer these elements. Second, an occupied 

site in the center of the Mackay icosahedra (MI) was found, indicating a more metallic nature of 

the h-phase relative to the α-phase, which has empty Mackay icosahedra [8.22]. The first feature, 

the presence of sites that prefer Fe and V, suggests that the replacement of substantial amounts of 

either transition metal with another with a different valence electron count would lead to the h-

phase being less stable [8.23]. The second feature, the presence of filled MI, suggests that higher 

Si levels could promote the formation of α-phase over h-phase. In fact, previous work has 

already shown results that suggests this may be true in Al-Fe-V-Si alloys [8.16]. 

The alloying additions made in this work to exploit these differences in the crystal 

structures of the h-phase and α-phase were the substitution of Mo for V in RS1, because Mo has 

a different valence electron count than both Fe and V, and slight increases in the Si content. The 

“minimal deviation” aspect of this work addresses the concern that alloying substitutions could 

fundamentally alter the solidification behavior of 8009, such that the performance of the alloy is 

reduced. To address this, the total transition metal content of the alloy and the total “slow 

diffuser” content of the alloy was preserved. Additionally, some V was retained because it may 

play a role in the nucleation of the α-phase dispersoids. In this work, “slow diffuser” elements 

are Mo and V, and more generally elements that possess low solubility and diffusivity in the Al 

matrix at elevated temperatures [8.1]. While the Si content of the alloy was raised slightly, it was 

kept to levels that previous work suggests could be stoichiometrically balanced in the α-phase in 

the as-cast condition [8.16]. To verify that the new composition is still expected to form α-phase, 

the solubility rules for transition metals in the α-phase developed in previous work were used 

[8.24]. 

RS2 was developed on largely the same basis as RS1, with the exception of the “minimal 

deviation” criterion. It was unclear at the start of the work that the minor modifications to 8009 

made for RS1 would be sufficient to prevent h-phase formation, and it was almost certain that 

the stability of the α-phase on thermal cycling would not be enhanced sufficiently to prevent 
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transformation of α-phase dispersoids. In RS2, half of the Fe was replaced with Mn to 1) further 

mitigate h-phase formation and 2) promote α-phase stability at elevated temperatures. The basis 

of the second claim is shown in Figure 8.4. The Al-Fe-Mn-Si system was used instead of the 

actual alloy compositions, because the α-phase is defined as a quaternary phase in the Thermo-

Calc database [8.20]. In the Al-Fe-Mn-Si proxy system, increases in the Mn content of the alloy 

relative to Fe decrease the gap between the liquidus of the alloy and the α-phase liquidus. This 

behavior is expected to promote α-phase stability on thermal cycling by reducing the extent of a 

heat-affected zone (HAZ) where the α-phase is exposed to temperatures high enough to cause it 

to transform. In previous work, the authors have studied alloys similar to those in Figure 8.4a in 

Al-Fe-Mn-Cr-Si Al + α-phase pseudo-binary eutectic alloys for their reduced equilibrium 

liquidus temperatures and found the actual liquidus was close to the calculated liquidus [8.24]. 

Finally, the RS2 composition was checked against the solubility rules for transition metals in the α-phase developed in previous work [8.24] to verify that the α-phase was still likely to form. 

Now that the theory behind the alloys in this work has been described, the experimental 

results can be compared to the predicted behaviors. While both RS1 and RS2 appear to have 

successfully removed the h-phase to the limits of XRD detection in the 2 mm to 10 mm thickness 

sections of the chill castings, only RS1 appears to retain the solidification behavior of 8009 at the 

high cooling rates achieved in the thin sections of the casting. This demonstrates that while the α-phase may be forming in both RS1 and RS2, the alloy composition is critical to determining if 

the solidification behavior is similar to 8009. Specifically, the replacement of Fe with Mn 

appears to cause the formation of more dendritic primary α-phase particles. At rapid cooling 

rates in the thin sections of the casting near the tip of the wedge, the α-phase particles in RS2 are 

also coarser, suggesting potentially less desirable behavior for additive manufacturing cooling 

rates compared to 8009 and RS1.  

The α-phase in RS1 and RS2 solidified with a lower Si content than expected from 

previous work [8.16]. The Si content was still above the nominal Si concentration in the alloy, 

however. This suggests that the Si content of the α-phase can vary quite a bit in the as-cast 

condition. As such, it is not clear from this work or the work on Al-Fe-Mn-Cr-Si Al + α-phase 

alloys [8.24] how the Si content of Al + α-phase alloys should be chosen. Higher Si contents 

seem to mitigate h-phase formation [8.16], but further work is needed to establish guidelines. 
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Of the two proposed modifications investigated in this work, only RS1 appears to retain 

the desirable dispersoid-forming behavior of 8009. As such, the nature of the particles that 

formed at lower cooling rates in RS2 were not investigated in detail. The results in this work 

suggest that while suppression of h-phase can be achieved relatively easily with minor alloying 

modifications, stabilizing the α-phase when it undergoes severe thermal cycling while retaining 

good dispersoid forming ability may be more challenging. This aspect is outside the scope of the 

current work. It is unclear how much thermal cycling impacts the properties, as α-phase 

dispersoids are generally only semi-coherent with the Al matrix [8.25]. This means that particle 

size and volume fraction is likely to play a bigger role in the strengthening efficiency of the 

dispersoids, rather than the exact nature of the phase [8.7]. 

 

 

Partially because of the formation of the h-phase, extruded 8009 products have suffered 

from reduced mechanical performance due to “banding” issues [8.26]. RS1 shows that even 

Figure 8.4—Thermo-Calc simulations of the Al-Fe-Mn-Si alloy system at Fe:Mn (at%) ratios 
of a) 1:1, b) 3:1, and c) 1:2. The dotted line at the center of each plot is where the overall 
transition metal content is approximately 5 at%, like the alloys studied in this work. The 
difference between the equilibrium liquidus and the α liquidus for each composition is shown. 
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relatively minor alloying additions can dramatically reduce the presence of the h-phase, without 

affecting the ability of the alloy to form fine α-phase dispersoids. Removal of the h-phase from 

Al + α-phase dispersoid-strengthened alloys has the potential to improve the mechanical 

performance and isotropy of properties. Because the overall content of “slow diffuser” elements 

was not reduced, the high temperature performance of the alloy is not expected to decrease 

significantly. 

Although investigations into additive manufacturing of 8009 and related alloys are still 

relatively new compared to extruded products [8.6], SLM cooling rates are in the range where 

process variability could result in formation of the h-phase [8.8]. Modifications to 8009 like RS1 

could reduce the risk of h-phase formation across a broader range of processing conditions and 

improve consistency of the final part. 

Although only two alloys were investigated in this work, it is clear that a theory-based 

approach to modifications of 8009 can result in dramatic reductions of the deleterious h-phase. 

The authors have previously proposed solubility rules for the α-phase that clarify many possible 

compositions of the α-phase exist [8.24]. In this work, only mitigation of h-phase and enhanced 

thermodynamic stability of the α-phase were considered, but future work could also apply these 

rules to optimize corrosion resistance, strength, or any number of material properties in Al + α-

phase alloys. 

8.5 Conclusions 

The authors have investigated two modified versions of the alloy 8009. It was found that 

relatively minor modifications have the ability to substantially improve selection for the α-phase 

over the h-phase in chill castings that experience a range of solidification rates. The following 

conclusions can be drawn: 

1. Substitution of Mo for V in RS1 coupled with slightly higher Si levels relative to 8009 

removed the h-phase in chill castings of RS1 to below the level detectable by laboratory 

XRD. 

2. Substitution of Mn for Fe in RS2 reduced the ability of RS2 to form fine dispersoids of α-

phase relative to 8009 and RS1 at rapid cooling rates in chill castings. 



 

108 
 

3. A theory-based method of developing new α-phase dispersoid-strengthened aluminum alloys 

has been demonstrated. 
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CHAPTER 9 

MICROSTRUCTURE AND MECHANICAL PROPERTIES OF ALUMINUM ALLOYS 

STRENGTHENED BY α-Al83-x(Fe,Mn,Cr)17Six SOLIDIFIED AT INTERMEDIATE 

COOLING RATES 

 

The microstructure, mechanical properties, and thermal stability of Al-Fe-Mn-Cr-Si 

alloys have been characterized. Mechanical properties were characterized by Vickers 

microhardness, compression, and tension testing at ambient temperature. Elevated temperature 

mechanical properties were also characterized at 260, 315, and 370 °C by compression testing. 

X-ray diffraction (XRD), wavelength dispersive x-ray spectroscopy (WDS), scanning electron 

microscopy (SEM), energy dispersive spectroscopy (EDS), and transmission electron 

microscopy (TEM) were used to characterize the microstructures. The room temperature yield 

strength of Al-1.5Fe-1.5Mn-0.4Cr-1.6Si (at%) produced at cooling rates of about 500 K/s was 

found to be approximately 200 MPa and its yield strength at 370 °C after a 100 hour hold was 

approximately 95 MPa. Its retention of strength at elevated temperatures indicates the potential 

of Al + α-phase pseudo-eutectic microstructures for high temperature structural aluminum 

alloys. 

9.1 Introduction 

While most high-strength Al alloys utilize strengthening mechanisms that perform poorly 

at temperatures above about 250 °C due to the presence of elements with high diffusivities and 

solubilities in the Al matrix [9.1, 9.2], there are some Al alloys that exhibit high performance at 

elevated temperatures. The Al-Fe-Ce alloy 8019 and the Al-Fe-V-Si alloy 8009 are both 

examples of Al alloys with high strength over a wide range of operating temperatures [9.3]. 

However, both alloys are produced using rapid solidification, which results in a final cost 

comparable to titanium alloys rather than other Al alloys. Some conventionally-processed Al 

alloys like RR-350 and NASA 398, which are based on Al-Cu precipitates that are stabilized by 

some of the transition metal elements [9.4, 9.5], have demonstrated good retention of strength at 

elevated temperatures, as shown in Figure 9.1, but they are still well below the performance of 

the rapidly solidified Al alloys such as 8019 and 8009. 2618 is commonly considered a high 
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temperature Al alloy, but it can be seen to have a severe drop in strength at temperatures above 

200 °C compared to the other alloys shown in Figure 9.1. 

 Figure 9.1 clearly shows a significant gap between the yield strength of conventionally-

processed Al alloys and rapidly solidified Al alloys at elevated temperatures. The gap narrows 

with temperature for NASA 398 and RR-350, but it is clear that 8009 has superior 

microstructural stability relative to conventionally-processed alloys at elevated temperatures 

[9.3]. Because of this, 8009 is a promising alloy to investigate for adaptation to processing routes 

other than rapid solidification, with the goal of retaining its microstructural stability in an alloy 

with lower processing costs. Investigations into 8009 solidified at low cooling rates (1-20 K/s) 

did not yield similar high-strength microstructures [9.6], though. Previous work has shown that 

when 8009 is solidified at intermediate cooling rates (on the order of 103 K/s), a lamellar 

“microeutectic” composite microstructure can be formed between Al and the intermetallic α-

Al13(Fe,V)3Si2 (α-phase) [9.7]. This microeutectic was reported to have a Vickers microhardness 

and elevated temperature microstructural stability comparable to 8009 [9.7], indicating it could 

have strength and thermal stability similar to rapidly solidified 8009 products. However, an 

effective method of producing this microstructure at cooling rates below 103 K/s could not be 

 
Figure 9.1—Yield strength of several commercial high-temperature Al alloys as a function of 
testing temperature. Values shown are for elevated temperature tests performed after extended 
holds at the testing temperature and at quasi-static strain rates. 
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found for the 8009 composition. This was attributed to the formation of the competing h-

Al40(Fe,V)9Si (h-phase) intermetallic, which is coarser and results in deleterious properties, in 

sections of chill castings thicker than approximately 1 mm [9.7, 9.8]. It is noted that the term 

“microeutectic” has been used to represent these fine lamellar coupled growth structures but does 

not imply that there is an invariant reaction in this multi-component system. That said, the 

kinetics of coupled growth vs. undercooling described below are expected to be similar. 

Table 9.1—Nominal compositions of alloys studied in this work. 

Alloy Al 

(at%) 

Fe 

(at%) 

Mn 

(at%) 

Cr 

(at%) 

Si 

(at%) 

35 95.0 1.5 1.5 0.4 1.6 

40 94.1 1.8 1.8 0.5 1.8 

45 93.3 2.0 2.0 0.6 2.1 

50 92.6 2.2 2.2 0.7 2.3 

 

 

Because the microeutectic between Al and α-Al13(Fe,V)3Si2 cannot easily be produced at 

cooling rates below ~103 K/s in 8009, alloy modifications capable of promoting the formation of 

the microeutectic at lower cooling rates were explored. The rationale behind these modifications 

is described in greater detail in previous work [9.9]. In the present work, the microstructures and 

mechanical properties of four modified alloys (Table 9.1) are characterized at room and elevated 

temperatures. The alloy numbers represent the total transition metal concentration multiplied by 

10. The transition metal concentration is a proxy for solute concentration in these alloys. 

The descriptions of microstructures in this work are in the context of eutectic 

solidification. The Al + α-phase “microeutectic” represents coupled lamellar growth between a 

somewhat faceted intermetallic phase (α) and a non-faceted phase (Al) and the compositions of 

all alloys studied are hypereutectic, as shown in Figure 7.8. Although Figure 7.8 is a simplified 

version of the actual phase diagram, it makes it quite clear that the alloys in this work are not 

close to the actual “eutectic” composition. The reason that primary Al and microeutectic 

microstructures can form is that, at high undercoolings, the growth velocity of Al will be equal to 
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or greater than that of the α-phase [9.10]. It can be seen in Figure 7.8 that, with the assumption of 

the extension of the Al liquidus, an undercooling of approximately 100 to 200 °C with respect to 

the α liquidus is required for the formation of primary Al from the liquid compositions shown. 

Since non-faceted phases require lower undercoolings to achieve the same growth velocities as 

faceted phases [9.10], it is possible for coupled growth or primary Al to form as undercoolings 

increase. 

From Figure 7.8, the microstructures present in the chill castings studied in this work can 

be explained. Primary α forms under conditions where the undercooling is not high enough for 

coupled growth. The microeutectic occurs when the undercooling is high enough so that the 

temperature during solidification is below the extended Al liquidus and the solidification velocity 

of both phases are matched [9.10]. Finally, primary Al solidification occurs when the 

undercooling and solidification front velocity reach the threshold at which the faceted phase is 

unable to solidify as quickly as the non-faceted phase [9.10]. Although undercooling is not 

directly related to cooling rate, higher cooling rates tend to lead to higher undercoolings. The 

solidification behavior of the Al + α-phase eutectic will be described in greater detail in a future 

paper [9.11]. 

9.2 Methods 

 Alloys with the nominal compositions shown in Table 9.1 were arc melted, remelted, and 

cast as described in Chapter 7. A high casting temperature was necessary to ensure melting and 

reduce primary phase formation in the crucible. In order to achieve this, a superheat of 200 °C 

with respect to the equilibrium liquidus was chosen. The melt was poured into a stepped 

cylindrical copper chill mold that has the cavity dimensions shown in Figure 7.1. Vacuum 

suction to assist in filling the cylindrical mold. Castings of alloy 35 were heat treated for 30 

minutes and 100 h at 260 °C, 315 °C, and 370 °C in air to evaluate microstructural stability at 

elevated temperatures. 

Etched samples were prepared using Keller’s reagent. Images are from unetched samples 

unless otherwise specified. Scanning electron microscope (SEM) imaging for microstructural 

characterization was performed using an FEI Quanta 600i Environmental SEM. X-ray diffraction 

(XRD) was performed on a Panalytical X’Pert Pro MRD with Cu Kα radiation. The 4 mm and 6 

mm diameter sections of the casting were examined to obtain signal from a variety of 
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microstructures in the castings to check for the presence of Al, α, and any other phases. XRD 

data were analyzed using GSAS-II [9.12] to identify which phases were present. A JEOL JXA-

8230 electron microprobe was used to collect compositional information from α-phase particles 

and to produce wavelength dispersive spectroscopy (WDS) elemental maps. Calibration was 

performed using high purity elemental metal standards. The compositions reported were 

determined from analyses that resulted in 98.5 to 101.5 wt% total mass unless otherwise noted.  

Transmission electron microscope (TEM) imaging was performed using a FEI Talos 

F200X TEM/STEM. TEM foils were prepared by sectioning thin circular pieces from the 6 mm 

diameter section of alloy 35 castings in the as-cast and heat-treated conditions using a low-speed 

diamond saw. These were then ground to approximately 100 μm thickness using 800 grit silicon 

carbide metallographic abrasive paper. A punch was then used to remove 3 mm blanks from the 

6 mm disks. Electropolishing was used to create electron transparent regions in the samples. A 

solution consisting of 10 vol% nitric acid and balance methanol was used with a voltage of 20 V 

resulting in a current of 8 A using liquid nitrogen cooling to control the temperature.  

The cooling rate in the mold as a function of distance from the mold wall was estimated 

by casting the alloy 356 into the stepped cylindrical mold, measuring the secondary dendrite arm 

spacing (SDAS), and using the correlation between cooling rate and SDAS reported by Wang, 

Apelian, and Lados [9.13, 9.14]. The deduced cooling rates are shown in Figure 9.2. The cooling 

rate was quantified at discrete positions in the casting using the procedure described in detail in 

Appendix A. The SDAS was measured using optical microscopy. At least five SDAS 

measurements were made per section and each discrete distance from the mold wall was 

measured eight times, giving a distribution of at least 40 measurements for SDAS for each point 

shown in Figure 9.2. 

Vickers microhardness tests were performed using a LECO AMH55 automated hardness 

indenter with a load of 100g and a dwell time of 10 seconds. A minimum of 8 measurements 

were taken per microstructure type and heat treatment condition listed in this work. Room 

temperature compression testing was performed using a hydraulic MTS 20 KIP load frame at a 

strain rate of approximately 10-3 s-1, measured by crosshead displacement, and elevated 

temperature compression testing was performed using a Gleeble thermomechanical simulator at 

260 °C, 315 °C, and 370 °C in vacuum using a strain rate of approximately 10-3 s-1. Compression 
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tests were performed three times per condition studied in this work. The samples were sectioned 

down the center of the cylinder after testing, mounted in Bakelite, and polished to verify the 

microstructure of the sample. Only the tests performed on the appropriate microstructures were 

considered valid, resulting in fewer than three data points reported per condition in this work. 

 

 

Room temperature tension testing was performed in situ in an SEM (FEI Quanta 3D FEG 

Dual Beam SEM/FIB) using a Kammrath & Weiss Tensile Test Module 500 N load frame at a 

strain rate of approximately 10-3 s-1. 

Compression samples were prepared by sectioning the samples directly from the stepped 

cylindrical castings by making parallel cuts with a saw. The “bottom” of the compression 

samples starts 1-2 mm from the bottom of the stepped cylinder (orientation as shown in Figure 

7.1). The 6 mm diameter cylinders had heights between 4 and 7 mm. Typically, shorter samples 

were used due to concentration of porosity at the top of the 6 mm diameter section, as defined in 

Figure 7.1. The 4 mm diameter cylinders had heights between 4 and 5 mm. This was to minimize 

Figure 9.2—Cooling rate as a function of distance from the mold wall for the 4, 6, and 8 mm 
diameter sections of castings produced from the chill mold determined by measuring the 
SDAS of alloy 356. 
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microstructural gradients over the length of the cylinder and minimize porosity in the samples. 

Flash from casting was removed by grinding prior to testing the samples. The dimensions of each 

cylinder were measured with a caliper to determine the area of the cylinder at the top, middle, 

and bottom of the cylinder as well as its height.  

 

 

Tension samples were machined from the 4 mm and 6 mm diameter sections of the 

castings using a lathe and CNC mill to produce the dimensions shown in Figure 9.3. Four total 

samples were made, 2 of which were polished to a 1 μm finish (samples 1 and 4) using diamond 

polishing medium and 2 of which were prepared with a 1200 grit finish (samples 2 and 3) using 

metallographic abrasive grinding paper. The polished samples were tested in situ using an SEM 

and the other samples were tested outside of the SEM. 

Thermodynamic simulations were performed using Thermo-Calc [9.15] with the TCAL6 

Al-alloys version 6 database.  

Figure 9.3—Dimensions of tensile specimens and position in casting. The samples were 
machined such that the lower grip ends were from the top of the 4 mm diameter section below 
the dashed line and the gauge length came from the bottom of the 6 mm diameter within the 
dotted lines. The gauge length was taken from the core of the cylinder.  
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9.3 Results 

9.3.1 Characterization of As-Cast Microstructures 

The microstructures of alloys 35, 40, 45, and 50 were characterized using SEM, XRD, 

and WDS. The cooling rates required to form each of the microstructures were estimated from 

alloy 356 chill castings as shown in Figure 9.2. 

All of the alloys characterized shared three dominant microstructural features, although 

the conditions under which they formed differed with each alloy. These microstructural features 

can broadly be described in the context of eutectic solidification, shown in Figure 7.8, as 

“primary Al,” “eutectic” (coupled growth), and “primary α” (no primary Al or coupled growth). 

It should be noted that “eutectic” in this paper refers not to a composition but to solidification 

characterized by coupled growth of the faceted α-phase intermetallic and non-faceted Al. Even 

within a single alloy in this work, the “eutectic” can have multiple compositions, depending upon 

solidification conditions and alloy composition.  

The primary Al microstructures in alloys 35 through 50 are shown in Figure 9.4. For 

alloys 35 and 40, shown in Figures 9.4a and 9.4b, the interdendritic regions appeared to take on 

two separate morphologies. The first is the Al + α-phase microeutectic characterized by coupled 

lamellar growth of the two phases. The second is almost continuous α-phase, as shown in Figure 

9.4d. The interdendritic Al + α-phase eutectic was more prevalent in regions with lower cooling 

rates, and the interdendritic α-phase was present in regions with high cooling rates (~103 K/s) in 

alloys 35 and 40. Although alloy 45 possessed some regions containing interdendritic Al + α-

phase eutectic as shown in Figure 9.4c, it was uncommon. For alloys 45 and 50, the 

interdendritic α-phase was typically found, as shown in Figures 9.4d for alloy 50. This is likely 

due to a combination of higher bulk solute concentration and higher cooling rates in the regions 

where primary Al was present (>103 K/s). High cooling rates can result in a combination of 

greater solute concentrations in the primary Al dendrites as well as refinement of the length-scale 

of solute rejection. Figure 9.4e shows a compositional analysis of the primary Al dendrites and 

interdendritic regions in alloy 35. The dendrites are enriched in Mn, although the exact content 

of Mn is not clear, because of the fine length-scale of the microstructure. 

The cooling rates at which primary Al formed were determined by comparing the regions 

in the casting where primary Al was observed to the cooling rates in Figure 9.4. Primary Al with 
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interdendritic Al + α-phase eutectic and interdendritic α-phase were not distinguished in this 

analysis. The cooling rates are shown in Table 9.2.  

 

 

 

The “eutectic” microstructure is defined as being dominated by Al + α-phase eutectic 

colonies with coupled growth as shown in Figure 9.5. In alloy 35, the colonies have a distinctly 

rod-like eutectic morphology. As the solute concentration increases, the eutectic colony becomes 

more lamellar. Even in alloy 50, the eutectic does not appear to be fully lamellar, but there are 

large regions of the eutectic colonies that are lamellar compared to the almost uniformly rod-like 

morphology present in alloy 35 as shown in figure 9.5a. 

The cooling rates at which eutectic colonies formed are shown in Table 9.2. There is 

significant overlap with the primary Al microstructure. This is because of the presence of mixed 

Figure 9.4—Backscattered electron images of primary Al microstructure in a) alloy 35 near 
the center of the 6 mm diameter section of the casting from [9.9], b) alloy 40 near the edge of 
the 4 mm diameter section, c) alloy 45 near the edge of the 4 mm diameter section, d) alloy 50 
near the edge of the 4 mm diameter section from [9.9], and e) alloy 35 with EDS spots and 
compositional analysis. All samples were imaged unetched. The α-phase is brighter than Al in 
the images. The spot analyses in e) show that the Al dendrites are enriched in Mn, because the 
relative Mn concentration in the dendrite is above that expected from the bulk alloy 
composition. The analyses are not necessarily representative of actual composition of the spots 
shown due to the fine length-scale of the microstructure. 



 

119 
 

microstructures containing primary Al and eutectic colonies. Additionally, because of the high 

cooling rates required for primary Al formation in alloys 45 and 50, no clear upper bound on the 

cooling rates required for eutectic colony formation were established in this study for alloys 45 

and 50.  

Table 9.2—Cooling rates required to form different microstructures. 

Cooling Rates Required for Formation (K/s) 

 
Microstructure 

Alloy Primary Al Eutectic Primary α 

35 >200 200-1,000 n/a 

40 >500 400-1,000 <400 K/s 

45 >1,000 >500 K/s <500 K/s 

50 >2,000 >500 K/s <500 K/s 

 

The primary α-phase microstructure is characterized by primary α-phase particles 

surrounded by Al dendrites, with a small fraction of interdendritic phases that are last to solidify. 

Example microstructures from alloys 35 through 50 are shown in Figure 9.6. 

The cooling rates at which primary α-phase microstructures formed are shown in Table 

9.2. Under the processing conditions studied here, no primary α-phase microstructure formed in 

alloy 35. For alloys 40 through 50, the α-phase particle morphology was generally faceted 

dendritic, as shown in Figure 9.6. 
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Figure 9.5—Backscattered electron images of eutectic microstructure in a) alloy 35 from [9.9], 
b) alloy 40, c) alloy 45, and d) alloy 50 from [9.9]. The α-phase is the minority constituent of 
the Al + α-phase eutectic colonies and appears brighter than the Al. As the transition metal 
concentration increases, the eutectic transitions from more rod-like to more lamellar. 
Intercolony regions consisting mostly of Al are present between the Al + α-phase eutectic 
colonies. Images are from the 6 mm diameter section for a) and the 4 mm diameter sections for 
b) through d). 
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The microstructures present in the chill castings produced have been described in terms 

of assuming a simple Al + α-phase eutectic diagram which is a major simplification for such a 

complex multicomponent system. XRD was performed on the 4 mm and 6 mm sections of 

castings of alloys 35 through 50 and the resulting patterns are shown in Figure 7.10. It can be 

seen that the patterns are clearly dominated by Al and α-phase peaks. The α-phase peaks are 

present in doublets for reasons described in previous work [9.16]. The compositions of the 

primary particles determined to be α-phase using XRD are shown in Table 9.3 and are consistent 

with the α-phase as well [9.16]. The results from XRD and WDS analysis strongly suggest that 

in the 4 mm and 6 mm section, the majority of all phases present are Al and the α-phase for all 

alloys examined in this work. 

An additional microstructure type was infrequently observed, particularly in alloys 35 

and 40 in sections 6 mm diameter in thickness or higher, and is shown in Figure 9.7. It appears to 

be characterized by a core of relatively fine eutectic, but the edge of the colony consists of coarse 

discontinuous intermetallic particles. It will be referred to as “eutectic 2” since its exact nature is 

not clear from this work. Figure 9.7a shows a low magnification view of eutectic 2 as well as the 

Al + α-phase eutectic colonies for reference. Figure 9.7b shows a high magnification image of 

eutectic 2. While the microstructure did sometimes occur in castings of alloys 35 and 40, it was 

only rarely present in the sections used for mechanical testing. When eutectic 2 was identified in 

Figure 9.6—Primary α-phase microstructure in a) alloy 40, b) alloy 45, and c) alloy 50 from 
[9.9]. The length scales and morphologies are somewhat different between the three images. a) 
was taken from the core of the 6 mm diameter section, b) and c) were taken from the core of 
the 4 mm diameter section. In all three, the bright dendritic particles are α-phase. In between 
Al dendrites, there are interdendritic phases that were last to solidify—from XRD analysis 
shown in Figure 7.10, these interdendritic phases appear to be mostly α-phase in the 4 mm and 
6 mm diameter sections. All images are backscattered electron images from polished sections. 
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significant amounts in post-testing characterization of compression samples, they were 

considered invalid. 

Table 9.3—Compositions of primary intermetallic particles in alloys 35 through 50 
determined by WDS. 

Alloy Condition Al (at%) Fe (at%) Mn 

(at%) 

Cr (at%) Si (at%) 

35 As-cast 76.9±0.5 7.6±0.2 8.0±0.1 2.2±0.1 5.2±0.4 

35 100 h 370 °C 75.8±1.1 7.5±0.2 7.9±0.04 2.4±0.1 6.4±1.1 

40 As-cast 77.7±0.5 7.4±0.1 7.8±0.04 2.4±0.1 4.8±0.4 

45 As-cast 76.9±0.5 7.5±0.2 7.6±0.1 2.3±0.1 5.7±0.4 

50 As-cast 78.3±0.3 7.3±0.1 7.5±0.1 2.7±0.1 4.3±0.3 

 

A final comment is that in the primary Al, eutectic, and eutectic 2 microstructures, Al-

rich intercolony regions are always observed. These intercolony regions, while they account for a 

small volume fraction relative to the colonies themselves, may play an important role in the 

mechanical properties of the alloys, especially given their continuous nature. This is consistent 

with the fact, as mentioned above, that the coupled growth of the lamellar structures is not 

associated with an invariant reaction. 

9.3.2 Characterization of Heat-Treated Microstructures 

Since this class of alloys is of interest for elevated temperature applications, the alloys 

must possess microstructural stability at high temperatures. To examine this, the microstructural 

stability of alloy 35 was characterized by heat-treating it for 100 h at 260 °C, 315 °C, and 370 °C, given that all of the alloys possess similar microstructures, 

As can be seen in Figure 9.8, the microstructure of alloy 35 did not coarsen significantly 

after 100 h at 370 °C. The Al + α-phase microeutectic constituent does not appear to have 

coarsened in either the primary Al or eutectic colonies. However, when the microstructure was 

evaluated in the TEM, it was found that in the primary Al regions, nanoscale precipitates had 

formed in some of the Al dendrites, as shown in Figure 9.9a. As can be seen, a high density of 
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fine precipitates was found in the core of the Al dendrites. The number density decreases towards 

the edge of the dendrites and the dispersoids become coarser. Additionally, there is a precipitate-

free zone (PFZ) at the boundary between the Al dendrite and the interdendritic microeutectic. 

Note that these precipitates did not form in all dendrites seen in the foil; this may have been due 

to the presence of solute-depleted regions around primary α-phase particles from solidification, 

instead of high variability in formation of the precipitates in Al dendrites for microstructures 

similar to that shown in Figure 9.8a. Similar precipitation has been observed in 3xxx series Al 

alloys in Al dendrites fairly uniformly, suggesting the solute depletion from primary α-phase 

particles may be responsible [9.17]. 

 

 

Since the microstructure was stable at the micron length-scale at 370 °C, only the 

nanoscale changes were evaluated at 260 °C and 315 °C. It can be seen in Figure 9.9b that after 

100 h at 315 °C, the precipitates are also present in Al dendrites with approximately the same 

distribution present in Figure 9.9a. However, after 100 h at 260 °C, no precipitates could be 

identified in the TEM, as shown in Figure 9.9c, suggesting that the time-temperature 

combination is too short for precipitation. Since the foil was relatively thick and the precipitates 

Figure 9.7—A low magnification BSE image of “Eutectic 2” microstructure is shown on the 
left side of a) and the boxed region in a) is shown in b) with higher magnification to illustrate 
the fine-scale structure of eutectic 2. On the right side of a), eutectic colonies of Al + α-phase 
can be seen. The region between eutectic 2 and the Al + α-phase eutectic in a) appears to 
consist of the primary Al microstructure. While eutectic 2 appears as if it could be a 
breakdown of the eutectic solidification front, it does not have a continuous interface with the 
Al + α-phase eutectic colonies. 
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of interest were quite small, the nature of the precipitates was investigated using selected area 

diffraction on groups of precipitates and microdiffraction on individual precipitates. The 

structural complexity and fine scale of the phases prevented simple phase identification. The 

nature of the precipitates will be described in future work. 

 

 

 

 

 

Figure 9.8—Backscattered electron images of a) the primary Al microstructure in alloy 35 
from [9.9] and b) the Al + α-phase eutectic in alloy 35 after a 100 hr heat treatment at 370 °C. 
There is no obvious coarsening compared to the microstructures shown in Figure 9.4. The 
bright phase is the α-phase and the dark phase is Al. 

Figure 9.9—Bright field TEM images from alloy 35 of a) an Al dendrite after 100 h at 370 °C 
b) an Al dendrite after 100 h at 315 °C and c) Al dendrites after 100 h at 260 °C. The 
interdendritic regions in c) consist of the Al + α-phase eutectic. 
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9.3.3 Microhardness and Compression Testing 

In order to characterize the relative properties of the microstructures containing Al and 

the α-phase, microhardness testing was performed on the primary Al and eutectic regions in 

alloys 35, 40, 45, and 50. A summary of the microhardness results is shown in Table 9.4, along 

with measurements taken from a rapidly solidified and consolidated 8009 extrusion for 

reference. It can be seen that for every alloy evaluated in this work, the primary Al 

microstructure possesses higher microhardness than the eutectic microstructure. Additionally, the 

microhardness of the primary Al microstructure in alloy 50 is comparable to that of the 8009 

extrusion. It was found that after 100 h at 260 °C, there was no appreciable drop in hardness, but 

there was a drop after 100 h at 370 °C. Images of the microhardness indents in alloy 50 are 

shown in Figure 9.10, since the difference between the primary Al microstructure and eutectic 

microstructure is particularly pronounced in that alloy. It can be seen that while the indents are 

larger in the eutectic microstructure, the deformation is less uniform. 

Although microhardness is useful for evaluating the properties of small regions, it can be 

challenging to correlate back to bulk mechanical properties. In order to determine the bulk 

properties of the different constituents, compression testing was performed on alloys 35 and 40. 

Because of variability present in the microstructures of the castings produced, the compression 

results that will be described are those from samples that have been checked to verify their 

microstructure after testing. 

The results of the compression tests on alloys 35 and 40 are shown in Table 9.5. The 

0.2% offset yield strength (YS) of primary Al in alloy 35 is approximately 200 MPa and the 

yield strength of primary Al microstructures in alloy 40 is about 220 MPa. From these results, a 

conversion between the HV in Table 9.4 and the YS in Table 9.5 is estimated to be about 1 

HV:2.2 MPa. 

The elevated temperature compression testing data in Table 9.6 was taken from samples 

that were verified to have majority primary Al by SEM examination after testing. The 0.2% 

offset yield strength is shown for each of the samples 
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Table 9.4—Microhardness of different microstructural constituents in alloys 35 through 50 
and 8009. 

Alloy Microstructure HV (Avg.) St. 

Dev. 

35 Primary Al 91.2 5.2 

Eutectic 78.4 3.0 

Primary Al (100 hr at 260 °C) 90.2 3.2 

Primary Al (100 hr at 370 °C) 79.7 2.8 

40 Primary Al 110.5 4.0 

Eutectic 102.0 3.1 

45 Primary Al 129.2 2.7 

Eutectic 95.2 2.8 

50 Primary Al 135.1 4.6 

Eutectic 107.5 4.4 

8009 Extrusion As-Provided 134.5 13.6 

 

 

Figure 9.10—Images of indents in alloy 50 for the eutectic (a and b) and primary Al (c) 
microstructures. The indents for the primary Al microstructure are smaller and have more 
uniform deformation. The heterogeneity of the eutectic microstructures appears to lead to non-
uniform deformation around the indent. All images shown were taken using secondary 
electron imaging on polished and etched samples. 



 

127 
 

Table 9.5—Room temperature compressive yield strengths (0.2% offset) for alloys 35 and 40. 

Alloy Microstructure YS (MPa) 

35 Majority Primary Al 190, 205, 205 

40 Majority Primary Al 215, 230 

 

 

Table 9.6—Elevated temperature compressive yield strengths (0.2% offset) for alloy 35. 

Heat 

Treatment 

Test 

Temperature 

YS (MPa) 

0.5 hr 260 °C 260 °C 115 

100 hr 260 °C 260 °C 115, 130 

0.5 hr 315 °C 315 °C 115 

100 hr 315 °C 315 °C 95, 110 

0.5 hr 370 °C 370 °C 90 

100 hr 370 °C 370 °C 95 

 

 

9.3.4 Tension Testing 

Although compression testing can provide a good estimate of the yield strength of an 

alloy and a rough approximation of ductility, tension testing is required to determine the 

elongation to failure. 

The tensile samples were machined from the center of castings of alloy 35, which 

consisted of a mixture of primary α and eutectic microstructures. Since they were machined from 

the center, they possessed worst-case properties for that section, due to lower cooling rates. 

Shrinkage porosity was not observed to be severe in the gauge length of the samples. An 

overview of the gauge length of one of the samples is shown in Figure 9.11a. It can be seen that 

there is a high density of α-phase particles. The light grey regions in between the particles are a 

mixture of eutectic and primary Al. Because of the high density of primary α-phase particles, the 



 

128 
 

microstructure contains many regions depleted in solute concentration as seen in Figure 9.11b. 

This, combined with the low efficiency of discontinuous composite strengthening, is expected to 

lower the measured yield strength in the tensile tests.  

The results of the tension tests are summarized in Table 9.7. The elongation to failure 

ranged between 4.2 and 7.0%, and the yield strength was between 146 and 154 MPa. A reference 

compression specimen was made that possessed a similar microstructure of mostly primary α 

and eutectic from a 4 mm diameter casting, but its yield strength was approximately 220 MPa. 

This much higher compressive yield strength is likely because the compression specimen had a 

lower density of primary α and higher amounts of the Al + α-phase microeutectic compared to 

the tensile specimens, verified using SEM after testing, since the tensile specimens were from the 

core of the 6 mm diameter cylinder. The average cooling rate of a 4 mm diameter cylinder 

compression specimen should be higher than from the core of the 6 mm diameter section from 

which the tensile specimens were machined, as shown in Figure 9.2. 

From Figure 9.12, it can be seen that the failure mechanism in the primary α and eutectic 

microstructure is cleavage of the α-phase particles and linking of the cracks from individual 

particles to form the fracture surface. Figure 9.11c shows one of the fracture surfaces. The 

fracture surface has a high number of fractured α-phase particles when viewed top down. In 

between the fractured α-phase particles, there is substantial change in height of the fracture 

surface. The topology between fractured α-phase particles further supports the idea that crack 

linkage is the failure mechanism, since it increases the total surface area of the fracture surface. 

Although the final crack propagation event happens quite quickly, appearing to occur within the 

last second of testing, cracks are clearly visible in individual particles at least 30 seconds prior to 

fracture (approximately 0.6% strain before fracture) in sample 4. In sample 1, some cracks were 

visible over 180 seconds prior to fracture (approximately 3.6% strain before fracture). These 

results indicate that primary α cleavage occurs prior to the UTS and well before failure. 
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Figure 9.11—SEM images of a tension sample after failure showing a) the high density of 
primary α-phase particles in the gauge length of the tension sample, b) a representative image 
of the microstructure in between the primary α particles consisting largely of Al + α-phase 
eutectic colonies with some Al dendrites, c) a top-down view of the fracture surface at low 
magnification, d) a medium magnification image of the fracture surface, e) a high 
magnification image of the fracture surface around an α-phase particle, and f) a high 
magnification image of the fracture surface between α-phase particles. a) and b) were taken 
using backscattered electron imaging so the α-phase appears bright. c) through f) were taken 
using secondary electron imaging and the α-phase typically appears darker and is indicated 
when present for reference. 



 

130 
 

Table 9.7—Mechanical properties of alloy 35 tension samples. 

Sample YS (MPa) UTS (MPa) Percent Elongation to 

Failure 

1 146 220 5.0 

2 154 225 4.2 

3 147 238 7.0 

4 151 235 5.6 

 

9.4. Discussion 

9.4.1 Microstructure 

Because only small deviations in solidification behavior from the isopleth in Figure 7.8 

were observed in the 4 mm and 6 mm diameter castings in this work, it appears to be relatively 

descriptive of the solidification behavior under the conditions examined. Even the presence of 

intercolony Al was predicted to a certain extent by the simulation shown in Figure 7.8, because it 

does not show the Al + α-phase eutectic to be an invariant reaction. In the Al + Mg2Si eutectic, 

similar intercolony Al-rich regions have been observed to form [9.18]. For Al-Mg-Si alloys, the 

formation of intercolony regions appears to be solely due to the fact that the Al + Mg2Si eutectic 

is not an invariant reaction, and not strongly dependent on the presence of impurity elements. 

Figure 7.8 appears to be least applicable when the eutectic 2 microstructure is present. 

This, however, was relatively infrequent. One possible explanation of the eutectic 2 

microstructure is a breakdown of the Al + α-phase eutectic solidification front, causing a 

transition from cellular to dendritic eutectic solidification. Another possible explanation would 

be the presence of a competing eutectic, such as that between Al and Al6Mn [9.19]. Al6Mn forms 

under equilibrium conditions in alloy 35, as shown in Figure 7.6. However, it forms at lower 

temperatures as the overall solute concentration increases, which may explain why eutectic 2 was 

observed mainly in alloys 35 and 40. The exact nature of eutectic 2, though, requires further 

work to determine. 
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Although thermally stable, nanoscale precipitates were identified in alloy 35 primary Al 

dendrites after exposure to elevated temperatures for extended periods of time, the exact nature 

of the precipitates has not yet been determined due to their fine scale and structural complexity. 

Further investigation of their nature is necessary to develop a model of the effects of temperature 

exposure on the mechanical properties of the alloys characterized in this work. This is 

particularly important, because the bulk composition of the alloy can be changed without 

changing the isopleth of the Al + α-phase eutectic shown in Figure 7.8 significantly [9.9]. Since 

the primary Al dendrites are enriched in Mn in alloys 35 through 50, a composition with low or 

Figure 9.12—Secondary electron images of a tensile specimen taken a) 30 seconds b) 5 
seconds, c) 1 second prior to failure, and d) immediately after failure. Cracking of the α-phase 
particles is visible in a) through d) and linking of the cracks can be seen in b) and c). α-Phase 
particles can be identified from the cracks in them and their lighter coloration compared to the 
rest of the sample. Several α-phase particles with cracks are circled for reference. 
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no Mn could potentially be selected if the precipitates are found to be deleterious. This can be 

done because the α-phase stoichiometry can be balanced without the presence of Mn [9.9]. 

9.4.2 Mechanical Properties 

Preliminary investigations of the mechanical properties of Al + α-phase Al-Fe-Mn-Cr-Si 

alloys have been performed in this work. While the properties appear promising, future work in 

optimizing Al + α-phase alloys will require a better understanding of where the mechanical 

properties of these alloys come from. To this end, possible mechanisms in these alloys will be 

briefly reviewed. 

Some of the mechanisms that are likely to be relevant to the alloys studied in this work 

are: solid solution strengthening from solute enrichment of Al dendrites, particularly Mn 

enrichment of primary Al dendrites as shown in Figure 9.4e [9.19, 9.20]; composite 

strengthening due to the presence of a hard secondary phase (α-phase) in the Al matrix [9.21]; 

Hall-Petch strengthening for the Al + α-phase eutectic [9.22]; and precipitation strengthening 

from the evolution of fine precipitates in Al dendrites as shown in Figure 9.9. Each of these 

potential strengthening mechanisms will briefly be discussed in the context of the alloys studied 

in this work and Al + α-phase alloys in general, as defined in previous work [9.9]. 

First, solid solution strengthening and precipitation strengthening will be discussed. 

These two are closely related in the alloys studied in this work, because of the high achievable 

levels of solute, particularly Mn, in Al dendrites solidified from the melt [9.19]. Figure 9.4e 

shows that, for alloy 35, there appears to be substantial Mn enrichment in primary Al dendrites. 

Other elements may be present in levels above their equilibrium solubility limit, but Mn is most 

notable due to its role as a strong solid solution strengthener [9.20]. This means that there will be 

solid solution strengthening, largely from the presence of Mn [9.20], as well as the potential to 

form precipitates at elevated temperatures if the as-solidified concentration of Fe, Mn, Cr, and Si 

in the Al matrix is above the equilibrium solubility limit at a given hold temperature. 

For the primary Al microstructure, which has been singled out for its properties in this 

work, the presence of Fe, Mn, Cr, and Si as solid solution strengthening elements is likely 

playing a significant role in its as-cast strength because Al dendrites constitute a large part of the 

microstructure. This is supported by a drop in microhardness after a 100 h heat treatment at 370 
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°C of the primary Al microstructure in alloy 35 but not after 100 hours at 260 °C, as shown in 

Table 9.4. This matches the evolution of precipitates in Al dendrites after 100 h at 370 °C, and 

the absence of precipitates in Al dendrites after 100 h at 260 °C shown in Figures 9.9a and 9.9c, 

suggesting the drop in room temperature microhardness could be linked to the evolution of 

precipitates and loss of solid solution strengthening. This matches results in conventional alloys 

like 3003 and 3004 that contain α-Al(Fe,Mn)Si precipitates [9.23, 9.24], where only small 

increases in yield strength are achievable through precipitation strengthening. While in the 

present work the hardness appears to be dropping, the initial condition is the as-cast condition, 

which can have non-equilibrium solute concentrations, not a solutionized condition as in 

references 9.23 and 9.24. 

Although the solid solution strengthening from Fe, Mn, Cr, and Si appears to increase the 

room temperature microhardness, it also leads to greater differences between the initial and heat-

treated condition. One possible way to minimize the difference is to remove Mn from Al + α-

phase alloys, due to the high solubility of Mn in as-cast Al dendrites [9.19]. Additionally, solid 

solution strengthening concerns are likely most relevant to the primary Al microstructure 

because it contains a relatively large amount of primary Al dendrites enriched in solute. These 

types of Al dendrites would not be expected in the eutectic or primary α-phase microstructures. 

As such, the eutectic microstructure may have enhanced long-term microstructural stability 

relative to the primary Al microstructure because of the evolution of precipitates in the primary 

Al microstructure. 

Solid solution strengthening and precipitation strengthening, while clearly important in 

alloys 35 through 50, were not the goal of the alloys. The goal of these alloys was promoting the 

Al + α-phase microeutectic. However, determining how effective the microeutectic present in 

these alloys is at increasing their strength is not necessarily straightforward for several reasons. 

The presence of both solid solution strengthening and precipitation strengthening, as has just 

been described, is the main barrier to evaluating the Al + α-phase eutectic properties in primary 

Al microstructures. For eutectic microstructures, the presence of intercolony aluminum also 

complicates quantification of Al + α-phase eutectic strength. 

However, for the Al + α-phase eutectic colonies, the presence of intercolony regions may 

be something that can’t be alloyed out. This is because, in Figure 7.8, the Al + α-phase eutectic 
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does not appear to be an invariant reaction for Al-Fe-Mn-Si alloys with similar compositions to 

alloys 35 through 50. In light of this, the intercolony Al regions could be considered a feature of 

the eutectic microstructure instead of something that needs to be deconvoluted. This would 

suggest that the ability of a fully microeutectic microstructure to achieve high strengths may be 

limited by the presence of intercolony Al regions. If this is actually the case, the microhardness 

results in this work would be representative of potential properties of the fully eutectic 

microstructure compared to primary Al.  

The primary Al microstructure does not appear as if it should have higher strength than 

the eutectic microstructure on inspection due to the presence of Al dendrites, but microhardness 

results shown in Table 9.4 indicate it does. There is not enough information in the present work 

to deconvolute the effects of solid solution and precipitation strengthening from potential 

composite or Hall-Petch strengthening due to the presence of the α-phase or Al + α-phase 

eutectic in the interdendritic region. However, Al-Fe-Cr-Si alloys with Fe replacing Mn in alloys 

35 through 50 would enable study of alloys with substantially lower solid solution and 

precipitation strengthening [9.19], but similar Al + α-phase eutectic solidification [9.9]. This is 

an important issue to address, because while the primary Al microhardness appears to be 

relatively consistent in alloy 35, the actual microstructure changes. As cooling rates decrease, the 

interdendritic region transitions from more continuous α-phase to more of a eutectic Al + α-

phase region. Therefore, it is unclear which mechanisms are contributing in which ways to the 

actual strength of the primary Al alloys. This would need to be addressed in future work on Al + α-phase eutectic alloys in order to better understand how to optimize their properties. 

9.4.3 Comparison to Existing High Temperature Aluminum Alloys 

The fully eutectic microstructure has not been studied effectively in this work due to 

challenges in producing it in chill castings without also producing primary Al microstructures. 

Primary Al microstructures, however, have been shown to be able to produce nanoscale 

thermally stable precipitates as well as a microeutectic between Al and α-phase or fine near-

continuous α-phase in the interdendritic region. This hierarchical, thermally stable 

microstructure is producible at cooling rates well below those of rapid solidification and is even 

within the range of some conventional processing routes [9.25, 9.26]. The properties of alloy 35 

are roughly equivalent to existing high temperature Al alloys at elevated temperatures. Higher 
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transition metal alloys with the primary Al microstructure are expected to have increased room 

temperature and elevated temperature mechanical properties relative to existing alloys. The 

ductility of Al + α-phase eutectic alloys is also promising, as the elongations to failure found in 

this work exceed those reported for RR-350 and NASA 398 [9.4, 9.5], which are two specialty 

Al alloys designed for high temperature strength.  

Figure 9.13 illustrates the projected strength of the Al-Fe-Mn-Cr-Si Al + α-phase eutectic 

alloys with a primary Al microstructure by extrapolating the correlation between microhardness 

and yield strength from alloy 35 to higher transition metal alloys that may be useful in processes 

like additive manufacturing. Although Al-Cu alloys have higher strengths at lower cooling rates, 

cooling rates on the order of 103 K/s could enable Al + α-phase alloys with substantial 

improvements in mechanical properties over existing conventionally-processed high temperature 

aluminum alloys. This cooling rate range is on the lower end of cooling rates in additive 

manufacturing [9.27] and suggests the usefulness of the present alloys in that application. Unlike 

many Al-Cu alloys, which are precipitation strengthened and therefore require a homogenization 

heat treatment, Al + α-phase alloys experience substantial microstructural refinement at higher 

cooling rates due to their retention of the as-cast microstructure. Microstructural stability could 

also be enhanced by replacing Cr with slower diffusing elements like Mo and V [9.1]. A 

solubility range of transition metals in the α-phase was proposed in previous work as a way to 

navigate the composition space required to produce quinary or more complex Al + α-phase 

alloys [9.9]. 

In the present work, Al + α-phase eutectic alloys with primary Al microstructures have 

been shown to possess mechanical performance comparable to existing alloys with the potential 

for even higher mechanical performance at cooling rates on the upper end of conventional 

processing and the lower end of additive manufacturing. They could be an intermediate step 

between the moderate mechanical performance and low cost of existing conventionally-

processed high temperature Al alloys and the high performance and high cost of rapidly 

solidified alloys.  
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9.5 Conclusions 

The microstructures and mechanical properties of Al + α-phase microeutectic alloys were 

characterized at room temperature and elevated temperature in this work.  

1. The as-cast microstructures are consistent with a eutectic between Al and α-Al83-

x(Fe,Mn,Cr)17Six. 

2. The microeutectic does not noticeably coarsen after a hold time of 100 h at 370 °C. 

3. Nanoscale precipitates evolve out of the primary Al dendrites after 100 h at temperatures 

of at least 315 °C. 

4. The nanoscale precipitates appear to possess good microstructural stability for time-

temperature combinations of at least 100 h at 370 °C. 

Figure 9.13—Projected room temperature yield strength of primary Al microstructure Al + α-phase alloys as a function of required cooling rates for the primary Al microstructure. 
Each data point is from a different alloy, with the yield strength increasing with transition 
metal concentration. Yield strengths are estimated from the hardness to compressive yield 
stress conversion for the primary Al microstructure in Al + α-phase alloys determined from 
Tables 9.4 and 9.5. The “Al-Cu alloys” line is the yield strength of NASA 398-T5 at room 
temperature, to represent an upper bound on Al-Cu high temperature alloy strength. 
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5. The strength and ductility of Al + α-Al83-x(Fe,Mn,Cr)17Six eutectic alloys appear to be 

able to match those of high temperature Al-Cu structural alloys. 

6. The cooling rates required for formation of primary Al microstructures are compatible 

with conventional processing routes like die casting and strip casting as well as additive 

manufacturing, with higher solute concentrations requiring higher cooling rates. 
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CHAPTER 10 

EFFECT OF SOLIDIFICATION PARMATERS ON THE MICROSTRUCTURES FORMED 

IN Al-Fe-Mn-Cr-Si ALLOYS SOLIDIFIED AT INTERMEDIATE COOLING RATES 

 

Autogenous tungsten inert gas (TIG) welds and chill castings were used to assess the 

influence of cooling rate and solidification velocity on the solidification behavior of Al-Fe-Mn-

Cr-Si alloys. Scanning electron microscopy (SEM), optical microscopy (OM), x-ray diffraction 

(XRD), and wavelength dispersive spectroscopy (WDS) were used to characterize the resulting 

microstructures. For cooling rates on the order of 102 to 103 K/s, a variety of Al + α-phase 

microstructures were produced depending upon the solidification conditions. 

10.1 Introduction 

Al-Fe-Mn-Cr-Si alloys were shown in Chapter 9 to possess a desirable combination of 

elevated temperature mechanical properties and processability compared to commercial high 

temperature Al alloys [10.1,10.2]. However, the solidification conditions required for Al + α-

phase microstructures were only partially determined from chill castings. This is partly due to the 

convolution of solidification velocity and thermal gradient in the measured cooling rate. In order 

to better assess the processability of Al + α-phase alloys, it is critical to understand the effect of 

solidification velocity on the as-cast microstructure due to the presence of the faceted α-phase.  

In the present work, a combination of chill castings and autogenous TIG welds were used 

to evaluate the solidification behavior of Al + α-Al83-x(Fe,Mn,Cr)17Six eutectic alloys as a 

function of processing conditions and solute concentration. The effect of solute concentration 

was investigated using chill castings, and the effect of processing conditions was primarily 

investigated using autogenous TIG welds on alloy 35. The importance of including chill castings 

is that they can help to qualitatively extend findings from the autogenous TIG welding 

experiments to other compositions. 

The choice of TIG welding over other experimental methods of investigating the effects 

of processing parameters was made because the cooling rates can be on the order of 102 to 103 

K/s [10.3], with a range of solidification velocities from several mm to several cm per second 

[10.3]. This allows for investigation of cooling rate/solidification velocity combinations relevant 
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to conventional processing routes [10.4,10.5] and some additive manufacturing methods [10.6]. 

Another benefit of autogenous TIG welding compared to chill castings is that the solidification 

velocity can be measured, due to the known motion of the welding source [10.7, 10.8], as will be 

discussed later in this chapter. 

 

10.2 Methods 

All alloy compositions were prepared using the methods described in Chapter 7. Chill 

castings were made using the procedures from Chapter 9, and the cooling rates were determined 

using the method described in Chapter 9 as well. 

In order to produce the alloy 35 plates for the welding experiments, a different processing 

method was used. The material was remelted in air using induction heating in a graphite crucible. 

The melt was superheated 100 to 200 °C above the liquidus. The crucible was then moved to the 

configuration shown in Figure 10.1. For these samples, no flux was used since the metal was 

bottom poured using a graphite ram. The Cu chill plates were coated with boron nitride (BN) to 

reduce the initial cooling rates [10.9]. This, along with the high velocity of molten metal during 

bottom pouring and the air channels at the base of the mold, helped to ensure complete filling of 

the 40x40x4 mm mold cavity. The plates were chill-cast to reduce partial melting in the fusion 

zone during TIG welding; i.e., by refining the size of primary intermetallics in the as-cast 

microstructure. After the plate was cast, it was separated from the flash using a cutoff saw to 

Table 10.1—Nominal compositions of alloys studied in this work and approximate liquidus 
temperatures measured in previous work [10.1]. 8009 is also shown for reference. 

Alloy Al 

(at%) 

Fe 

(at%) 

Mn (at%) Cr 

(at%) 

V 

(at%) 

Si 

(at%) 

Liquidus (°C) 

35 95.0 1.5 1.5 0.4 n/a 1.6 730 

40 94.1 1.8 1.8 0.5 n/a 1.8 750 

45 93.3 2.0 2.0 0.6 n/a 2.1 770 

50 92.6 2.2 2.2 0.7 n/a 2.3 790 

8009 93.2 4.4 n/a n/a 0.6 1.8 840 
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yield a 40x40x4 mm3 plate. The plate was then cold rolled to a final dimension of approximately 

80x40x2 mm3. Further information on the initial condition of the plates is included in Appendix 

B. 

 

 

  

 

The alloy 35 plates were TIG welded autogenously using AC current with a working 

distance of approximately 2 mm as shown in Figure 10.2. A tungsten electrode with a balled tip 

was used. Argon purge gas was used as well. The weld parameters are shown in Table 10.2. 

“Near steady-state” regions were sectioned out of each plate. A further discussion of how these 

regions were selected is included in Appendix B. Top-down and transverse views of the weld 

were prepared for microstructural evaluation by mounting them in Bakelite and polishing them 

to a 1 μm finish. The power was recorded during welding as a function of time and used to 

estimate the power input during welding at the regions where the microstructure was examined. 

These power values are shown in Table 10.2 as well. Further information on the power input for 

the weld as a function of time can be found in Appendix B. 

Figure 10.1—Schematic drawing of casting setup used to prepare chill-cast plates. Steel chills 
were used instead of Cu chills in some locations to slow down solidification for enhanced filling 
of the mold cavity. 
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Table 10.2—Welding parameters used in this work. Power density includes an efficiency 
of 70%. 

Weld Speed 

(mm/s) 

Current (A) Power (kW) Power 

Density 

(J/mm3) 

Estimated 

Cooling Rate 

(K/s) 

2 80 0.8 12.7 15 

4 120 1.2 10.0 30 

8 180 2.0 12.5 60 

16 250 2.3 9.1 190 

25 280 2.9 10 300 

 

SEM imaging for microstructural characterization was performed using an FEI Quanta 

600i Environmental SEM. A JEOL JXA-8230 electron microprobe was used to collect 

compositional information from primary particles and investigate possible changes in 

Figure 10.2—Schematic illustration of welding experiment. The cross section is perpendicular 
to the direction of the weld. The thin plate has thermal and electrical contact with the Cu chill 
at its edges. Grafoil was used to increase the contact area due to minor distortions in the weld 
plate from the rolling process. This was to ensure good contact between the plate and the 
chills. 
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composition throughout the weld. Spot analyses were used for data collection. Calibration was 

performed using high purity elemental metal standards. All samples examined with microprobe 

had been polished to a 1 μm finish using diamond media and finished using a Vibromet polisher 

with a 0.05 μm colloidal silica medium. XRD was performed on alloys 35 through 50 as 

described in Chapter 7. The microstructures of chill castings of alloys 35 through 50 as a 

function of cooling rate were determined from cross sections of chill castings as described in 

Appendix C. 

Thermodynamic simulations were performed using Thermo-Calc [10.10] with the 

TCAL6 Al-alloys version 6 database.  

10.3 Results and Discussion 

In order to describe the solidification behavior of the Al + α-phase alloys studied in this 

work, special attention will first be given to alloy 35. Then, the findings from alloy 35 will be 

extended to the rest of the alloys that were studied with chill castings alone. 

Figure 10.3 highlights the microstructures that form in terms of both cooling rate and 

solidification velocity from the autogenous TIG welding solidification experiments. One 

interesting feature of the primary Al microstructure is the formation of “intercolony Al.” The 

intercolony Al in the Al + α-phase eutectic can be predicted from Figure 7.8. The intercolony Al 

in the primary Al microstructure, though, exists alongside primary Al dendrites that are not 

predicted by Figure 7.8. It is believed that the formation of primary Al in this microstructure is 

due to high undercoolings and solidification velocities that cause the eutectic solidification 

behavior to deviate from equilibrium conditions [10.11]. The intercolony Al, again, forms from 

thermodynamic considerations shown in Figure 7.8. 

Solidification velocity is an important parameter in chill castings that is not constant in a 

cylindrical casting, but is relatively well-described in a TIG weld due to the fixed heat source 

velocity. The solidification velocity in a weld can be described as a function of distance from the 

center of the weld by the following equation [10.12]: R = vcos (πxw )       (10.1) 
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where R is the solidification velocity, v the travel speed of the arc, x the distance from the center 

of the weld, and w the width of the fusion zone. Equation 10.1 makes the assumption of a 

circular weld pool, which should be reasonably accurate for low weld travel speeds. 

  Cooling rate is helpful because it can easily be correlated to chill castings. Additionally, it 

can be used as a proxy for undercoolings since higher cooling rates tend to lead to higher 

undercoolings. This correlation is not always true, but a full accounting of undercoolings is 

beyond the scope of this work. The cooling rate at the center of the weld is given by the thin 

plate Rosenthal equation as follows [10.3]: 

Ṫ = 2παρC ( tQ)2 v2(Tm − To)3 (10.2) 

where α is the thermal conductivity, ρ the density, Q the total heat input, C the specific heat, t is 

plate thickness, v the weld travel speed, Tm the freezing temperature, and To the ambient 

temperature. The physical constants are defined in Table 10.3. Due to the lack of thermophysical 

data on alloy 35, these values were estimated somewhat loosely. The thermal conductivity was 

very conservatively estimated at 100 J*m-1*K-1*s-1 due to the known low thermal conductivity of 

8009 and the α-phase intermetallic [10.13, 10.14]. This would potentially introduce an error 

underestimating the cooling rate. The density and specific heat were taken to be those of 

elemental Al. This is likely to introduce an error that overestimates the cooling rate. The sum 

effect of these errors should be well below an order of magnitude, but serves to show that the 

cooling rates in this work are only semi-quantitative. 

For the purposes of this work, it will be assumed that equation 10.2 describes the cooling 

rate throughout the fusion zone. However, this is not quite true. The cooling rate in Equation 

10.2 is calculated using the thermal gradient from the Rosenthal equation G and the estimated 

solidification velocity in the weld R using the equation: Ṫ = GR (10.3) 

While the actual calculation of thermal gradients outside of the center of the weld pool is 

beyond the scope of this work, Kou et al. have shown that, for thin plates of Al, the thermal 

gradients in front of the weld pool in the direction of the weld are largest at the center of the weld 

and decrease with distance from the weld [10.15]. Therefore, G can be expected to decrease  



 

145 
 

 

Figure 10.3—Top: microstructures present as a function of calculated cooling rate and 
solidification velocity in TIG welds of alloy 35. Bottom: Representative images of each of the 
microstructures in the plot at top are shown. For all microstructures, the bright faceted 
particles are primary α-phase. For the primary Al microstructure, the bright regions are Al + α-phase dendrites, and the dark regions are Al dendrites or intercolony Al. For the eutectic 
microstructure, the light gray regions are the Al + α-phase eutectic and dark regions are 
intercolony Al. The eutectic and primary Al microstructure is a region where the 
microstructures represented by primary Al and eutectic are both present. The Al6Mn 
microstructure consists of bright polygonal α-phase particles, dendrites of a bright 
Al6(Fe,Mn,Cr) phase that appears to be closely related to or isomorphic to Al6Mn, and dark 
regions consisting of Al and interdendritic phases that are last to solidify. The Al6Mn, eutectic 
region is a mixture of the Al6Mn-type region and the eutectic-type region. Further 
characterization of Al6Mn regions is included in Appendix B. All images shown were taken 
using backscattered electron imaging. 
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monotonically with distance from the center of the weld pool. Additionally, the solidification 

velocity, R, decreases with distance from the center of the weld pool according to Equation 10.1. 

Given that both G and R monotonically decrease with distance from the center of the weld pool, 

the estimation of cooling rate is an upper bound. It is difficult to estimate the magnitude of error 

associated with the variations in G and R, but it becomes significantly more severe at the edges 

of the weld pool because of the cosine term of Equation 10.1. Combining Equation 10.1 and the 

gradients measured by Kou et al. [10.15] would suggest that at the edge of the weld pool, the 

cooling rate could be an order of magnitude lower than the one given in Figure 10.3. It should 

again be noted that because of the cosine term in Equation 10.1, this error is largely associated 

with the edge of the weld pool. The other source of error in this analysis would be from the 

temperature term in Equation 10.2. Because of the relatively small size of the plate used in this 

work, To may be substantially higher in practice than 25 °C. If a temperature of 200 °C is used 

instead, the cooling rates would be just under 50% of those reported in Figure 10.3. Importantly, 

all of these effects serve to lower the actual cooling rate relative to those shown in Figure 10.3. 

Table 10.3—Values and units of physical constants used to calculate cooling rate. 

Constant Value used in this work Units 

Thermal conductivity 100 J*m-1*K-1*s-1 

Density 2.8*106 g*m-3 

Specific heat 0.9 J*g-1*K-1 
 

 

One additional source of error that is a bit more difficult to quantify is that the 25 mm/s 

weld did not achieve full penetration. The dimensions of the weld pool are shown in Appendix 

B. Because of this, Equations 10.1 and 10.2 may not apply equally well to this condition. The 

maximum cooling rate in the weld will likely be somewhat higher because of the slight deviation 

from the thin plate solution [10.16], but the main change is expected to come from the 

solidification velocity. The velocity would be expected to vary along two axes instead of just 

one, although the top-down section examined in this work should be fairly close to Equation 10.1 

since it is near the top of the weld. For the cross section that was quantified, the deviation from 

the thin plate solution is expected to be low. 
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Using equations 10.1 and 10.2, a given section of the fusion zone can be linked to a 

discrete cooling rate and solidification velocity. However, since the solidification velocity can 

change quite rapidly near the edge of the melt pool and the microstructural transitions can be 

gradual, the discretization of the weld pool was done quite conservatively. Each weld was 

imaged across its length perpendicular to the direction of the weld to quantify which 

microstructures were present. The welds were divided into 8 sections, with 4 sections of equal 

length on each side of the center of the weld. This means that Figure 10.3 is actually showing 2 

measurements per weld, per section. The solidification velocity of each section is described as 

the maximum solidification velocity of the section as determined by Equation 10.1. This means 

that the “minimum” solidification velocity reported in each weld is approximately 40% of the 

travel speed. As such, the point for each weld at the lowest solidification velocity for a given 

cooling rate in Figure 10.3 is likely an overestimate of the actual solidification velocity. This 

procedure is shown in greater detail in Appendix B. 

Now that the meaning of the plot in Figure 10.3 has been described, the results can be 

discussed in the context of eutectic solidification and of the expected solidification behavior 

from Thermo-Calc simulations. Figure 7.6 shows the expected phase diagram for alloys 35 

through 50 using simulations on equivalent Al-Fe-Mn-Si quaternary alloys using Thermo-Calc. 

Figure 7.8 shows the phase diagram between Al and the α-phase in Al-Fe-Mn-Si alloys with a 

Fe:Mn ratio of 1:1. The Al-Fe-Mn-Si quaternary was simulated instead of the Al-Fe-Mn-Cr-Si 

quinary because the α-phase is described as a quaternary phase in the Thermo-Calc database. 

However, since Cr is a relatively minor alloying addition with solubility in the phases of interest, 

the actual phase diagram is expected to be similar to Figure 7.6.  

Alloy 35 is located approximately at the lower bound of compositions shown in Figure 

7.6. At low cooling rates, near-equilibrium solidification behavior is expected. While Al13Fe4 is 

expected to form as the primary phase, it was not found in top-down views of the welds, 

although particles with compositions consistent with it were found in transverse sections of 

welds at the bottom of the weld pool. α-phase particles were found in all of the welds, while 

intermetallics consistent with Al6Mn were only found in welds solidified at low cooling rates, as 

shown in Figure 10.3. The compositions of the intermetallic particles found in the welds are 
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shown in Table 10.4. These compositions were determined using averages of WDS 

measurements. 

Table 10.4—Morphologies and compositions of intermetallic particles found in alloy  
35 welds. 

Intermetallic 

Morphology 

Al (at%) Fe (at%) Mn 

(at%) 

Cr (at%) Si (at%) Likely 

Phase 

ID 

Polygonal 75.5± 0.8 

7.9 ± 0.2 7.9 ± 0.2 2.6 ± 0.2 6.1 ± 0.7 α 

Plates 71.6± 0.8 

7.9 ± 0.2 11.9± 0.3 

3.5 ± 0.2 5.0 ± 0.5 Al13Fe4 

Dendrites/ 

Needles 

84.1± 1.4 

6.8 ± 1.1 6.7 ± 0.1 1.3 ± 1.1 1.1 ± 1.4 Al6Mn 

 

Equilibrium phases predicted by Thermo-Calc were found in welds, particularly in welds 

solidified at low cooling rates. Particles consistent with Al13Fe4 were not typically found in 

regions where the cooling rate was likely to be as high as reported in Figure 10.3, suggesting the 

phase is unlikely to form under the solidification conditions of interest to this work. 

Intermetallics with compositions close to that of Al6Mn were found to form at cooling rates of 

approximately 15 and 30 K/s, but not at higher cooling rates. Primary α-phase was observed to 

form under all conditions examined, however. This is unsurprising given that Figure 7.8 shows 

alloy 35 is a hypereutectic alloy with respect to the metastable Al + α-phase eutectic and Figure 

7.6 shows that the α-phase is expected to form under equilibrium conditions. 

Although Figure 7.6 is helpful for interpreting the microstructures at low cooling rates, it 

does not really describe the behavior that is of primary interest—the solidification behavior of 

the Al + α-phase eutectic in Al-Fe-Mn-Cr-Si alloys. At cooling rates between about 60 and 300 

K/s, Al and the α-phase make up the vast majority of the phases that formed. The 

microstructures that formed had significant variability, even though the phases present were 

similar. As such, it is worth considering what the expected microstructures for a hypereutectic 

alloy with a eutectic between a faceted (α-phase) and non-faceted (Al) phase would be. Since 
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this question has already been addressed in detail [10.11], only a brief summary will be given 

here. For a hypereutectic composition on the faceted side of a binary eutectic between a faceted 

and non-faceted phase, at low undercoolings primary faceted phase is expected to form. At 

intermediate undercoolings, coupled growth can occur. Finally, at high undercoolings, primary 

non-faceted phase solidification is possible. Solidification velocity plays an important role in 

which of these morphologies occurs. Non-faceted phases typically have much higher maximum 

growth velocities than faceted phases at a given undercooling [10.11], so as long as the 

undercooling is sufficiently high, higher solidification velocities will cause coupled growth to 

transition to primary non-faceted phase solidification. The microstructures formed in this work 

will be explained in terms of undercooling and solidification velocity, as these are two 

parameters that strongly influence the solidification morphology. Since higher cooling rates can 

correlate to higher undercoolings, cooling rate will be used as a proxy for undercooling. 

From Figure 10.3, it can be seen that at cooling rates of 15 and 30 K/s, alloy 35 does not 

have a microstructure containing Al + α-phase. This is because Al6Mn intermetallics form 

alongside the α-phase intermetallics. However, at cooling rates of about 60 K/s or higher, 

microstructures begin to form in welds of alloy 35. At cooling rates of 60 and 190 K/s, the 

microstructure in the fusion zone was dominated by primary α-phase particles and colonies of Al 

+ α-phase eutectic. At the very center of these welds, primary Al solidification was observed 

mixed in with the eutectic colonies. Primary Al in this context refers to the presence of Al 

dendrites with interdendritic Al + α-phase eutectic. The difference between primary Al and 

eutectic colonies in this case is not compositional, it has to do with changes in solidification 

conditions. At the center of the weld, the solidification velocity reaches a maximum. This means 

that primary non-faceted growth is most heavily favored there, because higher solidification 

velocities tend to favor the breakdown of coupled growth and beginning of primary solidification 

of the non-faceted phase [10.11]. Finally, at cooling rates of approximately 300 K/s, primary Al 

was the only microstructure that formed. This contained a few primary α-phase particles, 

because the alloy is hypereutectic with the rest of the microstructure consisting of Al dendrites 

with interdendritic eutectic. Because both cooling rates and travel speed were highest in this 

alloy, it was expected to experience the highest undercoolings and solidification velocities of all 

of the welds studied in this work. These conditions would be expected to favor primary Al 

growth the most, and primary Al growth was observed. 
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A feature that is clearly visible from Figures 9.4 and 9.5 is the presence of intercolony Al. 

In a true binary eutectic, this intercolony region would only be expected to form if there were 

significant levels of impurities present. WDS maps taken on eutectic colonies and primary Al 

regions have shed some light onto why these colonies may be forming. The intercolony regions 

are depleted of all elements except for Al. In Figure 10.4b, the primary Al dendrites are enriched 

in Mn while the intercolony regions are Mn-lean. During nonequilibrium solidification, primary 

dendrites would be richer in solute [10.12]. This suggests that the intercolony regions are not 

primary in Figure 10.4b. Figures 10.4a and 10.4b show different solidification morphologies 

(coupled growth vs. primary Al), but the presence of nearly identical intercolony regions for both 

microstructures suggests that the Al + α-phase eutectic is not an invariant reaction. This sort of 

solidification behavior has been well characterized for the Al + Mg2Si eutectic, where even 

without substantial impurities, intercolony Al forms [10.17]. 

Using autogenous TIG welding, the formation conditions of the Al + α-phase eutectic in 

alloy 35 have been examined. It appears that at intermediate cooling rates (between 60 and 190 

K/s in this work), the Al + α-phase eutectic forms colonies that are characterized by coupled 

growth at low solidification velocities. At high cooling rates (300 K/s in this work) and at high 

solidification velocities, the colonies transition into primary Al solidification, although the same 

colony structure is present regardless of whether the eutectic solidifies with fully coupled growth 

or with primary Al, likely because the Al + α-phase eutectic is not an invariant reaction. The 

overall trends with respect to cooling rate and solidification velocity match those reported in the 

literature for binary eutectics between a faceted phase and non-faceted phase, though [10.11]. 

Lower Si content in the alloys may help to mitigate the formation of intercolony regions depleted 

of solute because of the gradients in Si content seen in Figures 10.4a and 10.4b, although it 

seems unlikely they can be prevented entirely if the Al + α-phase eutectic is not an invariant 

reaction. 

Although the autogenous welding experiments have yielded information on the 

solidification behavior of alloy 35, it is challenging to generate a wide range of processing 

conditions with the experimental setup used in this work on a single alloy. Chill casting can give 

a good idea of the effect of cooling rate on the microstructures formed, at the expense of not 

knowing the solidification velocity. Because of this tradeoff, it was chosen as a method to 
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evaluate trends in the solidification behavior in Al-Fe-Mn-Cr-Si Al + α-phase alloys as a 

function of composition and cooling rate. 

 

 

Figure 10.5 shows the effect of both cooling rate and solute concentration on the 

microstructures that form in chill castings of Al-Fe-Mn-Cr-Si Al + α-phase eutectic alloys. The 

alloy number is the total transition metal content multiplied by 10. Emphasis is placed on the 4 

mm and 6 mm sections because they were the ones that consistently produced Al + α-phase 

microstructures. XRD identification of the phases present in these castings is shown in Figure 

7.10. 

Although there is some variation in the microstructures that were observed, several clear 

trends emerged from the analysis. First, at the highest cooling rates and lowest solute 

concentrations, primary Al solidification was favored. As the cooling rates decrease, mixed 

microstructures between primary Al and coupled growth eutectic solidification began to form. 

As the solute concentration increases at a given cooling rate, the microstructure transitions from 

primary Al to eutectic solidification, or even to primary α-phase solidification. It appears that 

decreases in cooling rate and increases in solute concentration have the same effect on 

Figure 10.4—WDS elemental maps of a) Al + α-phase eutectic colonies in alloy 35 and b) a 
primary Al region in alloy 35. The dark regions in the maps are deficient in a given element 
and the bright regions are enriched in a given element. It can be seen that in both the eutectic 
colonies and primary Al regions, a gradient of Si content develops in regions containing the Al 
+ α-phase eutectic. 
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microstructure, although increases in solute concentration had a more pronounced effect for the 

range of conditions examined in Figure 10.5. 

 

 

Figures 10.5a and 10.5b show changes in the nature of the eutectic solidification as a 

function of solute concentration, they do not tell the whole story. In Figure 9.4, primary Al 

microstructures in alloys 35 and 50 are shown. It can be seen that as the solute concentration 

increased, the interdendritic region transitioned from a lamellar Al + α-phase eutectic to just α-

phase. Additionally, Figure 9.5 shows coupled growth eutectic colonies in alloy 35 through 50. It 

can be seen that the eutectic colony transitions from mostly rod-like in alloy 35 to mostly 

lamellar in alloy 50. These changes are important, because they show the morphology of the 

phases changes significantly, in addition to their volume fraction as solute concentration is 

increased. 

Between the chill casting experiments looking at microstructure as a function of 

composition and cooling rate and the autogenous TIG weld experiments looking at 

microstructure as a function of cooling rate and solidification velocity, the effects of 

composition, cooling rate, and solidification velocity on the microstructures in Al-Fe-Mn-Cr-Si 

alloys containing Al and the α-phase have semi-quantitatively been evaluated. 

 
Figure 10.5—Summary of effect of transition metal content and cooling rate on the 
microstructures present in chill castings of Al + α-phase alloys. a) Shows the microstructures 
present in 4 mm diameter chill castings as a function of cooling rate and transition metal 
concentration. b) shows the same for the 6 mm diameter casting. Images of the “Primary Al” 
microstructure can be found in Figure 9.4, the “Eutectic” microstructure is shown in Figure 
9.5, and the “Primary α” microstructure is shown in Figure 9.6.  
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Finally, it is important to remember that the compositions examined in this work are all 

hypereutectic, as shown in Figures 7.6 and 7.8. While potentially useful microstructures have 

been shown to be producible at cooling rates and solidification velocities achievable in 

conventional processing routes like die casting and strip casting [10.4, 10.5], any successful 

scaling up of these alloys will require careful process control to prevent formation of excessive 

primary intermetallics. 

10.4 Conclusions 

In the present work, the solidification behavior of Al-Fe-Mn-Cr-Si Al + α-Al83-

x(Fe,Mn,Cr)17Six eutectic alloys has been evaluated. The following conclusions can be drawn: 

1. Cooling rates between approximately 60 K/s and 190 K/s were able to produce coupled 

growth microstructures for the Al + α-phase eutectic in autogenous TIG welds of alloy 

35. 

2. Cooling rates above about 300 K/s were able to produce primary Al microstructures in 

autogenous TIG welds of alloy 35.  

3. Increases in solidification velocity at a given cooling rate appear to cause the 

microstructure to transition from coupled growth to primary Al in autogenous TIG welds 

of alloy 35. 

4. Al + α-phase eutectic microstructures and primary Al microstructures can both be 

produced at cooling rate-solidification velocity combinations achievable with 

conventional processing routes like die casting and strip casting or additive 

manufacturing. 

5. A minimum cooling rate of approximately 60 K/s was required in autogenous TIG welds 

to form Al + α microstructures. 

6. Intercolony Al forms during the end of solidification in the alloys studied in this work. 

7. Increases in solute concentration and decreases in cooling rate both promote formation of 

primary α-phase particles and suppress primary Al solidification. 
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CHAPTER 11 

SUMMARY AND CONCLUSIONS 

 

Both Al + α-phase eutectic alloys and modified compositions of 8009 have been 

investigated for potential use as structural alloys at elevated temperatures. In response to the 

research questions from Chapter 1, the following conclusions have been reached. 

Research Question 1: How can first principles methods be applied to 8009 to identify 

successful alloying strategies? 

• The h-phase crystal structure was found to possess “glue” regions where changes to the 

number of valence electrons have the potential to mitigate h-phase formation. 

• Since the α-phase is electron stabilized, electron counting methods can be employed to 

extend the solubility range of the phase from Al-Fe-Mn-Si alloys to arbitrary 

compositions. 

• The relative d-band energies of transition metals in the α-phase were found to influence 

the strength of sp-d hybridization in the α-phase, indicating a limited solubility range of 

transition metals with lower d-band energies relative to Fe and V, like Co, Ni, and Cu. 

Research Question 2: Can ab initio structure determination successfully be performed on 

complex metallic powders? 

• The structure determination of the h-phase from powder diffraction demonstrated that 

such complex crystal structures can be solved with a high level of accuracy from a multi-

phase powder pattern. 

• The structure determination of the AlGe m-phase, a simpler compound with a proposed 

crystal structure model in the literature, from a multi-phase powder pattern demonstrated 

that the technique used for the h-phase can work on a compound with a known crystal 

structure. 

Research Question 3: Is the Al + 𝛂-phase microeutectic in 8009 a viable alternative to 

dispersoid strengthening? If so, how can it be promoted? 
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• In Al-Fe-Mn-Cr-Si alloys, the Al + α-phase microeutectic was able to be formed over a 

wide range of processing conditions and compositions. 

• The strength of alloys containing the microeutectic appears to be lower than those that are 

dispersoid-strengthened, even if they have similar microhardness. This indicates that 

previous work on the Al + α-phase microeutectic in 8009 may have overestimated the 

strength of the constituent. 

• The microeutectic can be promoted by reducing primary particle formation to prevent 

solute depletion. This can be achieved by lowering the total transition metal content. 

Additionally, selection of alloy compositions tailored to promote α-phase formation and 

mitigate h-phase formation were found to favor the formation of the Al + α-phase 

microeutectic. 

Research Question 4: Do Al + 𝛂-phase eutectic alloys have the potential to outperform 

commercial high temperature Al alloys? 

• The microstructural stability of Al-Fe-Mn-Cr-Si alloys at elevated temperatures appears 

to be better than Al-Cu alloys and similar to 8009. 

• The mechanical properties of Al-Fe-Mn-Cr-Si alloys appear to meet those of Al-Cu 

alloys with significant potential to exceed them at both room and elevated temperatures. 

• The elongation to failure in tension of Al-Fe-Mn-Cr-Si alloys appears to be comparable 

to those of Al-Cu alloys. 

• Although there are many possible metrics, overall Al + α-phase eutectic alloys studied in 

this work are promising compared to commercial Al-Cu alloys, although their properties 

are not as high as rapidly solidified alloys. 

Research Question 5: What are the critical solidification conditions required for Al + 𝛂-

phase eutectic alloys? How does this impact potential applications? 

• The microstructure that forms in Al-Fe-Mn-Cr-Si Al + α-phase eutectic alloys appears to 

be a strong function of solidification velocity and cooling rate. 

• From the autogenous TIG welding study, increases in solidification velocity appear to be 

able to change the solidification mode of the Al-α eutectic from coupled growth to 
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primary Al. Low solidification velocities also appear to enable coupled growth at very 

low cooling rates. 

• Based on chill casting and autogenous TIG welding experiments, high cooling rates are 

required to form primary Al. This is believed to be due to the relatively large 

undercoolings required for this type of solidification. 

Research Question 6: Can modifications to 8009 be proposed on the basis of the methods 

developed for Al + 𝛂-phase alloys? 

• The strategies for promoting α-phase and suppressing h-phase formation in eutectic 

alloys were shown to be applicable to 8009 as well. 

• Substitution of Mo for V was found to suppress h-phase formation and promote α-phase 

formation without noticeably impacting dispersoid formation in chill castings. 

• Substitution of Mn for Fe was found to negatively impact dispersoid formation in chill 

castings for modified 8009 alloys.
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CHAPTER 12 

FUTURE WORK 

 

Based on the results obtained in this project, the following research areas show promise for 

future investigations: 

1. The Al + α-phase microeutectic has been shown to have promising properties for 

applications requiring low densities in the temperature range of approximately 200-400 °C. Further work is required on the model system of Al-Fe-Mn-Cr-Si to characterize its 

solidification and confirm its mechanical properties. Detailed microstructural 

characterization using transmission electron microscopy or even atom probe tomography 

would help to identify nanoscale features of the microstructure with greater certainty. 

More controlled casting conditions would enable more consistent microstructures in 

samples. These samples could then verify and extend the work performed in this project. 

Creep properties are of particular interest due to the hierarchical microstructures 

achievable in samples undergoing primary Al solidification. Additionally, more detailed 

characterization of alloys with transition metal contents in excess of 4.0 at% are 

necessary to better evaluate the potential of Al + α-phase eutectic alloys. Finally, 

investigating the wide variety of compositions shown to be possible will likely identify 

novel properties and processing routes.  

2. Investigation of α-phase strengthened alloys for AM might yield promising results. For 

lower cooling rate processes like wire-fed AM, the primary Al microstructure appears 

promising. These would likely perform best if Mn was present due to the solid solution 

and precipitation strengthening in the primary Al dendrites before and after thermal 

exposure. For selective laser melting (SLM) processing, modifications to 8009 similar to 

those discussed in this project without major Mn additions may promote homogenous 

microstructures by mitigating h-phase formation, without adversely affecting dispersoid 

formation. Again, further investigation into the possible compositions identified in this 

work for α-phase strengthened alloys may yield promising properties. 

3. The physics-based approach to Hume-Rothery compound stability used in this work can 

be applied to a wide variety of metallic systems, not just Al + α-phase alloys. This 
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technique was able to assist in identifying Al + α-phase alloys, so it is likely to be helpful 

in identifying metal matrix-intermetallic structural alloys that are traditionally difficult to 

describe from a thermodynamic perspective alone. In addition, it can be used to extend 

known solubility ranges to arbitrarily complex alloy systems, which is particularly useful 

given that many intermetallics have defined solubility ranges in ternary or quaternary 

composition space, and so have some defined solubility range from which to start.
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APPENDIX A 

DETERMINATION OF COOLING RATES FROM CHILL CASTINGS OF ALLOY 356 

 

A.1 Cooling Rate Determination 

For much of the work in this project, a cylindrical Cu chill mold was used to cast 

samples. In order to determine the cooling rate, the relationship between secondary dendrite arm 

spacing (SDAS) and cooling rate in alloy 356 castings was used. The equation is given by [1,2]: SDAS = 39.4R−0.317             (A.1) 

In the equation, R is the mean cooling rate of Al dendrites during solidification in K/s and 

the SDAS is in microns. Castings were poured at a temperature of 720 °C, which is a superheat 

of approximately 100 °C. 4 total castings were made, and a full “traverse” of SDAS 

measurements was made on each. Half of one such traverse is illustrated in Figure A.1. Sections 

1 through 5 represent 0.2 mm “bins” from which discrete measurements were made. A higher 

magnification image of one such “bin” is shown in Figure A.2. Since each full traverse double 

counts each distance from the mold wall, a total of 8 traverses on 4 castings were made for 

Figure A.3, which only counts distance from the mold wall. The distance from the mold wall in 

Figure A.3 is taken from the average distance from the mold wall for each bin shown in Figure 

A.1. The SDAS of each bin in Figure A.2 was measured at least 5 times. As such, each value of 

SDAS in Table A.1 represents a distribution of at least 40 different SDAS measurements. This is 

true for all diameters measured for this analysis. 

Tables A.1 through A.4 show the results of the SDAS measurements for the 2, 4, 6, and 8 

mm diameter sections, respectively. The values given for SDAS and cooling rate are the median, 

the lower quartile, and the upper quartile. Note that the lower quartile for SDAS corresponds to 

the upper quartile for cooling rate and vice versa. 
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Figure A.1—Half of a traverse across a 2 mm diameter casting of 356. Each of the 5 bins 
represents a length of 200 microns. Five measurements of SDAS were made from each bin. 
Bin 1 is closest to the mold wall and Bin 5 is closest to the center of the casting. Bin size 
was chosen such that adequate counting statistics could reliably be obtained from each 
discrete section. The image was taken using optical microscopy. 
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Figure A.2—Higher magnification image of a single bin used for measuring secondary 
dendrite arm spacings. Light regions are Al dendrites and dark regions are interdendritic 
eutectic regions. The five circled regions show examples of where measurements would have 
been taken. The image was taken using optical microscopy.  
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Table A.1—Measured values for 2 mm diameter section of 356 castings. 
Distance 

from Mold 
Wall 

SDAS 
(μm) 

Lower 
(μm) 

Upper (μm) Cooling 
Rate (K/s) 

Lower 
(K/s) 

Upper 
(K/s) 

0.1 2.4 2.4 2.6 6,500 5,500 7,000 

0.3 3.1 2.8 3.4 3,300 2,600 5,000 
0.5 3.6 3.3 3.6 2,100 1,800 2,900 

0.7 3.8 3.6 4.0 1,700 1,400 1,900 

0.9 4.0 3.8 4.2 1,300 1,000 1,500 

 

 

 

 

 

Figure A.3—Cooling rate as a function of distance from the mold wall in the 2 mm diameter 
casting. Each discrete point represents the distribution of results for a given bin, as shown in 
Figure 1. The central point is the median cooling rate and the error bars show the distance to 
the first quartile and third quartile of the distribution of cooling rates for a given bin. 
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Table A.2—Measured values for 4 mm diameter section of 356 castings. 

Distance 
from Mold 

Wall 

SDAS 
(μm) 

Lower 
(μm) 

Upper (μm) Cooling 
Rate (K/s) 

Lower 
(K/s) 

Upper 
(K/s) 

0.1 3.3 2.7 3.8 2,600 1,600 4,800 
0.3 3.8 3.3 4.3 1,600 1,100 2,500 

0.5 4.2 3.7 4.6 1,200 900 1,700 

0.7 4.4 4.3 4.6 1,000 850 1,100 

0.9 4.7 4.5 4.9 800 740 970 

1.1 4.9 4.7 5.4 700 530 840 
1.3 5.3 4.8 5.4 570 520 760 

1.5 5.3 5.2 5.5 560 510 610 

1.7 5.3 4.8 5.8 580 420 760 
1.9 5.0 4.8 5.3 670 550 590 

 

Table A.3—Measured values for 6 mm diameter section of 356 castings. 

Distance 
from Mold 

Wall 

SDAS 
(μm) 

Lower 
(μm) 

Upper (μm) Cooling 
Rate (K/s) 

Lower 
(K/s) 

Upper 
(K/s) 

0.1 5.1 4.1 5.4 620 540 1,300 
0.3 4.9 4.6 5.1 740 640 860 
0.5 5.2 4.8 5.6 600 480 760 

0.7 5.3 5.2 5.3 570 560 600 
0.9 5.4 5.1 5.7 520 460 630 
1.1 5.6 5.1 5.7 480 450 650 

1.3 5.5 5.4 5.5 500 490 540 
1.5 5.3 5.2 5.7 550 450 610 
1.7 5.5 5.0 5.8 490 420 660 
1.9 5.8 5.4 6.1 420 360 540 
2.1 6.3 6.1 6.5 320 290 370 

2.3 5.8 5.5 6.2 420 340 500 

2.5 6.3 6.1 6.5 330 300 370 
2.7 5.8 5.7 6.0 410 380 430 
2.9 6.0 5.6 6.3 390 330 460 
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Table A.4—Measured values for 8 mm diameter section of 356 castings. 

Distance 
from Mold 

Wall 

SDAS 
(μm) 

Lower 
(μm) 

Upper (μm) Cooling 
Rate (K/s) 

Lower 
(K/s) 

Upper 
(K/s) 

0.1 5.3 5.1 5.5 570 490 630 
0.3 5.7 5.7 5.9 440 410 460 

0.5 5.6 5.3 6.0 470 390 560 

0.7 6.0 5.9 6.5 390 290 410 

0.9 6.2 6.1 6.2 340 330 350 

1.1 5.9 5.7 6.3 410 330 460 
1.3 6.1 5.9 6.6 360 280 400 

1.5 6.4 6.2 6.7 310 270 350 

1.7 6.6 6.3 7.1 280 220 330 
1.9 7.1 6.9 7.4 220 190 240 

2.1 7.1 6.8 7.6 220 180 260 
2.3 6.6 6.4 6.9 290 250 320 

2.5 7.3 7.1 7.5 210 200 230 
2.7 6.9 6.7 7.2 250 210 270 
2.9 7.9 7.6 8.4 160 130 180 
3.1 7.2 6.9 7.4 210 190 240 

3.3 7.3 6.9 7.8 210 160 250 
3.5 7.2 7.0 7.4 210 190 230 

3.7 6.9 6.7 7.3 240 200 270 
3.9 7.3 7.0 7.7 200 170 230 
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APPENDIX B 

SUPPLEMENTARY INFORMATION ON WELDING EXPERIMENTS 

 

Although the welding experimental procedure and results were described in Chapter 10, 

additional results and descriptions of the experimental procedure are presented here for 

clarification. 

B.1 Methods 

A description of the experimental setup and welding practice is provided in the methods 

section of Chapter 10. This appendix is intended to supplement the methods and results sections 

of Chapter 10 for additional clarity. 

An image of the plate that was welded with a current of 280 A and weld speed of 25 

mm/s is shown in Figure B.1. The box in Figure B.1 is the region from which metallographic 

specimens were prepared. A transverse view and top-down view were both prepared from the 

“near steady-state” region and imaged. This was done for all of the conditions shown in Table 

10.2. The time-dependent power values of all welds shown in Table 10.2 are given in Figure B.2. 

Samples were mounted in Bakelite and polished using metallographic abrasive paper, 

imperial cloth with 3 μm and 1 μm diamond suspensions, and a vibratory polisher with a 0.05 μm colloidal silica suspension. Scanning electron microscope (SEM) images were taken using an 

FEI Quanta 600i Environmental SEM and a JEOL 7000 Field Emission SEM. Energy dispersive 

spectroscopy (EDS) was performed on a JEOL 7000 Field Emission SEM. 

In order to generate Figure 10.5, a given spot in the weld had to have some defined 

solidification velocity and cooling rate. The solidification velocity was defined according to 

Equation 10.1.  

Each weld was imaged across its length perpendicular to the direction of the weld to 

quantify which microstructures were present in what regions of the weld. The welds were 

divided into 8 sections as shown in Figure B.3, with 4 sections of equal length on each side of 

the center of the weld. The solidification velocity of each section is described as the maximum 
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solidification velocity of the section as determined by Equation 10.1. The solidification velocities 

for each of the sections shown in Figure B.3 are given in Table B.1. 

 

 
 

 

 

 

Figure B.1—Picture of an alloy 35 plate that has been cold rolled and had an autogenous 
TIG weld made. The conditions used for this plate were a weld speed of 25 mm/s and a 
current of 280 A. The start and end of the weld are circled and are clearly not steady-state. 
The box was considered to be “near steady-state” based on the time-dependent power 
values recorded during welding and the dimensions of the weld pool. The metallographic 
samples were prepared from the “near steady-state” region. 
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In order to determine a power density, a measurement of the weld width was required in 

addition to the power input. The weld widths used for all welds made in this work in the near 

steady-state region are shown in Table B.2. In the case of the 25 mm/s weld, the maximum weld 

width was used. For the rest, an average of the weld pool width on the top of the plate and 

bottom of the plate was used. 

Figure B.2—Recorded power (from machine) as a function of time for each weld described in 
Table 10.2. “Near steady-state” regions were selected based on the recorded power, when 
possible, as well as the dimensions of the weld pool. For the faster welds, the power output 
displayed greater variability, which meant the near steady-state region was selected more on 
the basis of the weld geometry and appearance. 
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Figure B.3—a) shows a top-down composite image of the 4 mm/s weld taken perpendicular to 
the direction of the weld. The 8 sections from which the microstructure was determined as a 
function of solidification velocity are labeled. The solid red lines show the approximate 
transition from base metal to fusion zone. The dashed lines show the borders between each 
section. b) shows a higher magnification image from near the center of the weld in section 4 
and c) shows a higher magnification image from sections 7 and 8. The phase identification in 
the weld was performed as described in Chapter 10. 
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Table B.1—Solidification velocity defined for each section in the welds. 

Section Solidification Velocity 

1 v 

2 0.92v 

3 0.71v 

4 0.38v 

5 0.38v 

6 0.71v 

7 0.92v 

8 v 

*v is defined as the weld travel speed. 

 

 

Table B.2—Weld width of the near steady-state region for each weld made in this work. 

Weld Speed (mm/s) Weld Width (mm) 

2 11 

4 10.5 

8 7 

16 5.5 

25 4 
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B.2 Characterization of Microstructures Without Al + 𝛂-Phase Eutectic 

Although microstructures present in the weld were briefly described in Chapter 10, a full 

characterization of the microstructures formed at lower cooling rates was not given since the 

focus of the work was on the Al + α-phase eutectic. Here, additional characterization of the 

microstructures formed at low cooling rates will be given. 

  

 

Figure B.4 shows SEM images of the microstructure formed near the center of the 2 

mm/s and 4 mm/s welds. From the backscatter contrast, it can be seen that at least three phases 

are present. The light grey intermetallic is believed to be Al6Mn identified in Chapter 10, the 

white particle in Figure B.4a is believed to be the α-phase identified in Chapter 10, and Al is the 

dark matrix phase. Although the white intermetallic particles surrounding the light grey 

intermetallic (Al6Mn) were not definitively identified, they appear to be consistent with the α-

phase from Z-contrast. Additionally, an EDS map from a similar region of the weld is shown in 

Figure B.5. The elemental composition of the white phase also appears consistent with the α-

phase because it is rich in Si and contains Fe, Mn, and Cr. The Al6Mn is lean in Si relative to the α-phase, consistent with the WDS performed in Chapter 10. 

 

 

Figure B.4—Backscatter SEM images of the intermetallics found in welds at low cooling 
rates. a) shows a portion of the microstructure containing Al, Al6Mn, and α-phase in addition 
to a phase that may be α-phase. b) is the same as in a) but without the primary α-phase 
particle.  
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The morphology of the bright, “possible α-phase” in Figures B.4 and B.5 suggests that 

there may be two formation mechanisms. The proposed mechanisms would be a peritectic 

between the Al6Mn particles and the liquid to form α-phase and then an interdendritic eutectic 

between Al and the α-phase. 

B.3 Characterization of Weld Pool for 25 mm/s Weld 

For the welds made with travel speeds of 2 mm/s through 16 mm/s, the fusion zone 

penetrated the full thickness of the plate. However, for the 25 mm/s weld, the fusion zone did not 

achieve full penetration. An image of the transverse view of the weld is shown in Figure B.6 to 

show the dimensions of the actual fusion zone. Although this means the thin plate Rosenthal 

solution may not apply as well as for the other welds, the cooling rate determination is based on 

the direction of heat transfer. The plate is too thin to act as an effective heat sink in the third 

dimension since it has a thickness of about 2 mm and the weld pool is about 1 mm deep, so the 

thin plate assumption should be reasonably close to the actual solution [B.2]. 

 

Figure B.5—Backscatter SEM image of microstructure similar to that shown in Figure B.4b 
and corresponding EDS elemental maps. Bright regions are enriched in the element of interest. 
It can be seen that the light grey phase (Al6Mn) is lean in Si relative to the rest of the 
intermetallic phases. Since the bright intermetallic is enriched in Fe, Mn, Cr, and Si, and has 
similar contrast to α-phase, as was shown in Figure B.4a, it is likely to be α-phase. 
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Figure B.6—Composite SEM image of the transverse section of the 25 mm/s weld. The weld 
pool has a depth of approximately 1 mm, only about half the thickness of the plate.  

Figure B.7—Backscatter SEM images of base metal microstructures. a) consists of the Al6Mn 
+ α-phase microstructure shown In Figures B.7 and B.8. b) appears to consist of α-phase 
particles and eutectic colonies, although the exact identity of the phases has not been verified 
in the base metal. Importantly, though, the length scale of the base metal microstructures is 
significantly smaller than the length scale of the weld pool. 
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B.4 Characterization of Base Metal 

Chapter 10 did not include a description of the base metal because it was not closely 

related to the topic of Al + α-phase eutectic solidification. Examples of the two types of 

microstructures present in the base metal are shown in Figure B.7. The length scale of the base 

metal microstructure is clearly less than the length scale of the weld pools, which are several 

millimeters across. The reason that the plates were chill cast in the first place was to refine the 

length scale of the microstructure.  
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APPENDIX C 

CHILL CASTING PROCESSING-MICROSTRUCTURE STUDY DETAILS 

 

Although Chapter 10 briefly described the results of the chill casting study on 

correlations between cooling rate and microstructures formed, it did not describe the procedure 

to obtain them in detail. This appendix provides additional information on how the study was 

performed and more complete results from the study. 

C.1 Methods 

The experimental methods used for the chill castings are described in detail in Chapter 

10. The castings described in chapter 10 were all cast with a superheat of 200 °C with respect to 

the equilibrium liquidus, but here the castings were made with superheats of 50 °C and 200 °C 

with respect to the equilibrium liquidus. 

After the castings were made, they were sectioned, mounted in Bakelite, and polished 

such that the cross section shown in Figure C.1 was obtained. These cross sections are 

particularly helpful because the microstructure is known as a function of distance from the mold 

wall and as a function of distance from the top and bottom of each cylindrical sections shown in 

Figure 7.1. 

Samples were imaged with optical microscopy using bright field imaging for high 

magnification images and diffuse lighting for low magnification images. All samples were 

etched using Keller’s reagent to make the microstructure easier to image. 

To determine the microstructure as a position of geometry in the casting, a line halfway 

between the top and bottom of each cylindrical section was selected as shown in Figure C.2. This 

line was then divided into a number of sections of equal length. The distance of each section 

from the mold wall was defined to be the distance of the midpoint of the section from the mold 

wall. The microstructure present in the section was recorded as well as the distance from the 

mold wall. This means that each distance from the mold wall is counted twice per sample. 

Between three and five castings were made per condition, so between six and ten measurements 

were made for each microstructural determination. The microstructure was determined from 
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macroscale images as shown in Figure C.2 and verified with higher magnification images, as 

shown in Figure C.3.  

C.2 Results 

Once the microstructure has been recorded as a function of distance from the mold wall 

for all castings made under a given set of conditions, the frequency of a microstructural 

constituent can be defined as the percentage of times it appears at a given distance from the mold 

wall under a given set of conditions. A frequency-distance plot can then be created for each 

cylindrical section under each condition. The frequency-distance plots for castings of alloys 35, 

40, 45, and 50 (compositions and equilibrium liquidus in Table C.1) are shown in Figures C.4 

through C.6. Using the results from Appendix A, these can be converted to frequency-cooling 

rate plots or microstructure-cooling rate plots, as shown in Chapter 10. Only the 4 mm, 6 mm, 

and 8 mm diameter sections are shown because they were the only sections where the 

microstructure was evaluated and can also be tied to cooling rate. 
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Figure C.1—Cross section of castings used for determination of microstructure. Alloy 35 with 
a superheat of 200 °C is shown here. Images were taken using optical microscopy with diffuse 
lighting on etched samples. The top left cylindrical section is the 4 mm diameter section, the 
bottom left is the 6 mm diameter section, the bottom right is the 8 mm diameter section, and 
the top right is the 10 mm diameter section. 
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Figure C.2—Illustration of the line on which the microstructure was determined as a 
function of distance from the mold wall for the 4 mm diameter section shown in Figure C.1. 
The line is taken, when possible, from approximately halfway from the top and bottom of 
each cylindrical section. The tick marks indicate where each section begins and ends. The 
image was taken using optical microscopy with diffuse lighting. 
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Table C.1—Nominal compositions of alloys 35 through 50 and their approximate liquidus 
temperatures measured in Chapter 7. 

Alloy Al 

(at%) 

Fe 

(at%) 

Mn (at%) Cr 

(at%) 

V 

(at%) 

Si 

(at%) 

Liquidus (°C) 

35 95.0 1.5 1.5 0.4 n/a 1.6 730 

40 94.1 1.8 1.8 0.5 n/a 1.8 750 

45 93.3 2.0 2.0 0.6 n/a 2.1 770 

50 92.6 2.2 2.2 0.7 n/a 2.3 790 

 

 

Figure C.3—Higher magnification image of the line shown in Figure C.3 taken using bright 
field imaging. The higher magnification image shown here is used to verify the microstructural 
determinations made from lower magnification images. 
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Figure C.4—Frequency of microstructures, as defined in Chapter 10, as a function of distance 
from the mold wall in the 4 mm diameter section of the chill castings. a) through c) show plots 
for castings made with a melt superheat of 50 °C during casting and d) through f) show plots 
for castings made with a melt superheat of 200 °C during casting. 

Figure C.5—Frequency of microstructures, as defined in Chapter 10, as a function of distance 
from the mold wall in the 6 mm diameter section of the chill castings. a) through c) show plots 
for castings made with a melt superheat of 50 °C during casting and d) through f) show plots 
for castings made with a melt superheat of 200 °C during casting. 
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Figure C.6—Frequency of microstructures, as defined in Chapter 10, as a function of distance 
from the mold wall in the 8 mm diameter section of the chill castings. a) through c) show plots 
for castings made with a melt superheat of 50 °C during casting and d) through f) show plots 
for castings made with a melt superheat of 200 °C during casting. 
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APPENDIX D 

CALCULATED ELECTRONIC DENSITIES OF STATES (DOS) 

 

Chapter 7 summarized some of the results of the DOS calculations, but did not describe 

some of the crystallographic assumptions in detail or show the theoretical α-AlXSi DOS 

calculations. These will be shown in this appendix. 

D.1 𝛂-Phase Crystal Structure Assumptions 

The crystal structure model described by Simensen and Bjørneklett [D.1] was initially used as a 

description of the α-phase crystal structure for density functional theory (DFT) calculations. 

However, as was described in Chapter 7, this model generated a positive total energy when 

calculations were performed. It was found that by rearranging the Si atoms in the “glue” regions 

of the crystal structure, the total energy could be made positive. The “modified” Si occupancy of 

sites shows the changes made to make the total energy negative using a model based on that of 

Simensen and Bjørneklett [D.1]. The “new” Si occupancy of sites shows the crystal structure 

determined in Chapter 4. 

Table D.1—Description of the α-phase crystal structures used for atomistic modeling. 

Site Multiplicity Occupation Percent 

Si-atoms 

[1] 

Percent 

Si-atoms 

(modified) 

Percent 

Si-atoms 

(new) 

x y z 

M1 12 Mn n/a n/a n/a 0.3271 0.2006 0 

M2 12 Mn n/a n/a n/a 0.1797 0.3085 0.5 

A1 6 Al 0 0 0 0.3638 0 0 

A2 6 Al 0 0 0 0.1216 0.5 0.5 

A3 6 (Al,Si) 1 0 1 0.2897 0 0.5 

A4 12 (Al,Si) 0.5 0.5 0.33 0.1636 0.0997 0 

A5 12 (Al,Si) 0.5 0.5 0.67 0.3342 0.3990 0.5 

A6 12 Al 0 0.5 0 0.3319 0.4037 0 

A7 12 Al 0 0 0 0.1205 0.1175 0.5 

A8 24 Al 0 0 0 0.1185 0.1892 0.2980 

A9 24 Al 0 0 0 0.3897 0.3127 0.1955 
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D.2 Calculated DOS for Theoretical Ternary 𝛂-AlXSi Phases 

Using the “modified” crystal structure from Table 1, the theoretical ternary α-AlXSi DOS were 

calculated according to the procedure described in Chapter 7. They are shown in Figures D.1 

through D.9. The total DOS of α-AlMnSi for all of the crystal structures described in Table D.1 

were described in detail in Chapter 7, and so will not be reproduced here.  

 
Figure D.1—Total DOS of the theoretical α-AlCuSi phase using the “modified” α-phase 
crystal structure. The Fermi level is defined as the zero energy and is shown as a dashed line.  

 

 
Figure D.2—Total DOS of the theoretical α-AlNiSi phase using the “modified” α-phase 
crystal structure. The Fermi level is defined as the zero energy and is shown as a dashed line. 
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Figure D.3—Total DOS of the theoretical α-AlCoSi phase using the “modified” α-phase 
crystal structure. The Fermi level is defined as the zero energy and is shown as a dashed line. 

 
Figure D.4—Total DOS of the theoretical α-AlFeSi phase using the “modified” α-phase 
crystal structure. The Fermi level is defined as the zero energy and is shown as a dashed line. 

 
Figure D.5—Total DOS of the theoretical α-AlCrSi phase using the “modified” α-phase 
crystal structure. The Fermi level is defined as the zero energy and is shown as a dashed line. 
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Figure D.6—Total DOS of the theoretical α-AlMoSi phase using the “modified” α-phase 
crystal structure. The Fermi level is defined as the zero energy and is shown as a dashed line. 

 
Figure D.7—Total DOS of the theoretical α-AlVSi phase using the “modified” α-phase crystal 
structure. The Fermi level is defined as the zero energy and is shown as a dashed line. 

 
Figure D.8—Total DOS of the theoretical α-AlNbSi phase using the “modified” α-phase 
crystal structure. The Fermi level is defined as the zero energy and is shown as a dashed line. 
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Figure D.9—Total DOS of the theoretical α-AlTiSi phase using the “modified” α-phase 
crystal structure. The Fermi level is defined as the zero energy and is shown as a dashed line. 
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