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ABSTRACT 

 

Cold-rolled Cu-Ti alloy sheets are commonly used as connectors for electronic devices, 

because of their excellent mechanical properties and formability relative to conventional 

commercial copper alloys. Cu-Ti alloy sheets having even higher strengths are highly desired to 

meet the demands of continued miniaturization of electronic devices. In order to achieve 

exceptional mechanical properties, severe plastic deformation (SPD) methods are of great 

interest, because they can produce ultra-fine grained materials with grain size less than 1 µm.  

This study investigated changes in microstructure and mechanical properties of Cu-Ti 

alloy sheets during heavy cold rolling and subsequent annealing to determine optimum process 

routes and conditions to attain excellent mechanical properties. Cu-Ti alloys with and without 

Cu-Ti precipitates in the matrix were prepared as the initial materials. Pre-existing Cu-Ti 

precipitates were plastically deformed and severely elongated in the rolling direction via cold 

rolling, accelerating the formation of a nano-lamellar structure. A mean lamellar boundary 

spacing of 20 nm was achieved at an equivalent strain of 6.7. Ultimate tensile strength, yield 

strength, and Vickers hardness increased with a decrease in the lamellar boundary spacing, 

following the Hall-Petch relationship. Therefore, the strength of heavily deformed Cu-Ti sheets 

can be primarily attributed to grain boundary strengthening related to the lamellar boundaries. 

Subsequent annealing after cold rolling clearly enhanced the mechanical properties, and a 

maximum Vickers hardness value of 443 HV (4.35 GPa) was attained in the sample with pre-

existing precipitates rolled to a strain of 6.7. These results suggest that pre-existing precipitates 

promote microstructural refinement during heavy cold rolling, and heavily cold-rolled Cu-Ti 

alloys exhibit anneal hardening behavior, leading to excellent mechanical properties. 
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CHAPTER 1 

INTRODUCTION AND BACKGROUND 

 

This chapter describes the metallurgy of Cu-Ti alloys, and a review of severe plastic 

deformation (SPD) and anneal hardening of various alloys. Research objectives will be presented 

at the end of this chapter. 

 

1.1 Review of Copper Titanium Alloys 

Copper alloys are used in various fields in a broad range of products, from electric 

vehicles to electronic devices, because they can offer high strength, excellent conductivity, good 

formability, and solderability. Figure 1.1 shows the relationship between electrical conductivity 

and strength for copper alloy sheets commercially available [1, 2]. There is a wide variety of 

 

Figure 1.1 Relationship between ultimate tensile strength and electrical conductivity of 
commercial copper alloy sheets [1, 2]. 
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commercial copper alloys to meet the demands of each electrical application. As strength 

increases, electrical conductivity decreases, as shown in Figure 1.1. Excellent combinations of 

strength and electrical conductivity are desired for many applications, but require overcoming 

this trade-off relationship. 

Age-hardened Cu-Ti alloys with approximately 1-5 wt.%Ti contents have good 

formability and much higher strength than conventional copper alloys, so they can be used as 

connectors or springs in products, such as smartphones or computers, that require contact 

reliability and high spring force [3]. Furthermore, Cu-Ti alloys can be a non-toxic substitute 

alloy for copper-beryllium alloys, which have extremely high strength, but may also have some 

toxicity risk. 

Since electronic devices are getting smaller and thinner, thin copper alloy sheets with 

much higher strength than conventional alloys are highly desirable. Special emphasis is put on 

strength, rather than ductility or electrical conductivity, for some specific applications such as 

micro components inside electronic devices [4]. This is because such thin copper alloy sheets 

less than 0.1 mm thick are mainly shaped without bending, or with a large bend radius relative to 

its thickness. Moreover, micro components inside electronic devices generally convey only low 

electrical current, which does not require copper alloys with high electrical conductivity. 

Therefore, achieving exceptional mechanical properties, even while sacrificing electrical 

conductivity and ductility, is one of the important research topics for thin copper alloy sheets. 

 

1.2 Severe Plastic Deformation Methods 

Severe plastic deformation (SPD) methods like high-pressure torsion (HPT), equal 

channel angular pressing (ECAP), and accumulative roll bonding (ARB) are some of the most 

promising and widely investigated methods to enhance strength, without changing alloy 



 

3 

 

composition, but instead producing an ultrafine-grained microstructure [5-7]. Conventional 

multiple-pass cold rolling can also impose large equivalent strains of more than 4.0, which is a 

general value necessary to achieve ultrafine-grained structures with large misorientation angles 

[8]. Thus, multiple-pass cold rolling can be considered as an appropriate SPD method to produce 

thin sheets. Furthermore, the cold rolling process is an efficient and applicable method for 

continuous mass production. Hundreds of kilograms of thin sheet metals with ultrafine-grained 

structures can be manufactured at relatively low cost and high production rates, as compared to 

the SPD methods, when cold-rolled in multiple passes with a reversing rolling mill. Also, the 

cold rolling process enables the production of highly strained thin sheets, especially less than 0.1 

mm in thickness, which are suitable to be used for micro components. 

 

1.3 Microstructural Evolution during Severe Plastic Deformation 

Many studies have been carried out to assess the microstructural evolution during SPD 

for various alloy systems. The microstructural evolution can be affected by intrinsic material 

properties, such as stacking fault energy (SFE), bulk modulus [9], crystal structure, and available 

slip systems, and extrinsic processing parameters, including processing temperature and strain 

rate [10]. Also, the presence of second phases in the samples prior to SPD has a significant effect 

on microstructural evolution [11-13]. In this section, grain refinement mechanisms and the effect 

of SFE on the resulting minimum grain size will first be presented. The effects of second phases 

and deformation strain rate on microstructural evolution will then be reviewed. 

 

1.3.1 Grain Refinement Processes 

Figure 1.2 shows a schematic drawing of the grain subdivision process during SPD [14]. 

Plastic deformation is generally governed by dislocation slip for alloys with medium to high 
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stacking fault energy. Activated dislocations accumulate inside the grains and tend to form low 

energy structures, such as incidental dislocation boundaries (IDB). IDBs divide regions of lower 

misorientation (< 2°). The amount of slip and slip patterns vary by location, even within the 

same grain, because of constraints imposed by neighboring grains. Misorientations are locally 

generated within the same grain, due to the different rotation of crystalline orientation. 

Geometrically necessary boundaries (GNB) are formed to accommodate these local 

misorientations [14]. GNBs have a higher misorientation than IDBs, so that severely deformed 

alloys with GNBs may be considered as polycrystalline alloys from a viewpoint of grain 

boundary misorientation [15]. These subdivision processes have been confirmed in various kinds 

of deformed face-centered cubic (FCC) metals [16, 17]. Figure 1.3 shows the typical 

microstructure of pure FCC metals formed by SPD, showing a fine lamellar structure with 

boundaries aligned to the rolling direction (RD) [17]. The lamellar structure formed by cold 

rolling can be defined as extremely fine microstructures compared to initial grains. Also, their 

boundaries are extended to the rolling direction, and sharper and thinner than cell walls or 

dislocation tangles. 

 

Figure 1.2 Schematic drawing showing grain subdivision processes during deformation [14]. 
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Though increasing deformation strain by SPD decreases the average grain size, the 

materials eventually reach the minimum grain size, called steady state grain size (dmin), i.e., the 

average grain size remains stable with further deformation. Pure FCC metals often have the 

steady state grain size of several hundreds of nanometers [16, 17], whereas single-phase and 

multi-phase alloys can exhibit smaller steady state grain sizes. The steady state grain size 

depends on SFE, γ, the Burgers vector, b, and the shear modulus, G. This dependency is 

explained by a model in which the steady state is governed by a balance between accumulation 

and annihilation of dislocations caused by dynamic recovery, as described in Equation 1.1 [9]: 𝑑min𝑏 = 𝐴 ( 𝛾𝐺𝑏)𝑞 (1.1) 

where A and q are constants. Equation 1.1 indicates that alloys with lower SFE show lower 

steady state grain size. This is one of the reasons why single-phase and multi-phase alloys can 

achieve a smaller steady state grain size than pure metals. Also, the Cu-3.2 wt.%Ti alloy used in 

this study is expected to have smaller steady state grain size than pure copper or aluminum 

 

Figure 1.3 A transmission electron microscopy (TEM) image, showing a typical 
microstructure in a pure aluminum deformed by cold rolling to a strain of 5 [17]. 
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processed by SPD, due to its low SFE of around 26 mJ m-2 [18, 19]. 

 

1.3.2 Effect of Second Phases 

The behavior of the microstructural refinement process for alloys containing second 

phases is more complicated than that for pure metals and single-phase alloys. The interaction 

between dislocations or grain boundaries and second phase particles influences the 

microstructural evolution. Characteristics of second phases, such as their morphology, fraction, 

distribution, structure, and mechanical properties, also affect the microstructural evolution. 

Moreover, dissolution or precipitation of second phases can take place during SPD. Even if such 

complicated microstructural evolution takes place, most studies have reported that second phases 

promote microstructural refinement and enhance material strength [11, 12, 20, 21].  

Second phases can be classified into two types from the viewpoint of SPD processes: 

non-deformable and deformable second phases. Deformable second phases can be divided into 

two types: second phase constituents formed by the eutectic or eutectoid reaction [13, 22], and 

second phase particles or laminates formed by precipitation [11, 21].  

Non-deformable second phase particles can prevent slip systems from operating, and can 

develop local deformation zones containing large local misorientations, which can lead to the 

creation of GNBs during plastic deformation [20, 23]. Grain refinement occurs much more 

rapidly in alloys containing either coarse (1-5 µm) [20] or fine (< 100 nm) [12] second phase 

particles compared to single-phase counterparts. Figure 1.4 shows the change in average grain 

size as a function of the number of ARB cycles (deformation strain) for Al-0.2 wt.%Sc alloy 

sheets [12]. Specimens aged at 300 °C and 400 °C have fine non-deformable Al3Sc precipitates 

with mean diameters of 3.62 nm and 50.3 nm, respectively. Finer precipitates in the specimen 
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aged at 300 °C enhance the rate of grain refinement during deformation at the early stage of 

deformation below 5 ARB cycles (ε < 4.0). At high strains above 5 ARB cycles (ε > 4.0), the 

grain size of three samples tended to converge, but a slightly lower level of grain size was 

achieved in the samples with the finer precipitates. The effect of precipitates on microstructural 

evolution at relatively high applied strain above 5 ARB cycles (ε > 4.0) was unclear from this 

study. 

Severely deformed metals with deformable second phases formed by eutectic or eutectoid 

reactions have been studied in pearlitic steels [22] and in-situ composites, such as Cu-Ag alloys 

[13]. Pippan et al. [24] schematically showed the change in grain size with deformation strain of 

single and multi-phase materials, as shown in Figure 1.5. The grain or phase size rapidly 

decreases with strain in the early stage of deformation, and further deformation results in 

reaching the steady state grain size for both materials. Dual-phase materials can achieve a much 

finer structure than single-phase materials by SPD after high strain deformation. 

There have been few studies regarding SPD focused on alloys with deformable second 

 

Figure 1.4 Average grain size of Al-0.2Sc (wt.%) processed by various heat treatment 
conditions and routes as a function of the ARB cycle number [12]. 
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phase particles or laminates formed by precipitation [21], particularly highly deformed Cu-Ti 

alloys with precipitates [11, 25]. Semboshi et al. [11] evaluated strength, electrical conductivity, 

and microstructure during cold-drawing of over-aged Cu-3.6 at.%Ti with discontinuous 

precipitates composed of a Cu solid solution and stable β-Cu4Ti laminates. Figure 1.6 shows the 

microstructural evolution of Cu-Ti wires with drawing strain. The laminates were aligned along 

the direction parallel to the drawing direction, and their thickness and inter-laminate distance 

decreased with increasing strain. Thus, β-Cu4Ti laminates (precipitates) are considered to be 

deformable with the matrix, although they have a high strength of approximately 1600 MPa [11]. 

By further deformation, laminates were fragmented into nano-sized fibers at ε = 4.5. This 

suggests that hard β-Cu4Ti fibers act as dislocation sources and accelerate microstructural 

refinement, which results in an exceptionally high tensile strength of 1640 MPa at a strain of 6.8.  

Miura et al. [25] investigated the microstructural evolution during cold rolling to 95% 

reduction for Cu-Ti alloy sheets with various Ti concentrations ranging from 0.16 wt.% to 3.45 

 

Figure 1.5 Schematic diagram of structural refinement in single- and dual- or multi-phase 
materials [24]. 
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wt.%. They indicated that the lamellar boundary structure elongated to the RD was highly 

developed during cold rolling, as shown in Figure 1.8. The average lamellar boundary spacing 

decreased with an increase in Ti concentration, approaching 50 nm in Ti-3.45 Cu, as shown in 

Figure 1.7. However, this study did not investigate whether Cu-Ti second phases were present in 

the matrix. 

1.3.3 Effect of Deformation Strain Rate 

Deformation strain rate is one of the important factors that affects ultra-fine structure 

formation. For example, the mean grain size induced by deformation processes generally 

decreases with an increase in deformation strain rate. Li et al. [10] evaluated the effect of 

   

Figure 1.6 Cross-sectional scanning electron microscopy (SEM) images of over-aged Cu-3.6 
at.%Ti drawn up to 6.2 [11]. Etched chemically with a 7 mol L-1 nitric acid. 
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deformation strain rate on the resulting grain size (lamellar boundary spacing) for pure copper 

compressed to ε = 2.0, as shown in Figure 1.9. The mean value of grain size decreased from 290 

nm to 232 nm, as the compression strain rate was increased from 10-1 to 103 s-1. However, the 

deformation strain rate has a smaller impact on microstructural evolution than other extrinsic 

 
Figure 1.8 Typical TEM micrographs of the 95% cold-rolled Cu-Ti alloys with different Ti 

concentrations [25]. 
 

 
Figure 1.7 Average lamellar boundary spacing versus Ti concentration of cold-rolled samples 

to 95% of reduction in thickness [25]. Cu-0.83Ti, Cu-1.66Ti, and Cu-3.45Ti 
(wt.%) contain Zr of 17, 27, and 170 ppm, respectively. 
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factors, such as processing temperature and deformation strain [10, 24]. Moreover, high strain 

rate deformation can allow grain size to increase for alloys with high SFE, due to adiabatic 

heating. Tsuji et al. [26] showed that high-speed plastic deformation caused grain coarsening 

during deformation for 1100 aluminum sheets. For ARB-processed sheets strained at ε = 4.8, the 

mean grain size increased with increasing strain rate, as presented in Figure 1.10. 

 

 

 

Figure 1.9 Cross-sectional TEM images and histograms showing grain size distribution of 
pure copper compressed to ε = 2.0 at strain rates of (a1 and b1)10-1 s-1 and (a2 and 
b2) 103 s-1 [10]. 
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1.4 Mechanical Properties by Severe Plastic Deformation 

Materials with ultra-fine grains obtained by the SPD processes exhibit significant 

strength, which can be several times higher than the coarse-grained counterparts [16, 27]. 

Strengthening mechanisms in SPD materials are discussed, based on the relationship between 

microstructure and strength in this section. 

For pure metals, strengthening by SPD can typically be explained in terms of grain 

boundaries and dislocations [28]. The grain boundary strengthening, σGB, can be expressed using 

the Hall-Petch relationship, as shown in Equation 1.2: 

𝜎GB = 𝜎0 + 𝑘𝑑GB−12 (1.2) 

where σ0 is the lattice friction stress constant, k is the locking parameter, and dGB is the grain 

size. Thus, the formation of GNBs during SPD leads to high strength, because GNBs can be 

considered to be equivalent to grain boundaries in a fully recrystallized polycrystal (see section 

 
Figure 1.10 Mean grain thickness of commercial purity 1100 aluminum sheets deformed by 

conventional rolling, ultra-high-speed rolling, or impact compression as a function 
of strain rate [26]. The dotted line shows mean initial grain thickness before 
deformation. Initial samples were prepared by ARB. 
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1.3.1). For dislocation strengthening, σdis, the Taylor hardening law can be employed shown in 

Equation 1.3: 𝜎dis = 𝜎0 + 𝑀𝛼𝐺𝑏√𝜌dis (1.3) 

where 𝑀 is the Taylor factor, 𝛼 is a constant, and 𝜌dis is the dislocation density. At the early 

stage of straining before forming GNBs, the dislocation strengthening mechanism governs 

strengthening, due to strain hardening from dislocation accumulation. The strengthening 

mechanisms associated with dislocations and grain boundaries are usually treated as linearly 

additive for SPD materials [27, 28], and can be expressed by Equation 1.4: 𝜎 = 𝜎0 + 𝜎GB + 𝜎dis (1.4) 

For multiple phase alloys, precipitation strengthening, σPP, and solid solution 

strengthening, σSS, are considered in addition to dislocation and grain boundary strengthening. 

Also, twin boundaries contribute to strengthening, σTW, of materials with low stacking fault 

energy. All of the strengthening contributions are described in Equation 1.5 [29]: 𝜎 = 𝜎0 + 𝜎GB + 𝜎dis + 𝜎PP + 𝜎SS + 𝜎TW (1.5) 

Semboshi et al. [11] evaluated the relationship between the strength and microstructure of 

Cu-3.6 at.%Ti wires drawn from over-aged samples with β-Cu4Ti precipitates, whose 

microstructures are shown in Figure 1.6. They concluded that strength increment at drawing to ε 

= 6.8 was mostly from dislocation and grain boundary strengthening, and that the effect of 

precipitation and solid solution on strengthening can be considered to be negligible. However, 

the contributions of dislocation and grain boundary strengthening were not investigated 

separately. Thus, the separate effects of grain boundaries and dislocations on strengthening 

remain unclear. Also, there was no quantitative assessment of the relationship between 

mechanical properties and microstructures. 
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1.5 Anneal Hardening 

Copper alloys in the deformed state can be strengthened when annealed below the 

recrystallization temperature, which is called “anneal hardening” [30]. Dilute copper alloys, such 

as Cu-Al, -Au, -Ga, -Ni, -Pd, -Rh, and -Zn, exhibit anneal hardening behavior [31]. Anneal 

hardening is one of the most promising methods to achieve extremely high strengths, because it 

can be utilized as an additional strengthening effect based on strain and age hardening. The 

degree of anneal hardening depends mainly on the alloying content [25, 32] and imposed 

deformation strain before annealing [33, 34]. That is, an increase in the alloying content and the 

amount of prior deformation results in an increase in the amount of strengthening after 

annealing. Solute segregation to dislocation during annealing is one of the suggested 

mechanisms for explaining anneal hardening effects [32]. A dislocation source-limited hardening 

mechanism was also suggested to explain anneal hardening effects [35]. Mobile dislocations 

 
 

Figure 1.11 Vickers hardness changes as a function of aging time of Cu-4 wt.%Ti. The 
hardnesses of the sample aged at 450 °C for 1 hour and subsequent rolled to a 90% 
reduction before annealing at 450 °C are shown in the white and black circles in 
the graph, respectively [34]. 
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induced during SPD decrease during annealing, so activating new dislocation sources for plastic 

deformation requires high stress. 

Cu-Ti alloys also exhibit an anneal hardening response during heat treatment [25, 34]. 

Figure 1.11 shows the change in hardness of Cu-4 wt.%Ti alloys with annealing time [34]. The 

solution-treated samples were annealed at 450 °C for 1 hour, cold-rolled to a 90% reduction in 

thickness, and then subsequently annealed at 450 °C. Hardness increased rapidly in 120 seconds, 

from approximately 340 to 400 HV. 

Miura et al. [25] studied the effect of Ti content on mechanical properties of Cu-Ti alloy 

sheets. The hot-rolled samples were cold-rolled to 95% reduction in thickness, and then 

subsequently annealed. The increment of strength from anneal hardening increased with an 

increase in Ti content, and an ultimate tensile strength of more than 1400 MPa was reached for 

3.45 wt.%Ti samples after annealing at peak hardening conditions of around 390 °C for 1 hour, 

as shown in Figure 1.12. 

 
 

Figure 1.12 Ultimate tensile strength of Cu-Ti alloys with various Ti contents, cold rolled to a 
95% reduction in thickness as a function of annealing temperature [25]. Each 
sample was annealed for 1 hour. Open symbols represent the results of as cold-
rolled samples. 
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1.6 Research Objectives 

There are limited studies on Cu-Ti alloys with ultra-fine-grained structures processed by 

SPD. Two previous studies [11, 25] on Cu-Ti alloys processed by heavy cold rolling or wire 

drawing confirmed that heavily strained Cu-Ti alloys show significant grain refinement, due to 

the lamellar structures that are developed, and can achieve strengths greater than 1400 MPa. 

However, the kinetics of the grain refinement during large deformations and the relationship 

between mechanical properties and microstructure at the nanoscale have not been evaluated. In 

addition, the role of pre-existing precipitates in the matrix for Cu-Ti alloys on microstructural 

refinement processes remains unclear. Thus, microstructural evolution at the nanoscale (< 100 

nm) in heavily deformed Cu-Ti alloys is not yet well understood. Moreover, in previous work 

anneal hardening of Cu-Ti alloys was not investigated in depth in terms of microstructure, even 

though it was revealed that Cu-Ti alloys exhibit good anneal hardening behavior, in addition to 

deformation strengthening. 

Therefore, the main objective of this study is to investigate microstructural evolution at 

the nanoscale and the resulting mechanical properties, and to clarify strengthening mechanisms 

of heavily cold-rolled and subsequently annealed Cu-Ti alloy sheets. In particular, the effects of 

deformation strain rate and second phase particles on microstructural evolution and the resulting 

mechanical properties during cold rolling and heat treatment were evaluated to identify the 

optimum process conditions and routes to achieve excellent mechanical properties. 

To quantify structural parameters, such as the lamellar boundary spacing at the nanoscale, 

transmission electron microscopy (TEM) and scanning transmission electron microscopy - 

energy dispersive X-ray spectrometry (STEM-EDS) were applied to cold-rolled and annealed 

samples. Tensile and hardness testing was performed to determine mechanical properties, which 

were then related to the microstructural parameters.  
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It is crucial to impose a high strain to obtain nanoscale structures and high strengths. 

However, the available lab-scale rolling mill is limited to a maximum imposed strain of 

approximately ε = 4.0 [20, 25]. Moreover, the lab-scale mill cannot roll at the same high strain 

rate as commercial mills. Thus, commercial rolling mills were used, which allows for 

examination of microstructural evolution and mechanical properties of rolled Cu-Ti sheets 

subjected to a high strain (ε=6.7), with a high strain rate (below 103 s-1) of deformation. 
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CHAPTER 2 

EXPERIMENTAL METHODS 

 

This chapter outlines the materials and processing routes employed in this study, as well 

as characterization methods for microstructure, mechanical properties, and electrical 

conductivity. 

 

2.1 Materials 

Cu-3.2 wt.%Ti alloy (UNS C19900) sheets with a thickness of 9 mm were selected as the 

starting material for this study, since the alloy is one of the most common and standard alloys 

commercially available amongst Cu-Ti alloys widely used for high strength conductive 

materials. No other alloying elements, except for titanium (Ti), were intentionally added to the 

alloy. The sheet specimens were provided by JX Nippon Mining & Metals Corporation (JX). 

 

2.2 Processing Routes 

Figure 2.1 schematically shows the thermomechanical processing routes employed in this 

work. Solid solution treatments (ST) were performed on the as-received 9 mm thick sheets, 

followed by water quenching. The objective of the solution treatment is to dissolve Cu-Ti second 

phase particles in the matrix, so the effect of pre-existing precipitates on microstructural 

evolution and resulting mechanical properties may be assessed. The as-received and solution-

treated samples were heavily cold-rolled (CR) at room temperature and at strain rates below  

30 s-1. High strain rate deformation (CR (H)), below 103 s-1, was employed to investigate the 

effect of strain rate on microstructural evolution. A lab-scale rolling mill and commercial rolling 
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mills were used to process samples at conventional and high strain rates, respectively. Table 2.1 

shows the abbreviations and corresponding processing routes for samples after cold rolling. The 

as-rolled samples were subsequently annealed at various temperatures and different times to 

determine peak hardening conditions, and other as-rolled samples were annealed at peak 

hardening conditions. Solution treatment and cold rolling were performed by JX, and annealing 

was carried out at the Colorado School of Mines. 

 

Figure 2.1 A schematic drawing of heat treatment and cold rolling processing routes plotted 
as temperature vs. time plots. Processing conditions are shown in the schematic. 

Time

T
e
m

p
e
ra

tu
re

900 °C - 2, 3 h

800 °C - 2 h

Solution treatment

Water
quench

• Total reduction: 84% - 99%

• Equivalent strain: 2.1 – 6.7

• Strain rate:  < 30 or < 103 / s 

Low temperature
annealing

Severe Plastic Deformation
by Cold Rolling

Thickness: 9 mm

280 °C - 400 °C,
1.0 - 86.4 ks

Table 2.1 Definition of abbreviations corresponding to each processing route and condition. 

Abbreviations Processing routes 

ST-CR 
Solution Treatment + Cold Rolling at a conventional 

strain rate by a lab-scale rolling mill 

CR 
Cold Rolling at a conventional strain rate 

by a lab-scale rolling mill 

CR (H) Cold Rolling at a High strain rate by commercial rolling 
mills 
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2.2.1 Solution Treatment 

Prior to heavy cold rolling, some as-received samples were solution-treated in an air 

furnace to obtain fully recrystallized grains and a uniform distribution of Ti in the matrix. Some 

preliminary experiments were conducted at 800 °C for 2 hours and 900 °C for 2 and 3 hours to 

determine the conditions that produce the homogenous Ti distribution and single phase. 

 

2.2.2 Cold Rolling 

The as-received and solution-treated 9 mm thick samples of approximately 25 mm in 

width were heavily cold-rolled at room temperature with lubricant in multiple passes and rolled 

to total reductions in thickness of 84%, 95%, and 98% (final thicknesses of 1.4 mm, 0.41 mm, 

and 0.14 mm). This reduction corresponds to von Mises equivalent strains (ε) of 2.1, 3.5, and 4.8, 

as calculated by Equation 2.1: 

ε = − 2√3 ln 𝑡𝑡0 (2.1) 

where t0 and t are the thicknesses of initial and cold-rolled samples. A total strain of ε = 4.8 was 

achieved by a total number of 55 rolling passes for the solution-treated sample and 121 rolling 

passes for the as-received sample. The cold rolling was performed on a lab-scale rolling mill, 

with a thickness reduction per pass less than 30% and a constant rolling speed of 20 m min-1. A 

two-high mill with a roll diameter of 130 mm was utilized. The strain rate, ε̇, during cold rolling 

at each pass can be derived from Equation 2.2 [36]: 

ε̇ = 𝑓𝑡0 √2(𝑡0 − 𝑡)𝐷 (2.2) 

where f and D are the roll circumferential speed and the roll diameter. The strain rates at each 

pass for the as-received and solution-treated samples are shown in Figure 2.2. To investigate the 
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effect of strain rate on microstructural evolution, some as-received samples were heavily cold-

rolled at high strain rate below 103 s-1, up to 99.7% reduction (ε = 6.7, t < 0.03 mm) in thickness 

at higher rolling speeds less than 300 m min-1 on commercial rolling mills.  

 

2.2.3 Annealing 

In order to determine the conditions where the peak hardness is achieved, a set of trial 

annealing treatments were conducted for the as-rolled samples in a CARBOLITE® box furnace 

at 280, 320, 360, and 400 °C for 1.0, 3.6, 20.0 and 86.4 ks in air, and then air cooled. The 

samples were wrapped with copper foil to prevent severe oxidation before annealing. Once all 

the samples were annealed, hardness measurements were performed to determine the time and 

temperature where the maximum value of hardness was obtained. After the trials mentioned 

above, tensile specimens and small coupons were annealed at the peak hardening conditions, and 

tensile tests and microstructural characterization were carried out. 

 

 

 

Figure 2.2 Strain rate at each cold rolling pass for the as-received and solution-treated samples 
rolled via the lab scale rolling mill. 
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2.3 Microstructural Characterization  

The microstructures of Cu-Ti sheets were characterized and analyzed using various 

techniques. Structures at the microscale were examined using a KEYENCE VHX-6000 digital 

microscope, scanning electron microscope (SEM), electron probe microanalyzer (EPMA), and 

electron backscattering diffraction (EBSD). Structures at the nanoscale were assessed using TEM 

and STEM-EDS. Each processed sample was evaluated utilizing suitable methods, as presented 

in Table 2.2. Unless otherwise specified, the microstructures of all conditions in this study were 

observed from the transverse direction on the longitudinal cross-section. The horizontal direction 

and the vertical direction of the images for microstructural observation indicate the RD and the 

normal direction (ND), respectively. Microstructural characterization, except for SEM conducted 

at the Colorado School of Mines, was performed at JX. 

 

2.3.1 Metallographic Preparation  

The as-received and solution-treated samples were mounted in epoxy, and then 

mechanically ground and polished to one micron with colloidal diamond solutions using 

standard metallographic techniques for EPMA and SEM observations. For EBSD analysis, final 

polishing was conducted by ion milling using a Hitachi IM4000. For digital microscope 

Table 2.2 Matrix of sample conditions and microstructural characterization techniques. An 
“X” represents an employed method to evaluate microstructure characteristics. 

Sample condition 
Digital 

Microscope 
SEM EPMA EBSD TEM 

STEM-
EDS 

As-received X X X X   

Solution-treated X  X X   

As-rolled     X X 

Annealed     X X 
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observations, the solution-treated samples after one-micron polishing were etched with a 10 g 

FeCl3 + 3 ml HCL + 120 ml H2O solution for 10 seconds at room temperature. TEM foils less 

than 100 nm thick were prepared using a focused ion beam instrument, Seiko SMI3050SE. 

 

2.3.2 Microscale Characterization 

The etched, as-received and solution-treated specimens were examined with the digital 

microscope to characterize recrystallized microstructures. 

The JEOL-7000F FE-SEM was used at an accelerating voltage of 20 kV and a working 

distance of 10 mm to examine the morphology and size distribution of second phase particles in 

the as-received condition. The average size of second phase particles was determined using 

ImageJ® software. Five SEM backscattered electron (BSE) images at 5000X magnification, in 

which dark gray color areas are second phase particles, were taken, as illustrated in Figure 2.3 

(a). Dark gray areas in the image that are not second phase particles, such as polishing scratches 

and small pits, were removed from each image to prevent miscounting of the second phase 

   
     (a)          (b) 

Figure 2.3 An example of image binarization to determine the size of the second phase 
particles: (a) a SEM image before binarization and (b) an image after binarization 
by ImageJ®. Black areas are binarized second phase particles. A pixel resolution 
of the image is 20 nm/pixel. 

2 µm 2 µm
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particles. Afterwards, the images were binarized to black-and-white images. A proper threshold 

was chosen to distinguish background and second phase particles, as shown in Figure 2.3 (b). 

Since the second phase particles were elongated to the RD, the maximum length along the ND in 

each second phase particle was measured as the size of the second phase particle. The average 

values were derived from a total count of 420 particle sizes. 

EPMA elemental mapping was carried out on a JEOL JXA-8230 at 15 kV and 50 nA to 

assess the composition of second phase particles in the as-received condition and to reveal the 

extent of Ti element dispersion in the solution-treated samples. The step size and dwell-time 

were 0.1 µm and 10 ms for the as-received sample, and 5 µm and 35 ms for the solutionized 

sample. A pentaerythritol (PETJ) crystal, which is common for wavelength dispersive X-ray 

spectrometer (WDS), was used for the Ti element analysis. The beam-specimen interaction 

volume in Cu-Ti alloys can be larger than the precipitate size of less than 1 µm, as shown in 

Figure 2.3. 

In order to characterize the microstructure and determine the grain size for the as-

received and solution-treated samples, EBSD measurements were conducted in a Hitachi SU70 

SEM, operated at 15 kV and utilizing TSL OIM Data Collection 5.31. The step sizes of EBSD 

measurements for the as-received and solution-treated specimens were 1.0 and 10.0 µm, 

respectively. A clean-up procedure of the EBSD data was carried out using the grain confidence 

index standardization and the grain dilation method. Inverse Pole Figure (IPF) maps, image 

quality (IQ) maps, and grain boundary maps were produced from EBSD data after clean-up 

treatment. The measurement points where CI values were less than 0.1 were eliminated to 

increase the reliability of the analysis. Grain boundaries having a misorientation angle ranging 

from 2° to 15° and larger than 15° are defined as low angle grain boundaries (LAGBs) and high 
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angle grain boundaries (HAGBs), respectively. Misorientation angles less than 2° were 

eliminated. The mean grain size for samples prior to heavy cold rolling was determined from 

grain boundary maps by means of a circular intercept method, based upon the ASTM E112 

standard. Three images of the grain boundary map were taken for each sample with a field area 

of 200 µm x 200 µm for the as-received sample and 1500 µm x 1500 µm for the solution-treated 

sample. The HAGBs including twin boundaries were counted, leading to 276 and 403 intercept 

counts for the as-received and solution-treated samples, respectively. 

 

2.3.3 Nanoscale Characterization  

The nanoscale structure characterization was carried out through TEM on JEM-2100F 

operated at 200 kV. Bright field (BF) images were taken on the longitudinal cross section. 

Selected area electron diffraction (SAED) patterns were collected from areas with diameters of 

1.3 µm. Ti element distribution in the as-rolled and annealed samples was analyzed by STEM-

EDS mapping. 

Lamellar boundary spacings developed by heavy cold rolling were determined using the 

linear intersection method along the ND in the three different TEM images for each condition. 

Three lines were drawn along the ND in each image taken at 300,000X magnification, and 

intersections were manually counted using ImageJ® software, as seen in Figure 2.4. All visible 

lines parallel to the RD in the image were identified as lamellar boundaries. Some lines were not 

sharp and clear, which may indicate low angle grain boundaries. It should be noted that the 

measured lamellar boundary spacing can vary depending on the analysis method employed. 

TEM analysis provides smaller values of the lamellar boundary spacing than EBSD analysis, 

which is widely used for grain boundary analysis for SPD processed materials [12, 14-16, 20, 
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37]. This is because both HAGBs and LAGBs are taken into account by TEM analysis, whereas 

only HAGBs are counted in EBSD analysis [16]. TEM analysis was employed in this study, 

because it can reveal the nano-scale lamellar boundaries of heavily deformed materials with a 

large number of dislocations and vacancies, whereas EBSD analysis is challenging for making 

accurate measurements, due to resolution limitations. 

Ti concentration profiles were measured along the ND of heavily cold-rolled and 

annealed samples by means of STEM-EDS analysis to determine the thickness of a Ti-rich layer 

and a peak Ti concentration. The Ti-rich layer thickness was defined as the distance between the 

two measurement points lying below the horizontal line at half maximum of the one profile peak, 

as shown in Figure 2.5. In order to verify the thickness determined by the definition above, the 

thickness was compared with that of the Ti-rich layer observed in a high-angle annular dark field 

(HAADF)-STEM image. The darker areas in the image of Figure 2.5 indicate the Ti-rich layer. 

The thicknesses obtained from the EDS profile and the HAADF-STEM image were in good 

agreement with each other, as demonstrated in Figure 2.5, suggesting that the definition can be 

 
 

Figure 2.4 An example bright field TEM image of the ST-CR sample rolled to ε = 4.8, showing 
three red lines used to determine lamellar boundary spacings. Red dots on the 
indicated lines show the intersections counted as lamellar boundaries. 

100 nm
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used to determine the thickness of Ti-rich layers. For each cold rolling and annealing condition, 

three Ti concentration profiles were taken along the ND with a length of 0.12 µm at random 

locations, and the mean thickness of Ti-rich layers was determined. 

 

2.4 Mechanical Property Evaluation 

In this section, measurement procedures used to assess the mechanical properties by 

tensile and hardness testing are described. Some preliminary tests are also discussed to verify the 

test reliability and repeatability. 

 

 

Figure 2.5 A comparison of Ti-rich layers obtained from STEM-EDS and high-angle annular 
dark field (HAADF)-STEM. Ti concentration profile along the normal direction and 
the corresponding HAADF-STEM image of the CR sample rolled to ε = 3.5 are 
shown. A blue line in the image shows a measurement line for the Ti concentration 
profile. Red circles in the graph indicate an example of measurement points to 
determine Ti-rich layer thickness, which is 10 nm. The orange dotted lines are 
drawn to compare the Ti-rich layer thicknesses. The horizontal and vertical 
directions in the HAADF-STEM image represent the normal and rolling directions, 
respectively. 
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2.4.1 Tensile Testing 

Tensile tests were carried out based on ASTM E8 procedures to evaluate ultimate tensile 

strength (UTS), 0.2% offset yield strength (YS), uniform elongation (UE), and total elongation 

(TE). Tensile specimens with the geometry shown in Table 2.3 were employed. Samples with a 

thickness of 1.4 mm (ε = 2.1) were shaped by machining, and those of 0.41 mm (ε = 3.5) and 

0.14 mm (ε = 4.8) were formed by shearing. The edges of the sheared specimens were ground by 

800-grit silicon carbide grinding paper by hand to remove any burrs and ensure smooth edges. 

The specimens were tested on a screw-driven MTS Alliance RT/100 uniaxial electromechanical 

load frame at an engineering strain rate of 1.0 x 10-3 s-1 (a crosshead displacement of 0.05 mm 

sec-1) with a 50.8 mm (2 in) Shepic extensometer at room temperature. For commercial rolled 

tensile specimens in the CR (H) condition, tensile tests were performed along the RD and the 

transverse direction (TD) of the sheets. For tensile specimens rolled by the lab-scale rolling mill 

Table 2.3 Dimensions of tensile specimens. Dimensions of gage length, width, radius of fillet, 
and width of grip section were determined based on ASTM E8. 

 

Symbols Machined Specimens (mm) Sheared Specimens (mm) 
G, Gage length 50.8 50.8 

W, Width 12.5 ± 0.2 12.5 ± 0.1 

T, Thickness 1.43 ± 0.05 0.410 ± 0.005 or 0.140 ± 0.005 

R, Radius of fillet 22 19 

L, Overall length 200 153 

A, Length of reduced section 67 65 

B, Length of grip section 52 33 

C, Width of grip section 20 20 
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in the ST-CR and CR conditions, tensile tests were carried out only parallel to RD, due to the 

limited sample width. 

The effect of contact between contact pins (clamp screws) of the extensometer and 

specimen surface on tensile test results were evaluated as a preliminary test. Damage to the 

specimen surface caused by contact pins is expected to cause stress concentrations that could 

lead to a decrease in strength and ductility. Since the specimens in this study are thin sheets and 

have high strength and low ductility, the specimens can be susceptible to damage resulting from 

surface contact. In order to prevent surface damage, Cu-Ti buffer sheets with a size of 1.5 mm x 

1.5 mm x 10 mm were attached on the specimen surface by a double-sided tape to prevent the 

damage on the specimen surface, as shown in Figure 2.6. 

Figure 2.7 shows the effect of buffer sheets on engineering stress-strain curves for the as-

rolled specimens with 0.14 mm thickness tested parallel to the RD. The stress-strain curves 

without buffer sheets exhibited brittle-like behavior, showing less plastic deformation. By 

contrast, the stress-strain curves with buffer sheets presented ideal behaviors with enhanced 

plastic regions. These results reveal that contact by contact pins affects stress-strain curves, 

which leads to decreased strength and ductility. Therefore, the buffer sheets were used every time 

tensile specimens were prepared in this study. 

   

     (a)         (b) 

Figure 2.6 A tensile specimen with (a) Cu-Ti buffer sheets on the specimen and (b) tensile test 
setup, showing the contact pin on the Cu-Ti buffer sheet. 

Buffer sheets

Specimen

Buffer sheet

Contact pin
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Specimen
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(a) RD without buffers      (b) RD with buffers 

 

    

(c) TD without buffers      (d) TD with buffers 

 

Figure 2.7 Engineering stress-strain curves for as-rolled samples subjected to a strain of 4.8, 
corresponding to a thickness of 0.14 mm. Tensile tests were performed (a, b) 
parallel to the rolling direction and (c, d) the transverse direction (a, c), without 
buffer sheets, and (b, d) with buffer sheets. 
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In order to evaluate the repeatability of tensile behavior, multiple tests were performed on 

the as-rolled and annealed CR (H) samples rolled to ε = 2.1, 3.5, and 4.8. Engineering stress-

strain curves in the same conditions showed almost the same tensile behavior, exhibiting good 

repeatability, as shown in Figure 2.8. Thus, a single tensile test was conducted on each of the 

remaining conditions. 

  
    (a)     (b) 

 

 

    (c) 
 

Figure 2.8 Engineering stress-strain curves for the as-rolled and annealed CR (H) samples 
strained to (a) ε = 2.1, (b) ε = 3.5, and (d) ε = 4.8. Tensile tests were performed 
parallel to the rolling direction. 
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2.4.2 Hardness Testing 

Vickers hardness tests were performed on a LECO AMH55 with a dwell time of 10 s at 

room temperature according to ASTM E384. The hardness values were measured on the 

longitudinal sections for the as-received and solution-treated samples, and on the rolled sheet 

surface for the as-rolled and annealed samples. The as-rolled and annealed samples were ground 

to a 1200-grit finish and successively polished with 6 microns colloidal diamond solutions to 

remove surface oxidation, which leads to misinterpretation of indent corners of an indentation. 

The indentation size was measured manually by fitting the four corners of the indentation. A test 

force of 9.8 N was employed for all specimens, except those cold-rolled to 99% reduction in 

thickness (ε = 6.7). A test force of 0.49 N was applied to the samples with a 99% reduction (t < 

0.03 mm), due to the sample thickness. In order to assess the effect of the test force on Vickers 

hardness values, preliminary hardness tests were performed on the samples rolled to ε = 4.8, with 

forces ranging from 0.49 N to 9.8 N. Vickers hardness values with four different forces were 

constant for both the as-rolled and annealed samples, as demonstrated in Figure 2.9, suggesting 

that Vickers hardness values of samples tested at different test forces can be compared for the 

tested materials. The mean hardness value was calculated from 5 indentations on each specimen. 

The shape of the indentation was found to be an almost perfect square, and the four corners of 

the indentation were in sharp focus, which results in proper measurements of the diagonal length, 

as observed in Figure 2.10. Error bars in the figures indicate the standard deviation. The device 

and procedures of hardness measurements provided great repeatability, due to small standard 

deviation as shown in Figure 2.9. 
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2.5 Electrical Conductivity 

The electrical conductivity of the as-received sample was measured by a SIGMATEST® 

2.068. Measurements were conducted on both surfaces of the sheet by a contact probe, and 

electrical conductivity was measured once for each surface. The mean value was calculated from 

 

Figure 2.9 Vickers hardness as a function of the applied test force from 0.49 N to 9.8 N for 
the as-rolled and annealed samples strained to ε = 4.8 in the CR (H) condition. 
Error bars indicate the standard deviation. 

 

Figure 2.10 An example optical image of the indentation morphology after Vickers hardness 
test on the sample surface utilizing a 9.8 N test force. 
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the two datasets.  

For the as-rolled and annealed samples, a standard four-probe method was employed to 

measure electrical resistivity. The electrical conductivity (EC) was calculated according to 

Equation 2.3: 𝐸𝐶 (%IACS) = 𝜌Cu𝜌  × 100 (2.3) 

where 𝜌Cu (= 1.724 × 10-8 Ωm) and 𝜌 are the electrical resistivity of pure copper at 297 K 

and the samples measured by the four-probe method, respectively. IACS in Equation 2.3 

indicates the international annealed copper standard, whose electrical conductivity at 297 K is 

defined as 100% IACS. Tensile specimens before the tensile test were used for the measurement. 

All measurements of electrical conductivity were performed at JX.  
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CHAPTER 3 

RESULTS AND DISCUSSION 

 

This chapter describes the results of the experiments explained in Chapter 2. It is divided 

into five parts. The first part presents the microstructural characterization of the as-received and 

cold-rolled samples in Sections 3.1 and 3.2. The second part reports mechanical properties and 

electrical conductivity of the samples before and after cold rolling in Section 3.3. Using results 

from the first and second parts, the third part presents the relationship between the lamellar 

boundary spacing and mechanical properties in Section 3.4. The fourth part represents anneal 

hardening behavior of the cold-rolled samples in Section 3.5. Using all of the data obtained in 

this study, the final part discusses strengthening mechanisms of heavily cold-rolled and 

subsequently annealed Cu-Ti alloy sheets, followed by recommended processing routes and 

conditions to achieve excellent strength in Sections 3.6 and 3.7. 

 

3.1 Initial Microstructure Prior to Cold Rolling 

Revealing the microstructure of the as-received and solution-treated samples is crucial, 

because microstructural evolution of alloys with second phase particles strongly depends upon 

the initial microstructure, such as the matrix grain size [8] and the features of second phase 

particles [12]. Microstructural characterization of the initial microstructure prior to cold rolling 

was conducted using the digital microscope, EBSD, EPMA, and SEM. 
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3.1.1 As-Received Material 

A grain boundary map, IPF map, and IQ map of the as-received material are shown in 

Figure 3.1. Red lines and blue lines in the grain boundary map represent LAGBs and HAGBs, 

respectively. These maps of the as-received sample show typical features of a deformed 

microstructure, with grains slightly elongated to the RD. A dense LAGB network within the 

grains was observed in Figure 3.1 (a). Intragranular rotations occurred and local misorientations 

developed especially near grain boundaries, due to grain boundary constraint, which are also 

typical characteristics of deformed samples. The mean grain size of the as-received sample was 

determined to be 8.4 µm. 

Figure 3.2 shows EPMA and SEM BSE images in the as-received consition, showing the 

second phase morphology, size, and distribution. Second phase particles were slightly elongated 

to the RD, and their aspect ratios of length to width are in the range of around 2 to 4, which 

corresponds to the aspect ratios of grain sizes observed with EBSD, as shown in Figure 3.1 (a). 

This result implies second phase particles can be deformable in the same manner as the matrix. 

   

(a) (b) (c) 
 

Figure 3.1 EBSD analysis of the as-received sample: (a) Grain boundary map, (b) IPF map, 
and (c) IQ map. Red and blue lines in the EBSD maps represent LAGBs and 

HAGBs. The measurement points whose CI values were less than 0.1 are shown in 
black. 

30 µm
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Second phase particles were almost always observed along grain boundaries. The distribution of 

second phase particles along grain boundaries appears to be uniform; neither a severe 

aggregation of precipitates nor extensive precipitate free zones were observed. Ti concentration 

of second phase particles is near 7 wt.%, based on the EPMA mapping. These particles are 

presumably β-Cu4Ti precipitates, based on the Cu-Ti phase diagram [38]. It should be noted that 

an ideal stoichiometric composition of β-Cu4Ti is Cu-15 wt.%Ti, which has higher Ti content 

than the second phase obtained by the EPMA mapping performed here. This difference in Ti 

contents may be due to the fact that the size of the beam-specimen interaction volume in Cu-Ti 

alloys for EPMA is larger than that of precipitates. As a result, not only precipitates, but also the 

surrounding matrix area was detected by EPMA. 

There are four types of precipitation for Cu-Ti alloys: continuous precipitation, spinodal 

decomposition, discontinuous precipitation, and Widmanstätten precipitation [18]. Figure 3.3 

shows the partial Cu-Ti phase diagram with a Cu-rich region [38]. The Cu-Ti precipitation occurs 

in the following steps [39]. When cooling a Cu-3 wt.%Ti alloy during hot working from 950 °C 

to 500 °C, β-Cu4Ti precipitates form mainly at grain boundaries below the solvus temperature by 

  

(a) (b) 
 

Figure 3.2 (a) EPMA Ti elemental map and (b) SEM BSE micrograph, showing second phase 
particles in the as-received condition. Arrows in the images indicate second phase 
particles.  

10 µm

Ti wt.%

2 µm
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continuous precipitation, which includes nucleation and growth processes. After hot working, 

Cu-Ti alloys are solution treated above 850 °C, and then aged near 400 °C to enhance their 

strength. During aging, a compositionally modulated structure suggesting spinodal 

decomposition may form, which may be followed by the formation of metastable coherent phase. 

This finely dispersed phase gives Cu-Ti alloys high strength. Over-aging results in discontinuous 

precipitates at grain boundaries via cellular precipitation, causing decreasing strength. From the 

description above, the precipitates in the hot-worked condition are likely formed by continuous 

precipitation, due to their spherical form, size, locations and processing history. 

Figure 3.4 shows a histogram showing the size distribution of the second phase 

precipitates in the as-received condition. The histogram is normalized as relative frequency. 

Broad second phase distribution ranging from 40 nm to 680 nm was confirmed, as well as the 

mean size of 145 nm and the standard deviation of 72 nm. 

 

Figure 3.3 The Cu-Ti phase diagram showing a Cu-rich region [38]. 
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3.1.2 Solution-Treated Samples 

Prior to heavy cold rolling, the as-received samples were solution-treated at 800 °C for 2 

hours and 900 °C for 2 and 3 hours to determine the solution-treated conditions that exhibit fully 

recrystallized structures with uniform grain size and distribution of Ti elements in the matrix. 

The microstructural observations of the solution-treated samples are shown in Figure 3.5. 

The solution-treated sample at 800 °C for 2 hours exhibited an inhomogeneous microstructure 

composed of the coarse and fine grain layers parallel to the RD. The thickness of the coarser 

layer is near 500 µm. In contrast, the samples solution-treated at 900 °C for 2 and 3 hours show 

homogenous microstructures, relatively large grains more than 100 µm in size, and uniform grain 

size distribution. 

The degree of Ti dispersion in solution treated material is illustrated in Figure 3.6, which 

shows EPMA Ti elemental maps for the solution-treated samples. The sample solution-treated at 

800 °C for 2 hours (Figure 3.6 (a)) shows layered microstructures composed of high Ti elemental 

 

Figure 3.4 A histogram with the size distribution of the second phase particles in the as-
received condition.  
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areas and low Ti elemental areas, with layer thicknesses less than 50 µm. By contrast, the 

samples solution-treated 900 °C for 2 and 3 hours show a uniform distribution of Ti. The 

electrical conductivities of the solution-treated samples at 800 °C for 2 hours, at 900 °C for 2 and 

3 hours were 4.0, 4.4, and 4.6 %IACS, respectively, whereas the electrical conductivity of the as-

received sample was 14.1%IACS. The significant reduction in electrical conductivity after 

solution treatment indicates second phase particles in the as-received sample were mostly 

dissolved in the matrix during solution treatment. From the results of microstructural 

observations and Ti elemental maps, the conditions of 900 °C for 3 hours were selected to 

  

(a) (b) 
 

 

(c) 
 

Figure 3.5 Digital optical micrographs of etched specimens annealed at (a) 800 °C for 2 hours 
and (b) 900 °C for 2 hours and (c) 3 hours. 

500 µm 500 µm

500 µm
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evaluate the effect of solution treatment on microstructural evolution and the resulting 

mechanical properties. 

EBSD images of the sample solution-treated at 900 °C for 3 hours prepared for the cold 

rolling process are shown in Figure 3.7. Fully recrystallized grains with random orientation and 

some annealing twins were confirmed. The mean grain size (d0) was determined to be 93 µm. 

  

(a) (b) 
 

 

 

(c) 
 

Figure 3.6 EPMA Ti elemental maps for specimens solution-treated at (a) 800 °C for 2 hours 
and (b) 900 °C for 2 hours and (c) 3 hours. (Color high resolution images – see 
pdf version) 

100 µm

Ti wt.%

100 µm

Ti wt.%

100 µm
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3.2 Microstructural Evolution during Heavy Cold Rolling 

The investigation of microstructural characterization was performed using TEM and 

SAED for a Cu solid solution, and STEM-EDS for second phase particles. In this section, the 

emphasis is placed on the microstructural evolution of the Cu solid solution and the second phase 

precipitates during heavy cold rolling. Structural parameters of the lamellar boundary spacing 

and second phase layer thickness are also quantified. The effects of deformation strain rate and 

second phase particles on microstructural evolution are also discussed. 

 

3.2.1 Cu Solid Solution 

Bright field TEM images of heavily cold-rolled Cu-Ti alloy sheets in the ST-CR, CR, and 

CR (H) conditions are given in Figure 3.8. Samples at ε = 2.1 show many subgrains introduced 

within the initial grains, indicating that grain subdivision has already started. Inhomogeneous 

microstructures consisting of coarse and fine substructures were observed. Furthermore, the 

subgrain boundaries were irregularly bent.  

   

(a) (b) (c) 
 

Figure 3.7 EBSD analysis of the solution-treated sample at 900 °C for 3 hours: (a) grain 
boundary map, (b) IPF map, and (c) IQ map. Red lines and blue lines in the grain 

boundary map represent LAGBs and HAGBs, respectively. 

200 µm 200 µm 200 µm
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With further deformation, the subgrain boundaries became more parallel to the RD, 

forming a deformation-induced, nano-lamellar structure, which is a typical microstructure for 

both face-centered cubic and body-centered cubic metals deformed by heavy cold rolling [17, 

40]. Some localized shear bands were formed at angles ranging from 25° to 45° against the RD 

for all conditions, as indicated by black arrows in the TEM images. These microstructures are 

consistent with previous observations for severely deformed aluminum alloys [12, 41]. The areas 

where the localized shear bands were developed have finer microstructures than the other areas, 

leading to heterogeneous microstructures with respect to the lamellar boundary spacing. 

However, with increasing equivalent strain from ε = 3.5 to 6.7, the lamellar boundary spacing of 

all areas except localized shear bands became finer, probably because the shear bands had strain 

hardened enough that they did not further deform. As a result, uniform microstructures were 

formed. The frequency, width, and angle of shear bands were not significantly different among 

samples in the ST-CR, CR, and CR (H) conditions. 

When comparing the different processing conditions, the CR and CR (H) conditions at ε 

= 3.5 and 4.8 appear to have finer and more uniform microstructures than the ST-CR one. For 

example, the ST-CR condition at ε = 3.5 showed a coarse structure at the lower left corner of the 

TEM image denoted by a white arrow in Figure 3.8, whereas the CR and CR (H) conditions did 

not present such coarse structures. 

Bright field TEM images at higher magnification than in Figure 3.8 are presented in 

Figure 3.9. Complicated morphologies were observed in all conditions between lamellar 

boundaries, indicating the presence of many lattice defects such as dislocations and vacancies 

introduced during cold rolling. Straight black lines within the lamellar spacing were confirmed at 

angles ranging from 25° to 40°against the RD as indicated by the white arrows shown in  
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Strain ST-CR CR CR (H) 

2.1 

   

3.5 

   

4.8 

   

6.7 - - 

 

 

Figure 3.8 TEM micrographs of the ST-CR, CR, and CR (H) samples rolled to ε = 2.1, 3.5, 4.8, 
and 6.7. Black arrows represent local shear bands. A relatively coarse structure in the 
ST-CR samples strained to 3.5 is indicated by a white arrow. 

500 nm 500 nm 500 nm

500 nm 500 nm 500 nm

500 nm 500 nm 500 nm

500 nm
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Strain ST-CR CR CR (H) 

2.1 

   

3.5 

   

4.8 

   

6.7 - - 

 
 

Figure 3.9 TEM micrographs at higher magnification of the boxed areas in Figure 3.8, showing 
nano-lamellar boundary structures. White solid arrows indicate black straight lines 
within the spacing probably due to the formation of deformation twins. White dotted 
arrows show diffuse and thick boundaries. 

100 nm 100 nm 100 nm

100 nm 100 nm 100 nm

100 nm 100 nm 100 nm

100 nm
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Figure 3.9. These are due to the presence of deformation twins, which can be contributed to 

material strengthening. In fact, Zhang et al. [42] found that deformation twins were formed for 

Cu-11 at.%Zn processed by ECAP for 1 to 4 passes at room temperature, which has SFE of 33 

mJ m-2, similar to Cu-3.2 wt.%Ti (approximately 26 mJ m-2 [18, 19]). It is interesting to note that 

the deformation twins are confined within each lamella, and not transmitted into the adjacent 

layers, implying that lamellar boundaries can act as the barrier for dislocation movement, as is 

the case for grain boundaries. However, the number of these lines was much smaller for Cu-Ti 

alloy sheets used in this study than that of the lamellar boundaries, indicating that the effect of 

deformation twins on mechanical properties can be small. Some subgrain boundaries in all 

process conditions deformed to ε = 2.1 were diffuse and thick, as indicated by dotted arrows in 

Figure 3.9, whereas those deformed to ε = 4.8 showed sharper boundaries. This change in the 

boundary state with imposed strain implies that the misorientation angle and dislocation density 

within the boundary increase with increasing strain [43]. Dislocation density between the 

lamellar boundaries seemed to remain constant at any strain based on a qualitative assessment, 

due to the similar microstructures of each strained sample from TEM observations. 

The SAED patterns of samples in different process conditions and with different strains 

were shown in Figure 3.10. No patterns show single spots, but diffuse arc-like patterns, 

indicating areas with different orientations within the measurement area of 1.3 µm in diameter. 

Closely observing each pattern, the length of the arc in SAED patterns increased with increasing 

strain, suggesting that misorientation angles of the lamellar boundaries increased with increasing 

deformation strain, and the fraction of HAGBs increased as well. 

Histograms of the lamellar boundary spacing distribution of heavily cold-rolled Cu-Ti 

alloy sheets in the ST-CR, CR, and CR (H) conditions are given in Figure 3.11. The histograms 
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Strain ST-CR CR CR (H) 

2.1 

   

3.5 

   

4.8 

   

6.7 - - 

 

 

Figure 3.10 SAED patterns of the ST-CR, CR, and CR (H) samples rolled to ε = 2.1, 3.5, 4.8 
and 6.7. 
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ε ST-CR CR CR (H) 

2.1 

   

3.5 

   

4.8 

   

6.7 - - 

 

 

Figure 3.11 Histograms showing the lamellar boundary spacing distribution of the ST-CR, CR, 
and CR (H) samples rolled to ε =2.1, 3.5, 4.8, and 6.7. The values of the mean 
lamellar boundary spacing (dmean) and the total count of the boundaries are shown in 
each graph. 
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are standardized as relative frequency to plot on the same scale. The mean lamellar boundary 

spacing (dmean) clearly decreased with increasing strain from ε = 2.1 to 4.8. Also, the width of the 

lamellar boundary spacing distribution gradually decreased with the strains, indicating that the 

lamellar structure becomes more uniform with increasing equivalent strain. The CR (H) samples 

have the finer lamellar boundary spacings than the CR samples and achieved 20 nm at ε = 6.7. 

This is because dynamic recovery was suppressed, and dislocation activities were promoted 

under the condition of high strain rate deformation [10, 44]. Recovery and dislocation activities 

are thermal processes, depending on temperature and time. High deformation strain results in 

statistically few chances for dislocations to move or dynamic recovery caused by cross-slip to 

take place. The effects of deformation strain rate and temperature on microstructural evolution 

are addressed later in this section. 

The evolution of lamellar boundary spacing with equivalent strain for the ST-CR, CR, 

and CR (H) samples are presented in Figure 3.12. The area with nanoscale boundary spacing and 

large equivalent strain is magnified in the inset in Figure 3.12. Calculated mean lamellar 

boundary spacing (dcal) is represented by dotted lines. It is derived by assuming that the percent 

reduction in thickness of the sheet is equal to that of the initial grains, and no grain boundaries 

are newly introduced, i.e. the sheet thickness ratio of the initial to cold-rolled sample is equal to 

the ratio of the initial grain size to the calculated mean boundary spacing after cold rolling, as 

showing by the following equation: 𝑡0𝑡 = 𝑑0𝑑cal (3.1) 

The equation of calculated mean boundary spacing, as shown in Figure 3.12, was derived by 

substituting Equation 3.1 into Equation 2.1. The mean grain sizes of the as-received and 

solution-treated samples are used for the initial values of the mean lamellar boundary spacing at 
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ε = 0 for the ST-CR and CR/CR (H) conditions, respectively.  

The mean lamellar boundary spacing dramatically decreased in the early stage of 

deformation from the initial state to a strain of 2.1 for all samples, which was much lower than 

the calculated spacing. This result indicates the formation of many subgrains within initial grains 

during cold rolling, which is consistent with results previously reported on heavily deformed 

pure copper fabricated via ARB [16]. However, the mean lamellar boundary spacings for the Cu-

Ti alloy sheets for all conditions are less than 100 nm, which is significantly finer than that for 

pure copper subjected to SPD processing (the order of 200 to 300 nm) [16, 45]. As expected 

from Equation 1.1, this is mainly because Cu-3.2 wt.%Ti alloys have a lower SFE of 

 
 

Figure 3.12 Mean lamellar boundary spacing of the ST-CR, CR, and CR (H) samples as a 
function of the equivalent strain. The inset shows magnified plots of the large 
strain and the small mean lamellar boundary spacing area indicated by a dotted 
square line. Calculated boundary spacing (dcal) derived from the initial mean grain 
size (d0) and the equivalent strain (ε) are shown as the dotted straight lines. 
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approximately 26 mJ m-2 [18, 19] than pure copper (78 mJ m-2 [46]). Decreasing SFE can lead to 

more accumulation of dislocations, because of the restriction in dynamic recovery during 

processing, resulting in forming more IDBs and GNBs. In the high strain region (strains > 2.1), 

the mean lamellar boundary spacing decreased moderately with increasing strain. A close 

examination in the high strain region (the inserted graph in Figure 3.12) showed that the mean 

lamellar boundary spacing of the CR and CR (H) samples decreased at a higher rate than that of 

the ST-CR samples, which means faster evolution of the fine nano-lamellar structure. As a result, 

the mean lamellar boundary spacing of CR (H) samples reached a minimum value of 20 nm. 

This can occur due to the presence of the second phase precipitates in the matrix of CR and CR 

(H) samples. The effect of the second phase precipitates on microstructural evolution will be 

discussed in Section 3.2.2. The CR (H) samples have finer lamellar boundary spacings than the 

CR samples at any strain, because dynamic recovery and boundary migration are suppressed 

under the condition of high strain rate deformation. 

The Zener-Hollomon parameter (Z) [47] has been widely used to describe the effects of 

strain rate (𝜀 ̇ ) and temperature (T) on microstructural evolution during SPD [10, 41], expressed 

by the following equation: 

𝑍 = 𝜀 ̇ exp ( 𝑄𝑅𝑇) (3.2) 

where R is the gas constant and Q is the activation energy for deformation. Li et al. [10] showed 

that finer structures for pure copper by SPD can be achieved by higher Z values, i.e. higher strain 

rate and/or lower temperature. At high Z values, dynamic recovery and grain boundary migration 

during cold rolling can be suppressed. Thus, cold rolling at a high strain rate is beneficial for 

achieving a finer lamellar structure. However, increasing strain rate also increases adiabatic 

heating of a material during rolling, which decreases the Z value according to the Equation 3.2. 
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In turn, the low Z value results in a coarse structure [26]. The degree of sample heating varies 

with the conditions of deformation, tools, and samples including the reduction in thickness, mean 

flow stress, rolling speed, sample size, and heat extraction. The CR (H) samples, which were 

deformed at a high strain rate, had finer lamellar boundary spacings at any strains than CR 

samples shown in Figure 3.12. This result implies that the contribution of strain rate increment to 

the Z value in the CR (H) condition is more significant than that of temperature increment of the 

samples caused by high-speed rolling for Cu-Ti alloys. Therefore, increasing the strain rate is an 

effective strategy to manufacture nanostructured Cu-Ti alloys by high-speed rolling. 

 

3.2.2 Second Phase Particles 

Ti element distribution and Ti concentration profiles along the ND of samples rolled to ε 

=2.1, 3.5, and 4.8 in the ST-CR condition are shown in Figure 3.13. The ST-CR condition shows 

a uniform Ti concentration of near 3 wt% at any strain, which is the same as that of the solution-

treated sample before cold rolling as observed in Figure 3.6 (c). Thus, cold rolling did not cause 

Ti to come out of solution. 

Figure 3.14 shows Ti element distribution and Ti concentration profiles along the ND of 

samples rolled to ε =2.1, 3.5, and 4.8 in the CR condition. A nano-lamellar structure composed of 

high and low Ti element layers was formed. The peak Ti concentration in the line profile ranged 

from 5 wt.% to 11 wt.%. The Ti concentration of the STEM-EDS analysis was in good 

agreement with that of the second phase precipitates in the samples analyzed by EPMA before 

rolling, as shown in Figure 3.2. Thus, these Ti-rich layers are compositionally expected to be the 

elongated Cu-Ti precipitates, though they have not been identified by structural examinations. 

The maximum and minimum values of Ti concentration along the profiles gradually changed 
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Strain EDS map Ti concentration profile 
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Figure 3.13 STEM-EDS Ti elemental maps and Ti concentration profiles of samples rolled to ε 
=2.1, 3.5, and 4.8 in the ST-CR condition. Each Ti profile was measured along the 
white line in the corresponding STEM-EDS map. 
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Strain EDS map Ti concentration profile 
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Figure 3.14 STEM-EDS Ti elemental maps and Ti concentration profiles of samples rolled to ε 
=2.1, 3.5, and 4.8 for CR conditions. Each Ti profile was measured along the white 
line in the corresponding STEM-EDS map. 
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with increasing equivalent strain. The maximum Ti concentration along the profile decreased 

from 11.3 wt% to 8.8 wt.% when rolled to ε = 4.8, and the minimum Ti concentration tended to 

increase with increasing equivalent strain. This result suggests that the second phase precipitates 

may be partially dissolved in the matrix during cold rolling. The quantitative assessment of an 

increase in Ti content in the matrix will be evaluated in terms of the change in electrical 

conductivity in sections 3.3.3 and 3.5.4. Also, the spatial resolution in STEM-EDS can be a 

factor in decreasing the maximum Ti concentration and increasing the minimum Ti concentration 

with increasing strains. In fact, the thicker Ti-rich layers tended to have the higher Ti 

concentration. 

Figure 3.15 presents Ti element distribution and Ti concentration profiles along the ND 

of samples rolled to ε =2.1, 3.5, 4.8, and 6.7 in the CR (H) condition. A nano-lamellar structure 

composed of Ti-rich and Ti-depleted layers was also developed. In addition, the maximum and 

minimum Ti concentrations exhibit the same trend as the CR condition, implying second phase 

dissolution of elongated precipitates took place during cold rolling. 

It should be noted that the volume distribution of elongated Ti-rich layers is locally 

inhomogeneous. The layers often tend to be located near each other, though some areas include 

only Cu solid solution. Inhomogeneous distributions of Ti-rich layers along the ND are 

obviously attributed to inhomogeneous distributions of the initial precipitates formed along the 

grain boundaries in the as-received conditions, as observed in Figure 3.2 (a). 

Figure 3.16 gives histograms with Ti-rich layer thickness distribution of samples strains 

to ε=2.1, 3.5, and 4.8 in the CR condition and to ε=2.1, 3.5, 4.8 and 6.7 in the CR (H) condition. 

The histograms are standardized as relative frequency to plot on the same scale. The individual 

layer thickness and variation clearly decreased as strains increased from 2.1 to 3.5, but with  
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Figure 3.15 STEM-EDS Ti elemental maps and Ti concentration profiles of samples rolled to ε 
=2.1, 3.5, 4.8, and 6.7 in the CR (H) condition. Each Ti profile was measured 
along the white line in the corresponding STEM-EDS map. 

25 nm

25 nm

25 nm

25 nm
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Strain CR CR (H) 
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4.8 

  

6.7 - 

 
 

Figure 3.16 Histograms showing Ti-rich layer thickness distribution of samples rolled to 
various strains in the CR and CR (H) conditions. Mean Ti-rich layer thickness and 
the total count of the thickness are indicated in each graph. 
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further deformation, they seem to be constant or only slightly decreased by a few nanometers 

with increasing strains from 3.5 to 6.7. The samples rolled to ε = 3.5 and above have the mean  

Ti-rich layer thickness ranging from 5 to 7 nm, which can be considered as the steady state 

thickness of elongated Cu-Ti precipitates. 

Figure 3.17 shows the mean thickness of Ti-rich layers as a function of equivalent strain 

of the CR and CR (H) samples. The dotted line in the graph represents the calculated Ti-rich 

layer thickness from the initial precipitates derived in the same way as described in section 3.2.1. 

The mean size of second-phase Cu-Ti precipitates in the as-received condition of 145 nm is used 

as the initial mean thickness of Ti-rich layers. The thickness of the Ti-rich layers along the ND 

shows good agreement with the calculated thickness from the initial size of the precipitates at the 

early stage of strains until 3.5, which supports that the Ti-rich layers can be considered as the 

elongated initial precipitates. However, the measured values deviated from calculated ones at ε = 

4.8 and 6.7, resulting in higher experimental values than calculated ones. These results suggest 

that Cu-Ti precipitates can deform as expected according to geometry along the ND at the early 

 

Figure 3.17 Mean Ti-rich layer thickness versus equivalent strain. The dotted line in the graph 
indicates the calculated Ti-rich layer thickness. 
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stages of strain (below ε = 3.5), but with further deformation, the thickness reduction of the 

precipitates was saturated, and a dynamic phase coarsening may occur during processing at very 

high strains (above ε = 3.5). 

It was clearly shown in this study that heavy cold rolling of Cu-Ti alloy sheets with 

second phase of pre-existing precipitates can produce a nano-lamellar structure with nanosized 

elongated Ti-rich layers, as shown in Figure 3.9, Figure 3.14 and Figure 3.15. It should be noted 

that the CR and CR (H) samples with precipitates in the matrix have finer nano-lamellar 

structures than the single-phase ST-CR samples after cold rolling, as shown in Figure 3.12. Table 

3.1 shows the features of the nanostructures in SPD processed, single-phase Cu-11.6 at.%Al [48] 

and Cu-10 wt.%Zn [49] alloys, as well as the Cu-Ti alloy in the CR condition. The Cu-Al and 

Cu-Zn alloys are expected to have finer structures than the Cu-Ti alloy, due to their lower SFE 

and higher total strain, respectively. However, the mean lamellar boundary spacing of the Cu-Ti 

sample was smaller than the mean grain size of the single-phase Cu-Al and Cu-Zn alloys. 

Therefore, nano-lamellar structures with the mean spacing of several tens of nanometers in the 

present study are likely related to the presence of the Cu-Ti second phase precipitates in the 

matrix. 

Table 3.1 Characteristics of the nanostructures in copper alloys with different SFEs and total 
strains. 

Material SFE 

(mJ m-2) 
Deformation 

process 

Total 
strain 

Mean grain 
size/lamellar boundary 
spacing measured by 

TEM (nm) 

Reference 

Cu-11.6 at.%Al 8 ECAP 8.0 57 [48] 

Cu-10 wt.%Zn 35 HPT 90 50 [49] 

Cu-3.2 wt.%Ti ~26 Rolling 4.8 25 This study 
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TEM images and STEM-EDS analysis of the CR (H) sample with a strain of 3.5 are 

shown in Figure 3.18. From the TEM image (Figure 3.18 (a)), a heterogeneous nano-lamellar 

structure in terms of boundary spacing was observed. An area with a finer lamellar structure than 

the other areas is indicated by the dotted white square in Figure 3.18 (a). This fine lamellar 

structure is unlikely to be shear bands, which usually have a finer microstructure than the other 

areas and are inclined to the RD, because this lamellar structure is aligned almost parallel to the 

RD. Figure 3.18 (b) and (c) display a magnified image of the dotted square area and the 

corresponding EDS Ti elemental map, respectively. From the TEM micrographs and EDS 

mapping, it was found that there was no significant fragmentation or breaking of the pre-existing 

 
    (a)      (b)      (c) 

 
(d) 

 

Figure 3.18 TEM micrographs and Ti elemental distribution of the CR (H) sample with a strain 
of 3.5: (a) TEM bright field image, (b) higher magnification image of the boxed 
area in image (a), (c) EDS Ti elemental map, and (d) Ti concentration profile 
measured along the white dotted line in the EDS map. 

20 nm100 nm 20 nm
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precipitates during the cold rolling, which means that the precipitates have good plasticity and 

deform with the matrix. Yield strength of β-Cu4Ti precipitates was estimated to be 1600 MPa 

derived using the rule of mixture for an over-aged Cu-Ti alloy [11]. From the Ti concentration 

profile along the ND shown in Figure 3.18 (d), the individual layer thickness was approximately 

10 nm. These results suggest that high-strength, deformable, pre-existing precipitates in the as-

received condition can subdivide the matrix microstructure to nanoscale levels during cold 

rolling. 

In addition to grain subdivision, pre-existing precipitates can play an important role in 

suppressing dynamic recovery or short-range boundary migration during cold rolling. In the high 

strain SPD regime, microstructural coarsening can occur [16, 50] during deformation processing, 

due to dynamic recovery and boundary migration [51], which in turn results in the saturation to a 

minimum lamellar spacing as observed by the ST-CR sample behaviors in Figure 3.12. Pre-

existing precipitates appear to retard the recovery processes during cold rolling and accelerate 

microstructural refinement to achieve extremely fine lamellar structures with a spacing of less 

than 20 nm, as shown in Figure 3.18 (b). This nano-lamellar structure results in significantly 

enhanced strength.  

Figure 3.19 shows microstructural evolution with lamellar boundary spacing of less than 

20 nm. Fine lamellar structure areas with the spacing of less than 20 nm increased rapidly as 

equivalent strain increased in the CR and CR (H) conditions. The relative frequency of the 

spacing of less than 20 nm increased from 0.1 to more than 0.4 at ε = 4.8. By contrast, for the 

ST-CR samples, the lamellar boundary spacing of less than 20 nm remained stable during heavy 

cold rolling to ε = 4.8. These results exhibit that elongated hard precipitates (β-Cu4Ti) accelerate 

the refinement of lamellar structures down to less than 20 nm, because elongated precipitates 
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delay the coarsening process of lamellar structures during cold rolling. 

 

3.3 Change in Mechanical and Electrical Properties during Cold Rolling 

The investigation of the mechanical properties of cold-rolled samples was carried out via 

uniaxial tensile testing and hardness measurements at room temperature. In this section, the 

evolution of electrical and mechanical properties, such as strength and ductility as a function of 

equivalent strain, are quantified. 

 

3.3.1 Vickers Hardness 

 Vickers hardness changes with equivalent strain during cold rolling are shown in Figure 

3.20 for the ST-CR, CR, and CR (H) samples. Vickers hardness data from literature [52] of Cu-

30 wt.%Zn alloy deformed by multi directional forging with similar equivalent strains are also 

shown. The Vickers hardness for the solution-treated and as-received samples were 128 and 228 

HV, respectively. These data were plotted at ε = 0 in the graph. The Vickers hardness of the ST-

CR sample increased rapidly at strains up to 3.5, followed by a modest increase. Further 

 
Figure 3.19 Relative frequency of the lamellar boundary spacing of less than 20 nm for the ST-

CR, CR, and CR (H) samples as a function of equivalent strain. 
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deformation results in hardness saturation of around 290 HV at a strain of 4.8. A similar hardness 

saturation was previously reported in Cu-Zn and Cu-Al alloys processed by SPD at room 

temperature [51, 52]. This saturation can be attributed to the balance between accumulation and 

annihilation of dislocations caused by dynamic recovery [53]. On the other hand, Vickers 

hardness of the CR (H) and CR samples continuously increased with increasing strain, exhibiting 

a linear relationship between the hardness and the strain even at high strains. The hardness of the 

CR (H) samples was enhanced from 228 to 376 at ε  = . Thus, samples with precipitates show 

more enhanced strain hardening behavior than those without precipitates. This difference in 

strain hardening behavior suggests that there is an additional strengthening mechanism in the CR 

(H) and CR samples, especially at larger strains. The presence of precipitates in the matrix can be 

responsible for additional strengthening. In fact, Tian et al. [13] reported that a significant 

hardening ability and a delayed saturation of hardness during HPT can be attributed to the 

 

Figure 3.20 Vickers hardness versus equivalent strain for the ST-CR, CR, and CR (H) samples 
along with Cu-Zn alloy from Nakao et al. [52]. Error bars indicate the standard 
deviation. 
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presence of a second phase in a eutectic Cu-Ag alloy.  

The Vickers hardness of the ST-CR samples with single phase approaches saturation 

value at ε = 4.8, where the lamellar boundary spacing decreased to its saturation level, as 

illustrated in Figure 3.12. Thus, strengthening mechanisms of Cu-Ti sheets processed by cold 

rolling are expected to be dominated by lamellar boundary spacing, which will be discussed with 

respect to the correlation between the strength and microstructure of cold-rolled samples in 

Section 3.4. 

  

3.3.2 Tensile Properties 

Tensile testing was performed for cold-rolled samples to evaluate strength and ductility 

behavior. Figure 3.21 shows engineering stress-strain curves of cold-rolled specimens in the ST-

CR, CR, and CR (H) conditions tested parallel to the RD (Figure 3.21 (a), (b), and (c)) and to the 

TD (Figure 3.21 (d)) in the CR (H) condition, and Table 3.2 shows the values of mechanical 

 

Table 3.2 Mechanical properties of rolled samples for different process conditions, tensile 
directions, and equivalent strains. 

Process 
Tensile 

Direction 

Equivalent 
Strain 

YS 

(MPa) 
UTS 

(MPa) 
UE 

(%) 
TE 

(%) 
ST-CR RD 2.1 749 816 1.5 2.8 

  3.5 864 900 1.3 1.9 

  4.8 876 940 1.4 1.7 

CR RD 2.1 867 1022 2.4 6.2 

  3.5 978 1128 2.2 3.0 

  4.8 1064 1199 2.0 2.2 

CR (H) RD 2.1 878 1038 2.1 4.9 

  3.5 987 1170 1.8 2.0 

  4.8 996 1224 1.8 2.1 

 TD 2.1 839 1053 3.0 5.7 

  3.5 936 1243 2.8 5.0 

  4.8 1158 1369 2.2 3.5 
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properties obtained from the stress-strain curves in Figure 3.21. These values are summarized in 

Figure 3.22 as a function of equivalent strain. 

The tensile test results performed parallel to the RD for the ST-CR, CR, and CR (H) 

samples exhibited that the ultimate tensile strength and the yield strength steadily increased with 

  
(a) (b) 

 

  
(c) (d) 

 

Figure 3.21 Engineering stress-strain curves of the (a) ST-CR, (b) CR and (c) CR (H) 
specimens tensile tested parallel to the rolling direction, and (d) the CR (H) 
specimens tested parallel to the transverse direction. 
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strains. The CR (H) samples had higher strength than the CR samples, followed by the ST-CR 

samples, which is the same trend as the results of the Vickers hardness test. The tensile strength 

reached 1224 MPa at ε = 4.8 for the CR (H) sample. The total elongation decreased markedly as 

the strain increased from 2.1 to 3.5, then remained almost unchanged with increasing strain from 

3.5 to 4.8, as illustrated in Figure 3.22 (c). This is because post-necking elongation of samples 

rolled to ε = 3.5 and 4.8 was extremely limited, so that uniform elongation and total elongation 

  

(a) (b) 

  

(c) (d) 
 

Figure 3.22 Mechanical properties as a function of equivalent strain for the ST-CR, CR, and CR 
(H) samples: (a) ultimate tensile strength, (b) yield strength, (c) total elongation, and 
(d) uniform elongation. The tensile tests were performed in the RD for the ST-CR 
and CR samples, and the RD and TD for the CR (H) samples. 



 

67 

 

were almost the same due to the thin sample thickness. The uniform elongation was low, below a 

few percent at any strain, due to the limited strain-hardening capability by grain refinement as 

observed in Figure 3.22 (d), which is a typical characteristic for materials processed by SPD 

[16]. 

When comparing mechanical properties of samples tested parallel to the RD and TD for 

the CR (H) samples, both ultimate tensile strength and uniform elongation of the TD samples 

were higher than those of the RD samples, as shown in Figure 3.22 (a) and (d), respectively. 

Though mechanisms of the anisotropy of heavily deformed materials with nano-lamellar 

structure is not clear, preferred orientation of the cold rolling texture caused by heavy 

deformation [54], stronger slip anisotropy, and shorter mean free paths for dislocation motion 

[55] could cause the observed anisotropy of the ultimate tensile strength and total elongation. 

 

3.3.3 Electrical Conductivity 

Figure 3.23 shows variations in electrical conductivity as a function of equivalent strain. 

The electrical conductivity in all conditions steadily decreased with increasing strain, though the 

slope of each line was different. When rolled to ε = 4.8 in the ST-CR condition, the electrical 

conductivity of the sample decreased slightly from 4.8 to 3.7 %IACS. By contrast, the CR and 

CR (H) conditions exhibited a more significant decrease in electrical conductivity than the ST-

CR condition. The electrical conductivity for the CR and CR (H) samples decreased from 

14.1 %IACS in the as-received condition to around 8 %IACS at ε = 4.8. 

Electrical conductivity decreases during cold rolling for two reasons: the introduction of 

defects, such as dislocations, vacancies, and interfaces, and the dissolution of Cu-Ti precipitates 

into the matrix. The decrease in electrical conductivity for the ST-CR samples must be caused by 
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the defects induced during cold rolling, because solute content of Ti in solid solution is constant 

during cold rolling, as observed in Figure 3.13.  

The effect of dissolution of Cu-Ti precipitates into the matrix on electrical conductivity 

can be evaluated with respect to electrical resistivity. Electrical resistivity of the matrix (𝜌m) 

associated with Ti content in the matrix can be derived using Nordheim’s rule [11, 56] in 

Equation 3.3. 𝜌m = 𝜌Cu + 𝑀𝐶Ti (3.3) 

where, 𝜌m represents the electrical resistivity of the matrix. M (= 12.6 × 10-8 Ωm/wt.% for Ti 

dissolved in copper [11]) is the empirical constant, and 𝐶Ti is weight concentration of Ti in the 

matrix. It can be assumed that the influence of Cu-Ti precipitates on electrical conductivity can 

be ignored, because the volume fraction of Cu-Ti precipitates is small, as shown in Figure 3.2. 

Thus, the electrical conductivity of the samples can be determined by substituting 𝜌m into 

Equation 2.3. The electrical conductivity of 4.1 %IACS was obtained for the Cu-3.2 wt.%Ti 

single-phase solid solution derived according to the procedure above, which is in good 

 

Figure 3.23 Electrical conductivities versus equivalent strain for the ST-CR, CR, and CR (H) 
samples. 
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agreement with the value of 4.8 %IACS obtained from the solution-treated sample. 

The electrical conductivity for the CR (H) sample decreased from 14.1 %IACS to 

7.8 %IACS at ε = 4.8, which corresponds to increasing Ti solute in the matrix from 0.8 to 1.6 

wt.%. Therefore, at most 0.8 wt.% Ti can be dissolved during cold rolling to ε = 4.8. In fact, the 

matrix Ti concentration increased slightly with increasing equivalent strain, as shown in Figure 

3.15. The effect of the defects induced during cold rolling on the electrical conductivity of the 

sample in the CR and CR (H) conditions will be examined by comparing the change in the 

electrical conductivities before and after heat treatment in the section 3.5.4. 

 

3.4 Relationship Between Lamellar Boundary Spacing and Mechanical Properties 

In order to assess the applicability of the Hall–Petch relationship for the Cu-Ti alloys 

subjected to heavy cold rolling, the ultimate tensile strength, yield strength, and hardness values 

obtained from cold-rolled samples were plotted as a function of the inverse square root of the 

mean lamellar boundary spacing, as shown in Figure 3.24. The strength and spacing follow the 

Hall-Petch relationship for all samples, which indicates that lamellar boundaries play a crucial 

role in the strengthening of heavily cold-rolled Cu-Ti alloys. The difference in the two lines (CR 

(H) / CR and ST-CR) in the graph partially comes from the different initial microstructures prior 

to cold rolling. It is worth noting that the Hall-Petch relationship holds down to the spacing of 

20 nm for the CR (H) sample. Similar results were reported on a heavily deformed pearlitic steel 

wire with a nanoscale lamellar structure and extremely high strength [22]. 

From the slope of the experimental data in Figure 3.24, the yield strength locking 

parameter for heavily deformed Cu-Ti sheets for all conditions is approximately 3.0 x 103 MPa 

nm1/2, which is much smaller than that of 9.0 x 103 MPa nm1/2 for solutionized Cu-2.7 wt.%Ti 

[57]. For nanocrystalline metals, the strain hardening stage is quite limited, as illustrated in  
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(a) 

 
(b) 

 
(c) 

Figure 3.24 (a) Ultimate tensile strength, (b) yield strength, and (c) Vickers hardness as a 
function of inverse square root of the lamellar boundary spacing for ST-CR, CR, 
and CR (H) samples. Good agreement with the Hall-Petch relationship is shown. 
Error bars in the graph of the Vickers hardness change indicate the standard 
deviation. 
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Figure 3.21, so that the conventional dislocation pile-up mechanism is not expected to be 

applicable to SPD nanocrystalline metals [58]. One possibility for the lower locking parameter is 

that LABGs are a minor contribution to strengthening, since they represent weaker barriers for 

the movement of dislocations than HAGBs [59], suggesting that some of the lamellar boundaries 

are LAGBs. 

 

3.5 Change in Properties and Microstructures as a Result of Annealing 

The anneal hardening response of cold-rolled samples was investigated via mechanical 

testing, microstructural characterization, and measurements of electrical conductivity.  

 

3.5.1 Hardness with Aging Time 

In order to determine the peak hardening conditions, cold-rolled samples were annealed 

at 280, 320, 360, and 400 °C for 1.0, 3.6, 20.0 and 86.4 ks. Figure 3.25 shows the changes in the 

hardness of the ST-CR samples rolled to ε = 2.1, 3.5, and 4.8 with respect to annealing time. The 

higher the annealing temperature, the faster the hardness reached the maximum value. For 

samples rolled to ε = 2.1 as shown in Figure 3.25 (a), the hardness reached a maximum value of 

327 HV at 400 °C for 20 ks. For the samples rolled to ε =3.5 and ε = 4.8 as shown in Figure 3.25 

(b) and (c), the condition of 360 °C for 20 ks exhibited the peak hardness of 349 and 387 HV, 

respectively. After the peak hardness was achieved, the hardness decreased moderately for most 

of the conditions. 

Figure 3.26 presents the variations in the hardness of the CR samples rolled to ε = 2.1, 

3.5, and 4.8 with annealing time. The hardness of all specimens increased rapidly within 1000 s, 

then nearly saturated. Dropping hardness with increasing annealing time after reaching the 

maximum saturated hardness value was found for annealing at 360 ℃ and 400 ℃. Figure 3.27 
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shows the variations in the hardness of the CR (H) samples rolled to ε = 2.1, 3.5, 4.8, and 6.7 

with annealing time. The hardening response of the CR (H) samples is similar to that of the CR 

samples. The maximum hardness of 443 HV was achieved for the sample rolled to ε = 6.7, which 

is 94% higher than that (228 HV) of the as-received sample. Achieving peak hardness at short 

annealing time for the CR and CR (H) samples indicates highly-strained, ultra-fine grained 

specimens have higher diffusivity as compared to the coarse-grained counterparts, because 

  
(a) (b) 

 

 

(c) 
 

Figure 3.25 The effects of annealing time and temperature on the hardness of the ST-CR 
samples rolled to (a) ε = 2.1, (b) ε =3.5, and (c) ε = 4.8. Error bars indicate the 
standard deviation. The peak hardening conditions were determined where the 
maximum hardness values were obtained. 
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grain/subgrain boundaries and vacancies induced by cold rolling can provide fast diffusion paths 

for Ti atoms. It is beneficial from an economic and practical standpoint to manufacture the high 

strength materials using short annealing times. The peak Vickers hardness values and conditions 

are listed in Table 3.3. 

 

  

(a) (b) 
 

 

(c) 
 

Figure 3.26 The effects of annealing time and temperature on the hardness of the CR samples 
rolled to (a) ε = 2.1, (b) ε =3.5, and (c) ε = 4.8. Error bars indicate the standard 
deviation. The peak hardening conditions were determined where the maximum 
hardness values were obtained. 
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3.5.2 Tensile Properties 

Tensile testing was carried out for cold-rolled and subsequent annealed samples to 

evaluate strength and ductility behavior and compare the mechanical properties of samples 

before and after annealing. Figure 3.28 gives engineering stress-strain curves of the ST-CR, CR, 

and CR (H) samples rolled to various strains and subsequently annealed at peak hardening 

  
(a) (b) 

 

  

(c) (d) 
 

Figure 3.27 The effects of annealing time and temperature on the hardness of the CR (H) 
samples rolled to (a) ε = 2.1, (b) ε =3.5, (c) ε = 4.8, and (d) ε = 6.7. Error bars 
indicate the standard deviation. The peak hardening conditions were determined 
where the maximum hardness values were obtained. 
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conditions presented in Table 3.3. The tensile tests were conducted in the RD for the ST-CR and 

CR samples, and in the RD and TD for the CR (H) samples. Table 3.4 shows the values of 

mechanical properties obtained from the stress-strain curves in Figure 3.28. These values are 

summarized in Figure 3.29 as a function of equivalent strain. As equivalent strain increased, the 

ultimate tensile strength and yield strength increased monotonically, whereas the total elongation 

decreased, and the uniform elongation remains nearly constant for all conditions and all sample 

directions, as shown in Figure 3.29. These results are consistent with those of cold-rolled 

samples, as shown in Figure 3.22. The ultimate tensile strength achieved 1391 MPa on CR (H) 

samples in RD at ε = 4.8. 

Engineering stress-strain curves of the samples after annealing at peak hardening 

conditions are compared with those before annealing in Figure 3.30 for the ST-CR and CR 

conditions, and Figure 3.31 in for the CR (H) condition. The strength of all samples obviously 

increased after annealing. The samples rolled to ε = 2.1 and 3.5 after annealing in the ST-CR 

condition exhibited higher total elongation and strength compared to the samples before 

Table 3.3 The peak Vickers hardness values and peak hardening conditions for the ST-CR, 
CR, and CR (H) samples obtained from the hardness curves in Figures 3.25, 3.26, 
and 3.27. 

Process 

Rolling strain 
before 

annealing 

Peak Vickers 
hardness 

Temperature 

(°C) 
Time 

(ks) 

ST-CR 2.1 329 400 20.0 

 3.5 349 360 20.0 

 4.8 384 360 20.0 

CR 2.1 330 360 20.0 

 3.5 360 360 3.6 

 4.8 392 320 20.0 

CR (H) 2.1 327 320 20.0 

 3.5 366 320 20.0 

 4.8 407 320 20.0 

 6.7 443 320 20.0 
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annealing. By contrast, the CR and CR (H) samples after annealing showed lower total 

elongation than those before annealing. For example, the CR condition at ε = 4.8 exhibited brittle 

behavior on the stress-strain curve. The total elongation was 1.1%, and no plastic deformation 

  
(a) (b) 

 

 

 

 

  
(c) (d) 

 

Figure 3.28 Engineering stress-strain curves of the (a) ST-CR, (b) CR and (c) CR (H) 
specimens rolled to various strains and subsequently annealed. Tensile tests were 
performed along the RD (a-c). (d) Engineering stress-strain curves of the CR (H) 
specimens tested along the TD. 
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was observed. Dislocation movement is difficult for such a brittle material. It can be assumed 

that mobile dislocations introduced by cold rolling are pinned by solute Ti atoms and the density 

of mobile dislocations decreases during annealing, resulting in preventing dislocation activities 

during deformation. Strengthening mechanisms in terms of the relationship between mechanical 

properties and microstructure will be discussed in Section 3.6. 

Figure 3.32 presents increment of ultimate tensile strength caused by anneal hardening 

versus equivalent strain for the ST-CR, CR, and CR (H) samples. The ST-CR condition shows a 

much higher increment of ultimate tensile strength than the CR and CR (H) conditions, mainly 

due to the formation of a compositionally modulated structure, which will be shown in Section 

3.5.3. The strength increment after annealing for the ST-CR samples with ε = 4.8 is 229 MPa, 

whereas the increment for the CR and CR (H) samples is 148 and 167 MPa. However, the 

absolute ultimate tensile strength and yield strength of the annealed ST-CR samples did not reach 

those of the annealed CR and CR (H) samples, as shown in Table 3.4. Thus, the CR and CR (H) 

conditions can provide better mechanical properties than the ST-CR condition. As equivalent 

strain increased, an increase in strengthening effect was confirmed, which is consistent with 

Table 3.4 Mechanical properties of the ST-CR, CR, and CR (H) samples rolled to various 
strains and subsequently annealed at peak hardening conditions. 

Process 
Tensile 

Direction 

Rolling 

Strain 

YS 

(MPa) 
UTS 

(MPa) 
UE 

(%) 
TE 

(%) 
ST-CR RD 2.1 925 1004 2.6 5.7 

  3.5 1067 1108 1.8 2.6 

  4.8 1129 1169 1.2 1.4 

CR RD 2.1 958 1139 2.6 4.8 

  3.5 1081 1269 2.4 2.6 

  4.8 1194 1347 1.5 1.6 

CR (H) RD 2.1 1001 1159 2.2 3.3 

  3.5 1190 1321 1.7 1.7 

  4.8 1282 1391 1.2 1.2 

 TD 2.1 1011 1216 2.1 3.9 

  3.5 1179 1425 2.2 2.2 
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previous reports [33, 34] 

  

(a) (b) 

  

(c) (d) 
 

Figure 3.29 Mechanical properties versus equivalent strain for cold-rolled and subsequently 
annealed samples in the ST-CR, CR, and CR (H) conditions: (a) ultimate tensile 
strength, (b) yield strength, (c) total elongation, and (d) uniform elongation. The 
tensile tests were performed in the RD for the ST-CR and CR samples, and in the 
RD and TD for CR (H) samples. 
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Strain ST-CR CR 

2.1 

  

3.5 

  

4.8 

  

 

Figure 3.30 Comparison of engineering stress-strain curves between samples before and after 
annealing in the ST-CR and CR conditions. The tensile direction is parallel to the 
RD. 
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Strain CR (H), RD CR (H), TD 

2.1 

  

3.5 

  

4.8 

 

- 

 

Figure 3.31 Comparison of engineering stress-strain curves between samples before and after 
annealing in the CR (H) condition. Tensile testing was performed along the RD and 
TD. 
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3.5.3 Microstructure 

In order to investigate the strengthening mechanisms of anneal hardening, TEM and 

STEM-EDS mapping were conducted before and after annealing for samples rolled to ε = 4.8. 

TEM micrographs, histograms with lamellar boundary spacing distribution, and Ti elemental 

maps of the ST-CR sample are shown in Figure 3.33. The microstructure and Ti element 

distribution of the ST-CR samples were altered after annealing at peak hardening conditions of 

360 °C for 20 ks. The mean lamellar boundary spacing increased from 35 to 60 nm after 

annealing. Figure 3.34 shows the high magnification of TEM micrographs of the ST-CR sample 

before and after annealing, and the Ti concentration profiles measured on the white line in the 

TEM micrographs. Nano-scale, mottled contrast was observed between the lamellar boundaries 

from the TEM image after annealing. This may be due to spinodal decomposition [39], but 

further investigations are warranted. The compositionally homogeneous ST-CR sample 

decomposed into two regions with high and low Ti contents, as shown in Ti concentration 

 

Figure 3.32 Increment of ultimate tensile strength due to heat treatment as a function of 
equivalent strain for the ST-CR, CR, and CR (H) samples. 
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Before annealing After annealing 

  

  

  

 

Figure 3.33 TEM micrographs, histograms showing the lamellar boundary spacing, and 
STEM-EDS Ti elemental maps of the ST-CR samples before (as-rolled at ε = 4.8) 
and after annealing at the peak hardening condition, which is 360 °C for 20 ks. 

100 nm 100 nm

100 nm 100 nm
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profiles, forming a compositionally modulated structure during annealing. This suggests that 

strengthening by annealing can be mainly attributed to the formation of a compositionally 

modulated structure in the ST-CR samples, which is a typical strengthening model for Cu-Ti 

alloys [39]. On the other hand, in the CR and CR (H) conditions, there was no significant visible 

change in boundary states, such as the line thickness and the sharpness, as shown in Figure 3.35 

and Figure 3.36. Also, nano-lamellar structures were maintained around 25 nm, even after 

annealing at 320 °C for 20 ks for the annealed CR and CR (H) samples. Moreover, no  

Before annealing After annealing 

  

  

 

Figure 3.34 TEM micrographs and STEM-EDS Ti concentration profiles of the ST-CR sample 
rolled to ε = 4.8 and subsequent annealed at peak hardening conditions. The 
profiles were measured along the white lines in the STEM-EDS maps. 

20 nm 20 nm
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Figure 3.35 TEM micrographs, histograms showing the lamellar boundary spacing, and 
STEM-EDS Ti elemental maps of the CR samples before (as-rolled at ε = 4.8) and 
after annealing at the peak hardening condition, which is 320 °C for 20 ks. 

100 nm 100 nm

100 nm 100 nm
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Figure 3.36 TEM micrographs, histograms showing the lamellar boundary spacing, and 
STEM-EDS Ti elemental maps of the CR (H) samples before (as-rolled at ε = 4.8) 
and after annealing at the peak hardening condition, which is 320 °C for 20 ks. 
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distinguishable new constituents or phases were identified either near the grain boundaries or in 

the grain interior by TEM and EDS mapping. Therefore, strengthening from annealing for the 

CR and CR (H) samples may not be related to the precipitates, second phase, or nanoscale 

segregation, and the source may not be able to be detected by the TEM and STEM-EDS 

employed in this study. Strengthening mechanisms of anneal hardening will be discussed in 

Section 3.6. 

 

3.5.4 Electrical Conductivity 

Figure 3.37 shows electrical conductivity of the samples before and after annealing in the ST-

CR, CR, and CR (H) conditions. All conditions regardless of strain level exhibited higher 

conductivity after annealing than that before annealing. For example, the electrical conductivity 

of annealed samples in the ST-CR condition almost doubled compared with that of samples 

before annealing as observed in Figure 3.37 (a). The increased electrical conductivity is due to 

the formation of a compositionally modulated structure, as observed in Figure 3.34 and recovery 

caused by heat treatment. CR (H) samples rolled to ε = 4.8 exhibited an increase in electrical 

conductivity from 7.8 to 9.5 %IACS. The increase in electrical conductivity of these samples 

implies the occurrence of recovery during annealing, since the CR (H) samples before and after 

annealing have almost the same microstructures and Ti distributions, as shown in Figure 3.36. 

Therefore, the change in electrical conductivity by 1.7 %IACS for the CR (H) sample rolled to ε 

= 4.8 comes from the annihilation of the defects in the samples. 

In order to assess the increase in Ti content in the matrix as a function of cold rolling, 

electrical conductivities of the as-received, as-rolled, and annealed samples in the CR (H) 

condition are shown in Figure 3.38. A decrease in electrical conductivity from 14.1 to 
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(a) 

 
(b) 

 
(c) 

 

Figure 3.37 Comparison of electrical conductivity of (a) ST-CR, (b) CR, and (c) CR (H) 
samples before and after annealing at peak hardening conditions. 
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7.8 %IACS after rolling is due to an increase in both Ti content in the matrix and deformation-

induced defects during cold rolling. An increase in electrical conductivity from 7.8 to 9.5 %IACS 

after annealing is mainly due to diminishing the defects during annealing. Therefore, electrical 

conductivity can be decreased by at most 4.6 % IACS, due to an increase in Ti content in the 

matrix during cold rolling, which is derived from electrical conductivity in the initial state, 

14.1 %IACS, minus that in annealed state, 9.5 % IACS. A decrease in electrical conductivity by 

4.6 % IACS, corresponds to the increase in Ti content in the matrix by at most 0.5 wt.%Ti 

derived from Equations 2.3 and 3.3 

 

3.6 Strengthening Model 

When considering Cu-Ti alloy sheets with precipitates rolled from the as-received 

sample, five strengthening mechanisms can be considered: (1) grain boundary strengthening, (2) 

dislocation strengthening, (3) precipitation strengthening, (4) solid solution strengthening, and 

(5) twin boundary strengthening. The strength increment (Δ) can be expressed from Equation 

1.5 as follows: 

 

Figure 3.38 Comparison of electrical conductivity of the as-received, as-rolled at ε = 4.8, and 
annealed samples in the CR (H) condition. 
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∆𝜎 = ∆𝜎GB + ∆𝜎dis + ∆𝜎PP + ∆𝜎SS + ∆𝜎TW (3.4) 

Contributions of solid solution strengthening and precipitation strengthening can be 

derived by following the study of heavily deformed Cu-Ti wires under similar conditions [11]. 

Some precipitates were dissolved in the matrix, and the solute Ti concentration was increased by 

less than 0.5 wt.% during cold rolling to ε = 4.8 in the CR (H) condition, as discussed in section 

3.5.4. Solid solution strengthening contribution by solid Ti to the increase in the strength of Cu-

Ti alloys can be expressed through the rate of strengthening by 41 MPa per wt.%Ti [60]. Thus, 

the contribution due to Ti solid solution (∆𝜎SS) was estimated to be at most only 21 MPa. For 

materials with elongated precipitates aligned to the rolling direction, their strength can be 

represented in terms of the rule of mixture, as expressed by the following equation [11]: 𝜎PP = 𝜎m(1 − 𝑉𝑓p) + 𝜎p𝑉𝑓p (3.5)  
where σm and σp are the strengths of the matrix and precipitate phase, and Vfp is the volume 

fraction of the precipitates. Since the volume fraction of the elongated precipitates, which are 

harder than the matrix, decreases during cold rolling, due to increasing a solute Ti concentration 

in the matrix, the precipitates (∆𝜎PP) should have an adverse effect on the strength increment. 

Deformation twins were observed in the cold-rolled samples, but it appears that they play only a 

minor role in strengthening, due to their small volume fraction. Therefore, grain boundary 

strengthening (∆𝜎GB) and dislocation strengthening (∆𝜎dis) are primarily responsible for 

achieving high strength of Cu-Ti alloys processed by heavy cold rolling, which is consistent with 

a previous study on wire drawing of Cu-Ti alloys [11]. 

The contribution of dislocation density and grain boundaries to strengthening can vary in 

different strain stages for SPD. In the early stage of the strain (ε < 2.1), it is well known that 

dislocation density increases rapidly for recrystallized metals. Also, since many new strain-
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induced boundaries are introduced during deformation, the mean boundary spacing decreases 

dramatically, as demonstrated in Figure 3.12. Thus, both strengthening mechanisms contribute to 

the strengthening of the material. In the large strain regions (ε > 2.1), previous studies showed 

that dislocation density reached a peak value, and remained steady or even decreased with 

further deformation, owing to extensive dynamic recovery, for various pure metals and alloys 

such as pure copper [61], pure aluminum [62], ferritic stainless steel [50], and Al 6082 alloy (Al-

Mg-Si) [63]. Similarly, the dislocation densities between the boundaries of the ST-CR, CR, and 

CR (H) samples remain essentially unchanged in different strained samples from the structural 

observations by TEM (Figure 3.9). Furthermore, limited strain hardening capability, resulting in 

low uniform elongation shown in the stress-strain curves in Figure 3.21, implies limited ability to 

increase dislocation density. By contrast, the mean lamellar boundary spacing gradually 

decreased with increasing strain, as observed in Figure 3.12. These results and those of previous 

studies [50, 61-63] suggest that the contribution of dislocation density to strengthening remains 

constant at large strains, whereas the contribution of grain boundaries to strengthening increases 

linearly. In fact, the lamellar boundary spacing and strength of Cu-Ti alloys clearly followed the 

Hall-Petch relationship, as illustrated in Figure 3.24. In addition, many other literature data 

measured on heavily deformed single-phase alloys [64, 65] and multi-phase alloys [22, 66, 67] 

follow the Hall-Petch relationship. Therefore, grain boundary strengthening (∆𝜎GB) is dominant 

for the strength of cold-rolled Cu-Ti alloy sheets in high strain regions. 

It should be noted that the mean lamellar boundary spacing of the CR (H) samples 

achieved 20 nm, which leads to significant strengthening following the Hall-Petch relationship. 

Pre-existing precipitates allow the production of nano-lamellar structures, owing to preventing 

grain boundary migration as discussed in Section 3.2.2. Therefore, the presence of precipitates 
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prior to SPD is essential to achieve extremely high strength material by means of the SPD 

approach. 

It was found that the anneal hardening effect was exhibited in heavily cold-rolled Cu-Ti 

alloy sheets, though no observed microstructural features obviously changed at the nanoscale 

including the lamellar boundary spacing, boundary state, and second phase precipitates. Thus, 

structural changes at the atomic scale may occur during annealing to enhance strength. For 

instance, mobile dislocations may be pinned by Ti solute, forming Cottrell atmospheres, which 

release lattice distortion [68] introduced by heavy cold rolling. The stress field created by a large 

number of dislocations and vacancies is the driving force for the migration of solute atoms 

toward dislocations. Another possibility of anneal hardening is that the density of mobile 

dislocations decreases during annealing, which is called dislocation source-limited hardening 

[35]. As a result, activation of dislocation sources for plastic strain requires high stress. 

 

3.7 Suggested Process Routes and Conditions 

In this section, optimal process conditions and process routes to achieve ultra-high 

strength Cu-Ti alloy sheets via cold rolling are discussed. 

When considering process routes, the samples with precipitates subjected to cold rolling 

and subsequent annealing show higher strength than those without precipitates processed by the 

same routes and under the same conditions, i.e. CR samples after annealing exhibited superior 

strength compared to the ST-CR samples. This is because precipitates retard the dynamic 

recovery and lamellar coarsening during cold rolling, as discussed in section 3.2.2. Several 

studies have also reported that precipitates formed before SPD can accelerate microstructural 

refinement and increase the strength during SPD [11, 12, 21, 69]. The samples with precipitates 

in these studies were prepared by solution treatment and subsequent aging to disperse 
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precipitates in the matrix, which are conventional hardening processes for age-hardenable alloys. 

However, the processes in this study did not include these treatments. Samples with relatively 

“coarse” precipitates (less than 1 µm) that were formed during hot working processes were 

severely cold-rolled. This shows that a nano-lamellar structure can be formed without solution 

treatment and subsequent aging for Cu-Ti alloys, which results in a significant increase in 

strength according to the Hall-Petch relationship. Eliminating the solution treatment process is, 

of course, beneficial for reducing manufacturing costs. Therefore, the most efficient and effective 

production processes to achieve excellent strength in Cu-Ti sheets is to use material with Cu-Ti 

precipitates in the matrix formed during hot working processes, heavily cold-roll to strains above 

6.7, and then subsequently anneal. 

Microstructural characteristics and the resulting mechanical properties obviously vary 

with the process conditions. For cold rolling conditions, the effects of equivalent strain and 

deformation strain rate on microstructural evolution were evaluated in this study. The Vickers 

hardness and ultimate tensile strength increased with increasing equivalent strain without 

strength saturation, even to ε = 6.7 in the CR (H) condition. High strain rate deformation (CR 

(H)) by means of commercial rolling mills resulted in even higher strength after cold rolling and 

enhanced the anneal hardening response. The anneal hardening effect in the CR (H) condition is 

higher than that in the CR condition, as shown in Figure 3.32. Therefore, imposing high 

equivalent strain and deforming at high strain rates are favorable for Cu-Ti alloy sheets to realize 

excellent strength. For annealing conditions, the effects of annealing time and temperature on 

microstructural change and mechanical properties were evaluated. It was revealed that peak 

strengthening conditions were obtained at relatively low temperature and for short times 

compared to those for aging on the solution-treated Cu-Ti alloys. For example, Vickers hardness 
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of the CR (H) samples increased strength rapidly within 1000 s and can reach nearly peak 

hardness even at the low temperature of 280 °C, whereas the solution-treated samples exhibit 

peak hardness after heat treatment at 400 °C for around 20 ks [70]. 
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CHAPTER 4 

SUMMARY AND CONCLUSIONS 

 

In this study, Cu-3.2 wt.%Ti alloy sheets with and without Cu-Ti precipitates in the 

matrix were heavily cold-rolled up to ε = 6.7 at room temperature and subsequently annealed to 

enhance the strength. The resulting microstructures and mechanical properties were investigated. 

The main results of this study can be summarized as follows. 

Copper titanium alloy sheets subjected to heavy cold rolling can form nano-lamellar 

structures by subdividing initial grains. The lamellar boundary spacing of samples with 

precipitates processed under high strain rate reached a minimum value of 20 nm at ε = 6.7, which 

is much finer than that of pure copper and copper alloys processed by SPD. This exceptional 

refinement during cold rolling can be mainly attributed to pre-existing precipitates, which 

effectively subdivide the matrix microstructure and suppress dynamic recovery during cold 

rolling. 

With increasing equivalent strain, Vickers hardness of samples with pre-existing 

precipitates continuously increased, indicating excellent work-hardening behavior compared to 

the samples without pre-existing precipitates. Ultimate tensile strength, yield strength, and 

Vickers hardness, and the boundary spacing data fit well to the Hall-Petch relationship, and the 

relationship remains valid to spacings of 20 nm. Thus, refining grains by cold rolling to the 

nanoscale can be a promising method to obtain high strength Cu-Ti alloy sheets. 

Strengthening mechanisms of heavily cold-rolled Cu-Ti alloy sheets were also examined. 

Grain boundary strengthening was identified as the primary factor of strength increment in the 



 

95 

 

nanoscale lamellar structure. By contrast, the other mechanisms related to dislocation, 

precipitation, solid solution, and twinning have minor contributions to the strengthening effect in 

nanocrystalline Cu-Ti sheets. 

Anneal hardening behavior was clearly observed in heavily cold-rolled samples with pre-

existing precipitates, and a maximum value of 443 HV was achieved for the CR (H) sample at a 

strain of 6.7. No change in the lamellar boundary conditions or Ti element distribution after 

annealing by TEM or EDS analysis suggests that an atomic scale change may cause anneal 

hardening. Possible hypotheses of anneal hardening are the formation of Cottrell atmospheres, 

which block the movement of dislocations, or a reduction in the number of mobile dislocations, 

which then requires higher stresses to activate other dislocation sources. These results provide 

insight for the design of ultra-high-strength alloys utilizing second phase precipitates. 
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CHAPTER 5 

FUTURE WORK 

 

Further research is warranted for further understanding of the microstructural evolution 

of cold-rolled Cu-Ti alloys to achieve even higher strengths. 

For example, it would be interesting to evaluate misorientation angles of the lamellar 

boundaries quantitatively, which can affect the properties of the materials. It was qualitatively 

shown in this research that severely deformed Cu-Ti alloys have large mutual misorientations 

through SAED patterns. EBSD analysis is commonly employed to assess misorientation angles 

of heavily deformed materials. However, it is difficult to measure misorientation angles of 

heavily deformed materials with lamellar boundary spacing of several tens of nanometers by 

EBSD, due to the limitation of EBSD resolution. Moreover, a large number of lattice defects and 

distortions within the lamellar spacing of heavily deformed Cu-Ti alloys make it difficult to 

measure misorientation angles. A transmission-EBSD like method that uses TEM thin foil 

specimens would allow for misorientation angles of such complex nanostructures to be 

measured. In addition, the transmission-EBSD as well as X-ray diffraction (XRD) can 

characterize texture evolution of Cu-Ti alloys during heavy cold rolling, which can help 

understand differences in tensile behavior of the TD and RD samples. 

This thesis research showed that pre-existing precipitates play an important role in grain 

refinement. Assessing the morphology, size, and distribution of second phase particles in the 

matrix prior to heavy cold rolling is important, because second phase particles can significantly 

affect microstructural evolution. Understanding and controlling pre-existing precipitates that can 
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vary with thermal processing conditions are crucial and provide an opportunity to further tailor 

microstructural features. Thus, it would be interesting to examine the effects of features of pre-

existing precipitates, including its size, shape, and volume fraction on microstructural evolution.  

Achieving an extremely high strength of Cu-Ti alloy sheets is mainly attributed to 

dislocation strengthening, as well as grain boundary strengthening, so dislocation density is one 

of the important parameters to assess the strengthening model of Cu-Ti alloys. The dislocation 

density of Cu-Ti alloys in this study was not evaluated quantitatively, though it was evaluated 

through TEM micrographics qualitatively. To examine dislocation density quantitatively, XRD 

line-profile analysis or ASTAR / precession electron diffraction method can be used. 

It is anticipated that increasing Ti concentration will result in improved strength of 

heavily cold-rolled Cu-Ti alloys. From the Cu-Ti phase diagram, Ti contents of Cu-Ti alloys can 

be increased to 4 wt.% or more, whereas Cu-3.2%Ti was used in this research. As SFE decreases 

with increasing Ti content, the minimum grain size of heavily deformed Cu-Ti is expected to be 

reduced, which will result in enhanced strength. In addition, extensive pre-existing precipitates 

formed by thermomechanical processing can help develop the fine lamellar boundary spacing. 
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