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ABSTRACT 

 

Hydrogen embrittlement of Ni-base corrosion resistant alloys (CRAs) can occur when components under 

stress are exposed to hydrogen in deep sea oil wells. Ni-base CRAs, such as alloy 718, are primarily strengthened by 

precipitation of γ” and γ’, and the effect of these precipitates on hydrogen embrittlement is not well understood. To 

better understand hydrogen embrittlement of γ” and γ’ strengthened Ni-base CRAs, the hydrogen embrittlement 

susceptibilities and fracture modes of alloy 718 microstructures with variations in the γ” and γ’ precipitates and 

without grain boundary δ phase were evaluated through incremental step load (ISL) and rising displacement (RD) 

testing of circular notch tensile (CNT) specimens coupled with the direct current potential drop (DCPD) technique 

and with in situ cathodic hydrogen charging.  

Ki, the stress intensity factor for crack initiation, was generally independent of microstructure. Crack 

growth resistance and Ku, the stress intensity factor for the onset of unstable crack growth, were highly dependent on 

variations in the γ” and γ’ precipitates. At a constant strength level, the transition from under-aged to over-aged γ” 

decreased crack growth resistance and Ku. Increasing size of under-aged γ” decreased hydrogen embrittlement 

susceptibility, in terms of increasing crack growth resistance and Ku, despite increasing the strength level. These 

results demonstrate that high strength conditions with high hydrogen embrittlement resistance can be produced. 

Crack initiation appeared as fine-faceted transgranular cracks on {111} planes and occurred at the 

transition from Stage I to Stage II of strain hardening when the slip band spacing is surmised to reach a minimum 

value. The requirements for crack initiation are localization of deformation to the nucleated slip bands and a high 

concentration of hydrogen. Crack growth was dominated by transgranular cleavage on {100} planes with visible 

river marks, cracking on Σ3 twin boundaries, and cracking on general grain boundaries and was caused by 

dislocations piled-up at Lomer-Cottrell locks and grain boundaries in combination with hydrogen absorbed directly 

at the crack tip. The γ” and γ’ precipitates alter the strain hardening behavior which changes the crack tip stresses 

and strains required to propagate the crack and thereby influences crack growth resistance. There was no evidence of 

trapping at the γ” and γ’ precipitates from thermal desorption spectroscopy (TDS) experiments of specimens 

pre-charged with gaseous deuterium. 

The hydrogen embrittlement response of a microstructure with an intermediate strength level that contained 

δ phase was also evaluated. Transgranular crack initiation on {111} planes was observed for the δ containing 

microstructure at a similar Ki to microstructures without δ phase indicating that δ phase does not affect this fracture 

mode. Grain boundary δ phase caused unstable intergranular crack propagation at a low applied stress.  

The ISL test coupled with the DCPD technique allowed for identification of crack initiation and the onset 

of unstable crack growth and produced crack growth resistance curves. Slow strain rate (SSR) tensile testing of 

smooth specimens was also performed with in situ cathodic hydrogen charging, and the total elongation ratio from 

the SSR test exhibited an inverse relationship with Ku and crack growth resistance. This discrepancy highlighted that 

there are several uncertainties with regards to the mechanical property ratios produced in the SSR test.  
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CHAPTER 1 

INTRODUCTION 

 

Precipitation-hardened nickel-base corrosion resistant alloys (CRAs) are used for packers, tubing hangers, 

fasteners, valves, and bolting components in deep-sea oil wells because of their high-strength, high toughness, and 

corrosion resistance; however, field failures of these components have occurred due to hydrogen embrittlement. 

Hydrogen may be produced in several different ways in these environments and is absorbed on the surface of the 

CRA components. The combination of stress and absorbed hydrogen can result in a decrease in fracture strength and 

premature failure. 

Alloy 718 (UNS N07718), originally developed as INCONEL® 718, is one of several nickel-base CRAs 

used in deep sea oil wells. Alloy 718 is primarily strengthened by γ” and γ’ precipitates and may contain additional 

precipitates formed at grain boundaries and within grains during thermomechanical processing and/or heat treating. 

The multitude of different phases that are present in alloy 718 and other Ni-base CRAs has made it difficult to 

determine how γ” and γ’ precipitates influence hydrogen embrittlement. Since the γ” and γ’ precipitates are the 

primary strengthening phases in these alloys, a better understanding of the effect of γ” and γ’ on hydrogen 

embrittlement of CRAs will aid in the development of microstructures with greater hydrogen embrittlement 

resistance, while meeting the requirements for high strength applications.  

The multitude of testing methods used to evaluate hydrogen embrittlement of these alloys has resulted in 

significant variations in reported hydrogen embrittlement susceptibilities and fracture modes. A better understanding 

of the relationships between testing method, measured hydrogen embrittlement susceptibilities, and 

hydrogen-affected fracture modes may provide insight into the mechanisms controlling hydrogen embrittlement of 

nickel-base CRAs. 

1.1 Research Objectives 

This project focuses on evaluating hydrogen embrittlement susceptibility and mechanisms of different alloy 

718 microstructures with variations in the γ” and γ’ strengthening precipitates and with no grain boundary δ phase. 

Two specific research questions regarding the effects of the γ” and γ’ precipitates on hydrogen embrittlement have 

been developed:  

1. How do the differences between under-aged and over-aged γ” precipitates affect hydrogen 

embrittlement susceptibility and mechanisms? 

2. How do the sizes of under-aged γ” and γ’ precipitates affect hydrogen embrittlement susceptibility 

and mechanisms? 

The first research question regarding the effect of under-aged versus over-aged γ” on hydrogen 

embrittlement susceptibility is answered through hydrogen embrittlement testing of two microstructures which 

exhibit under-aged and over-aged γ”. Comparison of the hydrogen embrittlement results from conditions produced 

to achieve different γ” and γ’ sizes in the under-aged condition answers the second research question. To avoid 
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extraneous variables, the microstructures developed in this project contain no grain boundary δ phase, the same 

grain size, and similar carbide distributions. 

Hydrogen embrittlement susceptibility is evaluated in this project through incremental step load (ISL) and 

rising displacement (RD) testing of circular notch tensile (CNT) specimens and slow strain rate (SSR) tensile testing 

of smooth specimens with in situ cathodic hydrogen charging. The direct current potential drop (DCPD) technique is 

implemented in the ISL and RD test methods to provide a measurement of crack initiation and crack growth 

resistance. The ISL test combined with the DCPD technique also determines the onset of unstable crack growth. An 

in-depth characterization of the hydrogen-affected fracture modes is performed with scanning electron microscopy 

(SEM) and electron backscatter diffraction (EBSD). The trapping sites of alloy 718 are also evaluated through 

thermal desorption spectroscopy (TDS) of absorbed deuterium. 

1.2 Thesis Overview 

Background information on hydrogen embrittlement of alloy 718 and other precipitation-hardened 

nickel-base CRAs is presented in Chapter 2. Physical metallurgy of alloy 718 for use in oil and gas applications is 

outlined, and the main testing methods for hydrogen embrittlement evaluation are described. Current knowledge of 

the effects of alloy 718 microstructure on hydrogen embrittlement is reviewed. Finally, the hydrogen embrittlement 

mechanisms, fracture modes, and trapping characteristics observed in alloy 718 and similar alloys are also 

discussed.  

Chapter 3 describes the development of alloy 718 microstructures to answer the specific research questions. 

The methods for producing the various microstructures and characterization of the γ” and γ’ precipitates of the 

developed microstructures are also outlined. In Chapter 4, the methods for the hydrogen embrittlement assessment 

are described. Specimen designs and methods for determining mechanical properties are given. The methodology 

for performing ISL and RD testing with DCPD and SSR testing are presented along with the in situ environmental 

parameters. Methods for the SEM and EBSD fracture mode analysis and for the TDS analysis of deuterium trapping 

are also described. 

The Results are presented in Chapter 5. The γ” and γ’ characteristics are provided along with the 

mechanical properties for each microstructure. ISL and RD testing results are presented as crack growth resistance 

curves and stress intensity factors for crack initiation (Ki) and the onset of unstable crack growth (Ku). The 

mechanical property ratios from SSR testing are also presented. Fractographs from the SEM analysis of fracture 

modes are provided. The results from the quantitative EBSD analysis of fracture modes is provided as the frequency 

of cracking on lattice planes, twin boundaries, and general grain boundaries. The TDS results are presented, and 

possible hydrogen trapping sites are reviewed. 

Discussion of the hydrogen embrittlement susceptibilities, fracture modes, and mechanisms is presented in 

Chapter 6. The effects of γ” and γ’ on hydrogen embrittlement susceptibility are discussed. Mechanisms driving the 

observed hydrogen-affected fracture modes are discussed with regards to the stresses and strains at the notch, the 

plastic flow behavior of alloy 718, and the distribution of hydrogen during cracking. Finally, the relationships 

between the different hydrogen embrittlement testing methods are reviewed.  
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CHAPTER 2 

BACKGROUND 

 

In this chapter, microstructural development of alloy 718 for oil and gas applications is discussed. 

Hydrogen embrittlement (HE) testing methods are compared, with special emphasis on slow strain rate (SSR) 

tension testing and accelerated fracture mechanics test methods. Hydrogen embrittlement mechanisms of alloy 718 

are discussed with respect to microstructural variations and fracture modes. Hydrogen diffusivity and trapping in 

alloy 718 and similar alloys are also discussed. 

2.1 Physical Metallurgy of Alloy 718 for Oil and Gas Applications 

Alloy 718 was originally developed for use as piping for supercritical steam power plants but became most 

commonly used in aircraft gas turbine engines [1]. In the 1980s, the potential for alloy 718 applications in higher 

pressure and temperature (HPHT) oil wells was identified, and alloy 718 chemistry requirements and heat treatments 

for sour service were developed [1, 2]. Several other Ni-base CRAs have been qualified for sour oilfield 

environments (alloys 625, 625 plus, 725, 925, 945); however, alloy 718 is still frequently used for oilfield equipment 

due to its general corrosion resistance and reliability [1, 3]. 

The primary strengthening phases of 718 are γ’- Ni3(Ti,Al) and metastable γ”- Ni3Nb. Ti-rich γ’ can also be 

metastable and transform to η- (Ni3(Ti,Al) at longer aging times [4]. γ’ has a L12 crystal structure, and γ” has a D022 

crystal structure. After heat treating for oilfield applications, γ’ is normally spherical in shape while γ” forms 

ellipsoids. Strengthening of alloy 718 is primarily affected by the size and volume fraction of γ’ and γ” [4]. 

Additionally, γ” provides significantly more strengthening than γ’ because of the larger coherency strains around the 

γ” and the greater amount of γ” (the ratio of γ” to γ’ has been observed to be approximately 3:1). δ phase (Ni3Nb) 

can also be present in alloy 718 and generally forms on grain boundaries during aging. δ phase has an orthorhombic 

crystal structure and generally forms as platelets or needles. Metastable γ” can transform into δ phase with 

sufficiently long aging times. In addition to δ, other precipitates such as NbC, Ti(C,N), Cr- rich M23C6, and Laves 

phase can form in alloy 718 during thermomechanical processing and/or heat treating [5]. For reference, a 

time-temperature-transformation (TTT) diagram for 718 is given in Figure 2.1 [6]. Several other studies have shown  

variation in the times and temperatures for precipitation of γ’ and γ” in alloy 718 due to the difficulty in visually 

distinguishing between the two precipitates and determining which precipitate causes the initial increase in hardness 

during aging [7–10].  

API standard 6ACRA provides acceptable ranges for annealing and aging heat treatments for 718 for use in 

downhole environments, as well as examples of acceptable microstructures and acceptance criteria for room 

temperature mechanical properties such as yield strength, ultimate tensile strength, percent elongation, reduction of 

area, and hardness [11]. The heat treatments in the API 6ACRA standard are intended to achieve high-strength while 

also avoiding growth of δ-phase at grain boundaries. The acceptable heat treatment ranges for the 827 MPa (120 ksi) 

minimum yield strength and 965 MPa (140 ksi) minimum yield strength designations are shown in Table 2.1 [11]. 
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Annealing is performed above 1021 °C to ensure dissolution of δ and thereby increase hydrogen embrittlement 

resistance and the amount of niobium available for γ” precipitation [5, 10, 12, 13]. In certain service conditions, 

alloy 718 can experience hydrogen embrittlement despite being heat treated according to the API 6ACRA standard 

due at least in part to limited δ-phase precipitation along grain boundaries [14, 15]; these precipitates are formed 

during the aging step of the heat treatment. 

 

 

Figure 2.1  Time-temperature-transformation (TTT) diagram for alloy 718 showing the approximate aging 
temperatures and times required to precipitate the δ-phase (Ni3Nb) and the primary 

strengthening phases (γ’-Ni3(Ti,Al) and γ”- Ni3Nb). Adapted from [6]. 

 

 

2.2 Hydrogen Embrittlement Testing Methods 

The primary considerations for hydrogen embrittlement testing for oil and gas applications are the loading 

mode, specimen geometry, and environmental parameters. Specimens may be held at a constant load or 

displacement, dynamically loaded throughout the test, or a combination of these loading methods. A multitude of 

specimen geometries have been used for hydrogen embrittlement testing, but in general these specimens involve 

hydrogen embrittlement processes that occur at a smooth surface, a notch, or a fatigue pre-crack. 

The main environmental parameters that must be considered when designing an electrochemical HE test 

are aqueous solution, cathodic charging potential or current density, and temperature. Environmental parameters 

may be chosen to directly replicate environmental conditions for a specific application or to evaluate a material’s 

Table 2.1  Allowable Heat Treatments for Alloy 718 given in API 6ACRA [11] 

 

Alloy 
Minimum Yield Strength 

Designation 

Anneal 

Temperature (°C) 

Anneal 

Time (h) 

Age Temperature 

(°C) 
Age Time (h) 

718 827 MPa (120 ksi) 1021-1052 1.0-2.5 774-802 6-8 

718 965 MPa (140 ksi) 1021-1052 1.0-2.5 760-802 6-8 
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mechanical response when cathodically charged with hydrogen. Hydrogen embrittlement of Ni-base CRAs is most 

severe near room temperature, so hydrogen embrittlement testing of these alloys is normally performed near room 

temperature. The charging potential and/or current density directly affects the amount of hydrogen absorbed [16]. A 

constant cathodic current density is normally used to maintain a constant rate of production of hydrogen ions on the 

surface of the specimen. A constant cathodic potential is commonly used for replicating environments where the 

cause of hydrogen absorption is cathodic protection.  

Hydrogen charging may be performed during the test (in situ), prior to the test (pre-charged), or both. 

Hydrogen pre-charging can be performed prior to mechanical testing to cause hydrogen to diffuse deeper and more 

uniformly into a specimen than it would during a mechanical test with a duration of only a few days. Due to the low 

diffusivity of hydrogen in many CRAs, deep penetration of hydrogen usually requires charging at elevated 

temperatures [17–20]. Pre-charging can result in a different mechanical response for hydrogen embrittlement 

compared to in situ hydrogen. For in situ testing, crack initiation tends to occur on the surface of the material where 

the material is in contact with the hydrogen environment; with pre-charging, hydrogen-induced microcracks can 

initiate in the specimen during mechanical loading and these microcracks may coalesce to form the primary crack 

[21–24]. 

Hydrogen embrittlement constant load testing for oil and gas applications has been standardized in NACE 

Standard TM-0177 [25]. TM0177 allows for the test specimen to be galvanically coupled with carbon steel and can 

be performed with several different specimen geometries. The test runs for 30 days or until failure and results are 

reported as time-to-failure data, from which a threshold stress intensity factor for crack growth (Kth) can be 

determined with a sufficient number of tests. Constant displacement/constant load testing can be performed with a 

variety of specimen types and environments that may not be included in a corrosion testing standard, such as NACE 

TM-0177. The primary drawback of the constant displacement and constant load test methods are the extended test 

times. In an effort to avoid these long duration tests, testing development has recently focused on the slow strain rate 

(SSR) tension test method and accelerated fracture mechanics test methods. 

2.2.1 Slow Strain Rate (SSR) Tension Testing 

Slow strain rate (SSR) tension testing of alloys under cathodic polarization is a common test method to 

determine material susceptibility to hydrogen embrittlement. In the SSR test, a specimen is deformed in tension at a 

very low constant strain rate until failure in either a hydrogen-rich environment or an inert environment. ASTM 

Standard G-129 provides guidelines for slow strain rate testing to evaluate the susceptibility of materials to 

environmentally-assisted cracking mechanisms [26]. Several different specimen geometries including smooth, 

notched, and pre-cracked are detailed, but specific environmental factors are not considered. Ratios of the results of 

the tests from both environments (yield strength, ultimate tensile strength, notched tensile strength, total elongation, 

and reduction of area) are compared for different alloys to determine relative susceptibilities for those alloys in the 

testing environment [26, 27]. The benefits of slow strain rate testing are the relatively short duration of the test 

(~2 days), the simplicity of the testing setup, and the ability to easily compare mechanical property data between 

materials [28, 29]. Unfortunately, SSR testing parameters are not standardized for cathodic hydrogen embrittlement 

testing, so until recently testing was rarely performed with the same testing parameters (strain rate, temperature, 
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solution, etc.). These inconsistencies have made comparison of results from different sources difficult; however, a 

set of test parameters established by TOTAL have recently been used for a significant amount of SSR testing in the 

oil and gas industry and in Joint Industry Programs. 

Many studies have been performed using slow strain rate tensile testing to evaluate the susceptibility of 

nickel-base CRAs to embrittlement in hydrogen-rich environments [14, 18, 22, 30–38]. While increased hydrogen 

embrittlement susceptibility has been correlated to increased strength [30, 34], the influence of microstructure at 

high strength levels is not fully understood for many nickel-base CRAs. Figure 2.2 is a plot of total elongation ratio 

(ratio of total elongation in the hydrogen environment to total elongation in the inert environment) versus yield 

strength for alloy 718 conditions without extensive precipitation of δ-phase at the grain boundaries; the data were 

compiled from several different studies [14, 30, 31, 33, 34]. There is no clear correlation between hydrogen 

embrittlement susceptibility and strength, and there is not sufficient information to deconvolute the influence of 

differences in microstructures and SSR testing parameters between the studies. The SSR testing parameters for the 

studies in Figure 2.2 are listed in Table 2.2. Table 2.2 shows that SSR studies have used a variety of different testing 

parameters (strain rate, solution, electrolytic charging current density or potential, temperature, and pre-charging), 

which can make it difficult to compare results from one study to another. Besides strain rate and environmental 

testing parameters, there are other not commonly reported factors that can affect measured hydrogen embrittlement 

ratios, such as frame compliance and specimen surface finish.  

A major drawback of the SSR test is that no measurement of crack initiation and/or propagation is 

performed in the SSR test. There is currently no established methodology for identifying the portions of the total 

elongation of the flow curve from an SSR test which occur prior to crack initiation, during stable crack propagation, 

and during unstable crack propagation, so it is unclear how the different mechanical property ratios from the SSR 

test relate to these cracking processes. Recently, studies have attempted to identify the onset of crack initiation 

through in situ and post-mortem techniques. One study performed in situ scanning electron microscopy of an SSR 

tensile test of pre-charged alloy 718  and observed crack initiation at a plastic strain of 7.3% followed by rapid crack 

propagation and final fracture at a strain of 7.8% [39]. Crack initiation and propagation in this study were observed 

to occur along {111} slip bands even though the aging treatment (774 °C for 6 h) could have resulted in δ phase 

precipitation. Sampath et al. attempted to identify the onset of crack initiation by imaging the topography of the final 

fracture surfaces from SSR testing of alloy 718 and alloy 945X with a laser confocal microscope. The topographic 

images of the bottom and top halves of the main crack were overlaid so that the cracks fully overlapped. The images 

were then incrementally separated to determine the displacement in the SSR test required  to initiate a crack and then 

grow the crack to final failure [40]. This methodology showed a much greater amount of strain was required after 

crack initiation to reach final fracture. Additionally, crack initiation in pre-charged alloy 945X was believed to occur 

during elastic loading at a stress of about 400 MPa, while yielding did not occur until a stress of approximately 

1100 MPa. 

Microstructures with different yield strengths, ductilities, and work hardening rates also experience 

different flow stresses in an SSR test. For example, a material or microstructure with a greater yield strength or work 

hardening rate would experience greater flow stresses and therefore a larger stress driving crack propagation. Thus, 
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the total elongation ratio from an SSR test does not include all factors that affect hydrogen embrittlement 

susceptibility. The SSR test only provides a method for ranking the susceptibility of alloys and microstructures 

based on tensile ductility and does not produce any relevant material fracture property that can be used for design 

purposes. 

 

Figure 2.2  Ratio of elongation during cathodic hydrogen charging to elongation in an inert environment for 
slow strain rate (SSR) tensile tests of alloy 718 with no grain boundary δ-phase versus the room 

temperature yield strength (MPa) for each of those conditions [14, 30, 31, 33, 34]. 

 

 

2.2.2 Accelerated Fracture Mechanics Hydrogen Embrittlement Testing 

Accelerated fracture mechanics testing is commonly performed for HE evaluation because it is possible to 

determine a material fracture property that is relevant for design purposes [41]. Fracture mechanics testing also 

Table 2.2  Testing Parameters for Slow Strain Rate (SSR) Hydrogen Embrittlement Studies in Figure 2.2. 

 

First 

Author 

Reference 

Number 
Solution 

Cathodic Charging 

Current Density or 

Potential 

Temperature 

(°C) 

Strain Rate 

(s-1) 

Pre-

Charge 

(h) 

Cassagne [14] 0.5M H2SO4 5mA/cm2 40 2 x 10-7 None 

Foroni [33] 0.5M H2SO4 5mA/cm2 40 1 x 10-6 None 

Huang [34] 
Synthetic 

Seawater 

-1100 mV vs. 

Ag/AgCl 
24 4 x 10-6 48 

McCoy [30] 0.5M H2SO4 5mA/cm2 Not Provided 1 x 10-6 None 

Kernion [31] 3.5% NaCl 

-1100 mV vs. 

Saturated Calomel 

(SCE) 

Not Provided 4 x 10-6 None 
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results in different stress and strain distributions than in smooth specimen SSR testing, so different aspects of the 

microstructure might affect fracture and the measured susceptibility. Two common types of accelerated fracture 

mechanics test methods are the incremental step load (ISL) test and the rising displacement (RD) test. These test 

methods are normally performed with notched or pre-cracked specimens. 

The ISL test attempts to simulate the constant displacement conditions experienced in service by 

incrementally increasing the load on the specimen and then holding at a constant displacement for a pre-determined 

amount of time. A schematic of a load versus time plot for an ISL test is shown in Figure 2.3. The test is performed 

by first loading a specimen to a predetermined value. When the load reaches the specified value, the specimen is 

held at a constant displacement for a predetermined amount of time [42]. After the hold time, the load on the 

specimen is increased by the same amount as the first loading step and again held at constant displacement for the 

same amount of time. In this thesis, the load increase in each step will be referred to as the step size and the hold 

time at constant displacement will be called the step time. The load on the specimen is incrementally increased in 

this manner until the load drops at an increasing rate during the hold at constant displacement, which is assumed to 

be the onset of environmentally induced unstable crack growth. The final load of the step prior to the load drop is 

used to determine a threshold stress intensity factor for crack growth in the testing environment (Kth) [41, 42]. 

ASTM standard F1624 provides guidelines for determining the step sizes and step times for steels, but no standard 

exists for ISL testing of nickel-base alloys.  

 

Figure 2.3  Load (N) versus time (h) schematic for ISL tests with 8,900 N (2000 lb) and 4,450 N (1,000 lb) 

step sizes and 2 h step times. 

 

The rising displacement (RD) test is essentially an SSR test of a notched or pre-cracked specimen. The 

standard ISO 7539-9 Preparation and Use of Pre-Cracked Specimens for Tests under Rising Load or Rising 

Displacement provides guidelines for performing this type of test [43]. For this methodology, the loading or 

displacement rate should be sufficiently slow to produce the most conservative fracture toughness in the hydrogen 

environment, Kth. The Kth of the alloy is most commonly determined through an in situ crack growth measurement 

method, such as the direct current potential drop (DCPD) technique or measurement of the compliance of the 

specimen during the test [43]. 
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In the DCPD technique, a constant direct current is passed along the length of the specimen, and the 

voltage across the notch of the specimen is measured. When a crack initiates and grows at the notch, the resistance 

across the notch increases due to the reduction in cross-sectional area, which results in an increase in the measured 

voltage. A calibration between the size of the crack and the increase in voltage can be developed so that the crack 

size can be measured throughout the test. Measuring crack growth through changes in specimen compliance requires 

a direct measurement of crack displacement. Crack displacement can be measured through an extensometer attached 

directly to the notch of the specimen, but the extensometer must be isolated from the testing environment. 

Hydrogen embrittlement accelerated fracture mechanics testing is normally performed with notched or 

pre-cracked specimens. The single edge notch bending (SENB) specimen [44–46], the single edge notch tension 

(SENT) specimen, and the compact tension (CT) specimen have been used to evaluate hydrogen embrittlement of 

corrosion resistant alloys through accelerated fracture mechanics testing [47]. The drawbacks of the SENT and CT 

specimens are that thick specimens may be required to achieve true plane strain conditions due to the high ductility 

of many engineering alloys, and the specimens must be fatigue pre-cracked. The circular notch tensile (CNT) 

specimen, also known as a circular v-notch specimen, is also frequently used for hydrogen embrittlement testing of 

high ductility alloys. The constraint at the notch of a CNT specimen is greater than the constraint at the notch of a 

SENT or CT specimen with a similar thickness, so the CNT specimen is capable of achieving plane strain conditions 

with a smaller specimen [48]. Additionally, it has been shown that fatigue pre-cracking may not be necessary if a 

sharp enough notch is machined in a CNT specimen [48]. Figure 2.4 shows a nearly direct correlation between KIC 

values determined from pre-cracked CT specimens and CNT specimens with stress concentration (Kt) values 

between 6.0 and 8.0 produced from the same high strength alloys. These alloys included alloy 718, alloy 625, 

MP35N, MP159, Ti-6Al-4V, and 4140 steel. 

 

Figure 2.4 Correlation of KIC values determined from pre-cracked compact tension specimens and circular 

notched tensile (CNT) specimens of high strength alloys (alloy 718, alloy 625, MP35N, 

MP159, Ti-6Al-4V, and 4140 steel). [48]. A 1:1 line is shown on the plot. 
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2.3 Effect of Heat Treatment and Precipitation on Hydrogen Embrittlement Susceptibility 

Several studies have been performed to evaluate the effect of precipitates on the hydrogen embrittlement 

susceptibility of alloy 718. Multiple studies have found that the presence of the grain boundary δ phase can 

significantly increase susceptibility to intergranular cracking due to hydrogen embrittlement [14, 18, 22, 32, 36, 37, 

49]. Liu et al. also found that elimination of γ’ and γ” slightly decreases the hydrogen embrittlement susceptibility of 

alloy 718, but the alloy is not used in a single phase condition because precipitate strengthening is a key component 

to the alloy strength [18]. The greater effect on hydrogen embrittlement observed for δ phase precipitation than for 

γ’ and γ” precipitation was attributed to the greater lattice misfit of the δ precipitates with the matrix providing a site 

for crack initiation and to the tendency for the δ precipitates to distribute along grain boundaries [18].  

He et al. performed tensile testing after gaseous hydrogen pre-charging to evaluate the hydrogen 

embrittlement susceptibility of under-aged, peak-aged, and over-aged alloy 718 microstructures, which were 

produced by aging at 760 °C for different times [50]. No difference in hydrogen embrittlement susceptibility was 

observed for the three different microstructures even though the peak-aged and over-aged microstructures likely 

contained δ phase, while the under-aged microstructure most likely did not contain δ phase. Two studies evaluated 

several alloy 718 [51] and alloy 945X [52] microstructures through SSR testing of pre-charged smooth specimens. 

For both alloys, a high strength microstructure that did not contain δ phase was more susceptible to hydrogen 

embrittlement than low strength microstructures that contained δ phase.  

Obasi et al. evaluated the hydrogen embrittlement susceptibility of four alloy 718 microstructures and four 

alloy 945X microstructures through SSR testing of hydrogen pre-charged smooth specimens [53]. Microstructural 

variations were produced by adjusting the cooling rate after annealing but using the same aging temperature and 

hold time; the γ” precipitate size was measured for all microstructures. All alloy 718 microstructures contained δ 

phase and none of the alloy 945X microstructures contained δ phase. For alloy 945X, the hydrogen embrittlement 

susceptibility increased with increasing γ” size, which was attributed to the increase in strength level with larger γ” 

precipitates. For alloy 718, the susceptibility decreased with increasing γ” size due to a decrease in strength level 

with larger γ” up to a certain size. Eventually, the hydrogen embrittlement susceptibility began to increase with 

increasing γ” despite the lower strength, which was attributed to the δ phase becoming too coarse. The increase in 

strength with increasing γ” size for alloy 945X indicates that these microstructures were under-aged, while the 

decrease in strength with increasing γ” size for alloy 718 indicates that most of these microstructures were 

over-aged. 

Only a few studies have been performed with notched or pre-cracked specimens to evaluate hydrogen 

embrittlement susceptibility of alloy 718. In results obtained from ISL testing of pre-cracked SENB specimens with 

in situ hydrogen charging, a high strength double-aged alloy 718 microstructure exhibited a similar Kth to lower 

strength single-aged microstructures [31]. Another study showed higher stresses at failure for a high strength 

double-aged microstructure than for lower strength single-aged microstructures through SSR testing of notched 

specimens with in situ hydrogen charging; all the microstructures contained some δ phase [54].  

In the M.S. thesis project that preceded this study, both SSR and ISL testing with in situ hydrogen charging 

were performed on several alloy 718 microstructures [49, 55, 56]. SSR testing of peak-aged microstructures that 
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contained the same amount of δ phase but different grain sizes showed a negligible effect of grain size on hydrogen 

embrittlement susceptibility. SSR testing was also performed on peak-aged microstructures with different amounts 

of δ phase; the microstructure with less δ phase was less susceptible to hydrogen embrittlement.  

Both ISL and SSR testing were performed on a low strength under-aged microstructure with no δ phase, a 

high strength peak-aged microstructure with a small amount of fine δ phase, and a low strength over-aged 

microstructure with a larger amount of coarser δ phase than the peak-aged microstructure. The under-aged 

microstructure exhibited the lowest hydrogen embrittlement susceptibility (highest total elongation ratio in the SSR 

test and highest Kth in the ISL test), which was attributed to the lack of δ phase and was associated with a 

transgranular fracture mode. In both the ISL and SSR test, the peak-aged microstructure exhibited greater hydrogen 

embrittlement susceptibility than the over-aged microstructure even though both microstructures contained δ phase; 

both conditions exhibited primarily intergranular cracking. Due to the presence of δ phase in the peak-aged and 

over-aged microstructures but not the under-aged microstructure, the effect of the γ” and γ’ precipitate sizes and 

strength levels on hydrogen embrittlement susceptibility could not be isolated. 

2.4 Hydrogen Embrittlement Mechanisms of Alloy 718 

Hydrogen embrittlement (HE) of corrosion resistant alloys in oil and gas production environments is a 

cracking process caused by the absorption of atomic hydrogen on the surface of an alloy. Hydrogen embrittlement 

requires a cathodic reaction to produce hydrogen on a component. For Ni-base CRAs in oil and gas environments, 

hydrogen-induced crack initiation occurs due to hydrogen being present in the environment while the material is 

stressed, which is referred to as environmental hydrogen embrittlement (EHE). For EHE, cracking initiates on a 

smooth region or at a discontinuity on the surface of the component (such as a notch) where the material is in 

contact with the environment [21, 38]. Crack propagation is then enhanced by the absorption of hydrogen at the 

crack tip, which can be increased by the triaxial stress state and plastic zone at the crack tip [57–59]. The schematic 

in Figure 2.5 illustrates absorption of hydrogen on a smooth surface that can facilitate crack initiation and at a crack 

tip which can enhance crack propagation in Ni-base CRAs.  

 

Figure 2.5 Schematic showing a cathodic reaction on the surface of a nickel-base alloy causing hydrogen 

absorption on a smooth surface and at a crack tip. 
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There is still much debate as to the mechanisms that govern hydrogen embrittlement of materials. 

Hydrogen enhanced localized plasticity (HELP) is the mechanism generally considered to cause hydrogen-assisted 

crack growth in alloy 718 [38, 60]. Hydrogen enhances plasticity by aiding the movement of dislocations through 

the material. Hydrogen atmospheres segregate around mobile dislocations and obstacles to dislocation movement, 

which diminishes the stress fields and reduces the resistance to dislocation movement. Crack growth is enhanced 

when deformation is facilitated in the vicinity of the crack tip where hydrogen absorption is greatest. HELP may 

also cause dislocations to pile-up at grain boundaries, precipitates, or dislocation locks, resulting in a large stress and 

facilitating the formation of cracks at a low applied stress. Hydrogen-assisted cracking may also be affected by 

hydrogen preferentially segregating to stress concentrations, such as grain boundaries, precipitates, dislocation 

pile-ups, and/or along certain planes and causing atomic decohesion [38]. This hydrogen embrittlement mechanism 

is known as hydrogen enhanced decohesion (HEDE) and is a result of the weakening of atomic bonds due to high 

concentrations of hydrogen atoms [61].  

2.5 Hydrogen Embrittlement Fracture Morphologies of Alloy 718 

Generally, hydrogen embrittlement of alloy 718 is evaluated through mechanical testing in a hydrogen-rich 

environment or after pre-charging with hydrogen. Mechanical testing of alloy 718 with no absorbed hydrogen 

normally shows a ductile fracture appearance composed of primarily dimpled rupture [17, 18, 20, 31, 38, 47, 60]. 

With increasing amounts of absorbed hydrogen, the ductility of alloy 718 is decreased and the fracture appearance 

becomes more brittle [17, 20, 38, 60]. Transgranular cracking (TGC) and intergranular cracking (IGC) have both 

been observed in the brittle regions of alloy 718 with absorbed hydrogen. The morphology and amount of 

transgranular and intergranular cracking is dependent on both the microstructure and amount of absorbed hydrogen. 

2.5.1 Transgranular Cracking 

Several different forms of transgranular cracking have been observed in hydrogen embrittled alloy 718. 

Figure 2.6 shows fractographs after rising displacement testing of pre-charged alloy 718 with a microstructure that 

may have contained δ phase (aged at 760 °C for 10 h, furnace cooled to 649 °C and aged for 10 h). Large flat facets 

with slip steps that resemble river marks have been observed as shown in Figure 2.6 (a) [17]. These large facets are 

normally on the order of the grain size, and the direction of the river marks appear to change directions at 

boundaries. Large transgranular cleavage facets were the primary fracture feature for a low strength under-aged 

microstructure without δ phase in the M.S. thesis preceding this work [49, 55]. Additionally, fine-faceted features 

composed of intersecting crystallographic planes have been observed in alloy 718 and are shown in Figure 2.6 (b) 

[17, 20, 38, 47]. These features were described as cleavage cracking due to slip band transgranular cracking along 

{111} planes by Hicks and Alstetter [17] and are considered to be caused by the HELP mechanism along slip bands. 

Plasticity was proposed to have been localized when hydrogen diffused to regions of lattice dilation and diminished 

the stress field necessary for slip, causing significant damage along the slip bands. 
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(a) 

 

(b) 

Figure 2.6 SEM fractographs of (a) large flat transgranular facets and (b) fine faceted areas composed of 

intersecting crystallographic planes from fracture surface of hydrogen embrittled alloy 718 [17]. 
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Electron channeling contrast (ECC) imaging and electron backscatter diffraction (EBSD) analysis of 

hydrogen charged alloy 718 has also shown that transgranular cracks propagate along {111} planes [62, 63]. An 

ECC image with a transgranular crack propagating perpendicular to the tensile axis after tensile testing of an alloy 

718 specimen pre-charged with hydrogen is shown in Figure 2.7 (a) [62]. In this study, the alloy 718 specimens 

were furnace cooled at 15 °C·min-1 after annealing and aged at 774 °C for 6 h which would likely result in a 

microstructure containing δ phase even though none was observed.  ECC imaging revealed that transgranular cracks 

propagate parallel to dislocation slip bands (DSBs) along {111} planes. Tarzimoghadam et al. also observed crack 

propagation along {111} planes through ECC imaging in a microstructure that contained δ phase after aging at 

780 °C for 8 h. The ECC image in Figure 2.7(b) shows the effect of twin boundaries on transgranular crack 

propagation [62]. These transgranular cracks sometimes changed direction at intersections with other {111} slip 

bands [62, 64] and at twin boundaries [62]. This transgranular cracking fracture mode was again attributed to the 

HELP mechanism localizing planar slip along {111} slip bands, resulting in dislocation pile-ups at slip band 

intersections. Micro-cracks [64] and/or small voids [62] were believed to initiate at the slip band intersections and 

then coalesce to propagate the crack. Lillard et al. also observed steps and intersecting slip bands on transgranular 

facets through in situ RD testing of SENT specimens, which were more common at higher Kth [47].  

 

 

(a) 
 

(b) 

Figure 2.7 ECC images showing cracks propagating perpendicular to the tensile axis after tensile testing of 

alloy 718 with pre-charged hydrogen. (a) A transgranular crack propagating parallel to dislocation 
slip bands (DSBs), and (b) a transgranular crack changing directions as it propagates across twin 

boundaries [62]. 
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2.5.2 Intergranular Cracking 

Smooth intergranular cracking has been observed in alloy 718 microstructures both with and without 

extensive δ phase precipitation and is sometimes mixed with transgranular cracking [20, 31, 40, 47, 55]. 

Lillard et al. conducted crack growth experiments with in-situ hydrogen charging on δ phase containing alloy 718 

and observed a larger amount of smooth intergranular cracking for specimens that produced a lower Kth. Small 

particles and ridges were observed on some intergranular facets, while indentations were observed on other facets; 

these deviations were proposed to be due to the crack deflecting from its intergranular path at small grain boundary 

precipitates [47]. Smooth intergranular cracking with slip lines and small deviations on the facets was the primary 

hydrogen-affected fracture mode for microstructures with small amounts of δ phase in the M.S. thesis preceding this 

work as shown in Figure 2.8 (a) [49, 55, 56].  

 

 

(a) 

 

(b) 

Figure 2.8 SEM fractographs of (a) smooth intergranular hydrogen-affected cracking with slip lines and 

small deviations from IGC from an alloy 718 microstructure with small amounts of δ phase and 
(b) a serrated fracture mode along grain boundaries in an alloy 718 microstructure containing a 

significant amount of δ phase [49, 55, 56]. 

 

ECC imaging has revealed the intersection of slip lines with intergranular cracks in hydrogen charged alloy 

718 [64], and kernel average misorientation (KAM) maps from EBSD analysis of intergranular cracks have shown 

deformation localized in the vicinity of the grain boundaries [63, 65]. In these cases, the intergranular cracks were 

believed to be caused by stress concentrations at  grain boundaries due to the HELP mechanism enhancing 

dislocation movement and causing a pile-up of dislocations at the boundary. Cracks have also been observed to 

propagate along the interface between the matrix and δ phase, and slip bands in the matrix have been observed to 

intersect these cracks [66]. This study also showed the formation of voids within δ phase where slip bands passed 

through the δ phase. Mechanical testing after cathodic hydrogen pre-charging of a Ni-Nb (22 wt%) alloy that 

contained a γ matrix and large δ phase precipitates produced brittle regions composed of featureless facets due to 
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debonding between the γ and δ phases [67]. Accumulation of hydrogen at the γ/δ interface during mechanical testing 

was believed to cause weakening of atomic bonds leading to interatomic decohesion. 

Transgranular cleavage along {111} planes in the vicinity of grain boundaries has also been observed [20, 

31, 38]. Galliano et al. proposed transgranular cleavage around δ phase to be due to decohesion between δ 

precipitates and the matrix [20]. Fournier et al. performed SSR testing of an alloy 718 microstructure with a 

continuous film of δ phase along the grain boundaries and observed a fracture surface which appeared intergranular 

at low magnification; however, at higher magnification the cracks were not smooth and the stepped features along 

the grain boundaries were believed to be transgranular cleavage microfacets that formed on {111} planes due to the 

HELP mechanism. In the previous M.S. thesis, a fracture mode similar to that described by Fournier et al. was 

observed for a microstructure containing significant amounts of grain boundary δ phase as shown in Figure 2.8 (b) 

[49, 55]. Regardless of the mechanism (decohesion or HELP), the stepped cracking in the vicinity of grain 

boundaries observed in these studies is likely due to cracking along the interface between the δ phase and the γ 

matrix and is best described as interphase cracking. This interphase cracking most likely occurs on {111} planes 

because the orientation relationship between the γ and δ phases results in the elongated face of the δ phase forming 

on {111} planes of the γ matrix [68, 69]. 

EBSD analysis of intergranular cracks in hydrogen charged and tensile tested alloy 718 revealed that 

intergranular cracking occurred predominantly on grain boundaries with misorientations between 15° and 50° [70]. 

Coherent twin boundaries (CTBs) in alloy 725 have been observed to be susceptible to intergranular crack initiation 

but resistant to crack propagation through EBSD analysis [71]. Enhanced dislocation movement along CTBs was 

considered to be potentially responsible for the observed susceptibility to crack initiation, but a mechanism was not 

proposed for the corresponding resistance of CTBs to crack propagation. The findings of these two studies conflict, 

and it is not clear whether grain boundary precipitates were present in the evaluated microstructures for either study. 

SSR testing after cathodic hydrogen pre-charging of an annealed alloy 718 microstructure with no δ, γ’,  

and γ” precipitation by Galliano et al. resulted in only smooth intergranular cracking [20]. Other studies have shown 

a ductile dimpled rupture failure mode for annealed alloy 718 microstructures with absorbed hydrogen. These 

studies observed smaller [72] and fewer dimples [73] from tensile testing with hydrogen than in air. 

Variations in observed fracture appearance between different studies could be due to several different 

factors. The difference in fracture appearance could be due to the amount and location of absorbed hydrogen in the 

microstructure. In situ charging near room temperature results in a high hydrogen concentration at the surface, while 

pre-charging results in a more even hydrogen distribution through the specimen. The amount of constraint due to the 

specimen type may also affect the observed fracture appearances. SSR studies generally use smooth specimens, 

while crack growth studies employ pre-cracked or notched specimens which increase stress triaxiality and localize 

deformation.  
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2.6 Hydrogen Diffusion and Trapping in Alloy 718 and Similar Alloys 

Several studies have attempted to measure the hydrogen diffusivity, permeability, and/or solubility 

characteristics of different microstructures of alloy 718. Robertson first showed the same hydrogen diffusivity in 

alloy 718 for annealed and aged microstructures [74]; however, other studies have shown hydrogen diffusivity in 

alloy 718 to decrease with increasing amounts of precipitates [73, 75–77]. There is also not a consensus in the 

literature on the effect of precipitation phases on hydrogen solubility in alloy 718. It has been proposed that 

hydrogen solubility increases in alloy 718 with increasing γ’ and γ” precipitation due to hydrogen trapping at the 

interface between the matrix and the γ’ and γ” precipitates [77], but it has also been proposed that hydrogen 

solubility decreases with increasing γ’ and γ” precipitation because the γ matrix possesses greater hydrogen 

solubility than the precipitation phases [20, 74]. Differences in charging parameters, particularly temperature, may 

be partly responsible for the reported discrepancies in hydrogen solubility in alloy 718 [77]. 

Few thermal desorption spectroscopy (TDS) studies of alloy 718 have been performed, and no systematic 

analysis of hydrogen trapping in alloy 718 microstructures with different precipitate phase distributions has been 

performed. Tarzimoghadam et al. performed TDS of an aged alloy 718 microstructure that was cathodically charged 

and observed a single low temperature peak [63]. A greater hydrogen content within this peak was observed after 

electrochemical hydrogen charging during a tensile test than hydrogen charging alone, which was attributed to the 

tensile stress causing greater hydrogen absorption.  

TDS has been performed on several different alloy systems to determine the trapping characteristics of 

precipitates. Misfit dislocations along semi-coherent interfaces of TiC in steel have been shown to be hydrogen 

trapping sites, and hydrogen has been observed to trap within incoherent TiC particles [78]. The incoherent θ 

precipitates in Al-Cu alloys have also been shown to trap deuterium through TDS after gaseous deuterium charging 

[79]. Ai et al. evaluated the trapping characteristics of coherent γ’ by performing TDS on both solutionized and aged 

Monel K-500 [80]. A higher temperature peak was observed for the aged microstructure, which was not observed 

for the solutionized microstructure and was therefore attributed to trapping due to the presence of the γ’ precipitates. 

The actual hydrogen trapping site was assumed to be the matrix/γ’ interface; however, an atom probe tomography 

study showed no hydrogen trapped at the matrix/γ’ interface or within γ’ [81]. 

Tarzimoghadam et al. performed several different hydrogen mapping experiments on a Ni-Nb (22 wt%) 

binary alloy, which consisted of a γ FCC matrix and islands of δ phase (Ni3Nb) [67]. After hydrogen charging, 

thermal desorption spectroscopy (TDS) revealed a lower temperature peak for diffusible hydrogen with an activation 

energy of approximately 21 kJ/mol and a higher temperature peak for trapped hydrogen with an activation energy of 

approximately 53 kJ/mol as can be seen in the plot of hydrogen desorption rate versus temperature in Figure 2.9 

[67]. A more rapid release of diffusible hydrogen from the γ phase than the δ phase was observed through Ag 

decoration and scanning kelvin probe force microscopy (SKPFM), which was believed to indicate that the lower 

temperature peak observed in TDS is due to the diffusible hydrogen in the γ phase and the higher temperature peak 

is due to strong hydrogen trapping in the δ phase. Secondary ion mass spectroscopy (SIMS) analysis with deuterium 

as a substitute for hydrogen revealed a deuterium intensity in the matrix three times higher than in the δ phase, 

which correlates with a greater hydrogen solubility in the matrix. On the other hand, Zhang et al. performed SIMS 
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analysis with deuterium on alloy 718 and observed a greater amount of deuterium in the δ precipitates than in the 

matrix [66]. A lower deuterium concentration was observed in NbC and TiN precipitates than in the matrix by 

Zhang et al. 

 

 

Figure 2.9 Hydrogen desorption rates (wt ppm·s-1) in a Ni-Nb (22 wt%) alloy versus temperature (°C) are 

plotted for heating rates of 20 and 10 °C·min-1. Adapted from [67]. 

 

In nickel, grain boundaries have been observed to be short circuit paths for hydrogen diffusion [82–84]. 

Oudriss et al. studied hydrogen distributions near grain boundaries in polycrystalline nickel by combining electron 

backscatter diffraction (EBSD) analysis of grain boundary character with a secondary ion mass spectroscopy (SIMS) 

analysis of hydrogen concentration profiles in the vicinity of the grain boundaries [83]. For random grain boundaries 

(Σ>29), hydrogen concentration was observed to instantaneously increase or decrease at the grain boundary, which 

was thought to indicate that hydrogen does not easily move across random grain boundaries. Instead, random grain 

boundaries were considered to be short circuit hydrogen diffusion paths due to their large amount of free volume. 

Lee and Lee performed TDS on hydrogen charged single-crystal and polycrystalline pure nickel and observed a 

small peak at a lower temperature than the lattice peak in the polycrystalline nickel that was not present in the 

single-crystal nickel, which also indicates a short-circuit diffusion path along grain boundaries [84]. 

2.7 Summary 

Precipitation hardened alloy 718 and similar Ni-base corrosion resistant alloys are frequently used in oil 

and gas applications but can be susceptible to hydrogen embrittlement. API standard 6ACRA provides guidelines 

for heat treatments and mechanical properties of alloy 718 for use in oil and gas applications. Annealing is 

performed above 1021 °C to ensure dissolution of δ phase because of the well-documented increase in hydrogen 

embrittlement intergranular cracking with increased grain boundary δ phase precipitation. Recent hydrogen 
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embrittlement field failures of Ni-base CRAs in oil and gas environments have occurred in microstructures that both 

have met and have not met the guidelines in API 6ACRA.  

SSR testing is the most commonly performed hydrogen embrittlement testing method for the evaluation of 

Ni-base CRAs in oil and gas applications. The SSR test has a short duration and is useful for comparing the relative 

HE susceptibilities of alloys and microstructures through mechanical property ratios between testing in the hydrogen 

environment and testing in an inert environment. The SSR test provides no information on the initiation and 

propagation of hydrogen-affected cracks. The ISL test method is an accelerated fracture mechanics test method that 

produces Kth values with a test duration similar to that of the SSR test. The ISL test uses holds at constant 

displacement at incrementally increased loads in order to replicate the constant displacement conditions that alloys 

experience in application. Rising displacement testing is another type of accelerated fracture mechanics test method 

and is essentially an SSR test of notched or pre-cracked specimens with an in situ method of determining the onset 

of crack growth, such as DCPD. 

Absorption of hydrogen in alloy 718 generally results in a change from ductile failure to transgranular and 

intergranular fracture modes. Several different forms of transgranular cracking have been observed in hydrogen 

embrittled alloy 718. Fine-faceted features have been described as cleavage cracking along {111} planes and have 

been proposed to be transgranular cracking due to damage along slip bands. Large faceted transgranular cracking 

features have also been observed in alloy 718. Smooth intergranular cracking has been observed in alloy 718 

microstructures both with and without extensive δ phase precipitation. The HELP mechanism is frequently 

referenced to explain hydrogen-affected cracking in alloy 718 due to observations of significant plasticity in the 

vicinity of transgranular and intergranular cracks as well as slip bands intersecting cracks. 

There is no consensus in the literature on the effect of precipitation phases on hydrogen diffusion and 

solubility in alloy 718. Hydrogen trapping of the γ” and γ’ precipitate phases in alloy 718 has not been studied. δ 

phase has been shown to trap hydrogen in a Ni-Nb binary alloy, but the solubility of hydrogen in δ phase relative to 

the matrix in alloy 718 is disputed. Grain boundaries have been shown to be short circuit paths for diffusion in 

nickel. 
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CHAPTER 3 

EXPERIMENTAL PROCEDURES: MICROSTRUCTURAL DEVELOPMENT AND CHARACTERIZATION 

 

3.1 Alloy 718 Processing 

Alloy 718 with the composition given in Table 3.1 was hot-rolled to a plate with a thickness of 1.91 cm 

(0.75 in) and a width of approximately 23 cm (9 in). The plate was sectioned and annealed in box furnaces with the 

highest allowed time and temperature within the guidelines of API standard 6ACRA (1050 °C for 2.5 h) followed by 

water quenching [11]. This annealing treatment was chosen to ensure complete dissolution of δ phase produced 

during the previous thermomechanical processing and a consistent grain size. For microstructural development, 

small coupons were sectioned from the annealed plates and aged in box furnaces to allow for relatively rapid heating 

and cooling. The coupons were water quenched after aging. Once the desired microstructures were chosen, the 

plates to produce mechanical testing specimens were also aged in box furnaces. 

 

 

 

 
 

wt % Ni Cr Nb Mo Ti Al Co 

Alloy 718 53.39 18.44 5.00 2.87 1.02 0.52 0.33 

C Mn Si P S B Cu Fe 

0.015  0.119 0.075 0.009 0.0004 0.003 0.10 17.99 

 

3.2 Microstructural Development of Alloy 718 

This project focuses on evaluating hydrogen embrittlement susceptibility and mechanisms of different alloy 

718 microstructures with variations in the γ” and γ’ strengthening precipitates and with no grain boundary δ phase. 

As presented in the Introduction chapter, two specific research questions regarding the effect of the γ” and γ’ 

precipitates on hydrogen embrittlement have been developed:  

3. How do the differences between under-aged and over-aged γ” precipitates affect hydrogen 

embrittlement susceptibility and mechanisms? 

4. How do the sizes of under-aged γ” and γ’ affect hydrogen embrittlement susceptibility and 

mechanisms? 

Since δ phase is formed at higher aging temperatures and longer aging times, it is difficult to produce 

microstructures with over-aged γ” and no δ phase using conventional aging times and temperatures. Therefore, to 

answer the first research question, an experimental plan was executed to develop a microstructure with an over-aged 

state of the γ” precipitates and no grain boundary δ phase. Then, a second microstructure with an under-aged state of 

the γ” precipitates, the same hardness, and a similar volume fraction of γ” precipitates was produced by aging for a 

shorter time at the same temperature. These two microstructures allow for a direct evaluation of the effect of 

Table 3.1  Composition of Nickel-Base Corrosion Resistant Alloy 718 
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coarsening the γ” precipitates from an under-aged state to an over-aged state on hydrogen embrittlement. To answer 

the second research question, two additional microstructures with different sizes of under-aged γ” and γ’ precipitates 

were developed; the different precipitate size distributions resulted in different strength levels for each condition.  

Single step aging heat treatments were performed at 800 °C, 760 °C, 720 °C, 700 °C, and 680 °C in order 

to identify an aging temperature to produce a microstructure with over-aged γ” precipitates and no grain boundary δ 

phase. This aging temperature needed to be low enough to avoid δ phase precipitation before an over-aged state 

could be reached but high enough to coarsen the γ” precipitates to an over-aged state in a reasonable heat treating 

time. To determine the aging time required to reach an over-aged state of the γ” precipitates, Vickers microhardness 

was performed according to ASTM standard E384 with a load of 500 g and a dwell time of 10 s [85]. The transition 

from an under-aged to an over-aged state of the γ” precipitates was evaluated as the time at which hardness began to 

decrease with further aging time. To determine if δ phase was present at the grain boundaries, scanning electron 

microscopy (SEM) was performed on a JEOL 7000 field emission scanning electron microscope (FESEM). The 

time-temperature-transformation (TTT) curve for δ phase determined between 680 °C and 800 °C in this study is 

provided in Appendix A. 

For alloy 718, nucleation and growth of the γ” precipitates occur relatively rapidly and the γ” precipitates 

are relatively small once growth is completed and coarsening begins. Since most of the increase in γ” size is due to 

coarsening and the equilibrium volume fraction of γ” is reached in a small portion of the aging time, the diameter of 

the γ” precipitates can be estimated based on the coarsening rate. Han et al. showed that coarsening of γ” 

precipitates in alloy 718 conforms to the Lifshitz-Slyozov-Wagner (LSW) theory [86]. The LSW kinetic equation 

can be written for disc-shaped particles as shown in Equation 3.1, where D is the diameter of γ”, D0 is the diameter 

of γ” at the onset of coarsening, K” is the coarsening rate, and t is the aging time [87]. 

 D3 − D03 = K"t (3.1) 

Several studies in the literature have determined coarsening rates of γ” precipitates, but not for the specific 

aging temperatures performed in this study; however, the data from these studies can be combined and extrapolated 

to the temperatures of interest. According to the LSW theory, coarsening is controlled by volume diffusion, and the 

coarsening rate can be written as a function of temperature (T) as in Equation 3.2, where A and B are constants and B 

is directly related to the activation energy for solute diffusion through the matrix. 

 K" = 
AeBT  (3.2) 

The constants A and B can be determined by plotting ln(K”·T) versus T-1 with data from the literature as 

shown in Figure 3.1 [86, 88, 89]. K” can then be calculated as a function of aging temperature and inserted into 

Equation 3.1 to estimate the diameter of the γ” at each aging temperature and time. Since the growth of the γ” prior 

to coarsening is assumed to be very small, D0 in Equation 3.1 is set to zero. 

The diameter predictions were used to correlate aging conditions to hardness. Plots of microhardness versus 

estimated diameter are shown for single-step aging treatments at 800 °C, 760 °C, and 680 °C in Figure 3.2. The peak 

in hardness occurs near the same estimated γ” diameter (~35 nm) for all three aging temperatures in Figure 3.2. The 
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plots in Figure 3.2 show that hardness at each diameter increases with decreasing aging temperature, which is due to 

the increase in volume fraction of γ” and γ’.  

 

Figure 3.1 Plot of ln(K”·T) versus T-1 for γ” from the literature [86, 88, 89]. 

 

 

Figure 3.2 Microhardness versus estimated γ” diameter for single-step heat treatments at 800 °C, 760 °C, and 

680 °C. 

 

Aging temperatures of 800 °C, 760 °C, and 720 °C were not low enough to avoid δ phase precipitation 

before the over-aged state had been reached. The onset of δ phase precipitation appeared to be just past the time for 

peak hardness at 700 °C, but a slight error in heat treating time could result in the precipitation of δ phase or an 

under-aged state of the γ” precipitates. For aging at 680 °C, the peak hardness was reached after aging for 300 h, and 

no δ phase was observed after aging for up to 800 h. Thus, there is a broad time window to achieve the desired 
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microstructures, so 680 °C was chosen as the aging temperature. Aging times of 140 h (under-aged) and 600 h 

(over-aged) at 680 °C were chosen for the final microstructures (labeled in Figure 3.2). These aging times were 

chosen so that both microstructures would exhibit the same hardness and so the over-aged microstructure could be 

produced in a reasonable aging time. These two microstructures are referred to as under-aged 680 and over-aged 680 

and result in under-aged and over-aged γ”, respectively, as well as the same hardness and volume fraction of the γ” 

and γ’ precipitates. 

Two additional microstructures with under-aged γ” and γ’ were necessary to answer the second research 

question. A microstructure that was produced by aging at 710 °C for 6 h (referred to as under-aged 710) was 

previously evaluated in the M.S. thesis and was chosen to be evaluated in this project as well [49, 55]. Another 

microstructure with under-aged γ” and a yield strength of ~965 MPa, which is commonly used in service and similar 

to that of the peak-aged microstructure from the M.S. thesis, was developed. The standard aerospace heat treatment 

for alloy 718 (720 °C for 8 h and 620 °C for 8 h) was found to adequately produce under-aged γ”, no δ phase, and 

this desired strength level. This microstructure is referred to as double-aged and possesses a strength level between 

that of the under-aged 710 and the under-aged 680 microstructures. Due to the similarity in aging temperatures, the 

difference in strength level for these three microstructures was primarily controlled by the difference in the size 

rather than volume fraction of the under-aged γ” and γ’.  

Table 3.2 provides the aging temperatures and times, microhardness, and diameters of the γ” precipitates 

estimated with Equations 3.1 and 3.2 for each microstructure that was evaluated for hydrogen embrittlement 

susceptibility in this project. The first research question regarding the effect of under-aged versus over-aged γ” on 

hydrogen embrittlement susceptibility was answered through hydrogen embrittlement testing of the under-aged 680 

and over-aged 680 microstructures. Comparison of the hydrogen embrittlement results of the under-aged 710, 

double-aged, and under-aged 680 microstructures were used to address the second question regarding the influence 

of the size of under-aged γ” on hydrogen embrittlement. Additional δ phase containing microstructures from the 

previous M.S. thesis were evaluated with new testing techniques developed in this work, and the designations and 

heat treatments for those microstructures are also provided in Table 3.2 [49, 55]. These microstructures were also 

annealed at 1050 °C for 2.5 h before aging. For all single step aging treatments in Table 3.1, the plates were air 

cooled after aging. For the double-aged microstructure (720 °C for 8 h, 620 °C for 8 h), the plates were water 

quenched after the first aging step and air cooled after the second aging step. 

 

Designation 
Aging 

Temperature (°C) 

Aging Time 

(h) 

Microhardness 

(VHN) 

Estimated D 

of γ” (nm) 
Under-aged 710 710 6 362 14.9 

Double-aged 720+620 8+8 425 19.2 

Under-aged 680 680 140 459 28.9 

Over-aged 680 680 600 461 42.7 

Peak-aged 760 6 424 31.3 

Over-aged 800 800 8 392 59.2 

High Delta 950 + 760 4 + 6 421 31.3 

Table 3.2  Designation, Aging Temperature, Aging Time, Microhardness, and Estimated Diameter of γ” for 
Each Microstructure in This Study 
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3.3 Grain Size Determination 

Metallographic samples of all heat treatment conditions were sectioned from the heat treated plates. The 

samples were mounted in Bakelite and then ground with 240, 320, 400, and 600 grit SiC papers. Polishing was 

performed on an automatic polisher according to the procedure in Table 3.3. Specimens for LOM analysis were 

swab etched with Kalling’s No. 2 (200 ml ethanol, 200 ml hydrochloric acid (HCl), 10 g cupric chloride (CuCl2)) for 

approximately 20 s each. Etching was performed immediately after the final polishing step to avoid the formation of 

a protective oxide coating. After etching, specimens were first rinsed with distilled water, then rinsed with ethanol, 

and finally dried with heated air. Light optical microscopy (LOM) was performed on an inverted Olympus PMG3 

light optical microscope for grain size analysis. The resulting grain sizes for each heat treatment were determined 

with the concentric circles method outlined in ASTM standard E112 [90].  

 

Step Compound Lubricant Pad Time (min) Force (N (lb)) 

1 
6 µm diamond 

suspension 

Alcohol-based 

extender 
LECO Lecloth 3-6 13 (3) 

2 
1 µm diamond 

suspension 

Alcohol-based 

extender 
LECO Lecloth 3 13 (3) 

3 
0.05 µm colloidal 

silica 
None Imperial Cloth 2 13 (3) 

  

3.4 Transmission Electron Microscopy (TEM) Precipitate Analysis 

TEM was used to measure the sizes of the γ” and γ’ precipitates. Specimens for TEM analysis were 

sectioned from the heat-treated plates with a low speed saw. The sectioned specimens were approximately 400 µm 

thick and were adhered to a 25.4 mm thick Al stub with Quick-Stik 135. Grinding of both sides of the specimen was 

performed with SiC papers of 400 and 600 grit until a thickness of less than 100 µm was achieved. Three mm 

diameter disks were punched from the specimens. The specimens were thinned to electron transparency with a 

Fischione Model 110 Automatic Twin-Jet Electropolisher. Electropolishing was performed with a solution of 20% 

perchloric acid, 20% 2-butoxyethanol, and 60% ethanol at a temperature of -20 °C with an applied voltage of 30 V, 

which corresponds to a current density of approximately 40 mA. A Philips CM-12 operated with a 120 keV beam 

energy was used for bright field (BF) and dark field (DF) imaging. The largest C1 condenser aperture, largest spot 

size, and smallest objective aperture were used for imaging. 

The γ” phase (D022 structure) forms as coherent ellipsoidal particles with three possible orientation variants 

lying on the {100} planes of the γ matrix, while the γ’ phase (L12 structure) forms as coherent spheres also lying on 

the {100} planes of the γ matrix [4, 86, 91–93]. Figure 3.3 (a) shows a selected area diffraction pattern (SADP) of a 

[100] zone, and Figure 3.3 (b) shows a bright-field micrograph of the over-aged 680 microstructure. Some of the γ” 

and γ’ precipitates can be seen in the bright-field micrograph in Figure 3.3 (b), but differentiation between the γ” and 

γ’ precipitates is only possible with dark-field imaging. The (100), (010), and (110) reflections in the SADP in 

Figure 3.3 (a) are due to both the γ” and γ’ precipitates, while the (1 ½ 0) and (½ 1 0) reflections are only due to the  

Table 3.3  Polishing Procedure to Prepare Specimens for Light Optical Microscopy (LOM) and Scanning 

Electron Microscopy (SEM) 
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(a) (b) 

  

(c) (d) 

Figure 3.3 TEM images and diffraction patterns from the same region of over-aged 680 alloy 718. (a) SADP 
of a [100] zone. (b) BF image, (c) DF image with (100) reflection (γ” and γ’), and (d) DF image 
with (½ 1 0) reflection (γ” only). 
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γ” variants that are oriented edge-on [69, 86, 91–93]. Figure 3.3 (c) is a dark-field image of the over-aged 680 

microstructure taken with the (100) reflection, and Figure 3.3 (d) is a dark-field image of the same region as in 

Figure 3.3 (c) but taken with the (½ 1 0) reflection. By comparing Figure 3.3 (c) and Figure 3.3 (d), the γ” and γ’ 

phases can be differentiated, and the diameter and thickness of the γ” phase and the diameter of the γ’ phase can be 

measured. For each microstructure, at least 600 γ” and 300 γ’ precipitates were measured. 

The volume fractions of the γ” and γ’ phases were measured through TEM. For each imaged region, the 

size of the other orientation variants of the γ” phase were measured using the (1 ½ 0) and (110) reflections. The total 

volume of the γ” and γ’ precipitates in the imaged region was calculated assuming an ellipsoidal shape for the γ” and 

a spherical shape for the γ’. The convergent beam electron diffraction (CBED) technique was used to measure the 

foil thickness so that the total viewed volume could be calculated [86, 94, 95]. Finally, the volume fraction of the 

precipitates was calculated as the total volume of the precipitates divided by the total viewed volume. Three 

measurements of volume fraction were made for each microstructure. 
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CHAPTER 4 

EXPERIMENTAL PROCEDURES: HYDROGEN EMBRITTLEMENT ASSESSMENT 

 

4.1 Experimental Design 

The The accelerated fracture mechanics incremental step load (ISL) test with the direct current potential 

drop (DCPD) technique was chosen as the primary method for evaluating hydrogen embrittlement susceptibility in 

this study. The ISL test incrementally increases the load on the specimen and then holds the specimen at constant 

displacement for a predetermined amount of time. When the DCPD technique is applied to the ISL test, both crack 

initiation and the onset of unstable crack growth can be determined. The rising displacement (RD) test was also 

performed with the DCPD technique to evaluate the effect of loading mode on crack initiation and growth. Finally, 

slow strain rate (SSR) testing was performed with smooth specimens to evaluate hydrogen embrittlement in the 

absence of a stress concentration. SSR testing of smooth specimens also captures both the crack initiation and crack 

growth processes, is industrially relevant, and has a relatively short test duration. In addition to the microstructures 

without δ phase that were introduced in Chapter 3, the peak-aged microstructure (760 °C for 6 h) from the M.S. 

thesis was ISL tested with the DCPD technique so that the crack initiation and crack growth characteristics of a δ 

phase containing microstructure could be evaluated.  

The same in situ environmental parameters were used for ISL, RD, and SSR testing to eliminate the effect 

of differences in testing environment on the hydrogen embrittlement susceptibilities and fracture modes. In situ 

cathodic hydrogen charging was used because components in oil and gas applications normally fail due to hydrogen 

absorbed while stressed in service. Environmental test parameters were chosen based on a testing method that has 

been used frequently in recent hydrogen embrittlement studies in the oil and gas industry.  

Mechanical properties of all microstructures were measured so that relationships between hydrogen 

embrittlement susceptibility and the mechanical properties could be identified. Fracture surfaces were evaluated 

through a variety of techniques to determine the effect of microstructure on the fracture mode in hydrogen and for 

comparison to fracture modes reported in the literature. Hydrogen trapping behavior of alloy 718 was assessed 

through thermal desorption spectroscopy (TDS) of gaseous deuterium charged specimens. 

4.2 Mechanical Testing Specimen Preparation 

Subsize tensile specimen blanks were machined from the plates of all heat treatment conditions in the 

longitudinal direction by electrical discharge machining. Subsize tensile specimens with a gauge length of 25.4 mm 

(1.00 in) and a gauge diameter of 3.81 mm (0.15 in), as specified in NACE TM0198 [27], were machined from the 

blanks and polished to a Ra surface finish of 0.254 µm (10 µin). A drawing of the subsize tensile specimen is given 

in Figure 4.1 
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Figure 4.1  Drawing of the subsize tensile specimen based on NACE standard TM0198 [27]. Dimensions 

are in mm, except for surface finish (µm) and thread designation (in). 

 

Circular notch tensile (CNT) specimen blanks were machined from the plates in the longitudinal direction 

by electrical discharge machining. A drawing of the CNT specimen is shown in Figure 4.2. Circular notch tensile 

specimens were machined with a major diameter of 12.7 mm (0.50 in) and a diameter at the notch of 8.00 mm 

(0.315 in). The notch was turned down on a lathe. The notch radius of the CNT specimens was 0.086 mm 

(0.0034 in) or less resulting in a stress concentration factor (Kt) of 6 or greater [96]. The specimens were polished to 

a Ra surface finish of 0.254 µm (10 µin). CNT specimens of a comparable diameter with stress concentration factors 

of 6 or greater have been shown to produce fracture toughness values that are comparable to fracture toughness 

values from fatigue pre-cracked compact tension specimens [48]. Additional benefits of the CNT specimen are that a 

much smaller thickness can result in plane strain conditions than conventional compact tension specimens and the 

simplicity of the experimental setup [48]. ISL and RD testing were performed with the CNT specimens. 

Figure 4.2  Drawing of circular notched tensile (CNT) specimen for fracture mechanics testing. 

Dimensions are in mm, except for surface finish (µm) and thread designation (in). 

4.3 Mechanical Property Testing 

Rockwell C hardness testing was performed according to ASTM E18 [97]. Specimens for microhardness 

testing were prepared with the grinding and polishing procedures described in Chapter 3. Vickers microhardness 

testing was performed on a LECO AMH55 Automatic Hardness Testing System with a 500 gmf load and a 10 s 

dwell time. Two room temperature tensile tests were performed for each microstructure in air with the subsize 
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tensile specimens at an engineering strain rate of 5.0 x 10-4 s-1 on a MTS Alliance RT/100 load frame. A 25.4 mm 

gauge length extensometer was used to measure displacement. Charpy impact toughness tests were performed 

according to ASTM E23 on standard size Charpy type A specimens machined with the notch pointing in the 

longitudinal direction and at a temperature of -10 °C [98].  

4.4 Hydrogen Embrittlement Mechanical Testing 

In the ISL test, the load is increased in steps by a predetermined amount and then held at a constant 

displacement for a predetermined amount of time as shown in the load (N) versus time (h) schematic in 

Figure 4.3 (a). During an ISL test, the load decreases at a decreasing rate with time due to stress relaxation on every 

step as shown by the lowest step in Figure 4.3 (b). As described in ASTM standard F1624 [42], the onset of unstable 

fracture in the ISL test is traditionally determined when the load-time curve first starts decreasing at an increasing 

rate, as shown in the highest step in Figure 4.3 (b). The final load of the step before the onset of unstable fracture is 

the threshold load for crack growth, Pth, and is used to calculate a threshold stress intensity factor (Kth). 

ASTM F1624 does not require the use of a direct measurement of the crack in the ISL test, as the onset of 

unstable crack growth is assumed to occur when a measurable load drop is observed in the ISL test; however, 

without a direct measurement of the crack, it is not possible to monitor slow rates of crack growth before a 

resolvable load drop. For high toughness alloys, it is possible that crack initiation and crack growth occur prior to 

the observed load drop. By applying the DCPD method to the ISL test, crack initiation, the extent of stable crack 

growth during the increases in load, and the onset of unstable crack growth during a constant displacement hold can 

be observed and a crack growth resistance curve (R-curve) can be created. Application of the DCPD method to the 

ISL test is very similar to the test methods described in ASTM E561 Standard Test Method for KR Curve 

Determination [99]. The DCPD method can also identify crack initiation in the RD test. 

  

(a) (b) 

Figure 4.3  Load (N) versus time (h) plots for incremental step load tests. (a) 8,900 N (2000 lb) and 

4,450 N (1,000 lb) step sizes and 2 h step times. (b) 2,670 N (600 lb) steps and 4 h step times 

showing the step at which the onset of crack growth occurred and the load selected as the 

threshold load for crack growth (Pth). 
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For this study, ISL testing with DCPD was performed with 2,670 N (600 lb) step sizes and 2 h step times. 

A displacement rate of 2.5 x 10-3 mm·s-1 (1 x 10-4 in·s-1) was used to increase the load between the holds at constant 

displacement. For RD testing, a crosshead displacement rate of 1.8 x 10-5 mm·s-1 (7.0 x 10-7 in·s-1) was chosen; since 

the smallest displacement increment of the tensile frame is 5.4 x 10-5 mm (~21 x 10-7 in), the displacement was 

increased by the smallest increment approximately every 3 seconds. Due to the difference in displacement rates, 

about two-thirds as much time in the RD test was required to reach a given load as was required in the ISL test. Two 

ISL tests with DCPD were performed on each microstructure, and at least one test reached unstable crack growth for 

each microstructure. One RD test with DCPD was performed on each microstructure, and the tests were interrupted 

shortly after the peak load was reached. 

ISL tests of the under-aged 710, double-aged, and peak-aged microstructures were performed on either a 

screw-driven Instru-Met load frame and/or a screw-driven MTS Alliance RT/100 load frame. One ISL test of the 

under-aged 680 and the over-aged 680 microstructures was performed on the screw-driven MTS Alliance RT/100 

load frame, but unstable crack growth was not achieved before reaching the load limit of that frame; then, one ISL 

test for each of those microstructures was performed on a 100 kip MTS servohydraulic load frame. All RD tests 

were performed on the screw-driven MTS Alliance RT/100 load frame.  

Additional ISL tests without the DCPD technique were performed on the Instru-Met load frame for the 

under-aged 710 and double-aged microstructures and on the 100 kip servohydraulic load frame for the 

under-aged 680 and over-aged 680 microstructures. ISL tests were performed with a 4,450 N (1,000 lb) step size and 

2 h and 4 h step times and with a 2,670 N (600 lb) step size and a 2 h step time. The same step sizes and step times 

were used for all conditions to allow for a direct comparison of Kth. For ISL tests without DCPD, Kth was estimated 

based on the methodology outlined in ASTM F-1624 [42] and shown in the load versus time plot in Figure 4.3 (b).  

The same in situ environmental parameters and electrochemical cell design were used for all ISL and RD 

tests. The electrolyte solution was 0.5 M H2SO4, and the solution was deaerated with 99.9 pct pure argon gas before 

the test began. The argon gas was also bubbled through the solution at a rate of 28 L/h (1 ft3/h) to stir the solution 

throughout the test. Cathodic polarization was performed at a current density of 5 mA/cm². Two iridium-tantalum 

oxide coated titanium mesh anodes functioned as the counter electrodes and were positioned on opposite sides of the 

specimen. 

The DCPD method allows the measurement of very small cracks and is therefore useful in determining 

crack initiation and the onset of unstable crack growth. In the DCPD test method, a constant direct current is passed 

through the specimen during testing and the voltage across the notch is measured. When a crack initiates at the 

notch, the resistance of the notched area increases, which causes an increase in the measured voltage. As the crack 

grows, the measured voltage increases in a corresponding manner such that the voltage increase can be calibrated to 

the crack length (a).  

A schematic of a CNT specimen with the current and voltage probes for DCPD testing labeled is provided 

in Figure 4.4. Two 24 gauge wires for applying direct current through the specimen were spot welded on either side 

of the notch, 30 mm away from the notch. Two 30 gauge wires to measure the voltage across the notch were spot 

welded directly next to the notch on opposite sides. Two additional 30 gauge wires were spot welded 15 mm apart 
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on a single side of the notch and provide a reference voltage measurement that is not affected by crack growth. For 

each pair of wires, the wires were positioned on opposite sides of the specimen (rotated 180° around the specimen 

from each other), and the four voltage probes were rotated 90° from the two current probes. 

 

Figure 4.4 CNT specimen schematic with current and voltage probes for DCPD testing labeled. 

 

 The two current probes were attached to a BK Precision 9130 power supply, which provided a constant 

direct current of 2 A throughout the test. The four voltage probes were attached to either a Keysight 34420A 

nanovoltmeter or a Keithley 2182a nanovoltmeter. The ratio of the notch voltage and the reference voltage (V/VRef) 

was measured; an increase in the ratio was due to cracking at the notch, and the effect of current and temperature 

fluctuations on the measurement was minimized. Voltage ratio measurements were recorded once every 10 s 

throughout the ISL and RD tests. For each test, the recorded voltage ratio (V/VRef) was normalized by the initial 

measured ratio (V0/V0-Ref), so that at the start of the test the ratio (V0/V0) is 1 and (V/V0) increases with increasing 

crack length (V/V0). This ratio (V/V0) will be referred to as the normalized voltage ratio (NVR). The resistance of 

the reference is assumed to not change significantly during the test.  

 In order to determine the relationship between the NVR and the crack length, several ISL and RD tests 

were interrupted before final failure. These specimens were heat tinted and then fractured in air so that the length of 

the hydrogen-affected crack could be measured and compared to the voltage ratio. To increase the number of 

measured cracks and voltages, some of the heat tinted specimens were fatigue cracked in air on a 20 kip 

servohydraulic load frame while the voltage ratio was measured and then were loaded to fracture.  

Fractographs were taken with a Nikon DSLR camera with a macro lens, and an example of a fracture 

surface from the under-aged 680 microstructure with a heat tinted hydrogen crack and a fatigue crack is shown in 

Figure 4.5. The oxidation from heat tinting and the morphology of the fatigue crack compared to the overload zone 

were used to distinguish crack lengths produced in the ISL, RD, and fatigue tests. ImageJ was used to measure the 

specimen area remaining after hydrogen-cracking and fatigue cracking, and an average crack length was calculated 
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for each test based on the initial cross-sectional area at the notch. All measured cracks were included in the analysis 

except for one crack from a test of the peak-aged condition, which exhibited highly eccentric cracking. The average 

crack lengths (a) are plotted versus the change in normalized voltage ratio (ΔNVR) from hydrogen cracks and 

fatigue and hydrogen cracks in Figure 4.6. A quadratic (2nd order polynomial) regression analysis was performed, 

and the resulting least-squares fit is given in Equation 4.1. From this relationship, the crack length at any point in the 

ISL or RD test was calculated based on the NVR. The quadratic fit as well as the upper and lower 95 % confidence 

intervals (CI) for the crack length-Δ NVR data are also plotted in Figure 4.6. Calculation of crack lengths using 

Equation 4.1 is expected to produce minimal error at small crack lengths; however, once cracks exceed ~1000 µm, 

the calibration equation becomes significantly less reliable. An RD test of a CNT specimen was also performed in 

air to determine if plasticity would affect the crack lengths measured in this study, and the result is provided in 

Appendix B. Based on the results, plasticity increases NVR an insignificant amount at the crack sizes of importance 

in this study (<200 µm). 

 

 a = -987.1*(ΔNVR)2+2686.5*(ΔNVR) (4.1) 

 

 

Figure 4.5 Fractograph of the under-aged 680 microstructure with a heat tinted hydrogen crack, a light gray 

fatigue crack, and a dark gray ductile overload region. 
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Stress intensity factors were calculated for the CNT specimen geometry with Equation 4.2 where P is the 

applied load, d is the minor diameter of the specimen, a is the crack length, and F is a geometry factor that is 

dependent on the major diameter (D), d, and a, and is provided in Equation 4.3 [100]. 
 

 K = Pπ(d − a)2 √π(d − a) F (4.2) 

 

 F = √1 − (d − aD ) ∗ 12 ∗  [1 + 12 (d − aD ) + 38 (d − aD )2 − 0.363 (d − aD )3 + 0.731 (d − aD )4] (4.3) 

 

 

Figure 4.6  Change in notched voltage ratio (Δ NVR) is plotted versus the measured average crack length, a 
(µm) for alloy 718. A 2nd order polynomial curve was fit to the data and is given in equation (4.1). 

The upper and lower 95% confidence index (CI) curves are plotted as dashed lines. 

 

The threshold stress intensity factor for crack initiation (Ki) was determined based on the load at the 

inflection point where the voltage begins to rapidly increase in the RD test (Pi) as shown in the plots of load (kN) 

and NVR versus time (h) from the RD test of under-aged 710 in Figure 4.7 (a). To provide a conservative measure 

of Ki in the ISL test, the load at the last step before crack initiation was used to calculate Ki. Figure 4.7 (b) shows 

plots of load and NVR versus time from an under-aged 710 ISL test, and Pi and the first step of stable crack growth 

are labeled. In the ISL test, a step was deemed to be the first step of stable crack growth when the average NVR for 

that step increased to 1.0005 or greater which equates to a crack size of 1.4 µm. The voltage ratio data shown in the 

plots in this report are smoothed using a 200 s moving average. Once a crack initiates during an increase in load in 

the ISL test, then the crack either propagates in an unstable manner or arrests during the subsequent hold at constant 

displacement. A crack may arrest during the hold for several steps indicated by an increase in voltage ratio during 
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the increases in load but not during the constant displacement holds. Unstable crack propagation eventually occurs 

and is represented by an increase in crack length (NVR) throughout the constant displacement hold. As in 

determining Ki, the threshold stress intensity factor for unstable crack growth (Ku) was calculated with the load and 

crack length at the last step of stable crack growth (au). The first step for unstable crack growth and Pu are labeled in 

the plot of NVR versus time from under-aged 680 ISL test 1 in Figure 4.8. In the RD test, the continuous increase in 

displacement does not allow the crack to arrest so Ku cannot be determined.  

  

(a) (b) 

Figure 4.7 Load (kN) and NVR versus time (h) from (a) RD test of under-aged 710 and (b) ISL test of 

under-aged 710. Pi, the load for calculating Ki, is labeled in each plot, and the first step for stable 

crack growth is labeled in (b). Voltage ratio data is smoothed using a 200 s moving average. 

 

 

Figure 4.8 Load (kN) and NVR versus time (h) from an under-aged 680 ISL test. Pu, the load for calculating 

Ku and the first step for unstable crack growth are labeled. Voltage ratio data is smoothed using a 

200 s moving average. 
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Slow strain rate tensile tests were performed with the subsize tensile specimens on a screw-driven Cortest 

load frame with a load capacity of 44,500 N (10,000 lb). The compliance of the Cortest frame and fixturing was 

previously determined to be 22 MN/m [55]. This value is within the typical range of 7-32 MN/m for load frame 

stiffness [101]. The load frame uses a stepper motor to apply a constant displacement rate. Displacement 

measurements were made with a linear variable differential transformer (LVDT) attached to the load frame. Slow 

strain rate tensile tests were performed at an engineering strain rate of 1.0 x 10-6 s-1 and with the same in situ 

environmental test parameters as the ISL and RD tests. Three tests were performed in the ambient laboratory 

environment, and three tests were performed with cathodic polarization of the specimen for each microstructural 

condition. All specimens were pre-loaded to approximately 1500 N (337 lb). For all microstructural conditions, the 

ratios of the average yield stress, ultimate tensile stress, total elongation, and reduction in area from the cathodic 

polarization tests versus the ambient environment tests were calculated. 

4.5 Electron Microscopy Fracture Surface Evaluation 

Fracture surfaces of all tested microstructures were evaluated through scanning electron microscopy. 

Fractographic features and cleavage planes were identified through secondary electron imaging. EBSD was 

performed to quantitatively evaluate intergranular and transgranular cracking. 

4.5.1 Secondary Electron Imaging 

Fracture surfaces from ISL, RD, and SSR testing were cleaned with methanol. Some of the fracture 

surfaces were drip-etched with Kalling’s No. 2 for 10 s to produce etch pits on the fracture surfaces so that the 

cleavage planes could be determined. Secondary electron imaging of etched and unetched fracture surfaces was 

performed on the JEOL 7000 FESEM with an accelerating voltage of 20 kV and a working distance of 15 mm. 

4.5.2 EBSD Fracture Mode Analysis 

The failed SSR specimens exhibited hydrogen-affected cracking that began at the surface of the specimen 

and propagated towards the center until overload failure occurred. Additionally, secondary cracks were observed 

along the gauge length for all microstructures. The secondary cracks from the failed SSR specimens were evaluated 

in this study to determine grain boundary misorientation across intergranular cracks through EBSD; the width of the 

secondary cracks is sufficiently small to perform this analysis, which is not the case for primary cracks in these 

specimens. In addition to the microstructures outlined in Chapter 3, the δ phase containing peak-aged (760 °C for 

6 h), over-aged (800 °C for 8 h), and high δ (950 °C for 4 h and 760 °C for 6 h) microstructures were also evaluated. 

Since secondary cracks were most common near the main crack, the 10 mm of the gauge length closest to 

the main crack was sectioned from the failed SSR specimens and mounted in Bakelite, so that the grains on either 

side of the secondary cracks could be observed after metallographic preparation. Figure 4.9 is a secondary electron 

micrograph of the sectioned specimen from the over-aged condition with the tensile direction, secondary cracks, and 

relative location of the primary fracture labeled. Additionally, metallographic specimens with a larger surface area 

were prepared for each microstructure so that a bulk grain boundary misorientation distribution could be determined. 

Metallographic specimens were ground and polished as described in Chapter 3 and then vibro-polished for 4 h with 
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0.02 µm colloidal silica. EBSD was performed on an FEI Helios 600i field emission scanning electron microscope 

(FESEM) with the specimen surface oriented at a 70° angle to the pole piece. For EBSD, the accelerating voltage 

was 20 kV, and the probe current was 11 nA. EBSD scans of cracks were performed with a 2.0 µm step size, and 

scans of the bulk microstructure were performed with a 4.0 µm step size.  

 

 

Figure 4.9 SEM image of a fractured slow strain rate specimen from the over-aged condition after sectioning 

and mounting with the tensile direction, secondary cracks, and relative location of the primary 

fracture labeled. 

 

Image quality (IQ) and inverse pole figure (IPF) maps were used to differentiate the intergranular and 

transgranular segments of each crack. Over 100 intergranular or transgranular crack segments were identified and 

measured for each microstructure. The length of each transgranular crack segment was measured and then summed 

so that a percentage of transgranular cracking versus the total crack length could be determined. Figure 4.10 shows 

an IQ map and an IPF map of a secondary crack in the peak-aged condition; these maps were used to identify each 

unique cracked grain boundary pair. Points with a confidence index (CI) less than 0.1 were removed from the IPF 

map. The misorientation across each cracked grain boundary pair was calculated by the OIMTM
 Analysis software 

after a pair of orientations on either side of the grain boundary pair was manually selected. This process was 

repeated five times for each cracked grain boundary pair, and the misorientations were then averaged and binned to 

the nearest 5°. The five manually selected orientations were generally equidistant along the cracked grain boundary 

pair and were selected further than 2 µm from the crack to avoid the effect of plasticity and grain rotation near the 

crack on the measured misorientation. The length of each cracked grain boundary pair was measured so that cracked 

grain boundary misorientation distributions could be calculated as a length fraction of the total crack length. When 

calculating grain boundary misorientations, the OIMTM
 Analysis software also determines whether the measured 

angle/axis pair represents a coincidence site lattice (CSL) boundary such as the Σ3 boundaries in alloy 718; the 

percentage of intergranular cracking that occurred along Σ3 boundaries was calculated.  
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A grain dilation clean-up procedure of the EBSD scans of the bulk microstructures was performed so that 

the OIMTM
 Analysis software could accurately identify grain boundaries. The misorientation angle for every 

identified grain boundary was then calculated by the OIMTM
 Analysis software and output as a length fraction with 

the misorientations binned to the nearest 5°. The percentage of Σ3 coherent twin boundaries in the bulk 

microstructures and an expected random grain boundary misorientation distribution (Mackenzie distribution) were 

also calculated by the OIMTM
 Analysis software. 

 

  

(a) (b) 

Figure 4.10 (a) EBSD IQ map and (b) IPF map of a secondary crack in the peak-aged condition with each 

cracked grain boundary pair labeled. Points with CI<0.1 are removed from the IPF map (color 

image – see PDF copy). 

4.6 Thermal Desorption Spectroscopy (TDS) 

All of the microstructures described in Chapter 3, as well as an annealed microstructure were analyzed 

through TDS so that the trapping of the γ” and γ’ precipitates in the aged microstructures could be evaluated against 

a microstructure without γ” and γ’. The δ phase containing peak-aged, over-aged, and high δ microstructures from 

the M.S. thesis were also evaluated to determine whether the δ phase in those microstructures exhibited trapping.  

Specimens for analysis of trapping behavior through TDS were charged in 138 MPa deuterium (D2) gas at 

300 °C for 18 days at Sandia National Laboratory in Livermore, CA. Deuterium is an isotope of hydrogen and is not 

naturally abundant in the atmosphere. By charging with deuterium and measuring the deuterium desorbed during 

TDS, water moisture present in the TDS system could not affect the results. After deuterium charging, the 

specimens were placed in a freezer at -54 °C to prevent deuterium diffusion out of the specimen prior to TDS being 

performed. For every microstructure, a TDS experiment at a heating rate of 5 °C/s from room temperature up to at 

least 700 °C was performed so that the trapping and total hydrogen content could be compared between 

microstructures. TDS experiments were also performed at heating rates of 1, 3, 7.5, and 10 °C/s for the over-aged 

680 microstructure so that the desorption energy of the observed peaks could be determined. All TDS experiments 

were also performed at Sandia National Laboratory.  
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CHAPTER 5 

RESULTS 

 

In this chapter, the microstructures and mechanical properties for all alloy 718 heat treatment conditions are 

presented. The results from incremental step load (ISL), rising displacement (RD), and slow strain rate (SSR) 

hydrogen embrittlement testing are provided. Fracture modes are analyzed through scanning electron microscopy 

(SEM) and electron backscatter diffraction (EBSD). Finally, the results from thermal desorption spectroscopy (TDS) 

of deuterium charged specimens are presented. Unless otherwise noted, reported errors are one standard deviation of 

the measurements. 

5.1 Microstructural Analysis 

The under-aged 710, double-aged, under-aged 680, and over-aged 680 microstructures all exhibited a 

similar appearance when examined with light optical microscopy and low-resolution electron microscopy. General 

grain boundaries, annealing twins, and MX precipitates (NbC and TiC,N) were observed in all microstructures and 

are visible in the light optical micrograph in Figure 5.1 (a) and the secondary electron micrograph in Figure 5.1 (b) 

of the double-aged microstructure. The MX precipitates were present at grain boundaries and within grains and with 

no distinguishable difference between microstructures. No δ phase or carbides were observed after aging for all 

microstructures when examined with high resolution electron microscopy. All microstructures exhibited similar 

grain sizes, which are provided for each condition in Table 5.1.  

 

  

(a) (b) 

Figure 5.1 (a) Light optical micrograph and (b) secondary electron micrograph of the double-aged alloy 718 

microstructure. Grain boundaries, annealing twins, and MX precipitates (NbC and TiC,N) are 

visible in both micrographs. Etched with Kalling’s No. 2. 
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The γ” diameter and thickness, the γ’ diameter, and the estimated γ” diameter from Chapter 3 for all 

microstructures are provided in Table 5.2. Dark field micrographs from a (½10) reflection showing the γ” 

precipitates for each microstructure are shown in Figure 5.2. The diameter of the γ” precipitates increased from the 

under-aged 710 to the double-aged to the under-aged 680 and finally to the over-aged 680 microstructure as 

predicted from the calculations in Chapter 3. The estimation of γ” diameters in Chapter 3 slightly over-predicted the 

actual γ” diameters for all microstructures. 

The combined volume fraction of γ” and γ’ and the ratio of the volume fraction of γ” to γ’ are also provided 

in Table 5.2. There was no significant difference in these measurements between microstructures. As previously 

stated, the similarity in aging temperature for these four microstructures likely resulted in only small differences in 

the volume fractions of γ” and γ’. The γ” and γ’ volume fraction and γ”/γ’ ratio are comparable to the values for 

aged alloy 718 reported in the literature [86, 102–104]. 

 

 

 

5.2 Room Temperature Mechanical Properties 

Table 5.3 provides Rockwell C hardness, Vickers microhardness values, room temperature tensile, and 

Charpy impact toughness testing results for all microstructural conditions of alloy 718. Representative engineering 

stress-strain curves up to ductile rupture are provided in Figure 5.3 (a), and representative true stress-strain curves up 

to plastic instability are provided in Figure 5.3 (b) for all microstructures. For the microstructures with under-aged 

γ”, the yield stress, UTS and hardness increased, and the total elongation decreased with increasing γ” size: 

under-aged 710 to double-aged to under-aged 680 from smallest to largest. The transition from under-aged to 

over-aged γ” (under-aged 680 to over-aged 680) resulted in an increase in hardness and UTS and a decrease in total 

elongation but no change in yield strength. The under-aged 710, double-aged, and over-aged 680 microstructures all 

exhibited a similar work hardening rate, and the under-aged 680 microstructure exhibited a lower work hardening 

rate as seen in the stress-strain curves in Figure 5.3. The under-aged 710 condition had the greatest impact 

Table 5.1  Grain Sizes for Alloy 718 

Condition 
Mean Intercept 

Length (µm) 

Under-aged 710  132±3 

Double-aged 142±11 

Under-aged 680 143±5 

Over-aged 680 130±5 
 

Table 5.2  Sizes and Volume Fractions of γ” and γ’ Precipitates for Alloy 718 

Condition 
γ" Diameter 

(nm) 

γ" Thickness 
(nm) 

γ’ Diameter 
(nm) 

Estimated 

D of γ” 
(nm) 

γ" + γ’ 
Volume 

Fraction (%) 

Ratio of γ"/γ’ 
Volume 

Fraction  

Under-aged 710  13.1±2.4 6.3±1.1 7.1±2.0 14.9 16.8±2.2 3.1 

Double-aged 17.9±4.0 7.5±1.7 11.6±2.9 19.2 20.0±3.9 2.7 

Under-aged 680 22.2±7.7 7.8±2.7 14.3±3.5 28.9 17.9±2.9 3.0 

Over-aged 680 40.1±17.9 17.9±4.4 20.5±6.0 42.7 18.8±3.2 3.3 
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toughness, while the over-aged 680 condition had the lowest impact toughness, and the double-aged and under-aged 

680 conditions had an intermediate impact toughness. 

  

(a) (b) 

  

(c) (d) 

Figure 5.2 Dark field TEM micrographs from a (½10) reflection showing γ” precipitates in the (a) under-aged 

710, (b) double-aged, (c) under-aged 680, and (d) over-aged 680 microstructures.  
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The increase in strength level with increasing under-aged γ” size, as well as the similar yield strength for 

the under-aged 680 and over-aged 680 microstructures, aligns with the microhardness measurements in Chapter 3. 

The increase in work hardening rate of the over-aged γ” condition compared to the under aged condition is likely 

due to a change in dislocation-precipitate interaction from dislocations shearing γ” precipitates to dislocations 

looping around γ” precipitates.  
 

 

 

 

Designation 
Hardness 

(HRC) 

Microhardness 

(HV) 

0.2% Yield 

Stress (MPa) 

UTS 

(MPa) 

Total 

Elongation 

(%) 

Impact 

Toughness at 

-10 °C (J) 

Under-aged 710 30.2±0.7 370±4 718±5 1053±6 48±2 135±2 

Double-aged 39.0±0.4 410±9 938±4 1182±8 35±2 105±4 

Under-aged 680 41.6±0.4 448±6 1094±9 1263±14 27±0 103±4 

Over-aged 680 42.7±0.5 453±7 1095±3 1314±2 20±1 77±3 

 

  

(a) (b) 

Figure 5.3 (a) Representative engineering and (b) representative true stress-strain curves of the under-aged 

710, double-aged, under-aged 680, and over-aged 680 microstructures.  

 

5.3 Hydrogen Embrittlement Mechanical Testing Results 

Stress intensity factors for crack initiation (Ki) and unstable crack growth (Ku) during electrochemical 

hydrogen charging were measured for the under-aged 710, double-aged, under-aged 680, and over-aged 680 

microstructures, as well as the δ phase containing peak-aged microstructure from the M.S. thesis [49, 55, 56]. For 

the same microstructures, threshold stress intensity factors (Kth) were measured from ISL tests without DCPD and 

determined with the methodology described in ASTM F1624. The uncertainty in Ki, Ku, and Kth is the increase in K 

due to the increase in load and is therefore directly related to the step size. Hydrogen embrittlement susceptibility 

was also evaluated in terms of the mechanical property ratios produced through SSR testing with cathodic 

Table 5.3  Mechanical Properties of Alloy 718 Microstructures  
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polarization and in air. Comparison of the Ki and Ku values produced in this study to K values produced in other 

fracture toughness studies of alloy 718 with hydrogen is provided in Appendix C. 

5.3.1 ISL and RD with DCPD Results 

The Ki values from every ISL test and RD test for each microstructure are listed in Table 5.4 and plotted 

versus yield stress in Figure 5.4. The average Ki from the ISL tests for each microstructure is also listed in Table 5.4. 

Ki increases slightly with increasing yield strength, but in general there appears to be no clear effect of 

microstructure on Ki. The presence of δ phase in the peak-aged microstructure did not negatively impact the Ki 

compared to the other microstructures as may be expected based on the reported high susceptibility of 

microstructures containing δ phase to hydrogen-affected intergranular cracking. 

The Ki from separate ISL tests occurred one or two loading steps apart for each microstructure, except for 

the under-aged 680 microstructure (5 steps). For the under-aged 680 microstructure, crack initiation in one ISL test 

occurred at a much higher load than for the other ISL test or the RD test, which may indicate a difference in notch 

acuteness or absorbed hydrogen for that test or a possible influence of the microstructure on Ki. For the under-aged 

680 and over-aged 680 microstructures, the ISL tests on the screw driven load frame resulted in a lower Ki than the 

ISL tests on the servohydraulic load frame. There is a small fluctuation of displacement during the hold in the 

servohydraulic tests as the controller attempts to maintain a constant displacement during the load relaxation. 

Though these fluctuations result in a small stress amplitude, it is possible that they have a fatiguing effect that 

decreases Ki for these microstructures. The Ki from RD tests is generally higher than the Ki from ISL tests, which is 

likely because the Ki from ISL tests is calculated using the load from the step prior to stable crack growth.  

 

Figure 5.4 Ki (MPa·m0.5) versus yield stress (MPa) for all alloy 718 microstructures. The under-aged 680 

values are shown with empty diamonds and circles to differentiate from the over-aged 680 values, 

since the yield stress of those two microstructures was almost identical. 
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                *Servohydraulic load frame 

Designation 
ISL 1 Ki 

(MPa·m0.5) 

ISL 2 Ki 

(MPa·m0.5) 

ISL Average Ki 

(MPa·m0.5) 

RD Ki 

(MPa·m0.5) 

Under-aged 710 34.7±2.7 37.3±2.8 36.0±2.7 39.9 

Double-aged 40.0±2.7 34.8±2.7 37.4±2.7 40.4 

Under-aged 680 37.2±2.8* 55.7±2.7 46.5±2.7 41.7 

Over-aged 680 39.7±2.7* 45.4±2.7 42.5±2.7 40.1 

Peak-aged 42.2±2.7 40.2±2.7 41.2±2.7 42.8 

 

Ku and au values from every ISL test for which unstable crack growth was measured are given in Table 5.5. 

For the double-aged and peak-aged microstructures, both ISL tests reached unstable crack growth and the onset of 

unstable crack growth was one loading step different between the two tests.  

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Designation Test Ku (MPa·m0.5) au (µm) 

Under-aged 710 1 67.8±2.8 107 

Double-aged 1 75.8±2.8 91 

Double-aged 2 76.6±2.9 114 

Under-aged 680 1 90.4±2.9 105 

Over-aged 680 1 77.8±2.8 70 

Peak-aged 1 48.6±2.7 7 

Peak-aged 2 45.9±2.7 8 

 

Plots of K versus crack length, also known as crack growth resistance curves or R-curves, for both ISL tests 

of the under-aged 680 microstructure are shown in Figure 5.5. These crack growth resistance curves indicate the 

applied stress intensity necessary to achieve different increments of crack growth. For each step of stable crack 

growth, K was calculated with the average measured crack length during the hold, so each step of stable crack 

growth is represented by a single point along the crack growth resistance curve. For unstable crack growth, K was 

calculated with the instantaneous crack length, so K and a increase continuously during these steps. The first step of 

unstable crack growth and the step representing Ku are labeled for the ISL test on the servohydraulic load frame of 

the under-aged 680 microstructure in Figure 5.5. Clearly, greater amounts of cracking occurred at lower applied K 

for tests on the servohydraulic load frame compared to the screw-driven load frame, which may also be due to a 

possible fatiguing loading effect of the servohydraulic load frame. The same difference in cracking between the 

different load frames was observed for the over-aged 680 microstructure. 

Table 5.4  Ki from ISL and RD Tests and Average Ki from ISL for Each Alloy 718 Microstructure 

Table 5.5  Ku and au from ISL Tests with Unstable Crack Growth 
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Figure 5.5 K (MPa·m0.5) versus a (µm) for ISL tests performed on the screw driven and servohydraulic load 

frames with the under-aged 680 microstructure. Unstable crack growth did not occur for the test 

conducted on the screw-driven frame before the load limit of the frame was reached. 

 

Crack growth resistance curves are shown in Figure 5.6 for ISL tests of the under-aged 680 and over-aged 

680 microstructures on the servohydraulic load frame, both of which reached unstable crack growth. The crack 

growth resistance curves for these two microstructures are very similar up to a K of 60 MPa·m0.5 when the 

under-aged 680 microstructure demonstrates higher crack growth resistance than the over-aged 680 condition at 

higher K levels. Unstable crack growth then occurs in the over-aged 680 microstructure at a lower Ku and au than the 

under-aged 680 microstructure. In these two conditions, which have the same yield strength and volume fraction of 

γ”, the microstructure with under-aged γ” is more resistant to hydrogen embrittlement than the microstructure with 

over-aged γ”.  

Figure 5.7 shows crack growth resistance curves for ISL tests of the under-aged 710, double-aged, and 

under-aged 680 microstructures which contain different sizes of under-aged γ” precipitates. These microstructures 

indicate different levels of crack growth, but they all show a similar crack growth resistance curve shape until the 

onset of unstable crack growth. For these microstructures, au was approximately the same (~100 µm); however, the 

under-aged 680 microstructure exhibited the greatest Ku followed by the double-aged microstructure and finally the 

under-aged 710 microstructure. Comparison of the crack growth resistance of these three microstructures in the ISL 

test shows that for microstructures with under-aged precipitates, increasing the size of γ” and γ’, and concurrently 

the yield strength, results in greater hydrogen embrittlement resistance. Additionally, the under-aged 680 

microstructure may have exhibited an even higher Ku if tested on a screw-driven frame like the double-aged and 

under-aged 710 microstructures. 



 45 

 

Figure 5.6 K (MPa·m0.5) versus a (µm) for ISL tests of the under-aged 680 and the over-aged 680 

microstructures. 

 

 

Figure 5.7 K (MPa*m0.5) versus a (µm) for ISL tests of the under-aged 710, double-aged, and under-aged 680 

microstructures. 
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Crack growth resistance curves for ISL tests of the δ-free double-aged (938 MPa yield strength) and δ-

containing peak-aged (989 MPa yield strength) microstructures are shown in Figure 5.8. The double-aged 

microstructure exhibits significantly more stable crack growth than the peak-aged microstructure and consequently a 

much higher Ku and au. In fact, the peak-aged microstructure only reaches a crack length of 8 µm before unstable 

crack growth occurs, while the double-aged microstructure reaches a crack length of 91 µm. These microstructures 

have a similar yield strength, but the primary difference is that the peak-aged microstructure contains a small 

amount of δ phase. The significantly greater Ku and au of the double-aged microstructure compared to the peak-aged 

microstructure and the similar Ki for both microstructures indicates that δ phase increases hydrogen embrittlement 

susceptibility by decreasing resistance to crack propagation rather than crack initiation. 

 

Figure 5.8 K (MPa·m0.5) versus a (µm) for ISL tests of the double-aged and peak-aged microstructures. 

 

Crack growth resistance curves from RD testing for all microstructures are shown in Figure 5.9. Every RD 

test was interrupted after the peak load was reached, and the K and crack length at the peak load are labeled on each 

curve. Since K increases continuously during the RD test, a growing crack never arrests and therefore there is no 

differentiation between stable and unstable crack growth for the curves in Figure 5.9. As in the ISL test, the 

under-aged 680 microstructure shows a greater K at every crack length than the over-aged 680 microstructure 

indicating greater hydrogen embrittlement resistance. The under-aged microstructures also show the same trend as in 

the ISL test with the under-aged 680 exhibiting the greatest hydrogen embrittlement resistance followed by the 

double-aged and then the under-aged 710. The peak-aged microstructure also exhibits the least hydrogen 

embrittlement resistance in the RD test.  

In Figure 5.9, the under-aged 680, double-aged, and under-aged 710 microstructures all have a similar 

crack length at peak load and a similar slope at large crack lengths in the RD test. The crack growth resistance curve 

for the over-aged 680 microstructure in the RD test exhibits a greater slope at large crack lengths and a much greater 
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crack size at peak load than the under-aged 680 microstructure. The amount of unstable fracture can be estimated as 

the difference between the crack size at peak load in the RD test and the crack size at the onset of unstable crack 

growth in the ISL test. Based on this estimation of the amount of unstable crack growth, the over-aged 680 

microstructure experiences greater amounts of unstable crack growth than the under-aged 680 microstructure. The 

peak-aged microstructure also has a much greater crack size at peak load than the under-aged microstructures. The 

K at peak load in the RD test seems to correspond to the strength level of each microstructure; therefore, the 

microstructures that exhibit less stable crack growth in the ISL test (over-aged 680 and peak-aged) exhibit more 

unstable crack growth to reach the K at peak load in the RD test.  

 

Figure 5.9 K (MPa·m0.5) versus a (µm) from RD tests of all microstructures. The point at which peak load is 

reached is labeled for each condition. 

 

The crack growth resistance curves of the under-aged 680, double-aged, and under-aged 710 

microstructures from ISL and RD tests are shown in Figure 5.10; Ku for the ISL tests and the K and crack length at 

peak load in the RD tests are labeled. The ISL and RD test data for the double-aged microstructure closely 

correspond, which also occurred for the under-aged 710 microstructure. For the under-aged 680 microstructure, the 

crack growth resistance curve from the ISL test reached greater K values than for the RD test, which was also true 

for the over-aged 680 microstructure; however; the crack growth resistance curve from the ISL test for the 

peak-aged microstructure showed lower K values than the curve from the RD test.  

Clearly, there were discrepancies between the crack growth resistance curves produced through the ISL and 

RD test methods, even though the tests produced the same crack growth resistance trends with regard to 

microstructure. For the high strength and hydrogen embrittlement resistant microstructures, the continuous, slow 

dynamic straining at the crack tip that occurs in the RD test could drive greater crack growth at lower applied K, 

while in the ISL tests the short bursts of dynamic straining during stable crack growth do not provide as much time, 
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or absorbed hydrogen to drive crack growth. The redistribution of strain at the crack tip during the stress relaxation 

that occurs at the beginning of the constant displacement holds in the ISL test could also affect the differences in 

crack growth resistance observed between the two test methods. Also, only one RD test was performed for the 

peak-aged microstructure, so the discrepancy could be due to normal testing variation. 

  

 

Figure 5.10 K (MPa*m0.5) versus a (µm) for ISL and RD tests of the under-aged 680, double-aged, and peak-

aged microstructures. Ku and the point in each curve at which peak load is reached are labeled. 

 

5.3.2 Incremental Step Load (ISL) Testing Without DCPD 

A limited number of ISL tests were performed with DCPD so additional data from ISL tests that were 

performed without DCPD are presented here in order to validate the previously presented ISL with DCPD results. 

ISL tests were performed without DCPD for each microstructure with the following step size and time 

combinations: 2,670 N (600 lb), 2 h; 4,450 N (1,000 lb), 2 h; 4,450 N (1,000 lb), 4 h. For ISL tests without the 

DCPD method, a threshold stress intensity factor for crack growth (Kth) was determined based on the load drop as 

described in Chapter 4 for comparison with the Ku determined with the DCPD method. Table 5.6 provides the step 

at which the load was first observed to decrease at an increasing rate with time and the resulting Kth for every ISL 

test without DCPD. The results in Table 5.6 show that there was a minimal effect of step size and step time on the 

Kth determined through the ISL test without DCPD as was also demonstrated in the MS thesis project [55, 56].  

Load versus time curves from ISL testing without DCPD (4,450 N (1,000 lb) step size and 2 h step time) of 

the under-aged 710, double-aged, under-aged 680, over-aged 680, and peak-aged microstructures are shown in 

Figure 5.11.The arrows in Figure 5.11 indicate the step at which a load drop indicating crack growth was first 

observed; the figure provides a visual ranking of the microstructure conditions. Overall, the Kth determined through 

ISL testing without DCPD follows the same trends with microstructure as observed for Ku in ISL testing with 

DCPD. The Ku values from ISL testing with DCPD are plotted versus the Kth values from ISL testing without DCPD 
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(2,670 N (600 lb) step size and 2 h step time) in Figure 5.12 for all microstructures. A 1:1 line is also shown in 

Figure 5.12. For all microstructures, the Ku and Kth values are very similar. The slight differences between Ku and 

Kth may be due to several different reasons besides material inconsistencies between CNT specimens. Unstable 

crack growth and thus, Ku, are detected at a lower applied K with the DCPD technique. On the other hand, larger 

crack lengths are used to calculated Ku, and K is proportional to crack length. The data position relative to the 1:1 

trend line is dependent on which effect is dominant. 

 

 

 

Figure 5.11 Load (N) versus time (h) plots from ISL testing without the DCPD method (4,450 N step size and 
2 h step time) of the under-aged 710, double-aged, under-aged 680, over-aged 680, and peak-aged 

microstructures. The arrows indicate the step at which the load first decreased at an increasing rate. 

 

Table 5.6  ISL Test Results for Alloy 718 and Kth Determined by Load Drop Method 

Condition Step Size (N (lb)) Step Time (h) 
Step of Load Drop at an 

Increasing Rate (N (lb)) 
Kth (MPa·m1/2) 

Under-aged 710 2,670 (600) 2 72,100 (16,200) 69.6±2.7 

Under-aged 710 4,450 (1,000) 2 75,600 (17,000) 70.8±4.5 

Under-aged 710 4,450 (1,000) 4 75,600 (17,000) 70.2±4.6 

Double-aged 2,670 (600) 2 82,700 (18,600) 79.4±2.7 

Double-aged 4,450 (1,000) 2 84,500 (19,000) 79.2±4.5 

Double-aged 4,450 (1,000) 4 84,500 (19,000) 79.4±4.5 

Under-aged 680 2,670 (600) 2 90,700 (20,400) 88.7±2.7 

Under-aged 680 4,450 (1,000) 2 93,400 (21,000) 89.5±4.6 

Under-aged 680 4,450 (1,000) 4 93,400 (21,000) 89.3±4.6 

Over-aged 680 2,670 (600) 2 88,100 (19,800) 86.1±2.8 

Over-aged 680 4,450 (1,000) 2 89,000 (20,000) 84.9±4.5 

Over-aged 680 4,450 (1,000) 4 84,500 (19,000) 80.6±4.5 

Peak-aged 2,670 (600) 2 48,000 (10,800) 45.2±2.7 

Peak-aged 4,450 (1,000) 2 48,900 (11,000) 44.9±4.6 

Peak-aged 4,450 (1,000) 4 48,900 (11,000) 44.6±4.5 
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Figure 5.12 Ku from ISL testing with DCPD versus Kth from ISL testing without DCPD for tests with a 2,670 N 

(600 lb) step size and 2 h step time for the under-aged 710, double-aged, under-aged 680, over-aged 

680, and peak-aged microstructures. A 1:1 dashed line is also provided. 

 

5.3.3 Slow Strain Rate (SSR) Tensile Testing 

The averages of the mechanical property results from the SSR tests performed in air and with cathodic 

polarization (CP) for all microstructures are given in Table 5.7. The total elongation, yield stress, ultimate tensile 

stress (UTS), and reduction in area ratios between the cathodic polarization condition and in air for all five 

microstructures are given in Table 5.8. A stress-strain curve from SSR testing with cathodic polarization and a 

stress-strain curve from SSR testing in air are shown for the under-aged 710, double-aged, and under-aged 680 

microstructures in Figure 5.13 (a) and for the under-aged 680 and over-aged 680 microstructures in Figure 5.13 (b). 

For all microstructures, ductility was significantly decreased in the hydrogen environment versus in air. 

Additionally, the stress-strain curves in the hydrogen environment appear to closely follow the stress-strain curves in 

air until a little before reaching the UTS, which may be due to propagating cracks decreasing the load carrying 

cross-section of the material at that point.  

For the under-aged microstructures, shown in Figure 5.13 (a), the total elongation ratio and reduction in 

area ratios decreased with increasing strength and decreasing ductility. Both the under-aged 680 and over-aged 680 

microstructures, shown in Figure 5.13 (b), exhibited a very similar total elongation in hydrogen, but due to the lower 

total elongation of the over-aged 680 microstructure in air, the over-aged 680 microstructure exhibited a greater total 

elongation ratio. On the other hand, the reduction in area ratio of the under-aged 680 microstructure was slightly 

greater than for the over-aged 680 microstructure. The UTS ratios exhibited an inverse relationship to the total 
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elongation ratios. All yield stress ratios were between 99.0% and 99.8 %, suggesting that the environment did not 

affect the measured yield stress. 

 

 

 

 

Condition Environment 
0.2 % Yield 

Stress (MPa) 

UTS 

(MPa) 

Total 

Elongation (%) 

Reduction in 

Area (%) 

Under-Aged 710 Air 775±1 1099±13 46.9±2.1 42.8±0.6 

Under-Aged 710 CP 770±9 1002±7 21.4±2.3 22.7±0.4 

Double-aged Air 931±17 1176±15 35.1±1.0 37.0±1.9 

Double-aged CP 929±21 1080±18 13.2±2.1 17.0±1.7 

Under-Aged 680 Air 1066±15 1272±12 27.3±1.5 37.8±1.4 

Under-Aged 680 CP 1063±40 1222±12 7.6±0.5 14.2±0.2 

Over-aged 680 Air 1089±20 1338±13 23.8±0.8 33.5±0.9 

Over-aged 680 CP 1078±33 1254±2 7.2±0.3 12.1±1.8 

 

 

Condition 
Total Elongation 

Ratio (%) 

Reduction in 

Area Ratio (%) 

0.2 % Yield Stress 

Ratio (%) 

UTS Ratio 

(%) 

Under-aged 710 45.6±5.3 53.0±1.2 99.4±1.2 91.2±1.3 

Double-aged 37.6±6.1 45.9±5.2 99.8±2.9 91.9±1.9 

Under-aged 680 27.8±2.4 37.6±1.7 99.6±4.0 96.1±1.3 

Over-aged 680 30.3±1.6 36.1±2.3 99.0±3.6 93.7±0.9 
 

 

(a) (b) 

Figure 5.13 One representative engineering-strain curve for SSR tests in the hydrogen environment and in 

air of the (a) under-aged 710, double-aged and under-aged 680 microstructures and (b) 

under-aged 680 and over-aged 680 microstructures. 

 

Table 5.7  Mechanical Property Results for SSR Tests with Cathodic Polarization and in the Ambient 

Environment for all Microstructure Conditions of Alloy 718  

Table 5.8  Mechanical Property Ratios for Hydrogen-rich Environment (Cathodic Polarization) Versus 

Ambient Environment for Alloy 718 
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5.4 Fracture Surface Analysis Results 

A macrophotograph of a fracture surface of the under-aged 710 microstructure after ISL testing with 

cathodic polarization is shown in Figure 5.14 (a). ISL and RD testing while cathodically charging the CNT 

specimens produced a ring of brittle fracture starting at the notch and extending toward the center of the specimen 

for all microstructures. The center of the CNT specimens failed by ductile microvoid coalescence after 

hydrogen-affected cracking reduced the load carrying capacity of the specimen. A macrophotograph of a fracture 

surface of the under-aged 710 microstructure after SSR testing with cathodic polarization is shown in 

Figure 5.14 (b) and the locations of brittle fracture are labeled. The fracture surfaces after SSR testing with cathodic 

polarization also exhibited brittle cracks that initiated at the surface and grew towards the center of the specimen and 

were connected by a region of ductile microvoid coalescence. Secondary cracks were also observed along the gauge 

length of the smooth tensile specimens after SSR testing. The brittle cracks that coalesced to form the primary 

fracture surface were sporadically located around the specimen circumference with varying depths and were spaced 

apart along the gauge length by as much as several hundred microns.  

ISL, RD, and SSR testing all produced similar fracture features in the hydrogen-affected cracking regions. 

Additionally, the under-aged 710, double-aged, under-aged 680, and over-aged 680 microstructures, which 

contained no δ phase, all exhibited the same fracture features in the hydrogen-affected cracking regions. The fracture 

features observed near the notch of the CNT specimens and at the edges of the SSR specimens were different than 

the fracture features away from the notch in the brittle regions. An SEM fractograph taken near the notch of the 

double-aged microstructure after RD testing is shown in Figure 5.15. There were three regions of fracture features 

that were commonly observed near the notch of specimens tested in hydrogen: fine-faceted transgranular cracking, a 

smooth facet region, and large-faceted transgranular cleavage cracking with river marks. The fine-faceted 

transgranular cracking appeared as small triangular shaped features and resembles the features described as slip band 

cracking in Chapter 2. Large regions of fine-faceted transgranular cracking were only observed near the notch and 

were sometimes separated from the notch by a smooth facet. The proximity of the fine-faceted transgranular 

cleavage to the notch indicates that the first cracks to initiate were primarily composed of this fracture feature. 

Large-faceted transgranular cleavage cracking with river marks was the primary fracture mode in the brittle fracture 

region at greater depths for all microstructures without δ phase from ISL, RD, and SSR testing. The 

hydrogen-affected cracking regions of the peak-aged microstructure were primarily composed of smooth 

intergranular cracking as shown in the M.S. thesis [49, 55, 56]. 

Additional examples of fine-faceted transgranular cleavage near CNT specimen notches are shown in 

Figure 5.16. The fractograph in Figure 5.16 (a) is from the under-aged 680 microstructure after an interrupted ISL 

test followed by fatigue testing the specimen to failure. In Figure 5.16 (a), fine-faceted transgranular cracking 

extends inward approximately 60 µm from the notch; the smooth fatigue fracture surface is apparent at larger 

depths. The fractograph of the peak-aged microstructure after ISL testing in Figure 5.16 (b) shows fine-faceted 

transgranular cracking at the notch transitioning into smooth intergranular cracking.  
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(a) (b) 

Figure 5.14 Macrophotographs of (a) the under-aged 710 microstructure after ISL testing with cathodic 

polarization and (b) the under-aged 710 microstructure after SSR testing with cathodic polarization. 

 

 

Figure 5.15 SEM fractograph near the notch after RD testing of the double-aged microstructure. 

 

Etch pits were formed on the fracture surfaces to identify the planes along which transgranular cracking 

occurred. The sides of etch pits in FCC materials are {111} planes due to those being the close-packed planes. Etch 

pits formed on a {111} plane appear as triangles and hexagons since only three {111} planes can form the sides of 

the etch pits. Etch pits formed on {100} planes appear as squares since the four {111} planes form the same angle 

with the {100} plane. Etch pits formed on planes other than {111} and {100} planes form other quadrilaterals. The 
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fractographs in Figure 5.16 (c), (d) are from an ISL test of the over-aged 680 microstructure that was etched to form 

etch pits. Fine-faceted transgranular cleavage cracks that had not fully separated can be seen in Figure 5.16 (c) and 

at a higher magnification in Figure 5.16 (d). The etch pits all formed as triangles and hexagons indicating that 

cracking occurred on {111} planes. Additionally, the etching revealed slip traces, which can be seen in Figure 5.16 

(d). The slip traces on these facets align with both the sides of the etch pits and the fine-faceted transgranular 

cleavage cracks as shown by the dashed lines drawn in Figure 5.16 (d) that are parallel to the {111} slip traces.  

 

  

(a) (b) 

  

(c) (d) 

Figure 5.16 SEM fractographs of the notch region from (a) an ISL test of the under-aged 680 microstructure, 

(b) an ISL test of the peak-aged microstructure, and (c), (d) an ISL test of the over-aged 680 

microstructure. A higher magnification image of (c) is shown in (d). The fine-faceted transgranular 

cracking transitions to a fatigue fracture surface in (a) and to intergranular cracking in (b). Etch pits 

are visible in (c) and (d) and schematic dashed lines are drawn in (d) to show the directions of 

{111} slip traces. 
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Since the peak-aged microstructure showed the same fine-faceted transgranular cracking features near the 

notch as was observed for the microstructures that did not contain δ phase as shown in Figure 5.16 (b), it is assumed 

that the cracking mechanism was the same, which implies crack initiation occurred on {111} planes regardless of 

whether δ phase was present. 

SEM fractographs of hydrogen affected fracture away from the notch of ISL and RD test specimens from 

several of the tested microstructures are shown in Figure 5.17. For the under-aged 710, double-aged, under-aged 

680, and over-aged 680 microstructures, the fracture surface in the brittle region was primarily composed of  

  

(a) (b) 

  

(c) (d) 

Figure 5.17 SEM fractographs of the hydrogen affected fracture away from the notch for (a) an RD test of the 

double-aged microstructure, (b) an ISL test of the under-aged 710 microstructure, (c) an SSR test of 

the under-aged 710 microstructure, and (d) an ISL test of the double-aged microstructure. 

Primarily, transgranular cleavage cracking is apparent in (a) and (b) with the large facet resembling 

a herringbone pattern in (b). A smooth intergranular facet is shown in (c) and (d). Deviations from 

intergranular cracking are apparent in (c) and (d), and the deviations from intergranular cracking 

align with the slip bands in (d). 
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transgranular cracking (TGC) as exemplified by the fractograph of the double-aged microstructure after RD testing 

in Figure 5.17 (a). Transgranular cracking in all microstructures consisted of cleavage on specific crystallographic 

planes with visible river marks. These transgranular facets resembled the large-faceted transgranular cracking 

described in Chapter 2. Additionally, these facets sometimes exhibited a herringbone pattern as shown in the 

fractograph of the under-aged 710 microstructure after ISL testing in Figure 5.17 (b). Smooth intergranular cracking 

(IGC) was also present in the brittle fracture regions for all microstructures as shown in the fractograph of the 

under-aged 710 microstructure after SSR testing in Figure 5.17 (c). Deviations from the intergranular crack path 

were present in all microstructures and can be seen in Figure 5.17 (c). The deviations from the intergranular crack 

path frequently aligned with slip bands as shown in the fractograph of the double-aged microstructure after ISL 

testing in Figure 5.17 (d). The fracture features were similar for the under-aged 710, double-aged, under-aged 680, 

and over-aged 680 microstructures.  

Etch pits were also formed on the large-faceted transgranular cleavage cracks and smooth intergranular 

cracks. Fractographs from ISL testing of the under-aged 680 microstructure that were etched are shown in 

Figure 5.18. A herringbone pattern is shown in Figure 5.18 (a) and at a higher magnification in Figure 5.18 (b). The 

etch pits in Figure 5.18 (a) and (b) are squares indicating that the cleavage fractures occurred on {100} planes. The 

direction of the river lines on the transgranular cleavage facet in Figure 5.18 (a) and (b) occur parallel to two sides of 

the etch pits. Since the shared direction of the {100} plane and the two {111} planes is a <110> direction, the 

transgranular cleavage crack appears to propagate on a {100} plane in a <110> direction. A large transgranular 

cleavage facet that was not part of a herringbone pattern is shown in Figure 5.18 (c). The etch pits in Figure 5.18 (c) 

also form squares and the river marks are also parallel to two sides of the etch pits. Finally, a smooth intergranular 

crack is shown in Figure 5.18 (d). The etch pits on the smooth intergranular crack in Figure 5.18 (d) formed as 

triangles and hexagons with the sides of the etch pits parallel to visible slip traces indicating that this smooth facet is 

a {111} plane. This intergranular crack most likely occurs on a Σ3 coherent twin boundary since the Σ3 twin 

boundary is a {111} plane in alloy 718. These fracture features are representative of the fracture modes that 

dominate unstable crack growth for all microstructures that do not contain δ phase. 

For the microstructures without δ phase tested in this study, between 70 µm and 100 µm of stable crack 

growth occurred prior to the onset of unstable crack growth. The average amount of fine-faceted transgranular 

cracking on {111} planes near the notch for these microstructures appeared to be less than 30 µm and was 

insufficient to account for all of the measured stable crack growth, and therefore, cracking on {100} planes, twin 

boundaries, and general grain boundaries also composes part of the measured stable crack growth. For these 

microstructures, stable crack growth is a transition from fine-faceted transgranular cracking on {111} planes where 

cracks initiate to transgranular cleavage on {100} planes, cracking on twin boundaries, and cracking on general 

grain boundaries. For the δ phase containing peak-aged microstructure, only 8 µm of stable crack growth was 

measured prior to the onset of unstable crack growth. Regions of fine-faceted {111} transgranular cracking at the 

notch in the peak-aged δ-containing microstructure extended more than 8 µm away from the notch, as shown in 

Figure 5.16 (b), but were not observed all the way around the notch. These regions of {111} cracking likely 

accounted for the approximately 8 µm of stable crack growth that was measured for the peak-aged microstructure 
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prior to unstable crack growth. This small amount of stable crack growth in the peak-aged microstructure due to 

transgranular cracking on {111} planes indicates that stable crack growth begins as cracking on {111} planes; 

however, when δ phase is present, unstable intergranular cracking occurs at a low applied K, and there is no 

transition to the fracture modes observed for the δ-free microstructures. These results also indicate that 

hydrogen-affected intergranular cracking due to the presence of δ phase occurs entirely in an unstable manner. 

Additional representative fractographs from ISL and RD testing of all microstructures are provided in Appendix D. 

 

  

(a) (b) 

  

(c) (d) 

Figure 5.18 SEM fractographs from ISL testing of the under-aged 680 microstructure after etching. A 

herringbone pattern is visible in (a) and at a higher magnification in (b). A large-faceted 

transgranular facet that was not part of a herringbone pattern is visible in (c). A smooth 

intergranular crack occurring on a twin boundary with visible slip traces is shown in (d). 
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5.4.1 EBSD Cracking Analysis Results 

EBSD analysis was performed to provide a quantitative measurement of the fracture modes produced 

through hydrogen embrittlement testing. The fine-faceted transgranular features that are the first cracks to initiate 

only represented a very small fraction of the brittle fracture regions, so the quantitative results presented here are 

primarily representative of the fracture modes that dominated crack propagation. Cracked grain boundary 

misorientation distributions are evaluated with respect to bulk grain boundary misorientation distribution. The 

amount of transgranular cracking, intergranular cracking on general grain boundaries, and intergranular cracking on 

Σ3 coherent twin boundaries are compared across microstructures. 

The bulk grain boundary misorientation distributions were nearly identical between microstructures, with 

Σ3 coherent twin boundaries composing between 49.1 and 51.2 pct of all grain boundaries for each microstructure. 

The measured bulk grain boundary misorientation distribution for the peak-aged condition is shown in a plot of 

length fraction versus misorientation angle in Figure 5.19 (a) along with the theoretical misorientation frequency for 

a random distribution of grain boundaries. Clearly, the random distribution of grain boundaries does not account for 

the presence of coherent twin boundaries with a misorientation around 60°. A mathematical adjustment was 

performed on the measured bulk grain boundary distributions to remove the Σ3 boundaries from the 55° and 60° 

bins, and this adjusted distribution is shown in Figure 5.19 (b). For all microstructures, the adjusted grain boundary 

misorientation distributions are comparable to the random distribution of grain boundaries as can be observed for the 

peak-aged condition in Figure 5.19 (b). Since all microstructures were given the same annealing heat treatment, the 

similarities in bulk grain boundary misorientation distribution between microstructures is expected. 

  

(a) (b) 

Figure 5.19 Length fraction versus bulk grain boundary misorientation of (a) the peak-aged condition with Σ3 

coherent twin boundaries included and (b) the peak-aged condition with Σ3 coherent twin 

boundaries eliminated. The random grain boundary misorientation distribution is also plotted for 

comparison.  
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The percent transgranular cracking, the percent of cracking on general grain boundaries, and the percent of 

cracking on Σ3 coherent twin boundaries for all microstructures are given in Table 5.9. The cracked grain boundary 

misorientation distributions for the double-aged and over-aged (from M.S. thesis) microstructures are shown in 

Figure 5.20 (a) and (b), respectively. The misorientation frequency for a random distribution of grain boundaries is 

also plotted in Figure 5.20 for comparison. The cracked grain boundary misorientation distributions for all other 

microstructures are provided in Appendix E. 

For the δ-free under-aged 710, double-aged, under-aged 680, and over-aged 680 microstructures, most of 

the cracking was transgranular which was also reflected in the SEM analysis. The large amount of cracking around 

55° for the double-aged microstructure relative to the random grain boundary misorientation distribution in 

Figure 5.20 (a) was due to the large amount of twin boundary cracking for that microstructure. In fact, for all 

microstructures that did not contain δ phase, the ratio of cracking on Σ3 twin boundaries to cracking on general grain 

boundaries was greater than the ratio of Σ3 twin boundaries to general grain boundaries in the bulk microstructures. 

This prevalence of twin boundary cracking suggests that Σ3 twin boundaries are at least as susceptible to 

hydrogen-affected cracking as general grain boundaries when δ phase is not present in the microstructure. 

For the δ phase containing peak-aged, over-aged, and high δ microstructures, over 80% of cracking 

occurred on general grain boundaries. The cracked grain boundary misorientation distribution for the δ phase 

containing over-aged microstructure in Figure 5.20 (b) closely aligns with the random grain boundary misorientation 

distribution. Intergranular cracking was predominantly observed for these three microstructures in the fracture 

surface analysis performed in the M.S. thesis project [49, 55, 56]. Grain boundary δ phase precipitation on general 

grain boundaries is most likely responsible for the considerable amounts of intergranular cracking in these 

microstructures. Image quality (IQ) and inverse pole figure (IPF) maps showing examples of transgranular cracking, 

Σ3 twin boundary cracking, and general grain boundary cracking are provided in Appendix E.  

 

Microstructure Percent TGC 
Percent Cracking 

on General GBs 

Percent Cracking 

on Σ3 Twins 

Under-aged 710 66.1 12.7 21.2 

Double-aged 76.4 10.9 12.7 

Under-aged 680 50.3 21.6 28.1 

Over-aged 680 62.1 14.5 23.4 

Peak-aged 12.9 82.8 4.3 

Over-aged 8.3 90.9 0.8 

High δ 3.1 92.4 4.5 
 

 

Table 5.9  Percent Transgranular Cracking (TGC), Percent Cracking on General Grain Boundaries, and 

Percent Cracking on Σ3 Twin Boundaries for All Microstructures 
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(a) (b) 

Figure 5.20 Length fraction versus misorientation angle of the cracked grain boundaries for the (a) double-aged 

and (b) over-aged microstructures. The random grain boundary distribution is also plotted for 

comparison. 

 

5.5 Thermal Desorption Spectroscopy Results 

Deuterium desorption rate (at. ppm.·s-1) versus temperature (°C) curves from TDS tests performed at a 

heating rate of 5 °C·min-1 of the annealed microstructure, which did not contain the γ”, γ’, and δ phases, as well as 

the under-aged 710, double-aged, under-aged 680, and over-aged 680 microstructures are shown in Figure 5.21. The 

desorption curves all show the same general shape with a primary peak at higher temperatures and at least one 

additional inflection point along the curve at lower temperatures (left of the peak maximum). This general shape 

indicates a higher temperature trap that contains a significant portion of the trapped deuterium and additional weaker 

traps that contain a smaller amount of trapped deuterium. The shift in curves to higher and lower temperatures is due 

to variations in the thickness of the TDS specimens. 

The area under the TDS curves can be integrated to determine the total amount of deuterium that was 

desorbed during the TDS experiments. The average amount of total desorbed deuterium (at. ppm.) and the percent 

difference in desorbed deuterium versus the annealed microstructure are provided in Table 5.10 along with the 

number of averaged TDS experiments and whether the microstructures contain δ phase. The microstructures that 

contain γ”, γ’, and δ phases did not show a significant difference in desorbed deuterium content compared to the 

annealed microstructure. The similarity in TDS curve shape and the similar amounts of desorbed deuterium for 

microstructures indicates that the γ” and γ’ precipitates did not trap deuterium. Trapping due to the δ phase is also 

not apparent from the TDS data.  

The shape of the TDS curves observed in this study most closely resemble those observed by Lee and Lee 

for polycrystalline nickel [84]. Lee and Lee observed a larger, higher temperature peak in TDS experiments of both 
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polycrystalline and single crystal nickel, but only observed the smaller, lower temperature peak in polycrystalline 

nickel. The larger, higher temperature peak was attributed to lattice hydrogen trapping, and the smaller, lower 

temperature peak was attributed to pipe diffusion of hydrogen trapped at grain boundaries The similarity in TDS 

curve shape to those observed by Lee and Lee, as well as the nearly identical total deuterium content for all 

microstructures indicates that in this study, the higher temperature peak is likely deuterium in the lattice and the 

lower temperature peak is due to pipe diffusion of deuterium along the grain boundaries.  

 

 

Figure 5.21 Deuterium desorption rate (at. ppm.·s-1) versus temperature (°C) from TDS tests of the annealed, 

under-aged 710, double-aged, under-aged 680, and over-aged 680 microstructures performed at a 

heating rate of 5 °C·min-1. 

 

Microstructure 
Number of TDS 

Experiments 

Contains 

γ” and γ’? 

Contains 

δ? 

Average Desorbed 

Deuterium  

(at. ppm.) 

Percent Difference in 

Desorbed Deuterium 

vs Annealed 

Annealed 2 No No 4987±233 0.0 

Under-aged 710 1 Yes No 4807 -3.7 

Double-aged 1 Yes No 4807 -3.7 

Under-aged 680 2 Yes No 5292±320 +6.3 

Over-aged 680 5 Yes No 4999±238 +0.2 

Peak-aged 1 Yes Yes 4857 -2.7 

Over-aged 3 Yes Yes 4922±87 -1.3 

High δ 1 Yes Yes 4716 -5.6 
 

 

  

Table 5.10  Number of TDS Experiments, Microstructural Characteristics, Average Amount of Desorped 

Deuterium, and Percent Difference in Desorped Deuterium vs the Annealed Microstructure 
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CHAPTER 6 

DISCUSSION 

 

In this chapter, the primary research questions are reviewed. Mechanisms for hydrogen-assisted crack 

initiation and unstable crack growth are discussed. The effectiveness of the hydrogen embrittlement testing 

techniques used in this project are also evaluated.  

6.1 Effects of Alloy 718 Microstructure on Hydrogen Embrittlement Susceptibility 

The primary objective of this project was to evaluate the hydrogen embrittlement susceptibility and 

mechanisms of different alloy 718 microstructures with variations in the γ” and γ’ strengthening precipitates and 

with no grain boundary δ phase. Specifically, this project has focused on the two following research questions: 

5. How do the differences between under-aged and over-aged γ” precipitates affect hydrogen 

embrittlement susceptibility and mechanisms? 

6. How do the sizes of under-aged γ” and γ’ affect hydrogen embrittlement susceptibility and 

mechanisms? 

These questions can be answered succinctly with regard to hydrogen embrittlement susceptibility based on 

the results from ISL testing with the DCPD technique presented in Chapter 5: 

1. The transition from under-aged to over-aged γ” increased hydrogen embrittlement susceptibility in 

terms of crack growth resistance and the onset of unstable crack growth but had no effect on crack 

initiation. 

2. Increasing the size of under-aged γ” and γ’ decreased hydrogen embrittlement susceptibility in 

terms of crack growth resistance and the onset of unstable crack growth but had no effect on crack 

initiation. 

In general, variations in microstructure affected crack growth resistance and the onset of unstable crack 

growth but not crack initiation. For these microstructures, the fractographic analysis revealed different fracture 

modes for crack initiation and the majority of crack growth. The first hydrogen-affected cracks to initiate appeared 

as fine-faceted transgranular cracks on {111} planes, while crack propagation was dominated by transgranular 

cleavage cracking on {100} planes, twin boundary cracking, and general grain boundary cracking. The stable crack 

growth observed in this study was due to a transition from cracking on {111} planes to cracking on {100} planes, 

twin boundaries, and general grain boundaries, while unstable crack growth was entirely due to the latter. The 

mechanisms for these two fracture modes are developed in the following sections.  

6.2 Hydrogen Cracking Mechanisms 

This analysis relates the stresses and strains at the notch to the plastic flow and strain hardening behavior of 

alloy 718 and finally to the fracture modes. The effect of the γ” and γ’ precipitates on hydrogen embrittlement is 

believed to be mainly due to the effect of those precipitates on plastic flow behavior at the notch for a couple 
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reasons. First, the TDS results in Chapter 5 indicate that the γ” and γ’ precipitates had no effect on hydrogen 

trapping. Additionally, the small differences in aging temperature in this study are expected to produce only slight 

variations in the precipitate compositions or amount of solute in the matrix [105]. These slight compositional 

variations would not significantly alter the lattice parameters or hydrogen trapping capacity of the various phases in 

alloy 718 and are therefore not expected to impact hydrogen diffusivity and absorption. In this analysis, the stresses 

and strains at the notch are estimated with the equivalent strain energy density (ESED) methodology. The plastic 

flow behavior of the studied alloy 718 microstructures is evaluated through Kocks-Mecking and Croussard-Jaoul 

plots, and the effects of microstructure on the strain hardening behavior are discussed. The stresses and strains at the 

crack tip are then related to the stages of strain hardening and to the fracture modes. Finally, specific fracture 

mechanisms are proposed and discussed with regard to existing hydrogen embrittlement theories.  

6.2.1 Stresses and Strains at the Notch Root or Crack Tip 

For the tested alloy 718 microstructures, crack initiation and unstable crack growth occurred after the 

material at the root of the notch of the CNT specimen had yielded based on the applied nominal stress and the stress 

concentration factor of the specimen. Methods, such as the equivalent strain energy density (ESED) method, have 

been developed to estimate the stresses and strains at a notch root based on the nominal applied stress, the stress 

concentration factor, and the true stress-true strain curve of the tested material. A schematic representation of the 

ESED analysis is shown in Figure 6.1. S is the nominal applied stress and the elastic stress at the notch, due to the 

stress concentration factor at the notch (Kt), is S·Kt in the absence of yielding. The ESED method assumes that the 

strain energy density distribution ahead of a notch is the same for both elastic and elastic-plastic cases [106]. The 

strain energy density at the notch root (Wσ) is the area under the true stress-true strain curve as shown in Figure 6.1 

and is equated to the elastic strain energy distribution as shown in Equation 6.1 where σ is the true stress, ε is the 

true strain, and E is the elastic modulus. With Equation 6.1, the true stress and true strain at the notch tip at crack 

initiation and the onset of unstable crack growth can be estimated based on the nominal applied stress and the true 

stress-true strain curve for each microstructure. 

 𝑊𝜎 =  ∫ 𝜎𝑑𝜀𝜀
0 =  (𝑆 ∗ 𝐾𝑡)22𝐸  (6.1) 

The ESED method is more applicable at lower stresses under small scale yielding conditions; therefore, the 

ESED analysis is expected to produce less error when estimating the stresses and strains for crack initiation than for 

unstable crack propagation. Also, the notch root radius of the specimens is expected to change as the crack 

propagates; however, since the initial notch root radius is relatively small, the stress concentration factor is not 

expected to change significantly after a crack has grown, and the initial stress concentration factor can be used for 

ESED calculations at the onset of unstable crack growth. 

6.2.2 Plastic Flow and Strain Hardening Behavior of Alloy 718 

The stages of plastic flow, representing different degrees of recovery for example, can be identified by 

changes in the strain hardening rate of the material. Changes in work hardening rate can be identified by 

Kocks-Mecking (K-M) plots of instantaneous strain hardening rate (θ = dσ/dε) versus true stress and 
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Croussard-Jaoul (C-J) plots of θ versus true plastic strain. K-M plots for the microstructures in this study are shown 

individually in Figure 6.2 (a)-(d), and C-J plots are shown for all microstructures together in Figure 6.3. 

 

Figure 6.1 True stress versus true strain schematic showing the nominal applied stress (S), the stress at the 

notch in the absence of yielding (S·Kt), and the strain energy distribution at the notch when 

yielding has occurred (Wσ). 

 

The plots in Figure 6.2 show three distinct stages of strain hardening for these alloy 718 microstructures. 

Due to the highly planar slip localized in a limited number of slip bands that occurs in low stacking fault energy and 

precipitation strengthened alloys, the stages shown in the K-M and C-J plots for these microstructures do not 

directly correspond to the stages observed for pure FCC polycrystals. Similar strain hardening stages to those in 

Figure 6.2 have been observed in studies of alloy 718 [107], other precipitation-strengthened nickel base alloys [108, 

109]. aluminum alloys [110], and stainless steels [5, 6].  

Stage I normally occurs over the first few percent plastic strain and is referred to as a transient stage. In 316 

stainless steel, Stage I was observed to end at 1.5% strain, and the transition from Stage I to Stage II was attributed 

to a change from single slip to multiple slip and the activation of cross-slip [111]. As seen in Figure 6.3, the 

transition from Stage I to Stage II in these alloy 718 microstructures occurs around 5% true plastic strain. Plastic 

deformation in alloy 718 begins with the nucleation of planar slip bands, normally on multiple slip systems [113, 

114]. Initially the slip bands exhibit a wide spacing, but as deformation continues more slip bands are nucleated and 

the spacing between the slip bands eventually reaches a minimum value [50]. Worthem et al. observed the slip band 

spacing to still be decreasing at 3% strain in alloy 718 [113], and He et al. observed the slip bands to reach a 

minimum spacing of ~200 µm around 7% strain in alloy 718 [50]. He et al. also observed no difference in the final 

minimum slip band spacing for three microstructures with different aging of the γ” and γ’ [50]. Stage I of strain 

hardening in alloy 718 appears to be due to slip occurring on new slip bands until a minimum slip band spacing is 

reached, and deformation is then localized to those slip bands in Stage II. 
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The strain hardening rate in stage II is affected by the accumulation of dislocations and obstacles to 

dislocation movement in the slip bands. For the microstructures in this study, the strain hardening rate decreased 

slightly at a constant rate for the double-aged, under-aged 680, and over-aged 680 microstructures as shown in 

Figure 6.2, which resembles the stage II strain hardening behavior observed by Praveen et al. for an alloy 718 

microstructure with a similar heat treatment to the double-aged microstructure in this study [107]. For the 

under-aged 710 microstructure, the strain hardening rate increased during stage II which was observed by Praveen et 

al. for a solutionized microstructure [107]. The strain hardening rate decreases rapidly in Stage III of strain 

hardening of alloy 718 due to the increased prevalence of recovery mechanisms, including cross-slip.  

  

(a) (b) 

  

(c) (d) 

Figure 6.2 K-M plots of θ (dσ/dε) versus true stress for the (a) under-aged 710, (b) double-aged, (c) 

under-aged 680, and (d) over-aged 680 microstructures. 
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Figure 6.3  C-J plots of θ (dσ/dε) versus true plastic strain for the under-aged 710, double-aged, under-aged 680, 

and over-aged 680 microstructures. 

 

6.2.3 Mechanisms for Hydrogen-Affected Transgranular Cracking on {111} Planes 

The first cracks to initiate at the notch of the CNT specimens during ISL and RD testing with in situ 

hydrogen charging were transgranular cracks on {111} planes, and the stress intensity factor for crack initiation (Ki) 

was not significantly affected by variations in the γ” and γ’ precipitates. Additionally, the peak-aged microstructure, 

which contained δ phase, also exhibited transgranular cracking on {111} planes in the vicinity of the notch but not 

deeper into the material, which indicates that δ phase does not play a role in this fracture mode. ESED analysis was 

performed to calculate stresses and strains at crack initiation with the Ki measured from RD testing, since all 

microstructures were tested on the same tensile frame for that method. The Ki from RD testing, the true stress and 

true strain at crack initiation calculated from the ESED method, and the difference between the true stress at crack 

initiation and the yield stress (Δσ) are provided in Table 6.1. Δσ represents the amount of strain hardening at the 

notch root that occurred up to crack initiation. The true stress and true strain at crack initiation from the ESED 

method are also plotted on the true stress-true strain curves for each microstructure in Figure 6.4. The true stress at 

the notch at crack initiation increases with increasing strength level, while the true strain slightly decreases and Δσ is 

relatively constant.  
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Condition Ki (MPa·m1/2) σt ESED (MPa) εt ESED (MPa) Δσ = σt ESED - σy  (MPa)  

Under-aged 710 39.9 890 0.071 172 

Double-aged 40.4 1145 0.056 206 

Under-aged 680 41.7 1305 0.052 211 

Over-aged 680 40.1 1310 0.049 214 

 

 

 

 

Figure 6.4  True stress versus true strain curves with the true stress for crack initiation in the RD test determined 

by the ESED method labeled as Ki for the under-aged 710, double-aged, under-aged 680, and 

over-aged 680 microstructures. 

 

The K-M plots for each microstructure from Figure 6.2 are shown in Figure 6.5 with the true stress at crack 

initiation from the ESED method labeled as Ki to indicate the strain hardening rate at crack initiation. For all four 

microstructures, crack initiation appears to occur at the transition from Stage I to Stage II of strain hardening. Prior 

to crack initiation, plastic strain at the notch is accommodated by nucleation of additional slip bands, which 

decreases the strain hardening rate. At the transition from Stage I to Stage II of strain hardening, plastic deformation 

within the existing slip bands increases causing a build-up of dislocations within the slip bands. The concurrence 

between hydrogen-affected crack initiation and the transition from Stage I to Stage II of strain hardening indicates 

that there is an insufficient amount of dislocations within the slip bands as they nucleate in Stage I and that the 

increase in dislocations within the slip bands at the start of Stage II is necessary for crack initiation. Similarly, He et 

al. observed crack initiation on {111} planes to occur shortly after the minimum slip band spacing was reached in 

SSR tests of smooth pre-charged alloy 718 specimens [50]. 

Table 6.1  Ki from RD Tests, True Stress and True Strain at Crack Initiation from ESED Method, and 

Difference Between True Stress at Crack Initiation and Yield Stress (Δσ) 
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(a) (b) 

  

(c) (d) 

Figure 6.5 K-M plots of θ (dσ/dε) versus true stress with the true stress for crack initiation determined by the 
ESED method labeled as Ki for the (a) under-aged 710, (b) double-aged, (c) under-aged 680, and 

(d) over-aged 680 microstructures. 

 

Crack initiation occurred in the RD tests after approximately 25 hours of in situ hydrogen charging for all 

microstructures. After 25 hours of room temperature hydrogen charging, a relatively large amount of hydrogen 

likely accumulated near the notch, but hydrogen only diffused a short distance into the material due to the slow 

diffusivity of hydrogen in alloy 718. The depth of hydrogen diffusion can be estimated using the bulk diffusion 

coefficient for hydrogen in alloy 718 at room temperature (2 x 10-15 m2/s) [74]. After 25 hours of hydrogen charging, 

the estimated depth of hydrogen diffusion is 19 µm. For ISL tests, the maximum depth of hydrogen diffusion at 
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crack initiation for any microstructure is estimated to be 40 µm. Since transgranular cracks on {111} planes were 

primarily observed in the vicinity of the notch where significant amounts of hydrogen had accumulated, a large 

hydrogen concentration may be necessary for this fracture mode. The transition to cracking on {100} planes, twin 

boundaries, and general grain boundaries during stable crack growth is likely due to the crack advancing past the 

region of high hydrogen concentration. Many studies that evaluate hydrogen cracking modes in alloy 718 are 

performed with pre-charged hydrogen so that significant amounts of hydrogen are distributed throughout the 

specimen prior to deformation [39, 50, 60, 62, 63]. In these studies, hydrogen-affected cracking is frequently 

composed of primarily {111} transgranular cracking, which also indicates that a significant amount of hydrogen in 

front of the crack tip may be necessary for this fracture mode. 

A schematic of the predicted dislocation and hydrogen distribution in the vicinity of the notch preceding 

crack initiation on {111} planes is shown in Figure 6.6. As shown in Figure 6.6, hydrogen at the notch is expected to 

distribute to the dislocation cores along the {111} plane, and the dislocations may become blocked at slip band 

intersections due to the formation of Lomer-Cottrell locks. Several different hydrogen embrittlement mechanisms 

may then play a role in transgranular cracking along {111} planes. 

Moody et al. has observed hydrogen-affected cracking on {111} planes in precipitation-strengthened 

nickel-base alloy 903 and has proposed that the critical event for fracture is formation of microvoids at slip-band 

intersections where dislocations have piled-up [115]. Once microvoids form at the slip band intersections, these 

microcracks link through fracture along the {111} slip bands. According to Moody et al., microvoid formation at the 

slip band intersections occurs when a critical hydrogen concentration is reached, which corresponds to the relatively 

large amount of hydrogen required to cause cracking on {111} planes in the present study. Clearly, dislocation 

accumulation on the {111} slip bands is also necessary for this mechanism to occur, and according to the K-M plots 

presented here, a significant amount of dislocation accumulation may not occur until the beginning of Stage II of 

strain hardening. Hydrogen may aid in microvoid formation at slip band intersections by enhancing the movement of 

dislocations on the {111} planes towards the slip band intersections as proposed by the HELP mechanism [116, 

117]. The frequency of forming Lomer-Cottrell locks at slip band intersections may also increase due to hydrogen 

stabilizing the locked dislocation configuration [118]. Finally, the cohesive strength of the {111} planes may be 

weakened by hydrogen that accumulates on those planes, as described by the HEDE mechanism, leading to the slip 

band fracture that connects the microvoids formed at slip band intersections.  

Moody et al. also observed fracture of matrix carbides to precede cracking of the slip-bands; however, 

fracture of the matrix carbides occurred in both hydrogen and in an ambient environment and was therefore not 

believed to be influenced by the presence of hydrogen [115]. Hydrogen was then believed to redistribute to slip band 

intersections in the highly stressed regions around the fractured carbides leading to microvoid formation at the 

intersections. Transgranular cracks on {111} planes observed in the present study frequently extend only a few 

microns from the notch due to the shallow depth of hydrogen diffusion with in situ charging, and the spacing 

between carbides in these microstructures is too large for carbides to always be present at the notch where the cracks 

on {111} planes form. Therefore, a highly stressed region around a fractured carbide does not seem to be necessary 

to cause slip band cracking. Overall, there appears to be two requirements for transgranular cracking on {111} 
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planes in alloy 718: dislocation accumulation on the {111} slip planes that begins to occur at the transition between 

Stage I and Stage II of strain hardening and a significant amount of absorbed hydrogen. 

 

Figure 6.6  Schematic of the predicted hydrogen and dislocation distribution at the notch preceding crack 

initiation on {111} planes. 

 

6.2.4 Mechanisms for Hydrogen-Affected Transgranular Cleavage Cracking on {100} Planes and 

Intergranular Cracking on Twin Boundaries and General Grain Boundaries 

Transgranular cleavage cracking on {100} planes and intergranular cracking on twin boundaries and 

general grain boundaries occurred during both stable and unstable crack growth through ISL and RD testing with in 

situ hydrogen. Stable crack growth resistance and the stress intensity factor for unstable crack growth (Ku) were both 

affected by microstructural variations. Ku from ISL testing, the true stress and true strain at the onset of unstable 

crack growth from the ESED method, and the difference between the true stress at the onset of unstable .crack 

growth and the yield stress (Δσ) are provided in Table 6.2. The true stress and true strain at the onset of unstable 

crack growth from the ESED method are also plotted on the true stress-true strain curves for each microstructure in 

Figure 6.7. The true stress at the notch at the onset of unstable crack growth increases with increasing yield strength, 

while Δσ is relatively constant.  

 

 

 

Condition Ku (MPa·m1/2) σt ESED (MPa) εt ESED (MPa) Δσ = σt ESED - σy (MPa)  

Under-aged 710 67.8 1130 0.177 412 

Double-aged 76.6 1400 0.174 461 

Under-aged 680 90.4 1557 0.210 463 

Over-aged 680 77.8 1537 0.158 442 

 

 

 

Table 6.2  Ku from ISL Tests, True Stress and True Strain at the Onset of Unstable Crack Growth from 

ESED Method, and Difference Between True Stress at the Onset of Unstable Crack Growth and 

Yield Stress (Δσ) 
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Figure 6.7  True stress versus true strain curves with the true stress for crack initiation determined by the ESED 

method labeled as Ku for the under-aged 710, double-aged, under-aged 680, and over-aged 680 

microstructures. 

 

The C-J plots for all four microstructures from Figure 6.3 are shown in Figure 6.8 with the true plastic 

strain at the onset of unstable crack growth from the ESED method labeled as Ku to indicate the strain hardening rate 

at the onset of unstable crack growth. For the under-aged 680 microstructure, the true plastic strain at the onset of 

unstable crack growth from ESED was right at the point of plastic instability, so the instantaneous true strain 

hardening rate is difficult to determine; thus, Ku in Figure 6.8 is plotted at the minimum strain hardening rate for the 

axis scale used. Unstable crack growth occurs around the transition from Stage II to Stage III of strain hardening for 

these microstructures. Since crack initiation occurs at the transition from Stage I to Stage II of strain hardening, and 

unstable crack growth occurs near the transition from Stage II to Stage III, stable crack growth occurs primarily 

during Stage II of strain hardening. In general, crack growth resistance and Ku increase with increasing yield 

strength and decreasing Stage II strain hardening rates. For example, for the under-aged 680 and over-aged 680 

microstructures that possess the same yield strength, the under-aged 680 microstructure has a lower Stage II strain 

hardening rate, greater stable crack growth resistance, and a greater Ku.  

Stable and unstable crack growth on {100} planes, twin boundaries, and general grain boundaries appears 

to be due to hydrogen directly absorbed at the crack tip due to the slow diffusivity of hydrogen in alloy 718. 

Unstable crack growth occurred in the ISL tests after a maximum of 68 hours, where the estimated depth of 

hydrogen diffusion is 31 µm, but for these microstructures, at least 80 µm of stable crack growth occurred before the 

onset of unstable crack growth, so the crack had extended well past the hydrogen that had accumulated at the notch. 

Additionally, the hydrogen-affected crack grew in an unstable manner as much as 1000 µm away from the notch in 

just a few hours. The significant depth and rate of unstable crack growth indicates that the transgranular cleavage on 

{100} planes and boundary cracking observed away from the notch is a result of hydrogen absorbed directly at the 

crack tip.  
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Figure 6.8  C-J plots of θ (dσ/dε) versus true plastic strain with the true plastic strain for the onset of unstable 

crack growth determined by the ESED method labeled as Ku for the under-aged 710, double-aged, 

under-aged 680, and over-aged 680 microstructures. 

 

A schematic of the predicted dislocation and hydrogen distribution at the crack tip that results in 

transgranular cleavage on {100} planes is shown in Figure 6.9. A significant amount of dislocations has built-up on 

the slip bands, and hydrogen is only present at the crack tip. As the crack grows, any given point in front of the 

crack experiences an increasing amount of plastic deformation until the crack tip reaches that point and fracture 

occurs. By the time that the crack tip reaches the given point, a majority of the plastic deformation that point 

undergoes has already occurred, and therefore the majority of plastic deformation that any point experiences prior to 

fracture occurs when hydrogen is not present. As the material is plastically deformed in the absence of hydrogen, 

large amounts of dislocations are piled-up on parallel slip bands at obstacles such as Lomer-Cottrell locks, which 

consist of a sessile dislocation on a {100} plane. Hydrogen is continuously absorbed at the crack tip and in 

combination with the stress on the {100} plane due to the dislocation pile-ups causes the crack to propagate on the 

{100} plane. Twin boundaries and general grain boundaries also function as obstacles to dislocation motion, and the 

relative frequency of cracking on {100} planes, Σ3 twin boundaries, and general grain boundaries is likely related to 

the orientation of the grains and boundaries that the propagating crack encounters. Simulations have also shown 

Lomer-Cottrell locks and grain boundaries to be the strongest hydrogen trap sites in nickel [118].  
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Figure 6.9  Schematic of the predicted hydrogen and dislocation distribution at the crack tip resulting in 

transgranular cleavage on {100} planes. 

 

Cottrell has proposed that a stable crack can grow as long as dislocations are fed into the slip band 

impinging on the crack [119]. In this study, stable crack growth occurred predominantly during Stage II of strain 

hardening where dislocations accumulated within the existing slip bands, and a lower Stage II strain hardening rate 

resulted in greater crack growth resistance. In this case, for a given strain at the notch, a lower strain hardening rate 

results in less dislocations accumulating in the slip bands than a greater strain hardening rate, thereby decreasing the 

amount of stable crack growth at a given applied K and increasing crack growth resistance according to Cottrell’s 

mechanism. Also, increasing the yield strength increases the stress required to move dislocations in the slip-band, 

which also increases the applied K required to propagate the crack.  

The similar Δσ for all microstructures at the onset of unstable crack growth indicates that a certain amount 

of strain hardening is required for unstable crack propagation. Cottrell proposed that the transition from stable crack 

growth to unstable crack growth due to the combination of an applied tensile stress and dislocation pile-ups occurs 

when the condition in Equation 6.2 is met, where σ is the tensile stress, n is the number of dislocations in the pile-up, 

L is the length of the pile-up, and γ is the energy expended in opening the crack [119]. The onset of unstable crack 

growth at a similar amount of strain hardening for every microstructure but at different stresses indicates that n in 

Equation 6.2 may be the critical parameter for unstable crack growth with continuously absorbed hydrogen in alloy 

718. As K is increased in the ISL and RD tests, the stress on the material at the crack tip increases only slightly after 

the material has already yielded; however, significant plastic deformation occurs and the number of dislocations in 

the slip bands increase greatly. From this, σ in Equation 6.2 does not increase much during stable crack growth, but 

n increases greatly, and the conditions for unstable crack growth in Equation 6.2 are met when n increases a 

sufficient amount. Put another way, the tensile stress at the crack tip only increases a small amount during stable 

crack growth and is insufficient to cause unstable crack propagation until a certain number of dislocations have 

accumulated in the slip bands thereby increasing the stress imposed on the {100} planes, twin boundaries, and 

general grain boundaries. 
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 𝜎𝑛𝐿 =  2𝛾  (6.2) 

 

The hydrogen absorbed directly at the crack tip could enhance cleavage cracking on {100} planes, cracking 

on twin boundaries, and cracking on general grain boundaries through several different mechanisms. First, hydrogen 

could decrease the spacing between dislocations that are piled-up at the obstacle, thereby increasing the stress on the 

{100} plane or boundary due to the pile-up. Second, cross-slip occurs as strain hardening transitions from Stage II to 

Stage III, and hydrogen could restrict cross-slip of dislocations, which would increase the relative number of 

piled-up dislocations. Third, hydrogen could decrease the cohesive strength of {100} planes or boundaries (lowering 

γ in Equation 6.2) as described by the HEDE mechanism. More than one of these mechanisms could contribute to 

the fracture modes observed during hydrogen-affected unstable crack propagation in alloy 718. 

The influence of the γ” and γ’ precipitates on hydrogen embrittlement is due to the effect of the precipitates 

on plastic flow. By increasing the yield strength and decreasing the Stage II strain hardening rates through 

modification of the γ” and γ’ precipitate distributions, higher applied K is required to build-up dislocations in the 

slip bands, thereby increasing crack growth resistance and Ku in hydrogen. The ability of the γ” and γ’ precipitates to 

increase both flow strength and hydrogen-affected crack growth resistance is similar to how grain size refinement 

can increase both flow strength and fracture stress. Grain size refinement increases the applied K to cause fracture 

by decreasing the slip band length, L in Equation 6.2. For precipitation-hardened nickel-base CRAs, increasing the 

size of under-aged γ” and γ’ precipitates decreases the number of dislocations in the slip band for a given applied K 

and therefore increases the crack growth resistance for hydrogen-affected cracking on {100} planes, twin 

boundaries, and general grain boundaries. 

The above discussion of hydrogen-affected crack growth mechanisms was focused on microstructures that 

do not contain δ phase. Clearly, δ phase decreases the stresses and strains necessary for unstable crack growth due to 

the propagation of intergranular cracks. The peak-aged microstructure in this study only has a small amount of δ 

phase, so continuous δ phase grain boundary coverage is not a requirement for unstable crack growth at low applied 

K. Microcracks may form at δ phase particles ahead of the propagating crack and then link up with the main crack. 

The cracks that form at the δ phase particles may occur at a lower applied K due to hydrogen segregation at the 

incoherent interface between the δ phase and the matrix. Additionally, hydrogen diffusion to the δ phase particles 

ahead of the main crack may be enhanced by pipe diffusion of hydrogen along the grain boundaries. Intergranular 

cracking due to the presence of δ phase was only observed to occur in an unstable manner in this study. 

The results presented here clearly show that high strength nickel-base CRA microstructures can be resistant 

to hydrogen embrittlement. In fact, in the absence of δ phase, the ideal mechanical properties for hydrogen 

embrittlement resistance appear to be a high yield strength and low strain-hardening rate. The results in this study 

indicate that yield strength increases and strain-hardening rate decreases as the γ” and γ’ are increased in size up 

until over-aging occurs. Therefore, microstructures with large sizes of under-aged γ” and γ’ are ideal for these 

applications. 
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6.3 Comparison of Testing Methods 

The ISL test combined with the DCPD technique developed in this study enabled an evaluation of the 

susceptibility of alloy 718 microstructures to hydrogen embrittlement by producing crack growth resistance curves. 

The relative susceptibility of the microstructures, as evidenced by the crack growth resistance curves, was the same 

for both the ISL and RD tests performed with DCPD. For some microstructures, differences were observed between 

the crack growth resistance curves produced through the ISL and RD methods and the reasons for these differences 

are not entirely clear. 

The Ku values for the microstructures in this study exhibit an inverse relationship to the total elongation 

ratios from SSR testing as shown in the plot of Ku versus total elongation ratio in Figure 6.10. Both test methods 

identified the greater hydrogen embrittlement susceptibility of the δ phase containing peak-aged microstructure as 

evidenced by the low Ku and total elongation ratio for the peak-aged microstructure in Figure 6.10. The ISL test with 

DCPD is a more direct way of measuring hydrogen embrittlement susceptibility than the SSR test method. K in the 

ISL test directly assesses the requirements for crack initiation and unstable crack growth with in situ hydrogen 

charging. The K values from the ISL test also have the potential to aid in design of components for service 

environments; however, the mechanical property ratios from the SSR test cannot be employed directly in component 

design. 

 

Figure 6.10  Ku from ISL testing versus the total elongation ratio from SSR testing for the under-aged 710, 

double-aged, under-aged 680, over-aged 680, and peak-aged microstructures. 

 

It is unclear what aspects of hydrogen-affected cracking are evaluated by the mechanical property ratios 

from the SSR test method. The hydrogen-affected cracks formed in the SSR test can extend over 1 mm into the 

specimen and therefore a portion of the total elongation occurs as the cracks grow in an unstable manner. The 

proportions of the total elongation in the SSR test that represent strain to crack initiation, stable crack growth, and 

unstable crack growth are unknown. In the present study, the under-aged 680 and over-aged 680 microstructures 

exhibited a similar total elongation in hydrogen in the SSR test. In the ISL and RD tests, the under-aged 680 

microstructure was more resistant to stable crack growth, but in the RD test, the over-aged 680 microstructure 
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exhibited a greater amount of unstable crack growth before reaching a peak load. These two microstructures 

exhibiting the same total elongation in hydrogen in the SSR test could be explained by more elongation occurring 

during stable crack growth for the under-aged 680 microstructure than for the over-aged 680 microstructure and 

more elongation occurring during unstable crack growth for the over-aged 680 microstructure than for the 

under-aged 680 microstructure.  

In the ISL test with DCPD, every alloy and microstructure experience the same loading profile up to crack 

initiation and a crack growth resistance curve can be generated for each microstructure after crack initiation. In the 

SSR test, the stress at the cracks that form is unknown, as crack initiation is not readily detected, and are likely 

higher for materials with a greater strength level. For example, in this study the applied stress on the under-aged 710 

specimens during the SSR test never reached the yield strength of the under-aged 680 microstructure, so the stress 

on a crack of a given length was always greater for the under-aged 680 microstructure. The greater stress on cracks 

in higher strength microstructures likely results in lower total elongation ratios even if those microstructures are 

more resistant to crack propagation. 

This study revealed the importance of the hydrogen absorption and concentration on the different observed 

fracture modes. Careful consideration of the environments that components of these alloys are exposed to is 

necessary to determine which fracture modes are most likely to occur in service. Current hydrogen embrittlement 

testing methods for oil and gas applications primarily use in situ hydrogen charging and are performed near room 

temperature. Due to the slow diffusivity of hydrogen in these alloys, in situ hydrogen charging near room 

temperature primarily evaluates the effect of hydrogen absorbed directly at the crack tip on hydrogen embrittlement 

susceptibility. Several field failures have occurred due to intergranular cracking of δ phase containing 

microstructures and since that fracture mode was observed to occur due to hydrogen continuously absorbed at the 

crack tip in this study, testing with in situ hydrogen charging may be the appropriate method to assess the likelihood 

of hydrogen-affected failure occurring during service. On the other hand, if extremely long service times with 

considerable amounts of hydrogen absorption are anticipated, testing with pre-charged hydrogen to assess 

hydrogen-affected fracture on {111} planes may also be appropriate. 
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CHAPTER 7 

SUMMARY AND CONCLUSIONS 

 

The objective of this project was to evaluate the hydrogen embrittlement susceptibility and mechanisms of 

different alloy 718 microstructures with variations in the γ” and γ’ strengthening precipitates and with no grain 

boundary δ phase. The specific research questions to be answered were:   

1. How do the differences between under-aged and over-aged γ” precipitates affect hydrogen 

embrittlement susceptibility and mechanisms? 

2. How do the sizes of under-aged γ” and γ’ affect hydrogen embrittlement susceptibility and 

mechanisms? 

Two microstructures with the same strength level, one with under-aged γ” and one with over-aged γ” were 

developed and tested in order to answer the first research question. The hydrogen embrittlement response of three 

microstructures with increasing size of the under-aged γ” and γ’ precipitates and increasing strength level were 

compared to answer the second question. 

ISL and RD testing coupled with the DCPD technique and performed with in situ hydrogen charging was 

the primary method for evaluating the hydrogen embrittlement susceptibility of the alloy 718 microstructures. Ki, 

the stress intensity factor for crack initiation, was generally independent of microstructure. Crack growth resistance 

and the stress intensity factor for the onset of unstable crack growth, Ku, were highly dependent on variations in the 

γ” and γ’ precipitates. The transition from under-aged to over-aged γ” decreased crack growth resistance and Ku and 

therefore increased hydrogen embrittlement susceptibility. Increasing size of under-aged γ” decreased hydrogen 

embrittlement susceptibility, in terms of increasing crack growth resistance and Ku, despite increasing the strength 

level. Overall, these results demonstrate that hydrogen embrittlement resistance is not inversely proportional to 

strength level, as is commonly assumed, and high strength conditions can be produced with high hydrogen 

embrittlement resistance. The hydrogen embrittlement susceptibility of a microstructure containing grain boundary δ 

phase was also evaluated., and the presence of δ phase decreased Ku but had no effect on Ki. 

SEM and EBSD analyses were performed to evaluate the hydrogen-affected fracture modes. The first 

cracks to initiate were fine-faceted transgranular cracks on {111} planes; however, crack growth was dominated by 

transgranular cleavage on {100} planes with visible river marks, cracking on Σ3 twin boundaries, and cracking on 

general grain boundaries. Microstructures with δ phase exhibited primarily intergranular cracking on general grain 

boundaries.  

Hydrogen-affected crack initiation on {111} planes occurs at the transition from Stage I to Stage II of strain 

hardening when the slip band spacing is surmised to reach a minimum value and further deformation is localized to 

the nucleated slip bands. The requirements for crack initiation are localization of deformation to the nucleated slip 

bands and a high concentration of hydrogen. Transgranular crack initiation on {111} planes was also observed for a 

microstructure containing δ phase at a similar Ki to microstructures without δ phase indicating that δ phase does not 

affect this fracture mode. 



 78 

Hydrogen-affected crack growth on {100} planes, twin boundaries, and general grain boundaries in alloy 

718 is interpreted to be caused by dislocations piled-up at obstacles, such as Lomer-Cottrell locks and grain 

boundaries, in combination with hydrogen absorbed directly at the crack tip. Stable crack growth resistance 

increased with a decreasing Stage II strain hardening rate indicating that dislocation accumulation in the slip bands 

drives stable crack growth. The onset of unstable crack growth occurred at a similar amount of strain hardening for 

all microstructures, which suggests that cracks grow in an unstable manner once enough dislocations pile-up in slip 

bands during the strain hardening process. Variations in the γ” and γ’ precipitates change the yield stress and Stage 

II strain hardening rate which changes the crack tip stresses and strains required to increase the number of piled-up 

dislocations. The effect of the γ” and γ’ precipitates on crack growth resistance, the onset of unstable crack growth, 

and hydrogen embrittlement susceptibility in general is therefore due to the effect of those precipitates on plastic 

flow behavior. There was no evidence of different trapping behavior of γ” and γ’ precipitates in the various 

conditions as measured by TDS experiments on specimens pre-charged with deuterium. Grain boundary δ phase 

causes unstable intergranular crack propagation at a low applied stress, thereby increasing hydrogen embrittlement 

susceptibility. 

The application of the DCPD technique to the ISL test method allowed for identification of crack initiation 

and the onset of unstable crack growth and produced crack growth resistance curves. The load drop from ISL tests 

without DCPD approximates the onset of unstable crack growth but provides no information with regard to crack 

initiation and resistance to stable crack growth. The trends of crack growth resistance with microstructure were the 

same for the ISL and RD tests; however, for some microstructures there were discrepancies between the crack 

growth resistance curves produced by the two testing methods. SSR testing of smooth specimens was also 

performed, and the total elongation ratio from the SSR test exhibited an inverse relationship with Ku and crack 

growth resistance. This discrepancy highlighted the fact that there are several uncertainties with regard to the 

mechanical property ratios produced in the SSR test. Specifically, in the SSR test with in situ hydrogen, the portions 

of the total elongation that represent the strain required for crack initiation, stable crack growth, and unstable crack 

growth are unknown, and there are differences in the stresses at a crack formed in conditions with different strength 

levels. 
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CHAPTER 8 

FUTURE WORK 

 

The aging heat treatment to produce the highest strength, most hydrogen embrittlement resistant alloy 718 

microstructure in this study (680 °C for 140 h) is not industrially relevant due to the long aging time. Multiple step 

aging treatments to produce large sizes of under-aged γ” and no δ phase could be developed. Additional nickel-base 

alloys could also be developed that allow for aging to the desired γ” and γ’ characteristics mechanical properties 

while avoiding the formation of grain boundary precipitates. Further investigation into how compositional and 

microstructural variations affect strain hardening behavior in these alloys may also aid in microstructural design for 

hydrogen embrittlement resistance. Specifically, the effects of composition and precipitation on slip band spacing 

and dislocation accumulation within the slip bands should be investigated. The effect of grain size on hydrogen 

embrittlement of δ phase-free microstructures should also be investigated. 

Due to the large dimensions and required processing routes for components in deep-sea oil wells, it may 

not be possible to ensure no δ phase is present throughout a component. Since δ phase only affects crack growth due 

to hydrogen absorbed directly at the crack tip, it may only be necessary to avoid δ phase near the surface of a 

component. Rapid cooling after high temperature annealing could ensure that δ phase does not form near the surface 

of the component, which would guarantee an increase in hydrogen embrittlement resistance.  

The majority of stable crack growth and the onset of unstable crack growth in this study was due to 

cracking on {100} planes, twin boundary cracking, and cracking on general grain boundaries due to hydrogen 

continuously absorbed at the crack tip; however, transgranular cracking on {111} planes due to a high concentration 

of hydrogen can also occur. The requirements of the {111} transgranular fracture mode to cause significant stable 

crack growth and unstable crack growth should be investigated with regard to stress level and hydrogen 

concentration. ISL testing with DCPD could be performed after elevated temperature hydrogen pre-charging and 

with no in situ hydrogen charging to evaluate crack growth resistance and the onset of unstable crack growth due to 

transgranular cracking on {111} planes. Careful consideration of the environmental parameters that a component 

experiences in service (hydrogen exposure, temperature, stress, time) can then allow for determination of the 

likelihood that either of the fracture modes identified in this study would occur. Microstructures and components 

should then be designed based on which fracture mode or modes are likely to occur in the specific application. 

The discrepancy between crack growth resistance curves from ISL and RD testing for some microstructures 

should be investigated. Additional interrupted ISL and RD tests with DCPD, particularly at large crack sizes, would 

further improve the accuracy of the crack length calibration curve produced in this study. Implementation of the 

DCPD technique to SSR testing could allow for identification of crack initiation and an evaluation of crack growth 

resistance in that testing method. 
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APPENDIX A 

TIME-TEMPERATURE-TRANSFROMATION (TTT) OF δ PHASE IN ALLOY 718 

 

A time-temperature-transformation (TTT) diagram for δ phase in alloy 718 showing both the longest aging 

time at which δ phase was not observed and the shortest aging time at which δ phase was observed in this study is 

provided in Figure A.1. The data from Figure A.1 is provided in Table A.1. δ phase was not observed during aging 

up to 800 h at 680 °C. 

 

Figure A.1 Time-temperature-transformation (TTT) diagram for δ phase in alloy 718 showing both the 

longest aging time at which δ phase was not observed and the shortest aging time at which δ 
phase was observed in this study. 

 

 

 

 

 

Aging Temp. 

(°C) 

Longest Time 

with No δ (h) 

Shortest Time 

with δ (h) 
800 0.5 0.667 

760 4 6 

720 40 64 

700 230 330 

680 800 - 

  

 

Table A.1  Longest Aging Time to Not Precipitate δ Phase and Shortest Aging Time to Precipitate δ phase in 

Alloy 718 
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APPENDIX B 

COMPARISON OF DIRECT CURRENT POTENTIAL DROP TECHNIQUE IN HYDROGEN ENVIRONMENT 

AND IN AIR 

 

A rising displacement (RD) test with the direct current potential drop (DCPD) technique was also 

performed on the over-aged 680 microstructure in air at a displacement rate of 0.00005 in/s. The notched voltage 

ratio (NVR) vs load (kN) curve from the RD test of the over-aged 680 microstructure in air is shown in Figure B.1 

along with the results from the in situ RD and ISL tests of the over-aged 680 microstructure. Plasticity in the RD test 

in air increases the NVR in air at high loads. The increase in NVR due to plasticity is insignificant at the crack sizes 

of interest (<200 µm) in this study. 

 

Figure B.1 NVR vs Load (kN) from RD test in air, RD test in hydrogen environment, and ISL test in 

hydrogen environment of the over-aged 680 microstructure. 
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APPENDIX C  

COMPARISON OF THRESHOLD STRESS INTENSITY FACTORS OF ALLOY 718 TESTED WITH 

HYDROGEN 

 

K in the present study was calculated solely based on the nominal stress and the crack length due to the 

difficulty in measuring notch displacement in the testing environment. For this reason, Ki and Ku are compared to 

other hydrogen-affected fracture toughness measurements from the literature. Fracture toughness testing of alloy 

718 with in situ gaseous hydrogen charging has been performed with wedge-opening load (WOL) and compact 

tension C(T) specimens. Testing with the WOL specimens was performed with a decreasing load and a Kth was 

identified when the growing crack arrested. The Kth for a high-strength microstructure expected to contain a small 

amount of δ phase tested at room temperature was 38 MPa·m1/2 [120]. This Kth is comparable to the Ki values for all 

microstructures and slightly below the Ku value for the δ-containing peak-aged microstructure in this study. The 

C(T) specimens were tested with increasing displacement and load according to ASTM E399. When tested in 

hydrogen, a microstructure expected to contain δ phase exhibited KIC values over 80 MPa·m1/2, and a microstructure 

not expected to contain δ phase exhibited KIC values over 100 MPa·m1/2 [121]. These KIC values were approximately 

90% of the KIC from testing in helium. Minimal hydrogen embrittlement may have been observed in these 

experiments due to a relatively rapid loading rate. 

RD testing with the DCPD technique has been performed on pre-cracked alloy 718 single edge notch 

tensile (SENT) specimens with in situ cathodic hydrogen charging [47]. The two tested microstructures both 

exhibited intergranular cracking consistent with δ phase precipitation. The two microstructures exhibited minimum 

Kth values for crack initiation of 47 MPa·m1/2 and 54 MPa·m1/2 which are above the Ki values for all microstructures 

and comparable to the Ku value for the peak-aged microstructure in this study. ISL testing with optical crack 

monitoring has been performed on pre-cracked alloy 718 single edge notch tensile (SENT) specimens after cathodic 

hydrogen pre-charging [60]. Testing was performed on a single microstructure of alloy 718 that likely contained δ 

phase and was pre-charged with different amounts of hydrogen. The Kth at which the crack growth rate first exceeds 

10-5 m/s ranged from slightly above 90 MPa·m1/2 (25 ppm hydrogen) to just below 140 MPa·m1/2 (1 ppm hydrogen). 

These Kth values are all significantly greater than the Ku observed for the δ-containing peak-aged microstructure in 

this study, and the lowest Kth is comparable to the Ku of the under-aged 680 microstructure. These differences in K 

for sustained crack growth may be due to the difference in hydrogen embrittlement mechanisms that occur for 

pre-charged hydrogen versus hydrogen continuously absorbed at the crack tip. 
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APPENDIX D  

COMPARISON OF THRESHOLD STRESS INTENSITY FACTORS OF ALLOY 718 TESTED WITH 

HYDROGEN 

 

Additional representative fractographs from in situ ISL and RD testing are provided for the under-aged 710 

(Figure D.1), double-aged (Figure D.2), under-aged 680 (Figure D.3), over-aged 680 (Figure D.4), and peak-aged 

(Figure D.5) microstructures. The SEM fractographs from hydrogen-affected cracking regions for the 

under-aged 710 (Figure D.1), double-aged (Figure D.2), under-aged 680 (Figure D.3), and over-aged 680 

(Figure D.4) microstructures show primarily transgranular cracking.  

Figure D.1 Representative fractographs from (a) ISL testing and (b) RD testing of the under-aged 710 

microstructure. (c) Representative SEM fractograph from the hydrogen affected cracking region 

of an ISL test of the under-aged 710 microstructure. 

  

(a) (b) 

 

(c) 
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A smooth intergranular facet with slip traces is also visible in the SEM fractograph of the double-aged 

microstructure in Figure D.2. The SEM fractograph of the under-aged 680 microstructure also shows the ductile 

microvoid coalescence that occurs at the center of the specimen during the final ductile overload. The SEM 

fractographs of the hydrogen-affected cracking region for the peak-aged microstructure in Figure D.5 shows 

primarily smooth intergranular cracking. 

Figure D.2 Representative fractographs from (a) ISL testing and (b) RD testing of the double-aged 

microstructure. (c) Representative SEM fractograph from the hydrogen affected cracking region 

of an ISL test of the double-aged microstructure. 

  

(a) (b) 

 

(c) 



 91 

 

Figure D.3 Representative fractographs from (a) ISL testing and (b) RD testing of the under-aged 680 
microstructure. (c) Representative SEM fractograph from the hydrogen affected cracking region 

of an ISL test of the under-aged 680 microstructure. 

 

  

(a) (b) 

 

(c) 
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Figure D.4 Representative fractographs from (a) ISL testing and (b) RD testing of the over-aged 680 

microstructure. (c) Representative SEM fractograph from the hydrogen affected cracking region 

of an ISL test of the over-aged 680 microstructure. 

 

  

(a) (b) 

 

(c) 
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Figure D.5 Representative fractographs from (a) ISL testing and (b) RD testing of the peak-aged 

microstructure. (c) Representative SEM fractograph from the hydrogen affected cracking region 

of an ISL test of the peak-aged microstructure. 

 

  

 
 

(a) (b) 

 

(c) 
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APPENDIX E  

ADDITIONAL DATA FROM EBSD FRACTURE MODE ANALYSIS 

 

Cracked grain boundary misorientation distributions are provided in Figure E.2 for the (a) under-aged 710, 

(b) under-aged 680, and (c) over-aged 680 microstructures, which do not contain δ phase. The cracked grain 

boundary misorientation distributions for the (a) peak-aged and (b) high δ microstructures that contain δ phase are 

provided in Figure E.2. The random grain boundary misorientation distributions are also plotted in Figure E.2 and 

Figure E.2. 

Figure E.1 Cracked grain boundary misorientation distributions for the (a) under aged 710, (b) under aged 

680, and (c) over aged 680 microstructures. The random grain boundary misorientation 

distribution is also shown. 
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Figure E.2 Cracked grain boundary misorientation distributions for the (a) peak-aged and (b) high δ 
microstructures. The random grain boundary misorientation distribution is also shown. 

 

Examples of transgranular and twin boundary cracking in the under-aged 710 microstructure are shown in 

the image quality (IQ) and inverse pole figure (IPF) maps in Figure E.3. An example of hydrogen-affected fracture 

composed of entirely general grain boundary cracking is evident in the IQ and IPF maps for the high δ 

microstructure in Figure E.4. 

 

Figure E.3 (a) IQ and (b) IPF maps of transgranular and twin boundary cracking in the under-aged 710 

microstructure after SSR testing with in situ hydrogen charging. 
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Figure E.4 (a) IQ and (b) IPF maps of general grain boundary cracking in the high δ microstructure after 
SSR testing with in situ hydrogen charging. 
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