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 ABSTRACT 

The hydrogen embrittlement (HE) resistance of martensitic and bainitic microstructures has been 

evaluated in a range of hardness levels relevant to large fastener applications. Alloy 4340 was processed 

via quench and tempering, austempering, and austempering and tempering to achieve martensitic, 

bainitic, and tempered bainitic microstructures. Bulk hardness, smooth-sided, and notched round bar 

tensile testing were used to evaluate mechanical properties, while dilatometry, electron microscopy, and 

x-ray diffraction were utilized to characterize the various microstructures. Hydrogen embrittlement was 

assessed via incremental step load (ISL) testing of notched tensile specimens in 3.5 pct NaCl with 

concurrent cathodic polarization with an applied current density of 0.1mA·cm-2. Additional tests utilized 

the direct current potential drop method, concurrent with the ISL test, to probe crack initiation.  

At constant hardness, tensile mechanical properties varied by microstructure, with yield point and 

work hardening behavior being the principle factors contributing to this disparity. Hydrogen 

embrittlement susceptibility increases with increasing strength or hardness, with some microstructural 

effects. The onset of dislocation motion, measured through microyield stress, does not correlate with HE 

resistance, and plastic deformation appears a necessary aspect of the HE processes. Increased measures of 

flow stress decrease the apparent microstructural effects. The austempered bainitic conditions are more 

susceptible to hydrogen than the martensitic conditions, for a given yield strength. The highly tempered 

bainitic condition offers improvement in Kth over a comparable hardness/strength martensitic condition. 

The most resistant materials fail at high stress intensities, via transgranular cracking, while the greatest 

strength conditions fail along prior austenite grain boundaries at a similarly low Kth. Intergranular fracture 

along austenite grain boundaries presents a lower bound limit for Kth. 

Notch root stress and strain in hydrogen were determined from the equivalent strain energy 

density method, which indicated that Kth is directly proportional to the square-root of the notch strain. The 

relationship is independent of microstructure, strength, yield behavior, or fracture mode in hydrogen. The 

DCPD technique indicates all conditions have limited or no stable crack growth, and the largest difference 

in stress intensity factor between crack initiation and unstable propagation was 3 pct; the ISL test is 

therefore correlated with the onset of unstable crack growth.  
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CHAPTER 1 : INTRODUCTION 

1.1 Background 

Hydrogen embrittlement (HE) is a particularly pernicious form of failure because it is 

characterized by a significant reduction in ductility for otherwise ductile metals, with failure often 

occurring well below the yield or design stress of a component. Fastener failures due to HE are 

problematic for a number of industries including heavy equipment and automotive, large civil projects, 

and the offshore oil and gas industry, where failures may result in catastrophic loss of well containment. 

Bolting and other threaded connectors are heavily used in applications requiring the joining of various 

engineered components where permanent connections, e.g. welding, may not be appropriate. Industrial 

practice restricts fastener strength or hardness level to minimize HE susceptibility; safe operating limits 

vary by industry and application, however. The use of lower strength materials imposes a limit on 

engineering design, necessitating larger component sizes to meet load-carrying requirements. Higher 

strength fasteners are desired to meet the needs of increasingly demanding applications and improve 

safety, all the while reducing mass, production time, and cost. 

1.2 Hydrogen Embrittlement Related Fastener Failures 

The issue has received serious attention due to recent failures of fasteners and threaded rods. 

Perhaps the most well-known HE related fastener failures occurred during reconstruction of the San 

Francisco-Oakland Bay Bridge following the Loma Prieta Earthquake in 1989. Upon tensioning the 

shear-key anchor rods to 70 pct of the tensile strength, 32 of the 96 rods fractured [1, 2]. The bridge 

design precluded replacing the numerous failed rods, and an alternative design was required to serve the 

intended purpose of the shear key anchor rods. A large metallurgical investigation followed to determine 

probable cause, which was ascribed to improper heat treatment and excessive environmental exposure 

prior to tensioning [1]. 

Similar failures have been noted in the offshore environment, where threaded connectors are 

integral to joining oil and gas production assemblies. To date, only minor loss of drilling fluid has 

occurred due to fastener failures; however, loss of well containment, and the attendant environmental 

devastation that may result, makes the reliability of fasteners of paramount importance. Efforts are 

currently ongoing to determine best practice for the oil and gas industry to ensure adequate control 

measures are adopted to mitigate further risk of hydrogen induced fastener failures [3, 4]. While improper 

heat treatments are a common culprit in HE of fasteners, overall susceptibility is a complex function of 

material, processing, strength level, and environmental variables such as service conditions and loading. 

As such, addressing the issue requires a multi-faceted approach including assessing fastener design and 
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installation, engineering materials and their production, corrosion prevention, hydrogen exposure during 

processing, and further laboratory research to understand fundamental mechanisms of embrittlement and 

to establish safe operating limits [3]. 

1.3 Mitigation of Hydrogen Embrittlement in Fasteners 

The primary measures by which HE is currently mitigated in fastener applications rely on limiting 

hardness/strength level and processing to avoid hydrogen occlusion during production or coating 

operations. The maximum allowable strength level varies by industry and application. Materials with 

Rockwell hardness below 39 HRC, or approximately 1000 MPa tensile strength, are generally considered 

to be at lower risk of HE. However, bolting used in critical offshore applications is often limited to a 

maximum hardness of 34 HRC [5]. Higher hardness/strength materials often require additional 

precautions through specified heat treatments (bake-out), especially if the material may be exposed to 

hydrogen during production, e.g. through pickling or coating operations, or if the material is exposed 

during service, e.g. cathodic protection [5–9]. 

The other means by which hydrogen embrittlement is mitigated is through reducing the transport 

(diffusion) of hydrogen to, or within, the material. Common methods include material coating, hydrogen 

trapping, and tailoring of phases/microstructure. Protective coatings introduce barriers to hydrogen 

diffusion into the material; however, they may also act to trap it within the material if hydrogen is 

inherently present prior to coating. Caution must be exercised to avoid this situation. The introduction of 

strong traps, microstructural inhomogeneities where hydrogen accumulates and is rendered innocuous, i.e. 

is “trapped,” is a common method targeted at HE mitigation. Tailoring phase fractions, such as stabilizing 

austenite in ferritic steels, has been used in an attempt to inhibit the effective diffusion of hydrogen by 

exploiting differences in diffusivity and solubility between phases [10]. Each of these methods rely on 

reducing the effective diffusivity of hydrogen in steels. A recent review of these common methods of 

preventing embrittlement in steel was given by Bhadeshia [11]. Hydrogen occlusion at trap sites may only 

be effective if the supply of hydrogen is less than the capacity of the traps to occlude it; after saturation, 

the traps are themselves ineffective at rendering hydrogen harmless. In marine environments, or in oil and 

gas applications where a continuous supply of hydrogen is available, these diffusion-limiting mitigation 

techniques may be ineffective. Microstructural engineering, which decreases the inherent material 

susceptibility, is one of the remaining mechanisms to limit the deleterious effects of hydrogen in 

environments where a hydrogen supply is continually present. 

1.4 Motivation and Scope 

The environmental degradation of fasteners due to the presence of hydrogen poses serious risk for 

a number of applications. The identification of microstructures exhibiting improved performance, 

especially at higher strengths, is of particular interest to improving both safety and performance. This 
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investigation assessed the hydrogen embrittlement resistance of tempered martensitic and bainitic 

microstructures in a range of hardness levels of industrial relevance. The HE resistance of bainite is not 

yet fully understood. As tempered martensite is the principle microstructure utilized in fastener 

applications due to its combination of strength, toughness, and acceptable HE resistance at lower 

hardness, this microstructure will serve as the baseline condition for which the bainitic microstructures 

are compared. The hardness range investigated represents the current upper hardness limits for off-shore 

applications (~34-39 HRC) and includes a higher hardness range that has so far been unattainable without 

significant risk of hydrogen embrittlement (40-45 HRC). 

The principle research questions this investigation aims to address are: 

• How does the hydrogen embrittlement resistance, measured through a fracture mechanics 

approach, compare between bainitic and martensitic microstructures at a similar hardness 

level? 

• What mechanisms control hydrogen embrittlement resistance in both microstructure? 

1.5 Thesis Organization 

This thesis is organized as follows: Chapter 2 reviews literature relevant to current understanding 

of the mechanisms of hydrogen embrittlement, microstructural aspects of environmental degradation in 

hydrogen, and investigation of fastener grade steels. Chapter 3 describes experimental methods and 

procedures, and Chapter 4 presents the results of the experimental investigation. Chapter 5 discusses the 

experimental results within the context of the research questions. Conclusions of this work are presented 

in Chapter 6, and Chapter 7 discusses possible future work. Appendices A-E are provided, which detail 

work in support of this investigation. 
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CHAPTER 2 : LITERATURE REVIEW 

This chapter provides a review of the literature on hydrogen embrittlement relevant to the current 

investigation. General aspects of hydrogen embrittlement are first presented, followed by the proposed 

mechanisms by which hydrogen embrittles metallic systems and the documented role of plasticity in the 

embrittlement of iron-base alloys. Embrittlement of fastener grade steels and microstructural aspects of 

importance are then presented. This chapter finishes by discussing the microstructure anticipated from 

austempering and/or austempering and tempering (bainite/ tempered bainite) and the use of 

circumferentially notched tensile specimens in fracture toughness and hydrogen embrittlement testing. 

2.1 General Aspects of Hydrogen Embrittlement 

The embrittlement of metals due to the presence of hydrogen is commonly defined in broad terms 

by the source of hydrogen: either internal or environmental hydrogen embrittlement. Internal hydrogen 

embrittlement (IHE) categorizes the presence of hydrogen due to the steel making or manufacturing 

processes, and includes such operations as acid pickling, welding, and plating or coating operations, e.g. 

galvanization or electrodeposition. Improvements in the steel making process and the advent of vacuum 

degassing, has largely eliminated the introduction of hydrogen during the steel making process. 

Environmental hydrogen embrittlement (EHE) categorizes the presence of hydrogen in metals due to 

external environmental or service conditions. EHE may occur through exposure to certain chemicals and 

cleaning agents, transport of gaseous hydrogen or hydrogen-sulfide (H2S) present in sour service, and 

aqueous environments with cathodic protection, for example. 

Unless hydrogen is initially present in the metal from the processing, there is a general reaction 

pathway required for hydrogen to be deleterious to the mechanical properties of materials. This pathway 

includes hydrogen transport to the metallic surface, dissociation into the atomic species, and diffusion into 

the metal. In addition to residing at interstices in the lattice, hydrogen accumulates at lattice defects (e.g. 

dislocation, precipitates, grain boundaries, etc.) and may be further concentrated by regions of high 

hydrostatic stress. These structural defects are known as “traps”, in which there is an energetic binding 

force between the heterogeneous site and the hydrogen species. Concentrated in sufficient quantities, 

hydrogen promotes crack nucleation and growth leading to failure. Figure 2.1 provides a simplified 

schematic representing the pathway from hydrogen-metal contact through failure. 
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Figure 2.1  Schematic representation of sources of hydrogen, transport within the lattice, trap sites, 
and general fracture modes. From [12]. 

 

Common hydrogen traps include: dislocations, grain boundaries, 2nd phase particles, and other 

microstructural interfaces, as shown in Figure 2.1. Trap sites are known as either reversible or irreversible 

based on the interaction strength of the solute hydrogen and the microstructural defects. The binding 

energy of a trap is illustrated using an energy, as illustrated in Figure 2.2. The energetic barrier of lattice 

diffusion is represented as EL in Figure 2.2(a), while a trap site has an additional energy well, ΔE, of 

varying strength depending on trap character, shown in Figure 2.2(b). Once hydrogen is trapped at an 

inhomogeneity, it requires an energy of at least EL+ ΔE to depart from the trap site. The terms reversible 

and irreversible are based on the energy necessary for hydrogen to vacate the trap. There is no strict 

distinction between reversible/irreversible trapping, though the common understanding is that hydrogen 

which is liberated from trap sites at room temperature or with little additional thermal energy (or stress) is 

considered reversible, and that which has a greater energetic barrier is irreversible. It is well established 

that reversibly trapped hydrogen contributes to the embrittlement process, while irreversibly trapped 

hydrogen is typically considered to be rendered innocuous. 

Hydrogen trapping has been investigated electrochemically, through thermal desorption 

analysis/spectroscopy (TDA/TDS), and modeling. In TDA/TDS the rate of hydrogen evolution is 

measured as a function of temperature when a hydrogen containing specimen is heated at a fixed rate. 
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Trap binding energies are determined by varying heating rate and relating the peak position (temperature) 

shift with heating rate. Bhadeshia compiled the binding energies of various trap sites in a recent paper 

[11], which are reproduced in Table 2.1. The original references and method for determining binding 

energy can be found in the paper [11]. In general, the binding energy of individual solute atoms is fairly 

weak. Trapping energy increases at interfaces e.g. grain boundaries/ phase boundaries, and in dislocation 

cores and strain fields surrounding them. Higher binding energies are reported for precipitates, inclusions, 

and alloy carbides. As observed in Table 2.1 a range of trap energies for a specific site may be reported in 

the literature, owing to the difficulty in isolating individual traps. 

 

 

2.2 Mechanisms of Hydrogen Embrittlement 

Numerous mechanisms have been proposed for the embrittlement of metals by hydrogen. To 

date, no one mechanism has been proposed that adequately explains all the deleterious effects observed. 

Most authors suggest that a combination of mechanisms may be operable depending on a number of 

factors including alloy system, hydrogen source, and applied stress [14–16]. Of the available theories, 

three of the most established mechanisms are introduced here: 1) brittle hydride induced cleavage, 2) 

hydrogen-enhanced decohesion (HEDE), and 3) hydrogen-enhanced localized plasticity (HELP).  

The hydride formation mechanism is well documented and has been established as occurring in 

pure metals and alloys of Zr, Ti, and Group Vb metals, for instance [16, 17]. It is characterized by the 

precipitation of brittle metal hydrides within the matrix, crack initiation at the hydride/matrix interface or 

fracture of the hydride itself, and cleavage crack propagation leading to fracture [18]. Hydride formation 

is not known to occur in iron-based alloys except at extreme pressures, e.g. gigapascal H2 pressures [19], 

so it is not considered a probable mechanism in this study. Recombination and precipitation of hydrogen 

 

Figure 2.2 Schematic of lattice potential energy versus position for the energetic interactions of 
hydrogen with lattice and trap features, illustrating a) energy landscape for lattice 
diffusion, b) a single trap site with trap energy ΔE, and c) a single trap site with 
additional activation barrier E'. From [13]. 
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gas (H2) within the material due to exceeding the solubility of hydrogen in the metal lattice has also been 

proposed to contribute to failure. The recombination of hydrogen atoms to diatomic species exerts an 

internal pressure which contributes to fracture through the formation of voids or cracks [20]. While this 

mechanism is documented under severe hydrogen charging conditions (high fugacity), again, it is not 

considered an operative mechanism in this investigation. The hydrogen enhanced decohesion and 

hydrogen enhanced localized plasticity are briefly discussed in the following sections; a more recent 

review provides a thorough treatment of these mechanisms [21]. 

 

Table 2.1 Trap Binding Energies for Various Structural Heterogeneities as Compiled by Bhadeshia [11] 

 

2.2.1 Hydrogen Enhanced Decohesion 

The hydrogen enhanced decohesion (HEDE) model suggests that hydrogen facilitates fracture by 

lowering the atomic cohesive strength of matrix atoms across an atomic plane or bond strength across an 

interface or grain boundary. The hydrogen concentration may be elevated well in excess of the 

equilibrium lattice concentration due to the lattice dilations associated with a hydrostatic stress state [21]. 

The local stress alters the chemical potential of hydrogen as an interstitial solute, increasing the local 

hydrogen concentration by orders of magnitude [14, 22]. With sufficient hydrogen concentration, the 

atomic cohesive strength of the material may be reduced to that of the local stress, resulting in separation 

of the atomic planes or interface boundaries. While this model provides a mechanistic view of brittle 

fracture under the action of hydrogen, especially in high strength steels, it does not entirely explain ductile 

Trap Site Phase Binding Energy ( kJ∙mol-1) 

Iron-Vacancy Ferrite 24-78 

Cr, Mo, V atom Ferrite 26-27 

Mn atom Ferrite 11 

Ni atom Ferrite -12 

C atom Ferrite 3 

N atom Ferrite 13 

Al atom Austenite 6 

Ti atom Ferrite 26 

Grain Boundary Ferrite 32 

Ferrite/ Austenite Interface Ferrite/ Austenite 52 

Dislocation Strain Field Ferrite 23-27 

Dislocation Core/Jog Ferrite 60 

Microvoid Ferrite 48 

Epsilon (ε) Carbide Ferrite 65 

Cementite/Ferrite Interface Ferrite 11-18 

TiC Ferrite 46-116 

MnS/ Ferrite Interface Ferrite 72 

Iron Oxide/ Ferrite Interface Ferrite 51-70 

Al2O3/ Ferrite Interface Ferrite 79 
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fracture processes which may also be observed [21]. Additionally, computer modeling suggests that while 

hydrogen does reduce the cohesive bond strength, the necessary hydrogen concentration required to 

separate grain boundaries may be unrealistically high [17]. Since intergranular fracture is often observed 

experimentally in high strength steels in hydrogen, the HEDE mechanism may not be a complete 

description of the embrittlement mechanism, since it is unclear how the high hydrogen concentration can 

be achieved experimentally [17]. 

2.2.2 Hydrogen Enhanced Localized Plasticity 

The hydrogen-enhanced localized plasticity (HELP) mechanism postulates that hydrogen greatly 

increases the ease of dislocation motion within the lattice resulting in slip localization. This mechanism at 

first appears contradictory to other embrittlement phenomena, as it suggests material softening by 

facilitating dislocation movement. In fact, the theory supposes that highly localized processes are 

responsible for embrittlement; the hydrogen-shielding theory advanced by Birnbaum [16] provided the 

foundation for the evolution of the HELP mechanism. The shielding theory suggests that hydrogen 

interacts with the elastic stress field around lattice imperfections in two ways. A first order effect is 

related to the dilatational (volumetric) component of an elastic stress field, e.g. H atmospheres form in the 

tensile field of edge dislocations, precipitates or interstitial solute atoms, and a second order effect due to 

local variations of the elastic modulus [16]. If the defect is a mobile dislocation, hydrogen may reduce the 

stress field along certain directions, which may increase dislocation mobility and reduce the separation 

between dislocations. Both of these have been experimentally observed by Robertson and co-

workers [17]. Alteration of the local stress field additionally affects dislocation-barrier interactions e.g. 

grain boundaries or precipitates [16]. In situ transmission electron microscope (TEM) studies have 

confirmed the increase in dislocation mobility in the presence of hydrogen. Injecting hydrogen to the 

system increases dislocation velocity, activates dislocation sources, and may cause a stationary crack to 

grow. These effects were shown for multiple crystal structures and found to be independent of dislocation 

character [16, 17]. 

For hydrogen to have more than a transitory and location specific effect on dislocation mobility, 

hydrogen atmospheres must move with mobile dislocations [17]. The ability of hydrogen to move as 

Cottrell atmospheres around dislocations requires certain kinetic conditions to be satisfied. At high strain 

rates, and with limited thermal energy to contribute to dislocation motion, the velocity of a mobile 

dislocation (due to the imposed strain rate) may easily outpace a hydrogen atmosphere initially situated in 

the dislocation strain field. Similarly, at low temperatures hydrogen mobility is restricted, dislocations 

may again escape hydrogen atmospheres, even with reduced strain rates. The kinetic conditions for 

hydrogen atmospheres to move in tandem with a moving dislocation require that the dislocation velocity 

must be relatively slow (slow strain rate) and temperature sufficient for hydrogen diffusion (high 

mobility). These conditions correspond to the range where hydrogen embrittlement is often witnessed and 
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explain why hydrogen embrittlement does not manifest in Charpy impact testing, or other high strain rate 

tests, at room temperature. Figure 2.3 shows the ductility of 1020 steel as a function of strain rate and 

temperature for uncharged and hydrogen-charged specimens [18]. The strain rate and temperature regions 

corresponding to maximum hydrogen susceptibility are illustrated in Figure 2.3. 

 

 

2.3 Role of Plasticity in Fracture 

In addition to direct observation of hydrogen affecting dislocations and crack mobility, recent 

studies have shown that plasticity is involved with, or directly responsible for, the fracture process in 

hydrogen, even in fracture surfaces otherwise characterized as completely brittle, e.g. intergranular 

fracture. Site-specific focused ion-beam (FIB) milling has enabled direct observation of the 

microstructure immediately beneath specific fracture surfaces using transmission electron 

microscopy (TEM). To date, the regions directly beneath the fracture surface have been investigated for 

microvoid-coalescence (MVC), intergranular (IG) facets, quasi-cleavage (QC), and otherwise ill-defined 

“flat features” [23–26]. In all cases, the presence of extensive plasticity has been observed in the 

microstructure under the respective fracture surface. 

Nagao et al. observed intense slip bands within 0.4 C (mass pct) tempered martensitic steel bend 

specimens thermally precharged in hydrogen gas [23]. The fracture morphology transitioned from MVC 

(air) to a mix of intergranular (IG) /quasi-cleavage (QC) in the presence of hydrogen. The regions below 

the fracture surface of both IG and QC fracture surfaces were evaluated using TEM and are shown in 

Figure 2.4. The material below each fracture surface exhibits extensive plastic strain, such that the laths 

are highly distorted and nearly unrecognizable. The authors note distinct difference in slip band 

 

Figure 2.3  The effect of temperature and strain rate on the hydrogen embrittlement 
susceptibility (as decrease in the fracture strain after hydrogen charging) of mild 
steels. The schematic indicates the greatest susceptibility at slow strain rates in a 
range of temperatures where hydrogen retains sufficient mobility. From [18], 
originally by Toh and Baldwin. 
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orientation with respect to the lath structure and grain boundary inclination. In the intergranular case, the 

slip bands run approximately parallel to the lath orientation (a’ in Figure 2.4), and in the QC case the slip 

bands are parallel to the lath direction (b’ in Figure 2.4). IG fracture was attributed to slip band 

intersection with prior austenite grain (PAG) boundaries, and QC was attributed to the slip band 

intersection with the lath boundaries at acute angles. In a follow-up paper in 2018, Nagao et al. suggested 

a model for the failure of lath martensitic steels based on the deformation observed below IG and QC 

fracture surfaces. The authors conclude that intergranular fracture is the result of slip band pile-up along 

PAG boundaries in the IG case, and against lath or block boundaries in the QC case [27]. Since lath 

boundaries are low-misorientation boundaries, it is questionable as to why this boundary would act as a 

barrier to slip. Cementite precipitated at lath/block/austenite boundaries would present an obstacle to slip 

transmission, as modeled by Novak et al. [28]. Despite a well-held belief that carbides are central to the 

fracture process, a number of authors have questioned the theory [17, 24, 27]. 

 

 

Figure 2.4  TEM micrographs of the structure beneath a) intergranular facet and b) quasi-cleavage 
surface tested in hydrogen, and (a’-b’) tracings of the lath boundaries and slip bands. 
Arrowheads and solid lines indicate lath boundaries, arrows and dashed lines indicate 
slip bands. From [23]. 

 

The presence of slip band deformation below the QC fracture surface in a X60 HIC pipeline steel 

was also observed by Martin et al. [24]. Rather than cleavage-type fracture on non-cleavage planes giving 

rise to the QC morphology, the authors propose that the QC morphology is the result of void nucleation 

and growth by plastic deformation [24]. Internal void or micro crack nucleation occurs at slip band 

intersections, void (or microcrack) growth occurs through plastic deformation and voids eventually 

coalesce; the final separation leaves remnants of a ridge, which may be interpreted similarly to a “river 
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marking” in classical cleavage. Figure 2.5 provides a micrograph of the observed quasi-cleavage fracture 

surface in (a), the microstructure beneath the fracture plane observed via TEM in (b), and schematic 

representation of the proposed fracture process in (c). The quasi-cleavage features reported in these 

investigations [24, 27] differs greatly in appearance, which likely reflect differences in the 

microstructures, but speaks to the subjectivity of the QC fracture feature. “Flat-fracture” features, as 

reported by Martin, were investigated in a similar fashion, in which the flat features were identified as 

having small undulations when viewed using high-resolution techniques [25]. The surface below this 

undulated fracture surface was found to have a high density of dislocation loops and tangles that extended 

several microns, including across grain boundaries, from the fracture surface itself. The undulations are 

proposed to be a result of enhanced plasticity developed ahead of a crack (due to enhanced hydrogen 

concentrations) in a region of high triaxial stress. These lead to local weakening of the microstructure and 

dictate the crack path and attendant fracture morphology [25]. 

The role of plasticity is well established and a mechanism for HE must account for its role in the 

embrittlement process. Nagao et al. suggests a model where hydrogen enhanced plasticity is central to the 

fracture process resulting in a synergistic relationship between hydrogen and dislocation motion leading 

to fracture. This approach embraces aspects of both HEDE and HELP mechanisms, similar to Novak [17-

18], but without the necessity of carbide/matrix decohesion. The adsorption-induced dislocation emission 

(AIDE) mechanism, proposed by Lynch, similarly embraces both aspects of local plasticity and 

decohesion, though the HE “process zone” is limited to the first few atomic layers adjacent to a crack 

[29]. The mechanism advanced by Nagao and co-workers places no such limit on the exact atomistic 

region where embrittlement is operative. In essence, hydrogen migrates to the elastic strain fields around 

dislocations, increasing dislocation mobility and decreasing the dislocation-dislocation equilibrium 

spacing; additionally, the back stress imposed by obstacles is lessened increasing the number of 

dislocations piled-up at an obstacle. Dislocations pile-up at high-angle boundaries and other barriers, 

amplifying the local stress state; the local increase in stress further increases the local hydrogen 

concentrations through lattice dilation. Dislocation transport may also increase the local hydrogen 

concentration in addition to stress-assisted diffusion. The increased local concentration of hydrogen may 

lower the bond strength (HEDE), though Robertson suggests this is not entirely necessary [17]. At some 

critical point fracture initiates; the nature of fracture initiation and propagation depends on local 

conditions of stress, hydrogen, and the microstructural features involved. Figure 2.6 illustrates dislocation 

pile-up at an obstacle, either a prior austenite grain or carbide, ultimately leading to crack initiation and 

intergranular or transgranular fracture, depending on the microstructural features (obstacles) involved. As 

Robertson puts it: hydrogen accelerates and enhances dislocation processes which give rise to the local 

conditions (stress and hydrogen concentration) which determine the embrittlement process; hydrogen 

generates plastic damage far in excess of what occurs in its absence [17]. Plasticity enhanced mechanisms 
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are thus viewed as a feedback loop, where the highly localized processes self-perpetuate leading to 

macroscopic fracture, with the variation in fracture character depending on local conditions. Strong 

experimental evidence supports the role of plasticity in the embrittlement process, though the fracture 

surface may otherwise be characterized by macroscopically “brittle” features. 

 

  

(a) (b) 

 

(c) 
Figure 2.5  a) Micrograph of quasi-cleavage fracture surface, b) TEM micrograph of the structure 

beneath ridges similar to a) showing slip band intersections, and c) proposed 
mechanism of void growth from slip band intersections and extension leading to ridge 
formation. From [24]. 

2.4 Hydrogen Embrittlement of Medium Carbon Fastener Grade Steels 

Recent efforts have focused on investigating hydrogen embrittlement susceptibility of fastener 

grade steels, with emphasis given to understanding the role of alloy additions, carbon content, and 

microstructure on susceptibility. More recently, investigations have utilized the incremental step load 

(ISL) test [30–32], while other authors make use of the more conventional slow strain rate (SSR) [33–35] 

and fracture mechanics tests [36]. 
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Figure 2.6  Schematic of the dislocation-obstacle interaction resulting in intergranular or 
transgranular fracture of lath martensite. Intergranular fracture results from dislocation 
pile-ups on prior austenite grain boundaries, whereas in transgranular quasi-cleavage, 
the crucial boundary is suggested as being a block boundary. Lath boundaries are low 
angle boundaries and are thus unlikely to restrict dislocation motion in the absence of 
interlath carbide precipitation. NILS refers to “normal interstitial lattice site.” From 
[27]. 

 

Nanninga, Das, and Brahimi and their respective co-workers have separately utilized the ISL test 

to screen for HE susceptibility for a series of medium-carbon alloy steels. All studies reported using 

3.5 pct NaCl and potentiostatic polarization of -1200 mV [30] or a varied polarization between -850 

to -1200 mV versus a standard calomel electrode, SCE [31, 32]. Nanninga et al. examined the effects of 

microstructure, composition and strength level on HE susceptibility [30]. Considering, for the moment, 

the tempered martensitic microstructures, the authors show a strong effect of increased HE susceptibility 

with increasing strength in 1038, 1541, 4038, and 4140 alloy steels. At hardness below approximately 350 

Vickers, the materials are relatively immune. Increasing hardness resulted in a transition in fracture mode 

from quasi-dimple rupture at low hardness (327 HV) to transgranular quasi-cleavage (392 HV) and finally 

to intergranular fracture along the austenite grain boundaries at high (544 HV) hardness. The investigators 

find that the highest alloyed steel, 4140, suffered increased embrittlement for a given hardness, though 

temper embrittlement (TE) is suspected to be a complicating factor. No processing conditions (time, 

temperature) are reported, thought given the hardness levels, tempering likely occurred in a range of 

temperatures and for times where tempered martensite embrittlement (TME) is equally likely. 

Additionally, the investigators varied the carbon content between 0.2-1.0 wt pct in a series of mild-steels 

and found no significant effect of carbon on HE susceptibility; this implies that carbide fraction is not a 

factor in susceptibility. The authors postulate that the continual supply of hydrogen generated by 
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continuous charging saturates the cementite interfaces and no longer effectively occludes hydrogen. In 

environments with a limited supply of hydrogen, increased carbon content (cementite fraction) would trap 

more hydrogen, resulting in decreased susceptibility. 

Das et al. observed a critical level of polarization is required for embrittlement to manifest [31]. 

Between 0 mV and -850 mV vs SCE, no appreciable loss of strength is noted in 4130, 5140, and 4340 

steels; however, at potentials more negative than -900 mV significant embrittlement was observed, 

consistent with observations by Banerjee and Chatterjee in HSLA-100 in seawater [37]. All alloys were 

reported as tempered martensite between a hardness of 42.8-44.1 HRC. At a potential of -1200 mV, the 

alloy steels suffer a reduction in fracture strength of around 60-70 pct from that in air. The fracture mode 

is again found to be intergranular in the 4130 and 4340 conditions, and mixed mode of IG and 

transgranular quasi-cleavage in the 5140 alloy, in the vicinity of the notch under the most extreme 

potential. The investigators assert that the inclusion content, principally manganese-sulfides (MnS), in the 

4130 alloy are responsible for the increase in susceptibility over 4340 and 5140 alloys. Conversely, 

thermodynamic modeling indicates a higher number of cementite precipitates in the 4340 alloy, which 

combined with higher quantity of hydrogen measured using the thermal desorption technique, suggest 

that the cementite efficiently traps the hydrogen resulting in increased resistance in the 4340 material. 

Eight medium carbon fastener type steels were investigated by Brahimi et al., along with a boron 

containing low-carbon steel (10B21) [32]. The authors’ results are consistent with results from Nanninga 

et al. [30], whereby the susceptibility, as measured by reduction in notch strength, increases with 

increased hardness. When plotted together a scatter-band is observed, suggesting some limited effect of 

alloying on susceptibility. Plotting notch fracture strength (normalized by hardness) against carbon 

equivalence (CE), a measure of the effect of alloying on hardenability, Brahimi et al. find the 

susceptibility is independent of CE. 

The data from the previous studies [30–32] are compiled in Figure 2.7 which plots the notch 

strength in hydrogen normalized to the notch strength in air, against hardness. Only medium carbon (0.3-

0.4 wt pct) alloys and potentials of -1200 mV vs SCE are considered; results from Nanninga et al. [30] 

are converted from Vickers. The effect of hardness on fractional loss of load carry capacity is 

unmistakable; only the lowest recorded hardness conditions are unaffected. At the highest hardness levels, 

all conditions exhibit fracture strengths of about 30 pct of that in air. 

Consistent results are observed between the studies for individual alloys, for instance 4140 and 

4135 are similar between the Nanninga and Brahimi investigations with hardness less than 50 HRC. 

Similarly, 4037 and 4042 are generally comparable across the hardness range. Taken as a whole, the 

results are nearly linear with hardness, with little variability at low hardness and increasing scatter at 

higher hardness. The increased variability at high hardness may be related to TME, as suggested by 
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Nanninga, as lower tempering temperatures associated with this hardness range may be inside the range 

where TME is manifested, typically 200-400 °C. 

 

 

Figure 2.7  Notch stress ratio (hydrogen charged notch stress to notch stress in air) versus hardness 
for a series of medium carbon (0.3-0.4 wt pct C) steels of varying alloy content. All 
microstructures are reported as tempered martensite tested in 3.5 pct NaCl, -1200 mV 
vs SCE. Data from Nanninga [30] converted from Vickers. 

 

Esaklul and Martin reported on HE susceptibility of bolt-loaded compact tension C(T) specimens 

for subsea fastener applications [36]. Specimens were evaluated for the environmental cracking threshold 

(KIEAC) in artificial seawater with an applied potential of -1000 to -1100 mV vs SCE. ASTM A193-B7 at 

yield strength of 730 MPa was immune to cracking in the absence and presence of cathodic polarization 

for 30 days, as was AISI 4340 at a strength of 730 MPa. However, AISI 4340 was susceptible at a yield 

strength of 1010 MPa. A maximum hardness of 34 HRC is recommended for steels subject to cathodic 

protection in aqueous environments by the authors. This hardness is consistent with the limited loss of 

fracture strength observed in Figure 2.7. 

Akiyama summarized reported findings on the delayed fracture properties of two 0.2-0.35 C wt 

pct martensitic bolting steels; the steels correspond to a plain carbon, boron added steel and 4135 [33]. 

Slow strain rate tensile testing was conducted on electrochemically precharged (3 pct NaCl + 

0.3 pct NH4SCN, or 0.1 M NaOH) and plated notch tensile specimens. The diffusible hydrogen 

concentration was determined by removing the plating and conducting thermal desorption, post fracture. 

The results reveal a decrease in notch tensile strength (NTS) with increasing diffusible hydrogen 

concentration, following a power-law relationship, as shown in Figure 2.8 [33]. As tensile strength level 

increases from 1050 MPa to 1450 MPa (A11 < A13 < B13 < B15), NTS decreases for a given diffusible 
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hydrogen concentration. The conditions labeled A13, B13, and B15 are reported as exhibiting 

intergranular fracture, along with condition A11, above a critical diffusible hydrogen concentration of 0.5 

wt ppm. The A11 condition and condition labeled as NIMS17 exhibited quasi-cleavage fracture. The 

material labeled NIMS17 is 0.6 C, high silicon (2 pct), which was shown to offer superior HE resistance 

despite its ultra-high strength level (1700 MPa). The NIMS17 condition was reported to have a high 

concentration of strong molybdenum carbide traps, and the material was found to absorb excessive 

diffusible hydrogen over the remaining conditions. 

 

 

Figure 2.8  Notch stress as a function of diffusible hydrogen concentration as measured from TDA 
after slow strain rate tensile testing. The degree of embrittlement increases with 
strength and diffusible hydrogen concentration, except for the condition labeled 
NIMS17. From [33]. 

 

The effects of geometric stress concentration were investigated for conditions labeled B13 and 

B15 by Wang et al. [34, 35]. Again, slow strain rate testing was coupled with electrochemical precharging 

and thermal desorption techniques to determine diffusible hydrogen concentration. By varying notch radii 

in circumferentially notched specimens, the elastic stress concentration factor (kt) was varied from 2.1-

4.9. Notch tensile strength decayed with increasing diffusible hydrogen, similar to Figure 2.8, with the 

degree of embrittlement increasing with stress concentration factor, kt. Finite element modeling using 

notch stress at failure and diffusible hydrogen concentration showed that peak local stress and local 

hydrogen concentrations govern failure. As kt increases, the radial position of maximum principal stress 

ahead of a notch approaches the notch root. The region (position from the notch) over which the 

maximum stress influences the local stress state becomes more concentrated as well. The local hydrogen 

concentration follows the principal stress profile, as the hydrostatic stress gradient locally concentrates 
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hydrogen in excess of the normal lattice solubility [35, 38]. The FE modeling indicates that independent 

of geometry, the peak principal stress and locally accumulated H concentration are the governing 

parameters dictating fracture, shown in Figure 2.9. 

 

 

2.5 Microstructural Aspects of Hydrogen Embrittlement  

It is widely recognized that increasing strength level increases the deleterious effects of hydrogen. 

This trend, while being firmly based on experimental evidence, does not account for the role of 

microstructure, which appears influential in the embrittlement process. The microstructural aspects 

considered relevant to environmental embrittlement are discussed for a number of alloy systems by 

Thomson and Bernstein [12], along with summaries for high-strength steels by Kerns, Wang and Staehle, 

and Fujita and Yamada [39, 40]. Isolating individual microstructural variables has always proven difficult 

however. 

The relative HE susceptibility of the various microstructures, in terms of decreasing resistance, 

are generally reported as: highly tempered martensite and bainite, ferrite/spheroidized cementite, and 

normalized ferrite/pearlite, although exceptions to this ranking are easily found [12]. Fontana and Staehle 

summarize the hydrogen permeability of various microstructures from least to most permeable as: 

martensite, “fine and coarse” bainite (presumably a reference to lower and upper, respectively), coarse 

then fine pearlite, ferrite and spheroidite [41]. It appears then that the susceptibility of the microstructure 

to HE is closely related to the ease of hydrogen transport throughout the material. Untempered martensite 

 

Figure 2.9  Failure locus of the peak principal stress ahead of a notch and the local diffusible 
hydrogen concentration for various notch geometries (elastic stress concentration 
factors, kt) in tempered martensite at 1320 MPa tensile strength. From [35]. 
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is generally considered the most susceptible microstructure, as the combination of high strength and 

residual stress results in an inherently brittle microstructure even in the absence of hydrogen. 

The effect of grain size on fracture has been well researched, though the effects remain 

inconsistent. Thompson reports that, in general, grain refinement improves cracking resistance by 

decreasing crack growth rate, but apparently does not necessarily increase environmental stress intensity 

factor for fracture [12]. Reduction in austenite grain size improves the lifetime of delayed fracture 

specimens of 4340; however, the threshold (Kth) remains unaffected [39]. Fujita and Yamada report minor 

improvements in delayed fracture strength with austenite grain refinement [40], and improved resistance 

and fracture strength are reported in gaseous hydrogen by Taskasawa and co-workers [42, 43]. In contrast, 

Dedhia reports improved Kth with increasing grain size [44]. Increasing grain boundary area, by 

refinement, also increased hydrogen occlusion at high angle boundaries [45], so it is unclear how 

refinement improves HE resistance. 

The effect of retained austenite (RA) on hydrogen embrittlement is not entirely clear either. 

Retained austenite is often categorized by volume fraction, morphology (filmy or blocky), and 

mechanical stability; these three factors are reported to influence behavior in hydrogen. Austenite, being a 

face-centered cubic (FCC) crystal structure, has markedly lower hydrogen diffusivity than the 

ferritic/martensitic phases and conversely, a far higher solubility for hydrogen within the lattice. These 

factors suggest that austenite, positioned accordingly, could either greatly slow the ingress of hydrogen 

into the matrix or act as a trap occluding higher levels of hydrogen, rendering it innocuous. Conversely, if 

transformed during mechanical deformation, the occluded hydrogen may be expelled into fresh 

(untempered) martensite which is highly susceptible to embrittlement. 

Andereone and Murut report decreased lifetime in delayed fracture tests with increasing RA 

content for martensitic and mixed martensite-bainite microstructures in 4340 [46]. In contrast, Ritchie 

et al. point to a beneficial role of retained austenite in 300-M, a Si-modified 4340 type steel, on crack 

growth rate in 3.5 pct NaCl [47]. A condition with 12 vol pct RA present as interlath films in a matrix of 

lower bainite/tempered martensite possessed Stage II stress corrosion crack (SCC) growth rates (da⁄dt) 

that were an order of magnitude lower than the tempered martensite of the same strength containing less 

than 2 pct retained austenite. Solana et al., however, report that the presence of large fractions of austenite 

is detrimental to SCC crack growth resistance, though a continuous network of austenite may improve 

crack resistance [48]. Dedhia reports increased threshold stress intensity in hydrogen was obtained in 

martensitic 4340 if the retained austenite was present as lath or grain boundary austenite [44]. Fielding et 

al. point to a much lower quantity of hydrogen occluded in a specimen containing a continuous, three-

dimensional network of retained austenite, compared to austenite interspersed in ferrite as isolated grains 

[10]. Clearly, the influence of RA on susceptibility has not been clarified and the volume fraction, 

morphology, and stability are critical factors in the observed behavior. 



19 
 

2.6 Hydrogen Embrittlement of Martensitic and Bainitic Microstructures 

Comparisons of bainitic and martensitic microstructures in hydrogen environments have been 

limited. Fujita and Yamada [40] report on work by Fukui et al. in which austempered bainitic Cr-Mo-V 

steels exhibited increased delayed fracture strength over tempered martensite at hardness values above 

350 HV; however, tempering at 550 °C resulted in loss of advantage over the bainitic structures due to the 

formation of coarse grain boundary carbides [40]. Wang and Staehle report significantly lower crack 

growth velocity in tempered bainite compared to martensite of the same strength in 3.5 pct NaCl [39]. It is 

not reported whether or not the materials are galvanically coupled to increase hydrogen fugacity or simply 

tested while submerged. 

The Nanninga et al. research previously cited conducted a limited evaluation of bainite conditions 

[30]. Plain carbon 1065 and alloy 4140 were austempered to achieve bainitic structures. Tempering 

temperature and isothermal transformation temperatures were altered to vary strength level, although 

specific processing temperatures are not reported. The hydrogen embrittlement susceptibility was reported 

by the conventional notch stress ratio. In both materials and both microstructures, the degree of 

embrittlement increases with strength level as shown in Figure 2.10. The bainitic conditions appear 

slightly more resistant in each alloy; however, direct comparison at equivalent strength level can only be 

made at the lowest reported hardness. At the highest hardness levels, the reduction in fracture strength in 

hydrogen is 70-80 pct, with the bainitic microstructures being slightly more resistant. The authors 

hypothesize that the observed improvements in the bainitic structure may be attributed to the carbide 

morphology and distribution, generally improved toughness, or lower residual stress present after heat 

treating [30]. 

In an older technical report, Frohmberg and co-workers investigated the delayed fracture 

characteristics of 4340 processed to achieve martensitic and tempered bainitic structures using 

precharged, notched round bar type specimens [49]. The bainitic condition was processed by austenitizing 

at 850°C, isothermally transforming at 310°C for 4 h, and then tempering at 340°C. The hardness was 

reported as 45 HRC, with a 1580 MPa tensile strength. The bainitic condition exhibited similar static-

fatigue behavior to the martensitic conditions, as shown Figure 2.11. The stress-rupture curve for the 

bainitic microstructure is slightly displaced above the martensitic conditions, though the only apparent 

difference is in the threshold load below which fracture was not observed. The limited microstructural 

effects observed are likely related to the ultra-high strength level. The authors report that after room 

temperature aging of precharged (unnotched) specimens, the martensitic conditions regained their 

ductility more rapidly than the bainitic conditions; suggesting differences in trapping characteristics and 

hydrogen mobility between the two microstructures, despite similar mechanical properties and overall 

susceptibility in the stress-rupture test [49]. 
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Figure 2.10  Fractional loss of strength (notch stress ratio) vs. hardness of tempered martensite and 
bainitic microstructures in 1065 and 4140 alloys. Plain carbon 1065 is represented by 
circles (open- martensite, filled- bainite), and 4140 is represented by diamonds (open- 
martensite, filled- bainite). From [30]. 

 

 

 

Figure 2.11  Static fatigue test of pre-charged 4340 with martensitic and bainitic microstructures at 
1580 MPa strength level. Sharp notch specimens tested while electrochemical charging 
in H2SO4. From [49]. 
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2.7 Effects of Microstructure on Fatigue Crack Growth Rate in Hydrogen 

While it is unlikely that the same fracture mechanisms are operative during fatigue and rising 

displacement/static loading tests, fatigue crack growth in bainitic structures is worth briefly considering as 

fasteners are commonly subjected to variable loading (fatigue) in practice. Tau and co-workers 

investigated the fatigue crack growth behavior of both tempered martensite and isothermally transformed 

bainitic during electrochemical charging of 4130 [50]. The two microstructures were produced to the 

nominal yield strengths of 650, 1000, and 1200 MPa, labelled TM600/B470, TM450/B370, and 

TM350/B330 in Figure 2.12, respectively. The fatigue crack growth rate of the martensitic conditions was 

a strong function of strength; crack growth rates in hydrogen increased by an order of magnitude, or 

more, with increasing strength. In contrast, crack growth rates of the bainitic structures are nearly 

independent of yield strength. Chuang et al. observed similar improvements in fatigue crack growth rate 

of 4140 with mixed martensite-bainite microstructures charged in low-pressure hydrogen gas [51]. Figure 

2.12 presents the fatigue crack growth rate as a function of stress intensity factor range (ΔK), for the 

hydrogen charged specimens. 

Electrochemical permeation techniques were used to investigate diffusivity and trapping in the 

two microstructures [50]. The diffusivity and apparent hydrogen concentration varied with tempering 

temperature, reflecting structural changes that occur on tempering in the martensitic conditions. As 

tempering temperature increases the dislocation density declines, transition carbides precipitate and are 

then replaced by cementite, and finally carbides spheroidize and a recrystallized ferrite structure develops 

at high temperatures. Tau et al. showed that a high initial hydrogen concentration decreases with 

increasing tempering temperature until 350 °C due to dislocation recovery, increases to a maximum at 

450 °C as carbide precipitation becomes a dominant trap, and decreases thereafter due to reduced 

interfacial area as carbides coarsen [50]. The effective diffusivity trends inversely to the concentration of 

occluded hydrogen. The highest strength bainitic condition, which was transformed at a temperature 

likely resulting in a mixed martensite-bainite microstructure, had the lowest diffusivity and highest 

concentration of hydrogen of the bainitic conditions. The low mobility/high solubility is presumably due 

to the high dislocation density, fineness of the ferrite subunits, and high density of fine cementite 

particles; that is, the microstructure contains a high density of trap sites, which slow diffusion and 

increase solubility through increased trapping. The conditions isothermally transformed at greater 

temperatures have nearly equivalent diffusivities. Despite differences in strength, microstructure, and 

hydrogen permeation, the crack process in the bainite conditions was reported to occur in a transgranular 

manner across the ferrite plates and crack growth rate was similar in all cases. 
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Figure 2.12  Fatigue crack growth rate versus stress intensity range for tempered martensite and 
bainitic microstructures from [50]. Specimens were immersed in 4 vol pct H2SO4 with 
a recombination poison and an applied current density of 2 mA∙cm-2. TM and B in the 
legend reflect microstructures, followed by the tempering or isothermal transformation 
temperature. 

 

2.8 Hydrogen Diffusion and Solubility in Tempered Steels 

The effect of tempering temperature on hydrogen diffusion and solubility in martensite was 

investigated by Sakamoto and Mantani in a series of plain carbon steels; the results are displayed in 

Figure 2.13 [52]. Diffusion and solubility were determined using two-cell electrochemical techniques, i.e. 

the Devanathan-Stachurski cell, where diffusion coefficient is determined from the hydrogen permeation 

time-lag data. The investigators show that diffusivity is slowest in the as-quenched martensite and 

increases with tempering temperature. Conversely, solubility is highest in the as-quenched condition and 

decreases with temperature. The results are explained in terms of structural defect population, e.g. 

dislocation density, subgrain size, voids, vacancies, etc., which are greatest in the as-quenched state and 

decrease on tempering. The effective diffusivity decreases, while solubility increases, with increasing 

carbon concentration, until eutectoid content; thereafter, the effect of carbon is limited. The diffusivity of 

lamellar pearlite (880 °C furnace cooled (F.C.)) is greater than that of either tempered martensite or a 

tempered spheroidized structure. Similar results with respect to microstructure and diffusivity/solubility 

were noted by Luppo and Overjero-Garcia [53]. 
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Tau et al. observed that the diffusivity and solubility varied in a manner which reflected the 

carbide morphology on tempering [50]. In contrast, Sakamoto and Mantani reported a fairly continual 

decrease in solubility with increasing temperature. Tau et al. report a decrease in solubility, as a result of 

dislocation reduction on tempering, until around 350 °C when transition carbides are replaced by finely 

precipitated cementite. The fine cementite precipitates have a high interfacial area with the ferrite, 

providing abundant trapping; hence, there is higher solubility for hydrogen between 350-450 °C. At 

higher temperatures, carbide coarsening reduces interfacial area, resulting in decreases in trapping and 

solubility. The solubility observed by Tau varied within one order of magnitude, while that determined by 

Sakamoto and Mantani spanned several, perhaps obscuring the effect of cementite precipitation and 

agglomeration on trapping. The slope of the solubility curve labeled S45C in Figure 2.13 appears to vary 

within the temperature range (300-450 °C) where the most significant carbide changes were noted by Tau 

and co-workers. The solubility of bainitic microstructures investigated by Tau et al. varied inversely with 

austempering temperature; which was ascribed to the fine cementite morphology in the lower bainite 

versus upper bainitic microstructures [50]. Increased trapping is expected in lower bainite due to the fine 

lath size with greater interface area, and the higher dislocation density, in addition to the fine precipitation 

of cementite. 

  

(a) (b) 
Figure 2.13  Effects of tempering temperature on the a) diffusion coefficient and b) solubility of 

hydrogen in a series of plain carbon steels with various carbon levels. Carbon content 
increases in order of S15C (0.15 wt pct), S45C (0.45 wt pct), SK7 (0.65 wt pct), SK5 
(0.85 pct), and SK3 (1.05 wt pct). Two-cell electrochemical technique. From [52]. 
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2.9 Isothermally Transformed Bainitic Microstructures 

Bainite is a microconstituent typically classified as either upper, lower, or globular bainite, 

depending on morphology. This morphology is a consequence of the transformation temperature; as such, 

the designation is often associated with the temperature at which the material is transformed. Globular 

bainite is observed in low carbon steels, and is not relevant to the current study, so only upper and lower 

morphologies are considered. The principal morphological difference is the carbide location/ distribution 

formed during transformation. Lower bainite exhibits cementite precipitated both within the ferrite 

subunits and laths, inclined approximately 50-60° to the longitudinal axis of the ferrite, and additionally 

between laths parallel to the ferrite (interlath). In contrast, upper bainite only contains cementite 

precipitates between the ferrite laths. Figure 2.14 schematically illustrates the transformation sequence 

and idealized microstructures of each. 

The bainite morphology results from competition between transformation driving force and 

kinetics. Bainite forms at any temperature below the bainite start (BS) temperature, with driving force 

proportional to undercooling below BS. The ferrite laths form from austenite in a displacive (shear) 

manner, with an orientation relationship to the parent austenite [54, 55]. Carbon must diffuse from ferrite 

which either enriches and stabilizes the austenite, or until a concentration necessary for cementite 

precipitation is reached. In upper bainite, kinetics are more favorable and the mean diffusion distance 

greater, carbon partitions to the austenite between ferrite laths and either stabilizes it as residual austenite 

or precipitates as cementite. Lowered transformation temperatures favor enhanced nucleation of the 

ferrite, and decreased carbon mobility results in precipitation within ferrite due to limited diffusion 

distance [55]. 

Aside from the differences in location of carbide precipitation between upper and lower bainite, 

the transformation temperature affects other aspects of the resultant microstructure.  Bush and Kelly 

found that decreasing the isothermal transformation temperature refines the ferrite units and results in 

increased number of carbides per unit area, while greater transformation temperatures increase both the 

coarseness and lengths of the carbides [57]. The investigators show that dislocation density varies with 

transformation temperature, as inferred from contributions to the flow stress rather than quantitative 

measurements. However, Bhadeshia reports quantitative measurements which confirm the inverse 

relationship with temperature [55]. Edmonds and Chochrane report lower transformation temperatures 

increase both dislocation density and dislocation substructure [58]. Excess carbon in bainitic ferrite has 

been reported, due to carbon pinning dislocations, which contributes to the strength of the ferrite [58]. 
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Figure 2.14 Schematic of stages of bainite formation resulting in idealized lower and upper 
morphologies. Lower bainite is characterized by cementite precipitation within the 
ferritic subunits, inclined ~50-60° to the longitudinal axis; upper bainite lacks intralath 
cementite, which is instead precipitated parallel to the long axis as interlath cementite. 
From [56]. 

 

2.9.1 Tempering of Bainite 

Unlike tempering of martensite, bainitic structures are more resistant to microstructural changes 

on tempering [59], in part due to autotempering effects occurring during isothermal transformation. Bush 

and Kelly [60] showed that high temperature tempering, 700 °C for 1 h, did not alter the ferrite but 

coarsened the cementite, without affecting the unit density of carbides. Since cementite is already 

precipitated in the as-transformed conditions, leaving little carbon supersaturated in the ferrite, and as 

high temperatures are required for recovery and recrystallization to occur, bainite is less sensitive to 

reheating than the martensitic microstructure. 

Structural changes that occur on tempering alter the mechanical properties in a predictable 

manner. Tempering at high temperatures decreases the yield and tensile strengths of globular, and upper 

and lower variants [57]. The higher strength conditions lose more of their strength than do lower strength 

conditions, an observation noted elsewhere [60]. Since lower as-transformed strengths result from greater 

isothermal transformation temperatures, the tempering response is presumably due to deviation from 

equilibrium in the initial structure. Irvine and Pickering show that increasing the tempering temperature, 

while reducing strength, decreases the impact transition temperature in low carbon steels [59]. The 

authors report increasing carbon content drives up the transition temperature, similar to tempered 

Increasing 
time 
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martensite, and that tempered lower bainite is the preferred structure for impact toughness over tempered 

upper bainite [59]. A higher impact transition temperature is reported for upper bainite as compared to 

lower bainite, an effect which is likely related to the relatively coarse carbides precipitated on the lath 

boundaries [58]. Secondary hardening may occur in bainite if molybdenum and vanadium are present in 

sufficient quantities [59, 60]. The material selected in this investigation does not contain vanadium, and 

Mo is present in such limited amounts that alloy carbide formation is not anticipated to result in hardening 

during tempering. 

Tomita reports nearly identical plane-strain fracture toughness in 4340 with isothermally 

transformed and tempered, upper and lower bainitic microstructures of constant prior austenite grain size 

and retained austenite volume fraction [61]. The higher transformation of the upper bainitic structure 

(400 °C versus 320 °C) resulted in significant softening, however. Mixed microstructure of martensite 

and 25pct lower bainite exhibited superior fracture toughness, even at increased strength, while a mixture 

of martensite and upper bainite suffered a loss of toughness. The microstructural factor controlling 

toughness was determined as the packet size of martensite and lower bainite, and the block size of the 

upper bainite [61]. Baozhu and Krauss observed significantly decreased impact energy (instrumented 

CVN) in 4340 possessing upper bainitic microstructures, compared to lower bainite and mixed 

martensite/lower bainite of similar hardness [62]. Cleavage nucleation in the upper bainitic structure was 

attributed to coarse carbides and aligned ferrite laths sharing a common cleavage plane, compared to 

shear induced void formation in the martensitic/mixed microstructures. 

2.10 Circumferentially Notched Tensile Geometry as Fracture Mechanics Specimens 

Circumferentially notched tensile (CNT) specimens have been advocated as a possible fracture 

mechanics specimen for some time [63]. The CNT specimen was previously specified for comparative 

fracture toughness testing of aluminum and magnesium alloys, materials in which a very sharp notch tip 

radii (<0.018 mm) can be reliably machined, though the standard has subsequently been withdrawn 

(2010) [64]. The CNT specimen is appealing for fracture testing for a number of reasons. The specimen 

geometry requires minimal machining relative to some more complex and costly fracture specimen 

geometries (e.g. compact tension specimen), can be obtained from limited material, and requires only a 

standard tensile frame and fixtures. It has additionally been reported that fatigue pre-cracking may be 

unnecessary, provided certain geometric conditions be maintained [65, 66]. The axisymmetric geometry 

achieves a high level of constraint throughout, in contrast to square notched geometries with a one-sided 

notch which have a gradient (plane-stress to plane-strain) traversing from outer fiber to specimen 

centerline [67, 68]. Brown, however, notes that the notched round bar geometry does not in fact achieve 

true plane-strain conditions as three components of strain exist in polar coordinates (εr, εθ, εz,) , with the 

tangential strain εθ resulting from the radial (rather than tangential) displacements [63]. 
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In fatigue pre-cracked CNT specimens, allowances must be made for eccentricity of the pre-crack 

and stress intensity calculations must account for both axial and bending stresses [68]. Using finite 

element simulations, Ibrahim and Stark [67] determined the validity requirements for CNT specimens 

with fatigue pre-crack, namely that the crack length be greater than two times the Irwin plastic zone 

correction factor (ry) and the nominal applied stress at fracture across the final ligament is less than two 

and a half times the yield strength. The use of fatigue pre-cracked CNT specimens has been shown to 

agree, in terms of measured KISCC, with other results in both cathodic charging in salt water [68] and 

stress corrosion cracking in saltwater without applied potential [69]. Singh et al. investigated the fracture 

toughness (KISCC) of 4340 in the spheroidized, as-quenched, and tempered martensite conditions under 

slow strain rate conditions with pre-cracked CNT specimens [68]. The resulting fracture toughness 

measured in air fell between those of other investigators; however, there are a wide range of measured 

KISCC values between the studies cited. When cathodically charged however, the investigators found close 

agreement with KISCC values determined under similar conditions elsewhere. Raman et al. [69] used pre-

cracked high strength (1470 MPa) quench and tempered CNT specimens in static fatigue in a 

3.5 pct NaCl solution. The authors found that the stress intensity parameter for fracture asymptotically 

decayed with increasing time to failure and that the threshold value was close to KISCC obtained by other 

investigators. These investigations purport to validate the use of CNT specimens for fracture mechanics 

testing provided that the previously mentioned validity requirements are met. 

Several authors have advocated the use of CNT specimens without the need for fatigue cracking, 

provided specimen geometry produces a high stress concentration [65, 66]. Shabara et al. [65] examined 

blunt-notch samples, as opposed to fatigue pre-cracked samples, with sample geometry conforming to 

d/D=0.72, where d is the diameter across the notch and D is the major section diameter. This geometry 

corresponds to the cross sectional area at the notch equaling one-half the maximum section area. Using 

both bronze and steel, the authors show that the apparent fracture toughness for blunt-notch specimens 

(calculated using fracture mechanics expressions and the stress at fracture) may be corrected using an 

expression derived from the stress concentration of each particular geometry. The apparent fracture 

toughness was shown to be a direct function of the notch bluntness ratio (α = 𝜌 𝑑- ), with 𝜌 being notch 

tip radius, and the calculated fracture toughness increased as the notch radius increased i.e. blunted. For 

0 < α < 0.033, the correction factor approaches unity implying that the apparent fracture toughness and 

corrected values (for blunt notches, 𝜌 > 0) converge. The implication then is that for sufficiently sharp 

notches (α < 0.033), the apparent fracture toughness is in very close agreement with the plane-strain 

fracture toughness, KIC [65]. Shabara’s assertion that sufficiently high stress concentration factors result 

in stress intensities approaching KIC, was further explored by Lee [66]. Lee’s work compared fracture 

toughness obtained from CNT specimens with varying notch tip radii and diameter ratio (d/D) to fracture 

toughness from standard C(T) fracture specimens and found that stress concentration factors kt ≥6.0 
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resulted in errors of less than 4 pct for a variety of materials, with a number of conditions having less than 

1 pct difference [66]. 

2.11 Summary 

This chapter reviews select literature related to hydrogen embrittlement of iron-based alloys. The 

two most developed mechanisms of hydrogen embrittlement in BCC alloys are discussed along with the 

well documented role of localized plasticity in the embrittlement process. Recent investigations of 

fastener grade steels using the incremental step load test are explored along with relevant microstructural 

aspects of importance and comparisons of the susceptibility of bainitic and martensitic microstructures. 

The expected microstructures and mechanical properties of isothermally transformed bainite are 

reviewed, as is the response after tempering of these microstructures. Finally, the use of the CNT 

specimen for fracture mechanics, both with and without fatigue cracking, is examined. 
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CHAPTER 3 : EXPERIMENTAL PROCEDURES 

This chapter details the experimental procedures used in this investigation. The material selected 

for the investigation and thermal processing are discussed initially, followed by microstructural 

characterization techniques employed. Finally, procedures used to obtain hardness and tensile properties 

and the hydrogen embrittlement testing methodology are presented. 

3.1 Experimental Material 

Alloy 4340, a common low alloy nickel, chrome, molybdenum steel was selected for this 

investigation. The chemical composition of material used in this investigation is given in Table 3.1. The 

material was supplied by Gerdau North America as 44.5 mm (1.75 in) round bar. The bar was subjected 

to a reduction ratio of 22:1 from the caster to the finished dimensions. All blanks used for microstructural 

characterization and mechanical testing were obtained from the mid-radius position of the parent round 

bar, oriented parallel the bar rolling direction, as illustrated in Figure 3.1 

 

Table 3.1 Chemical Compositions (wt pct) of Alloy 4340 

 

4340 C Mn Si Ni Cr Mo Al S P Cu 

wt pct 0.405 0.714 0.259 1.751 0.822 0.23 0.021 0.013 0.008 0.124 

 

 

 

3.2 Heat Treating 

Specimens were processed to achieve three microstructures: tempered martensite, isothermally 

transformed bainite, and tempered bainitic microstructures at equivalent hardness levels. A preliminary 

dilatometric investigation was conducted to identify the processing conditions required to achieve the 

 

Figure 3.1  Schematic illustrating position in the parent round bar from which specimens were 
obtained for heat treating, microstructural characterization, and mechanical testing. 
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target hardness levels (32-45 HRC). The parameters identified by dilatometry were then used to process 

full size specimens for metallography and mechanical testing. 

3.2.1 Dilatometry 

The heat treating study was conducted in a TA Instruments DIL-805L quench dilatometer to 

identify the necessary time and temperatures required to achieve the target hardness levels in each 

processing route. Specimens measuring 4 mm in diameter by 10 mm in length were machined from the 

mid-radius position of a 44.5 mm (1.75 in) diameter round bar oriented parallel to the rolling direction. A 

thermocouple was spot welded to the surface of the specimen at approximately the center of the long axis 

to record thermal history. Heating was conducted under vacuum by induction heating at a rate of 

10 °C·s-1, and quenching was accomplished with He gas at a cooling rate of 80 °C·s-1. Austenitizing was 

conducted at 850 °C for 300 seconds. Gas quenching and tempering, austempering, and austempering 

with subsequent tempering were all conducted. The preliminary dilatometry investigation is discussed in 

detail in Appendix A: Heat Treating Study. 

3.2.2 Heat Treating Full Size Specimens 

Figure 3.2(a) displays the time-temperature-transformation (TTT) diagram for alloy 4340 

austenitized at 843 °C along with a schematic of the thermal processing history for each microstructure in 

Figure 3.2(b). Heat treating blanks measuring 13.3 mm x 127 mm (0.525 in x 5 in) were austenitized in a 

box furnace at 850 °C for 30 minutes, followed by quenching in oil or isothermal transformation in 

molten salt. The austenitizing furnaces were heated with stainless steel thermal masses to regulate 

temperature during sample exchanges. Specimens were placed on an equilibrated steel plate with semi-

circular recesses machined to increase surface contact with the specimen and speed heat transfer. Soak 

times and tempering times initiated when a K-type thermocouple in contact with the specimens read 5 °C 

below the target set point. The martensitic conditions were produced by quenching in oil after 

austenitization. The quenching oil was maintained at room temperature using a water-cooled heat 

exchanger. Each martensite condition and two austempered conditions were tempered. Tempering and 

isothermal hold times were each 1 h. During tempering, the furnace temperature was regulated at ±5.0 °C 

of the set point, and the tempering time was started between 10-20 minutes after samples were placed in 

the furnace with longer times required for lower temperature tempering operations. The martensite 

conditions were austenitized, quenched, and tempered in three batches of six samples each. 

The austempered samples were isothermally transformed in molten salt baths containing sodium 

nitrate and potassium nitrate after austenitizing in a box furnace. Excess heat was manually extracted 

from the salt pots after samples were inserted by way of a “quench stick”, maintaining the temperature at 

±5.0 °C of the desired transformation temperature. The quench stick was a length of bar stock which was 

inserted into the salt pots, acting as a heat sink to removing excess heat liberated by the recently 
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austenitized specimens. Specimens were suspended vertically in a thin wire basket for the duration of the 

heat treatment. Due to the limited volume of the molten salt vessel, only four specimens could be 

accommodated at any one time. Samples were semi-batch processed in pairs, and the pairs were offset 

from each other with respect to the beginning and end of the isothermal transformation. This procedure 

allowed sufficient time for the previously inserted samples to equilibrate and resulted in limited 

perturbation due to additional heat energy from the subsequent batch of freshly austenitized samples 

being inserted into the molten salt. Samples were maintained at the austempering temperature for one 

hour, followed by water-cooling. The isothermal transformation temperatures for the austempered 

conditions were either 335 °C or 375 °C, with lower hardness resulting from higher transformation 

temperatures.  

 
 

(a) (b) 
Figure 3.2 (a) Time-temperature-transformation diagram of alloy 4340, adapted from [70] and (b) 

schematic thermal history used in processing to achieve conditions of interest. 

 

The austempering temperatures were identified from the preliminary heat treating study to 

achieve the target hardness levels. The heat treating study revealed that hardness decreases with 

increasing transformation temperature, until 400 °C, at which point hardness begins to increase with 

greater transformation temperatures. The result is attributed to incomplete austenite to bainite 

transformation, and residual austenite transforming to martensite on cooling, see Appendix A. Select 

samples were subsequently tempered using the same procedure previously described for the quench and 

tempered samples. The austempered and tempered conditions were isothermally transformed around the 

martensite start temperature (320 °C), and then tempered back to the target hardness by varying the 

tempering temperature. The martensite start temperature was determined from dilatometry to be 

323±23 °C, where the interval is the 95 pct confidence limit with respect to the mean. Again, the 

austempering and tempering procedure was identified from dilatometry to achieve target hardness values, 
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see Appendix A. All heat-treating blanks were sufficiently oversized such that any surface layer affected 

by the heat-treating process e.g. oxidation or decarburization, was removed during machining to final 

specimen geometries. 

The processing routes and temperatures used are detailed in Table 3.2 and reflect the thermal 

history schematically illustrated in Figure 3.2(b). Each specimen is designated according to the processing 

route, e.g. quench and tempered (QT), austempered (A), and austempered and tempered (AT), followed 

by the as-heat treated Rockwell C hardness. Condition AT40 reflects a specimen austempered and 

subsequently tempered with a resultant hardness of 40 HRC, for example. 

 

 

3.3 Microstructural Characterization 

One metallographic bar was selected from the heat-treated blanks and was used for 

metallography, x-ray diffraction (XRD), and Rockwell C bulk hardness measurements. The bar was 

sectioned at mid length, a position corresponding to the notch root in the circumferentially notched tensile 

(CNT) specimen geometry, with a slow speed saw and again at ±12.7 mm (0.5 in) on either side of the 

centerline, as shown in Figure 3.3. One portion was mounted in Bakelite for metallography, while the 

other was ground to 600 grit using SiC paper on either side and hardness tested (Rockwell C scale) on the 

face furthest from the centerline. After taking bulk hardness measurements, the Rockwell sample was 

mounted in Bakelite and the centerline face was prepared for XRD. 

3.3.1 Metallography and Microscopy 

Scanning electron imaging (SEI) was conducted on a JEOL®-7000F field-emission scanning 

electron microscope (FESEM). The microscope was operated with an accelerating potential of 10 kV and 

a 10 mm working distance (WD) for imaging of the microstructure. Metallographic samples were 

polished to 0.5 μm using standard techniques and lightly etched, approximately 2-4 s, in 1 pct nital (1 pct 

nitric acid in ethanol). Fractography was conducted on notched tensile samples, which were sectioned 

Table 3.2 Heat Treating Temperatures for Various Processing Routes with Specimen Designations 

Processing Route Target Hardness Range: 32-45 HRC 

Quench & Temper 
(Q & T) 

(1 h temper) 

Designation QT34 QT37 QT40 QT45 

Tempering Temperature, °C 605 563 507 417 

Austemper 
(A) 

(1 h temper) 

Designation   A39 A44 

Transformation Temp, °C     375 335 

Austemper & 
Temper 
(A & T)  

(1h hold-1 h temper) 

Designation   AT40 AT44 

Isothermal + Tempering, °C     320+460 320+370 
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12.7 mm (0.5 in) from the notch. Prior to imaging specimens, HE tested fracture specimens were 

ultrasonically cleaned in a dilute solution of deionized water and Liquinox® detergent. An accelerating 

potential of 20kV was utilized with a varying WD between 25-40 mm for imaging the fracture surfaces. 

Electron Channeling Contrast Imaging (ECCI) was conducted to illuminate differences in microstructure. 

A solid-state backscatter electron detector was used in composition mode with 20 kV accelerating 

potential and a WD of 6.0 mm. ECCI images were obtained on the XRD samples and left un-etched. 

 

3.3.2 Prior Austenite Grain Size 

The prior austenite grain size (PAGS) was determined for the tempered martensitic conditions by 

etching in a picric acid etchant. The solution consisted of a saturated aqueous solution of picric acid and 

minor additions of hydrochloric acid and a wetting agent (teepol). The details of the procedure are 

described elsewhere [71]. The mean PAGS was determined from 15 fields from different regions of the 

sample by the Abrams three-circle intercept method following ASTM E112 [72]. The austenite grain size 

averaged 12.2 μm in the tempered martensitic conditions, with less than a 1.5 μm difference between 

conditions. An example micrograph used for PAGS measurement is presented in Figure 3.4. The bainitic, 

and tempered bainitic materials were not evaluated using this technique; since all materials were 

austenitized using the same parameters, all conditions are expected to have the same PAGS. 

 

 

Figure 3.3 Schematic illustrating how heat treating blanks were sectioned and the location for each 
characterization technique. Metallography and XRD were conducted on centerline faces, 
which correspond to the notch root location in the CNT specimen geometry. 
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3.3.3 X-Ray Diffraction 

X-ray diffraction (XRD) was conducted to estimate the dislocation density of all conditions and 

determine the retained austenite (RA) content of the austempered, and austempered and tempered 

materials. Samples were prepared for XRD by polishing to 0.5 μm and final polishing on a vibratory 

polisher for 4 h with a 20 nm colloidal silica suspension. XRD scans were run in a PANalytical 

Empyrean® X-ray diffractometer in a θ-2θ configuration with a Ni filtered Cu source and GaliPIX 3D® 

detector. The angle swept was between 40-105° 2θ, which captured the {110}, {200}, {211}, {220} 

ferrite/martensite peaks. The angular step size was 0.007°, and a step time of 300 s was used to collect 

data. Line profile analysis was conducted in the HighScore® Plus software package using a pseudo-Voigt 

fitting function to determine the full-width-half-maximum (FWHM) and peak position for analysis. 

Dislocation density measurements were obtained from the FWHM and peak position (2θ) using 

the modified Williamson-Hall method. The analysis procedures have been described in the theses by 

Kennett [73] and Vieira [74]. An infinitely sharp peak, occurring at a single Bragg angle, 2θ, would be 

obtained from a diffraction event in a strain-free single crystal under ideal conditions. In practice, the 

diffraction peaks are broadened due to instrumentation, sample microstrain and crystallite size 

contributions. Peak broadening due to instrumentation can be eliminated from the signal by scanning a 

large grain reference material, in this case a polycrystalline silicon standard, and determining the 

contribution to peak broadening as a function of 2θ. The peak broadening in the polycrystalline silicon 

standard is only a result of instrumentation, since contributions from crystallite size and internal strain 

 

Figure 3.4  Example light optical micrograph of condition QT45 used to quantify prior austenite 
grain size. Prior austenite grain boundaries are visible as dark lines, though the 
tempered martensitic matrix is also revealed in areas. Picric etchant. 
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should be minimal. In the materials of interest, the contributions from microstrain and crystallite size can 

be deconvoluted using the Williamson-Hall (W-H) method. 

The W-H method separates size and strain contributions by plotting B·cos(θ) as a function of 

sin(θ), where B is the broadening (FWHM) and θ is the Bragg angle. If microstrain is the significant 

contribution, then broadening is a linear function of sin(θ), while if crystallite size is the dominant 

contribution then broadening is independent of sin(θ) [75]. Dislocation density can be determined from 

microstrain by use of contrast factors, C, which account for anisotropy and dislocation type [76]. For this 

study, the average contrast factors are taken from Révész et al. [76]. Often, the microstrain is taken to be 

a result of strain from dislocations, neglecting other contributions to peak aberrations. Since the purpose 

of this study is to estimate the dislocation density, the same approach is used here with the understanding 

that this assumption overlooks other possible contributions. 

The variables used in the modified Williamson-Hall equation are given following standard 

convention; the variables	∆𝐾 or 𝐾, are not to be confused with elastic stress concentration factor (kt) or 

stress intensity factor (K). The modified Williamson-Hall equation takes the following form: 

 ∆𝐾 = 𝐵 +𝑚𝐾𝐶6 7-  (3.1) 

where 

 ∆𝐾 =	 𝑐𝑜𝑠 𝜃 ∙ 𝐹𝑊𝐻𝑀𝜆  (3.2) 

and 

 𝐾 =	2	 𝑠𝑖𝑛 𝜃𝜆  (3.3) 

where θ is the Bragg angle of the ith order reflection, and λ is radiation wavelength (nm). Equation (3.1) is 

a linear equation, where the slope, m, is directly proportional to dislocation density by: 

 𝑚 =	 E𝜋	𝑏H	𝜌2	𝐴 JK H-  (3.4) 

and the intercept, B, is inversely proportional to crystallite size by: 

 𝐵 =	0.9𝐷O  (3.5) 

with b being the magnitude of the burgers vector, A is a constant (taken as 3.3 [76]), ρ is the dislocation 

density, and Du is the crystallite size. After instrument broadening was subtracted from the measured 

FWHM for each reflection, the data was plotted in the fashion described and fit using a linear regression. 

This analysis was conducted for two XRD scans of each sample, rotated 180° between scans. Peak fitting 

profile analysis of each scan was conducted twice to determine both the uncertainties from sample 

orientation and variations due to peak fitting. The dislocation densities presented are thus the average of 

four independent estimates, with the reported error being the standard deviation. 
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3.4 Mechanical Testing 

This section presents the procedures used to obtain mechanical properties. Mechanical testing 

included bulk Rockwell hardness (HRC) and tensile testing of smooth-sided and notched round bars. 

3.4.1 Bulk Hardness 

Hardness is a measurement commonly used in the fastener industry as a rapid, low-cost quality 

control measure. Since it correlates well with tensile strength, it may be used to estimate mechanical 

properties and ensure heat treating was conducted as specified. Hardness testing (HRC) was conducted in 

accordance with ASTM E18 [77] using a single test machine, anvil, and indenter, all of which were 

inspected and cleaned prior to testing. An indirect verification, according to ASTM E18 [77], was 

conducted on standardized test blocks to periodically ensure that test machine and indenter were 

performing adequately. Daily verifications were conducted on standard test blocks prior to gathering data 

on each day that Rockwell hardness measurements were conducted. This process ensured that the test 

machine was in tolerance with the specified hardness on each calibration block, in addition to monitoring 

the random deviations in measured values due to machine drift. Calibration blocks of 24.86, 40.88, and 

62.27 HRC were utilized to ensure the test machine was verified across the range of hardness values of 

the heat treated specimens. Each 127 mm heat treated blank was longer than the 91.4 mm required for the 

tensile geometry, so the additional cut-off portion was used for Rockwell C (HRC) measurements. 

Sections obtained from the metallographic bars were also tested, as previously discussed. Five samples 

were tested for each heat treating condition, with five hardness indents made on each sample in an “X” 

pattern. 

3.4.2 Tensile Testing of Smooth Sided and Notched Tensile Specimens 

Mechanical properties were gathered by uniaxial tensile testing of smooth sided and 

circumferentially notched tensile (CNT) samples. The smooth sided round bar specimen dimensions are 

given in Figure 3.5. Round bar tensile samples, measuring 6.4 mm (0.25 in) in diameter with a 25.4 mm 

(1.0 in) gauge length, were machined according to the ASTM E8 geometry with a modification to the 

fillet radius adjacent to the reduced gauge section [78]. This modification eased machining complexity by 

enlarging the fillet radius from 3.2 mm (0.125 in) to 6.4 mm (0.25 in) but left the specimen diameter to 

length ratio unchanged. Smooth sided tensile testing was conducted on an electromechanical MTS® 

Alliance load frame at a controlled displacement rate of 1.27 x10-2 mm·s-1 (5x10-4 in·s-1), which 

corresponds to an engineering strain rate of 5x10-4 s-1. Displacement was measured using a 25.4 mm 

(1.0 in) Shepic extensometer with a data acquisition rate of 10 Hz. Four tensile samples were tested for 

each processing condition. Since the quench and tempered materials were heat treated in batches, one 

tensile sample was selected from each of the three batches with one additional sample selected at random 
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from all remaining samples. Four samples from the austempering and austempering and tempering 

processing routes were selected at random since processing was a more continuous process. 

 

 

Figure 3.5  Dimensions of modified ASTM E8 smooth-sided tensile specimen. The primary 
dimensions are in millimeters, with inch measurements in brackets. 

 

Notch tensile properties in air were obtained by testing CNT specimens on a 445 kN (100 kip) 

MTS® servo-hydraulic load frame. The sharp notched tensile geometry was selected for use in this 

investigation for a number of reasons. The CNT geometry has been advocated as a fracture mechanics 

type specimen [63, 66, 79] due to the high level of constraint imposed, it has been utilized extensively in 

the hydrogen literature, and has reasonable mechanical similitude to the thread of a fastener or threaded 

rod. The CNT specimen dimensions are provided in Figure 3.6. The notch was introduced by lathe 

turning. The CNT geometry conforms to the same basic dimensions used by Kagay [80] and Lee [66] but 

is slightly longer in length. The samples were equipped with a 10 mm MTS® knifeblade type 

extensometer spanning the notch. The displacement rate was 0.0254 mm·s-1 (0.001 in·s-1) such that the 

increase in stress intensity factor, KI, was within the range of 0.55-2.75 MPa·m1/2·s-1 (30-

150 ksi·in1/2·min-1) in accordance with ASTM E399 [81]. The notch stress at fracture was calculated 

using the nominal cross-section diameter of 8.0 mm (0.315 in). The notch geometry was measured using a 

Keyence® VHX-5000 digital microscope. Three measurements of the notch radius in each specimen were 

taken approximately 120° apart around the circumference. The ratio of the notch root radius to the minor 

diameter was less than 0.012, which according to Shabara results in almost zero error in measuring plane 

strain fracture toughness, KIC, from the CNT specimen [65]. The elastic stress concentration factor for this 

geometry is kt=6.5 [82]. The fracture toughness is calculated from the load at fracture by [83]: 

𝐾 =	 𝑃𝐷Q H- R1.72 U𝐷𝑑V − 1.27W (3.6) 

where P is the load (fracture load in air, threshold load in hydrogen), D is the major diameter and d is the 

minor diameter at the notch root. 
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3.5 Hydrogen Embrittlement Testing using Incremental Step Load Method 

Hydrogen embrittlement testing was conducted using the incremental step load (ISL) technique 

with CNT specimens on an Instru-met® 1125 20-kip load frame. CNT specimens were cathodically 

charged in situ using an aqueous solution in an acrylic environmental chamber. An image of the 

environmental testing apparatus is shown in Figure 3.7. The aqueous solution consisted of 3.5 wt pct 

NaCl (0.6 M) in deionized water, through which industrial grade argon was bubbled at a rate of 

approximately 0.5 L·min-1 (1 ft3·h-1). The argon gas served to both deaerate dissolved oxygen and provide 

stirring of the solution. Two mixed-metal oxide (Ruthenium oxide coated titanium) expanded mesh 

counter electrodes were placed on either side of the CNT sample with current supplied by a B&K 

Precision 9130 programmable direct-current power supply. The applied current density was between 0.1-

0.2 mA·cm-2, depending on the sample surface area exposed to the aqueous solution, and was nominally 

referred to as 0.1 mA·cm-2. The area of the counter mesh electrodes was at least twice that of the 

specimen. Specimens were degreased in acetone, followed by deionized water immediately preceding 

testing. After fracture, samples were ultrasonically cleaned in a dilute solution of deionized water with 

Liquinox® liquid cleaner. Argon deaeration and cathodic polarization were initiated within one minute of 

placing the CNT specimen in the environmental chamber, the latter being important to inhibit corrosion of 

the bare metal in the aqueous environment. 

The rising step load test uses a step-wise loading (displacement) profile, compared to the 

continually increasing displacement of the standard tensile test. The loading profile is interrupted at each 

step and held under fixed displacement for a predetermined time. The increase in load is referred to as 

step size, while the time held at constant displacement is referred to as hold time. The fixed time at each 

load step is varied based on the percentage of fracture strength, with longer hold times under greater 

loads. For example, 2 h holds are used for steps up to 50 pct of the fracture load from the previous test, 

followed by 4 h holds for the remainder of the steps to failure. ASTM Standard E1624 specifies loading 

 

Figure 3.6  Dimensions of the circumferentially notched tensile specimens. The primary 
dimensions are in millimeters, with inch measurements in brackets. The surface finish 
is specified in micro-inches. 
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profiles based on strength class to reduce test time, while allowing sufficient time for hydrogen diffusion 

at increased stress intensities [84]. The incremental loading technique determines the threshold cracking 

load, while minimizing dynamic straining effects since dynamic loading is a small fraction of the total test 

time. The effect of hydrogen is minimized during dynamic straining with increasing strain rate, owing to 

the limited time for diffusion. The threshold load for fracture is determined through an iterative process, 

where each loading profile is determined based on the fracture load of the previous test; the fracture load 

resolution is improved with decreasing step size and increasing step time, in subsequent iterations. The 

fracture toughness in hydrogen, Kth, is calculated when increases in step time and decreases in step size 

produce less than 5 pct variation in fracture load per ASTM Standard E1624. 

 

 

Figure 3.7  Hydrogen embrittlement test apparatus with CNT specimen contained in the 
environmental cell. Current is supplied to specimens through cross pins attached to 
universal joint (top) and test frame base (bottom), and the circuit is completed with 
mixed-metal oxide counter electrodes in the cell. A K-type thermocouple was 
embedded in the environmental cell to monitor temperature, and an additional fitting 
on the top permitted electrode potential to be monitored with a SCE reference 
electrode in select tests (neither shown in image). Note: The image was obtained 
during preliminary investigation using a solution of 1N H2SO4, resulting in 
significantly greater hydrogen gas evolution than was observed using a solution of 
3.5 pct NaCl. 
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Figure 3.8 shows the final five steps of an ISL test and illustrates the nomenclature used during 

testing. In ASTM F1624, the threshold load, Pth, is defined as the highest load step for which the sample 

survives the entire hold time without failure [84]. In practice, some conditions have shown evidence of 

crack growth, illustrated as a load drop during the hold, i.e. concave down, which survives the entire step 

duration as illustrated in Figure 3.8. For this work, the threshold load was defined as the load in which the 

sample survived a complete hold cycle without clear evidence of cracking, as can be observed from the 

figure. The holding times employed in this study followed guidance provided in ASTM F1624 specific to 

the hardness range (33-45 HRC) of the specimens. Samples were loaded with 2 h hold times up to 50 pct 

of the threshold, Pth, followed by 4 h holds for the remainder of the test [84]. In samples that showed 

evidence of cracking, as illustrated in Figure 3.8 and marked by Pcracking, the subsequent samples were 

loaded up to 50 pct of the crack initiation load, rather than the fracture load of the previous iteration, 

followed by 4 h holds for the remainder of the test. 

 

The initial loading profile used for all conditions was 4.45 kN (1000 lbf) steps with 2 h hold times 

for the first 10 steps followed by 4 h hold times for the remainder of the test. The initial step size was 

selected to correspond to approximately 5 pct of the notch tensile strength in air of the lowest strength 

quench and tempered condition. This step size corresponds to a lower percentage of the tensile strength 

for the higher strength conditions. For subsequent tests, the step size was modified from the referenced 

specification. In this work, conditions which exhibited similar fracture strengths during the initial ISL 

iteration in hydrogen were grouped, and a step size was used which corresponded to 5 pct of the fracture 

 

Figure 3.8  Example ISL profile showing final 5 loading steps and illustrating nomenclature used. 
The specimen was tested with 4.45kN (1000 lbf) step sizes, using 2 and 4 h hold times; 
the sample in this figure was tested with a 2 h hold time. 
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strength of the weakest condition. This procedure had two important benefits, the first was that similar 

conditions were directly comparable, having endured the same loading history. Following ASTM F1624, 

a total of 24 unique loading profiles would be required to determine the threshold fracture load for all 

conditions. Using the methods discussed, the number of unique loading profiles was reduced while 

ensuring that the uncertainty in Pth was never more than 5 pct of the measured value. Following the 

specification, the threshold load was determined when the difference between subsequent ISL iterations 

was less than 5 pct of the fracture strength in air. The invariant load was identified in two or three 

iterations using the criteria described. Table 3.3 summarizes the number of iterations, load step sizes, and 

number of replicates tested at the final iteration. 

 

Table 3.3 Summary of ISL Load Step Sizes, Iterations, and Replicates 

 Quench & Temper Austempered Austemper & Temper 

Designation QT34 QT37 QT40 QT45 A39 A44 AT40 AT44 

Iteration    

1 4.45 kN 4.45 kN 4.45 kN 4.45 kN 4.45 kN 4.45 kN 4.45 kN 4.45 kN 

2 2.67 kN 2.00 kN 1.56 kN 1.11 kN 2.68 kN 1.56 kN 2.00 kN 1.11 kN 

3 - - 1.11 kN 0.89 kN 2.00 kN 1.11 kN - - 

Replicates 4 4 5 5 6 6 4 4 
 

 

3.6 Direct-Current Potential Drop 

The direct-current potential drop technique has been applied to each condition while conducting 

ISL testing to probe crack initiation. The working principle of the DCPD technique is that change in 

resistance occurs when a crack grows in a conducting material through which a current is passed. The 

change in resistance is manifested as a voltage response according to Ohm’s principle, where voltage (V) 

is the product of current (I) and resistance (R) i.e. V=IR, which is monitored with precision 

instrumentation. In this investigation, current is applied to the specimen with leads spot welded to either 

end of the specimen, and voltage is monitored by leads welded across the notch. As crack growth is 

confined to the notch region, an increase in crack length results in decreased current carrying area with an 

attendant increase in resistance measured across the notch. A second set of voltage sensing probes is 

placed on one side of the notch, which provides a means to minimize spurious environmental effects, e.g. 

temperature. 

On each CNT specimen, 24 gauge wire probes were spot-welded to the specimen to supply 

current and monitor the voltage drop due to crack initiation and growth at the notch. Bare probe wires 

were masked with liquid electrical tape for electrical isolation after welding. A template was used for 

consistent probe placement in the approximate locations detailed in Figure 3.9. Current supplying probes 

were placed as far from the notch as the environmental cell would allow, ensuring the most uniform 
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current distribution possible given the dimensional constraint of the environmental cell. Notch voltage 

probes spanned the notch and were placed on the major diameter as close to the notch as possible. 

Voltage sensing reference probes were placed on one side of the notch only. The reference probes served 

to minimize temperature and elastic strain effects on the signal by providing as a means to normalize the 

voltage across the notch. Each probe type (notch, reference, and current) was offset 60° around the major 

diameter, with probes of the same type directly opposite (180°) each other. As crack initiation was 

possible at any location around the notch root, the probe placements were spatially distributed to limit the 

effects of asymmetrical crack initiation on voltage measurements. The distance between the notch probes 

was 4 mm spanning the notch, while the distance between the reference probes was 6 mm and offset from 

the notch by 6 mm. The current probes were symmetric about the notch and placed 38 mm apart. 

 

 

Figure 3.9  Schematics illustrating probe placement on CNT specimen for DCPD measurements. 
Probes were spaced in 60° intervals around the specimen, and probes of the same type 
(Vref, Vnotch, A) were located 180° opposite one another. 

 

Current was supplied to the specimen from a BK Precision 1735A direct current power supply 

passing a current of 2.000±0.001 amps through the specimen; the polarity was not intermittently reversed, 

as is occasionally employed to limit Joule heating or other electrical effects. A Keysight 34420A nano-

volt meter with a resolution of 7.5 digits was used to monitor the potential across the notch and reference 

positions. Each of the two channels was measured, and the ratio of the notch voltage to the reference 

voltage was output in 10 s intervals. Ground loops between the electrical instrumentation were avoided 

for both the DCPD technique and the electrolytic charging. Two thermocouples were monitored, one 

embedded in the environmental cell and the other monitoring laboratory air temperature, to ensure that 

variations in the DCPD signal were a result of crack growth rather than thermal fluctuations. Despite 

normalizing the notch voltage by the reference channel, laboratory temperature fluctuations caused 

spurious deviations in the DCPD record and some heating of the environmental cell was noted because of 

resistive heating; the temperature increase was typically less than 3 °C and was relatively constant after 

an initial transient period of less than 5 h. 
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3.6.1 Voltage-Crack Size Correlation 

The DCPD signal provided a signal related to crack initiation and growth during an ISL test and 

can be calibrated to provide a quantitative measurement of the crack size. Experiments were conducted to 

correlate the measured voltage with a physical crack size. Although analytical formulations which relate 

voltage to crack size exist for various geometries, a C(T) specimen for example, no known formulae exist 

for CNT specimens. To this end, two methods were used to estimate the voltage response observed in 

DCPD with crack size changes: 1) a derivation based on sample geometry, and 2) specimen compliance 

measurement techniques discussed in the next section. 

The voltage signal measured in DCPD is output as the ratio of the notch voltage to the reference 

voltage. According to Ohm’s law (𝑉 = 𝐼𝑅), the voltage ratio is numerically equivalent to the ratio of the 

resistances (Rnotch/Rref) as the current passing through the CNT specimen is equal for resistors in series. 

The resistance, R, of a circular, current carrying material is: 

 𝑅 = [ 𝜌𝜋𝑟H]
^ 𝑑𝑥 (3.7) 

where ρ is the resistivity of the material, L is the length, and the radius, r, is a function of position r(x). 

For a material of uniform cross-section, the resistance is proportional to length and inversely proportional 

to the current carrying area. The resistivity, ρ, is also a function of temperature; however, its effects are 

considered immaterial since both the notch and reference locations are presumed to be in thermal 

equilibrium, i.e. the change in resistance due to temperature variations are equal in both locations with 

limited separation. The resistance in the one-half of the notch is calculated by integrating over the 

variable area of a truncated cone, where r is a function of position between the radius at the notch root 

(rmin) and major radius (rmax), illustrated in Figure 3.10. The resultant resistance after integration becomes: 

 𝑅`abcd =	 𝜌	𝐿`abcd𝜋(𝑟ghi ∙ 𝑟gj`) (3.8) 

Relating the ratio of the notch and reference point resistances after simplification gives 

Equation (3.9): 

 
𝑅`abcd𝑅lmn = 𝑉 abcd𝑉lmn 	∝ 	 𝑟ghi𝑟gj` p𝐿`abcd𝐿lmn q (3.9) 

where Lnotch and Lref are the distance between notch and reference voltage probes, respectively. The 

measured voltage varies as a function of probe spacing (Lnotch, Lref), which varies slightly from test to test 

since the probes have to be manually welded. 

To eliminate the variability in probe spacing, the voltage ratio is normalized by its initial value 

after steady state is achieved. An assumption is made that the elastic strain during extension has a 

negligible effect on probe spacing, and thus on the voltage ratio. Normalizing in this manner eliminates 

the effect of probe spacing and sets the voltage ratio equal to unity at zero crack length; hereafter, this 
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quantity is referred to as the normalized voltage ratio (NVR). As a crack grows from the notch, the 

effective minimum radius becomes the major diameter minus the initial notch depth, c, and any additional 

crack length, a, which grows from the notch. In this derivation, all crack growth is presumed to be 

concentric with respect to the notch, which was seldom observed experimentally. The resistance change 

as a function of initial geometry and crack length is referred to as the geometric model, and the NVR can 

be approximated by: 

where c' is the notch depth, and a is the crack length as illustrated in Figure 3.10. 

 

 

3.6.2 Fatigue Compliance 

The second method of relating crack length to voltage change is through compliance 

measurements of a fatigue-cracked specimen. A CNT specimen was fatigue loaded (the stress ratio varied 

from R=0.167- 0.2) to extend a crack from the notch root while monitoring both the DCPD measurement 

and notch mouth opening with an extensometer. A 3.0 ± 0.3 mm axial extensometer was placed across the 

notch, while the DCPD probes were placed in their typical positions. In between fatigue cracking 

sequences, the samples were elastically loaded and unloaded to measure specimen compliance with 

cracks of increasing depth. The crack opening at the notch mouth, 𝛿, was related to the crack depth ratio 

(c/b) by [85]: 

 𝛿 = 4𝜎(1 − 𝜈H)𝐸 𝑐 w 1x1 − 𝑐𝑏yH z1.454 − 2.49 x
𝑐𝑏y + 1.155 x𝑐𝑏yH|} (3.11) 

where c is depth of the notch and crack as measured from the circumference, b is the major radius, and the 

other symbols take on their usual meanings. From the notch mouth displacement, the crack depth ratio, 

c/b, is calculated and related to the voltage change observed during fatigue. As the sample was subjected 

 	𝑁𝑉𝑅 = 𝑟gj`𝑟ghi − (𝑐′ + 𝑎) (3.10) 

 

Figure 3.10  CNT specimen schematic and notable dimensions used in deriving notch resistivity 
and fatigue crack compliance. 

' 
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to fatigue, plastic damage accumulates in the notch and plastic zone around the advancing crack. The 

change in resistance (ΔR) within the plastic process zone is considered negligible relative to the ΔR 

resulting from the crack propagation and is thus not considered. 

In addition to the fatigue-cracked specimen, a number of ISL tests were interrupted, heat tinted to 

mark the extent of hydrogen induced crack growth, and overloaded. The voltage signal, combined with a 

well-defined and measurable crack area, provides a means to validate the fatigue data and formulate a 

calibration curve relating DCPD and crack ratio, c/b, or crack length, a. The interrupted specimens were 

unloaded once unstable crack growth resulted in a load drop of between 3-5 pct. Interrupted specimens 

were removed from the environmental cell, cleaned in deionized water and methanol and dried. Cracked 

samples were then heat tinted between 275-300 °C for 60 to 75 min to demarcate the crack front. Samples 

were then either overloaded in tension or fatigued to advance the crack front for further crack growth 

measurements. Macro-photographs were obtained of the fracture surfaces, and the cracked area was 

measured using ImageJ image analysis software. An example of a heat-tinted fracture surface used to 

calculate the hydrogen cracked area is shown in Figure 3.11. The crack depth ratio, c/b, was determined 

by computing the cracked area and relating it to the change in radius resulting in an equal area, assuming 

concentric cracking. 

 

Figure 3.11  Interrupted QT34 specimen ISL specimens with hydrogen induced cracking demarcated by 
heat-tinting (dark region inside the machined notch) and subsequent fatigue crack (light 
region adjacent to heat tint. Remnants of notch voltage probes are visible on the 
circumference. 
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CHAPTER 4 : RESULTS 

This chapter presents experimental results including: metallography and microstructural 

characterization, mechanical testing, and hydrogen embrittlement assessment using the incremental step 

load technique and DCPD coupled ISL testing. 

4.1 Microstructural Characterization 

The following section provides results from the characterization techniques employed in this 

study including dilatometry, scanning electron microscopy, and x-ray diffraction. 

4.1.1 Dilatometry 

Dilatometry was conducted during an initial heat treating study to identity the time-temperature 

combinations necessary to achieve the target hardness through the processing routes discussed in 

Chapter 3. Results of the initial study are presented in Appendix A. The initial study was conducted using 

a different heat of 4340 from that used for mechanical testing and hydrogen embrittlement evaluation. 

The thermal cycles were replicated using the same chemistry used in mechanical testing to aid in the 

microstructural interpretation. Figure 4.1 displays the strain versus temperature profiles obtained via 

dilatometry for select conditions of interest. The heating cycle is omitted from the figure for clarity, and 

the plot shows the change in strain due to contraction or phase transformation during a segment of the 

cooling portion of the cycle. The specimens are austenite at temperatures greater than 475 °C and 

transform isothermally to bainite or martensite on cooling to room temperature (right to left). 

The martensite start temperature was calculated from five specimens that underwent identical 

thermal cycles. The start of transformation was identified by deviation from linear contraction during 

cooling (the linear fit is shown as a dashed line, for reference); the complete procedure for determining 

Ms is discussed in Appendix A. The athermal martensitic transformation is revealed as the volumetric 

expansion occurring on cooling from 320 °C to room temperature. The mean Ms is 323 ± 23°C, where the 

interval is the 95 pct confidence interval; the Ms temperature is indicated in Figure 4.1 for reference. One 

dilatometry curve for a quenched specimen is provided as an example, labeled “gas quench.” The 

condition austempered at 370 °C represents the highest transformation temperature used. On cooling from 

the isothermal transformation temperature, a slight deflection from linear contraction is observed 

beginning around 100 °C (red ellipse). This deflection is possibly indicative of martensite formation. Any 

austenite remaining after the isothermal hold may be stabilized by carbon partitioning from the ferrite 

during transformation, suppressing the Ms to lower temperatures. 
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Figure 4.1 Dilatometry curves plotting engineering strain versus temperature for conditions 
quenched to room temperature, or austempered at 320 °C or 370 °C. The heating 
portion of the cycle is omitted for clarity. Red ellipses highlight regions of possible 
martensite formation.  

 

The specimen austempered at 320 °C represents the initial isothermal transformation portion of 

the AT condition’s thermal cycle; both AT conditions are subsequently tempered. As the transformation 

temperature coincides with the Ms temperature, some martensite formation possibly occurs upon rapid-

cooling to the transformation temperature. The transformation temperature of 320 °C was selected based 

on the preliminary heat treating study, where 320 °C was the upper 95 pct confidence limit of the 

measured Ms using the original chemistry; this temperature was selected to avoid martensite formation, 

however the slight difference in chemistries raised the Ms to coincide with the temperature at which 

specimens were transformed. The red ellipse highlights a deviation from linear contraction immediately 

prior to reaching the transformation temperature. 

 In all cases where martensite formation is possible in the bainitic specimens, the martensite 

fraction should be limited. The transformation strain observed in Figure 4.1 is used to ascertain the 

approximate extent of austenite transformed during the isothermal hold. Assuming that transforming at 

320 °C results in complete transformation (austenite to bainite) without martensite forming, the increase 

in engineering strain observed at isothermal transformation temperatures of 330 °C (not shown in Figure 

4.1) and 370 °C may be interpreted as the extent of phase transformation associated with a particular 

austempering temperature. Taking the ratio of strains (εT/ε320), where εT is the strain associated with a 

transformation temperature, the fraction transformed is approximately 96 pct at 330 °C, and 87 pct at 

370 °C. While these values are approximate, they provide an estimate of the fraction untransformed 

which may be retained as either austenite, transformed to martensite, or both. 



48 
 

4.1.2 Scanning Electron Microscopy 

Secondary electron images (SEI) of all conditions are presented in Figure 4.2 and Figure 4.3. 

Additional micrographs and fractographs of each condition are provided in Appendix B: Electron 

Microscopy And Fractography. Figure 4.2 displays scanning electron micrographs of the QT conditions, 

which show the characteristic tempered martensitic microstructure. Packets of lath martensite with fine 

inter- and intralath carbides are visible. Based on the tempering temperatures (420-610 °C), it is believed 

that the carbides are primarily cementite as the transition carbides and any austenite retained from 

quenching should have decomposed upon reaching the tempering temperatures [86, 87].  

The austempered conditions exhibit the obvious markers of lower bainite, such as a fine ferrite 

subunit structure with carbides precipitated with an angular relationship to the long axis of the bainite 

packets, as expected from the processing history. Micrographs of all bainitic and tempered bainitic 

microstructures are provided in Figure 4.3. Sheaves of bainitic ferrite divide prior austenite grains, with 

carbides aligned at approximately 55-60° to the long axis of the ferrite subunits. Qualitatively, the 

carbides within the ferrite subunits appear refined for the A44 condition, which had a lower isothermal 

transformation temperature compared to A39. This assessment is consistent with quantitative results from 

Bush and Kelly, which showed an increased number of carbides per unit area and carbide refinement, as 

the transformation temperature decreased [57]. Carbide size, dislocation density and substructure, and 

ferrite lath width are suspected to be the main differences in the austempered microstructures based on the 

transformation temperatures used [57]. The A39 condition appears to contain coarser ferrite laths as well 

as carbides, consistent with a higher transformation temperature. Both austempered (A39, A44) 

conditions contain an irregularly shaped constituent that emanates from the prior austenite grain 

boundaries, which is shown highlighted by a white arrow in Figure 4.4 for condition A39. This 

constituent is present in greater quantity in A39, which was held at a higher isothermal transformation 

temperature. It is believed that the irregular constituent is untempered martensite based on the surface 

relief in the etched sample, and the dilatometry signal indicating some residual austenite present from 

incomplete transformation and possible martensitic transformation on cooling. Additionally, no evidence 

of retained austenite was observed via XRD, which is discussed in next section. 
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(a) (b) 

  

(c) (d) 
Figure 4.2 Secondary electron micrographs of the tempered martensitic microstructures a) QT34, 

b) QT37, c) QT40, and d) QT45. Fine inter and intra-lath cementite is visible and the 
fine (<1 μm) lath structure is observed. 1 pct nital etch. 

 

The tempered bainite conditions are characterized as tempered lower bainite (Figure 4.3(c)-(d)), 

due to the aligned ferrite subunits and orientation of precipitated cementite. The carbides are aligned at 

approximately 50-60° with respect to the long axis of the ferrite as shown in Figure 4.3. The 

microstructure thus consists of tempered lower bainite and possibly tempered martensite; both AT 

conditions contain minor regions similar to those highlighted in Figure 4.4, but containing carbides 

precipitated within the irregular phase, presumably resultant from the additional tempering step. These 

regions are believed to be tempered martensite, due to the transformation temperature coinciding with the 

Ms temperature and the possible deviations in the dilatometry signal indicating martensite formation. In 

the SEM micrographs, ferrite subunits are visible in the tempered bainite conditions, but become less 

defined based on visual observation as the tempering temperature increases. For instance, the laths are 
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readily resolvable in AT44 in Figure 4.3, but are nearly absent in AT40; however, the lath structure is 

inferred from the carbide morphology. Compared to A44, which had a similar transformation temperature 

but lacked additional tempering, the austempered and tempered conditions do not show evidence of 

significant carbide coarsening. Bainite is resistant to tempering [59], and it is presumed that dislocation 

recovery was the primary microstructural variation to occur during tempering due to the high strain 

energy associated with the lower bainitic microstructures. 

 

  

(a) (b) 

  

(c) (d) 
Figure 4.3 Secondary electron micrographs of the (a)-(b) austempered conditions A39-A44 and 

(c)-(d) austempered and tempered conditions AT40-AT44, respectively.1 pct nital etch. 
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4.1.3 X-Ray Diffraction 

The purpose of conducting XRD was twofold. First, retained austenite has been proposed to have 

both beneficial and detrimental effects in HE, as discussed in Chapter 2- Microstructural Aspects of 

Hydrogen Embrittlement. Therefore, confirming the presence of retained austenite, or lack thereof, was a 

necessary microstructural variable to assess. Second, the dislocation density of the various conditions was 

measured both to characterize microstructural differences, as well as to consider possible differences in 

hydrogen trapping and transport. Four XRD diffraction patterns are presented in Figure 4.5 for conditions 

A39, A44, AT44, and QT45; each shows relative intensity as a function of two-theta position. Relative 

intensity is computed by normalizing all intensities by the maximum value of the {110} ferrite peak. As 

austempering may result in the presence of retained austenite, these conditions are plotted along with the 

QT and AT conditions tempered at the lowest temperature, i.e. QT45 and AT44, respectively. These are 

the only conditions in which retained austenite was considered to be present. The peak positions of the 

first four austenite and ferrite/martensite peaks are shown. While the presence of martensite/ferrite is 

clear, no distinguishable austenite peaks are observed in any condition; the 2θ positions of three of the 

austenite peaks are shown schematically on the figure. 

The tempered martensitic conditions were tempered at temperatures above which austenite has 

been shown to decompose to ferrite and cementite [86, 87]. Figure 4.5 confirms the lack of austenite 

reflections in the QT45 condition. In the austempered conditions, retained austenite was observed in 

specimens heat treated in the dilatometer (Appendix A); the volume fraction increased with increasing 

transformation temperature. However, even at the highest isothermal transformation temperature used in 

  

(a) (b) 
Figure 4.4  Secondary electron imaging micrographs of the austempered condition A39 and 

austempered and tempered condition AT40, with arrows indicating likely untempered 
martensite, and tempered martensite, respectively.1 pct nital etch. 
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the salt bath heat treatments (370 °C), no austenite peak is observed. The resolution of determining phase 

fraction by direct comparison of the integrated intensities from XRD has been estimated at 1-2 pct [75]. 

As such, retained austenite may be present in limited quantities below this threshold. 

 

 

Figure 4.5  X-ray diffraction pattern of conditions QT45, A39, A44, and AT44 displaying relative 
intensity as a function of 2θ position. The first four ferrite/martensite peaks are labeled, 
along with the expected location of austenite peaks. Inset is a magnification of the 
location of the {111} austenite peak, adjacent to the {110} ferrite peak. Diffraction 
patterns obtained using Cu radiation. 

 

Dislocation density was determined via the modified Williamson-Hall approach; the results are 

displayed in Figure 4.6, which shows the dislocation density for each of the heat treated conditions. In the 

quenched and tempered conditions, the dislocation density scales inversely with tempering temperature. 

As such, the low temperature tempered QT microstructure contains a higher density of dislocations, while 

materials tempered at higher temperature are more recovered; correspondingly, a lower measured 

dislocation density is observed. While the measure of dislocation density is semi-quantitative, the 

magnitude of the dislocation density and trend are consistent with other work conducted on martensitic 

and bainitic steels [73, 74]. In the austempered conditions, dislocation density decreases with increased 

transformation temperature; this observation is consistent with previously cited work [57, 58] and is 

consistent with the measured hardness. The AT conditions were first transformed at 320 °C so the initial 

dislocation density is anticipated to be greater than the austempered conditions due to the low 

transformation temperature. After subsequent tempering, however, dislocation recovery increases with 

tempering temperature and the magnitude decreases. The final dislocation densities are relatively 

consistent with the conditions which were solely austempered. Apparently, the bainitic and tempered 
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bainitic microstructures have a higher measured dislocation density than the QT conditions, at a 

comparable hardness level. The increased dislocation density is readily observed in the highest hardness 

conditions, and appears true at a hardness of 40 HRC, as well; however, there is appreciable scatter in the 

measurement of dislocation density in QT40. It is surprising that the dislocation density is apparently 

greater in the bainitic microstructures, than tempered martensitic microstructures of equivalent hardness. 

However, tempered martensite may achieve its strength from contributions other than dislocation 

strengthening, e.g. fine lath size, carbide strengthening, carbon in solution, etc., requiring a lower 

dislocation density to reach the same equivalent hardness. 

 

 

4.2 Mechanical Properties 

This section provides resultant hardness obtained from as-heat treated specimens, tensile 

properties from smooth sided specimens, and notch tensile properties obtained from CNT specimens. 

4.2.1 Hardness and Tensile Properties 

The as-heat treated hardness (HRC) value for each condition are given in Table 4.1. The lower 

hardness quench and tempered conditions are slightly harder than initially targeted; the target values were 

32 and 35 HRC, while the actual values are approximately 34 and 37 HRC for those conditions, 

respectively. The opposite is true for the austempered conditions, which are slightly softer than the target 

values. The standard deviations for the quench and tempered conditions are lower for the higher hardness 

 

Figure 4.6 Dislocation density for each condition determined via the Modified Williamson-Hall 
approach. Error bars represent standard deviation of the measured mean value. 
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conditions, while the austempered and austempered and tempered conditions have larger standard 

deviation in the higher hardness range. The deviation is reflective of a somewhat less homogenous 

microstructure than the martensitic microstructure of equivalent hardness. 

 

Table 4.1 Rockwell Hardness of Quench and Tempered, Austempered, and Austempered and Tempered 
Conditions 

HRC QT34 QT37 QT40 QT45 A39 A44 AT40 AT44 

Mean 33.9 36.9 40.1 44.7 38.5 44.1 40.2 44.2 

Standard Deviation 0.2 0.3 0.1 0.1 0.3 0.5 0.4 0.3 

95% CL 0.2 0.3 0.1 0.1 0.4 0.6 0.5 0.3 

 

Tensile properties, obtained from engineering stress-strain curves presented in Appendix C, are 

presented in Figure 4.7(a)-(b) which shows measures of strength (Figure 4.7(a)) and ductility (Figure 4.7 

(b)) as a function of hardness for each of the three processing routes. Measures of strength, i.e. 0.2 pct 

yield, tensile, and fracture, are strongly correlated to hardness (both increasing) in the tempered 

martensitic conditions, as seen in Figure 4.7(a). Fracture strength was determined from the fracture load 

and final cross-sectional area measured post-mortem. While the austempered and austempered and 

tempered conditions possess tensile strengths equivalent to the QT conditions for a given hardness, the 

yield and fracture strengths deviate markedly. For a given hardness, the 0.2 pct yield strength of the 

austempered conditions is 100-150 MPa lower than the QT counterpart. The same is true of the highest 

hardness AT condition, AT44; however, the AT40 condition, which was tempered at a higher 

temperature, exhibits a similar yield strength as the QT40 condition. The measured fracture strength of 

the austempered and AT conditions deviates from the QT conditions, without an apparent trend. The 

fracture strength of A39 is lower than an equivalent hardness QT condition, while the A44 and AT44 

conditions are observably higher by approximately 200 MPa. In the tempered bainitic conditions, the 

highest hardness AT44 condition exhibits fracture strength comparable to the A44 condition, while a 

higher temperature tempering results in fracture strength comparable to the QT conditions of equal 

hardness, i.e. AT40 and QT40. 

Measures of ductility similarly vary with microstructure and/or processing route. Again, the QT 

conditions have a strong linear correlation of decreasing ductility with increasing hardness. The uniform 

elongation of the austempered and austempered and tempered conditions trends closely to the baseline QT 

conditions. Condition A39 possesses lower strain at fracture, for equivalent hardness, while the other 

bainitic/tempered bainitic conditions exhibit greater strain to failure than the tempered martensitic 

conditions with the same hardness. Interestingly, the reduction in area is approximately constant for the 

austempered and AT conditions, over the hardness range evaluated. In contrast, all measurements of 

ductility decrease in the QT conditions as hardness/strength increases. 
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(a) (b) 
Figure 4.7 Tensile properties obtained from engineering stress-strain plots with (a) measures of 

strength versus hardness, and (b) measures of ductility versus hardness. Solid line is a 
linear regression of the QT conditions. Fracture strength is determined from the final 
cross-sectional area; fracture strain is the total engineering elongation at failure. Error 
bars reflect standard deviation of the mean. 

 

Dissimilar yield behavior is observed for the various microstructures, which is illustrated in the 

engineering stress-strain curves shown in Figure 4.8(a)-(b) for conditions of equal hardness. The 

differences in yield point behavior are responsible for the observed variation in mechanical properties. 

The tempered martensitic conditions exhibited defined yield point behavior, which is also observed in the 

highly tempered AT40 condition. Both the austempered and AT45 conditions exhibit more round-house 

yield behavior. The gradual yielding results in lower measured 0.2 pct yield strength for a given hardness. 

As the conditions with lower measured yield strength reach similar tensile strengths, the degree of work 

hardening is necessarily greater. Combined with the dislocation density measurements discussed in 

Figure 4.6, which show increased dislocation density in the austempered conditions, the results suggest 

these conditions have high density of mobile dislocations capable of interacting and generating the higher 

amount of work hardening. 
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(a) (b) 
Figure 4.8 Engineering stress-strain plots for all conditions highlighting dissimilar yielding 

behavior for equivalent hardness (nominal) of (a) 40 HRC and (b) 45 HRC. Crosshead 
displacement equivalent to engineering strain rate, ė = 5·10-4 s-1, and initial gauge 
length, Lo= 2.54 cm. 

 

As plasticity has been shown to be involved in the embrittlement process, the onset of dislocation 

motion may correlate with the susceptibility to hydrogen embrittlement. The stress at which dislocation 

movement initiates has been determined using an extended Kocks-Mecking analysis. The extended 

Kocks-Mecking (KM) plots, which display the strain-hardening rate (dσ/dε) as a function of flow stress, 

are presented in Figure 4.9 for all conditions with a hardness of 45 HRC. Tabulated values are given in 

Table 4.2. The “upper plateau” oscillates around the elastic modulus (~200GPa, slightly lower for bainitic 

microstructures), and the strain in this region is entirely elastic. The onset of dislocation motion results in 

a rapidly decreasing strain-hardening rate, and the slope varies by microstructure. This region of rapid 

descent is termed the “pre-yield” region and is associated with reversible (anelastic) dislocation motion at 

low stress values and a constant dislocation structure [88]. The rapid decay in strain hardening levels off 

at higher stresses (post yield), due to irreversible dislocation motion and multiplication resulting in 

changes to dislocation structure [88]. The intersection of the completely elastic portion and the “pre-

yield” region is defined here as the “microyield stress.” Since loading increases monotonically in all tests 

performed, the pre-yield region defines the onset of dislocation motion, perhaps of importance in the 

embrittlement process. The intersection was identified by linear regressions of experimental data in the 

regions discussed, as demonstrated in Figure 4.9. The criteria for selecting the regression region varied 

test-to-test as the stress-strain response differs, even within a particular condition. Data within around 

200 MPa of the transition from elastic to anelastic behavior was excluded from the analysis. In the 

austempered and AT conditions, where two distinct microyield slopes were observed, the initial slope was 

utilized for regression, again, omitting any transitional regions. 
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The lower plateau reflects macroscopic and irreversible plastic deformation, and the 0.2 pct yield 

stress values displayed in Figure 4.7 closely align with the transition from the microyield (pre-yield) to 

post-yield regions of the KM plots, particularly in the QT conditions. The austempered and AT44 

conditions exhibit microyield regions with two distinct slopes. At stresses sufficient to drive microscale 

yielding, the strain hardening rate initially decreases rapidly, which transitions to a slower rate of change 

between 1000-1100 MPa. The micro-macro plastic transitions (between upper plateau and the onset of 

macroyielding) occur over hundreds of MPa in the austempered and AT44 conditions, compared to the 

QT conditions which transition in less than 100 MPa. In the austempered and AT conditions, which 

display two distinct slopes in the microyield regions, the measured 0.2 pct yield stress coincides with the 

lower of the two slopes. The microyield stress of the QT conditions increases linearly with hardness, seen 

in Table 4.2, while the tempered bainitic conditions have nearly equivalent microyield strengths to the 

QT37 condition, despite having higher hardness. The microyield stress of the austempered conditions 

increases with hardness, similar to the QT conditions, however the onset of dislocation motion occurs at 

far lower applied stress in the austempered conditions than the QT/AT conditions of equal hardness. 

 

 

Figure 4.9 Example extended Kocks-Mecking plots showing strain-hardening rate as a function of 
stress for all conditions with a hardness of 45 HRC. The microyield stress is defined as 
the intersection of linear fits (light grey) to elastic and anelastic regions, shown for 
condition QT45, and is read from the horizontal axis in line with the intersection. 

 

Table 4.2 Microyield Stress of each Condition as Determined using Extended Kocks-Mecking Analysis 

Microyield Stress (MPa) QT34 QT37 QT40 QT45 A39 A44 AT40 AT45 

Mean 858 964 1080 1238 597 752 952 951 

Standard Deviation 14 12 24 33 40 38 21 18 
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4.2.2 Notch Tensile Properties 

The notch tensile strength (NTS) of each condition was determined by tensile testing CNT 

specimens, and is computed as the peak load divided by the nominal cross-sectional area at the notch. The 

NTS is plotted as a function of tensile strength in Figure 4.10(a). Two notched samples were tested for 

each condition, with the exception of A39, where three samples were tested due to the observed scatter in 

fracture load. The symbols represent individual values, rather than the average, to indicate the spread in 

measurements. The QT conditions exhibit notch strengthening, as is observed in medium carbon steels 

near this strength range [63]. With the exception of A39, the austempered and AT conditions show a 

greater notch strengthening effect than the quench and tempered conditions for a given tensile strength. 

The notch tensile strength results are close for the replicate specimens. A39 is the exception, where a 

large disparity in measured notch tensile strength is apparent. There is a range of almost 350 MPa 

between the three tests, while there is a maximum spread of around 50 MPa for all other conditions. All 

smooth sided tensile tests of the A39 condition exhibited consistent engineering stress-strain behavior, 

and the variability in fracture strength is only observed in the presence of a notch. 

The work of fracture is displayed in Figure 4.10(b) as a metric of toughness in air. From the load-

displacement curves of the CNT specimens, the work of fracture was computed by integrating over the 

load-displacement path up to fracture. The recoverable, elastic-work associated with fracture may be 

removed from the total work of fracture. Since elastic work is primarily associated with stretching atomic 

bonds, it should be independent of metallurgical conditions. The elastic work is shown in Figure 4.10(b) 

(open symbols) and is nearly independent of strength. Complete CNT test data in air are presented in 

Appendix C. It is clear from the figure that the plastic work of failure (difference between total and 

elastic) decreases with increasing strength, and the various conditions mostly follow this trend. In general, 

toughness decreases with increasing strength for various processing/microstructural conditions, with the 

exception of the higher temperature austempered bainite, condition A39 at 1240 MPa, which has low 

intrinsic toughness compared to conditions at the same or higher strength level. 
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(a) (b) 
Figure 4.10 Notch tensile properties obtained from CNT specimens with (a) NTS as a function of 

tensile strength, and (b) work of fracture versus tensile strength. Solid lines reflect 
linear fits of the QT conditions. Individual data points shown for each condition. 

 

The candidate load (PQ) and stress intensity factor (KQ) for each condition in air are presented in 

Table 4.3, along with the estimated plane-strain plastic zone size. The 95 pct secant construction (ASTM 

E399) was used to determine PQ. According to ASTM E399, the peak load must be less than 110 pct of PQ 

for plane-strain conditions to prevail (limited to small-scale yielding). This stipulation is violated for all 

conditions except QT45; therefore, the measured toughness in air will be considered as KQ values rather 

than KIC. KQ is the candidate stress intensity factor, and is only considered a true measure of toughness, 

KIC, once validated according to ASTME399. From Table 4.3, it is apparent that KQ increases with yield 

strength independent of metallurgical condition; this behavior is in contrast to Figure 4.10(b) and the 

general trend that KIC decreases with strength. The inconsistency is likely the result of insufficient 

specimen size in the lower strength materials to achieve the necessary level of constraint and true plane-

strain conditions. The work of fracture presented in Figure 4.10(b), more appropriately reflects the 

resistance to fracture as a function of strength. Estimates of the plastic zone are made assuming plane-

strain conditions, with the plastic zone size proportional to the square of the measured toughness divided 

by the yield strength: 

 𝑅� = 16𝜋 U𝐾�𝜎��VH (4.1) 

where RP is the estimated plastic zone size, and the other symbols take their usual meaning. The estimated 

plastic zone in all cases corresponds to around 1/16th of the radius from notch root to the tensile axis 

(specimen center). Despite the findings by Lee [66] that plane-strain conditions can be achieved with far 
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smaller CNT specimens (of sufficient stress concentration) than C(T) type specimens, the CNT geometry 

failed to achieve the necessary level of constraint required for valid KIC measurements in air. 

 
Table 4.3 Candidate Load, Stress Intensity Factor, and Estimated Plastic Zone Size Obtained from CNT 

Specimens 

Designation Yield Strength (MPa) PQ (kN) Pmax (kN) KQ (MPa·m1/2) Rp (mm) 

QT34 960 67.6 86.8 68.0 0.265 

QT37 1060 71.9 90.4 72.3 0.247 

QT40 1180 77.9 94.2 78.3 0.235 

QT45 1330 88.3 95.9 88.8 0.235 

A39 960 62.6 81.5 64.4 0.241 

A40 1150 74.1 102.4 74.5 0.224 

AT40 1150 75.0 98.7 75.4 0.227 

AT44 1210 79.3 102.6 79.7 0.230 
 

 

4.3 Hydrogen Embrittlement Testing 

All hydrogen embrittlement testing was conducted using the incremental step load test in an 

environmental chamber to determine the degree of embrittlement of each condition. Select ISL tests were 

coupled with the direct current potential drop technique to probe the onset of resolvable crack initiation. 

A preliminary study on the electrochemical behavior was conducted to determine polarization behavior; 

additionally, electrode potential measurements and pH were monitored during select tests. These results 

are discussed in Appendix D. 

4.3.1 Incremental Step Load Testing 

Representative ISL load-time traces are presented in Figure 4.11(a)-(b) for the final loading 

iteration used. Only one condition exhibited failure on a consistent step for each replicate, so the curves 

plotted in Figure 4.11 were selected to be representative of the average behavior. Complete HE test data 

obtained from the ISL test are provided in Appendix E. The relationship between failure load and 

hardness (strength) is apparent for conditions of the same processing route. As hardness increases, the 

failure load of the tempered martensitic conditions decreases; the same is observed in the 

bainitic/tempered bainitic structures. Comparing the microstructures in Figure 4.11 (a)-(b), the bainitic 

conditions appear slightly more resistant than the tempered martensitic conditions of equivalent hardness. 

Unstable crack propagation occurs around 23 kN in the bainitic and tempered bainitic microstructures at 

44 HRC, while the tempered martensitic conditions fracture below 20 kN. Greater improvements in crack 

propagation load are noted for the conditions with a nominal hardness of 40 HRC; A39 and AT40 fracture 

at loads nearing 35-38 kN, respectively, while the condition QT40 fails closer to 27 kN.  
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(a) (b) 
Figure 4.11 Representative ISL plots displaying load versus test time for (a) quench and tempered 

conditions, and (b) austempered and austempered and tempered conditions. Each load-
time trace was selected to represent the average HE test behavior. 

 

In each ISL test, the stress intensity and time at crack propagation were determined for each 

condition. Figure 4.12(a)-(b) shows the stress intensity and test time where unstable crack propagation 

was observed for each condition. The data mimics the constant load (static fatigue) test by demarcating a 

crack propagation envelope. The dashed lines reflect the general trend of the data, suggesting that a 

threshold has been obtained for all conditions at the longer test times; further, decreasing the loading rate 

(increasing test time) would not further reduce the measured stress intensity for fracture. With increasing 

hardness, the threshold stress intensity is lowered, while the curvature becomes sharper towards the 

origin. That is, the hydrogen embrittlement susceptibility as shown by crack propagation occurs at lower 

K and with shorter test duration. 

The threshold load for each condition is defined as the load below which fracture or cracking is 

not observed. The notch stress/strength ratio (NSR), a common comparative measure of susceptibility to 

hydrogen embrittlement, is computed as the notch stress in hydrogen to that in air. The NSR is displayed 

as a function of hardness in Figure 4.13. Increasing hardness has the clear effect of decreasing the load 

carrying capacity of all conditions in the aqueous electrolytic environment. The QT, austempered, and AT 

conditions all exhibit power-law decay in notch stress ratio with increasing hardness. In the high hardness 

range where all three microstructures are comparable, the bainitic or tempered bainitic conditions have 

slightly less reduction in fracture strength than the equivalent hardness QT conditions. In the highest 

hardness conditions, even the bainitic/tempered bainitic conditions suffer a reduction in strength of 

approximately 80 pct, indicative of severe embrittlement. 
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(a) (b) 
Figure 4.12  Crack propagation envelope plotting applied stress intensity factor versus time to onset 

of unstable crack propagation. (a) Quench and tempered conditions, and (b) 
austempered and austempered and tempered conditions. The dashed lines shown to 
represent the data trend but do not reflect a regression fit. 

 

 

Figure 4.13 Fractional loss of strength as measured by the notch stress ratio σhydrogen/σair in 
hydrogen versus hardness for each microstructure/ processing route. The fracture stress 
in hydrogen was determined from the threshold load, Pth.  Conditions A44 and AT44 
overlap. Error bars represent the standard deviation of the mean value. 

 

The NSR is a relative measurement of the degree of embrittlement; however, it is not a metric 

that may be utilized in engineering design as it does not provide an absolute measurement of fracture 

resistance. The threshold stress intensity factor (SIF), Kth, is determined from the threshold load obtained 
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from the ISL test assuming the behavior is consistent with linear-elastic fracture mechanics criteria. The 

measured values of Kth are presented in Figure 4.14 against hardness for each condition. The trend and 

measurements of Kth are nearly consistent with the NSR ratio. At hardness values above 40 HRC, all 

conditions possess a Kth of around 20 MPa·m1/2, except AT40. AT40 exhibits the same resistance to 

fracture as QT37, but at a higher hardness of 40 HRC; similarly, for tempered martensite of the same 

hardness (QT40), the austempered conditions experience approximately 10 MPa·m1/2 improvement in 

fracture toughness. Kth values near 20 MPa·m1/2 are common in high strength martensitic steels and are 

accompanied with intergranular fracture along prior austenite grain boundaries [89]. With increasing 

hardness, all conditions converge toward a toughness of 20 MPa·m1/2. 

 

 

4.4 Direct Current Potential Drop Technique 

The DCPD coupled ISL testing offers insight into the crack growth behavior of 4340 under 

cathodic polarization. The results are explained first, by presenting a calibration curve relating the 

measured voltage changes with crack size and secondly, by examining the voltage response concurrently 

with HE testing of the various microstructures. 

4.4.1 Correlating Crack Size and Normalized Voltage Ratio 

The relationship between crack growth and a corresponding change in normalized voltage ratio 

was correlated through two experimental techniques and compared to a mathematic derivation. One 

 

Figure 4.14 Threshold stress intensity factor Kth as a function of hardness for each processing 
route. The QT conditions follow a power-law relationship (dashed-line) with hardness, 
units in MPa·m1/2

. Error bars represent the standard deviation of the mean value. 
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experimental technique was fatigue cracking a specimen in air and then measuring compliance and 

voltage ratio simultaneously. The other method required interrupting ISL tests after unstable crack growth 

was apparent and the load drop reached 3-5 pct, heat tinting the specimen, and then fracturing the 

specimen in air. In the first technique, crack growth was calculated from fatigue-compliance on a QT37 

specimen, though the particular heat-treated condition of the specimen should be irrelevant to compliance 

determination, presuming that compliance is only a function of geometry, modulus (constant), and crack 

depth ratio. The crack depth ratio, (c/b), as determined by compliance, and corresponding voltage ratio 

are displayed in Figure 4.15(a). Two sets of fatigue-compliance data are plotted: the open diamond 

symbols represent the original values, and the shaded symbols are adjusted values. The c/b ratio 

corresponding with no change in voltage ratio is predetermined by the original specimen geometry, which 

is fixed at 0.37; however, the initial compliance measurements have a value of roughly 0.46 at zero 

change in normalized voltage ratio. These errors may be offset by translating the values by a scalar 

quantity to the intended c/b at zero crack length, as is done in Figure 4.15(a). Offsetting each value by this 

fixed amount results in a crack length-NVR response consistent with that predicted by the geometric 

model proposed in Chapter 3. The discrepancy in c/b at ΔNVR=0 may be attributed to 1) the elastic 

modulus (assumed as 205 GPa) used in Equation (3.11), or 2) the crack opening displacement being 

measured by an extensometer that is placed at the notch mouth, rather than the crack mouth. The range of 

crack lengths corresponding to the magnitude of ΔNVR observed during testing is enlarged in 

Figure 4.15(b). Figure 4.15(b) shows the crack length, measured in microns, determined from the 

geometric model along with the corresponding increase in NVR; c/b has been translated to crack size, a, 

assuming that concentric crack growth occurs during hydrogen induced cracking. 

The c/b ratio values from the interrupted and heat tinted ISL specimens are also plotted with the 

corresponding increase in NVR in Figure 4.15(a). The experimentally determined values are scattered 

around the fatigue-compliance results and geometric model. The crack initiation point, crack shape, and 

growth direction with respect to the notch probe position affect the voltage measurements, as was shown 

in finite element modelling by Campagnolo et al. [90]. Figure 4.16 shows an interrupted ISL test 

specimen (QT37) which was heat tinted, fatigued, and fractured in air; the hydrogen induced crack is 

demarcated by the dark oxide scale propagating inward from the notch root. As illustrated in Figure 4.16, 

eccentric cracking was observed in nearly all cases after hydrogen embrittlement testing; however, the 

fatigue-compliance specimen exhibited fairly concentric crack growth, which explains the consistency 

with the geometric model (which presumes concentric crack growth) after adjustment. In the specimens 

tested in hydrogen, where eccentric crack growth was observed, the crack most likely initiated at the 

notch root, corresponding to the location of the deepest crack front in post-mortem examination of the 

fracture surface. Based on the crack shape, crack growth in the circumferential direction must progress 

faster than growth in the radial direction (towards center). As the crack develops, the crack first takes on a 
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crescent shape and finally the crack becomes “keyhole” shaped. The crack shape is either a function of 

the stress state ahead of the crack, the hydrogen concentration, or both. In materials where concentric 

crack growth is observed, one could reasonably identify a crack of 50 μm or less using the change in 

NVR; however, for the conditions used in this study, the resolvable crack size is dependent on the angular 

position of the crack initiation point relative to the DCPD probe locations. The sensitivity to probe 

position and crack shape reflects limitations of the DCPD technique applied to CNT specimens, where 

crack initiation may occur at any point around the notch root. Other geometries e.g. C(T) or notched 

bending specimens, result in crack growth in predictable directions. 

 

  

(a) (b) 
Figure 4.15 (a) Interrupted ISL tests and fatigue compliance correlation between normalized 

voltage ratio, obtained from the DCPD technique, versus crack depth ratio (c/b), and 
(b) normalized voltage ration and crack length in the “small crack” region of interest in 
identifying crack initiation. 

 

4.4.1 Concurrent DCPD Coupled ISL Testing 

The DCPD technique was coupled with the ISL test for two specimens of each condition. 

Examples of the NVR signal overlaid with the ISL test are given in Figure 4.17. The NVR values shown 

in the figure are the running average of 30 data points, corresponding to 5 min of testing, which reduces 

the noise without loss of fidelity. Figure 4.17(a) displays the final 24 h of testing of condition QT34, the 

most hydrogen resistant material, i.e. highest Kth, in this investigation. The NVR values between 48-52 h 

were constant, within normally observed fluctuations; however, around hour 53 the signal increased with 

each step in the ISL sequence. The increase in NVR is indicative of crack initiation and growth. Crack 
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initiation occurs on loading to the 53 kN step, and continues throughout the hold; crack growth is 

evidenced by the continuously increasing voltage ratio during the hold (hours 54-58). The signal again 

increases step-wise on the next two steps suggesting crack extension on loading to both 56 and 58.5 kN; 

however, the voltage ratio remains constant during the 56 kN hold, while it increases appreciably during 

the 58.5 kN hold. During the 56 kN hold (hours 58-62), the stable NVR signal suggests there is either 

insufficient stress to further drive crack growth or there is insufficient hydrogen available at the newly 

advanced crack tip. The crack again advances on loading to the next step, and the load step size is 

sufficiently large that crack growth continues for the duration of the hold. Near the conclusion of the 

58.5 kN hold, the slope of the voltage ratio increases rapidly. This rapid increase suggests that critical 

stress intensity for unstable crack propagation has been reached. The subsequent load step occurs soon 

thereafter, making it impossible to know conclusively if the crack would have arrested or propagated in 

an unstable manner. On loading to the 61 kN step, the NVR slope approaches infinity, and the sample 

cracks in an unstable manner to failure. 

 

 

Unlike condition QT34 shown in Figure 4.17(a), the vast majority of the DCPD coupled ISL tests 

exhibited behavior similar to Figure 4.17(b) for condition QT45. The NVR was constant in QT45 with 

minor fluctuations (attributable to temperature effects) until loading to the 18.5 kN step, which resulted in 

rapid, unstable fracture. Failure in this manner is referred to as one-step failure, to contrast it with Figure 

4.17(a), where crack initiation and growth appears over the course of multiple steps. There is no evidence 

of crack initiation prior to unstable propagation in the QT45 specimen data presented in Figure 4.17(b), 

which suggests if crack initiation occurred in earlier steps, the length was below the resolution of the 

technique or occurred at a location where the probes failed to resolve it. The duplicate QT45 condition 

 

Figure 4.16 Example of eccentric crack growth observed in specimens tested in hydrogen. 
Interrupted ISL test of condition QT37; specimen heat tinted (dark region) to 
demarcate hydrogen crack, and fatigued and overloaded in air (light region). 
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showed an increase in NVR early on in the test, suggesting crack initiation. In subsequent steps, the signal 

remained constant until rapid crack propagation to failure after 64 h of testing; the step at failure was one 

step greater than the failure step in Figure 4.17(b). One-step failure was noted in all other conditions 

(QT37, QT40, QT45, A39, A44, AT40, AT44) in which DCPD was used to identify the onset of crack 

initiation, suggesting no crack growth resistance in these conditions. 

 

  

(a) (b) 
Figure 4.17  DCPD coupled ISL tests plotting load and NVR versus time with (a) crack initiation 

and growth in condition QT34, and (b) “one-step” unstable crack growth in condition 
QT45. The normalized voltage ratio shown is a running average of 30 data points, 
which reduces noise without sacrificing fidelity. 

 

The intention of coupling the DCPD technique with the ISL test was to investigate differences in 

stress intensity required to initiate and propagate cracks under the environmental conditions imposed. 

Only the highest toughness condition, QT34, exhibited an observable difference in crack initiation and 

propagation values. The crack size correlated with the voltage response noted in Figure 4.17(a) is only 

around 125 μm based on the calibration presented in Figure 4.15(b); the “small-crack” region of the 

geometric model is plotted in Figure 4.15(b) relating crack size to the smallest discernable voltage change 

associated with crack growth. The change in stress intensity between crack initiation and propagation is 

around 3 pct for a crack of this size, so no differentiation between the stress intensity for crack initiation 

and unstable crack growth has been made for this one condition. The crack size determined in the “small 

crack region” of Figure 4.15(b) assumes concentric cracking, which was not observed during HE testing. 

As crack propagation is eccentric with respect to the tensile axis, the stress intensity factor is 

underestimated as the bending moment results in more severe conditions. Thus far, no approach has been 
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identified to calculate the length of an eccentric crack and modify the stress intensity formulation to 

account for both axial and bending stress. 

4.5 Fractographic Observations 

SEM fractography was conducted on fractured CNT specimens from each condition tested in air or in the 

cathodic charging environments. Representative fractographs are provided in Figure 4.18 and Figure 4.19 

for conditions tested in air and hydrogen, respectively. 

4.5.1 Fractography of Specimens Tested in Air 

The tempered martensitic conditions ruptured exclusively by microvoid coalescence (MVC) at 

the lower strength levels during tests performed in the laboratory air environment Figure 4.18(a)); 

however, the fracture morphology becomes mixed-mode as strength increases. The center portion of 

QT45 exhibits a mixture of MVC and flat fracture regions associated with both cleavage “river markings” 

and intergranular fracture, as observed in Figure 4.18(b). Both austempered conditions exhibit well-

defined cleavage or quasi-cleavage fracture (Figure 4.18(c)-(d)), with void sheets linking adjacent 

cleavage facets. Debonding around inclusions is present in both conditions but qualitatively appears 

present in greater quantity in the higher strength (A44) condition Figure 4.18(d)). The higher strength 

austempered conditions additionally exhibit limited intergranular type fracture (flat and faceted), but lack 

the common rock-candy fracture appearance of grain boundary separation. The sporadic appearance of 

flat fracture features is likely a result of multiple cleavage cracks impinging on a grain boundary, which 

links the cleavage facets upon separation. The two AT conditions exhibit similar fracture morphologies, 

independent of hardness, where cleavage/quasi-cleavage is the prevailing fracture morphology with void 

sheets linking facets on different planes. In all conditions fractured in air, evidence of a shear lip (as 

observed in Figure B.5 and Figure B.6 of Appendix B) intersecting the notch root suggests sub-surface 

crack initiation due to the hydrostatic stress ahead of the notch rather than fracture initiating at the notch 

root and propagating inward.  
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Figure 4.18  SEM fractography of CNT specimens tested in air, representing (a)-(b) the low and high 
hardness QT conditions, (b)-(c) austempered conditions (A39) and (A44), and (e)-(f) AT 
conditions (AT40) and (AT44), respectively. Images obtained from the mid-radius.  
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(a) (b) 

  

(c) (d) 

  

(e) (f) 
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4.5.2 Fractographs of Specimens Tested in Hydrogen 

Fracture surfaces from samples tested in hydrogen were examined adjacent to the notch root in a 

region clearly defined by hydrogen induced cracking. Fracture images are presented in Figure 4.19(a)-(f), 

showing low and high hardness QT conditions (QT34, QT45), bainitic (A39, A44) and tempered bainitic 

conditions (AT40, AT44). The lower strength QT conditions exhibit characteristic transgranular type 

cracking in the hydrogen-affected region (Figure 4.19(a)). Transgranular fracture gives way to MVC 

(which is the fracture morphology in air), towards the specimen center, demarcating the extent of the 

region affected by hydrogen. The transgranular morphology consists of a series of fine ledges, which are 

on the order of the martensitic lath size. The transgranular fracture morphology is exemplified in 

condition QT34, shown in Figure 4.20 at higher magnification. Given that many areas consist of fine 

parallel facets, the crack paths appear to tear through the martensite laths in a tortured fashion. Separation 

between inclusions and the matrix is also observed, as are shallow dimples, indicating the involvement of 

plastic strain in the fracture process. As strength increases, intergranular (IG) fracture becomes the 

predominant fracture morphology with limited portions of transgranular type fracture primarily 

connecting grain boundary facets (Figure 4.19(b)). Secondary intergranular cracking along PAG 

boundaries increases as well. An example of secondary intergranular cracking along grain boundary 

inclusions (white arrows) is shown in Figure 4.21. Secondary cracking with inclusions on the PAG 

boundaries is noted in all high strength conditions exhibiting regions of intergranular fracture. Whether 

these inclusions are central to the fracture process, i.e. nucleate the crack, or simply are captured in the 

crack path as fracture progresses, is yet to be understood. Additionally visible in Figure 4.21 are voids 

(black arrows), possibly created by the (former) presence of grain boundary carbides and fine tear ridges 

on the IG facets. 

The lowest strength bainitic structure (A39), shown in Figure 4.19(c), exhibits transgranular 

cleavage fracture extending from the notch root towards specimen center, which transitions to 

characteristic quasi-cleavage, similar to the fracture morphology observed in air. Limited intergranular 

fracture and secondary cracking is also observed in the hydrogen-affected region. The higher strength 

austempered condition (A44), shown in Figure 4.19(d), also exhibits distinct intergranular fracture, and 

well-defined transgranular cleavage towards the specimen center in a region unaffected by the presence of 

hydrogen. In A44, the fine transgranular ledges extend an appreciable distance from the notch root in a 

very discontinuous fashion, primarily linking IG facets. Fracture surfaces of the AT conditions reveal 

similar topographic features as condition A44. In Figure 4.19(e), the transgranular fracture morphology in 

condition AT40 extends an appreciable distance into the specimen, albeit in a somewhat discontinuous 

fashion. Intergranular fracture and secondary cracking are observed in areas; however, the transgranular 

morphology represents a significant portion of the fracture surface. The fracture morphology of AT44 is 

principally IG in nature as shown in Figure 4.19(f), though fine transgranular tearing connects IG facets. 
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The general trend maintained by all conditions is a transition from transgranular fracture with fine 

microstructural sized fracture facets at high-applied K to intergranular fracture at low-applied K, as 

hardness/strength increases. The dominance of intergranular fracture along prior austenite grains at high 

hardness/strengths appears independent of microstructure. The measured stress intensity is similar to that 

found in the literature (~ 15-20 MPa√m) for high strength steels fractured in hydrogen, which represents 

a lower plateau; one possible interpretation is that the grain boundary cohesive strength becomes the 

limiting factor.  



73 
 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Figure 4.19  SEM fractography of CNT specimens tested in hydrogen, representing (a)-(b) the low 
and high hardness QT conditions: (QT34) and (QT45), (c)-(d) austempered conditions: 
(A39) and (A44), and (e)-(f) AT conditions: (AT40) and (AT44). Images obtained 
adjacent to the notch root in the hydrogen affected region.  
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(a) (b) 

  

(c) (d) 

  

(e) (f) 
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Figure 4.20 SEM fractograph of QT34 fractured in hydrogen exemplifying transgranular fracture 
morphology observed in most tests. The morphology is predominant in lower strength 
conditions in the hydrogen-affected region and sparsely present at higher strength 
where intergranular fracture is the dominant morphology. Image obtained near the 
notch root. 

 

 

Figure 4.21  SEM fractography of CNT specimen from the QT45 condition fractured in hydrogen 
showing intergranular fracture and secondary cracking. Note inclusions present along 
the secondary PAG crack path (white arrows) and voids visible on the IG facets 
(arrows-black outline). 
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CHAPTER 5 : DISCUSSION 

5.1 Effect of Microstructure and Strength Measurements on Hydrogen Embrittlement 

The measured threshold stress intensity factor, as a function of hardness, was presented in 

Figure 4.14 while discussing experimental results. The measured Kth decreases in a rather linear fashion 

with hardness for all microstructures, and differences in microstructure were discussed at specific 

hardness values. However, as additionally noted in Chapter 4, for a given hardness, the tensile mechanical 

properties (particularly yield strength and ductility) varied with microstructure. The HE resistance may be 

further interpreted as a function of these mechanical properties. Figure 5.1 displays Kth against various 

measures of yielding, flow stress, and hardness, for each of the microstructures/processing routes. 

Figure 5.1(a) displays the toughness in hydrogen as a function of the microyield stress determined 

from the Kocks-Mecking construction discussed in Chapter 4. The degree of embrittlement increases with 

measured microyield stress in both the QT conditions and austempered conditions, although the bainitic 

conditions are offset to lower stresses. In contrast, the two AT conditions exhibit the same microyield 

stress (~950 MPa) but a difference in Kth by a factor of two is observed. Between conditions with similar 

hardness, the differences in microyield stress can be attributed to dislocation pinning by carbon in Cottrell 

atmospheres. The high microyield stress of the QT conditions is presumably due to solute C diffusing to 

dislocation cores on tempering, which results in the yield point behavior observed in the uniaxial tensile 

deformation. Conversely, the initial dislocation structure of the austempered conditions is not as strongly 

pinned by solute atmospheres, resulting in round-house yield behavior in tension and the low microyield 

stress measured from the Kocks-Mecking plots. The austempered and tempered conditions fall in between 

the other two conditions with respect to the microyield stress, with some degree of dislocation pinning 

from tempering. In general for these conditions, there does not appear to be a relationship between the 

stress at which dislocation motion initiates and the measured resistance to hydrogen; there is a wide range 

of microyield stress resulting in similar Kth, e.g. at approximately 37 MPa∙m1/2 or 20 MPa∙m1/2. 

The measured HE resistance is presented as a function of 0.2 pct offset yield stress in 

Figure 5.1(b). The hydrogen embrittlement resistance of all microstructures appears more consistent with 

respect to strength; in fact, increasing flow stress results in more uniform HE resistance and lessens the 

apparent microstructural effect, shown in Figure 5.1(a)-(d). In contrast to the trend in Kth as a function of 

hardness discussed in Chapter 4, and reprinted in Figure 5.1(d), the performance of the bainitic conditions 

appears markedly worse for a given 0.2 offset yield strength (Figure 5.1(b)). Condition A39, for instance, 

has the lowest measured yield strength of all conditions studied, and exhibits a reduction in toughness of 

nearly 50 pct relative to the closest strength QT condition (QT34). The higher strength bainitic condition 

(A44) does not suffer the same loss of toughness, compared to a martensitic condition of similar strength 

(QT40). The inherent lack of toughness in the A39 condition, despite its low yield strength, may be 
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attributed to the presence of untempered martensite, as discussed in Chapter 4. Additionally, the test 

temperature (ambient) is likely below the ductile-brittle transition temperature (DBTT) for this 

austempered condition, as shown by the propensity for low energy fracture in air. The higher strength 

bainitic conditions (A44) should contain a smaller volume fraction of untempered martensite, as well as 

exhibit a lower DBTT, both consequences of the reduced transformation temperature. Tomita and 

Okabayashi [91] demonstrated that the DBTT of a low alloy 0.4 C wt pct lower bainite steel decreased 

with lath packet size refinement (which may be achieved by reducing austempering temperature) and 

additionally noted the DBTT was above ambient temperature for an upper bainite condition transformed 

at 400 °C, a temperature only slightly higher than used to achieve condition A39. Despite the A44 

condition possessing far greater toughness in air as a result of the decreased DBTT, the high yield 

strength of the A44 condition is presumably the cause of its low toughness in hydrogen. The possible 

presence of a small fraction of untempered martensite appears inconsequential, as the Kth of A44 is 

consistent with a QT condition of similar yield strength. 

The HE resistance of the tempered bainitic microstructures trends with the tempering 

temperature, and thus strength level. Condition AT44 was transformed at a slightly lower temperature 

than the A44 condition, and subsequently tempered. The lower (isothermal) transformation temperature 

and addition of the tempering step increases the 0.2% offset yield strength by 60 MPa, while retaining 

equivalent toughness in hydrogen, shown in Figure 5.1(b). The additional tempering step tempered any 

martensite that may be formed on austempering near the Ms temperature, minimizing the adverse effects 

encountered in the untempered condition. Increasing the degree of tempering further results in increased 

toughness (both in air and hydrogen), while sacrificing only limited strength. AT40 possesses the same 

yield strength as A44 (1150 MPa), though the toughness in hydrogen is higher (36 MPa∙m1/2 versus 23 

MPa∙m1/2). Compared to condition QT37, which possesses similar toughness in hydrogen, condition 

AT40 has a 100 MPa greater yield strength. 

When flow stresses taken at larger strains are considered, variations in microstructure become 

less significant and factors controlling HE susceptibility appear related to the level of strain. At 1 pct flow 

stress, shown in Figure 5.1(c), the relationship between Kth and flow strength results in a nearly 

equivalent trend as obtained from bulk hardness measurements as shown in Figure 5.1(d). The difference 

in the level of plastic deformation between the 1 pct flow and HRC values (approximately 7.5 pct plastic 

strain [92]) is quite significant; however, the behavior in hydrogen is fairly constant between the two 

measures of flow stress for each microstructural condition (Figure 5.1(c) -Figure 5.1(d)). The one 

condition that shows improvement in HE susceptibility across all measures of flow stress is the more 

highly tempered bainitic microstructure (AT40). 
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(a) (b) 

  

(c) (d) 
Figure 5.1 Hydrogen embrittlement resistance measured as Kth, as a function of various measures 

of a) microyield stress, b) 0.2% offset yield stress, c) 1 pct flow stress, and d) hardness, 
HRC. Error bars represent standard deviation of the mean. 

 

Given that plastic deformation appears central to the embrittlement process based on recent 

literature [17, 28, 93], the notch strain and stress were estimated using the equivalent strain energy density 

(ESED) approach. The strain energy density (area under the stress-strain curve) of an elastic-plastic 

material is equated with that of a purely linear-elastic material. The small, plastically deforming region at 

the notch is governed by elastic material behavior surrounding the plastic zone, making the equality 

possible [94]. The strain energy density of the purely elastic case is derived from the nominal fracture 
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stress in hydrogen and stress concentration factor, which is equated to the elastic-plastic case by 

integrating the stress-strain behavior using the following relationship [94]: 

 
(𝑆 ∙ 𝐾b)H2𝐸 = [ 𝜎�^ 𝑑𝜀 (5.1) 

where S is the nominal stress at fracture, kt is the elastic stress concentration factor, and E is the elastic 

modulus. By numerically integrating the uniaxial stress-strain behavior of each condition, the true notch 

root stress, σn, and strain, εn, are found such that the equality in Equation (5.1) is satisfied.  

The threshold stress intensity as a function of the notch root strain, εn, at failure is displayed in 

Figure 5.2(a). The threshold stress intensity has a square root dependence on the measured notch root 

strain of the form 𝐾bd = 𝐴�𝜀`, where the prefactor (A) equals approximately 150 MPa∙m1/2 in Figure 5.2. 

The relationship between Kth and εn is independent of microstructure or strength level, and increasing 

strength results in decreased notch root strain at failure. The agreement with the square-root dependence 

shown in Figure 5.2(a) is rather remarkable given the analysis evaluated multiple microstructures of 

varying strength, yielding and work-hardening behavior, and which also exhibited disparate fracture 

morphologies in hydrogen (transgranular, QC, and IG).  

Nibur et al. give the relationship between Kth for strain-controlled crack initiation and the 

hydrogen affected notch strain at fracture as [95]: 

 𝐾bd ≅ 6𝜎^�𝑙∗ 𝜀n�𝜀^  (5.2) 

where 𝜎^ is the yield strength, 𝜀^ is the yield strain (𝜎^ 𝐸⁄ ), and 𝑙∗ is a characteristic distance (associated 

with the microstructural size scale of damage). Strictly speaking, Equation (5.2) is derived for an elastic-

perfectly plastic material; however, the relationship is consistent with the square-root dependence of 

notch strain on Kth observed in Figure 5.2. Nibur et al. show that for strain-controlled crack initiation, Kth 

increases as the ratio of the fracture strain in hydrogen to the yield strain, i.e. 𝜀n� 𝜀^⁄ , increases; 

additionally, the ratio 𝜀n� 𝜀^⁄  is expected to decrease with yield strength [95]. Figure 5.3 displays both Kth 

and 𝜀n� 𝜀^⁄  as a function of yield strength, showing the correlation between fracture strain and Kth. The 

ratio of notch strain at fracture to yield strain does in fact decrease with yield strength in this 

investigation, and it is shown in Figure 5.3 that the measured Kth increases with 𝜀n� 𝜀^⁄ . Rearranging 

Equation (5.2) and solving for 𝑙∗ gives a first approximation of the characteristic distance. This value is 

between 12-53 μm, or one to four and a half times the austenite grain size, which scales similarly to the 

plastic zone size. The plastic zone size associated with intergranular fracture (in hydrogen) is on the order 

of one to two prior austenite grains, while the plastic zone associated with transgranular fracture is tens of 

austenite grains, as estimated from Equation (4.1) substituting Kth for KQ. Thus, the values of 𝑙∗ are 

consistent with the size of the regions where damage is expected to develop. 
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(a) (b) 
Figure 5.2  Results from ESED analysis plotting a) Kth versus notch root strain, and b) notch root 

stress at fracture versus yield strength. The HE susceptibility follows a square-root 
dependence with notch strain. Error bars represent standard deviation of the mean. 

 

The notch root stress at fracture was calculated from ESED and ranges between 1225-1420 MPa 

for all conditions, despite a range of yield strengths of nearly 400 MPa and range in Kth of nearly 

43 MPa∙m1/2. The notch root stress is shown in Figure 5.2(b) as a function of yield strength. The average 

notch root fracture stress from ESED analysis is approximately 1330 MPa, with a standard deviation of 

70 MPa. Considering that all conditions fail with a similar notch stress, this analysis may support the 

theory that a critical stress (given sufficient hydrogen concentration) is required for failure. 

Wang et al. [35] showed that diffusible hydrogen concentration and peak stress ahead of a notch at 

fracture uniquely define a failure locus which is independent of notch root radius, as demonstrated in 

Figure 2.9 in Chapter 2 for a high strength steel. Lufrano and Sofronis showed that in high strength steels 

(1200 MPa yield strength), the hydrogen distribution was governed by the hydrostatic stress distribution 

due to lattice dilatation, using a transient diffusion coupled elastic-plastic finite element model [96]. 

Conversely, in low strength materials experiencing extensive plastic strain at the notch, the hydrogen 

distribution is governed by hydrogen trapping by dislocations in the plastically deforming material. If 

there exists some critical stress and hydrogen concentration required for fracture, lower strength 

conditions will require greater notch root strain to reach the combined critical stress level and hydrogen 

concentration; in contrast, high strength conditions will require little plastic strain since the high 

hydrostatic static stress state provides both the stress for fracture and stress-assisted diffusible hydrogen 

concentration [96]. Figure 5.2(a) shows that lower strength conditions achieve higher notch root strains 
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proceeding fracture than higher strength conditions, consistent with the premise that some critical level of 

stress and diffusible hydrogen concentration is required for fracture. 

The improved HE resistance of AT40 at 1150 MPa yield strength appears related to the greater 

notch root strain the specimen can undergo prior to fracture. Conditions AT40 and A44 yield at nearly 

equivalent stresses; however, the calculated notch root strain of AT40 is two times that of condition A44. 

A similar increase of nearly two-times the notch strain is noted between AT40 and QT40, which exhibits 

a slightly greater yield strength. Figure 5.3 displays the relationship between Kth, the strain ratio (𝜀n� 𝜀^⁄ ), 

and yield strength for all conditions. The one condition with an improved 𝜀n� 𝜀^⁄  ratio at a given yield 

strength is AT40, again suggesting that the improvement in Kth is derived from the improved notch strain 

at failure in hydrogen. Variations in chemistry, austenite grain size, retained austenite fraction, and 

inclusion population are constant in this investigation and can be ruled out as factors affecting the notch 

strain of the AT40 condition. The low degree of work hardening of AT40 may improve the fracture strain 

in hydrogen, in concert with other factors. Work hardening in the plastically deforming material adjacent 

to the notch root may adversely affect the hydrogen susceptibility by raising the notch stress. Figure 5.4 

plots the degree of strain hardening, ∆𝜎, as a function of plastic strain in uniaxial tension; the degree of 

strain hardening is given as the stress at a given plastic strain minus the yield stress (∆𝜎 = 𝜎� − 𝜎��). The 

degree of strain hardening generally scales with material strength in the QT microstructures, i.e. QT34 has 

the lowest degree of work hardening and QT45 the highest. The greatest magnitudes of strain hardening, 

for a given plastic strain, are found in the bainitic (A39, A44) and lower temperature tempered-bainitic 

(AT44) conditions, which tend to exhibit decreased hydrogen embrittlement resistance (at equal strength). 

However, while AT40 has the lowest amount of strain hardening of the bainitic microstructures (both 

tempered and untempered), it is quite similar to that of the QT40 condition, so the improvement in notch 

strain (and Kth) over QT40 is not rationalized by considering the degree of work hardening alone. 

The higher HE resistance of AT40 may be related to microstructural contributions, presumably 

the result of multiple, interrelated factors. The initial dislocation density of AT40 was shown previously 

to be higher than the martensitic microstructure of equivalent strength, suggesting the high initial 

dislocation density is not necessarily the controlling factor for HE resistance. The lath size of the QT 

conditions is expected to be refined relative to the AT/austempered conditions, although quantitative 

measurements were not obtained in this study. The lath boundaries (low-angle grain boundaries) in all 

microstructures are reversible trap sites [53], and lath refinement results in increased interfacial trap area. 

Reduced isothermal transformation temperatures in bainite refine the bainite lath size and increase the 

carbides per unit area, while tempering appears to coarsen cementite at higher temperatures in bainitic 

microstructures [57]. The distribution and fraction of cementite were not evaluated quantitatively; 

however, the relative fraction and location of carbides (cementite) likely affects the strain to fracture by 

either impeding dislocation motion and/or serving as crack nucleation sites. Coarsening of cementite 
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through tempering may have two important effects in terms of hydrogen embrittlement susceptibility. 

Coarsening will reduce (reversible) interfacial trapping of hydrogen (Figure 2.13 in Chapter 2) and may 

decrease the stress concentration at the particle-matrix interface, lessening the risk of crack nucleation. 

The improved strain to fracture in AT40 is most likely a combined result of trap behavior and hydrogen 

distribution, microstructure, and mechanical behavior. 

Independent of microstructure, all conditions with strengths near 45 HRC (and above 40HRC in 

QT40) fail via intergranular fracture along prior austenite grain boundaries with a toughness of 

approximately 20 MPa∙m1/2. These data, combined with the reviewed literature, suggest that little 

difference exists in HE resistance of bainitic and martensitic microstructures at high strength. Because of 

the vulnerability of prior austenite grain boundaries to HE, it might be worthwhile to investigate high 

strength steel microstructures that result from reconstructive transformations from austenite. Clearly, 

intergranular fracture of the prior austenite grains cannot occur if they are not present; for example, 

improved delayed fracture behavior of hydrogen-precharged drawn pearlitic steels was shown by Kim 

and coworkers relative to martensite, at strengths as high as 1600 MPa [97]. 

 

 

Figure 5.3  Relationship between Kth, yield strength, and ratio of notch strain in hydrogen to the 

yield strain (𝜀n� 𝜀^⁄ ) for all conditions. Kth scales with strain ratio, both of which 

decrease with increased yield strength. Error bars omitted for clarity. 
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5.2 Application of the ISL/DCPD Test Method in Assessing Hydrogen Embrittlement 

This section discusses the applicability of the ISL test in determining the threshold stress intensity 

factor for hydrogen embrittlement of 4340. The measured Kth is compared to threshold crack initiation 

values found in the literature obtained from a variety of experimental conditions. The use of the DCPD 

technique in resolving crack growth is discussed in relation to the method described in the ASTM 

standard governing ISL testing. 

5.2.1 Kth as Determined from ISL Test Relative to Values Reported in Literature 

The threshold stress intensity factor is shown as a function of 0.2 pct yield strength in Figure 5.5 

alongside values obtained from the literature using fracture mechanics test specimens. The results from 

Ritchie et al. [98] were obtained using tempered martensitic 4340 in 3.5 pct NaCl. C(T) specimens were 

fatigue pre-cracked and held under constant load, with crack growth measured (da/dt vs K), and the Kth 

plotted is the stress intensity where no resolvable crack growth occurred in 100 h. 

Bandyopadhyayet al. [99] utilized pre-cracked wedge-opening-load specimen, with a bolt and tup (load 

cell) arrangement. The Kth displayed is the stress intensity at where crack arrest occurs after charging in 

0.11 MPa H2 gas. This investigation assessed the effects of alloy chemistry (particularly P, S, Mn, and Si) 

on hydrogen embrittlement, although the material shown was the commercially melted 4340, rather than 

the modified laboratory chemistries. Fatigue-precracked C(T) specimens of 4340 were utilized by 

Gerberich et al. [38] after precharging to 2.6 ppm H. The threshold intensities below which resolvable 

 

Figure 5.4  Degree of work hardening (Δσ) as a function of true plastic strain for each condition in 
uniaxial tension. Δσ is the stress magnification at a given plastic strain minus the yield 

strength e.g. 𝜎� − 𝜎�� aligning all conditions at a common origin. 
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crack growth occurred are plotted. Additionally shown in Figure 5.5, are the upper and low bounds of Kth 

versus yield stress reported for martensitic low alloy steel subject to free corrosion (-625 mVSCE ) in 3.5 

NaCl by Gangloff [100] (dashed lines). 

The Kth values for the tempered martensitic conditions in this study align reasonably well with 

those reported in literature using fracture mechanics specimens and a range of experimental conditions. 

The values reported in this work are on the low side of those reported from other studies; however, the Kth 

obtained from ISL testing is defined as one load step below the macroscopically observed onset of 

unstable crack growth as determined from the load drop during ISL testing. The error in determining Kth 

is less than 5 pct of the reported value (Kth), and thus the Kth reported may be up to 5 pct lower than the 

actual value. Therefore, it is reasonable to expect that the Kth identified using the ISL test may be slightly 

lower than those reported elsewhere using fracture mechanics specimens. Of additional importance, is 

that it has been shown that increasing both hydrogen gas pressure [99, 100] and current density in 

electrochemical charging [101] increases the deleterious effects of hydrogen. Therefore, the Kth value 

measured in this investigation are reasonably expected to be reduced relative to values obtained from 

investigations with low input hydrogen fugacity, e.g. low gas pressure or freely corroding in aqueous 

environments. 

 

Figure 5.5  Kth versus 0.2 pct yield strength for the Q & T conditions from this investigation 
plotted against those found in literature for a variety of test conditions [38, 98–100]. 

 

Two regimes are observed in Figure 5.5, where Kth is highly sensitive to yield strength in the 

lower strength range (1000-1300MPa), and then levels off at strengths greater than approximately 1300-

1400 MPa. The lower bound of the measured Kth values are frequently less than 20 MPa∙m1/2. The high 
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strength QT condition in this study exhibited this lower limit at a strength of 1350 MPa, while the data 

reported by Bandyopadhyay et al. exhibit no difference in Kth at strengths over 1800 MPa. The hydrogen 

embrittlement behavior (Kth) is most sensitive at lower strengths with the transition between the two 

regimes affected by the hydrogen fugacity; the transition occurs at lower yield strengths with increasing 

hydrogen input [100]. The values of Kth found in this investigation are consistent with those found in 

literature, indicating that the ISL test and the CNT specimen geometry are successful in determining the 

toughness in hydrogen. Given that the input hydrogen concentration has an appreciable effect on the 

transition of the Kth vs yield strength curve, results obtained at the low strength levels are most susceptible 

to experimental variation. Beyond a certain strength, severe intergranular embrittlement is observed and 

the environmental effects are insignificant. 

5.2.2 Crack Initiation in ISL Test by Coupling with DCPD Technique 

ASTM F1624 [84] provides a means of assessing time-dependent environmental embrittlement 

through the step-load technique. The application of this standard identifies crack initiation from the 

load-time trace; evidence of crack formation is associated with a load-drop (concave down) occurring 

during a hold-step at fixed displacement. Coupling the ISL test with the DCPD technique has provided a 

means to verify of the onset of resolvable crack initiation in high strength steels. As shown in the Chapter 

4 and discussed further here, the DCPD method indicates that crack initiation and unstable crack 

propagation occur in the same load step in most of the conditions tested, which is detected by the load 

drop. However, crack initiation and stable crack growth are not detected by the load drop for the lowest 

strength, highest toughness condition (QT34), where the load drop only detects the onset of unstable 

crack growth. 

Figure 5.6(a) displays a noteworthy observation from DCPD testing, which is the onset of 

unstable crack propagation occurring mid-hold in an AT40 specimen. Figure 5.6(b) shows the load-time, 

and NVR-time traces for a QT40 specimen immediately following the stress increase at the ISL step 

where fracture occurs. In the majority of tests, crack initiation occurred either immediately upon loading, 

or a short time into the hold (less than 30 min), as in Figure 5.6(b). In Figure 5.6(a), at a load of 32 kN 

and around 40.5 h of testing, rapid crack initiation and propagation commenced abruptly. Crack initiation 

and subsequent propagation coincided with a discernable load drop in the ISL load record (concave 

down), which occurred for the remainder of the step, at which time the specimen was loaded to 34 kN and 

crack propagation continued until rupture occurred. The NVR-time plot shows clearly that the crack 

initiation (as measured by NVR) coincides with the inflection point in the load signal. In contrast, it was 

shown in Figure 4.17 that crack initiation and growth occurred in QT34, evidenced by an increase in 

NVR over multiple steps, although no indication of such behavior was recorded in the load signal. In part, 

crack growth occurred during loading steps, which would not be manifested in the load record since the 

program is designed to run to fixed load (even if crack growth is simultaneously reducing the specimen 
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compliance); however, crack growth was noted in the NVR signal during subsequent holds as well, which 

was not resolved in the load signal. The load drop signal in the ISL test is therefore capable of resolving 

the load (or stress intensity) for unstable crack propagation in both low and high toughness steels; 

however, it is incapable of resolving crack initiation in materials which exhibit crack growth resistance, 

e.g. the lower strength, higher toughness QT34 condition. 

 

  

(a) (b) 
Figure 5.6  DCPD coupled ISL test data showing load and normalized voltage ratio as a function 

of time for a) condition AT40 and b) QT40. The NVR is plotted as a running average 
of 30 values (5 minutes of testing), to reduce noise. 

 

Eccentric crack growth was observed in all materials tested in hydrogen, despite test fixturing to 

eliminate bending stresses. The resolution of the DPCD technique was dependent on the probe location 

relative to the crack front. Given the probe position/ crack location dependence, accurate and repeatable 

identification of the crack initiation point is problematic given the current materials. Crack initiation loads 

should be more easily identified using materials that exhibit more concentric crack growth, i.e. tougher 

materials. The variability of probe position may be overcome by testing of multiple specimens of each 

condition, which will provide an average measure of crack initiation behavior. In this investigation, only 

two replicates of each condition were tested, so the results are subject to experimental error and would 

benefit from additional testing. 

5.2.3 Use of the Notch Strength Ratio to Assess Hydrogen Embrittlement 

The effect of specimen geometry on the notch strength of specimens tested in hydrogen is well 

documented [35, 102, 103]. For example, Walter and Chandler showed that the degree of embrittlement 

increases with elastic stress concentration factor up to a maximum around kt= 6.0-7.5 for low alloy steel 
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tested in 69 MPa hydrogen gas [103]. The effect of stress concentration on the degree of embrittlement is 

rather unsurprising, yet the notch strength ratio remains a common HE metric despite its geometric 

dependence. Notch strength values from the literature using the ISL technique are reproduced in Figure 

5.7, along with results from this investigation. All conditions shown are medium carbon steels with 

tempered martensite microstructures. The testing methodology of each investigation is provided in 

Table 5.1. 

 

 

Figure 5.7  Notch strength ratio as a function of hardness for various alloys presented in literature. 
Tempered martensitic microstructures shown. NSR values from literature were 
obtained by ISL testing in 3.5 pct NaCl with specimens maintained at -1200mV 
potential (vs SCE) potentiostatically. From [30–32]. Hardness values from Nanninga 
converted from Vickers hardness. 

 

Figure 5.7 highlights the effect of geometry on the resultant loss of load carrying capacity. Single 

edge notch bend specimens were employed in two of the studies with kt= 3.3 (Brahimi et al. and Das et 

al. data)[31, 32], while circumferentially notched round bars were used in the other with kt= 4.3 

(Nanninga et al. data) [30]. The effect of stress concentration factor on the measured NSR is not 

appreciable for stress concentration factors of kt =3.3-4.3 (blunt notch bend and CNT specimens). Some 

of the observed variability may be inherent uncertainty in measurements; a difference in NSR of around 

10 pct is observed in the Brahimi and Das studies using alloy 5140 at 44 HRC, despite reporting the same 

experimental conditions. For a given hardness, the NSR measured in the current investigation utilizing a 

sharp notch CNT (kt=6.5) is consistently 20 pct (or more) lower than that reported elsewhere. Considering 

that the charging conditions were slightly more extreme in the studies reported in literature, the specimen 

geometry (stress concentration factor) is considered the most probable variable to which the differences 
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may be attributed. Inclusion content and residual level (sulfur and phosphorus) may be consequential as 

well but were not evaluated. The use of the NSR is an appropriate screening metric for assessing 

embrittlement susceptibility of materials tested with equivalent geometries; however, given the apparent 

geometric dependence, caution should be exercised when comparing data sets from various 

investigations. 

 

Table 5.1 Summary of Specimen Geometry and Environmental Conditions in Studies Reporting NSR 
from ISL Testing of Martensitic Microstructures in Aqueous Environments 

Study Specimen 
Stress Conc. 
Factor (kt) 

Environment Reference 

Nanninga, et al. CNT, 𝜌 = 0.22 mm ~3.3 3.5 NaCl, -1200 mVSCE [30] 

Brahimi et al. 
 

4pt bend (SEN), 𝜌 = 0.25 mm 
~4.3 3.5 NaCl, -1200 mVSCE [32] 

Das et al. 
 

4pt bend (SEN) 𝜌 = 0.25 mm 
~4.3 3.5 NaCl, -1200 mVSCE [31] 

This Investigation CNT, 𝜌=0.076 mm ~6.5 
3.5 NaCl, 0.1 mA/cm2 
[appx -1100 mVSCE] 
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CHAPTER 6 : SUMMARY AND CONCLUSIONS 

The effect of microstructure on hydrogen embrittlement in alloy 4340 has been investigated for a 

range of hardness levels between 34-45 HRC relevant to large fastener applications. Bainitic and 

tempered bainitic microstructures were produced by austempering (isothermal transformation), both with 

and without subsequent tempering. These microstructures are compared to tempered martensitic 

microstructures generally used in applications requiring high strength and toughness. Chemistry, 

inclusion population, and austenite grain size were held constant in this investigation; the amount of 

retained austenite present after processing was comparable as well. Hydrogen embrittlement susceptibility 

has been evaluated by the incremental step load test in 3.5 pct NaCl with imposed cathodic polarization of 

0.1mA∙cm2; this current density corresponds to roughly -1100mVSCE, replicating conditions encountered 

during cathodic protection of steel in aqueous environments. A circumferentially notched tensile 

specimen with an elastic stress concentration factor of kt=6.5 was used to evaluate the hydrogen 

embrittlement resistance of the various microstructures. The direct current potential drop method was 

coupled with the incremental step load test to probe the onset of resolvable crack initiation in select tests. 

The stress at which dislocation motion initiates, referred to as the microyield stress, does not have 

a strong correlation to the measured hydrogen embrittlement resistance. Measures of material flow stress 

at increased strain e.g. 0.2 pct yield, 1 pct flow, and bulk hardness (~7.5 pct flow stress), improve the 

correlation with HE resistance and lessen the apparent differences in microstructure. That is to say, the 

more severe the measure of plastic deformation, the more uniformly the various microstructures conform 

to the common relationship of increased susceptibility with strength. The difference in performance 

observed between measures of strength and hardness indicates the importance of considering multiple 

factors when assessing susceptibility; for example, the austempered conditions are more resistance than 

martensitic ones at equal hardness, conversely however, they are more susceptible for a given yield 

strength. 

At a constant hardness, the uniaxial tensile properties measured vary by microstructure, 

particularly the yield and fracture strengths, and reduction in area. Increasing strength or hardness results 

in increased susceptibility across all microstructures examined. Considering yield strength, martensitic 

conditions increase in HE susceptibility with strength; the trend follows a power-law relationship in the 

strength range investigated. The bainitic conditions are more susceptible to the effects of hydrogen for a 

given yield strength; the effects are more pronounced with greater isothermal transformation temperature, 

due to the presence of untempered martensite and/or elevation of the ductile-brittle transformation 

temperature above the testing temperature (ambient). Bainite transformed at lower transformation 

temperatures offers nearly equivalent HE resistance to the martensitic conditions of equal strength. 

Tempering of the bainitic microstructure improves HE resistance compared to the tempered martensitic 
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microstructures, with increasing improvements as the degree of tempering increases (lowering strength). 

The lower bainite condition AT40 exhibits greater than 10 MPa∙m1/2
 improvement in toughness relative to 

the tempered martensitic condition of equal strength. Additionally, for a given toughness of 

~35 MPa∙m1/2, the austempered and tempered condition exhibits an increased yield strength of 

approximately 100 MPa relative to the comparable martensitic microstructure. 

The equivalent strain energy density analysis has shown that Kth is proportional to the square-root 

of the notch strain, independent of microstructure, strength, yield or work hardening behavior. The 

relationship is additionally obeyed independent of fracture mode (transgranular or intergranular). Similar 

notch root stress was measured for all conditions by ESED, which may suggest a critical notch stress is 

required for fracture. High strength conditions, which fail at low stress intensities, experience limited 

plastic notch strain, while higher toughness conditions undergo extensive plastic notch strain. 

Transgranular cracking was noted in the more HE resistant conditions, while the most susceptible 

conditions failed exclusively by intergranular fracture along prior austenite grain boundaries. The 

transition in fracture mode occurs with increasing strength. Lower strength conditions fail at higher stress 

intensities by transgranular fracture, whereas higher strength conditions fail by intergranular fracture at 

low stress intensities. Independent of microstructure, the fracture morphology of all higher strength 

conditions is intergranular along the prior austenite grains at stress intensities of approximately 15-

20 MPa∙m1/2
. Therefore, the toughness of the austenite grain boundaries is a limiting factor in the high 

strength conditions, independent of microstructure. 

The incremental step load test has been shown to be an accurate method for determining the stress 

intensity at which crack propagation occurs in high strength steel with martensitic and bainitic 

microstructures. The Kth measured by ISL test is slightly lower than that identified by fracture-mechanics 

tests in the literature, although variability in measured Kth appears to result in part from the input 

hydrogen fugacity: increased hydrogen input fugacity suppresses Kth. Application of the DCPD technique 

reveals that one-step crack initiation and propagation occurs in all conditions with hardness greater than 

37 HRC. The DPCD technique identified crack initiation in the low strength martensitic condition 

(34 HRC) despite initiation not being detected by the ISL test. The difference in stress intensity between 

resolvable crack initiation and unstable crack propagation was only 3 pct of the measured Kth. 

Consequently, the use of the ISL test without crack monitoring techniques, e.g. DCPD, accurately 

measures the stress at which unstable crack propagation occurs, via identification of the inflection point in 

the ISL load-time trace. The ISL method is therefore capable of determining Kth in high strength steels 

with accuracy. Eccentric cracking was noted in all conditions which were interrupted during unstable 

crack growth and heat tinted to reveal the extent of the hydrogen induced crack front. As such, the 

measured Kth is considered a conservative estimate for circular notch specimens, as the bending stress 

imposed by the eccentricity increases the stress intensity experienced at the crack front. 
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Comparing the results obtained from martensitic microstructures to those found in the literature, it 

was shown for a series of medium-carbon alloy steels that the sharp notch geometry used in this 

investigation resulted in a 20 pct reduction in the measured notch strength ratio for a given hardness. 

While the notch stress ratio is a common metric for screening materials for HE susceptibility, it is clearly 

affected by elastic stress concentration factor (geometry). As such, this metric is of limited use for 

engineering design other than general screening for HE susceptibility, if components do not possess 

mechanical similitude to the test specimens.  
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CHAPTER 7 : FUTURE WORK 

This chapter discusses future work that may be beneficial to further elucidating the role of 

microstructure in hydrogen embrittlement of high strength steel alloys. The proposed work focuses on 

further characterization of the microstructures utilized in the current investigation, and a novel processing 

route is presented as well. 

Further work to assess the improvements in Kth exhibited in the highly tempered bainitic 

condition (AT40) should be conducted. Dislocation density is the principal microstructural aspect that has 

been rigorously characterized; a quantitative analysis should be extended to carbide distribution and 

volume fraction to investigate if these are significant factors in the difference in HE resistance of the 

AT40 conditions relative to the baseline martensitic conditions. While the strengthening mechanisms in 

martensitic and bainitic microstructures are quite similar, differences in the contribution of each 

mechanism may be meaningful. The martensitic and bainitic lath/block/packet morphology has not been 

characterized; however, transgranular crack propagation appears to occur along these boundaries. The 

size of each feature, as well as the subdivision of the parent austenite, presumably alter the crack path and 

affect toughness. 

Further understanding the dark microcrack like feature observed on the more brittle fracture 

surfaces, e.g. quasi-cleavage and IG, should be accomplished through further high resolution microscopy. 

There is debate in the literature about the role of carbides in crack nucleation in hydrogen embrittled iron 

based alloys. If the microcracks are in fact nucleated at lath boundaries, as the morphology suggests, then 

cementite particles (or another obstacle) are required for crack nucleation. Since slip transfer across 

adjacent laths is not considered to be hindered by the low angle boundary, an obstacle such as a carbide is 

required to restrict slip and cause dislocation pile ups. There is debate about the role of cementite in crack 

nucleation of hydrogen embrittled steels. Site specific FIB milling will allow the material immediately 

beneath the fracture surface containing the microcrack to be examined via TEM. The deformation 

structure, as well as the presence of carbides at or near the cracked surface would advance understanding 

of the fracture process. 

Differences in trapping characteristics, e.g. trap type and distribution, is a possible origin of the 

differences in HE resistance of the otherwise similar bainitic and martensitic microstructures. Thermal 

desorption techniques (TDA/TDS) applied to hydrogen charged samples of each microstructure would 

provide quantitative measurements of the hydrogen occlusion capacity, as well as the trap energy of the 

dominant trap species. Considering that the hydrogen charging during HE testing occurred over multiple 

days, the microstructures are considered to be in relative equilibrium in the process zone. The equilibrium 

concentration of hydrogen is a function of microstructure, and will reasonably differ. Therefore, 

reversible hydrogen concentration presumably affects the measured susceptibility. 
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All high strength conditions fail at similar stress intensities in an intergranular manner along the 

prior austenite grain boundaries, when tested in hydrogen. Elimination of the prior austenite boundaries 

would preclude fracture along these interfaces. Future investigations may consider microstructural design 

to eliminate the austenite grain boundaries through reconstructive transformation mechanisms, e.g. an 

intercritical hold after austenitizing would allow replacement of the austenite grain boundaries with 

ferrite, while further quenching or isothermal transformation may form martensite or bainite as the 

principal strengthening phase. Tailored strength levels may further be achieved through cold-deformation. 

Depending on the extent of primary ferrite formed, the resultant composite microstructure may suffer a 

loss of strength or other deleterious effects on mechanical properties. For instance, the austenite 

remaining during isothermal hold will be enriched by carbon rejection from the ferrite, resulting in higher 

carbon martensite on quenching. Increased carbon content in the martensite will result in increased DBTT 

and lowered CVN toughness. While grain boundary separation along the PAG boundaries would be 

eliminated, the susceptible microstructural interface may transition to the ferrite/matrix interface. At this 

point, the processing route proposed is purely hypothetical and some practical difficulties are apparent; 

however, improved HE performance of cold-drawn pearlite has been observed, making use of austenite 

grain boundary elimination.  



94 
 

 REFERENCES 

1 N. Moriber and K. Riggs Larsen, “Failed Anchor Rods on the San Francisco-Oakland Bat Bridge: 
A Corrosion DIscussion,” Materials Performance, 2015. [Online]. Available: 
http://www.materialsperformance.com/articles/material-selection-design/2015/11/failed-anchor-
rods-on-the-san-francisco-oakland-bay-bridge-a-corrosion-discussion. 

2 T. Langill, “Lessons Learned from the Bay Bridge Bolt Failure,” Structure Magazine, no. 
February, pp. 10–13, Feb-2017. 

3 National Academies of Sciences, Engineering, Medicine, Committee on Connector Reliability for 
Offshore Oil and Natural Gas Operations, High-Performance Bolting Technology for Offshore 
Oil and Natural Gas Operations. Washington, DC: The National Academies Press, 2018. 

4 Bureau of Safety and Environmental Enforcement, “QC-FIT Evaluation of Connector and Bolt 
Failures Summary of Findings,” Washington DC, 2014. 

5 “Alloy and Carbon Steel Bolting for Use in the Petroleum and Natural Gas Industries,” API 
Specification 20E, 2017. 

6 “Standard Guide for Post-Coating Treatments of Steel for Reducing the Risk of Hydrogen 
Embrittlement,” ASTM B850, 2017. 

7 “Standard Test Method for Process Control Verification to Prevent Hydrogen Embrittlement in 
Plated or Coated Fasteners,” ASTM F1940, 2014. 

8 “Standard Specification for Pre-Treatments of Iron or Steel for Reducing Risk of Hydrogen 
Embrittlement,” ASTM B849, 2013. 

9  “Standard Specification for Electrodeposited Coatings on Mechanical Fasteners, Inch and 
Metric,” ASTM F1941, 2015. 

10 L. Fielding, E. J. Song, D. Han, H. Bhadeshia, and D. Suh, “Hydrogen Diffusion and the 
Percolation of Austenite in Nanostructured Bainitic Steel,” Proceedings of the Royal Society, vol. 
470, pp. 1–32, 2014. 

11 H. K. D. H. Bhadeshia, “Prevention of Hydrogen Embrittlement in Steels,” ISIJ International, 
vol. 56, pp. 24–36, 2016. 

12 A. W. Thompson and I. M. Bernstein, “The Role of Metallurgical Variables in Hydrogen-
Assisted Environmental Fracture,” in Advances in Corrosion and Technology Vol. 7, M. G. 
Fontana and R. W. Staehle, Eds. New York: Plenum Press, 1980, pp. 53–175. 

13 A. Turnbull, R. B. Hutchings, and D. H. Ferriss, “Modelling of Thermal Desorption of Hydrogen 
from Metals,” Materials Science and Engineering A, vol. 238, no. 2, pp. 317–328, 1997. 

14 C. G. Interrante, “Basic Aspects of the Problems of Hydrogen in Steels,” in Current Solutions to 
Hydrogen Problems in Steels: Proceedings of the First International Conference on Current 
Solutions to Hydrogen Problems in Steel, 1982, pp. 3–17. 

15 A. W. Thompson and I. M. Bernstein, “Microstructure and Hydrogen Embrittlement,” in 
Proceedings of the Third International Conference on the Effect of Hydrogen on Behavior of 
Materials, 1980, pp. 291–308. 



95 
 

16 H. K. Birnbaum and P. Sofronis, “Hydrogen-Enhanced Localized Plasticity-a Mechanism for 
Hydrogen- Related Fracture,” Material Science and Engineering A, vol. 176, pp. 191–202, 1994. 

17 I. M. Robertson, P. Sofronis, A. Nagao, M. L. Martin, S. Wang, D. W. Gross, and K. E. Nygren, 
“Hydrogen Embrittlement Understood,” Metallurgical and Materials Transactions B, vol. 46, no. 
June, pp. 1085–1103, 2015. 

18  M. R. Louthan, “Hydrogen Embrittlement of Metals: A Primer for the Failure Analyst,” Journal 
of Failure Analysis and Prevention, vol. 8, pp. 289–307, 2008. 

19 V. E. Antonov, M. Baier, B. Dorner, V. K. Fedotov, G. Grosse, A. I. Kolesnikov, E. G. 
Ponyatovsky, G. Schneider, and F. E. Wagner, “High-Pressure Hydrides of Iron and its Alloys,” 
Journal of Physics Condensed Matter, vol. 14, no. 25, pp. 6427–6445, 2002. 

20 A.S. Tetleman, “The Mechanism of Hydrogen Embrittlement in Steel,” Stanford University, 
Technical Report No. 7,  NSG-622, pp.1-42, 1967. 

21 W. Gerberich, “Modeling Hydrogen Induced Damage Mechanisms in Metals,” in Gaseous 
Hydrogen Embrittlement of Materials in Energy Technologies: Volume 2: Mechanisms, 
Modelling And Future Developments, R. P. Gangloff and B. P. Somerday, Eds. Woodhead 
Publishing Limited, 2012, pp. 209–246. 

22 R. A. Oriani, “Hydrogen Embrittlement of Steels,” Annual Review of Materials Science, vol. 8, 
pp. 327–57, 1978. 

23 A. Nagao, M. Dadfarnia, P. Sofronis, I. M. Robertson, and C. D. Smith, “Interpretation of 
Hydrogen-induced Fracture Surface Morphologies for Lath Martensitic Steel,” Procedia 
Materials Science, vol. 3, pp. 1700–1705, 2014. 

24 M. L. Martin, J. A. Fenske, G. S. Liu, P. Sofronis, and I. M. Robertson, “On the Formation and 
Nature of Quasi-Cleavage Fracture Surfaces in Hydrogen Embrittled Steels,” Acta Materialia, 
vol. 59, no. 4, pp. 1601–1606, 2011. 

25 M. L. Martin, I. M. Robertson, and P. Sofronis, “Interpreting hydrogen-induced fracture surfaces 
in terms of deformation processes: A new approach,” Acta Materialia, vol. 59, pp. 3680–3687, 
2011. 

26 S. Wang, M. L. Martin, P. Sofronis, S. Ohnuki, N. Hashimoto, and I. M. Robertson, “Hydrogen-
Induced Intergranular Failure of Iron,” Acta Materialia, vol. 69, pp. 275–282, 2014. 

27 A. Nagao, M. Dadfarnia, B. P. Somerday, P. Sofronis, and R. O. Ritchie, “Hydrogen-Enhanced-
Plasticity Mediated Decohesion for Hydrogen-Induced Intergranular and ‘Quasi-Cleavage’ 
Fracture of Lath Martensitic Steels,” Journal of the Mechanics and Physics of Solids, vol. 112, 
pp. 403–430, 2018. 

28 P. Novak, R. Yuan, B. P. Somerday, P. Sofronis, and R. O. Ritchie, “Journal of the Mechanics 
and Physics of Solids A Statistical , Physical-Based , Micro-Mechanical Model of Hydrogen-
Induced Intergranular Fracture in Steel,” Journal of the Mechanics and Physics of Solids, vol. 58, 
no. 2, pp. 206–226, 2010. 

29 S. P. Lynch, “Progress Towards Understanding Mechanisms of Hydrogen Embrittlement and 
Stress Corrosion Cracking,” in Corrosion Conference and Expo (Corrosion 2007), 2007, no. 
Paper No. 07493, pp. 1–55. 



96 
 

30 N. Nanninga, J. Grochowsi, L. Heldt, and K. Rundman, “Role of Microstructure, Composition 
and Hardness in Resisting Hydrogen Embrittlement of Fastener Grade Steels,” Corrosion 
Science, vol. 52, no. 4, pp. 1237–1246, 2010. 

31 T. Das, S. K. Rajagopalan, S. V. Brahimi, X. Wang, and S. Yue, “A Study on the Susceptibility 
of High Strength Tempered Martensite Steels to Hydrogen Embrittlement (HE) based on 
Incremental Step Load (ISL) Testing Methodology,” Materials Science and Engineering A, vol. 
716, no. January 2018, pp. 189–207, 2018. 

32 S. V. Brahimi, S. Yue, and K. R. Sriraman, “Alloy and Composition Dependence of Hydrogen 
Embrittlement Susceptibility in High-Strength Steel Fasteners,” Philosophical Transactions of 
the Royal Society A: Mathematical, Physical and Engineering Sciences, vol. 375, no. 2098, 2017. 

33 E. Akiyama, “Evaluation of Delayed Fracture Property of High Strength Bolt Steels,” ISIL 
International, vol. 52, no. 2, pp. 307–315, 2012. 

34 M. Wang, “Effect of Hydrogen on the Fracture Behavior of High Strength Steel During Slow 
Strain Rate Test,” Corrosion Science, vol. 49, pp. 4081–4097, 2007. 

35 M. Wang, E. Akiyama, and K. Tsuzaki, “Effect of Hydrogen and Stress Concentration on the 
Notch Tensile Strength of AISI 4135 Steel,” vol. 398, pp. 37–46, 2005. 

36 K. A. Esaklul and J. W. Martin, “High Strength Fasteners for Subsea Applications,” in Corrosion 
2004, no. 04151, pp. 1–9, 2004. 

37 K. Banerjee and U. K. Chatterjee, “Hydrogen Embrittlement of a HSLA-100 Steel in Seawater,” 
ISIJ, vol. 39, no. 1, pp. 47–55, 1999. 

38 W. W. Gerberich, Y. T. Chen, and C. S. John, “A Short-Time Diffusion Correlation for 
Hydrogen-Induced Crack Growth Kinetics,” Metallurgical Transactions A, vol. 6, no. 8, pp. 
1485–1498, 1975. 

39 G. E. Kerns, M. T. Wang, and R. W. Staehle, “Stress Corrosion Cracking and Hydrogen 
Embrittlement in High Strength Steels,” in Stress Corrosion Cracking and Hydrogen 
Embrittlement of Iron Base Alloys, NACE-5., R. W. Staehle, J. Hockmann, R. D. McCright, and 
J. E. Slater, Eds. Houston: National Association of Corrosion Engineers, 1977, pp. 700–735. 

40 T. Fujita and Y. Yamada, “Physical Metallurgy and SCC in High Strength Steels,” in Stress 
Corrosion Cracking and Hydrogen Embrittlement of Iron Base Alloys, NACE-5., R. W. Staehle, 
J. Hockmann, R. D. McCright, and J. E. Slater, Eds. Houston: National Association of Corrosion 
Engineers, 1977, pp. 736–746. 

41 G. F. Kerns, M. G. Fontana, and R. W. Staehle, “Stress-Corrosion Cracking of Metallic 
Materials: Part III-Hydrogen Entry and Embrittlement in Steel,” 1975. 

42 K. Takasawa, R. Ikeda, N. Ishikawa, and R. Ishigaki, “Effects of Grain Size and Dislocation 
Density on the Susceptibility to High-Pressure Hydrogen Environment Embrittlement of High-
Strength Low-Alloy Steels,” International Journal of Hydrogen Energy, vol. 37, no. 3, pp. 2669–
2675, 2012. 

43 K. Takasawa, Y. Wada, R. Ishigaki, and R. Kayano, “Effects of Grain Size on Hydrogen 
Environment Embrittlement of High Strength Low Alloy Steel in 45 MPa Gaseous Hydrogen,” 
Materials Transactions, vol. 51, no. 2, pp. 347–353, 2010. 



97 
 

44 D. D. Dedhia, “Effect of Microstructure on Internal and External Hydrogen Embrittlement of an 
Ultrahigh Strength Steel,” no. February, 1980. 

45 W. Y. Choo and J. A. I. Y. Lee, “Thermal Analysis of Trapped Hydrogen in Pure Iron,” 
Metallurgical Transactions A, vol. 13, no. 1, pp. 135–140, 1982. 

46 C. Andreone and A. Murut, “Influence of the Austenite Retained in the Hydrogen Embrittlement 
in AISI 4340,” Scripta Metallurgica, vol. 24, pp. 1453–1458, 1990. 

47 R. O. Ritchie, M. H. C. Cedeno, V. F. Zackay, and E. R. Parker, “Effects of Silicon Additions and 
Retained Austenite on Stress Corrosion Cracking in Ultrahigh Strength Steels,” Metallurgical 
Transactions A, vol. 9, no. 1, pp. 35–40, Jan. 1978. 

48 F. Solana, C. Takamadate, I. M. Bernstein, and A. W. Thompson, “The Role of Retained 
Austenite in Stress Corrosion Cracking of Steels,” Metallurgical Transactions A, vol. 18A, pp. 
1023–1028, 1987. 

49 R. P. Frohmberg, W. J. Barnett, and A. R. Troiano, “Delayed Failure and Hydrogen 
Embrittlement in Steel WADC Technical Report 54-320,” Springfield, 1954. 

50 L. Tau, S. L. I. Chan, and C. S. Shin, “Hydrogen Enhanced Fatigue Crack Propagation of Bainitic 
and Tempered Martensitic Steels,” Corrosion Science, vol. 38, no. 11, pp. 2049–2060, 1996. 

51 J. H. Chuang, L. W. Tsay, and C. Chen, “Crack Growth Behaviour of Heat-Treated 4140 Steel in 
Air and Gaseous Hydrogen,” International Journal of Fatigue, vol. 20, no. 7, pp. 531–536, 1998. 

52 Y. Sakamoto and T. Mantani, “Effect of Quenching and Tempering on Diffusion of Hydrogen in 
Carbon Steel,” Transactions of the Japan Institute of Metals, vol. 17, no. 11, pp. 743–748, 1976. 

53 M. I. Luppo and J. Ovejero-Garcia, “The Influence of Microstructure on the Trapping and 
Diffusion of Hydrogen in a Low Carbon Steel,” Corrosion Science, vol. 32, no. 10, pp. 1125–
1136, 1991. 

54 D. A. Porter and K. E. Easterling, “The Bainite Transformation,” in Phase Transformations in 
Metals and Alloys, Second., Boca Raton, FL: CRC Press, 1992, pp. 334–337. 

55 H. K. D. H. Bhadeshia, Bainite in Steels: Transformations, Microstructure, and Properties, 
Second. London: IOM Communications Ltd, 2001. 

56 M. Azuma, M. Takahashi, and N. Fujita, “Model for the Prediction of Microstructures and 
Mechanical Properties of Cold-rolled High Strength Steels,” Nippon Steel technical report, vol. 
102, no. UDC 539.4.072.620.186, pp. 44–50, 2013. 

57 M. E. Bush and P. M. Kelly, “Strengthening Mechanisms in Bainitic Steels,” Acta Metallurgica, 
vol. 19, no. 1363–1371, 1971. 

58 D. V. Edmonds and R. C. Cochrane, “Structure-Property Relationships in Bainitic Steels,” 
Metallurgical Transactions A, vol. 21, no. 6, pp. 1527–1540, Jun. 1990. 

59 K. J. Irvine and F. B. Pickering, “The Impact Properties of Low Carbon Bainitic Steel,” Journal 
of the Irons and Steel Institute, vol. June, pp. 518–530, 1963. 

60 H. K. D. H. Bhadeshia, Bainite in Steels: Theory and Practice, Third Edit. Leeds: Maney, 2015. 



98 
 

61 Y. Tomita, “Effect of Microstructure on Plane-Strain Fracture Toughness of AISI 4340 Steel,” 
Metallurgical Transactions A, vol. 19, no. October, pp. 2513–2521, 1988. 

62 G. Baozhu and G. Krauss, “The Effect of Low-Temperature Isothermal Heat Treatments on the 
Fracture of 4340 Steel,” Journal of Heat Treating, vol. 4, no. 4, pp. 365–372, 1986. 

63 W. F. Brown, Jr., “The Circumferentially Notched Cylindrical Bar as a Fracture Toughness Test 
Specimen,” in Symposium on Linear Fracture Mechanics, 1974, vol. 71551, pp. 1–20. 

64  “Standard Test Method for Sharp-Notch Tension Testing with Cylindrical Specimens,” ASTM 
E602 (withdrawn), 2003. 

65 M. A. N. Shabara, A. A. El-Domiaty, and M. D. Al-Ansary, “Estimation of Plane Strain Fracture 
Toughness From Circumferentially Bluntly Notched Round-Bar Specimens,” Engineering 
Fracture Mechanics, vol. 54, no. 4, pp. 533–541, 1996. 

66 J. A. Lee, “Rapid and Low Cost Method to Determine the Plane Strain Fracture Toughness (KIc) 
in Hydrogen,” in International Hydrogen Conference (IHC 2012): Hydrogen-Materials 
Interactions, pp. 461–469, 2012. 

67 R. N. Ibrahim and H. I. Stark, “Validity Requirements for Fracture Toughness Measurements 
Obtained From Small Circumferentially Notched Cylindrical Specimens,” Engineering Fracture 
Mechanics, vol. 28, no. 4, pp. 455–460, 1987. 

68 D. H. Singh, R. K. S. Raman, S. K. Maiti, T. K. Bhandakkar, and S. Pal, “Investigation of Role of 
Alloy Microstructure in Hydrogen-Assisted Fracture of AISI 4340 Steel Using Circumferentially 
Notched Cylindrical Specimens,” Materials Science & Engineering A, vol. 698, pp. 191–197, 
2017. 

69 R. K. S. Raman, R. Rihan, and R. N. Ibrahim, “Validation ofa Novel Approach to Determination 
of Threshold For Stress Corrosion Cracking (KISCC),” Material Science and Engineering A, vol. 
453, pp. 652–656, 2007. 

70 G. F. Vander Voort, “Atlas of Time-Temperature Diagrams for Irons and Steels,” ASM 
International, 1991. [Online]. Available: 
https://app.knovel.com/hotlink/toc/id:kpATTDIS05/atlas-time-temperature/atlas-time-
temperature. [Accessed: 15-Feb-2019]. 

71 R. Cryderman, D. Hyer-Peterson, and R. Glodowski, “Influence of Test Method and Microalloy 
Additions on Measured Austenite Grain Size of Heat Treated 1045 Steel,” in Proceedings of the 
29th ASM Heat Treating Society Converence October 24-26, 2017, 2017. 

72  “Standard Test Methods for Determining Average Grain Size,” ASTM E112, 2013. 

73 S. Kennett, “Strengthening and Toughnening Mechanisms in Low-C Microalloyed Steel as 
Influenced by Austenite Conditioning,” Ph.D. Thesis, Colorado School of Mines, Golden, 2014. 

74 I. Vieira, “Tempering Response of Mixed Martensitic/Bainitic Microstructures in Quench and 
Tempered Plate Steels,” Ph.D. Thesis, Golden, 2018. 

75 B. D. Cullity and S. R. Stock, Elements of X-Ray Diffraction, Third Edit. Upper Saddle River, NJ: 
Prentice Hall, 2001. 

 



99 
 

76 A. Revesz, T. Ungar, A. Borbely, and J. Lendvai, “Dislocations and Grain Size In Ball-Milled 
Iron Powder,” Nanostructured Materials, vol. 7, no. 1, pp. 779–788, 1996. 

77  “Standard Test Methods for Rockwell Hardness of Metallic Materials,” ASTM E18, 2017. 

78  “Standard Test Methods for Tension Testing of Metallic Materials,” ASTM E8, 2009. 

79 C. D. Wilson, “Fracture Toughness Testing with Notched Round Bars,” Ph.D. Thesis Unniversity 
of Tennessee, Knoxville, 1997. 

80 B. Kagay, “Hydrogen Embrittlement Testing of Alloy 718 For Oil and Gas Applications,” M.S. 
Thesis, Colorado School of Mines, Golden, 2016. 

81  “Standard Test Method for Linear-Elastic Plane-Strain Fracture Toughness KIC of Metallic 
Materials,” ASTM E399, 2011. 

82 W. D. Pilkey, Peterson’s Stress Concentration Factors, Second. New York: John Wiley & Sons, 
Inc., pp.98, 1997. 

83 G. Dieter, Fracture Mechanics, Third. Boston: McGraw-Hill, 1986. 

84 “Standard Test Method for Measurement of Hydrogen Embrittlement Threshold in Steel by the 
Incremental Step Loading Technique.” ASTM F1624, 2012. 

85 H. Tada, P. C. Paris, and G. Irwin, The Stress Analysis of Cracks Handbook. New York: ASME 
Press, 2000. 

86 R. M. Horn and R. O. Ritchie, “Mechanisms of Tempered Martensite Embrittlement in Low 
Alloy Steels,” Metallurgical Transactions A, vol. 9, no. 8, pp. 1039–1053, Aug. 1978. 

87 V. K. Judge, J. G. Speer, K. D. Clarke, K. O. Findley, and A. J. Clarke, “Rapid Thermal 
Processing to Enhance Steel Toughness,” Scientific Reports, vol. 8, no. 1, pp. 1–6, 2018. 

88 P. van Liempt and J. Sietsma, “A Physically Based Yield Criterion I. Determination of the Yield 
Stress Based on Analysis ofP-Yield Dislocation Behaviour,” Materials Science and Engineering 
A, vol. 662, pp. 80–87, 2016. 

89 C. J. McMahon Jr, “Hydrogen-Induced Intergranular Fracture Of Steels,” Engineering Fracture 
Mechanics, vol. 68, no. 6, pp. 773–788, 2001. 

90 A. Campagnolo, G. Meneghetti, F. Berto, and K. Tanaka, “Calibration of the Potential Drop 
Method by Means of Electric FE Analyses and Experimental Validation for a Range of Crack 
Shapes,” Fatigue and Fracture of Engineering Materials and Structures, vol. 41, no. March, pp. 
2272–2287, 2018. 

91 Y. Tomita and K. Okabayashi, “Effect of Microstructure on Strength and Toughness of Heat-
Treated Low Alloy Structural Steels,” Metallurgical Transactions A, vol. 17, no. 7, pp. 1203–
1209, 1986. 

92 M. Meyers and K. Chawla, Mechanical Behaviors of Materials, Second. New York: Cambridge 
University Press, 2009. 

 



100 
 

93 A. Nagao, M. Dadfarnia, B. P. Somerday, P. Sofronis, and R. O. Ritchie, “Hydrogen-Enhanced-
Plasticity Mediated Decohesion for Hydrogen-Induced Intergranular and ‘Quasi-Cleavage’ 
Fracture of Lath Martensitic Steels,” Journal of the Mechanics and Physics of Solids, vol. 112, 
pp. 403–430, 2018. 

94 G. Glinka, “Energy Density Approach to Calculation of Inelastic Strain-Stress Near Notches and 
Cracks,” Engineering Fracture Mechanics, vol. 22, no. 3, pp. 485–508, 1985. 

95 K. A. Nibur, B. P. Somerday, C. S. Marchi, J. W. Foulk, M. Dadfarnia, and P. Sofronis, “The 
Relationship Between Crack-Tip Strain and Subcritical Cracking Thresholds for Steels in High-
Pressure Hydrogen Gas,” Metallurgical and Materials Transactions A: Physical Metallurgy and 
Materials Science, vol. 44, no. 1, pp. 248–269, 2013. 

96 J. Lufrano and P. Sofronis, “Enhanced Hydrogen Concentrations Ahead of Rounded Notches and 
Cracks-Competition Between Plastic Strain and Hydrostatic Stress,” Acta Materialia, vol. 46, no. 
5, pp. 1519–1526, 1998. 

97 J. S. Kim, Y. H. Lee, D. L. Lee, K. Park, and C. S. Lee, “Microstructural Influences on Hydrogen 
Delayed Fracture of High Strength Steels,” Material Science and Engineering A, vol. 505, pp. 
105–110, 2009. 

98 R. O. Ritchie, M. H. C. Cedeno, V. F. Zackay, and E. R. Parker, “Effects of Silicon Additions and 
Retained Austenite on Stress Corrosion Cracking in Ultrahigh Strength Steels,” Metallurgical 
Transactions A, vol. 9A, no. January, pp. 35–40, 1978. 

99 N. Bandyopadhyay, J. Kameda, and C. J. Mcmahon, “Hydrogen-Induced Cracking in 4340-Type 
Steel: Effects Of Composition, Yield Strength, And H2 Pressure,” Metallurgical Transactions A, 
vol. 14, no. 4, pp. 881–888, 2007. 

100 R. P. Gangloff, “Hydrogen Assisted Cracking of High Strength Alloys,” Comprehensive 
Structural Integrity, vol. 6, pp. 1–194, 2003. 

101 I. O. Shim and J. G. Byrne, “A Study of Hydrogen Embrittlement in 4340 Steel I : Mechanical 
Aspects,” Materials Science & Engineering A, vol. 123, pp. 169–180, 1990. 

102 J. Toribio, A. M. Lancha, and M. Elices, “The Tearing Topography Surface as the Zone 
Associated with Hydrogen Embrittlement Processes in Pearlitic Steel,” Metallurgical 
Transactions A, vol. 23, no. 5, pp. 1573–1584, 1992. 

103 R. J. Walter and W. T. Chandler, “Influence of Hydrogen Pressure and Notch Severity on 
Hydrogen-Environment Embrittlement at Ambient Temperatures,” Materials Science and 
Engineering, vol. 8, no. 2, pp. 90–97, 1971. 

104 “Standard Hardness Conversion Tables for Metals Relationship among Brinell Hardness, Vickers 
Hardness, Rockwell Hardness, Superficial Hardness, Knoop Hardness, Scleroscope Hardness, 
and Leeb Hardness.” ASTM E140, 2013. 

105 G. Krauss, Steels: Processing, Structure, and Performance, Second. Materials Park: ASM 
International, 2015. 

106 “Standard Reference Test Method for Making Potentiodynamic Anodic Polarization 
Measurements,” ASTM G5, 2014. 

 



101 
 

107 D. A. Jones, Principles and Prevention of Corrosion, Second. Upper Saddle River, NJ: Prentice 
Hall, 1996. 

108 B. A. Kehler and J. R. Scully, “Predicting the Effect of Applied Potential on Crack Tip Hydrogen 
Concentration in Low-Alloy Martensitic Steels,” Corrosion, vol. 64, no. 5, pp. 465–477, 2008. 

  



102 
 

 APPENDIX A: HEAT TREATING STUDY 

An initial heat-treating study was conducted to determine processing conditions required to 

achieve targeted hardness in the three processing routes of interest, determine the martensite start 

temperature, and investigate isothermal transformation characteristics. 

A.1 Chemical Composition 

The heat treating study was conducted with the same grade (4340), but of slightly different 

composition and origin as the material used for mechanical properties and hydrogen embrittlement 

testing. The heat treating material was vacuum arc remelted and sourced from an online vendor; chemical 

compositions of the two materials are given in Table A.1 for comparison. 

 

Table A.1 Chemical Composition (wt pct) of the Materials Utilized in the Heat Treating Study, and 
Mechanical Testing and Hydrogen Embrittlement Investigation 

 

A.2 Heat Treating Utilizing the Dilatometer 

Dilatometry was conducted on a TA instruments DIL805 quench dilatometer. Specimens 

measuring 4 mm in diameter by 10 mm in length were machined from the mid-radius position of a 

41.3 mm (1.625 in) diameter round bar oriented parallel to the rolling direction. A thermocouple was spot 

welded to the surface of the specimen at approximately the center of the long axis to record thermal 

history. Heating was conducted under vacuum by induction heating at a rate of 10 °C·s-1, and quenching 

was accomplished with He gas at a cooling rate of 80 °C·s-1. Austenitizing was conducted at 850 °C for 

300 seconds. Gas quenching and tempering, austempering, and austempering with subsequent tempering 

were all conducted. 

After heat treating, dilatometer samples were sectioned along the transverse axis through the 

thermocouple location and mounted in Bakelite, such that the plane closest to the thermocouple was 

exposed. Mounted specimens were polished to 1 μm using standard metallographic procedures. 

Microhardness was determined using a Leco® LM 110AT automated hardness tester. Indentations were 

conducted in a 5x5 grid with 500 μm spacing, using a 1000 g load. The grid was centered on the 

specimen, ensuring any decarburized or oxidized surface layer was excluded from the analysis. 

Use C Mn Si Ni Cr Mo Al S P Cu 

Heat Treating 0.43 0.81 0.33 1.90 0.86 0.26 0.032 0.001 0.004 0.06 

Mech. Testing/ HE 0.405 0.714 0.259 1.751 0.822 0.23 0.021 0.013 0.008 0.124 
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A.2.1 Hardness as a Function of Tempering or Isothermal Transformation Temperature 

Figure A.1 presents the measured hardness as a function of processing temperature. The quench 

and tempered conditions exhibit a strong linear decrease in hardness with increasing tempering 

temperature, as shown in elsewhere [87]. The isothermal transformation temperature was varied in 10 °C 

increments from 320 °C to 400 °C, in which the resultant hardness decreases linearly with increasing 

transformation temperature (Figure A.1(b)). The decrease in hardness as a function of transformation 

temperature is greater than that observed during tempering, as indicated by the slope in each plot; this 

rapid change in strength for limited temperature change indicates process control is critical to achieve 

target hardness values for isothermally processed materials. 

 

  

(a) (b) 
Figure A.1 Vickers hardness versus (a) tempering temperature for quench and tempered 

conditions, and (b) isothermal transformation temperature for austempered conditions. 
The HRC values are converted from Vickers using Equation A1.1.1 in ASTM E140 
[104]. 

 

Beyond 390 °C, hardness begins to increase with increasing transformation temperature. Error 

bars presented in Figure A.1 represent one standard deviation from the mean, which increases with 

transformation temperatures beginning around 390 °C. The increase in hardness observed after 390 °C is 

attributed to martensite formation on cooling from isothermal hold temperature. Figure A.2 presents the 

strain-temperature response of select austempering parameters. For isothermal transformation 

temperatures from 320-390 °C, purely linear contraction is observed from the transformation temperature 

to room temperature. At temperatures in excess of 400 °C, evidence of martensite formation is observed 

as a change in slope during subsequent cooling. Martensite formation is clear at 420 °C by a deflection of 

the slope and strikingly apparent for the 450°C conditions shown. 
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The total dilation that occurs during isothermal bainitic transformation is indicative of the extent 

of transformation, and the amount of austenite transformed to bainite decreases with increasing 

transformation temperature, reflecting an incomplete reaction above 400 °C. This decrease in strain 

associated with transformation coincides with the formation of martensite on cooling the from 

austempering temperature, as evidenced in Figure A.2. The onset of martensite formation (Ms) increases 

in temperature as the isothermal hold temperature increases, or put otherwise, the Ms temperature 

increases as the fraction of austenite transforming to bainite decreases. This behavior may be related to 

either carbon enrichment of the austenite or mechanical stabilization. Carbon enrichment of the austenite 

both stabilizes the austenite and lowers the Ms temperature. With greater amounts of austenite present, i.e. 

higher transformation temperatures, there is less carbon enrichment of the austenite and the Ms is 

necessarily higher. 

 

 

A.2.2 Tempering of Isothermally Transformed (Austempered) Bainite 

The lowest hardness that was achievable through austempering alone was determined to be 

360 HV, or approximately 36 HRC. A tempering study was conducted to determine the tempering 

response of samples isothermally transformed at one of two temperatures: 320 °C or 390 °C. The 

tempering response is shown in Figure A.3, which plots hardness as a function of bainitic tempering 

temperature. 

 

Figure A.2  Strain versus temperature curves for specimens isothermally transformed for one hour 
at various temperatures and quenched. At transformation temperatures above 390°C, 
martensite formation becomes evident on quenching. 
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Previous work on bainite tempering shows that austempered bainite is far more resistant to 

tempering than tempered martensite, owing to a relative lack of carbon supersaturation in ferrite [59, 60]. 

The condition transformed at 390°C exhibits little softening when tempered to relatively high 

temperatures, e.g. 500°C, while the low-temperature transformed condition (320 °C) clearly softens by 

300-400 °C. The trend observed that higher strength conditions soften more readily during tempering than 

lower strength conditions has been noted by other researchers [11, 59]. The convergence in hardness 

around 500 °C suggests that high temperature tempering produced similar resulting microstructures 

regardless of initial differences in the as-transformed condition. From Figure A.3, tempering temperatures 

were selected to achieve the target hardness desired for hydrogen embrittlement testing. 

 

 

A.3 Determining the Martensite Start Temperature 

The martensite start (Ms) temperature was determined such that austempering could be conducted 

above the Ms avoiding the formation of a mixed martensitic/bainitic microstructure. Five dilatometer 

specimens of the material used for mechanical properties and hydrogen embrittlement testing were 

austenitized and helium quenched to determine Ms. The Ms was quantified based on determining 

statistically significant deviations from purely linear contraction on cooling. Identifying Ms in this 

manner is more statistically robust than using the local minimum in the strain-temperature curve as the 

onset of transformation. 

Linear regression analysis is conducted on the linear portion (thermal contraction) of the strain-

temperature plot on cooling. From this analysis, the standard deviation of the residuals (difference 

 

Figure A.3  Hardness versus bainite tempering temperature for materials isothermally transformed 
at either 320 °C or 390 °C. HRC values are converted from Vickers using Equation 
A1.1.1 in ASTM E140 [104]. 
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between measured and predicted values) is calculated and a line of the same slope as the linear fit, but 

offset by three times the standard deviation of the residuals, is plotted adjacent to the measured strain-

temperature curve (Figure A.4). The intersection of the offset line and the measured dilatometry response 

is indicative of a statistically significant (3σ) deviation, which is attributed to the phase transformation. 

This method provides a more accurate measure of Ms, than the graphical method of selecting the local 

minimum as the start of transformation. 

The mean Ms temperature for the material used for mechanical testing and hydrogen 

embrittlement investigation was determined to be 323 ± 26 °C, where the interval is the 95 pct confidence 

interval with respect to the mean. For comparison, using a local minimum criteria results in an Ms 

of 269 ± 10 °C, and the empirical formula of Grange & Stewart, Andrews, and Stevens & Haynes [105] 

gives an average Ms of 298 °C, based on composition. The mean Ms temperature for the VAR steel used 

in the heat treating study was 304 ± 13 °C, with empirical equations predicting a value of 281 °C. 

 

 

Figure A.4  Construction used in determining martensite start temperature. On quenching, a linear 
regression is fit to the strain associated with thermal contraction. The dashed line is 
offset by three standard deviations of the residual between the measured value and 
linear regression. The intercept between the 3σ offset and the dilatometer curve is 
taken as the Ms. 
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 APPENDIX B: ELECTRON MICROSCOPY AND FRACTOGRAPHY 

This appendix presents microstructure and fracture images obtained during this investigation 

which complement the interpretation. 

B.1 Secondary Electron Images 

Secondary electron images of the microstructures of the quench and tempered, austempered, and 

austempered and tempered conditions are presented in Figure B.1 and Figure B.2, respectively. SEI 

micrographs of the quench and tempered conditions are presented in Figure B.1 which reveal the fine 

martensitic lath structure decorated with intra- and inter-lath cementite. The carbides are presumed to be 

cementite due to the tempering temperatures used in processing [87]. Carbide size has not been 

quantitatively characterized; however, the precipitates are generally on the order of 50-100 nm, though 

stringers up to 1 micron are observable along the lath/block boundaries. Discernable differences in the 

microstructures are otherwise difficult to resolve. 

Figure B.2 displays the SEI images of the bainitic (top row) and tempered bainitic (bottom row) 

conditions. The higher transformation temperature in A39 is clearly reflected in the relative coarseness of 

the microstructure, especially as compared to the lower transformation temperature of A44. The tempered 

bainitic conditions, AT40 and AT45, and A44 can readily be characterized as lower bainite, due to the 

presence of fine ferrite subunits clearly outlined, with the presence of aligned carbides oriented ~60 

degrees to the ferrite long axis. The irregular phases situated on the prior austenite grain boundaries in 

AT40 may be tempered martensite, as the austempering occurred at the calculated Ms temperature. 

Therefore, some small fraction of martensite may be present. 

B.2 Electron Channeling Contrast Imaging 

Micrographs of all conditions obtained using electron channeling contrast imaging (ECCI) are 

presented in Figure B.3 and Figure B.4. The ECCI micrographs provide greater detail about the lath 

structures, with cementite resolved as fine dark regions in this technique. The fine laths are sub-micron in 

width, with the martensite blocks being around 5 micron or greater. 

The ferrite structure of condition A39 in Figure B.4 is clearly resolved in the ECCI micrograph. 

The presence of carbides inclined to the ferrite suggest lower bainite, although long carbide stringers are 

visible along the sheaf boundaries and between ferrite sub-units, reflective of upper bainite. Some degree 

of carbide coarsening is visible in the tempered bainite conditions, which is especially in clear in AT44. 
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Figure B.1 Secondary electron micrographs of the tempered martensitic microstructures. Fine 
inter-and intra-lath cementite is visible and the fine (<1 μm) lath structure is observed. 
1 pct Nital etch.  
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Figure B.2 Secondary electron micrographs of the austempered conditions (top row) and 
austempered and tempered conditions (bottom row). 1 pct nital etch. 
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Figure B.3 Electron channeling contrast images of tempered martensitic conditions obtained using 
backscatter detector. A highly distorted lath structure is observed. 

 

  



111 
 

 

 

 

 

 

  

  

Figure B.4  Channeling contrast images obtained with the backscatter electron detector. Top row- 
austempered conditions, bottom row- austempered and tempered conditions. Note: 
different scale for condition AT44. 
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B.3 Secondary Electron Images of CNT Specimens Fractured in Air 

Fractography of the notched tensile specimens of the quench and tempered conditions tested in air 

is presented in Figure B.5. Microvoid dimple rupture characterizes the fracture surface of all QT 

conditions; however, at the highest hardness more brittle fracture features (IG or cleavage) are observed. 

Flat and relatively featureless facets are indicated in QT45 by arrows, with the facets being approximately 

the PAG size; however, a lack of well-defined facets suggest the failure is primarily transgranular rather 

than intergranular. Reduced ductility in the higher strength conditions is manifest as reduced debonding 

around inclusions and precipitates. A shear-lip is present adjacent to the notch root in QT34 and QT37, 

suggesting fracture proceeds from the center outward. 

The bainitic conditions exhibit well defined transgranular cleavage fracture as shown in Figure 

B.6. Void sheets link cleavage facets which develop due to high shear stresses between adjacent cleavage 

cracks on parallel planes. The tempered bainitic structures exhibit MVC in the regions adjacent to the 

notch, which transition to transgranular fracture in the direction of specimen center. Condition AT40 

transitions to cleavage or quasi-cleavage towards specimen center, while AT44 exhibits a combined 

fracture morphology towards the center of cleavage and flat, transgranular fracture lacking definition; 

similar to QT45 in air.  

B.4 Secondary Electron Images of CNT Specimens Fractured in Hydrogen 

Distinct differences in fracture morphology are observed when tested in hydrogen relative to 

those observed in air. Void coalescence is no longer observed in the tempered martensitic conditions in 

the regions adjacent to the notch. QT34 in Figure B.7 exhibits a fine transgranular fracture, with facets of 

approximately the lath martensite scale. The fine transgranular nature observed in these conditions in the 

notch vicinity is clearly affected by hydrogen and is likely formed through linkage of many microcracks 

of various orientations. The QT conditions become increasingly intergranular in nature as strength 

increases. While higher strength conditions are defined by intergranular fracture along the prior austenite 

grain boundaries, there are small regions of transgranular fracture which link IG facets on different 

planes. The transgranular morphology shown in Figure B.7 appears, to varying degrees, in most 

specimens. Conditions A39, in contrast, displays transgranular fracture of an entirely different 

morphology. Figure B.8 displays a region from within 10 μm of the notch in A39 which shows a shallow, 

elongated, and almost dimpled morphology. 
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Figure B.5 Secondary electron images of tempered martensitic conditions fracture in air. All 
images obtained near the notch root; the notch is visible on the right side of QT34-
QT37. All conditions exhibit MVC as the micro-mechanism of fracture, though brittle 
transgranular type cleavage is visible in regions of QT45, indicated by arrows. 
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Figure B.6  SEI fractographs of bainitic and tempered bainitic conditions obtained near notch root.  
Top row- austempered conditions, bottom row- austempered and tempered conditions. 
Conditions AT40 and AT45 display transition region between dimple rupture near 
notch and quasi-cleavage fracture towards specimen center. Note: different scale in 
condition A39. 
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Figure B.7 Secondary electron images of tempered martensitic condition (QT34) fractured in 3.5 
pct NaCl during cathodic charging. The fracture mode transitions from fine 
transgranular fracture to intergranular with increasing strength level with Secondary 
cracking appearing in higher strength conditions.  

B.5 Hydrogen Inducted Fracture as Interpreted by High Resolution Microscopy 

High resolution electron microscopy revealed intergranular and cleavage fracture features 

believed to be attributed to fracture in the presence of hydrogen. These features are not noted on 

specimens fractured in air, nor are they observed in the high toughness transgranular surfaces of QT34. 

Figure B.9 displays a SEM fractograph of the highest strength QT condition (QT45) fractured in 

hydrogen. The image is centered on a grain-boundary triple point, which in addition to displaying the 

faceted surfaces associated with intergranular failure, exhibits more ductile fracture features as well. 

Incipient cracking around what are presumably inclusions or carbides has left semi-circular fissures on the 

planar grain boundary facets. Select regions of interest are numbered 1-3, and A-B in Figure B.9. Regions 

1-3 illustrate the progression of grain boundary crack nucleation and separation. Nascent grain boundary 

separation appears in Region 1. Immediately above the region numbered, small voids are visible at what 

is inferred as an austenite grain boundary (demarcated by the vertex of two planes); to the right of the 

Region 1 a fine microcrack is observed at the grain boundary. At region A, the fracture appears more 

tortuous, possibly as a result of crack transition from inter- to transgranular. In Region A, despite the 

tortuosity of the fracture surface, microvoids are observed at what appears to be the junction between 

adjacent grains. In Region 2, an enlarged fissure is observed, which does not appear to terminate at a free 

surface, but is contained within adjacent grains. Region 3 shows a microcrack of sufficient size to clearly 

indicate the IG nature of fracture at this location. Regions 1-3 suggest that intergranular fracture in 

hydrogen may occur though microvoid formation at the grain boundaries, coalescence into microcracks, 



116 
 

and crack growth along the high angle boundary, resulting in the characteristic IG morphology. While it is 

unclear if the voids are central to the crack process, they are often observed on the IG facets e.g. 

fractography in Section 4.5.2 

 

 

Figure B.8  SEI fractographs of bainitic condition A39 obtained from within 10 μm of the notch 
(left), displaying transgranular fracture of distinctly different character than QT34. 

 

Region B in Figure B.9 highlights an interesting feature of the brittle fracture surfaces (IG and 

quasi-cleavage). Adjacent to ‘B’ is a series of aligned dark grey lenticular-type (or needle) shaped 

features, as well as a wider dark region that appears as one uniform area, both features are highlighted 

with arrows. These dark grey features are visible primarily on flat-faceted surfaces, though some have 

been observed in areas with limited topography e.g. upper left corner of Figure B.9. The features are 

observed in multiple orientations in Figure B.9, as well as in Figure B.10. Fine tear ridges (light regions) 

are observed in Figure B.10 which generally align parallel with the dark needles. Figure B.11 presents a 

channeling contrast image (backscatter detector) of the microstructure of the QT45 conditions. The fine 

sub-micron laths structure is apparent, as are inter and intralath carbides (appearing black). Imaging 

contrast results from differences in crystallographic orientation of the laths and high lattice distortion 

(strain). The spacing between dark needles in Figure B.9 - Figure B.10, appear similar in size to the lath 

width in Figure B.11. The parallel directionallity of the needles additionally imply there is a relationship 

to the underlying microstructure.  
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Figure B.9  SEM fractograph of grain boundary triple point in high strength tempered martensite 
(QT45).  Regions 1-3 identify progression of grain boundary separation by void 
coalescence. Region A identifies void presence in transgranular fracture. Region B 
highlights dark needle like features, along with an indistinct and homogenous dark 
region. The white circle identifies where dark needle is incorporated into tearing 
feature. 

 

The unidentified dark needles are also noted in the bainitic condition which fail via a cleavage 

mechanism. The fracture surfaces of condition A39 are presented in Figure B.12-Figure B.13. The 

relationship between fracture morphology and underlying microstructure is more ambiguous in these 

cases. Figure B.12 displays a great number of dark needle regions larger than 1 μm in length, highlighted 

in a white circle. The dark regions are longer than nearly all carbides observed, suggesting that the dark 

needles are not related to cementite. The white arrows in Figure B.12 highlight regions where the dark 

feature occupies a larger, non-linear area, rather than being distinct and isolated units. These areal features 

are not obviously related to any microstructure feature such as cementite, lath/block size, etc. Further 

confounding the interpretation are regions where the needles cross grain boundaries, bifurcate, and even 

take on a curved or non-linear (wavy) profile. Figure B.13 displays the fracture surface of A39 which 

indicates the various unique morphologies of the dark needles with white arrows. Additionally, visible in 

Figure B.13 is a region displaying a complete lack of the dark needles despite adjacent regions with a 

high density of needles existing on the same fracture plane, highlighted by a white circle.  
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Figure B.10  Fractograph of QT45 displaying fine aligned dark needles and fine tear ridges (light 
mostly linear regions) which generally run parallel to dark grey needle shaped regions. 
Secondary electron image. 

 

 

Figure B.11 Electron Channeling Contrast Image (ECCI) of the tempered martensitic 
microstructure of QT45. The fine lath martensite structure is visible, as is inter and 
intralath cementite carbides (black). Interlath cementite as large as 1 μm have been 
observed. Backscatter electron image, unetched. 

 

Figure B.14 exhibits the A39 fracture surface in a location which offers an oblique view of a 

portion of the fracture surface containing the dark needles. Highlighted in the white circle is a region 

where the dark regions are clearly microcracks of varying sizes. In this encircled region, all the cracks 
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would likely appear parallel if viewed from a right-angle to the fracture surface. The microcracks in 

Figure B.14 are of sufficient size and depth to clearly resolve as fissures in the material, in contrast to the 

fractography previously presented where the crack size (or viewing angle) was insufficient to discern the 

feature as nascent cracks. Given the general directionality of the incipient cracks, there is plausibly a 

relationship between the laths, both martensitic and bainitic, that give rise to crack initiation. Lath 

boundaries are not considered barriers to dislocation motion, thought the spacing of the parallel 

microcracks is reasonably correlated with the lath size. Interlath carbides obstruct dislocation 

transmission across adjacent laths, possibly acting as a crack initiation sites, giving rise to the generally 

parallel and aligned microcrack distribution observed. At this time, the mechanism of microcrack 

initiation is speculative and the fractographic images are provided to document a feature that has not been 

published in the literature. Further high resolution microscopy would be useful for clarify the nature of 

the microcracks initiation with respect to the microstructure. 

 

 

Figure B.12  SEM fractograph of quasi-cleavage fracture surface of condition A39 tested in 
hydrogen. The white circle identifies regions with aligned dark needle, while arrows 
indicate non- uniform area of the feature. 
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Figure B.13  SEM fractograph of the condition A39 fractured in hydrogen. Arrows indicate regions 
where dark needles cross grain-boundary, bifurcate, and take on wavy (non-linear) 
contour. The white circle highlights a region with a relative lack of dark needles, 
despite adjacent regions containing a noticeable concentration on the same fracture 
plane. 

 

 

Figure B.14  SEM fractograph of the condition A39 fractured in hydrogen highlighting microcracks 
(white circle). Seconday electron image. 
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 APPENDIX C: UNIAXIAL TENSILE TEST DATA 

Engineering stress-strain plots for all conditions are provided in this appendix for smooth sided 

tensile specimens from which mechanical properties were obtained. Tensile test data from CNT 

specimens are also provided. All tests were conducted in open air at room temperature. 

C.1 Modified ASTM E8 Tensile Specimens 

The engineering stress-strain curves are reported for all quench and tempered conditions in 

Figure C.1, and for all austempered and austempered and tempered conditions in Figure C.2. Test 

conditions are discussed in the thesis body. The tempering temperature is decreased from 605 °C to 

418 °C, top left to bottom right in Figure C.1. 

 

  

  

Figure C.1 Engineering stress-strain curves for all quench and tempered conditions using modified 
ASTM E8 geometry. 
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As tempering temperature decreases, all measures of strength, e.g. 0.2 pct yield and UTS, 

increase while measures of ductility, e.g. uniform elongation and fracture strain, decrease. The tempered 

martensitic conditions as well as AT40 exhibit defined yield point behavior, which is contrasted with that 

of A39, A44, and AT44 in Figure C.2. “Round-house” yielding behavior is observed for the austempered 

(A39, A44) and AT44 conditions. Ductility in the austempered and austempered and tempered conditions 

was found to be relatively constant despite increasing strength. Relevant tensile properties obtained from 

uniaxial tensile tests for all conditions are presented in Table C.1. 

 

  

  

Figure C.2 Engineering stress-strain curves for all austempered (top row), and austempered and 
tempered (bottom row) conditions using modified ASTM E8 geometry. 
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Table C.1 Tabulated Mechanical Properties Obtained from Engineering Stress-Strain Plots 

Processing Route  Quench and Temper 

Property ↓ QT34 QT37 QT40 QT45 

Hardness (HRC) 33.9± 0.2 36.9± 0.3 40.1± 0.1 44.7± 0.1 

0.2% Yield Strength (MPa) 963± 3 1060± 9 1178± 1 1334± 6 

Tensile Strength (MPa) 1069± 2 1164± 9 1277± 4 1480± 4 

Fracture Strength (MPa) 1793± 17 1840± 13 1938± 25 2038± 62 

Uniform Elongation (%) 8.1± 0.7 7.5± 0.5 6.2± 0.4 4.7± 0.4 

Fracture Strain (%) 22.1± 1.7 20.3± 0.1 17.9± 0.8 15.0± 0.6 

Area Reduction (%) 62± 0.6 58± 0.7 55± 1.1  50± 1.5 

Notch Tensile Strength (MPa) 1727± 9 1799± 2 1873± 23 1907± 6 
 

 

Processing Route  Austemper Austemper and Temper 

Property ↓ A39 A44 AT40 AT44 

Hardness (HRC) 38.5± 0.3 44.1± 0.5 40.2± 0.4 44.2± 0.5 

0.2% Yield Strength (MPa) 956± 23 1146± 16 1153± 10 1210± 18 

Tensile Strength (MPa) 1243± 15 1458± 9 1277± 13 1452± 13 

Fracture Strength (MPa) 1820± 70 2219± 57 1958± 26 2184± 14 

Uniform Elongation (%) 6.0 ±0.2 5.7± 0.3 6.6± 0.3 5.6± 0.0 

Fracture Strain (%) 17.0± 0.5 16.9± 0.4 18.7± 0.5 17.1± 0.1 

Area Reduction (%) 58± 2.6 60± 1.2 60± 0.5 59± 0.8 

Notch Tensile Strength (MPa) 1620± 170 2035± 53 1945± 6 2041± 1 

Interval (±) represents the standard deviation of the measured property 

C.2 Circumferentially Notched Tensile Specimens 

Load-displacement curves are presented in Figure C.3(a)-(b) for the CNT geometry. 

Displacement shown is the extension of a 3.0 mm ± 10 pct extensometer positioned across the notch, 

rather than crosshead displacement. As hardness of the quench and tempered conditions increases, peak 

load increases and maximum displacement decreases. The same observation is made for the conditions 

shown in Figure C.3(b). All conditions, with the exception of A39, exhibited consistent behavior between 

replicate tests. Three specimens of conditions A39 were tested due to the observed scatter in initial 

replicates; limited plasticity was observed in this condition, in addition to the lack of consistent notch 

tensile fracture behavior. 

Testing was conducted according to ASTM E399 for fracture toughness, despite the CNT 

geometry not being a recognized fracture toughness geometry. All conditions showed “Type 1” behavior 

with PQ<Pmax using the 95 pct secant construction [81]. With the exception of QT45, all other conditions 

violated the Pmax /PQ < 1.1 requirement for small scale yielding, the result being the KQ is not a valid KIC 

value. 
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(a) (b) 
Figure C.3  Load-displacement plots for circumferentially notched tensile specimens tested in air. 

The displacement shown reflects extensometer extension. 
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 APPENDIX D: ELECTROCHEMICAL BEHAVIOR 

This appendix presents the results of select experiments probing the electrochemical behavior 

relevant to the hydrogen embrittlement study. Potentiodynamic polarization scans were performed to 

investigate polarization differences due microstructure or heat treatment in 3.5 pct NaCl. In select ISL 

tests, the electrode potential was monitored during testing, while pH was recorded post-mortem to probe 

bulk changes in solution chemistry. 

D.1 Potentiodynamic Scans 

Potentiodynamic scans were conducted for quench and tempered conditions. The tempering 

temperatures were selected to represent the extremes of the QT conditions used throughout this 

investigation. Polarization scans were conducted using a Gamry Interface 1010E potentiostat following 

guidelines in ASTM G5 for anodic polarization measurement [106]. The electrolyte was 3.5 pct (0.6M) 

NaCl in deionized water, as was used in all hydrogen embrittlement testing. The scans were run at 

0.167mV·s-1, with open circuit potential (OCP) conducted for 30 min prior to potentiodynamic 

polarization measurements. When argon deaeration was implemented, argon was bubbled at a rate of 

0.5 L·m-1 (1 ft3·h-1) for 30 min prior to any measurement. Argon deaeration was used to remove dissolved 

oxygen from the electrolyte. 

The polarization behavior for two tempering temperatures, and deaerated and quiescent 

conditions, is shown in Figure D.1. The degree of tempering has a clear effect on the OCP for the scans 

conducted with dissolved oxygen removed. A difference of approximately 75 mV is observed between 

the two conditions, with the more tempered conditions exhibiting a lower OCP. This behavior is not 

observed for the tests run in quiescent conditions without argon deaeration. The presence of dissolved 

oxygen increases the OCP for both heat treatments, and the polarization plots clearly show the transition 

in cathodic reaction mechanism around 0.01 mA·cm2
,  representing a limiting current density for the 

reduction of dissolved oxygen [107]. As the potentials become increasingly cathodic, i.e. more negative, 

the polarization behavior becomes similar for all conditions. Hydrogen embrittlement testing was 

conducted at a constant current density of 0.1 mA·cm2, which was selected to impose a constant rate of 

hydrogen evolution, independent of microstructural effects. From Figure D.1 the electrode potential is 

approximately -1000 mV to -1100 mV relative to the SCE reference electrode. This potential is reflective 

of the electrochemical conditions established when steel is cathodically protected via a sacrificial anode 

of zinc. 
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Figure D.1 Potentiodynamic polarization scans in 3.5 pct (0.6M) NaCl with quiescent conditions 
and argon deaeration, for martensitic microstructures tempered at 400 or 600 °C. The 
solid line plots the cathodic regime of interest, while the dashed line shows the anodic 
behavior. Removing dissolved oxygen through argon deaeration has a distinct effect on 
reducing the open circuit potential, and eliminating the oxygen reduction reaction and 
associated limiting current density. 

D.2 Electrode Potential and pH During Incremental Step Load Testing 

Electrochemical conditions during and after HE testing were investigated to determine if 

differences in solution chemistry occurred over the extended length of the test. During one ISL test of 

each condition, electrode potential was monitored via SCE in a standard three-electrode arrangement. 

Figure D.1(a) displays the electrode potential in mV versus test time for each condition. Electrode 

measurements were collected in 1 min intervals. An initial transient was observed for all conditions 

during the first 2-5 h of testing. Thereafter, the potential became more negative as the test proceeded. The 

average rate of change was -0.78mV/h, and the maximum deviation was 60 mV over the longest test (78 

h). The cyclic oscillations in electrode potential (observed in most tests) are apparently related to 

laboratory temperature fluctuations, as they occur at 24 h intervals. Taken as a whole, the decay in 

electrode potential is limited relative to the polarization from free corroding potential, and is not 

considered to have an appreciable effect on the hydrogen embrittlement response of the alloys.  

In a subset of HE tests, the pH was measured prior to testing and again after fracture. 

Figure D.2(b) displays the measured pH versus fracture time. Fracture time, corresponds with the end of 

the ISL test and not necessarily with the time between initial and final measurements; fracture often 

occurred in the middle of the night, and it was not possible to immediately measure pH in these instances. 
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The initial pH measurements were either slightly acidic or slightly basic in nature. No obvious 

explanation was found for this behavior, as the solution was prepared using the same procedure and 

reagents. Post-fracture, the pH became slightly more basic in each test in which pH was measured. The 

most basic pH was recorded as 9.3. The increase in pH is consistent with OH- production as H2O is 

reduced in electrochemical charging in neutral solutions. 

Kehler and Scully show that pH may significantly alter the polarization behavior of a low-alloy 

martensitic steel (UNS K92580) in the acidic regime; however, limited perturbation is observed as the 

solution pH transitions from neutral to extremely basic [108]. The effect of an abundance of H+ ions in 

solution pushes the polarization curve to greater current densities by orders of magnitude, though no shift 

is noted for increasingly basic conditions. Considering the minor changes in electrode potential and pH 

during the HE testing, the electrochemical conditions are considered constant for the duration of ISL 

testing. 

 

  

(a) (b) 
Figure D.2  (a) Electrode potential as a function of test time and (b) electrolyte pH versus fracture 

time, both for a subset of hydrogen embrittlement tests. Error bars in (b) reflect the 
standard deviation of the mean.  
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 APPENDIX E: HYDROGEN EMBRITTLEMENT TESTING 

E.1 Complete Incremental Step Load Test Data 

A summary of the incremental step load parameters is given in Table E.1. The step size in the 

initial loading profile for all conditions was 4.45kN (1000 lbf), which is a less than the 5 pct step size 

recommended in ASTM F1624 for all conditions harder than the QT34 condition. The load values (kN) 

provided in Table E.1 reflect the step size for that iteration. Two or three iterations were necessary to find 

Pth, and all conditions used 2 h holds up to 50 pct of the previous iteration’s fracture/cracking load, 

followed by 4 h hold until failure. The number of replicates at the final iteration was between 4 to 6. 

Statistics representing the mean and standard deviation (σ) of the fast fracture strength in air and the 

threshold load in hydrogen are presented for each condition in Table E.2 

 

Table E.1 Summary of ISL Load Step Sizes, Iterations, and Replicates 

 Quench & Temper Austempered Austemper & Temper 

Designation QT34 QT37 QT40 QT45 A39 A44 AT40 AT44 

Iteration    

1 4.45 kN 4.45 kN 4.45 kN 4.45 kN 4.45 kN 4.45 kN 4.45 kN 4.45 kN 

2 2.67 kN 2.00 kN 1.56 kN 1.11 kN 2.68 kN 1.56 kN 2.00 kN 1.11 kN 

3 - - 1.11 kN 0.89 kN 2.00 kN 1.11 kN - - 

Replicates 4 4 5 5 6 6 4 4 
 

 

Table E.2 Summary of Average and Standard Deviations of PFFS in Air and Pth in Hydrogen for Each 
Condition 

 Quench & Temper Austempered Austemper & Temper 

Designation QT34 QT37 QT40 QT45 A39 A44 AT40 AT44 

PFFS, kN 86.8 90.4 94.2 95.9 81.5 102.3 97.8 102.6 

σFFS, kN 0.47 0.09 1.18 0.32 8.57 2.65 0.32 0.03 

Pth, kN 59.4 39.0 25.1 17.4 35.2 22.4 35.0 22.2 

σth, kN 1.33 2.58 2.02 1.84 3.64 2.94 3.47 0.0 
 

 

Figure E.1 and Figure E.2 present all ISL data collected during this investigation. The load-time 

traces for each iteration, along with the step size, are shown for each condition. Conditions QT34, QT37, 

AT40, and AT44 required two iterations to identify the threshold load, while the remainder required three 

iterations.  While most tests conducted at the slowest loading profile exhibited relative consistency, 

certain conditions displayed appreciable scatter. The austempered conditions failed over multiple steps; 

condition A44 failed at five different steps, spanning a range of almost 9 kN (2000 lbf). The A39 

condition often failed without appreciable load drop, as displayed by most other conditions. The “X” 

symbol represents the failure point for these conditions. 
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Figure E.1 ISL profiles for quench and tempered conditions. Step size in kN (lbf) provided next to 
each iteration. Figures containing “X” indicate failure of a test at that point. 
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Figure E.2 ISL profiles for austempered (top row), and austempered and tempered (bottom) 
conditions. Step size in kN (lbf) provided next to each iteration. Figures containing 
“X” indicate failure of a test at that point. 

 


