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ABSTRACT 

Modern high-strength low-alloy (HSLA) steels, used extensively in commercial products such as 

high-strength linepipe and structural construction components, are coiled at temperatures ranging from 

400 – 600 °C. The microstructures produced are bainitic, often do not contain iron carbides, and contain 

microalloying additions such as vanadium (V). This study attempted to characterize the evolution of 

vanadium-containing precipitates in low-carbon, HSLA bainitic steels. Furthermore, the effect of varying 

nitrogen (N) concentration on precipitation was considered. The resulting microstructural characterization 

led to a  more fundamental understanding of the role of microalloying elements during processing, 

especially with respect to vanadium, in temperature ranges corresponding with hot-rolled strip coiling. 

A series of HSLA steels containing 0.06 wt pct carbon was considered: a base composition with 

no microalloying additions and multiple steels with variable microalloy content. Two steels contained 

only a nominal V microalloying addition of 0.06 wt pct and 75 or 150 ppm N and another steel contained 

multiple microalloying elements with nominal 0.06 wt pct V, 0.04 wt pct niobium (Nb), and 0.01 wt pct 

titanium (Ti). Initial characterization and processing of the investigated steels included prior austenite 

grain analysis, flow stress comparisons during simulated thermomechanical controlled processing 

(TMCP), and thermodynamic simulations. Hardness increases of approximately 20 – 30 HV in an 

extensive time-temperature study were then correlated with precipitation after reaustenitizing, rapid 

cooling to produce bainite, and holding at 550 °C in the vanadium-containing steels. Quantitative dark-

field transmission electron microscopy (TEM) was employed to characterize disk-shaped precipitates 

approximately 2 – 4 nm in diameter and 1.0 – 1.5 nm in thickness with a rock-salt crystal structure. The 

volume fraction of precipitates reached approximately 10-3 after holding for 5 h at 550 °C. An Avrami 

analysis was also applied to the measured volume fraction changes. This analysis correlated with TEM 

observations indicating growth of the precipitate phase through increases in diameter with minimal 

change in thickness. Compositional analysis of the precipitates via 3D atom probe (3DAP) analysis 

indicated the presence of both vanadium and chromium (Cr) in the precipitate phase. Furthermore, only 

nitrogen-containing compositions were found and no carbonitride compositions. A V-Cr solubility model 

was considered to show that a mixed nitride phase would be predicted. Additionally, a cross-correlative 

TEM and 3DAP analysis confirmed that a secondary precipitate phase and not solute clusters were 

present at the times and temperatures investigated.  

The importance of soluble nitrogen on the precipitation characteristics was highlighted by the 

3DAP compositional analyses and multiple comparative experiments. Reductions in volume fraction of 

precipitates in bainitic ferrite at 550 °C were observed in both the vanadium-containing steel containing 
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lower nitrogen content (75 ppm) as well as in a V-Nb-Ti microalloyed steel in which nitrogen in solution 

was reduced from precipitation of an additional Nb-rich phase during high-temperature processing. The 

differences in measured volume fractions were confirmed by calculations utilizing differences in nitrogen 

content. Additionally, a reduction of available vanadium for precipitation in ferrite was confirmed by 

compositional analysis via energy dispersive spectroscopy in the V-Nb-Ti steel due to formation of the 

additional phase at high temperatures. 

Precipitation during simulated TMCP, which included high-temperature deformation and an 

accelerated cooling step to the coiling temperature, was also investigated in one vanadium-containing 

steel. No differences were found in precipitate morphologies, volume fractions, and number densities 

after a simulated coiling hold at 550 °C when compared with a processing route involving only heat 

treatments. Furthermore, quantitative analysis with scanning transmission electron microscopy revealed 

no measurable differences in dislocation densities in the bainitic ferrite between the two processing routes 

investigated (i.e. with and without high-temperature deformation). A recovery model was considered that 

accounted for interactions between precipitates and dislocations and indicated a delay in recovery for 

specific time ranges at 550 °C. At coiling temperatures below approximately 500 °C, experimental 

evidence did not indicate the presence of vanadium-containing precipitates, thus indicating that vanadium 

would not delay recovery in the form of a precipitate phase at lower coiling temperatures. Overall, the 

results highlighted the efficacy of vanadium as a nitride former which can prevent recovery during the 

first few hours of coiling at temperatures around 550 °C in industrial strip production.  
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CHAPTER ONE 

  
INTRODUCTION 

The utility of microalloying has long been realized in the precipitation strengthening of 

ferrite-pearlite steels to achieve yield strengths of approximately 600 MPa [1–4], but precipitation 

strengthening in modern high strength low alloy (HSLA) steels which contain high volume fractions of 

non-lamellar eutectoid decomposition products and/or carbide free bainite has not been broadly 

researched. Many steel products and applications could still benefit from increased strengths, which will 

lead to both mass reduction and economic savings. Pursuant to these factors, detailed investigations of the 

effect of microalloying elements on the microstructural evolution and properties in bainitic HSLA steels 

are needed. Areas in the microalloying literature which are lacking information include detailed analysis 

of precipitation during and/or after the formation of the bainitic microconstituent in low-carbon HSLA 

steels with industrially relevant compositions and consideration of both individual contributions and 

synergistic effects of the microalloying elements. Additionally, consideration of the concentrations of 

interstitial solute species available for carbide and nitride formation is needed. This work intends to 

address questions regarding the effects of vanadium and other microalloying elements on the evolution of 

bainitic microstructures in temperature ranges corresponding to the completion of accelerated cooling in 

plate and strip product and typical coiling temperatures for hot strip (i.e. 400 – 600 °C) [5–7]. 

1.1 Industrial Relevance 
HSLA steels have important commercial applications in product forms of structural steel plates 

and hot-rolled strip steels with thicknesses of 3 – 15 mm. Applications range from high-strength API 5L 

linepipe steels to strip for vehicles, mobile cranes, buildings, etc. Small changes in composition are 

extremely important in these steels and alloying is kept to a minimum to ensure good weldability. 

Furthermore, microalloying methods to increase the strength of carbon-manganese steels generally 

involve small additions of niobium (Nb), titanium (Ti), and vanadium (V). These microalloying additions 

have traditionally served two purposes: 1) to restrict recrystallization and grain growth of the austenite 

grains during hot rolling which results in ferrite grain refinement [8–15], and 2) to provide extra 

strengthening of the ferritic matrix through precipitation of the microalloying elements as carbide, nitride, 

and/or carbonitride precipitates [6, 16–19]. Processing and product considerations (e.g. cost, 

strength/toughness) have led to the development of modern mill techniques to obtain microstructures 

which contain predominantly low-carbon bainitic ferrite with isolated regions of a martensite-austenite 

constituent. An example of a possible processing route is shown in Figure 1.1 highlighting the controlled 

rolling regime for austenite grain refinement and accelerated cooling routes to avoid ferrite-pearlite 
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microstructures.  The advances in mill practices, such as controlled rolling and accelerated cooling, have 

led to further increases in strength while retaining high levels of toughness in low-carbon HSLA steels [4, 

20]. In the same regard, adjustments to microalloying composition, especially with additions of 

vanadium [1, 21, 22], have been shown to influence the microstructural development during processing, 

precipitation phenomena upon cooling, and ultimately the final product properties. 

 

Figure 1.1 Processing schematic showing possible processing path with controlled rolling and 
accelerated cooling [23]. 

Increased interest in the influence of microalloying additions in modern HSLA steel is related to 

the relevant processing paths and austenite-to-ferrite transformation temperature. In medium-carbon 

bainitic steels, sometimes used in forging and rail steels, plate and lath bainite is formed at rather low 

temperatures in association with iron carbides. Since these temperatures are often too low for any 

appreciable formation of microalloying precipitates (due to diffusional considerations), any strengthening 

derived from microalloying additions is in the form of solid-solution strengthening or refinement of the 

microstructure during high-temperature processing. However, as carbon levels have been lowered to 

0.05 –  0.10 wt pct in modern HSLA steels due to weldability considerations, higher bainite 

transformation temperatures in the range where complex grain morphologies of acicular ferrite, granular 

bainite, and martensite-austenite islands are present in a microstructure lacking iron carbides [24]. The 

higher transformation temperatures along with the formation of acicular microstructure may lead to 

increased strengthening since diffusion of microalloying solute elements is possible and could allow 

nucleation of a separate microalloy-containing phase or the formation of clusters containing the 

microalloying elements.  
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1.2 Research Objectives 
A fundamental understanding of the role of microalloying elements in processing of modern 

low-carbon HSLA steels can be beneficial since the historical understanding of the relationship between 

microstructure, precipitation, and strengthening in microalloyed steels, as described by Pickering and 

Gladman [25–27], may need to evolve for consideration in bainitic microstructures. Particular emphasis 

on investigations of steels with additions of vanadium, along with increased nitrogen contents, are 

needed. Furthermore, relating phase transformation and precipitation behavior to processing conditions 

such as deformation during hot rolling and coiling temperatures would contribute to the understanding of 

microstructure evolution during coiling and/or run-out-table practices and ultimately lead to optimization 

of microstructure to improve mechanical properties. 

In consideration of areas in the extensive microalloying literature collection which would benefit 

from a more fundamental understanding of precipitation during processing and after the formation of 

bainitic ferrite, especially with respect to vanadium, several research questions were formulated and 

attempted to be addressed by this work: 

1. Does the formation of bainitic ferrite in modern low-carbon steels affect the nucleation and 

growth kinetics of vanadium-containing precipitates when compared with historical 

tempering investigations on bainitic steels, predictions with classical nucleation theory, 

and/or different processing conditions which can affect the phase transformation to bainite? 

2. Does nitrogen solute content have an effect on the evolution of vanadium-containing 

precipitates in bainitic ferrite, especially with respect to nucleation kinetics, composition and 

volume fraction? 

3. What is the role of the dislocation density in bainitic ferrite with regard to vanadium 

precipitation? How do these two microstructural constituents evolve during processing and 

ultimately contribute to strength? 

4. What pre-precipitation and/or clustering phenomena can be detected and analyzed, if any, to 

relate to precipitation of microalloy carbides/nitrides in bainitic ferrite? 

1.3 Thesis Overview 
A series of focused experiments and characterization studies were conducted to determine the 

effects of vanadium and other microalloying elements in low-carbon HSLA steels. Chapter Two discusses 

topics related to processing in modern HSLA steels, vanadium precipitate crystallography, nucleation, 

and thermodynamic considerations, beneficial effects of vanadium additions in bainitic microstructures, 

and characterization of small precipitates in ferrite. The experimental details and characterization 

techniques utilized in the thesis are reviewed in Chapter Three. Many of the experiments had a 
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microstructural characterization focus and careful analysis of the microstructures with several electron 

microscopy techniques and 3D atom probe tomography (3DAP) is presented. Chapter Four presents 

results related to the initial characterization and processing of the investigated steels, including prior 

austenite grain analysis, flow stress comparisons during simulated thermomechanical processing, 

thermodynamic simulations, initial 3DAP tomography on one V-containing steel, and the hardness 

evolution from a time-temperature study. While the results from the time-temperature study provided the 

most useful information for guiding subsequent characterization studies related to precipitation, the other 

experiments are reviewed to establish benchmarks for the microstructural evolution in the studied 

materials. 

Chapters Five and Six include the characterization of microstructures after processing, focusing 

on precipitate analysis, and discuss the implications of the findings in relation to the research objectives 

and questions. Chapter Five presents numerous analyses utilizing quantitative transmission electron 

microscopy (TEM) for precipitate characterization with complementary characterization from other 

techniques to provide an overall assessment of the microstructures from the different steel compositions 

and after varied processing. 3DAP analysis was also utilized for precipitate characterization in the 

V-containing steels. The results lead to a discussion of the precipitate evolution compared to historical 

studies and comparisons in precipitation for the differing processing routes. Furthermore, an Avrami 

analysis is discussed as well as its correlation to the observed precipitate evolution. Additionally, a mixed 

precipitate model is examined in the context of 3DAP results and determinations of precipitate volume 

fraction variances for different steel compositions are given. Finally, a cross correlative TEM-3DAP 

analysis is presented. Chapter Seven provides the reader with a summary of the major findings and 

conclusions of the work. 
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2 
CHAPTER TWO 

  
BACKGROUND 

Microalloyed steels have long been employed and generally contain small additions of 

titanium (Ti), niobium (Nb) and vanadium (V). The successful development and subsequent scientific 

understanding of these steels accelerated in the early 1960s mainly due to increased utilization of 

niobium-treated steels. Relatively small additions of niobium gave significantly increased strengths with 

good toughness in the final product. Further research and development led to identification of Ti and V as 

useful alloying additions in small quantities. Today, a microalloying addition is defined as an alloying 

addition to a steel of an alloy level up to 0.10 wt pct for a single element and 0.15 wt pct for a 

combination of multiple elements. Yield strength increments from these additions can reach two to three 

times that of plain carbon-manganese steels. Another term often associated with that of microalloyed 

steels is high strength low alloy (HSLA) steels. These steels represent a group of low-carbon steels which 

typically have total alloying additions of less than 3 wt pct, often due to weldability concerns. The 

majority of these steels utilize microalloying additions to achieve the high strengths through grain 

refinement and precipitation strengthening. The microalloying additions in HSLA steels have significant 

effects on the microstructural evolution during thermomechanical processing (i.e. deformation of the steel 

at high temperature, often in the austenite phase region, such as a hot-rolling process). 

This background section will discuss the general aspects of processing in modern HSLA steels 

along with the microstructures often achieved. Next a detailed discussion of vanadium precipitation will 

be given, covering crystallography, nucleation characteristics, thermodynamic considerations in 

precipitation and composition and beneficial effects of V-additions in bainitic microstructures. The 

discussion of precipitation in bainitic microstructures is included due to the scope of the project being the 

study of vanadium precipitation in bainitic microstructures. Finally, a short review of the modern 

characterization methods utilized for characterization of small precipitates, which are also relevant to this 

body of work, will be presented as well as some of the limitations and misinterpretations present in the 

literature. 

2.1 Processing and Microstructure of HSLA Steels 
This section will review some of the practical aspects of production related to HSLA steels.  

These will then be related to characteristic microstructures often achieved, microstructure evolution 

during processing, and the important microstructure-property relations which have large effects on the 

final properties (excluding precipitation in ferrite, which will mainly be covered in Section 2.2). 
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2.1.1 General Processing Considerations 
In current steel making practices, hot rolling is generally carried out with the steel in the austenite 

phase with temperatures ranging from 800 to 1200 °C. Large reductions of steel slab thicknesses are 

possible in this temperature regime due to the low flow stresses. Current production practices, for 

example, allow for reduction of a 250 mm thick slab to 2 mm thick hot strip with relatively low force 

compared to traditional practices. Hot rolling begins with roughing in modern hot strip mills in the 

approximate range of 1100 to 1200 °C. Slabs up to 250 mm thick are reduced in thickness to transfer bars 

approximately 30 to 50 mm thick. Subsequently, finish rolling is carried out on a four- to seven- stand hot 

mill at temperatures as low as 800 to 900 °C. This converts the transfer bars into strip approximately 2 to 

3 mm thick which is then coiled or into plate product with typically ranges from 10 to 30 mm thick [1]. In 

contrast, a thin slab casting operation can produce an initial solid product with thicknesses usually greater 

than 13 mm while thin strip casting operations achieve thicknesses less that this value upon 

solidification [2]. Differences in mill configurations and specific limitations of available equipment will 

ultimately control the specifics of coil and plate product production. An example of a thin slab casting 

operation is shown in Figure 2.1. In the conventional slab casting operation described initially, significant 

reduction of the cast slabs via a progression of roughing stands is necessary before finishing passes, 

accelerated cooling, and coiling operations are applied. 

Hot rolling was traditionally carried out to simply reduce the thickness of the steel slabs to the 

desired thickness of the final product. Post-mill heat treatments were then often necessary to achieve the 

desired microstructure and properties through separate controlled heat treatments. Modern practices, 

however, can achieve the desired properties through controlled rolling in which microalloying elements 

such as niobium, titanium, and vanadium are used in conjunction with rolling at controlled temperatures 

through both the roughing and finishing passes. These methods produce the desired microstructural 

properties through conditioning of the austenite grains during hot rolling and utilization of microalloy 

Figure 2.1 Key components of a thin slab casting mill [2]. 
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carbonitride precipitation to control austenite grain growth and recrystallization. Refinement of the 

austenite grains results in subsequent refinement of the ferrite grains after transformation. Thus, as-hot-

rolled steel produced under controlled conditions can achieve high strengths and impact toughness 

through grain refinement without the need for separate heat treatments. Furthermore, the use of 

accelerated cooling, often achieved with laminar water curtains or water spray, in the 800 to 500 °C 

temperature range before coiling, can assist in suppressing the formation of ferrite-pearlite 

microstructures and promote bainite formation. Cooling rates of approximately 10 – 40 °C/s are often 

necessary to achieve a fully bainitic product but final product thickness ultimately controls the maximum 

achievable cooling rate (e.g. a maximum of approximately 80 °C/s is achievable in 10 mm strip). These 

practices both increase productivity and reduce costs for steel manufacturers and customers and often 

produce a high-strength, high-toughness final product with a bainitic microstructure. 

An additional point of consideration in the specifics of strip processing is the retention of heat in 

coiled product. Figure 2.2 shows coil cooling profiles versus time for two different thicknesses of strip in 

approximately 4-metric-ton coils. In the measurements from the figure, the coil cooled to temperatures of 

less than 500 °C in 5 h [3]. This value could change significantly depending on the final coil weight and 

the finishing temperature for the accelerated cooling step. Some manufacturers report maximum coil 

weights of approximately 30 metric tons which would significantly reduce the cooling rates. 

Microstructural evolution processes in this region need to be carefully considered as considerable 

recovery of the dislocation substructures may be possible in microstructures which avoid ferrite-pearlite 

mixtures. Also, precipitation of secondary phases, especially those containing microalloying elements, is 

likely to change with respect to the specific coiling conditions. 

 

Figure 2.2 Measurements of temperature versus time in approximately 4-metric-ton coils with two 
different thicknesses, 1.7 and 6 mm. The cooling profiles are from approximately the center of the coil for 
the 6 mm product and from regions near the inner and outer radii for the 1.7 mm product. The initial 
cooling rates within the first 3 h of cooling are indicated (adapted from [3]).
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2.1.2 Microstructure Evolution during Thermomechanical Processing 
For hot rolling to be successful in refinement of the austenite grain size, the temperatures must be 

controlled during repeated deformations to properly condition the grains. Deformation of the austenite can 

result in either recrystallization at high temperatures (from the high driving force to relieve the stored 

strain energy) or partial recrystallization and accumulation of strain hardening at lower temperatures. One 

type of controlled rolling that utilizes rolling in both regimes is called conventional controlled rolling. Hot 

rolling performed in two sequences: roughing and finishing, and the corresponding evolution of the 

austenite grain structure is shown schematically in Figure 2.3. Roughing is usually performed above 

1000 °C and utilizes repeated complete recrystallizations for grain refinement. This refines the austenite 

grain sizes to approximately 20 µm or less. Finish rolling is then completed at lower temperatures to 

produce elongated austenite grains (i.e. complete recrystallization is no longer possible) and deformation 

bands from the accumulation of strain hardening. Since ferrite nucleates at the austenite grain boundaries, 

the ferrite grain size produced will be finer when the transformation starts from a finer prior austenite 

grain microstructure. The elongated austenite grain microstructure produced from rolling greatly assists 

grain refinement due to the high ratio of grain boundary surface area to grain volume and thus increases 

the number of possible nucleation sites. The elongation or flattening of austenite grains is only possible 

when recrystallization is absent or retarded. Microalloying additions can be used to arrest austenite 

recrystallization during interpass delays with niobium carbonitride precipitation being particularly 

effective if substantial volume fractions form during rolling. 

 

Figure 2.3 Schematic showing the microstructural evolution of the austenite grains and associated 
ferrite nucleation for deformation below Tnr with only partial recrystallization between rolling passes 
and elongation of the austenite grains [4]. 

Several studies on HSLA steels have revealed the characteristics and complexity of 

microstructures present after thermomechanical controlled processing (TMCP) and accelerated cooling 
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techniques which prevent ferrite-pearlite decomposition products. With the compositions and processing 

routes now being utilized to achieve high strength, high toughness plate and strip products, a wide range 

of different bainite morphologies are produced depending on the specific cooling rates and chemistry. An 

overview of the complex bainitic microstructures obtained in low-carbon pipeline steels with strength 

levels in the X100 to X120 range (i.e. the API 5L specification provides standard for linepipe strength 

levels with the number following the “X” indicating the minimum yield strength in thousands of psi) was 

explored by Zajac and co-workers using high-resolution field emission gun (FEG) scanning electron 

microscopy (SEM) and electron backscatter diffraction (EBSD) analysis [5]. The researchers obtained a 

series of SEM micrographs to examine the overall microstructure characteristic of low-carbon linepipe 

steels, one example shown in Figure 2.4(a) (see next page) classified as granular bainite, and also study 

the distribution of secondary microconstituents, which included martensite-austenite (M-A) islands, 

cementite particles, retained austenite, and regions of incomplete transformation products. The different 

microstructures were also compared using EBSD inverse pole figures (IPF) maps with two examples 

shown in Figure 2.4(b) and (c). Classification of the microstructures in the figure was done by boundary 

misorientation distribution analysis which likely cannot cover the whole range of intermediate 

microstructures which fall between martensite and pearlite. Other work in low-carbon bainitic steels has 

highlighted the importance of manganese (Mn), molybdenum (Mo), and boron (B) in achieving granular 

bainite microstructures which contain small volume fractions of a M-A constituent [6].  

Further examples of microstructures obtained in steels with industrially relevant compositions 

and processing routes are shown in Figure 2.5 and 2.6 (see pg. 13). Figure 2.5 shows the microstructural 

analysis of an industrial low-carbon steel which was continuously cast and hot rolled to an approximate 

3 mm gauge thickness. Both the light and transmission electron micrographs indicate a significantly 

refined microstructure with a complex mixture of ferrite and bainite. Figure 2.5(b) and (c) indicate 

regions of high dislocation densities in areas with more significant grain refinement and areas with lower 

dislocation densities associated with more polygonal ferrite grains. This example was chosen due to 

comparable alloying additions to the steels explored in this body of work. In contrast, other examples of 

microstructures after TMCP include lathlike grain morphologies obtained in various low-carbon HSLA 

steels as shown by the transmission electron microscopy (TEM) images in Figure 2.6. Although the 

microstructures in the two steels indicated an overall granular appearance (and possibly some quasi-

polygonal ferrite grain morphologies), the TEM analysis indicated that the acicular attributes 

representative of bainitic microstructures were still present. Prior work has shown that terms such as 

“granular bainite” can be misleading since specimens can show a lath substructure in microstructures 

which classically have been identified as granular bainite [7]. 
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(a)

 
(b) 

 
(c) 

Figure 2.4 (a) SEM image of microstructure from a thermomechanically controlled processed 
0.045 wt pct C steel which achieved a X120 grade. (b,c) Inverse pole figures from electron backscatter 
diffraction scans on low-carbon linepipe steels processed to produce different bainite morphologies 
showing (b) granular bainite and (c) upper bainite [5] (color image  – see electronic copy). 

Differences in the grain and sub-grain morphologies likely have impacts on structure-property 

relationships, so consideration of the influence of the complex microstructures presented here should be 

noted. In terms of strength and toughness, most refinements in the grain structures have positive results. 

Zajac et al. found that the “equivalent” grain size in bainitic microstructures can be identified by defining 

boundaries with greater than 8° misorientation. The equivalent grain size based on this convention 

correlated well to mechanical properties [5]. However, other work has indicated that the strength of 

bainite is proportional to the inverse lath width defined by 2 – 7° boundaries [9]. This was justified by a 

model assuming lath and dislocation cell boundaries are both effective barriers to dislocation motion. In 

relation to the characteristic microstructures presented here in low-carbon steels after TMCP, overall 

strength is controlled by the examples of fine microstructural attributes shown in the TEM images, such 

as the highly dislocated structures in Figure 2.5(b) and the lathlike grains which likely have low 
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misorientations with respect to adjacent grains. Furthermore, the influence of boundary and sub-grain 

features are worth noting in the context of microalloying since the addition of microalloying elements can 

affect the evolution of these complex non-equilibrium microstructures. 

 
(a) 

 
(b) 

 
(c) 

Figure 2.5 Microstructures from an industrial heat of a continuously cast, hot-rolled 0.05C-1.5Mn-
0.1Mo-0.07Nb-0.07Ti steel showing (a) overall grain structure from a light micrograph and (b,c) 
representative low magnification transmission electron micrographs with mixtures of ferrite grains 
containing different levels of dislocation density (adapted from [8]).  

 
(a) 

 
(b) 

Figure 2.6 TEM images of lathlike ferrite microstructures obtained in (a) an ultra-low-carbon, 
Mo-bearing microalloyed steel [10] and (b) an industrially processed, continuously cast Nb-microalloyed 
pipeline steel [11]. 
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2.2 Microalloy Precipitation in Steels 
The impact of microalloying additions have long been considered in HSLA steels. As mentioned 

previously, both Nb and Ti have been used extensively to improve the final properties through a variety of 

microstructural effects. Their additions allow for austenite grain refinement by slowing the kinetics of 

austenite recrystallization through solute drag and/or Zener pinning mechanisms and can also allow for 

the formation of high stability precipitates (e.g. titanium nitrides) which inhibit grain growth at very high 

temperatures. One example of strain-induced precipitation during austenite conditioning in a 

Nb-microalloyed steel is shown in Figure 2.7(a). These characteristics of microalloying elements allow 

mainly for austenite grain size control and enhanced refinement of grain structures during hot rolling 

which ultimately leads to finer ferrite grain sizes and/or domains of non-equilibrium products. Of course, 

both strength and toughness can be improved by the refinement of the prior austenite grain structure 

which in turn will provide refinement to the ferrite grain size. Some consideration, however, also needs to 

be given to the final austenite decomposition products. 

 
(a) (b) 

Figure 2.7 (a) Strain-induced (Nb,Ti)(C,N) precipitation in a Nb-microalloyed steel [8] and (b) rows 
of Nb(C,N) precipitation on dislocations in ferrite (adapted from [18]). 

Additional to grain size refinement, precipitation hardening by both interphase precipitation 

during the γ (austenite) → α (ferrite) transition and random precipitation in ferrite after transformation has 

been utilized to increase strength and hardness [12–16]. An example of the microstructural evidence for 

the increase in strength is shown in Figure 2.7(b) which shows nearly linear arrays of niobium 

carbonitride precipitates on dislocations in ferrite. These particles of course increase the strength of the 

ferrite since the dislocation lines segments were pinned by the precipitates and free line segments would 

have been required to bow between the pinned segments via the Orowan mechanism in order to glide on 
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their slip plane. Similarly, Ti additions have been utilized to produce both random and interphase 

precipitates which have been characterized in a variety of steels in the literature and been shown to 

influence strength and hardness [12, 13, 17]. 

Similar to niobium and titanium additions, vanadium also has been used extensively as a 

microalloying addition in HSLA steels with the advantage of having a strong driving force for carbide and 

nitride formation. An advantage of precipitation in vanadium steels is that the solubility of vanadium 

carbides/nitrides is greater than those formed by Ti and Nb [19]. Carbide and nitride solubility data have 

already been compiled for the main microalloying elements in multiple publications. One collection of the 

V and Nb solubilities versus temperature for published solubility products is shown in Figure 2.8 [20]. 

The figure highlights the greater solubility of VC and VN versus the respective carbides and nitrides of 

niobium. Furthermore, the figure also shows the large difference in solubility of VC when compared to 

VN (where the difference between NbN and NbC is smaller) and the spread of published solubility 

product data for each carbide/nitride. Since the solubility of V has shown to be larger than any of these 

elements in austenite, vanadium generally does not affect hot deformation processes as it stays in solution 

during rolling and has a low solute drag coefficient [16, 21]. 

 
(a) 

 
(b) 

Figure 2.8 Temperature dependence of the solubility products found in the literature for (a) VC and 
VN and (b) NbC and NbN in both austenite and ferrite where ks is the solubility product. Note that the 
solubility product scale for Nb in part (b) in the figure is less than that shown for V in part (a) (adpated 
from [20]). 

2.2.1 Vanadium Precipitate Stoichiometry, Composition, and Effects in Ferrite 
The literature indicates the stoichiometry of vanadium precipitates is between VX0.75 and VX 

with carbides generally closer to VX0.75 (e.g. V4C3) and the nitrides (e.g. VN) falling closer to the upper 
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limit [22]. Both compounds have a FCC NaCl-type crystal structure. The lattice parameters are well 

established in the literature with VC having a value close to 0.41686 nm (not perfectly stoichiometric) 

and a stoichiometric VN with a value of 0.41398 nm [23, 24]. The two compounds do show complete 

mutual solubility so that carbonitrides with variable composition can be found [22, 25]. The composition 

depends on the ratio of carbon and nitrogen available for V precipitation. In low-alloy steels, the effect of 

the available nitrogen to carbon ratio on the composition and solubility of vanadium carbonitrides, 

V(C,N), becomes very important [26]. A large body of work was produced at the Swedish Institute for 

Metals Research studying the thermodynamics of V(C,N) formation and highlighting the importance of 

nitrogen level [20, 27, 28]. Calculations indicated that approximately 50 ppm of nitrogen or higher are 

needed to form nitrogen-rich vanadium carbonitrides as shown by the thermodynamic calculation in 

Figure 2.9(a). Furthermore, increases in dissolved nitrogen were directly correlated to an increase in 

driving force for V(C,N) precipitation, which was concluded to ultimately increase the nucleation rate and 

decrease the interparticle spacing and particle size as shown by part (b) of the figure.  

 
(a) (b)

Figure 2.9 (a) Thermodynamic calculation of the amount of carbon in vanadium carbonitride 
precipitates with varying nitrogen and (b) plots showing the particle diameters for V(C,N) precipitates in 
0.01C-0.12V steel after transformation at 650 °C [20]. 

Further considering the interstitial species in ferrite which are influential in the precipitation of 

V-containing phases in microalloyed steels, a high driving force for nitrogen-rich V(C,N) formation is 

well established [20, 29, 30]. Thus, carbon may be considered to have very little effect on the 

precipitation of vanadium carbonitrides. However, the metastable equilibrium solubility limit of carbon in 

ferrite must be considered with respect to a two-phase microstructure (e.g. ferrite + austenite) upon 

transformation to ferrite or bainitic ferrite, especially in a case in which the bainitic ferrite remains 
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partially supersaturated with carbon during the transformation and/or iron carbide formation is 

minimized. The solubility of carbon in metastable equilibrium with austenite at 600 °C can be up to five 

times greater than the true solubility in equilibrium with cementite [27]. Thus, during the initial stages of 

transformation of austenite to ferrite, the activity of carbon in ferrite could be higher than equilibrium. 

The authors of the referenced study argue that carbon activity during a precipitation process could 

essentially remain unchanged since the diffusion of carbon is high around the transformation temperature. 

Thus, their argument in their study was that the resultant supersaturation of carbon in ferrite during the 

initial stages of transformation increases the driving force for V(C,N) precipitation and resulted in 

increased nucleation rates. Another study by the same group has presumably confirmed an increase in 

V(C,N) particle density with increasing carbon concentration through TEM [31]. However, the analysis 

did not include any quantitative TEM analysis (diffraction pattern analysis, dark-field imaging, volume 

fraction measurements, etc.) of the precipitates besides size measurements and contributions of 

precipitation strengthening were deduced by subtraction of the main microstructural strengthening 

components (grain size and pearlite volume fraction) from measured yield strengths. No consideration 

was given to dislocation strengthening or the interaction of dislocations and the precipitates. 

Additional work exploring V additions on the properties of microalloyed steels have provided 

evidence of its benefits with studies mainly documenting increases in yield strength [31–35]. Two 

examples from these references are shown in Figure 2.10 (see next page). The results in Figure 2.10(a) 

show the differences in yield strength in a number of V-containing steels with V concentrations of 0.05 – 

0.23 wt pct and N concentrations of 90 – 140 ppm [32]. While much of the difference in yield strength 

was due to varying levels of vanadium, a few of the steels contained similar levels of V and different 

levels of N which separated them into the low and high yield strength groups. A second example 

highlighting the importance of total N content on the precipitation strengthening is shown in 

Figure 2.10(b). As noted previously, the nitrogen concentration can influence the precipitation 

characteristics in V-microalloyed steels and was shown in this study to increase the dispersion 

strengthening with increased N concentration. 

2.2.2 Morphology and Nucleation Observations 
When vanadium-containing precipitates nucleate in ferrite, the literature has well established that 

precipitates form with the Baker-Nutting (B-N) orientation relationship with {100}α || {100}V(C,N) and 〈011〉α || 〈010〉V(C,N) [36]. Many of the early studies provided evidence for vanadium precipitates through 

TEM electron diffraction patterns analysis when vanadium additions were being considered in steels [37–

40]. In one of these references, Ustinovschikov provided a thorough examination of the V-precipitate 

evolution in a high V content steel. A schematic analysis of a [100] ferrite zone showing two variants of 

the vanadium carbides is given in Figure 2.11 (see pg. 20). The author also noted the streaking in the 



18 

diffraction patterns due to the precipitates having a disc shape and lying on the {100} planes of ferrite. 

The misfit of vanadium precipitates reaches approximately 3.0 pct between 〈001〉α and 〈011〉V-ppt for the 

carbide and is slightly less for the nitride with a value reaching approximately 2.4 pct. Between the 〈001〉α 

and 〈001〉V-ppt directions, the misfit is approximately 28 pct, with this interface parallel to the normal of 

the disc and likely incoherent with the ferrite matrix. Any dilation of the ferrite due to elements in solid 

solution will decrease the misfit between ferrite and the V-containing precipitates further, including 

manganese, chromium, and molybdenum, all of which are common alloying additions in HSLA steels. 

A short discussion of the nucleation mechanism of microalloying carbides and/or nitrides may 

also be pertinent. Emphasis on nucleation is often presented in the interphase precipitation literature, but 

discussions of nucleation are now also appearing in literature for random precipitation in Nb-, Ti-, and V-

containing steels. TEM characterization and the more widespread use of methods allowing the 3D atomic 

reconstruction of small volumes of material (e.g. 3D atom probe tomography) have assisted in 

characterization of small precipitates and/or nucleii. Overall, there is no unanimous agreement whether a 

nucleation and growth or spinodal decomposition process is operative in the local formation of the 

microalloying element-containing phase. Furthermore, there are varied opinions on the early stages of 

partitioning processes in the formation of a cluster, zone, or precipitate embryo. 

In Nb-containing systems, both a transition of intermediate carbides through a clustering 

mechanism [41] and formation of Guinier-Preston (G-P) zones of nitrides have been argued [42, 43] in 

(a) (b) 

Figure 2.10 (a) Yield strength of various V-steels with ferrite-pearlite microstructures and V levels in 
the range of 0.05 – 0.23 wt pct and N levels in the range of 90 – 140 ppm and (b) effect of nitrogen 
content on the interphase precipitation contribution to yield strength of continuously cooled 0.09 wt pct V 
steels [33]. 
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the early nucleation stages. Some other interesting work outside of the microalloying context but relevant 

in the context of secondary phase formation is that of Spiers [44] and Driver [45] in molybdenum-

containing steels. They showed evidence of homogenous precipitation of coherent metastable disc-shaped 

zones on {100} planes of the Fe-Mo-N system and argued that Fe-Mo-N zones are produced by clustering 

in mixed substitutional interstitial areas 10 – 15 nm in diameter and 0.6 – 0.9 nm thick. However, direct 

comparison of the zones found in these studies directly to carbide/nitride formation in microalloyed steels 

should be done with consideration that the Fe-Mo steels contained over 3 wt pct Mo and were subject to 

constant activity nitriding. Formation of secondary phases or zones under these conditions is very 

different than in steels with tenths of weight percent of carbide and nitride forming elements and only 

soluble carbon/nitrogen available. Continuing with the discussion of nucleation in microalloying element-

containing steels, spinodal decomposition was argued for the formation of TiN plates in which a tweed 

structure of plates was analyzed and did not appear to be associated with any dislocation structure in a 

Ti-containing steel [46]. This work was also later reexamined by a researcher who concluded the 

formation of G-P zones which may contain more N atoms than Ti atoms [47]. In a final example for 

V-containing steels, G-P zones have been reported for both carbides and nitrides [39, 48]. In all the 

literature reviewed, zones have not been definitely identified in hot-rolled microalloyed steels especially 

when considering much of the older literature examined constant activity nitriding in steels with 

concentrations of elements much above common microalloying levels. Furthermore, understanding of 

diffraction pattern attributes from disc-shaped precipitates has significantly evolved since much of the 

initial work was completed. 

2.2.3 Precipitation in Ferrite (with Emphasis on Bainitic Ferrite) 
Descriptions of the kinetics of precipitation, chemistry, and morphology of microalloy particles 

formed in bainite are extremely varied in the literature. Sometimes, the varying interpretations are due to 

arguments regarding the diffusion of elements at the ferrite-austenite interface and possible 

supersaturation of carbon in ferrite upon transformation. However, the beneficial effects of vanadium in 

acicular and bainitic ferrite have been examined in several studies. One study examined the effects of 

aging at 600 °C on acicular ferrite pipeline steels produced by thermomechanical processing with 

subsequent on-line (i.e. accelerated) cooling [49]. Precipitation did not occur during the initial accelerated 

cooling process and was only found after additional reheating to 600 °C for 10 h and subsequent air 

cooling producing a 120 to 130 MPa increment in yield strength. Another study worth mention presented 

evidence that vanadium additions promoted the formation of acicular ferrite. Figure 2.12 (see pg. 21) 

highlights the results of the study showing an interwoven or cross-hatched acicular ferrite microstructure 

in the V-containing steel versus a coarse bainitic structure in a vanadium-free steel [50]. Extensive TEM 

analysis found no evidence of fine V(C,N) precipitates although significant levels of vanadium and 
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nitrogen were available, up to 0.5 wt pct and 190 ppm, respectively. Secondary ion mass spectroscopy, 

however, indicated vanadium segregation to prior austenite grain boundaries. 

 

Figure 2.11 Schematic representation of [100] ferrite zone with two variants of reflections of vanadium 
carbides shown and labeled c’ and c’’. Note that the reflections for the carbides show a dot indicating the 
center of the reflection and a bold line indicating streaking of the reflection due to the plates of carbides 
on {100} ferrite planes [40].  

Other benefits of vanadium include its role in the retention of strength after on-line accelerated 

cooling. Precipitation could occur early enough to prevent significant dislocation recovery during a 

coiling step or in heavy gauge plate which air cools after the stop of accelerated cooling. This argument 

was made in the case of a V-containing steel subject to a simulated thermomechanical processing 

simulation with a simulated coiling hold at 450 °C [51]. In the study, several low-carbon strip steels with 

base composition of 0.04C-1.4Mn-1.0Cr-0.25Mo were investigated, all with approximately 0.08 wt pct V 

addition except for one reference steel. The study focused on the recovery of the dislocation substructure 

and retention of strength during coiling simulations. For this purpose, a set of specimens was 

thermomechanically processed by reaustenitizing the steels, deforming in the austenite phase fields, 

cooling 30 °C/s to coiling temperatures of 400 – 600 °C and then holding for an unspecified amount of 

time. Some specimens were not subject to the coiling operation simulation (i.e. no hold at 400 – 600 °C) 

to compare any differences between coiled and non-coiled specimens. The authors argued that the 

addition of vanadium prevented the recovery of the dislocation structure in bainite which allows for 

greater strength retention during coiling. The result reflecting their argument is shown in Figure 2.13(a) 

(see next page) which indicated that the reference steel without vanadium additions (labeled CrMo, 

reference) experienced substantial softening as the coiling temperature was increased, shown by a 
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strength decrease from approximately 780 to 690 MPa. The two V-microalloyed steels (labeled CrMoV 

and CrMoVN), however, demonstrated a greater retention of strength during coiling simulations. The 

only microstructural evidence associated with this is presented in Figure 2.13(b) which was interpreted as 

vanadium carbonitrides associated with the bainitic dislocation substructure. Other work has similarly 

demonstrated the effect of thermal softening by examining different cooling rates in an X100 steel which 

exhibits a yield strength reduction from 888 to 704 MPa when processing includes fast versus slow 

cooling rates, respectively [52]. The strength reduction was again attributed to the highly dislocated 

acicular ferrite microstructure obtained for fast cooling rates versus the less dislocated and more 

recovered ferrite structure obtained at slow rates. 

 
(a) 

 
(b) 

Figure 2.12 TEM images showing the difference in microstructure in (a) vanadium-containing steel 
consisting of acicular ferrite and (b) vanadium-free steel with coarse bainite [50]. 

In an attempt to describe the combination of the strengthening contributions of the 

microstructural features in the Siwecki et al. article [51], the authors separated the strength increments of 

the strain hardening (i.e. dislocation substructure of bainite) and precipitate strengthening, although 

neither was measured quantitatively. Using estimates for these microstructural quantities, they found that 

true dispersion strengthening from precipitation alone would not account for the additional strength found 

in the mechanical testing. Calculations using a root mean squared method for the combination of strength 

from hard obstacles (i.e. dislocations and precipitates) demonstrated that a precipitation strengthening 

increment of 256 MPa would be needed to compensate for the loss in strengthening from the recovery of 

the dislocation substructure (i.e. 90 MPa) in the reference steel. This amount of dispersion strengthening, 

however, could not be expected in bainitic steels due to the amount of solute available for precipitation. 

Furthermore, a maximum contribution of about 90 MPa to strengthening was expected from relation to 
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microalloyed ferrite-pearlite steels aged at 650 °C [20]. Thus, the conclusion was that thermally activated 

recovery of the dislocations was reduced by either V(C,N) precipitation or clustering and that these 

particles were the key factor in strength retention during coiling. This effect was apparently most 

pronounced at the lowest simulated coiling temperatures around 400 °C but was greatly diminished at 

550 °C and above as shown by yield strength in the two vanadium containing steels in Figure 2.13(a). The 

final interesting finding was that the high nitrogen steel (CrMoVN with 200 ppm N) tended to lose 

strength at the highest coiling temperatures whereas the low nitrogen steel (CrMoV with approximately 

100 ppm N) maintained higher strengths up to the highest coiling temperatures investigated. No reason 

was given for this result, and most studies suggest that increasing nitrogen contents produce strength 

increases [28]. Overall, the authors provided limited evidence of precipitation and dislocation interaction 

and argued in favor of a strength model with many assumptions on the basis of limited dislocation 

recovery due to vanadium carbonitride precipitation. However, the hypothesis that precipitation during 

coiling can assist in the retention of strength or maybe even increase strength in strip product was 

interesting. 

(a) 
 

(b) 

Figure 2.13 (a) Yield strengths of low-carbon Cr-Mo steels, some with vanadium additions, after 
simulated thermomechanical processing and a coiling hold. (b) Dark field image of the Cr-Mo-V steel 
coiled at 450 °C (arrow in part (a) is pointing to measured yield stress of the steel) using a diffraction spot 
compatible with V(C,N) to possibly highlight the precipitates in the bainitic ferrite (adapted from [51]). 

Other recent studies have explored the effects of vanadium additions in linepipe steels including 

work by Nafisi et al. [53]. Two steels were subject to a simulated processing schedule of a two-stage 

conventional controlled rolling process, accelerated cooling, and coiling at 450 °C. One of the alloys had 

a base composition of  0.06C-1.95Mn-0.41Mo-0.03Nb-0.0055N with residual vanadium and one had the 

base composition plus a 0.063 wt pct V addition, both of which formed a mostly bainitic microstructure 

after simulation. The results indicated that the vanadium-containing steel increased yield and tensile 
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strengths by 8 to 14% (60 to 95 MPa) while retaining the same toughness and ductility as the 

vanadium-free steel. This result was partially attributed to the smaller grain size and larger fraction of 

subgrain or low-angle boundaries in the vanadium-containing steel. The investigators also performed 

TEM particle analysis to identify any viable strength contributions from precipitation and possibly to 

correlate it to their tensile results. Extraction replicas found two types of precipitates in the V-containing 

steel, one which averaged 15 nm in diameter and containing up to 30% V and the other averaged 35 nm in 

size, was faceted, and contained both Nb and Ti but very little V. While the precipitates found in both 

steels were identified as (Ti,Nb)(C,N), the V-containing steel had a finer particle distribution with up to 

30% V in some particles analyzed. The study suggested that most of the particles precipitated in the 

austenite based on their size and distribution and did not contribute significantly to the strength increase 

observed through mechanical testing. Therefore, the conclusion was that the increased yield and tensile 

strengths may have been due to extremely fine vanadium or vanadium-niobium carbonitrides inhibiting 

the recovery of the dislocation structure as previously proposed by Siwecki et al. [51].  

There are a number of other studies that have noted an effect of vanadium and often an 

improvement of properties in various steels. Some of the early investigations in the tempering of 

V-containing steels was done by Tekin and Kelly in high purity 0.1 wt pct C steels [37] and by Irvine and 

Pickering in bainitic low-C steels [54]. The results of the hardness evolution in both studies were similar 

in that a peak in hardness was found after tempering for some time at a high enough temperature which 

gave rise to secondary hardening. In Figure 2.14(a) (see next page), a peak in hardness was observed in 

the quench and tempered V-containing steels after tempering for both 1 and 10 h at a temperature below 

approximately 600 °C. Irvine and Pickering represented their data with a Holloman-Jaffe type tempering 

parameter (i.e. a combined time-temperature parameter) as shown in Figure 2.14(b), with a peak in 

hardness apparent in both a 0.1 and 0.29 wt pct V bainitic steel. The Holloman-Jaffe parameter was 

converted into tempering time for 1 h at a temperature on the secondary x-axis scale. The peak in 

hardness was found at higher temperatures than Tekin and Kelly had shown. Both studies were able to 

correlate the increases in hardness with the precipitation of V-containing phase, which were most likely 

some form of a vanadium carbide.  

Another study worth mention is that of Tanino and Nishida which noted the high tempering 

resistance in some V-containing steels [39]. The authors argued that V-rich carbides in the steels both 

suppressed dislocation climb and reduced ferrite grain growth at temperatures of 700 °C. A study by 

Morrison et al. with more industrially relevant processing conditions, at least in the context of plate or hot 

strip processing, was completed on a number of vanadium- and niobium-containing steels [55]. These 

authors found that the ferrite-pearlite vanadium steels exhibited better properties (both strength and 

toughness) than the niobium-containing steel with processing under similar continuous cooling schedules. 
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Finally, some rolling studies by DeArdo et al. concluded that vanadium produces very little solute drag 

on boundaries during austenite recrystallization and does not promote strain-induced precipitation during 

controlled rolling [16]. This result was important since it indicated minimal vanadium precipitation in 

austenite during rolling which allows for vanadium to be freely available for precipitation during or after 

the austenite to ferrite transformation and thus contribute to the final strength of the steel. 

 
(a) 

 
(b) 

Figure 2.14 (a) Hardness changes in a high-purity 0.1C-0.5V steel after water quenching and tempering
[37] and (b) hardness versus tempering parameter in two 0.08C-0.63Mn-0.5Mo steels, both normalized 
but fully bainitic, with different V additions (reproduced from [54]). 

2.3 Characterization of Fine-scale Precipitate Phases in Steels 
This section will review some of the literature on advanced characterization in steels, with a large 

focus on TEM and 3D atom probe (3DAP) tomography. Furthermore, observations of some potentially 

incorrect interpretations will be discussed as well as some limitations in these characterization techniques. 

2.3.1 Advanced Characterization Techniques 
There have been increasing number of high-level characterization techniques being utilized in the 

characterization of steels, including high-resolution TEM (HRTEM), scanning transmission electron 

microscopy (STEM) along with the high-resolution version of this technique, and 3DAP tomography. 

These techniques have allowed for more concise visual characterization of secondary phases in steels but 

have not necessarily significantly increased overall knowledge of nucleation and morphological aspects of 

extremely fine-scale microalloy-containing precipitates. Even though recent developments and 

availability of 3DAP tomography has increased, allowing for analysis of volumes of tens of millions of 

atoms and obtaining compositional information at magnifications of approximately one million times, 

limitations in the technique still exist. Local magnification effects, due to differences in field evaporation 
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kinetics in different phases causing differences in local radii of curvature, and ion trajectory aberrations 

may cause changes in the point reconstruction of the data [56]. For precipitate, zone, and/or cluster sizes 

on the order of several atomic layers, defining boundaries between the precipitate and matrix can be 

difficult and thus size measurements may be unreliable in 3DAP analysis. Additionally, iron is ubiquitous 

in the volumes analyzed in steel samples, so flight-path aberrations are likely to cause error in very local 

composition measurements. 

Although limitations exist in these advanced characterization techniques, some examples of 

notable characterization studies in steels are reviewed here to demonstrate the possible information which 

may be obtained. Two examples of advanced characterization are shown in Figure 2.15 (see next page). 

Part (a) of the figure shows 3DAP analysis performed on a titanium-molybdenum microalloyed steel after 

simulated TMCP [13]. Based on the rows of precipitates observed in the 3D renderings of the atom probe 

tip, the researchers concluded that interphase solute clustering preceded (Ti,Mo)C precipitation. 

Furthermore, the clustering and precipitate morphology was argued to be disc-shaped although clear 

three-dimensional atom probe analysis or TEM characterization was not included to support this 

statement. Perhaps better characterization of disc-shaped nanoscale precipitates is shown by 

Figure 2.15(b) from a nitriding study on ternary Fe compounds [57]. Contrast from chromium nitrides 

with a NaCl-type structure and 10 nm approximate diameter from a Fe-1 wt pct Cr steel after plasma 

nitriding can be seen in the top part of the figure. The bottom two images show a HRTEM image on the 

left along with the fast Fourier transformation (FFT) of the image on the right. The FFT of the HRTEM 

image is analogous to a selected area diffraction (SAD) pattern obtained using conventional parallel-beam 

TEM imaging, although the latter would likely have shown the reflections for the chromium nitrides more 

clearly. Similar “clusters” were found in the Fe-V steel after nitriding. The current author would argue 

that the researchers mixed use of cluster and precipitate definitions in this work were inconsistent and that 

the data presented clearly show precipitation. Nonetheless, the overall results are interesting, especially 

the similarities found in the Fe-Cr-N and Fe-V-N systems investigated. 

A number of other examples of steel research employing the use of 3DAP analysis exist in the 

literature. One of the studies combined the use of HRTEM, 3DAP tomography, and small angle neutron 

scattering to investigate the formation of niobium nitride in a high-purity Fe-Nb-N steel [58]. Disc-shaped 

precipitates were found after aging at 600 °C and quantitative measurements indicated minimal thickness 

changes with time. Furthermore, the authors concluded that the maximum number density of precipitates 

formed in as little as 300 s. Another study by some of the same authors as the nitriding research reviewed 

in the above paragraph extended analysis to steels containing V and Cr additions [59]. The Baker-Nutting 

orientation relationship for the precipitates was again confirmed along with the disk-shaped morphology. 

3DAP analysis was able to clearly show multiple variants of the CrN precipitates in the Fe-1 wt pct Cr 
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steel on the 3D point distribution maps but not clearly in the steel with only V additions. Furthermore, 

some of the atom probe data analysis indicated that precipitates in the Fe-Cr-N steel contained both V and 

Cr, but the limited visual and quantitative evidence was provided. Finally, another study was found which 

investigated precipitation in a Ti-Mo microalloyed steel [60]. Multiple characterization techniques were 

utilized to study Ti-Mo interphase precipitates, including conventional bright-field TEM imaging, 

HRTEM, and 3DAP tomography. The researchers were not able to correlate evolution in hardness with 

time to what the researchers deemed again as clustering. However, more detailed conventional TEM 

analysis was not included which may have revealed aspects of microstructural evolution not presented in 

the work. More specifically, dark-field and electron diffraction analysis was also not utilized. 

 
(a) (b) 

Figure 2.15 (a) 3DAP analysis of Fe-C-Mo-Ti steel after aging 100 h at 650 °C (adapted from [13]) and 
(b) HRTEM analysis of CrN precipitation in a Fe-Cr-N system [57] (color image  – see electronic copy). 
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2.3.2 Factors Complicating Secondary Phase Analysis via TEM in Steels 
Several factors which could potentially complicate the analysis of small secondary phases were 

identified in the literature review, along with a few examples of misinterpretations of results. Any TEM 

analysis of steel specimens requires the preparation of electron transparent specimens, either through 

traditional electropolishing or FIB lift-out techniques. Neither of these preparation methods can prevent 

the subsequent oxidation of specimens during handling, transfer to specimen holders for TEM analysis, 

etc. The surface oxide films can form epitaxially and thus exhibit an orientation relationship with respect 

to the steel specimen. Much of the literature has identified the relationship as close to the Nishiyama-

Wasserman orientation relationship [61]. With this orientation relationship and surface oxidation being 

present (which is very likely), one set of diffuse oxide reflections will be present approximately halfway 

between the direct beam and the {200} ferrite reflections. Referring back to Figure 2.11 (see pg. 20), this 

corresponds to the approximate location where the lines connecting the {110} reflections and the line 

connecting the direct beam and {200} intersect. Another set of oxide reflections are very close to the 

locations for microalloy precipitate reflections near the {110} ferrite reflections. It is clear that the {200} 

and {111} reflections from the vanadium precipitates in the schematic diffraction pattern are not well 

separated from the oxide reflections which has led to some potential misinterpretations in the literature. 

Furthermore, double diffraction of the electron beam, in that the electrons are diffracted twice with one of 

the diffraction events likely from the epitaxial oxide, can further complicate diffraction analysis. 

One example of a likely incorrect analysis in a microalloyed steel is shown in Figure 2.16(a) (see 

next page). The SAD pattern was clearly indexed incorrectly and the researchers used one of the diffuse 

oxide reflections to form the dark-field image [17]. There was a possibility that during the TEM analysis 

the objective aperture allowed both the precipitate and oxide reflections in the dark-field image such as 

location near a {111} microalloy phase reflection. However, this condition would make any 

interpretations of the dark-field image difficult and should thus put into question the validity of the 

conclusions. Another example of a significant misinterpretation of TEM results is shown in 

Figure 2.16(b). The conclusion based on the varying contrast was that microalloy precipitates pinned 

segments of dislocation lines and contributed to the overall strength [62]. However, the varying contrast 

of dislocation lines arises from a change in the diffraction from the core of a dislocation line oriented in 

the through-thickness direction of the thin foil. The effective extinction distance changes with position 

through the foil since the effective value of the deviation parameter is changing through the foil thickness 

with the defect. With dislocation images having a width of approximately one-third of the effective 

distance and the effective extinction distance depending on the deviation parameter, the diffraction 

condition for the defect essentially oscillates through the thickness of the foil [63]. A more rigorous 

explanation for this phenomenon can be accomplished via dynamical diffraction theory arguments. These 
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contrast oscillations could have been minimized in the image with a larger deviation parameter. Thus, 

with misinterpretations of bright-field images and incorrect indexing of SAD patterns, incorrect 

conclusions are easily made.  

 
(a) 

 
(b) 

Figure 2.16 (a) Characterization of TiC in a HSLA steel plate showing a dark-field TEM image and the 
selected area diffraction pattern obtained in the analysis [17] and (b) bright-field TEM image of 
dislocations in a C-Mn-V-Nb steel with arrows pointing to possible pinning points by fine-scale carbides 
[62]. 

Robust analysis of precipitates which have small sizes and a well-established orientation 

relationship (i.e. Baker-Nutting) involves establishing a diffraction condition to form a dark-field image 

of the precipitates, such as the one shown previously in Figure 2.7(b) for Nb-containing precipitates and 

the one shown below in Figure 2.17 (see next page) for vanadium carbides [64]. The analysis for the 

vanadium carbides in the latter figure provided the necessary information for definitive confirmation of 

precipitation as well as showing the disc-shaped morphology of the precipitates expected from the Baker-

Nutting Orientation relationship. Furthermore, combination of dark-field imaging techniques with foil 

thickness measurement via convergent beam methods [65] can be utilized for quantitative volume fraction 

measurements of precipitates [64, 66]. 
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Figure 2.17 TEM images of a 0.56 wt pct V steel tempered for 10 h at 600 °C showing a bright-field / 
dark-field pair and corresponding selected area diffraction pattern highlighting the plate-shaped vanadium 
carbides in the matrix [64]. 

Another factor complicating the analysis of precipitation in ferrite is the existence of a variety of 

compounds which have similar lattice parameters and NaCl-type crystal structures. A summary of the 

possible compounds with this crystal structure which form in steels is shown in Table 2.1, with the first 

part of the table showing the information for the relevant nitrides and carbides of microalloying elements, 

and the second part of the table listing two other compounds for precipitates which can form with 

common hardenability elements. Since the strain is minimized on a {200} habit plane in ferrite for all the 

compounds and the lattice parameter differences are small between the compounds in the context of 

differences on SAD patterns, the diffraction condition differences in TEM are negligible. Thus, definitive 

identification of compounds which show mutual solubility (i.e. VN and VC) is not possible, nor is 

distinction of two compounds with different metallic species if both were present in the matrix. TEM can 

only be used to identify the presence and sizes of the secondary phase. 

Table 2.1 Lattice Parameters and Densities of NaCl-type Compounds 

Compound Lattice Parameter 
(nm) 

Density 
(g/cm3) Reference 

VN 0.4140 6.18 [23] 
VC 0.4169 5.85 [24] 

NbN 0.4387 8.42 [33] 
NbC 0.4462 7.85 [33] 
TiN 0.4233 5.43 [33] 
TiC 0.4314 4.86 [33] 
CrN 0.4146 6.10 [67] 
MoC 0.4270 9.21 [68] 
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The similarity of the SAD pattern for molybdenum carbide on the <100> ferrite zone-axis to that 

of vanadium carbide was already noted by another researcher in a secondary hardening analysis of high-

purity steels [40]. The schematic SAD pattern for Mo2C is shown in Figure 2.18 and is also very similar 

to that of the pattern shown previously for vanadium carbide Figure 2.11 (see page 20). This was 

expected due to the very similar lattice parameters of the two compounds. Furthermore, both MoC and 

Mo2C have similar diffraction patterns noting that Mo2C has an HCP structure. The investigator in the 

referenced work also rationalized that the crystal structure of molybdenum carbide transformed in-situ 

from FCC to HCP with only a slight shift in the reflections from small changes in lattice misfit. 

 

Figure 2.18 Schematic representation of [100] ferrite zone with two variants of reflections of 
molybdenum carbides labeled as c’ and c’’. The Mo2C has a HCP lattice and has a Pitcsh-Schrader 
orientation relationship with ferrite [40]. 

In summary, the intent of this section was to give a reader an understanding of the difficulty in 

the characterization of secondary phases in HSLA steels, especially precipitates related to microalloying 

additions with maximum concentrations often less than 0.10 wt pct. The utilization of TEM and 3DAP 

techniques were combined in this thesis so that misinterpretations of the results would be minimized. 

Considerable attention was given to the analysis of TEM diffraction results as well as utilization of 

various imaging techniques and modes. Furthermore, limitations in characterization of extremely fine 

precipitates with 3DAP analysis were elucidated from cross-correlative analysis. The level of detail 

necessary for definitive conclusions to be made in regard to microalloy precipitation is rarely provided in 

the literature. 
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3 
CHAPTER THREE 

  
EXPERIMENTAL PROCEDURES 

The experiments for the following body of work center around an assessment of various high 

strength low allow (HSLA) steels in conjunction with microalloy precipitation under different processing 

scenarios. Many of the experiments had a microstructural characterization focus. Simulated processing 

without deformation was completed with a dilatometer to allow precise control over heating/cooling rates 

and to measure continuous-cooling-transformation (CCT) temperatures. A Gleeble® 3500 

thermomechanical simulator allowed for high temperature deformation to be added to specific 

time/temperature conditions of interest. Thermo-Calc® and TC-Prisma simulations were used to model 

volume fractions of stable phases and microalloy precipitate nucleation and growth kinetics. 

Microstructural characterization included light microscopy (LM) for overall microstructure assessment 

and scanning electron microscopy (SEM) coupled with electron backscatter diffraction (EBSD) for more 

detailed analysis of the bainitic microstructures. Transmission electron microscopy (TEM) and 3D atom 

probe tomography (3DAP) were utilized to analyze precipitates and dislocations. 

3.1 Experimental Steels 
The experimental steels chosen for investigation conform to HSLA steel specifications, such as 

those used in linepipe applications, and were laboratory produced heats. The details of the steel 

chemistries and as-received microstructures will be given in the two following sections. 

3.1.1 Compositions 
The steels investigated were a series of low-carbon HSLA steels with methodical variations in 

microalloying elements, including vanadium (V), niobium (Nb), and titanium (Ti), along with changes to 

nitrogen (N) content. The target chemical compositions are shown in Table 3.1 (see next page). The base 

target composition in all eight steels was designed to achieve a bainitic microstructure at moderate 

cooling rates (i.e. approximately 10 °C/s). The nominal composition for all the experimental steels was 

0.06 wt pct carbon (C), 1.7 wt pct manganese (Mn), 0.3 wt pct chromium (Cr), 0.2 wt pct molybdenum 

(Mo), and 60 ppm nitrogen. One group of steels included only vanadium microalloying additions and 

another includes multiple microalloying elements. The VN6 and VN15 included only nominal vanadium 

additions of 0.06 wt pct. The VN15 steel had elevated nitrogen content to promote more extensive 

precipitation of a vanadium-rich phase under appropriate processing scenarios. The second group 

included the additions of other microalloying elements to explore possible synergistic effects on 

microstructural evolution (e.g. complex precipitation). These steels had nominal additions of 0.04 wt pct 

Nb, 0.01 wt pct Ti, and 0.06 wt pct V. One of these steels, NbTiVN15, again was designed with elevated 
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nitrogen. A final steel composition, labeled High Ti, with a high titanium content and without other 

microalloying additions was also included. 

Table 3.1 Target Chemical Compositions of the Low-Carbon HSLA Experimental Steels 

wt pct C Mn Cr Mo Ti Nb V N 
Base 0.06 1.7 0.3 0.2 - - - 0.006 
VN6 0.06 1.7 0.3 0.2 - - 0.06 0.006 

VN15 0.06 1.7 0.3 0.2 - - 0.06 0.015 
Base + Ti 0.06 1.7 0.3 0.2 0.01 - - 0.006 
NbTiN6 0.06 1.7 0.3 0.2 0.01 0.04 - 0.006 

NbTiVN6 0.06 1.7 0.3 0.2 0.01 0.04 0.06 0.006 
NbTiVN15 0.06 1.7 0.3 0.2 0.01 0.04 0.06 0.015 

High Ti 0.06 1.7 0.3 0.2 0.10 - - 0.006 
  
The experimental steels were cast by US Steel in split heat pairs and then hot rolled in two 

sequences using the following procedures. The steels were first melted and cast into 115 kg ingots. The 

ingots were then reheated to 1232 °C, hot rolled in four passes to a thickness of 42 mm, and then air 

cooled to room temperature. Next, the slabs were cut in half and then shot blasted for the next rolling 

sequence. Finally, the slabs were reheated to 1232 °C, hot rolled in four passes to a final thickness of 

18mm, and finally air cooled to room temperature. 

The resulting chemical compositions measured by optical emission mass spectrometry (OES-MS) 

are shown in Table 3.2 (see next page). The measured chemical compositions achieved the nominal 

compositions for each element in most of the steels. However, it should be noted that the nitrogen 

contents in the second group of steels with microalloy additions other than or in addition to V was on 

average lower than in the first group (i.e. steel with only V additions or no microalloy additions). 

3.1.2 As-received Microstructures 
The microstructures after casting and hot-rolling consisted of large ferrite grains due to the slow 

air cool to room temperature. Some regions of higher carbon concentration appeared in all 

microstructures often in bands from the hot-rolling process. These bands were also often associated with 

the presence of elongated manganese sulfide particles and carbides. The bands of ferrite-carbide 

aggregates are concluded to be solute-rich (including manganese) as a result of segregation during 

solidification followed by hot rolling. The addition of niobium and/or titanium changed the 

microstructure slightly, making the overall carbide distribution more homogeneous through the thickness 

of the plate. 
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3.2 Thermodynamic and Diffusion Modeling 
Thermo-Calc® and the associated diffusion and precipitation modules were used to model 

volume fractions of (meta)stable phases and microalloy precipitate nucleation and growth kinetics. The 

experimental methodology for use of this software is detailed in the following sub-sections. 

Table 3.2 Measured Chemical Compositions of the Low Carbon Microalloyed Experimental Steels 

wt pct C Mn Si Ni Cr Mo 
Base 0.059 1.743 0.028 0.011 0.309 0.193 
VN6 0.055 1.748 0.031 0.011 0.309 0.194 

VN15 0.060 1.730 0.022 0.010 0.303 0.203 
Base + Ti 0.060 1.638 0.022 0.010 0.297 0.199 
NbTiN6 0.062 1.691 0.028 0.011 0.304 0.202 

NbTiVN6 0.061 1.687 0.029 0.011 0.303 0.203 
NbTiVN15 0.061 1.690 0.022 0.010 0.300 0.199 

High Ti 0.060 1.652 0.022 0.010 0.296 0.201 
  

wt pct Ti Nb V Al N S P Cu B 
Base 0.0010 0.0013 0.0018 0.014 0.0078 0.0043 0.0146 0.030 0.00031 
VN6 0.0011 0.0009 0.0575 0.013 0.0075 0.0041 0.0144 0.030 0.00032 

VN15 0.0012 0.0013 0.0640 0.024 0.0150 0.0033 0.0159 0.031 0.00033 
Base + Ti 0.0103 0.0017 0.0021 0.032 0.0055 0.0043 0.0142 0.030 0.00026 
NbTiN6 0.0105 0.0377 0.0021 0.029 0.0057 0.0036 0.0148 0.031 0.00027 

NbTiVN6 0.0103 0.0386 0.0592 0.028 0.0054 0.0036 0.0152 0.031 0.00028 
NbTiVN15 0.0110 0.0373 0.0630 0.023 0.0130 0.0038 0.0142 0.031 0.00028 

High Ti 0.0949 0.0019 0.0035 0.028 0.0050 0.0042 0.0148 0.030 0.00026 
  

3.2.1 Phase Equilibria 
Calculations of equilibrium phase volume fractions were completed in Thermo-Calc® 2016-2018 

using the TCFE8 and TCFE9 databases. The elements included in the thermodynamic calculations were 

the main elements in solid solution, interstitials, and microalloying additions, which includes the 

following: iron (Fe), carbon, manganese, silicon, chromium, molybdenum, titanium, niobium, vanadium, 

and nitrogen. Impurity elements, including sulfur (S) and phosphorus (P), were not included in the 

calculations. Aluminum (Al) also was not included since the kinetics of AlN formation are slow 

compared to other nitrides (e.g. VN) despite the greater solubility of the latter [1]. The austenitizing 

temperatures utilized were sufficient to put any possible AlN in solution (i.e. formed previously in the as-

received steels) and was thus assumed not to reduce availability of solute nitrogen for VN phase 

formation upon cooling or holding in this work. Furthermore, elements such as copper (Cu) and 

boron (B), which are present in residual quantities and not expected to contribute any major fraction of 

phases, were excluded from the compositions. The impurity elements as well as Cu and B were found to 
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cause problems with the thermodynamic computations. The stable element reference state for carbon was 

chosen to be graphite and vacancies were included in the equilibrium phase compositions. The default 

phases selected were chosen with the exception of the following phases which were eliminated from the 

analysis: diamond, all complex metallic carbides with large unit cells including M23C6, M7C3, M6C, M5C2, 

and M3C2, sigma (complex intermetallic compound with 30 atoms per unit cell often containing Fe, Ni, 

Cr, and Mo in order of decreasing percentage), HCP_A3 which was calculated as mostly containing 

vacancies when included, Z_phase (usually a Cr(V,Nb)N precipitate found in stainless steels), and the 

MC_ETA which is not the transition iron carbide but rather is a metallic carbide which is simply 

described as (Mo,Ti,V,W)1(C,VA)1 in the database. Even with the exclusion of these carbide phases, 

relevant microalloy carbide phases still appeared in the equilibrium calculation results in this work since 

they all have a NaCl-type FCC crystal structure. Any FCC phases were permitted in the calculations. 

Thermo-Calc® provides only the crystal structure of the secondary phases which form in ferrite 

or austenite with labeling such as FCC_A1, FCC_A2, etc. These phases were generally the microalloy 

carbide phases of interest. For this reason, plots of the site fraction of each element versus temperature 

were also plotted to determine the composition of these phases. These phases generally would not 

significantly change composition once they have precipitated in a real system, but Thermo-Calc® 

minimizes the Gibbs free energy of mixing at each temperature to determine the phase composition and 

thus changes the composition to achieve this minimum. Thermo-Calc® uses a thermodynamic model that 

describes all compounds with an FCC structure, including (Nb,Ti,V)(C,N), via a miscibility gap [2]. The 

Gibbs free energy of mixing is computed via a regular solution model developed by Hillert and 

Staffansson often termed the compound energy formalism (CEF or sub-lattices model) [3]. In this model, 

given a phase such as (A,B)a(C,D)c, it is assumed that each crystallographic position can only be occupied 

by a given group of elements and these positions define the sub-lattice of the crystal structure. With 

V(C,N), for example, the model assumes that vanadium occupies all of sub-lattice #1 and that sub-lattice 

#2 is a mixture of carbon and nitrogen. With these considerations, the model calculates a minimum Gibbs 

free energy for a given phase by varying the composition on the sub-lattices and thus maximizing the 

entropy of mixing. Thermo-Calc® can incorporate all of these considerations and even consider the 

presence of multiple MX phases in equilibrium at a specific temperature, such as TiN and (Nb,V)(C,N). 

3.2.2 Diffusion Simulations 
Simulations of V-rich phase growth kinetics in ferrite were conducted in the DICTRA module of 

the Thermo-Calc® 2017 and 2018 software suite. The TCFE8 and TCFE9 databases were used for the 

thermodynamic data and MOBFE4 for the atomic diffusivities and mobilities. Diffusion simulations were 

set up as a 1D simulations for simplicity. Furthermore, the number of elements included in the simulation 

was limited in order for the simulation calculations to complete without error. Carbon was not included in 
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the simulations since its inclusion often led to errors causing the simulations to fail. However, the 

simulations were mainly used to investigate the diffusion of V, Cr, and N between ferrite and nitrides of 

different chemical composition. More details of the specific diffusion simulations will be described in the 

results chapter. 

3.2.3 Precipitation Simulations 
Simulations of vanadium carbonitride nucleation and growth kinetics were conducted in the 

TC-PRISMA module of the Thermo-Calc® software suite. The same elements and allowed phases were 

used in the initial equilibrium calculator as was used in the equilibrium calculations. With the available 

databases in Thermo-Calc® and the diffusion module (DICTRA) as well as the ability to calculate values 

such as driving forces for formation of phases, atomic diffusivities and mobilities, interface composition 

under local equilibrium conditions, the change in free energy due to the Gibbs-Thompson effect, etc., all 

the necessary information is available to calculate kinetic quantities for the nucleation and growth 

process. A simplified model in the software was selected for the growth calculations which used the tie-

line across the bulk composition of the phases rather than using the advanced mode option which solves 

the flux balance equations to find the operative tie line. Furthermore, calculations using the advanced 

mode in TC-PRISMA resulted with errors during the calculation and did not allow the simulations to 

complete. 

Two of the main inputs which did need to be entered were the interfacial energy between the 

secondary phases and matrix and the location and density of the nucleation sites (boundaries, dislocations, 

etc.). In the simulations, the interfacial energy between the vanadium-containing precipitate and the 

ferritic matrix was chosen to be 0.25 J/m2. This value reflects that the precipitates are a nitride or carbide 

in a metallic matrix but also mostly coherent with matrix (i.e. very little lattice mismatch on the habit 

plane between the matrix and precipitate). The value chosen is not as low as values for metallic 

precipitates in a metallic matrix which have been estimated to be as little at 10 – 30 mJ/m2 for coherent 

precipitates. The structure and composition of the FCC vanadium carbonitrides in a ferritic BCC matrix 

differs much more than systems with precipitates in which both the matrix and precipitate have similar 

structure and share some elements. TC-PRISMA did not allow for any input of strain energy to adjust the 

driving force for precipitation. However, it was reasonable to consider the strain energy effects to be 

reasonably small when compared to interfacial energy since the lattice misfit will reach up to 3 pct on the 

habit place (i.e. between the <001>α and <011>V(C,N) directions) of disc-shaped vanadium carbonitrides in 

a ferritic matrix [4]. The second main input variable for the simulations was the location and density of 

nucleation sites which was assumed to be dislocations for the initial study. Some of the microalloy 

carbide/nitride precipitation research has found that carbides are often associated with dislocations [5–8] 

and was shown previously in Figure 2.7 in the literature review. The dislocation density, ρd, was assumed 
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to be 5 x 1014 m-2 which is within the range reported by Bhadeshia for steels with a slightly higher bainite 

start temperature and also for bainitic steels formed during continuous cooling [9]. 

3.3 Dilatometry 
Dilatometry was used to measure the expansion and contraction of steel samples as a function of 

temperature for a pre-determined thermal cycle. Steel phase transformations due to accompanying volume 

changes from changes in crystal structure were measured via dilatometry [10]. 

3.3.1 Procedures 
Analysis of dilatometry data involves determination of start and end transformation temperatures 

between ferrite and austenite due to expansions or contractions in the specimen length. The analysis was 

completed by placing linear regressions with coefficients of determination (i.e. R2) of at least 0.999 on the 

linear regions of data in which the specimen was decreasing in length only due to thermal expansion or 

contraction. The amount of deviation from the linear strain versus temperature curve used to define the 

start and end temperature of transformation between ferrite and austenite was determined by a statistical 

analysis of the systematic noise for both the near equilibrium heating and continuous cooling 

transformation experiments. An example of this methodology is shown in Figure 3.1 with the residuals of 

the linear fitting shown in part (b). At least 99.7% of the experimental data should fall within a band 

defined by three by three times the standard deviation from the linear regression line. A deviation more 

than this amount was used to define a critical temperature. This magnitude of deviation was deemed to be 

outside of a deviation in strain due to systematic noise. 

 
(a) (b) 

Figure 3.1 (a) Example curve showing the change in length versus temperature (solid line) upon 
heating at 28 °C/h and linear fits used before and after the transformation to determine Ac1 and Ac3 
(dotted lines). (b) Histogram of the residuals of the linear fit used to determine the systematic noise during
heating in the regions of linear expansion.
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3.3.2 Equilibrium Heating 
The critical Ac1 and Ac3 temperatures were determined through dilatometric analysis of strain 

versus temperature curves from data obtained on a TA Instruments DIL805A quench dilatometer. 

Specimens were machined into solid cylinders with nominal dimensions of 10 mm in diameter and 4 mm 

in length. Location considerations within the hot-rolled plates were taken into account, and specimens 

were removed from each of the plates with the longitudinal axis 4 mm from the plate surface to avoid 

centerline segregation. Heating rates of 10 °C/s to 650 °C and then 28 °C/h to 950 °C were used for 

analysis of the critical temperatures according to ASTM A1033 [11]. Also, for comparison, the 

equilibrium critical temperatures from Thermo-Calc® were calculated and compared to the dilatometry 

values. The phases used in the equilibrium calculations only included the ferrite and austenite phases. The 

Ae1 temperature was determined through the disappearance of cementite while the Ae3 temperature was 

determined through the disappearance of ferrite. 

3.3.3 Continuous Cooling Transformation Experiments 
The transformation temperatures on cooling, Ar1 and Ar3, were investigated through dilatometric 

analysis of strain versus temperature curves from data obtained on the TA Instruments DIL805A quench 

dilatometer. The specimens used were the same as those used in the equilibrium heating experiments. The 

specimens were heated at a rate of 10 °C/s to the reaustenitization temperature of 1180 °C for the Base, 

VN6, and VN15 steels and 1230 °C for the remaining chemistries and then held for 600 s (10 minutes) for 

reaustenitization. The specimens were then cooled from the reaustenitization temperature at a rate of 

25 °C/s to an isothermal hold at 900 °C for 10 seconds. The short 900 °C hold was used to give a 

consistent starting point for the subsequent cooling cycle and to allow for consistency of the time and 

cooling rate for all specimens in the region between the austenitization temperature and 900 °C. After the 

hold, the specimens were cooled to room temperature at linear rates of 10, 20, 30, 40, or 50 °C/s. This 

heating-cooling profile is shown schematically in Figure 3.2. From the analysis of the noise upon cooling, 

a deviation in strain of ε = 10-4 was determined to be approximately three times the standard deviation of 

the noise in the linear portion of the dilatometry curve. This value was thus used to define the start and 

end temperature of the transformation upon cooling. 

3.4 Simulated Processing Without and With Deformation 
Simulated processing without deformation was completed with a dilatometer to allow precise 

control over heating/cooling rates. A Gleeble® 3500 thermomechanical simulator allowed for the 

addition of high temperature deformation at specific time/temperature conditions of interest and to 

simulate industrial rolling and coiling processes. 
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Figure 3.2 Time-temperature diagram showing thermal profile used for analysis of continuous cooling 
transformation temperatures and microstructures. 

3.4.1 Heat Treatments in Dilatometer 
An extensive time-temperature study was conducted on the TA Instruments DIL805A quench 

dilatometer in order to clearly determine temperatures and times at which microstructural changes such as 

precipitation were affecting mechanical properties such as hardness. The specimens used were the same 

cylinders as those used for equilibrium heating and CCT experiments and again machined from the plates 

with the same location (i.e. avoiding centerline and surfaces) considerations. The dilatometer was used for 

these experiments (rather than a quench and temper process using box furnaces) since the specimens 

could be transformed from the parent austenite, cooled at a controlled rate, and then immediately held at a 

specific temperature without the need to return the specimens to room temperature between steps. This 

processing route is more representative of a coiling process for strip or slow cooling of heavier gauge 

plate after accelerated cooling without the mechanical deformation. 

The heat treatment for the samples is shown in Figure 3.3 (see next page) and summarized as 

follows: the specimens were heated at a rate of 10 °C/s to the reaustenitization temperature of 1180 °C 

and then held for 10 minutes. The specimens were subsequently cooled at a rate of 25 °C/s to an 

isothermal hold at 900 °C for 10 s. This short 900 °C hold was used to be consistent with the procedure 

used for determination of the CCT temperatures. After the hold, the specimens were cooled to the 

isothermal hold temperatures at a rate of 30 °C/s to promote formation of a bainitic microstructure. The 

isothermal hold temperatures ranged from 400 to 600 °C at 50 °C increments with hold times between 

1 min and 50 h. Initially, a large matrix of experiments was expected to be completed which equally 

partitioned the experiments across this whole temperature range. However, initial experiments led to a 

greater focus on specific temperatures, as will be discussed in Chapter Four (Section 4.6). 
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An indication of the possible diffusion distances for vanadium and other relevant elements can be 

given by calculating the random walk distances for vanadium in ferrite, Γ, as shown by the following 

equation:  Γ 2.4 √  (3.1) 

where D is the bulk diffusivity of the element of interest and t is the time. In calculating the random walk 

distance, the diffusion coefficient, D, must be known at the given temperature and can be calculated using  

 (3.2) 

where D0 is the diffusion constant, Q is the activation energy, R is the gas constant (8.314 J mol-1 K-1), 

and T is the temperature in kelvin. 

 

Figure 3.3 Thermal processing curve used in quench dilatometer for the time-temperature study. 

Different values of D0 and Q have been reported from different sources which can have a large 

impact on the random jump distances, especially for the activation energy in the exponential term. 

Gladman has reported the bulk diffusivity of vanadium in ferrite and activation energy as 

0.61 x 10-4 m2 s-1 and 267.1 kJ mol-1, respectively, which were originally published elsewhere [12]. The 

results of the calculations for the vanadium random walk distances using these values are shown in 

Table 3.3 which includes all the time/temperature combinations originally planned in the 

time-temperature study. A few comments should be made regarding the random walk distances. The first 

is that bulk diffusivities may not provide the most realistic diffusion conditions for vanadium in bainite 

mainly because defects and interfaces can vastly affect the diffusivities, with the possibility of increasing 

the diffusivity through interfacial and pipe diffusion considerations.  Additionally, longer hold times, such 

as those greater than 10 h, could already be outside a normal industrial coil cooling window (see 

Section 2.1.1) since steel coils can cool to temperatures below 400 °C in less than 10 hours [13, 14]. 

However, times beyond 10 h were considered to better characterize possible precipitation scenarios. 
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Finally, the values output by the random walk calculations can vary significantly with the diffusion values 

as shown by comparing Table 3.4 (using diffusion data from [14]) to Table 3.3. The differences are more 

than an order of magnitude.  Two other tables showing possible random walk distances for molybdenum 

and chromium are also included for reference in Appendix A owing to the possibility of formation of 

molybdenum carbide [4] and chromium nitride precipitates [16, 17]. 

Table 3.3 Vanadium Random Walk Distances in Ferrite for Various Time/Temperature Conditions 
using Data from Reference [12] 

Note: distances in nm 
 

 

Table 3.4 Vanadium Random Walk Distances in Ferrite for Various Time/Temperature Conditions 
using Data from Reference [15] 

Note: distances in nm 
 

 

3.4.2 Simulated Thermomechanical Controlled Processing in the Gleeble 
Thermomechanical controlled processing (TMCP) simulations were conducted with subsize 

torsion specimens on a Gleeble® 3500 with dimensions shown in Figure 3.4 (see next page). In torsion 

deformation, shear strain varies with radial position in the gauge section of the specimen. Furthermore, 

data output from the Gleeble® was given in torque-twist values, so the values needed to be converted into 

equivalent stress-strain. Therefore, the amount of twist necessary to induce the required amount of strain 

for deformation passes was calculated using Richardson’s analysis for determining equivalent strain at 

72.4% of the gauge radius [18]. This radius was used since this particular position has been shown to 

1 min 5 min 10 min 30 min 1 hr 2 hr 5 hr 10 hr 25 hr 50 hr

450 0.03 0.07 0.10 0.18 0.25 0.36 0.56 0.80 1.3 1.8

500 0.14 0.31 0.43 0.75 1.1 1.5 2.4 3.4 5.3 7.5

550 0.48 1.1 1.5 2.7 3.8 5.3 8.4 11.9 18.8 26.5

600 1.5 3.3 4.7 8.1 11.5 16.2 25.7 36.3 57.4 81.2

Temperature
(°C)

Time

1 min 5 min 10 min 30 min 1 hr 2 hr 5 hr 10 hr 25 hr 50 hr

450 0.74 1.65 2.33 4.03 5.70 8.06 12.7 18.0 28.5 40.3

500 2.67 5.96 8.43 14.6 20.7 29.2 46.2 65.3 103 146

550 8.26 18.5 26.1 45.3 64.0 90.5 143 202 320 453

600 22.5 50.3 71.1 123 174 246 390 551 871 1232

Temperature
(°C)

Time
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minimize the strain rate sensitivity and strain hardening behavior in the microstructure [19]. With these 

considerations, equivalent stress, σ, is given by 3√32  (3.3) 

where T is torque, and a is the radius of gauge section. Equivalent strain, ε, at 72.4% of the gauge radius 

is given by 0.724√3  (3.4) 

where θ is the angle of twist, and l is the length of the gauge section. 

 

Figure 3.4 Line drawing of the subsize torsion specimens utilized in torsion experiments in the 
Gleeble® 3500. 

An image of a torsion specimen during thermomechanical processing is shown in Figure 3.5 (see 

next page). The gas cooling fixture, needed for the helium quench upon accelerated cooling, is labeled in 

the image. Furthermore, the location of the thermocouple welded onto the shoulder of the torsion 

specimen is also shown (noting that the deformation of the specimen occurred by twist on the right-hand 

side). During heating, reaustenitization, and the torsion deformation passes, the temperature of the gauge 

section was controlled by a pyrometer measuring the thermal radiation on the sample surface. The 

minimum measurement temperature of the pyrometer was approximately 600 °C. Since temperature 

control was needed to simulate coiling holds in the 400 – 600 °C temperature range, a shoulder 

thermocouple was necessary. Initial experiments were completed to determine the offset temperature 

between the center of the gauge section and the shoulder location, which was determined to be 

approximately 10 °C. 
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The processing route for the TMCP simulations is shown in Figure 3.6 (see next page). The 

torsion specimens were heated to 1180 or 1230 °C at a rate of 10 °C/s and held for 600 s (i.e. 10 minutes) 

to reaustenitize the steel and dissolve microalloy precipitates which may be present from the original 

casting and hot rolling. Two different austenitizing temperatures based on the chemical composition were 

utilized: 1180 °C for the Base, VN6, and VN15 steels and 1230 °C for remaining chemistries (i.e. Nb 

and/or Ti containing steels). The higher austenitizing temperatures were chosen for the Nb/Ti steels 

owing to the higher dissolution temperatures for their respective carbides and nitrides when compared to 

vanadium-rich precipitates (see Section 2.2). A temperature of 1230 °C was not high enough to dissolve 

TiN, which often precipitate in the melt or near the solidification temperature of the steel.  

Following the reaustenitization step, the specimens were cooled to an initial deformation 

temperature of 1150 °C. Deformation was commenced at this temperature with five simulated roughing 

passes, cooling 25 °C between passes. Figure 3.6 includes the relevant strain per pass, strain rates, and 

interpass times. After the roughing passes, the specimens were then cooled to the start of the finishing 

deformation temperature of 950 °C. Finish rolling deformations were then performed, cooling 25 °C 

between each pass. Prior work by Calado et al. had established that the no-recrystallization temperature 

(Tnr) for an equivalent strain of 0.3 per pass ranges from approximately 860 – 960 °C for all compositions 

[20]. The temperature range for the finish rolling passes was chosen to be the same for all compositions 

with the expectation that some austenite grain refinement was possible in all chemistries. However, not as 

much grain refinement was expected in the Base steel and compositions with only vanadium additions 

due to having a lower Tnr.  

Following the final finishing pass, the specimens were only held for approximately 10 s to allow 

a switch between the pyrometer temperature reading and a K-type thermocouple welded on the shoulder 

of the reduced gauge section. After this short hold, the specimens were immediately cooled from 

approximately 850 °C at 30 °C/s to the start of the isothermal hold in the temperature range of 400 – 

 

Figure 3.5 Image of a subsize torsion specimen during thermomechanically controlled processing in 
the Gleeble® 3500 testing chamber (color image – see electronic copy). 
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550 °C. The isothermal hold in this temperature range simulated the retention of heat in a coil of strip 

steel or in a thick plate after accelerated cooling. At the end of the isothermal hold, the specimens were all 

passively cooled to room temperature as before in the original schedule. 

 

Figure 3.6 Time-temperature deformation diagram for the thermomechanical processing simulations 
performed on the Gleeble® with torsion samples, which includes five roughing and five finishing passes, 
an accelerated cooling step, and a low temperature isothermal hold (note that the true strain and strain 
rates given are the equivalent strain and strain rates at 72.4 pct of the gauge radius). 

An example of the flow stresses measured (using the equivalent stress-strain conversions listed 

previously) from the simulated 10 rolling pass schedule is shown in Figure 3.7 (see next page). Analysis 

of the mean flow stress in each deformation pass can give indications of microstructural changes during 

processing such as the stop of recrystallization and strain-induced precipitation. The mean flow stress in 

each deformation pass is given by 1
 (3.5) 

where εa and εb are the strains at the start and finish of the deformation step, respectively. Although the 

Gleeble® 3500 was mainly used as a tool to simulate a hot rolling process, some deformation data were 

acquired during the experiments which allowed for MFS comparisons to be made between the 

experimental steels. 

3.5 Hardness 
Hardness measurements were completed on a Leco AMH55 automated hardness testing system 

according to ASTM E384 [21]. A total of 36 indents at a load of 100 gf were completed on each sample 
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ensuring that the indents where not near the decarburized region around the outer surfaces of the sample. 

Hardness evolution with aging time gave indications of precipitation and/or recovery phenomena. Many 

previous studies have successfully correlated changes in hardness to precipitation in microalloyed and 

copper-containing steels [22–27]. 

 

Figure 3.7 Converted torque-twist data from Gleeble torsion experiments to equivalent stress and 
strain for flow stress analysis. 

3.6 Characterization 
Microstructures in the experimental steels were studied using a variety of characterization tools, 

including light microscopy, scanning and transmission electron microscopy, diffraction in the electron 

microscopes, and 3D atom probe tomography. For all microstructural characterization, samples were 

initially mounted in bakelite and then ground and polished. Samples processed in the dilatometer 

(e.g. from continuous cooling experiments, time-temperature study, etc.) were sectioned approximately 

midway through the length of the specimen and then mounted for a radial cross-sectional view. The 

torsion samples after Gleeble processing were mechanically ground to the effective radius of 72.4 pct. All 

microstructural analysis on thermomechanically processed specimens was performed at approximately 

this radius since the equivalent strain was known at this location. Figure 3.8 (see next page) shows a 

schematic 3D view of the gauge section from a torsion sample and the plane which contains this line of 

constant radius. Imaging or extraction of samples via focused ion beam milling techniques were 

completed anywhere along this line. 
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3.6.1 Light Microscopy 
Light microscopy was completed on an Olympus PMG-3 inverted microscope. Samples were 

prepared for analysis by grinding and polishing to at least a 1 µm diamond finish. The overall 

microstructures were revealed by etching with a 1 – 2 pct nital solution and the prior austenite grain 

boundaries revealed using picral solutions (see next section). Magnifications up to 500x were used. 

 

Figure 3.8 Schematic of gauge section of subsize torsion specimen showing how a specimen was 
ground to a specific plane so that the centerline gives a line of nearly constant radius. 

3.6.2 Prior Austenite Microstructure 
The austenite grain microstructure after reaustenitization was examined in solid cylindrical 

specimens using the TA Instruments dilatometer. The samples conformed to the same dimensions and 

machining considerations as outlined for the equilibrium heating and continuous cooling experiments. 

Each sample was austenitized for 10 minutes at 1180 or 1230 °C and gas quenched using argon at a 

controlled rate of 100 °C/s. The samples were then tempered at 400 °C for 24 h to assist in the segregation 

of impurities to the prior austenite boundaries. The grain boundaries were revealed by polishing 

specimens to a 1 µm finish and etching in a saturated picric acid solution of 2.6 g picric acid, 6 ml Teepol, 

and 2 ml hydrochloric acid in 200 ml of water at 65 °C. If necessary, the specimens were successively 

etched and back polished using a 0.25 or 1 µm diamond suspension to better reveal the prior austenite 

boundaries and remove the martensitic and/or bainitic microstructure. The prior austenite grain size was 

determined by overlaying a random grid of horizontal and vertical lines on the light micrograph with a 

total of approximately 18 lines per image. A minimum of five images and 500 total chord lengths was 

used for each composition to determine the prior austenite grain size. 

For comparison to the starting austenite grain microstructure after reaustenitization, a set of 

samples was prepared after simulated thermomechanical controlled processing according to the 

processing route shown in Figure 3.9 (see next page). The samples were quenched with helium after 

cooling to 800 °C to avoid the formation of ferrite-pearlite microstructures. This assisted in the imaging 
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of the prior austenite grain boundaries. The samples were prepared, imaged, and analyzed using the same 

methods as described in the previous paragraph. 

 

Figure 3.9 Time-temperature deformation diagram performed on the Gleeble® to measure prior 
austenite grain size after thermomechanical processing simulations, which includes five roughing and five 
finishing passes, an accelerated cooling step, and a low temperature isothermal hold (note that the true 
strain and strain rates given are the equivalent strain and strain rates at 72.4 pct of the gauge radius). 

3.6.3 Scanning Electron Microscopy 
Scanning electron microscopy was used to analyze microstructural features, either not resolvable 

or discernable in the LM analysis. Processed samples from both the time-temperature study and after 

simulated thermomechanical processing were prepared and etched using the same methods. However, the 

etching times were often shortened for SEM analysis of the etched steel surfaces so topographic features 

did not overwhelm the features in the images. Both a JEOL JSM-700F field emission SEM and FEI 

Helios Nanolab 600i FIB were used to image the etched surfaces using secondary electron detectors. 

3.6.4 Electron Backscatter Diffraction 
Electron backscatter diffraction was mainly utilized to determine crystallographic orientation of 

grains or groups of grains prior to ion beam milling. The sample surfaces were prepared by mechanically 

grinding and polishing with diamond solutions to 0.05 µm. The final polish was a 3 – 4 h step with 

colloidal silica on a vibratory polisher necessary for EBSD analysis. The scans were performed on the 

FEI Helios Nanolab 600i using calibrated camera working distances of 12 – 14 mm. The EBSD camera 

settings were adjusted to achieve frame rates of 150 – 200 fps using 5 x 5 binning. Step sizes of 

approximately 0.20 – 0.25 µm were used (noting the exact step size was not critical to keep consistent 
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when only utilizing EBSD for oriented extraction of samples). Average confidence indices were greater 

than 0.5 for all scans. 

3.6.5 Conventional Transmission Electron Microscopy and Diffraction 
Transmission electron microscopy was used to investigate for the presence of vanadium-

containing precipitates in the samples from the time-temperature study and after simulated TMCP. If the 

precipitates form during isothermal hold after accelerated cooling (i.e. nucleation in ferrite), they will 

form with the Baker-Nutting orientation relationship where {100}α || {100}V(C,N) and 〈011〉α || 〈010〉V(C,N) 

[28]. An optimal condition for dark-field (DF) imaging of carbonitrides which have formed with the 

Baker-Nutting orientation relationship is near a <001> zone-axis in ferrite since the selected area 

diffraction pattern spots of the carbonitrides are well separated and along the same g vector (i.e. direction 

in reciprocal space) as the {200} ferrite reflections.  

Two variants of the V(C,N) precipitates can be imaged from any <001> zone-axis as shown by 

the {200} precipitate reflections for the two variants, labeled V1 and V2, in Figure 3.10. The reflections 

for the third variant are extremely close to those of ferrite since the mismatch with the ferrite matrix is 

only a few percent [4]. These reflections therefore cannot be used for DF imaging of the precipitates. For 

particle analysis, the DF images were divided into light and dark regions using a threshold value in 

ImageJ (an open source image processing software). A specific grayscale cutoff value was chosen so that 

only the areas of the precipitates were selected and then measured. Figure 3.11 (see pg. 54) shows an 

example from a small imaging region with part (a) showing the unprocessed DF image highlighting the 

elongated precipitates and part (b) showing the image after the thresholding operation. This example 

demonstrates that a threshold image can be utilized to estimate the length and thickness of the precipitates 

and subsequently be used for volume fraction estimates with foil thickness data. 

To prepare specimens for microstructural analysis and ensure that the specimen would contain a 

<001> zone-axis of the matrix for imaging of precipitates, a lift out procedure using focused ion 

beam (FIB) milling was used. The FEI Helios Nanolab 600i FIB at the Colorado School of Mines 

equipped with EBSD detector which allows the determination of the crystallographic orientation of grains 

on the sample surface. The FIB was then used to mill the sample surface and lift out a lamella of material 

that has a normal close to a <001> zone-axis. The lamella of material was about 1.5 µm wide and 

10 – 15 µm long when initially extracted and was then thinned with successive milling steps to obtain a 

final thickness of approximately 100 nm. This technique was also beneficial in reducing the volume of 

material that interacts with the electromagnetic objective lens in the TEM when compared to 

conventionally prepared specimens, thus minimizing beam deflection during tilting. The samples were 

imaged with the FEI Talos F200X which has a high brightness field emission electron gun which was 

beneficial for this study. 
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Figure 3.10 Schematic diffraction pattern of a [001] zone-axis in ferrite (α) showing the location of the 
two variants of carbonitride reflections available for producing dark field images of carbonitrides in the 
matrix [29]. 

To calculate volume fractions and number densities in each field of view of the DF TEM images, 

the thickness of the sample under the imaging conditions employed needed to be known. The thickness 

was determined with the method described by Williams and Carter [30]. An example of the images 

necessary for this analysis is shown in Figure 3.12 (see pg. 57). As shown in the figure, measurement of 

the Bragg angle, 2θB, is the distance between the convergent beam electron diffraction (CBED) disks and 

the distance from the central bright fringe to each dark fringe must be measured in the diffracted CBED 

disk to determine the Δθ values. Figure 2.11(b) shows the intensity profile for the fringes in part (a) of the 

image which was then used for the values in the following equation: 

 
1 1

 (3.6) 

where si is the deviation parameter of the ith fringe and proportional to Δθi/2θB, nk is an integer, ξg is the 

extinction distance, and t is the specimen thickness. The intensity maxima and minima shown in 

Figure 3.12(b) were measured by fitting a Gaussian distribution to the appropriate ranges of the curves as 

shown by the dotted lines in the example. The interplanar spacing for the hkl CBED disk used in the 

analysis (a {200} plane in this case), was estimated assuming the lattice parameter of pure BCC Fe was 

0.2866 nm and dilated due to interstitial atoms and substitutional alloying elements (Mn, Cr, and Mo) 

based on lattice parameter changes outlined by Leslie [31]. The carbon level in the ferrite was assumed to 

be approximately the equilibrium value at approximately 0.1 at pct. For the nominal compositions of the 
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experimental steels, the estimated lattice parameter is 0.2880 nm. On the plot in Figure 3.12(c), the 

y-intercept is related to the specimen thickness and the slope is related to the extinction distance for the 

observed reflection. 

 
(a) 

 
(b) 

Figure 3.11 (a) Dark-field image showing the elongated precipitates analyzed by image processing 
software and (b) the same regions after image thresholding utilized to measure length and thickness. 

3.6.6 Scanning Transmission Electron Microscopy 
Scanning transmission electron microscopy (STEM) was used to image dislocations in the 

microstructures. Conventional TEM imaging could sometimes have contrast variations in BF images due 

to bend contrast and often did not contain the necessary microstructural information to easily determine 

the location of the dislocations. In comparison, STEM imaging was able to reduce or eliminate bend 

contour contrast in the image and was also used to image dislocations and boundaries without interfering 

contrast. Furthermore, any dislocation orientation could contribute to contrast in a STEM image since 

contrast contributions from multiple diffraction vectors are present [32]. After obtaining images of the 

dislocation structures, dislocation density was determined through a random line intersection method and 

thickness measurements of the thin foil specimens [33]. 

STEM analysis was also utilized on carbon extraction replicas to analyze larger particles from 

specific processing conditions. Extraction replicas were prepared by etching the sample surfaces with a 

1 – 2 pct nital solution, evaporating a thin layer of amorphous carbon on the surfaces, and then releasing 

the films with a 5 pct nital solution. The films were washed with solutions of methanol and water before 

analysis to minimize contamination from the nital solutions. The STEM EDS analysis produced 

compositional area maps on the extracted particles for a qualitative analysis. Due to the EDS capabilities 
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of the FEI Talos F200x and the increased resolution when compared to SEM EDS analysis, better 

compositional analysis was achievable on the extracted precipitates. Furthermore, the electron beam 

accelerating energy in the TEM is 200 keV which allows for the characteristic K shell x-ray peaks to be 

excited for the larger atomic number elements such as Nb and Mo. Hypermaps were obtained from the 

STEM EDS analysis so that each pixel in the scan had its own associated EDS spectrum. The EDS data 

were quantified using the Cliff-Lorimer k-factor approach for thin films using the Bruker Esprit 

microanalysis software [34]. 

3.6.7 3D Atom Probe Tomography 
For preparation of 3DAP tip extraction, samples were polished finishing on a 3 – 4 h step with 

colloidal silica on a vibratory polisher as would be necessary for EBSD analysis. The 3DAP tips were 

prepared from the polished surface by using FIB milling techniques from start to finish. The process was 

started by extracting a lamella of material about 1.5 µm wide and 10 – 15 µm long, similar to the method 

used to make a TEM lift-out using FIB milling techniques. The lamella was then cut into pillars of 

material approximately 1.5 – 2 µm on each side of the square and 5 – 8 µm long and then mounted onto 

alternating posts of a 200 mesh copper TEM half grid. The upper half of these pillars are then milled into 

smaller square sections about 250 – 300 nm per side. The final milling to achieve an atomically sharp tip 

with a radius of approximately 100 nm is done with a series of annular milling steps and a final low 

voltage cleaning step to remove FIB ion implantation damage. More specific details on FIB preparation of 

3DAP tips can be found in a previous thesis at the Colorado School of Mines [35]. 

The atom probe tips were run on a Cameca 4000X Si LEAP in pulsed laser mode, with a laser 

energy in the range of 60 – 80 pJ, pulse frequency of 625 kHz, a detection rate of 1.0 – 1.5 pct, a 

specimen temperature of approximately 55 K, and an analysis chamber pressure of approximately 

10-10 torr. Analysis was started at a bias voltage of approximately 3000 – 4000 V and ended at 8000 – 

8500 V. The bias on the sample was increased as the tip is consumed to achieve a nearly constant ion 

detection fraction rate at the sample tip based on the number of laser pulses. The radius of curvature on 

the tip increases as it is being consumed, thus necessitating the increase in the sample bias. The results 

were analyzed in the Cameca IVAS® software. Atomic species were identified by the mass-to-charge 

mass spectrometry with the time of flight (TOF) detector in the 3D-LEAP. Since there was some 

subjectivity in ranging peaks for ionic species, especially with a peak decay trail on one side of the peak, 

peaks for most species were identified by ranges of full width at 1/100th maximum whenever possible. 

Some overlap of peaks was present so this convention could not always be followed, but most ionic 

species in low alloyed steels have unique ranges or multiple charge states. In the cases of peaks with low 

signal, ranging peaks with full width at 1/100th maximum was not possible, so these peaks were ranged 

using all ion counts that were above the local average background level. 
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A few examples of the TOF analysis for relevant elements and complicating factors are outlined 

hereafter. Carbon with an atomic mass of 12.01 g/mol, for example, is most commonly ionized with a 

charge state of 2+ and therefore can be detected with a peak at approximately 6.0 on the mass-to-charge 

spectrum. Nitrogen peaks can also be detected and are expected at mass to charge values of 14 and 28 Da 

for 14N+ and 28N2+, respectively. However, a complication arises with the ranging of nitrogen peaks since 

they directly overlap with 28Si2+ and 56Fe2+ peaks, respectively, which convolutes the analysis of 

individually detected nitrogen atoms. Even at residual amounts of silicon, there were almost as many 

silicon atoms in solution as there are nitrogen atoms for the experimental steels. However, vanadium can 

be detected together with a nitrogen atom (i.e. bonded or ionized concurrently) if a nitride particle has 

formed which gives a peak at 32.5 Da [36]. The same consideration can be given to vanadium and carbon 

which would present a peak at 31.5 Da, but this overlaps with 63Cu2+ which was used as the grid material 

holding the atom probe tips. 

TEM images of the tips were acquired prior to the 3DAP experiments to assist in correct spatial 

reconstruction of the tip volume. One of these images is shown in Figure 3.13 (see pg. 58) and shows the 

electron transparent region spanning approximately 150 – 200 µm from the tip end. The TEM images can 

also be used to locate interfaces and/or second phase particles prior to APT analysis. When imaging APT 

tips in the TEM with a special TEM holder from Hummingbird Scientific designed to hold a copper half 

grid, diffraction conditions could not easily be chosen since only alpha tilt is available. However, a 

method to utilize a more standard half grid was utilized in the cross-correlative TEM-3DAP analysis 

presented in the discussion chapter. A post-analysis TEM image is also overlayed in Figure 3.13 which 

gives an indication of the amount of tip consumed during the 3DAP experiment. Post analysis images 

were not obtained in all cases since they did not assist in the precipitate analyses. 

Statistical approaches in post-analysis of the datasets were also utilized to assist in the detection 

of clustering of solute atoms or early precipitation processes. Most of these analyses relied on nearest-

neighbor analysis methods and are well described elsewhere [37]. The first method utilized was a first 

nearest neighbor method which only considers the distribution of first nearest-neighbor distances between 

a solute atom of interest in 3D space. These distributions can then be compared to random distributions of 

the solute atom to determine if clustering is present. The second analysis method utilized was the radial 

distribution function or pair correlation function. This function defines the normalized probability per unit 

volume for finding the nucleus of a second atom at a distance r from the nucleus of a reference atom. To 

determine the viability of these analysis methods, a simulated atom probe dataset was generated with 

small clusters of solute atoms. The description of the simulation and the results can be found in 

Appendix D and demonstrated that the first nearest-neighbor method was sufficient to detect the clusters. 
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(a) 

 
(b) 

 
(c)

Figure 3.12 Images and analysis for thickness determination in a TEM thin foil specimen using Kossel 
Möllenstedt fringes. The example shown was from the VN15 steel aged for 5 hours. (a) TEM Convergent 
beam electron diffraction pattern taken under two beam conditions showing the 000 and 200 discs and 
Kossel Möllenstedt fringes within the discs, (b) the measured grayscale intensity value versus the distance 
in the 200 disc represented by the gray line and local Gaussian fits at intensity maxima/minima to 
determine spacings of intensity minima from the bright fringe, and (c) plot from the measurements in 
part (b). 
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Figure 3.13 Pre-analysis and post-analysis 3DAP tip image overlay for spatial correction in 3D atom 
probe analysis. 
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4 
CHAPTER FOUR 

  
ESTABLISHEMENT OF BENCHMARKS FOR MICROSTRUCTURES, 

TRANSFORMATIONS, AND HARDNESS 

The results presented in this chapter consist of the analysis of prior austenite grain sizes, both 

after reaustenitizing and after simulated thermomechanical controlled processing (TMCP), a flow stress 

analysis from simulated TMCP on the Gleeble®, and Thermo-Calc® results of equilibrium volume 

fraction predictions of phases. Furthermore, 3D atom probe (3DAP) tomography was completed on one 

V-containing steel after simulated TMCP and a coiling hold. Finally, the hardness evolution from the 

time-temperature study is presented. 

4.1 Austenite Grain Sizes Produced by Reheating and Cooling 
Prior austenite microstructures were analyzed in specimens that were reaustenitized at either 1180 

or 1230 °C and then quenched to room temperature at a rate of 100 °C/s using a TA Instruments 

DIL805A quench dilatometer. Figure 4.1 (see next page) shows LM images of the prior austenite grain 

boundaries for four of the eight experimental steels. Most of the steels etched well with a saturated picric 

acid solution, including the Base and V-containing steels. However, in addition to etching the prior 

austenite boundaries, some steels also experienced etching of the ferrite and/or ferrite/M-A constituent 

boundaries, as shown by Figure 4.1(c). In all cases, images were still obtained in which prior austenite 

grain boundaries could be identified and individual chord lengths could be measured at higher 

magnifications. Since all individual chord lengths were recorded from the intersections with an overlay of 

a random grid, direct comparison between corrected grain sizes were still possible between the different 

steels even if different magnifications were necessary.  

In all steel compositions, analysis revealed abnormal grain growth owing to the presence of very 

large grains adjacent to smaller grains. Abnormal grain growth could not be prevented since the intent of 

the thermal cycle was to completely dissolve a large percentage of the particles during reaustenitization, 

including vanadium nitrides and niobium carbonitrides. If the particles were not completely dissolved, 

they could have restricted grain size. Titanium nitride is stable to much higher temperatures than the 

reaustenitizing temperatures used (confirmed in Section 4.3.3 by the thermodynamic simulations). 

However, analysis of the as-received plates indicated that the steels with Ti additions often contained 

large, cubic TiN particles from the original rolling procedure which most likely incorporated a large 

fraction of the nominal 0.01 wt pct Ti in the Ti-added steels. These large particles would have been 

incapable of preventing some of the austenite grain coarsening and abnormal grain growth at high 

temperatures. The reaustenitization temperatures were chosen to put most of the remaining microalloying 



62 

elements into solution (i.e. Nb and V). This allowed for the study of precipitation of the microalloying 

elements in the appropriate temperature and deformation ranges which coincide with the lower 

temperature range of the austenite phase field and/or temperatures lower than the austenite to ferrite 

transformation.  

 
(a) 

 
(b) 

 
(c) 

 
(d) 

Figure 4.1 Prior austenite grain boundaries after reaustenitizing for 10 minutes at 1180 °C for (a) Base 
and (b) VN15 and at 1230 °C for (c) NbTiVN6, and (d) NbTiVN15 (note magnifications are different). 

Results of the grain size measurements are shown in Table 4.1. The individual chord lengths were 

converted into grain sizes by applying a multiplication factor of 1.5 according to a stereological approach 

referenced in Meyers and Chawla [1]. The geometric means from the grain size measurements for each 

material are shown in the table. Note that the geometric mean coincides with the median of a log-normal 

distribution on a logarithmic scale. The results indicated the Base and V-containing steels exhibit a much 

larger grain size than the Ti and Nb-Ti-containing steels. These results were generally expected owing to 

the addition of additional microalloying elements such as Nb and Ti to these steels. TiN does not dissolve 

at the austenitizing temperatures since the phase is stable up to the liquidus temperature. Even with the 

microstructures containing some very large TiN particles, some smaller particles were likely present 
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which inhibited grain growth. Furthermore, the NbTiVN6 and NbTiVN15 steels show the smallest prior 

austenite grain sizes. There was a possibility the niobium carbonitrides did not completely dissolve during 

the hold period at 1230 °C and were able to inhibit austenite grain growth to a limited extent.  

Since the grain size measurements did not show normal (i.e. Gaussian) distributions, the 

measurements were binned in either 40 µm increments for the Base, VN6, and VN15 compositions or 

10 µm increments for the Base + Ti, NbTiN6, NbTiVN6, NbTiVN15, and High Ti compositions and then 

plotted on a histogram. Log-normal fits were computed for each steel which provided reasonable 

agreement to the data for all compositions even with the presence of abnormal grain growth, as shown by 

Figure 4.2 (see next page). Literature also suggests that log-normal distributions are appropriate for grain 

size measurements, although the references found only studied recrystallized aluminum and titanium  

with uniform grain structures [2–4]. The grain sizes corresponding to the maximum of the log-normal 

distribution are also shown in Table 4.1. The trends in the grain sizes determined from the log-normal 

peaks were similar to those for the geometric means when comparing materials. However, the log-normal 

peak fits may be more consistent with the true grain size differences when making comparisons. At least 

between the NbTiVN6 and NbTiVN15 steels, a small reduction in prior austenite grain size was possibly 

expected in the NbTiVN15 steel due to having a slightly lower total solubility with the increased nitrogen 

content. This lower solubility could have left more undissolved particles, thus inhibiting austenite grain 

growth at 1230 °C. The geometric mean, in contrast, shows the reverse trend for these two steels. 

Table 4.1 Prior Austenite Grain Size Measurements (µm) after 1180 or 1230 °C Reaustenitization 

Method Base VN6 VN15 Base + Ti NbTiN6 NbTiVN6 NbTiVN15 High Ti 
Austenitizing 
temperature 1180 °C 1230 °C 

Geometric mean 170 180 172 66 59 49 53 75 
Grain size at log-
normal peak max. 132 123 126 44 45 37 34 59 

 
4.2 Effect of Thermomechanical Processing on Evolution of Austenite Microstructure 

Thermomechanical controlled processing (TMCP) simulations were completed on the Gleeble® 

3500 to include both thermal and deformation processing which was generally representative of rolling 

paths in industrial steel mills. Initially, the addition of deformation to the processing of the steels was 

studied by analysis of the austenite grain sizes after the simulated rolling. The flow stress during each 

deformation pass was also analyzed and compared in the experimental steels. The austenite grain sizes 

after simulated TMCP and the flow stress comparisons gave the first indications of differences between 

the steels due to a difference in chemistry and microalloying element effect on microstructural evolution. 
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(a) (b) 

(c) (d) 

Figure 4.2 Histograms of the prior austenite grain sizes for the (a) Base and (b) VN15 steels in 40 µm 
grain size increments and for the (c) NbTiVN6 and (d) NbTiVN15 steels in 10 µm grain size increments 
along with the log normal fit shown by the solid line. 
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4.2.1 Austenite Grain Sizes 
The austenite grain size after reaustenitizing and simulated TMCP was analyzed using the same 

procedure outlined in the previous section. The steels were processed under the condition shown in 

Figure 3.9 in the experimental procedures section (see pg. 51). The temperatures of the deformations and 

the deformation conditions at each simulated rolling pass (i.e. strain per pass, strain rate, etc.) were the 

same as those utilized in subsequent analysis of precipitation in the steels after TMCP.  

A selection of the prior austenite grain structures is shown in Figure 4.3 (see next page). The Base 

steel and steels with only V additions contained high volume fractions of equiaxed austenite grains after 

the simulated TMCP schedule. Of course, a large refinement in the sizes of the grains was produced when 

comparing with the grains immediately after reaustenitizing (Figure 4.1). The Base + Ti also showed the 

same trend. The niobium-containing steels (i.e. NbTiN6, NbTiVN6, and NbTiVN15) and the High Ti 

steel, however, showed a different austenite grain microstructure as shown in parts (c) and (d) of 

Figure 4.3. The NbTiVN6 and NbTiVN15 steels both showed an obvious refinement of grain size 

compared to the Base and vanadium-containing steels after TMCP and also indicate some directionality in 

the overall grain structure. This directionality was due to deformation accumulation in the austenite grains 

(i.e. grain pancaking) during the deformation passes (note the torsion axis was oriented in the horizontal 

direction and strain accumulation was approximately in the vertical direction of the image). Prior work by 

another researcher found that the no-recrystallization temperature (Tnr), which is the approximate 

temperature below which recrystallization stops, was up to 100 °C higher for the Nb-containing steels [5]. 

Therefore, the strain accumulation in the niobium-containing steels was expected at the lowest simulated 

rolling passes since these steels would not completely recrystallize and led to the presence of non-

equiaxed austenite grains. The elongated grains are shown in more detail in Figure 4.4 (see pg. 67).  

The assumption for the difference between the niobium-containing steels (and the High Ti steel) 

was that precipitation in the austenite deformation range inhibits the grain growth through a Zener 

pinning mechanism. The previous researcher studying the high temperature deformation behavior of these 

steels, however, did not definitely find the presence of these particles. The literature on niobium-

containing steels, however, contains many sources proving this phenomenon [6–15].  These references 

also indicate that differences in solute drag could contribute to the difference in the Nb-containing steels. 

Similar to the analysis of the size distribution in the steels after reaustenitization, the austenite 

grain sizes after TMCP were fit to log-normal distributions after the measurements were binned. For non-

uniform structures such as the niobium-containing steels, the geometric mean was closer to the median of 

the grain sizes than the arithmetic mean giving a better indication of the true grain size. The prior 

austenite grain sizes before and after simulated thermomechanical controlled processing are shown in 

Figure 4.5 (see page 67). All quantities expressed on this plot are geometric means of the grain sizes. The 
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dark gray bars are the mean grain size simply after reaustenitization for 10 minutes and quenching; the 

light gray bars are the austenite grain sizes after TMCP. All materials had significant refinement in grain 

size after TMCP and the smallest sizes are in the NbTiVN6 and NbTiVN15 steels.  

 
(a) 

 
(b) 

 
(c) 

 
(d) 

Figure 4.3 Prior austenite grain boundaries after reaustenitizing for 10 minutes and then simulated 
thermomechanical processing for (a) Base, (b) VN15, (c) NbTiVN6, and (d) NbTiVN15 steels. 

As stated previously, the steels containing the addition of all microalloying elements were 

expected to have the most refinement in the austenite grain size as indicated by the results in Figure 4.5. 

The refinement is due to the possible precipitation of niobium- and titanium-containing particles during 

high temperature deformation as well as from some solute drag from the microalloying elements. The 

steels containing only V additions did not produce as much austenite grain refinement with the values 

being about twice those from the niobium- and titanium-containing steels. This was both due to the much 

larger starting austenite grain size after reaustenitization (from the absence of any particles to prevent 

coarsening at the austenitizing temperature) and the absence of elements to produce precipitation at the 
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final simulated rolling passes. The refinement of the austenite grain size, however, was still significant in 

these steels from the repeated recrystallization of the austenite grains. 

 
(a) 

 
(b) 

Figure 4.4 Microstructural analysis of prior austenite grain boundaries for the NbTiVN6 and 
NbTiVN15 steels processed at high temperature and then quenched. Note that the magnification is higher 
than the previous figure. 

 

 

Figure 4.5 Comparison of prior austenite grain size after austenitizing/quenching and after 
austenitizing with simulated thermomechanical processing (labeled TMCP) using geometric means of all 
measurements. 95 pct confidence intervals are shown.
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4.2.2 Flow Stress Analysis 
The mean flow stress was analyzed using the data collected during simulated TMCP. Although 

the primary intent of the processing on the Gleeble was for post-processing microstructural analysis, the 

analysis revealed some useful comparison between the materials. The mean flow stresses from multiple 

experiments for the Base, vanadium-containing steels, and niobium-containing steels with vanadium 

additions are shown in Figure 4.6. The mean flow stress analysis is only shown for three separate 

temperatures in each the high temperature (1050 – 1150 °C) and low temperature (850 – 950 °C) 

deformation pass ranges even though both ranges contained a total of five passes.  

 

Figure 4.6 Flow stress analysis from simulated thermomechanical processing simulations (note that 
the strain rate is 4 s-1 in the 1050 – 1150 °C range and 10 s-1 in the 850 – 950 °C at 72.4 pct of the gauge 
radius). 95 pct confidence intervals are shown. 

The Base steel had the lowest mean flow stresses in both the low and high temperature 

deformation range. The mean flow stress values for the V-containing steels did not differ in the high 

temperature deformation range but did diverge to slightly higher values at the lowest deformation 

temperatures, most discernable at 850 °C. Since V-rich precipitates were not expected to nucleate at this 

temperature, the differences were most likely due to solute drag from vanadium in solution. However, the 

statistical differences between the Base and V-containing steels indicated negligible differences.  

The Nb-containing steels had consistently higher mean flow stresses than the Base and V-

containing steels. In the high temperature deformation range, the difference was most likely due to the 

austenite grain sizes being significantly smaller in the Nb-containing steels. The difference in mean flow 
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the low temperature deformation range, however, the mean flow stress of the Nb-containing steels started 

to diverge significantly from the other steels. This likely was due to a microstructural change which 

occurred in the Nb-containing steels but not in the base or V-containing steels. Since one of the main 

differences in chemistry was the addition of Nb, the increase in mean flow stress at the lowest 

deformation temperatures was likely due to the Nb addition in the Nb-containing steels. The exact reason 

for the difference remained to be investigated and will be further explored in the next chapter which 

discusses the microstructural analysis. 

4.3 Thermodynamic Assessment of Constituent Phases 
The equilibrium phase fraction and composition calculations from Thermo-Calc® will be 

discussed in the following sections. The equilibrium volume fraction was calculated for all phases in the 

temperature range of 300 to 1300 °C. For phases that were identified as FCC or HCP by Thermo-Calc®, a 

site fraction analysis was used to determine the composition of the phase as discussed in Section 3.2.1. 

4.3.1 Base Steel 
The metastable equilibrium volume fraction calculations versus temperature for the Base steel are 

shown in Figure 4.7. As shown in the figure, the appearance of ferrite occurred at approximately 

820 – 840 °C. Also, as expected, the presence of cementite occurred as the austenite volume fraction goes 

to zero. The presence of stable VN and TiN phases around 400 °C was not expected to occur under actual 

conditions in the base steel since these elements are only present in residual amounts. However, the 

volume fraction of these two phases in the base steel was extremely small at levels around 10-5. 

 

Figure 4.7 Results from the Thermo-Calc® analysis for the Base steel showing the volume fraction of 
equilibrium phases versus temperature (color image – see electronic copy). 

Two other equilibrium phases were predicted in relatively significant amounts: HCP (Mo,Mn)2C 

phase and FCC Cr(C,N) phase. The (Mo,Mn)2C phase appeared in the equilibrium phases calculations for 
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all eight experimental steels at approximately 630 – 640 °C. At the highest temperatures where this phase 

was stable, the majority of one of the sub-lattices was occupied by Mo as shown in Figure 4.8(a). Since 

the calculations fluctuate the composition with temperature, the composition at the high temperature 

(i.e. molybdenum-rich) likely more closely matches the actual composition if this phase were to nucleate 

upon cooling. The Cr(C,N) which appears around 730 °C was not expected and does not appear in any of 

the calculations for the other steels with the exception of the Base + Ti steel. The phase composition is 

shown by the site fraction plot in Figure 4.8(b). This phase likely only appeared in thermodynamic 

calculations for the Base steel since there are not any other significant amounts of alloying elements to 

consume the carbon and nitrogen as in the steels containing microalloying additions. 

 
(b) 

 
(c) 

Figure 4.8 Site fraction analysis for the Base steel showing results for (a) the HCP (Mo,Mn)2C phase 
and (b) the FCC Cr(C,N) phase. 

4.3.2 Vanadium-containing Steels 
The phase fraction calculations for the VN6 and VN15 steels are shown in Figure 4.9 (see next 

page) and Figure 4.10 (see pg. 72), respectively. The volume fractions of cementite and (Mo,Mn)2C were 

predicted to be the same as in the Base steel. The main difference in these steels is the vanadium addition, 

which as expected produced a separate FCC phase. This phase is labeled as V(C,N) or VN in the figures. 

For the VN6 steel, the site fraction analysis in Figure 4.9(b) indicated the phase was primarily TiN at high 

temperatures. Below approximately 1000 °C, the phase was most stable as VN. It then transitioned to a 

more equal mixture of carbon and nitrogen on the second sub-lattice below approximately 800 °C with a 

volume fraction of approximately 10-3. The transition from TiN to V(C,N) is not realistic under 

experimental conditions, but as discussed before for the CEF model, Thermo-Calc® was simply 

rearranging atoms on the sub-lattices to minimize the Gibbs free energy of mixing. More realistically, 

these phases should be separated. Figure 4.9(a) even shows the appearance of a separate TiN phase below 
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800 °C. The important result from the site fraction analysis, however, was that the V(C,N) phase was 

predicted to be VN under equilibrium conditions if the phase was to form above 800 °C and almost an 

equal mixture of carbon and nitrogen as the temperature dropped significantly below 800 °C. At a 

temperature of 500 °C, the site fraction analysis indicated a composition of VC0.45N0.5 with the remainder 

of the carbon/nitrogen presumably occupied by vacancies. 

(a) (b) 

Figure 4.9 Results from the Thermo-Calc® analysis for the VN6 steel showing (a) the volume 
fraction of equilibrium phases versus temperature and (b) the site fraction of individual elements in the 
FCC V(C,N) and TiN phase (color image – see electronic copy). 

The VN15 steel showed a slightly different result in Figure 4.10, as would be expected with the 

increase of nominal nitrogen concentration from approximately 60 ppm in the VN6 steel to 150 ppm in 

the VN15 steel. As shown by the site fraction analysis in Figure 4.10 for the low volume fraction FCC 

phase, in the highest temperature range, the FCC structure was predicted as a TiN phase with a low 

fraction (below 10-4). Below 1075 °C, the phase transitioned to a V(C,N) compound and the volume 

fraction increases to approximately 10-3. However, the difference in the VN15 analysis was that the 

V(C,N) phase contains mostly nitrogen on sub-lattice #2 across the entire ferrite phase region and the 

phase was predicted to be stable in the austenite phase field. The site fraction of nitrogen in this case was 

always above 0.8 which indicated a precipitate phase of VC0.2N0.8. The phase volume fraction predicted at 

low temperatures was, however, the same as that predicted in the VN6 steel. 

4.3.3 Niobium-containing Steels 
The equilibrium volume fractions for the NbTiVN6 and NbTiVN15 steel are shown in 

Figure 4.11 (see pg. 73) and Figure 4.12 (see pg. 74), respectively. In both the Nb-containing steels, the 

volume fraction analysis indicated the presence of a Nb(C,N) phase around approximately 1100 °C. As a 

note in regard to the reaustenitizing temperature chosen for the Nb-containing steels, reaustenitizing was 
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completed at 1230 °C for all heat treatments and thermomechanical processing simulations on the Nb-Ti 

alloys. Based on these calculations, this temperature should have been more than sufficient to dissolve 

any Nb-containing particles. These temperatures however were not sufficient to dissolve any of the TiN. 

Both Nb-containing steels indicated the presence of TiN, as expected, which was stable across the entire 

temperature range. The site fraction plot in Figure 4.11(b) (see next page) for the NbTiVN6 steel indicates 

that the Nb(C,N) phase mainly contains Nb on one sub-lattice and an approximate site fraction of 0.75 for 

carbon and 0.25 for nitrogen when the phase first appeared. Some Cr solubility was predicted at lower 

temperature but likely would not occur under true cooling conditions if the phase were to nucleate around 

1100 °C. A carbon-rich V(C,N) phase was predicted and the temperature at which the phase first appears 

was slightly lower (i.e. 850 °C) as shown in Figure 4.11(c). 

(a) (b) 

Figure 4.10 Results from the Thermo-Calc® analysis for the VN15 steel showing (a) the volume 
fraction of equilibrium phases versus temperature and (b) the site fraction of individual elements in the 
FCC V(C,N) and TiN phase (color image – see electronic copy). 

The results of the NbTiVN15 steel analysis, shown in Figure 4.12, indicated some small 

differences. The TiN phase transitioned to V(C,N) below approximately 920 °C, and Thermo-Calc® then 

reintroduced another TiN phase. This was again likely an artifact of the analysis since the TiN phase 

should be separate across the entire temperature range. Also, V(C,N) would more realistically nucleate as 

a separate phase at 920 °C. The difference in temperature in the appearance of V(C,N) phase, 850 °C for 

the NbTiVN6 steel versus 920 °C for the NbTiVN15 steel, was simply due to the increased solubility of 

vanadium in the NbTiVN6 steel which has the lower free nitrogen concentration at those temperatures. 

Furthermore, the composition of the V(C,N) phase in the NbTiVN15 steel was predicted to be much more 

nitrogen rich than in the NbTiVN6 steel, as shown by Figure 4.12(c). 
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(a)

 
(b) 

 
(c) 

Figure 4.11 Results from the Thermo-Calc® analysis for the NbTiVN6 steel showing (a) the volume 
fraction of equilibrium phases versus temperature, (b) site fraction analysis for the FCC (Nb,Cr)(C,N) 
phase and (c) site fraction analysis for the FCC V(C,N) phase (color image – see electronic copy).
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(a)

 
(b) 

 
(c) 

Figure 4.12 Results from the Thermo-Calc® analysis for the NbTiVN15 steel showing (a) the volume 
fraction of equilibrium phases versus temperature, (b) site fraction analysis for the FCC (Nb,Cr)(C,N) 
phase and (c) site fraction analysis for the FCC V(C,N) phase (color image – see electronic copy).
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4.4 Dilatometric Analysis 
Dilatometric analysis was completed on all experimental steels to determine the transformation 

temperatures upon heating and continuous cooling transformation (CCT) temperatures upon cooling. The 

latter work was complemented with microstructural analysis of the steels in the 10 – 50 °C/s cooling rate 

range. 

4.4.1 Determination of Critical Temperatures on Heating 
The Ac1 and Ac3 temperatures for all experimental steels are summarized in Figure 4.13. For each 

composition shown on the horizontal axis, the temperature values on the left side were those determined 

from the dilatometric analysis. For all the Ac1 and Ac3 temperatures that were determined experimentally, 

the difference in transformation temperature on heating was at most approximately 10 °C. Furthermore, 

no discernable trends based on composition were evident, although none were expected based on 

compositional differences only in the microalloying elements. The one outlier was the Ac3 temperature for 

the NbTiVN6 steel, but the reason that this temperature was higher than other steels was more likely to be 

related to an experimental error.  

For comparison, the equilibrium critical temperatures from Thermo-Calc® are included in 

Figure 4.13. As expected, the critical equilibrium transformation temperatures were lower than those 

measured from dilatometry due to kinetic considerations of the transformation of ferrite to austenite and 

the dissolution of cementite during the measurements on the dilatometer. Also, a larger deviation between 

the experimental and equilibrium temperature was present at the upper temperature. The heating rate of 

0.008 °C/s (28 °C/h) prescribed by the ASTM standard [16] clearly does not represent equilibrium 

although comparison of temperatures predicted by Thermo-Calc® may also differ due to the simplifying 

assumptions in the thermodynamic analysis (e.g. choice of composition) . Dilatometry curves on heating 

also showed indications of cementite dissolution during the transformation, indicated by the small bump 

approximately 50 °C after the transformation start temperature (an example of this can be found in 

Chapter 3 on Figure 3.1). This feature related to cementite dissolution has also been noted in the literature 

[17, 18]. 

4.4.2 Phase Transformations during Continuous Cooling 
The microstructures of specimens cooled at rates from 10 – 50 °C/s are shown in Figure 4.14 

through 4.18 (see pgs. 77 – 81). Only the microstructures for the Base, V-containing, and 

Nb/V-containing steels are shown as these are the most relevant to this body of work, especially with 

respect to the precipitate analysis. Furthermore, large variations in microstructure were not found between 

the different steels at each cooling temperature as evidenced by the series of figures. The microstructures 

in the High Ti steel differed significantly from the other steels, but the analysis of this steel was not the 

focus of the work (for reference, the reader may view these additional microstructures in Appendix C). 
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Figure 4.13 Ac1 and Ac3 temperatures of each material determined experimentally through dilatometry 
(left side for each material) and Ae1 and Ae3 calculated through Thermo-Calc® (right side for each steel). 

At a cooling rate of 10 °C/s, the microstructures for all the investigated steels could be 

characterized as bainitic ferrite with isolated, high-aspect ratio regions of martensite and austenite. There 

were also likely some regions of blocky M-A constituents. There was no evidence of any polygonal 

ferrite at the cooling rate of 10 °C/s although there are large regions which appear featureless in the light 

micrographs. These areas analyzed at this cooling rate are characterized by ferrite grains with an acicular 

appearance or possibly granular bainite due to similarities of the overall microstructure in other HSLA 

steels [19], but no TEM analysis was done to accompany the light microscopy. Prior austenite grains 

often completely contained acicular or lathlike ferrite grains of similar orientation or several packets 

and/or blocks of bainite variants with boundaries which did not respond well to etching due to the small 

misorientations angle between adjacent laths or grains. Even with the obvious reduction in prior austenite 

grain size in the Nb/V-containing steels, NbTiVN6 and NbTiVN15 shown in Figure 4.17 and 4.18 (see 

pgs. 80 and 81), respectively, the characteristics of the ferrite and any secondary constituents did not 

change significantly.  
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(a)

 
(b)

 
(c)

Figure 4.14 Continuous cooling microstructures of the Base steel after reaustenitizing at 1180 °C and 
cooling at rates of (a) 10, (b) 30, and (c) 50 °C/s.
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(a)

 
(b)

 
(c)

Figure 4.15 Continuous cooling microstructures of the VN6 steel after reaustenitizing at 1180 °C and 
cooling at rates of (a) 10, (b) 30, and (c) 50 °C/s.
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(a)

 
(b)

 
(c)

Figure 4.16 Continuous cooling microstructures of the VN15 steel after reaustenitizing at 1180 °C and 
cooling at rates of (a) 10, (b) 30, and (c) 50 °C/s.
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(a)

 
(b)

 
(c)

Figure 4.17 Continuous cooling microstructures of the NbTiVN6 steel after reaustenitizing at 1230 °C 
and cooling at rates of (a) 10, (b) 30, and (c) 50 °C/s.
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(a)

 
(b)

 
(c)

Figure 4.18 Continuous cooling microstructures of the NbTiVN15 steel after reaustenitizing at 1230 °C 
and cooling at rates of (a) 10, (b) 30, and (c) 50 °C/s.
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When the cooling rate was increased to 30 °C/s, the resulting microstructures indicated a 

substantial change; large regions of nearly parallel laths are contained within each prior austenite grain 

with each of the groups of parallel laths terminating at the adjacent group. Any interlath and/or 

intergranular microconstituent such as retained austenite was not easily distinguishable in the micrographs 

from the 30 °C/s cooling rate. A likely explanation for this change is that the microstructures contained 

larger volume fractions of non-equilibrium austenite decomposition products, namely martensite. The 

hardness for all steels increased by approximately 50 – 60 HV when compared to the values at a cooling 

rate of 10 °C/s (hardness curves are in Appendix C for reference). Since a significant increase in hardness 

was not detected between adjacent cooling rates (e.g. when comparing 10 and 20 °C/s), the consistent 

increase in hardness likely indicated an increasing volume fraction of martensite being formed with faster 

cooling rates. The interpretation of the microstructure, especially at the 30 °C/s cooling rate, needs to be 

revisited in the context of the detected start in the transformation temperature, however, which will be 

continued below. As a final point for the microstructures at the 30 °C/s cooling rate, no differences could 

be detected with light microscopy between the different steels except for the difference in the prior 

austenite grain size.  

Finally, the microstructures after cooling at 50 °C/s are shown in part (c) of each figure on 

pgs. 77 – 81. Comparing the microstructures after cooling at 30 and 50 °C/s, there was no significant 

difference in the overall microstructure except for a refinement in the areas of parallel laths. 

Figure 4.15(c) shows an interesting feature which indicates that some of the laths may have nucleated 

from inclusions (these inclusions appear as round, dark particles in the micrographs and are located in the 

center and towards the bottom-right of the image). This observation was not necessarily unique to the 

highest cooling rate investigated, however, as other images from cooling rates as low as 30 °C/s showed 

similar features. The hardness for the microstructures after cooling at 50 °C/s increased by approximately 

20 to 30 HV for all compositions versus the 30 °C/s cooling rate (see Appendix C). This smaller 

increment in hardness reaffirmed that the change in microstructure between 30 and 50 °C/s was less than 

the change from 10 to 30 °C/s. 

The measured start and finish transformation temperatures for 10 – 50 °C/s cooling rates are 

summarized in Figure 4.19 (see pg. 87). Comparing the transformation temperatures obtained at the 

different cooling rates on the quench dilatometer for each material, the trends for each steel show 

decreasing transformation temperature with increased cooling rate at rates of 30 °C/s and above. The 

starting transformation temperature on average was depressed by approximately 50 °C between the lowest 

and highest rate. When comparing all materials at a single cooling rate, there was likely not significant 

differences in transformation temperature for different chemistries even though some single 

measurements showed a large deviation from the overall trends (e.g. the start temperature for the VN6 
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steel at a cooling rate of 10 °C/s and the start temperature for the NbTiVN6 steel also at a cooling rate of 

10 °C/s). Prior work by Yang and Bhadeshia has indicated that the standard deviation of martensite start 

temperatures can be as much as ±12 °C using an offset method on dilatometry data [20] while Wang et al. 

indicated an error of ±15 °C using a neural network analysis [21]. Similar error could likely be expected 

in the temperature values shown here since only one sample was used to determine the start and finish 

temperature for each cooling rate. Furthermore, composition fluctuations in the plate, especially with 

respect to manganese, could easily have contributed to fluctuations in measured transformation 

temperatures, although care was taken to avoid plate surfaces and any centerline segregation during 

machining of samples for dilatometry.  

Overall, the steels indicated negligible differences in the transformation start temperatures 

between cooling rates of 10 to 30 °C/s. This negligible difference is interesting especially considering the 

large change in microstructure for all steels between 10 and 30 °C/s. This perhaps indicated that initially 

at the start of the transformation for both cooling rates, only a morphological difference was present in the 

formation of the bainitic ferrite with the transformation start temperatures corresponding to a bainitic 

transformation in both cases. However, the microstructures at 30 °C/s likely incorporated higher fractions 

of lower temperature transformation products as the temperature was further decreased due to competition 

between the amount of material able to transform at each instant during cooling and the cooling rate. 

Between the 30 and 50 °C/s cooling rates however, the transformation start temperatures were depressed 

on average approximately 50 °C. This decrease in all the experimental steels likely indicated a transition 

to microstructures containing higher volume fractions of martensite.  

Lastly, in comparison of all the investigated steels, the only material which showed consistently 

lower starting transformation temperatures was the NbTiVN6 steel. This was possibly due to the 

NbTiVN6 steel having one of the highest carbon concentrations at 0.061 wt pct and also the highest 

molybdenum content at 0.203 wt pct. Prior work by Siwecki et al. has shown that molybdenum can 

depress the bainite start temperature in low carbon V-containing steels [22] while another study by 

Mohrbacher found that addition of 0.25 wt pct Mo to a low carbon Mn-Cr steel significantly delayed 

pearlite formation and lowered the transformation temperature [23]. 

As a final point of discussion on the interpretation of the resulting microstructures and measured 

transformation start temperatures, several predictive equations for the bainite start (Bs) and martensite 

start (Ms) temperatures were compiled from the literature. The equations are mostly based on composition 

alone and formulated from analysis of isothermal transformation data. Of course, the transformations here 

were not isothermal, but the analysis still yielded some interesting comparisons. The Bs temperatures 

predicted by the Steven and Haynes empirical equation [24] range from approximately 620 - 625 °C for 

all of the experimental steels here. These values were high in comparison, especially considering that 
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most of the measured values for the starting transformation temperature were around 550 °C at the 

slowest cooling rate presented here. At least one literature source noted that the Steven and Hayes 

equation often predicted high Bs temperatures [25].  

Kirkaldy and Venugopalan modified the empirical equation using isothermal transformation 

diagram data from low alloy and high alloy steels generated by US Steel [26]. The equation from these 

authors predicted Bs temperatures of approximately 570 – 575 °C for all the experimental steels. Finally, 

Lee again modified the empirical formula to include data from more steel manufacturers [25] which 

resulted in a Bs temperature range of approximately 595 – 600 °C predicted for the steels here. The latter 

two empirical equations likely predict the Bs temperature more accurately since the composition of the 

steels used to develop the equations included more varied compositions. However, the minimum carbon 

was approximately 0.1 wt pct in the development of the equations, so the steels here with a nominal 

carbon concentration of 0.06 wt pct may still not apply well. At least in the 10 – 30 °C/s cooling rate 

range, the final two equations at least come close to predicting the transformation start temperatures on 

continuous cooling. Incorporating the results of the predicted Bs temperatures with the analysis of the 

microstructures and measured transformation start temperatures, there is strong evidence to support that 

the microstructures are mostly bainitic at a cooling rate of 10 °C/s and contain a significant volume 

fraction of bainite at 30 °C/s.  

A similar analysis was completed for determination of the Ms temperatures of the steels. In an 

attempt to better predict the Ms temperatures, a more recent artificial neural network analysis was utilized. 

The neural network was trained on the measured Ms temperatures of 320 steels and also incorporated 

austenite grain size [27]. This network was able to accurately predict the increase in the Ms with 

increasing austenite grain size, a trend more apparent for steels with low carbon concentrations [28]. The 

neural network analysis was also chosen since it accurately predicted the Ms temperature in a steel with 

0.07 wt pct C. Utilizing the prior austenite grain size measurements from the steels after reaustenitizing 

and quenching presented in Section 4.1, the range of Ms temperatures predicted was approximately 455 - 

475 °C. The Nb-containing steels grouped around the lower temperatures in the range somewhat due to 

the higher average carbon concentrations but also the smaller prior austenite grain sizes. Again, these 

predicted values of Ms temperatures could be related to the analysis of the microstructures and the 

measured start and finish transformation temperatures.  

In the case of the 10 °C/s cooling rate, the average measured transformation finish temperature 

was approximately 420 °C. As stated previously, the micrographs indicated that the most prominent 

microstructural features appeared as bainitic ferrite. These results aligned well with the predicted Ms 

temperatures since much of the bainitic transformation was likely complete at this cooling rate before 

reaching the Ms temperature. Furthermore, partitioning of carbon during the phase transformation may 
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have even enriched some local untransformed, austenitic regions so that they were stabilized to very low 

Ms temperatures. Some of these carbon enriched regions may even have remained as austenite to room 

temperature.  

For the 30 °C/s cooling rate, the predicted Ms temperatures were harder to associate with the 

measured transformation temperatures and final microstructures. The average transformation finish 

temperature decreased to approximately 360 °C but as noted earlier the transformation start temperature 

did not change significantly from 10 °C/s. The microstructures at 30 °C/s did exhibit a clear difference 

from those at 10 °C/s even though the measured transformation start temperatures were similar. 

Combining the findings of the approximate 80 °C depression of the transformation finish temperature and 

the average Ms predicted by the neural network analysis, a bainitic transformation was likely for both 

cooling rates at the highest temperatures. However, the microstructures at 30 °C/s likely contained a 

higher volume fraction of martensite as evidenced by more of the transformation occurring below the 

predicted Ms temperature and the substantial increase in hardness. 

Finally, the microstructures produced at a cooling rate of 50 °C/s still initiated as a bainitic 

transformation with the average transformation start temperature of approximately 500 °C for all of the 

steels. However, the transformation likely transitioned to that of a martensitic nature early in the 

transformation sequence. From 30 to 50 °C/s, the transformation finish temperature was only depressed 

by approximately 20 °C for each steel. 

4.5 Preliminary Precipitate Analysis: 3D Atom Probe Analysis of the VN6 Steel after 
Thermomechanical Processing and a Coiling Hold at 450 °C 
An initial precipitation/clustering analysis via 3DAP tomography was completed on the VN6 

steel after simulated thermomechanical controlled processing. A hold condition of 10 h at 450 °C was 

accessed due to promising mechanical property improvements found in similar steels which were possibly 

related to microalloy precipitation [22, 29–31]. The microstructural characterization included in these 

studies, however, was not very conclusive in relation to the strengthening mechanisms proposed.  

Figure 4.20 (see pg. 88) shows LM micrographs of the steel after processing. The contrast of the 

processed steel to that of the continuously cooled microstructure (Figure 4.15) is immediately apparent 

even with the same 30 °C/s cooling rate being utilized in the thermomechanical processing simulation. 

Large prior austenite grains were easily discernable in the continuously cooled microstructures while the 

lack of an easily discernable prior austenite grain morphology is represented in Figure 4.20. A result of 

the thermomechanical processing is a disruption of the larger regions of bainitic laths with similar 

orientation and hence a more blocky structure. The light micrographs, however, do not necessarily show 

the fine details (i.e. sub-structure) of the bainitic laths and interlath regions. The comparison to the 

previous continuously cooled microstructures clearly shows any groups of parallel bainitic laths are 
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contained to much smaller regions after TMCP and that the distribution of carbon enriched phases such as 

cementite, M-A constituents, etc. may have changed also. 

The results and analysis of the four 3DAP experiments run on the thermomechanically processed 

VN6 steel will now be discussed. A total of four separate 3DAP experiments were run (i.e. four separate 

tips). As stated in the experimental procedures, pre- and post-analysis TEM images were acquired on all 

tips before the experiments. A pre-analysis TEM image of one of the tips is shown in Figure 4.21 (see 

pg. 88) and did not show any clear presence of any interfaces in the electron transparent region. The 

images were still able to be used to apply the spatial correction in the Cameca IVAS® software. 

Bulk compositional information was extracted from the 3DAP analysis using a peak 

decomposition analysis on the mass-to-charge spectrum. Since multiple ionic species and charge states 

were often possible for one element (e.g. C, C3, and C4), the counts for these ions were summed to 

achieve an accurate representation of the total atomic percentage of each element. Furthermore, 

background correction was applied to the mass-to-charge spectrum to account for the local decay of each 

peak as well as overall background noise counted by the TOF detector. The results of the background 

corrected compositional analysis for each tip are presented in Table 4.2 (see pg. 89) along with the actual 

bulk composition of the experimental steel measured through OES-MS. The results of the measured 

atomic percentage of each element compared to the actual bulk composition did vary between tips, but 

none of the results deviated largely from the nominal concentrations except for carbon. The results for 

carbon from the APT analysis differed the most from the nominal bulk carbon composition with the 

measurements ranging from 25 – 200 pct of the nominal concentration. However, carbon is an extremely 

mobile species, especially in the range of temperatures in which the bainitic microstructure formed and 

could thus have been the result of local carbon partitioning, possibly to dislocations, low-angle interfaces, 

or M-A microconstituents. Considering the small size of the volume analyzed, the tip volume could easily 

have avoided these areas. Another possibility was that the carbon fluctuations were from the presence of 

metastable iron carbides or cementite.  

3D reconstructions of elements are shown for two of the analyses in Figure 4.22 and 4.23 (see 

pg. 92). The C atom reconstruction in Figure 4.22(d) clearly showed local regions of higher 

concentrations, which may have affected the bulk compositional analysis. However, local partitioning of 

carbon was not apparent in all APT tips. A correlation of the measured carbon concentration with the 

number of ions counted may also have been a possible cause of the large carbon concentration variations 

in the bulk measurements. Both tips #1 and #3 had the lowest number of ions counting ranging from 

approximately 6 – 7 million with both analyses indicating the highest carbon content. Tips #2 and #4 had 

the highest ion counts, ranging from 13 – 17 million, and indicated the lowest carbon concentration. 
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(a)

 
(b)

 
(c)

Figure 4.19 Continuous cooling transformation temperatures for 10 – 50 °C/s cooling rates for the 
(a) Base and vanadium-containing steels, (b) Base and niobium-, titanium-, and vanadium-containing 
steels, and (c) Base and titanium-containing steels. 

50 40 30 20 10
300

350

400

450

500

550

600

650

700

Tr
an

sf
or

m
at

io
n 

St
ar

t/E
nd

 T
em

pe
ra

tu
re

 (°
C

)

Cooling Rate (°C/s)

Base
VN6
VN15

50 40 30 20 10
300

350

400

450

500

550

600

650

700

Tr
an

sf
or

m
at

io
n 

St
ar

t/E
nd

 T
em

pe
ra

tu
re

 (°
C

)

Cooling Rate (°C/s)

Base
NbTiVN6
NbTiVN15

50 40 30 20 10
300

350

400

450

500

550

600

650

700

Tr
an

sf
or

m
at

io
n 

St
ar

t/E
nd

 T
em

pe
ra

tu
re

 (°
C

)

Cooling Rate (°C/s)

Base
Base+Ti
HighTi



88 

 
(a) 

 
(b) 

Figure 4.20 Light microscopy images showing the VN6 steel after simulated thermomechanical 
processing (10 rolling passes) with a 10 h coiling hold at 450 °C. Note that parts (a) and (b) are at 
different magnifications (1-2 pct nital etch). 

 

 

Figure 4.21 TEM bright-field image of VN6 steel before APT used to check for the presence of 
interfaces (grain/lath boundaries) and secondary phases in the electron transparent region within 
approximately 100 nm of the end of the tip. The image was also for correction of the spatial volume 
during analysis of the atom probe results. 

For many of the remaining elements, the bulk compositional analysis was more accurate. The 

elements in solid solution such as manganese and chromium very closely matched the actual bulk 

composition. The molybdenum concentrations were consistently lower than the bulk composition but no 

reasons for this result were known. For silicon, the accuracy of the result was harder to determine since 

deconvolution of silicon and nitrogen was not possible in the mass-to-charge spectrum as previously 

described in the experimental procedures. Although the silicon concentrations measured from the APT 

analysis were similar to the actual concentration, there should be a contribution of nitrogen in the APT 
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results which would be directly summed into the measured silicon concentration. However, none of the 

measured Si concentrations were much higher than the actual concentration, so either some losses were 

not accounted for in the APT analysis if the nitrogen was in solution or the nitrogen was consumed by 

nitrides formed outside of the analyzed volumes.  

Finally, an important result of the bulk compositional analysis was the measurement of vanadium 

in the analyzed volume. The bulk vanadium composition is 0.0629 at pct measured by OES-MS, and the 

APT analyses indicated a range of concentration from 0.051 – 0.084 at pct. The measured concentrations 

indicated that there was not any long range vanadium segregation since the volumes analyzed contained 

the same amount of vanadium representative of a large bulk sample. Furthermore, the possibility that the 

lamellae from which the tips were fabricated from was simply adjacent to a region containing a local 

concentration of precipitation (e.g. a linear array of precipitates on a dislocation or precipitation on a grain 

or lath boundary) was eliminated as a possibility due to the measurement results of bulk V concentration.  

Table 4.2 Background Corrected Bulk Composition Measured from 3D Atom Probe Analysis 

at pct nominal Tip #1 Tip #2 Tip #3 Tip #4 
Fe bal bal bal bal bal 
C 0.255 0.507 0.068 0.236 0.096 

Mn 1.772 1.588 1.744 1.649 1.785 
Si 0.061 0.067 0.061 0.052 0.065 
N 0.03 ‒ ‒ ‒ ‒ 
Cr 0.331 0.299 0.308 0.295 0.320 
Mo 0.113 0.093 0.076 0.061 0.075 
V 0.0629 0.0510 0.069 0.087 0.084 
Al 0.027 ‒ 0.003 ‒ 0.015 

  
The 3D reconstructions for tip #1 and #4 in Figure 4.22 (see pg. 92) show the distributions of Fe, 

Mn, Cr, C, Si (or N), and V atoms. Limited partitioning was observed for Fe, Mn, Cr, Si, and V. For the 

Si ion reconstruction, a higher midline density can be seen in Figure 4.22(e). However, this was not an 

indication of microstructural segregation but was rather an artifact of local electrode and ions 

misidentified by the TOF detector. Indications of a minor zone-axis aligned parallel to the tip axis were 

apparent during the acquisition of the APT data, which was seen by some two-fold symmetry in the TOF 

counter in the acquisition software. As noted previously, the reconstruction of the carbon ions was not 

homogenous as shown by the bands of higher concentration in the upper half of the APT tip in 

Figure 4.22(d). These areas of carbon partitioning could have been the result of the bainite formation 

process with carbon partitioning to the austenite between bainitic laths before final transformation. 

Another possibility was that carbon partitioned to dislocations in the bainitic microstructure, although an 
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array of dislocations with similar directionality was not observed in the pre-acquisition TEM images. A 

final explanation was that there are carbides such as cementite in the region reconstructed. However, the 

first two possibilities are more likely since no carbides were detected in the TEM images before analysis. 

Limited diffraction contrast in the TEM image may have hidden any particles however. The vanadium in 

tip #1 appeared to be homogeneously distributed although any indications of clustering or nanoscale 

precipitates was more thoroughly investigated with clustering analyses (shown below). 

The point density reconstructions for another 3DAP tip are shown in Figure 4.23 (see pg. 93). As 

was indicated by the reconstructions in the first tip, the vanadium and silicon appeared to be 

homogeneously distributed with the exception of the reconstruction artifact with silicon. However, the 

carbon in this case was also much more homogeneous when compared to Figure 4.22 showing little to no 

local partitioning. The distributions of ionic species in these two specimens represent the overall trends 

observed for all four APT analyses on the VN6 steel. Only differences in carbon distribution were 

observed either showing a mostly homogeneous distribution of carbon or some local partitioning with 

carbon appearing as bands. Segregation of other species with carbon was not observed within the higher 

concentration carbon bands. 

Quantitative analysis of segregation and clustering of specific ionic species was achieved by 

performing a nearest-neighbor distribution (NND) calculation on the APT datasets. In this analysis, a 

histogram of the distances of an ionic species of interest to the nearest ion of the same species was 

calculated. The data from the experimental datasets was then compared to a random dataset in which the 

same number of ions were randomly distributed in the volume analyzed. If the experimental data contains 

an overall distribution with smaller distances than the random data, then partitioning or clustering of that 

species should be present. 

The NND analyses for all four 3DAP experiments on the VN6 steel is shown for vanadium in 

Figure 4.24 (see pg. 94). All four datasets indicated almost a completely random distribution of vanadium 

ions shown by the nearly identical histograms of the experimental and random data. These results 

indicated that no vanadium partitioning or clustering occurred in the VN6 steel after a 10 hour hold at 

450 °C. Coil cooling data as well as thermal modeling indicates that coiled strip steel can cool to less than 

400 °C in 10 hours even when the starting temperatures are in excess of 600 °C [32]. Following these 

guidelines, the experimental isothermal hold at 450 °C for 10 hours should have been a reasonable time 

and temperature magnitude to simulate steel coiling conditions. Even under these conditions however, the 

simulated processing conditions did not induce any nucleation of a V-containing secondary phase. 

Another quantitative analysis method of determining the proximity of a specific ionic species to 

another species is a radial distribution function (RDF) analysis. In this analysis, the average concentration 
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of a designated ionic species was calculated as a function of distance from each designated ion. The two 

designated species can be different so that partitioning of one species towards another can be determined, 

unlike the NND analysis. Clustering or local segregation of ions on a sub-nanometer length scale would 

manifest as an increase in concentration of the ionic species as the distance from the same ion goes to 

zero. Precipitation of a secondary phase, such as VC, could also be determined by calculating the RDF of 

the carbon ions with respect to vanadium. A similar increase in the concentration of carbon as the distance 

towards the vanadium ion goes to zero would indicate VC precipitation. 

The RDFs for vanadium are shown in Figure 4.25 (see pg. 95) with concentrations shown for C, 

C3, V, and Si. Silicon was included because the silicon peak could also include nitrogen ions as stated 

previously. There were no indications of increased carbon concentration in the vicinity of the vanadium 

ions in any of the four APT tips and thus no direct evidence of V(C,N) precipitation from the analysis. 

The small increase in the C ion concentration in part (c) of the figure was not large enough to indicate any 

significant diffusion of carbon in the formation of a carbonitride. The silicon ions also showed no 

noticeable changes in concentration versus distance indicating the same result as the carbon 

concentration. Any indication of vanadium clustering could also have been shown by an increase in 

vanadium ionic concentration as the distance towards the vanadium ions goes to zero. However, no 

changes in concentration versus distance were observed, again indicating that the analysis did not detect 

clustering or precipitation in the processed VN6 steel. 

4.6 Hardness Evolution at Simulated Coiling Temperatures in Base, VN6, and VN15 Steels 
A time-temperature study of the Base, VN6, and VN15 steels was conducted in order to 

determine times and temperatures at which microstructural changes were occurring (e.g. precipitation, 

recovery, etc.). Specific aging temperature and times where then chosen for further microstructural 

investigation and future thermomechanical processing experiments. As stated in the experimental 

procedure section, all specimens were cooled at a rate of 30 °C/s to promote formation of bainite and then 

held at temperatures of 400, 500, 550, or 600 °C for times ranging between 1 min and 50 h. From 

considerations of the thermal processing route and the analysis of the continuously cooled microstructures 

in Section 4.4.2, the microstructures were hypothesized to likely contain varying amounts of non-ferritic 

constituents. Furthermore, the initial formation of bainitic ferrite was hypothesized to occur either during 

the cooling step (low temperature aging) or during the initial period of the hold (high temperature aging).  

One example of the measured dilation (i.e. strain) during a time-temperature experiment is shown 

in Figure 4.26 (see pg. 96). The curve shows the final portion of cooling before the austenite to ferrite 

transformation initiated. The important details of the figure are that the specimen approximately reached 

the hold temperature of 550 °C before indicating any transformation and that the majority of the 

transformation completed in the first 20 s of the 5 h hold. 



92 

 
(a) 

 
(b)

 
(c) 

 
(d) 

 
(e) 

 
(f) 

Figure 4.22 3-D reconstructions for atoms in a 3DAP of the VN6 steel showing positions of (a) iron, 
(b) manganese, (c) chromium, (d) carbon (including C3 and C4), (e) silicon or nitrogen, and (f) vanadium. 
Note that distances are in nm (color image – see electronic copy).
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(a) 

 
(b)

 
(c) 

Figure 4.23 3-D reconstructions for atoms in the VN6 steel (different tip than in Figure 4.22) showing 
atomic positions of (a) carbon (including C3 and C4), (b) silicon or nitrogen, and (c) vanadium showing a 
more homogenous distribution of carbon compared to Figure 4.22. Note that distances are in nm (color 

image – see electronic copy). 
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(a) 

 
(b) 

 

 
(c) 

 
(d) 

Figure 4.24 Vanadium ion nearest neighbor distributions showing the experimental dataset compared 
to randomly distributed dataset for (a) tip #1, (b) tip #2, (c) tip #3, and (d) tip #4.
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(a) 
 

(b)
 

(c) 
 

(d)

Figure 4.25 Radial distribution function for vanadium ions showing the ionic concentration versus 
distance from carbon ions for (a) tip #1, (b) tip #2, (c) tip #3, and (d) tip #4.
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Figure 4.26 Strain versus time showing the final contraction on cooling and the transformation strain at 
the beginning of a 550 °C hold in the time-temperature study. Note that the dotted line indicates the 
maximum strain measured during the hold at 550 °C and that the specimen reached the hold temperature 
before indicating any transformation. 

The results from the time-temperature study were represented on the hardness versus hold time 

plots and are shown in Figure 4.27 (see next page). The hardness for the Base steel shown in 

Figure 4.27(a) shows a trend of decreasing hardness with increasing hold time, which could be expected 

due to recovery processes in the microstructure. Furthermore, the hardness increased as the 

transformation temperature is decreased. The hardness evolution at 500 and 550 °C, however, did not 

show the same magnitude of hardness reduction versus time as the 400 and 600 °C aging conditions. At 

500 °C, the hardness remained stable, and at 550 °C the hardness did not decrease until about 20 – 25 h 

when it started to rapidly decline. Another observation of the hardness evolution in the Base steel should 

be noted for the 600 °C holds. The 95 pct confidence intervals of the measurements at this temperature 

indicated large variations in hardness for each aging time investigated (as shown by the interval bars in 

Figure 4.27 at longer hold times). Considering that prior measurements of the bainite start temperature 

indicated a temperature below this hold temperature (approximately 560 °C), significant variations in 

microstructure were expected at 600 °C.  

The hardness evolution for the VN15 steel is shown in Figure 4.27(b). The trend of increasing 

hardness with decreasing transformation temperature and a reduction in hardness with increasing hold 

time at 400 °C was the same as the Base steel. The hardness values at 400 °C were on average 

approximately 15 – 20 HV higher than the Base steel, which likely was largely due to the increased solid 

solution strengthening in the VN15 steel, mainly from the increased nitrogen. A simple calculation of the 

difference in solid solution strengthening, based on free nitrogen, in the Base and VN15 steel using a 
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strength to hardness estimation yielded a difference of approximately 10 – 15 HV. Similar to the Base 

steel, the large magnitude of hardness variation for each aging time at 600 °C again did not allow for 

useful comparisons of hardness versus hold time. A representative SEM micrograph of the VN15 steel 

after holding at 500 and 600 °C is shown in Figure 4.28 (see pg. 100). The difference in microstructure is 

significant showing significant refinement of the ferrite with isolated regions of a secondary 

microconstituent, likely M-A islands, at 500 °C. The microstructure at 600 °C, however, shows much 

larger ferrite grains, and large regions with a higher carbon concentration. Some areas of the higher 

carbon concentrations (bright regions) indicated the presence of a pearlitic component. The size of these 

regions in the 600 °C hold condition was similar to the scale of the hardness indents with the diagonals of 

the indents on average measuring around 30 µm. The microstructural variations at this length scale 

explain the large variations in the hardness. A more detailed analysis of the microstructural evolution 

from the time-temperature study will be given in the next chapter, which focuses on holds at 550 °C. 

(a) (b) 

Figure 4.27 Vickers microhardness versus hold time for hold temperatures of 400, 500, 550, and 
600 °C for the (a) Base steel and (b) VN15 steel. 95 pct confidence intervals are shown. 

Comparing the Base and VN15 steels, the main difference was hardness increased with hold time 

for temperatures of 500 and 550 °C for the VN15 steel. At 500 °C, the hardness continued to increase 

even after holding for 50 h at temperature. Figure 4.27(b) does show an apparent maximum in hardness 

for the 550 °C values. Originally, the time-temperature study included various holds at 450 °C also. 

However, after initial analysis of the data along with the consideration that the Ms temperature was likely 

similar, this temperature was excluded from the experiments. Both steels also indicated only a decrease in 

hardness with hold time at 400 °C and the most significant changes to hardness at 550 °C. Since the main 

scope of the project was to investigate precipitation scenarios in a bainitic product, the 450 °C holds were 
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excluded from further analysis as that condition would note likely yield results to allow for the study of 

precipitation. Furthermore, the 3DAP analysis presented in the previous section for a 10 h hold at 450 °C 

on the VN6 steel did not even indicate pre-nucleation phenomena such as V clustering. The author should 

note that the 3DAP experiments on the thermomechanically processed VN6 steel shown in the previous 

section were completed before the time-temperature study was initiated. 

The hardness measurements from the time-temperature study are represented again in Figure 4.29 

(see pg. 101) using relative hardness values to more clearly represent the changes with time. The results 

for the 400 and 500 °C hold times are shown on relative scale using the hardness after a 1 min hold at 

each temperature as the zero point in Figure 4.29(a) and (b). For both the Base and VN15 steels, the 

hardness decreased with holding time at 400 °C as stated previously. Part (b) of the figure again indicates 

that the hardness change is small for the Base steel with no change observed to 50 h at 500 °C. For the 

VN15 steel held at 500 °C shown in Figure 4.29(b), the relative hardness plot indicates a monotonic 

increase over the entire time range investigated. 

The hardness evolution was the most significant at 550 °C as shown in Figure 4.29(c). For the 

Base steel, the figure shows more clearly that hardness decreased only slightly and then rapidly declined 

after about 20 – 25 h of holding. In the VN15 steel, the evolution of hardness showed a significant 

increase immediately after the 1 min hold (note that the next time was 5 min) and then remained at the 

same level until approximately 1 h. After 1 h, the hardness increased again, reached a peak at 5 h, and 

started to decrease. This hardness trend is similar to the characteristics of peak aging in precipitation 

hardened steels [33–38]. Since the volume fraction and size of the precipitates was expected to remain 

small due to the small concentrations of solute available for precipitation, the decrease in hardness at long 

times was likely not a result of overaging, which has been observed in traditional precipitation hardened 

alloys, but rather recovery processes. Large amounts of dislocation recovery can be expected to occur at 

temperatures higher than 500 °C and times longer than one hour [39]. The hardness evolution versus time 

is also shown for the VN6 steel in Figure 4.29(c). Although not as many hardness measurements were 

taken, comparison to the VN15 steel clearly indicated that strengthening in the VN6 steel was lower. The 

difference was likely due to differences in the availability of free nitrogen during aging at 550 °C since 

nitrogen was the only compositional difference in the two steels. Further analysis of differences between 

the VN6 and VN15 will be presented in the next chapter. 

The second representation of the data is given in Figure 4.30 (see pg. 102) which is the 

representation of all hardness data plotted against a time-temperature tempering parameter. This type of 

parameter was used in some of the original bainitic tempering studies from Irvine and Pickering [40, 41]. 

This allows the representation of all data on a single curve due to the combination of temperature and 

time into one variable. However, the disadvantage when using this plot to compare different data is that 
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significant differences in the transformation process and/or microstructural constituents (phases, 

dislocation density, etc.) can lead to significant discontinuities in the data. The tempering parameter 

formulation derives from thermally activated complex theory assuming that atomic jumps are related to a 

vibrational frequency, ν, by 

 exp ∗
 (4.1) 

where ν0 is the pre-exponential frequency factor and G* is the activation energy. Since diffusion 

considerations are tied to the activation energy which can change with temperature, the representation of 

the data with a time-temperature parameter does not necessarily work well when comparing the 400 and 

600 °C holds due to large differences in the formation of the final microstructures and the volume 

fractions of microstructural constituents. The breakdown in the representation of the data is shown by the 

discontinuities in the groupings of data from the different hold temperatures investigated. 

The discontinuities in the data on the tempering parameter plot agree however with the 

observations in the continuous cooling study and the observations in the 600 °C hardness data. Both the 

400 and 600 °C hold temperatures have indicated the microstructural constituents are quite different from 

those at 500 and 550 °C. The 500 and 550 °C hold temperatures are below the bainite start and above the 

predicted martensite start temperatures. The similarity in microstructures at 500 and 550 °C allow the 

hardness data to be represented quite well by the tempering parameter and the grouping of the two 

temperatures is indistinguishable on the tempering parameter plot. Overall, the trend of the data was 

consistent with the definition of secondary hardening, at least at 500 and 550 °C, even though the 

dissolution of cementite was an unlikely precursor to the precipitation causing the increase in hardness. 

However, the strength was still increased relative to the Base steel, so the description as secondary 

hardening was still appropriate in the VN15 steel. 
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(a)

 
(b)

Figure 4.28 SEM images of the VN15 steel from the time-temperature study after holding for 5 h at 
(a) 500 °C and (b) 600 °C. The bright regions correspond to areas of carbon enrichment and some of these 
carbon enriched regions contain a lamellar carbide distribution in a pearlitic constituent at 600 °C.
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(a) 

 
(b) 

 
(c)

Figure 4.29 Change in Vickers microhardness compared to the hardness at the 1 min hold time for the 
Base and VN15 steels after holding at (a) 400 °C and (b) 500 °C. (c) Change in hardness for the Base, 
VN6, and VN15 steels after holding for various times at 550 °C. 95 pct confidence intervals are shown.
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Figure 4.30 Vickers microhardness versus tempering parameter for the base and VN15 steels showing 
all hardness data collected in the time-temperature study. Note that the four different isothermal hold 
temperatures investigated are all plotted and the 500 and 550 °C data groups together. 95 pct confidence 
intervals are shown. 
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5 
CHAPTER FIVE 

  
DETAILED PRECIPITATION ANALYSIS: THE INFLUENCE OF COMPOSITION, THERMAL AND 

THERMOMECHANICAL PROCESSING 

This chapter focuses on the microstructural characterization results obtained with an emphasis on 

precipitate characterization. While quantitative transmission electron microscopy (TEM) was the main 

tool utilized for precipitate characterization, a variety of other characterization techniques, including light 

microscopy (LM) and scanning electron microscopy (SEM), provided a valuable assessment of the 

overall microstructures. 3D atom probe (3DAP) tomography was also utilized in the characterization of 

precipitates in the V-containing steels. Several processing conditions and comparisons were applied in the 

experiments presented here. Results include a time at temperature evolution of precipitation in the VN15 

steel, a comparison of precipitation in the VN6 and VN15 steel, an analysis of precipitation in the Base 

steel, an analysis of microstructural evolution differences and similarities in the VN15 after the 

application of simulated thermomechanical processing (TMCP), and finally an analysis of the effect of 

multiple microalloying additions on precipitation after simulated TMCP. 

5.1 Microstructural Evolution in the VN15 Steel as a Function of Aging Time at 550 °C 
Since the hardness evolution of the VN15 steel at 550 °C in the time-temperature study presented 

the strongest indications of precipitation (Section 4.6), the microstructure of the VN15 steel was 

examined using a variety of characterization techniques including LM, SEM, TEM, and 3DAP 

tomography. The characterization methods with lower maximum resolving powers were utilized to 

achieve an overall assessment of the microstructure while analytical TEM and 3DAP tomography were 

utilized mainly for precipitate characterization. 

5.1.1 Overall Microstructure Assessment 
The microstructure of the VN15 steel which was reaustenitized, cooled, and aged for various 

times at 550 °C was initially characterized with LM. Two images of the microstructure after aging for 5 h 

are shown in Figure 5.1 (see next page). The most apparent feature of the microstructure is that a mixture 

of two or more phases is present which are contained in the light and dark contrast regions. The higher 

volume fraction phase with the light contrast is the ferritic component. Considering the transformation 

start temperature measured on continuous cooling was approximately 550 °C and the irregular high angle 

boundary morphology, the ferritic component is bainitic. Some of the finer features of bainitic ferrite may 

not be resolvable in these images but are better characterized by the SEM and TEM characterization 

below. The individual ferritic grains and or packets of grains have an acicular morphology and sometimes 

large groups of parallel laths are present as is seen in Figure 5.1(b). The secondary constituent in the LM 
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images are the dark gray regions which likely contain a higher carbon content. The transformation of 

these regions likely followed that of the bainitic ferrite and thus the carbon concentration in the austenite 

from which they formed was higher. The fine structure of these regions was not resolvable with LM. 

 
(a) 

 
(b) 

Figure 5.1 Light microscopy images showing laths and high-carbon region for a 5 h hold at 550 °C in 
the time-temperature study (1 – 2 pct nital etch). 

To further examine the overall grain morphology and larger microstructural constituents, a series 

of SEM images were taken of all conditions examined for precipitation along with the addition of a 

specimen held for 0.0167 h (i.e. 1 min) at 550 °C. These images are shown in Figure 5.2 (see next page). 

The specimen aged for 1 min was used as a baseline for comparison to the 0.5, 5, and 50 h aging times. 

The comparison was needed to determine if any significant microstructural changes may have occurred 

during aging in conjunction with precipitation phenomena which could have contributed to hardness 

changes. Examples of types of microstructural changes are significant lath and/or grain growth, 

decomposition of regions of minor phases such as retained austenite (RA), etc. The series of SEM 

micrographs shown in Figure 5.2 does not show any large differences in microstructure at the 

magnification of these images. The darker regions of the images are the bainitic ferrite which contain 

regions with an irregular grain boundary structure and regions in which there is a high degree of 

alignment or directionality of adjacent grains (i.e. lath structure) as seen before in the LM images. There 

are also blocky regions between the bainitic ferrite which appear lighter in the SEM images, which 

contain a higher carbon content than the surrounding ferrite. As stated previously, these regions likely did 

not transform immediately at the start of the hold at 550 °C and constituents with a significantly higher 

carbon content than the surrounding ferrite (i.e. upper bainite) and/or contain mixtures of retained 

austenite and a martensite constituent which transformed on the final cooling to room temperature. An 

analysis on a single SEM image indicates that these regions can comprise up to 21 – 22 pct of the 

microstructure.  
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The higher carbon content regions are shown in more detail in Figure 5.3 (see pg. 108) for the 

0.0167 and 50 h aging conditions. The SEM analysis shown in these images along with a number of other 

images for the remaining aging conditions (not shown here) did not indicate any evolution in 

microstructure in these regions as resolved by SEM. The slight difference in the light regions shown in 

Figure 5.3(a) and (c) are due to differences in etching times. A very light nital etch was the goal for all 

samples, which was often achieved in a few seconds and difficult to keep consistent between samples. 

 
(a) 

 
(b) 

 
(c) 

 
(d) 

Figure 5.2 Low magnification SEM images showing minimal evolution of the overall microstructure 
(laths, decomposition in high-carbon regions, etc.) for (a) 0.0167 h, (b) 0.5 h, (c) 5 h, and (d) 50 h hold 
times at 550 °C in the time-temperature study (1 – 2 pct nital etch). 

As a final note on the microstructure analysis for the time-temperature study on the VN15 steel, 

Figure 5.3(c) shows a possible location where a TEM lift-out would be made for precipitate analysis. The 

precipitate analysis was only conducted in ferritic grains avoiding the regions of complex and extremely 

fine microstructures. The EBSD procedure to determine the grain orientation and then fabricate a lift-out 

near a specific zone-axis could also only be achieved within the ferrite grains (as shown by the EBSD 

example in Figure 5.4 on pg. 109). This limitation was due to the low image quality and confidence index 

in the regions which appear light in the secondary electron images. In the representative EBSD analysis of 
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the VN15 steel from the time-temperature study shown in Figure 5.4, regions of low image quality and 

confidence index are shown, appearing as dark regions in part (b) of the figure. Furthermore, the 

substructure within the bainitic ferrite and high-carbon content regions is more apparent in the image 

quality map, as well as the acicularity of the grains. 

 
(a) 

 
(b) 

 
(c)

Figure 5.3 SEM images of the VN15 steel for two selected times from the time-temperature study: 
(a) shortest hold time of 0.0167 h at 550 °C, (b) higher magnification image of a bright region for the 
0.0167 h condition, and (c) longest hold time of 50 h. Note that all of the images are at a higher 
magnification than Figure 5.2 to compare the carbon enriched regions. A location for a possible TEM lift-
out is also shown in (c). 

A series of TEM images were also obtained from TEM thin foil specimens of the VN15 steel 

after aging for 5 h at 550 °C. Since the initial microstructural characterization did not indicate any 

widespread microstructural evolution, only one aging time was analyzed corresponding to the peak in 

hardness observed. The series of bright-field TEM images of the VN15 steel microstructure are shown in 

Figure 5.5 through 5.8 (see pgs. 110 – 113). To view a large area of the thin foil, several images were 

acquired and compiled to form the final image montage in each figure. The montage in Figure 5.5 

confirms some of the observations from the SEM analysis: a bainitic lath structure was present with low-

angle boundaries between the individual laths and a high carbon constituent between two adjacent laths 
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which appeared as the diagonal, thin dark region in the image. From the morphology and the size of the 

dark microconstituent, the region was likely retained austenite. The dislocation substructure is also visible 

in the image showing dislocation tangles in some regions. 

 
(a) 

 
(b) 

Figure 5.4 EBSD analysis on the VN15 steel after a 5 h hold at 550 °C in the time-temperature study 
showing (a) the inverse pole figure and (b) the image quality map. The dark regions in the image quality 
map are regions of low image quality and also low confidence index (color image – see electronic copy). 

A slightly different microstructure is observed in Figure 5.6. The overall grain morphology was 

more blocky rather than lathlike and the carbon-enriched microconstituents, which are the darker regions 

of the TEM image, contained two distinct contrast levels. These regions were likely a martensite-austenite 

(M-A) constituent and the microstructure was consistent with observations in other HSLA steels [1]. 

These regions had a darker contrast due to the high dislocation content and possibly due to having a 

greater thickness than the surrounding ferrite grains. A characteristic triangular cross-section of a M-A 

region is shown near the upper-right of the image. This region, which was a block in 3D, was bounded by 

the crystallographic variants of the bainitic laths during their growth. A larger region of a M-A constituent 

is shown in Figure 5.7. The refined grain structure in this region, with lath widths ranging from 

approximately 50 – 200 nm, and the high defect intensity indicated there was a large volume fraction of 

martensite present in this area. Furthermore, there were some indications that a twin structure within the 

grains was present, which was consistent with the presence of a lath martensite microstructure. A final 

image of the microstructure from the VN15 steel after aging for 5 h at 550 °C is shown in Figure 5.8. This 

montage traversed across a few bainitic laths with some blocky M-A constituents. All microstructural 

features present in this image have been previously discussed. 
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Figure 5.5 Bright-field TEM image of VN15 steel after aging 5 h at 550 °C showing a region of large 
grains and an interlath/intergranular retained austenite constituent.
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Figure 5.6 Bright-field TEM image of VN15 steel after aging 5 h at 550 °C showing the martensite-
austenite constituent. 



112 

Figure 5.7 Bright-field TEM image of VN15 steel after aging 5 h at 550 °C showing a martensite-
austenite region containing a large fraction of martensitic laths, a highly strained, fine-grain structure, and 
some indications of twinning. 
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Figure 5.8 Bright-field TEM image of VN15 steel after aging 5 h at 550 °C showing a traverse across 
a few bainitic laths and a few regions of a blocky martensite-austenite constituent. 
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5.1.2 Dark-field TEM Analysis of Precipitates 
TEM analysis of precipitates in the VN15 steel aged at 550 °C was conducted after the hardness 

evolution was determined. The hardness evolution provided valuable information when postulating times 

when precipitation should be present. Many time-dependent microstructural changes would produce a 

decrease in hardness since the changes which could occur are mostly recovery mechanisms (e.g. grain 

growth, dislocation rearrangement, etc.). All hardness values for times beyond the 1 min hold time, 

however, were greater indicating the introduction of a microstructural feature providing strength. The 

three conditions chosen for investigation were the 0.5 h hold, a time already indicated a hardness increase 

of approximately 15 HV compared to the initial condition, the 5 h hold which exhibited peak hardness, 

and the 50 h hold at which hardness was decreasing after the peak (Figure 4.29). 

To achieve the necessary diffraction conditions to image nanometer-size precipitates, the imaging 

conditions were chosen very specifically. Figure 5.9 (see next page) shows selected area diffraction 

(SAD) patterns on the VN15 steel aged for 5 h with the beam stop covering the direct beam. In 

Figure 5.9(a), the beam was exactly parallel to a <001> ferrite zone-axis and shows the ferrite matrix 

reflections and weaker oxide reflections (approximately halfway in between the direct beam and the 

{200} reflections) with equal intensity. There were no indications of reflections in a location 

corresponding to V-containing precipitates (note: refer to SAD schematic of possible carbide/nitride 

reflections in Figure 3.10 on pg. 53) most likely due to the very weak diffraction intensity from a low 

volume fraction phase and the specific tilt conditions. As the beam was tilted away from a <001> ferrite 

zone-axis, a systematic row of {200} ferrite reflections with greater brightness relative to the {110} 

reflections formed as shown in Figure 5.9(b). This tilt was necessary to achieve as much contrast as 

possible from the weak carbide reflections which are in the same plane as the {200} ferrite reflections. 

Although contrast from precipitation was observed in some SAD patterns for the 5 h condition, the area 

selected for Figure 5.9(b) did not indicate that the precipitate reflections were present. This SAD was 

acquired in a sample with precipitation, so there was a possibility that the exposure or exact two-beam 

condition was not chosen with enough care to image the carbide reflections or that the selected area 

aperture was not in a region covering many precipitates. 

Figure 5.10 (see pg. 116) shows another SAD pattern near a <001> zone-axis in the VN15 steel. 

In this image, contrast from the weak precipitate reflections was present (same plane as the {200} matrix 

reflections) and was maximized with specimen tilt. The streaked reflections were due to the platelike 

morphology of the precipitates and correspond to the {200} planes of these particles (based on the 

orientation relationship) [2]. A few precipitates were highlighted in dark-field (DF) by centering the 

objective aperture in the area corresponding to these streaked reflections as shown in Figure 5.10(b). This 

phase was likely a vanadium-containing precipitate as the base steel did not exhibit the same hardening 



115 

behavior and the reflections in the SAD patterns correlated with locations predicted for FCC vanadium-

containing precipitates. In the sample aged for 50 h, all SAD patterns from the areas investigated 

indicated streaked reflections from the precipitates. Inverted contrast SAD patterns are shown in 

Figure 5.11 (see pg. 117) to better show which phases and planes were creating the reflections. In 

Figure 5.11(a), only reflections from the ferrite and epitaxial Fe3O4 phases were visible on the SAD 

pattern with the electron beam parallel to the [100] ferrite zone-axis. One quadrant of the SAD pattern 

was indexed for reference. In a strong two-beam condition as shown in Figure 5.11(b), the streaked 

reflection from the precipitate phase can be seen. 

 
(a) 

 
(b) 

Figure 5.9 Selected area diffraction patterns of the VN15 steel after aging showing (a) the ferrite 
matrix reflections and weaker oxide reflections with the beam exactly parallel to a <001> ferrite zone-axis 
and (b) the {200} ferrite reflections with increased intensity relative to the {110} reflections by tilting off 
of a <001> zone-axis in order to achieve a two-beam condition (note: (b) was taken from the VN15 steel 
aged for 5 h at 550 °C but did not show any reflections from precipitates in this area). 

A bright-field/centered dark-field (BF/CDF) pair of the 50-hour condition is shown in Figure 5.12 

(see pg. 117). The bright-field image in Figure 5.12(a) contained diffraction information only from bend 

contours and small amounts of strain contrast from dislocations. However, the dark-field in Figure 5.12(b) 

clearly showed the platelike precipitates oriented in nearly the same direction. There were indications in 

the dark-field image that some of the precipitates were associated with dislocations from the strain 

contrast present in the image. A further argument in favor of the association with dislocation lines is rows 

of closely spaced but clearly separate precipitates in the dark-field image. This was previously shown by 

the nearly linear array of precipitates oriented in the same direction in the high magnification image in 
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Figure 5.10(b). Note that the plate habit plane of the precipitates does not necessarily follow the direction 

of the dislocation line. 

 
(a) 

 
(b) 

Figure 5.10 TEM images showing (a) Selected area diffraction pattern near a <001> zone-axis in ferrite 
(two-beam condition) showing the two {200} matrix reflections (bright) and arrows pointing to streaked 
reflections due to small disc-shaped precipitates and (b) dark field image using one of the streaked 
reflections showing the elongated precipitates. 

Two variants of the precipitates from the same region of a VN15 steel TEM sample are shown by 

the pair of images in Figure 5.13 (see pg. 118). Note that only two of the three total precipitate variants 

could be imaged from any one sample due to the third variant needing a diffraction condition which 

would necessitate the direction parallel to the plane of the lift-out in an orientation corresponding to the 

electron beam direction. Furthermore, the two variants are oriented with the disc normal perpendicular to 

one another in the two images. This correlates to the 90° rotation of the two variants shown by the 

schematic diffraction pattern in Figure 3.10 (see pg. 53). The estimated volume fraction for the first 

variant in Figure 5.13(a) was 2.0 x 10-4 ± 5.1 x 10-5 and 3.4 x 10-4 ± 7.0 x 10-5 for the second image. To 

compare the difference in the means and determine if there was statistically significant difference, a 

two-sample t-test was completed with a resulting p-value of approximately 0.39. Generally, a significance 

level of 0.05 is chosen so that there is only a 5 pct risk in concluding that a difference in means exists 

when there is no actual difference. If the p-value is less than or equal to the significance level, then the 

null hypothesis can be rejected meaning that there is a difference in means. Since the p-value in this 

comparison of means was greater than the significance level of 0.05, however, there was no statistically 

significant difference in the volume fractions of the two variants. This indicates that variant selection 
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(i.e. more precipitation of one variant of vanadium carbonitride versus another) was not present in the 

VN15 steel in the time-temperature study. 

 
(a) 

 
(b) 

Figure 5.11 Inverted selected area diffraction patterns of the VN15 steel after aging at 550 °C showing 
(a) a selection of indexed ferrite and oxide reflections with the beam parallel to the [100] ferrite zone-axis 
and (b) an indexed two-beam selected area diffraction pattern showing the location of the streaked 
diffraction spot from the (200) planes of the precipitates.
 

 
(a) 

 
(b) 

Figure 5.12 (a) Bright-field and (b) dark-field TEM images of the same area in the VN15 steel aged for 
50 h at 550 °C showing a number of vanadium-containing precipitates in the dark field image using a 
location showing a streaked reflection in the selected area diffraction pattern.
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(a) 

 
(b) 

Figure 5.13 Pair of dark-field TEM images showing two variants of vanadium-containing precipitates 
in the same region of VN15 steel after holding for 5 h at 550 °C, (a) one variant and (b) second variant. 

Determination of the location of the carbonitrides in the matrix is helpful in the discussion of the 

possible nucleation mechanisms and in the context of describing the precipitate strengthening of the 

microstructure. Figure 5.14 (see next page) shows a series of TEM images highlighting the location of the 

precipitates within the microstructure of the VN15 steel after aging. Figure 5.14(a) shows a conventional 

transmission electron microscopy (CTEM) BF image containing a boundary, likely of a low-angle 

between bainitic laths, some small contrast changes from dislocations, and significant contrast changes 

from bend contours. The DF image in Figure 5.14(c) highlights the precipitates in this field of view 

showing many of the precipitates on the boundary, some precipitates in a linear arrangement on the left of 

the boundary, and some randomly dispersed precipitates on both sides of the boundary. The STEM 

bright-field image in Figure 5.14(b) demonstrates the benefits of utilizing STEM imaging with the 

location of the boundary clearly shown. The low-angle lath boundary was correlated to the long line of 

the precipitates in the middle of the dark-field image. Furthermore, contrast from dislocations is shown in 

the STEM image and the linear arrangement of precipitates on the left side of the boundary correlated 

well to the location of the dislocation lines. The other precipitates which are more isolated (i.e. not 

associated with the boundary or associated with lines of precipitates) also appeared to be located in areas 

which contained dislocation contrast. 

The association of the dislocation lines with the precipitates does not definitively indicate 

nucleation on the dislocations since dislocations may become pinned by the evolving precipitate 

distribution during recovery at these temperatures. However, the precipitates would be beneficial in either 
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case (nucleation on the dislocations or later association of dislocations with precipitates) since the 

retention of dislocations during coiling or during slow cooling of heavier gauge plate would ultimately 

increase the strength of the final product. 

 
(a) 

 
(b) 

 
(c)

Figure 5.14 A series of TEM images of the VN15 steel isothermally aged for 5 hours at 550 °C 
showing (a) the bright-field condition, (b) the dislocations and boundary in the middle highlighted by 
scanning transmission electron microscopy in the same area as (a), and (c) a dark-field condition using a 
streaked reflection in the diffraction pattern to highlight small vanadium-containing precipitates showing 
the same area as (a) and (b) (note: the black border and white space is present in (b) to show the 
transformation necessary to correct for spatial discrepancies between conventional and scanning 
transmission electron microscopy images).
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A series of dark-field TEM images highlighting the evolving precipitate distribution at different 

hold times at 550 °C is shown in Figure 5.15 (see next page). Again, many of the SAD patterns obtained 

did not indicate the presence of streaked reflections corresponding to the presence of platelike 

precipitates, especially in cases when very few precipitates were imaged in a single region such as after 

0.5 h of aging (Figure 5.15(a)). However, in all cases the objective aperture was placed in a location 

predicted for a FCC V-containing precipitate for all samples and revealed the precipitates. Figure 5.15 

clearly shows a progression in precipitation with increasing hold time with both the number density and 

size of the precipitates increasing with time. However, the thickness of the lift-outs was different for each 

of the aging conditions which did affect the number of precipitates which are shown in the given areas for 

each image; the caption of Figure 5.15 indicates the relative thickness of each image for reference. 

For a quantitative comparison to be made between the samples, foil thickness measurements were 

conducted and quantitative measurements of sizes, volume fractions, and number densities were 

calculated using an automated particle size analysis procedure in ImageJ. A summary of these results is 

shown in Figure 5.16 (see pg. 122). Highlighting some of the changes in Figure 5.16(a), the thickness 

increased approximately 0.3 nm from 0.5 to 5 h of aging and then did not change significantly thereafter. 

This was consistent with minimal changes in thickness found in other work in microalloyed steels with 

small platelike precipitates [3]. Also, the average length of the precipitates increased more than a 

nanometer between the 0.5 and 5 h aging condition, and then the rate of lengthening significantly 

decreased. This decrease in growth rate was expected as solute was depleted from the matrix as 

nucleation and growth progressed. A simplified form of the incoherent precipitate growth equation is 

  (5.1) 

where v is the interface velocity, D is the interdiffusion coefficient of the solute, Cppt is the concentration 

of the solute in the precipitate, Ce is the equilibrium solute concentration, and	 /  is the concentration 

gradient at the interface. As the precipitates grow and solute is depleted,  /  decreases and thus 

growth velocity decreases. 

 The volume fraction and number density averages are shown in Figure 5.16(b). The total volume 

fraction of the precipitate phase was estimated from the single variant volume fractions measured in each 

DF TEM image. Since random precipitation was dominant (i.e. no indication of a specific precipitate 

variant with a larger nucleation or growth rate), the total volume fraction of three variants could be 

estimated from the measurement of a single precipitate variant. The estimated total volume fraction is 

shown in Figure 5.16(b). All further plots with precipitate volume fractions followed this methodology. 

Between 0.5 and 5 h of aging at 550 °C, the VN15 steel showed more than an order of magnitude increase 
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in the volume fraction of precipitates from the 10-5 range to the 10-4 range. This occurred with a 

concurrent five times increase in the number density of precipitates. Between 5 and 50 h, however, the 

volume fraction increased but the number density did not change significantly indicating that the 

precipitates were in the growth regime and that a supersaturation of the solute(s) was still present in the 

matrix.  

 
(a) 

  
(b) 

 
(c)

Figure 5.15 Series of dark-field TEM images of the VN15 steel after various holding times at 550 °C in 
the time-temperature study. (a) 0.5 h, (b) 5 h, and (c) 50 h (note that the thickness for each aging 
condition is not the same, which affects the number of precipitates imaged; the thickness analysis 
indicated the following order from lowest to highest thickness: 50 h → 0.5 h → 5 h). 
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These measurements of number density and volume fraction likely indicated that site saturation 

for precipitate nuclei was reached sometime before or around 5 h of aging. Furthermore, the precipitates 

were likely in the growth regime to the maximum aging time investigated (i.e. 50 h). Since the volume 

fraction continued to increase and the number density change was negligible, the Ostwald ripening stage 

had not been reached, in which the volume fraction would have remained constant and the number 

density of particles would have decreased. Comparing this result to the modeling and microstructural 

characterization to another study, Yamasaki et al. found that Ostwald ripening commenced only after 

100 h at 600 °C in a V-containing steel [4]. However, the V content was much higher and VC 

precipitation was assumed. 

(a) 
 

(b) 

Figure 5.16 Evolution of the microalloy precipitates in the VN15 steel after various holding times at 
550 °C showing (a) changes to length and thickness and (b) changes to volume fraction and number 
density. 95 pct confidence intervals are shown. 

5.1.3 Dislocation Analysis 
An analysis of the dislocation evolution with time was also completed on the VN15 steel samples 

from the time-temperature study. STEM imaging was utilized to help minimize bend contour contrast and 

similar diffraction conditions were utilized in all samples. The tilt condition utilized would correspond to 

a two-beam condition in CTEM with a {200} ferrite reflection. This diffraction condition should not have 

given rise to an invisibility criterion for any of the possible Burgers vectors in a BCC matrix. The series 

of images in Figure 5.17 (see next page) show the dislocations in the bainitic ferrite grains for aging times 

of 0.0167 (1 min), 0.5, 5, and 50 h. The dislocations were also imaged in the 1 min condition since a 

reference point was needed to determine changes of dislocation densities with time. It was also assumed 

that the 1 min hold condition did not contain any precipitates as the time for any precipitation to occur 

would be extremely short. All TEM images indicated the presence of dislocation tangles in regions which 
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otherwise do not contain any other apparent microstructural features. Figure 5.17(c) shows a dislocation 

network with dislocation line segments oriented nearly horizontal and vertical in the image. However, 

other images from the same specimen indicated regions more similar to those from the remaining aging 

times. No visual conclusions could be made regarding dislocation tangles/networks imaged in each 

sample except that the perceived dislocation densities were not consistent with higher temperature 

austenite decomposition products such as polygonal ferrite. 

 
(a) 

 
(b) 

 
(c) 

 
(d) 

Figure 5.17 STEM images of the VN15 steel showing dislocation images after holding (a) 0.0167 h, 
(b) 0.5 h, (c) 5 h, and (d) 50 h at 550 °C in the time-temperature study.
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A quantitative analysis was completed on three images from each aging condition to determine 

the dislocation density evolution with time. Using the random line intersection method [5], the dislocation 

density can be expressed as 

 
2

 (5.2) 

where ρ is the dislocation density, N is the number of intersections on the random line segment, L is the 

line length, and t is the foil thickness. The results of the dislocation density measurements are shown in 

Figure 5.18. Overall, the dislocation density values measured for all conditions are appropriate for bainitic 

ferrite as they compare well to dislocation density values of 4 x 1014 m-2 in a steel with a Bs temperature 

of approximately 650 °C and 1.7 x 1014 m-2 in a continuously cooled bainitic steel [6]. While there was 

sometimes significant variation in the measured dislocation densities between images for a single aging 

condition (e.g. 0.0167 and 0.5 h), the trend of the measurements indicates a decreasing dislocation density 

with time as would be expected with aging for long times at a temperature of 550 °C. Recovery of the 

dislocation substructure did take place, but there was possibly a reduction in the rate of recovery between 

0.5 and 5 h. The dislocation density does not change significantly between these two times which 

coincides with the time interval in which the rate of precipitation (i.e. change in volume fraction and 

number density) was high. This observation aligned well with a previous theory which suggested that 

precipitation of microalloy-containing phases during the coiling step of the steel strip manufacturing 

process could delay recovery [7]. 

 

Figure 5.18 Dislocation density (measured via TEM analysis) versus hold time at 550 °C from the 
VN15 steel after thermal processing in the time-temperature study. 
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5.1.4 Comparison of Experimental Precipitation Kinetics with Modeling Results from PRISMA 
Simulations of precipitation kinetics in the TC-PRISMA module of Thermo-Calc® gave results 

for nucleation rate, number density, particle radius, and volume fraction versus time at 550 °C. As stated 

previously in the experimental procedures, the simulations assume precipitation on dislocations having a 

density of 5 x 10-14 m-2. The simulated number density and nucleation rate versus time indicated that the 

number density of precipitates saturated, and the nucleation rate started to decrease significantly after 

about 40 h due to saturation of available nucleation sites. The simulation results for volume fraction and 

size of the precipitates are shown in Figure 5.19. The predicted volume fraction and radii of the particles 

were still increasing up to 100 h in the simulation. Therefore, this simulation predicted that the matrix was 

still supersaturated with respect to the precipitate solutes for a significantly longer amount of time beyond 

the time when nucleation of new particles halted. Furthermore, the values for volume fraction predicted at 

50 h by TC-PRISMA were still approximately an order of magnitude less than the equilibrium value 

predicted for the V-rich precipitate phase in Thermo-Calc®. The predicted diameter of the particles 

reached only 1.0 nm. 

 

Figure 5.19 Results from precipitation kinetics simulations at 550 °C in TC-PRISMA showing the 
predicted evolution of volume fraction and precipitate size versus time for the V-containing phase. 
Measured volume fractions and equivalent radii from TEM analysis are shown for comparison. 

The simulation results were compared to the results obtained from the TEM analysis in 

Figure 5.19. The dimensions of the particles measured in TEM were converted to an equivalent spherical 

radius for comparison with the predicted radii by assuming the Vdisk = Vsphere since the kinetic simulations 

assume spherical particles in both the nucleation and growth equations. The radii of the particles 

measured in the TEM analysis were clearly much greater than those predicted by the TC-PRISMA. 
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Furthermore, the volume fractions calculated from the TEM were also much greater than those predicted 

and indicate much faster initial precipitation kinetics. These results could indicate that the underlying 

assumptions of the simulation (e.g. interfacial energy, strain energy effects, non-spherical growth, etc.) of 

the nucleation and growth model were likely incorrect. Furthermore, the simulation only allowed for 

nucleation and growth kinetics to be modeled for the composition of the phases predicted by the 

(meta)stable equilibrium calculations in Thermo-Calc®. Any deviation away from the compositions 

predicted would of course have changed the result. 

5.1.5 3D Atom Probe Analysis 
3DAP experiments were conducted and analyzed using samples from the VN15 steel from the 

time-temperature study. The sample chosen for analysis was the peak hardness condition which was held 

for 5 h at 550 °C. Pre-analysis TEM images were acquired to apply spatial correction in the Cameca 

IVAS® software and more accurately represent the volumetric dimensions. An example of a mass to 

charge spectrum from the VN15 steel is shown in Figure 5.20. The peaks in the spectrum were ranged 

appropriately (as described in the experimental procedures) with the Fe ions showing the most ionic 

counts at approximately 28 Da with another large peak at 56 Da. Other elements with significant peaks on 

the mass spectrum include Mn at 27.5 and 55 Da and Cr at 26 and 52 Da. Mo has many isotopes which 

are naturally abundant in nature and contributes to many of the peaks observed between approximately 46 

and 50 Da. Finally, the peaks in the range of 12 to 18 Da are from C, N, Si, O, and H2O. 

 

Figure 5.20 Mass charge spectrum of the entire 41.6 million ions analyzed for an atom probe tip from 
the VN15 steel showing counts versus the ratio of the ion masses to their charge states. 
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After the ionic species were ranged, the spatial 3D reconstructions of selected elements were 

constructed and are shown in Figure 5.21 through 5.24 (see pgs. 127 – 131) with the point density of the 

ionic species in reconstructions representing the ionic concentrations for the elements indicated. 

Figure 5.21(a) shows the distribution of Fe which gave a good representation of the overall tip volume. 

Limited or no partitioning was observed for Fe represented by the homogeneous density of Fe ions 

throughout the tip volume. Part (b) of the figure shows the C ion distribution which includes positions of 

C3 ions (i.e. three C atoms which have been ionized and/or counted together). The C ion distribution also 

indicated an almost homogeneous distribution of ions and no visible segregation to dislocations nor the 

presence of cementite. However, a noticeably higher concentration of C ions in the tip center formed a 

midline feature which was an artifact of the APT analysis and does not represent an actual elevated 

concentration of the C atoms. This type of artifact arises in 3DAP systems with a local electrode and is 

caused by ions which collide with the edges of the aperture in the local electrode and are unable to be 

correctly identified by the TOF detector [8]. 

 
(a) 

 
(b)

 
(c) 

Figure 5.21 3D reconstructions for atoms in VN15 steel after aging 5 h at 550 °C showing positions of 
(a) iron, (b) carbon (including C3), and (c) vanadium. Note scale is in nm (Color image – see electronic 

copy). 

Finally, the V ion distribution is shown in Figure 5.21(c) which showed limited indications of V 

atom clustering (note: electronic copy of document may reproduce the image with more clarity). Some 

clustering of V ions on the 3D reconstructions was expected since the TEM analysis shown previously 

clearly indicated V-containing precipitates in DF images. However, local magnification effects, due to 
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differences in field evaporation kinetics in different phases creating differences in local radii of curvature, 

and the addition of ion trajectory aberrations may have convoluted the point reconstruction of the data. 

These possibilities may have caused difficulties in locating the V-containing precipitates in the 3DAP 

analysis. Furthermore, previous researchers have found high Fe contents in V-rich precipitates, which was 

not expected in the chemistry and lattices of alloy carbides and nitrides. Iron was not found by the same 

researchers during analysis of precipitates on extraction replicas with quantitative compositional 

measurements [9]. 

Since the 3D spatial distributions for the V ions did not initially yield clear results on the location 

of the vanadium clusters or precipitates, further analysis was completed and is shown in Figure 5.22 (see 

next page). For comparison, the V distribution is again shown in part (a) of the figure. In Figure 5.22(b), 

both vanadium and vanadium nitride (i.e. vanadium atom ionized together with a nitrogen atom, possibly 

still bonded, and analyzed together on the TOF detector) point distributions are shown which better 

highlighted the location of the high V regions in the sample. No correlation of carbon was found in the 

areas which had higher point densities of V and VN ions. The peaks for vanadium nitride on the 

mass-to-charge spectrum were ranged around 32.5 and 65 Da for the 1+ and 2+ ions, respectively. These 

peaks for vanadium nitride ions indicated that the V-rich regions or clusters mostly contained V and N 

atoms since peaks for vanadium carbide were not detected on the mass-to-charge spectrum. The location 

of these high V-containing regions are highlighted again by the 1 at pct vanadium isosurfaces in 

Figure 5.22(c). As a note to the reader, an isosurface for a specific ionic species is a 3D surface defined 

by a threshold solute concentration level. The surfaces are connected by 3D interpolation of local ionic 

concentrations. In the generation of Figure 5.22(c), increases in the isosurface concentration beyond 

1 at pct were tested but caused the regions to disappear. This result was surprising considering that a V-

rich secondary phase could contain up to approximately 50 at pct V assuming the formation of a 

stoichiometric VN. 

A few observations need to be considered before any definitive conclusions could be made 

regarding the regions in Figure 5.22. Since previous TEM analysis showed distinct diffraction evidence 

from precipitates which coincided with diffraction conditions for vanadium-containing precipitates, the 

V-rich regions could be due to the presence of this secondary phase although clustering cannot be ruled 

out completely. However, the characteristics of the location of the regions within the tip volume 

coincided with observations from the TEM analysis: some of the V-rich regions appear to follow a 

distinct line in the tip volume, most noticeable in part (c) of the figure. A likely explanation is that these 

regions were following a dislocation line segment as was shown in the TEM analysis. Since TEM images 

of the atom probe tip were obtained before the analysis, the images were examined for microstructural 

features which could be correlated to the atom probe analysis. Figure 5.23 (see pg. 130) shows an image 
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of the atom probe tip which is represented in Figure 5.21 and 5.22 with an arrow pointing to a likely 

location of a dislocation line. Since the diffraction condition could not be specifically chosen for this 

image (only a single axis of tilt was available), the line likely extended further towards the apex of the tip 

with the measurement corresponding to the likely location the dislocation line intersects with the sample 

surface. This distance corresponded well to the distance from the tip apex where the array of V-rich 

regions was circled in Figure 5.23(b) and intersected with the surface of the atom probe tip. This 

correlation between the TEM image and the 3DAP results was also supportive evidence that the V-rich 

regions determined in the 3DAP analysis corresponding to the precipitates imaged via TEM. 

 
(a) 

 
(b)

 
(c) 

Figure 5.22 Series of 3D reconstructions highlighting vanadium-rich regions in VN15 steel after aging 
5 h at 550 °C showing (a) vanadium ions, (b) vanadium and vanadium nitride ions (c) vanadium ions with 
1 at pct vanadium isosurfaces. Note scale is in nm (Color image – see electronic copy). 

Another result found during analysis of the 3D reconstructions was the observation of chromium 

partitioning to the high vanadium regions, which is shown in Figure 5.24 (see pg. 131). Figure 5.24(a) 

shows only the point distribution of the Cr ions, but Figure 5.24(b) more clearly defines the Cr-rich 

regions highlighted by 1 at pct isosurfaces. These regions coincide exactly with the V-rich regions shown 

in Figure 5.22(c). At least one other study has reported on a similar observation with respect to Cr but did 

not discuss the implications of the finding [9]. Cr(C,N) is a possible metastable phase as was shown by 

the metastable equilibrium phase fractions from the Thermo-Calc® simulations. However, a separate 

Cr-rich phase was only predicted in the Base steel and not in the VN15 steel. In the VN15 steel, the 

thermodynamic simulations only predict a small amount of solubility in the V-rich phase and solubility of 
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Cr in cementite as two orders of magnitude above this value. Two possibilities exist from the observations 

in the 3DAP analysis: the Cr atoms could have been in solution with the V atoms in the regions defined 

by the isosurfaces or could have possibly partitioned to the boundary between the matrix and the 

precipitates. A further discussion of these possibilities will be given in the following discussion chapter 

and address if the regions defined in the 3DAP analysis are correlated to the precipitates imaged via TEM. 

The Cr presence may explain the faster nucleation characteristics when compared to precipitation kinetics 

modeling. Furthermore, the result may also be related to the higher volume fraction measured via TEM 

after 50 h of aging when compared to the equilibrium phase fraction for the V-rich phase from the 

thermodynamic simulations. 

An additional 3DAP experiment was run on the VN15 steel which was aged for 5 h at 550 °C. 

These results are shown in Figure 5.25 and 5.26 (see pgs. 132 – 133). As shown previously for the first 

tip, regions of increased V and Cr were apparent. Furthermore, the 3D point distributions more clearly 

indicated the regions of increased V when combining both the V and VN ion reconstructions, as shown in 

Figure 5.26. Again, the regions defined by 1 at pct V and Cr isosurfaces exactly coincided with one 

another as shown in parts (b) and (c) in the figure. Finally, nearly linear arrays of multiple V-/Cr-rich 

regions are present in the lower half of the tip and once more confirms prior TEM observations of 

(a) 
 

(b) 

Figure 5.23 (a) TEM image of the 3D atom probe tip represented in Figure 5.22 with the arrow 
pointing to a likely location of a dislocation in the tip volume and a measurement corresponding to a 
distance from the tip to a location where the dislocation line likely intersects with the tip surface and 
(b) array of V-rich regions possible located along this dislocation line (Color image – see electronic 

copy). 
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dislocations associated with the precipitate phase. For these nearly linear arrays to be present, 

heterogeneous nucleation of precipitates on or near the dislocation cores would have needed to occur. 

 
(a) 

 
(b) 

Figure 5.24 3D reconstructions of the VN15 steel after aging 5 h at 550 °C showing (a) regions of 
higher chromium concentrations corresponding to the vanadium rich regions in Figure 5.22 and 
(b) isoconcentration surfaces for chromium at a threshold of 1 at pct. Note scale is in nm (Color image – 

see electronic copy). 

To validate the composition of the vanadium- and chromium-rich regions shown in Figure 5.22 

through 5.26, additional analysis was completed taking into consideration the natural abundances of 

isotopes in nature. For reference, vanadium has one main isotope with an atomic mass of 50.944 Da 

which accounts for 99.8 pct of its natural abundance. Chromium, however, has multiple isotopes which 

contribute significantly to the total abundance. The two most abundant isotopes have atomic masses of 

51.941 and 52.941 Da (i.e. 52Cr and 53Cr) and 83.8 and 9.5 pct abundance, respectively. The natural 

occurring ratio of these two isotopes is then 8.82. Using the isosurface boundaries defined by a 1 at pct V 

concentration (as shown in Figure 5.22(c)), ions only contained within the boundary surfaces were 

counted and analyzed on a mass-to-charge spectrum. A selection of this spectrum is shown in Figure 5.27 

(see pg. 134) with a range from approximately 25 to 26.6 Da. The peaks labeled at approximately 26 and 

26.5 Da are assumed to be from Cr ions due to the isotopes having atomic masses of 51.941 and 

52.941 Da, respectively, and a 2+ charge. However, vanadium with an atomic mass of 50.944 Da and a 

2+ charge could potentially present a peak at 26.5 if a hydrogen ion had combined with vanadium on the 

path from the specimen to the detector (note that hydrogen is ubiquitous in TOF mass spectroscopy 

during 3DAP experiments). This would invalidate the observations and conclusions of Cr partitioning to 
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the areas of increased vanadium concentrations. A summation of all the ions ranged in the peaks at 26 and 

26.5 Da gave a ratio of 8.70, giving high confidence to the original assumption that these are indeed peaks 

from Cr ions. Thus, the analysis for the Cr presented in Figure 5.24 and 5.26 is correct since ranges used 

to display the Cr ions include the peaks at these values. 

 
(a) 

 
(b)

 
(c) 

Figure 5.25 3D reconstructions for atoms in a second tip of the VN15 steel after aging 5 h at 550 °C 
showing positions of (a) carbon (including C3), (b) vanadium and (c) chromium. Note scale is in nm 
(Color image – see electronic copy). 

Further consideration also needs to be given to peaks on the mass-to-charge spectrum in the 65 to 

67 Da range, as shown in Figure 5.27(b). The peak at approximately 65 Da can only be due to 51VN1+ 

ions. At 66 Da however, a decision needed to be made to range the peak as VN or 52CrN. In the case of 

VN, a hydrogen ion would also have to be counted at the same time to reach a mass-to-charge ratio of 

66 Da. Again considering the height of the peaks for Cr in relation to the natural abundances, the peak at 

approximately 66 Da should be significantly higher than the peak at 67 Da if the natural abundance ratios 

were followed. Ultimately, the peak at 66 Da was ranged as CrN even though the ratio of the peak heights 

did not coincide with the ratio of the natural abundances. A weak peak slightly above the background 

level was also found at approximately 68 Da. These three peaks would correspond well with the 52Cr+, 
53Cr+, and 54Cr+ isotopes even though the last isotope only has a 2.4 pct abundance. Note that even though 

considerable attention was given to mass spectrum and correctly ranging ionic species, most of the ionic 

counts for Cr were contained around 52 and 53 Da along with some identified at 26 and 26.5 Da. 
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(a) (b) (c) 

Figure 5.26 Series of 3D reconstructions highlighting vanadium-rich regions in a second tip of the 
VN15 steel after aging 5 h at 550 °C showing (a) vanadium and vanadium nitride ions, (b) vanadium ions 
with 1 at pct vanadium isosurfaces, and (c) chromium ions with 1 at pct chromium isosurfaces. Note scale 
is in nm (Color image – see electronic copy). 

The regions showing higher concentrations of V, Cr, and N were more closely analyzed by 

generating proximity histograms (i.e. concentration profiles) with the 1 at pct V isoconcentration surfaces. 

The concentration profiles were averaged in 3D space over all the regions defined by these 

isoconcentration surfaces and plotted in Figure 5.28 (see pg. 135). The distance scale on the bottom 

indicated directionality away from the precipitates for negative distances and towards the center of the 

V/Cr-rich regions for positive distances. Zero distance was the boundary defined by the isosurface but did 

not necessarily represent the true matrix/precipitate boundary. Consistent with the 3D reconstructions, the 

concentration versus distance showed increases in V, Cr, and N in the regions likely corresponding to the 

location of the precipitates. Increases in both V and Cr were found in approximately equal amounts and 

no core/shell character could be identified. The concentration profiles do not show, however, any 

partitioning of C or Mo. The 1st derivative of the concentration profiles was also computed and is on the 

bottom of the figure. The derivative plot does not provide any more information regarding the high 

concentration V/Cr regions with both the V and Cr concentrations increasing approximately at the same 

rate towards the boundary defined by the surfaces. The Cr concentration did continue to increase towards 
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the center of volumes defined by the isoconcentration surfaces whereas the V concentration stopped 

increasing. This result, however, was likely due to the limit in accuracy of 3D concentration profile 

analysis being reached. 

 
(a) 

 
(b) 

Figure 5.27 Selected mass-to-charge spectrum from 3DAP analysis of the VN15 steel showing 
(a) counts for ionic species only contained within the 1 pct isoconcentration surfaces shown in 
Figure 5.24 and (b) spectrum for the entire 3DAP tip in the 65 to 67 Da range showing peaks obtained 
from VN and possibly CrN ions. 

As a comparison between the TEM and 3DAP precipitate analysis, the precipitate volume 

distributions from each analysis were compared. The volumes of the precipitates in TEM were computed 

from length and thickness measurements assuming that the precipitates are platelets being viewed on edge 

(i.e. using a cylindrical volume calculation). The volumes were outputted directly from the 3DAP analysis 

from the surfaces defined by 1 at pct V. The comparison of the volume distributions is given in 

Figure 5.29 (see pg. 136) noting that the number of precipitates analyzed via TEM was more than an 

order of magnitude greater than the number of volumes defined by the isoconcentration surfaces in the 

3DAP analysis. The distributions, however, were normalized in each case to the number of 

particles/regions analyzed in each characterization technique. The smoothed/shaded region on the right 

side of each distribution indicates the approximate shape of the distribution. The average volume of the 

precipitates/particles were comparable in both characterization techniques with the 3DAP analysis, 

however, indicating a higher average volume. The averages may have been higher due to conjoining of 

adjacent isoconcentration surfaces for precipitates which had nucleated in a nearly linear array along a 

dislocation. The 3D reconstructions and isoconcentration boundaries did show evidence of regions which 

may be multiple individual precipitates joined by the isoconcentration surfaces, especially on close 

inspection of Figure 5.24(b) (see pg. 131). 
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Figure 5.28 Average of the concentration profiles for all 1 pct vanadium isosurfaces in the second atom 
probe tip of the VN15 steel and shown below, the first derivative of the concentration profiles (color 

image – see electronic copy). 

5.1.6 Diffusional Transformation Simulation in DICTRA 
The results from the 3DAP analysis, which indicated a significant amount of Cr partitioning in 

the V-rich region and likely corresponded to the nitrides analyzed in TEM, prompted an investigation of 

diffusion kinetics between V-rich precipitates and ferrite. A 1D diffusion simulation was set up in 

DICTRA to investigate this phenomenon with the following parameters: a 1 nm wide section of vanadium 

nitride was placed as the first region with only V atoms occupying one sub-lattice and only N atoms 

occupying all positions of the other sub-lattice in the FCC structure; the region placed to the right of the 

VN region was a 25 µm ferrite phase with 0.3 wt pct Cr, 0.05 wt pct V (to simulate a supersaturation of V 

in the ferrite phase after nucleation of the precipitates), 100 ppm N, and a balance of Fe. Linear grids were 

used in both regions to measure the composition profiles versus time with a 10-point grid in the VN 

region and 50 point grid in the ferrite region. The simulation end time was set to 1000 s. 

A visual representation of the simulation conditions is shown in Figure 5.30(a) (see pg. 137). At 

time t = 0 s, the composition profiles for V and Cr are shown in Figure 5.30(b) with a 0.5 mole fraction of 

V in the VN region to the left of the interface at 1 nm and approximately 0.00055 to the right of the 
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interface. The chromium concentration was initially zero in the VN region as was established by the 

initial parameters. The concentration profile at time t = 0 s served as a comparison to the profile after a 

simulation time of t = 1000 s shown in Figure 5.30(c). The concentration profiles of V and Cr versus 

distance in this figure show that both V and Cr were diffusing from the ferrite region to the interface 

indicated by the depletion in the concentration of these species near the interface towards the growth 

direction. Furthermore, the simulation showed that the overall concentration of V in the original VN 

region was decreasing as Cr was being introduced into this phase. The overall percentage of Cr was 

increasing in the VN nitride region as the simulation times increased and at locations closer to the 

boundary. There was also a small increase in the Fe concentration in the VN region near the interface (not 

shown in the figure), which was the reason for the sum of mole fractions of V and Cr not equaling 0.5 in 

the VN region to the left of the interface. Although the simulation did not necessarily represent the growth 

of vanadium nitride particles in the experimental steels, it did agree with the experimental results from the 

3DAP analysis. The simulation results, however, offered no insight into the nucleation chemistry of the 

precipitates found in the samples from the time-temperature study, so chromium could either have a role 

in the nucleation of these particles or it may also only partition to the particles after they have formed.  

 

Figure 5.29 Violin plot comparing the distributions of precipitate volumes analyzed in the TEM and 
3DAP. The volume data was placed in 5 nm3 increments, the circular symbol indicates the mean of the 
distribution, the bars on either side of the mean indicate the 95 pct confidence intervals, and the shaded 
region on the right hand side of each distribution is the kernel density curve to indicate where data points 
are grouped (note: distributions are normalized to the total number of particles analyzed for each type of 
analysis).  
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(a)

 
(b) 

 
(c) 

Figure 5.30 (a) Visual representation of the starting parameters for the diffusion kinetics model in 
DICTRA, (b) mole fraction versus distance for vanadium and chromium at time t = 0 s showing the 
starting position of the interface between the VN region and ferrite, and (c) mole fraction versus distance 
after 1000 s (note: there is a break in scale on y-axis, with the lower section as a logarithmic scale to show 
detail at low mole fractions and the upper section as a linear scale). 

5.2 Microstructural Analysis of VN6 Steel Aged at 550 °C for 5 h 
The microstructure of the VN6 steel after processing in the time-temperature study was analyzed 

with light microscopy and a precipitation analysis in the TEM. These results were utilized to make 

comparisons in an approximately stoichiometric V and N steel (i.e. VN15) to a sub-stoichiometric 

V-containing steel with respect to N (i.e. VN6). The measured N concentration in the VN6 steel was 

approximately half of the content in the VN15 steel. This experimental study helped to answer one of the 

main research questions in this body of work regarding the effect of increased nitrogen on the 

precipitation characteristics in bainitic V-containing steels. 

5.2.1 Light Microscopy 
The microstructure of the VN6 steel aged for 5 h at 550 °C was characterized with LM and two 

images of the microstructure after aging for 5 h are shown in Figure 5.31 (see next page). An image of the 

VN15 steel microstructure aged under the same conditions is shown in part (c) of the figure. As was 

discussed before for the VN15 steel, the microstructure was a mixture of two or more phases presenting 
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as light and dark contrast regions. The higher volume fraction phase with the light contrast was the 

bainitic ferritic component. The secondary constituent in the dark gray regions which likely contained a 

higher carbon content. The structure of these regions was again not resolvable with LM but was likely 

very similar to the M-A microconstituents characterized via TEM in the VN15 steel. 

 
(a) 

 
(b) 

 
(c)

Figure 5.31 (a,b) Light microscopy images showing the VN6 steel sample from the time-temperature 
study after a 5 h hold at 550 °C. Note that the magnifications are different in (a) and (b). (c) VN15 steel 
aged under the same conditions provided for comparison to part (a) of the figure (1 – 2 pct nital etch). 

5.2.2 Precipitate Analysis via Transmission Electron Microscopy and Comparison with VN15 
Steel 
The effect of nitrogen on the precipitation characteristics in the V-containing steels was 

investigated by a quantitative precipitate analysis comparison of samples of the VN6 and VN15 steels. 

Comparison was made from the time-temperature study specimens with a heat treatment of 550 °C for 

5 h. Figure 5.32 shows a pair of DF TEM images comparing the precipitate distributions in the VN6 and 

VN15 processed under the same conditions. From visual inspection, there are no obvious differences in 
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the precipitation characteristics in these samples with both steels. Both materials indicate precipitates 

associated with dislocations, often presenting as rows of closely spaced but clearly separated precipitates 

in the dark-field images. 

 
(a) 

 
(b) 

Figure 5.32 Dark-field TEM images comparing precipitation of V-containing particles in the (a) VN6 
and (b) VN15 steels after holding for 5 h hold at 550 °C in the time-temperature study. 

Comparisons in averages from multiple images of length and thickness of precipitates as well as 

volume fractions and number density from the VN6 and VN15 steel are shown in Figure 5.33(a) and (b), 

respectively (see next page). As is shown in Figure 5.33(a), the decrease in nitrogen in the VN6 steel 

compared to the VN15 steel, 75 ppm versus 150 ppm, did influence both the length and thickness of 

particles after 5 h of aging at 550 °C. Both thickness and length values were smaller in the VN6 steel with 

a greater difference in the latter value. Furthermore, the volume fraction and number density of particles 

was reduced in the VN6 steel compared to the VN15 steel. The result was consistent with the hardness 

evolution in the two steels from the time-temperature study, which indicated a significant reduction in 

secondary hardening behavior in the VN6 steel compared to the VN15 steel. 

Since there was some overlap of the 95 pct confidence intervals of the volume fractions and 

number densities, a one-way analysis of variance (i.e. analogous to 2-sample t-test) was utilized to 

statistically determine if the difference was statistically significant. For the volume fractions measured in 

the two steels, the p-value from the analysis of variance was 0.048. With a significance level or α of 0.05, 

the p-value indicates that the null hypothesis could be rejected and that there was indeed a statistically 

significant difference in the volume fractions between the two steels. However, an analysis of variance of 

the number densities of precipitates in the two steels indicates a p-value of 0.208 (i.e. no statistical 
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difference at an α level of 0.05), although the mean values for VN6 and VN15 are 

2.66 x 1022 ± 1.66 x 10-22 m-3 and 3.83 x 1022 m-3 ± 1.68 x 10-22, respectively. This result revealed that the 

nucleation characteristics of the V-containing precipitates were likely not affected by the change in 

nitrogen level. However, the growth characteristics were significantly enhanced in the VN15 steel with 

higher volume fraction leading to the larger observed volume fraction after 5 h. 

(a) 
 

(b) 

Figure 5.33 Quantitative comparison of precipitation in the VN15 steel after various aging times at 
550 °C and in the VN6 steel after a 5 h hold at 550 °C (thermal treatments only in both materials) showing 
(a) length and thickness differences and (b) volume fractions and number densities differences. 95 pct 
confidence intervals are shown. 

5.3 Microstructural Analysis of Base Steel Aged at 550 °C for 10 h 
Hardness and microstructural results clearly indicated secondary hardening in the V-containing 

steels after aging in the time-temperature experiments. These results, however, needed to be considered 

with respect to the Base steel. The Base steel composition indicated some level of hardness retention up to 

at least 25 h with aging at 550 °C. This could have been due to Mo2C [2] and/or Cr(C,N) [10, 11] 

precipitation. The Base steel composition contained approximately 0.3 wt pct Cr and 0.2 wt pct Mo. 

Mo2C and Cr(C,N) phases were both possible as shown by previous metastable equilibrium calculations 

in Thermo-Calc®. Precipitation of a Cr-rich and/or Mo-rich phase, however, was not necessarily expected 

due to the slow precipitation characteristics of Mo and Cr carbides [12]. Thus, the hardness evolution 

prompted further analysis, and a 10 h aging condition was chosen instead of a 5 h condition due to a small 

increase in hardness observed after 10 h versus the shorter times. The hardness after aging for 10 h, 

however, was still lower than the starting hardness (i.e. starting hardness was defined with the steel 

transformed for one minute at 550 °C and then cooled to room temperature). 
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5.3.1 Light Microscopy 
The microstructure of the Base steel aged at 550 °C was characterized with LM and is shown in 

Figure 5.34. No significant differences to the previous microstructures analyzed in the VN6 and VN15 

steels was found: a mixture of two or more constituents was present with a higher volume fraction of a 

bainitic ferritic component. The secondary constituent in the dark gray regions were the carbon-enriched 

regions likely containing M-A microconstituents. 

 
(a)

 
(b) 

 
(c) 

Figure 5.34 Light microscopy images showing the Base steel sample from the time-temperature study 
after a 5 h hold at 550 °C (1 – 2 pct nital etch). Note that parts (b,c) are a higher magnification than 
part (a). 

5.3.2 Scanning Electron Microscopy 
A macroscopic qualitative comparison of the Base and VN15 steels was made using SEM 

micrographs and is shown in Figure 5.35. No obvious differences could be determined between the 
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microstructures from SEM analysis, in both the overall grain morphologies and in the secondary higher 

carbon content regions. 

 
(a) 

 
(b) 

Figure 5.35 Comparison of microstructures from processing in the time-temperature study showing 
(a) Base steel after a 10 h hold and (b) the VN15 steel after a 5 h hold (1 – 2 pct nital etch). 

5.3.3 Dark-field TEM Analysis of Precipitates 
A TEM specimen was prepared from the Base steel which was aged for 10 h at 550 °C in the 

time-temperature study. Using the same imaging and diffraction conditions as for the analyses in the 

VN15 steels, a number of BF / DF image pairs were obtained. One of these pairs is shown in Figure 5.36 

(see next page), which clearly shows several precipitates highlighted in the dark-field image. Since the 

diffraction conditions used to image these precipitates are the same as those used in the V-containing 

steels, the structures of the precipitates in both cases must have been the same, in that both had FCC 

lattices with a NaCl crystal structure, or very closely related (i.e. close packed plane similarity between 

HCP and FCC as would be the case for Mo2C). Furthermore, the diffraction conditions used, which 

exactly matched those utilized for the V-containing steels, indicated that the lattice parameter for the 

precipitate phase in the Base steel was also very similar. Since prior 3DAP analysis indicated a significant 

amount of chromium in the precipitate phase of the V-containing steels, a likely composition in the Base 

steel would be that of a nitride with significant chromium content. The presence of Mo2C phase was not 

detected although the diffraction conditions necessary for imaging of molybdenum carbide are no 

different to those for chromium nitride (in the context of SAD and dark-field imaging in TEM). 3DAP 

analysis, however, did not indicate a separate molybdenum-containing phase in any experiments. 

Comparisons of quantitative precipitate analysis in the Base steel to that of the VN15 is shown in 

Figure 5.37 (see pg. 144). Both size averages as well as volume fraction / number density from analysis of 

multiple images are shown in Figure 5.37(a) and (b), respectively. The difference in precipitate thickness 

was negligible as is shown in part (a) of the figure. However, the lengths of precipitates in the Base steel 
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are higher in comparison to those in the VN15 steel. Due to the much smaller number of precipitates 

analyzed in the Base steel, there was a possibility that some statistical considerations were affecting the 

comparison. However, the volume fraction and number density also need to be considered for the Base 

steel. These measurements are shown in Figure 5.37(b). As expected from the hardness results, both the 

volume fraction and number density of precipitates in the Base steel were significantly lower than the 

trend for the VN15 steel. Relating this result back to the length distribution in the Base steel and 

considering Equation 5.1, the growth velocity for precipitates containing only chromium or molybdenum 

in the Base steel may be faster once nucleated due to the excess of solute available when compared to a 

situation necessitating both Cr/Mo and V ahead of the growing interface as in the V-containing 

precipitates in the VN15 steel. Solute could likely be replenished more rapidly ahead of the growing 

interface for CrN or Mo2C, and thus maintain a high concentration gradient (i.e. dC/dx in Equation 5.1 

during the growth process. 

 
(a) 

 
(b) 

Figure 5.36 TEM analysis of the Base steel aged for 10 h at 550 °C showing  (a) bright-field and 
(b) dark-field images of the same area indicating a number of precipitates in the dark-field image. These 
precipitates are likely either Mo-rich carbides or Cr-rich nitrides and can be imaged under the same 
diffraction conditions as the precipitates in the V-containing steels. 

5.4 Microstructural Analysis of VN15 Steel Simulated Thermomechanical Controlled 
Processing 
Microstructural analysis of the VN15 steel after simulated TMCP and a hold of 5 h at 550 °C was 

also completed. This processing route was much more representative of an industrial strip mill process 

than the processing route utilized in the time-temperature study which did not include any austenite 
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conditioning. Furthermore, comparison of precipitation after simulated TMCP and after processing in the 

time-temperature study (i.e. thermal only processing) helped answer a research question regarding the 

effect of the formation of bainitic ferrite on the microalloy precipitate evolution. 

(a) 
 

(b) 

Figure 5.37 Quantitative comparison of precipitation in the VN15 steel after various aging times and in 
the Base steel after a 10 h hold at 550 °C (thermal treatments only in both materials) showing (a) length 
and thickness differences and (b) volume fraction and number density differences. 95 pct confidence 
intervals are shown. 

5.4.1 Light and Scanning Electron Microscopy 
The overall microstructure of the VN15 steel after simulated TMCP was analyzed via LM and 

SEM and compared to the microstructure of the VN15 steel from the time-temperature study to analyze 

the differences in the overall microstructure and any secondary microconstituents. Figure 5.38 (see next 

page) shows a LM comparison of the microstructures for both conditions. The impact of the simulated 

TMCP is immediately obvious in the figure: the bainitic ferrite showed significant refinement from the 

thermomechanical processing in the high angle boundaries between the individual and/or packets of 

bainitic laths. Furthermore, the secondary constituents, which contained higher levels of carbon, were 

different for each condition. The dark gray regions in the VN15 steel from the time-temperature study 

were not detectable in the microstructures after simulated TMCP with LM. 

Scanning electron microscopy better revealed the distribution of the secondary microconstituents 

and a figure comparing the microstructures from the two processing paths is shown in Figure 5.39 (see 

pg. 146). While the carbon-enriched regions were broad and covered approximately 20 pct of the area in 

the time-temperature study as discussed before, the high carbon content regions after simulated TMCP 

were extremely refined. The presence of cementite was likely in some areas, and the high-carbon 

microconstituents often appeared at interlath boundaries. There were still some areas after simulated 
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TMCP that had very similar features to the large high carbon content regions in the time-temperature 

study (as shown by the white arrow in Figure 5.39(b)), but these regions were much smaller after 

simulated TMCP and less prevalent. The microstructure after processing in the time-temperature study 

did not appear to have these discrete M-A island constituents and were not detected on the etched surfaces 

in the SEM analysis. 

 
(a) 

 
(b) 

 
(c) 

 
(d) 

Figure 5.38 Light micrographs of VN15 steel comparing the microstructure after (a,b) only thermal 
aging for 5 h at 550 °C in the time-temperature study and (c,d) after simulated thermomechanically 
controlled processing with a coiling hold for 5 h at 550 °C (1 – 2 pct nital etch). 

Further comparison between microstructures generated in the time-temperature study and after 

simulated TMCP was done by EBSD analysis. The comparison is shown in Figure 5.40 (see pg. 147) with 

the inverse pole figure (IPF) and image quality (IQ) maps overlayed. The orientation in part (b) for the 

TMCP specimen was such that the torsion rotation axis was oriented vertically in the figure and any strain 

accumulation (i.e. austenite grain deformation prior to transformation) approximately in the horizontal 

direction and slightly diagonal. Indications of lathlike morphology are present in both specimens with 
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significant refinement apparent after simulated TMCP. Furthermore, regions existed with larger ferritic 

grains with irregular boundaries. After simulated TMCP, the inverse pole figure information on the 

overlay maps show large areas of bainitic packets with similar orientation approximately 15 - 20 µm 

across. This scale is on the same order of the prior austenite grain size for those processing conditions. 

 
(a) 

 
(b) 

Figure 5.39 SEM images of VN15 steel comparing the microstructure after (a) only thermal aging for 
5 h at 550 °C in the time-temperature study and (b) simulated thermomechanical controlled processing 
with a coiling hold (i.e. aging) for 5 h at 550 °C (1 – 2 pct nital etch). 

5.4.2 Transmission Electron Microscopy 
To better assess the intragranular structure and secondary microconstituents in the VN15 steel 

after simulated TMCP, a series of TEM images was acquired from a thin foil specimen. The bright-field 

TEM images of characteristic microstructures found in the specimen are shown in Figure 5.41 through 

5.43 (see pgs. 149 – 151). As was previously done in the TEM images in the time-temperature study, 

several images were acquired and compiled to form the final image montage in each figure to view a large 

area of the thin foil. The montage in Figure 5.41 shows a region containing many ferritic grains which 

have approximate sizes and/or widths which were less than a micron. From the dislocation substructure 

visible within the grains and the lathlike characteristics of some grains, the conclusion was that region 

mostly contained bainitic ferrite. Furthermore, there was a small amount of an intergranular 

microconstituent which appeared with dark contrast in a few regions, notably in the upper part in the 

image. Some of the microconstituents were approximately spherical or globular in shape. From the size 

and morphology of these microconstituents, many of the regions were likely cementite with some isolated 

retained austenite islands. 

Another region of the same thin foil specimen is shown in Figure 5.42. In contrast to the previous 

image, the ferritic grains were larger in this region with a lower dislocation density. This likely indicated 

that the region transformed at a higher temperature upon cooling. However, some of the grains which 

extended beyond the top portion of the image still had lathlike characteristics of a non-equilibrium 
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austenite decomposition product. Furthermore, there were several coarse interlath cementite films. Some 

of these interlath films had varying contrast possibly indicating some of the interlath regions contained 

retained austenite. 

 
(a) 

 
(b) 

Figure 5.40 EBSD inverse pole figure/image quality map overlays comparing microstructures in VN15 
steel after (a) aging for 5 h at 550 °C in the time-temperature study and (b) simulated thermomechanical 
controlled processing with a coiling hold for 5 h at 550 °C (Color image – see electronic copy). 

A final TEM image of the VN15 after simulated TMCP is shown in Figure 5.43. The 

microstructure in this image could immediately be identified as containing a very different distribution of 

carbon-enriched microconstituents as well as overall lower dislocation density. However, the grains still 

showed a significant level of refinement in their size versus the sizes which would be expected in a 

common polygonal ferrite and pearlite microstructure. The dark, globular particles in the center of the 

image are cementite particles. This aggregate of particles exhibited an almost lamellar attribute which 

would be expected from cooperative growth of ferrite-cementite in a pearlite colony. The appearance of 

ferrite-cementite aggregate found here did not completely conform to this description however. A more 

likely transformation scenario was that the surrounding ferrite grains formed an isolated region of 

austenite enriched in carbon through partitioning of carbon during their nucleation and growth. This local 

region then had enough carbon to transform to an aggregate of ferrite and cementite through a semi-

cooperative growth mechanism with enough undercooling. The region imaged in Figure 5.43 was most 

plausibly formed at a higher temperature than that in Figure 5.41. The author should note that the 

microstructure represented in Figure 5.43 was an isolated occurrence as the overall microstructural 

assessment via SEM indicated a very low frequency of these regions. 



148 

To summarize the TEM finding in the VN15 steel after simulated TMCP, the microstructure 

mostly consists of bainitic ferrite with small amounts of an interlath/intergranular carbon-enriched 

microconstituent which is cementite and/or retained austenite. Furthermore, isolated regions of ferrite-

cementite aggregates were present in areas which likely transformed at higher temperatures than the 

majority of the remaining microstructure. The increased number of nucleation sites for transformation 

from austenite to ferrite/bainite after simulated TMCP (due to the significantly increased surface area) 

versus the time-temperature study led to the observed differences in microstructures. 

5.4.3 Dark-field Precipitate Analysis and Comparison with Results from Time Evolution Study 
TEM analysis was conducted on the VN15 steel after simulated TMCP. A pair of images shown 

in Figure 5.44 (see pg. 152) were from the same region on a TEM specimen after simulated TMCP and 

show the precipitates which corresponded to streaked reflections in the SAD. As in the time-temperature 

study, the precipitate phase imaged was likely the same vanadium-containing precipitate. This conclusion 

was reached due to the reflections in the SAD patterns coinciding with the predicted locations shown in 

Figure 3.10 and also coinciding with the locations shown previously in Section 5.1.2 in the time-

temperature study. The two images in the figure compare two of three variants which had formed in the 

same region of the sample. The estimated volume fraction in the first DF image in part (a) was 

2.3 x 10-4 ± 8.2 x 10-5 and was 1.9 x 10-4 ± 6.0 x 10-5 in part (b) of the figure. The result of a two-sample 

t-test to statistically compare the difference in the means indicated a p-value of approximately 0.49. Since 

the p-value is greater than the standard significance level of 0.05, however, there was no statistically 

significant difference in the means. This indicated that variant selection (i.e. more precipitation of one 

variant of vanadium carbonitride versus another) was likely not present after TMCP.  As shown for 

various conditions previously, there were indications in the DF images that some or all of the precipitates 

are associated with dislocations since many of the precipitates were in closely spaced rows but clearly 

separated. 

Another pair of DF TEM images is shown in Figure 5.45 (see pg. 153) which compares the 

precipitate distribution after only thermal processing with a 5 h hold at 550 °C in Figure 2.4(a) (i.e. from 

the time-temperature study) to the distribution after TMCP and the same aging condition at 550 °C. Both 

images were in regions of similar thickness, 83 nm in the former and 86 nm in the latter, so that a valid 

visual comparison could be made. There were no obvious differences in the precipitation in the samples 

from the time-temperature study and the simulated TMCP, in both the sizes of precipitates and the 

distribution within the ferrite. In the image from the TMCP sample (Figure 5.45(b)), there were a few 

regions of the image which appear to have very little precipitation, mainly in the lower left corner and a 

section of the upper half of the image. This could simply have been due to strain within the sample 

slightly changing the diffraction conditions so that these regions were not satisfying the necessary 
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conditions for DF imaging of the precipitates. However, another possibility was that regions without 

precipitation did exist. Since the ferrite in this sample had formed from austenitic regions which contained 

significantly more strain, there was a possibility that strain inhomogeneities were also present in the 

ferrite after transformation, either due to an inheritance of dislocation debris from the deformed austenite 

[13] or due to plastic relaxation of the ferrite itself after transformation. 

Figure 5.41 Bright-field TEM image of VN15 steel after simulated thermomechanical processing and 
aging for 5 h at 550 °C showing refined bainitic ferrite region.
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Figure 5.42 Bright-field TEM image of VN15 steel after simulated thermomechanical processing and 
aging for 5 h at 550 °C showing a few large bainitic grains and some intergranular cementite. 



151 

Figure 5.43 Bright-field TEM image of VN15 steel after simulated thermomechanical processing and 
aging for 5 h at 550 °C showing a ferrite-cementite aggregate. 

Comparisons of averages from multiple images of length and thickness of precipitates as well as 

volume fractions and number density from the time-temperature study and after simulated TMCP are 

shown in Figure 5.46(a) and (b), respectively (see pg. 153). As is shown in Figure 5.46(a), simulated 

thermomechanical processing produced a negligible difference in both the length and thickness of 

particles after 5 h of aging at 550 °C with the mean values being almost the same. Furthermore, the 
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volume fraction and number density of particles were very similar between the sample from the 

time-temperature study and the sample after TMCP. A two-sample t-test indicates a p-value of 0.76 when 

comparing the volume fraction averages indicating no statistically significant difference between 

precipitation in the time-temperature study and TMCP, at least in terms of volume fractions. The absence 

of differences was interesting especially when considering the differences in observed overall 

microstructure between the time-temperature study and after simulated TMCP. However, precipitate 

analysis was conducted only in the ferrite and should be considered in these comparisons. 

 
(a) 

 
(b) 

Figure 5.44 Pair of dark-field TEM images showing two variants of vanadium-containing precipitates 
in the same region of VN15 steel after simulated thermomechanical controlled processing and holding for 
5 h at 550 °C, (a) one variant and (b) second variant. 

5.5 Microstructure and Precipitation in the NbTiVN15 Steel after Thermomechanical 
Controlled Processing 
Precipitation in the NbTiVN15 steel, which contained multiple microalloying elements including 

Nb, Ti, and V, was only analyzed after simulated TMCP. The austenite conditioning was necessary to 

fully determine the effects of Nb and Ti on later precipitation in ferrite, since austenite deformation will 

promote the formation of precipitates at high temperatures [14]. The additional strain accumulation during 

high-temperature deformation has specifically been shown to promote the formation of Nb-containing 

precipitates [15, 16]. In cases without significant strain accumulation, there may not be sufficient driving 

force to precipitate substantial Nb in solution in austenite which would thus possibly precipitate later with 

V after the γ/α phase transition. This latter may not be desirable since the utility of niobium as a 
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microalloying elements is also in the refinement it provides during recrystallization at hot-rolling 

temperatures.  

 
(a) 

 
(b) 

Figure 5.45 Dark-field TEM images comparing vanadium precipitation in the VN15 steel after (a) only 
thermal aging for 5 h at 550 °C in the time-temperature study and (b) simulated TMCP and aging for 5 h 
at 550 °C. 

 

(a) (b) 

Figure 5.46 Quantitative comparison of precipitation in the VN15 steel after only thermal treatment at 
550 °C from the time-temperature study (labeled TTS) and after simulated thermomechanical controlled 
processing (labeled TMCP) with a 5 h hold at 550 °C showing (a) length and thickness measurements and 
(b) volume fractions and number densities. 95 pct confidence intervals are shown. 
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The intent of the study in this body of work was to determine the effect of prior precipitation in 

the austenite phase on the subsequent precipitation of a V-containing precipitate in ferrite. The author 

should note that the deviation in flow stress measured in the NbTiVN15 steel versus the Nb-free steels at 

the lower austenite deformation temperatures (shown in Figure 4.6 in the previous chapter) already gave 

an indication that the Nb addition caused a difference in the microstructural evolution. 

5.5.1 Light Microscopy 
The overall microstructure of the NbTiVN15 steel was assessed via LM with etched samples. A 

selection of a few images from the etched microstructure at three different magnifications is given in 

Figure 5.47 (see next page). The lowest magnification image in Figure 5.47(a) did not show much detail 

of the grain structure but did indicate some of the shear strain accumulation in the microstructure from the 

torsion deformation, as indicated by the diagonal banding. This strain accumulation was likely inherited 

partially in the ferrite grain structure through the nucleation characteristics of the ferrite on the pancaked 

austenite grains and/or through banding in the original plate from which the samples were machined 

(i.e. banding in the original plate would have been associated with centerline and/or manganese 

segregation along with impurity particles such as manganese sulfides). Any similar microstructural 

features from shear strain accumulation were not found in the Base and V-containing steels after 

simulated TMCP likely due to the lower no-recrystallization temperatures measured in the steels with 

additions of Nb (temperatures were lower by approximately 100 °C [17]). Higher magnification images of 

the NbTiVN15 steel are shown in Figure 5.47(b) and (c). The banding was still apparent in part (b) and 

the significant grain structure refinement from the simulated TMCP became obvious. 

The microstructure overall was comparable to that observed after simulated TMCP in the VN15 

as shown in Figure 5.38 (see pg. 145). The addition of Nb and possibly Ti in the NbTiVN15, however, 

acted as austenite grain refiners during austenite conditioning as indicated by the smaller finishing 

austenite grain size after the final deformation pass (result shown in previous chapter in Figure 4.5). Some 

further refinement of the final grain structure was apparent in the NbTiVN15 steel compared to the VN15 

steel from comparison of the LM images. Finally, the possibility of a secondary constituent in the 

NbTiVN15 steel was indicated by isolated regions of darker contrast present in the LM images. These 

regions were not present after TMCP in the VN15 steel. The regions with darker contrast in the 

NbTiVN15 steel may be related to dark gray regions found after thermal only processing in the time-

temperature study which correspond to increased carbon concentrations. However, it was unclear in the 

images if the contrast possibly resulted from staining during the etching process. 

5.5.2 Scanning Electron Microscopy and Comparison with the VN15 Steel 
Macroscopic qualitative comparisons of microstructure in the VN15 and NbTiVN15 steels after 

TMCP were made using SEM micrographs. Figure 5.48(a) and (b) (see pg. 156) show a comparison 
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between the VN15 and NbTiVN15 steels, respectively. No large differences were determined between 

these microstructures, both in the overall grain morphologies and in higher carbon content intergranular 

regions which were likely the M-A island and cementite constituents. The difference in prior austenite 

grain size after the 10 simulated rolling passes from TMCP, 22.5 and 8.9 µm for the VN15 and 

NbTiVN15 steels, respectively, did not appear to have a significant effect on the final bainitic 

microstructure. The appearance of an additional secondary phase, however, was found during the 

acquisition of the SEM images in the NbTiVN15 steel. This phase was visible in Figure 5.48(b) and 

appeared as a random dispersion of small, spherical particles with bright contrast in the SEM image. 

Further discussion of this finding will be discussed in Section 5.5.4. 

 
(a)

 
(b) 

 
(c) 

Figure 5.47 Light microscopy images showing the NbTiVN15 steel sample from the time-temperature 
study after a 5 h hold at 550 °C (1 – 2 pct nital etch). 
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(a)

 
(b)

Figure 5.48 SEM micrographs of the (a) VN15 steel after simulated thermomechanical controlled 
processing with a 5 h hold at 550 °C and (b) the NbTiVN15 steel after simulated thermomechanical 
controlled processing with a 5 h hold at 550 °C.
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5.5.3 Dark-Field TEM Analysis of Precipitates 
Precipitate analysis was completed in the NbTiVN15 steel and comparisons of precipitation were 

then possible for this steel to the steels containing only V additions. The solubility of Nb and Ti is known 

to be less than V, so these microalloying elements produce carbides and nitrides at higher temperatures 

than those containing V. Consequently, definitive measurements of how much these elements may reduce 

the amount of solute carbon and/or nitrogen for later precipitation was relevant. This experiment was 

important to better answering the question of the effect of increased nitrogen (or nitrogen in solution) on 

the precipitation of V-containing precipitates in bainitic ferrite. Furthermore, co-precipitation of V on 

nitrides and carbides which have nucleated at higher temperatures than V-rich precipitates can reduce the 

amount of vanadium available for later precipitation. A number of studies have already shown that 

significant fractions of V and N can be removed from solution at high temperatures due to formation of 

high stability nitrides and co-precipitation of V on these nitrides [18–20]. However, these studies mainly 

relied on strength measurements as the indicating factor and not on quantitative precipitate measurements. 

Using the same imaging and diffraction conditions as in the analyses in the VN15 steels, BF / DF 

image pairs were again obtained in the NbTiVN15 steel. A pair of images is shown in Figure 5.49 (see 

next page), which again showed several precipitates highlighted in the DF image having similar 

characteristics as precipitation in all the other steels. The precipitates were mostly located in nearly linear 

arrays and could be correlated to the small amount of strain contrast from the dislocations in part (a) of 

the figure. The precipitates in the DF images were only those which have nucleated in the bainitic ferrite 

with the Baker-Nutting orientation relationship. 

Measurements of precipitate length and thickness from multiple images were again obtained and 

are shown in Figure 5.50(a) (see pg. 159). The results from the VN15 steel which only was subject to 

thermal processing (time-temperature study) are shown as comparison. Both the length and thickness in 

the NbTiVN15 steel were significantly reduced compared to the VN15 steel. While the thickness was not 

significantly different with the average around 1 nm, the mean length was significantly reduced compared 

to the VN15 steel. The average volume fraction and number density are shown in Figure 5.50(b). Both the 

volume fraction and number density of precipitates, which have nucleated after ferrite formation, were 

significantly reduced in the NbTiVN15 steel. This result confirms that the addition of both Nb and Ti in 

the steel reduces the precipitation potential of V-containing particles in ferrite, likely through both a 

reduction in the available vanadium from co-precipitation and through a reduction in the amount of 

nitrogen (i.e. precipitation of titanium nitrides and Nb-rich carbonitrides). 

One other interesting precipitation comparison could be made to the thermomechanical processed 

NbTiVN15 steel which was not shown in Figure 5.50(b). The measured volume fraction of precipitates 

was 3.99 x 10-4 ± 2.44 x 10-4 in the VN6 steel and 1.24 x 10-4 ± 0.84 x 10-4 in the thermomechanical 
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processed NbTiVN15 steel. Furthermore, the number densities in the VN6 and NbTiVN15 steel were 

2.66 x 1022 ± 1.66 x 1022 m-3 and 1.88 x 1022 ± 0.65 x 1022 m-3, respectively. The author assumed that 

TMCP does not affect precipitation in ferrite of the VN6 steel in this comparison since no effect was 

determined in the VN15 steel between thermal processing and TMCP (see Section 5.4.3). Thus, the 

number densities were not significantly different in these two conditions while there was a detectable 

reduction in the volume fraction of precipitates in ferrite for the NbTiVN15 steel compared to the VN6 

steel. While the concentration of nitrogen in the NbTiVN15 steel was approximately 130 ppm, it was only 

approximately 75 ppm in the VN6 steel. This indicated that the addition of Ti (and most likely Nb) 

significantly reduced the precipitation potential of V-rich precipitates in the multiple microalloyed system 

possibly through the reduction in available nitrogen and vanadium. This argument could be made on the 

basis that 3DAP compositional analysis of the precipitate regions which indicated that nitrogen was the 

only non-metal component in the precipitates nucleated in ferrite and not carbon. 

 
(a) 

 
(b) 

Figure 5.49  (a) Bright-field and (b) dark-field images of the same area in the NbTiVN15 steel which 
underwent thermomechanically controlled processing and held for 5 h at 550 °C. The dark-field image 
indicates several precipitates in the dark-field image associated with dislocations. 

The result of the precipitate comparison in the VN6 and NbTiVN15 steel still raised the question 

about the origin of the reduction in volume fraction of precipitates in the NbTiVN15 steel. Considering 

only the addition of titanium in the NbTiVN15 steel and relative atomic quantities of Ti and N, 

approximately 25 pct of the available solute nitrogen could be consumed by the formation of TiN alone. 

However, this would only account for approximately 32 ppm by weight of the total 130 ppm of available 

nitrogen in the NbTiVN15 steel. Therefore, the reduction in precipitation in the NbTiVN15 steel 
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compared to the VN6 steel could not have only been due to formation of TiN particles at high 

temperatures. 

(a) (b) 

Figure 5.50 Quantitative comparison of precipitation in the VN15 steel after only thermal treatment at 
550 °C (labeled VN15 TTS) and in the NbTiVN15 steel after simulated TMCP and a 5 h hold at 550 °C 
(labeled NbTiVN15 TMCP) showing (a) length and thickness differences and (b) volume fraction and 
number density differences. 95 pct confidence intervals are shown. 

5.5.4 Chemical Analysis of Precipitates Formed at High Temperatures 
As noted previously, a distribution of approximately spherical particles was found when 

examining the etched sample surface in the NbTiVN15 steel by SEM. These particles are highlighted by 

the high magnification SEM image in Figure 5.51 (see next page) and had a mean size of 59 ± 11 nm. The 

particles were randomly distributed on the surface of the specimen and not associated with any other 

microstructural features visible after etching (e.g. laths and/or boundaries). Since the surfaces were 

polished only with diamond solutions, the presence of these round particles was not due to contamination 

of colloidal silica suspensions. 

As an initial analysis on the particles, EDS was completed in the SEM to help in the 

determination of the phases. Although this route of examination suffered from many limitations in the 

SEM for composition determination, the attempt yielded some useful results. Due to the low EDS counts 

and image drift, image registration correction was utilized during the line scan so that a 20 – 25 min scan 

could be achieved. Figure 5.52(a) (see pg. 161) shows the SEM image which contains the particle 

analyzed in the line scan. The results of the EDS line scan are shown in Figure 5.52(b) plotting the counts 

of Nb, Mo, Ti, V, Cr, Mn, and C versus the line scan distance. Note that the spacing of the measurements 

in the line scan was 5 nm. Counts were used in the analysis instead of converting to composition using the 

atomic number, absorption, and fluorescence (ZAF) correction scheme since error in the correction would 
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have been large under the conditions of the line scan. ZAF corrections rely on homogeneity with the 

volume excited by the beam and flatness to the incident beam, both of which were not satisfied here. 

However, the counts versus distance gave an initial indication of the composition of these particles. The 

counts for Cr and Mn, both shown in gray in Figure 5.52(b), do not change along the length of the line.  

 

Figure 5.51 SEM image showing round particles in the NbTiVN15 steel after simulated 
thermomechanically controlled processing with approximate sizes of 59 ± 11 nm (1 – 2 pct nital etch). 

The most significant peak in the line scan was for Nb shown by the solid black line. Nb-rich 

precipitates were not unexpected in the NbTiVN15 steel due to the composition having 0.037 wt pct Nb 

and substantial driving force for precipitation from the deformation in the austenite phase. Niobium 

precipitation has been well characterized in Nb-microalloyed steels during hot rolling with compositions 

of precipitates varying based on the relative proportion of Nb to other microalloying elements (i.e. Ti and 

V) [15, 21–23]. Both Ti and V also showed an increase in counts in the region of the precipitate, with Ti 

showing a more pronounced peak than V. One study of a V-Nb-Ti steel in the literature did find spherical 

precipitates with a similar size range containing all three microalloying elements, but the EDS results 

indicated that the percentage of Ti was higher than Nb [24]. The composition of the steel in that study, 

however, contained approximately equal parts Nb and Ti, and the NbTiVN15 steel has approximately 

three times as much Nb as Ti. 

Perhaps slightly more unexpected was a significant peak for Mo shown in the region of the 

precipitate. The literature on Nb precipitation has indicated that Mo can be present in the precipitates, 

detected through both EDS [23] and 3DAP analysis [25]. The indication that Mo may be present was not 

definitive from this analysis since the Nb Lß energy of 2.26 keV almost directly overlaps that of the Mo Lα 

energy of 2.29 keV. Finally, the EDS analysis shown in Figure 2.16 indicated the presence of C which 

was expected based on the overall composition of the particles, especially the large concentration of Nb, 

and their size. The low counts and energy of the peak (0.28 keV) placed this result into question. The 
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counts for N are not shown for the SEM EDS analysis since the Ti L peak energies are very close to the N 

K peak energy, and nitrogen detection would also suffer from the same problems as carbon in the 

analysis. 

 
(a) (b)

Figure 5.52 SEM analysis in NbTiVN15 steel using an energy dispersive spectroscopy line scan 
analysis showing (a) the 33 nm diameter particle analyzed and (b) counts of selected elements determined 
by the scan. 

A more definitive EDS analysis was completed on the particles using the FEI Talos F200X TEM. 

Carbon extraction replicas were utilized to remove the Nb-containing precipitates from the etched sample 

surface. An advantage of the EDS analysis on the TEM with 200 keV beam energy was that the beam had 

sufficient energy to produce Kα radiation for Nb and Mo. Thus, sufficient energy separation was present 

between the peaks to distinguish the two elements. Only a slight increase versus the background level, 

however, was obtained at the X-ray energy corresponding to Mo Kα peak (approximately at 17.5 keV) in 

the STEM EDS analysis. The EDS system on the FEI Talos F200X S/TEM allowed for much better 

quantification of the EDS data and deconvolution of peaks due to the much higher number of counts 

collected. Thus, contributions to increases in counts at specific energies from peaks which almost directly 

overlap, such as the Nb Lß and the Mo Lα, could be accounted for during data analysis. Definitive 

confirmation of the initial results obtained in the SEM for the presence of Mo was thus obtained. 

Element maps were obtained with the EDS analysis in the Talos TEM and are shown in 

Figure 5.53 (see pg. 163). Part (a) of the figure shows the STEM high-angle annular dark field (HAADF) 

image collected on the particle which can be used as a reference for the placement of the particle in each 

element map. Parts (b) and (c) indicated small amounts of Cr and Mo distributed throughout the particle, 

respectively. Thus, Mo was confirmed to be present along with Cr. The presence of Cr contrasts with the 

SEM EDS analysis, but the TEM result was more likely to be correct due to the considerations listed 
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above. More importantly, however, are parts (d) – (f) of Figure 5.53 which indicated all three 

microalloying additions in the steel were contained within the particles. On closer analysis of the Ti and 

Nb maps, the Ti concentrated towards the lower left of the particle and the Nb towards the upper right. 

The V appeared to be more homogeneously distributed. This distribution of Nb and Ti within a single 

particle was mostly consistent with a shell or core-cap morphology found in other work [24, 26, 27]. In 

multiple microalloyed systems, the shell or core-cap characteristics are due to nucleation of microalloy 

phases on pre-existing low solubility precipitates either as a shell surrounding the precipitate [24] or as 

caps on faces of the pre-existing precipitate [26]. This morphological result does not necessarily impact 

any of the other finding in this body of work except that both Nb and Ti were found in the particles. The 

presence of these elements as expected was associated with the detection of nitrogen throughout the 

particle as shown in part (g). The carbon map is also shown in part (h) but no result of note was found due 

to the particle essentially being contained within an amorphous carbon film. 

To better characterize the distributions of the microalloying elements in the particle, a line scan 

analysis was also completed. The placement of the line with relation to the particle is shown in 

Figure 5.54(a) (see pg. 164) and was chosen to follow the observed segregation of Nb and Ti in the 

element maps (note that the zero position of the line is towards the lower left). The concentration versus 

distance on the line scan is shown in part (b) of the figure confirming the observations in the element 

maps. The Ti concentration was higher near the starting point of the line (i.e. bottom left of image) and 

then decreased with distance as the Nb concentration increased with increasing distance along the line. 

The analysis also indicated that a small increase in the V concentration in the particle was likely 

associated with the region with higher Ti concentration. 

Figure 5.54(c) shows the concentration versus distance for Mo, Cr, and N. Nitrogen was detected 

throughout the entire particle with an increase observed in the region which indicated increased Ti. Both 

Mo and Cr are slightly above the background level confirming the observations in the element maps. 

There were some fluctuations in the Cr concentration near the beginning of the line, but no definitive 

conclusions could be made regarding this observation. The element map for Cr did not indicate any local 

concentration fluctuations of note. Overall, the most important result of the EDS analysis in the TEM was 

the definitive measurement of nitrogen in particles which mostly contained niobium, titanium, and 

vanadium. The reduction in free nitrogen from precipitation of particles in austenite and its implications 

on precipitation in ferrite will be further discussed in the next chapter. Of course, the reduction in 

vanadium by these larger particles may also be important. 
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(a) (b) (c) 

 
(d) (e) (f) 

 
(g) (h)

 

Figure 5.53 Element maps generated from the STEM energy dispersive spectroscopy analysis on a 
particle extracted collected on carbon extraction replicas from the NbTiVN15 steel after simulated 
thermomechanical controlled processing. The following images and elements are shown: (a) high angle 
annular dark field image, (b) chromium, (c) molybdenum, (d) niobium, (e) titanium, (f) vanadium, 
(g) nitrogen, and (h) carbon (Color image – see electronic copy).
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(a)

 
(b)

 
(c)

Figure 5.54 Results of the STEM energy dispersive spectroscopy line scan analysis on the round 
particles in the NbTiVN15 steel showing (a) the placement of the line on the particle, (b) concentration 
(in at pct) versus distance for Nb, Ti, and V and (c) concentration versus distance for Cr, N, and Mo.
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6 
CHAPTER SIX 

  
DISCUSSION 

The results presented in the two previous chapters indicate several areas that warrant further 

discussion and that need to be related to the research questions stated in the introduction. The first is a 

discussion of the precipitate evolution compared to historical studies and the effect of processing. Related 

to this is a discussion of the precipitation kinetics through an Avrami analysis and its correlation to the 

observed precipitate evolution via TEM. Results from the atom probe analysis were utilized to initiate the 

investigation of a mixed precipitate model and also determine the reason for precipitate volume fraction 

differences between the different steels. Finally, a cross correlative TEM-3DAP analysis is presented to 

help identify the microstructural features containing increased solute concentrations which were analyzed 

via 3DAP. 

6.1 Hardness and Microstructure Evolution 
One of the proposed research objectives for this work was to examine the effect of bainitic ferrite 

formation in modern low-carbon steels, such as the experimental steels studied here, on the nucleation 

and growth of vanadium-containing precipitates when compared with historical data or comparing 

different processing conditions. Thus, a discussion of a few related topics will be given below. The first 

topic of discussion is a comparison to historical aging studies. Since the literature lacks much of the 

quantitative precipitate analysis presented in this work, a comparison was done with the hardness 

evolution instead. The hardness evolution of the VN15 steel is shown in Figure 6.1 (see next page) with 

respect to a tempering parameter, T (20 + log t)  × 10-3. Only the data for the 500 and 550 °C aging times 

are shown for the reasons described in Section 4.6.  A trendline was added which is simply a spline fit to 

the data points. A few comparisons were made in the figure; the first was to data from Irvine and 

Pickering on a large number of low-carbon, low-alloy steels in which the steels were normalized to 

produce fully bainitic microstructures [1]. Hardness curves for steels with vanadium additions up to 

0.9 wt pct were presented in their study but only the steel with the 0.10 wt pct V addition is reproduced in 

the figure. The peak in hardness for steels with increasing V additions indicated a similar tempering 

parameter corresponding to the peak for concentrations up to 0.46 wt pct V. 

Additional literature containing data for hardness evolution with time for bainitic steels with 

vanadium additions could not be found in the literature. Therefore, some datasets were added for 

comparison in which the systems were slightly different. One of these was a study by Tekin and Kelly in 

which a high-purity, 0.1 wt pct C and 0.5 wt pct V steel was reaustenitized, quenched into ice water, and 

subsequently tempered [2]. The microstructure was presumably martensitic although no light micrographs 
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or description of the overall microstructure was provided. The aging times utilized were 1 and 10 h, so 

most of the change in experimental conditions in the data was due to differences in aging temperature. 

The second study added for comparison was that of Kestenbach who investigated the aging characteristics 

of an air-cooled 0.34 wt pct Nb steel [3]. In this case, the steels were bainitic after air cooling, and TEM 

images indicated lathlike ferritic grains containing relatively high dislocation densities. The data shown 

from Kestenbach in Figure 6.1 is from hardness measurements after tempering at 500 and 550 °C.  

 

Figure 6.1 Vickers microhardness versus the tempering parameter for the VN15 steel with data from 
both the 500 and 550 °C holds and a line indicating a smoothed data fit. The hardness data is compared 
with various literature for hardness evolution  after tempering in a martensitic 0.5 wt pct V steel [2], a 
bainitic 0.1 wt pct V [1], and a bainitic 0.34 wt pct Nb steel [3]. 

From first inspection of the data, the peak in hardness for the data from the VN15 steel in this 

work is consistent with the trends found in the literature. The tempering parameter value for the peak was 

17.04 x 103. In the V-steel from the Tekin and Kelly work and the Nb-steel from the Kestenbach work, 

the peaks were at 17.42  x 103 and 16.88  x 103, respectively. Converting these values into tempering 

times at 550 °C, the result was 14.7 and 3.2 h, respectively. These results bracket the peak in hardness for 

the VN15 steel, which occurred at 5 h. The data from Irvine and Pickering, however, indicated a peak 

displaced to approximately 18.43 x 103 which would convert to a value of 248 h at 550 °C. The reason for 

discrepancy between the data obtained for the VN15 steel here and the hardness evolution found in the 

Irvine and Pickering investigation was not clear. Data from the higher V steels in the Irvine and Pickering 
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work indicated the value decreased to approximately 17.8 x 103. The comparison overall, however, 

suggests that the precipitate evolution found in the VN15 steel was not significantly different to that in 

previous studies. Furthermore, some similarities may even have existed in the recovery characteristics of 

these steels as the changes in hardness should be partially due to microstructural evolution other than 

precipitation, such as dislocation recovery. 

As an initial point of discussion regarding the importance of dislocation density, a comparison in 

the VN15 steel between the time-temperature study and after simulated TMCP is given. The only 

condition from the simulated TMCP study in which the dislocation density was determined via TEM was 

after holding for 5 h at 550 °C. The result is shown in Figure 6.2 and compared to the results from the 

time-temperature study. To again briefly summarize the differences between the microstructures after the 

two different processing paths, the microstructure in samples from the time-temperature study was 

described mainly by lathlike grains of ferrite with the addition of a large fraction (approximately 20 pct) 

of the microstructure covered by a carbon-enriched constituent, containing complex mixtures of phases 

including martensite and austenite. The microstructure after simulated TMCP, in contrast, contained 

refined lathlike bainitic ferrite grains and a more homogeneous distribution of carbon-enriched phases, 

which mostly was intergranular cementite and retained austenite. Despite the large differences in the 

overall microstructures observed and also the large differences likely in the formation of final bainitic 

microstructures, including the partitioning of carbon during transformation, the dislocation density 

measured in the ferrite grains from the time-temperature study was no different than that measured after 

simulated TMCP. 

 

Figure 6.2 Dislocation density versus hold time at 550 °C for the VN15 steel measured via STEM 
analysis comparing the values from the time-temperature study and the value after simulated TMCP with 
a coiling hold at 550 °C for 5 h. 
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The negligible difference in dislocation density may be relevant in regard to the discussion of the 

measured volume fractions and number densities when comparing the two different processing routes. No 

difference was found in either of these values from quantitative precipitate measurements and may be 

partially due to this negligible difference in dislocation density. An argument of course would have to be 

made that a large majority of the precipitates heterogeneously nucleate on dislocations in both cases. This 

would be difficult to definitively prove, especially at the very short times, due to the precipitate size 

ranges found in this body of work. However, many examples of dislocation contrast associated with 

precipitates were found along with groupings of multiple precipitates along nearly linear segments 

(i.e. arrays of precipitates likely following a dislocation core). No experimental evidence was obtained to 

determine if the initial dislocation density differed between the two conditions, which would assist in 

reaching a more definitive conclusion. Overall, the dislocation networks likely provided an ample number 

of nucleation sites for vanadium-containing precipitates in the ferritic grains in both cases and was thus 

related to the similar evolution of dislocation density versus time for the two processing routes. 

A discussion of the interaction between precipitation and dislocation recovery is needed to access 

the possible interaction between these two microstructural constituents during processing, namely at 

temperature and times relevant to coiling. This was investigated by comparison of a dislocation recovery 

model to the evolution of dislocation densities versus time from the time-temperature study samples in the 

VN15 steel. The model utilized was based on a glide controlled recovery mechanism evaluated by Nes in 

which the glide mobility of heavily jogged screw dislocations controls the annealing process [4]. 

Although the temperature dependent parameter utilized in the analysis was based on vacancy bulk 

diffusion in Fe, which is more appropriate for high purity metals, specific constants in the recovery 

equations need to be determined experimentally in all cases and can thus account for changes to glide 

when impeded by solute atoms or other mechanisms. In the case where low lateral drift of jogs is 

expected (i.e. jog spacing will remain approximately constant during annealing), the functional form of 

the recovery equation given by Nes is 

 1 ln 1  (6.1) 

where ρ is the instantaneous dislocation density,  is the Boltzmann constant,  is the temperature in 

kelvin, A is a constant defined below,  is time, τ is a relaxation time parameter, and ρ0 is the starting 

dislocation density. The constant A is defined as 

  (6.2) 

where α is a constant on the order of unity, κ is a constant expected to be less than unity, G is the shear 

modulus which is approximately 81.6 GPa for steels, and b is the Burgers vector which is approximately 
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0.248 nm. The value of A/(kT) was assumed to be 29.9 based on comments by Nes [4]. Since values of 

A/(kT) = 23 describe recovery characteristics well for a typical metal at Tm/2, the value was increased by a 

percentage to account for recovery at lower temperature of 550 °C, which is less than half of the 

approximate melting temperature of steel at 1400 °C. The relaxation time parameter in Equation 6.1 is 

 exp  (6.3) 

where Bs is a temperature dependent parameter assuming vacancy bulk diffusion. The value of this 

temperature dependent parameter is determined by both the diffusion geometry and the diffusing species 

and is defined as 

  (6.4) 

where C3 is a constant which needs to be determined experimentally, C5 is another constant which needs 

to be determined experimentally, and Ds is self diffusivity in the bulk. The values utilized for calculating 

the self diffusivity of Fe were 5.4 x 10-4 m2/s for the pre-exponential factor and 240 kJ/mol for the 

activation energy [5]. The constant C3 is related to the average separation distance of dislocations with 

time by the equation 

  (6.5) 

where v is the average migration rate of the dislocations. The constants C3 and C5 were combined into a 

single constant in Equation 6.4 and fit to the data at the short hold times in order to correctly model the 

dislocation densities observed after holding for 1 and 30 minutes. The value of the combined constant 

(i.e. C3
 ∙ C5) used in the analysis was 5.6 x 10-14. 

With the above equations and assumptions, the dislocation density versus time was modeled with 

the result shown in Figure 6.3 (see next page). The appropriate logarithmic decay in the dislocation 

density was shown by the part (a) with much of the change predicted to occur in the first 10 to 20 h. The 

more important aspect of the analysis was the comparison of the model to the dislocation density 

measurements versus time in the VN15 steel, shown in part (b) of the figure. Since the model parameters 

were chosen to fit the data in the early stage of recovery, the curve intersected the dislocation density 

measurements obtained after holding for 1 and 30 min. For the 30 min condition, the curve was slightly 

below the measurement obtained experimentally, but the 95 pct confidence intervals were large and thus 

no conclusive statements could be made regarding the deviation at this condition. However, a clear 

deviation of the experimental data from the model was obtained for the 5 h hold condition, with a 

significantly higher dislocation density measured experimentally in the VN15 steel. This condition, as 
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noted previously in the results, coincided with a peak in hardness for the time evolution in this steel. 

Furthermore, significant increases in both volume fraction and number densities of precipitates occurred 

at 550 °C between 0.5 and 5 h, as shown by the quantitative TEM analysis. Thus, the analysis indicated a 

probable delay in the dislocation recovery as was previously proposed in the literature [6, 7].  

Delay in recovery at temperatures relevant to steel coiling has not been experimentally proven in 

literature related to processing of vanadium-containing HSLA steels. This delay could thus serve to 

maintain higher strengths in industrially processed steels when considering that the strength contribution 

of these two microstructural constituents can be given by a root sum squared approximation [8, 9]. A 

difference between the recovery curve predicted by the model and the experimental data was still present 

after 50 h, which was expected based on continuing increase of volume fraction of precipitates between 

5 and 50 h. However, the difference between the model and experimental data did decrease at 50 h when 

compared to the difference at 5 h possibly indicating the activation of other thermally activated recovery 

mechanisms. As the dislocations become pinned by the evolving precipitate distribution, climb of 

dislocation segments at the pinning points (i.e. precipitates) and/or bowing between the precipitates to 

allow bypass via the formation of loops are both likely to occur, especially considering the significant 

amount of time the VN15 steel was held at temperature. To summarize, the comparison between the 

recovery model and dislocation density analysis provided strong evidence that dislocation recovery was 

delayed by vanadium precipitation for a period of time at 550 °C but likely cannot prevent substantial 

recovery at very long hold times due to the activation of other recovery mechanisms. With respect to the 

research questions initially proposed, a description of the evolution and interaction between dislocations 

and precipitates in bainitic ferrite has been evaluated. 

6.2 Precipitate Transformation Kinetics 
To evaluate the precipitation kinetics in the time-temperature study of the VN15 steel, Avrami-

type transformation kinetics were considered. To utilize an Avrami analysis, however, the fraction 

transformed versus time must be considered (i.e. the amount of the precipitate reaction completed). A 

general growth/sigmoidal equation which gave a good fit to the data was utilized in order to determine a 

maximum volume fraction with the available TEM measurements. For this purpose, a generalized 

sigmoidal Richards function was utilized with the following form: 

 1 1 , 1 (6.6) 

where a is the top asymptote, xc is the center the of the sigmoidal function, d is a fitting parameter, and k 

is a fitting coefficient. The fit to the data with this equation is shown in Figure 6.4 with the top asymptote 

fit to a value of 2.28 x 10-3 shown by the dotted line in the figure. The 50 h TEM analysis from the time-

temperature study indicated a precipitate volume fraction of 2.1 ± 0.58 x 10-3 (noting the span is the 
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95 pct confidence interval). An asymptotic value from the curve fitting analysis was determined 

(i.e. value indicating a 100 pct complete reaction) which indicated the volume fraction measured at 50 h 

correlated to an approximately 93% complete reaction. 

(a) (b) 

Figure 6.3 Results of a dislocation recovery model based on dislocation network growth controlled by 
migration of jogged screw dislocations showing (a) dislocation density versus time on a liner scale 
highlighting the logarithmic decay and (b) the comparison of the model to the dislocation density 
measurements obtained via STEM analysis on a log scale. 

With the maximum volume fraction established by the asymptote from the general sigmoidal fit, 

the volume fraction data was converted to a precipitate fraction formed with respect to time to fit the data 

with an Avrami-type analysis. Two different kinetic equations were considered. The first is the 

generalized form of the Avrami equation, also known as the Johnson-Mehl-Avrami-Kolmogorov 

(i.e. JMAK) equation. Although Avrami only considered spherical transformed regions with three 

dimensional growth in his original analysis, the JMAK theory was later generalized to include a large 

number of reaction types and growth characteristics [10]. The generalized JMAK equation takes the form 

 1 exp  (6.7) 

 1 ln 0.95 . (6.8) 

where n is a constant often referred to as the Avrami exponent related to the physical nature of the 

transformation process and k(T) is a temperature dependent factor. The second form of the equation, 

Equation 6.8, is simply a slightly more specific form using the time to reach a 0.05 precipitated fraction, 

t0.05, instead of the temperature dependent factor. The second kinetic transformation equation considered 

is one proposed by Austin and Rickett, also known as the Austin-Rickett (i.e. AR) equation [11]. The AR 

equation, which considered a stronger effect due to impingement of extended volume (i.e. overlap of 
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diffusion fields and solute depleted zones in the areas around precipitates), can show better fits to 

experimental data for precipitation [12]. The AR equation takes the form 

 1 1 1 (6.9) 

where n and k(T) have the same meaning as before. The fits produced by these two equations are shown 

in Figure 6.5 (see pg. 175). The coefficient of determination (i.e. R2) for the JMAK and AR analysis is 

0.968 and 0.949, respectively, using an n value of 1 in the JMAK fit and a value of 1.5 in the AR fit. Only 

whole and half integer values have physical meaning in transformation kinetics as summarized by 

Christian [10]. The summary of the values of n which may be obtained under various experimental 

conditions and transformation characteristics given by Christian indicate that the value in the analyzed 

data should likely have a value of 1 or 1.5. The assumption in this body of work is that the platelike 

precipitates are mostly nucleating in tightly spaced arrays on dislocation lines and are only lengthening 

with time on the mostly incoherent interface (i.e. perpendicular to small dimension) with minimal 

thickening. No references or comparisons to this type of precipitate growth could be found in the in-depth 

analysis given by Christian, but analyses from experimental data presented generally indicate an Avrami 

exponent of 1 for growth of small precipitates in one or two dimensions. The JMAK analysis gives a 

better overall fit to the data and the n value indicates more consistency with the observed precipitation 

characteristics so there is a strong argument in favor of the JMAK analysis. Using the fit obtained from 

the JMAK analysis, a 95 pct precipitated fraction should be obtained at 55.4 ± 19.0 h. 

 

Figure 6.4 Measured volume fractions versus time from the time-temperature study showing the 
generalized sigmoidal curve fit from the plotting software. The dotted line indicates the asymptotic value 
generated by the general sigmoidal curve fit.
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Connecting the characteristics observed in the TEM analysis to the overall transformation kinetics 

analysis, several limitations of the analysis should also be noted. First, the number density of the 

precipitates is increasing with time in the time-temperature study (Figure 5.16 on pg. 122) indicating that 

new precipitates are still forming during a large fraction of the time scale analyzed. Continuous nucleation 

could have an influence on the n value and would likely have an effect of increasing the value in the early 

stages of precipitation (high nucleation rate) and then decrease with time. This cannot be easily accounted 

for in the analysis. Second, the TEM analysis shows that the particles grow on dislocation lines in the 

grain interiors under most conditions and the spacing between individual precipitates is very small 

(Figure 5.10 on pg. 116). These heterogeneous precipitation characteristics invalidate most of the 

assumptions in the kinetic treatments for diffusion-controlled growth, including the analyses considered 

here. Suggestions in the literature regarding heterogeneous nucleation of precipitates on dislocation lines 

have at least proposed that the value for the Avrami exponent in the range found here may be related to 

the close spacing of the particles. Dormeus and Koch suggested in their analysis of precipitation involving 

carbon in alpha iron that the Avrami exponent should be 1 for line sinks with a link sink corresponding to 

isolated dislocations with closely spaced precipitates [13, 14]. This statement agrees well with the TEM 

observations and the result of the JMAK analysis presented here. However, additional quantitative 

volume fraction measurements at times other than those obtained here are likely needed to obtain better 

fits in the Avrami analysis and make any definitive conclusions.  

 

Figure 6.5 Analysis of precipitate reaction kinetics using available TEM measurements showing both 
an Avrami and Austin-Rickett analysis.
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6.3 Solubility Model of Mixed Precipitates 
The 3DAP analysis of the VN15 steel indicated the presence of chromium in regions likely 

corresponding to mixed (V,Cr)N precipitates. Only two examples were found in the literature reviewed 

for this body of work which indicate the presence of both V and Cr in or near nanoscale precipitates. The 

first example was a nitriding study in which the solute concentrations of V and Cr were significantly 

higher and some 3DAP analysis indicated correlation of high concentration V and Cr regions [15]. In 

another work, a V-microalloyed forging steel was investigated with a much more industrially relevant 

composition [16]. Considering results obtained from electron energy loss spectroscopy, extraction 

replicas, and 3DAP analysis, the researchers partially concluded that a core of stoichiometric VN formed 

before an atmosphere of Cr partitioned to the particles. These researchers were quick to point out however 

that the results and analysis techniques utilized had limitations and that the results needed to be explored 

in future studies. In consideration of these findings and the precipitate compositions measured by the 

3DAP analysis here, a solubility model for a mixed vanadium chromium nitride was considered using 

available solubility product data. 

This analysis employs equations provided by Gladman to analyze extended mutual solubility in 

niobium carbonitrides [17]. The activities of VN and CrN can be expressed by the respective fractions of 

vanadium and chromium in a mixed precipitate (i.e. x and (1 - x)) if the solid solution of the components 

is considered to be ideal. The individual solubility products for VN and CrN can be written as the 

following: 

  (6.10)

  (6.11)

where k is the equilibrium constant for the nitride and a is the activity for each component. Under the 

assumption that the activity coefficients of vanadium, chromium, and nitrogen dissolved in ferrite are 

unity and that the sum of the activity coefficients of the metallic element and nitrogen are equal to one in 

an unmixed nitride, Equations 6.10 and 6.11 can be written as 

  (6.12)

 1  (6.13)

where [M] and [N] are the concentrations of the metallic species and nitrogen in weight percent dissolved 

in the matrix and x and 1 – x are the fractions of V and Cr in the mixed precipitate (i.e. VxCr1-xN). The 

concentrations can be expressed in terms of weight percentages for microalloyed steels since the activities 
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are directly related to the weight percentages at low concentrations. Raising Equations 6.12 and 6.13 to 

the power of x and 1 – x, respectively, gives 

  (6.14)

 1  (6.15)

Multiplying Equations 6.14 and 6.15 together results in the following: 

 1 1  (6.16)

Defining k as the solubility product of the mixed precipitate, then 

 1  (6.17)

In logarithmic form, Equation 6.17 is written as 

 
log log  log 1 log log 1 log 1  

(6.18)

The equations for mass balance and stoichiometric ratios are the following: 

 ,  (6.19)

 ,  (6.20)

 ,  (6.21)

 ,  (6.22)

 1 ,  (6.23)

 
..  and , .. ,  (6.24)

 
..  and , .. 1 ,  (6.25)

where XT is the total wt pct of species X in the steel, [X] is the wt pct of species X in solution, and X(V,Cr)N 

is the wt pct of species X in the precipitate. 50.94, 52.00, and 14.01 are the relative atomic masses of V, 

Cr, and N, respectively. Substituting these equations into Equation 6.12 gives 

 

, .. ,   

..   
(6.26)

Similarly, substituting the appropriate mass balance and stoichiometric ratio equations in Equation 6.13 

gives 
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 1 .. 1   (6.27)

The system of Equations 6.26 and 6.27 was solved numerically using a computer-based mathematical 

software (Mathematica) for the two remaining unknown variables, x and [N].  

To solve the system of equations above, the solubility products of VN and CrN in ferrite must be 

known. The solubility product is defined as ks = [M][N] with the temperature dependence written in the 

form log ks = A/T + B where A and B are constants and T is in degrees K. Only a few solubility product 

relations for VN in ferrite are defined in the literature. One of the relationships is from Turkdogan [18] 

with ks defined as 

 log 9720 3.90 (6.28)

Another one is from Raghavan [19] with 

 log 7061 2.26 (6.29)

Fountain and Chipman [20] listed the VN solubility product as 

 log 7830 2.45 (6.30)

Finally, Lagneborg et al. calculated a VN solubility product taking into account ternary interaction 

parameters [21]. These authors list the solubility product as 

 log 12500 6.63 0.056 ln 4.7 10  (6.31)

Published solubility product equations for CrN are absent from the literature. However, data for 

gaseous equilibrium between nitrogen gas and ferrite as well as pure for pure metals (i.e. chromium) is 

given in nitriding literature. The standard free energy changes for the nitride reaction in both ferrite and 

chromium, Δ ‐  and Δ , respectively, allow a solubility product equation to be calculated. Using 

the available literature data for the temperature dependence for Δ  [22, 23], the following solubility 

product equation for CrN in ferrite is calculated: 

 log 6626 3.83 (6.32)

However, due to the error in the Δ  values for the formation of CrN, a high and low solubility limit 

equation can also be calculated. The limit for low solubility of CrN based on the same data is 

 log 8047 3.83 (6.33)
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In a similar fashion, data for the standard free energy of CrN formation from Smithells Metal Reference 

Book can be used to calculate a CrN solubility product [24]. Since data for Δ  is only listed for three 

specific temperatures (with a temperature range containing 550 °C), a linear regression for the variation in Δ  was first calculated using the available data. This regression was then used in the determination of 

the solubility product as was done before for Equations 6.32 and 6.33. This results in a solubility product 

equation of 

 log 4191 0.325 (6.34)

All of the solubility product equations for both VN and CrN are plotted in Figure 6.6 (see 

pg. 180) in the temperature range of 500 to 800 °C. Two points should be made regarding the trends in 

this plot. The first is that the solubility products for VN, which are shown by the black lines, are 

considerably less than those for CrN, shown by the gray lines. At the precipitation temperature studied in 

this work (i.e. 550 °C), the difference can be up to five orders of magnitude. The second point is that 

within the solubility products for each nitride, the differences from the available literature equations can 

be up to two to three orders of magnitude at 550 °C. The figure also shows two solubility products from 

Pearson and Ende for CrN based on Equations 6.32 and 6.33 [22]. Again, this is due to the error in the 

reported mean value for the free energy of formation for CrN. The line labeled as “Pearson and Ende” 

uses the mean value whereas the line with the annotation “(min Cr sol.)” from this reference is calculated 

using the maximum error in the free energy value which gives the minimum CrN solubility product in 

ferrite. The differences for reported solubilities within a single nitride system are not as surprising 

considering large experimental uncertainties in accurate determination of interaction parameters and free 

energies of formation. Even under the consideration of these two points, the figure highlights that the Cr 

has considerably more solubility in ferrite than V with respect to the formation of a nitride. However, 

there is approximately five times as much Cr as V available in the V-containing steels investigated in this 

study. 

Using Equations 6.26 and 6.27 and combinations of the solubility product equations from 

different sources for VN and CrN in Equations 6.28 – 6.34, the amounts of V and Cr in a mixed VxCr1-xN 

can be calculated as well as the composition of the nitride from the variable x. Due to the large range of 

solubility products for both VN and CrN, the calculated amount of both V and Cr predicted to be present 

in the mixed VxCr1-xN are expected to vary significantly. The composition predictions from most of the 

combinations of VN and CrN solubility products are shown in Figure 6.7 (see pg. 181) for the VN15 

steel. This steel was chosen for the analysis due to 3DAP results indicating regions rich in both V and Cr 

along with elevated N. The author assumed that the regions in the 3DAP analysis are the same as the 

precipitates highlighted by dark-field TEM images. The figure plots the predicted nitride composition, x 
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in VxCr1-xN, versus the wt pct of V in the nitride. The legend in this figure describes which references 

were used for each point: the first author(s) listed referring to the utilized VN solubilities and the second 

author or set of authors referring to the utilized CrN solubilities. The range of V predicted to be 

incorporated in the mixed nitride is from approximately 0.032 wt pct, which corresponds to only half of 

the available vanadium in the VN15 steel, to approximately 0.055 wt pct. Correspondingly, the fraction x 

in VxCr1-xN ranges from just below 0.6 to a nitride composition containing almost entirely V and no Cr 

(i.e. x near unity). Again, the large range in the reported solubility products lead to the large range of 

predicted amounts of V and Cr in solution and large variation of the composition of the nitride. 

 

Figure 6.6 Solubility products for VN (black lines) and CrN (gray lines) from Equations 6.28 – 6.34 
in the temperature range of 500 – 800 °C. The CrN solubility products are the upper three lines. 

Overall, the grouping of the data suggests that many of the combinations of solubility products 

predict a vanadium-rich precipitate utilizing most of the V available in solution. This result, however, is 

not consistent with the 3DAP compositional analysis of the nitrides, since the composition profiles 

(Figure 5.28 on pg. 135) show as much Cr partitioning to the nitride regions as V. Numerous possibilities 

in both these solubility predictions and in the 3DAP composition analysis could give rise to this 

difference. In the 3DAP analysis, however, considerable exploration of the data was utilized to conclude 

that the detection of Cr in the precipitate regions was correct and not due to incorrect assumptions in 

ranges utilized in the mass spectrum analysis. 

A further consideration of a mixed VxCr1-xN precipitate would include consideration of the effect 

of the ferrite matrix composition on the activity coefficients of V and/or Cr with a regular solution model. 

In this case, the activity of component i is given by 
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 Γ  (6.35)

where Γi is the activity coefficient and Xi is the mole fraction of component i. Thus, as an example, the 

solubility product for CrN in Equation 6.11 would be written as 

 Γ Γ exp  (6.36)

Furthermore, a regular solution model of Fe-Cr and Fe-V is needed to calculate the activity coefficient of 

component i in solution with ferrite. This is written in the form 

 log Γ 1
 (6.37)

where LFe-i is the regular solution interaction parameter between iron and component i. Thus, 

Equation 6.12 becomes 

 log log log 1  (6.38)

in logarithmic form when considering only a quasi-regular solution model. Equation 6.13 would become 

 log log log 1  (6.39)

In both Equations 6.38 and 6.39, it is assumed that the activity of nitrogen in solution with ferrite could be 

calculated through an independent equation. These equations were not applied to the analysis here but are 

presented to illustrate that the mixed solubility for VxCr1-xN could possibly be improved upon if a quasi-

regular solution model were adopted. 

 

Figure 6.7 Predicted amount of V consumed by precipitation of a mixed vanadium-chromium nitride 
and the fraction of V in VxCr1-xN at 550 °C in the VN15 steel from solutions of a mixed solubility model 
using Equations 6.26 and 6.27. The legend in this figure describes which literature reference combination 
was used for each point: the first author(s) listed referring to the utilized VN solubility and the second 
author or set of authors referring to the utilized CrN solubility.
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Finally, a comment regarding the solubility model in comparison to the Thermo-Calc® 

simulations should be made. The thermodynamic simulations should have been able to properly account 

for the variation in activities and interactions between alloying elements outlined here since the databases 

incorporate all the necessary information. The results, however, did not indicate any presence of Cr in the 

FCC nitride phase and predicted a vanadium-rich phase. At 550 °C, the simulations predicted the majority 

of Cr in the BCC matrix phase with a small fraction in cementite. The discrepancies between the 

thermodynamic simulations, the mixed solubility model, and the compositional results obtained through 

compositional analysis of the 3DAP data highlights the limitations of compositional predictions for the 

specific conditions and steel compositions investigated in this work. If the ternary phase diagram of a 

V-Cr-N system serves as a guide in Figure 6.8 (see next page), perhaps the full range of composition 

variations should be expected for VxCr1-xN depending on the aging conditions and local matrix 

composition. The isothermal section at 800 °C was the lowest temperature ternary diagram which could 

be found in the literature. However, the phases present are likely to relate to lower temperatures. A single 

phase field at approximately 50 at pct N for all composition variations of VxCr1-xN exists. While this 

system may not have much relation to a Fe-V-Cr-N system, the possibility of a stable (V,Cr)N phase is at 

least noted. 

6.4 Decrease in Precipitation in Ferrite from Reduction of Solute 
With the quantitative aspects of the TEM analysis, further exploration of the large volume 

fraction differences measured between VN15 steel and both the VN6 and NbTiVN15 steels was necessary 

to determine the cause of the differences. First, an analysis of the cause of the decrease in volume fraction 

of V-containing precipitates which nucleated in the bainitic ferrite in the NbTiVN15 steel (when 

compared to the VN15 steel) was conducted. The decrease can be from two sources: the reduced total 

nitrogen content in the NbTiVN15 steel (i.e. 20 ppm less than the VN15 steel) and the possibility of 

reducing nitrogen through the precipitation of phases at higher temperatures such as TiN and/or 

(Nb,Ti)(C,N). The latter precipitate phase was already shown to be present in the NbTiVN15 steel after 

processing, and the STEM EDS analysis shown in Figure 5.53 also indicated that nitrogen was present in 

the particles. To determine the extent to which these two sources can reduce the volume fraction of a 

V-containing precipitate, a calculation of volume fraction based on the amount of free nitrogen in ferrite 

was completed. The volume fraction of a precipitate can be determined through a mass fraction under the 

assumption that all the available microalloying solute of interest is incorporated into the precipitate phase. 

While consideration should be given to mixed (V,Cr)N, the incorporation of Cr into a FCC NaCl-type 

precipitate would have negligible impact on the analysis. Physical property data for CrN is very similar to 

that of VN: the lattice parameters are nearly identical, 0.4140 nm and 0.4146 nm for VN and CrN, 



183 

respectively, and the density of CrN is only 3.7 pct less than VN (Table 2.1 on pg. 29) Thus, 

consideration of only a stoichiometric VN precipitate was sufficient.  

 

Figure 6.8 Isothermal section of the V-Cr-N ternary phase diagram at 800 °C showing a single phase 
field at approximately 50 at pct N for all composition variations of VxCr1-xN [25]. 

To evaluate the reduction in volume fraction of a precipitate phase, the volume fraction must be 

able to be calculated. The volume fraction of the precipitate can be written as 

  (6.40)

where VX is the volume fraction of the respective component and fVN is the volume fraction of VN. 

Considering that the volume fraction of the precipitate phase is much less than that of the steel, 

Equation 6.40 can be written as the following: 

  (6.41)

Using the equation for density, the volume of a phase can be written as 

  (6.42)
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where VX, mX, and ρX are the volume, mass, and density of phase X. Rewriting Equation 6.41 with masses 

and densities yields the following: 

  (6.43)

Equation 6.43 can also be written as 

  (6.44)

where fm is the mass fraction of VN.  

As stated before, one source of reduction of free nitrogen would be the precipitation of a 

precipitate phase at high temperature. The EDS analysis in Section 5.5.4 indicated that a component of 

the particles analyzed was TiN. Under the assumption that all the available titanium had formed nitrides, 

then a calculation to compute a reduction of nitrogen and thus a reduction in vanadium precipitates is 

straightforward. This assumption is likely true due to the nitrides of titanium being the most stable of the 

common microalloying elements [17]. With titanium nitride being stoichiometric, the ratio of titanium to 

nitrogen in the precipitate is the following by weight: 

 
47.8714.01 3.42 (6.45)

where [Ti]ppt and [N]ppt are the weight percent of the element in the precipitate. Using the wt pct of Ti in 

the NbTiVN15 steel (i.e. 0.011 wt pct), the reduction of nitrogen content is 0.0032 wt pct or 32 ppm. 

Using this value to decrease the amount of soluble nitrogen in the NbTiVN15 steel after TiN precipitation 

results in a value of 98 ppm. Therefore, the difference in free nitrogen for V precipitation between the 

VN15 steel and the NbTiVN15 steel is 52 ppm assuming no reduction in nitrogen in the VN15 steel from 

residual concentrations of other elements. This difference in free nitrogen can then be used to calculate a 

difference in volume fraction of the VN phase. Assuming that the amount of V in solution is not limiting 

(i.e. superstoichiometric with respect to nitrogen), then the mass fraction of VN can be written as 

 
%100 50.94 14.0114.01  (6.46)

where wt% N is the nitrogen content in the steel and 50.94 and 14.01 g/mol are the atomic masses of V 

and N, respectively. Given that the density of Fe and VN are 7.86 and 6.13 g/cm3, respectively, 

Equation 6.44 can be written as 

 
%100 ∙ 5.94 (6.47)
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Therefore, using a 52 ppm difference of free N, the maximum volume fraction reduction of VN from only 

TiN precipitation and the initial 20 ppm difference of N between the VN15 and NbTiVN15 steel is 

3.1 x 10-4. 

A two sample t-test was utilized to compare the measured differences in volume fraction from 

quantitative TEM analysis and the hypothesized difference between the VN15 and the NbTiVN15 steel. 

The measured difference in volume fraction from the dark-field TEM analysis of the particles was 

6.6 x 10-4 ± 3.3 x 10-4. The hypothesized difference utilized was the result of the analysis above which 

calculated the volume fraction difference only due to differences in total initial nitrogen content and that 

produced by TiN formation. Thus, a null hypothesis is that the difference in measured volume fractions 

only arose due to the initial difference of 20 ppm N between the two steels and the formation of TiN. The 

alternate hypothesis is that the difference must have been due to the consumption of nitrogen from an 

additional mechanism. In this case, the STEM EDS analysis has already shown that both vanadium and 

nitrogen were present throughout the particles formed during austenite conditioning and not only with the 

areas of increased Ti. The result of the t-test indicated a p-value of 0.04, which is below a 0.05 

significance level and thus allows the rejection of the null hypothesis. Therefore, the difference in the 

measured volume fraction between the VN15 and the NbTiVN15 steels was statistically shown to be 

caused by another factor besides the initial N concentration difference and TiN. In the case of the 

NbTiVN15 steel, the factor was vanadium and nitrogen being removed from solution by precipitation of a 

mixed Nb-containing precipitate. 

The result of this analysis and hypothesis test correlates well with the STEM EDS results. 

Furthermore, significance on the importance of both free N and availability of vanadium for precipitation 

in ferrite is highlighted. If N is consumed by any precipitation phenomena at higher temperatures (e.g. 

TiN formation at high temperatures and/or Nb(C,N) formation during austenite conditioning), the impact 

on the formation of V-containing precipitates which contribute to strengthening is negative. Furthermore, 

any processes or precipitates which decrease the availability of vanadium for precipitation in ferrite may 

be negative depending on total amount of vanadium addition to the steel. 

The conclusion of this analysis could serve as a guide for industrial production of multiple 

microalloyed steels so that all microalloy additions are fully utilized. Furthermore, V-additions likely 

should not be included in excess of the full precipitation potential based on available nitrogen in ferrite 

unless the vanadium could be stimulated to form a mixed V(C,N). A precursor to the scenario of 

vanadium carbonitride formation may be a necessary source of carbon which is distributed throughout 

ferrite, such as iron carbides. Both modeling [26] and direct observation [27] of cementite dissolution has 

been noted, with the former study successfully correlating cementite dissolution with precipitation of 

vanadium carbides in a ternary steel. 
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The second mechanism considered for reduction of precipitation in ferrite utilized comparison of 

the VN6 and VN15 steels. The same type of analysis as above was utilized. The difference in free 

nitrogen in these two steels, however, was simply the difference in the total nitrogen content: 75 ppm. 

With Equation 6.47, the difference in volume fraction from this level of N difference is 4.4 x 10-4. The 

measured difference in volume fraction from the quantitative TEM precipitate analysis was 3.9 x 10-4 ± 

3.8 x 10-4. A two sample t-test comparing the measured and hypothesized differences (i.e. calculated 

volume fraction difference from difference in free N) indicates a p-value of 0.751, which is significantly 

larger than the standard 0.05 significance level. Thus, the analysis indicates that the hypothesized 

difference in measured volume fractions arising from the difference in available nitrogen is an appropriate 

conclusion. The importance of available nitrogen in solution for formation of V-containing precipitates in 

ferrite is highlighted specifically by the analysis. To reemphasize in this comparison of two steels 

containing only vanadium additions, the amount of vanadium solute was not different, only the amount of 

total nitrogen. 

6.5 Correlative Transmission Electron Microscopy and 3D Atom Probe Tomography 
The final aspect of the work which needs further discussion is in the 3DAP analysis. The 3DAP 

analysis on the VN15 steel aged for 5 h at 550 °C was not conclusive with respect to the morphology of 

the analyzed regions that were enriched in V and Cr. Furthermore, the correspondence of the V- and Cr-

rich regions analyzed to microstructural constituents (i.e. analysis of a secondary phase versus clusters of 

solute atoms) was not clear. However, the dark-field analysis of the precipitates in the 5 h condition more 

clearly indicated the existence of a distinct phase. Furthermore, some attributes of the V-rich regions in 

the atom probe analysis were shown to correspond with the distributions of precipitates found in the TEM 

analysis (e.g. arrays of particles) and also, in one case, diffraction contrast from a dislocation in a 3DAP 

tip likely corresponded to an array of V-rich regions found in the 3D reconstruction (Figure 5.23 on 

pg. 130). 

Since the question remained after the 3DAP analysis of whether clustering or precipitation was 

observed, a cross-correlative dark-field TEM and 3DAP analysis was completed. These results will be 

discussed below. Some studies using correlative techniques do exist in the literature and highlight the 

added utility of refining observations in 3DAP analysis with prior TEM characterization. Two literature 

references were found which utilized correlative TEM-3DAP in the analysis of steel samples. In both of 

studies, however, only significant solute segregation of carbon or manganese was correlated to larger 

scale feature which could easily be imaged with bright-field imaging, such as grain boundaries and 

dislocations [28, 29]. A few other studies have utilized dark-field TEM image correlation with 3DAP 

analysis, although the diffraction contrast from the TEM images could generally not be distinctly 

correlated to features in the 3DAP reconstructions [30, 31]. None of the studies, however, have attempted 
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to correlate dark-field precipitate images in the size range of those found in this body of work to an 

analysis of a 3DAP tip.  

For the experiment, the VN15 steel from the time-temperature study aged for 50 h at 550 °C was 

analyzed to ensure the maximum probability of a successful analysis, with this condition having the 

largest precipitates and highest volume fraction. The reader should remember that the precipitates were 

approximately 3.5 nm in diameter and 1.4 nm in thickness for this condition. A pre-analysis bright-field 

TEM image of the 3DAP tip analyzed is shown in Figure 6.9 with approximately 200 nm of the tip length 

shown. The TEM image did not show any clear presence of any interfaces in the electron transparent 

region nor was there any clear indication of dislocations. This image was used to apply the spatial 

correction in the Cameca IVAS® software for the reconstruction. Also, a significant buildup of carbon 

can be seen at the periphery of the tip from the significant time the sample was positioned under the 

electron beam for the precipitate analysis. 

The 3D reconstructions for the VN15 steel are shown in Figure 6.10 (see next page) with the 

point densities of Fe, V, and Cr atoms shown. As expected, limited partitioning was observed for Fe 

shown by part (a) of the figure. The Fe atoms clearly define the boundaries of the analyzed volume as 

well. The reconstruction of the V atoms in Figure 6.10(b) clearly shows high concentration near the 

bottom of the tip. A slightly curved column of increased concentration of V atoms was present as well as 

three to four other distinct regions of higher V concentration. Finally, the Cr atoms are shown in 

Figure 6.10 (c) and no clear indication of clustering was found by inspection of the 3D point distribution. 

 

Figure 6.9 Bright-field TEM image of the VN15 steel aged for 50 h at 550 °C which was analyzed for 
precipitates via dark-field and 3D atom probe analysis. Approximately 200 nm of the tip length is shown.
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In parts (b) and (c) of the figure, the size of the individual points was increased, and the total number of 

ions shown was limited to 3000 to assist in the visualization of any changes in concentration. 

 
(a) 

 
(b)

 
(c) 

Figure 6.10 3D reconstructions for ions in the VN15 steel after aging 50 h at 550 °C showing the 
positions of (a) iron, (b) vanadium, and (c) chromium.  Note that the spheres representing the positions in 
(b) and (c) were enlarged and only show a fraction of the total ions analyzed for each species to better 
highlight high concentration regions (Color image – see electronic copy). 

Similar to the TEM analyses for quantitative measurements of precipitate sizes and volume 

fractions, two variants of the precipitates were imaged via dark-field prior to the 3DAP analysis. One of 

the variants of the precipitates is shown in Figure 6.11(a) (see pg. 191). A number of the disc-shaped 

precipitates are shown clearly in the upper half of the tip by the dark-field TEM image. Some precipitates 

may have also been present near the bottom boundary of the tip, but the periphery of the actual tip volume 

would be excluded from detection due to the aperture of the local electrode on the 3DAP system. Any 

atoms in the peripheral volume do not get analyzed by the detector since they do not pass the aperture. 

The 3D distributions from the 3DAP analysis were rotated to correctly correlate the distributions with the 

TEM images. Since the V atom positions demonstrated the clearest indication of local high concentration 

regions, an initial attempt with the V atoms was conducted to position the 3D distribution on the TEM 

image as shown in Figure 6.11. This initial attempt yielded successful results with the curved feature of 

higher V concentration correlating to the two precipitates shown in by the dark-field image. The curved 

feature does appear to extend past the two precipitates towards the apex of the atom probe tip possibly 

indicating the presence of fine precipitates which were unable to be imaged due to the curvature of the 
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surface and/or the damage caused by the milling process. Surface damage on the entire boundary of the 

3DAP tip was apparent in the dark-field images, as shown by the bright regions spanning the boundary in 

Figure 6.11(a). 

Further cross-correlation analysis was accomplished by creating isoconcentration surfaces for 

relevant atomic species. With the V ions, a threshold of 2 at pct or greater was utilized to create the 

surfaces and are shown in Figure 6.12(a) (see pg. 192). The correlation with the TEM image was nearly 

exact for the two precipitates clearly shown by the dark-field image. Two smaller surfaces were also 

created in the curved column of V atoms closer towards the apex in the curved region of V ions. One of 

the small surfaces nearly coincided with a feature in the TEM image which could not be clearly identified 

as a precipitate and the other did not correlate with an imaged feature. Some small discrepancies in the 

rotations between the TEM and atom-probe dataset were likely. There were four other regions defined by 

the isoconcentration surfaces below the curved feature. These did not correlate with any diffraction 

features from the first precipitate variant imaged. Also shown in Figure 6.12(b) are 1 at pct Cr 

isoconcentration surfaces along with the 3D point distribution. The author should note that higher 

isoconcentration thresholds caused the disappearance of the regions defined in this image. The isosurfaces 

correlated well with the regions shown previously for V. The correlation between regions of increased V 

and Cr was expected based on earlier results obtained for the VN15 steel after only 5 h of aging. Averages 

of proximity composition histograms for the surfaces shown again indicated a significant increase of both 

V and Cr as the distance to the center of volumes decreased. Nearly as much Cr was present in these 

regions as V in terms of atomic percentages measured. This result confirmed the prior argument that 

precipitates which formed in the system investigated here contained both vanadium and chromium. 

Cross correlation between the TEM images for the second variant was also attempted. The dark-

field image for this variant is shown in Figure 6.13(a) (see pg. 193). Two precipitates were present near 

the surface approximately 120 – 140 nm from the apex of the tip, but these were too far oriented towards 

the periphery of the tip volume based on the correlation found between the TEM and 3DAP volumes 

shown for the first variant. Furthermore, there was a possibility of a precipitate existing in a location very 

near the apex, with a bright region shown approximately 30 nm from the radius of the tip, but the contrast 

was more likely to be due to the surface oxide/carbon or the damage created by the milling process. 

Figure 6.13(b) shows the dark-field image with the vanadium atoms and 2 at pct isoconcentration surfaces 

overlay. No correlation was found between any features in the dark-field image and changes in V and Cr 

concentration found from the 3DAP analysis. 

With no correlation between the dark-field TEM images for the second precipitate variant and the 

regions defined by the V isoconcentration surfaces, the four regions containing increased V below the 

curved array of precipitates were thus likely the precipitate variant which could not be imaged via TEM 
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(i.e. zone-axis which cannot be established through specimen tilt). These precipitates had their habit plane 

oriented perpendicular with respect to the image and minimal strain in the horizontal and vertical 

directions of the TEM image. The perspective was thus a view of the large surface of the platelike phase. 

The larger dimensions of the volumes defined by the isoconcentration surfaces tend to support this 

conclusion, since these regions have similar length in the x and y dimension when rotated to correctly 

correlate to the TEM analysis, as was done in (b). The isoconcentration surface regions which correlate to 

the array of precipitates for the first variant presented had a thin dimension in the x-y plane of the image 

(when rotated correctly). Overall, these morphologies and consideration of rotation for the 3D volume 

rendering from the 3DAP data were consistent with the TEM analysis, morphological assumptions, and 

respective orientation relations. 

As a final point of discussion, the terminology with regard to the description of the regions 

showing increased V and Cr concentrations should be clarified in the context of this work and possibly 

for other work in which nucleation of similar precipitate systems (i.e. Ti, Mo, Nb, etc.) is present. The 

cross correlation between the dark-field TEM and 3DAP analysis presented above was very convincing 

evidence that precipitates and not clusters are present. Furthermore, consistency in the imaging conditions 

was utilized in the dark-field analysis, including specimen tilt for centered dark-field image formation 

with only one strongly diffracting beam and placement of the objective aperture in a location which 

blocks both the {200} ferrite and oxide reflections. These practices were utilized for all conditions 

analyzed in the VN15 steel: 0.5, 5, and 50 h. Thus, the TEM analysis in the time-temperature study gave 

conclusive evidence that a distinct secondary phase was present even at short times.  

The classification of these regions as clusters, or even Guinier-Preston (G-P) zones, in this work 

and possibly in similar regions in other microalloying systems would be incorrect as many studies have 

done in the literature without evidence from robust conventional dark-field TEM analysis [32–35]. The 

original small angle x-ray scattering techniques utilized for analysis of G-P zones in Al-Cu alloys showed 

diffraction patterns with streaks from G-P zones which extended from an aluminum matrix reflection 

along the <100>Al directions towards higher indices only [36]. The structure of these zones modifies the 

scattering and spacing between very small groups of {100} Al planes, thus giving rise to streaks which 

originate from the reflections of the matrix. These attributes did not match the diffraction conditions 

utilized here in which diffraction conditions were chosen to specifically block diffraction contrast from 

regions near the matrix reflections and highlight the secondary phase clearly. As noted earlier, claims of 

G-P zones in the referenced works have not given the necessary evidence via TEM and conventional 

diffraction. Furthermore, much of the TEM analysis in this work has indicated the likelihood of 

heterogeneous nucleation mechanism based on the numerous examples of precipitate association with 

dislocation lines. 
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(a)

 
(b)

Figure 6.11 TEM images of a 3D atom probe tip from the VN15 steel after aging for 50 h at 550 °C 
showing (a) the dark-field image only highlighting one variant of the precipitates and (b) dark-field image 
with a V and VN ions overlay from the atom probe analysis (Color image – see electronic copy).
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(a)

 
(b)

Figure 6.12  TEM images of the same atom probe tip and precipitate variant as shown in Figure 6.11 
with overlays of (a) the V ions and 2 at pct isosurfaces and (b) the Cr ions and 1 at pct isosurfaces (Color 

image – see electronic copy). 
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(a)

 
(b)

Figure 6.13  TEM images of the same 3D atom probe tip presented in Figure 6.11 from the VN15 steel 
showing (a) a dark-field image which highlights the second variant of the precipitates and (b) the V ions 
and 2 at pct isosurfaces overlay (Color image – see electronic copy).
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A final comment in this discussion is regarding one result not completely consistent with the 

argument that a separate phase was present through the entire time evolution investigated. The 

inconsistent result was the nearest neighbor distribution (NND) analysis shown in Figure 6.14 with one 

plot indicating only a small deviation from the random distribution after aging for 5 h but a clear 

deviation from random (indicating grouping of V ions) after 50 h in the second plot. The cause of the 

difference is unclear as the TEM analysis from the 5 h aging condition indicated precipitates as distinctly 

as in the 50-hour condition. However, the differences in the NND analysis may have arose due to 

variables very difficult to account for, such as differences in the total number of ions collected in each 

3DAP analysis or differences in matrix orientation affecting the field evaporation of ions at the apex of 

the atom probe tip. 

 
(a) 

 
(b) 

Figure 6.14 1st order nearest neighbor distribution for vanadium ions from the VN15 steel after aging at 
550 °C for (a) 5 h and (b) 50 h. Note that the total number of V ions analyzed was different for each 
analysis and that the arrows point to possible or definitive deviation from the randomized dataset. 
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7 
CHAPTER SEVEN 

  
CONCLUSIONS 

The effects of microalloying, with an emphasis on vanadium additions, have been examined in 

several low-carbon HSLA steels. The experimental steels had similar nominal compositions except for 

vanadium, niobium, and/or titanium additions and various levels of nitrogen. The microstructures after 

processing were examined through a variety of characterization techniques, including light, scanning 

electron, and transmission electron microscopy (TEM). Dark-field TEM techniques were utilized to 

characterize the morphology and size of the precipitates as well as quantify volume fractions and number 

densities. Furthermore, 3D atom probe (3DAP) tomography was utilized to determine precipitate 

compositions and to correlate high ion concentration regions to TEM analysis. The major findings and 

conclusions for the thesis are presented in the context of the research questions and objectives presented 

in Chapter One and summarized as follows: 

1. Hardness evolution data obtained for the vanadium microalloyed steels in this work were 

compared to historical aging studies in bainitic steels and also compared to precipitation 

kinetics predicted from classical nucleation theory. In comparison to the historical studies 

which contained hardness evolution data for microalloyed steels, similar findings were 

observed in the data obtained in this work with respect to secondary hardening of the 

microstructure. Furthermore, the characteristics of the precipitates, including morphology and 

orientation relationships, were consistent with previous literature. Regarding predictions 

using classical nucleation theory with precipitation simulations in Thermo-Calc®, nucleation 

and growth kinetics were not modeled well, possibly due to the many assumptions in 

precipitate compositions, interfacial energy, and growth characteristics. However, an Avrami 

analysis was modeled to the data. An Avrami exponent was determined from the analysis, 

which indicated increases in diameter of the disk-shaped precipitates during growth via 

migration of the incoherent interface. The Avrami analysis correlated with morphological 

observations through TEM analysis.  

2. Different processing routes, as in the time-temperature study versus simulated 

thermomechanical processing (TMCP), had no discernable effect on the precipitation during 

aging at 550 °C. While the evolution of the microstructures was different between the time-

temperature study and simulated TMCP, the main observed differences were in the 

distribution of carbon-enriched microconstituents. These microconstituents did not play a role 

in the temperatures/times investigated and no carbon was detected in the nitrides analyzed via 
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3DAP. Furthermore, no change in dislocation density between the two processing routes was 

measured which may partially explain the negligible differences in the volume fractions and 

number densities obtained in the VN15 steel. 

3. Regarding the effect of nitrogen on precipitation in ferrite, the results clearly have led to the 

conclusion that the availability of solute nitrogen in ferrite has a very significant effect in the 

V-containing steels investigated. Furthermore, decreases in volume fractions of V-containing 

precipitates were correlated directly to decreases in nitrogen solute in multiple scenarios. 

Although carbon was initially thought to possibly play a role in precipitation, as was 

predicted by the thermodynamic simulations, the 3DAP analysis did not indicate any carbon 

solute in regions correlated with precipitates. Two specific experimental results were 

obtained to highlight the importance of available nitrogen. The first was the decrease in 

volume fraction of precipitates directly correlated to the decrease in amount of total nitrogen 

in the steels containing only vanadium additions (i.e. VN6 and VN15 steels). The second was 

in the comparison of the multiple microalloyed steel (i.e. NbTiVN15).  In this second case, a 

Nb-rich phase which had nucleated at high temperatures was found to decrease the amount of 

nitrogen and thus decrease the subsequent fine-scale precipitation in ferrite.  

4. Compositional analysis of precipitates in the NbTiVN15 steel also indicated that the 

precipitates formed at high temperatures contained vanadium, which subsequently reduced 

the precipitation potential of vanadium-containing precipitates in ferrite. The reduction in 

precipitate volume fractions in ferrite from a reduction in both vanadium and nitrogen in 

solution would likely decrease the precipitate strengthening potential of vanadium in steels 

utilizing multiple microalloying additions. Thus, utilization of microalloying elements for 

austenite grain refinement during high-temperature processing (i.e. Nb and Ti) can influence 

subsequent formation of nitrides in ferrite. The losses in both solute vanadium and nitrogen in 

ferrite from high-temperature precipitation in multiple microalloyed HSLA steels are likely 

unavoidable.    

5. The interaction of precipitates in bainitic ferrite and the dislocation network were analyzed 

via TEM. The precipitates could be correlated to locations of defects in many cases. The 

dark-field TEM images indicated arrays of precipitates along dislocation lines. This was 

further confirmed through both STEM defect imaging and the characterization of surfaces 

defined by vanadium isoconcentrations in 3DAP reconstructions. Strong evidence of 

nucleation on defects was obtained from the microstructural characterization and supportive 

of this conclusion, but a possibility of precipitate nucleation and subsequent (i.e. later) 

pinning of dislocation lines cannot be ruled out.  
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6. Utilizing of a dislocation recovery model, a time range in which precipitates were evolving 

most quickly at 550 °C (i.e. around 5 h) was correlated to times when recovery was being 

prevented. These results confirmed that the developing precipitate distribution could delay 

recovery under certain coiling conditions. However, the recovery rate at 550 °C is likely to 

increase once the dislocations can break away from the evolving precipitate distribution, as 

was evidenced by the decreased deviation of the measured dislocation density from the 

recovery model after aging for 50 h versus 5 h. Thus, the efficacy of vanadium in forming 

nitrides, which can prevent recovery in an industrial strip coiling process, is at temperatures 

around 550 °C and during the first few hours of cooling. As temperatures fall below 

approximately 500 °C, any remaining vanadium not incorporated in the nitrides will remain 

in solution and not contribute to the delay of recovery as a precipitate. Furthermore, an 

industrial strip coiling process which avoids any significant period of time around 550 °C 

after the stop of accelerated cooling will not utilize vanadium as a ferrite precipitate 

strengthener in the final product (e.g. as evidenced by the absence of precipitates at 450 °C). 

In these cases where vanadium is left in solution due to coiling at temperatures lower than 

500 to 600 °C, the efficacy of vanadium as an alloying addition and strengthener will likely 

be through any refinement of bainite lath size and possible delay in recovery through solid 

solution effects. 

7. For all experimental conditions utilized in this work, TEM analysis indicated the presence of 

precipitates in dark-field images and thus a distinct secondary phase was concluded to be 

present. Precipitates were found via TEM analysis even at short aging times at 550 °C 

(i.e. 30 min) and correlated with the increases in hardness obtained. Bright-field/dark-field 

image pairs from TEM, correlative STEM defect analysis, and the precipitates observed in 

nearly linear arrays all point to a classical heterogeneous nucleation mechanism. The free 

energy reduction with respect to the nucleation process may have been further decreased by 

the destruction of the defects (in this case, dislocation lines). This nucleation pathway 

possibly reduced the activation energy barrier for the nitrides from the strain and surface area 

created during nucleation. 

8. Cross-correlation between dark-field TEM and 3DAP analysis provided convincing evidence 

that secondary-phase precipitates and not solute clusters were present. Since consistency in 

the imaging conditions was utilized in the dark-field analysis, the TEM analysis in the time-

temperature study gave conclusive evidence that a secondary phase was present in all 

analyses in the 3DAP experiments. A further conclusion was that the classification of these 

regions as clusters, or even Guinier-Preston (G-P) zones, in this work and possibly in similar 



201 

regions in other microalloying systems would be incorrect. Much of the literature reviewed 

did not provide adequate experimental evidence to make any definitive statements about the 

nature of the solute-rich regions analyzed via 3DAP or decomposition mechanisms for 

clusters or zones containing higher solute content. 

9. A final result obtained which has not been widely reported on in the prior literature was the 

detection of a significant presence of chromium found in the precipitate regions of the 

V-containing steels through the 3DAP analysis. The result most likely indicated that mixed 

(V,Cr)N precipitates had formed in the steels investigated and was further explored with a 

mixed solubility model. While the results of the solubility model did not completely correlate 

with the results obtained via 3DAP analysis, the expected range of vanadium and chromium 

in the (V,Cr)N precipitates varied significantly depending on the solubility data utilized. 

Formation of precipitates in the Base steel, which did not contain any microalloying additions 

and thus indicated a possible chromium nitride, further support the conclusion of mixed 

precipitates in the V-containing steels.  
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A 
APPENDIX A 

  
RANDOM WALK DISTANCES OF MOLYBDENUM AND CHROMIUM 

The following two tables are included for reference to the reader. Table A.1 gives the random 

walk distances for molybdenum in ferrite for various time/temperature conditions. Table A.2 shows the 

same information but for chromium. 

Table A.1 Molybdenum Random Walk Distances in Ferrite for Various Time/Temperature 
Conditions using Data from Reference [1] 

Note: distances in nm 
 

  

Table A.2 Chromium Random Walk Distances in Ferrite for Various Time/Temperature Conditions 
using Data from Reference [1] 

Note: distances in nm 
 

A.1 References 
[1] B. C. De Cooman and J. G. Speer, “Diffusion in Fe,” in Fundamentals of Steel Product Physical 

Metallurgy, Warrendale, USA: Association for Iron & Steel Technology, 2011, pp. 37–44. 

 

  

1 min 5 min 10 min 30 min 1 hr 2 hr 5 hr 10 hr 25 hr 50 hr

450 1.20 2.69 3.81 6.60 9.33 13.2 20.9 29.5 46.7 66.0

500 4.02 9.00 12.7 22.0 31.2 44.1 69.7 98.6 156 220

550 11.6 26.0 36.7 63.6 90.0 127.2 201 284 450 636

600 29.7 66.4 93.9 163 230 325 514 727 1150 1626

Temperature
(°C)

Time

1 min 5 min 10 min 30 min 1 hr 2 hr 5 hr 10 hr 25 hr 50 hr

400 0.02 0.04 0.06 0.10 0.15 0.21 0.33 0.47 0.74 1.04

450 0.12 0.27 0.38 0.66 0.94 1.32 2.09 2.96 4.68 6.61

500 0.60 1.35 1.91 3.30 4.67 6.61 10.5 14.8 23.4 33.0

550 2.48 5.54 7.84 13.6 19.2 27.2 42.9 60.7 96.0 136

600 8.67 19.4 27.4 47.5 67.1 94.9 150 212 336 475

Temperature
(°C)

Time
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B 
APPENDIX B 

  
ADDITIONAL MICROSTRUCTURAL CHARACTERIZATION RESULTS 

OF PRIOR AUSTENITE GRAINS 

Some of the microstructural characterization results were omitted from the main text. These 

images are shown in the figures below. Figure B.1 and Figure B.2 show images of the prior austenite 

grain boundaries after austenitizing and quenching and after simulated thermomechanical controlled 

processing, respectively. 

 
(a) 

 
(b) 

 
(c) 

 
(d) 

Figure B.1 Prior austenite grain boundaries after reaustenitizing for 10 minutes at 1180 °C for the 
(a) VN6 steel and at 1230 °C for the (b) Base + Ti and (c) NbTiN6, and (d) High Ti steels (note that the 
VN6 image was taken at 50x magnification and the Base + Ti, NbTiN6 and NbTiVN15 images were 
taken at 100x magnification). 
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(a) 

 
(b) 

 
(c) 

 
(d) 

Figure B.2 Prior austenite grain boundaries after reaustenitizing for 10 minutes and then simulated 
thermomechanical processing for the (a) VN6, (b) Base + Ti and (c) NbTiN6, and (d) High Ti steels.
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APPENDIX C 

  
ADDITIONAL MICROSTRUCTURES AND HARDNESS MEASUREMENTS FROM  

CONTINUOUS COOLING EXPERIMENTS 

The microstructural analysis of the Base + Ti, NbTiN6, and High Ti steels after the continuous 

cooling experiments were presented in the main text. The microstructures after cooling at rates of 10, 30, 

and 50 °C/s are shown below in Figure C.1 through Figure C.3. Additionally, the hardness measurements 

form the continuous cooling experiments for all steels investigated are shown in Figure C.4. 
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(a)

 
(b)

 
(c)

Figure C.1 Continuous cooling microstructures of the Base + Ti steel after reaustenitizing at 1230 °C 
and cooling at rates of (a) 10, (b) 30, and (c) 50 °C/s.



207 

 
(a)

 
(b)

 
(c)

Figure C.2 Continuous cooling microstructures of the NbTiN6 steel after reaustenitizing at 1230 °C 
and cooling at rates of (a) 10, (b) 30, and (c) 50 °C/s.
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(a)

 
(b)

 
(c)

Figure C.3 Continuous cooling microstructures of the High Ti steel after reaustenitizing at 1230 °C 
and cooling at rates of (a) 10, (b) 30, and (c) 50 °C/s.
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(a)

 
(b)

Figure C.4 Hardness measurements of the final microstructures after the CCT experiments for (a) the 
base steels and the V-containing steels and (b) the Nb-containing steels and the High Ti steel. Note that 
confidence intervals are not shown for clarity since the values did not change significantly between steels 
and cooling rate; the maximum interval was approximately ±5 HV (Color image – see electronic copy).
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D 
APPENDIX D 

  
3D ATOM PROBE DATASET SIMULATION 

To validate that the atom probe analysis could clearly detect clustering and/or precipitation, a 

simulated atom probe dataset was generated through a script in the Cameca IVAS® software. The dataset 

simulation script unfortunately only allowed generation of a matrix and solute atom. Therefore, noise 

collected by the detector and any peak decay which would be collected during a real experiment count not 

properly be accounted for in the simulation. However, options were available to control the number 

density of precipitates (i.e. volume fraction), solute concentration in both the matrix and the precipitate, 

the size of the precipitate, and the lattice parameter of the matrix. For the dataset generated, the following 

parameters were used: volume fraction of precipitates = 10-4 (approximately 10 pct of the total possible 

volume fraction and on the same order of magnitude measured at short times in the TEM analysis), solute 

level in matrix = 0.05 at pct, solute level in precipitate = 50 at pct, and radius of precipitates = 0.3 nm. 

Note that these parameters correctly yielded an overall vanadium concentration of approximately 

0.06 at pct which corresponds the measured vanadium concentrations in the VN6 and VN15 steels. With 

these parameters, a total of 90 precipitates were generated in the analysis volume of 30 × 30 × 100 nm 

with an average size of 9 total atoms (which included both the solute and matrix atoms). Out of the 2650 

solute atoms in the simulated volume, only 253 solute atoms were in the precipitates. The analysis of the 

simulation is shown in Figure D.1. Part (a) of the figure shows the 3D reconstruction of the precipitate 

atoms in which any clustering is very difficult to discern. A nearest neighbor distribution (NND) analysis 

was also completed which better shows clustering at sub-nanometer length scales. This analysis is shown 

in part (b) of the figure. The figure clearly shows a positive deviation of the experimental dataset from the 

random dataset below approximately 0.5 nm. The positive deviation at small distances on the histogram 

indicate that the solute ions are closer than would be predicted for a completely randomized solution of 

solute atoms (i.e. a random solution corresponding to all solute atoms being completely in solution in the 

absence of secondary phase formation). The result clearly validated that the NND analysis could discern 

clustering and precipitation at small precipitate length scales and volume fractions. 
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(a) (b) 

Figure D.1 Results from the simulated atom probe dataset with a total of 90 0.6 nm diameter clusters 
of precipitate ions showing (a) the 3D reconstruction of the precipitation ions and (b) the nearest neighbor 
distribution analysis for the solute ion species which are associated with the precipitates. 
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E 
APPENDIX E 

  
PRECIPITATE CHARACTERIZATION OF THE VN15 STEEL AFTER  

SIMULATED TMCP PLUS DEFORMATION 

An experiment was completed to explore if an increase to the dislocation density in the bainitic 

ferrite affects the precipitation in the VN15 steel. This was accomplished by the addition of a small 

amount of plastic strain at the beginning of the coiling hold as shown in Figure E.1. Small amounts of 

pre-strain at the beginning of the coiling holds have been shown to be effective in low-carbon niobium-

containing steels [1, 2]. Following the simulated thermomechanical processing route utilized in the other 

experiments, the specimen was cooled to the coiling hold temperature of 550 °C and then held for 

approximately three minutes before the additional strain was applied. Measurement of the stress versus 

strain during the additional deformation was recorded to ensure that yielding of the bainitic microstructure 

had occurred. This result is shown in Figure E.2 and indicated yielding behavior due to deviation from the 

linear line segment shown. 

TEM analysis was conducted on the sample, and the pair of images shown in Figure E.3 were 

from the same region on a TEM specimen. The precipitates corresponded to streaked reflections in the 

SAD patterns as was found for all other precipitates in this work. The two images in the figure compare 

two of three variants which had formed in this region of the sample. Comparisons in averages from 

multiple images of length and thickness of precipitates as well as volume fractions and number density 

 

Figure E.1 Thermomechanical processing schedule to determine the influence of austenite processing 
and a small increment of strain during at 550 °C during the simulated coiling hold on precipitation 
processes in bainitic ferrite. 
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from the VN15 steel are shown in Figure E.4(a) and (b), respectively. Comparisons were made both to the 

time-temperature study results as well as the standard TMCP results. As is shown in part (a), both 

thickness and length values were significantly smaller in the specimen with the added deformation. 

Furthermore, the volume fraction and number density of particles was reduced in the sample compared to 

other experiments. The change in number density did not appear to be significant however. Two separate 

lift-out specimens gave similar results in the quantitative TEM analysis. 

The result of this experiment was puzzling due to observations of the precipitation characteristics 

in all the experiments. Since the disc-shaped precipitates were mostly found to be associated with 

dislocations, the hypothesis was that the nucleation takes place heterogeneously on the dislocation lines 

and that an increase in the dislocation density would possibly change the nucleation rate and thus the final 

volume fractions and/or number densities. However, the results here indicated the opposite and no 

possible explanations for the decrease could be established. The author chose to omit these results from 

the main text due to the analysis being inconclusive. The thickness of the two TEM samples utilized in 

precipitate analysis were high (approximately 110 and 130 nm) which may have contributed to the low 

volume fraction measurements. 
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Figure E.2 Equivalent stress versus equivalent strain during the additional deformation in the 
simulated coiling hold. The dotted line segment shows the linear segment fit to beginning of the curve. 
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(a) 

 
(b) 

Figure E.3 Pair of dark-field TEM images showing two variants of vanadium-containing precipitates 
in the same region of VN15 steel after simulated TMCP, deformation after transformation, and holding 
for 5 h at 550 °C, (a) one variant and (b) second variant. 

 

(a) 
 

(b) 

Figure E.4 Quantitative comparison of precipitation in the VN15 steel after only thermal treatment at 
550 °C from the time-temperature study (labeled TTS), after simulated thermomechanical controlled 
processing (labeled TMCP), and after simulated thermomechanical controlled processing plus deformation 
after transformation (labeled TMCP + defm) showing (a) length and thickness measurements and 
(b) volume fractions and number densities. 95 pct confidence intervals are shown. 
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