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ABSTRACT 

Samples of an Al-Fe-V-Si alloy with and without small Y additions were prepared by 

copper wedge-mold casting. Analysis of the microstructures developed at intermediate cooling 

rates revealed the formation of an atypical morphology of the cubic α-Al1β(Fe/V)γSi phase (Imγ̄

 space group with a = 1.βθ nm) in the form of a microeutectic with α-Al that forms in relatively 

thick sections. This structure was determined to exhibit promising hardness and thermal stability 

when compared to the commercial rapidly solidified and processed Al-Fe-V-Si (RS800λ) alloy. 

In addition, convergent beam electron diffraction (CBED) and selected area electron diffraction 

(SAD) were used to characterize a competing intermetallic phase, namely, a hexagonal phase 

identified as h-AlFeSi (Pθ/mmm space group with a = β.4η nm c = 1.βη nm) with evidence of a 

structural relationship to the icosahedral quasicrystalline (QC) phase (it is a QC approximant) 

and a further relationship to the more desirable α-Al1β(Fe/V)γSi phase, which is also a QC 

approximant. The analysis confirmed the findings of earlier studies in this system, which 

suggested the same structural relationships using different methods. As will be shown, both 

phases form across a range of cooling rates and appear to have good thermal stabilities. 

Additions of Y to the alloy were also studied and found to cause the formation of primary 

YVβAlβ0 particles on the order of 1 m in diameter distributed throughout the microstructure, 

which otherwise appeared essentially identical to that of the Y-free 800λ alloy. The implications 

of these results on the possible development of these structures will be discussed in some detail.  
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CHAPTER 1 

INTRODUCTION AND BACKGROUND 

The following section summarizes the motivations for the study, as well as relevant 

background information from the literature, which will be referenced in later sections.  

1.1 Industrial Relevance and Motivation 
In many structural applications, aluminum alloys are selected based on their strength to 

weight ratio, relatively low cost, and favorable corrosion properties. However, one major 

limitation of traditional age-hardened Al alloys is coarsening of strengthening precipitates above 

~ β00 °C, which limits their operating temperature [1]. The strengths of several Al alloys as a 

function of temperature are shown in Figure 1.1. One of the alloys included, the RS800λ alloy 

(Al-8.ηFe-1.γV-1.7Si), exhibits both high yield strength and reasonable strength retention when 

compared to other Al alloys. Alloy RS800λ is a dispersion strengthened alloy and relies on the 

presence of fine, thermally stable dispersoids that form during rapid solidification [1]. 

 
Figure 1.1. Plot of yield stress versus testing temperature for some selected high-temperature 
aluminum alloys. As can be seen, the RS800λ alloy exhibits both high room-temperature 
strength and thermal stability. Note the significant loss of strength between 100 and β00 °C [1]–
[γ] for the other alloys.  

The goal of this project was to determine if it is possible to produce favorable dispersion 

strengthening without the need for rapid solidification processing (RSP) and with a target 
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application temperature of ~ γ00 °C. The result would be significantly lower processing costs as 

well as more flexibility in processing conditions and potential improvements in part quality. If 

developed further, such an alloy could potentially be used in place of existing dispersion-

strengthened Al alloys and possibly even Ti alloys, with considerable impact on the economics 

of high-temperature applications including those in both the aerospace and automotive industries. 

1.β Literature Review 
Several key areas of the literature were explored in order to provide background 

information and guidance for experiments. Several other references to the literature will be 

provided throughout the discussion to follow, but the information listed below is intended to 

provide meaningful context. 

1.β.1 Lightweight High-Temperature Systems 
Many high-strength aluminum alloys in service today rely upon precipitation hardening 

to provide strengthening [4]. Classic examples include the precipitation hardening that is 

common in the Al-Cu and Al-Cu-Mg systems (  AlβCu and S AlβCuMg phases), in the Al-Mg-Si 

and Al-Mg-Si-Cu systems (  MgβSi and Q AlηCuβMg8Siθ phases), in the Al-Zn-Mg alloys (  

MgZnβ and T AlβMgγZnγ phases), and in lithium-containing alloys (δ' AlγLi and T1 AlβCuLi 

phases) [η]. All of these systems provide good room-temperature properties, and can be aged at 

low artificial aging temperatures or, in some cases, naturally aged. 

When considering high-T systems, strengthening mechanisms must be considered with 

the limitation of application temperature in mind. First, Hall-Petch strengthening via grain 

refinement can be highly effective, but recrystallization must be suppressed to maintain strength 

during use. Second, Orowan strengthening can be achieved using fine second phases, but any 

structures that are formed should ideally contain a uniform distribution of small particles that are 

stable at temperature given that particle coarsening dramatically reduces the effectiveness of 

Orowan strengthening (the main limitation of traditional Al alloys) [θ].  

Aluminum-scandium alloys represent one of the few high-temperature, age-hardening 

alloys, due to the high aging temperatures (βη0 to γη0°C) required to precipitate the L1β AlγSc 

precipitates. In addition to precipitation, AlγSc acts as a dispersion strengthener and grain refiner, 

as some AlγSc forms in the liquid prior to solidification in hypereutectic Al-Sc compositions. 

The low diffusivity of Sc in Al slows precipitate coarsening, which can be further reduced with 

Zr additions. Zr substitutes for Sc in the AlγSc phase, forming a shell that resists coarsening [η]. 
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Unfortunately, Sc is expensive, and therefore only occasionally used in alloys for sporting or 

military applications. At a cost of approximately $βη00/kg, an addition of 0.β% Sc (necessary to 

provide meaningful strengthening) approximately quadruples the material cost of the alloy. 

Unless a cost-effective source of Sc becomes available, widespread application of these Al-Sc 

alloys is out of reach [η]. 

An alternative to the problem of precipitate coarsening (overaging) is to provide 

strengthening via dispersion strengthening, that is, dispersing small distributed phases that are 

thermally stable in the matrix. Oxide dispersion strengthening (ODS) is a classic example (Fig. 

1.β) of dispersion strengthening. Oxides such as AlβOγ and YβOγ are thermally stable and, 

therefore, are commonly added to ODS products [7], [8]. In the case of ODS Al, AlβOγ can be 

introduced either by mechanical alloying (MA) or by the use of the sintered Al powder method 

(SAP), which involves the consolidation of oxidized Al powders [λ]. Volume fractions of the 

oxide dispersions is SAP materials are generally low (<1%), although the content varies between 

alloys [8]. MA generally produces better properties, since the oxide particles that are added have 

smaller sizes (γ0-40 nm) than the oxide flakes produced using SAP (γ0-70 nm) (Fig 1.β) and the 

fact that higher volume fractions can be achieved. Also, the AlβOγ powders used for MA 

typically exhibit a more favorable equiaxed particle morphology, and tend to be distributed more 

homogeneously when compared to SAP [4], [λ]. Oxide particles can contribute to strengthening 

by pinning grain boundaries, but fine polycrystalline material is not always desired, specifically 

when targeting creep resistance. In such cases, grain boundary sliding can be minimized by using 

coarse-grained material [8], [10]. ODS Al alloys also tend to contain little to no alloying, since 

most typical alloying additions are not conducive to thermal stability. Mg has a specific 

detrimental effect, in that it can form MgO particles, which have been found to have inferior 

mechanical and thermal properties compared to AlβOγ [10]. 

Metal matrix composites (MMCs) are similar to ODS materials, with a few distinctions. 

First, MMCs tend to contain larger volume fractions of the stable additions (10-η0 vol%). The 

addition is usually SiC for Al-base alloys [λ], [11], [1β]. Second, the particles are much larger (1-

100 m), which changes the strengthening mechanisms involved. The large particles allow for 

strengthening by load transfer, constraining of matrix flow, and dislocation strengthening. 

However, these mechanisms all become less effective at high temperatures, causing somewhat 

inferior properties when compared to alloys strengthened with smaller particles (including ODS) 
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[λ]. Finally, SiC additions are typically added to existing alloy systems instead of pure Al, 

including βxxx and θxxx-series alloys [11]. 

 
Figure 1.β. Micrograph of ODS Al produced by SAP and double extrusion from Clauer et al. [8]. 
Note the range of particle sizes and morphologies produced by SAP.  

Non-traditional alloying methods can also be used to form dispersion-strengthened alloys 

when RSP techniques are used. Transition metals such as iron, nickel, and vanadium are suitable, 

since they have high solubility in liquid Al, but low solubility in solid Al (Table 1.1) [θ], [1γ]. 

Unfortunately, these elements tend to form coarse Al-TM (transition metal) intermetallics that 

are highly stable when solidified using traditional techniques. For this reason, traditionally cast 

alloys cannot include significant amounts of these elements, since they form large plate or 

needle-like intermetallics that are detrimental to mechanical properties. A rare exception is βθ18, 

a complex alloy containing Cu, Mg, Fe, Ni, and Si, as well as small amounts of Ti, Mn, Zn, and 

Cr. This alloy relies on a 1μ1 atomic ratio of Fe to Ni to form AlλFeNi, an intermetallic that forms 

a less detrimental blocky morphology (Fig. 1.γ). Deviation from the ideal 1μ1 ratio results in the 

formation of other intermetallics, which generally have detrimental morphologies [14]. Although 

these intermetallics tend to be large (1-10 µm), wrought processing methods are used to 

distribute them in a manner that makes them effective at pinning grain boundaries and limiting 

grain growth during high temperature processing and application. Since they are too coarse to 

contribute to strengthening, precipitation of the S phase (AlβCuMg) is necessary to enhance 

strength. However, as shown in Figure 1.1, the strength drops off dramatically with increasing 

temperature [14]. 

One method of mitigating the issue of coarse intermetallics is to use RSP, which, in some 

cases, leads to the formation of insoluble dispersoids at a scale suitable for strengthening. RSP 
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involves solidification at high cooling rates on the order of 10γ to 10θ °C/s depending on the 

technique used. For example, melt spinning (sometimes referred to as planar flow casting [1η]) 

can be used to produce ribbons that are 10-η0 µm in thickness with cooling rates in the 10η-10θ 

°C/s range [1θ]. By using such high solidification rates, it is possible to avoid the formation of 

the coarse intermetallics due to their slow formation kinetics and to produce more desirable 

structures including (a) extended solid solutions via solute trapping, (b) metastable crystalline 

phases, (c) structural refinement, and (d) amorphous structures.  

In order to make bulk parts from melt spun ribbons, it is necessary to comminute them 

followed by using powder metallurgy techniques. For RSP Al alloys, consolidation by hot 

isostatic pressing followed by extrusion is typical [1], [1θ]–[18]. One noteworthy fact is that, at 

the cooling rates achieved using RSP, extended solid solutions of elements with otherwise 

limited solid solubility can be achieved. Table 1.1 lists several elements and their solubilities in 

Al at low cooling rates and their extended solubilities at high cooling rates [θ]. Diffusivity must 

also be low to prevent coarsening (Fig. 1.4), so ideal additions to high-T systems will have both 

low solubility and low diffusivity [17], [1λ]. 

 
Figure 1.γ. Optical micrograph from Novy et al. [14] showing the presence of AlλFeNi particles 
in βθ18 aged to the Tθ condition. 

The problems with RSP are numerous. First, the large surface area of rapidly solidified 

ribbons frequently results in the incorporation of oxides that must be distributed throughout the 

thickness of the extrusion and the final component. Second, the variability in cooling rate across 

the thickness of a ribbon can result in a variety of solidification structures. Third, the necessity of 
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heating during the consolidation and extrusion steps can result in coarsening and/or 

transformation of the desired microstructures, resulting in degradation of the mechanical 

properties that had been enhanced by RSP [17]. In addition to the potential mechanical issues, 

RSP is necessarily a multi-step process that is difficult to streamline. The result is high cost, 

regardless of the price of the alloying constituents. There are some high-performance 

applications where the processing costs might be justified, but these are rare and have limited the 

application of RSP Al alloys such as RS800λ in spite of their impressive properties.  

Table 1.1. Values of solubility of several elements in solid Al at equilibrium and extended 
solubility under rapidly solidified conditions from Krainikov et al. [θ]. Fe, V, and Si are 
highlighted.   

 
 

 
Figure 1.4. Plot of diffusivity of a number of elements in solid Al at 400 °C from Krainikov et al. 
[θ]. Fe and V are highlighted with arrows. Note that in both cases, the diffusivity is lower by 
orders of magnitude relative to Al self-diffusion. 
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Titanium alloys represent another family of competitive lightweight high-temperature 

structural materials as they exhibit many properties that are favorable for aerospace applications. 

Specifically, they have excellent specific strength, favorable fatigue properties, and are good in 

corrosive environments. If carefully alloyed to limit  phase formation, titanium alloys can be 

used up to approximately ηη0 °C where oxidation becomes an issue [β0]. Although the 

properties of Ti alloys are ideal for many applications, the cost of component production greatly 

limits their application and dramatically increases the price of parts in which the properties are 

necessary. When compared to aluminum alloys by weight, a Ti alloy costs more by a factor of 

around 10X for the base material alone [β1]. In addition, the forging and machining of Ti alloys 

are significantly more involved, causing a further increase in cost to produce a final usable part. 

In some cases, approximately half of the cost of producing a Ti part is associated with forming 

[ββ]. One advantage that narrows the price discrepancy is the high specific strength of Ti alloys. 

The specific strength can exceed double that of Al, which allows Ti parts to be engineered with 

much thinner sections [1], [β], [βγ]. A comparison between Ti and Al alloys is shown in Figure 

1.η. Regardless, the cost of Ti parts is considerable, and replacing them in lightweight structural 

applications is a high priority.   

 
Figure 1.η. Plot of density-adjusted yield stress versus testing temperature for several competing 
low-density alloys. Alpha-beta Ti alloys include Ti-θ-4, which is by far the most common 
engineering Ti alloy.  



8 
 

1.β.β Al-Fe-Si 
The Al-Fe-Si system has been studied for many years, due to the fact that Fe and Si are 

the most common impurity elements in Al alloys. Table 1.β lists the intermetallics commonly 

found in the Al-Fe-Si ternary system (Fig. 1.θ). Figure 1.7 shows two proposed sets of invariant 

reactions, based on theoretical and experimental results, respectively. In the aluminum-rich 

corner of the Al-Fe-Si ternary diagram (Fig. 1.θ) it is clear that several phases can form as a 

result of small changes in composition. Further, deviations from the equilibrium phases (Fig 

1.θb) are commonly observed during non-equilibrium cooling due to their slow formation 

kinetics. AlγFe (or Al1γFe4) (Table 1.β) is the equilibrium primary phase in the low Si portion of 

the ternary diagram, but it is not always observed, as it is difficult to nucleate [β4]. The reaction 

to form metastable α-Al1βFeγSi (Table 1.β) is typically a peritectic, AlγFe + (τβ) + L = α-

Al1βFeγSi [βη]. However, at faster solidification rates, α-Al1βFeγSi has been shown to form 

directly from the liquid when AlγFe doesn't form due to its slow formation kinetics. Instead of a 

peritectic reaction, a metastable eutectic reaction has been observed [β4], [βθ]. This reaction 

halts fairly quickly, however, because the  phase (AlλFeβSiβ) begins forming as a peritectic on 

the α-Al1βFeγSi. The narrow width of the metastable coupled zone of eutectic α-Al1βFeγSi + α-

Al, from θ18 to θ1β °C, allows for the solidification of only limited amounts of this eutectic [β4]. 

1.β.γ Al-Fe-V-Si 
The α-Al1βFeγSi phase was initially observed to form spherical dispersoids during RSP, 

but the phase would decompose into equilibrium phases upon heating [18]. Various additions 

were attempted to improve stability, including V, Mn, Cr, and Mo. It was determined that V 

additions would substitute for Fe in the cubic α-Al1βFeγSi phase, greatly improving its stability 

and allowing the microstructure to survive thermomechanical processing (TMP). Vanadium also 

slightly increased the lattice parameter of this phase, resulting in the structureμ α-Al1β(Fe/V)γSi, 

BCC (Imγ̄), a = 1.βθ nm [18]. The Fe/V refers to the substitution of V for Fe, which can occur 

over a range of compositions. 

During RSP, a variety of structures form in this system. At the highest undercoolings 

associated with RSP, a dispersion of primary α-Al1β(Fe/V)γSi particles of about β0-θ0 nm in 

diameter form in the liquid. Subsequently, the FCC Al phase nucleates and grows into the liquid 

containing the dispersoids. At the highest undercoolings, the Al solidification front moves at 

high velocity, causing engulfment of the primary α-Al1β(Fe/V)γSi particles (Fig. 1.8a). This 
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results in a dispersion of fine and randomly oriented α-Al1β(Fe/V)γSi particles in an α-Al matrix. 

As the interface breaks down into fine cells, the dispersoid particles are pushed into intercellular 

regions to produce a "microcellular" structureν in light optical microscopy, this and the previous 

less common structure were initially observed to resist etching and was referred to as "Zone A" 

(Fig. 1.λa) [β7]. When the solidification front slows further due to recalescence, the cell spacing 

increases as the α-Al front becomes less stable (Fig.1.8b). As the existing α-Al1β(Fe/V)γSi 

particles are encountered, they are displaced laterally, resulting in a concentration of particles at 

the α-Al cellular boundaries. This structure was observed to be softer and less resistant to etching 

and was classified as "Zone B" in the early RSP literature on these alloys (Fig. 1.λb) [β8]. It 

should be noted that the Zone A structures were also considerably harder due to the uniform 

distribution of the dispersoids. 

In addition to the stable α-Al1β(Fe/V)γSi and Al phases, other metastable phases and/or 

morphologies are also common. A globular constituent, sometimes designated “O Phase” in the 

literature, can also form in the ribbons and is usually associated with alloys with higher Fe 

contents [βλ], [γ0]. The globular phase is generally accepted as consisting of an agglomeration of 

the fine "microquasicrystalline" or α-Al1β(Fe/V)γSi dispersoid particles depending on alloy 

composition as revealed by diffraction data showing ring patterns tied to these phases (e.g., Fig. 

1.10). The formation mechanism of these globular particles is not well-understood, but they are 

most often observed in the cellular Zone B solidification regime [β7], [β8], [γ0], [γ1]. Park et al. 

[17] proposed that the globular constituent may vary slightly based on cooling rate, as the heat 

released by recalescence can transform the microquasicrystalline constituent to α-Al1β(Fe/V)γSi, 

resulting in a partial volume fraction change in more slowly cooled regions [17]. The globular 

constituent is metastable in an Al-8.ηFe-1.γV-1.7Si (wt%) alloy, and differential scanning 

calorimetry (DSC) has shown that decomposition begins at approximately γ7η °C in an Al-

8.ηFe-1.γV-1.7Si (wt%) alloy [1θ], [17]. Besides the microquasicrystalline O-phase, some larger 

QCs have also been observed in as-solidified Al-Fe-V-Si, but are rarely observed in the final 

material, as they do not survive processing [βλ]. 

The literature is in disagreement on the favorability of Zones A and B. Although it is 

widely accepted that the finer structures contained within Zone A are more favorable for 

producing a final microstructure, a study by Park et al. [17] examined the evolution of the phases 

present in detail using hot-stage TEM, and showed the opposite to be true. Although the α-
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Al1β(Fe/V)γSi particles in Zone A are finer, the higher cooling rate results in a larger volume 

fraction of metastable QC phases. Upon decomposition, the microquasicrystaline phases in Zone 

A formed far coarser α-Al1β(Fe/V)γSi particles than those produced in Zone B, in which the as-

solidified structure was composed primarily of α-Al1β(Fe/V)γSi dispersoids in α-Al [17], [γ0]. 

Table 1.β. List of intermetallics in the Al-Fe-Si system, as reported by Khalifa [1γ]. Note that 
AlγFe is also commonly known as -Al1γFe4. Also note that the lattice parameters for the -
Al1γFe4 phase are incorrectly listed and should read "a = 1η.4λ, b = 8.08, c = 1β.47 Å". 
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Figure 1.θ. Al-rich corner of the Al-Fe-Si liquidus diagram (a) as observed, from Mulazimoglu et 
al. [β4] with arrows modified from Ghosh [γβ] and equilibrium phase diagram (b), from Raynor 
et al. [γγ]. Note that no data were reported for the FeθAl1ηSiη phase other than composition. The 
Fe4Al1γ (FeAlγ, or AlγFe) and  (FeβAlλSiβ) phases are common to both diagrams.   
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Figure 1.7. Proposed invariant reactions in the Al-rich corner of the Al-Fe-Si ternary diagram, as 
proposed by Eleno et al. (a) [βη] and Mulazimoglu et al. (b) [β4]. The differences arise between 
theoretical (Eleno) and experimental (Mulazimoglu). 

 
Figure 1.8. Schematic from Tongsri et al. [β8] showing the transition of planar (a) to cellular (b) 
solidification during RSP. Planar solidification results in the formation of Zone A structures, 
while slower cellular solidification is associated with Zone B [β8]. 
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Figure 1.λ. TEM images from Tongsri et al. [β8], [γ1] showing typical morphologies of Zone A 
(a) and Zone B (b) in gas-atomized Al-θ.ηFe-1.ηV-1.7Si powders. 

 

B 

A 



14 
 

 
Figure 1.10. BFTEM image from of the globular O-phase, with a ring pattern, as seen in a Al-
θ.ηFe-1.ηV alloy. The rings from the pattern are closely tied to the QC i-phase [γ1]. 

A few investigators have analyzed the structure of conventionally cast Al-Fe-V-Si alloys. 

Sahoo et al. conducted a study involving casting an Al-8.γFe-0.8V-0.λSi alloy in a steel mold, 

with a resulting cooling rate of 14 °C/s. Among other unidentified phases, a significant volume 

fraction of AlγFe was observed. As mentioned previously, this phase is the equilibrium phase in 

Al-Fe alloys at low concentrations of Fe (and Si in the ternary system) (Fig. 1.θ). A morphology 

elongated in a single axial direction was observed, with distinct 10-fold radial growth (Fig. 

1.11a). The 10 arms were shown to be a result of twinning, which aligned preferential growth 

planes with each direction (Fig. 1.11b). A combination of {100} and {β01̄} twins are required to 

produce this morphology. The phase was reported to be related to the QC decagonal phase, based 

on its 10-fold growth morphology [γ4]. Although transmission electron microscopy (TEM) 

analysis indicated that twinning was responsible, it is not unreasonable to make such a 

connection given the relationship between the many QC and crystalline phases in Al-TM 

systems. This relationship will be discussed in detail later.  

Sahoo and his colleagues also examined the microstructure of the same alloy cast in a 

sand mold, with a reported cooling rate of 1 °C/s [γ4]. The resulting structure appears similar to 

that observed in a different study by Kankanli et al. [1θ] who cast a similar alloy in a graphite 

B 
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mold for comparison with rapidly solidified ribbons. Although no phases were identified, the 

structure was reported and shown to contain needle-like intermetallic phases in an aluminum 

matrix. The needles are presumably AlγFe given that this is a common morphology for this phase 

and the alloy composition is favorable for its formation as a primary phase from the liquid [1θ]. 

 
Figure 1.11. (a) Optical micrograph from a Al-8.γFe-0.8V-0.λ Si alloy cooled at 14 °C/s showing 
the 10-pointed stars (circled) of Al1γFe4 (AlγFe) as observed by Sahoo et al. [γ4], [γη]. (b) 
BFTEM image showing 10-fold twinning leading to the 10-fold growth circled in (a).  

1.β.4 RS8009 
RS800λ is a dispersion-strengthened aluminum alloy in the Al-Fe-V-Si system developed 

by Allied Signal in the early 1λ80s that was intended for use at elevated temperatures (up to γη0 

°C). With the exception of production costs and difficulties in processing, RS800λ exhibits 

highly desirable properties, namely, excellent room temperature and high temperature strength 

(superior to ODS Al, Fig. 1.1β), and exceptional corrosion resistance. The composition of the 

alloy is Al-8.ηFe-1.γV-1.7Si (wt%) and was found to produce a favorable dispersion of α-

Al1β(Fe/V)γSi when rapidly solidified [1]. The Fe and V additions qualify for favorable 

dispersion strengthening, in that they are soluble in liquid Al at the concentrations required, but 

have low solubility in the solid and low diffusivities, curtailing diffusion and coarsening during 

high temperature exposure [17], [18]. Iron and silicon additions to Al alloys for dispersion 

strengthening are advantageous from the standpoint of cost and diffusivity, but other additions 

are required to form favorable microstructures with reasonable thermal stability.  
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Figure 1.1β. Plot of hardness vs. temperature for several Al alloys from Redsten et al. [λ]. Note 
the comparable hardnesses and stabilities of the two dispersion-strengthened Al alloys (800λ and 
ODS). 

1.β.η Metallic Glasses 
In all metallic glass systems, one of two kinetic conditions must be satisfiedμ nucleation 

control or growth control (Fig. 1.1γ). In the case of nucleation control, the cooling rate is 

sufficiently rapid and the nucleation kinetics are sufficiently slow such that the liquid can be 

undercooled below the glass transition temperature and fully amorphous structures are produced. 

This is represented by the cooling curve in the nucleation control plot in Figure 1.1γ missing the 

nose of the crystallization start curve. Alternatively, if the growth kinetics of nuclei are 

sufficiently sluggish, a marginal glass can be produced under growth-controlled conditions. 

Although crystalline nuclei form, growth is sufficiently slow such that continued undercooling 

results in the formation of a glass phase in the remaining liquid. The growth control plots in 

Figure 1.1γ show overlapping Tx (crystallization temperature) and Tg (glass transition 

temperature), a product of the presence of crystals existing in the solid, preventing a glass 

transition upon heating [γθ]. Liquid viscosity is important to both glass-forming mechanisms, 

because a higher liquid viscosity is related to reduced atomic transport. Therefore, those liquids 

that increase dramatically in viscosity with undercooling are less likely to form and grow new 

crystals [γ7].  
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Figure 1.1γ. Schematic plots outlining the cooling consididerations for both nucleation and 
growth control of metallic glasses. The curves labeled "S" and "F" stand for "start" and "finish", 
respectively [γ8].  

Bulk metallic glasses (BMGs) are metallic glasses that contain high amounts of base 

metals relative to other known glass formers. Typically, Al BMGs follow the Al-TM-RE model, 

where TM stands for a transition metal and RE stands for a rare earth element. Typical systems 

include Al-Co-Y, Al-Fe-Ce, Al-Fe-Gd, Al-Fe-Y, Al-Ni-Y, Al-Fe-Ni-Y, and Al-Ni-Co-La [γλ]–

[44]. Dense packing in the liquid has been shown to be a key factor in the formation of BMGs by 

Miracle, who proposed a topological model for the packing of atom clusters in the liquid [41]. 

When considering BMGs with a variety of atomic species, the aforementioned coordination 

number can be used to determine how atoms of different radii will pack. Ideal packing situations 

can occur in compositions that produce a variety of sizes of clusters with Al (Fig. 1.14). Miracle 

suggested that solute atoms that are larger than the solvent tend to form large clusters with the 

solute atoms located in FCC or HCP-like close-packed arrangements. On the other hand, smaller 

solute atoms tend to inhabit the tetrahedral and octahedral interstitial sites, producing a very 

tightly packed structure. The result is limited mobility of atomic species in the liquid, and a 

resulting potential to produce amorphous structures [41].  

In addition, Miracle showed that Al can form binary amorphous alloys with a single, 

large solute in his model [41]. The Al-10Y binary glass has been produced in thin sections by 

RSP. The large atomic radius of Y, as compared to Al, results in an unusually large coordination 

number (i.e., 17) when the two atomic species are packed in the liquid. This situation, when the 
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ratio of atomic radii is approximately 1.βη, has been shown to result in the formation of binary 

amorphous alloys in other systems as well [41], [4η], [4θ]. 

 
Figure 1.14. Close-packed topological model as proposed by Miracle [41]. Large solutes (α) 
form large clusters with the solvent element (Ω) that are located at FCC or HCP lattice positions. 
Smaller elements form clusters that inhabit the octahedral sites ( ) or the tetrahedral sites ( , not 
shown).  

1.β.θ Quasicrystals 
Quasicrystals were first reported by Shechtman et al. [47], [48], who reported apparent η-

fold symmetry in electron diffraction patterns of rapidly solidified binary Al-Mn alloys. 

Specifically, alloys of Al-βη.γ Mn (wt%) produced a structure almost entirely composed of this 

phase, designated icosahedral AlθMn (or i-phase) in melt-spun ribbons. Analysis using dark-field 

imaging gave no indication of twinning or polycrystallinity that could explain the diffraction 

patterns. In total, six five-fold zone axes were found, separated by angles of θγ.4γ°, consistent 

with the theoretical icosahedral angular relationships. Since η-fold symmetry is possible only by 

rotation, and not translation, an explanation for the relationship between icosahedral units was 

offered. If icosahedron edges, associated with β-fold zone axes, are connected, the angular 

relationships between zones are maintained. However, the resulting tiling of icosahedra cannot 

have well-defined translational periodicity and, therefore, such structures were originally 

considered impossible (e.g., Figure 1.1η). Since the icosahedral AlθMn formed as a primary 

phase, it was speculated that its formation was the result of a high nucleation rate in the liquid 

[47]. In a study of the Al-Mn system by Yu-Zhang et al. [1η] over a range of compositions and 

solidification conditions, the i-phase had different morphologies as a function of Mn content 
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(from 4 to 11 atomic percent). At lower Mn concentrations, the i-phase was observed as 

spherical particles within a cellular Al structure. At the higher Mn contents, the larger volume 

fraction of the i-phase resulted in a dendritic morphology with some interdendritic Al, as 

observed by Shechtman [1η]. At higher Mn contents a different, decagonal QC can form. The 

decagonal "T" phase has been observed to be more stable than the i-phase, and tends to nucleate 

heterogeneously on i-phase particles when solidification slows [4λ], [η0]. Several theories have 

been suggested for the formation of decagonal QCs, including that they result from twinning of i-

phases [η1] or that they are composed of packed icosahedra, similar to the QC approximants that 

will be discussed later [ηβ]. 

 
Figure 1.1η. Proposed model for icosahedral tiling from Shechtman [47]. Note the consistent 
orientation of the units, but the lack of translational periodicity. 

In addition to the Al-Mn system, Shechtman et al. also reported observing QC diffraction 

in some phases in the Al-Fe and Al-Cr systems, studied in parallel [47]. It was shown that Al-Fe 

and Al-Cr binaries with compositions above approximately η wt % would form spheroidal 

phases upon rapid solidification, including the aforementioned icosahedral AlθMn phase [47]. 

Other systems in which QCs have been observed include Al-Ni-Y-Co-Fe [40], Al-Fe-Ce, Al-Fe-

Mo-V, Al-Fe-Mo [ηγ], Al-Cr, Al-V, Al-Mn-Si, Al-Li-Cu, Al-Ge-Cr, Al-Ge-Mn, Mg-Zn-Al, Mg-

Cu-Al, Ti-V-Ni [η4], Al-Si-Cr, and Ga-Mg-Zn [ηη].  
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Icosahedral phases are frequently metastable. Annealing treatments carried out on the 

binary Al-Mn samples by Shechtman et al. [47] showed that decomposition of the AlθMn QC 

began above γ00 °C, since treatments at γ00 °C for β.ηh yielded no observable changes. At γη0 

°C, decomposition was gradual with no noticeable changes observed after 1h but complete 

transformation after θ h. At 400 °C, the phase transformed after 1h. In all cases, the resulting 

product was the stable orthorhombic AlθMn phase, which was observed to have approximately 

the same composition as the metastable icosahedral phase [47]. The same transformation was 

later observed by Yu-Zhang et al. [1η] in annealed Al-Mn binary alloys, with Mn contents 

between θ.γ and 11.1 at%. Using DSC, the transformation was found to occur between 400 and 

4θ0 °C.  

Not all decomposition products of QCs are compositionally similar to their metastable 

precursors. For instance, the decagonal QC observed in an Al-ηNi-θY-βCo-βFe alloy by Yan et 

al. [40] was shown to decompose into at least three different phasesμ a Y-rich hexagonal phase, 

an Al-Ni-Y rich orthorhombic phase, and an Fe-rich orthorhombic phase. In contrast to the 

icosahedral AlθMn to stable AlθMn reaction observed by Shechtman et al. [47] and Yu-Zhang et 

al. [1η], such decomposition requires long-range diffusion. As a result, the transformation peaks 

detected by DSC tend to be broader. The peaks are located between η00 and ηθ0 °C. A similar 

phenomenon was observed by Tsai et al. [η4] in the Al-Cu-Fe system. It was thought that the 

ideal composition for QC formation would be related to an equilibrium compound as was the 

case in Al-Mn. However, it was instead determined that QC formation occurred over a 

composition range, apparently independent of similar equilibrium compounds within the range. 

The QCs that formed also differed from Al-Mn in scale, with grains an order of magnitude larger 

than those typical of Al-Mn (γ.η-8 μm vs. 0.β-0.η μm). Although no annealing treatments were 

conducted, it is reasonable to assume that the decomposition products would be compositionally 

distinct [η4]. 

1.β.7 Quasicrystal Approximants 
A QC approximant is defined as a rational approximation of a corresponding QC 

structure, with a few specific commonalities. First, an approximant will share the same 

icosahedral structural unit that exists within the QC phase. A direct consequence of the shared 

structural unit is a close relationship between the electron diffraction patterns of the two phases. 

Typically, a specific orientation relationship (OR) between the two phases also exists. Finally, 
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the two phases will have approximately the same valence electron concentration, and will have 

similar compositions [ηθ]. The result is a crystal that produces pseudo-symmetric diffraction 

patterns including pseudo η-fold, γ-fold, and β-fold patterns. In Figure 1.1θ, a η-fold selected 

area diffraction pattern (SADP) from an icosahedral phase in an Al-Mn alloy is compared to a 

pseudo η-fold pattern from the hexagonal Al4Mn approximant. Approximants occur in many 

systems, and can take different crystalline forms. Specifically, approximants have been observed 

in the Al-Mn, Al-Cr, Al-Cr-Cu, Al-Cr-Fe, Al-Cr-Ni, Al-Cr-Si, Al-Cr-Fe-Si, Al-Cu-Fe, Al-Cu-

Fe-Si, Al-Fe-Si, Al-Fe-V-Si, Al-Mn-Be, Al-Mn-Si-Be, and Al-Pd-Sc systems, as well as many 

other non-Al systems including Ti-Cr-Si, Au-Al-Yb, and Ta-Te [η7]–[θλ]. Approximants are 

usually interpreted as crystals formed by the tiling of several icosahedral subunits, or Mackay 

icosahedra (Fig. 1.17), with specific angular relationships with one another and the resulting 

crystallographic directions of the approximant [ηβ]. Other investigators have produced models 

involving a modulated structure of close-packed layers of atoms in a motif. The stacked layers 

provide long-range periodicity, while the specific atomic positions within the layers account for 

the observed pseudo-symmetry [θη], [θλ], [70].  

 
Figure 1.1θ. SADPs from the Al-Mn system from Bendersky [ηβ]. (a) pattern taken from the η-
fold zone of the icosahedral QC. Note the lack of translational symmetry inherent in the pattern. 
(b) pattern taken from a pseudo η-fold zone of the µ-Al4Mn approximant. Note the imperfect η-
fold symmetry that can be seen when considering only the most intense reflections.  

One of the earliest approximants to be identified was discovered in the Al-Mn system, 

with an approximate composition of Al4Mn [71]. It has since been determined that two different 

A B



ββ 
 

approximants exist at that composition, namely, µ-Al4Mn (hexagonal Pθγ/mmc a = 1.λλη nm c = 

β.4ηβ nm) and -Al4Mn (hexagonal Pθγ/m, a = β.841 nm c = 1.βγ8 nm) [ηβ], [70], [71]. For the 

latter, Audier and Guyot report that the structure is trigonal rather than hexagonal with similar 

lattice constants. 

Two different QC approximants have been reported in the Al-Fe-V-Si system. First, the 

dispersoid phase described above has a cubic structure but is an approximant as well. The second 

QC approximant phase has a hexagonal structure and is referred to as h-AlFeSi. The first 

analysis of the h-AlFeSi phase was observed in strip and spray-cast RSP Al-Fe-V-Si alloys as 

reported by Koh et al. [βλ]. Using convergent beam electron diffraction patterns (CBPs), they 

observed whole pattern symmetries for the [0001], [11β̄0], and [101̄0] zone axes and used them 

to determine a space group of Pθ/mmm, with lattice parameters of a = β.η14 nm and c = 1.βη7 

nm. In addition to the h-AlFeSi particles, coarse icosahedral and cubic α-Al1β(Fe/V)γSi (called α-

AlFeSi in the study) were observed. Composite electron diffraction patterns across particle 

boundaries were used to determine ORs between these three phases and, by extension, structural 

relationships between them. The relationship between the icosahedral phase and the cubic phase 

was determined to be <iγ>I//[111]bcc, <iβ>I//[001]bcc, (110000)I//(100)bcc, and (110000)I//(γ̄ηβ̄)bcc. 

This relationship is consistent with both previous and subsequent literature. The relationship 

between the icosahedral phase and the h-AlFeSi phase was determined to be <iβ>I//[11β̄0]h and 

(110000)I//(11̄00)h. This relationship has been corroborated by other literature [ηθ], [7β]. Finally, 

the relationship between the h-AlFeSi phase and α-AlFeSi was determined to be 

[0001]h//[001]bcc, [11̄00]h//[010]bcc, [11β̄0]h//[100]bcc. This relationship has also been supported in 

subsequent literature [ηθ], [7β]. Although an OR was found between all three phases in the alloy, 

no relationship was found between any of these phases and the Al matrix. The high-resolution 

TEM (HRTEM) simulation program MacTempas [7γ] was used to model the structure and 

suggest that the h-AlFeSi phase could be obtained by combining β4 double Mackay icosahedra, 

accounting for the observed relationship between the three phases, since the α-AlFeSi and 

icosahedral phases are known to form from the same icosahedral units.  

Ezersky et al. [ηθ] extended the work of Koh et al. [βλ] in considering the h-AlFeSi phase 

to be an approximant. Experimental and simulated HRTEM along the [11β̄0] zone axis revealed 

the same structure as proposed by Koh, composed of double Mackay icosahedra. In addition, the 

composition of the phase was measured and found to be 77.4Al-14.8Fe/V-θ.λSi in at%, which is 
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very close to that of the α-Al1β(Fe/V)γSi phase. The similar composition is to be expected, since 

both compounds are presumably constructed of the same units. In a complementary paper, Kiv et 

al. also concluded that the addition of V results in slightly distorted Mackay icosahedra relative 

to those present in the Al-Fe-Si ternary [74]. 

 
Figure 1.17. Schematic drawings of Mackay icosahedra as proposed as structural units in the h-
AlFeSi (a) and α-Al1β(Fe/V)γSi (b) phases. Note the three orientations of icosahedra around the 
perimeter of the h-AlFeSi structure, in contrast to the single orientation in α-Al1β(Fe/V)γSi. 

1.β.8 α-Al12(Fe/V)3Si and h-AlFeSi As Observed in Literature 
As mentioned previously, the addition of V to the Al-Fe-Si ternary system results in a 

significant increase in the stability of the α-Al1β(Fe/V)γSi phase. In addition, the formation of the 

h-AlFeSi phase has been observed with the addition of V, but not in the ternary Al-Fe-Si system 

[ηθ], [7η], [βλ], [7θ]. The composition of the h-AlFeSi phase is reported to be similar to that of 

the α-Al1β(Fe/V)γSi [7β], [74]. Although several different morphologies have been observed, in 

general, both phases are found to form in mixed structures, with h-AlFeSi forming as coarser, 

faceted particles (Fig. 1.18) whereas α-Al1β(Fe/V)γSi typically forms with finer morphologies, 

whether as the spherical dispersoids shown in Figure 1.λa, or as a lamellar eutectic structure with 

α-Al matrix (Fig 1.1λ). Kalkanli and Angi [1θ] observed eutectic-like structures in thick ribbons 

of an Al-Fe-V-Si alloy cast using melt spinning, although the phases were not identified (Fig. 

1.1λa). Jin et al. [7β] observed a similar structure (Fig. 1.1λb) in spray-deposited Al-Fe-V-Si, and 

identified the phases to be α-Al and α-Al1β(Fe/V)γSi. The morphology change of α-Al1β(Fe/V)γSi 

is usually observed as a function of undercooling, with the spherical dispersoids forming at the 

highest undercooings (fastest cooling rates) [1θ], [7β]. 
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The only proposed explanation in the literature regarding the formation of the two phases 

relative to one another is from Koh et al., who related the formation of the two phases to relative 

degrees of undercooling. Specifically, the authors suggest that icosahedral clusters in the liquid 

will form either the i-phase at high undercooling, or the h-AlFeSi phase at lower undercooling. 

According to that discussion, any α-Al1β(Fe/V)γSi that is observed is a decomposition product 

from one of the other two phases, since these phases are metastable and the decomposition 

reactions were inferred to be low-energy [βλ]. However, this theory is difficult to reconcile with 

the eutectic α-Al1β(Fe/V)γSi structures observed by several authors. 

One complicating factor is the fact that three studies report a core/shell morphology of 

the two phases (Fig. 1.β0), with faceted h-AlFeSi particles at the center and α-Al1β(Fe/V)γSi 

growing on the outside [βλ], [7β], [7θ]. Both Koh and Jin state that the bcc α-Al1β(Fe/V)γSi 

phase formed as a decomposition product, as a result of observations that the h-AlFeSi phase is 

metastable. Unfortunately, little discussion was provided regarding the tendency of one phase to 

form over another, and most authors simply attribute the formation of h-AlFeSi to "undercooling 

effects", citing Koh. The thermodynamic and kinetic considerations regarding the formation of 

the two phases will be discussed later.    

 
Figure 1.18. h-AlFeSi and α-Al1β(Fe/V)γSi as observed in an Al-θFe-1V-βSi alloy when spray-
cast (a) and strip-cast (b). Note the change in morphology observed from high cooling rate (a) to 
low cooling rate (b) [βλ].  
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Figure 1.1λμ Lamellar microstructures as observed in Al-Fe-V-Si alloys in literature. (a) Kalkanli 
and Angi [1θ], in thick melt-spun ribbons. (b) Jin et al. [7β], in spray-deposited material.  
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Figure 1.β0. Images from Koh et al. (a) [βλ], Jin et al. (b) [7β], and Amateu et al. (c) [7θ] 
showing a characteristic core-shell morphology of the h-AlFeSi and α-Al1β(Fe/V)γSi. 
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CHAPTER β 

EXPERIMENTAL PROCEDURE 

The following section outlines the methods and procedures used in the fabrication of 

specimens and the collection and processing of data, and provides reasoning behind the methods 

chosen. 

β.1 Melting and Casting 
The base material, for both experimental and baseline purposes, was an extrusion of 

RS800λ provided by Honeywell. The extrusion was λθ mm in diameter, and was produced with 

an area extrusion ratio of 8.8μ1. The composition of RS800λ is Al-8.ηFe-1.7Si-1.γV, in wt% [1]. 

Alloying additions of yttrium were added in the form of Y chips from Alfa Aesar (λλ.λ%). Early 

experimental alloys were made using pure aluminum ingot (λλ.λλλ%) and Fe chips from Alfa 

Aesar (λλ.λ8%) in addition to the Y chips. The fraction of yttrium oxide contained in the chips 

was not measured, but the thickness of the oxide scale produced during melting suggested that 

yttria was present in the melt stock. Also, it is likely that oxide was also formed during the 

melting process, as the highly reactive Y will form oxide in the presence of oxygen, likely still 

present in low levels in the vacuum chamber. However, energy-dispersive spectroscopy (EDS) 

data taken from wedge-cast samples indicated the Y content was sufficiently close to target 

compositions. Table β.1 lists the nominal compositions of the experimental alloys, in weight % 

and atomic %.  

Table β.1. Nominal compositions of the experimental alloys based on the nominal composition 
for RS800λ with a measured mass of Y added during alloying. Typical scatter in the EDS data 
was observed, but the average measured Y contents were very near to the target compositions. 

Alloy Al wt% (at%) Fe wt% (at%) V wt% (at%) Si wt% (at%) Y wt% (at%) 

RS800λ 88.η (λγ.β) 8.η (4.γ) 1.γ (0.7) 1.7 (1.7) N/A 

800λ+0.βηY 87.8 (λγ.0) 8.4 (4.γ) 1.γ (0.7) 1.7 (1.7) 0.8 (0.βη) 

800λ+0.ηY 87.1 (λβ.8) 8.4 (4.γ) 1.γ (0.7) 1.7 (1.7) 1.η (0.η) 

800λ+1Y 8η.8 (λβ.γ) 8.β (4.γ) 1.γ (0.7) 1.7 (1.7) γ.1 (1.0) 

For alloying and casting of experimental alloys, induction melting was chosen. The 

induction power supply was an Ambrell Easy Heat, with a maximum current of ~ βη0 A. The 

custom induction coil consisted of three turns and an internal diameter of θη mm, compared to a 

crucible outer diameter of γ8 mm. An image of a crucible during melting as seen through a 
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viewport in the vacuum chamber is shown in Figure β.1. During alloying, the coil and crucible 

were contained in a low vacuum chamber that was evacuated and backfilled with high-purity 

argon. At least two iterations of evacuating and backfilling were used to reduce the oxygen 

content as much as possible. During melting, a small positive pressure of Ar was used to prevent 

reintroduction of oxygen. The crucibles chosen were high-purity graphite, βη mL capacity, from 

SPEX SamplePrep. Graphite crucibles were chosen for thermal conductivity, induction coupling 

ability, and lack of reactivity with Al. Infrared pyrometers were used to track the temperature of 

the melt. Early alloying attempts in air revealed that the Y chips did not dissolve at temperatures 

above the liquidus temperature on the binary Al-Y phase diagram because of a lack of wetting 

behavior. To overcome this, a peak temperature of 1700 °C was chosen for alloying, in order to 

completely melt the Y chips (Tm = 1ηβγ °C) and allow for mixing. Time at peak temperature was 

limited as much as possible to prevent the vaporization of Al. In total, alloys did not remain 

liquid for more than γ0 minutes. Initial and final masses were measured for several of the 

experimental melts and, in every case, the loss of mass did not exceed 0.1 wt%. Each ingot was 

allowed to cool to β00 °C or lower before being exposed to the atmosphere.  

 
Figure β.1μ Graphite crucible and induction coil during an alloying melt as viewed through the 
quartz window in the vacuum chamber. Note that the number of turns in the coil shown exceeds 
the final design of three. Early coil iterations were unable to reach the target alloying temperature 
of 1700 °C. 

After the initial melting cycle, a second induction melting step was used to produce the 

alloy castings. Specifically, remelting was conducted in air in order to simplify the casting 

process. The ingots were left in the crucible after the alloying stage in order to limit additional 

oxidation, and the same crucible was used for the remelting and casting step. The prior oxide 
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layer was left in place to act as a barrier to further oxidation during melting. All alloys with 

sufficient fluidity were heated to λη0 °C for pouring. The 800λ+1%Y sample was poured at 1000 

°C, due to its relatively high viscosity. A proposed cause of the increase in viscosity will be 

discussed later. In all cases, the oxide scale was removed before pouring into a copper wedge 

mold. The wedge mold was selected in an effort to produce samples with widths of 10 mm, 

heights of approximately 40 mm, and thicknesses that varied from 0 mm at the base to βγ mm at 

the top. The resulting angle of the wedge mold was approximately βθ°. Figure β.β shows the 

wedge mold adjacent to a wedge-cast sample. The cooling rates achieved at different points in 

the wedge casting will be discussed later.  

For each composition, samples were cut from similar positions relative to the chill 

surfaces and tip (corresponding to similar cooling rates) with a LECO MSXβη0Mβ cutoff saw or 

a Buehler Isomet 11-1180 low speed saw and prepared for analysis. In the case of as-received 

extrusion samples, coupons were cut and organized by radial location and orientation within the 

extrusion. All samples used for optical microscopy, scanning electron microscopy (SEM) and 

microhardness were mounted and polished to 1 µm diamond and etched with Keller’s reagent if 

desired. TEM samples were prepared using traditional methods. Samples were manually ground 

to a thickness of approximately 1βη µm, punched into γ mm disks and then electropolished to 

perforation using a Fischione Model 1β0 twin jet polisher. A solution of γ0% nitric acid in 

methanol chilled to approximately -βη °C was used with a potential of ~ 1η V and current of ~ 

4η mA.  

 

Figure β.β. Images of the copper wedge mold (a) and resulting wedge casting (b). The angle of 
the wedge mold was set at approximately βθ°. Also visible is the high-purity graphite crucible 
used for induction melting. 

A B



γ0 
 

β.β Microscopy and Diffraction 
All SEM analyses were conducted using a JEOL JSM-7000F field-emission SEM at an 

operating voltage ranging from η to 1η kV. The microscope was equipped with an EDAX 

PV77η8/1η ME Energy Dispersive Spectroscopy (EDS) detector which was used to quantify 

alloy compositions and estimate intermetallic compositions. TEM was conducted on a Philips 

CM1β TEM operated at an accelerating voltage of 1β0 kV. The microscope was equipped with 

an EDAX PVλ7θ1/70-ME EDS detector, which was used to compare phase compositions. The 

photographic plates exposed on the CM1β were scanned using an Epson Perfection V7η0 Pro 

scanner at 1β00 DPI. Optical microscopy of the as-received material was conducted using an 

Olympus PMG γ metallograph equipped with a Paxcam camera.  

β.γ Analysis 
All image enhancements, diffraction data measurements, and digital volume fraction 

analyses were conducted using ImageJ freeware. A point counting method for phase fraction 

analysis was taken from VanderVoort, using a grid with 1β1 points [77]. Stitching together of 

SEM images was conducted using a stitching plugin for ImageJ created by Preibisch et al. [78]. 

Electron diffraction patterns were indexed using the JEMS software package [7λ]. Sample 

models and stereographic projections were built or sketched using SolidWorks. Graphs were 

made using Grapher 10 from Golden Software.  

β.4 Annealing Studies and Microhardness 
The thermal stabilities of the wedge-cast and extruded (as-received) microstructures were 

determined by conducting annealing treatments in air. A Carbolite box furnace was used, and all 

samples in each round of heat treatments were placed in the same location in the furnace and 

treated simultaneously. The temperature was measured with a K-type thermocouple placed at the 

location of the samples in the furnace. A treatment of 400 °C for βh was chosen based on the 

work of Park et al., who were mimicking the thermal history of the hot isostatically pressed and 

extruded dispersion strengthened RS800λ alloy [17]. The highest cooling rate regions of each 

wedge casting were selected because they contained the highest volume fraction of the 

microeutectic structure that will described below. All four wedge castings were heat treated 

together. Several sections of the as-received extrusion were also annealed using the same 

treatment in a separate furnace run. The samples that were cut represented the full thickness of 

the extrusion.   
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Hardness values were measured with a Leco Model β00 microhardness tester using a load 

of η0g and a dwell time of 10s. The load was chosen to produce the smallest indentations that 

were easily measurable, in order to take as many measurements as possible from small sample 

cross-sections. All reported Vickers hardness measurements were calculated as the average of at 

least 10 measurements at comparable locations in each sample, and the machine was calibrated 

using a standard before each session.  

β.η Chill Mold Thermal Model 
In order to estimate the cooling rate at each point in the wedge-cast samples, a thermal 

model was created using SolidWorks. A geometrically accurate model of the mold was 

constructed and divided along a mirror plane, allowing for testing nodes to be placed on the 

center plane. The majority of samples taken from the wedge castings were mounted to expose the 

center plane, consistent with the model. Parameters were set up to measure the average cooling 

rate of the liquid from the pouring temperature of λη0 °C to the estimated alloy melting 

temperature of 700 °C, which was based on previous observations during alloying. Each 

component was solid, but all physical constants (specifically density, heat capacity, and thermal 

conductivity) were established for a liquid Al sample in a solid Cu mold [80]–[8γ]. A contact 

resistance of 1 Kcmβ/W was used, based on values common to liquid-solid contacts [84].  

The limitations of the modeling software prevented more extensive modeling. 

Specifically, solidification and solid state cooling were not taken into account. Although the 

incorporation of the enthalpy of fusion would likely alter the calculated cooling rates, the model 

still provides a worthwhile first-order approximation. Solid state cooling, although typically 

significant for aluminum alloys, is not as critical when considering a dispersion-strengthened 

system. The samples reached room temperature within a few minutes of casting, which is far 

from the times and temperatures required to coarsen or transform structures in Al-TM systems, 

which are typically on the order of hours at temperature over γ00 °C [1η], [47]. That being said, 

a more involved thermal model of the system would likely yield useful information, and would 

be a worthwhile endeavor.  
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CHAPTER γ 

RESULTS 

The following section details the data that were collected as a part of the study, including 

baseline data from the RS800λ extrusion as well as all of the experimental alloys. Where 

necessary, limited discussion is included.  

γ.1 Observed Microstructures 
Optical microscopy, SEM, and TEM were used to collect images of the as-received and 

wedge-cast microstructures. The implications of the microstructures will be addressed in the 

discussion section. 

γ.1.1 RS8009 Extrusion 
The structure of the extrusion received from Honeywell provided a baseline for the 

dispersion-strengthened material. The structures that were observed were largely consistent with 

literature. 

Low-magnification optical microscopy examination of polished and etched sections (Fig. 

γ.1) revealed an obvious banded structure in the material where some regions were “light-

etching” and others “dark-etching”. The width and morphology of the bands varied with radial 

position within the extrusion, consistent with the varying amounts of plastic deformation during 

extrusion. 

 
Figure γ.1. Optical micrographs highlighting the banding observed in the as-received extrusion. 
Dark bands were found to correspond to regions containing coarser dispersoid particles than 
observed in the light bands. (a) Section taken from near the centerline of the extrusion, with wide 
bands. (b) Section taken from near the outer edge of the extrusion, with narrow bands.  

BA 
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The aspect ratio of the aluminum grains was investigated using dark-field imaging in the 

TEM. As expected, the aluminum grains are highly elongated along the extrusion direction. Near 

the outside of the extrusion, the grains were less than 1 µm wide, and greater than η µm in length 

(e.g. Fig. γ.β). The structure of the light-etching, fine dispersoid regions is consistent with the as-

melt spun material, consisting primarily of fine spherical dispersoids of cubic α-Al1β(Fe/V)γSi 

with diameters ranging from approximately β0 to 100 nm. Their distribution is random, as shown 

by the inset SADP in Figure γ.βb, and there is little agglomeration of particles (see higher 

magnification images in Fig. γ.γ). The structure represents the ideal structure for the alloy, and 

the small size of the dispersoids in the as-extruded state indicates that reasonable thermal 

stability has been achieved.  

 
Figure γ.β. Bright field TEM (BFTEM) (a) and centered dark field TEM (DFTEM) using one of 
the strong FCC Al reflections (b) pair highlighting an aluminum grain in the as-received 
extrusion. The sample was taken from near the outside of the extrusion, where the plastic 
deformation during extrusion is highest. Note the high aspect ratio of the selected aluminum 
grain. The rings in the SADP (inset in (b)) are associated with the randomly oriented α-
Al1β(Fe/V)γSi dispersoids [17], [γ0].  

The dark-etching bands were found to contain regions of significantly coarser particles. 

An SEM back-scattered electron (BSE) micrograph of the boundary between bands (Fig. γ.4), 

clearly show the difference in particle size. Upon closer examination, these coarser particles 

were shown to have a different crystal structure than the small dispersoids, and were identified as 

BA 
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the h-AlFeSi phase. Unlike the α dispersoids, the coarse h-AlFeSi particles were typically 

faceted in nature. Many different orientations were observed in close proximity, suggesting a 

lack of OR with the matrix, similar to the fine α dispersoids (e.g. Fig. γ.η). 

   
Figure γ.γ. BFTEM micrographs of the desirable fine particle dispersion in the as-received 
RS800λ extrusion. Note the range of particle sizes.  

 

 
Figure γ.4. BSE micrograph showing the boundary between a light band (left) and dark band 
(right) in the as-received RS800λ extrusion. The coarse particles in the dark band were observed 
to be at least an order of magnitude larger than those observed in the light bands.  
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Figure γ.η. BFTEM images taken from a coarse band in the as-received RS800λ extrusion. Fine 
α dispersoids are visible in the regions surrounding the coarser h-AlFeSi phase. As shown in (b), 
the beam is aligned close to the [0001] of the strongly diffracting h-AlFeSi particle.  

In addition to the coarse and fine bands, another microscopic feature was observed in the 

extrusion. At some locations, usually at the boundary between the dark and light bands, regions 

of nearly pure Al were observed occasionally (Fig. γ.θ). In most cases, the material in these 

regions tended to preferentially polish, leaving slight depressions at the polished surfaces. The 

regions were elongated along the extrusion direction as expected. No attempts were made to 

determine the source of these bands although they would clearly represent an important defect in 

the extrusions.  

γ.1.β Wedge-Cast 8009 
Remelting and chill casting of the RS800λ alloy (material hereafter referred to as “800λ”) 

yielded very different structures from those of the rapidly solidified ribbons as well as those of 

the sand castings of this alloy. The morphology and volume fraction of phases present varied 

greatly as a function of location/cooling rate within the wedge, including both distance from the 

tip and distance from the chill surface. Several different cooling rate regimes were examined, but 

the higher cooling rate structures were analyzed in greater detail, given their finer structure and 

potentially better properties.  

A B
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Figure γ.θ. Optical (a) and BSE (b) micrographs showing the pure Al regions observed in the as-
received extrusion. In both cases, the dark contrast is indicative of topographic relief. The 
regions tended to polish away preferentially because they were considerably softer than the 
matrix.  

Far from the tip of the wedge, the structure varied purely as a function of distance from 

the chill surfaces. All types of structures observed in the wedge are visible in Figure γ.7. The 

image extends from the prior chill surface to the edge of the chill effected zone. All of the 

material farther beyond what is shown to the inside of the wedge exhibits roughly uniform 

primary intermetallic morphology. The identity of the phases will be discussed in detail later. In 

addition to the intermetallic phases, coarse oxide needles were also observedν these were 

apparently introduced during the air melting and casting operations. EDS analysis of the needles 

revealed η4 at% O and 4η at% Al, consistent with AlβOγ. 

In the tip region of the sample, where the cooling rate was highest, the structure exhibited 

similar morphologies to the chill-affected zones farther up the wedge, but in larger volumes. A 

low-magnification BSE micrograph (Fig. γ.8) shows the scale of the structure. The vast majority 

of the volume is the microeutectic, with periodic coarse h-AlFeSi intermetallics, especially 

surrounding the oxide needles. There are multiple cases throughout the wedge castings that show 

the tendency of the h-AlFeSi phase to nucleate heterogeneously, which will be discussed in 

greater detail below. 

The microeutectic formed as distinct colonies, which appear to have little relationship to 

one another, except that their lamellar morphologies seem to indicate that parallel colonies grow 

relative to a common heat flow direction. At the boundaries between microeutectic colonies, the 
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structure varied somewhat, but normally included some width of single phase FCC (none of the 

intermetallic). Given the small solid solubility of the alloying additions in Al (Table 1.1), these 

regions can be assumed to be almost pure Al. The edges of the colonies were typically decorated 

with coarsened lamellae, with the same identity as in the microeutectic, presumably due to the 

slower solidification rate when compared with the bulk of the microeutectic (Figs. γ.λ and γ.10). 

With the exception of the lamellae that are apparently aligned with the direction of heat 

removal near the chill surfaces, the orientations of the eutectic lamellae do not follow a single 

direction within a colony, but rather tend to branch (Fig. γ.11). A potential explanation for this 

morphology will be discussed later. The volume fractions of constituents in the microeutectic 

were determined using both digital and point counting methods. An average value of ~ 40% α-

Al1β(Fe/V)γSi was found, averaged across the 800λ and 800λ+Y samples and including images 

highlighting different observed microeutectic morphologies. 

 
Figure γ.7. BSE micrograph showing the structure of the 800λ wedge casting far from the 
sample tip, with the region in contact with the prior chill surface at the bottom. The labeled 
structures are 1μ Primary Al dendrites, occurring at the highest undercoolings, βμ Primary 
intermetallics growing in a faceted fashionν γμ FCC Al + α-Al1β(Fe/V)γSi microeutectic, and 4μ 
Primary h-AlFeSi or other intermetallics in the Al matrix.  
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Figure γ.8. BSE micrograph of the tip region of the 800λ wedge casting. The black needles on 
the interior were identified as AlβOγ incorporated as inclusions during casting. The majority of 
the volume is the microeutectic, with some h-AlFeSi intermetallics that appear to have formed as 
a primary phase. Many of these intermetallics clearly nucleated heterogeneously on either pores 
or oxide needles. Some microhardness indentations are also visible. The jagged morphology at 
the far right resulted from fracture of the tip when breaking the sample out of the copper mold. 

 

 
Figure γ.λ. BSE micrographs showing microeutectic colony morphology near the chill surface of 
the wedge mold. (a) low magnification micrograph with arrows indicating the direction of colony 
growth relative to the chill surface, which was located at the bottom of the image. Note the 
broadening of the Al intercellular regions with distance from the chill. The dark spots are sample 
preparation artifacts. (b) typical Al regions outlining colonies of microeutectic, with coarser 
cubic intermetallics extending from the microeutectic. The three colonies at the bottom of the 
image appear to have grown away from the chill surface. 

AB 
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Figure γ.10. A BFTEM micrograph showing the boundary of a microeutectic colony. The fine 
microeutectic shown at the top terminates with some coarser particles on the edge of an Al-rich 
band.  

 
Figure γ.11. BSE micrograph highlighting the somewhat radial growth of microeutectic lamellae 
in the tip region. 

γ.1.γ Wedge-Cast 8009+Y 
The addition of small amounts of Y to the alloys resulted in small microstructural 

changes relative to the alloy without Y. The structure still consisted of the microeutectic in the 

highest cooling rate regions of the wedges, specifically the tips of the wedges, with periodic 
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coarse h-AlFeSi intermetallics within the microeutectic. Away from the chill surfaces, the 

structure was observed to contain primary coarse iron-rich intermetallics surrounded by FCC Al. 

The observed microeutectic and intermetallic morphologies are similar to those observed in the 

wedge-cast 800λ sample (Figs. γ.1β-γ.14).  

However, the main difference resulting from the Y additions was the presence of an 

additional crystalline phase, which was present as dispersed or clustered particles (Fig. γ.1η and 

γ.1θ). These particles were identified as YVβAlβ0, a phase common in other Al-RE-TM systems 

[4λ]. The particles were observed to have similar morphologies at all cooling rates within the 

wedges, suggesting that they probably formed in the melt prior to casting, i.e., prior to the 

solidification of the other constituents (microeutectic, h-AlFeSi, etc.). 

 
Figure γ.1β. BFTEM image of the microeutectic observed in the 0.βη% Y sample. Besides the 
introduction of a Y-containing intermetallic phase, no significant microstructural changes were 
observed. 

TEM analysis (Fig γ.17) revealed additional information regarding this phase. First, 

BFTEM images confirmed the observation that the particles tend to exist as clusters of particles 

in close proximity at the boundaries of eutectic colonies. An explanation for this phenomenon 

will be discussed later. Second, diffraction data and DF imaging revealed the presence of 

twinning in some of the particles, which is consistent with literature for isomorphic phases in 

similar systems [4λ]. 
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Figure γ.1γ. BSE micrograph of the tip of the 800λ+0.βηY sample. As in the wedge-cast 800λ 
sample, the structure consists mostly of the microeutectic with some h-AlFeSi intermetallic 
dendrites and a few large oxide needles. The smaller number of oxide needles present is not 
indicative of the overall behavior of the alloy. As in the tip of the wedge-cast 800λ sample, 
microhardness indentations are also visible.  

 

 

 
Figure γ.14. BSE micrograph of the 800λ+0.βηY sample away from the tip, created by stitching 
four separate micrographs together. The bottom edge of the image represents the prior chill 
surface. Note the transition from fine to coarse intermetallics, and the presence of microeutectic 
colonies.  



4β 
 

 

 
Figure γ.1η. BSE micrographs from the tip region of the 800λ+0.βηY sample. YVβAlβ0 particles 
are clearly visible and are incorporated into the microeutectic colony structure. Both micrographs 
have the same scale, demonstrating the observed differences in cluster morphology within 
regions of the sample with nearly identical cooling rates.  

 

 

 

 

 
Figure γ.1θ. BSE micrographs from the 800λ+0.βηY sample. (a) Tip region, in an area with 
coarser cubic intermetallics alongside coarse eutectic. (b) Region farther up the wedge beyond 
the eutectic in a primary coarse intermetallic region. Note the clusters of YVβAlβ0 marked by 
arrows in each case. The morphology of the particles remained largely constant across a wide 
range of cooling rates and microstructures.  
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The twins observed in RE-TMβ-Alβ0 crystals are {111}-type, consistent with the 

observations in the present study [4λ]. A BFTEM image and [011] SADP taken across a twin 

boundary (Fig. γ.18) indicate an OR of (111̄)Matrix//(111̄)Twin and [011]Matrix//[01̄1̄]Twin (180° 

rotation about the K1 plane), consistent with a {111}-type FCC twin. 

While the 800λ+0.βηY sample was the most studied of the Y-containing alloys, based on 

early favorable hardness measurements that will be discussed later, alloys with 0.η Y and 1 Y 

were also prepared. The 800λ+0.ηY sample was observed to be similar to the 800λ+0.βηY 

sample in nearly every respect, with the exception of a slightly larger volume fraction of the 

YVβAlβ0 particles, as would be expected. The 800λ+1Y varied considerably from the other two, 

however. Significantly, as previously mentioned, the temperature required to achieve fluidity 

during casting was higher. In spite of the elevated temperature, sufficient fluidity was not 

achieved to fill the wedge mold completely, resulting in the absence of a sharp tip at the bottom 

of the wedge casting. In the absence of the high cooling rate regions at the tip, little 

microeutectic was observed. Rather, coarser intermetallics were observed in the interior of the 

sample suggesting a relatively low cooling rate (Fig. γ.1λ). It is also possible that the high Y 

content, associated with a high volume fraction of YVβAlβ0, affected the formation of 

intermetallics through V depletion in the melt. The h-AlFeSi phase has only been observed in V-

containing alloys [βλ], [ηθ], [8η]. 

γ.1.4 h-AlFeSi Phase in Wedge Castings 
The h-AlFeSi intermetallic phase, which will be discussed in detail with regards to its 

crystallography later, was observed to exhibit multiple morphologies in all samples in the study. 

Specifically, it was observed to be a prevalent phase away from the chill surfaces of the wedge-

cast samples, although it was also observed nucleating adjacent to the chill surface as well as in 

predominantly microeutectic regions. Although several other intermetallics were observed, as 

expected in any Al-Fe system, the h-AlFeSi phase was easily identifiable by its strongly faceted 

growth and distinct branching characteristics. A coarse intermetallic region of the wedge-cast 

800λ sample is shown with a specific intermetallic morphology highlighted in Figure γ.β0. The 

size of the branches was usually related to the local cooling rate in each region, although coarse 

growth was common, especially in the presence of heterogeneous nucleation sites. Many 

branching “stars” contained inconsistent numbers of arms, likely due to the fast growth direction 

of the phase, which was found to be the [0001].  
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Figure γ.17. BFTEM images of the YVβAlβ0 phase as it was observed in the 800λ+0.βηY sample. 
The particle in (a) is shown in the lower magnification image (b). Two different particles were 
identified using diffraction. Note the close proximity of the particles. 

 

 

 

 
Figure γ.18. BFTEM image and SADP showing a {111}-type twin observed in a YVβAlβ0 region 
of the 800λ+0.βηY sample. 

ZA: [011] 
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There is some doubt that the faceted hexagonal phases observed in the slow cooling rate 

regions are the same as the long, faceted arms identified by TEM. However, the morphological 

similarities to identified structures in the literature (Fig. 1.1λb) and qualitative BSE contrast 

similarities indicate that they are indeed the same, in the absence of identifying diffraction data. 

At higher cooling rates, faceted arms of the h-AlFeSi phase were still observed, although 

the volume fraction was dramatically reduced. An isolated “star” of the h-AlFeSi phase among 

microeutectic colonies in the wedge-cast 800λ sample, a typical morphology, is shown in Figure 

γ.β1a. Also shown is the location of a Focused Ion Beam (FIB) TEM liftout taken from a similar 

intermetallic in the sample to produce the TEM image in Figure γ.β1b. When viewed in this 

orientation, the θ-fold faceting is clearly visible. Diffraction data taken from several points 

confirm that the foil normal is indeed close to the [0001], suggesting that this is the fast growth 

direction for this phase.  

As mentioned before, the h-AlFeSi phase in the higher cooling rate, microeutectic-

dominated regions frequently appeared to have nucleated heterogeneously. The implications of 

this will be discussed later. The nucleation sites varied greatly and included pores, the chill 

surface, and a range of existing phases (e.g., Fig. γ.ββ). The small melt volumes and unavoidable 

oxidation of the samples resulted in an abundance of oxide particles, which served as nucleation 

sites in many cases (Fig. γ.8). 

 
Figure γ.1λ. BSE micrographs of structures observed in the 800λ+1Y sample. (a) intermetallic 
with apparent 10-fold growth, consistent with a morphology reported for Al1γFe4 (AlγFe)when 
cooled at a rate of approximately 14 °C/s [γ4]. (b) large network of unidentified coarse needle-
like intermetallics. Such needle-like morphologies are common for the AlγFe phase in Al-Fe 
alloys under slow cooling conditions [1θ]. 
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Figure γ.β0. BSE micrograph from the 800λ wedge-cast sample showing intermetallics with 
what appears to be hexagonal morphology, presumed to be the h-AlFeSi phase identified below. 
In most cases, branches emanate from a single nucleation point. Splitting of the arms was also 
commonly observed. The arrow indicates what is likely a wide arm growing normal to the image 
plane. Six-fold faceting is clearly visible, with splitting of the arm occurring at several points 
around the radius. The same phenomenon is observed in later images.  

 

 

 

 
Figure γ.β1. Micrographs from the wedge-cast 800λ sample near the chill surface. (a) BSE 
micrograph showing an h-AlFeSi star similar to the source of the FIB TEM liftout. The specific 
arm was not imaged, but the branches in image B exhibit similar width, splitting, and branching 
behavior. The arrow indicates a representative plane of sectioning for the FIB foil. (b) low 
magnification BFTEM image of a FIB TEM liftout taken across the width of an h-AlFeSi 
dendrite arm, with a foil normal chosen to be close to the fast growth direction of the arm. Note 
the facets visible around the edges of the intermetallic.  
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Figure γ.ββ. BSE micrographs from the 800λ+0.βηY sample, highlighting heterogeneous 
nucleation of the h-AlFeSi phase. (a) h-AlFeSi arms growing from a pore, likely caused by a 
bubble trapped during the wedge casting process. Facets are visible at the ends of several arms. 
(b) h-AlFeSi dendrites that nucleated and grew from the high Z phase shown. EDS analysis 
indicated that this is likely metallic Y. 

γ.β Diffraction and Phase Identification 
Both SADPs and CBPs were used to identify the phases in each alloy. Below is a 

breakdown of the specific diffraction data used to identify each phase. In some cases, several 

duplicates exist, since many phases were observed with different morphologies as a function of 

processing conditions and alloying differences. In such cases, the cleanest or most complete 

diffraction data were chosen for presentation.  

γ.β.1 Cubic Phase: α-Al12(Fe/V)3Si 
The cubic phase, often referred to as α-AlFeSi, was observed in all samples. In the 

extrusion, it was observed as the fine dispersiods. In the wedge-cast samples, it was present as a 

microeutectic constituent along with the FCC Al phase. The crystallography of the phase is well-

known (bcc Imγ̄ space group, a ~ 1.βθ nm), so all diffraction work simply served to confirm its 

identity [18]. Two major zones used to confirm the identity of the α phase are shown in Figure 

γ.βγ.  

γ.β.β h-AlFeSi Phase 
The h-AlFeSi phase (with approximate measured composition of Al-14Fe-γV-βSi) was 

observed in all samples. In the extrusion, the phase appeared as coarse, faceted particles, 

approximately 0.η - 1 µm in diameter. In the wedge-cast samples, the h-AlFeSi phase appeared 

as primary coarse intermetallic dendrites typically in the interior of the sample (away from the 

BA 
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chill surfaces) indicating that it forms at slightly lower cooling rates/undercoolings. This phase 

frequently had somewhat faceted dendrite arms and appeared to grow away from a variety of 

nucleation sites within the microeutectic (e.g. Fig. γ.ββ above). SADPs were used to determine 

the structure and lattice parameters and convergent beam patterns (CBPs) the symmetry of the 

phaseν these are shown in Figures γ.β4 and γ.βη, respectively. Measurements from all zone axes 

were used to determine lattice parameters for the crystalμ a ~ β.4η nm and c ~ 1.βη nm. The [101̄

0] and [11β̄0] CBPs both exhibited βmm whole pattern symmetry. According to the tables 

provided by Buxton et al. [8θ], the only possible point group that fits the structure is θ/mmm. 

Only four space groups exist for this point group. The presence of complete rows of reflections 

narrows the group to βμ Pθ/mmm and Pθ/mcc. The structure factor for Pθ/mcc causes complete 

absence of 0001-type reflections, so a Pθ/mcc crystal with c = X and a Pθ/mmm crystal with c = 

βX would produce identical SADPs down the [11β̄0] and [101̄0] zones. Thus, a non-basal zone 

axis is required to distinguish between the two possible space groups. The [11β̄γ] zone was 

located, and the angle from the [11β̄0] zone was measured to be βθ.β°, consistent with the β7.0° 

expected for a Pθ/mmm crystal. A Pθ/mcc crystal with the same diffraction data would have 

produced an angle of 4η.η° [ηβ], [87]. A similar analysis was conducted by Koh et al. [βλ] who 

used a similar approach to distinguish between these hexagonal space groups. 

 
Figure γ.βγμ Cubic <001> and <111> zones used to confirm the identity of the cubic α phase. 
Measured a ~ 1.βγ nm, compared to a literature value of 1.βθ nm. The measured angle between 
zones is listed without parentheses, while the value with parentheses is the actual value.  
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Figure γ.β4. SADPs from three zones of the h-AlFeSi crystal. The lattice parameters were 
measured to be a ~ β.4η nm and c ~ 1.βη nm.  
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Figure γ.βη. CBPs from three zone axes of the h-AlFeSi phase. The whole pattern symmetries 
are indicated for the two patterns on the right and the [11β̄γ] has m whole pattern symmetry. The 
mirror planes are marked with dashed lines. 

γ.β.γ Y-Containing Phase: YV2Al20 
The YVβAlβ0 phase appeared in all of the Y-containing samples, as primary clusters of ~ 

0.η to 1 µm particles. This phase is consistent with the family of RETMβAlβ0 compounds with 

the Fdγ̄m space group [4λ]. Since the compound is well documented, diffraction was used only 

to confirm its identity in these alloys. The lattice parameter was measured to be a ~ 1.4γ nm, 

consistent with the literature value of 1.4η nm [4λ]. SADPs (Fig γ.βθ) taken from three adjacent 

zone axes from one of the particles are consistent with the diamond cubic structure. It is worth 

noting that the forbidden 00β reflections visible in the [110] diffraction pattern are present due to 

double diffraction. It should also be noted that the intense γ11 and 440-type reflections visible in 

the [γγβ̄] pattern are expected for this crystal. Similar high 440 intensities were observed in 

<111> diffraction patterns taken separately (Fig. γ.β7). 
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Figure γ.βθ. SADPs from the YVβAlβ0 phase. The measured lattice parameter is a ~ 1.4γ nm in 
agreement with the literature value of 1.4η nm. 
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Figure γ.β7. <111> SADP from a second particle of YVβAlβ0 showing the presence of intense 
ββ0 reflections, as observed in the [γγβ̄] zone in Figure γ.βθ. 

γ.γ Thermal Stability 
As mentioned previously, a treatment of 400 °C for βh was chosen to simulate the 

thermal history experienced by rapidly solidified ribbons during consolidation and extrusion [17] 

and because it is higher than the target application temperature of γ00 °C. The sample sections 

chosen for the heat treatments were taken from near the wedge tips, which contained the highest 

volume fraction of the desired microeutectic. The hardness data in Figure γ.β8 indicate that all 

wedge-cast samples experienced a fairly significant loss of hardness, on the order of β0%. Even 

so, the annealed hardnesses are all higher than those of the extrusion. Sections of extrusion were 

also included in the annealing study and, as expected, there was no loss of hardness as a result of 

the treatment. It should be noted that the load used for microhardness (η0 g), produced relatively 

small indentations (~ βη m) compared to typically accepted practice. The indentation size was 

chosen based on limited sample volume, but the hardness values may not be trusted on an 

absolute scale. However, all samples and conditions were tested using the same conditions, so 

the relative hardnesses in Figure γ.β8 are likely still valid.  

Based on the BSE micrographs in Figure γ.βλ, it is clear that the microeutectic in the 

wedge castings coarsened and spheroidized slightly during the annealing treatment. No 

coarsening of the YVβAlβ0 particles was observed in the Y-containing alloys (Fig. γ.βλc and d), 

as expected based on the stability of the phase. 
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Figure γ.β8. Plot of Vickers microhardness vs. sample condition for the wedge-cast alloys. The 
black error bars for each alloy indicate the as-cast condition, while the gray error bars indicate 
the annealed condition. The dotted line below the experimental alloys indicates the average 
hardness measured for the as-received RS800λ extrusion. Sections of the extrusion were also 
subjected to the same annealing treatment, but showed no measureable loss of hardness.  
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Figure γ.βλ. BSE micrographs of the cast and annealed microstructures (a) 800λ sample before 
annealing and (b) after annealing at 400 °C for βh. No difference in the size or morphology of 
the YVβAlβ0 particles was observed in the 800λ+0.βηY sample between the cast (c) and annealed 
(d) conditions.  
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CHAPTER 4 

DISCUSSION 

The following section elaborates on the previous section to include explanations for the 

structures observed. Discussion is also included regarding the significance of the data as related 

to the literature and the stated goals of the study.  

4.1 Microstructures 
The identities and morphologies of the phases and constituents in the various wedge-cast 

800λ alloys with and without Y were successfully characterized in the current study. 

Significantly, the lamellar α-Al + α-Al1β(Fe/V)γSi microeutectic has a higher hardness than the 

dispersion-strengthened RS800λ and also appears to be reasonably stable at 400 °C for βh in 

spite of the slight coarsening observed. The compositions of the different intermetallic phases 

identified and observed in the present study are listed in Table 4.1 below. The compositions of α-

Al1β(Fe/V)γSi and h-AlFeSi were obtained by averaging the EDS values obtained from different 

particles/regions, and differed slightly from the compositions listed by Jin [7β] and Ezersky [ηθ], 

both in absolute and relative values. However, they were within the scatter expected for EDS 

analysis. Given the close compositions and inherent scatter, the α-Al1β(Fe/V)γSi and h-AlFeSi 

were determined to be indistinguishable using EDS alone (an opinion shared by Jin).  

Table 4.1. Compositions of the intermetallic phases observed in the experimental alloys (in at 
%). Included for comparison are measured compositions from Jin et al. [7β] and Ezersky et al. 
[ηθ]. Note that Ezersky reported Fe and V together and indicated that that the h-AlFeSi and α-
Al1β(Fe/V)γSi phases were found to have approximately the same composition.     

Phase Al  Fe V Si Y 

α-Al1β(Fe/V)γSi (This study) 74.4 18.η 0.7 θ.4 0 

α-Al1β(Fe/V)γSi (Jin) 7θ.η7 1η.θ1 1.λγ θ.1λ 0 

h-AlFeSi (This Study) 81.λ 1γ.θ β.7 1.8 0 

h-AlFeSi (Jin) 7θ.γθ 1η.λ1 1.84 η.87 0 

h-AlFeSi (Ezersky) 77.4 (14.8) (14.8) θ.λ 0 

YVβAlβ0 (This study) 77.8 0.8 18 0.1 γ.γ 
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4.1.1 Cubic Phase: α Al12(Fe/V)3Si 
The cubic α-Al1β(Fe/V)γSi phase in the RS800λ extrusion appeared as almost spherical 

dispersoids on the order of β0-100 nm, consistent with the literature. The high undercooling 

during RSP results in nucleation of many small primary α-Al1β(Fe/V)γSi (or occasional i-phase) 

particles that do not grow significantly. Subsequently, at higher undercoolings, the α-Al phase 

nucleates and starts to grow and, depending on its growth velocity, which is a function of 

undercooling, it interacts with these dispersoids to form the microcellular (Zone A) and cellular 

(Zone B) structures observed [β7], [β8]. Unlike most alloys undergoing solidification, RS800λ 

appears to experience what may be homogeneous nucleation due to the precursor formation of 

icosahedral clusters in the liquid [β7], [88]–[λ1]. Since α-Al1β(Fe/V)γSi is an icosahedral 

approximant, these clusters serve as suitable nuclei for this phase as well as the QC phase [βλ]. 

Since the QC phase appears to be less stable than the α-Al1β(Fe/V)γSi phase in RS800λ, it is 

possible that QC nuclei or dispersoids transform to α-Al1β(Fe/V)γSi during the recalescence stage 

[βλ]. More likely, it is possible that the nuclei grow as α-Al1β(Fe/V)γSi from the beginning, due 

to their structural similarities. The presence of Si in the alloy in significant amounts appears to 

favor the growth of α-Al1β(Fe/V)γSi due to its destabilization of the i-phase [8λ], [λβ]. In the 

related Al-Cu-Fe QC-forming system, the introduction of Si causes the formation of a 1/1 cubic 

approximant instead of the i-phase. An interesting observation in that system is the wide range of 

lattice parameters for this compound that was observed, ranging from 1.1θ to 1.4β nm (all Pmγ̄), 

increasing with increasing Si content [λβ]. In a less thorough study, a change in the morphology 

and loss of QC volume fraction was also observed when Si was added to an Al-Fe-V alloy [8λ].  

In the experimental wedge castings, the cubic α-Al1β(Fe/V)γSi phase formed a 

microeutectic structure with α-Al. This structure has been observed in other studies in small 

volumes, but not on the scale observed here. The formation of a large volume of microeutectic of 

α-Al1β(Fe/V)γSi and α-Al is not expected when considering the Al-Fe-Si ternary under 

equilibrium conditions, but instead demonstrates the presence of a metastable coupled zone of 

significant width [β4], [βθ].  

With regard to morphology, the microeutectic is best described as eutectic colonies, with 

distinct boundaries. This phenomenon can be explained due to the complexity of the alloys in the 

study. Research by Plapp et al. [λγ] and Akamatsu et al. [λ4] showed that eutectic systems will 

form fingers of eutectic colonies similar to those observed in the present study when an impurity 
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solute is introduced, which leads to constitutional supercooling. If an impurity component is 

rejected by both phases, the resulting instability of the lamellar structure will result in a 

morphology in which the local direction of lamellar growth will deviate from the direction of 

colony growth. The resulting structure is described as “dendritelike,” with β-phase eutectic 

colonies growing in the direction of heat extraction [λγ], [λ4]. For example, “dendritelike” arms 

of microeutectic observed near a chill surface (Fig. 4.1) and at higher magnification in Figure 

4.βa appear to be consistent with the types of instability caused by impurity atoms (Fig. 4.βb). 

However, in the present study, no enrichment of any solute was detected at colony boundaries, 

suggesting a different explanation. Although the observed instability is indeed similar in 

appearance, it is likely that the presence of an unstable eutectic front is instead the result of the 

significant thermal undercooling in the chilled liquid, rather than constitutional supercooling. In 

addition to the lamellar structure, rod-like eutectics were also observed occasionally. The 

distinction between the two morphologies is not always clear, and both morphologies can occur 

in the same wedge casting. For instances in which rods and plates were both present in the same 

microeutectic colony, the rod morphologies were typically found at or near the center of the 

colony. A similar phenomenon was observed in the NiAl-CrMo eutectic system by Cline et.al 

(Fig 4.γb) [λη]. In both cases, rod morphologies were common at the center of eutectic cells, 

with lamellar structures growing radially toward the eutectic colony boundaries (Fig. 4.γ). The 

widths of the lamellae appear to increase as the cell boundary is approached, indicative of 

slowing due to recalescence. Consistent with the research by Plapp and Akamatsu, the colony 

formation in the NiAl-Cr system resulted from the addition of significant quantities of Mo to an 

otherwise stable eutectic system. At lower levels, Mo was found to substitute with Cr without 

causing cellular growth of eutectic colonies [λγ], [λ4].  

In the present study, the volume fraction of α-Al1β(Fe/V)γSi in the microeutectic was 

found to be ~ 40%, averaged across all samples and microeutectic morphologies The fraction is 

higher than what would be expected for a mixture of rod and lamellar eutectics, which should be 

closer to a theoretical transition value of 1/π (γβ% minor phase) [λθ]. A range of phase volume 

fractions was observed, from β8% to 4θ%, which suggests the mixture could vary sufficiently to 

produce both structuresν however, no clear difference in constituent fractions was observed 

between images composed of fully and partially lamellar eutectics. 
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Figure 4.1. BSE micrograph from the present study showing the growth of “dendritelike” fingers 
of microeutectic away from the prior chill mold surface, visible at the bottom of the image. 

 

 

 

 

Figure 4.β. Micrographs showing eutectic colony formation. (a) BSE micrograph from the 800λ 
wedge casting in the study, showing microeutectic colonies. (b) optical micrograph of a 
transparent organic eutectic alloy (CBr4-CβClθ) doped with naphthalene from Akamatsu, which 
shows the formation of eutectic colonies due to the introduction of an impurity that is not 
incorporated into either phase. The same phenomenon is observed in metallic eutectic systems 
[λγ], [λ4]. Note the lack of directionality of the lamellae in both cases.  
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Figure 4.γ. SEM micrographs of eutectic cells, highlighting the combination of rod and lamellar 
eutectics possible in some systems. (a) BSE micrograph from the 800λ+0.βηY wedge casting, in 
which multiple microeutectic cells are visible. Clusters of YVβAlβ0 are visible as well, but do not 
appear to have a significant effect on the colony morphology. (b) SEM micrograph of a 
NiAl+(CrMo) directionally solidified eutectic from Cline, showing CrMo rods and plates visible 
after etching away the NiAl phase [λη]. In both cases, note the presence of smaller rods in the 
interior of the colonies, with wider lamellae as the colony boundaries are approached.  

Several attempts were made to identify an OR between the α-Al1β(Fe/V)γSi and α-Al 

phases in the microeutectic, but no clear relationship was observed. Similarly, no preferential 

growth directions for the microeutectic were successfully identified. Although an OR is 

frequently observed in coupled growth systems, it is possible that no clear OR between the two 

phases exists. During studies related to the phase evolution during annealing of similar alloys, 

neither Bendersky et al. [γ0] nor Park et al. [17] observed an OR between dispersoid particles 

and the Al matrix, even when analyzing α-Al1β(Fe/V)γSi particles that nucleated from metastable 

phase decomposition during annealing. The same was observed separately by Koh et al. [βλ] and 

Amateau et al. [7θ], the latter of which stated the lack of relationship to be "clear". 

 The properties of fully eutectic microstructures in Al alloys are not always favorable, but 

the scale of the microeutectic in the current study makes it more favorable. In eutectic Al-Si 

binaries, the cast structures are typically brittle (~ 1-γ% elongation), which is unacceptable for a 
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metallic alloy for most structural applications [λ7], [λ8]. However, Fat-Halla et al. [λ7] showed 

that modifying the lamellar structure to produce finer, rod-like structures, specifically by the 

addition of Sr as shown in Figure 4.4, dramatically increased ductility up to ~ λ%. Another 

method of improving ductility was investigated by Soung et al. [λλ], who improved the 

properties of a eutectic Al-Si alloy through multiple cold-rolling steps followed by heat 

treatment, resulting in a distribution of spheroidized Si particles (Fig. 4.η). The mechanical 

deformation and heat treatment method could potentially be used on the Al-Fe-V-Si system as 

well, although the scale of the microeutectic suggests that ductility should already be somewhat 

higher than that of cast Al-Si.  

 
Figure 4.4. Light optical micrographs of Al-1.β7Si eutectic alloys without (a) and with 0.0β% Sr 
(b) - from Fat-Halla et al. [λ7].   
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Figure 4.η. Micrographs from Soung et al. [λλ] showing the structure of eutectic Al-1β.ηSi 
eutectic alloy as cast (a) and after three cold reductions of θ0% followed by a heat treatment of 
ηη0 °C for 4 h. 

4.1.β h-AlFeSi Phase 
The h-AlFeSi phase, with approximate composition shown in Table 4.1, was observed in 

all samples. In the extrusion, this phase was first observed as relatively large, faceted dispersoids 

when analyzing the dark-etching bands of the extrusion. These particles were coarser than the 

desirable α-Al1β(Fe/V)γSi dispersoids.  

In the wedge castings, the formation of the metastable h-AlFeSi phase was associated 

with lower undercoolings, where formation of metastable primary or eutectic α-Al1β(Fe/V)γSi 

becomes mixed with these coarser structures. In many cases, as shown in Figures 1.1λ and γ.η, 

α-Al1β(Fe/V)γSi and h-AlFeSi form in a competitive manner. The observed regime of 

competitive growth kinetics suggests that at intermediate cooling rates and associated 

undercoolings, the formation of both phases is possible (consistent with the observed structural 

relationship), but the α-Al1β(Fe/V)γSi + α-Al eutectic appears to have faster growth kinetics and, 

therefore, is the dominant structure. During solidification, when the h-AlFeSi phase is able to 
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nucleate, it forms coarse faceted dendrites and rejects solute-depleted Al into the interdendritic 

regions (Fig. 4.θ). This was observed primarily in regions of lower undercooling, as expected, 

but was also observed in cases of nucleation on large pre-existing phases such as inclusions (Fig. 

4.θa) or the chill mold surface (Fig. 4.θb).   

At lower solidification velocities (undercoolings) both in the wedge-cast alloys studied 

here and in the literature, the volume fraction of h-AlFeSi was found to increase, consistent with 

a regime in which the growth kinetics of the h-AlFeSi exceeds those of the microeutectic. In 

addition to the two phases of interest, Jin also observed the presence of AlγFe intermixed with h-

AlFeSi and α-Al1β(Fe/V)γSi particles (Fig. 4.7), which were identified using SADPs [7β]. As 

mentioned previously, most rapidly solidified Al-Fe-V-Si alloys fall within the AlγFe field in a 

liquidus diagram such that the formation of this phase is thermodynamically favored but not 

always observed due to its relatively slow formation kinetics [β4], [βθ]. 

In the wedge-cast samples, the h-AlFeSi phase was observed to exist as faceted dendrites, 

which appear to have nucleated and grown as a primary phase into an undercooled liquid. In the 

high cooling rate regions of the sample, the large faceted arms were shown to branch as they 

grew radially from a common nucleation site. As mentioned previously, there is strong evidence 

to suggest that the h-AlFeSi phase observed in these regions of the sample forms as a result of 

heterogeneous nucleation. The morphology of the long, faceted arms surrounded by Al appears 

indicative of primary formation in an undercooled liquid, with the Al formation the result of the 

rejection of Al into the liquid surrounding the coarse h-AlFeSi dendrites. The particles in the 

slower cooling rate regions are presumed to be the same phase, but this was not confirmed by 

doing TEM analysis. Figure 4.8 highlights the morphological similarities that lead to the 

assumed identity of the more equiaxed, faceted particles observed near the center of the wedge 

castings. 

An OR between the h-AlFeSi phase and the matrix was not obvious, although a detailed 

analysis was not conducted. In the extrusion, a large variety of orientations of h-AlFeSi were 

observed within a single Al grain further suggesting a lack of an OR. These finding are similar to 

those observed by Kalkanli et al. [1θ], in which a hexagonal phase was shown to form with 

random orientation relative to the matrix, and the findings of Koh et al. [βλ], who observed no 

OR between the h-AlFeSi phase and the FCC Al matrix.  
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Figure 4.θ. Obervations of the h-AlFeSi nucleating heterogeneously in regions of high 
undercooling, presumably due to highly favorable nucleation conditions such as solid inclusions 
(a) or the chill mold surface (b).  

 

 

 

 

 
Figure 4.7. Observed coarse dispersoids in a spray-cast Al-Fe-V-Si alloy showing the presence 
of three phases of similar morphologyμ α-Al1β(Fe/V)γSi (α-AlFeSi), h-AlFeSi, and AlγFe 
(Al1γFe4) [7β]. 
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Figure 4.8. Micrographs of coarse intermetallic phases observed in the wedge castings. (a) low-
magnification BFTEM image showing the cross-section of a faceted h-AlFeSi dendrite taken 
from the 800λ wedge-cast sample, whose morphology is typical of a primary intermetallic in a 
high cooling-rate region. (b) BSE micrograph of the primary intermetallic region beyond the 
microeutectic in the center of the 800λ wedge casting. The arrow in (a) highlights the region of 
Al in the center of an h-AlFeSi dendrite, which appears to be similar to the morphology 
highlighted in (b).  

4.1.γ Y Additions: Intermetallic Formation 
The original reason for adding Y to the experimental alloys was to decrease the atomic 

mobility in the liquid prior to solidification and was based on the known glass formability of Al-

Y binary alloys. Large rare earth elements such as Y are believed to result in dense topological 

packing in liquid Al and greatly slow diffusion in the liquid [41]. However, the current study 

indicated that the main influence of Y additions was to cause the formation of primary YVβAlβ0 

intermetallics in the melt. The high liquid viscosity of the Y-containing alloys during the casting 

process suggests that these YVβAlβ0 particles existed in the melt in excess of 1000 °C, hundreds 

of degrees above the melting point of 800λ, which was observed to be around 7η0 °C. It is 

possible that the particles were formed during solidification after the first melting step, and 

remained undissolved in the liquid during the second melting and casting step, which involved a 

lower superheating temperature and a shorter time. This is consistent with a recent study by 

Coury et al. [4λ], in which it was shown that the same phase forms at high temperature in the 

chemically similar Al-Mn-Ce system. In that study, the authors showed that Ce preferentially 

formed stable CeMnβAlβ0 instead of being incorporated into the i-phase that forms in Al-Mn 

alloys, as had been erroneously reported in previous literatureν e.g., [4λ]. 
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The YVβAlβ0 and CeMnβAlβ0 phases belong to a large family of compounds based on the 

PrCrβAlβ0 (or generally, RE-TMβAlβ0) structure. The rare earth elements are typically lanthanides 

and are known to include La, Ce, Pr, Sm, and Yb. Y is an example of a non-lanthanide element 

that forms this compound. Transition elements known to form this compound include Fe, Ru, Os, 

Co, Ir, Rh, Ni, V, and Ti. In addition, Zn is known to substitute for Al in the compound. 

Although the compounds are well-known for their magnetic and electronic properties, little 

information regarding their thermal stability or their effects on mechanical properties are 

available [4λ], [100]. 

In the wedge-cast microstructures, the YVβAlβ0 particles of approximately uniform size 

were observed throughout the thickness of the samples, in agreement with the suggestion that 

they formed in the liquid at high temperature, and did not coarsen significantly. The presence of 

clusters of these particles most commonly at microeutectic colony boundaries suggests that the 

clustering and location of the particles were driven by the formation of other structures. Rohatgi 

et al. [1β] discussed that the critical interface velocity of a solidification front required to engulf 

solid particles is a function of several factors including particle size, surface energy differences, 

and viscosity. An interface velocity above the critical velocity causes the particles to be engulfed 

by the growing solid and dispersed uniformly. In practice, the critical velocities are very high 

when considering particle sizes common to metal matrix composites, which are on the same 

scale as the YVβAlβ0 particles observed in the Y-containing wedge castings. In addition, critical 

velocities calculated using the method shown by Rohatgi are based on a planar solidification 

front, and an unstable front (such as the dendritelike colony growth observed in the present 

study) further increases the critical velocity required for engulfment. Therefore, it would be 

expected that the solidification front in the present study would displace the particles, rather than 

incorporate them. This is consistent with the observation that the majority of the YVβAlβ0 phase 

was observed at microeutectic colony boundaries, associated with the last liquid to freeze during 

solidification. It should also be noted that the YVβAlβ0 particles were not observed to act as 

nucleation sites for other stable intermetallics.  

4.1.4 Cooling Rate Estimates 
The SolidWorks thermal model outlined previously yielded the liquid cooling rate 

estimates listed in Table 4.β. Care was taken to produce the most accurate estimate possible for 

the given system, but the limitations of the model should be taken into consideration. The model 
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provides a valuable first-order approximation, but development of a more extensive model would 

be a worthwhile undertaking as an extension of this study.  

Table 4.β. List of average cooling rates at different locations in the wedge. The cooling rates 
were calculated as an average cooling rate from the pouring temperature to the observed alloy 
melting point. The cooling rate at the chill surface was included because it represents an estimate 
of the minimum cooling rate at which the microeutectic was consistently observed in the wedge-
cast samples.  

Sample Location Average Cooling Rate (°C/s) 

Sample Tip (maximum) ββ80 

Sample Top at Midpoint (minimum) γ88 

Chill Surface at Half Height (moderate) 808 

The cooling rate predicted by the model, if accurate, predicts a cooling rate in the middle 

of two extremes common to processingμ casting and melt spinning. Typical casting procedures 

produce cooling rates on the order of 1-10 °C/s, depending on the mold material (with sand 

casting at the lower extreme and steel mold casting at the upper end), while melt spinning 

generally produces cooling rates on the order of 10η-10θ °C/s. Gas atomization is reported to 

produce cooling rates in the same range (10γ-104 °C/s), but the small atomized powder particles 

are smaller than the scale of many of the structural zones produced by wedge mold casting, 

providing less information and structural variety [1θ], [γ4].  

4.1.η Relative Phase Stability 
The presence of a microeutectic adjacent to a primary intermetallic phase produced at a 

slower cooling rate (lower undercooling) suggests there is a metastable coupled growth regime 

below the eutectic reaction temperature. As described by Kurz and Fisher [101], the range of 

undercooling and composition where coupled growth occurs typically skews towards the faceted 

phase due to the fact that the faceted phase has slower growth velocities for a given undercooling 

when compared with the non-faceted phase (Fig. 4.λ). As the undercooling (cooling rate) 

decreases, it moves the alloy out of the coupled growth regime and usually leads to the formation 

of the faceted phase and a primary phase rather than the eutectic mixture. However, in this case, 

the primary h-AlFeSi phase is observed in the interior of the sample rather than primary α-

Al1β(Fe/V)γSi. Both phases form in metastable equilibrium with α-Al, and have similar 

compositions and it is clear that the h-phase and the microeutectic have similar formation 
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kinetics in the alloys studied. Using hot stage TEM experiments, Koh et al. showed that the α-

Al1β(Fe/V)γSi phase is more stable and that the h-AlFeSi will decompose to α-Al1β(Fe/V)γSi if 

annealed above η00 °C. [βλ]. Therefore, the formation of h-AlFeSi in the regions of lower 

undercooling is not due to the formation of a structure closer to equilibrium, but rather appears to 

be the result of competitive metastable growth kinetics as discussed previously. 

 
Figure 4.λ. Schematic metastable phase diagram and temperature vs. growth rate curves for 
representative metastable coupled growth from Fisher and Kurz [10β]. In the example system,  
is the faceted phase.  

As mentioned previously, the observation of the microeutectics of α-Al1β(Fe/V)γSi and α-

Al appears to refute the suggestion by Koh et al. that the only phases that nucleate directly from 

an undercooled liquid are the α-Al, h-AlFeSi, and i-phases [βλ], since the coupled growth of α-

Al1β(Fe/V)γSi and α-Al suggests that a metastable equilibrium between the two phases. Although 

the decomposition reaction from h-AlFeSi to α-Al1β(Fe/V)γSi was observed by Koh et al. [βλ], 

the formation of α-Al1β(Fe/V)γSi by decomposition is an insufficient explanation for the 

morphologies of the core-shell structures observed in that and other studies (Fig. 1.β0), since the 

morphologies of the shells are inconsistent with the observed morphologies for h-AlFeSi 

particles in the absence of a shell (Fig. 1.1λa).In addition, most post-solidification processing 

conditions for commercial RSP Al-Fe-V-Si alloys do not exceed 400 °C, well below the η00 °C 

reportedly required for complete h-AlFeSi decomposition. The nearly complete decomposition 

of h-AlFeSi that would be required to form dispersions of α-Al1β(Fe/V)γSi would be unlikely. 

The annealing treatment in the present study led to a significant (~ β0%) loss of 

microhardness for the wedge-cast samples, but not for the extrusion. The experimental data 

110 
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suggest that the hardness drop is not due to any phase transformation at 400 °C, but instead is 

due largely to coarsening of the microeutectic structure. As previously discussed, the extrusion 

had already been exposed to a thermal treatment of a similar nature, so the lack of further 

softening was expected. 

4.β Phase Relationships 
TEM, specifically convergent beam electron diffraction, has revealed that structural 

relationships exist between the two principal intermetallics that form in the alloys involved in 

this study. Also, the phases have been shown to relate to the icosahedral QC phase observed in 

similar systems. An analysis of these relationships follows.  

4.β.1 Cubic Phase: α-Al12(Fe/V)3Si 
The main strengthening phase in the experimental alloys forms as a microeutectic with α-

Al at the intermediate rates associated with the wedge castings or as spherical dispersoids at 

higher undercoolings. In addition, this phase has been shown to be an icosahedral approximant in 

a recent study by Hwang et al. [10γ]. In the Hwang et al. study, CBPs and EBSD were used to 

show that this phase displayed unusual diffraction characteristics in that many of the most 

intense reflections, corresponding to the dominant Kikuchi bands, were of high indices. 

Specifically, the βγη and γη8 Kikuchi bands were among the dominant bands from this phase. 

As a result, several of the prominent zone axes observed in EBSD and convergent beam patterns 

corresponded to high-index zones uncommon to cubic systems. This phenomenon was also 

observed in the SADPs and CBPs from the current study (Fig. 4.10). As observed in the current 

study, <110> zones were difficult to locate, as none of them lie on observed strong Kikuchi 

bands. Pairs of strong Kikuchi bands exist that are nearly parallel to one another, including the 

βγη and γη8. Significantly, the ratio of the spacings of these nearly parallel strong reflections is 

1.θ0θ which is quite close to the Golden Mean τ = 1.θ18. This ratio is common to the η-fold 

icosahedral symmetry, and therefore manifests itself in the symmetry of approximants [104].  

When plotted on a stereographic projection, the plane traces associated with the strong 

Kikuchi bands were found to form a projection that closely resembles that of the icosahedral mγ̄

η̄ structure, shown in Figure 4.11. Since no true η-fold symmetry can exist in a cubic system, the 

relationship between the two projections is distorted [104]. For example, some <8η0> zones act 

as pseudo η-fold zones, where plane traces cross near, but not at, the same point (separated by 

about β°). Further, the icosahedral projection can be completely represented with the high index 
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planes from the cubic projection, creating a special situation known as a 1μ1 approximant. Fifteen 

planes are required to approximate the 1η {ββ00ββ} mirror planes of the icosahedron, and are 

provided by 1β {βγη} planes and three {100} planes, with bright θ00 reflections [η8]. In many 

systems, including the h-AlFeSi system to be discussed later, multiple projections of one 

symmetry or the other are required to accurately approximate the icosahedron [η8], [10γ]. 

 
Figure 4.10. TEM diffraction patterns from the [111] zone axis of the cubic α-Al1β(Fe/V)γSi 
phase. (a) SADP with two of the nearly parallel βγη and γη8 reflections highlighted. (b) CBP, 
showing the strongest Kikuchi bands corresponding to these more intense reflections. Note that 
the highlighted βγη and γη8 Kikuchi bands are almost parallel, as expected.  

 
Figure 4.11. Stereographic projections showing the relationship between the icosahedron and the 
cubic approximant, both from Hwang et al. [10γ]. (a) stereographic projection of the mγ̄η̄ 
structure, centered along a β-fold zone axis. (b) stereographic projection produced using EBSD 
data from the cubic phase, which displays only the strong Kikuchi bands that were observed. The 
resulting correlation is strong. 

BA 

A BZA: [1̄11] 

110 

101 
5̄3̄2̄ 

8̄5̄3̄ 

5̄3̄2̄ 
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4.β.β h-AlFeSi Phase 
The h-AlFeSi phase also displayed characteristics of an icosahedral approximant when 

observed using electron diffraction. Along several low-index zone axes, the dominant Kikuchi 

bands were found to correspond to high index reflections with different Miller indices but similar 

interplanar spacings. For this reason, it was difficult to locate low-index zone axes not contained 

within the basal plane. Diffraction patterns along the [0001] zone are shown in Figure 4.1β. In 

this zone, the strongest Kikuchi bands observed were 10 0 1̄0̄ 0 and θ θ 1̄β̄ 0. Two other zone 

axes ([11β̄θ] and [11β̄0], Fig. 4.1γ) were required to identify the other strong Kikuchi bandsμ 4̄ θ̄ 

10 γ, θ 10 θ̄ η, 10 0 1̄0̄ β, and 0 0 0 θ. A complete [0001] stereographic projection is shown in 

Figure 4.14, which is constructed using specific planes shown in Figure 4.1η. As in the cubic 

phase and common to all approximant phases, all of the intense reflections were found to 

correspond to the {ββ00ββ} mirror planes in the icosahedron, with spacings of approximately 0.β 

to 0.β1 nm [η8]. Also, as in the cubic approximant, less prominent Kikuchi bands were visible 

that lay nearly parallel to the strongest Kikuchi bands, with width ratios of approximately τ with 

the strongest bands, characteristic of approximant phases [104]. In some cases, such as the θ θ 1̄β̄ 

0 and 10 10 β̄0̄ 0 reflections and bands visible in Figure 4.1βb, the strong and weak bands were 

exactly parallelν all are summarized in Table 4.γ. 

Table 4.γ. Complete list of parallel and nearly parallel pairs of Kikuchi bands observed in h-
AlFeSi. Note that the calculated width ratios closely match the Golden Mean (τ = 1.θ18). 

Inner Band Outer Band Width Ratio Angle

0 0 0 θ 0 0 0 10 1.θ7 0° 

10 0 1̄0̄ β 1θ 0 1̄θ̄ γ 1.ηλ 1.10° 

θ θ 1̄β̄ 0 10 10 β̄0̄ 0 1.θ7 0° 

θ 0 θ̄ η 10 0 1̄0̄ 8 1.θβ 1.11° 

10 0 1̄0̄ 0 1θ 0 1̄θ̄ 0 1.θ0 0° 

4̄ θ̄ 10 γ θ̄ 1̄0̄ 1θ η 1.θβ 1.θ8° 
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Figure 4.1β. TEM diffraction patterns taken along the [0001] zone axis. (a) SADP showing the 
unique “similar hexagons” created by intense reflections, common to approximant systems [θγ]. 
(b) CBP showing strong Kikuchi bands associated with the intense reflections in A. Specifically, 
the θ θ 1̄β̄ 0 type bands are strong, with wider and less prominent parallel 10 10 β̄0̄ 0 bands 
visible as well (marked with opposing arrows). The ratio of the band widths was measured to be 
1.θ7, close to the Golden Mean of τ = 1.θ18. 

 
Figure 4.1γμ CBPs from the h-AlFeSi phase showing families of strong Kikuchi bands observed. 
The only strong bands not shown, the θ θ 1̄β̄ 0 family, are visible as the strongest bands in Figure 
4.1βb.  

The relationship between the i-phase and h-AlFeSi stereographic projections is not as 

simple as in the cubic phase case, which is a simple 1/1 approximant. Instead, multiple 

A BZA: [112̄6] ZA: [112̄0] 

 1̄0̄ 10 0 0 

  1̄0̄ 4 6 3 
 4 1̄0̄ 6 3 

 6 0 6̄ 5 

 1̄0̄ 10 0 2 

 0 0 0 6 

A BZA: [0001] 

10 0 1̄0̄ 0 
  6 6 1̄2̄ 0 

  6 6 1̄2̄ 0 

  10 0 1̄0̄ 0 
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icosahedra related by rotation must be considered to form the approximant projection. It was 

determined that the projection can be formed by a combination of three icosahedral projections 

with β-fold zones parallel to the [0001] of the h-AlFeSi phase, and orthogonal β-fold zones 

parallel to three <11β̄0> directions. This is shown schematically in Fig. 1.17a. The result is three 

icosahedral projections rotated by θ0° relative to one another around a β-fold axis. The same 

relationship was observed by Bendersky when studying the µ-Al4Mn hexagonal approximant 

(Pθγ/mmc with a = 1.λλη nm c = β.4ηβ nm) [ηβ]. With this relationship, each orientation of the 

icosahedral projection consists of six unique planes and nine shared planes, accounting for all 1η 

required mirror planes in each orientation and summing to the γ1 total observed strong reflecting 

planes. Designating the orientations A, B, and C, the shared planes are as follows. Orientation A 

shares the (0 0 0 θ) plane with both B and C. Two {θ 0 θ̄ η} planes are shared between A and B, 

two different {θ 0 θ̄ η} planes are shared between B and C, and two different {θ 0 θ̄ η} are 

shared between A and C. Similarly, the six {10 0 1̄0̄ β} are shared in pairs between A-B, B-C, 

and A-C. The remaining planes are unique to a single orientationμ one {θ θ 1̄β̄ 0} plane, one {10 

0 1̄0̄ 0} plane, and four {4̄ θ̄ 10 γ} planes each. The reduced diagram of planes participating in 

each of the three orientations is shown in Figure 4.1θ, compared to an icosahedral stereographic 

projection. The result of superimposing the three orientations, denoted by different line styles, is 

shown in Figure 4.17.  

 
Figure 4.14. [0001] stereographic projection as observed for the h-AlFeSi phase, composed of 
five different high-index plane families, separated in Figure 4.1η. Note the six-fold rotational 
symmetry, corresponding to the space group of Pθ/mmm. 

[0001] 

[101̄0] 

[112̄0] 
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Figure 4.1η. Partial [0001] stereographic projections of each family of planes observed as strong 
Kikuchi bands in the h-AlFeSi structure. All of the variants of each family were observed, in 
totalμ three {10 0 1̄0̄ 0}, three {θ θ 1̄β̄ 0}, 1β {4̄ θ̄ 10 γ}, six {θ 0 θ̄ η}, six {10 0 1̄0̄ β} planes, 
and one [0 0 0 θ] plane. 

{10 0 1̄0̄ 0} and {6 6 1̄2̄ 0} {4̄ 6̄ 10 3}  

{6 0 6̄ 5}  {10 0 1̄0̄ 2}  
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Figure 4.1θ. (a) Stereographic projections from the icosahedral mγ̄η̄ structure, adapted from 
Hwang and rotated to align a η-fold direction vertically [10γ]. (b) reduced experimental [0001] 
projection from the h-AlFeSi phase, displaying only the plane traces necessary to approximate 
the icosahedral projection. Three such projections are required to complete the observed 
projection. In total, 1η planes are required by the icosahedral projectionμ one {θ θ 1̄β̄ 0}, one {10 
0 1̄0̄ 0}, four {4̄ θ̄ 10 γ}, four {θ 0 θ̄ η}, four {10 0 1̄0̄ β} planes, and the (0 0 0 θ) plane. 

 

 
Figure 4.17μ Full h-AlFeSi [0001] stereographic projection created by summation of three 
orientations of the icosahedral projection, separated by θ0°. Each orientation is drawn with a 
different line style (light dash, medium dash, or solid). Note the overlapping lines along all {10 0 
1̄0̄ β} and {θ 0 θ̄ η} planes.  

[0001] 

[101̄0] 

[112̄0] 

A B [0001] 
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CHAPTER η 

CONCLUSIONS AND SUGGESTIONS FOR FUTURE RESEARCH 

The findings of this study indicate that the RS800λ Al-Fe-V-Si alloy forms very different 

solidification structures when cooled at the intermediate cooling rates associated with the wedge 

casting used in this study. At the tip of the wedge, the 800λ with and without Y contained a 

significant volume fraction of a lamellar microeutectic that consists of alternating lamellae of the 

α-Al1β(Fe/V)γSi and the α-Al phases. At slightly thicker sections, the hexagonal AlFeSi phase 

forms as dendrites and is surrounded by α-Al. Some specific features are described in the 

followingμ 

η.1 Conclusions 

 The addition of Y did not have the intended kinetic effect. Rather, it caused the formation 

of primary YVβAlβ0 particles in the melt at high temperatures.  

 The cubic α-Al1β(Fe/V)γSi phase was observed in the higher cooling rate regions of the 

wedge castings as a microeutectic with the α-Al phase. The microeutectic structure 

exhibited both high hardness and good thermal stability. 

 The morphology of the microeutectic included both rod and lamellar eutectics, and 

solidified as an unstable colony front.   

 The h-AlFeSi phase was identified in the structure, and analysis of its crystal structure 

using CBPs revealed a structural relationship to the cubic α-Al1β(Fe/V)γSi phase 

consistent with previous studies conducted using different methods. 

 As in previous studies, the h-AlFeSi phase was proposed to be an icosahedral 

approximant, composed of three different orientations of Mackay icosahedra 

 The h-AlFeSi phase and the α-Al1β(Fe/V)γSi + α-Al microeutectic form competitively in 

the alloys examined slightly favoring the microeutectic at the higher undercoolings and 

the h-phase at lower undercoolings.    

η.β Proposed Future Research 
Below are outlined a few proposed extensions of the current study, which would provide 

useful information but were beyond the scope of the project based on time constraints.  
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η.β.1 Thermal Data 
Regarding the phases present, additional thermal data would be useful to determine 

relative stability. Differential scanning calorimetry (DSC) with associated annealing treatments 

relative to each observed peak should lend insight to the formation and stability of the structures 

observed. The structure produced by Y additions should also be tested, since limited thermal data 

is available on the YVβAlβ0 phase. In addition to information regarding phase formation and 

stability, thermal treatments would also provide boundaries for potential future application 

temperatures. 

Many questions still remain regarding h-AlFeSiμ namely its nucleation, growth, and 

stability relative to other compounds in the Al-Fe-V-Si system. Controlled experiments to 

determine formation and transformation temperatures for the phase would be useful in further 

characterizing its metastability. 

η.β.β  Crystallographic Data 
Creation of large crystals or samples with a significant volume fraction of the h-AlFeSi 

phase would allow for collection of data includingμ x-ray diffraction peak data, more accurate 

composition or composition range, and physical and mechanical properties 

In addition, identification of the intermetallic phases present in the slower cooling rate 

regions of the samples is required to fully understand the mechanisms of phase formation present 

in the wedge castings. Methodical characterization of the intermetallics, whether by TEM or 

matrix etching and powder x-ray diffraction methods, would provide valuable information.  

η.β.γ Mechanical Properties 
From a practical standpoint, more mechanical testing is required. Specifically, sample 

morphologies useful for mechanical testing should be created, with consistent microstructures 

through the thickness. Mechanical properties at elevated temperatures should be determined, 

once the stability range of the structure has been adequately established. The wear resistance of 

the structures should also be tested, once appropriately sized samples can be created. The Y-

containing alloys would be of specific interest with regard to the wear testing. Since limited 

mechanical data exists for many of the phases observed, specifically the h-AlFeSi and YVβAlβ0 

phases, nanoindentation experiments would provide information regarding the strength and 

hardness of the specific phases. Finally, the production of useful raw cast material stock or die 
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castings should be investigated, to explore the industrial viability of the processing conditions 

required. 

η.β.4 Alloy Modifications for Industrial Applications 
The microstructures produced in the current study were shown to exhibit promising 

mechanical and thermal properties, but additional research will be required to produce useful 

material. First, the volume fraction of microeutectic should be increased, by altering either the 

composition or processing of the alloy. Since the present study produced significantly thick 

sections of microeutectic with little volume fraction of other phases, it is unlikely that large 

composition changes will be required. Second, the h-AlFeSi phase was suggested to be 

detrimental to properties, and therefore needs to be refined or eliminated in the microstructure to 

optimize properties. The present data suggest that elimination of heterogeneous nucleation sites 

may significantly reduce the volume fraction of the phase in the favorable microeutectic cooling 

regions, so future melts should be prepared in such a way as to produce cleaner castings. 

Compositional changes should also be explored to prevent its formation, whether by decreasing 

V or otherwise stabilizing the cubic α-phase.  
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