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ABSTRACT

Five Si-killed plain low-carbon steels of similar base 
composition were obtained. Four contained 0.15% vanadium 
as a microalloying element and one contained only the base 
composition as a control steel. Of the four, one contained 

nominally no carbon to produce a nitride-like precipitate, 
one contained nominally no nitrogen to produce a carbide
like precipitate and the other two contained low and high 
carbon to nitrogen ratios. A carbon level of 0.10% and 
nitrogen levels consistent with those attainable during 
vacuum induction melting were used. Following soaking at 
1300°C for 100 minutes the materials were subjected to 
a single pass, 50% reduction via hot rolling at 

temperatures of 1020 and 840°C to produce fully 
recrystal ï zed and fully unrecrystal 1 i zed austenite grain 

structures, respectively, in the as-rolled condition. The 
rolled specimens were then held at the roll exit 
temperature for 0 to 100 minutes to establish the effects 
of holding on transformation product microstructure, 

precipitation and subsequent mechanical properties.
The transformation product microstructure was found to

i i i
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be strongly dependent on the prior austenite 

microstructure, which had been characterized in earlier 
study. The austenite microstructure exhibited substantial 
grain growth at the 1020°C treatment temperature with 
hold time for the steels containing only small amounts of 
austenite microalloy precipitation. Austenite 
microstructural coarsening produced a lower temperature 
transformation product, Widmanstatten ferrite.

Steels containing nitrogen produced austenite 

microstructures which did not coarsen with hold time due to 

the presence of microalloy precipitates. Upon 

transformation these steels produced a microstructure 
containing predominantly polygonal ferrite of a very fine 

nature. All the steels contained very fine pearlite.

The resultant mechanical properties could be predicted 

to some degree through the use of constitutive equations 

and measured variations in stereo 1ogica1 parameters and 

fine structure. The major factors controlling mechanical 

properties were found to be ferrite grain size and 
microalloy precipitate size and volume fraction. An 
interesting result was that precipitation in the austenite 

was fine enough to both restrict austenite 
recrystallization and augment mechanical properties.

i v



T-3 193

TABLE OF CONTENTS
Page

ABSTRACT..............................................  Hi
TABLE OF CONTENTS..................................... v
LIST OF FIGURES...................... ................ vii
LIST OF TABLES.................. ............. .......  xi i i

ACKNOWLEDGEMENTS................. ........ ...........  xi v
1.0 INTRODUCTION...........      1

1 . 1 General background - HSLA steels..............  1
1.2 Thermomechanical Treatment ............  2
1.3 Transformation Product Microstructures........  7
1.4 Microalloy Precipitation.......................  13

1.5 Mechanical Properties..........................  21
1.6 Purpose of the Investigation..................  34

2.0 EXPERIMENTAL PROCEDURE.............. ...........  35
2.1 Starting Materials.........................   35

2.2 Thermomechanical Treatment.....................  38
2.3 Light Microscopy..........   42

2.4 Transmission Electron Microscopy..............  43
2.5 X-ray diffractometry of Extracted Microalloy...

Precipitates..................................... 45
2.6 Mechanical Testing.............................. 48

2.7 SEM Fractography of Charpy Impact Specimens.... 51

v



T-3193

Page

2.8 Transformation Temperatures  .............  52
3.0 RESULTS..............................    52

3.1 Light Microscopy.................................  53
3.2 Transformation Temperatures............    74

3.3 State of Precipitation..........................  87
3.4 Precipitate Sto i ch i ometry.......................  1 05

3.5 Mechanical Properties..................... . 109
3.6 F ractography of CVN specimens................... 140

4.0 DISCUSSION  ...........    159
4.1 Transformation Product M i crostructures.........  160

4.2 Precipitation....................................  172
4.3 Mechanical Properties...........................  188

5.0 CONCLUSIONS......................................  214
REFERENCES CITED  ...........................  217
APPENDIX A ........................................ 235

v i



T-3 193

LIST OF FIGURES
Figure Page

1 Plot representing the Ashby-Orowan precipitate
strengthening model showing effects of volume 
fraction and precipitate size [47]............ 25

2 Thermomechanical treatment apparatus setup.... 41
3 Mechanical test specimen dimensions. Long

dimension of specimen parallels rolling 
direction. a) tensile b) impact............ 50

4 0 steel transformat i on product microstructure
840°C TMT and held for : a) 0, b) 10 and
c) 100 minutes following......................  54

5 C steel transformation product microstructure
840°C TMT and held for : a) 0, b) 10 and
c) i 00 minutes following.......................  55

6 TEM bright field micrographs of the types of 
pearlite observed. a) degenerate morphology,
b ) lamellar morphology........................  57

7 L steel transformat i on product microstructure
840°C TMT and held for: a) 0, b) 10 and
c) 100 minutes following.......................  58

8 H steel transformation product microstructure
840°C TMT and held for : a) 0, b) 10 and
c) 100 minutes following.......................  59

9 N steel transformat i on product microstructure
840°C TMT and held for : a) 0, b) 10 and
c) 1 00 minutes following........   62

10 0 steel transformation product microstructure
1020°C TMT and held for : a) 0, b) 10 and 
c) 100 minutes following. d) high 
magnifeat ion light micrograph of
W i dmanstatten ferrite ( 2000X).................  63-4

v i i



T-3 193

Figure Page

11 C steel transformation product microstructure 
1020°C TMT and held for : a) 0, b) 10 and
c) 100 minutes following.......................  65

12 L steel transformat i on product microstructure 
1020°C TMT and held for : a) 0, b) 10 and
c) 100 minutes following.......................  67

13 H steel transformation product microstructure 
1020°C TMT and held for : a) 0, b) 10 and
c) 1 00 minutes following........     68

14 N steel transformation product microstructure 
1020°C TMT and held for : a) 0, b) 10 and
c) 100 minutes following....................... 69

15 Variation of the volume percent W idmanstatten 
ferrite with hold time for the 0 and C steels. 73

16 Variation of the y/a transformation start 
temperature with hold time for the 0 steel.... 75

17 Variation of the y/a transformation start 
temperature with hold time for the C steel.... 76

18 Variation of the y/a transformation start 
temperature with hold time for the N steel.... 77

19 Variation of the y/a transformation start 
temperature with hold time for the L steel.... 78

20 Variation of the y/a transformation start 
temperature with hold time for the H steel.... 79

21 Typical d i1atometr i c temperature/time and 
volume/time curves obtained during Gleeble
testing for transformation temperatures....... 85

22 Plots of mean precipitate diameter as a 
function of post-roll hold time for both 
austenite and interphase (and ferrite)
precipitation in the N steel.................. 89

vi i i



T-3193

Figure Page
23 Plots of mean precipitate diameter as a 

function of post-roll hold time for both 
austenite and interphase (and ferrite) 
precipitation in the L steel................... 90

24 Plots of mean precipitate diameter as a 
function of post-roll hold time for both 
austenite and interphase (and ferrite) 
precipitation in the H steel................... 91

25 Plots of mean precipitate diameter at 840°C 
as a function of carbon :n itrogen ratio for
given post-roll hold times............. «...... 92

26 Plots of mean precipitate diameter at 1020°C 
as a function of carbon :n itrogen ratio for
given post-roll hold times..................... 93

27 Precipitation typical of the C steel. A small 
'patch' of precipitation observed in a carbon
rep 1 i ca....... ..................................  95

28 Various types of microalloy precipitation 
observed in TEM thin foils. a) precipitation 
along a prior austenite subgrain boundary, b) 
and c )i nterphase precipitation, d)
precipitates along dislocations...............  98-9

29 TEM micrograph of quench-aged precipitates 
observed in the OH 10A specimen conditions  100

30 TEM micrograph of microalloy precipitation 
observed in the N steel. a) along a prior 
austenite grain boundary, b) thin disk
morphc 1 ogy.................... ................. 10 1

3 1 Bright field TEM micrograph example of
precipitate clustering observed in the LL10ÛA 
specimen conditions............................ 1 03

32 TEM bright field of transformation twins
observed in NH0A specimen conditions.......... 104

33 Variation of lattice parameter, a, with the
carbon i tr i de composition parameter, Y/X+Y [40] 106

i x



T-3193

Figure Page

34 Variation in peak intensity (structure 
factor) ratio, I111/I2 0 0, with both measured and theoretical precipitate
stoichiometry factors , X/ (X-f-Y )................ 110

35 Plot of yield strength variations as a 
function of post-roll hold time at 840°C
for each steel......... ........................  113

36 Plot of yield strength variations as a 
function of post-roll hold time at 1020°^
for each steel................   114

3 7 Plot of ultimate tensile strength variations 
at 840°C for each steel as a function of 
post-roll hold time............................  115

38 Plot of ultimate tensile strength variations 
at 1020°C for each steel as a function of 
post-roll hold time............................  116

39 Plot of variations in uniform elongation as a 
function of post-roll hold time at 840°C
for each steel.................................  117

40 Plot of variations in uniform elongation as a 
function of post-ro1 I hold time at 1020°C
for each steel  .......................... 118

41 Typical Jaou1-Crussard plot of strain 
hardening rate, da/de, versus true plastic
strain.......................................... 1 23

42 Plot of overall strain hardening rate (OSHR) 
at 840°C as a function of post-ro11 hold
time for all steels ..........................  125

43 Plot of overall strain hardening rate (OSHR) 
at 1020°C as a function of post-ro11 hold
time for all steels...........................  126

44 Variation in hardness as a function of 
post-ro11 hold time at 840°C for each
stee 1...........................................  129

x



T-3 193

Figure Page

45 Variation in hardness as a function of 
post-ro11 hold time at 1020°C for each
stee 1........................................... 1 30

46 Correlation between yield strength and
hardness for all specimen conditions.........  133

47 Variation in Charpy impact energy as a 
function of post-ro11 hold time at 840°C
for each stee 1 . „ .  ........................   134

48 Variation in Charpy impact energy as a 
function of post-ro11 hold time at 1020°C
for each steel...................     . 1 35

49 Effect of steel nitrogen content upon impact 
energy for both 840 and 1020°C TMT
temperatures at 0 and 100 minutes............. 137

50 Effect of steel carbon :n itrogen ratio upon 
impact energy for both 840°C and 1020°C
TMT temperatures at 0 and I 00 minutes........  139

51 Types of Charpy impact fracture surfaces 
observed in order of decreasing energy values,
a) type "A”, b) type "B", c) type "C" and
d) type "DM ...............................  141-2

52 Schematic illustrations of fracture surfaces
shown in Figure 51 with fracture zone areas... 143

53 High magnification (1000X) SEM fractograph of 
fibrous ( F ) zone in Figure 52.................  145

5 4 High magnification (Î000X) SEM fractograph of
shear-lip (S) zone indicated in Figure 52....  146

55 High magnification (1000X) SEM fractograph of 
unstable crack (U) zone indicated in Figure 52 148

56 High magnification (1000X) SEM fractograph of 
tearing zone (T) indicated in Figure 52......  149

x i



T-3193

Figure Page

57 Plot showing relationship between Charpy 
impact value read off the test machine 
and that calculated from the energy-time
curve...........................................  1 53

58 Load-time curves for the different types of 
fracture surfaces. a) high energy, ductile 
type such as that in fracture types "A" and 
"B", b) medium energy, partial cleavage type 
from type "C” and c) low energy, 
predominantly c 1eavage typifying fracture
type "D"... ..................... ............... 154-6

59 Variation of lattice parameter, a, with
nitride composition (y in VNy) [40]........... 186

60 Predicted yield strength variations calculated 
from constitutive equations at 840°C as a
function of post-ro 1 1 hold time...............  1 93

6 1 Predicted yield strength variations calculated 
from constitutive equations at 102Q°C as a 
function of post-ro i 1 hold time...............  194

x i i



T-3 193

LIST OF TABLES
Table Page

I Strengthening increments due to substitutional
alloying elements..............................  23

II Compositions of the steels used in this
study...........................................  36

III Quantitative metallography and microhardness
data for slab material [40]...................  39

IV Quantitative stereo1ogica1 data for
transformation product microstructures.......  70-1

V Precipitate stoichiometry as determined by
lattice parameter and intensity ratio data.... 107

VI Variation of microalloy precipitate
composition parameter, X/X+Y, with specimen
cond i t i on.............. ........................  1 08

VII Mechanical property data......................  112

VIII Matrix of fracture surface type ( ’’A”, etc.) as
a function of specimen condition.................  151

IX Austenite gra i n boundary surface-to-volume
rat ios [40]....................................  167

X Mean precipitate diameters measured in
quenched specimens (austenite) as a function 
of post-ro 1 1 hold time......................... 173

XI Transformation start temperatures (y / a)
measured for slow cooled, 2°C/mi n .,
Gleeble specimens for the base plate steels... 180

XII Calculated strength increment data...........  109-1

x i i i



T-3 193

ACKNOWLEDGEMENTS
The author would like to thank Dr. Elliot Brown, his 

advisor, for the guidance, technical expertise and infinite 
patience he contributed during the course of this 
i nvest i gation.

The author also wishes to thank the Bethlehem Steel 

Corporation for providing the steels used in this study and 
also the American Iron and Steel Institute for funding the 
research.

In addition, special thanks goes to the following 
people: Dwight Burford, for illustrating the many facets
of campus computing and not being too bothered with late 
night phone calls; Mike Nagorka, without whose help I would 
probably still be trying to interface the Instron to the 
PDP-11 and Mike Leap, for invaluable instruction in digital 
recording of Charpy impact test data and understanding what 
it means. Gratitude is also expressed to Sal lie 
Pryby1owski for help in typing the manuscript and to Steve 
Done 1 son for the expedient production of the mechanical 
test specimens.

Finally, the author recognizes his parents for their 
constant encouragement and approval in the course of his 

academic pursuits.
x i v



T-3193 1

L»Q INTRODUCTION AND SURVEY OF THE LITERATURE

1.1 GENERAL BACKGROUND - HSLA STEELS
Microalloyed high-strength low-alloy (HSLA) steels 

have been developed to economically provide a balanced, 

optimized package of properties which includes high 

strength, high toughness, good weldabi1ity and high 

formabi1ity.

Applications of HSLA steels are many, including 

structural, such as in bridges and ships, welding, for 
pipeline needs, and formab1e sheet used in the automobile 
i ndustry [2,4].

With regard to strength, hot rolled low carbon steels 

possess yield strengths in the range of 275 MPa (40 ksi) 

whereas alloy steel quenched and tempered (Q & T) grades 

possess yield strengths in the range of 690 MPa (100 ksi) 
but are expensive to produce. Microalloyed HSLA steels in 

the as-rolled condition are designed to provide materials 

with intermediate yield strengths in the range of 550 MPa 
(80 ksi) via grain size refinement and precipitation 

strengthening [1,2,3].
Compositions of microalloyed HSLA steels are similar 

to those of plain low-carbon steels with the exception of 
small amounts of strong carbide- and nitride-forming 

transition metals (V, Cb, Ti) [2-7]. Nitrogen is sometimes
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added also [4]. The precipitation of microalloying 
elements provides the primary strengthening increment of 

these steels.
In addition to compositional modifications 

microalloyed steels may be produced by special treatments 
such as controlled rolling and controlled cooling [2].

These treatments promote the fine structure and state of 
precipitation that are responsible for the enhanced 
strength and toughness [3,7].

Strength and toughness are generally reciprocally 

related. Therefore, strengthening associated with solid 
solution alloying, dislocation substructure and 

precipitation results in a decrease in toughness. However, 
strengthening via ferrite grain refinement results in a 

simultaneous increase in strength and toughness. Thus, the 
toughness penalty for increased strength via microalloy 

precipitation is offset by the toughness increase with 
grain refinement, allowing for an optimal combination of 

strength and toughness.

1.2 THERMOMECHANICAL TREATMENT

Thermomechanical treatments (TMT) are processing 

treatments that combine plastic deformation with thermal 
processing. The genera 1 objective of TMT is to produce
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m i crostructures and improved properties that cannot be 

obtained by separately heating and working the material 
[7] .

With regard to TMT of microalloyed steels the primary 
objective is to condition the austenite pr i or to 
transformation. This is accomplished by controlling the 

processes of recovery, recrystallization and grain growth 

during hot rolling [8-11].
Control of austenite microstructures via TMT is 

designed to enhance the ferrite nucléation rate by 
increasing the number of ferrite nucléation sites. Greater 

numbers of ferrite nucléation sites are associated with 
high surface-to-volume ratio (S/V) austenite 

microstructures. The ferrite nucléation rate can also be 
increased by decreasing the activation energy for 

nucléation via an increase in the driving force for 
nucléation through undercooling [130].

Since nucléation is, in part, a surface-related 
phenomenon, increases in the austenite boundary S/V ratio 

will increase the number of nucléation sites. High S/V 

austenite microstructures are associated with the 
fol1owing:

a) Fine, equ i axed recrystal 1ized grains.
b) Highly elongated, deformed, unrecrystal 1ized grains.
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c) High density of deformation bands.
One can decrease the grain size of recrystallized 

grains by minimizing grain growth during reheat of slabs 
and by repeated recrystallization during roughing. This 

increases the S/V ratio.
Then by controlled rolling, following a delay through 

the partial recrystallization regime, one can produce 
highly elongated, high S/V grains with high densities of 

deformation bands. This is unrecrystal 1 ized material 
[118]. Controlled rolling results in very high mill loads 

to accomplish large deformations in the low temperature 
austenite regime. These loads are generally too high for 

the majority of mills currently in use [128],
It should be noted that deformation just prior to 

transformation results in an increase in the transformation 
temperature for polygonal ferrite. This enhances ferrite 

growth but also increases the ferrite nucléation rate due 
to structural refinement of the austenite [9,118].

Increased driving force (increased undercooling) via 
alloying and/or accelerated cooling through the 

transformation also increases the ferrite nucléation rate. 
In addition, the ferrite growth rate is slower at lower 

temperatures since the latter is a thermally activated 
process.
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The methods by which these austenite mi crostructures 

are achieved are through the combined effects of concurrent 
deformation and microstructural evolution. Both the 
temperature and the amount of deformation strongly 
influence the kinetics of recrystallization [8]. Brown and 

DeArdo [12] state there are four individual mechanisms that 
can bring about a fully recrystallized austenite structure. 

They are : 1) static recrystallization, 2) dynamic
recrystallization. 3) metadynamic recrystallization, and 
4) continuous recrystallization. Static recrystallization 
occurs when the nucléation and growth of new grains take 

place after the deformation. Dynamic recrystallization 
results when nucléation and growth of new grains is 

concurrent with the deformation [2,7,8,12]. Metadynamic 
recrysta\1ization is defined as nuc1 eation during 

deformation with growth subsequent to it. Continuous 

recrysta11ization is an advanced form of recovery in which 

there is no gross movement of high angle grain boundaries 
[12,13].

Static recrysta11ization is enhanced by high TMT 
temperatures. Therefore, repeated recrysta11ization to 

form fine recrysta11ized grains above the temperature at 
which a fully recrysta11ized microstructure develops,

Trx, is likely to occur by rapid static recrysta11ization
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between roughing passes [8,12-14].
M i croa11oyi ng, both in solution and precipitated, is 

important throughout the entire thermomechanical 
treatment. Microalloy precipitation restricts austenite 

grain growth during reheating as well as the growth of 
recrysta11ized grains during high temperature deformation 

[1 7,118- 1 2 1].
During lower temperature deformation microalloy 

elements remaining in solution retard recovery and 
recrysta11ization processes via the "solute drag" effect 

[15]. Microalloy precipitation in this temperature range 
suppresses recrysta11ization completely by pinning grain 

and subgrain boundaries [15,18,118,119]. Therefore, TMT

is designed to minimize grain growth during reheating and 

above Trx and then maximize reductions below Turx (the 
temperature below which a fully unrecrystallized 

microstructure develops) after a delay to avoid partially 

recrysta11ized microstructures.

Once the TMT conditons are such that significant 
prec ipi tat i on occurs (below Turx), further processing has 

the effect of decreasing the aspect ratio of the elongated 

austenite grains. It is beneficial then, to maximize the 

degree of reduction below Turx so that the growth of the 
subsequent ferrite grains before impingement is minimized.
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This is assuming that the ferrite primarily nucleates on 

austenite grain boundaries [17,18,118,131].
In addition to the above requirements microalloy 

precipitation must also accomplish strengthening of the 
ferrite matrix. Microalloy precipitation in austenite is 

generally considered to not contribute to strengthening in 
ferrite [129]. Therefore, for one microalloy addition 
(i.e. one transition metal) one must optimize the 
partitioning between austenite and ferrite precipitation. 

This has led to the dual microalloy approach where a more 
stable precipitate is utilized for austenite structure 

control during TMT and a lower stabi1ity precipitate for 
ferrite strengthening (e.g. Cb-V) [41,50,120].

Microa11oy prec ipitation occuring during TMT i s 
predominantly 'sera i n-i nduced' and thus shear bands and 

austenite subgrain boundaries are important preferred 
nucléation sites for precipitates [15]. In fact, it has 

been found [129], at least for Nb mi croa1ï oyed steels, that 
the precipitation rate is very slow in undeformed 

recrysta11ized austenite.

1.3 TRANSFORMATION PRODUCT MICROSTRUCTURES
The microstructures of microalloyed HSLA steels are 

predominately mixtures of ferrite and pearlite [2-5,7,11]
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as is typical of air-cooled low carbon steels.

1.3.1 Ferrite
Both the grain size and the morphology of the prior 

austenite grains influence the ferrite grain size.
However, the ferrite grain size is specifically related to 

the ferrite nucléation rate which, following classical 
theory, is given by the following expression [7,20,21]:

Na = Nsexp(-(AGD + AG*)/kT) (1)
where, Ns = pre-exponentia 1 factor which is a function of 

the number of nucléation sites available,
AGq = activation energy for diffusion,
AG* = activation barrier for austenite-to-ferrite 

transformai: i on, 

k = gas constant, and T = absolute temperature.

Ns increases with the surface-to-volume ratio of 

defects within the austenite microstructure. The 

surface-to-vo1ume ratio is in turn dependent on the degree 

of austenite deformation prior to the transformation to 
ferrite [11]. The presence of microalloy precipitates 

helps to establish the appropriate austenite structure by 
inhibiting restoration processes under finish rolling 

conditions. Precipitation also promotes ferrite nucléation 

be reducing ferrite growth during the transformation.
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leaving more nucléation sites free [11,22].

Another parameter which affects the ferrite grain size 
is the cooling rate from the austenite regime. A faster 

cooling rate lowers the temperature range over which 
proeutect i od ferrite and pearlite form [7]. This decreases 

the growth rate of the ferrite and increases the nucléation 
rate by increasing undercooling and driving force [11,28].

A similar effect occurs as a result of alloying. The 
general trend is for the transformation temperature to be 

increasingly depressed with increasing amounts of alloy 
[37,131].

The ferrite morphology can also vary [23-25,100-102]. 
Factors that control the ferrite morphology include the 

interfaciai structure, nucléation site, prior austenite 
grain size, cooling rate, and composition [7,26-28,100].

There are five major types of proeutectoid ferrite 
morphologies that can develop in steels. These are 

classified according to nucléation site and crystal shape 

in the Dube Morphological Classification System [28]. They 

are : grain boundary a 11otriomorphs, W idmanstatten
si deplates, W idmanstatten sawteeth, idiomorphs and 
intragranu1ar W idmanstatten plates.

Grain boundary a 1 1otriomorphs form under conditions of 

small undercoolings, small austenite grain size, and low
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cooling rates [7,21,28]. They are characterized by a 

'blockey' morphology with smooth (incoherent y/a) or 

faceted (semi coherent y/a) edges when viewed in 
cross-section [28],

W i dmanstatten si deplates are produced under conditions 
of high undercoolings, large austenite grain size, and fast 

cooling rates. Here, greater driving force is available 
for transformation but diffusion is more limited. They are 

plate- or needle-shaped crystals which develop into the 
interior of a matrix grain from the vicinity of the matrix 

grain boundaries. Primary si deplates grow directly from 
the grain boundaries of the matrix while secondary 

si deplates usually develop from a 11otriomorphs already 
present at the grain boundary [28],

W idmanstatten sawteeth are produced under conditions 
intermediate to grain boundary a 11otriomorphs and 

W idmanstatten si deplates. In cross-sect i on they appear 
triangular in contrast to the need le-like nature of the 

si deplates. Primary sawteeth and secondary sawteeth grow 
from austenite grain boundaries and grain boundary 

a 11otriomorphs, respectively [28].
Ferrite plates which nucleate within austenite grains 

are termed i ntragranu1ar plates. Nonmeta11ic inclusions 
are often nuc1 eat ion sites for this morphology of ferrite.
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The formation of i ntragranu1ar plates is favored by large 

austenite grain sizes even more than si deplates. In 
addition, low carbon contents (< 0.4%) promote its 
formation since the formation of pearlite consumes unstable 
austenite too quickly to allow the development of 

sufficient driving force [7,25,27,103].
Idiomorphs are roughly equiaxed crystals that form 

almost entirely within the interior of austenite grains.
In hypoeutectiod steels intragranu1ar idiomorphs form at 
temperatures from 25 to 50°C below the Aes. They 
are not a common morphology in isothermal 1 y formed 

microstructures and have not been studied as extensively as 
the other ferrite morphologies [28].

1.3.2 Pear 1ite

The morphology of pear 1i te has been found to be 
dependent on steel composition, prior austenite grain size, 

and cooling rate [30-33]. The morphology can vary from 

'degenerate' or 'granular', in which it appears rather 
globular [32,32], to lamellar, in which very regular 

lamellae and spacings are observed [27,29]. Alloying with 
Mn [32], fine grain size [33], and slow cooling rates [29] 

reduce the likelihood that the lamellae will be well 
deve1 oped.

The inter lamellar spacing of pearlite can
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significantly affect mechanical properties, particularly 
the yield strength [2,7,47], but this is significant only 

in steels containing at least 15 or 20 v/o pearlite 
[65,67]. Several parameters can affect the spacing. It is 

observed to decrease with the temperature at which it forms 
[7,29,34]. This is a result of a decrease in the distance 

in which carbon can diffuse at lower temperatures. The 
inter lamellar spacing can be expressed by the following

equat i on [7]:
Sp = 4oTe (2)

AHVAT
where, Sp = interlamellar spacing

a - interfacial energy per unit area 

ferrîte/cementite boundary,
Te = equilibrium temperature of eutectoid reaction 

(Ae i in steels),
AHV = change in enthalpy per unit volume between

austenite and ferrite/cementite mixture, and 
AT = degree of undercooling below the Aei.

The pearlite volume fraction is dictated by 
composition [35]. Typical calculations using the "1 ever 

rule" [7] indicate carbon level to be an important factor 

that determines the amount of pearlite. Yet, the effects 

of various alloying elements on alloy partitioning can 
appreciably change calculations [36,37]. Grozier [35] has
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developed an equation describing these effects for a plain 

carbon steel :
%Pearlite = -10.7 + 110.9(%C) + 11.3(%Mn) + 48.4(%S i) (3)

The equation has application over the following 
composition ranges: up to 0.30%C, 0-1.80%Mn, 0-0.25%Si for

0-40% pearlite.
This equation illustrates the degree to which the 

various austenite and ferrite stabilizers can affect the 
amount of pearlite in the microstructure.

1__4 M LCRQALLQY PRECIPITATION
The function of microalloy precipitates is two-fold. 

Firstly précipitât ion in the austenite phase during TMT 

inhibits restoration and grain growth processes and as a 
result creates a large number of nuclei for ferrite. This 

produces a very fine ferrite grain size. Secondly, 
provided there is microalloy in solution, precipitation can 

occur during and following the y -*• a transformation 
[33,39].

Microalloy precipitation occurs on a very fine scale 
and can significantly increase the strength of the steel 

[3], The precipitates formed can have different 
compositions, depending on whether they formed in the 

austenite or the ferrite phase. The transition metal
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elements employed in microalloying are generally V, Nb, and 

Ti, as they are all strong carbide, nitride, and 

carbon i tr i de formers [41,42, 105]. Although this study 

deals with vanadium microalloyed steels and most of the 
following discussion will deal specifically with 

precipitation of that species, much is generally applicable 

to other microalloy precipitate species.
Vanadium carbon i tr i de, V(C,N), is of the B 1 or NaC1 

crystal structure [42]. This is a structure composed of 
two interpenetrating face-centered cubic lattices with the 

carbon and/or nitrogen atoms occupying one lattice and the 
vanadium atoms occupying sites on the other lattice 

[40,42,44,57]. Alternatively, one may view the structure 
as an FCC lattice in which the carbon or nitrogen atoms 

occupy octahedral sites and the vanadium atoms lattice 
sites. Pure vanadium carbide and vanadium nitride may not 

necessarily be stoichiometric and are mutually soluble over 
their entire composition ranges [40,42,43,57]. Thus a 

continuum of stoichiometries can occur.
In order to select optimum compositions and 

thermomechanical treatments it would be helpful to know the 
thermodynamic stability, precipitation kinetics and 
coarsening kinetics of microalloy precipitates. The latter 
could be significantly related to precipitate
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stoichiometry. Methods of analyzing the stoichiometry of 

the precipitates are discussed below.
Common methods of analyzing precipitate composition 

involve X-ray analysis [42,45,46,48]. One method is to 
develop a relationship between the lattice parameter of the 

precipitate and its composition [39,40,43]. The lattice 
parameter is measured via X-ray diffraction of extracted 

precipitate residue. In synthesized vanadium carbonitride 
powders the lattice parameter is observed to change from 

4.15 Â in pure vanadium carbide to 4.11 Â for pure 
vanadium nitride [40,42]. Other investigators [45,46] have 

found similar trends in precipitates extracted from steels.
One of the drawbacks of the lattice parameter/ 

stoichiometry correlation method is a very low recovery of 
precipitates during the extraction (dissolution) process. 

Another problem is the ambiguity associated with vacant 
sites on the precipitate lattice. This leads to a range of 

stoichiometry for a given lattice parameter.

Electron diffraction of precipitate dispersions 
through transmission electron microscopy (TEN) is subject 
to the same errors as in X-ray analysis. In addition, 

there are certain inaccuracies associated with electron 
diffraction in the TEM that would make this technique 

unattract i ve.
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A third technique. X-ray microanalysis via EDS/WDS of 
precipitates, is not viable because of the very small size 

of the precipitates relative to the minimum beam size.
Also, detection of low yield X-rays from carbon and 

nitrogen is very difficult with these systems.
Electron energy loss spectroscopy (EELS) is a 

possibility in the TEM, since both carbon and nitrogen can 
be detected, but the size of the precipitates is a limiting 

factor for other than high voltage/high brightness sources 
(eg. LaBe).

Analytical chemistry techniques of extracted residues 
are generally not viable because of the characteristically 

small samples and accompanying amorphous carbon from carbon 
stee1s.

However, one analytical chemistry technique that has 
some promise is differential thermal analysis - evolved gas 
analysis (DTA - EGA) of small specimens [107,122]. In this 
technique the residue of a bulk extraction is combusted in 

an excess of oxygen under linearly increasing temperature 

conditions. The maxima in heat evolved, corresponding to 

specific species in the residue, define the combustion 

events so that analysis of the evolved gases can be 

associated with a specific species. The evolved gas 
analysis can yield the stoichiometry of the various
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precipitate species in the residue [107].

Precipitate composition has been found to be related 
to steel composition [43,45-47,106,107,123]. This might be 
expected from the solubility relationships of pure vanadium 
carbide and pure vanadium nitride. Vanadium nitride is 

more thermodynamically stable and dissolves at a higher 
temperature. Cheremnyich, et al found that an increase of 

vanadium concentration and a decrease of carbon results in 

the formation of carbon i tr i des of a higher vanadium content 

in steels containing both Nb and V [46]. They also found 
that an increase in the ratio of nitrogen to carbon 

resulted in an increase in the nitrogen fraction of the 

carbon itri de phases, including the formation of the pure 
nitride [45].

In contrast to these findings, other investigators 

[113,125] nave found the precipitate composition of 

vanadium steels to be independent of steel composition.

Both Crooks, et al and Garratt-Reed, using EELS, determined 
that the precipitates were pure, or nearly pure, nitrides. 

Essentially no carbon was detected.
Vanadiurn carbonitride can precipitate in both 

austenite and ferrite [49,51-53],
Precipitation in austenite is often 'strain-induced' 

[49]. Due to increased diffusivity at higher temperatures,
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precipitation in austenite is coarser whereas precipitation 
occuring during or following the transformation is 

generally extreme 1 y fine [46,49,50].
Other factors influencing austenite microalioy 

precipitate size are : degree of deformation [49,50,129],
cooling rate [52] and length of time at temperature after 

deformation. The size of precipitates is known to decrease 

with the amount of deformation [50]. Presumably, this is 
because deformation creates more nucléation sites and with 
a higher number of nucléation sites there is less 

microalloy available for each site and smaller precipitates 
are produced. Increases in cooling rate also result in 

finer particles due to increased nucléation sites 

accompanied by limited diffusion [50]. When cooling rates 

are very slow, or an isothermal hold is performed after 
deformation, precipitates will grow in size [46].

Precipitates formed during the y -► a transformation 
are the result of an interphase reaction involving the 

concurrent decomposition of austenite to ferrite. These 
precipitates were therefore termed 'interphase' by 

Davenport and Honeycombe [124]. In this type of 
precipitation, closely spaced sheets of fine vanadium 

carbide (or carbonitride or nitride) particles are 
nucleated successively at the y/a interface, with the
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result that the sheets delineate the previous positions of 

the y/a boundary [30,38,56].
Interphase preciptates are frequently very small, on 

the order of 100 Â, with the intersheet spacings of 
similar or slightly greater order [7,124].

One interesting aspect of the mechanism of interphase 
precipitation is their growth by the extension of 1 edges in 
a direction parallel to the interphase interface [7,39]. 
While precipitation occurs at the interphase boundary, the 

boundary is advanced be the sidewise movement of subsequent 
1 edges [30,39].

Batte and Honeycombe [38] determined that the mean 
interphase precipitate size increases with transformation 

temperature and that finer particle sizes are usually 
associated with a higher volume fraction of particles. The 

transformation temperature is depressed by an increased 
cooling rate. Batte and Honeycombe also found that the 

precipitate dispersion is coarsened by the presence of 

other alloying, such as chromium or molybdenum. These 
elements result in a slower transformation rate.

It is informative to determine whether or not 

precipitates have formed in the austenite or the ferrite. 
This is not always revealed in size differences, as the 

results of this project indicate. By utilizing TEM and
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dark-field imaging it is possible to differentiate between 

those precipitates formed in the austenite and the ferrite 

by precipitate/matrix orientation relationships.

The degree of coherency of the precipitate with the 
matrix depends in part upon the size of the precipitate. 
Very small precipitates are coherent and as they grow the 

degree of misfit between the two lattices increases until a 
semi coherent interface is created. In an effort to 

minimize the energy of the misfit precipitates usually form 
appropriate orientation relationships corresponding, for 

example, to aligned closest-packed planes and directions 
[21 ] .

When precipitation occurs in austenite the vanadium 
carbonitrides are oriented in a 'cube-cube' relationship 

with the matrix such that : {100)y(C,N) // (100}Y and

<100>v(c,N) // <100>y [52]. On transformation to 
ferrite the (111)Y is replaced by the (110)Q 
according to the N i sh i yama-Wasserman or Kurdyumov-Sachs 

relationship [21,55]. Thus the end result of precipitation 

in austenite is the alignment of the {111}v(c,N) with the
m o } a .

However, when precipitation occurs in ferrite the 

Baker-Nutting relationship [39,52,54,56,57] results, 

where: (001>V(C,N) // (001}a and <110>v(C,N) //
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<100>a • The orientation relationships presented here 
have been experimentally confirmed by several investigators 
[39,54-56].

It is generally assumed that microalloy precipitation 

in austenite is associated with austenite microstructural 

control i e . grain refinement and retardation of recovery 

and recrystallization. Interphase microalloy precipitation 
in ferrite during the y -► a transformation and/or 

precipitation in ferrite after transformation can 

strengthen the transformat ion product microstructure.

1.5 MECHANICAL PROPERTIES
The mechanical behaviour Of microalloyed HSLA steels 

are effected by composition and processing through 

microstructure. The type and amount of elements in solid 

solution,precipitation, microstructure type, dislocation 
density and grain size are ail important factors for 

strengthening [31,32,58-62]. In addition, they are not 

necessarily independent or purely additive mechanisms. The 

purpose of this section is to present, in as quantitative 

fashion as possible, the relative effects of each of the 

above factors on the mechanical properties. With regard to 
context of this thesis, only air-cooled structures will be 

cons idered.
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1.5.1 Tensile Properties
In general, it can be said that the strength of a 

metal parallels the difficulty with which a dislocation can 
move through the lattice [20]. A perfect lattice, without 

strengthening modifications, has an inherent strenth. This 
is termed the Peierls-Nabarro stress [2]. The 

strengthening increments described below are those above 
this inherent strength.

1.5.1.1 Solid Solution Strengthening

The metal lattice of a microalloyed HSLA steel is not 
pure. By alloying with elements of differing atomic 
character i st i cs matrix strains are created that impede 
dislocation and increase strength. The drawback associated 

with solid solution strengthening of the ferrite is that 
the elements that are most effective cannot exert a major 

influence because of limited solubility for example, carbon 

and nitrogen [7,58]. Increases in both the cooling rate 

and temperature from which cooling commences increases the 
amount of alloying kept in solution, assuming that these 

species can precipitate. This results in higher yield and 
tensile strength and lower ductilities [31,58]. 

Theoretically, the solid solution strengthening effects are 
proportional to the square root of the solute concentration
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[65]. However, at low concentrations a 1inear dependence 

can be approximated. The effects of typical alloying 
elements on the yield strength increment of polygonal 

ferrite-pear1ite steels is shown below [47,65]:

E 1ement 
Mn 
Si 
Ni 
Cr 
P 

Cu 
Mo 
Sn 

C and N

Table I
AY (MN/m2)

37 
83 
33

-30
680
38 
1 1

120
5000

1.5.1.2 Precipitation Strengthening

When the solubility of an alloying element in a metal 

is exceeded, precipitation occurs. In the case of 
microalloyed HSLA steels microalloy precipitation is an 

important strengthening mechanism.

There have been at least two general models concerning 

the strengthening mechanism of dispersed precipitate 
particles [63,64]. Of these, the Ashby-Orowan model of 

precipitation strengthening has been widely accepted 

[47,63-67]. Mathematically this model is expressed [47]:
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T = _i .1.2Gb.fln( x)1 (4)
1.18 2ttL 2b

where, t - resolved shear stress to overcome

precipitate effect, 

x = mean precipitate size,
L = surface to surface precipitate spacing,
G = shear modulus, and
b = burgers vector in the slip direction.

For the special case of microalloyed steels with fine 
precipitate dispersions (L >> x ) the equation is reduced to

a (MPa) = . ln{--- X--- (5)x 2.5x10”

Precipitate size and volume fraction are important 
factors that: affect strength. The effect of precipitate 
size and volume fraction on the yield strength increment 

can be demonstrated graphically as in Figure 1. Note that 

considerable volume fractions are necessary to achieve 

strengthening unless the precipitates are very small (< 30 
Â) .

1 .5.1.3 Mi crostructure

In HLSA steels the effects of microstructure on YS and
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UTS can essentially be related to pearlite and grain size 

effects. These are considered below.
Pickering [65,67] has quantitatively assessed the 

effects of pearlite on tensile properties of low-carbon 
steels. He shows that pearlite has virtually no effect on 

the yield stress, especially at low volume fractions of 
pear 1i te [58,104]. But there is a slight increment in UTS 

due to strain hardening from the pearlite [67]. The 
inter1ame11ar spacing also affects the strength, but only 

to the extent that the pearlite is present in the 
microstructure ie. volume fraction. The increase in UTS is 
expressed as:

Aauts(MN/m2) = (fa )1/2[720 + 3.5S"1/2] (6)
where, fa = volume fraction of ferrite, and

S = i nter1ame1 1ar spacing of pear 1ite.

For small (< 0.15) volume fractions of pear 1i te the 
increment is virtually insignificant.

Pearlite decreases ducti1ity as evidenced by smal1 
decreases in unform and total elongation [67]:

Aeu = -0.016(% pear 1i te), and (7a)
Ae-fc = -0.020(% pearlite), (7b)

where,
eu = uniform elongation, and 

e-fc = total elongation.
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Probably the most important structural feature 

affecting strength is ferrite grain size as it allows for 

simultaneous increases in both strength and ductility 
[47,58,67,104]. Ferrite grain size is a function of: 1)

austenite grain size, 2) y+a. transformation temperature 
and 3) precipitation.

An empirically developed relationship, the Ha 11-Fetch 
equation [68,69,71] shows the relationship of grain size to 

the lower yield stress :

d = grain diameter (mm),

cr0 = friction stress opposing dislocation 

motion (Peierls-Nabarro stress), and 
k = material constant. 

a0 has been found to be about 88 MPa for 

air-cooled low carbon steels over a wide range of grain 

sizes [47,65,70,71]. The constant k is usually quoted as 
either 15 or 18 N/mm“3/2 [47,65,70-74,76]. While most 

investigators treat the exponent of d to be -i/2 ?

Morrison [70], later supported by Pickering [65], suggests 

it to be a function of grain s ize, eg.:

oy = aQ + kd 1/2 (8)

where ay = yield stress (MPa)

n 5 (9)
10+d” L/z
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There has been some work [130] in structure-property 
relations that separates the effects of subgrain and grain 

size strengthening. However, the TEM of thin foils of the 
materials in this project indicates that the dislocation 

densities were too low to cause significant subgrain 
development or strengthening.

1.5.1.4 Dislocation Strengthening
Dislocation strengthening is embodied in the relation 

[77,78,130]:

Acfy = kV p (10)
where,

Aay = increment in strength, 
k = constant, and 
p = dislocation density.

In general, decreasing the transformation temperature, 
either by alloying or increasing the cooling rate, 

increases the dislocation density. The dislocations are 
imparted in association with movement of the transformation 

front. However, the observed increases in ferrite-pear1ite 
steels due to dislocation strengthening are usually small, 

about 50 MN/i n2 (7 ksi) for a 550°C transformation 
temperature [67].

1 .5.1.5 Duct i1ity
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Ductility can be defined [2] as "...the ability of a 
material to undergo sustantia 1 amounts of general 

deformation." In the standard tensile test it is some 
times defined as the total plastic strain at fracture 

[127]. This ability to deform is limited by the onset of 
fracture.

Since ductility is usually observed to vary inversely 
with strength. the concepts introduced above apply equally 
well to its definition.
1.5.2 Toughness

Toughness is defined as the capacity of a material to 
absorb energy by deforming plastically before fracture 
[25]. Therefore it is necessary to describe the fracture 
modes that can occur in microalloyed HSLA steels.

There are three basic mechanisms by which fracture can 

occur in HSLA steels— cleavage, i ntergranu1ar fracture, and 
microvoid coalescence [95,87,97]. Intergranu1ar fracture 

however, is rare in air-cooled HSLA steels so only cleavage 
and microvoid coalescence will be described here.

Cleavage is a transgranu1ar fracture mode by which 
fracture occurs along preferred crystallographic planes.

In body-centered cubic metals these planes are of the {100} 
family at room temperature [7,97]. A cleavage facet
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usually contains shear steps between parallel cleavage 

planes known as "river patterns" [97]. The facet size is 
equal to the grain size in ferrite-pear1ite steels [98].

The development of a cleavage crack occurs in three 
stages: 1) the formation of a cleavage microcrack in one

or two grains as a result of nucléation at a twin or other 
stress concentration, 2) development of the cleavage 
fracture into several grains, and 3) complete catastrophic 
failure of the specimen due to unstable fracture [99].

Cleavage is a brittle fracture mode usually associated 
with fracture on the lower shelf, ie. below the ducti1e-to- 

brittle transition (DOT) temperature.

Microvoid coalescance is a mode of fracture which 

tends to occur above the DBT temperature. It is 
characterized by a fibrous appearance to the unaided eye 

and by many cup lets or dimples at higher magnifications 
[95,97].

Microvoid coalescence also occurs in three steps, 
namely, nucléation, growth, and coalescence. The 

nueieat i on step usually begins with decohes i on at some 
internal interface, or particle cracking. This is followed 

by void growth around the particle under hydrostatic 
stresses, and finally with void linkage (microvoid linkage) 

at which point complete fracture occurs [47,97-99].
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An important consideration in the evaluation of 

strengthening mechanisms is their effect on the resistance 

to brittle fracture. A number of investigators [71-91] in 

the field of structure/fracture property relations have 

studied the various effects of alloying, microstructure, 
precipitation, inclusions, and dislocation density on 

fracture. These effects are described below.
Grain refinement is the only strengthening mechanism 

by which both strength and toughness are improved, thus it 
is desirable to have as fine a mi crostructure as possible. 

This effect may be rationalized by considering the 

requirement of a cleavage crack to re-orient or re-nucleate 

each time a high-angle grain boundary is encountered [78]. 
Several investigators [71,76-78,88] have determined the 

toughness, expressed as impact transition temperature 
(ITT), to decrease by 11.5°C for each unit increment in 
d-i/2 mm-i/2 . it is important to recognize that the

means by which the grain size is decreased (eg. 

precipitation) can sometimes be detrimental in itself to 
toughness.

The effect of carbon on toughness is manifested 
indirectly through production of pearlite which is quite 

detrimental to fracture properties [47,78,79,86]. This is 
apparently due to cracking of the cementite lamellae.
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Free nitrogen is extreme 1 y detrimental to fracture as 

evidenced by its effect on the ITT [47]:
A ITT (oc) = 700(%Nf ) 1/2 H D

where, Nf = weight percent free nitrogen.
In general, substitutional alloying elements raise the 

ITT with the exception of nickel [67,87]. They also can 
have secondary effects that may raise or lower the ITT such 

as precipitation or lowering the transformation temperature 
[32] .

Precipitation of carbontr i des is documented to have a 
negative effect on toughness. Increases in the ITT from 

0.3 to about 1 °C for each 1 MPa increase in strength 
due to precipitation have been reported [61,61,90,91].

There is conflicting evidence in the 1iterature 
concerning the effect of inclusions on toughness 

[59,92-94]. However, it would seem that "soft" inclusions 

that do not fracture, such as MnS, would, if elongated or 

irregular, cause internal stress concentrâtions due to the 

relaxation of triaxiality at the internal i nterface [47].

As the restraint is lowered, a local p 1ane-stress stress 

state develops and plastic deformation occurs instead of 
fracture. "Hard", or brittle, inclusions can be 

detrimental to fracture as a result of particle cracking or 
decohesion [132].
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In general, the effect of inclusions on mechanical 
properties is probably relatively small [47].

As described earlier, ferrite forms essentially two 
morpholgies, a I 1otriomorphs and Widmanstatten plates. 

Although there has been little investigation except in the 

area of weld metal microstructures [100-102] it appears 

that the general grain size effect holds true. When 
W i dmanstatten or ac i cu1ar ferrite forms with very long 

ferrite laths of a high aspect ratio then fracture 
properties deteriorate. This is due presumably, to a less 
tortuous fracture path between laths [62,86]. However, the 

attainment of a fine ac i cu1ar ferrite microstructure, where 

the laths are shorter and have smaller aspect ratios, is 
reported to result in good toughness [100]. In general, 

for a given morphology, the fracture properties of ferrite 
improve with decreasing ferrite grain size.

Dislocations can be divided into three categories, 

according to their location in the substructure : those in 

high-angle boundaries, those in 1ow-angle boundaries, and 
randomly distributed as forest dislocations or tangles.

High angle boundaries increase strength and improve 
toughness by acting as barriers to crack propogation. 

Low-ang1e boundaries and randomly distributed dislocations 

contribute to strength but not to toughness since they
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cannot resist crack propagation [47], Strengthening due to 

dislocation tangling is known to decrease the Charpy upper 
shelf energy in normalized steels by a factor of -0.35 per 
N/m2 increase in strength [65,111].

1.6 PURPOSE OF THE ..INVESTIGATION
The purpose of this investigation was to study the 

composition and processing/structure/property relationships 
associated with thermomechanica11 y treated microalloyed 

HSLA steels. Steel composition and austenite 

microstructural evolution were considered to be of primary 

importance because of their influence upon the 
transformat i on product microstructure, precipitation and 

the resulting mechanical properties.

These objectives were accomplished by varying the 

carbon/nitrogen ratio and thermomechanical treatment, 
observing qualitative and quantitative variations in the 

transformation product microstructure and precipitate size 

distribution and relating these variations to changes in 

mechanical properties. In addition, microalloy precipitate 
stoichiometry was measured as an indication of precipitate 
stab i1ity.
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2.0 EXPERIMENTAL PROCEDURE

2.1 START ING MATERIALS

The ladle chemistries of the five steels used are 

listed in Table II. These steels were vacuum induction 
melted in 68 Kg heats, the ingots were reheated to 
1288°C, hot rolled to 1.6 cm thick plate, and then air 
cooled. Finish temperatures were estimated to be about 
950°C.

Also listed in Table II are the designations given the 

steels. These designations were meant to indicate 
compositional differences in the steels with respect to the 

carbon, nitrogen, and vanadium contents. Since these are 
the elements contributing to microalloy precipitation it 

was expected that differences in precipitate stoichiometry 
would develop. The 0 steel had no vanadium added and was 

used as the control steel in this study. The other four 
steels had 0.15% vanadium added. Of these four, the C 

steel had only carbon added to produce a vanadium carbide 

precipitate. The N steel had nitrogen added with nominally 

no carbon to produce a vanadium nitride precipitate. The L 
and H steels had both carbon and nitrogen added with the L 

steel having more nitrogen but the same carbon level (lower
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C/N ratio) as the H steel. These steels may contain 

carbides, nitrides and/or carbon i tr i des of vanadium.
The starting material condition has been described in 

detail previously [106]. Both the microstructural and 
chemical homogeneity of the steels were studied in detail. 

Transverse sections from the ends of each plate were cut 
for light microscopy and chemical analysis. Chemical 
analyses were performed with a spark emission 
spectrograph. The variation in vanadium content was of 

principal interest. The results of an analysis of variance 
indicated the vanadium to be homogeneous with plates, 

within an ingot, and between ingots to the 90 percent 
confidence level. The mean vanadium contents were very 

close to the ladle analyses. The rolled plates were 
determined to be microstructurally homogeneous, as well.

The longitudinal, transverse, and rolling plane 
sections were examined metallographically. Mean linear 

intercept ferrite grain size and volume percent pearlite 

were measured. Microhardness was measured with a diamond 

pyramid indenter under a load of 20 g. The low load 
allowed the indention to occur within a single ferrite 

grain and thus avoid grain boundary and second phase 
influence on the reading. The results of the quantitative 
metallography, and of the microhardness readings are
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described in Table III.

2.2 THERMOMECHANICAL TREATMENT
Specimens measuring approximately 5 cm by 5 cm by 1.6 

cm were cut from slabs of each steel to provide rolling 
coupons for thermomechanical treatment (TMT). The original 

rolling direction was retained. It was later determined 
that the specimens rolled at the lower TMT temperature 

would require a smaller width of 4 cm [40]. This was 
necessary because the wider specimens resulted in a torque 

limited draft greater than the desired 50 percent reduction 
when rolled at the low temperature. A Fenn 2-high 

laboratory scale mill was used for the hot rolling.
The specimen temperature was monitored by a Type K 

thermocouple inserted in a 3.6 mm diameter hole drilled 2.0 
cm in the longitudinal rolling direction from the 

transverse face center. This placement allowed center 

thickness temperature measurement and retention of the 

original rolling direction during deformation. The 

thermocouple output was monitored by a Leeds and Northrup 
chart recorder.

Based on earlier work [40], each specimen was held at 

1300°C for 100 minutes before rolling. This allowed 
complete solutionizing of any prior precipitation. Soaking
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was done under an argon atmosphere to reduce specimen 
ox idat ion.

Upon removal from the soak furnace, the 

chrome 1-a 1 urne 1 thermocouple, sheathed in stainless steel, 

was inserted in the drilled hole. At this point the 
temperature measurement commenced. The specimen, held by 

the thermocouple, was passed through the rolls with the 
thermocouple extending in the exit direction. The roll gap 
was closed to give a 50 percent reduction in thickness.
When the specimen had cooled to a rolling temperature of 
either 1020°C or 840°C it was pushed through the 
rolls with the thermocouple left embedded in the center 
thickness. Previous work had indicated that the higher 
rolling temperature resulted in a recrystallized austenite 

and the lower rolling temperature generally results in an 
unrecrystal 1ized austenite [107]. This arrangement allowed 

the rolled specimen to be placed in the post roll hold 
furnace immediately upon completion of the rolling 

operation. The specimen was placed in the furnace for 0,

1, 10, 30, or 100 minutes and then air cooled. Temperature

measurement through the austen i te-to-ferr i te (y/a) 

transformat i on was also accomplished with this 

configuration, shown schemat i ca11 y in Figure 2.
A specimen identification system describing specimen
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chemistry and processing was employed, consistent with 
ear 1i er work [40]. This system consisted of a four 

variable alphanumeric assigned for each set of conditions: 
S-T-t-R, where,

S = steel
T = rolling and post-roll holding temperature 

t = time in furnace after rolling 
R = rate of cooling, air (A) or water quench

(W) .
For example, a specimen identification alphanumeric of 

O-H-IO-A would indicate an 0 steel specimen, rolled at the 
Higher rolling temperature (1020°C), held for J_0 

minutes at the rolling temperature following rolling, and 
then allowed to Air cool at approximately 10°C/second.

The number of specimen conditions was therfore: 5
steel compositions x 2 rolling temperatures x 5 post rol1 

hold times = 50 conditions.

2.3 LIGHT MICROSCOPY
Subsequent to air cooling the specimens were sectioned 

longitudinally along the center of the plate width in the 
center of the plate length. Specimens were mounted in 

bakeiite to facilitate handling. The specimen was prepared 
for metallographic observation by standard grinding and



T-3 193 43

polishing techniques and then etched for 10 to 15 seconds 

in 2 percent nital.
All metallographic observations were made on a Leco 

Neophot meta11ograph.
Determination of volume fraction Widmanstatten ferrite 

and volume fraction 'dark etching phase' was made by 
systematic manual point counting according to ASTM practice 
[109] using a 5 x 5 grid.

Ferrite grain sizes were determined by a mean linear 

intercept technique [108]. Since the ferrite existed in 
two distinguishable morphologies, a 11otr i omorph i c and 

W idmanstatten, both overall ferrite grain sizes and 
a 11otriomorphic grain sizes were measured by accounting for 

the volume fractions of the dark etching phase and the 
W idmanstatten ferrite.

2.4 TRANSMISSION ELECTRON MICROSCOPY

Transmission electron microscopy observations of 
carbon extraction replicas and thin foil specimens were 

made with a Philips EM400 operated at 120 kV.
Carbon extraction replicas were prepared to observe the 

state of microalloy precipitation in specimen conditions. 
Preparation of replicas was accomplished by a previously 
established procedure [40,110]. The first step was to
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grind and polish the specimen surface in the same manner as 
for metallographic viewing. A light 2 percent nital etch 

(approximate 1 y 5 sec.) was applied to the polished surface. 
Structure was just visible in the light metal 1ograph. A 

layer of carbon approximate 1 y 200 Â thick was then 
deposited on the surface of the specimen. A Denton DV-502 

vacuum evaporation unit was used for the deposition. The
carbon layer was scored into 1-3 mm squares and the 
specimen immersed into a 10 percent nitric acid and 
methanol solution. The acid dissolved the steel matrix 

while not affecting the precipitates and thus released the 
carbon film squares in which the precipitates were 

imbedded. The replicas were washed in methanol, 
straightened in a solution of methanol and distilled water

and placed on 3 mm diameter Cu support grids.
Thin foils of selected specimens were made for various 

substructure 1 observations. The material for thin foils 
was taken from the area directly adjacent to the area used 
for light microscopy.

Wafers of material approximately 250 ym thick were 
produced with Bueh1er low speed diamond cutting saws.
After cleaning in methanol the wafers were chemically 

thinned to a thickness of 25y in a solution of 80 ml 

h2^2’ 15 ml distilled HgO, and 5 ml HF. The wafers
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were then mechanically abraded on 600 grit SiC paper to 

remove any scale and smooth the specimen surface. Finally, 
3 mm diameter disks were punched from the wafers. These 

disks were electropolished to perforation in a Fishione 
twin jet employing a 57. perchloric acid-acetic acid 
electrolyte. Electropolishing was accomplished at 20-25 V 
and 11-21 mA. Perforation was achieved in 30 seconds to 1 

minute. Specimen were rinsed several times in methanol and 
then dried before observation.

Br i ght-fi eld, center-dark field and selected area 
electron diffraction observations of microalloy 

precipitates and other structural features were made.
The replicas were examined and electron micrographs 

were taken with a Philips EM400 TEM at magnifications of 
25000X to 90000X. Precipitate size measurements were 
manually' made from enlargements of carbon extraction 
replica electron micrographs. The data was analyzed via 

the method described by Ashby and Ebling [110].
2.5 X-RAY DIFFRACTOMETRY OF EXTRACTED MICROALLOY 

PRECIPITATES

In order to perform diffractometry the precipitates 
had to be isolated from the steel matrix. This was 

accomplished by a dilute acid extraction procedure [40].
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Five grams of fine drillings were first obtained from each 
specimen for each set of conditions. These drillings were 

then degreased and cleaned in methanol and acetone rinses 

after which they were placed in a 10 percent aqueous HC1 
solution. The dissolution was agitated at 40°C, with 
magnetic stirring, and under an argon atmosphere generated 

by the dissolution. The dissolution generally took 5 to 10 
hours.

The solution was then vacuum filtered with a M i1 1i pore 
filtration apparatus and filter with which had a pore size 

of .025 urn. Although these pores were actually larger than 
the precipitates, the precipitates were still retained 

because of their agglomeration with the amorphous free 
carbon in the solution. The filtered residue had the 

physical appearance of a dark brownish or blackish powder.
In order to assess precipitate stoichiometry, lattice 

parameter measurements were made. These measurements were 
made by the Debye-Scherrer powder camera technique.

The filtrate was gently scraped from the surface of 
the filter paper and inserted in a 0.1 or 0.2 mm diameter 

glass capillary tube. After five to ten mm of the tube 

length had been filled the tube was severed near the 

filtrate and then sealed with glue. The tube was then put 
into a 100 mm diameter Debye-Scherrer camera and optically
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a 1igned.
The Straumanis method was used for loading the X-ray 

film as this method minimizes process errors [48,111]. The 
capi1lary tube was rotated during exposure to unfiltered Cu 
radiation from a Philips XRG-3100 X-ray generator. Typical 

exposure times were on the order of one hour.
Lattice parameters were calculated via a 1east-squares 

extrapo1 ation technique described previously [40]. 
Correlations between lattice parameter and precipitate 
stoichiometry established ear 1ier were employed to 
determine the precipitate stoichiometry for selected 

specimen conditions.
Extracted residues were also subjected to X-ray 

d i ffractometry. Specimens for analysis were prepared by 
cutting a 25 mm x 25 mm square of the filter containing the 

filtrate and using double-sided adhesive tape to secure it 
to a glass plate about 40 mm x 40 mm in size. The specimen 

was then placed in a Philips diffractometer and irradiated 
with filtered Cu radiation. The 26 range of 30 to 70 

degrees was scanned at a rate of 0.5 degrees/mi nute.
Peak position (Bragg angles), integrated intensity and 

peak width an half heighth were measured for selected 
spec imens.

Peak positions were employed in the calculation of
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lattice parameters. A relationship between lattice 
parameter and stoichiometry was developed using standard 

vanadium carbide, nitride, and carbonitride powders and the 
literature data collected for the Debye-Scherrer ana 1ysis 

[ 133].
The integrated intensity data was used for structure 

factor calculations which were also related to precipitate 
stoichiometry. This was done by measuring the area of the 
(111) and (200) diffraction peaks on the traces. A slow 
chart speed was used to increase the area beneath the peaks 

in order to facilitate measurement. The peak area is 
proportional to the peak intensity. Therefore, the rat i o 

of the areas of the (111) to the (200) peaks is equal to 
the same ratio of intensities. This ratio is demonstrably 

altered by precipitate stoichiometry both theoretically and 
experimenta11 y . The width at ha 1f-hei ghth data was

related to peak broadening due to precipitate size.
2.6 MECHANICAL TESTING

2.6.1 Tensile Testing

Three tensile test specimens were machined from the 

center of selected plates with the tensile axis in the 

rolling direction. Sub-size sheet-type specimens were
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used, due to the small plate size. The tensile test 

specimen dimensions are shown in Figure 3a.
The tensile specimens were tested to fracture on an 

Instron Mechanical Testing Machine. Load and elongation 
data were collected in analog form on a chart recorder and 
also in digitized form via a PDF 11-40 with an MTS 433 
interface 11 bit A/D converter. The digitized data was 

stored on disk and later mathematically smoothed and 
converted to true stress and strain [19]. The derivative 

of true stress with respect to true strain was calculated 
from the digitized data as a function of true strain. In 

addition, the differences in overall strain hardening rate 
between differing specimen was studied. The overall strain 
hardening rate, R0 was calculated by the following 
expression :

R0 = guts - cv where, (12)eu

R0 = overall strain hardening rate, 

auts = ultimate tensile strength,
Cy = yield strength, and 
eu = uniform elongation.

Examination of the fracture surfaces was performed via 
scanning electron microscopy (SEM). SEM fractographs were 

taken.



DIMENSIONS IN MM : G - 19

W = 4.5 

R = 4.5 

T = 4 

L : 75  

A = 24  

B = 2 4  

C = 7.5

55mm.

8 mm 10 mm 

1 5 mm

NOTCH BASE HAS A RADIUS = 0 .2 5  mm

Figure 3. Mechanical test specimen dimensions. Long 
dimension of specimen parallels rolling 
direction, a)tens i1e, b) impact
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Rockwell 'B ' hardnesses were taken along the center 

length of each plate using a motorized digital Rockwell 
hardness tester, model R-600. Seven readings were taken, 

with the lowest and highest readings discarded and the 
remaining five averaged.

Two charpy impact test specimens were machined from 
the center of selected air cooled plates with the notch in 

the longitudinal-transverse direction [112]. The impact 
test specimens were also sub-size because of the plate size 

limitations. Specimen dimensions are shown in Figure 3b.
The impact tests were conducted with a Tînius-01sen 

instrumented impact test machine in conjunction with a 

Nicolet digital osei11iscope. This allowed collection of 
digitized load-time and integrated energy-time information 
in addition to the standard pendulum energy data. By 

locating the point at which the load completely returns to 
zero cn the energy time curve a calculated energy was 

derived. The load-time and energy-time data were 
correlated with the particular fracture mechanisms 
operating during crack propogat ion.

2.7 SEN FRACTQGRAPHY OF CHARPY IMPACT SPECIMENS
SEM fractographs were taken of représentât i ve areas of 

the various types of fracture surfaces utilizing a JEOL
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JSM-840 scanning electron microscope. These were 
correlated to impact energy data. Secondary electron 

imaging at 20 keV accelerating potential was employed for 
the majority of observations.

2.8 TRANSFORMATION TEMPERATURES
Equilibrium transformation temperatures were derived 

from di1atometry performed on a Gleeble 1500 programmed 

thermal cycle test apparatus. The dilatometry was 
performed via diametral strain measurements on 10 mm 

diameter x 15 cm specimens. Very slow cooling rates were 

employed to obtain close to eau i1ibriurn transformation 
temperature for a given given steel and state of austenite.

The cooling behaviour of the hot rolled plates was 

recorded during TMT and also employed to obtain 
transformation temperature data.
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3.0 RESULTS

3 .1  L i l i l d l - J l I  C RQS.-CQP Y

3.1.1 Qualitative Metallography.

The descriptions below are qualitative observations 

made by study of the microstructures of the entire 

experimental matrix. Quantitative metallography was also 
performed on all specimens for mean linear intercept 

overall grain size and a 11otr i omorph i c grain size, volume 
fraction pearlite, and volume fraction W idmanstatten 

ferrite. These results are discussed in the following 

sect ion.

3.1.1.1 Thermomechanical Treatment at 840°C.
The 0 and C steels possesed very similar

microstructures as a function of post-rol1 hold time. 

Figures 4 and 5. There are no major variations in 

microstructural type or scale with post-rol1 hold time.

The microstructures consist mainly of polygonal ferrite 
with a lesser amount of dark-etching constituent between 

the ferrite grains. There are also small amounts of 
W idmanstatten or pi ate-like ferrite that appear associated 
with the dark-etching phase. The 0 and C steel
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100/im

Figure 4. 0 steel transformation product
microstructure for specimens treated 
at 840°C and held for : a) 0* b) 10
and c) 100 minutes following.
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Figure 5. C steel transformation product
microstructure for specimens treated 
at 840°C and held for : a) 0, b) 10
and c) 100 minutes following.
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qua 1itative1 y appear to exhibit microstructural coarsening 

with hold time. The detailed aspects of this apparent 
microstructua1 coarsening will be considered in the 
following section.

TEM observations of various selected specimen 
conditions reveal the dark-etching phase observed in light 
metallography to be a very fine pearlite. The pearlite 

morphology was degenerate in most areas. Figure 6a, and 
lamellar in others, Figure 6b. The inter1ame11ar spacing 

of the lamellar pearlite was approximately 0.2 ym.
In the as-rolled condition both 0 and C steels 

displayed microstructural heterogeneities associated with 
the prior austenite. The 0 steel possessed bands of larger 

polygonal ferrite grains, apparently located at prior 

austenite grain boundaries. Figure 4a. The C steel 

possessed a very heterogeneous ferrite microstructure that 
appears associated with material flow during hot rolling. 

Figure 5a and perhaps nucléation of ferrite within 

austenite deformation bands.

The L and H steels possess transformation product 

microstructures of s i gn i f i cant 1 y different morphology 
compared to the 0 and C steels. Figures 7 and 8. The 
ferrite matrix is composed of a mixture of fine equiaxed 
grains and elongated grains that vary over a wide range of
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Figure 6. TEM bright field micrographs of the types
of pearlite observed in all steels. a)
degenerate » b) lamel1ar
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Figure 7. L steel transformation product
microstructure for specimens treated 
at 840°C and held for: a) 0, b) 10
and c) 100 minutes following.
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Figure 8. H steel transformation product
microstructure for specimens treated 
at 840°C and held for : a) 0, b) 10
and c) 100 minutes following.
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sizes. The elongated grains are to be distinguished from 

the pi ate-like, W idmanstatten ferrite described previously.
The ferrite mi crostructure displays microstructural 

heterogeneities associated with the prior austenite. This 
is similiar to the behavior in the as-rolled condition of 

the C steel but more exaggerated. The outlines of 
elongated prior austenite grains can sometimes be discerned 
by coarser ferrite grains.

The elongated ferrite grains appear oriented in 

'basket-weave' [106] patterns within the microstructure 
suggesting ferrite nucléation growth sites are occuring 

along patterned structural features in the prior 

austenite. There are many instances of elongated grains or 

aggregates of fine, equiaxed grains. Figure 8b, oriented 
approximate 1 y 40 degrees to the rolling direction.

In general, the microstructures appear to be fair1 y 
stable with respect to hold time except for the 100 minute 

H steel specimen that possesses a transformation product 

microstructure similiar to those described for for the 0 

and C steels. Figure 8c.

The N steel contained no detectable pearlite. It did 

however contain mean ferrite grain sizes that were 
signîficant 1 y larger than those of the other steels. It 

was quite common to observe very fine ferrite grains
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outlining the prior austenite grain boundaries. Figure 9.

The 0 and C steels possess a similar microstructural 

response with post-roll hold time. Figures 10 and 11. The 
dominant microconstituent for the 0 and 1 minute hold times 

is polygonal ferrite. Regions of Widmanstatten ferrite 
combined with pear 1i te are dispersed throughout the 

mi crostructure.
The microstructures of both 0 and C steel vary 

significantly with post-roll holding after 1 minute of 
holding time. The level of polygonal ferrite is reduced 

drastically while the volume fraction of the Widmanstatten 
ferrite increases. The W idmanstatten ferrite plates appear 
to coarsen with holding time. Figure lOd. Polygonal 
proeutectoid ferrite surrounds the regions of W idmanstatten 
ferri te.

As observed in earlier studies, the 0 and C steels 

appear quite s i mi 1i ar in microstructural response to the 

thermomechanical treatment in that the W idmanstatten 

constituent increases with hold time.
The L and H steels exhibit similar microstructural 

response after rolling at this temperature. This response 

was very similar to that of the O and C steel response in 

the as-rolled condition. However, this microstructure 

remained stable with holding time for the L and H steels.
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lOO/xm

Figure 9. N steel transformation product
microstructure for specimens treated 
at 840°C and held for : a) 0, b) 10
and c ) 100 minutes following.
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b)
Figure 10. O steel transformation product mi cro

structure treated at 1020°C and held 
for : a) 0, b) 10 minutes.
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d)

Figure 10 (con.) 0 steel transformation product mi cro
structure treated at 1020°C and held 
for: c) 100 minutes, d)
high magnification micrograph of the 
W idmanstatten ferrite.
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Figure 11. C steel transformation product mi cro
structure treated at 1020°C and held
for ; a) 0, b) 10 and c) 100 minutes.
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Figures 12 and 13.

The N steel contained no pearlite. However, at the 
higher rolling temperature no outlining of prior austenite 

boundaries or subgrains by very fine ferrite grains was 
observed. Figure 14.

3.1.2 Quanti tative meta1 1ography.

The stereo 1ogica1 data describing the mi crestructura 1 
state of the entire specimen matrix is presented in Table 

IV. The quantities listed are the mathematical means of 
the collected raw data. They are :

1) Volume fraction pear 1i te
2) Overall grain size

3) Volume fraction W idmanstatten ferrite
4) A 11otriomorphic ferrite grain size

The fraction of pearlite present averaged 0.106 over 
the entire specimen population and varied from 0.070 to 

0.150. This is excluding, of course, the N steel in which 
it was not visible. The L and H steels contain 7 to 15 

volume percent pearlite that appears to be more finely 

dispersed than in the 0 and C steels which had from 8 to 14 
volume percent. There did not appear to be any 
relationship between composition or TMT temperature and the 

volume fraction of pearlite.



T-3193 67

100 /im

Figure 12. L steel transformation product mi cro
structure treated at 1020°C and held
for: a) 0, b) 10 and c) 100 minutes.
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Figure 13. H steel transformation product mi cro
structure treated at 1020°C and held
for : a) 0, b) 10 and c) 100 minutes.
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Figure 14. N steel transformation product mi cro
structure treated at 1020°C and held
for: a) 0, b) 10 and c) 100 minutes.
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Tab]e IV. Ster eo 1ogi ca1 data

VOL. FRAC. OVERALL VOL. FRAC. ALLOTRIOMORPH.
IB EEARLITE G.RA IÜJ51ZE ( u LJaLl. D M A N SIA IT E N GRAIN SIZE(u)

OLOA . 127 10.7 .0347 13.9
OL1A . 109 11.9 .0580 13.0
OL10A .090 11.7 .0420 15.4
OL30A .114 11.4 .0800 14.5
OLIOOA .101 10.4 .0493 17.5
OHOA . 127 12.1 .0547 12.8
OHiA . 107 14.3 .1013 16.9
OHiOA .119 12.4 .3147 25.2
OH30A .084 11.3 .3120 19.6
OH 110A .115 11.4 .4293 15.1
CLOA .101 10.6 .0020 11.3
CL 1A .085 13.1 .0187 15.5
CL10A .083 11.3 .0307 18.8
CL30A .115 10.7 .0420 14.8
CL100A .117 10.0 .0210 13.9
CHOA .121 12.2 .0540 14.2
CHI A .112 12.9 .0647 21.0
CH10A .112 10.2 .2433 24.7
CH30A .082 10.5 .2827 29.3
CH100A . 137 7. 1 .5980 12.3
NLOA 0 13.7 0 13.7
NLÎ.A 0 11.5 0 11.5
NL10A 0 14.7 0 14.7
NL30A 0 20.0 0 20.0
NL100A 0 11.8 0 1 1 .8
NH04 0 17.7 0 17.7
NH1A 0 20.5 0 20.5
NH10A 0 17.0 0 17.0
NH30A 0 16.5 0 16.5
NH100A 0 19.7 0 19.7
LL04 .072 10.4 0 10.4
LL1A .101 10.0 0 10.0
LL10A .093 9.4 0 9.4
LL30A . 147 9.7 0 9.7
LL100A . 100 8.2 0 8.2
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Tab le IV (con.)

VOL. FRAC. OVERALL VOL. FRAC. ALLOTRIOMORPH.
ID PEARL I TE GRAIN SIZE(u) W IDMANSTATTEN GRAIN SIZE(u)

LHOA .075 8.7 .0227 14.8
LH1A .131 9.7 .0287 17.8
LH10A . 100 10.2 .0320 14.3
LH30A . 164 8.3 .1133 12.8
LH100A . 145 9.4 .0533 11.1
HLOA .083 11.1 0 11.1
HL1A . 106 11.0 0 11.0
HL10A .069 13.3 0 13.3
HL30A .096 13.6 0 13.6
HL100A . 102 11.2 .0393 16. 1
HHOA .098 11.6 0 11.6
HH1A . 102 12.3 0 12.3
HH10A .093 11.7 .0073 15.1
HH30A .097 11.7 .0147 15.0
HH100A .092 10.9 .0020 16.3
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The overall ferrite grain size of all the specimens 
ranged from about 7 to 15 ym despite differences in 

ferrite morphology. An analysis of variance (ANOVA) shows 
no significant difference in overal1 ferrite grain size 
between those specimens rolled at 1020°C and those 

rolled at 840°C or between steels. Yet the ANOVA did 

indicate a significant d ifference in a 11otriomorph ic gra in 

size between the 1Q20°C specimens and the 840°C 

specimens. The overall ferrite grain size of the N steel 

is significantly larger than that of the other steels when 
considered as one group.

The overall mean linear intercept grain size of each 
steel revealed no trend with hold time.

The 0 and C steels show a continuous increase with 
post-roll hold time in the amount of W idmanstatten ferrite 

up to a maximum of about 50 v/o at the higher rolling 

temperature. Figure 15 displays this trend graphically.

In contrast, the amounts of W idmanstatten ferrite in the L 
and H steels were much less, about 5 v/o, and remained 

approximately constant with hold time. Table IV.

There was no statist i ca11 y s ignificant 1inear 

correlation between a 11otriomorphic ferrite grain size and 

post-roll hold time (correlation coefficient = 0.04).
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3.2 TRANSFORMATION TEMPERATURES

The a+y transformation temperature variations 
derived from thermal analysis of data acquired from 
thermomechanically treated specimens are deeribed below.
Air cooling of hot rolled plates is characterized by an 
approximately 10°C/sec cooling rate through the 
transformation. Additional transformation temperature data 

was acquired via di1atometry on a limited number of Gleeble 

specimens subjected to simulated equilibrium and 
non-equ i1ibrium treatments.

The transformation temperatures for the hot rolled 

plate were determined by measuring the inflection points on 

the cooling curves. This is described in more detail 
below.

For the hot rolled specimens the transformation 

temperature varied with steel composition, TMT temperature 
and post-roll hold time. The transformation temperatures 

are depicted in Figures 16 through 20. At 1020°C the O 
and C steels exhibit a similar functional dependence of 

transformation temperature on post-roll hold time. Figures 
16 and 17. These steels exhibit a continuous decrease in 

transformation temperature with hold time. At t = 0 
minutes the 0 steel transforms at approximately 760°C.

The transformation temperature gradually decreases with
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hold time to approximately 740 C . The transformation 
temperature of the C steel is initially higher, at 
approximately 770°C but it decreases more rapidly with 
hold time to lower values, about 720°C.

The L and H steels at this temperature also exhibited 

similar behavior to one another but different behavior than 

the 0 and C steels. Figures 19 and 20. Overall there is 
little variation of transformation temperature with hold 
time. However, both steels did exhibit a small increase in 

transformation temperature between 0 and 1 minute, followed 
by a decrease to a shallow minimum in the vicinity of 10 

minutes hold time and a very gradual increase in 

transformation temperature for longer hold times. The L 

steel possessed slightly lower transformation temperatures 
than the H steel (~ 10°C). Overall the transformation 

temperatures of these steels varied approximately between 
755°C and 780°C.

The 0 minute transformation temperatures for the O, C , 

H and L steel are comparable but with holding time the L 

and H steels are characterized by significantly higher 

transformation temperatures than the C steel with the O 

steel characterized by intermediate but significantly lower 

transformation temperatures.

The N steel generally possessed significantly higher
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transformation temperatures than the other steels. Figure 

18. The transformation temperature decreased significantly 

from ~810°C to 760°C between 10 and 30 minutes and 
then increased with further hold time to ~795°C.

At a TMT temperature of 840°C the 0 steel 
exhibited behavior similar to that which it exhibited at 

1020°C, Figure 16. A decrease from ~760°C to
~740°C between 0 and 10 minutes was followed by an

apparent increase to ~750°C with hold time.
The C steel at this TMT temperature possessed a 

comparable transformation temperature at 0 minutes but 

little cvara11 variation in transformation temperature 
(~760°C) with further hold time although a slight 
increase may occur between 10 and 30 minutes. Figure 17.

The H and L steel behavior was very similar to that of
the C steel except that the L steel was characterized by a

rapid initial increase in transformation temperature from 
avalue of ~720°C, Figures 19 and 20.

The highest transformation temperatures (~810°C) 
were observed for the N steel specimens treated at 

840°C and little variation with post-roll hold time 
occurred. Figure 20.

With regard to variations in transformation 

temperature with treatment temperature the 0 steel showed
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little change in the functional response or magnitude of 

the transformation temperature with hold time. The C 
steel, however, exhibited a significant change in the 

functional response and the magnitude of the transformation 
temperature with hold time. Although the transformation 

temperatures of the C steel 0 minute specimens were 
comparable, the transformation temperature at 840°C 

remained significantly higher with hold time than the 
transformation temperatures observed for this steel at 
1020°C. In general, the L and H steels did not exhibit 
very large variations in transformation temperature as a 

function of treatment temperature. However, it appears 
that transformation temperatures for the 1020°C 

treatment temperature are higher than those observed for 
the 840°C treatment temperature. The N steel possessed 

a comparable 0 minute transformation temperature for both 
TMT temperatures but with holding time the transformation 

occurred at higher temperatures for the 840°C treatment 
TMT temperature.

Described below are the results of the transformation 
temperature data obtained d i1atometr i ca11 y , via the 

Gleeble. Essentially, very slow heating and cooling rates 

were employed to obtain close to the equilibrium 
transformation temperature for a given steel and austenite



T-3 193 83

grain size. More rapid heating and cooling rates were 
employed in an attempt to simulate the condition of plate 

cooling after hot rolling. This was done to provide a 

context in which to assess the validity of conclusions 

drawn from observations of hot rolled specimens and assess 
the feasibility of using the Gleeble for hot deformation 

simulations of this nature.
The start and end y a transformation temperatures 

were determined in like manner to the hot rolled 
specimens. The dilatometric curves on cooling were simply 

interpreted by considering the phase transformation as 

essentially proceeding from a phase of denser atomic 

packing (FCC y); that is thermally contracting to a phase 
of less dense atomic packing (BCC a) that is also 

thermally contracting. An inflection point was observed 
when enough ferrite had formed to slow down the rate of 

contraction of the specimen and effect an overall 
expansion. An arbitrary transformation start temperature 

was assigned to the beginning of the inflection but is only 
arbitrary because some amount of transformation must occur 

before the inflection is observable. The same 

arbitrariness exists for the previously described 

transformation temperature determinations from cooling 
curves and thermal arrests. The transformation end
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temperature was considered to be the point where overall 

thermal contraction begins to occur again, this time in 
ferr ite.

A typical T-t and AV-t pair is shown in Figure 21 for 
the 0 steel after holding 100 minutes at 1100°C and 

then free cooling the specimen at a rate of approximately 
ll°C/sec. This cooling rate approximated that of the 

hot rolled specimens and a similar austenite mi crostructure 

to that of the 0 steel hot rolled and held 100 minutes at 
1020°C should have resulted from the pretreatment. The 
measured transformation temperature of 740°C is almost 

exactly the same as that measured for the hot rolled 
specimen. Figure 16. This could be considered somewhat 

fortuitous except that the resultant microstructures of the 
two material conditions are very similar.

A slow cooling rate of 2°C/min was employed to 

approximate equilibrium conditions during continuous 
cooling. The transformation start temperature measured for 
the 0 steel under equilibrium conditions was 790°C, 
approximate 1 y 50°C higher than that measured with the 
more rapid cooling rate (11°C/sec) and also the 

aii— cooled TMT specimens for both the high and low 
treatment temperatures.

The C steel had an equilibrium transformation
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INFLECTION POINT

IOOO

8 0 0

6 0 0
740 °C 
« START

4 0 0

200
30 45 60  75 90 105

TIME (SECONDS)

Figure 21. Typical di1atometric temperature/t ime and 
volume/time curves obtained during Gleeble 
testing for transformation temperatures.
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temperature of 765 C which was very close to those 
displayed by the 840°C TMT specimens but generally 
greater than those for the 1020°C, except at the 0 and 

1 minute hold times. See Figure 17.
The equilibrium transformation temperature for the N 

steel was 803°C. The value fell between the 
transformation temperatures shown by the low and high TMT 
temperatures with the 840°C being the higher. Figure 
18. The 0 minute hold time for the 1020°C TMT 

specimens was very close to the equilibrium transformation 
temperature but at longer hold times the difference was 
greater.

For both the L and H steels the equilbrium 

transformation temperature was coincidental with the 
1020°C specimens for nearly all hold times. The 

equilibrium transformation temperatures for the L and H 

steels were 760°C and 764°C, respectively. Figures 
19 and 20.

Noteworthy observations of the equilibrium 

transformation temperatures are: 1) the N steel had the
highest temperature overall, 2) of the carbon-bearing 

steels the 0 steel had the highest transformation 

temperature and 3) the transformation temperatures of the 

C , L and H steels were very similar.
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A pure iron specimen was also tested. It transformed 
at 895°C. This is about 17°C lower than the 

published value [7] assuming the methods of measurement 

were similar. This may indicate on an absolute scale how 
the equilibrium transformation temperatures of these steels 
compare with other data in the literature.

3.3 STATE OF PRECIPITATION

3.3.1 Carbon replica observations of precipitation.

In considering the size distributions of the 
precipitates it should be recognized that the precipitates 

observed are the result of TMT and air-cooling the 
specimens and that precipitation has occurred in both 

austenite and ferrite.
The mean precipitate sizes are extreme I y fine, ranging 

from 30 to 13 0 Â , irrespective of composition or 
treatment. In addition, the size distributions are quite 
wide.

The large standard deviation of precipitate sizes 

about the mean is derived from two sources. The first is 

the actual spread due to metallurgical effects such as 

nucléation time or growth rate differences. The second 
source of deviation is due to measurement errors resulting
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from the resolution limits of magnification system. 

Measurement errors are approximately 10Â at the 
magnifications used and are reasonably smaller than the 

actual spread of precipitate sizes.
The size distributions are plotted in both line and 

bar form in Appendix A. The data are presented such that 
differences in distribution due to time, temperature and 

composition effects can be studied.

The distributions are generally log-normal in form 
although some, particularly those of the N steel 
precipitates, were more normal.

Two of the specimens, HL100A and NL100A exhibited a 
bimodality in the size distributions. Appendix A, of the 

air-cooled specimens. This may be a result of the 
measurement of precipitation that has occurred in both 

austenite and ferrite. In support of this is the mean 
precipitate size data, Figures 22 and 24, of the TMT 

specimens which show the means of the austenite 
precipitates to be similar. A general trend of all the 

steels was to broaden the distribution as post-roll hold 
time increases.

The effects of composition, post-roll hold time and 
post-roll hold temperature on mean precipitate size are 

shown in Figures 22 through 26. The N steel specimens
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thermomecham* ca11 y treated at 840 C have a mean 
precipitate size of approximately 80 Â for the first 10 
minutes of hold time. At 30 minutes the mean diameter 
increased to about 130 Â and then decreased to 80 Â at 
100 minutes.

The 1020°C N steel specimens showed a slight 
decrease in mean precipitate size as hold time increased by 

dropping from about 70 to 50 Â during holding.
Although a small amount of precipitation was observed 

in the C steels, measurements were confounded by an 
i nhomogeneous distribution of precipitates. Regions of 

agglomerated precipitates were observed to be dispersed 
randomly through the matrix. Therefore, C steel 

distributions were not measured. However, the particle 
sizes observed in the small regions were on the same order 

as the other steels. Figure 27 illustrates the type of 
precipitation observed in the C steel.

The mean precipitate sizes of both the 840°C and 
1020°C specimens of the L steel behaved quite 

similiarly with respect to post-roll hold time. At both 

TMT temperatures they exhibit slight increases in mean 

size, from 50 to 70 Â in the first 10 minutes, followed 
by decreases at 30 minutes to about 50 A. During the 

time from 30 to 100 minutes of hold time the mean
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Figure 27. Precipitation typical of the C steel. The 
above small 'patch' of precipitation was 
observed in a carbon replica.
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precipitate sizes increased slightly to about 55 Â .

The mean precipitate size of the H steel specimens 
varied greatly with hold time. The 840°C TMT produced 

precipitates that increased in mean size form 55 Â at 0 
minutes to 130 Â at 30 minutes. At 100 minutes the 
840°C precipitates showed a reduction in mean size to 
about 90 A.

The higher TMT temperature precipitates of the H steel 
exhibited a marked increase in mean size, increasing from 

25 Â to 95 Â in one minute. The mean precipitate size 
then decreased to 35 A at 30 minutes followed by a slight

increase to 55 Â at 100 minutes hold time.

Figures 25 and 26 indicate the influence of steel
composition on mean precipitate size by plotting the carbon

to nitrogon ratio as the independent variable. While the 
results of the 1020°C TMT are somewhat erratic, the 
data from the lower TMT temperature indicate a 

relationship. A minimum in precipitate size exists at a 

carbon to nitrogen ratio of about 4.6 (L steel).

3.3.2 Thin Foil Observations of Precipitation.

TEM observations of the microalloy precipitation in 
the C, N , L and H steels were made. The precipitation was 

generally finely dispersed and occurred in several
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preferred locations within the matrix: 1) prior austenite
subgrain boundaries. Figure 28a, 2) sheets of interphase. 

Figures 28b and 28c and 3) along dislocations. Figure 28d. 
It cannot be ascertained whether the dislocations were 

actually precipitation sites or were pinned during motion 
subsequent to precipitation.

The 0 steel contained no vanadium and would therefore 
not be expected to contain precipitation. Interestingly, 

small precipitates were observed in the thin foils of the 
OH 1OA condition. These precipitates are probably FeaC 
as a result of quench ageing following TMT. Figure 29 
shows an electron micrograph of a bright field image of the 

precipitates.
Si mi liar to the carbon replicas, precipitation in the 

C steel also occurred in discrete areas. Within these 
areas precipitation appeared s i mi 1i ar to that of the other 

steels. These precipitates were identified via electron 
diffraction as V (C ,iN) precipitates. In addition, scant 

precipitation was observed in the matrix.
The N steel exhibited very extensive precipitation. 

Preferred nucléation sites appeared to be along prior 
austenite grain boundaries. Figure 30a. While most 

precipitates observed were spherical, those observed in the 
NHOA specimen conditions developed as thin disks. The thin
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7 5 n m

6 0  nm

b)

Figure 28. Various tyoes of microalloy precipitation
observed in TEM thin foils. a) precipitation 
along a prior austenite grain boundary, b) 
interphase precipitation.
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d)

Figure 28. (con.) Various types of microalloy precipitation 
observed in TEM thin foils. c) interphase 
precipitation, and d) precipitates along 
dislocations.
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Figure 29. TEM bright field image of quench-aged
precipitates observed in the OH 1OA specimen
cond itions.
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a)

Figure 30. TEM bright field images of types of
precipitates observed in the N steel, a) along 
a prior austenite grain boundary, b) thin disk 
precipitates observed in the NHOA condition.
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disks were aligned in sheets of interphase precipitation. 
Figure 30b.

The L steel specimens also contained very extensive 

precipitation. Precipitation was heavier along prior 
austenite subgrain boundaries. A clustering effect was 

observed in nearly all specimens. Figure 31.
Precpitation observed in the H steel was less 

extensive than in the L and N steels. Preferred sites were 
also along prior austenite subgrain boundaries.

3.3.3 Transformation Substructure.

Dislocation substructure and transformation twins were 
observed via TEM of thin foils. Dislocations were observed 

in all specimens. They were often associated with 
precipitation. Figure 28d, but not always. Some grains 

contained relatively high densities while others 
immediately adjacent were dislocation free.

Planar features were studied in the NHOA specimen 

conditions. Figure 32. Crystallographic analysis in 

association with selected area diffraction pattern revealed 
these features to lie along the {112} planes. This is 

indicative of ferrite transformation twins.
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Figure 31. Bright field TEM image of typical precipitate
clustering observed in the LL100A conditions.
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Figure 32. TEM bright field of transformation twins
observed in NHOA specimen conditions.
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3.4 PRECIPITATE STOICHIOMETRY

Precipitate stoichiometry was determined from X-ray 
data in two ways : 1) a lattice parametei— composition
correlation, and 2) a structure factor-peak intensity 

correlation. The results of these two methods are given 

below.

To develop a basis for this type of correlation, 
standard vanadiurn carbonitride powders of known composition 

were analyzed by the diffractometer. A plot of their 
stoichiometry as a function of lattice parameter is shown 

in Figure 33, as well as collected literature data [133]. 
Using a linear regression equation a stoichiometry was 

calculated for each specimen condition. These 

stoichiometries are tabulated in Table V. Tables Via and b 

indicate the effect of processing parameters and 
composition on precipitate stoichiometry. Study of these 
figures indicates several results: 1) the C steel produces
a carbide-like precipitate, 2) the N steel produces a 

nitride-like precipitate, although the lower TMT 

temperature produces a less perfect nitride than the higher 

TMT temperature, 3) both the L steel-1020°C and H 
steel-840°C specimens produce a carbide-like 

precipitate in the as-rolled condition but if they are held 
at the rolling temperature subsequent to deformation then
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Figure 33. Variation of lattice parameter, a, with the
carbon i tr i de composition parameter, Y/X+Y [40].
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SPECIMEN ao a^corr

LL10A 4.1548 4.1454
LL30A 4.1377 4.1223
HL30A 4.1338 4.1170
NL30A 4. 1318 4.1143
LH30A 4.1236 4.1033
NL100A 4.1425 4.1324
HH100A 4.1554 4.1462
HL100A 4.1265 4.1072
NL1A 4.1432 4.1297
NH10A 4.1264 4.1071
HL1A 4.1155 4.0914
NH30A 4.1286 4„1100
NH1 A 4.1085 4.0829
LHOA 4.1539 4.1441
NH100A 4.1115 4.0870
LL10A 4.1397 4.1250
HL100W 4.078 4.0418
NL10A 4.1407 4.1263
LLiOOA 4.1427 4.1290
LH100A 4.1285 4.1099
CL 1OOA 4.1587 4.1506
HL10A 4.1419 4.1280
HLOA 4.1581 4.1498
N 1 4.1330 4.1160
CN1 4.1458 4.1332
CN4 4.1429 4.1293
Cl 4.173 1 4.1700
CN3 4.1309 4.1131
CN2 4.1710 4.1672

Table V, Precipitate Stoichiometries
' corr. peak intensity

STOICH

VC.47N .3 
VC 02N a 
VC_.06N. 
VC.01N 8 
VC-#1?N1 
VC.31N 5 
VCe 5 4N 3 
VCl 10N
VC
vcl
VC_
VC_
VC_

2 N .  5 
1 iN # 
3 sN 1 
oeN # 
5 oN 1

VC 5 oN 3
VC
VC
VC_1 20N
VC
VC
VC_ o g N
VC
VC
VC
VC
VC
VC
VC

44N 1 e 
1 9N s
2 iN 6 
2gN 5

GiN 2 
24N, g
60N 2 
04N 8 
32N # 5 
26N > 5 
9 3 N_ e 

VCoNe85 
VC eeN-

a
3
79
4
.02
4 
1
95 
a
96
.20 
91
.35
5
29
6
2.03
4
9
9 1
4 
1
5 
1 
3 
9 
08
03

STOI CH.

ALL VN 
EXCEPT 
CL100A

VC 42N 43
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Table Via : Stoichiometry parameters, 850°C 

post-roll hold time 

steel  Q__________1__________ LQ________ 2Û_______ LQÛ
0c — — --- —-- -- .28
N — — — . 68 .75 .99 .64
L --— --- .45 .88 .69
H .29 1.41 .72 .93 1.12

Table VIb: Stoichiometry parameters, 1020°C 

post-rol1 hold time 
steel_______0__________1_________ 10__________30________100

N —  1.59 1.13 1.07 1.52
L .41     1.20 1.07

note : higher parameters are nitride-like, lower parameters 
are carbide-1 ike.
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preci p itates formed are n i tride-1i ke i n composi t i on.

3.4.2 Structure factor-peak intensity correlation.
The results of the theoretical calculation of 

I 1Î1/1200 versus a stoichiometry parameter Y/(X+Y) are 
shown in Figure 34. Y and X are the stoichiometric 

coefficients in the formula, V (CxNy). Thus a 
stoichiometry parameter of zero indicates a pure nitride 

and a parameter of one indicates a pure nitride. Also 
shown is a plot of a best-fit line generated from the 

vanadium carbon i tr i de standard powders. The latter line 
had a correlation coefficient of 0.81 and was used for 

stoichiometry determination. The stoichiometries are shown 
in Table V. Nearly all of the analyses indicate a 

nitride-like precipitate except the CL 100A specimen which 
indicates a stoichiometry of V(C# 42N e 4 3 ). This is 

consistent with the lattice parameter correlations above. 

The other C steel specimens did not produce X-ray 

diffraction peaks.

3.5 MECHANICAL PROPERTIES

3.5.1 Tensile Testing.

The 0.2% offset yield (YS), ultimate tensile strength
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(UTS) and uniform elongation for the material conditions 
tested are described in Table VI and plotted as a function 

of post-roll hold time in Figures 35 through 40.
The YS and UTS did not vary significantly with hold 

time at 1020°C although a small decrease for the O and 
C steels was observed in YS and UTS between 0 and 1

minute. In addition, a slight decrease in YS and UTS was
observed between 0 and 30 minutes for the L steel.

At 1020°C the YS of the steels generally increased 
in the order 0, C , N , H and L in the range of approximately

275 MPa (40 ks i) to 550 MPa (80 ksi). The UTS increased in
the order O, N, C, H and L in the range of approximately 
480 MPa (70 ksi) to 690 MPa (100 ksi). In addition, it
appears that the UTS of the L and H steel conditions are

grouped at the high end of the range and those of the 0, N
and C steels at the low end of the range.

When the TMT temperature was lowered to 840°C more 

variation in YS and UTS with hold was observed, except for 

the 0 steel, which exhibited a fairly constant YS and UTS. 
The YS and UTS general 1 y decreased in the range of 0 to 30 

minutes. The YS of the C , N , L and H steels generally 
leveled off and appeared to approach a common value at the 

longest holding time. The UTS of the L and H steels also 
appeared to level off with holding time after 30 minutes



T - 3  1 9 3

Table VI. Tensile test results

Specimen YS (MPa) UTS (MPa) eu £f

.334 

.203 

.254 

.229

. 189 

. 192 

.249 

. 193

. 178 

. 174 

. 197 

.203

. 170 

.161 

. 153

.191 

.209 

. 173

. 180 

.225 

. 180

. 157 

. 162 

. 192

. 142 

. 138 

.161

. 148 

. 184 

. 195

. 158 

. 142 

. 148

OLOA 292 483 . 137
OL1A 301 495 .049
OL10A 302 494 .041
OL100A 321 490 .088
OHOA 295 494 .084
OH 1 A 283 492 .080
OH10A 31 1 424 .089
OHIOOA 294 495 .088
CLOA 359 498 .076
CL 1A 355 506 .075
CL10A 31 I 424 .080
CL100A 340 517 .072
CHOA 324 507 .067
CHI A 348 532 .061
CH100A 369 564 .048
NLOA 358 508 .062
NL30A 309 424 .076
NL100A 339 517 .074
NHOA 410 508 .048
NH30A 401 506 .047
NH100A 345 474 .045
LLOA 513 686 .046
LL30A 393 569 .059
LL100A 363 526 .063
LHOA 524 697 .045
LH30A 486 682 .047
LH100A 497 665 .069
HLOA 449 665 .047
HL30A 324 494 .072
HL100A 349 489 .082
HHOA 454 637 .043
HH30A 469 634 .050
HH100A 452 646 .049
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but the UTS of the C and N steels exhibited apparent minima 
in the range of 0 to 30 minutes. Once again a common value 

for UTS for all steels was approached with increased 
holding time.

At 840°C YS varied between approximately 275 MPa 
(40 ksi) and 525 MPa (76 ksi) with values at long times 

clustering about 345 MPa (ksi). YS generally increased in 
the order 0, C , N» H and L steel for hold times less than 

30 minutes. Although the YS for all the steels approaches 
a common value after 30 minutes the YS of the L steel 

decreases to this value more slowly. The YS of the C , N , 
and H steels decrease to this value before 30 minutes of 

holding time so that the YS of the O , C, N and H steels 
after 30 minutes was essentially the same.

The UTS of all steels varied between approximately 480 
MPa (70 ksi) and 690 MPa (100 ksi) with values at long 

times clustering about 525 MPa (76 ksi). Initially the UTS 
of the 0, C and N steels clustered about 345 MPa (50 ksi) 

and the UTS of the L steel was greatest with the H steel 

intermediate. For times less than 30 minutes UTS generally 

increases in the order C and N, O , H and L steel. At 
times longer than 30 minutes, in a manner similar to the YS 

response, UTS values for the 0, C, N and H steels tend to 

cluster whereas the UTS of the L steel decreases more



T-3 193 120

slowly.

In general, in appears that two regimes of behavior 
exist at 840°C; t S 30 minutes and t > 30 minutes.

For short hold times the L steel possessed the greatest 
strength followed by the H steel and then the remaining 

steels. At long times the strengths of the various steels 
appear to approach a common value but the rate of approach 

for the L steel was much slower.
In generally comparing the YS and UTS of the steels as 

a function of temperature several additional observations 
could be made. The YS of the 0 steel, in addition to being 

generally invariant with regard to hold time, was 
essentially invariant with regard to temperature. The YS 
at 840°C was only slightly greater that that at 
1020°C.

The YS at short times for all steels except the N 
steel, was approximately the same for both temperatures.

YS for the L, H and C then actually decreased at 840°C 
compared to the response at 1020°C with increased 
holding time.

Of course, for these steels the greatest differences 

in YS as a function of temperature occurred for hold times 
greater that 30 minutes. Similar behavior as a function of 

temperature occurred for the UTS also.
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In general, uniform elongation did not vary greatly 
with hold time at 1020°C, except for the L steel.

Uniform elongation for the L steel increased with holding 

time and the rate of increase appeared to become greater 

after 30 minutes. In addition, the 0 steel appeared to 
exhibit a minimum in elongation at 1 minute and the C steel 

an initial decrease in elongation.
The uniform elongation ranged between approximately 

0.04 and 0.09. The O steel possessed the largest 
elongations and at short times the L, H and N steel 

elongations clustered about the low end of the range. At 
short times the C steel elongations were intermediate but 

decreased to the lower end of the range with holding time. 
With increased holding time the L steel elongation 

increased to values in the middle of the range.
The uniform elongation varied differently at 

840°C. Initially, the 0 steel possessed the highest 
elongation at approximately 0.14 and then exhibited an 

abrupt decrease to a minimum of 0.04 at 10 minutes 
whereupon the elongation increased to a value of 

approximately 0.09 at 100 minutes. The L steel elongation 
increased slightly between 0 and 30 minutes and was then 

fairly constant with hold time. The H steel exhibited the 

same elongation at 0 minutes bu its elongation increased
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significantly after 30 minutes to values comparable to the 
0 steel. The N and the C steel exhibited slight initial 
increases in elongation with holding time but their 

elongations remained fairly constant for longer hold times.
At 840°C the elongation behavior as a function of 

steel composition was generally quite complex. The L steel 
generally exhibited the lowest elongations for all hold 

times. The H and the 0 steels also possessed elongations 
at the low end of the range for t S 30 minutes. The N 

and the C steels generally exhibited the highest 
elongations, except at the longest hold times where the O 

and H steels possess the higher elongations. It is 
interesting to note that the elongations for the N , C , 0 

and H steels cluster between 0.07 and 0.09 at 100 minutes.
The strain hardening rate as a function of true strain 

was calculated via the Jaou1-Crussard analysis for each of 
the specimen conditions tested. A typical plot is shown in 
Figure 41 for the OLOA condition. No regimes of differing 
strain hardening behaviour could be identified for any of 

the conditions. The general shapes of the plots were quite 

consistent; the strain hardening rate gradually decreased 

at an increasing rate with increasing true strain.

There were some differences in the vertical position 

of the curves with respect to the different conditions, i e.
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TRUE PLASTIC STRAIN

Figure 41. Typical Jaou1-Crussard plot of strain hardening 
rate, da/ds, versus true plastic strain.
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the overall strain hardening rate (OSHR), R0. But the 
OSHR was examined in a much simpler manner than the 
Jaou1-Crussard plots allowed by calculating and comparing 

OSHR as described in the experimental procedure section. 
This data is plotted in Figures 42 and 43 as a function of 
post-roll hold time for the 840°C and 1020°C TMT 
temperatures, respectively.

At the 840°C temperature the 0 steel OSHR 
increases dramatically from a very low value to a peak of 
4300 MPa (623500 psi) at 10 minutes hold time followed by a 

slower decrease to a value of about 2000 MPa (290000 psi). 

The 0 5tee 1 wae unique with respect to this obvious maximum 

in OSHR.

The curves for the L and H steels were similar. They 
both had a value of about 3800 MPa (551000 psi) initially 

and gradually decreased at a slower rate than the H steel 

and as a result had a higher OSHR at 100 minutes (2600 MPa) 

(377000 psi) than did the H steel (1700 MPa) (246500 psi).
The N and C steels' were also similar at 840°C.

The N steel had similar OSHR values (2400 MPa) (34800 psi) 

at both 0 and 100 minutes but exhibited a minimum of about 
1500 MPa (217500 psi) at 30 minutes. The C steel however 

had an OSHR of about 2000 MPa (290000 psi) initially which 

was followed by a minimum at 10 minutes of about 1400 MPa
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(203000 psi) and then a decrease to a value of 

approximately 2400 MPa (348000 psi).
Generally, the steels rolled at the lower temperature 

can be ranked at the intermediate hold times in order of 
increasing values of OSHR as C , N , H, L and 0. At long 

hold times the different compositions converge on a common 
value of about 2000 MPa (290000 psi).

The specimens treated at 1020°C exhibited less 
overall variation with hold time then did those at the 
lower TMT temperature. At 1020°C the 0 steel showed 
almost no variation with hold time aside from a slight peak 

a 1 minute. Its OSHR remained constant for hold times 
other than 1 minute at a value of 2300 MPa (333500 psi).

The N steel displayed a linear increase with hold time 
by changing from about 2000 MPa (290000 psi) at 0 minutes 

to 2800 MPa (406000 psi) at 100 minutes.
The C steel also displayed a general trend of 

increasing OSHR with hold time. Its OSHR increased 
slightly between the 0 and 1 minute specimens from 2700 to 

3000 MPa (391500 to 435000 psi) after which it increased to 
about 4000 MPa (580000 psi) at 100 minutes.

The H steel was the only steel to exhibit a minumum in 
OSHR at the higher TMT temperature. It had the highest 

initial value (4300 MPa) (623500 psi) of the specimens
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treated at this temperature followed by a minimum of 3300 
MPa (478500 psi) at 30 minutes. At 100 minutes the OSHR 

returned to a higher value of about 4000 MPa (580000 psi).
Beginning at about 3800 MPa (551000 psi) the L steel 

OSHR increased to a maximum of 4200 MPa (609000 psi) at 30 

minutes. From 30 minutes to 100 minutes it decreased to 

about 2500 MPa (362500 psi).
Distinct ranking of the steel with respect to one 

another at the higher temperature is difficult due to a 
smaller overall range. However, it is apparent that the L 

and H steels exhibit generally higher OSHR than the 0, C 
and N stee1.

The effect of TMT temperature on the strain hardening 
behavior varied between steels. The C , L and H steels 
exhibited general increases with increasing TMT temperature 
while the N steel showed little change. The 0 steel 

decreased substantial I y at intermediate times but actually 
showed slight increases at 0 and 100 minutes.

3.5.2 Hardness Testing.

Plots of hardness vs. post-rol1 hold time are shown in 
Figures 44 and 45 for the two TMT temperatures.

3.5.2.1 1020°C TMT Temperature.
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The L and H steels are of the greatest hardnesses, L 

being the greater. A marked minimum occurs in L and H 
specimens at about 10 minutes post-rol1 hold time followed 
by an increase to an approximately constant value for t >
30 minutes.

The O, C , and N steels are lower in hardness than the 
L and H steels. The 0 steel hardness generally increased 

and N steel hardness decreased to comparable values. The C 
steel, like the L and H steels, also displays a minimum in 

hardness at 10 minutes followed by an increase to a level 
comparable with the L and H steel.

Generally, the hardness at all times in the 0 and N 
steels is less than the L and H steels. The C steel is 

intermediate at short and long hold times. Hardness seems 
to be more sensitive to post-roll hold time than tensile 

strength at this temperature.

3.5.2.2 840°C TMT Temperature.
Again L and H steels are greater in hardness than the 

other steels. However, the hardnesses in general are 
significantly lower than the 1020 C specimens.

Both L and H steels' hardnesses decrease continuously 
from their initial 0 minute hold hardnesses and lack the 

recovery in hardness observed in the 1020 C specimens. The
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rate of decrease is greater for the H steel.
The C and N steels' hardnesses display obvious minima 

at 10 and 30 minutes, respectively, followed by increases 

in hardness to values comparable to the L and H steels at 
long hold times. The O steel, following a sharp initial 

increase at 1 minute hold time, displays a constant 
hardness level similar to the H steel at long hold times.

A correlation between the as-cooled hardness and YS 
was made, considering all specimen conditions. This data 

is plotted in Figure 46. The data have a correlation 
coefficient, r of 0.88.

3.5.3 Instrumented Impact Testing.

Charpy impact energy test data is plotted in Figures 
47 and 48 as a function of post-rol1 hold time.

At the 1020°C TMT temperature there is little 
change in impact energy with post-rol1 hold time for any of 

the steels. N steel possessed the highest impact energy 
values at 95 J (70 ft-lbs). The 0 and C steels had lower 

energy values at approximately 54 J (40 ft-lbs), and the L 

and H steels were characterized by the lowest values at 

approximately 27 J (20 ft-lbs). The L steel shows a slight 
continuous increase from 0 to 100 minutes; the H steel also 

does so until a maximum in energy is reached at 30 minutes.
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At 840 C the 0 and C steels exhibit little 
variation in impact energy with hold time and have constant
values of approximately 68 J (50 ft-lbs).

The N steel is characterized by a minimum in impact 

energy at approximately 30 minutes after which the impact
energy recovers to near its original value of 95 J (70
ft-lbs).

The L steel was characterized by continuously 

increasing impact energy with post-roll hold time, from 23 
J (17 ft-lbs) to 95 J (70 ft-lbs) in 100 minutes.

The H steel impact energies increased initially to 68 
J (50 ft-lbs) at 30 minutes after which the impact energy 
remained constant.

Impact energy as a function of the nitrogen content of 
each steel is plotted in Figure 49. A notable feature of 

this data is the maximum in energy that occurs at 0.02% 

nitrogen. However the data at this nitrogen level are from 

the N steel which has an extreme 1 y low carbon content. The 

absence of pearlite in the microstructure as a result of 
this must be considered in its effect on toughness.

In addition, the variation for both the 840°C and 

1020°C data at 0 minutes hold time is very similar.

Both decrease until a nitrogen level of 0.014%, then 

increase to the maximum and finally decrease at 0.024%
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n itrogen.

At 100 minutes hold time the behaviour of the two 
temperatures differ. Below 0.014% nitrogen the impact 
energy is constant for the 840°C specimens and slightly 
decreasing for the 1020°C specimens with the 840°C 

data being higher in energy. As in the 0 minute data at 
0.014% nitrogen there is an abrupt increase in toughness to 

the same maximum for both temperatures. The 1020°C 
specimens decrease in impact energy after 0.020% nitrogen 
whereas the 840°C values increase beyond 0.020% 
ni trogen.

Impact energy as a function of carbon :n itrogen ratio 

(C/N) is plotted in Figure 50. At zero minutes post-roll 

hold time both high and low temperature TMT specimens 

behave identically. There is an initial decrease in impact 

energy when C/N = 4.5 followed by a sharp increase at C/N 
=7. This is followed by an even more abrupt decrease 

after which there is a slower increase in energy wih C/N.

The 100 minute specimens behave somewhat more 

errat ical 1 y .
The 1020oC specimens exhibits similar behaviour to 

that of the 0 minute specimens. Minima and maxima occur at 
the same C/N values but the maximum at C/N s 7 is not as 

great and the impact energy doesn't increase as rapidly



T-3193 139

-  O

O u
0O

0
0
O 0CMO OCM 00

O -
Z Z

z 5 2
2 O O
O g g

u u n

O <3 >

55
H
£

ÜJ
O
O
cr
<~

oao
cr<o

O
O o

CD
O
iD

O O
CM

(P) À9d3N3 IDVdkNI

Fi
gu
re
 

50
. 

Ef
fe
ct
 

of
 

st
ee
l 

ca
rb
on
 :

ni
tr
og
en
 

ra
ti
o 

up
on

 
im
pa
ct
 

en
er
gy
 

fo
r 

bo
th
 

84
0°
C 

an
d 

10
20

°C
 

TM
T 

te
mp
er
at
ur
es
 

at 
0 

an
d 

100
 
mi

nu
te

s.



T-3 193 140

after the second minimum.
When treated at a TMT temperature of 840°C the 

impact energy is constant up to C/N s 4.5. Subsequently 

there is a decrease to another constant level approximately 
equal to the maximum values of the 0 minute condition.

It is interesting that all impact energies for the low 
C/N are similarly very high. Also, at the highest C/N the 
1020°C, 100 minute specimen does not recover its impact
energy as the other specimen conditions do.

3.6 FRACTOGRAPHY OF CVN SPECIMENS

3.6.1 Fracture Surface Zones.

Essentially there are four types of macroscopic 
fracture morphologies. These are shown in Figures 51a, b, 

c and d and also schematically in Figures 52a, b, c, and d 
in decreasing order of measured impact toughess.

Several abbreviations are used to designate the 
various zones on the fracture surfaces. They are unstable 

fracture (U), tearing fracture (T), shear-lip zones (S), 
and fibrous fracture (F ). Although not part of the 

fracture surface the designation (n) has been given to the 
heavily deformed portion of the specimen to denote necking 

(sometimes described as a 'stretch' zone). (N) indicates
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\vS

a)

Figure 51. Types of Charpy impact fracture surfaces
observed in order of decreasing energy values.
They are identified in the text as a) type "A",
b) type "B".
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1.0 m m

1.0 m m

d)

Figure 51. (con.) c) type "C" and d) type "D".
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the machined notch region.

The characteristics of each of the above fracture 
zones are described below in accordance with accepted 
nomenclature [25].

The fibrous fracture zone is created by slow ductile 
crack growth. It is identified by a region of ductile 
dimples associated with microvoid coalescence. Figure 53, 

and a macroscopic plane oriented at 90 degrees to the 
maximum tensile stress direction. The fibrous fracture 
zones are quite small in the specimens of this study and 
occur along the center of the fracture.

Shear-1ip zones are easily identified macroscopica1 1 y 
by their orientation of 45 degrees to the maximum tensile 

stress. Examination at higher magnifications with the 
scanning electron microscope (SEM) indicates elongated 

dimples in which the microvoids on matching surfaces are 
oppositely oriented. This indicates ductile shearing 

instead of tearing. Ductile tear dimples are common in 

thin impact specimens of ductile materials where a 

P 1ane-stress rather than p 1ane-stra i n stress state is in 
effect. An example is shown in Figure 54.

The unstab]e fracture zone of the fracture is oriented 
macroscop i ca11 y at 90 degrees to the direction of maximum 

tensile stress. Visual observation reveals many shiny
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Figure 53. High magnification (1000X) SEM fractograph of
fibrous zone (F) indicated in Figure 52.
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Figure 54. High magnification (1000X) SEM fractograph of
shear-lip (S) zone indicated in Figure 52.
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facets which reflect light, unlike the fibrous zone which 

is facet-free. Higher magnification study shows the 

surface to be composed of many cleavage facets. Figure 

55,indicative of a brittle, unstable crack.
A zone of ductile tear ino was observed in the final 

200-300 urn of the fracture. This region is also 

associated with elongated dimples, but pointing the same 
direction on matching surfaces. Figure 56. The tearing 

zone was oriented at about 90 degrees to the maximum 
tensile stress axis.

In the following each of the four fracture surface 
morphologies shown above are described in detail.

Fracture morphology "A", shown in Figure 51a, is 
characterized by a large amount of plastic deformation 

prior to complete fracture. Plastic deformation causes 
necking that results in reduction of the area 1 size of the 

resultant fracture surface (note the large projected area 

of stretch zone, n). The fracture surface itself is mostly 

shear-lip with a very small band of fibrous zone between 
the two lips. The fibrous zone is terminated by a tear 

zone at the location farthest removed from the notch. This 
fracture morphology corresponded to the highest observed 

impact energies, probably as a result of the large energy 
consumed by the plastically deformed, or necked, regions.
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Figure 55. High magnification (1000X) SEM fractograph of
unstable crack zone (U) indicated in Figure 52.
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Fi gure 56. High magnification (1000X) SEM fractograph of
tearing zone (T) indicated in Figure 52.
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Fracture morphology "B", Figure 51b, also consists of 

mostly shear-lip zone. In some instances the shear-lip 
zones were oriented at 90 degrees to one another and in 

others they were identically oriented, the latter giving 
the impression of one large shear-lip zone. In either case 

the shear-lip zones were separated, as above, by a small 

band of fibrous zone that terminated in a small tear zone. 
Although the types of fracture surfaces found in "B” do not 
differ from "A", the degree of necking is substantially 

less and results in significantly lower energy values.

Fracture morphology "C", Figure 51c, is quite similiar 
to morphology "B" for the first half of the fracture 

length. At this point the crack begins to grow very 

quickly and an unstable zone is created that consists of 
cleavage. The unstable zone terminates in a small tear 
zone at the end of the fracture.

Morphology type "0", Figure 5 Id, has a very flat 

appearance and is comprised of nearly all unstable zone.
The very beginning of the fracture, called the "initiation 

zone" in the work of Z i a-Ebrah imi [99], is a small 
shear-lip zone. As in the other fracture morphologies the 

unstable zone ends in a small tear zone about 200 urn in 
1ength.

Table VI I I indicates the type of fracture surface



T-3193 151

Table VIII Matrix of fracture surface type ("A", etc.)
a function of specimen condition. a) 840°C 
b) 1020°C.

____________ post-rol1 hold time____________
steel 0_________1_________ 10________ 30_________100

a) 840°C TMT:
O B  B B —  B

C B B B —  B
N A —  —  B A

L D  —  —  B A

H C —  —  B B

b) 1020*0 TMT:

O B  B B —  C

C B B —— —— C
N A —  —  A A

L D —  —  C C

H D  —  —  C C

as
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(ie. type "A" = Figure 52a, type "B" = Figure 52b., etc.) 

as a function of specimen condition. It is apparent from 
Table VI I I that the observed fracture mechanism varies 
significantly with TMT.

3.6.2 Load-Time and Energy-Time Curves.
The digital oscilloscope allowed simultaneous 

acquisition of load-time and energy time data. The 
energies calculated from the digital data is plotted in 

Figure 57 against the standard energy reading from the test 
machi ne dial.

Observation of the plot shows the data to be linear in 

relation. The equation of the best-fit line is:

E - c a l c  = 0 .828E(j j ̂  ] + 4.70 (13)
The correlation coefficient, r between the best-fit line 

and the data is 0.995.
Study of the load-time curves reveals there are three 

distinct types of curves. These are shown in Figure 58a, 
b, and c. Closer scrutiny shows that the curves in 58b and 

58c are actually truncated versions of the curve in Figure 
58a.

The total energy absorbed was calculated by computing 
the area beneath each curve and accounting for hammer 

deceleration through the test according to the manner
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described in ASTM STP 563. The main differences in total 
energy are manifested when the onset of unstable crack 

growth occurs (if at all). The onset of unstable growth is 
indicated on the load-time plots by a nearly instantaneous 

decrease in load. On the other hand, if the load were to 

gradually decrease then a curve such as that in Figure 58a 

would develop. This would indicate unstable crack 
propogat i on never took place.

3.6.3 Fracture Surface :Load-Time Curve Correlations.

By correlating the fracture surfaces with the 
load-time curves the following subdivisions, as indicated 

in Figure 58a, can be made with regard to the total energy 
absorbed : Ej is the energy absorbed during the formation
of the initial part of the fibrous zone, E j[ is the 
energy absorbed during formation of the major portion of 

the fibrous zone, and E % ; % is energy absorbed during 
necking and the formation of shear-lip and tear zones.

The only fracture morphology in which the fracture 

area responsible for E % can be distinguished from the 

E i j and E % ; % divisions is type "D”. The fractures of 

type "D" produced load-time curves of the type in Figure 

58c in which unstable crack propogat i on occured before or 
at maximum load. Type "C" fractures produced curves of the
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type in Figure 58b in which unstable crack propogat i on 

occured after the maximum load but before the inflection 
point (beginning of E i j i ). Fractures of the "A” and "B" 
types produced load-time curves such as that in Figure 58a 
in which a large portion of energy is due to the E jji 
area (necking, shear-lip zones, tear zone).
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4.0 DISCUSSION

Empirical relationships between processing, 
composition and properties have been developed for low 
carbon and microalloyed HSLA steels [3,41,72,77]. This 
allowed the selection of the optimum conditions for the 

desired mechanical properties within the range of 
parameters investigated. This method was also 

t i me-cornsurn i ng, uneconomical and somewhat uninformative 
with respect to the fundamental mechanisms involved.

To achieve a more complete fundamental understanding 
of the relationships between composition, processing and 

properties a comprehension of the microstructure is 
essential. The microstructure is the link between them.

Specifically, the austenite microstructure is directly 
affected by steel composition and thermomechanical 

processing and the resulting ferrite structure is inherited 
from that of the austenite. The state of austenite for the 

steels in this study has been characterized in earlier work 
[40] and th i s informati on will be uti1ized in discuss i ng 

the microstructures. In addition to the microstructural 
parameters, microalloy precipitation is paramount in its 

contribution to mechanical properties through precipitation
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hardening. This precipitation can occur in both austenite 
and ferrite in vanadium microalloyed steels. In order to 
determine how the various compositions and thermomechanical 
treatments influence the precipitation it is necessary to 
know when precipitation is occurring, i.e. in austenite 

(y) or ferrite (a). It is also necessary to know the 
compositions of the precipitates in relation to steel 

composition; the size distributions in regard to mechanical 
property control.

Previous study [40,42] has characterized this state of 
precipitation in austenite as a function of 

thermomechanical treatment for the steels in this study.
The state of precipitation in austenite will be compared 

and correlated with that found in ferrite.

Much study has been done in the past 20 years to 

relate measurable structural parameters to mechanical 
properties [47,51,60,61,66,105]. By using the constitutive 

equations developed by these workers, the relative effects 
of the various strenthen i ng parameters will be calculated 

and compared to those observed in this study.

4.1 TRANSFORMATION PRODUCT MICROSTRUCTURES
As stated above, the variations in transformation 

product microstructure and other transformation
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characteristics between steels must be rationalized on the 
basis of differences in steel composition and the state of 

austenite. The state of austenite varied with composition 
and TMT [40].

The austenite microstructural behaviour was found to 
be strongly dependent on precipitation behaviour, which in 

turn was dependent upon composition [40]. Cheney [40] 
found nitrogen to be essential to the formation of 

structure-controlling vanadium carbonitride precipitates. 
Steels that contained little nitrogen (0 and C ) exhibited 
higher grain growth rates than did the nitrogen containing 
steels (L and H) during the 1020°C TMT [40].

Description of the transformation product 
microstructures necessitates specific definitions of the 

microconstituents compos i ng them. These definitions are 
made in the context of the Dube' system described in the 

î ntroduction.

There are basically three microconstituents in these 
microstructures. They are polygonal ferrite (both 
a 11otr i omorph i c and i d i omorph i c ), Widmanstatten ferrite and 
pear 1i te.

A 11otriomorphic polygonal ferrite is distinguished by 

its location on the prior austenite grain boundaries and is 
a distinguishable microconstituent in the microstructures
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containing large amounts of Widmanstatten ferrite derived 
from coarse austenite microstructures. This ferrite is 
character i zed by relatively high angle grain boundaries.

Widmanstatten ferrite has a pi ate/lath type of 
morphology that generally exists with several variants in a 

given microstructure (crystallographic habits). The 
several variants are associated with packets of laths of 

plates. There may be several packets with a single prior 
austenite grain.

This ferrite is a lower temperature transformat i on 
product compared to polygonal/allotriomorphic ferrite and 

is therefore predominantly associated with coarse 
austenite. The inter lath or interplate boundaries, 

separating the smallest structural units, are low angle due 
to the semi coherent nature of the interface. These 

boundaries are derived from lattice correspondences ranging 
from Kurdjumov-Sachs to the N ishiyama-Wasserman FCC/BCC 

orientation re 1 ationships [132]. Boundaries between 
varients or packets are probably of s i gn i fi cant 1 y greater 
m isorientat i on.

This ferr i t i c structure possesses many morphological 

similarities compared to other, lower temperature 
transformation products such as upper bainite and lath 

martens i te. However, the dark-etching constituent
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dispersed within the W idmanstatten microstructure is an 
extreme 1 y fine pear 1i te rather than discrete carbides.

In fact, the dark-etching phase in all the microstructures 

is f i ne pear 1i te.

The microstructures observed in the current study 

represent mixtures of the microconstituents described 
above. The relative amounts and scale of these 
microconstituents varied with steel composition and prior 

austenite microstructure (TMT).
Throughout the study of the transformat i on product 

microstructures it was apparent that certain of the steels 
behaved similarly in microstructural response. In 

particular, the 0 and C steels and L and H steels could be 
grouped. This grouping appears to be inherited from a 

similar grouping on the basis of prior austenite 
microstructure. Therefore, it would seem reasonable to 

expect a close correlation between the prior austenite 
microstructure due to TMT and transformation product 

microstructure.

The 0 and C steels hot-rolled at I020°C produced 

microstructures exhibiting increasing amounts of 
W idmanstatten ferrite with post roll hold time. The 

austenite microstructure under these conditions was 
observed to coarsen considerably with hold time. A larger
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austenite grain size results in increased hardenabi1ity and 

thus a lower temperature transformation product. This is 
also consistent with the continuous decrease in 

transformation temperature of the 0 and C steels. Figures 
16 and 17. The austenite of the L and H steels did not 

coarsen at the high TMT temperature and accordingly little 
change in transformat i on product mi crostructure or 
transformat i on temperature was observed. Figures 19 and 

20. An essentially polygonal ferrite mi crostructure 
persisted with holding time.

Even though the austenite microstructures of the 0 and 

C steels coarsened readily at 1020°C, no i ncrease in 
the overall ferrite grain size was observed. This is 

rationalized by recognizing that W idmanstatten ferrite is a 
finer, more apolygonal microconstituent than the polygonal 

ferrite that forms at higher transformation temperatures. 
The overall mean 1inear intercept ferrite grain size 

includes intercepts with all ferrite-ferrite boundaries 

with no distinction made between the ferrite morphologies. 

Thus, even though the austenite grains may coarsen, the 

number of linear intercepts in the ferrite increases due to 

the increase in Widmanstatten ferrite volume fraction. The 
two compensating effects produce a constant mean linear 
intercept grain size.
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When only the number of intercepts in the 
a 11otriomorphic ferrite are counted, the resulting 

a 11otriomorphic grain sizes do increase with post-roll hold 
time. But the increase only occurs for the first 10 

minutes for the 0 steel and for the first 30 minutes in the 
C steel. After these times the a 11otr i omorph i c grain size 

decreases. This decrease is probably due to the increase 
in hardenabi1ity associated with a larger prior austenite 
grain size.

At 840°C the 0 and C steel austenite 
microstructures are both recrystal 1ized after relatively 
short times and are character i zed by very little grain 

coarsening. The O steel contains slightly more of the 
Widmanstatten ferrite microconstituent than the C steel, 

due to the slightly larger austenite grain size of the O 
steel and both the 0 and C steel transformation product 

microstructures are virtually unchanged with hold time.
This reflects the fully recrystal 1ized state and stable 

microstructure of the austenite in these steels.
The L and H steel austenite at 840°C remains 

substantially unrecrystallized, except for the H steel 
after 100 minutes (HL100A). In addition to polygonal 

ferrite those microstructures also contain ferrite of an 
elongated morphology that is to be distinguished from the



T-3193 166

previously described W idmanstatten microconstituent. This 

morphology is also a lower temperature transformation 
product [21] but ferrite nucléation probably occurs within 
deformation bands resulting from grain elongation along the 
band direction or simply homogeneously within the grains 

due to an i ntermed i ate 1 y low transformation temperature and 
large unrecrystal 1ized austenite grains.

It is notable that the H steel austenite is 
recrystal 1ized after 100 minutes of hold time and this is 

reflected by the change in transformation product 
microstructure to that characteristic of the 0 and C steels 

that possessed recrystal 1ized austenite at this 
temperature, Figure 8.

It should be noted that although the grain boundary 
and deformation band surface areas are enhanced in the 

unrecrystal 1ized austenite of the L and H steels, the grain 
boundary surface area of the fine, recrystal 1ized austenite 

of the 0 and C steels can yield a comparable number of 
nucléation sites for ferrite. Table IX [40].

The fact that the a 11otr i omorph i c grain sizes of the 
entire specimen population treated at 1020°C are larger 

than those treated at 840°C also reflects the coarser 
austenite at 1020°C compared to 840°C.

It would appear that ferrite nucléation rate, as
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Table IX

Austenite grain boundary surface-to-volume (S/V) ratios 
(mm” 1).

)ecimen 0 , 1 10 30 100
0—L— *19.4

49.0 50.0 46.4 44.0 45.6

0-H- 50.9 52.9 20.4 16.1 16.3

C-L- *27.0 57.6 56.8 57.6 56.3
C-H- 116.3 79.1 21.8 16.4 14.0

L-L- *13.9 *12.8 *14.3 *18.7 *13.6

L-H- 59.5 51.2 46.7 24.9 26.9

H—L— *10.4 *11.9 *9.8 *10.2 *9.9
42.9

H-H- 69.9 45.4 35.2 37.0 33.6

* = Unrecrystallized grains
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influenced by prior austenite m i crostructure, is the major 

factor in ferrite grain size as opposed to ferrite growth 
rate offsets. The grain size of the N steel in all 
conditions is significantly greater than those of the other 
steels. The N steel contains significant precipitation in 
the austenite that one would expect to control coarsening 
of the austenite so a more than adequate density of ferrite 
nucléation sites might also be expected and thus a fine 
ferrite grain size. Due to the extreme 1 y low carbon 

content the transformation temperature of the N steel is 
generally higher than those of the other steels. A high 

transformation temperature results in a lower driving force 
for ferrite nucléation (lower undercooling) and higher 
ferrite growth rates and therefore coarser ferrite grain 

size. It appears that the presence of carbon, either as 

pearlite, carbides or free can affect the a grain size.

The differences in the d i1 atometr i ca11 y determined 

equilibrium transformation temperatures are interesting.
In order of decreasing temperature they are : N (803°C),
0 (790°C), H (764°C) and L (760°C).

It is expected that the N steel would have the highest 

transformation temperature because of the lack of carbon.
In addition vanadium is a strong ferrite stabilizer and 

would also increase the transformation temperature.
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The O steel contains no vanadium and an equivalent 
carbon level to the C , H and L steels and yet its 

transformat i on temperature is well above that of the other 
steels. This may be explained by assuming that the 
interphase precipitation reaction, occurring at the y/a 
interface, requires diffusion of a substitutional element 

and formation of a precipitate that slows transformation 
front movement [30,38,124]. This is a k i net i ca11 y 

dependent reaction and the temperature may have decreased 
substantia 11 y in the C , H and L steels before enough 

austenite transforms to ferrite to effect a detectable 
volume increase.

Although the N steel exhibited interphase 
precipitation, the lack of carbon promoted a higher 

transformation temperature. Thus, there appears to be 
kinetic and thermodynamic mechanisms at work controlling 

the transformation temperature.
Examination of the equilibrium transformation 

temperatures (dilatometri c) relative to those observed in 
the TMT (thermal ana 1ysis) can give insight as to what 

mechanism may be controlling the transformation 

temperature.

For the 0 steel, Figure 16, there is a slight trend of 

lower transformation temperature with post-roll hold time.
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and correspondingly, with increasing prior austenite grain 

size. In addition, the transformation temperature for both 
TMT temperatures are relatively more depressed than those 
of the other steels. This may be explained by the absence 
of vanadium, which would remove carbon and nitrogen from 

solution by precipitation. Since the interstitial species 

were left in solution, the transformation was lower.
The transformation temperature curves for the L and H 

steels were quite similar. Figures 12 and 13. For both 

steels the transformat i on temperatures measured during TMT 
were approximate 1 y constant with post-roll hold time and 

those measured from the 1020°C TMT were nearly equal to 
the equilibrium transformation temperatures. There were no 

strong trends of transformat i on temperature with post-roll 
hold time indicating that the austenite grain size was 

probably not the most important factor in determining the 
transformation temperature. In addition, the similarity in 

temperature between the slower cooled (dilatometric)
Gleeble specimens and the faster-cooled TMT specimens 

indicates that the faster cooling rate had little effect 
also. Thus, it appears that precipitation in the 

austenite, probably of a higher temperature species, such 
as vanadium nitride, controlled the y/a reaction 

temperature by removing carbon and nitrogen from solution.
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At 1020 C the C steel transformation temperature 

decreases at a decreasing rate with post-rol1 hold time 

until it is asymptotic with an approximate constant 
temperature of 7 18°C. The austenite grain growth 
behaviour of the C steel changes with post-rol1 hold time 
in an opposite manner to this curve [40] indicating the 

inverse relationship of grain size to transformation 
temperature. Therefore, it is the prior austenite grain 

size that controls the transformation temperature in the C 
steel.

The N steel was quite interesting in that the 
840°C TMT specimens actually transformed at a higher 

temperature than the equilibrium specimen did. One 
explanation is that the number of defects present in the 

TMT specimens is substantially greater than in the Gleeble 
specimen, both as a result of a faster cooling rate and the 

deformation. This effect was probably occurring in the 
other steels also but the absence of carbon in the N steel 

substantially raised the resultant transformation 
temperature with respect to the other steels.

In summary, it appears that a fine, high S/V austenite 

mi crostructure is necessary to produce a fine polygonal 

transformation product microstructure. Specimens subject 

to the 1020°C TMT have a significantly larger



T - 3  1 9 3 1 7 2

a 11otriomorphic grain than those treated at 840 C 
indicating the beneficial effect of low TMT temperatures on 
recrystallization and grain growth inhibition.

4.2 PRECIPITATION
Discussion of the microalloy precipitate nature in 

ferrite also necessitates consideration of the state of 

precipitation evolving in the austenite. Cheney [40] made 

measurements of the precipitate sizes in austenite due to 

TMT on companion water-quenched specimens. The mean 
precipitate diameters he observed as a function of TMT are 
shown in Table X.

It is expected that any differences in precipitate 

size distribution between water-quenched and air-cooled 
specimens of the same processing conditions would be due to 
additional precipitation effected during air-cooling. The 

size distribution of an air-cooled specimen would include 

that of the companion water-quenched specimen, i.e. the 
distribution formed in austenite.

However, it was found that the heavy etching necessary 
to extract the larger precipitates in austenite confounded 

measurement of the very small precipitates. Light etching 
worked very well in extracting the fine precipitation but 

would not remove the larger precipitates. It was decided
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Table X
Mean precipitate diameters measured in watei— quenched 
specimens (austenite precipitation) as a function of post- 
rol 1 hold time.

Time at Temperature (minutes)
Specimen 1 10 100

N—L— —— —— 5

N-H- —— 9 24

L-L— —  4 9

L-H- 17 15 90

H—L— —— 5 14

H—H— —— 16 77

= Precipitates not observed.
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that the light etch would be used since the smaller 

precipitates would have the greater effect on mechanical 
properties and this is an important aspect of the study.
The result of the lighter etch was that precipitates larger 
than about 150 Â were not extracted.

Still, inferences can be made as to changes in the 
precipitate size distribution during cooling from austenite 

to ferrite with the knowledge that the larger austenite 
precipitates are still in the structure.

In the L and H steels at 840°C the mean 
precipitate sizes appear larger in the ferrite than in the 

austenite for hold times less than approximate 1 y 30 
minutes. Figures 23 and 24. This is probably not a result 

of incomplete extraction since the larger austenite 
precipitates are still smaller than the extraction limit of 

about 150 Â and therefore the means of the distributions 
in Figures 23 and 24 represent both austenite and 

interphase precipitation. However, it could be explained 
by first considering that the transformation temperatures 

of both L and H steels do not vary significantly with hold 
time. Figures 19 and 20. This indicates that the 

interphase precipitate dispersions probably do not vary 
significantly either. Thus, the interphase precipitation 

should be of a nearly constant size with hold time and the
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changes in overall mean precipitate size are those 
inherited from the austenite precipitation.

Since only two points were measured for each 
water-quenched specimen, the austenite precipitate growth 

mode appeared linear when plotted. However, it is well 
known [20] that diffusion-controlled growth kinetics are 

parabolic in shape. If generally parabolic curves are 
superimposed upon the precipitate size data for the 
austenite precipitates then the precipitates at the 
intermediate times would be larger than those predicted by 
a straight 1i ne.

For specimens with austenite precipitate sizes less 

than about 150 Â this would have the effect of shifting 
the overall mean precipitate size to larger diameters.

When the mean austenite precipitate size exceeds the 
approximate extraction size limit of 150 Â, e.g. the 100 

minute specimens, then the mean precipitate size measured 
in the air-cooled specimens will be lower because the 

austenite precipitates would not be included.

Cheney's data [40] indicates a lack of precipitation in 

the N steel at the 840°C TMT temperature until 100 

minutes hold time. The precipitates he measured at this 

condition have a mean diameter of 50Â, Figure 22. This is 

less than the mean diameter of the precipitates measured in
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the air-cooled specimens indicating that both nucléation 

and growth of the N steel precipitates are occurring during 
ai r-coo1i ng.

At the 1020°C TMT the differences between the 
sizes of the precipitates in austenite and those in ferrite 

are much more pronounced. The precipitates Cheney [40] 
measured in austenite for the L and H steels at short hold 
times were nearly an order of magnitude larger than those 
of the air-cooled specimens. Figures 23 and 24. At 100 

minutes the mean diameter of the austenite precipitates had 

increased by almost another order of magnitude over the 

mean precipitate size measured in the a i i— cooled 
specimens. In the N steel. Figure 22, the precipitates in 
the austenite were smaller than those of the L and H 
steels. Figures 23 and 24. They coarsened to a lesser 

extent but were still substantially larger than the overall 

N steel precipitate mean. Thus, the precipitation measured 

in the air-cooled specimens for the 1020°C TMT 
temperature indicates that the very fine part of the 

distribution of particles precipitated during cooling 
subsequent to holding.

There is one aspect of the measurement of the overall 
precipitate sizes that is very important in relation to the 

austenite precipitate sizes. The L and H steels both show
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maxima in the 1020 C overall precipitate size plots at 
10 and 1 minutes, respectively. Figures 23 and 24. These 

maxima probably result from the influence of the austenite 
precipitate dispersion upon the air-cooled specimen's 
precipitate mean. At these times, for 1020°C, the 
austenite precipitates have means very near the extraction 

size limit. Prior to these times no austenite precipitates 
were detected and subsequent to these times they were too 
large to be extracted.

One would expect the mean size of the austenite 

precipitates to increase throughout the holding time and 
the interphase precipitates to accordingly decrease in mean 

size. This effect was observed in the N steel over the 
full range of post-rol1 hold time. In the L steel the mean 

precipitate size of the austenite precipitates decreased 
for the first 10 minutes of hold time and then increased. 
Paralleling the behavior associated with austenite 

precipitation, the mean precipitate size of the air-cooled 
specimens increased for the first 10 minutes. No 

explanation can be tendered for the decrease in austenite 
precipitate size. The H steel produced no precipitates 

initially in the austenite and this may explain why there 

was such an abrupt initial increase in the mean precipitate 
size of the interphase precipitate.
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Two of the specimens, HL100A and NL100A exhibited a 

bimodality in the size distributions. Appendix A, of the 
air-cooled specimens. This may be a result of the 
measurement of precipitation that has occurred in both 
austenite and ferrite. In support of this is the mean 

precipitate size data, Figures 22 and 24, of the TMT 
specimens which show the means of the austenite 

precipitates to be similar.
The C steel contained only a small amount of 

precipitation that occurred in discrete areas. This is 
probably a chemical inhomogeneity effect in which the 

vanadium or the carbon is concentrated, at a triple point 
perhaps. An example of the C steel prec i pi tat i on is shown 

in Figure 27. Since the C steel did not exhibit 
significant prec i p i tat i on in austenite this precipitation 

is presumably of the interphase type. It is shown in 
Figures 25 and 26 that the mean precipitate size varies 

with steel composition (C/N ratio) with the L steel 
containing the smallest precipitates. This occurs for at 
least two reasons.

The first is that the more nitride-like a precipitate 
is, the greater its thermodynamic stability. A very stable 
precipitate is less likely to be subject to coarsening or 
ripening and thus the precipitation would be of a finer
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sea 1e .
Secondly, the equilibrium transformation temperature 

for the L steel is the lowest of all the steels in this 
study. Table XI. A lower transformation temperature 

creates more nucléation sites for precipitation and results 
in sma11er precipitates. A 1ower transformation 

temperature also increased the thermodynamic driving force 
for the interphase precipitation reaction. This results in 

decreased intersheet spacings and a finer precipitate 
distribution [38]. In support of this explanation is the 

correlation between the transformation temperature and the 
precipitate size of the other steels. For example, in 
order of increasing precipitate size the steels are ranked 
L, H, and N . And in order of increasing transformation 

temperature they are : L (760°C), H (764°C) and N 
(803°C).

Due to experimental difficulties a Debye-Scherrer 
powder camera determination of precipitate lattice 

parameter could not be accomplished for extracted residues 
of microalloy precipitate. Instead, the diffractometer 

traces were utilized for the lattice parameter 
measurements. Experimental errors in parameter 

determination are minimized by an extrapolation technique. 
The traditional correction method is Cohen's method [48]
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Table XI
Equilibrium transformation start temperature for a 20 min. 
hold and 2°C/sec cooling rate

Steel Transformation temperature (&C)
0 790
C 765
N 803
L 760
H 764

pure ferrite 895
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where the lattice parameter for each reflection is plotted 
against a plotting function and then extrapolated to the 
value of the lattice parameter at 0 = 90°. This is 
the angle where errors are minimized.

However, since there were only two or three 
reflecting planes that were detected for each extraction 

the significance and accuracy of the correction was 
quest ionab1e .

Therefore, a second method was devised to correct for 
system error. Using the standard carbon i tr i de powders of 

known compositions lattice parameters from the three 
reflections for each powder were measured with the 

diffractometer and averaged. By means of the regression 
equations developed earlier [133] relating lattice 

parameters and composition, a second set of lattice 
parameters were calculated utilizing the independently 

determined compositions of the powders. The linear 
relationship between the two sets of lattice parameters 
i s :

a ^ c o r r =  ( a ^ _  i .0806)/0.7416 (14)

where, a0corr = lattice parameter determined by

independent chemical analysis, and 

a0= mean lattice parameter determined by 
the diffraction ana 1ys i s.
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The correlation coefficient between the two sets of data is 
0.94.

This equation corrects for the system errors and was 
used for the determination of precipitate stoichiometry via 
the regression equation for x + y = 0.85 in Figure 33. The 

choice of 0.85 was arbitrary.

Observation of the stoichiometry data in Table V and 
Tables Via and b indicates that the steel composition can 
affect the overall precipitate composition. Both the 

lattice parameter data and structure factor data indicate 
the C steel produces a carbide-like precipitate and the N 

steel produces a nitride-like precipitate. This is easily 
rationalized in that the absence of one interstitial 

species allows the precipitation of the species that is 
present.

Even in a large excess of carbon the precipitates in 
the C steel were very sparse. Yet the absence of carbon in 

the N steel did nothing to inhi bi t precipitation. Th i s 
indicates that nitrogen is quite necessary for 

precipitation to an appreciable degree while the presence 
of carbon, even in large supersaturation does little to 

promote carbon i tr i de prec i p i tat i on.

For the L and H steels the analysis of the structure 
factor and lattice parameter correlations differ to some
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extent. The structure factor ana 1ysis indicates all of the 

L and H precipitates to be nitrides, and there is data in 
the 1iterature to support this [113].

The lattice parameter data indicates variations in 

precipitate stoichiometry with processing conditions. One 
of the variations in stoichiometry observed in the lattice 

parameter data is the formation of a carbide-like 
precipitate in the as-rolled specimens of the H steel low 
TMT temperature and L steel high TMT temperature 
conditions. In the specimens held for longer periods of 
time under these conditions the stoichiometry becomes 

nitride-1ike. Cheney's data on the austenite precipitation 

[40] also indicate a nitride-like precipitate for long hold 
times.

This is a probable occurence if cooling commences 
immediately after rolling. Then there is little time for 

precipitation in the austenite. A lower temperature 
precipitation reaction is more conducive to the formation 

of a carbide than a higher temperature because VC has a 
lower solution temperature than VN. Therefore, the 

as-rolled plate could have formed more carbide-like 
prec ipitates.

When the plate is held for a length of time at the 
higher temperatures the nitride-like precipitate is more
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likely to be predominant.

Interestingly, analysis of the air-cooled specimens 
indicates a difference in the stoichiometry, expressed as 
Y/X+Y from the formula V(CxNy), between the 
precipitates of specimens deformed at the lower TMT 

temperature and the higher TMT temperature. The specimens 
treated at I020°C have precipitates that are more 

nitride-like in nature than those treated at 840°C.

This was observed only in the L steel and the N steel as 
there was insufficient data for the other steels. Tables 
Via and b . In the L steel it is likely that austenite 

precipitates of a more nitride-like nature would form at 
the higher TMT temperature due to the high solubility of VC 

at that temperature. This is not necessarily an indication 

that the i nterphase precipitates would also be nitride-like 

but that an overall difference in stoichiometry, towards a 
nitride, would be detected.

But in the N steel there is little available carbon so 

that one may assume that all precipitates formed, both 

austenite and i nterphase, are nitrides. The difference in 
apparent stoichiometry in Tables Via and b, between the low 

and high TMT temperature specimens, was monitored via a 

difference in lattice parameter. Study [133] has revealed 

that the measured lattice parameter of the pure
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nitride changes with the number of vacancies (i e. the y in 

VNy). This data is plotted in Figure 59. The lattice 
parameter of the austenite precipitates formed at 
1020°C is shorter than that of those formed at 
840°C which indicates that those formed at the lower 

temperature are more perfect (more vacancy sites filled).

The lack of X-ray diffraction peaks in some of the 
specimens can be considered an indication of a very low 

volume fraction of precipitate. Conditions that produced 
no reflections were : 1) as-rolled except for HLOA and LHOA

conditions, 2) C steel at al 1 conditions except CL100A, 3)
L steel at 1020°C for the one and ten minute holds and 

4) H steel at 1020°C for 0 through 30 minutes hold 
t imes.

This points to several conclusions. First, to achieve 
a narrow distribution of fine precipitates a low 

transformat i on temperature is helpful. Secondly, to 

produce a significant volume fraction of precipitates a V/N 

ratio of about seven or less should be incorporated into 
the steel composition. Finally, holding the steel at 

temperature following TMT should also be done for a minimum 

of 10 minutes at a low temperature in the austenite phase 

field (here, 840°C) to attain a large volume fraction 
of fine precipitates.



T-3193

o<

o

4.14

4 13

4.12

4.11

4.10

4 .0 9

4 .0 8

4 .0 7

O  (109) e (113)

D  (110) ■ (114)

A ( 1 1 1 ) A  (115)

0 (112)
  —— (104)

(116)

Regression 
for 3 0  pairs

0

0.7 0.8 0.9
y in VNy

I 0

186

A

Figure 59. Variation of lattice parameter, a, with nitride 
composition (y in VNy ) [40].



T-3 193 187

There is a complication in the stoichiometery 
determination of the precipitates. It has been implicitly 

assumed that all the precipitates for a given state of 
composition and processing are of one stoichiometry. 

However, if precipitates of a range of stoichiometries were 
to develop, the data in Table V would only represent the 

average composition.
The effect of a range of compositions would be to 

broaden the diffraction peaks. This effect would be 
difficult to separate from the peak broadening due to small 

partic1e s izes.
Another technique for precipitate stoichiometry 

determination that may avoid these complications is 
electron energy loss spectroscopy (EELS) in combination 

with fine probe size, high resolution TEM. By studying the 
particles precipitated at different stages of post-roll 

treatments and a i i— cooling by quenching from these 
different states a more definitive answer to this question 

may be developed. Accuracies of ± 5 a/o have been achieved 
with this type of analysis in aluminum extraction replicas 
[113].

The above discussion points to several conclusions 

about the effects of steel composition and TMT upon the 
nature of microalloy precipitation. By thermomechan i ca11 y
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treating at 840 C instead of 1020 C microalloy 
precipitation coarsens more slowly and is ultimately more 

fine.
Compositional effects indicate that nitrogen is 

necessary for the production of significant microalloy 
precipitation and that there may be an optimum C/N ratio 

for producing a high volume fraction of very small 
prec ipitates.

4.3 MECHANICAL PROPERTIES

4.3.1 Strengths

Before a discussion can be developed to explain the 
differences in mechanical properties due to different steel 
compositions and treatments, it is necessary to determine 

the relative magnitudes of the various strengthening 

mechanisms. Several investigators [47,65,67,78,105] have 

developed constitutive equations to relate structure to 
properties and these have been given in the introduction.

The strengths of these steels are derived from several 
sources and can be described by:

a = cr0 + a ss +  + a p + K d 1/2 (15)
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where,
a = lower yield strength, 

a0 = increment due to lattice friction, 
oss = increment due to solid solution 

strengthen ing,

Od = increment due to dislocation

substructure induced by either 
transformation or deformation.

Op = increment due to precipitation 
strengthening and 

Kd1/2 = increment due to ferrite grain 
refinement.

This type of approach assumes simple additivity of 
increments. The increments due to a0 and ass may 

be considered identical for all five steels with the 
exception of the effect due to vanadium on ass.

However this effect is proably small because of the small 
atomic size difference between V and Fe and the small 

amount of vanadium. Thus, the remaining factors that can 
account for differences in strength are differences in 

ferrite grain size, precipitation and dislocation 
substructure.

The structure/property relationships explained in the 

mechanical properties section of the introduction in
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Tab le XI I
Calculated strength increments due to dislocation, 
precipitation and grain refinement strengthening.

Stee 1 ad(MPa) ap (MPa) Kd“ 1/2 apred(MPa) a ( MPa
OLOA 8 — — 145 153 292
OLIO 8 -- 138 146 301
OL10A 12 — 139 151 302
OL30A 1 1 — — 140 151 — — —
OLIOOA 9 -- 147 156 321
OHOA 7 — — 136 143 295
OH 1A 9 -- 125 134 283
OL10A 10 _ — 135 145 289
OL30A 12 — — 141 153 --—
OLIOOA 1 1 -- 141 152 294

CLOA 8 —» — 146 154 359
CL 1 A 8 -- 131 139 355
CL10A 8 —’ — 141 1 49 31 1
CL30A 7 -- 145 154 — — —
CL100A 6 -- 150 156 340
CHOA 5 — — 136 142 324
CHI A 7 — — 132 139 348
CH10A 12 -- 149 161 ---
CH30A 15 -- 146 161 — — —
CH100A 15 -- 178 193 369
NLOA 0 86 128 214 358
NL1A 0 90 140 230 — — —
NL10A 0 93 124 217 ---
NL30A 0 61 106 167 309
NL100A 0 87 138 225 339
NHOA 0 99 1 13 212 410
NH1A 1 105 105 21 1 —-
NH10A 0 105 1 15 220 — — —
NH30A 8 108 1 17 233 401
NH100A 1 124 107 232 345
LLOA 15 136 147 298 513
LLIA 15 124 150 289 --
LL10A 9 120 155 284 --—
LL30A 9 131 152 292 393
LL100A 9 126 1 66 301 363
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Tab le XII (con.)

Stee 1 Cd(MPa) Op(MPa) Kd-i/= °pred(MPa) a (MPa

LHOA 9 140 161 310 524
LH1A 9 136 152 295 ---
LH10A 10 100 149 258 ---
LH30A 7 144 165 316 486
LH100A 9 120 155 284 497

HLOA 9 94 142 245 524
HL1A 9 88 143 240 --
HL10A 9 79 130 218 --
HL30A 9 51 129 189 324
HL100A 7 66 142 208 349
HHOA 7 136 139 282 454
HH1A 4 64 135 203 ---
HHIOA 7 76 139 222 ---
HH30A 5 126 139 270 469
HHIOOA 5 94 144 243 452
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conjunction with microstructural observations made in the 
course of this work were utilized to calculate the strength 
increment data in Table XII. By summing the respective 
strength increments of dislocation, precipitation and grain 
refinement strenthening calulated relative strengths were 

derived. These are plotted as a function of post-roll hold 
time in Figures 60 and 61.

Thus, there are two independently derived yield 
strengths. One is that measured in the tensile test, and 
the other is calculated in a semi-empirical fashion from 
the combination of laboratory data (e.g. precipitate sizes, 

ferrite grain sizes) and the constitutive relations 
described in the introduction.

Comparison of the calculated data, Figures 60 and 61, 
with that of the actual yield strengths. Figures 35 and 36, 

indicates the prediction of relative yield strengths 
between the steels for both 840°C and 1020°C was 

relatively successful, but the prediction of the variation 
with post-roll hold time was not successful. This is due, 

in part, to the lack of complete data for the yield 
strength specimens. In other words, only selected specimen 

conditions were used for tensile testing while the 
calculated variations were derived for every condition for 

which there was structural data. However, comparison of
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the calculated yield strength curves to the hardness data 
reveals that there is a very close correlation of 

calculated yield strength to hardness, probably because 
there was hardness data for every condition for which there 

was structural data. It is valid to compare the calculated 
yield strength variations to hardness variations because of 

the strong correlation between the two. Figure 46. Of 
these data, the correlation at 1020°C is quite good.
Figures 45 and 61, while the correlation at 840°C is 
not as close. Figures 44 and 60.

By separating the various contributions to calculated 
yield strength it is then possible to discuss the 

differences in actual yield strengths between the steels. 
There is some question as to whether the 0 steel has the 

lowest strengths as a result of a lack of precipitation 
because some quenched-aged precipitates were observed. 

Still, for both TMT temperatures variations in its yield 
strength with hold time were a result of overall grain size 

variations, which were slight. Contributions of 
dislocation strengthening to the yield strength were 

minimal, about five percent of the total strength 
increment. The remainder was due to grain size effects.

The C steel saw more grain refinement than did the O 

steel, possibly due to vanadium in solid solution, or the
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formation of Widmanstatten ferrite. In addition, the 

dislocation strengthening increment was slightly greater in 
the C steel particularly at longer hold times for the 
1020°C treatment temperature. A lower transformation 
temperature because of the slight precipitation occuring in 

the C steel was probably responsible for the extra 
dislocation strengthening of the C steel over the 0 steel.

The strength of the N steel was experimentally similar 
to the 0 and C steels. However, its calculated yield was 

more like the H steel even though its general strength 
ranking within the steels was the same. Because it had 

such a high transformation temperature, there was 

essentially no contribution to strength from dislocation 

strenthening, but this was more than compensated for by the 
precipitation strengthening increment. The grain size 

contribution was also less than in the 0 and C steels.

The discrepancy between the experimental hardness and 

the calculated yield strength ranking of the N steel. 
Figures 44, 45, 60 and 61, could be an indication that the 
pear 1i te plays a more important role than originally 
assumed. Possibly, because of its extreme 1 y fine nature, 

the pear 1i te may have increased the strengths of the other 

four steels. If the calculated yield strength/hold time 

plots of these steels were shifted to slightly higher
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values, then curves more like the actual data would 

deve1 op.

The L and H steels benefit from both higher 
precipitation strengthening increments and greater grain 

refinement strengthening increments than the other steels. 
The L steel is stronger because these effects occur to a 
greater extent.

There are some variations in strength that occur with 

post-rol1 hold time. Similar variations occur in the 
hardness/hold time plots but in a much exaggerated manner. 
While hardness may be more sensitive to localized 
structure, or more subject to error than a tensile test, it 

should be recognized that the data for the hardnesses are 
more complete than the strength data. That is, not all 

specimen conditions were tested for strength but were for 
hardness. However, there is a good correlation between 

yield strength and hardness. Figure 46, which allows the 
hardness variations to be extended to the yield strengths.

At 840°C both strength and hardness decreases 
generally for all steels but the 0 steel up to 30 minutes 

hold time, part of this may be due to some degree of 
recovery occurring in all the steels. Beyond this time the 

C and N steels recover to near the values of the other 
stee1s.
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The initial decrease also appears to be associated 

with precipitate growth in the austenite. The L steel also 
sees a decrease in dislocation hardening. This is probably 

a result of solute being precipitated from the matrix in 
austenite to raise the transformation temperature. The 

recovery in strength and hardness of the C and N steels 
seems to be associated with a decreasing ferrite grain 

size. No explanation for this can be offered.
At the 1020°C TMT temperature the calculated data 

seem to correlate very well with the experimental. The 0 
steel exhibits an initial decrease and then recovers to 

higher values. Study of the calculated data reveals this 
to be an overall grain size effect in addition to some 

possible recovery. As the austenite grains began to 
coarsen, so did the transformation product mi crestructure. 

Thus the 0 steel grain size increased at one minute and its 
strength accordingly decreased. But beyond one minute of 

hold time the austenite grains had coarsened so much that 
this lowered the transformation temperature to the point 

where Widmanstatten ferrite began to form. This ferrite 
morphology is of a higher surface/volume ratio than the 

a 11otriomorphic ferrite and thus dislocation motion was 
more restricted and so the strength level rose with 

increasing amounts of W idmanstatten ferrite.
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This same sequence of events also characterized the C 
steel at 1020°C. The mechanism behind the increase in 

strength between zero and one minute may be due to slight 
precipitation effects.

The N steel showed little change in properties with 
increasing hold time except for some possible small 

coarsening effects that decreased the strength slightly.
One of the more interesting results of the calculated 

relative yield strength data was that for the L and H 
steels at 1020°C. These plots match nearly identically 

with the experimental hardness data with respect to changes 
with post-rol1 hold time.

The precipitates in the L steel, which were the 
finest observed at this TMT temperature, completely 

controlled the changes in strength and hardness observed. 
Both the grain size strengthening increment and the 

precipitation strengthening increment changed according to 
the plotted calculated data. This indicates that the 
austenite grain size was completely controlled by V (C ,N) 
precipitation. As the precipitates grew so did the 

austenite grain size and as a result, the ferrite grain 
size.

There was significant austenite refinement of the L 
and H steels in compar i s i on to the 0 and C steels. Aside
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from resisting any slight coarsening in ferrite, the 

fineness of the air-cooled microstructure is determined by 
the degree to which V (C ,N ) precipitation refines the 
austenite microstructure. The austenite microstructural 
refinement is explained by reference to G 1 adman's theory of 

grain boundary pinning [47]:

r C rit = 6 R f { 3 _ 2 ) - i  (15)
IT 2 z

where, rcri-̂. = maximum precipitate radius that will pin a
grain boundary, 

f = volume fraction of precipitates in the mi cre

structure ,

R = the matrix grain radius and

z = the ratio of the growing grain radius to the 
matrix grain radius, suggested to be approx- 

imate 1 y 1.5.

Using the L steel as an example, with f = 0.0014 

(solubility product calculations for VN) and R = 50ym a 
value of 200 Â is returned. Typical precipitate sizes in 

these steels are at least 50 percent smaller than this 

value. Therefore, it is quite likely that the reduced

austenite grain size of the L and H steels is due to grain
boundary pinning by V(C,N) precipitates.

Because of the production of the W idmanstatten ferrite
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constituent in the 0 and C steels it was difficult to 
observe the grain refining effect inherited by the ferrite 

in the overall grain size. Still, the a 11otr i omorph i c 
grain sizes of the 0 and C steels were significantly larger 

(907. confidence) than those of the L and H steels.
The H steel responds in much the same way as the L 

steel. But its hardness changes are mostly a result of 
changes in the precipitate size distribution and not of 
changes in grain size.
4.3.2 Strain Hardening Rate

Figure 41, which is typical of the change in strain 
hardening rate with strain for all the steels, indicates a 

generally decreasing function. This is charateristic of 
the strain hardening behaviour of most ferr i t i c steels 
[108,109].

In the early stages of plastic strain, during a 

tensile test, dislocations move relatively freely within 
the grains of the steel. As dislocation pileups and other 

dislocation interactions begin to develop, strain hardening 
begins to occur, causing the flow stress to increase with 

strain. In the later stages of strain hardening a process 
of polygonization occurs whereby the dislocations arrange 

themselves into an orderly network of cells. As 
polygonization takes place, the overall number of
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dislocation interactions gradually levels off until little 
additional strain hardening is observed [109]. Thus the 
strain hardening rate decreases with strain as observed.

The overall strain hardening rate (OSHR) is important 
for explaining some of the effects of structure upon 

properties. In general, it appears that the OSHR for any 

given steel is inversely related to the mean precipitate

size. This is discussed below with regard to the
individual steels behaviour when treated at 840°C.

Figure 42 reveals an abrupt increase in hardness 
exhibited by the O steel is due to a higher OSHR. 

Quench-aged precipitates are probably responsible for this 

anomaly in behaviour.
In compar i s i on to the other steels the C steel had the

lowest OSHR at intermediate hold times. This may be an

indication of the lack of precipitation, observed via TEM. 
Since the OSHR and the strengths and hardness levels 

increase for long hold times it is likely that a small 
amount of sluggish precipitation does eventually occur 

though very little was detected.
Even though it contained extensive precipitation, the 

N steel exhibited lower values of OSHR than the L and H 
steels except at 100 minutes hold time. This may indicate 

the decreasing effect of a slightly larger grain size and
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the lack of pear 1i te on the OSHR. Generally, finer 
precipitation was observed beyond 30 minutes of hold time 

and this caused the increase in OSHR for these specimens.
The L and H steels displayed a continuous decrease in 

OSHR for the entire range of post-rol1 hold time at 
840°C. Observation of Figures 23 and 24 indicates this 

is a result of precipitate coarsening with hold time. The 
L steel OSHR's are higher then H steel's because the 

precipitates are generally smaller and do not coarsen to 
the degree observed in the H steel.

At the 1020°C TMT temperature the variation in 
OSHR for the 0 steel is small although the initial 

fluctuation may be due to quench-aged precipitates.
The OSHR of the N steel is comparable to that of the O 

steel. Once again, since the N steel precipitation was 
extensive this effect is probably a result of the lack of 
pear 1i te and a larger grain size.

The increase of the OSHR with hold time may be due to 

a small amount of precipitation occurring after long hold 
times. The hardness data for these C steel specimen 

conditions closely matches the strain hardening behaviour.
The OSHR of the L steel seems to vary inversely with 

precipitate size. The large decrease occurring from 30 to 
100 minutes is probably a result of a decreased volume
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fraction of precipitates as the precipitation in the 

austenite was exceptionally coarse (900Â).
The initial decrease in OSHR for the H steel 

accompanies a slight increase in mean precipitate size.
The reason for an increasing OSHR beyond 30 minutes hold 
time is unclear.

As stated in the introduction, precipitation in 

austenite is usually not considered to contribute to 
mechanical properties directly, but only through 

microstructural refinement of the austenite. That may be 
the case in the traditional industrial operations where 

very high reheat temperatures are employed to reduce the 
flow stress of the material. However, the processes of 

controlled rolling and cooling that incorporate low 
reduction temperatures, such as in this study, appear to 

produce a fine precipitate distribution in the austenite in 

addition to that produced by interphase. This distribution 
is not only fine enough (( 100 Â) to produce grain 
refinement but also can effect significant strengthening in 

the ferrite [47]. In support of this claim, the use of the 
aii— cooled precipitate mean data, some of which contains 

significant austenite precipitation, gave a good 
correlation between actual and predicted strength 

behaviour.



T-3 193 205

4.3.3 Impact Energy

Modeling of the impact toughness of the steels in this 
study is rather difficult, since most of the constitutive 

equations in the available literature deal with prediction 
of the impact transition temperature (ITT) of standard 

Charpy specimens they cannot apply directly to the subsize 
Charpy specimens used here because the stress state in 

these specimens tends more towards p 1ane-stress. Compiled 
with this problem is the existence of vastly different 

microstructures (polygonal ferrite and W i dmanstatten 
ferrite) which can propagate a crack with differing degrees 

of ease. Even so, the same parameters used for full size 
specimens will effect changes in toughness of similar 

subsize specimens.
The equation below [47,61,71] represents the 

contributions of several chemical and microstructural 
parameters to toughness (ITT, °C):

ITT (°C) = 19 + 44(%S i) + 700(%Nf 1/2) + (16)

2.2(7. pearl ite) - li.5(d“ 1/2) + 0. 5 ( ap )
The dependent variables have been defined in the 

introduction but it should be pointed out that the term 
ap, which was used for the yield strength prediction
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equation, is the increment in strength due to 

prec i p itat ion.
For the 840°C TMT temperature the impact energy 

of the 0 and C steels reflects a very constant state of 
microstructure with hold time. Figure 47. Without the 

presence of precipitation to alter the microstructure or 
strengthen this is an expected result.

However, the presence of the marked minimum for the N 
steel is an indication of microstructural changes during 

holding. Examination of the grain size data indicates that 
a maximum in grain diameter had occurred at 30 minutes hold 

time. This was caused by a larger overall mean precipitate 
size at this condition. The decrease in ap due to a 
larger mean precipitate size was not enough to compensate 
for the grain size effect on toughness. At the 100 minute 

hold time the mean precipitate size was smaller producing a 

grain refining effect and increasing the impact energy once 
more.

The behaviour of the H steel is apparently controlled 

by precipitation strengthening. The plot of the mean 
precipitate size of the H steel. Figure 24, shows it to 

increase to a maximum at 30 minutes hold and then decrease 
(including austenite precipitation effects). According to 

the Orowan strengthening model, the amount of precipitation
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strengthening is inversely proportional to the mean 
precipitate size. As stated in the introduction, 

precipitation strengthening has an adverse effect on impact 
energy. So as a result, the impact energy should have a 

direct relationship to mean precipitate size.
Although the changes in impact energy with hold time 

at the 1020°C TMT temperature are much less obvious.
Figure 48, there are still some variations related to 

structure.
The slight increase in the impact energy of the L 

steel with hold time can be directly correlated to slight 
increases in mean prec i ptate size.

A similar explanation holds for the H steel also up to 
30 minutes hold time. At this point the microstructure has 

coarsened significantly and a reduction in impact energy is 
apparent. These compensating effects cause the impact 

energy of the H steel to decrease slightly beyond 30 
mi nutes.

It seems the absence of precipitation in the 0 and C 
steels was the more dominant effect determining the impact 
energy in relation to the L and H steels. This was in 

spite of overal1 larger ferrite grain sizes. In addition, 

the effect of an increasing volume fraction of 
W idmanstatten ferrite. Figure 15, seems to have been
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detrimental to fracture properties. Large prior austenite 

grain sizes associated with W idmanstatten ferrite 
microstructures are known [25] to be promote poor fracture 

propert i es.
There are two reasons why the N steel exhibits the 

greatest impact energies. First, it has no pearlite. This 
can account for a decrease in the ITT of about 25°C.
In addition, its mean precipitate size is approximately 25% 
larger than the other steels overall. This brings about a 

smaller strength increment due to precipitation and reduces 
the impact energy to a lesser degree than the L and H 

stee1s.

Figures 49 and 50 are presented in the results section 

to illustrate the effect of interstitial content on 

toughness. One of the more notable features of Figure 49 
is the maximum in impact energy at about 0.02 wt% nitrogen 
(N steel). Because the N steel contains essentially no 

carbon it has a higher impact energy for reasons explained 

in the preceed i ng paragraph. This effect is not related to 

nitrogen content and should be considered in interpreting 
the data. There is an overall negatively sloped shape to 

the data if the N steel data is not considered. This could 
indicate two effects of an increasing nitrogen content.

The first is precipitation. An excess of vanadium was
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present in the steels i f VN is taken to be the dominant 
precipitating species. Thus the volume fraction of 
precipitate increases with the nitrogen level and the 
impact energy decreases accordingly. The second effect 
could be retained free nitrogen. A very small amount of 

free matrix nitrogen has a large detrimental effect on 
toughness and this could be part of the rational for the 
decrease.

Figure 50 implies that the best impact properties are 
achieved at very low C/N ratios. Higher C/N ratios can be 
used, up to about C/N = 5, as long as low TMT 
temperatures are used and ample time is allowed for 
microalloy precipitates to coarsen. Most of the variation 
here is a result of differences in the state of 
precipitation and state of microstructure which are 
indirect manifestations of the C/N ratio.

The impact energies can be directly correlated with 

the fracture surface morphology and the fracture mode. 
Figures 51a, b, c and d show fractographs of the four types 
of fracture morphology observed. They are in order of
decreasing energy values starting at about 95 J (70 ft-1bs)

for the fracture surface in 51a to about 25 J (20 ft-lbs)
for the fracture surface in 5Id.

The fractures in 5la and 51b are very similar with
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respect to the type of surface. Figures 52a and b, except 

that type "A” fracture displays substantia 11 y more plastic 
necking prior to fracture. Fracture types "C” and "D”, 
Figures 51c and 5Id respectively, both contain substantial 
amounts of cleavage, the latter consisting almost entirely 

of it. The reasons for the differences in the fracture 
surfaces, i.e. the development of cleavage versus microvoid 

coalescence are discussed below.
Most metals or alloys of the body-centered-cubic (BCC) 

structure exhibit a ductile-brittle transition temperature 
(DBTT), including steel. The DBTT is a nearly 

discontinuous change in the absorbed energy upon an impact 
fracture as the test temperature is increased or 

decreased. Fracture occur i ng on the lower temperature side
of the DBTT (lower shelf) usually results in a 

predominantly c 1eavage fracture while fracture at 
temperatures above the DBTT are typically characterized by 

microvoid coalescence.
Therefore, changing the temperature at which the 

fracture occurs can result in a change in the fracture 
mode. In like manner, the position of the DBTT can be 

moved along the temperature axis by changes in the 
structure of the material, principally the strength. Then,

for a given test temperature, type of test and test
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specimen geometry, the fracture can be either ductile or 
brittle. Structural changes that bring about an increase 

in the DBTT are usually those that strengthen. The 
exception is grain refinement strengthening, as discussed 

ear 1ier.
During the Charpy V-notch test, the load is observed 

to increase with time. Figure 58. Early in the test the 
region adjacent the crack tip deforms, creating a plastic 

deformation zone. As the load increases, the size of the 
plastic zone also increases, up to a critical maximum in 

size. However, to satisfy constancy of volume the lateral 
faces of the test specimen adjacent to the plastic zone 

must contract.
The surrounding bulk material will restrain the 

contraction of a material that has been strengthened 
considerably. A more ductile material will not. This 

restraint creates a state of triaxiality. Under a 
condition of triaxiality the material is in a plain-strain 

state, cannot plastically flow and cleavage fracture will 
resuIt [134].

It should be noted that thin, or subsize, impact test 
specimens, because of the lack of bulk restraint material, 

are subject to a much more p 1ane-stress stress state where 

the material can flow. Thus, use of subsize specimens has
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the effect of lowering the DBTT.

Irwin [136] showed that the size of the plastic zone, 
rp , can be estimated from stress-f i e 1d equations [137] by 
treating the problem as one of plane stress and setting the
y component of stress equal to the material yield strength:

rp = J { k }2 (17)
2 IT C T y g

where, rp = plastic zone size,

k = stress intensity factor and 

ays = yield strength of the material

He later demonstrated [135] that the rp for plane 

strain conditions was 1/3 of the above due to an increase 
in yield strength resulting from more restraint.

This formula shows the mathematical relationship 
between yield strength and the size of the plastic zone. A 
crack associated with a small plastic zone fractures sooner 

during the test, requiring less plastic deformation and 
consequently, less energy. The opposite is true for a more 

ductile material with a large plastic zone.

This approach is generally proven out by observation 

of Figure 52 and Tables VIII and XI I which show that the 
specimen conditions having the greatest yield strength 

increment due to precipitation are also those that produced 
brittle or partially brittle fracture. An exception is the 
C steel where, in the CH100A condition it produced a
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partially brittle fracture. However, this is probably a 
microstructrua1 effect resulting from the large austenite 

grain size and subsequent large volume fraction of 
Widmanstatten ferrite in the transformation product 
micrestructure.

To summarize, it appears that variations in yield 
strength can be successfully predicted through the use of 
theoretical and empirical constitutive equations in the 

literature. These analyses demonstrate that both grain 
refinement and microalloy precipitation can be equally 

powerful strengthening agents while dislocation 
strengthening has relatively little effect. In addition, 

contrary to the general contention in the literature, 
microalloy precipitation in the austenite is capable of 
both inhibiting austenite recrystallization and grain 
growth and strengthening the ferrite if it is on a fine 
enough scale, e.g. == 100 Â .

The presence of fine microalloy precipitates is 

deleterious to fracture properties. However, since the N 
steel had extensive precipitation, and very good impact 

fracture properties, is would appear that the presence of 
carbon, as either pearlite or free, is even more 

detrimentaI.
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5.0 CONCLUSIONS

TRANSFORMATION PRODUCT MICROSTRUCTURE
1) Variations in the microstructura1 state of austenite 
due to TMT result in variations in the mi crostructura1 
state of ferrite. (a) Grain coarsening of recrystallized 
austenite at 1020°C results in increases in the volume 

fraction Widmanstatten ferrite with highly dispersed 
pearlite. (b) Transformation from unrecrystallized 
austenite at 840°C results in an elongated or coarse
Widmanstatten ferrite microstructure with highly dispersed 
fine pear 1ite.

2) O and C steels and L and H steels generally possess 
similar transformation product microstructure. This 
parallels behaviour of the prior austenite.

3) The variations in overall ferrite grain size were 
generally small due to similar numbers of ferrite 
nucléation sites for both recrystal 1ized and 
unrecrystallized austenite.
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MICROALLOY PRECIPITATION

I) Nitrogen appears to be a necessary alloying element to 

produce microalloy precipitation in either austenite or 
ferrite under the TMT conditions used in this study.

2) The overwhelming majority of microalloy precipitates 

observed in this study possessed a nitride-like 
sto i ch iometry.

3) The N and L steels possessed microalloy precipitates in 

the size range 50 to 80 Â with the finer precipitates for 
the L steel. The H steel possessed mean precipitate sizes 

that varied more widely with treatment temperature and hold 
time after rolling than the L and H steels.

4) The L steel possessed austenite and ferrite microalloy 

precipitates of comparable size.



T-3 193 216

MECHANICAL PROPERTIES

1) L, H and N steels possessed significantly higher yield 
strengths and hardnesses than the 0 and C steels due to the 

presence of microalloy precipitates. The 0 and C steels 
possessed generally comparable yield strengths and 
hardnesses.

2) Precipitation and ferrite grain refinement are 
generally the major sources of variation in yield strength 

and hardness. The measured variations of these parameters 
can be used to describe variations in the specimens treated 
at 1020°C but not those treated at 840°C.
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APPENDIX A

MEAN PRECIPITATE SIZE HISTOGRAMS
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